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I CURRICULUM VITAE

Before getting a position at CNRS, | obtained myPdiploma in “Material science” in the
Centre de Recherche sur les Macromolécules Végéf@RS Grenoble) for the study of
« nanocomposites with cellulose whiskers fillersd aa Poly-Vinyl Chloride matrix:
processing, structural study, mechanical behaviguhen | did a postdoc at the « Center for
Composite Materials and Structures » (Rensseldgteetnic Institute, NY, USA) studying
« the study of the non linear viscoelastic behaviotifilled elastomers at small strain
level ».

Cf. CV detailed at the end of the report with theumé of my activities and an exhaustive
list of my publications and communications.



II WORKS AND OBJECTIVES

1. Introduction

As soon as people wanted to model the mechanicglepiies of materials, they had to
simplify it. The first simplification was to consd them as homogeneous. In fact, except
few cases, all the materials are heterogeneousgwasnl the purest steel contains, if one
looks to it closer, inclusions, grains, all thingsat, at a moment or another in the
thermomechanical history of the material, will hasensequences on the macroscopic
mechanical behaviour of the material. In the sara@mar, a polymer material, amorphous,
even said homogenous or pure, presents a mechassgainse that is the result of localised
processes, therefore heterogeneous at the molesvaller. To these heterogeneities, one must
add, in the large majority of the polymer materialsose introduced voluntarily by the
formulation, for instance fillers, or ingredientsed to improve their properties.

In fact, though these heterogeneities, it is alwagssible for a modelling, to considar
priori the behaviour of the material as homogenous attheroscopic scale, and this is
often the route employed in calculation code. Thablem is that such an approach, if it is
useful for the simulation, rapidly shows its lintitas since it neglects the phenomena at the
lower scale. Therefore, the question is to know &ir the person interested in these
problems, what is the pertinent scale to consigieder which the role of the heterogeneities
will be included implicitly and not explicitly in Bomogeneous description of the material.

Complex question, that one might solve following tmanners:

- Either in a pragmatic way, like the calculatiazde developers do, i.e. by improving step
by step a macroscopic (and at the beginning a phenological description) to account
more an more properly for the behaviours

- Either in a more fundamental way — but less imiated— by studying first the physical
mechanisms involved at the different scales, with tisk of losing the objective of a
practical description of the behaviour.

Researcher in Material Science in the field of pwy, and hired originally on a
pluridisciplinary position on two department of ti&RS, « science for engineering » and
« chemical science ». My work has as objectivertotboth approaches. Thus, as this will be
shown in this manuscript, my work devoted to polymetrices materials consist in - by
combining both experimental study and modellingitegrating as much as possible, the
physical mechanisms in the description of the meiciahbehaviour they originate.

To do so, none scale must be a priori neglectetidranalysis of the studied materials. To
convince on that, let stop a moment on filled elawrs, materials that | peculiarly studied.
The fillers used in these composites generally aattdacks or silica, are made of primary



particles, with a nanoscopic size, forming by tlasisociation aggregates unbreakable of few
tenth of nanometers. These aggregates form, withéfp of weak bonds, agglomerates of a
hundred of nanometers up to several hundreds ofons¢c and sometimes a percolating
structure at the scale of the material. It is tfegeeobvious, as illustrated in figure 1, that the
description of the microstructure of such a nanquusite, if one is interested in its
consequences on the mechanical behaviour, invadeseral scales, from those of the
aggregates, that we will qualify in the manuscist the mesoscopic scale, up to the
macroscopic scale of the percolating structures #iso necessary to consider the molecular
scale of the polymer chains of the matrix, scale/fsth modifications of polymer mobility
are possible, induced by the important quantitintédrface created by the nanoscopic size of
the primary particles...
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Thus, through this example, but also through tlesgmtation of other works, | will present
questions arising at each scale. | will show fihstt the comprehension of the behaviour o f
the polymer matrix needs the examination of theemwlar scale and of the heterogeneities
met at this scale, including in their definitioretiole of interfaces, and their consequences
on the global mechanical response of the matetiagl then discuss about the mesoscopic
scale, i.e, that of the fillers and their impat the mechanical coupling, in the different
matrices. | will then have a look on the macroscagiale of the structure of these fillers in a
percolating network. At last, | will focus on theoplem of solicitation heterogeneities, the
latter leading to difficulties in the interpretatiof the results when they are not controlled,
or when they are too complex. | will finish this mescript by a conclusion of the works and
prospects.

Brief bibliographical recalls will be presented along the manuscript when it will be
judged necessary. However, for a more completeogitziphy, | invite the reader to have a



look on the different publications written from tpeesented works. They will be indicated
as bottom page notes in the text.



2. Heterogeneities at the molecular scale

2.2

For a composite or for a pure polymer, the behavad@ material can only be understood if
one examines the molecular scale, i.e. those ofpttgmer chains. Indeed, at this scale,
relaxational processes at the origin of the maapiscdeformation occur, these processes
depending on the molecular architecture of thenshand their interaction. It is then obvious
that the introduction of molecules such as plasid or solvent, or the presence of interface
introduced by the addition of fillers can influenitese processes, and therefore the global
response of the material to a mechanical soliomati

We have been interested in theses aspects frompamimental point of view as well as a
modelling one. The “Polymere Verres Matériaux Hegénes » group, whose | am member,
work since its creation to the modelling of the iligband response under solicitation of
non crystalline solids, peculiarly amorphous polysn@ he base of knowledge developed in
this frame is in fact the common culture of all hitors. The modelling initiated by J. Perez
is a powerful tool for the analysis of polymer mawits (cf. bibliography recall further). As
it will be detailed later, this model integrateg tmolecular mechanisms at the origin of the
deformation in a description eventually homogenofighe material. Moreover, its last
developments — we will see them in the chapter dllew now the modelling of the
behaviour of « structure » (in the mechanical sefiske term) in polymer.

So, we have confronted this model to experimerdgallts obtained with two systems, a
plasticised PVC, and cellulose solubilized in N-nyet morpholine monohydrate
(NMMO/H20). The interest of such a confrontatiorfiist to estimate the modifications at
the molecular level of the relaxationnals mechasisoh the polymer, induced by the
plasticiser or solvent presence. But the model asable, due to its homogenous
formulation, to evaluate if these modifications Bmnogeneisable at the macroscopic scale
of the material. The model being then, as seen thithexample of plasticised PVC, as a
tool for microstructural characterization.

We will see afterwards, that the understandingthef influence of molecules on the
relaxationnal processes is very similar to thatthe influence of the introduction of an
important quantity of interface introduced in thelymer. Indeed, the polymer is then
submitted to interactions with the molecules omaiwal groups of this interface.

Polymer and plasticiser

2.2.1

Plasticised PVC

Plasticisers have been used for a long time irfidimaulation of polymer materials. The most
significant example is the case of PVC plasticibgddi-ethyl hexyl phtalate (DOP). This

material is used in many applications. Literaturetloe subject is very abundant, however
the important part of plasticiser usually used d@#n be more than 50%) makes the



comprehension of the mechanical behaviour of thetesy difficult. In particular, the
plasticiser is involved in the molecular mobilitiithe polymer in which it is introduced.
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Figure 1: (a) B Relaxation of plasticised PVC by 30 phr of DOP, nasured by mechanical
spectroscopy (f=0.1 Hzg=10%) . The experimental results have been compared tomodelling of

the Nowick and Berry" type (bold line), as well as to experimental rests of R. Flores Flore$

obtained with PVC (dashed line). (b) isochronal cures of plasticised PVC (f=0.1 Hz). The
theoretical curve (bold line) was obtained with thegpd model.

The addition of plasticiser modifies the glass sidon temperature of the material. The
study of the material by mechanical spectrometgbies the observation of the influence of
molecules on the relaxational processes. As inglican figure 1, the plasticiser decreases

the intensity of the3 relaxation for the high temperature part. Let st fconsider this
relaxation.

Bibliographical recall:

Amorphous polymers are made of macromolecular gigdnchains. These chains can
contain several hundreds of monomer units. Duricgaling after the polymerisation, the
material stays as an overmolten liquid down tonapierature, which depends on the cooling
rate. This temperature is the glass transition t¥atpre Tg. Below Tg, the high viscosity
do not allow the reorganisation of the material degk to reach the thermodynamical
equilibrium. Two behaviour domains are distingutshdhe glassy domain (out of
equilibrium) below Tg and the rubber domain (methk equilibrium) above, Tg being the
temperature at which the characteristic time fer gtructural reorganization is comparable
to the experimental time of observation. This béhavis not only seen for polymers but
also for metallic glasses, or oxide glasses whieleh like them, a glass transition
temperature and an amorphous state below this tatope.

Polymer materials, like all the amorphous mateyrisi®w a viscoelastic behaviour strongly
dependent on the temperature, the strain rateth@ndtress level. The deformation has an
instantaneous component, said elastic, and a éiffpart said not elastic. This anelastic
part has a recoverable part in few hours, saidastie] and a non recoverable part at the
time scale of the experiment, said viscoplastice Eimplest mechanical test to evidence
these different components is the creep test, whatmsist in applying to the sample a
constant stress and in measuring the deformati@nfasction of time (cf. Figure R1). The
characteristic times of the strain components @ Wlependant on the temperature, an
increase of the latter leading to their decreasereldver, the effect of the stress enables to
distinguish two domains, the one said linear (whthas no influence on the compliance r
the viscoelastic modulus), and the other so catlled-linear. In the linear domain, creep
test and mechanical spectrometry lead to equivalmtmation since temporal compliance
and complex compliance are linked by the Laplaces@atransform.
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Figure R1 : Strain of an amorphous polymer as a fuetion of time after a static stress is applied
until time t,. Different strain components.

A part of the processes at the origin of the atielasrain are relatively rapid. They are the
manifestation of local movements, either of latepadups in the polymer (this is fgr o,
etc... relaxations), either chain portion (generafpgaking for th@ relaxation). The times
involved in these processes follow an arrheniarcrifeon. So for thetg time, one can
generally writes®

-1 _ Es
5= =T0eX RT) (R1)

With 1, a time close to the Debye time, anglthe activation energy of the relaxationnal
process.
The temporal compliance can then be expressed as:

Js(H)=J ﬁ[l—exp{—(riﬁ)ﬂ (RE2)

And the complex compliance:

Jﬁ*(i@zJﬁ% (RE3)

With J; the relaxation intensity.

In fact, 14 is often smaller than the Debye time becausetégers the entropic part of the
free activation enthalpy, or in other term the #ase of a certain cooperativity of the
movements involved in the relaxation. On the otend, the local heterogeneities of the
material lead to a distribution of the activatiaresyy, leading then to a distribution of the
relaxation times. The compliance is then the sununatf a distribution of compliances

associated to each distributed time.

A succession of isochronal measurements and therapiplication of the superposition
principle enables the determination of the charestie times of the secondary relaxation
(i.e. the terms of the RE1 equation recalled aho@&mpared to unplasticised PVC, its
activation energy is only slightly modified but ige-exponential time (relaxation time at
infinite temperature) is lower. This suggests amréase of the cooperativity of the involved
movements. The decrease of the intensity of théat¢ion for its high temperature part has
the same explanation. Thus, the DOP shows an astigiking effect, since it creates
intermolecular interactions. This effect can seamagoxical if one considers the decrease of
the glass transition temperature to which it alsads. For a better understanding of the
plasticization mechanisms, we have tried to madelnain relaxation of the material by the



“quasi-punctual defect” theory initially developbky J . PereZ This model does not refer to
the macromolecular nature of the polymer chaingdtiie disordered (amorphous) nature of
their arrangement. It is therefore also applicable to organic glassesetallic glasses as
J.M. Pelletier develops it in our team. This modkkady allowed the description of the
glass transition, of the alpha relaxation and @f mechanical behaviour at large strain of
numerous polymer§’

Bibliographic recall:

Before that, let us go back to the deformation rmedms of the amorphous polymers: the
components of the anelastic deformation (cf. FigRt. That is not due to tierelaxation
process (or more generally speaking secondary attas), and the component of the
viscoplastic deformation involve large scale moveteeThey are responsible for the main
or a relaxation easily measurable by mechanical spesty, whose the observed
temperature during a dynamic applied strain aieguency around 1 Hz s often confused
with the glass transition temperature. The dedonpif this relaxation is more difficult that
that of the secondary relaxations since it doesawgept an arrhenian description: the
characteristic times can be described by equati®h Bnly when temperature is below the
glass transition temperature. Beyond this tempegatthey are fitted by the empirical
equation of William Landel Ferry. Moreover, the iaation energy introduced in the
equation is too high, of the order of 300 kJ, tavéhany physical meaning, and the
preexponential time is too low.

A physical description has been proposed by Peref éor a bibliography on the other
model proposed in literature, the readers areedvib consult the references cited in this
paragraph)) to explain these experimental facts. litased on three main assumptions (cf.
Figure R2):

Solid amorphous polymer contains enthalpy and egtfluctuations, so called quasi point
defects (gpd), in which the molecular mobility iglner than the average mobility of the
polymer

The application of a shear stress leads to theeatioh of sheared microdomains (smd)
which have their origin at the level of these defedhese smds grow and coalesce if the
solicitation time or the stress are large enoudte growth of these smds is at the origin of
the anelastic strain (with a characteristic timg, recoverable at the time scale of the
experiment, unless they had the time to coaleshés [Bst process is the origin of the
viscoplastic strain (with a characteristic timg) only recoverable if the material is heated
above the glass transition temperature, due tapictrforce of the stretched molecular
segments;

The growth of the smds is the result of hierardhjceonstrained molecular movements.
That means that the movement of some structurdk wan only be done when their
surrounding is in a configuration obtained by moapid movements of other structural
units. Therefore, the anelastic processes hereridedchave characteristic times which
spread from the time of elementary movementsp to a timeg.

In many cases, the elementary time is associattht@fB processandt,, is defined by:

1

Ty X

Too = 1o . (RE4)
0

Wherey is the correlation parameter. Its value is reldatethe concentration of gqpd in the
material. It is in between 0 and 1. The highei, ithe less important are the correlation
effects.
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Fig. R2 — Effect of a stress applied : a) reorientain of structural units ; b) nucleation-growth of
mdc ; ¢) nucleation-coalescence of mdc

This description has first lead to the expressibthe temporal compliance in which the
elastic, anelastic and viscoplastic contributiohthe a relaxation are clearly distinguished:

Jg(t)=Je|+Ja{l—exp{—%n}+‘]vp%y (RES)

L 1
va:\]an);f and Tan= X x T mol (RES) et (RE7)

Jer is the compliance before the main relaxatigpadd J, are respectively the intensities of
the anelastic and viscoplastic relaxations, ghis a parameter which accounts for the
distribution of the viscoplastic times due to stanal heterogeneities initially present in the
material (at the level of the macromolecular netyoiifter simplification, a Laplace-
Carson transform, then an inversion, this expressiequivalent to the biparabolic model
often used to simulate the main relaxation meashyetiechanical spectrometry:

rion G, -G,
G0 =G ar, )y v Q) "D
X
with To=(JanGel) ¥Tan  and Q=¢ (RE9) et (RE10)

X (JaGe)

Where G=1/1,, and G is the shear rubber modulus. The RE5 expressialsdsequivalent
to that involving a Gumble distribution of the aastic and viscoplastic times with the
distribution parametex andy’ respectively:

3,G0) =3, +3,[ gn(ln(ra,))ﬁ d(in(z,.)) + 3,, Pvp(ln(rw))l_'_itlr 1+iidr d(in(z,,))
(RE11) p
— JVP
Where T = Tan 3 (RE12)
With
P(In(r)) == 1 ede[[]In(r)— In((r))] - exp(B [ﬁ In¢ > In(r) ]))
[ P (in(2))d(in(r))

1

(RE13)

B being the parameter of the Gumble distribution.



Below the glass transition temperature, one carsiden that, neglecting the structural
relaxation (also called “structural ageing”, i.ex avolution of the out of equilibrium
material toward its equilibrium state), the cortiela parameter is constant. However, this
same parameter is influenced by the temperaturen e material is not in the glassy
domain anymore. This influence is accounted foalsymple linear equation:

X=X, +a(T-Ty) pour T>Tg (RE14)

Wherey, is the value of the correlation parameter underglass transition temperature
anda an adjustable parameter. It is noteworthy that ¢lgjuation enables the description of
the evolution of the characteristic time below Tgthe same manner than the empirical
equation of William Landel and Ferry.

The description of the non-linear domain needsate tinto account the influence of the
stress on all the characteristic times. It is aoted for by the introduction of a term in the
expression of the elementary timge

3

(Ug+Q ﬂP)(l—Ug(i)sz
Tﬂ:TOﬂeX KT (RE15)

Where P is the isostatic pressusgs is the shear stress applied to the mateoigis the
applied stress to overpass the energy barrier at(@Kis the parameter traducing the
influence of the hydrostatic pressure. The incredgeleads to an increase of the activation
energy of the elementary molecular movements.

Besides, experiments suggest that the developménthe anelastic strain creates
supplementary defects, or, in other words the aemeof the mobility, i.e. the increase of
the correlation parameter:

X=Xo+ Aet Yan (RE16)

Wherey, is the correlation parameter before the developrmkanelastic strain ang, the
anelastic strain.

At last, strain hardening of polymers, observedaage strain, suggests an effect of the
orientation of the macromolecular chains on thexaionnal processes. This effect can
have two origins:

A decrease of the qpd number, or a non-linear ¢ewlwf the intensity of the viscoplastic
processes. The latter would come from the finitéemsibility of the chains between
entanglement nodes (fixed at the time scale of fxeats). The actual development of the
model does not allow for the moment to choose betwbose two origins. This debate is
presently justified by the experimental difficultieof large strain mechanical
characterisatior’:*>**We will come back to this point later, in chapser

To conclude, it is important to underline that #ie parameters of the model have a
physical meaning and can be individually determiftech a restricted number of tests.

With few improvements, this model can provide cibnve equation of polymer materials
useful in calculation code by finite elements, as will see in chapter 4. However, this
model leads to a macroscopically homogenous dégripf the deformation. This might
explain its impossibility to correctly model ouragticised PVC by a classical application of
the equations. Indeed, as shown in figure 1b, thie melaxation of the material is very wide.
This, as we have shown it experimentally by agestgdies and neutron scattering



measurements is due to the presence of concentration gradieftplasticiser in the
material. It was therefore necessary to integrai® fact in our description. To do so, we
have considered the material as the associatigraiallel of different plasticised phases,
each of them having a specific glass transitionpenature, or in other words, a different
average relaxation time. This is expressed by uhasation:

G, *(ie) = IGai( i) W(In( <; >Ddln( <; >] (EP1)

Where Gxi*(w) is determined by equation RES8, with a charadierisne 1q;, distributed as
theW distribution. This leads to the distribution oétrelaxation time at a given temperature,
this being directly related to the plasticisingeetfof the DOP. This distribution is equivalent
to a distribution of the correlation parameter &fure 2a). The latter is dissymmetrical and
spread towards high values, significant of corretaeffects less important. Thus, plasticiser
allows less correlated movements of the polymeimchat this effect is distributed because
of the concentration gradients of DOP in the polyn@ur approach has been successfully
applied to the modelling of isothermal and isocltamrves (cf. Figure 15) The modelling

of the latter needed to take into account the dmmluof the correlation parameter with
temperature, which is related to the evolutionhaf torrelation parameter of each phase at
temperatures above the glass transition temperafutds phase. This coherent description
of the material has been extended with a remarksideess to the non-linear domain, as
shown on the modelling of compression tests atedfit temperatures with the same
ensemble of parameters (cf. figure 2b).

 “Mechanical behaviour above Tg of a plasticisedCPéinforced with cellulose whiskers ; a SANS
structural study”, Chazeau L., Cavaillé J.Y., amdeth P., Polymer, 40, 19, 5333-44, 1999

® “Plasticized PVC reinforced with Cellulose Whiskel- Linear viscoelastic behavior analyzed
through the "quasi point defect" or "gpd" theor@€hazeau L., Paillet M., and Cavaillé J.Y, J. Polym.
Sci. pt-B: Polym. Phys., 37, 2151-2164, 1999.

¢ “Plasticized PVC reinforced with Cellulose WhiskeH- Plastic behaviour.” Chazeau L., Cavaillé
J.Y. and Perez J., J. Polym. Sci. pt-B: Polym. BI8& 3, 383-392, 2000.
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Figure 2 : a) Distribution of the correlation parameter deduced from the modelling of the data
from mechanical spectrometry on plasticised PVC (3phr of DOP), b) Compression curves at
different temperatures of a plasticised PVC (30 phof DOP), and theoretical curve (bold line)
deduced from the « gpd » model.

Such modelling has allowed a better comprehensfothe plasticizer role, as well as a

confirmation of its heterogeneous distributionhie tmaterial. It leads also to the paradoxical
conclusion that the plasticiser increases the aatipgy of the elementary movements at the
origin of the beta relaxation, with decreasingha same time the correlation effects. Thus,
plasticiser, by specific interactions with polymehains, blocks local movements, more
difficult to proceed, but the larger scale movermecwnversely needs a less constraining
succession of local processes due to the presérckuger number of defects. These results
should be confirmed by a molecular modelling.

2.2.2 Cellulose/ NMMO monohydrate solution.

The previous case has shown the existence ofieatiGbncentration above which plasticiser
domains exist. A work performed after the Ph-D ihed Jean Francois Blachdi(at the
Centre d’Etudes et de Recherches sur les Macroolek¥égétales) on the processing and
the study of cellulose in a solvent, the monohy&rat N-methyl-morpholine N-Oxide
(NMMO) presents the extreme case where the polyisien small concentration in the
solvent. This cellulose dissolution is the basisagfrocessing protocol, discovered fifteen
years ago, which represents a very promising waghnmiore environmentally friendly than
the common processing (the viscose processingnitarice)'® The work of J. F. Blachot
lead to the characterisation of the relaxationa sblution of 15% cellulose in NMMO/H20
on a temperature range going from the glassy dorapinio the flow temperature. For
instance, the material has been studied by medchlaspectrometry, in traction and torsion,
in the glassy domain (T<Tg=245K) and below and abthe glass transition temperature.
This lead to the reconstruction of the complex nhasliand the obtention of the relaxation



times as a function of temperature. It was theeefaovious to analyse these remarkable
experimental data for their industrial interestadl as their scientific one.

Figure 3a: Mechanical
spectrometry in torsion of a 15
wt.% cellulose solution in
(NMMO/H20). G’ (m et ) loss
factor (e et A) measured at 0.1
Hz  (full symbols) and 1Hz
(open symbols). Theoretical
curves of both secondary
relaxations y and 3 and of the
main relaxation a (dashed line),
and theoretical curve resulting
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The experiments show the presence of two secomdkyations that have been attributed to
the cellulose (cf. Figure 3a). The pre-exponeriiraés of the beta relaxation as well as its
activation energy (cf. equation R1 above) are \@oge to those found in literature for the
cellulose in presence of a small quantity of wateis seen previously with plasticised
PVC, the value of the pre-exponential term is offestussed in term of activation entropy.
The smaller is this one, the higher is the entrapg the more important the cooperativity of
the corresponding molecular movements. It is nabte that the water quantity in
NMMO/H20 is more important than few percents; thi®uld lead to activation energies
smaller than those we found (70kj/mol). But it iscapossible that like in the case of
plasticised PVC, the strong interaction between NRMMolecules and cellulose lead to a
movement of the main chain involving a largr numblerepetitive units.

The gamma relaxation has been more difficult terjmet. The activation energy is higher
than that of the gamma relaxation of the cellulaeme (65kJ/mole against 42 kJ/mole) and
its pre-exponential time is smaller, suggestingrgdr cooperativity. Again, these results can
be explained by the inter-chain interactions ve gblvent which have strong affinities with
the methylol group involved in this relaxation.



The main relaxation is successfully modelled by d¢ipel model recalled in the previous
paragraph. This modelling (cf. figure 3b) suggdtt the main relaxation of the system is
the result of the hierarchically correlated movetaesf the celluose chain in the solvent
although its concentration in NMMO/H20 is low. Thisuld come from the important

rigidity of the cellulosic chain and its strongéraction in the solvertt.

A study with a smaller concentration of cellulosewd have been surely very useful to
confirm these results but could not be performechbse of technical difficulties involved
by materials with a so low viscosity at ambient penature. However, the approach
employed in this case like in the previous casewst a better understanding of the
influence of small molecules on the mechanical tigha of polymers, introduced in small
or large quantity in the material.

2.2

Interface ...and interphase?

Besides solvents and plasticisers, polymer molecuoiability can also be modified by
interaction with interface. Therefore, the extreyngdual introduction of particles in polymer
necessarily asks the question of the influencehef ihterface on the behaviour of the
obtained composite. This question is particulamportant when the fillers introduced — and
this is more and more the case — are nanoscopécintérfacial surfaces are then of the order
of several hundreds of iper gram of filler. They can perturbate a potdiytianportant
quantity of polymer at their contact. In fact, thimportant interface has already
consequences during the processing. It is well knthat the dispersion of hanoscopic fillers
is more difficult than that of the same microscoftiers. On the other hand, formulations
involve small molecules such as plasticisers seewniqusly, or crosslinking systems in the
case of elastomers or resins, whose adsorptiontsoagimportant at the surface of the
filler introduced can modify the crosslinking stabé the final material. These same
interfaces can also play the role of nucleatingnadgre the crystallisation, whose level and
texture are then also modified. Moreover, surfaeatiments that can be performed on the
fillers, by modifying the interactions involved flimence all these phenomena. Works that we
have performed in the domain of nanocomposite niadgéematurally lead us to explore these
different questions. One must notice that we willyodiscuss in this chapter the questions
related to interfaces, the direct role of fillersipy discussed in the chapter 3 since it
concerns a larger scale.

¢ “Rheological behavior of cellulose/monohydrateNsethylmorpholine N-oxide solutions. Part2: Glass
transition domain”, Blachot J.-F., Chazeau L., Giéd.-Y., Polymer, 43, 3, 881, 2002.



2.2.1

Interface and of crosslinking kinetic

J. Ramier’s thesis (defended in May 2004) has theative of studying the influence of
filler-filler and filler-matrix interactions on theiscoelastic behaviour of elastomers filled by
nanoscopic fillers.

Recall:

An elastomer is made of high molecular weight mawlecular chains, generally with a
glass transition temperature above the ambient ¢esityre, linked together by chemical
bonds. This explains its large elasticity with nesitele deformation up to 600%.

In the frame of this work, materials with poly(sgpe-co-butadiene) filled by nanoscopic
silica grafted with controlled interfacial agerft®upling agent and covering agent) have
been processed. An interpretation of the experiahengsults needed first a precise
characterisation of the material, in particulath# crosslinking staté Thus, the influence of
the huge amount of interface introduced by the gores of nanoscopic silica has been
evidenced.

The matrix crosslinking by sulphur needs a comgtexulation: activators (ZnO, stearic
acid) and accelerators (n-cyclohexyl-2-benzothizzyfenamide  (CBS), and
diphenylguanidine (DPG)). These accelerators pldynalamental role in the crosslinking
kinetic. The study of the kinetic can be made tlsattka rheometer measuring the torque
evolution necessary to the shear deformation os#imple (characteristic of the increase of
the material rigidity during the crosslinking) dugi the curing. As shown on figure 4a, the
torque derivative as a function of time on samplglout DPG or without CBS, CBS acts as
a retardant of the vulcanisation, by delaying theetof the beginning of the reaction. This is
because it has to decompose before reacfi@nce the process begun, vulcanisation is very
rapid with formation of poly-sulphur bonds shordamumerous. DPG reacts at short times
but leads to a slow crosslinking kinetic. It ledddonger bridges, therefore less numerous.
The simultaneous use, in equivalent proportiorhaih accelerators leads to a vulcanisation
process which begins early (due to DPG) and a nagimhnisation (due to CBS action).
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Figure 4 : a) Torque as a function of time during he vulcanisation at 150°C of the poly (styrene
—co-butadiene) matrix with the CBS alone, the DPG lane, with CBS and DPG, and with the
classical formulation (matrix, silica, CBS and DPG) b) influence on the crosslinking kinetic of
silica and of the surface treatment of silica by a&overing agent (tri ethoxy octyl silane), ARS,
introduced in different quantities (the number written after ARS8 indicates the content in phr).

The introduction of 50 phr of silica in the matriégrresponding to 20% vol, leads to a
crosslinking reaction which begins earlier withlawser kinetic (cf. Figure 4b). Literature
shows there is a strong affinity between silica @othmon accelerators® Adsorption
measurements in solvent, performed with the safiga sind the same quantities than that
used in our formulations (50 phr silica, for 1.3 @BS and 1.45 phr DPG), show that the
total amount of accelerators (CBS&DPG) is adsorredhe surface. Therefore, the use of a
silica treatment obviously leads to a modificatmfnthe crosslinking kinetic. As shown on
figure 4, grafting of octyl triethoxy silane (not@dR8) leads to a kinetic close, at increasing
grafting quantity, to that observed in the caséhef matrix alone with CBS. Thus, grafting
could limit, by steric hindrance, the adsorptiorGEBS during the processing, the CBS being
totally adsorbed without grafting. The adsorptidrD&G, because of the small size of this
molecule, would be total and independent of thétigg its desorption would be difficult, as
suggested by the studies of Zabor&kit is also possible that its desorption be delaygd
the presence of grafting agents. This effect ofgfadting is the same when using silane with
alkyl chains of different lengths, the main paraendteing the covering of the silica surface.
The use of coupling agent has the same consequeitethe difference that it contributes
in the same time to the crosslinking kinetic (itelerates it) by the coupling reaction.

Thus we have shown that the introduction of intfgvia the incorporation of rigid
particles) in a polymer matrix can have non neglde effects on the crosslinking kinetic of
this matrix. It is therefore necessary to charéstethese effects before any analysis of the
mechanical behaviour of the obtained material.

¢ “Influence of silica and its different surfaceatments on the vulcanization process of silicadilSBR”,
J. Ramier, L. Chazeau, C. Gauthier, L. Guy, M.N. Beunehu, Rubber Chem and Technol., submitted.



2.2.2 Interface and crystallisation

Creation of specific interactions between polymed dhe filler interface can also have
consequences on the crystallinity of semi-crystallpolymers. This question is important
when trying to understand the mechanical behavidsuch a material since a modification
of the crystallinity can sometimes explain by itstfle measured reinforcement without
invoking any other physical mechanisms. This pnolaitc is present is the case of natural
rubber. This polymer is atypical, on the one haedalise of its natural origin, on the other
hand because of its isoprene monomer. Thus, igislynconstituted of poly(isoprene) [cis-
1,4 99%] whose stereo-regularity authorises itstatijsation at rest at low temperature (-
25°C)or under strain. From a strain level aroun@28Qits crystallisation is instantanedus.
This peculiarity gives to the natural rubber argimal auto-reinforcing character. Like for
synthetic rubber, natural rubber is often reinfdrdey nanoscopic fillers. It is well
established that their addition can indeed stroigiyease rigidity, abrasion resistance, tear
strength, and stress at break..lt seems that these improvements of the mechanical
properties are partly linked to the influence of filler on the crystallisation under strain.
However, even if the role of strain amplificatiohlocal strain is evoked in literature (this
aspect, from my point of view, being relevant af thesoscopic scale, | will discuss it in the
second part of the manuscript), the impact ofrllen the material crystallisation is still not
well known.'®*°For instance, does the interface of nanometiier§ilhave a nucleating role,
in particular when the surface is chemically maaifi? A post-doc, J.M. Chenal, has been
hired to study this question in the frame of Nagiloprogram “Réseau National Matériaux et
Procédés” on “filled elastomers under severe gations” (2001-2004) that we have co-
ordinated with our colleagues of the Centre desékilmix d'Evry (Ecole des Mines de
Paris).

We have first chosen to study the crystallisatiorN& at low temperature. This has the
advantage to dissociate the effect of interfacenftioe strain amplification effect induced by
the filler presence (still keeping in mind that slline morphologies induced by
deformation and those created during crystallisatib low temperature are different and
therefore that the link between the mechanismhbeit brigin have always to be considered
with caution).

The crystallisation kinetic of crosslinked NR i®wl Its optimal temperature is —25°C and
enables to reach a maximal crystallinity level aidd0% (note that literature often indicates
a maximal level of 30%, probably due to the impatee of authors in front of a very slow
kinetic...). The spectrum of NR obtained in DSC présdahe particularity to possess two
melting endotherms (cf. figure 5), one at —2°C #ralother at —17°C. The material melting
at -17°C is seemingly unstable since its meltimglpis sensitive to the heating rate.
Conversely to what is written in some articles oR Brystallisation at low temperatdfe
these two peaks do not seem, from our point of yvige manifestation of two types of
crystalline lamellae with different lattice but ddibe, as suggested by the article of Stipbl
the result of a multi-step crystallisation: creatmf mesomorphic lamellae first occurs, then



these lamellae thicken up to a critical size, thelidify by a structural cooperative transition

; this transition leads to the formation of a gdanlamellar structure which transforms in a
last step in lamellar stable crystallite. The fipgtak traduces the presence of the granular
crystalline phase, the second peak is characteridtithe eventually formed crystalline
structure. The energy brought during the heatingprgerformed in the DSC apparatus
enables in a concomitant way the melting of thenglax phase and the formation of the
stable crystalline phade.

Figure 5 : Melting endotherms of
NR measured by DSC (heating rate
of 10°C/min). The blue curve is
obtained during a simple heating
ramp (The sample was previously
stocked 16 h at —-25°C). The red
curve corresponds to heating ramp
with an interruption of 1h at -10°C.
During this interruption, the
crystallites which have not melted
associate themselves into larger
crystallites which melt at higher
temperature.
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We have then evaluated the effect of the fillers apystallisation (cf. figure 6). The
introduction of carbon blacks or silica in NR favethe occurrence of the melting peak with
the lowest temperature conversely to the meltingkpet —2°C that decreases, even if the
total crystallinity obtained at —25°C decreaseg atlightly. The interfacial surface did not
show a significant impact (but it is true that tthemain of surfaces explored is narrow).
Moreover, the interface introduction has a limitedluence on the kinetic of global
crystallisation. Our assumption is that the cryistalgrowth is sterically hindered by the
filler presence, the observed differences beingrésailts of dispersion difference. Thus,
interface lead to the formation of a larger qugntit mesomorphic phase, or of the phase
with the intermediate morphology au detriment @ftthith the final crystalline morphology.

" J.M. Chenal, L. Chazeau, C. Gauthier, Yves Bordsew Insights into the Crystallization and the
Nature of Multiple Melting Endotherms in Filled Na&l Rubber », Polymer, submitted.



Conversely, one cannot see significant differerfomating temperature, since, in all cases,
NR crystallise under the form of small crystallites

The effect of surface treatment on silica has alsen studied (still with an uncrosslinked
matrix). We have used different surface treatments, cloghdse used in J. Ramier PhD
thesis and previously presented: silica was treati¢ldl a covering agent which limits the
interactions between filler and the matrix and dases the number of silanol. The second
treatment is a coupling agent enabling the forrmatb covalent bonds between the fillers
and the matrix (note that the coupling agent costawo more sulphur than the TESPD used
in the PhD thesis of J. Ramier). These differegatinents leads to a slight decrease of the
final cristallinity of NR, due to the increase bkteffective volume of filler and the decrease
of the crystallisable fraction of NR. The crystsdliion kinetic is slowed down at the
beginning then is similar to that of the other shsp The time of beginning of the
crystallisation is not modified. Thus, germinatidoes not seem affected by the surface
treatment in the crystallisable matrix zone but ¢hestallite growth is perturbed due to the
global crosslink of the matrix (AC sample) or doetlie presence of small molecules which
are going to delay the chain organisation (AR samplike for untreated filler samples, one
does not observe any significant variation of thadtimg temperature of the crystallite, for
the same reasons than those given previouslygrystallite sizes still small.

Note that the effect of small molecules on the teffisation kinetic of Poly (ethylene oxide),
that we have studied elsewhere is diffefefithus, plasticization of this polymer by
polyethylene glycol decreases the melting tempesatwithout modifying the final
cristallinity level. The plasticiser molecules pelt the crystallite formation because it needs
the “expulsion” of the plasticiser from the cry$itahg zone. The crystallisation temperature
(difficult to measure in the case of NR becauseciisstallisation is very slow) is also
decreased, suggesting a modified germination. Trenigation kinetic is not completely
changed in the case of NR because the surfacenats are only present at the periphery
(at the interfaces) and not in the bulk matrix.

To go further in our analysis, we want to study ¢hgstallisation at low temperature under
X-ray diffraction. This needs the development dba temperature chamber on our X-ray
apparatus. This work is in progress.

2.2.3 Interface and viscoelastic properties

Thus, presence of important interface quantity leaal to structural modifications such as
crystallisation state, or initial crosslinking &afThese modifications are partly linked to
adsorption mechanisms, more or less important, rdbépg on the interface nature. It is
therefore natural to evaluate the consequencepatfific interactions between fillers and
matrix on the mobility of polymer chains aroundgtenterfaces, this mobility being linked,



as seen previously, to the macroscopic mechangta\bour of polymer. Controversial topic
because the question is then to know at which mlistéhis modification occurs and if this is
significant compared to the mechanical activatiérihe relaxation times. Several studies
indeed show that the confinement effects betwdksisfican increase this mobilffy and it

is obvious that surface treatments involving mobh@ins at temperature below the matrix
Tg, can lead to the same effect; However, we doknotv studies clearly showing that an
interface decreases the mobility of a polymer mételow its Tg (is this surprising if one
consider that in the glassy domain, the mobiltalready reduced and very localised?). The
guestion of a mobility modified above Tg is sti#rginent... even is the importance of this
modification is the object of a vivid debate: i®té a mobility gradient? On which distance
the polymer involved behaves like a glassy polymer?

This debate is peculiarly nourished by the spedibaviour of filled elastomers, the latter
being apparently linked to the nanoscopic charaafténe fillers they contain. The study of
this behaviour was the topic of my postdoc at Relass Polytechnic Institute (Troy, NY,

USA) under the direction of Prof. Sternstein, perfed just before | got the position at
CNRS. The aim was to deduce from the study of ntgpgs of filled elastomers a general
behaviour and, in particular to determine the kaseinvolved.

Recall:

The energy dissipation measured during a straitecyo a unfilled elastomer is low; in
other terms, the elastomer shows a low sensittaitytrain solicitation, in particular at low
strain (cf. Figure R3). This pseudo-elastic behav@bove Tg is relatively well described.
Weak intermolecular interactions lead to conside¥ thains response to a mechanical
solicitation only from an entropic point of view.

Figure R3 : Shear stress strain
curve of two unfilled
elastomers (NR, and silicone),
at three strain rates.
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This enables the modelling of
the mechanical modelling of the materi&l. The accounting or not of the maximal
extensibility of the chains (with the gaussian anfgjevin formulation) and the integration
of the response of the isolated chain in a morkess complex and representative volume
element (5 chain models, 8 chains model, phantomark...)*** lead to a more or less
complete modelling of the stress-strain relatigmshin different loading paths. In
particular, the stress measured in shear is priopaitto the strain level up to a strain level
of the order of 100%: in other words, the shear uhaglis constant in this strain range.

9 Master Report (derniere année INSA-Lyon), F. Dar@anocomposites a renforts cellulosiques
pour électrolytes polymeéres. Application aux baeen film mince." (2001-2002).
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of a carbon black filled NR : elastic (G’)
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The introduction of nanoscopic fillers strongly nifaab this behaviour. A mean to show it
is to submit the material in a dynamic mode toéasing strain levels. As shown on Figure
R4, the modulus value measured at low strain leigdlsmportant (4.6 MPa for the material
with filler, less than 1 MPa for the matrix alon#).fact it is more important than predicted
by classical models used to predict the reinforaemé/e will come back to this point in
chapter 3. Moreover, the viscoelastic response rhesonon linear (this is not the case
without fillers) in the deformation range below 50%his is the Payne effect, which is
defined as the drop of the elastic modulus as atifum of the applied dynamic strain,
accompanied by a loss peak.

Works performed at RPI (cf. Figure 7) on naturddber samples filled with different carbon
blacks clearly show the influence of the filleresior in other words of the specific surface
on the phenomenon. The latter is mainly observabercase of nanoscopic fillers. We have
also shown the extremely general character of ltblsaviour by studying many different
types of matrices. Moreover, we have focused otanabn on the evidence of the very
important role of the mechanical history of the enl on the intensity of the Payne effect.
Thus, the initial value of the modulus measurelbatstain is measurable in a reproducible
way only if the material has been not deformed rdura given time (estimated in our
experimental conditions of the order of half an fipat deformation above which normally
the non linearity appears. This value of the oafdnalf an hour at ambient temperature has
been experimentally estimated on different systeynhe measurement as a function of time
of the return to the initial value of the modulpsst after the solicitation of the material at a
strain level needed to observe the Payne effdttepends on temperature. On the other
hand, and to our mind, this is essential when @sethe objective of modelling this type of
material, the Payne effect is independent on tipicgtion of a static strain, even when it is
above the strain necessary to observe the Payew,effhen again a stay time of the order of
half an hour has been respected between the aplias the static strain and the dynamic
measurement (cf. Figure 8).

"« Modulus recovery kinetics and other insightitite Payne effect for filled elastomers”, Chazeau
Brown J.D., Yanyo L.C., and Sternstein S.S., Polynmnfosites, 21, 2, 202-222, 2000.
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The influence of the filler size and the stronghgcoelastic nature of the phenomenon
suggest that its origin is the interface. Then w@nassume the existence of an interphase?
The study of the influence of the filler surfaceaiment on the viscoelastic properties
performed in the Ph-D thesis of J. Ramier brought msight in this debate.

The different materials with a SBR matrix filled banoscopic silica with various surface
treatments have been submitted to increasing dynatnains in the range of the Payne
effect. Figure 9 synthesizes the behaviour obsefeedhe samples with untreated silica,
with a silica treated by a covering agent with B8bons, or treated with a coupling agent
enabling a covalent bond between the matrix andiltee

The grafting (covering or coupling agents) leada tbecrease of the Payne effect amplitude
(cf. figure 9), i.e. basically a decrease of théahmodulus, measured between the modulus
drop. We have checked that this could not be d@ertmdification of the silica dispersion in



the material! Bond rubber measurements, i.e. quantities of pelymmon solubilized by
washing the material in a solvent (these experimman¢ performed in the non crosslinked
materials) have shown an expected decrease ofifmmion of polymer chains at the filler
surface with the covering agent quantity (note titdé characterisation also allowed to
establish a equivalence between the quantity oémmog agent and the length of this agent to
cover the silica surfacd)Bound rubber quantities are huge. They can reptesethe case
of the studied materials, up to 40% vol. of matdssuming a uniform layer, the thickness
of this polymer can reach 30nm. Moreover, it exgstorrelation between the bound rubber
value and the initial modulus. The modulus droghi@ peculiar case of the materials with
coupling agents is very similar to that observethwhaterials with covering agents. This
suggests that the formation of covalent bonds henwéllers and the matrix do no
counterbalances the decrease of the physical boddsed by the covering of the silica
surface. These physical bonds are key factorsgimitial value of the modulus.

: - Figure 9: elastic shear modulus
—&— matrix —@— silica
with covering agent (16C) measured at 5 Hz of a SBR
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In a purely entropic description of the viscoeladiehaviour of the material, Maier and
GortZ® have then assimilated these bonds to supplemeatasglinks, the initial modulus
being then the direct consequences of an increfagetive chains in the elastomer, and its
drop the consequence of a rupture of the bonds. vikion has the advantage to nourish the
debate on the importance of matrix-filler interang on the Payne effect but the model
deduced from it is too global (homogenising) anddke to absurd theoretical crosslink
densities. One could also conclude that bound mukkaso the indication of the existence of
a polymer phase immobilised at the interface. lultchave a glass transition temperature
higher than that of the unfilled matrix. But DSCasarements do not allow to confirm this
assumption. Mechanical spectrometry however shoaispve the glass transition

' “Payne effect in silica filled styrene butadien®er : Influence of surface treatment”, J. Rami@r
Gauthier , L. Chazeau , L. Stelandre , L. Guy,alyfd. Sci. PtB: Polym Phys, soumise.

I “Grafting of silica during the process of silidiefd SBR: comparison between length and content of
the silane”, J. Ramier, L. Chazeau, C. Gauthied.ddouce, M.N. Bouchereau, Journal of Polymer
Science :Polymer Physics Part B, 44, 1, 143-15@520



temperature, a second loss peak (characteristia dfop of the rubbery modulus with
increasing temperature). But there is no corrataietween the intensity of this peak and the
quantity of bound rubber value measured with theesaample. Therefore, the question is
still controversial even if the argument of a mitpilgradient is relatively convincing to
explain the absence of DSC clue...

The most reluctant adversaries to this vision hosé convinced by the direct role of the
fillers in the phenomenon. In fact, on cannot cdesithe initial reinforcement as the only
result of an interphase, i.e. without taking inttc@unt the filler role. The study of the
material only at the level of the molecular scal@dt enough, and one must also consider a
more “mesoscopic scale, i.e. that of the fillersll &eeping in mind the phenomena
described in this chapter.

2.3

Conclusion

The different examples presented in this chaptemsthat the study of materials at the
molecular scale can be necessary if one wants derstand their mechanical behaviour.
Indeed, a modification of the relaxational mechamsisinvolved at this scale can have
important consequences on the observed macrosbepgviour, as shown in the study of
plasticised PVC or of cellulose in NMMO/H20 solventhese modifications are
unavoidable in the case of a formulation involvewvent or plasticizers, which influence
these processes. They are also unavoidable whémttbéuction of an important quantity of
fillers or filler with small size leads to the ctia of an important interfacial area, which can
interacts with the polymer. This is especially tb@se when these interfaces are also
modified by chemical treatments. These interactioosld lead to the formation of an
interphase having a mechanical response differamh that of the material far from the
interface. Besides, these interactions can haveetpences on the material microstructure if
it can crystallise or crosslink.



3. Heterogeneities at the mesoscopic scale

However the interface created when introducingifilinas firstly the function of transmitting

stresses between the fillers and the matrix. Thigeet cannot be neglected for any
discussion on the existence or not of an interphalers are first a rigid phase in an other
phase, the matrix. And this has consequences thatleformation range. At low strain, this

effect can alone often explain the reinforcemenallithe filler parameters are taken into

account. At large strain, the filler distributiomecessarily irregular, leads to strain
heterogeneities which, depending on the interfagantity, will develop a more or less

important damage. In the case of elastomer, thay te a strain hardening, and when the
elastomer can crystallise to more or less premdietrerogeneities of crystallisation.

3.1 Fillers and their reinforcing effect at low strain

The introduction of fillers whose modulus is highiean that of the matrix leads to matrix

deformation during a solicitation that is more impat than that of the fillers. The global

deformation of the material will then be smalledaherefore its rigidity higher. This is a

simple description of the mechanical coupling. &é@nt models enable a description of this
coupling and its consequences on the global mechldméhaviour.

Recall:

These models have been first developed in therlidemain for experimental modulus of
reinforced materials. We will not do an exhaustiggiew of all the existing models but

will recall the most famous (we advise to interdsteaders the lecture of the books of
Christ%r;)seﬁ and of the thematic school organised by the Laboeade Mécanique des

Solide

The simplest models are the Voigt and Reuss boiggjarhich assume a uniform stress
(serial model) or a uniform strain (parallel modelpoth phases respectively. Macroscopic
strain and stress are then the average of strathstaesses of each phase, from which the
composite modulus is deduced. The drawback of sumihels is their too large gap which
does not allow a good estimation of the modulugarticular when the modulus contrast
of both phases is high. Both models can then bebgwd to give phenomenological
models in which the distribution of phases serialtyin parallel is controlled by more or
less adjustable parameters. We will see later thkajflanagy model, or serial-parallel
model which has been adapted by Ouali et al fordéeeription of composites reinforced
by cellulose whiskers?

There are also geometrical models, which try toealy account for the composite
microstructure. This needs the knowledge of thdialpdistribution of fillers, which is not
always well established. That is the reason whysysem is generally simplified and
described by a Elementary representative volumesindple case is that of composites
reinforced by spherical particles introduced at loencentration. One can then consider
these particles as isolated inclusions. The amallytialculation of stress and strain field of a
unique inclusion in a infinitely homogeneous matteads to the expression of the
composite modulus a$"



18-V 1-Gr / Gyl

G =Gy1- (RE16)

7S+ A4-54)Gy / Gy
Where the m, f indices are respectively for theriwadnd the filler andg is the filler
volume fraction. In the case of infinitely rigidiér, the formula is simplified as:
G, =G, [0+ 259 (RE17)
It is equivalent to the Einstein equation for thiscesity of an incompressible fluid
containing infinitely rigid particles?

The composites description with higher filler comications is more difficult. Guth has first
proposed an extension of the previous formula ljrapa quadratic terni:
Ge=Gn(1+25¢+14.1¢>) (RE18)

More elaborated models have also been proposeal, fdik instance the 3 phase model
initially proposed by Kernéf and corrected afterwards by Christensen and®iim this
model, the composite is seen as an inclusion sodexi by a matrix immersed in the
unknown homogenous equivalent medium (cf. Figurk RBis is the reason of the name of
the model, which is called “generalised self camsis scheme”. This model must not be
confused with the self consistent models initiatheveloped for the description of
polycrystalline material$**® In these models, each phase is alternatively imetkein the
infinite medium with the researched properties sittiech to the macroscopic solicitation.
The composite properties are then deduced by cemsidthe macroscopic strain and stress
fields as the average of the strained stress edémliin each phase. The drawback of such
models is that they exclude the continuity of orfiethe phase ; this can be a serious
problem when one wants to describe a composite evttee matrix is continuous.
Therefore, from our point of view, the Christenserd Lo model is the most adapted for
the description of our materials. Note that it Hmen extended to the description of
materials with n phases, to account for, for instanan interphase surrounding the
inclusion.®

7 Erw

Figure R5: Generalised self consistent scheme (o2
phase model) : the inclusion is surrounded by a she
of matrix immersed in the equivalent homogeneous

medium.
7

This type of model developed for spherical inclastias an equivalent in the domain of
long fibres, then assumed with an infinite lengthWhen these fibres are short, the
calculation is performed using the Eshelby caléoiédf for an ellipsoidal inclusion whose
the form factor is that of the fibre, in a matrakén as the homogenous infinite medium
(this calculation was initially proposed by Moricalanaka)® The general solution for the
modulus in the direction of the large axis of thigpsoid has a strong dependence on the
modulus contrast of both phases and on the fortofa®©ne can define a reinforcement
factor with the formula:

E; = En(l+ Ag) (RE19)

Its evolution as a function of the form factpand of the modulus ratio is recalled on figure
R6. One can notice that for a modulus ratio bel®@, fibres with form factor above 100
have the same effect on the reinforcement thanitafyy long fibres. Moreover, the highest
the form factor, the largest the influence of thedous contrast. These calculations can be
applied to the simple case of composites with wedaionnaly oriented fibres. The
calculation for a transversely isotropic or tota#iptropic material needs the calculation of



an average of the reinforcement on all the ori@nat from the calculation of the
reinforcement calculated in the unidirectional ¢caseproposed by Tandon and Wefig.
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Figure R6: Influence of the fibre length on the remforcing factor A (E1/Em=1+@A , E;; being
the longitudinal in plane modulus, E, the matrix modulus and@the filler volume fraction) as a
function of the filler to matrix modulus ratio. Aft er R.M. Christensen, Mechanics of Composite
Materials Chichester, UK: Wiley, 348p. 1979.

The absence of an analytical solution of such d¢afituns lead Halpin and Tsai to propose
an empirical equation equivalent to the Mori-Tanak&kulation?*

& = M (REZO)
Mm  1-7¢
Wheren writes:
M
M
n=——"—- (RE21
& +Z
M

m
Whereg is the filler volume fraction{ is a factor depending on the filler form and M he
researched modulus. Ashton and*ahave shown that the equations can be used for the
reinforcement of unidirectional fibore compositediey advised the use d&2a/b for the
calculation, of the longitudinal modulus;;E{=2 for the transverse modulus,r Ess,
(=1/(3-4v,) for the shear modulus,& andZ=1 for shear moduli G or Gz; with v3;=v,.

This formula is often used for the modulus caldafatof laminates. In this case, the
modulus tensor is the orientationnal average ofbeuli tensor of each ply, weighted by
the volume fraction. The Halpin-Kardos model letmthe analytical formula of a laminate
containing 4 plies in which fibres are orientedpegively at 0°, 45°, 90°, and 135°. From
these calculations, Tsai and Pagano, have propasesimplified expression of a
transversely isotropic composifé:

E,, =0.375E, + 0.625E (RE22)
Where E is the longitudinal modulus of the ply, ang Ets transverse modulus. The

modulus of an isotropic composite can be obtainga lridimensionnal average such as
that proposed by Van E¥:

E., = 0.184E, + 0.816E,, (RE23)

Even if his process is discussable, the resultegtevalent to the calculation of Tandon
and Weng.



Developed in the purely elastic domain, the eqene¢ principle of Hashin enables their
extension in the linear viscoelastic domain. Wheraaalytical expression is available, this
is done by only replacing in the formula the modyjitheir equivalent counterpart in the
complex domain® When it is not the case, the introduction of ceemplalues is done at
the level of the modulus tensors before their malaijpon. Note that the extension of the
models in the non-linear viscoelastic domain is endifficult; it is then necessary to
perform a linearisation step, following differenethods more or less elaboratédThe
work of F. Saint Michel was the opportunity to eoq@ this question; we will come back to
this point in the manuscript conclusion.

The different models found in literature thus eeabl account for the filler parameters in the
reinforcement of the composite materials. Howetbey are adimensional and do not
predict any effect of the filler size.

3.1.1

Filler size effect

There are however examples where the inclusion riiinaes are involved in an obvious
manner in the reinforcement. Among them, we wikgant that extracted from F. Saint-
Michel Ph-D thesis (defended in March 2084Jhe topic of this work was the process and
the study of the mechanical properties of polywreéhcomposite foams. Polymer foams
present very good mechanical and thermal propertiedation to their density and excellent
energy absorption capacities, peculiarly usefulsttwck damping. However, these materials
technologically very promising still present sormelpgems for their processing and for the
comprehension of their properties in relation teirttmicrostructure. This topic complex by
nature, involves two different characteristic ssakbat of the cellular structure and that of
the cell walls. The aim of F. Saint Michel was fatimise the formulation of polyurethane
composite foams, used to make orthesis. The filfetee studied material are mainly added
to absorb heat generated during the the very exuotbehemical reactions occurring during
the process. This needed their use in large gyantith the problem of their possible
sedimentation in the polyol, in which they are dised for their commercialisation. The
technological solution that has been found neettetld study of the rheological behaviour
of polyol mixed with different types of fillers. his work was performed in the Laboratoire
de Rhéologie (UJF-Grenoble/INPG) that was co-dimgcthe thesis. It needed in the same
time a study of the mechanical properties of thalfmaterials, to be sure that the properties
still fulfilled the requirement of the industrial§his lead us to focus our study on the effect
of the filler size.

Thus, we have shown that the increase of the mahsdiifness brought by the fillers mainly
depend on the ratio of their size by the average af the bubbles in the foam. Thus, in the
studied range of the density and of the filler @ortcation, a foam whose characteristic size
of the walls is below that of the characteristizespf the fillers can been seen, from a
mechanical point of view like a composite mateimalwhich the inclusions are the fillers,
and the homogneous matrix has the properties diltbeé foam. Conversely, when the wall
size is above that of the fillers, the foam must domsidered like a composite whose

¥ F. Saint Michel, thése de doctorat, Institut NagioPolytechnique de Grenoble, 2003.



inclusions are bubbles and in which the homogenmasrix has the properties of a

polyurethane (without bubbles) reinforced by thiéefs. Thus, Figure 12a presents the
experimental moduli of foams with different derestifilled with the same quantity of fillers.

These experimental results are successfully cordpgara 2+1 phases model applied in two
steps with one or the other of both assumptiondifnire 12b)! ™
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Figure 12 : a) elastic modulus G’ as a function ahe relative density of the foam for an unfilled
foam and foams filled with small calcium carbonate(carbonate C2), large calcium carbonate
(C1), or silica with intermediate sizes. Comparisorwith the model schemed on figure 12b. b)
scheme of the model. In the first assumption, matels are seen as a matrix with voids (step 1),
in which the filler is the inclusion (step 2). In he second assumption, foams are seen as a filled
polyurethane (step 1) in which inclusions are voidéstep 2).

3.1.2

Form effect

As seen previously, in the case nanocompositesaltvays tempting, when sing nanoscopic
filler, to evoke the important interface quantity account for the composite mechanical
properties. However, this cannot be done withouangring the aspect ratio of the
nanoscopic fillers introduced. Indeed, as recapegliously, the models predict a strong
increase of the reinforcement level when the 8lleave a high aspect ratio.

During my Ph-D thesis on plasticised PVC fillediwiellulose whisker (15 nm diameter and
a form factor of 70), the reinforcement in the glaslomain was even overestimated in
models taking into account the filler morphology.fact, generally, nanocomposites moduli
studied below Tg are, depending on the case, eithagreement, or overestimated by the
models, this overestimation being the consequehem @verestimation of the filler aspect
ratio (due either to a bad characterisation of filer of a dispersion problem):®*?

Conversely, in the rubbery domain, the same modieldusion/matrix type) have the

' “Mechanical properties of high density polyuretednams: | Effect of the density” Fabrice Saint-
Michel, Laurent Chazeau, Jean-Yves Cavaillé, Emém@habert, Comp. Sci. Technol., in press.

™ “Mechanical properties of high density polyuretbdioams: |l effect of the filler size” Fabrice
Saint-Michel, Laurent Chazeau, Jean-Yves Cavd@Emp. Sci. Technol., in press.



tendency to underestimate the nanocomposite madedwsnstance, in the case of cellulose
whiskers/PVC nanocomposite above Tg, even, thohghrtodelling enables to account for
the reinforcement measured for filler content beli$ (the reinforcement reaching, though
this low content, a factor 4!), , the same modglliargely underestimates the experimental
moduli beyond this conterit.

Besides cellulose whiskers, there is nowadays nksvsf which have exceptionally high
aspect ratio (it can reach up to several thousaadspciated to very interesting physical and
mechanical properties. Carbon nanofibres and oskulnanofibrils are among them (cf.
figure 13).° These fillers cannot be simply seen as straighesilflike the cellulose whiskers
where). Their aspect ratio provides them exceptionaracteristic of flexibility, leading to a
pronounced waviness, notably function of their pesing conditions.

Figure 13:
T.E.M. picture
of carbon
nanotubes.

In the frame of the CNRS Materials program “mudtiale approaches of macroscopic
properties of structure materials”, and a “Jeuneip chercheurs CNRS” 2005-2006
‘behaviour of entangled fibre medium”, we have tlubjective to process, to

microstructurally and mechanically characterise posites filled with such filler. We wants

to develop tools for mechanical modelling which cascribe and quantify these effects of
flexibility, but also (we will discuss it in paragwh 4) the multi-contact effects in the
network that these fibres can form.

" “Viscoelastic properties of a plasticised PVC reinéml with cellulose whiskers”, Chazeau L., Cavaillé
J.Y., Canova G., Dendievel R. and Boutherin B, J. Apfalym. Sci., 71, 1797-1808, 1999.

° * Multi-Walled carbon nanotubes/polymer nanoconifess: processing and properties”, F. Dalmas, L.
Chazeau, C. Gauthier, K. Masenelli-Varlot, R. DendieveY. Cavaillé, L. Forro, J. Polym. Sci. Pt.B
Polym. Phys., 43, 1186-1197, 2005..



The first works (A.T.E.R of P. Richafcand postdoc of T. Prasse&oncerned composites (i)
with a filled epoxy elastomer matrix (epoxy prepogr DGEBA — Jeffamine hardener
D2000) whose glass transition temperature is beleevambient temperature (Tg~0°C) and
(i) with a crosslinked poly(styrene butadiene) rxatThe process, which needed a long
work of optimisation, allowed to obtain a very godispersion of nanofibres for filler
content up to 10%vol. in the case of the SBR matffixe measured reinforcement were
however deceptive, but could be explained by thdetso(Equations RE21 and RE22). They
have confirmed that (i) the nanofibres aspect regitow, of the order of 15, die to the
presence of numerous defects in the initial fioeesd (ii) that the nanofibres modulus is
small, of the order of 35 GPa, for the same reasbmss, these fibres did not show any size
effect. They are however more interesting at lowune content (below 15%) than Carbon
Blacks with the same specific surface, in partichita the improvement of properties at
break, simply because of the form factor slighilyhler (after the material processing) than
that of carbon blacks.

This work was followed by the study of nanocompesitvith poly(styrene-co-butyl acrylate)
matrix reinforced by multiwall carbon nanotubes (MW&) and cellulose nanofibrilles. It
was the topic of F. Dalmas Ph-D (defended th® @BNovember, thesis codirected by
GPM2 (INPG), and GEMPPM (INSA). The way chosentfeg composite processing is an
aqueous mixing. The polymer latex is mixed to thButose nanofibrils suspension or to a
dispersion in water of MWNTSs, stabilised thanks @o anionic surfactant (SDBS:
CigH20SOsNa ) after a 5 minutes step of ultrasound soninaffavo different methods were
then employed: the first consists in evaporatirgix in a oven regulated at 30°C for the
latex film forming (coalescence of the polymer mdes) ; the second consists in freeze
drying the mix and hot pressing the obtained povede€r00°C. The dispersion homogeneity
of the nano-fillers in the films was checked bynsmission electronic microscopy on cryo
ultramicrotome.

The mechanical characterisation at low strain werfopmed by DMA, in torsion mode, at
0.1 Hz, from 170 K up to 500 K, with a heating ratd.K/min. The shear elastic modulus G’
as a function of temperature divided by the maiaxagion temperature ,T( measured at

1Hz, it is associated to the glass transition teatpee, T, 0 265 K) is presented on figure
14.

P "Reinforcement of elastomers by carbon nanofihrBs¢hard P., Prasse T., Cavaille J.-Y., Chazeau
L., Gauthier C., Duchet J., Materials Science & iBagring A, vol 352/1-2 pp 344 - 348, 2003.

9 “ Reinforcement effects of Vapor Grown Carbon rfirers as fillers in rubbery matrices”, C.
Gauthier, L. Chazeau, T. Prasse, J.Y. CavaillémEdci. and Technol., 65, 335-343, 2005.



Figure 13 T.E.M. images from microtomes of P(S-ABuYeinforced with 4 vol% of cellulose
nanofibrils processed either by evaporation (A) oby freeze drying (B), or reinforced by 3 vol.%
of MWNTSs E (C) ou FP (D). Image obtained with the klp of J.L. Puteaux (CERMAV-CNRS)
and K. Masenelli-Varlot (GEMPPM).

The modulus values measured at ,TEQual to 1.15, were compared to a 3D Halpin-Tsai
modelling (equations RE20, RE22 and RE23). Thdadiffy of such a modelling is that it
assumes that the inclusions are straight fibr&e (hie cellulose whiskers were). The curved
nature of the fibres is however clearly visibletba pictures of figure 13. We have used the
same equations to estimate both their modulus beid aspect ratio. The best fit for the
cellulose nanofibrilles composites processed bgziedrying and hot pressing (FP) is
obtained for an aspect ratio of 310 and a longitaidand transverse moduli of the fibres of
80 GPa and 15 GPa respectively. These moduli agodad agreement with literature. An
estimate of the real aspect ratio is more diffiduit the deduced value seems reasonable
compared to the literatures estimatiolsThus, the description of the experimental results
obtained with P(SABuU)/cellulose composites procgdsefreeze drying/hot pressing is very
satisfactory, meaning that the aspect ratio aleanerniough to account for the observed
reinforcement. The same approach was used for manbootubes filled composites. The
deduced longitudinal modulus of carbon nanotubdselew one TeraPascal, conversely to
what is commonly said in literature. The model éealalso to deduce an apparent aspect
ratio of 240 whose value is the result of the fifbeibility. The same model also shows that
the reinforcement obtained in the case of cellulnaaofibril composites processed by
evaporation (E) cannot be explained by the aspgict alone when the fibre content is above
2.5%. We will go back to this result in the followji chapter.
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Figure 14 : G’ at T/T,= 1.15 as a function of the filler content : compason with the calculations
from equation RE23. (—).

Thus, from these examples, it appears that foraicemprocessing conditions and/or for
limited filler content, the study of only the meep& scale and of the aspect ratio allows to
understand the reinforcement of nanoscopic maserial

3.2

Influence of the fillers at large deformation

Introduction of heterogeneities at mesoscopic Statealso consequences on the mechanical
behaviour at large strain. We will present herepbeuliar case of elastomers.

3.2.1

Strain hardening and damage

The materials with SBR matrix reinforced by siliceated by different grafting agents (and
presented in chapter 1) have been studied in tige Istrain domains.Figure 15 presents
their tensile behaviour. The plot of the tangentdmios as a function of strain shows an
inflexion point corresponding to the beginning bé tmaterial strain hardening. It begins as
soon as some chains between crosslinks are clasadh their maximal extensibilit}? The
introduction of silica leads to a decrease of thairs at the inflexion point, significant of the
strain amplification induced by the fillers. Theash amplification deduced in the case of
untreated silica is around 2.8. The silica treatnmeodifies this value. Thus, the grafting by
covering agents leads to its decrease. One camagbat the use of covering agent leads to
a narrower distribution of the chain lengths betwemosslinks. When the grafting is

" “In situ SAXS and volume variation measurements ridpdeformation of treated silica filled Styrene
Butadiene Rubber”, J. Ramier, L. Chazeau”, C. Gaytfi. Stelandre-Ladouce, E. Peuvrel-Disdier,
Polymer, soumise.



performed with a coupling agent, strain amplifioatfirst decrease like for covering agents,
and then increases when the surface is saturateduipling agents. This result shows the
existence of two concomitant effects: (i) the scefaovering leads to a more homogeneous
crosslinking (same observation as for covering egJeand (ii) an increase of the crosslink
density due to the polycondensation of the coupdiggnt in excess (effect mainly visible for
high content). However, these effects are stillitkth compared to the effect of the
introduction of fillers.
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The intensity of the strain hardening is howevesrgily influenced by the silica treatments.
The use of covering agents leads to a decrease gate of the strain-hardening conversely
to coupling agents, which increase it. In the tati@se, the obvious explanation is a more
important global crosslinking of the material, thi#lers then playing the role of
multifunctional crosslinking nodes. The role of tmvering agent ia contrarioto decrease
the stress transmission between fillers and matmick favour decohesion phenomena. This
had been previously detected during the study efftayne effect. Indeed, we had observed
an increase of the loss energy during dynamicisaticn at strain level above 50%.
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These decohesion phenomena have been studied loperalariation and small angle light
scattering measurements during tensile tests (Sp&Sormed in collaboration with E.
Peuvrel-Disdier at CEMEF). Thus, the plot of thelumoe variation measurements on
different samples as function of the stress showsang influence of the treatment of the
silica surface (cf. Figure 16). A decrease of tHerfmatrix interactions eases the material
decohesion which occurs for smaller stresses. @eeale the formation of strong covalent
bonds between the fillers and the matrix delays tf@cohesion. Void formation has been
confirmed by small angle light scattering. Figufés and 18 show the 2D SALS spectra
respectively obtained for composite filled with raated silica (the same spectra are
obtained for covering agent treated silica) and domposites filled with coupling agent
treated silica. In the case of untreated silica,appearance of an ellipsoid perpendicularly to
the stretching direction suggests formation ofpebidal voids, whose big axis is parallel to
the stretching direction. With coupling agentsréhis another phenomenon occurring in the
same time: the formation of an ellipsoid paraltethe stretching direction (cf. Figure 18a).
A first assumption to explain it is the spatial ngamnisation of filler agglomerates during
stretching leading to the formation of ellipsoidelusters whose the large axis is
perpendicular to the stretching directithThe second assumption is, due to the presence of
strain heterogeneities in the longitudinal direstithe revelation of new correlation length,
increasing with strain (the strain in the perpenldicto stretching direction being to small to
reveal any reorganization in this direction). Whatethe assumption, its origin is the delay
of void creation by the coupling agents. A largémais, when cavitation is the main
phenomenon, both samples present the same sagdeeotrum (cf. Figure 17b and 18b).

b)

Sti etching uirection

Figure 17: light scattering spectrum of SBR filledwith untreated silica at a) 75% nominal strain
and b) 250% nominal.

Damage as volume variation as discussed here oalreeddy during the first stretching and
increases with the strain level. Due to the hygeted nature of the material, and as checked
experimentally, these volume variations are rebérsiHowever, during the first stretching,
irreversible damage can occur, such as a breakolyimer chain having reached their
extensibility limit. This rupture is eased by th#lef presence, because of the strain
amplification they create. A different readsorptafrthe desorbed polymer chain at the filler
interface can also occur. This explains that theabi®ur of a filled elastomer during a first
deformation will always be different than that otvsel during the following deformations.



The difference between these two behaviours is comyrcalled the Mullins effect. It must
be taken into account during the study of the Paffest.

b)

Figure 18: light scattering spectrum of SBR filledwith silica treated with a coupling agent at a)
75% nominal strain and b) 250% nominal.

We have taken here the example of an elastomeixm@trcourse, this Mullins effect is not
discussed during the deformation of a filled thephastic, because of the non reversibility of
the plastic deformation in the experimental timalscHowever, décohésion and cavitation
also occur during deformation, as shown in our wamkcellulose whisker filled plasticised
PVC. Moreover, strain hardening of this materidbage strain is also locally eased by strain
amplification induced by the filler presence.

All this shows the complexity of the behaviour atge strain of heterogeneous materials as
well as all the difficulty to take into accountgleomplexity in a modelling which, generally,
does not consider either the matrix degradatioraifctbreak), or void formation by
cavitation and or decohesion.

3.2.2

Fillers and crystallisation under stretching

To the phenomena previously described, one mustiaddertain cases crystallisation
phenomenon, which occurs under stretching. Wetakk here the example of natural rubber
filled with silica or carbon black. Crystallisatia the latter under uniaxial strain (post doc
of J.M. Chenal) has been studied by in situ ditfrac measurements but also volume
variation measurementsunder strain.

A first originality of this work was to show all ¢hinterest of volume variation measurement
for the crystallisation characterisation. Indeedstallisation leads to a volume decrease
measurable during the material stretching. Theeethis technique provides a quantitative



information in the case of an unfilled elastomerthe case of filled samples, the negative
volume variation generated by the crystallisatiapesimposes to the positive volume
variation created by damage (as shown above). @méowever observe a negative volume
variation during the unloading of the material downthe zero strain, due to a slower
melting of the crystallites than the disappearasfcie voids created by the damage during
the stretching. Thus, in that case, the technigaeiges quantitative information.

The formulation of the samples studied here hasntakto account the problems generated
by the different components of the vulcanisatiosteyn with the filler interfaces (cf.
paragraph 2.2.1). Thus, accelerators and activatore been avoided. The chemical nature
of the filler surface, and the structure have bienstudied parameters. An example of the
obtained results by Wide Angle X rays Scatteringtiiwthe laboratory apparatus) is
presented on figure 19. Different spectra are shdawing the loading-unloading path. The
kinetic aspect of the phenomenon is underlinedesinclearly appears that the crystallites
are slow to melt during unloading.

Figure 20 presents the crystallinity index measurech WAXS spectrum (it is deduced
from the evolution of the areas of the crystallmapeak [2 0 0] and [1 2 0]) as a function of
strain with a NR sample, NR filled with carbon tHadNR filled with untreated silica or
treated with a covering agent or a coupling agéxtept a shift in the crystallinity index at a
given strain, all the curves are superimposablem@eted by volume variation
measurements, these results indicate the mairemgki of the local strain amplification on
the crystallisation process. The filler-matrix irstetions are only a second order parameter:
on the one hand by the effect of these interactmnshe stress transmission, and therefore
on the strain amplification, and on the other handhe case of the addition of a surface
treatment, by the perturbation of the matrix crijis&tion in the neighbourhood of the fillers
(as discussed previously with the crystallisatibhoav temperature). These interpretations
are still to be confirmed by studies in progress.

® “Strain induced crystallisation of carbon blackefi natural rubber”, Chenal J.M., Chazeau L., Gauth
C., - Eurofillers 2005, Bruges, Belgium (9-12 Ma303).
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3.3

Conclusion

The mesoscopic scale of fillers is important wheerlyng their influence on the mechanical
behaviour of materials. Thus, an account for filldrinsic parameters such as morphology,
modulus, mechanical properties of the interface, r@hative size of the fillers compared to
the material structure enables in many studiedsctsexplain the mechanical behaviour,
without needing to evoke any modification of the l@colar mobility of the matrix.

However, phenomena occurring during deformationcamplex and multiple, particularly

at large strains. Damage by cavitation and decohes generally concomitant to an
irreversible break of polymer chains in the matixat the interfaces, of a modification of
the spatial organisation of the fillers, and in tese of crystallisable materials, of its
crystallisation and texturation. Besides, thesefemBht mechanisms occur very
heterogeneously in the material. Thus, if modellsgmetimes enable to successfully
describe the behaviour of polymer composite mdgerathe linear domain, modelling of



these same materials in the non linear domainngakito account the ensemble of these
phenomena, is still a challenge.



4. Heterogeneities at macroscopic scale

In certain cases, modelling of the mechanical bielawf composite is also helpless to even
describe the composite reinforcement in the lindamain. Thus, as seen previously,
cellulose nanofibrils composite processed by eatpor cannot be described in the rubbery
domain by models, even if they take into accouetfilfer aspect ratio or its modulus.

Recall:

Works found in literature, among them those perdmby V. Faviet’ on P(S-
Abu)/cellulose whisker composites, lead to the sammclusion. The process of these
material by evaporation of the mix latex/whiskespension enable the formation of a
percolating network whose stiffness is much highan that provided by the reinforcement
of the matrix by isolated whiskers. This networksp@ars at volume fraction which
depends on the filler aspect ratio. Thus, in theeoaf cellulose whiskers with an aspect
ratio of 70 and within the assumption of their ramdspatial distribution in the matrix, the
theoretical volume fraction at which this netwogpaars is only 0.8%. This threshold, so-
called percolation threshold, is checked experialgnisince the underestimation of the
measured modulus by classical mechanical modetslleel previously) occurs at filler
volume fraction above this threshold. The reinfaneat can then be modelled by simply
considering that it is basically the result of wtéfness of the whisker network, whose
volume fraction is calculated from percolation the@and whose modulus is that of a pure
whisker sheet (obtained from evaporation of theskén suspension). The process is a key
parameter enabling (evaporation process) or disghlfreeze-drying and hot pressing
process) the establishment of hydrogen bonds betfiers. My Ph-D work on the same
type of filler has shown that the cellulose whiskeinforcement in a plasticised PVC
matrix in the rubbery domain was also underestithéite a classical approach even if the
process hinders, a priori, the formation of the skbr network. Our assumption is that a
whisker network is formed, this time via filler-miatfiller bonds, leading to a intermediary
reinforcement, between that of stiff whisker netwyoand that predicted by the classical
mechanical model.

Therefore, it seems necessary to consider a lagge than that of the fillers, i.e. the
macroscopic scale of the structure they can fosid@athe composite.

4.1

Impact of a macroscopic structure

In fact, the formation of a filler network inside cmposite can be very similar, in its
consequences at the level of the mechanical pieperto the formation of a second
continuous phase in a multiphase material. Indeedoth cases, there is formation of a
macroscopic structure whose the role in the globethanical properties will have often to
be considered in an independent way (in paralleinfthe properties of the other phases.
The Ph-D work of A. Guimaraes on grafted naturdiber latex is an original way to
illustrate this idea. The work is performed in fineme of a CAPES/COFECUB with the
Chemical Engineering faculty of Lorena (FAENQUILad Paulo, Brasil). This thesis is



codirected by a brasilian colleague Dr. A. Martibes Santos, Prof. J.Y. Cavaillé and
myself.

In many cases, the chemical structure of natutabeu has been predetermined since its
extraction, and it is then difficult to modify iniindustrial process. Therefore, it was
appealing to proceed to a chemical modificatiorN&¥, prior to the industrial processing
step, in order to control its surface energy, dnd for three reasons: first, this open new
prospects for the use of NR in applications wheeehtydrophobicity of the unmodified NR
Is a drawback. Secondly, this can ease the mixRfalith other polymers (for instance, for
shock improvement of thermoplastics) by improvitg tchemical compatibility of the
different constituents. At last, in the case ohfeicement of NR by hydrophilic particles
such as silica, a chemical modification of NR sashthat proposed in this project could
replace that of the particles, and more generallyict allow an optimisation of the filler
matrix interactions, for the process as well astf@ final mechanical properties of the
composites. Thus, the objective of the Ph-D is tmtwl the chemical modification
technique of a natural rubber (this concerns tleziBan team) and to use the modified latex
in polymer mixes and as matrix of composites.

In this project, the wished morphology for the Yaparticles is of hairy layer type. The latex
particles are then made of a core in poly-cis isnpr(NR) and a shell of grafted polymer.
This morphology has two advantages: (i) the hyditmpshell is going to sterically stabilise
the colloidal latex suspension, (ii) the hydroghiiroups being accessible at the beginning
of the processing, this can make easier the primges$ blends either with polar polymers
(PMMA or PVC) or with hydrophilic filler such asligia. The chosen comonomer is di-
methyl-amine ethyl methacrylate (DMAEMA).

The lattices, once grafted, are evaporated as fintstested by mechanical spectrometry.
Results are presented on Figure 21. Grafting by BMA leads to a second plateau
between —40°C and the ambient temperature, follolbyed drop of the elastic modulus
down to the level of the unmodified natural rubbeydulus. The value of modulus on this
plateau is quasi the same for the samples modifittd 10phr and 20phr of DMAEMA but
strongly increases when the used concentratioroofooomer is 30 phr. We can rapidly
compare these values to that predicted by Guth-@#dn previously). The disagreement
with this very simple model becomes huge for the §ifted with 30 phr DMAEMA.
Conversely, the modulus of this sample tends towthat predicted by a simple parallel
model. There is apparently a threshold around 2BMAEMA (or 0.2%vol. of DMAEMA)

; and this “threshold” effect indicates that thertipgles have indeed a core-shell type
morphology, with a shell of poly-DMAEMA: as checkadcomplementary experiments this
external layer presents a main relaxation at a ¢eatpre close to the ambient temperature ;
the processing at temperature at 40°C is high éntarghe DMAEMA chains grafted at the
NR particle surface be able to interdiffuse, craath continuous phase, or in other words a
macroscopic structure of this polymer. These resaile confirmed by the impossibility to
form this type of film by evaporation at ambienmfgerature. They are also confirmed by
tensile tests: NR grafted with 30phr DMAEMA hasehaviour, which is a combination of



the plastic response of the DMAEMA grafted chaimsriing a continuous phase and of the
elastic response of the NR.
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Figure 21: Torsion modulus G' measured as a functio of temperature for a natural rubber NR
ungrafted or grafted with DMAEMA (f=0.1Hz), the modulus of the different materials have
been normalised at -100°C, to the modulus value ttie non grafted NR).
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Figure 22 : G’ measured at —20°C of
LE+09 NR grafted by DMAEMA as a
function of the volume fraction of
DMAEMA. Comparison with the
Guth-Gold equation and a parallel
model (the DMAEMA modulus is
then its value at —80°C).
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This example illustrates that

mechanical spectrometry is a powerful toll for ttlearacterisation of composite material
when one wants to evidence the formation of a oootis phase whose mechanical
properties are very different from those of thenrat

'« poly(dimethylaminoethylmethacrylate) graftedural rubber by seeded emulsion polymerization”,
P. C. Oliveira, A. Guimarées, R.G. Gilbert, J. Yav@ille, L. Chazeau, A. M. Santos, polymer,
46,4,1105-1111, 2004.



4.2

Formation of a filler network?

Let's go back to the stucture of fillers inside twmposite. It is now obvious that if there is
formation of a network, this will have mechanicaberties which, like in the general case
of a continuous phase, will depend on its morphplkgd the intrinsic mechanical properties
of the constitutive material but also of the cohtaetween fillers.

4.2.1

Evidence

The formation of such a network can, as seen abbeeevidenced by mechanical
spectrometry. Thus, as seen with cellulose nansiB(S-Abu) composite material, for filler

content above 3%, the shear modulus in the rubbdemgain draws a plateau, up to the
temperature of cellulose degradation (cf. Figure ZBis plateau is very different from the
flow which occurs at Tg in the case of the matri@na, or when the material has been
processed by freeze-drying.

10
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Figure 23 : G’ as a function of temperature (normaked by the main relaxation temperature)

P(S-ABu) filled by different volume fractions of cdlulose nanofibrils. Full symbols for the

materials processed by evaporation, open symbolsrfahose processed by freeze drying (F.
Dalmas Ph-D thesis}.

v “Viscoelastic behaviour and electrical propertief flexible nanofibre filled polymer
nanocomposites. Influence of processing conditioR&3rent Dalmas, Jean-Yves Cavaillé, C.
Gauthier, Laurent Chazeau, R. Dendievel, Comp.TRahnol., accepted.



The moduli measured at T/Tg=1.15 have been repaomefigure 24. A model such as that
developed by Ouali et%d] and used afterwards by Favienas been used. The material is
considered as the parallel association of the meginforced by non percolating nanofibrils
and of a percolating nanofibrils network (cf. Figu#5). The volume fraction of the latter is
calculated from the percolation theory like it haden done previously for cellulose
whiskers. The percolation threshold is estimatagibtp 0.3% vol. using the law established
by Nart for stiff fillers, randomly dispersed in the matand with an aspect ratio of 240.
This aspect ratio is only apparent and was estonéten the modelling of the modulus of
the freeze dried films (cf. paragraph 3.1.2.). Thedulus of the nanofibrils percolating
network was deduced from a tensile test measureomeatevaporated nanofibrils film.
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Figure 24 :G’ at T/T 4= 1.15 as a function of the filler content. Compasion with the theoretical
curve deduced from the mechanical percolation modé=).

Though its simplicity, this model can describe expental data and indicates the validity of
the assumption of the formation of a nanofibrilsweek in the evaporated material, the
formation of such network being impossible in thse of the freeze drying process.
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Figure 26 : mechanical percolation model used forhie description of the reinforcement by
cellulose nanofibrils of P(S-ABu) matrix compositeprocessed by evaporation. Gis the shear
modulus of the matrix, G is that of the filler network. @is the filler volume fraction, P(g) is that
of the filler network, and @, the percolation threshold volume fraction.

Thus, cellulose nanofibril composites are schoskséo illustrate such a phenomenon due
to the possibility of the nanofibrils to form ortrgtrong hydrogen bonds. Carbon nanotubes
reinforced materials did not show, above the glasssition temperature, reinforcement
level as high as those measured with cellulosefifai®, since they cannot establish such
bonds. However, this does not forbid the formatidra conductive percolating network.
Figure 26 shows the real part of the conductivityegaporated materials. Clearly, the
material goes from a capacitive behaviour to astiesi one with the introduction of fillers.
Moreover, the conductivity plot as a function ofetfiller content (deduced from the
conductivity measurement at1®z) shows an electrical percolation type behavisitin a
threshold around 0.3%.

Figure 26: real part of the
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So, there is indeed formation of a nanotube netwuoside the material but the contacts
created are weak and lead to a filler percolatingcture whose the mechanical properties
are too weak to have a significant influence on d¢bmposite stiffness. The freeze dried
materials have a low conductivity and a high peatioh threshold; this indicates less good
electrical contacts and a less random dispersiothef nanotubes (with less contacts),
probably because of the process. The consequereesible at the level of the mechanical
properties since they are less good for the frelemet materials than for the evaporated
ones.

Thus the examples presented here show the existheefiller network in composite
materials if the filler volume fraction is highdnan a critical fraction. The nature of the
contacts in this network is of main importance e treinforcement level. Moreover, the
critical volume fraction is very dependent on thkerf aspect ratio. In the case of a random
dispersion of spherical fillers, the percolatioedhy predicts a critical fraction of the order
of 30%. This is of the order of the filler volum@étion commonly used in industry...

4.2.2

What about filled elastomers?...

...Let's go back to the modulus of filled elastomdescribed previously: the SBR/silica

composites studied in J.Ramier Ph-D thesis. Differaodels can be tested to account for
the modulus measured in the linear domain. The @dld equation (equation RE18 of

paragraph 3.1), using a filler volume fraction @2 largely underestimates the modulus
measured at 300K (1.5 MPa for 9.5 MPa experimgntattasured). With untreated silica,

we have seen above that the bound rubber quasptgsents 40% of the matrix. The most
extreme assumption considers all this bound rubbex shell around the filler, this lead to an
increase of the filler content from 50phr (20%vdb) 145 phr (58%vol.). However, the

calculated value is still below the experimentduea(5.2 MPa). Thus, this clearly appears
that the hydrodynamic effect, even corrected oéfagf bound rubber in the glassy state,
cannot account for the experimental value of theluhgs.

Given the large filler content, one can logicallgnsider the assumption of a network
formation. However, it is obvious that the contaaotshe network are not hydrogen bonds,
otherwise the reinforcement would be much highantthat measured experimentally. The
elastic modulus value measured for this systeraasingly due to a network effect, but this
network is not made only of direct filler-filler bds. Besides, instead of the assumption of a
completely immobilised bound rubber, we prefer tmsumption of the stress transfer
between particles via a polymer whose stiffnedsgher that that of the matri. Figure 27
presents our vision of the material.

It is in agreement with the observed influencehef surface treatment, i.e. a modulus drop
although the dispersion was found the same foth&ll samples. The surface treatments
modify the bound rubber quantity. This influencée tstress transmission between sub-



structures of fillers and therefore the networkfratiss. Moreover, the Payne effect appears
like a modification under strain of the polymer peaties linking these sub-structures.

matrix
Bound rubbet]

o6 %o with an without °"
grafting
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Figure 27 : Scheme of the network involving filleragglomerates and bound rubber as a function
of the filler surface treatment : the use of coverig agents leads to a decrease of the thickness of
the bound rubber, which in turn decreases the stiffess of the agglomerate-bound rubber-
agglomerate network.

4.2.3

Modelling

To support these assumptions, new modelling appesadave been developed. Indeed,
classical mechanical models are unadapted singeafgime the definition of a too simple
R.V.E., and cannot correctly describe the connigthetween inclusions and the specific
properties of the contacts. The approach we haypdoeed is the modelling by Discrete
Elements initiated and developed by the Groupe hdsique et mécanique des matériaux
(GPM2, INPG Grenoble), in particular R. Dendiewghom | have collaborated with for a
long time. As indicated in its name, this modelliagnsists, in a R.V.E. whose size is
defined a posteriori (by a convergence of the calculation when the B.\dimension
increases), to discretize the microstructure inpgnelements, and to define between these
elements contact properties. The interest of suchethod compared to Finite Element
Modelling, is to allow the description of microsttures complex at the level of their
morphology as well as at the level of the interfaitey contain.



This method has been adapted to the systems wesdvamtmodel. The different fillers
previously presented have various aspect ratiosy Bne of the order of unity in the case of
silica particles, reaching 70 in the case of cefialwhiskers, or can be higher than several
hundreds in the case of carbon nanotubes. Besiddsn nanotubes are curved. Therefore
the networks morphologies they lead to are alserdifit. To minimize the calculation time,
a simplification of this microstructure needs arpartant step of discretization adapted to
the considered microstructure.

The modelling of the mechanical properties of acglbulose whisker network has been first
processed. This work is in the continuity of phH2gis of V. Favier, L. Flandin and myself
on the behaviour of cellulose whisker reinforcedommposites’ The aim of the model
developed was the evaluation of the mechanicalgutigs of the filler network alone, the
matrix being only present at the contact level.sTimodel consists in generating a virtual
fibre network for which the fibre centres and otaion can be random or follow desired
anisotropy conditions (cf. Figure 28). Once themuek is generated, filler intersections are
calculated. Two types of elements are then defirtedse linking the nodes of a same
whisker, and those linking two whiskers, which iseet. This description is then introduced
in a F.E.M. calculation (CAST3M, CEA) with the dgfion of two beam types, the whisker
beam and the contact beam. The application of thendary conditions on the virtual
volume, a tensile test for instance, enables theuledion of the properties of the filler
network. The originality of this approach is to ept the variation of the mechanical
properties of the bonds and thus to determine thidirence on the network properties.

Figure 28 : modelling of a
whisker network :

generation of cylinders in
a box, followed by the
definition  of  linking

beams at whisker
intersections.

Cylindre (i)

‘\
Whisker 2

Figure 29 presents the network modulus calculasefliaction of the contact modulus and
the filler volume fraction. The comparison of thessults with the experimental moduli of
the different cellulose whisker composite providieee information®

¥ “Polymer based nanocomposites: effect of filldiefiand filler-matrix interactions”, Bréchet Y., Gaillé
J.-Y., Chabert E., Chazeau L., Dendievel R., Flahdiauthier C., Adv. Eng. Mat., 3, 8, 2001.



As experimentally checked, the formation of a filleetwork, stiff or semi stiff, has no
influence on the mechanical properties of a compaghose matrix is in the glassy domain
(at least for small strain).

The creation of soft contacts made via the adsonegtdix can explain the important level of
reinforcement measured with composites for which finocess inhibits direct contacts
between fillers. Indeed, the model enables thergesmn of the reinforcement of cellulose
whisker/plasticised PVC composite for volume frae above 4% ; this fraction
corresponds to the value below which the reinfoencan be described by classical
models.

At last, we have checked the assumption formulbie¥f. Favier, i.e. the presence of a stiff
network can explain the mechanical properties abmposite whose processing enables
direct contacts between cellulose whiskers, ftgrfitontent above the percolation threshold.
Conversely, it does not correctly describe the rapital properties measured just around
the theoretical percolation threshold. Indeed,cdleulation, like the mechanical percolation
model used by the same author, predicts an abmopase of the modulus at that threshold,
when the experiments do not show it. We will coraeloto this point later.
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The case of the cellulose whiskers is a school s@®e they are comparable to stiff rods. A
modelling of long and flexible fibres such as clelae nanofibrils or carbon nanotubes is
more difficult and needs the development of spedifiols.” Each fibre is built from N
elementary nodes, the first node being randomlyggad in the volume, and the position of
the following node being determined by three patamse the distance between nodes, and
the angles described by three consecutive nodes.aFHoetter description of the fibre
curvature and to limit the number of nodes for thadculation, the fibre segment between
nodes is described by the Kochanek-Bartel formalfsmin example of the generated
microstructure with 175 fibres is presented onrgg80. One can easily see the presence of
entanglement in the structure and the importantature of the fibres. It is then possible to
study the mechanical response of such a networkjnge the modelling is developed for

" « Numerical simulation of electrical conductivity3-D entangled fibrous networks. Application to
carbon nanotubes filled polymer composites. » Fimiaa, R. Dendievel, L. Chazeau, C. Gauthierl, J.-
Y. Cavaillé,Acta Materialig sumitted.



carbon nanotubes network, the electrical respdbse.to too long calculation time, for the
moment, we have only focused on the conductivitgutated. In this case, it is possible to
simplify the generated network by replacing therdth between intersection nodes by
equivalent conductivity beams. In a way similartb@ modelling of the properties of a
whisker network, contacts are simulated by beamesehconductivity is an adjustable
parameter. The final step is then the integratibthizs network in the CAST3M software.
The calculation uses the thermal module and thevalgumces between thermal and electrical
conductivity, and between temperature and elettpctential. Note that, like previously, the
calculation does not take into account the matresence; this means that it has a meaning
only if the network percolates.
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Figure 30 : Example of a 3D structure
containing 175 fibres with 17 nodes by
fibres and an angle made by three
consecutive fibres below 45°.

This approach was devoted to the modelling of tleetdécal properties of the carbon
nanotubes/P(S-Abu) composites. The morphologicameters needed for the generation of
the microstructure were deduced from electron mi@phs of the samples. Adjusting the
conductivity of the fibre contact, it is possibtedescribe the experimental results (cf. Figure
31). The contact conductivity is low and betweeat tf a nanotube and that of the surfactant
used for the processing. Moreover, the evolutionthef conductivity was adjusted by a
percolation law:

(W)
A 1w

with t the critical exponent (EP1)

In the case of composites processed by freezeglritie critical exponent is equal to 3.9,
against 1.7 in the case of evaporated materials. &ponent is abnormally high and can be
described in the modelling if one makes the assiomphat the conductivity between fibres
increases with the fibre level. Indeed, one camxctude that the surfactant, which can be
involved at the fibre contact, has its concentratimthe contacts, which decreases with the
fibre content. This would increase the interfibrenductivity. The law traducing this
evolution of the contact conductivity and whichrseghe most appropriate is a sigmoid:



W)=0- +% (EP2)

Where o is the contact conductivity determined by the atient of the curves of the
evaporated composites aogthe surfactant conductivity

However, the percolation threshold is largely uedémated. Instead of considering an
evolution of the average contact conductivity, pgsone should consider the assumption of
the existence in the composite of a distributiorcafiducting and non conducting contacts,
which varies with the fibre content? The answethte question still needs work, as well as
the extension of the modelling to the simulatiorthe mechanical behaviour. Note that this
last point will need to overcome the limitationroduced by the explicit absence of the
matrix in the material description.

conductivity (S/m)

1 Figure 31 : Electrical conductivity vs.

the reduced fibre volume fraction for
microstructures simulated with an
aspect ratio of 240, a contact
conductivity of 6. = 10" S.m* and a
maximum angle between three
consecutive node®,,,, of 45° @), o, =
5.10° S.m* and 0, = 90° ), or o, =
s(y) (cf. equation EP2, i.e. following a
sigmoidal law function of the fibre
fraction) and Omax = 90° @A).
Comparison with the experimental
data obtained with P(S-ABuU)/MWNTSs
a composites processed by evaporation
10? E (o) or freeze drying (o).
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Conversely, the modelling (developed by R. Dendieten E. Chabert et aliised again
for the silica/PS-Abu composites presents the radirantage to take into account the matrix
presence. Instead of fibres, this modelling geesrat sphere assembly. The composite is
then simulated from a random run (or biased if om&nts to describe a particle
agglomeration or anisotropy), which attributes aclesphere of the R.V.E. the properties of
the matrix or of the filler (cf. Figure 32). Likeif a discrete modelling, the sphere assembly
is then treated like a point network (for the sgheentre) and bonds between these points
(representing contacts between particles).

¥ “ Mechanical behavior of polymer nanocomposites discrete simulation approach”, Chabert E.,
Gauthier C., Dendievel R., Chazeau L. et Cavailé.,JMat. Res. Soc. Symp. Proc, vol 740, 16.1.1. ,
2003.



Figure 32 :a) scheme of the sphere
assembly generated for the discrete
modelling. The black spheres are the
fillers; b) Coordinate system associated
to each sphere, and scheme of the force
and moments transmitted between two

bille dure i ,
bille molle particle

Thus, a local orthonormal system of vectonst,(t,) at the contact level between two
particles is defined (cf. Figure 32b). The forcdsaRd the contact moments between two
particles i and j are expressed, in this coordisgttem, as a function of the displacements
(Au;, Au;) and of the rotations\@; A6;) between two particles, &s:

i i
p =k | B~ AU, (EP3)
2R
i A
F=k [BUs "By | Kirg _pg ) (EP4)
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R 2
ij
e =R (0], -00,) &

These contact laws involve different “stiffnesskg’k;, ks et k which have the dimension of

a force. The normal stiffnesg knks the normal force at contact to the displaeethibetween
the sphere centres. The tangential stiffngedmks the shear forces to shear, which depends
on the relative tangential displacement and thatigis of both particles. The flexural



stiffness kand the torsion stiffnesg knk the tangential and axial components to momsent
transmitted through the contact via relative rotadiand shear forces.

The resolution of the system consist in solvingildmium equations, for N spheres:
n ci n ci

>FEF'=0 ad Y M '=00=1.N (EP8&9)
j=1 ji=1

This system can be summarised by equation:

oy

Where [Kof is the total stiffness matrix, {U} andd} are the displacements and rotations of
each spheres, {F} and {M} are forces and momentums

These equations are solved numerically. For eactiac the local stiffness tensor is
estimated from equation EP2 and EP7. This matritkes transformed to be expressed in a
global coordinate system, and added to the totHihests tensor [k] enclosing all the
contacts.

In our study, we have considered a simple compredsist: one impose a displacement for
all the spheres of the top face of the R.V.E. Tpieeses of the bottom face are fixed in the
horizontal plane, except one, which is totally éx&he longitudinal modulus is obtained
doing the ratio of the resulting force to the impaslisplacement.

Y Rigorously, to determine the longitudinal modulus ™ the composite, one should apply an
homogeneous displacement gradienailong the vertical axis and calculate the work of the eatern
efforts. This work corresponds to the strain energyhefassembly and is proportional to the modulus

M: W

ot — = M ,Ui. It was checked that the same results are found.



Thus, such an approach, since it enables the tlefindf matrix-matrix, matrix filler and
filler-filler contacts, can take into account thatnix, the interface quality and the effects of
aggregation (and of structuring) of filler as awartk respectively.

First we have performed a calculation with a mituagure in which the beads are
necessarily isolated and their content between B&625% : the only contacts are those
between the matrix beads (soft/soft contact) antivéen filler and matrix (soft/hard
contact)” Stiffness of this last type of contact is obtaifgda serial law with the matrix and
filler moduli. The contrast between these two modubket to 10000. The results show an
increase of the modulus, which follows the Einstaim (recalled previously).This validates
the calculation. Another validation is the calcidat performed for a microstructure
generated by random run of hard spheres, allowistjffafiller-filler contact. It gives, as
expected, a curve with a percolation threshold 0% volume fraction of fillers.

This modelling tool was then adapted to the stuflthe Payne effect and Mullins effect
mechanisms. As evoked previously, our assumptionttie Payne effect is that of a
modification, in the mixed filler-filler and fillematrix-filler network, of the link forces
between sub-structures formed by the fillers, unideraction of stress. This modification is
due to the desadsorption of the polymer chainsrbddaat the filler-matrix interface. A way
to evaluate the pertinence of such a scheme ialtolate the difference of the modulus of a
initial undeformed structure and of a structurevirich some interfaces have been destroyed
; this difference being related to the Payne eféeuplitude. Calculation must be performed
in several steps. Indeed one must firstly deterrtiiremost stressed bonds, consider them as
broken (when is overpass a break criterion, for miment arbitrary), then iterate this
process up to the obtainment of a stabilised stractNote that the broken bonds are
replaced by bonds whose the stiffness is then & whkear stiffness, simulating a friction.
Preliminary results have been more simply obtalmeduccessively simulating strong filler-
matrix bonds (estimated by a Voigt model) and fillér-matrix bonds. The ratio of the
filler modulus by the matrix modulus is 1000. Résare presented on figure 33 where we
have plotted the modulus difference given by the successive calculations. The curve
shows an evolution of the Payne effect (i.e. thelumas drop, here maximal) as a function of
the filler volume fraction similar to that experintally observed, up to a filler content of the
order of a percolating volume fraction. Above tthseshold, the effect of the break of the
filler-matrix bonds has less influence, leadingato inflexion of the curve which is not
experimentally observed. Thus, it seems necessanyolve in the model the break of filler-
filler contact. Indeed, during the first solicitati, the filler network can be damaged in an
irreversible manner. This is evidenced by the Msllieffect whose a part is likely the
consequence of this damage. The damaged netwtagsigfficient in term of reinforcement
and the modulus is afterwards more sensitive tobtleak of the interface. Moreover, the
stiffness of the introduced bonds in the calcutat®oup to now arbitrary. It will be necessary
to compare it to experiments, as well as to evaltia rupture criterium.
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Even if there is still a lot to do in this domain, particular, in the determination of the
different physical parameters of the descriptibie, discrete type approach already seems to
be a promising way for a better understandingmkahanical behaviour still is in debate.

4.3

Heterogeneous solicitations

Up to now, heterogeneities discussed in this maipistiave always been intrinsic
heterogeneities, or, when they develop during deddion (like cavitation or crystallisation),
the consequences have always been implicitly censitllike homogenous. In fact, if the
characterisation in the domain of the simple s@iimns at low strain can accept such a
simplification (domain of the mechanical spectrayletthe large deformation and complex
solicitation domain must be considered with cautitime variety of the initiated mechanisms
at small strain and discussed along the previoaptehs are for a large part responsible of it.
Besides, the application of large deformation ceed|to deformation localisation at the
macroscopic scale, whose origin is in fact not asagly in the presence of heterogeneities
in the material but on a particular geometry of $bécited sample. Thus, samples submitted
to simple compression tests will always show addaffect; thus a tensile test on polymer
material will make appear, in certain experimewtaiditions, a striction, whatever the care
taken during the test. Besides intrinsic heteroigieseof materials, it is therefore necessary
to consider, in the analysis of the mechanical erigs of materials, the extrinsic
heterogeneities developed during solicitation.

? Master report, « comportement visco-élastique non linéaiseéthstomeres chargés: caractérisation
complémentaire et modélisation » , J. Toussan et M. CE2Q08.



These strain heterogeneities which appear in sanmgeng simple mechanical tests are
therefore a real difficulty to overcome when onentgato determine constitutive law of
materials. Up to now, the determination of a cduttie law, generally phenomenological,
of a material (composite or not) was performed wgithple tests, with the approximation of
a homogeneous macroscopic response. For instahee, Pblymere-Verres-Materaux
hétérogénes group has used this type of experitoedevelop the “gpd” model for the
description of the mechanical properties of amoushpolymer (a relatively simple case
compared to nanocomposites). One must acknowletige this did not hinder the
progression of this model, which, as recalled pesty, offers the rare possibility of a
complete description of the physical mechanismghef polymer deformation, with the
integration of the structural ageing aspects, arables a description in the linear domain as
well as in the non-linear one. The model limits egmed for the description of the strain
hardening mechanisms since the strain heterogeseitihich are then developed cannot be
neglected anymore. Moreover, the model providesadas formulation which neglects the
consequences of the anisotropy development ondfeerdation mechanisms,.
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Figure 34 : a) Compression curve simulated on an eient in the ABAQUS software with the

use of the dgp model integrated in the software byR. Rinaldi, b) Simulated curve of a

compression test performed on a cylindrical plot atwo temperatures : experiments(symbols), in
simulation (thin line) c) visualisation of the compession test, d) 3D simulation of a tensile test
with the same parameters ; a defect was introduceith the sample, where appears the striction
during the tensile test.

Two approaches can solve these problems: the ncadebe re-explored thanks to (i) on the
one hand, a more local mechanical characterisafitine material, (ii) on the other hand, to
the integration of this model in a finite elementde to try to reproduce local strain fields



experimentally measured with simple mechanicaktegten, the objective is to validate the
tool of Finite Element modelling by a comparisorthasexperimental results from complex
mechanical tests, like for instance traction-tarsibo do so, the laboratory acquired a video-
extensometry apparatus, and a traction torsion imacland has initiated a collaboration
with the Laboratoire de Mécanique des Contacts ed 8olides (LAMCOS). In this
framework, a Ph-D work is in progress (R. RinattBfense forecast in March 2006) whose
fellowship is provided by the Rhone-Alpes regiom @n “emergence” program). The first
phase of this project was the realisation of thespge from a scalar formulation of the
model (as developed) to a tensorial formulatione Tatter was then integrated in the
ABAQUS software®®

In the same time, a polycarbonate was characterfigsednechanical spectrometry to
determine the physical parameters needed by theelmdden it was solicited in simple
tensile and compression test with the acquisitibnlogcal deformation. The different
parameters describing the intrinsic behaviour ef studied polymer (on figure 34a) have
been implemented in the Finite Element softwarguid 34c presents the simulation of
compression test. One clearly see the developniesttain heterogeneities and of the barrel
form during the deformation. The simulated strdssis compression curve is in good
agreement with the experimental one. Besides,amperature influence is well accounted
for (cf. figure 34b). Figure 34d also presents msile test. The striction development
experimentally observed is only reproduced whenefeal is introduced in the sample
drawing (via a element with a null stiffness). Taetual state of the calculation code
developed in the laboratory leads to a strictiohiclv does not propagate in the sample. This
is due to the fact that for the moment, the sthairdening is not introduced in the material.
Different options to account for it are presentkplered. The chain stretching, or in other
words their ordering could lead to an increasdnefdorrelation of the molecular movements.
This could be simulated, as proposed in referendsy @he addition of a term in equation
(EP15):

X:XO+Aiefyan_Aiuryvp (Epll)

With Ay, @ parameter traducing the decrease of the atioelparameter.

Another possibility is to consider that the plassitain rate }(pis not constant at large

deformation but depends on a gap to the equilibplastic strainjip':

. e
y\,p:M (EP12)
Tvp
This equilibrium strain is that of the polymer theonsidered like an elastomer. One can
then use a Mooney-Rivlin type model or its equiatifenodel with a Langevin function such
as, for instance, the 8 chain model of Arruda-Byie deduce, at a given stress, this

equilibrium strain. It is then to early to conclude this question. This can be helped by a

% “Constitutive model for amorphous polymer basedtlo® quasi point defect theory’, R. Rinaldi, R.
Gaertner, M. Brunet, E. Vidal Sallé, L. Chazeauh, BEAFORM conference on material forming, 27th-
29th April 2005.



comparison of the experimental results with theusation, which then appear like an aim
but also like a tool to help the comprehensionhef Ibcal mechanisms at the origin of the
macroscopic mechanical behaviour.

4.4

Conclusion

Composite materials, in particular nanocompositéenals have sometimes modulus values,
or more generally mechanical behaviours, whichbadly described by classical mechanical
models. These results invite us to reconsider #iafarcement of composite when a
connected filler network can form, as for instaincéne different examples presented in this
chapter. In the general case of composites, itdeefore necessary to evaluate the impact on
the mechanical properties of such a filler netwdmkyitably created when the filler content
becomes important. In the case of nanocomposiesjntroduction of nanoscopic fillers
leads to an important interfacial surface, evenldéov filler content, that can modify the
viscoelastic properties of the matrix. Besides, itfterparticle nanometric distance can ease
the formation of a stiff or semi-stiff structure @ge nodes are made either of direct contacts
between particles, or of a possibly modified matiix the case of an homogeneous filler
distribution, the higher the aspect ratio, the lowke percolation threshold, i.e. the
concentration at which this structure can appedrusT to understand the mechanical
properties of such materials, it is necessary fogg new way of modelling; the discrete
type approach is a very interesting approach.dbkss the description of the connectivity of
the filler structure and the specific interactionside this structure, and in some ot its
developments, between the structure and the md3ggides, extended to the large strain
behaviour, it could help the understanding of tifeeient complex mechanisms involved,
such as reversible and irreversible break of dfietype of links.

Up to now, this multi-scale complexity has beencdssed from simple mechanical tests
performed in laboratory. However, these tests, ghouheir simplicity, provoke the
occurrence of macroscopic extrinsic heterogeneitieparticular at large strain. This makes
difficult the use of the deduced stress-strain esirio establish intrinsic constitutive laws.
Then, one must used, like in the study of amorphmlgmer (previously presented), local
characterisation tools, and a mechanical modellithgse development can appear not only
as an aim but also as another characterisation tool



5. General conclusion and prospects

A general conclusion can be done: polymer matrixenas have a multi-scale complexity.
Besides, the heterogeneities they contain, or tlesgelop — and this whatever their scale —
generally have consequences on the macroscopiwibahal hus, no scale can be neglected
in the macroscopic behaviour and a multi-scale @ggr must be adopted if one wants
correctly describe this behaviour.

The nanocomposite case is exemplary. Indeed we staawen that at a molecular scale, the
important interface quantity introduced by the reoupic fillers has consequences on the
surrounding matrix, but also on the stiffness @& thacroscopic network formed by these
fillers. But one must not neglect the role of thlividual filler and of their surface
treatments on all the mesoscopic phenomena oforegrnent, strain hardening, and damage
(mainly at large strain). Of course, the descriptad such a multi scale complexity still
needs efforts from both experimental and theoriicats of view.

Thus, at the molecular scale, it is still necesdarycharacterise the contact force and
resistance between filler and matrix, or betweber§ via the matrix, peculiarly — as it is the
case in nanocomposite — when the thickness ofather lin the contact becomes comparable
to the size of the statistical polymer coil. A phtiesis has begun thé' df October to
explore theses questions. In collaboration with lthboratoire de Physique de la Matiere
Condensée of the Université Claude Bernard antdeMan’'t Hoff Institute d’Amsterdam,
its topic is the study of the influence of the nfdee and its treatments on the viscoelastic
properties of polymer films when their thicknesgdraes sub-micronic. The chosen system
is inspired from those studied in J. Ramier Ph-Dkwva poly(styrene-co-butadiene) polymer
and a silica glass substrate treated or not byesila

The experimental data obtained in this thesis vélicompleted by the results of another Ph-
D work financed by the CPR COPOLA. It has begunithef October and is devoted to the
study of the influence of ageing of these mater@istheir mechanical properties. This
ageing is performed thermally or by irradiation. eTlinterest is there a controlled
modification of the different interactions involved the material without modifying the
filler dispersion. At last, the thesis in progressA. Guimaraes on the grafting of NR and on
its use as the matrix of a silica filled composdse,well as the new thesis financed by the
Integrated European Project NAPOLEON, on the dgrabnt of new materials by mini-
emulsion technique will be an opportunity t expldlee mechanical properties of new
nancomposite systems: in both cases, the obtaystenss will have peculiar interfaces and
microstructure with consequences on the properBesides, the thesis on mini emulsion
will allow a better study of the surfactant distrilon and its influence on the mechanical
properties of the material. Up to now, we have namréess neglected this aspect though our
last works on carbon nanotubes have shown theeindle of surfactant both on the matrix



itself (its glass transition temperature is slightiodified) and on the quality of the contacts
between fillers.

Of course, the work on the NR crystallisation, withwithout fillers, has to be continued.
Experiments in progress on crystallisation at lemperature should help the understanding
of the influence of fillers and of their surfaceedtments. The questions asked by the
complexity of the melting endotherms of this matkis by itself a topic which has also he
interest of being transposable to other matergish as poly(ethylene oxide) ; indeed the
latter shows the same influence of the heating sat¢he crystallite melting...the study of
the role of fillers on the strain induced crystlion must also go on. Experiments
performed at ESRF are actually exploited, as welD&C measurements on pre-stretched
samples.

This study, or more generally those on the visatiglgroperties of filled elastomer, clearly
show the main role of strain heterogeneities at mesoscopic scale on the global
macroscopic behaviour of the materials. The deveéy of techniques to characterise them
is therefore necessary. To do so, a new promigognique is currently developed in the
frame of a collaboration GEMPPM/Laboratoire de Rdnys de la Matiere. The approach
consists in deposing a grid of nanometric plots énafl photosensitive resins. Then, the
samples will be observed under strain in an Enwremtal Scattering Electron Microscopy
of the GEMPPM equipped with a tensile test devfoe:each strain level, obtained images
will show the grid distorsion and allow to dedube tocal strains. The provided information
could be very useful for the understanding andnbeelling of the Mullins effect, generally
observed in filled elastomers. They would allowdissociate irreversible mechanisms of
damage involved during the first strain, those ogeg in the matrix and those linked to
void formation. It would also enable, with thefdient materials available for this study, to
evaluate the influence of the surface treatmenthese mechanisms.

Such an observation at the submicronic scale cbaldompleted by X rays tomography
experiments on the same samples. The advantagecbf & technique is to allow the
observation of the entire sample volume. The tomolgy X could also provide useful
complementary information on the void formation masms of the materials until they
break. Such a technique also allows to follow modifons of the filler network structure
during the sample deformation. For the momentnémeoscopic size of the fillers generally
used in filled elastomers makes impossible a peeglservation of this evolution. The X
tomography allows it only in the case of micronilkefs. The observation of elastomers
filled with micronic fillers can be a first stegat we will follow in the Ph-D work financed
by the CPR.

This type of data is necessary to improve the niiodedbf the mechanical behaviour at large
strain, when it cannot neglect anymore the devedpnof an important modification,

anisotropic and very heterogeneous, of the filistridution, nor cavitation and decohesion
phenomena. The qualitative evaluation of the infageof these modifications is difficult and
cannot for the moment be performed by a discygie thodelling (such as that developed



by R. Dendievel at GPM2), limited to the behaviadpw strain. The collaboration with the
Laboratoire de Mécanique des Solides (in particBlaPonte Castdneda) in the frame of the
Ph-D thesis financed by the CPR, is a good oppibyttim treat this question. Note that this
collaboration was initiated during the work of Rif8@ Michel on the mechanical properties
of filled and unfilled polyurethane foams. Thesetenals, in particular unfilled foams, were
indeed good candidates to compare our experimeggalts to the last developments in the
domain of the homogenisation calculation in the-o@ar domain. The first calculations,
using a simple method of tangent linearisationhef $tress-strain curves were deceptive.
Other linearisation methods are still to evaluateen if it appeared that the very localised
deformations, which occur in the polyurethane foatasted and modelled in the glassy
domain, make difficult an homogenisation of thedabur. We will see if the study of filled
elastomers authorise better this homogenisatiora.satle that is still to be determined.

On the other hand, the exploration of these typmadelling does not mean a disinterest for
the discrete type modelling. On the contrary, tegetbpment of the latter must enable a
better comprehension of the local mechanisms, ashmvill depend the damage, and the
possible reorganisation of the microstructure ursdirin. Moreover, the discrete modelling
is still to be develop for a better understandifighe mechanical behaviour of network of
entangled fibres such as carbon nanotubes andossllmanofibrils, since, up to now, we
have only performed electrical modelling.

The aim of our works is to integer in the mechanehaviour of the studied materials, the
involved physical mechanisms. Then the objectivéoisievelop a constitutive law fro a
calculation code. The approach is ambitious andis)e# one wants chances of success,
collaboration with specialists of finite elementaediing. Our work with T. Barenger of the
Département de Mécanique de I'Université Clauden8a has begun. The approach that we
will use is the inverse of that of the manuscrig, to use the constitutive laws existing in
Finite Element code, and to progressively modifgnthto account for our studies of the
materials. This is an approach eventually simitathiat followed in the Ph-D thesis of R.
Rinaldi whose objective was to integrate the gpdi@han FE code. This work, apparently
very technical, provides new insights on the madkpolymers: it enables to re-explore the
“gpd model” through the simulation of the polymeaeroscopic behaviour. Even if there is
still a lot to do, for instance to exploit the mduohg of elastic, anelastic and viscoplastic
strains, or to compare simulation results and ofasens of the macroscopic strain
heterogeneities, the development of such a sinaalatbol, by this comparison between
experiments and simulation, is another way to imerour comprehension of the material.
Besides, the development of more “physical” modglltools can be extremely useful to
study materials submitted to solicitation as complas those met in common
application®...

®®\We present in appendix the particularly difficult examplelastomer seal lip for ball bearings.



Appendix: surface/volume

We have previously seen that the mechanical satlicit seemingly simple such as traction
or compression are already sources of strain hgtemities. However, the main part of the
applications of polymer materials involves much enoomplex solicitation, not only source
of strain heterogeneities but also heating, agedagnage, also very heterogeneous. For
instance, the use of filled elastomer often invslteth viscoelastic properties (volume) and
friction and wear properties (surface propertigsthese materials. This is made even more
complex by thermal dissipation phenomena dependenthe viscoelastic properties and
thermo-mechano-chemical damage activated by thingethey create and local stresses.
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Figure Al: Scheme of a ball bearing and section @f lip seal in the device.

This complexity was met during the study In elastoraeals used for ball bearings. As
shown on figure Al, these seals are used for ninintpetancheity of rolling cage from
water and mud penetration. Their degradation iditeecause of failure of bearings during
their use. The improvement of their performancedsea better understanding of the
mechanisms involved, taking into account the hgemeous and complex nature of the
solicitations and the influence of temperature aheénvironment. The damage of these
filled elastomers is visible as a local wear at lthesl of the contact surfaces (seal lips and
their antagonist in steel), accompanied by a ptessitmdification of the chemistry of the
elastomer, and therefore of its viscoelastic prigperin the surface neighbourhood. In this
frame, a study of the relationships between visstiel and tribological properties of the
solicited material was the ropic of the Ph-D of Miomine (BDI CNRS, Paustra S.A., SNR
S.A. fellowship) defended in Octber 2004, and of tAh-D thesis of J.M. Desgrange
(financed by the RNMP “elastomere sous sollicitadigéveres, defended in October 2005).
The aim was to evaluate the influence of the différconstituents of the elastomer
formulation on the durability of the seals. Botlests were co directed with the Laboratoire
de Tribologie et Dynamique des Systemes of the ee@gntrale de Lyon. The studied
materials were Acrylonitrile Butadiene copolymeB[R) reinforced either by carbon blacks,
or “clear” fillers (silica and calcium carbonates).



2r10719in1 008

suod H02€ A

B b

Figure A2: S.E.M. image of a lip seal for ball beang (a) unused, (b) used after 300 hours of real
test with external projection of mud.

Figure A3 : viscoelastic
properties of lip seal
for ball bearings. G’ is
normalised by the
modulus value at 210K;
the evolution of the
curves show the effect
of wear on the
viscoelastic properties
of the elastomer lip
seal.
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Some samples, processed as elastomer seals, laviebted by SNR on their testing device
reproducing the real use conditions, with and withmud (tests “BDJE” and “BFRE”Y;
The influence of the filler type has been first lee#éed. The lips and their antagonist (steel
100C6) have characterised after testing duringedfit times by optical and scattering
electron microscopy (cf. Figure A2). The presentcsteel particles or of mud embedded in
the elastomer was analysed by EDX analysis. Thenale of these measurements enables
the proposal of a damage scenario of the sealseder, they showed that the lip wear
occurs when there is a lack of lubricant, provokgdhe beating of the lip in rotation and
eased by the mud particles. The evolution of thder@ mechanical properties was
evaluated by mechanical spectrometry. It showethenease of the rubber modulus as well
as a slight shift of the main relaxation peak taaigher temperature (cf. Figure A3). The
assumption is a post-crosslink due to a heatintpe@imaterial during solicitation. This post
crosslinking explains the remnant deformation olesgron the lips after their use. To
confirm it, temperature ageing tests were perforoedifferent samples. Besides a thermo-

“ Rapport de projet de fin d’étude INSA de S. Devil8ql), Rapport de projet de fin d’étude INSA de F.
Thevenet (2000), rapport de stag€°année ingénieur ISTG de J. Todeschini (2000).



mechanical surface degradation occurs that wascteised by local mechanical tests. The
heterogeneous character of the evolution of thehamcal properties was characterised by
nanoindentation measurements performed on the Tihgy revealed the presence of a
stiffness gradient from the lip surface toward rhegerial core’®

Concerning the influence of the different matepatameters, we have observed that, in the
material series tested for this application, carblacks or clear filler filled NBR, the filler
characteristics have no real influence on the d&enhc performance in real testing
conditions. Of course, this result is only true whke global mechanical properties of the
material vary a little (small gap of modulus oriséance at break)A contrarig materials
presenting a matrix modification, this being esisdigtvisible as a difference of the glass
transition temperature, has shown very contrasésdilts on real system. Indeed, these
materials have very different tribological behaviguat the level of etancheity performance
as well as that of wear resistance: the materi#h wie lowest Tg (A) possesses a good
etancheity performance though important wear, wher{O) material, whose Tg is higher of
15°C, though an important wear, shows a medio@acéeity performance. The apparent
contradiction of these results comes from the sldifierence of viscoelastic properties of
both materials, which lead to different contactaaaed dynamic responses. This response
controls the etancheity function.

For a better understanding of the wear mechanispisere plan tests were performed:
plaque of materials have been submitted to frictbra steel bead in rotation and normal
force conditions similar to those met in real teBts the reasons discussed previously (wear
originating in a stop of lubrication mechanismsjede tests have been performed without
lubricant. Tests on materials A and O show a wesistance similar to that observe in real
testing: the O material, conversely to the A matedoes not presence any wear trace (cf.
Figure A4).

Figure A4 : 3D profilometry of samples before and #ier wear: from left to right, used sample A,
unused sample A or O, used sample O.

ESCA analysis then allowed to evidence the presehem oxidised layer. Its thickness is
probably below few microns because it could notdbeected by Infra Red spectroscopy,
either mechanical test (AFM and nanoindentation)oseh maximal resolution (in the
imposed testing conditions) is several dozens ofans. Conversely, the A material surface
is not oxidised and possesses the same characteast new sample, except few neat wear

4 « Influence of viscoelasticity on the tribological behavimf carbon black filled nitrile rubber
(NBR) for lip seal application”, J.-M. Degrange, M. ThomiPh. Kapsa, J.M. Pelletier, L. Chazeau,
G. Dudragne, L. Guerbé, wear , 259, 684-692, 2005.



traces. The presence of the oxidation on the Orahtmn be explained by the analysis of

the real temperature at the contact level. This s objects of different modelling

approaches: one by Finite Element, one analyticahe extrapolation from Icalised thermal
measurements. This temperature is beyond the aritemperature of oxidation of the

elastomer; thus the matrix oxidation can occursTdxidation leads to a stiffer superficial
layer, which decreases the friction coefficient aodenables in fine to avoid wear. In the
case of the A material, oxidation kinetic is in qmetition wit the wear kinetic more rapid,

due to an initial friction coefficient higher. Tlerrelation between friction coefficient and
wear is clearly established, as well as betweatidri coefficient and surfacial stiffness of
the material.

This study has lead to the proposal of a technofbgiolution for the industrial problem. It

takes into account the very heterogeneous naturthefsolicitation, and propose the

processing of a property gradient in the matetied,surface properties being close to that of
the O material, and the volume properties beingdhthe A material®

The elaboration of other technological solutionsuldoneed to continue this study by

focusing on three main points:

- Lubrication mechanisms: the absence of lubricatiming, seemingly, the needed
condition to begin the catastrophic wear of tha,liip would be useful to establish the
optimal conditions of lubrication. This needs arpesmental work which can be
performed on a new testing device made during th® Rvork of J.M. Degrange. This
device enables the observation of the rotatingatithe contact level through the glass
antagonist. It is also necessary to estimate, thaoka viscoelastic modelling of the
material initiated by J.M. Degrange, the pressoraliions on the lip.

- The heating of the material: a modification of tbeal temperature of the sample can
strongly change its mechanical behaviour, and cpresgly its wear resistance. It would
be useful to determine the kinetics but also @lghrameters involved in the heating. To
do so, one can use the modelling of the viscoelgstiperties, useful for the calculated
of the heat dissipated, and the thermal modellisy initiated in the Ph-D work.

- The wear mechanisms: wear is related to mechaniérwcal deformations involving
different solicitation frequencies. These diffarérequencies are caused by different
asperities, initially present or created during wedath dimensions of the order of few
nanometers. At these scales, the material respasseen previously, can be influenced
by the interfaces involved. In the case of botlligd materials (A and O), it is possible
that this influence has very different consequermeshe mechanical behaviour, on the
resistance, though the macroscopic properties dsmmwy any significant differences.
Thus, it is necessary to continue the study ofatesal properties.

Conclusion

Polymer materials, in their current applicationg asubmitted to very heterogeneous
solicitations. A large majority of the elastomephgations involves cyclic deformation and

¢ “Wear mechanisms of filled elastomers for leap seal aqwic’, M. Thomine, J.M. Degrange, G.
Vigier, L. Chazeau, J.M. Pelletier, P. Kapsa, L. Guei®é,Dudragne, tribology international,
acceptée.



friction. For instance, we have seen the exampleladtomer seals, but we can also cite the
example of tyres. In both cases, one must considerolume viscoelastic behaviour, and
the interfacial friction mechanisms (the latter ingvalso a viscous component related to the
global viscoelasticity of the solicited materidtgeping in mind, as shown previously, that
the volume solicitation has direct and indirect seguences on the friction behaviour. The
directs consequences are visible at the contae&t and normal force, which are going to
influence, when present, the lubrication qualitynditect consequences are energy
dissipation, which engender sometimes huge heaiinghe surface, and therefore the
chemical modification of the material close to theerface. This can in turn modify the
viscoelastic local response, and so the wear aggist The comprehension and the material
optimisation for this type of application need gorious approach which should dissociate
mechanisms often interrelated. It must also bedtklyy a modelling of these mechanisms if
it wants clarify their respective contribution.
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