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Introduction

0.1 Elastomères vs thermoplastiques

Les polymères suscitent un grand intérêt dans des domaines industriels tels que
l’aéronautique, l’électronique, l’automobile, le textile,... par leur facilité de mise en
œuvre, leur masse volumique faible et leur moindre coût.

Un challenge essentiel pour l’avenir des matériaux polymères est de rendre leur
fabrication et leur utilisation compatible avec des attentes environnementales de
plus en plus fortes. Dans ce cadre le remplacement d’une part des élastomères non
recyclables par des équivalents thermoplastiques est d’un grand intérêt. Ces derniers
doivent cependant respecter le même cahier des charges notamment en termes de
propriétés mécaniques.

De larges études ont été réalisées dans ce sens dans le but de bien comprendre le
comportement mécanique des polymère thermoplastiques ainsi que les paramètres
pertinents d’élaboration et de traitement qui permettent d’améliorer la résistance
(mécanique, thermique, chimique... ) de ces matériaux. Les polymères nanostructu-
rés lamellaires tel que les copolymères bloc ou les semi cristallins attirent de plus en
plus l’attention pour leur propriétés thermoplastiques couplées avec de bonnes pro-
priétés mécaniques. Ces types de polymères sont caractérisés par des morphologies
et des nanostructures très particulières qui répondent d’une manière complexe aux
sollicitations mécaniques macroscopiques.

Les propriétés mécaniques de ces systèmes sont l’expression macroscopique de
mouvements à l’échelle moléculaire. C’est pourquoi ce travail de recherche est orienté
vers l’étude de la réponse mécanique des polymères et des copolymères bloc en
simulant la dynamique moléculaire des chaines par une approximation grossière
appelée “gros grains ” ou “coarse grained ” afin d’optimiser et comprendre l’origine
des propriétés mécaniques des polymères nanostructurés lamellaires.

0.2 Apports de la simulation numérique

Depuis environ 6 décades la simulation numérique progresse et devient de plus en
plus un outil prépondérant dans la recherche scientifique et la conception (figure 1).
Ce domaine ne cesse de progresser grâce à l’évolution continue dans l’informatique
(Langages et techniques de programmation, ordinateur, clusters de calcul, etc...). Le
but de la simulation est double : d’une part c’est de vérifier les hypothèses physiques
qui permettent d’interpréter le phénomène simulé et de tester de nouvelles idées
permettant de progresser dans la compréhension du comportement locale de ces
systèmes, et, d’autre part de prédire la réponse d’un matériau sous des conditions
limites complexes.

Grâce au progrès considérables réalisés dans les méthodes de simulation, ces
derniers peuvent être considérées comme des méthodes pluridisciplinaires et mul-
tiéchelles. La simulation s’intègre comme un ingrédient important dans des divers
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Figure 1 – Évolution de la puissance des calculateurs en Flops (Floating operations
per second) au cours du dernier siècle [Becquart 2010].

Figure 2 – les différentes méthodes de simulation et leurs échelles caractéristiques
(temps et distance).

domaines scientifiques allant de la biologie jusqu’au mécanique en passant par la
chimie et la physique des matériaux en recouvrant aussi une large échelle allant de
quelques nanomètres (dans les méthodes de ab-initio) jusqu’à quelques km (dans les
méthodes des élément finis) voire encore quelques dizaines d’années lumières dans
les méthodes de Monte Carlo utilisées dans la simulation de Galaxies.

Afin d’optimiser le temps de calcul tout en obtenant les renseignements détaillés
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(a) (b)

Figure 3 – (a) Les potentiels d’interactions Lennard Jones et FENE utilisés pour
décrire les liaison faibles (Van der Waals) et fortes (covalentes). (b) les différents
interactions inter et intra chaine (1) les liaisons covalentes, (2) les liaisons faibles,
(3) la flexion entre deux liaisons covalentes successives et (4) l’angle dièdre.

recherchés pour le phénomène étudié, il est judicieux de choisir pour chaque simula-
tion le modèle dont la longueur caractéristique correspond le mieux avec la longueur
caractéristique du phénomène simulé. Pour réaliser notre étude sur le comportement
mécanique de polymères, plusieurs types de simulation sont possibles. Dans notre
étude on s’intéresse particulièrement à l’évolution de la configuration testée au cours
de la déformation.

Ces configurations sont suffisamment représentatives pour assurer l’observation
des évènements étudiés (la formation des cavités, le flambement des phases...) qui
se déroulent réellement à une échelle très petite (quelque dizaines de nanomètre).
C’est pour cela que le choix de la méthode de simulation est contraint d’une part
par l’échelle de longueur et d’autre part par la durée de l’évènement. La dynamique
moléculaire est une méthode particulièrement adaptée à notre étude. Cette méthode
est parfaitement adaptée à la simulation des modèles de polymère à plusieurs échelles
allant de la description atomique détaillée des chaines de polymère (modèle toute
atome) jusqu’à la description grossière des chaines par le modèle “coarse grained”
en passant par la description “meso” dans le modèle “atome unifié”. Compte tenu de
l’objectif principal de cette thèse orientée vers l’étude des propriétés mécaniques des
polymères, la prise en compte des détails chimiques dans le modèle de simulation
ne présente qu’un intérêt limité et complexifie le modèle en augmentant de manière
rédhibitoire le temps de calcul. Pour cette raison l’échelle de “coarse grained” est le
choix le plus judicieux pour ces travaux de thèse.
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Figure 4 – Echantillon d’un polymer amorphe à l’échelle “coarse grained” (figure
reproduit de [Schnell 2006, Becquart 2010])

0.3 Modèle “coarse grained ” ou masse ressort

Dans un modèle masse-ressort une chaine de polymère est assimilée à un collier
de perles liées entre elles par des ressorts. Ces perles représentent effectivement une
séquence de particules connectées entre elles par des liaisons covalentes. Pour bien
reproduire les interactions moléculaires d’un polymère réel, deux types d’interaction
sont retenus. (1) les liaisons fortes entre deux “perles” ou masses consécutives qui
représentent les liaisons covalentes et (2) les liaisons faibles qui représentent les
liaisons de Van Der Waals.

Il existe des autres types d’interaction plus ou moins pertinentes qui ne sont
pas pris en compte par nos modèles : (3) l’énergie de flexion entre deux liaisons
successive et (4) l’énergie de l’angle dièdre (la torsion d’un liaison) (figure 3.b).
L’interaction des liaisons faibles est prise en compte par le potentiel de Lennard
Jones qui décrit l’interaction d’une particule avec ses proches voisins (équation 1.1
tracée dans la figure 3.a). L’interaction des liaisons covalente est modélisée par
un potentiel FENE (Finite Extensible Nonlinear Elastic) dont les paramètres sont
choisis de telle manière que deux chaines ne peuvent pas se traverser l’une l’autre
(équation A.2 tracée dans la figure 3.a).

Le modèle bille ressort utilisé conserve les propriétés statistiques des chaines
(distance de bout à bout, rayon de giration, longueur de persistance, etc...) sans
faire appel à la description atomistique de ces chaines. Cette propriété présente le
grand avantage d’économiser du temps de calcul sans trop perdre d’information
au niveau de la description microstructurale des systèmes simulés (fluctuation des
propriétés locales, enchevêtrement des chaines....). La génération des échantillons
pour la simulation a été effectuée par l’algorithme de “ “Radical-like polymerization ”
qui sera détaillé dans l’annexe de cette thèse.
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0.4 Objectifs et organisation de ce travail

L’objectif principal visé par cette thèse consiste à essayer d’apporter par le biais
de la simulation numérique de modèles “ Coarse grained ” des éléments nouveaux
permettant d’améliorer la compréhension des processus moléculaires ayant, à priori,
lieu dans les polymères amorphes homogènes ou nanostructurés lors d’une sollici-
tation mécanique. On s’intéresse particulièrement au comportement mécanique des
modèles testés dans le but de corréler la réponse mécanique avec les paramètres
moléculaires du modèle (densité d’enchevêtrement, l’architecture moléculaire) et/ou
les propriétés locales du système. (fluctuation de la microstructure, les modules
élastiques...)

Deux types des systèmes feront l’objet de notre étude : les polymères homo-
gènes amorphes (chapitres 1,2 et 3) et les polymères nanostructurés lamellaires, ou
copolymères bloc (deux derniers chapitres).

La nucléation des cavités dans les homo-polymères amorphes ainsi que la relation
entre les sites de la cavitation et les propriétés mécaniques locales du système et l’un
des objectifs ciblés par nos travaux. L’utilisation d’un modèle “ coarse grained ” pour
l’étude de cette problématique est avantageux vu que l’échelle de la simulation ainsi
que les variables mesurées sont difficilement accessibles par les outils expérimentaux,
en plus dans la bibliographie la majorité des travaux de la simulation moléculaire
ont été plutôt orientés vers l’étude de la plasticité du polymère (écoulement) que la
cavitation.

Les propriétés mécaniques des polymères nanostructurés sont également l’objet
de notre étude. En se basant sur un modèle “ coarse grained ” développé pour
ces systèmes, le comportement mécanique de ces derniers a été simulé. L’avantage
principal fourni par l’approche dynamique moléculaire dans ce cas est la facilité à
contrôler et tester l’influence de chaque paramètre moléculaire indépendamment :
(rôle des chaines liant les phases dures du copolymère bloc, effet de la tension de
surface entre les blocs du copolymère. . ..).

La comparaison directe entre les résultats de la simulation DM et les résultats
expérimentaux ne peut pas être quantitative à cause des nombreuse hypothèse sim-
plificatrice sous-jacentes à notre approche : approximation “ coarse grained ”, vitesse
de traction très élevée, taille de l’échantillon faible, etc...). Cependant, les résultats
de la simulation DM montrent un bon accord avec l’expérience du point de vu
qualitatif ce qui apporte un certain crédit aux simulations. Nous verrons que cette
comparaison devient de plus en plus intéressante dans l’étude de flambement des
phases dans les polymères nanostructurés lamellaires où un accord très satisfaisant
est observé avec des modèles analytiques.

L’ensemble du travail est exposé dans ce manuscrit en cinq chapitres :
Le premier chapitre présente une comparaison des deux méthodes de traction : la

méthode homogène qui consiste à déformer le système d’une manière affine puis à le
relaxer et la méthode de la déformation pilotée par les bords inspirée de la traction
des éprouvettes réelles. La deuxième méthode a été développée pour qu’elle s’adapte
à des différentes conditions limites (uni-axiales et tri-axiales). Nous y aborderons
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également le durcissement observé dans les essais uni-axiaux.
Dans le deuxième chapitre l’analyse de l’évolution de la densité d’enchevêtrement

au cours des essais uni-axiaux et tri-axiaux sera présentée. Une grande attention sera
apportée à l’observation des deux évènements contradictoires, mais simultanés :
durcissement structural de l’échantillon et désenchevêtrement des chaines.

La nucléation des cavités dans les modèles des polymères amorphes fera l’objet
du troisième chapitre : une analyse détaillée des propriétés locales (microstructurales
et mécaniques) sera présentée dans le but d’identifier les sites les plus probables de
la nucléation des cavités.

Dans le chapitre 4 : l’étude des propriétés mécaniques des modèles des copoly-
mères tri-bloc sera présentée. Tous d’abord : la température de transition vitreuse
de chaque phase sera identifiée dans le but de bien choisir la température des essais
mécaniques numériques. A cette température, l’un des composants est à l’état ca-
outchoutique tandis que les autres blocs sont vitreux. Le comportement du modèle
soumis à des essais de traction uni-axiale classique sera présenté. L’influence de l’ar-
chitecture moléculaire sur la transmission des contraintes entre différentes phases
sera détaillée ainsi que l’influence de la tension de surface entre les phases sur la
cavitation.

L’étude du flambement des phases dans les copolymères à blocs par un modèle
MD sera détaillée dans le cinquième et dernier chapitre de cette thèse. L’interpré-
tation du phénomène de flambement en se basant sur l’état de contrainte locale
de chaque phase sera présentée. La réponse mécanique des ces échantillons sera
détaillée. Une analogie avec les résultats expérimentaux sera également présentée.
L’influence de la taille d’échantillon sur la réponse mécanique ainsi que l’influence
de la vitesse de traction seront étudiées. Les résultats seront discutés et interprétés
dans l’optique d’un modèle analytique existant. Un modèle qui prend en compte l’in-
fluence de la cinétique du flambement sera suggéré pour interpréter la compétition
entre les différents modes de flambement.
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This chapter essentially reproduces the article [Makke 2009] published in Journal of Chemical Physics.

1.1 Introduction

Molecular dynamics (MD) simulations have now become a standard tool to in-
vestigate the mechanical response of model polymer systems under various condi-
tions of deformation [Lyulin 2004, Rottler 2003, Hoy 2006, Schnell 2006]. Despite
their well known shortcomings (small system sizes, large deformation rates) they
are able to give a precise description of the molecular mechanisms at work during
the deformation process [Papakonstantopoulos 2007], of the changes in entangle-
ment networks [Hoy 2006] or to describe elastic heterogeneities [Yoshimoto 2004,
Papakonstantopoulos 2008].

Despite their success, MD simulations are sometimes questioned in terms of
their relevance to actual experiments. We already mentioned the issue of length and
time scales. A third question arises from the method which is used to strain the
samples, in particular when periodic boundary conditions are used. The typical MD
calculation proceeds by straining the whole system at each time step in a completely
homogeneous manner, with an imposed deformation rate or deformation velocity.
Such a procedure is clearly different from the one used in experiments, in which the
strain is transmitted to the sample through the imposed motion of the boundary.
Indeed, homogenous deformation procedure leads to non physical local stretching
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(small fluctuations), which could possibly be amplified for stochastic phenomena,
e.g. the onset of plasticity. This is especially true in the case of glassy polymers,
where the plastic deformation proceeds by individual plastic events that correspond
to local instabilities of the system. Such instabilities will, generally speaking, be
dependent on the precise deformation trajectory.

Another reason for interrogating the different deformation procedures is the cur-
rent interest in nonhomogeneous polymeric systems, e.g. semi crystalline polymers,
segregated block copolymers or polymer nanocomposites ; In such systems, the stress
is transmitted from hard zones to softer zones of the material, with zones that are
often of nanometric dimensions. The strain in the soft part will obviously be much
larger that in the hard zones, which may even be considered as non deformable.
The situation is then similar to a mechanical testing experiment at the nanometer
scale, where the role of the “grips” is played by the harder zones in the composite
material. In studying the deformation of the material as a whole, it is therefore
interesting to understand the scale and size effects on the deformation of the softer
part. To what extent can the deformation of a soft, nanometric zone be described
using the stress-strain relation of an homogeneously deformed bulk material of the
same nature ?

In order to investigate these two aspects, we have studied the deformation of
glassy and rubbery polymer systems using standard periodic boundary conditions
and homogeneous strain, and compared the resulting stress strain curves to those
obtained using a boundary driven method. The boundary driven method introduces
the molecular equivalent of grips, adapted to both uniaxial and triaxial tests. The
“grips” are identical to the deformed material in terms of interaction potentials, but
impose a constrained motion to the system boundary.

The next section describes sample preparation and the different deformation
methods. Our results are presented in section 1.4.

1.2 Simulation techniques and sample generation

Our simulations are carried out for a well established coarse-grained model
[Kremer 1990, Rakshit 2006] in which the polymer is treated as a chain of N beads
which we refer to as monomers, of mass m = 1 connected by a spring to form a
linear chain. The beads interact with a classical Lennard-Jones interaction :

Uαβ
LJ (r) =

{
4εαβ

[
(σαβ/r)

12 − (σαβ/r)
6
]

, r ≤ rc
0 , r ≥ rc

(1.1)

where the cutoff distance rc = 2.5σαβ . In addition to (1.1), adjacent monomers
along the chains are coupled through the well known anharmonic Finite Extensible
Nonlinear Elastic potential (FENE) :

UFENE(r) =

{
−0.5kR2

0 ln
(

1− (r/R0)
2
)

, r ≤ R0

∞ , r > R0

(1.2)
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Figure 1.1 – Mean square internal distance (MSID) of mono-disperse melts (kbT =

2 ε). The effect of the number of MD steps between each growth step is studied. A
larger value of nMDSbG leads to better equilibrated systems, whom which MSID fits
nicely with FPO and the target function of Auhl [Auhl 2003].

The parameters are identical to those given in Ref.[Kremer 1990], namely k =

30εαβ/σ
2
αβ and R0 = 1.5σαβ , chosen so that unphysical bond crossings and chain

breaking are avoided. All quantities will be expressed in terms of length σαβ = σ,
energy εαβ = ε, pressure ε/σ3 and time τLJ =

√
mσ2/ε.

Newton’s equations of motion are integrated with velocity-Verlet method and a
time step δt = 0.006 [Allen 1987]. Periodic simulation cells of cubic size L contai-
ning M chains of size N were used under a Nosé-Hoover barostat, i.e. in the NPT
ensemble. The pressure is fixed to P = 0.5 ε/σ3.

Our specimens are prepared using Radical Like Polymerization method
[Perez 2008] which is an extension of Gao’s work [Gao 1995]. Chains grow in mo-
nomer bath at kbT = 2 ε and P = 0.5 ε/σ3. The whole system is relaxed during
300 MD steps between each growth step and polymerization is stopped when chains
reach the chosen length N = 200 beads. Remaining single beads (solvent) are then
removed and the resulting melt is equilibrated during 107 MD steps in NPT en-
semble at low compressive pressure P = 0.5 ε/σ3 (see reference [Perez 2008] for
more details). Figure 1.1 shows a good agreement between the normalized mean
square internal distance (MSID) compared to the target function published by Auhl
[Auhl 2003].

Rubbery and glassy states are obtained by cooling to kBT = 0.5 ε and kBT =

0.2 ε respectively. With a cooling rate of kBṪ = −1.6 × 10−3 ε/τLJ , the glass
transition temperature is equal to kBTg = 0.43 ε. Finally, an isothermal relaxation
is applied to reach a zero pressure at a rate of Ṗ = 8 × 10−5 ε/σ3τLJ . Cooling
and relaxation are achieved in NPT ensemble. The resulting glass and rubber have
densities of ρglass = 1.07 σ−3 and ρrubber = 1.02 σ−3 respectively.
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1.3 Methodology : triaxial and uniaxial tensile tests

1.3.1 Homogeneous deformation technique

The most common method used to strain a polymer specimen in numerical simu-
lation is the homogeneous affine deformation [Rottler 2003, Hoy 2006, Schnell 2006,
Capaldi 2002]. This technique is a finite sequence of two steps : deformation and
relaxation. The deformation is imposed by modifying the simulation cell size in one
or more direction and re-mapping all beads to the new box by a simple rescaling of
all coordinates. The simulation box can be deformed at a constant elongation rate
(constant velocity) [Schnell 2006] or non linear logarithmic strain rate [Rottler 2003].
Depending on the nature of load, homogenous tensile test allows one to modify the
loading condition by controlling the amount of deformation in the three directions
independently.

Axisymmetric triaxial tests -called thereafter triaxial tests- are performed by
deforming the simulation box in only one direction (the tensile direction, say y), the
two other dimensions remaining constant. The relaxation MD steps are integrated
in the NV T ensemble (Nosé-Hover thermostat - rate of 0.1 τ−1LJ ). The magnitude of
the pressure tensor components in triaxial tests obeys the relation : |Pyy| > |Pxx| =
|Pzz| > 0.

Uniaxial tests are performed by deforming the simulation box in one direction
(the tensile direction, say y), the two other dimensions varying so that the pressure
remains equal to zero in these directions. The relaxation MD steps are integrated in
NLyPxPzT ensemble with anisotropic barostat which controls pressure only in x and
z directions independently (Nosé-Hover thermostat and barostat - rates of 0.1 τ−1LJ
[Nose 1984, Hoover 1984]). The magnitude of the pressure tensor components in
uniaxial tests obeys the relation : |Pyy| > |Pxx| = |Pzz| = 0.

The virial stress is used to measure the true stress of our systems. The thermal
contribution is small and can be neglected at these densities and temperatures.

Albeit natural, the homogenous affine method has some restrictions. The defor-
mation is applied without respecting the bond strengths. In some case, particularly
near the yield stress, this might activate violent motions or even break some high
energetic stretched FENE bond.

1.3.2 Boundary driven deformation technique

1.3.2.1 Triaxial tensile test

In order to simulate a tensile test in a way that is analogous to a macroscopic
experiment, we propose a method in which the deformation is applied first at boun-
daries and is then transmitted to the core of the sample by the material itself. To
achieve this boundary driven deformation, we first remove the periodic boundary
condition on the tensile axis (say y-axis), keeping the two other directions periodic.
The “grips” are set to be the top and bottom parts of the sample (of size Ly in the
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Figure 1.2 – Principle of the two techniques used in this paper. (From left to right)
(i) homogeneous deformation uniaxial, (ii) homogeneous deformation triaxial, (iii)
boundary driven deformation uniaxial, (iv) boundary driven deformation triaxial.

y direction), each of them having a thickness of 2.6σ 1 (see figure 1.2) :

y < 2.6σ → Lower grip (1.3)

2.6σ < y < Ly − 2.6σ → Gauge length (1.4)

y > Ly − 2.6σ → Upper grip (1.5)

Forces acting on beads belonging to the grips are set to zero. The initial velocity
of lower and upper grip beads are set to zero and v0, respectively. The lower grip
is then an immobile rigid body and upper grip is submitted to a constant velocity
as a rigid body. This velocity is adjusted to get the desired strain rate at initial
time : v0 = ε̇0L

0
y. During the tensile test, the motion of the beads inside the loaded

part of the sample is integrated in a NVT ensemble (Nosè-Hover thermostat), NVE
ensemble is employed to drive the motion of the grip. The volume of the loaded part
Lx(Ly − 5.2σ)Lz is used to compute the stress within the sample.

As chain breaking is not possible due to FENE bonds, it has been checked in
each simulation that no chains are held by two opposite grips simultaneously. Note
that with the boundary driven deformation method, as applied here on a triaxial
tensile test, the deformation is limited to a single direction.

1.3.2.2 Uniaxial tensile test

In uniaxial deformations, the dimensions of the simulation box have to be relaxed
in the directions perpendicular to the tensile direction [Brown 1991, Capaldi 2002,
Capaldi 2004], in order to fulfill the condition : Pxx = Pzz = 0. Such a relaxation is
not possible when using the grips of the triaxial case, that behave as rigid bodies.

1. The grips thickness must be larger than the cutoff radius to guarantee that all beads (specially
those nearest to interface with the grip) have a similar environment.
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A naive solution would be to zero the component of the force parallel to the
traction axis (Fy = 0) for all atoms belonging to the grips and to apply the same
velocity conditions as for the triaxial test (vy = 0 for the lower grip and vy = v0
for the upper grip). However, this would lead to a very high rigidity of the grips, as
their atoms would be constrained to stay in a plane perpendicular to the traction
axis.

A linearly increasing force could also be applied to all beads of both grips. NPT
integration with zero lateral pressure would then lead to an uniaxial tensile test.
However, it would be a force-controlled tensile test, which is not well adapted to po-
lymers exhibiting softening after the yield. This softening would lead to instabilities
in such force-controlled tensile test.

The technique used in this paper is inspired from the work of Israilev et al, who
suggested a way of extracting a ligand from the binding pocket of a protein, by the
use of Steered Molecular Dynamic (SMD) [Izrailev 1998]. The basic idea of SMD
is to restrain the ligand to a point in space (restraint point) by an external, e.g.,
harmonic, potential.

In our case, instead of setting the force on grips beads to zero, we add a force to
all beads of the grips such that the mean velocity of all these beads is the desired
one. To do so, we introduce two restrained points, one for each grip : Ru and Rl

with positions ruR = ruR0+v0tey and rlR = rlR
0 (ey is the unit vector in y direction).

The external force applied to all beads of upper and lower grips is given by :

Fu = −K [rucom(t)− rucom(0)− v0tey] (1.6)

Fl = −K
[
rlcom(t)− rlcom(0)

]
(1.7)

where rucom(t) and rlcom(t) are the positions of the upper and lower grip center of
mass at time t. Equation 1.6 forms a feedback loop on the force applied to the
upper grip. The specimen is therefore submitted to NVT conditions. Figure 1.2
shows the deformation methods used in both uniaxial and triaxial tensile tests. To
ensure a zero lateral pressure, Verlet integration is performed in NPT ensemble for
all beads in x and z directions. As a consequence, at each MD step, the motion of
the restrained points induce a force on all beads of both grips, leading to a boundary
driven deformation-controlled uniaxial tensile test.

The stiffness K of the springs has to be optimized. A too small value would lead
to a loose spring absorbing all the deformation in place of the sample and a too
large value would lead to numerical instabilities (due to high forces applied on grip
beads - see figure 1.4). A spring 10 times as stiff as the initial sample leads to a
numerically stable deformation scheme ; this value will be kept in the following.

There are two ways of calculating the stress experienced by the gauge length (or
working zone) of the sample

– divide the force of the spring (Fu or Fl) by the instantaneous surface of the
sample (LxLz) perpendicular to the traction axis ;
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Figure 1.3 – Concentration profile of the sample deduced from layer analysis : the
gauge length (LWZ) is defined as the distance between the two inflexion points of
the working zone beads concentration profile.

– compute the virial stress of the gauge length beads and divide it by the instant
volume of the working zone.

The first method is simpler, but as it is averaged on less beads, it leads to a more
noisy measure of the stress. The second method requires the gauge length Lg, which
has been assumed to be proportional to the distance between upper and lower grips
center of mass at time t |rult | over the same distance at time t = 0, leading to the
volume of the working zone :

VWZ = LgLxLz =
|rult |
|rul0 |

(Ly − 5.2σ)LxLz (1.8)

In order to check the accuracy of the former equation, VWZ has been also cal-
culated by a layer analysis at different deformation stages : the sample is divided in
bins along to y axis and an analysis is made of the local concentration (in each layer)
of grip beads, gauge length beads. This analysis leads to concentration profiles from
which it is possible to measure the gauge length : distance between the two inflexion
points (as shown in figure 1.3). This analysis, performed for several states of strain
allowed us to validate the expression of the working zone volume (equation 1.8).

Figure 1.4 compares the stress obtained from the forces on springs or from the
virial. For the values of the spring stiffness used in this work, these two measures
are exactly equivalent. In what follows, the virial stress will be used preferentially
as it is less noisy.

Figure 1.5 shows the time averaged velocity (averaged from initial to actual time)
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Figure 1.5 – Boundary driven deformation : distance between upper and lower
grips center of mass (COM) versus time. secondary axes : time averaged velocity of
upper grip COM with respect to lower grip COM and target velocity (0.00223 σ/τ).
The mean velocity is very close to the target velocity, validating thus the uniaxial
tensile technique.

of upper grip center of mass during a tensile test performed in 107 MD steps. It
gives exactly the target value of 0.00223 σ/τ . In order to compute the appropriate
temperature of any isothermal ensemble under deformation, the drawing velocity
contribution is eliminated before computing the temperature.
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Figure 1.6 – High speed (drawing velocity 5σ/τ ) tensile test : triaxial tensile test
applied to a glassy specimen by using different methods, the mechanical responses
are very different. Snapshots at a strain εyy = 1.4 show that homogenous defor-
mation (right) results in an unphysical ductile behavior compared to the localized
deformation when “grips” are used (left), which is more realistic.

1.3.3 Effect of deformation rate

In order to model as realistic tensile tests as possible, we have to ensure that
the deformation velocity is small compared to the sound velocity. The typical sound
velocity is here of the order of by

√
E′/ρ ≈ 10 σ/τ where E′ is the principal modulus.

If the velocity of the upper grip is small compared to this sound velocity, the imposed
deformation will redistribute throughout the sample nearly “instantaneously”, as the
homogenous method does.

This condition might not be valid anymore for higher deformation rates. To
illustrate this particular point, we plotted on figure 1.6 the response of the sample
submitted to (i) boundary driven deformation and, (ii) homogenous deformation
performed at a drawing velocity of 5σ/τ . It can be observed in this figure that the
mechanical behavior of the sample is completely different depending on the solici-
tation method. All the deformation is indeed, localized near the upper grip for the
boundary driven deformation method whereas it is homogeneously distributed with
the homogenous method, which is, obviously unphysical. In the following, all results
will be presented for the low deformation rate (0.00223 σ/τ), which is negligible
compared to the speed of sound.

1.4 Results : tensile tests

The aim of this section is to compare the homogeneous and boundary driven
deformation techniques presented in the previous section. Tensile tests are performed
on 12 different cubic samples at two temperatures : kBT = 0.2 ε (glassy state) and
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kBT = 0.5 ε (rubbery state) (see section 1.2). Stress-strain curves, as well as yield
stress and associated strain, are investigated.

1.4.1 Uniaxial deformation

1.4.1.1 Glassy state

The uniaxial tensile test performed on a glassy polymer specimen typically pro-
ceeds in three stages : the stress rises to a maximum which for our system is located
at a strain εyy = 0.05. In accordance with other previous studies it was found that
the total deformation is completely recovered for εyy 6 0.02 after removing the de-
formation or load constraint 2. This value can be taken as the limit of the elastic
region (at least at a mesoscopic scale, as local irreversibility is known to take place
below this value [Yoshimoto 2004, Papakonstantopoulos 2008]). The deformation
leaves some hysteresis when the sample is deformed beyond this value and relaxed.

From the elastic regime we extract a Young’s modulus E = 38.9± 0.1 ε/σ3 and
a Poisson ratio ν = 0.36±0.02, which are in good agreement with other works using
the same flexible model [Schnell 2006].

The maximum is identified with a yield stress [Rottler 2003] at σyield = 1.28 ±
0.02 ε/σ3 which marks the onset of plastic flow. The yield is followed by a smooth
decrease of the stress (strain softening), until the stress becomes essentially constant,
σflow = 1.08± 0.02 ε/σ3.

The third part of the stress strain curve is the so called "strain hardening"
regime [Lyulin 2005], associated with the debonding of the entanglement network
[Hoy 2006]. This part of the curve can be modeled by the gaussian strain hardening
expression as :

σyy = σflow +GRg(λ) (1.9)

GR is the hardening modulus, g(λ) = λ2 − 1/λ and λ = yt/y0 is the elongation in
y direction (true strain εyy = ln(λ)). The stress strain curves were plotted with εyy
and g(λ) in figure 1.7 show a nice fitting of the strain hardening regime to equation
1.9. However, as was extensively discussed in a recent work by Hoy and Robbins
[Hoy 2008], the value of the hardening modulus GR is much larger than the value
that would be expected from an elastic model of the entanglement network at this
temperature.

Figure 1.8 compares stress-strain curves resulting from homogeneous and boun-
dary driven deformations techniques. In the glassy state (kBT = 0.2 ε), the two
curves are completely superimposed. Despite removing the periodic boundaries in
the direction of traction, the boundary driven deformation technique still captures
the behavior of the polymer sample from the elastic to strain hardening domains.
Mechanical properties such as, Young’s Modulus, yield stress and strain evaluated

2. Recovery is performed by zeroing the spring forces Fu and Fl and relaxing the sample in
the anisotropic NPT ensemble for the grip method. For homogenous method only relaxation in
anisotropic NPT ensemble is required.
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from these curves are summarized in table 1.1, and show a good agreement between
two methods in all samples tested.

1.4.1.2 Rubbery state

The same procedures were applied to perform uniaxial tensile tests in the rubbery
region of our polymer model, at kBT = 0.5 ε. Compared to the glassy state, the
rubbery state has a much weaker elastic response regime. This response can be fitted
with a rubber modulus that is about two to three orders of magnitude below the
glassy modulus, and a Poisson ratio very close to 1/2, as expected from a rubber.
Strain recovery after a strain of 0.8 is about 0.18 .

As shown in figure 1.8 homogeneous and boundary driven deformation techniques
lead to the same behavior. The test has then repeated on all specimens and again
no significant differences were found.

It may seem surprising, that the boundary driven deformation technique and the
homogeneous deformation technique give such similar results. In fact periodic boun-
dary conditions were originally introduced in order to minimize boundary effects for
thermodynamic properties. Here, our results show on the one hand that the possible
shortcomings of homogeneous deformation (i.e. : an exaggerated deformation of the
intramolecular bonds) can be ignored, and on the other hand that the boundary
effects have negligible influences on the mechanical properties. This results is obtai-
ned with "grips" that have somewhat artificial properties, in the sense that they are
allowed to deform freely in the same manner as the working zone in the direction
transverse to the traction. In the following, we consider the more realistic case of a
triaxial deformation, with grips that do not follow the deformation of the sample.

1.4.2 Triaxial deformation

1.4.2.1 Glassy state

Triaxial tensile tests were also performed using boundary driven and homoge-
neous deformation techniques. The stress strain curves obtained with each method,
are plotted in figure 1.9, showing different regimes. As in uniaxial tensile tests, the
stress first rises to σyield = 4.2±0.08 ε/σ3, the elastic modulus E′ = 80.35±1.3 ε/σ3

is consistent with other previous works [Rottler 2001, Schnell 2006] and with the one
predicted from the Young’s modulus and Poisson ratio obtained in uniaxial tests,
E′p = E(1 + ν)/((1 − 2ν)(1 − ν)) = 83.5 ε/σ3. At the yield point the polymer fai-
lure starts [Sixou 2007], voids nucleate and the stress becomes localized and carried
by polymer "fibrils". After these fibrils or crazes are formed, the stress becomes
essentially a constant drawing stress σdrawing = 0.95 ± 0.05 ε/σ3. The plastic flow
proceeds at this constant stress value, with a progressive transformation of the bulk
polymer into a fibril network connected by entanglements [Rottler 2001]. When the
entire bulk is completely transformed into crazes, the stress would eventually rise
again, as the chains align in the direction of traction [Kroger 1997].
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Figure 1.9 – Stress strain curves in a triaxial tensile test for a glassy sample (kBT =

0.2 ε) (left) and rubbery specimen (kBT = 0.5 ε) (right). The inset shows a zoom in
the vicinity of yield. In both cases the agreement is remarkable between boundary
driven and homogeneous deformation techniques.The snapshots correspond to a true
strain of 1.5.

Uniaxial (results are averaged over 6 tests)
kBT = 0.5ε kBT = 0.2ε kBT = 0.01ε

Bound. dri. Homog. def. Bound. dri. Homog. def. Bound. dri. Homog. def.

Yield stress (ε/σ3) − − 1.33± 0.02 1.3± 0.03 1.8± 0.04 1.7± 0.03

Yield strain − − 0.06± 0.02 0.05± 0.01 0.06± 0.01 0.07± 0.02

Poisson ratio, ν 0.49± 0.01 0.48± 0.03 0.41± 0.01 0.4± 0.02 0.41± 0.01 0.38± 0.01

Young’s modulus E (ε/σ3) 0.19± 0.01 0.21± 0.01 39.1± 1.7 37.9± 1.7 49.1± 1.8 48.3± 1.5

Triaxial (results are averaged over 6 tests)
Yield stress (ε/σ3) 2.16± 0.03 2.14± 0.07 4.14± 0.08 4.15± 0.09 5.46± 0.01 5.40± 0.002

Yield strain 0.091± 0.005 0.091± 0.005 0.084± 0.005 0.086± 0.003 0.097± 0.001 0.094± 0.002

Elastic modulus, E’ (ε/σ3) 33.3± 2.2 32.4± 1.5 80± 1.3 79± 1.4 98.62± 0.5 97.15± 0.8

E′
p = E(1− ν)/((1− 2ν)(1 + ν)) − − 91± 11 80± 16 114± 14 98± 8

Table 1.1 – Some mechanical properties measured all stress-strain curves. Uncer-
tainties represent the variations observed for six different samples. Bound. dri. :
Boundary driven tests, Homog. def. : Homogenously deformed tests.
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Stress strain curves resulting from each deformation method are nicely super-
posed as displayed in figure 1.9. Again the agreement is essentially perfect, and the
craze development, as shown in the corresponding snapshots, proceeds in a very si-
milar manner. The small differences at the yield point are of purely statistical origin,
as they are smaller than the difference between two different samples tested with
the same method, with different widening directions.

1.4.2.2 Rubbery state

The rubbery specimen behaves in a very similar manner as the glassy specimen.
However, the high temperature favors yield at a lower stress σyield = 2.15±0.03 ε/σ3

and the drawing stress falls to σdrawing = 0.15± 0.05 ε/σ3. Despite the high tempe-
rature, the specimen exhibits the same behavior as the low temperature one. This
is due to applied triaxial stress that prevents any relaxation of stress. Thus, failure
start by crazing instead of shearing [Rottler 2001]. The two methods are compared
in figure 1.9 (at right). Once again, a nice agreement is observed.

1.5 Conclusions

Table 1.1 summarizes the elastic and yield properties obtained in this work at
various temperatures and solicitations, using the homogeneous deformation and the
boundary driven methods. In the homogeneous deformation technique, a periodic
sample is stretched by deforming the fully periodic simulation box size. In the boun-
dary deformation technique, periodicity is partially cleared and molecular "grips"
are introduced to deform the sample by moving its ends apart.

Our main conclusion is that the two techniques yield perfectly consistent results,
and that the uniaxial and triaxial tests result in a consistent determination of linear
elastic properties.

This similarity between homogeneous and boundary driven methods was not
a priori expected. In general, boundary effects are important for thermodynamic
and dynamic properties of small systems. Bulk properties can be obtained from
simulations of such systems through the use of periodic boundary conditions. Our
results show that the mechanical testing of glassy or rubbery polymer is not affected
by the presence of rigid (in triaxial tests) or "soft" (uniaxial case) grips. Both the
elastic and plastic responses are equivalent. The similarity of the plastic response
also indicates that the artificial aspect of the homogeneous deformation methods, in
which intramolecular bonds are deformed affinely at each step, does not introduce
any statistical artefact in the activated events that constitute the plastic flow.

Finite element modeling of complex materials is based on the notion of elemen-
tary representative volumes, with local mechanical properties that can be described
by stress strain curves determined at the macroscopic level. Our results show that
this notion of elementary representative volume can in fact be applied to extremely
small systems. Here the glassy polymer constrained between the molecular "grips"
behaves exactly in the same way as the "bulk" polymer represented by a sample
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with periodic boundary conditions, and could therefore be modeled using the same
constitutive equation.

Finally, we conclude that the use of non periodic boundary conditions could be
advantageous for the simulation of complex heterogeneous samples. For example,
simulating an ABC triblock copolymer in its lamellar phase requires 4 lamellae
(ABCB stacking) if periodic boundary conditions are used, while an ABC stack is
sufficient in the boundary driven case.
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2.1 Introduction

Topological constraints called entanglements are a determining factor in polymer
dynamics in both equilibrium and non equilibrium situations. Entanglement results
from the overlap between polymer molecules with high molecular weight. Since po-
lymer chains are unable to pass trough each other, entanglements restrict individual
chain motions to a curvilinear, tubelike region enclosing each chain. In this context
Doi and Edwards [Doi 1986] define the Primitive Path (PP) as the shortest path
between the endpoints of the original chain into which its contour can be contracted
without crossing any obstacle.

Various algorithms have been developed in order to explicit the primitive paths
of coarse grained polymer chains and to identify the entanglement length. The aim
of these algorithms is to reduce the polymer chains simultaneously to their primi-
tive paths by minimizing the bond energy [Sukumaran 2005] or the contour length
[Kroger 2005, Tzoumanekas 2006] of chains with frozen ends. An analytical expres-
sion for the PP of random walks with randomly positioned entanglements has also
been recently proposed by Khaliullin and Schieber [Khaliullin 2008].

The entanglement length is an important ingredient for evaluating some rheolo-
gical properties such as the strain hardening modulus [Hoy 2006] and plateau modu-
lus [Kremer 2005]. Under tensile strain conditions, entanglements behave as physical
cross-links that strengthen the mechanical properties of polymer [Riggleman 2009].
But, it is not yet clear how these entanglements evolve under deformation, especially
in the uniaxial tensile strain where the strain hardening is expected to depend on
the entanglement state.

In this chapter, we present direct observations of the effect of tensile strain on
the entanglement network of a glassy polymer model. An energetic version of the
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primitive path algorithm was used in deformed polymer samples. In section A.2,
we present the model and the tensile conditions, section 2.3 details the method to
extract the entanglement length. The results are discussed in the last section.

2.2 Model and Method

The samples that are used in this chapter were provided by the tensile tests
performed in chapter 1. Only glassy samples deformed by the homogenous method
(uniaxial and triaxial) are considered here. The deformed configuration has been
regularly extracted along the deformation trajectory. The storage frequency was
chosen to be higher in the elastic part of the constitutive law to better describe this
relatively short stage.

2.2.1 Identification method

In order to reduce our polymeric configurations to their primitive paths, the
Primitive Path Algorithm (PPA) is performed as in ref [Sukumaran 2005]. The
procedure is nearly identical to that of ref [Hoy 2005]. All chain ends are frozen
in the space. The bonded interaction FENE potential is switched to a harmonic
potential with a higher stiffness.

UHarm(r) = −0.5Khar(r − r0)2 (2.1)

Khar = 500ε is the bond stiffness, r0 is the bond length at equilibrium state.
The intra-chain LJ interactions are disabled, while the inter-chain interactions are
maintained to prevent chains from crossing each other. The system temperature is
reduced to a very low value kBT = 0.001ε in order to damp the thermal fluctuations
or any parasite vibrations resulting from the changes in FENE bond properties. The
equation of motion is integrated and the equilibrium bond length r0 is continuously
shifted to zero (figure 2.1.a).

As a consequence, the polymeric chains minimize their lengths between their
fixed ends as the “covalent” bonds contract homogeneously. After the convergence of
the procedure (The convergence criterion described in the next section), the resulting
chains are tautened between their ends. If no other chains intercept the trajectory,
the chain are straight linear between their two frozen ends (first row of figure 2.2).

With this protocol, intra-chain knots are eliminated. Intra-chains knots can be
conserved by keeping the intra-chain LJ potential active. As the bonds reduce their
equilibrium lengths in the PPA, the intra-chain LJ minimum has to be reduced to
a value close to the r0 minimum but slightly superior (see figure 2.1).

This version of PPA was applied to a single artificial chain forming a conven-
tional “overhand knot”. On second row of figure 2.2, it can be observed that
the intra-chain knot is retained even after the convergence of the PPA. Sukuma-
ran [Sukumaran 2005] and Hoy [Hoy 2005] have demonstrated that the number of
“self entanglements” is negligible for the systems considered here. Therefore, only
the first version is used for PPA in the rest of this chapter.
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Figure 2.1 – (a) Harmonic potential applied to describe the bonded interaction in
the PPA (first version : used in the present work). As the bond length decreases
continuously, polymer chains will be pulled taut between two ends. (b) Harmonic
and LJ potentials applied simultaneously to describe the bonded and non-bonded
intra-chain interactions in PPA (alternative second version : not used in the present
work). The difference between the energy minima prevents the chain self-crossing.

Figure 2.2 – PPA applied to a single chain forming a conventional “overhand knot”.
The top row shows the evolution of the configuration in which any knot involving a
single chain is forbidden (first version of the algorithm). The formation of intra-chain
knot is allowed with the second PPA, as it shown in the bottom row.
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Figure 2.3 – (a) Bond autocorrelation function for an equilibrated polymer sample
subjected to PP algorithm. (b) Bond auto correlation function after the PPA.

2.2.2 Entanglement length

The most commonly used method [Hoy 2005] for evaluating the entanglement
length Ne after PPA is given by the following equation :

Ne =
〈R2

ee〉
(M − 1)〈bpp〉2

(2.2)

Ree is the end to end distance,M in the molar mass, bpp is the bond length after
PPA. (M − 1)〈bpp〉2 is the mean square contour length of chains. This equation is
valid only if the primitive path strand is a Gaussian random walk. This assumption
cannot be retained when chains become out of equilibrium (as in the tensile test,
and for lamellar copolymers).

An alternative method is used to quantify the entanglement length from the
chains conformations. The bond autocorrelation function was employed to get the
entanglement length. In bulk polymeric systems, this function is usually used to
evaluate the persistence length of infinite chain, as it done below :

Lp =
1

b0

〈
M∑
j>i

bi · bi+j

〉
=

1

Mb0

M∑
i=0

M∑
j>i

bi · bi+j (2.3)

Where bi is the bond vector order i, b0 is the mean bond length b0 = 〈bi〉, andM
is the molar mass (200 in our case). The normalized Bond Autocorrelation Function
(BACF) fj is given by the following equation :

fj =
〈bi · bi+j〉

b20
(2.4)

The evolution of fj for a configuration under PPA is plotted in figure 2.3.a. As
the PPA is progressing, the evolution of the BACF exhibits a threshold at NMD =

5 × 105 MD steps, whereafter the curves remain stable. This behavior illustrates
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Figure 2.4 – Snapshot of polymer chains before and after PPA.

the convergence of the chain shapes to their primitive paths (shown in figure 2.4).
Figure 4.b shows the BACF after PPA of the initial undeformed configuration. This
function can be accurately fitted by the following exponential function :

Y (x) = exp(−x/τ) (2.5)

Where τ is the fit parameter.
From equations 2.3 and 2.4 one can deduce :

Lp = b0 ×
∑
j

fj (2.6)

by using the exponential function of equation 2.5, Lp can be expressed as :

Lp = b0

∫ M

0
Y (x)dx = b0

∫ M

0
exp(−x/τ)dx ≈ τb0 (2.7)

In the case of Gaussian primitive path chain with random walks :

Ne = Lk = 2Lp − b0 = b0(2τ − 1) (2.8)

Lk is the Kuhn length that defines the path length of the random walk (entanglement
length in PP configuration). The resulting value of τ that emerges from figure 2.3.b
is 41. The corresponding entanglement length is 76.8, thus the PP is broken into
3 to 4 independent strands which is consistent with other works [Sukumaran 2005,
Hoy 2005, Schnell 2006].
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Figure 2.5 – Stress (dashed lines) and primitive path persistence length (points)
evolutions for a glassy polymer submitted to uniaxial and triaxial load. Chain di-
sentanglement is more pronounced in uniaxial loading where chains tend to align in
the loading direction.

2.3 Evolution of entanglement length in tensile strain
tests

The mechanical behavior of entangled polymers has been extensively described
in previous works (see for example [Schnell 2006, Rottler 2003, Foteinopoulou 2006,
Makke 2009]). In uniaxial tensile load (dashed red curve in figure 2.5) three main
regimes can be distinguished for our systems : elastic, yielding and strain hardening
regimes.

The elastic regime was usually correlated to small shifts of beads from their
equilibrium low energy positions.

The yield point limits the linear viscoelastic regime at strain of εyy = 0.05, where
the plastic flow begins. The third part of the stress-strain curve is the strain harde-
ning regime, where the stress rises again with strain. This trend is due to the forced
orientation in the conformation of chains and the rate of plastic rearrangements
[Hoy 2006, Hoy 2008].

As in uniaxial condition, triaxial loading leads to distinct regimes (dashed blue
curve in figure 2.5). The stress first rises to σyy = 4.2 ε/σ3 where voids nucleate.
After cavitation, the stress drops to σyy = 0.95 ε/σ3, since a part of the stored
elastic energy will be converted to a free surface energy of the cavity surface. The
stress remains constant in the drawing regime, where the polymer bulk becomes
progressively a fibril network.

The evolution of entanglement length (Ne) was measured indirectly by the per-
sistence length (LPPp ) calculated via the equation 2.7 for the primitive path confi-
guration of deformed samples. Figure 2.5 shows the evolution 〈LPPp 〉 plotted against
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Figure 2.6 – Visualization of deformed samples and their corresponding primitive
path at strain εyy = 1. Snapshots of uniaxial (triaxial) tensile is showing at left
(right).

the stress-strain curve for both uniaxial and triaxial conditions. The entanglement
density is fairly constant at low strain (elastic regime and strain softening). Chain
disentanglement becomes significant in strain hardening (uniaxial) or in drawing
regime (triaxial). In the following these evolutions will be discussed.

In uniaxial tensile conditions, the entire sample undergoes homogeneous defor-
mation. The new chain conformation is subjected to the plastic flow that promotes
the inter-chain sliding events and then disentanglement.

In our simulations, as in experiments, the strain hardening regime is well fitted
by the Gaussian strain hardening equation :

σyy = σflow +GRg(λ) (2.9)

GR is the hardening modulus, g(λ) = λ2−1/λ and λ = yt/y0 is the elongation in the
tensile direction. The fitted values are σflow = 1.08 and GR = 0.13 (see chapter 1,
figure 1.7).

This equation has been, for a long time, interpreted as resulting from an entropic
network model. The glassy polymer is then treated as a cross-linked rubber, the
number of monomers between cross-links being equal to the entanglement length
Ne.

Despite the success of this Gaussian model in describing experimental and si-
mulation data, there are serious difficulties and inconsistencies with its theoretical
motivation. The functional form arises from an entropic network model and reflects
the entropic free energy penalty from stretching the network. While such arguments
are well justified for rubbery polymer melts, it is not clear how polymer chains in
the glassy state can sample configurations sufficiently fast for entropy to contribute
significantly to the overall stress [Rottler 2009]. In entropic models, the hardening
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Figure 2.7 – (a) shows the distribution of angles between bonds and tensile di-
rection y while the right plot (b) shows the distribution of angles between two
subsequent bonds. Both plots were taken at strain εyy = 1.5

modulus GR is predicted to vary linearly with temperature and entanglement den-
sity ρe and GR = ρekBT .

In contrast to this prediction, the fitted value of the strain hardening modulus
GR seems to be constant, while the entanglement density decreases progressively in
the strain hardening regime.

An interpretation of this behavior was provided by Hoy and Robbins [Hoy 2007,
Hoy 2008] who demonstrated that the strain hardening, at low strain, is directly
related to the rate of plastic rearrangements (breaking and reformation of non spe-
cific bonds). This process allows one to interpret also the strain hardening behavior
observed in unentangled glassy polymeric systems (where the chain length is less
than the entanglement length). A similar interpretation was given by Vorselaars et
al [Vorselaars 2009], who highlight a rise in the rate of nonaffine monomer displace-
ments in the strain hardening regime of an atomistic model of glassy polycarbonate
.

The role of the entanglement in strain hardening process becomes relevant only
at relatively high strain, when the chains become well tautened between the entan-
glements and the strong bonds (FENE) are stretched [Hoy 2008].

Figure 2.7.a shows the orientation of bonds with respect to the tensile direction
y for deformed polymer samples at (εyy = 1.5). The major part of bond orientations
is located at low angles.

Furthermore, the distribution of angles between subsequent bonds is also plotted
in figure 2.7.b. Before deformation, two peaks are distinguished at angles 70◦ and
120◦. These preferential angles arise from the geometrical restrictions imposed by
the inter-atomic potential (bond length and radius of the excluded volume). In the
deformed configuration, a third peak rises at the vicinity of 175◦, as the chains
converge to a straight conformation. Both plots in figure 2.7 show the change of
chain conformation, that increases the rate of disentanglement under tensile strain
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conditions.
In triaxial tensile tests, the applied deformation becomes localized after cavita-

tion. As the deformation increases, the polymer bulk will be progressively converted
into a “fibril” at constant stress. Strain hardening is not observed in this regime while
entangled bulk material remains between the “fibril”. As it described by figure2.6.c
only chains that form fibrils are preferentially oriented in the tensile direction. The
rest of the chains conserves bulk random walk conformations. The increase in the
average entanglement length results from the progressive conversion of the material
from bulk to oriented fibrils.

Figure 2.6.d shows long segments of primitive path in the fibril zone. Therefore,
the chain disentanglement is also localized and it seems to be in correlation with the
development of crazing. (figure 2.5). The chain disentanglement is more pronounced
in uniaxial conditions compared to triaxial ones. This behavior is expected because
in the uniaxial conditions, the tensile strain is homogeneously distributed in the
sample, which is not the case for triaxial tests, where the deformation is localized
in the crazes after cavitation.

2.4 Conclusion

Primitive path analysis were carried out for a glassy polymer system under tensile
strain conditions. Bond autocorrelation function is used to evaluate the entangle-
ment length of the primitive path configurations. Two different loading conditions
were considered : uniaxial and triaxial. There is no relevant change of entanglement
length in the elastic regime in both tests.

In uniaxial tensile test, chain disentanglement occurs in parallel with the growth
of stress in the strain hardening regime. In contrast to entropic network model,
the results reveals that the strain hardening slope is not affected by the increase
of entanglement length. This behavior was interpreted by the fact that the strain
hardening, at small strain, results fundamentally from the increase in plastic defor-
mation with strain and is not directly related to the entanglement density ρe, as
described by Hoy and Robbins.

The evolution of chain conformations under tensile strain was inspected. In uni-
axial tensile conditions the chains become oriented in the tensile direction. The
reorientation of the chains is accompanied by chain sliding that favors an increase
in the entanglement length.

In the triaxial tensile test, the increase of entanglement length is strongly related
to the formation of fibrils after cavitation. In the drawing regime, we find that large
entanglement lengths are localized in the fibrils, where the chains are more orien-
ted in the tensile direction. However the progressive increase of the entanglement
length can not be assigned to the disentanglement of the fibril but instead to the
continuous change of chain configuration from the bulk Gaussian configuration to
directed crazes.
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This chapter essentially reproduces the manuscript "Predictors of cavitation in glassy polymers under

tensile strain : a coarse grained molecular dynamics investigation" realized in collaboration with prof. Jörg

Rottler and submitted to "Macromolecular theory and simulation".

3.1 Introduction

Under hydrostatic stress conditions, failure of amorphous polymers occurs
through cavitation, often followed by crazing, i.e. the formation of interpenetra-
ting micro-voids [Perez 1998]. Similarly, the plastic deformation of semi-crystalline
polymers is strongly correlated to the nucleation of cavities in the amorphous re-
gion [Humbert 2010]. Although essential to control deformation and failure of many
organic materials, cavitation in glassy polymers under load is poorly understood.
To our knowledge, the microstructural causes, or the precursors of cavitation at a
microscopic scale, are not clearly identified. Although it is known that impurities
or surface defects aid the nucleation of cavities [Herrmann 2002, Argon 1977], it is
presently not possible to predict where cavitation will take place in the polymer.

Classical nucleation theory, where elastic energy is balanced by the creation of
free surface, was used by Argon to model the cavitation nucleation [Argon 1977].
Estevez et al. investigated the fracture toughness in glassy polymers using mecha-
nical approaches with empirical constitutive equations to describe the competition
between shear yielding and crazing [Estevez 2000]. They noted that the development
of crazes is favored by a fast local deformation.
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According to Gent [Gent 1970], crazing in glassy plastics can be attributed to a
local stress-activated devitrification. It is generally agreed that large triaxial tensile
stresses are needed to induce cavitation, which forms the basis of several macrosco-
pic craze initiation and cavitation criteria [Sternstein 1969, Bowden 1973]. Molecular
dynamics simulations of polymer glasses also found a transition from shear yielding,
which obeys a pressure-modified von Mises yield criterion [Rottler 2001], to cavita-
tion as the hydrostatic pressure becomes negative, but have not yet investigated the
connection between cavitation and local microstructural configuration. More recent
simulations explored correlations between the location of failure, higher mobility
regions and a higher chain ends density [Sixou 2007] acting then as local defects,
or a local, stress-induced disentanglement of chains [Mahajan 2010]. In the latter
work a primitive path algorithm was used to monitor the entanglement network in
a sample undergoing triaxial deformation, and it was found that regions undergoing
crazing were also depleted in terms of entanglements.

The local mechanical properties are a determining factor to understand the res-
ponse of systems under strain. Yoshimoto et al. [Yoshimoto 2005, Yoshimoto 2004]
have calculated the local elastic modulus in a coarse grained polymer glass using
a thermodynamic approach based on stress fluctuation . They found that po-
lymers are mechanically heterogenous at local scale. Papakostantopoulos et al.
[Papakonstantopoulos 2008] have studied the earliest local plastic events observed
in the elastic regime of polymer glass. They found that these irreversible events
take place in domains that exhibit a low positive elastic modulus. Analogous results
were obtained by Tsamados et al. on Lennard-Jones glasses submitted to a quasista-
tic shear strain[Tsamados 2009]. They found a correlation between high nonaffine
displacements and local low elastic modulus.

It is unclear, however, if these criteria can be used in a predictive manner, in
the sense that the cavitation event could be predicted from the configuration of an
unstrained system.

In this paper, we will therefore investigate the correlation between the micro-
structure of a homopolymer at the segmental level and the nucleation of cavities,
in an attempt to find a microstructural predictor of such events. Section 3.2 will
present the methodology and will demonstrate that the non-affine particle displace-
ment (NAD) is a particularly suitable tool for characterizing and locating cavities.
Section 3.3 will be devoted to the investigation of possible causes of cavitation,
namely (i) local excess of free volume, (ii) local excess of atomic stress, (iii) local
density of beads and chain ends, and (iv) local bulk modulus. We will show that
while (i)-(iii) bear little correlation to the NAD, the local bulk modulus (iv) has a
much better potential to predict the cavitation event.
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Figure 3.1 – (a) Stress-strain curve of a glassy polymer at T = 0.2 during a
triaxial tensile test. A peak in the mean square non-affine displacement is observed
simultaneously with the drop of the stress due to cavitation. Markers 1, 2, 3 and
4 indicate the selected configurations for which distributions of NAD are plotted
in (b). These distributions show an exponential tail for configuration 4, due to the
large amplitude motions caused by cavitation. (c) Representation of the NAD in a
cross-section of the sample containing the cavity, for configuration 4.

3.2 Methods

3.2.1 Molecular dynamics simulations

Molecular dynamics (MD) simulations were carried out for a well established
coarse-grained model, in which the polymer is treated as a linear chain of N beads of
mass m, which we refer to as monomers, connected by stiff anharmonic springs that
prevent chain crossing and breaking [Kremer 1990]. The beads interact through a
conventional 6-12 Lennard-Jones potential that is truncated at 2.5 times the particle
diameter (The tiny discontinuity of the force at the cutoff distance, less than 1% of
the maximal attractive part, has no consequence). All quantities will be reported in
units of the Lennard-Jones length scale σ and energy scale ε, and the characteristic
time is τLJ =

√
mσ2/ε. Newton’s equations of motion are integrated with the

velocity Verlet method and a time step ∆t = 0.006. Periodic simulation cells of initial
size Lx(0) = Ly(0) = Lz(0) = 34.2 containingM = 215 chains of sizeN = 200 beads
were used with a Nosé-Hoover thermostat, i.e. in the NVT ensemble. All samples
were generated using the “radical-like” polymerization method [Perez 2008]. The
polymerization starts from a Lennard-Jones liquid, where 215 beads are chosen
randomly to behave as “radical” sites. Each radical bead is allowed to connect to a
free and nearest neighbor with a strong covalent bond. The radical sites are then
transferred to the new connected beads, allowing thus the growth of all chains.
If no monomers are near the radical, no FENE bond is created. Another attempt
will be performed at the next growth stage. Between two growth stages, the entire
system is relaxed during 100 MD steps. The polymerization propagates until all
chains reach their target length of 200 beads. When the generation is terminated,
residual single beads are removed and the system is relaxed for 107 MD steps in
NPT ensemble at T = 1 and P = 0 to reach an equilibrium state. The equilibration
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leads to a “mean square internal distance” very close to the function given by Auhl
et al. [Auhl 2003]. The polymer is then rapidly quenched into the glassy state at
a temperature T = 0.2 in NPT ensemble (cooling rate : 1ε per 106 MD steps).
The glass transition temperature is Tg = 0.43 1. The pressure remains zero and the
sample density reaches 1.04 before applying the deformation.

Triaxial tensile test conditions were employed [Makke 2009]. The samples were
subjected to a sequence of deformation-relaxation steps, composed of (i) a rescaling
of the simulation box in the tensile direction (y in our case so that the true strain
εyy(t) = ln(Ly(t)/Ly(0)), whereas the two other dimensions remain unchanged,
followed by (ii) an MD step in the NVT ensemble. The deformation rate was chosen
to be L̇y = 0.0025, so that the initial strain rate is ε̇yy(0) = 7.3 × 10−5. Over the
range of strain investigated, the true strain rate remains essentially constant. Note
that the applied deformation trajectory leads to a high level of triaxiality, which
is the basic ingredient for cavitation. As the deformation proceeds, configurations
were recorded along the trajectory in order to analyze their microstructure.

3.2.2 Non-affine displacement : a tool for characterizing cavitation

The mechanical behavior of our glassy polymers under triaxial tensile conditions
is illustrated in Figure 3.1(a). Three main regimes can be distinguished : (i) elastic,
(ii) viscoelastic, and (ii) drawing regime, which occurs at constant stress. In the
elastic regime, the increase of deformation will slightly shift the bead positions from
their local energy minima, resulting in reversible behavior. This regime is limited to
a very low strain 0.001 as demonstrated by Schnell [Schnell 2006]. In the viscoelastic
regime, stress is relaxed by inter-chain sliding. This stage is limited by a strong drop
of stress. When a critical deformation is reached, cavities will nucleate and then part
of the stored elastic energy is released as free surfaces open up. Note that the strain
hardening regime is not shown in Figure 3.1(a), since it occurs at larger strains when
the entanglement network of chains and fibrils becomes stretched [Rottler 2001].

The detection of cavity nucleation could be performed visually on snapshots
that are regularly stored during the course of the tensile test. However, small ca-
vities in a three dimensional sample can be delicate to observe. Therefore, a more
versatile indicator is needed. The non-affine displacement (NAD) is the perfect can-
didate for such observation and has been successfully used to monitor local plastic
activity in 2D amorphous Lennard-Jones packings under athermal quasistatic de-
formation [Tsamados 2010]. Note that NAD fluctuations can not find their origin in
the thermal motion of atoms since, in the framework of this paper, specimens are
maintained well below their glass transition temperature (T = 0.2 < Tg = 0.43).
Moreover, the NAD can be used as a routine tool and it starts to increase locally,
in the early stages of cavity nucleation, even before the cavity could be observed
visually on a snapshot of the sample.

The non-affine displacement (uina) is defined as the difference between the mean

1. Tg has been determined by the slope change observed when the sample volume is plotted
with respect to the temperature during cooling from T = 1 to T = 0.0001 under the NPT ensemble
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Figure 3.2 – Voronoi volume distributions of configurations extracted over the
deformation trajectory. Cavitation can be clearly seen in the tail of distribution.
After cavitation, the distribution reverts to a narrower shape.

displacement of a bead i during time δt (ri(t+δt)−ri(t)), and the mean displacement
it would experience if the deformation were perfectly affine, i.e homogeneous at all
scales,

uina(t) = ri(t+ δt)− ri(t)− ε̇yy(t)δt riy(t)ey, (3.1)

where ri(t) is the position of bead i at time t, riy(t) is the projection of this position
along along the y axis and δt is the time elapsed between two configurations where
the NAD is evaluated (typically 30τ).

In Figure 3.1(a), the cavity nucleates at εyy = 0.09. At the same strain, the
NAD exhibits a peak. Beads that exhibit the largest NAD are those which belong
to the surface of the cavity (see Figure 3.1(c)). Figure 3.1(b) shows the evolution
of the NAD distribution for several deformations. Before cavitation, increasing the
deformation shifts the distribution tail to larger NAD until the very moment at
which the growth of a cavity occurs, which is associated with very large values of
NAD (see Figure 3.1(c)). A threshold for NAD magnitude has been defined : if
|uina| > 1.5σ at the yielding point, the bead i is said to belong to the cavity surface.
This threshold is used to identify the “cavity beads” in order to follow some of
their local properties. The position of the cavity is defined as the centre of mass of
these “cavity beads”. After cavitation, the distribution returns to a narrower shape.
Note that the NAD distribution broadens even before the stress drop in the stress-
strain curve, due to the nucleation of the cavity. In the following sections, NAD
will be used as a quantitative tool for investigating the possible correlations with
other microstructural or mechanical properties, such as Voronoi volume, hydrostatic
stress, local density and local moduli.
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3.3 Microstructural causes and precursors of cavitation

In this section, we will attempt to correlate NAD fluctuations with some local
properties measured at the scale of a single “atom” ( Voronoi volume and stress per
atom), and properties averaged on the scale of a few particle diameters (chain end
density and bulk modulus).

3.3.1 Voronoï volume fluctuations

The concept of free volume has been extensively used to explain many specific
properties of supercooled liquids and glasses. Free volume is defined as the volume
in excess compared to an ideal disordered atomic configuration of maximum density.
One of the simplest way to compute free volume on a local scale (and to avoid the
ambiguity of the above definition) is the Voronoi tessellation, which uniquely assigns
a polygonal volume to each bead, formed by intersecting the planes bisecting the
lines between different bead centres. In order to determine whether local fluctuations
of free volume (or Voronoi volume) favour the nucleation of a cavity, we used the
voro++ routine to calculate the volume associated to each bead 2.

Voronoi volume and deformation level. Figure 3.2 shows the effect of the
deformation on the Voronoi volume distribution. Increasing the deformation will
increase almost homogeneously the free volume until cavitation takes place. Du-
ring and after cavitation, the Voronoi volume distribution exhibits a significant tail
representing the beads belonging to cavity walls. Note that after cavitation, the dis-
tribution relaxes to a narrower shape. Therefore, the cavitation process can be seen
as an event, which localizes or precipitates the excess of free volume introduced by
deformation.

Voronoi volume and beads functionality. Figure 3.3 compares the mean Voro-
noi volume evolution of both regular beads and chain ends. It can be seen that chain
ends exhibit a larger Voronoi volume, which is not surprising since, by construction,
covalent and Lennard-Jones bonds have their energy minimum at 0.9σ and 1.12σ,
respectively. Note that when cavitation occurs, the mean Voronoi volume of chain
ends becomes very noisy due to statistical limitations. The insets of Figure 3.3 show
that the Voronoi volume distributions have a Gaussian shape, which shows the pre-
sence of low Voronoi volumes (much lower than the volume of an ideal disordered
configuration). This calls into question the very concept of free volume, which is
defined as that part of the atomic volume that can be redistributed throughout the
system without change in energy [Turnbull 1961, Turnbull 1970], i.e. the volume of
an ideal disordered configuration. These points of extremely low volume could be
related to the constriction points introduced by Stachurski [Stachurski 2003] and,

2. See http://math.lbl.gov/voro++/ and ref. [Rycroft 2006], where a very early version of
this code was used.
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Figure 3.3 – Evolution of the mean Voronoi volume of chain ends and other beads.
Inset : Voronoi volume distributions during the course of deformation. No correlation
can be observed between chain ends and Voronoi volume variation during tensile test.

to a larger extent, to the quasi-point defects of Perez [Perez 1998], which represent
points of high fluctuation of free energy.

Voronoi volume and non-affine displacement. Within the free volume ap-
proach, deformation induced relaxations are supposed to be correlated with the
available free volume. Zones of larger free volume will therefore deform, changing
the potential energy landscape and providing more free volume to zones of initially
larger free volume. This explanation is often proposed to describe the formation of
mechanical instabilities such as cavitation or shear bands. Motivated by these ideas,
the search for a relationship between the magnitude of the NAD and the Voronoi
volume becomes relevant.

Figure 3.4 shows a scatter plot obtained during deformation, where the ma-
gnitude of the NAD and the Voronoi volume were taken as variables. This scatter
plot does not show a clear tendency for a correlation between NAD and Voronoi
volume. Free volume represents the potential space for motion but it can not be
seen as being a causal factor of the NAD and cavitation. The “cavity cluster” beads
are also shown in this plot. In both cases, the points are distributed randomly and
no noticeable trend was found, except during cavitation, where these beads exhibit
larger NAD and slightly larger Voronoi volume. This analysis (not shown in this
paper) was performed for several other temperatures (T = 0.01 and T = 0.1) and
no correlation was found under these conditions either. Note that before cavitation,
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Figure 3.4 – (Color online) NAD magnitude of beads plotted against their Voronoi
volume at several strains ε=0, 0.03, 0.06 and 0.09 (cavitation). Arrows describe
the higher density value of each variable. No correlation was found between these
variables for all strains. “Cavity cluster beads” are marked by the symbol ◦ : no
remarkable trend can be distinguished, except during cavitation, where they exhibit
larger NAD and slightly larger Voronoi volume.

the magnitude of NAD remains much less than inter-atomic distance (σ), in other
words, the deformation is purely affine.

3.3.2 Stress fluctuations

The local stress on any given bead can be obtained by dividing the classical
expression of the virial stress by the Voronoi volume Vm of atom m [MacNeill 2010],

σmij = − 1

2Vm

mmv
m
i v

m
j +

∑
n6=m

rmni .fmnj

 , (3.2)

where vmi is the velocity ith component of atom m ; fmni and rmni are the ith
component of force and distance between two interacting atoms m and n, respecti-
vely. The first term of this equation represent the kinetic contribution and the second
one is the Cauchy stress. The hydrostatic stress Shyd was calculated by computing
the trace of the stress tensor, Shyd = −(σ11 + σ22 + σ33)/3

Figure 3.5 compares the distributions of hydrostatic stresses at several strains du-
ring deformation. In the initial undeformed configuration, the distribution shows an
exponential tail towards negative values. As the deformation increases, the negative
values of the hydrostatic stress are progressively relaxed, so that the distribution
narrows and becomes more symmetrical just before cavitation takes place. These
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Figure 3.5 – Distribution of hydrostatic stress at different deformation levels. The
distribution narrows until the cavity opens, then broadens again.

results are consistent with those of ref [MacNeill 2010]. After the cavitation has oc-
curred, large negative values of the stress are again obtained, since the average free
space is decreased as shown previously in Figure 3.2.

In order to investigate the correlation between NAD and the atomic hydrostatic
stress, a scatter plot of these quantities is displayed in Figure 3.6. Apparently, there is
no direct trend for a correlation between NAD and the hydrostatic stress at the scale
of individual beads. The hydrostatic stress was also evaluated by considering each
contribution separately (pair, bonded) at several strains, and again no correlations
were found. When specific beads (chain ends and cavity cluster) values are selected
in these scatter plots, the corresponding points appear to be a randomly chosen
subset of the total sample. This absence of correlation may appear surprising, as
the presence of a high local stress is often expected to result in plastic deformation.
Note however that this result is consistent with a recent study [MacNeill 2010] which
showed no correlation between atomic stresses and shear yielding in polymers. In
an analogous way, a previous study on sheared glasses [Tsamados 2008] also failed
to find a direct correlation between local stresses and the relevant local plastic
deformation (shear transformations in that case).

It may be, however, that a more coarse grained characterization is necessary to
identify such correlations, and that the cavitation events are the result of a local
heterogeneity that extends beyond the scale of individual beads. In order to assess
this hypothesis, we describe briefly in the next section studies performed on density
fields defined at a more coarse grained scale.
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Figure 3.6 – (Color online) Scatter plot of the non affine displacement against
hydrostatic stress shown at the same deformation as in Figure 3.4. No clear trend
for a correlation can be established. The values corresponding to the beads that
surround the cavity labeled by the symbol ◦ are randomly dispersed, thus preventing
one to identify any specific correlation for these beads.

3.3.3 Coarse grained densities

The opening of a cavity under strain can be seen as a collective event, that
involves at least those atoms that will form the cavity “skin” at the end of the process.
The corresponding mechanical instability may therefore be the result of some density
anomaly that extends over a region larger than a single atom size or Voronoi cell.
We therefore have also explored the properties of our polymer system on such a
coarse grained scale by defining continuous fields from the atomic positions. Various
possibilities are available for such a coarse graining procedure [Goldhirsch 2002,
Tsamados 2009, Detcheverry 2010] ; here we choose the simplest one, which consists
in computing the densities on a regular grid by assigning to each grid node the
atoms that belong to a fixed “voxel” volume around this node. The voxel size is
taken in the range 5σ to 7σ, which was shown in similar studies [Wittmer 2002,
MacNeill 2010, Papakonstantopoulos 2008] to permit a good description in terms of
continuous fields (with about 120 monomers per voxel) while preserving the locality
and possible spatial heterogeneity of the variables under consideration.

We have attempted to coarse grain and to correlate with the appearance of
cavities two of the densities examined previously at the atomic level, namely the
density of chain ends and the density of monomers. The local density field is defined
as :

ρi =
ni∑
j V

j
i

(3.3)
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Figure 3.7 – (Color online) Evolution of mean local density calculated within cubic
bins of size 5× 5× 5 σ3. The average of the overall voxels (dashed line) is compared
with the average of voxels that are associated with the cavity cluster beads (solid
line). Symbols (-) denote the upper and lower values for each curve. The spatial
distribution of local density taken at ε = 0.08 is shown in (b) and the corresponding
map of chain end density in (c). The arrows describe the non affine displacement of
the “cavity cluster beads”. The dark spots identify the low density vicinities (b) and
the high chain end density (c).

where ni is the number of beads within a voxel i, and Vji is the Voronoi volume of
the bead j that is included in the voxel i. Figure 3.7(a) shows the evolution of this
local density with strain, and compares the average value with the value observed
in the vicinity of the cavity.

These data show that the local density in the vicinity of the cavity follows the
mean value until a deformation of ε = 0.06. Although cavitation does not occur until
ε = 0.09, the local volume begins to decrease earlier (see inset). This observed trend
can be interpreted by the fact that cavitation starts earlier than the drop of stress in
the stress-strain-curve. This “pre-cavitation” behavior can be interpreted as resulting
from a dynamical equilibrium between the elastic energy and the free surface energy
of cavity with relatively small radius. This situation remains stable until the cavity
reaches a critical radius (roughly estimated 2σ), beyond which the size of the cavity
increases rapidly. The spatial distribution of the local density at ε = 0.08, just before
the opening the cavity is shown in part (b) of Figure 3.7. The lowest density spots
are far from the expected position of the cavity, but a low density can be noticed
in the cavity vicinity. In general, we have checked that a systematic decrease in
density prior to cavitation is specific of the points that are located in the vicinity
of the emerging cavity. Other points may display fluctuations in their values of the
density, but these fluctuations remain uncorrelated with cavitation events. After
the cavity nucleation, the low density regions that did not form cavities release their
excess free volume introduced by the triaxial deformation condition. Therefore the
local density of such regions return to values similar to regions that are not involved
in the cavitation. In conclusion, local loss of density should be seen rather as a
consequence than as a cause of cavity nucleation.

As was mentioned above (in section 3.3.1), the free volume was found to be
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correlated with the bead connectivity. Chain ends exhibit a higher Voronoi volume
compared to other monomers, and a lower density of beads could be expected where
a higher density of chain ends is present. We therefore define a local density of chain
ends ρC.E. as

ρC.E.i =
nC.E.i

Vi
, (3.4)

where nC.E.i is the number of chain ends within a voxel i, and Vi is the volume
of the voxel. Figure 3.7(c) shows that, at this level of coarse graining, the spatial
distribution of chain ends is uncorrelated with the local density of beads and also
with the cavity position. This indicates that the modification of the packing density
by the presence chain ends is insignificant. Summarizing, the coarse grained density
of beads exhibits a limited success as a predictor for cavity formation, as its evolution
can be correlated with the formation of a cavity only shortly before the event actually
takes place. The coarse grained density of chain ends, on the other hand, does not
correlate well with the total density or with cavitation.

3.3.4 Local mechanical properties

Our last attempt to identify a microstructural predictor for cavitation events
is inspired by previous work on simple glassy systems under shear deformation,
in which a low value of the shear moduli was identified as a good indicator for
the occurrence of the relevant local plastic events, shear transformation zones
[Tsamados 2009, Papakonstantopoulos 2008]. Here the relevant events involve a lo-
cal dilatation of the material which eventually gives rise to a cavity, and points to
the local bulk modulus as a possible predictor.

Local heterogeneity in the elastic properties of glasses is now a well documen-
ted feature, with a number of studies having shown that the moduli defined at
intermediate scales (of the order of 10 atomic sizes) are those of an isotropic but
heterogeneous material. At such scales, a typical glassy sample can be described as
a consisting of coexisting “hard” and “soft” regions. This behavior is independent
of the precise method which is used to define the coarse grained elastic constant,
which may involve either the use of statistical mechanical formulae at a local scale
[Yoshimoto 2004, Papakonstantopoulos 2008], or exploiting the linear relationship
between coarse grained stress and strain field [Tsamados 2009]. Here we present
results for the local bulk modulus obtained from a third approach, originally in-
troduced by P. Sollich et. al. [Sollich 2009], which has the advantage of being
easily implemented at a reduced computational cost. The method can be sum-
marized as follows : one first defines a coarse graining volume as a fictive shape
that encapsulates a number of beads. The shape was chosen spherical in order to
reduce any potential boundary effects, and the radius equal to 3.5 particle dia-
meters, consistent with the typical coarse graining scales used in other methods
[Tsamados 2009, Papakonstantopoulos 2008]. The entire sample is then deformed
affinely (in this case using a uniform dilation of all bead coordinates). After this
homogeneous deformation, all beads are kept frozen, except those contained in the
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Figure 3.8 – Density distribution of local bulk modulus for the same specimen at
several deformation levels. Distributions are shifted by their mean values. The inset
shows the evolution of the mean values. Error bars are deduced from the standard
deviation.

coarse graining volume which are allowed to fluctuate in a constant volume, constant
temperature molecular dynamics trajectory (here we perform a trajectory at a rather
low temperature, T = 0.01). The increase in the hydrostatic stress Smhyd within the
spherical volume m is obtained from the virial stress formula, and the local modu-
lus Km can be defined by dividing this stress by the imposed increase in volumetric
strain ϑm :

Km =
d(Smhyd)

ϑm
. (3.5)

In order to improve the accuracy on Km, it has then been averaged over a dozen
expansion tests within the domain 0 < ϑm < 10−5. A sequence of deformation
(isotropic expansion) and relaxation steps is applied over the sample, the gauge
volume V m and Smhyd are measured after each step. The expansion is limited to
a very low deformation amount since the measurement is restricted in the elastic
regime only. Substituting the ϑm by its definition dVm

Vm leads to another form of
equation (3.5) :

Km · dV
m

V m
= d(Smhyd) (3.6)

or equivalently
Km · ln(V m)|t0 = Smhyd|t0, (3.7)

where V m and Smhyd are integrated along the deformation trajectory from 0 to t. This
method allows us to obtain an accurate determination of Km in the linear regime
by fitting the data obtained for Smhyd=f(ln(V m)). This procedure was applied along
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each tensile deformation trajectory, for positions of the center of the coarse graining
volume distributed on a regular grid.

Figure 3.8 compares the statistical distributions of the local bulk modulus at
different strain levels. The plotted distributions are shifted by their mean values
to facilitate comparison of their shapes. Curves remain symmetrical and Gaussian,
whatever the applied strain before cavitation. As the deformation increases, the dis-
tribution will become slightly narrower. This behaviour is consistent with the trend
described in the previous sections, that the polymeric system tends to homogenize
its local stress under an applied deformation. The mean value of the local bulk mo-
dulus (see inset) decreases continuously as the deformation increases and more free
volume is introduced in the system.

In order to investigate the spatial distribution of the local bulk modulus, two-
dimensional slices in a plane perpendicular to the tensile direction were taken at
the level at which the cavity is observed. Figure 3.9 shows a sequence of such bulk
modulus cartographies that are captured along the deformation trajectory. Each
slice corresponds to one of the blue markers on the stress strain curve (first plot in
figure 3.9). The nonaffine vectors describing the formation of a cavity are also plotted
on each map. As can be seen, the local bulk modulus fluctuates between high and
low values at each strain, and the position at which the cavity appears corresponds
to one of the low bulk modulus sites identified in the starting configuration. When
the deformation increases, an extremely low value of bulk modulus appears in the
expected position of cavity, as in slices (4) and (5). The lower value indicated here
is not only a local minimum in the plane of the figure, but instead corresponds to
the lowest value for the entire sample.

In the light of this strong correlation between NAD and elastic modulus, the
cavitation process in glassy polymers can be described in the following manner : The
polymeric system exhibits some fluctuations in the local elastic bulk modulus. As
the deformation progresses, the statistical distribution of the bulk modulus changes :
The mean value decreases, but the contrast of spatial distribution is conserved. At
relatively high strain, one of the zones that initially displayed a low bulk modulus
will reach an anomalous value, resulting in a favorable location for the subsequent
growth of a cavity.

We will now investigate whether this behavior should be described as determi-
nistic (the cavity systematically forms in a particular zone) or rather statistical (the
cavity forms randomly in one of the zones with a low modulus) process. To this
end, the same system was subjected to three tensile tests with different tensile di-
rections x, y and z. The positions at which cavitation takes place were recorded and
compared after each test.

Figure 3.10(a) shows that, for the same initial configuration, cavities nucleate in
different zones. The same behaviour was also found for several systems with different
temperatures. The cavities systematically nucleate in zones that are characterized
by a low modulus in the initial state, however the specific site at which it is observed
depends on the deformation path and on the tensile direction.



3.3. Microstructural causes and precursors of cavitation 47

 0

 1

 2

 3

 4

 5

 6

 0  0.02  0.04  0.06  0.08  0.1  0.12  0.14  0.16  0.18  0.2

T
ru

e
 s

tr
e
ss

  
(ε

/σ
3
)

True strain

1

2

3

4

5

Mechanical response

Selected configurations

(1)

(2) (3)

(4) (5)

Figure 3.9 – (Color online) XY Layers taken from the spatial distribution of the
bulk modulus (tensile direction is Z in this case). The Z coordinate of all layers
corresponds to the cavity position. Every layer is indexed (bottom left corner) re-
ferring to its position in the stress-strain curve on the upper left. Theses maps are
superimposed with the nonaffine displacement atε = 0.09 that shows the formation
of the cavity.
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3.4 Conclusions

In this work the relationship between a cavitation event in a glassy polymer
undergoing a tensile test and the local properties has been investigated with mole-
cular dynamics simulations. Several properties have been analyzed at two different
length scales : the elementary scale of the monomer, and a coarse graining scale of
5 to 10 particle diameters. Independent of the scale under consideration, we find
that the density of monomers or the density of chain ends do not correlate with the
subsequent appearance of a cavity. In contrast, the bulk modulus in the unstrained
configuration displays fluctuations that can be directly related, in a statistical sense,
to the appearance of a cavity at large deformations. Note that very similar conclu-
sions were reached by Toepperwein and de Pablo in a recent study that considered
both homopolymers and composite systems [Toepperwein 2011]. This situation re-
sembles those observed in glassy materials under volume conserving shear, where a
weak shear modulus indicates a tendency for plastic rearrangement.



3.4. Conclusions 49

-15
-10

-5
 0

 5
 10

 15 -15
-10

-5
 0

 5
 10

 15
-15

-10

-5

 0

 5

 10

 15

Z

Tensile direction X
Tensile direction Y
Tensile direction Z

X

Y

Z

(a) (b)

(c) (d)
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4.1 Introduction

Nanostructured polymers have attracted an increasing interest due to their abi-
lity of self-organization at nanometer scale. A large family of polymer can be des-
cribed as nanostructured, including semi-crystalline polymers (e.g. PolyEthylene),
block copolymers (SBS,SIS...) 1 and many others. These materials are exploited
commercially in several manufactural fields because of their thermoplastic proper-
ties coupled with a good mechanical properties. The nano-structured polymers are
characterized by local morphologies that depends on several factors especially the
temperature, the processing history and also the volume fraction of the hard phase
(glassy phase in the study presented below, or crystalline phase in semi crystalline
polymers). These local morphologies can be controlled (form and orientation) for
copolymers, less so case semi crystalline polymers. Semi crystalline polymers and

1. S denotes Styrene block,B Butadiene,I isoprene
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segregated block copolymers reveal somme common micro-structural characteristics.
At ambient temperature, both materials have two phases with different mechani-
cal properties : the brittle hard phase (glassy or crystalline) and the ductile soft
phase (rubbery). Under tensile strain condition the nano-structured material exhi-
bits a composite mechanical response that depends on the stiffness of each phase
and their coupling. Experimental results have shown a strong dependence between
the molecular parameters ( architecture ) and the macroscopic mechanical response,
this dependence was interpreted by the ability of molecules to ensure the transmis-
sion of stress between hard and soft phases. The mechanism of stress transmission
and the coupling between phase at local scale is still not well understood.

The aim of this work is not to reproduce precisely the mechanical behavior
observed experimentally but to provide more qualitative insights about the local
mechanical response of lamellar nanostructured polymers in relation with the mo-
lecular definition of these materials.

In this chapter the mechanical properties of nanostructured polymer will be ad-
dressed using a coarse grained molecular dynamics model. We start by a quick review
of the experimental and relevant simulation results. Then, we describe the mecha-
nical response of the system in both serial and parallel coupling. The influence of
molecular architecture, notably the bridging molecules on the mechanical response,
is discussed as well as the influence of the surface tension between phases.

4.2 Quick review of relevant experimental an simulation
works

4.2.1 Block copolymers

Block copolymers are a specific class of copolymer (polymers comprising more
than one chemically distinct monomer) where the different monomers are not dis-
tributed within the polymer chain in random or alternating fashion but instead are
localized in discrete homogeneous sections (or blocks) of the chain [Hamley 1998].
Conceptually a block copolymer can be thought of as two or more distinct homopoly-
mers linked end to end through covalent bonds. The number of distinct homopolymer
homogeneous sections determines the molecular architecture of block copolymer ; di-
block, triblock, and higher multiblock copolymers are possible [Bates 1999].

Diblock copolymers and some triblock copolymers made of two distinct homo-
polymers are the simplest molecular architecture of block copolymers and have been
largely studied. As polymer mixtures separate into different phases, the two blocks of
the copolymer tend to demix locally. The covalent bond linking the blocks prevents
the macroscopic phase separation observed in binary mixtures of the homopolymers
and lead to a nanoscale structural organization of each block. The phase behavior
of block-copolymers has been studied extensively from both experimental and theo-
retical perspectives [Semenov 1986, Larson 1994, Detcheverry 2008].

In short, the propensity for block copolymers to segregate into periodic na-



4.2. Quick review of relevant experimental an simulation works 53

Figure 4.1 – Phase diagram for linear AB diblock copolymers. (Left) Equilibrium
morphologies predicted by self-consistent mean-field theory : spherical (S), cylin-
drical (C), gyroid (G), and lamellar (L). (Right) Experimental phase diagram of
poly(styrene-b-isoprene) (PS-b-PI) diblock copolymers : perforated layers (PL).
(Bottom) A representation of the equilibrium microdomain structures as fA is in-
creased for fixed ε̃N . (Reproduced from ref [Bates 1999])

nodomains is determined by the strength of the repulsive interaction as charac-
terized by the product χN, where χN is the Flory-Huggins interaction parameter
[Doi 1995, Flory 1953] and N is the number of monomers per copolymer chain. In a
lattice model [Doi 1995], χN is defined as :

χN =
z.N

2kbT
∗ (εAA + εBB − 2εAB) (4.1)

A and B are the block labels, z is the lattice coordination, kb is the Boltzmann
constant, T is the sample temperature, εAA, εBB and εAB are the interaction energies
between A-A, B-B and A-B monomers respectively. in the following we will use as
a rough estimate of the segregation parameter the corresponding combination using
the LJ energies ε̃N = N

2kbT
∗ (εAA + εBB − 2εAB), which has been shown to be a

good approximation of an effective χN [Grest 1996].
Microphase separation occurs when this value exceeds the critical value for the

order-disorder transition. At equilibrium, this microphase separation is established
by a energy balance between the stretching energy for the polymer chains and the
energy of interactions at the interface between A and B microdomains. In block
copolymers, the morphology of the microdomains ranges from spheres, cylinders
to lamellae depending on the volume fraction of one block. Figure 4.1 presents
a theoretical and an experimental phase diagram of a model diblock copolymer,
poly(styrene-b-isoprene) (PS-b-PI) [Bates 1999] . As shown in the diagram, the la-
mellar morphology persists when the amounts of each phase are roughly the same,
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(ii)

(i)

Figure 4.2 – Upper panels : tensile properties of an aligned mixture of CECEC
(C= Poly-CycloHexylEthylene ; E=PolyEthylene) pentablock copolymers and CEC
triblock copolymers : (a) 100% CECEC, (b) 50%, (c) 20%, (d) 10%, (e) 5% and
(f) 0% pentablock (100% triblock copolymer CEC). The tensile stress is applied
perpendicular to the lamellar orientation, the failure points are shown as “×”. Lower
panels show the fracture plane of lamella-forming AB, ABA and ABABA block
copolymers. The dashed line indicates the fracture planes associated with domains
containing unentangled blocks. The last figure from this panel shows the equivalence
between the knotted loop and the bridge chains. (both figures are reproduced from
[Mori 2003])

this morphology is the most stable at low ε̃N (high temperature).

The lamellar morphology can be aligned in a specific direction by applying an
oscillating shear. The mechanical properties of aligned block copolymers have been
widely studied, the different mechanical responses were correlated with the change
of the local morphologies and the molecular architecture of the sample. If the ten-
sile strain is applied perpendicular to the layer orientation then the result is a
composite mechanical response caused by the serial coupling of each phases. In
parallel coupling, the mechanical response of the sample is dominated by the contri-
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bution of the hard phase. Several studies were achieved in serial coupling response
[Cohen 2000, Phatak 2006, Read 1999]. The deformation of each phase at local scale
was followed by the Small Angle Xray scattering (SAXS) in situ. The evolution of
the SAXS patterns shows that the deformation is supported by the soft phase at the
low strain level. The concentration of strain in the soft phase leads to a nucleation
of cavities in this phase. At high strain (after the necking) the hard layers buckles
to a “chevron” like morphology. The evolution of buckling was characterized by the
transformation of the SAXS pattern from an arc to a four symmetrical spots (details
are provided in the next chapter section 5.2).

The role of the molecular architecture was also studied : a strong transition from
brittle to ductile failure was observed when a sufficient amount of pentablock chains
is mixed with triblock chains [Mori 2003]. (see figure 4.2(i)). In triblock system the
ultimate failure is basically assigned with domains containing unentangled blocks.
These blocks become bridged together if they are mixed with pentablock chains.
(figure 4.2).(ii)) The bridging function is not only ensured by the tie molecule but
also two knotted loop chains can be considered as bridge-like molecules.

4.2.2 Semi-crystalline polymer

Semi crystalline (SC) polymers such as PolyEthylene, PolyButene is another
example of nano-structured polymer. Although we have not studied such systems in
this thesis, we hope that some of the results obtained for aligned copolymers may
have a range of validity that extends to their more complex morphology. At ambient
temperature, the local structure of SC polymers is consistent with a rubbery amor-
phous chains confined between crystalline lamellae. The lamellae in semi crystalline
polymers are oriented radially to form an aster-like lamellae arrangement. This aster
is so called spherulite. The crystallinity and the lamellae thickness were found to de-
pend on the processing history of such material. Under tensile strain, the spherulite
exhibits a non affine response at which the deformation begins in equatorial zones
and propagates to the polar zones [Weynant 1980, G’Sell 1994]. Therefore, the local
response of semi crystalline system is analog to the response of aligned copolymer,
the deformation will be first supported by the rubbery soft phase of the equatorial
zone before deforming the crystal lamellae. (as shown figure 4.3).

The experimental constitutive law of semicrystalline polymers is shown in fi-
gure 4.4.a., the mechanical response exhibits four main regimes : (i) the elastic
regime is correlated with the elastic deformation of the equatorial zone (stretching
of amorphous chains). (ii) the yield corresponds to the cavitation, which leads to a
progressive destruction of the crystallite network. Macroscopically the yield point
is accompanied with the necking and whitening of the sample. (iii) the drawing re-
gime, which occurs at constant stress, corresponds to the propagation of the neck in
the sample transforming the local microstructure to fibrils. (iv) the strain hardening
regime corresponds to the stretching of chains.

As demonstrated by many experimental studies [Humbert 2009] the transmis-
sion of stress between the crystalline phase is ensured by the bridging chains called
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Figure 4.3 – Sketch of the deformation of semi crystalline polymer at several scales,
the macro-scale deformation will be localized mainly in the equatorial zone of the
“spherulite”. The local deformation is supported by the amorphous phase confined
between two crystalline phases. (reproduced from [David 2002])

also stress transmitters in reference [Humbert 2010]. The role of stress transmit-
ters becomes relevant in the strain hardening regimes because of the entanglements
network developed by bridging molecules after breaking the hard phase. According
to several studies [Bartczak 2005, Schrauwen 2004, Haward 1993] figure 4.4.b shows
the influence of the stress transmitters on the strain hardening modulus (fitted from
the equation 1.9), the increase of stress transmitter amount will eventually increase
the strain hardening modulus of the sample.

On the other hand, the decrease in the number of stress transmitters between
crystalline layers leads to a fast stress concentration in the crystalline lamellae and
the damage of the latter begins by chain pullout. (see figures 4.5.a) This influence
was observed within an atomistic simulation model of semi crystalline PolEthylene
[Monasse 2008]. Similar results were found in reference [Sides 2004], this study was
carried on specific coarse grained systems that contains end tethered chains 2. These
systems exhibit different responses with respect to the density δ of end-tethered
chains : chain pullout behavior was observed when the brush density is low, such
case corresponds to a bad coupling between the grips and the entire system. In the
opposite case, sample crazing is observed when the density of end tethered chains
is very high (see figure4.5.b).

4.3 Interaction parameters and choice of the tempera-
ture for the tensile test

As we will show in appendix A, the building and the relaxation-segregation
processes of triblock samples were carried out at relatively high temperature, in
order to increase the chain mobility and then to accelerate the relaxation of the
system 3. Therefore, just after the relaxation of the sample, both phases are in a soft

2. Chains that have one of their ends free in the bulk while the other end is tethered to the
deformation grips

3. The sample building was proceeded at T = 2 and the relaxation-segregation stage is perfor-
med at T = 1
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(a) (b)

Figure 4.4 – (a) Experimental constitutive law of a typical semi crystalline po-
lymer PE (Polyethylene). (b) The evolution of the strain hardening modulus Gp
with respect to the amount of stress transmitters ST (bridging molecules or knot-
ted loop molecules). The amount of ST was modified experimentally by modifying
the processing of the sample. Decreasing the stress transmitters leads to a stress
concentration in the hard phase which decreases severely the strain hardening mo-
dulus [Humbert 2009]).

(a) (b)

Figure 4.5 – (a) Tensile strain snapshots of an atomistic model of PE chains. The
damage of the crystalline phase starts by chain pullout. (the bold chain) λ denotes
the corresponding engineering strain. the figure is extracted from [Monasse 2008].
(b) Snapshots of stretched samples with different tethered chains surface density. (1)
undeformed sample. The surface density δ in (2) δ = 0.02σ−2, in (3) δ = 0.05σ−2,
in (4) δ = 0.1σ−2. All samples were deformed at the same velocity. The presented
snapshots are taken at the same strain. The mechanical response change from chain
pullout to crazing by increasing the tethered chain density [Sides 2004].
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rubbery state, then the system must be cooled to a selected temperature to obtain
a nanostructured system with alternating hard and soft phases.

Therefore, the identification of the glass transition temperature Tg of each block
in the system is an important step to choose the working temperature range where
one of the constituents is a hard glass while the other is a soft rubber.

Effectively, this working temperature range is bounded between the Tg of each
phase.The size of this range (the difference between Tg) depends upon the difference
of the LJ interaction energies of each phase (εAA and εBB in equation A.1). For this
reason, the LJ interaction energy of one phase was chosen higher than the other in
our system. In this chapter : The phase that has the higher LJ energy (and therefore
the higher glass transition temperature) will be called phase A, and the other, softer
phase is called phase B.

The difference in LJ interactions was introduced before the relaxation-
segregation stage in the sample building process. (see Appendix A for further details)
Four different systems were build with different intrablock LJ interactions :
(εAA, εBB, εAB) are taken equal to (1, 0.1, 0.3) , (1, 0.2, 0.35) , (1, 0.3, 0.4) and (1,
0.5, 0.5). The inter-block interaction is chosen in such a way that all systems have
the same segregation parameter kBT

N ε̃N = 0.25. Note that all samples are composed
from 320 chains with 200 beads/chain. In order to probe glass transition tempera-
ture of each phase, every sample was cooled just after the relaxation process from
T = 1 to a very low temperature T = 0.001. The evolution of the volume in each
phase with respect to the temperature was analyzed. The geometric measure of each
phase volume in a segregated system is somewhat problematic because of the diffuse
boundaries between phases. For this reason, we use an indirect method to evaluate
the block volume V A, which can be written as :

V A = Lx × Ly × LAz (4.2)

where Lx and Ly are the simulation box length in x and y directions, LAz is the
length of the block A in the z direction. Lx and Ly are given by the simulation
output. LAz is evaluated by fitting the density profile of phase A with the following
function :

f(x) =
a

2
{tanh[b.(x− c1)]− tanh[b.(x− c2)]} (4.3)

The variable a fits the density, b fits the interface width. c1 and c2 correspond to
the inflection points of the density profile. Thus LAz will be equal to c2 − c1.

Figure 4.6.a compares the density profile of block A in z direction (red points)
with the fit function mentioned in the equation 4.3 (dashed line). The function (1.2)
offers a satisfactory prediction of the density profile which validates the method to
measure the block width and to obtain the block volume.

Figure 4.6.b shows the evolution of ln(V ) of both A and B phases with respect to
the temperature. Two linear regimes can be distinguished in each curve. The slope
of each regime characterizes the volumetric expansion of the material at constant
pressure. The change of slope in the same curve indicates the transition of the block
from rubbery at high temperature to glassy at lower one [Schnell 2006]. To locate the
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Figure 4.6 – (a) Density profile of a specific block fitted by the function f(x) =
a
2{tanh[b.(x− c1)]− tanh[b.(x− c2)]}, (b) Glass transition of both phases, the two
linear regimes of each curve are fitted, the glass transition temperature Tg of each
block corresponds to the change in slope.

glass transition temperature on the curves, the two linear regimes of each curve are
fitted independently, and Tg corresponds to the abscise of the intersection point. For
a system with εAA = 1, εBB = εAB = 0.5 we find TAg = 0.41 and TBg = 0.21. Note
that in figure 4.6.b we show only one specimen as an example, the other samples
were analysed in the same manner and their glass transition temperatures are given
in figure 4.7.

Choice of the tensile test temperature : To create a nanostructured system
behavior with coupled hard and soft phases, the choice of the tensile test temperature
is crucial because at this temperature one phase must be glassy while the other must
be in the rubbery state. After the identification the glass transition temperature of
each phase A and B, the tensile test temperature Ttest is chosen in the middle of TAg
and TBg . In such case, as TAg < Ttest < TBg , thus at Ttest : A is a hard glass and B
is a soft rubber.

Figure 4.7.a presents the interval between TAg and TBg of several samples with
different εBB. As theoretically predicted, TBg decreases when εBB decreases, which
leads to a large margin to choose Ttest for the lower εBB samples. The tensile test
temperature was chosen to 0,3. Therefore all samples are cooled to 0.3, the density
profile of the entire sample after cooling is shown in figure 4.7.b. the density alter-
nates between high density for the glass and low density for the rubber. Note that,
all samples have 2 lamellae A and 2 lamellae B organized as A1B1A2B2 to ensure
periodicity.
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Figure 4.7 – (a) The range between the glass transition temperatures of both
system components. Several systems with different εBB, εAB are shown. The ten-
sile test temperature Ttest was chosen in the interval between the two glass transi-
tions, Ttest = 0.3.(b) Density profile of the entire sample (for the energy parameters
(1.,0.5,0.5)) taken at the tensile test temperature.

4.4 Mechanical behavior

In order to probe the mechanical response of the prepared samples, these samples
were submitted to several tensile tests at the chosen temperature Ttest = 0.3. Two
coupling modes are tested. The serial coupling (Reuss) and the parallel coupling
(Voigt). Homogenous uniaxial tensile tests are performed to draw the samples at a
constant velocity. The process was detailed in chapter 1.

4.4.1 Serial coupling

In serial coupling condition, the tensile direction is perpendicular to the block
orientation. The tensile velocity Vz was chosen in a way that the initial strain rate
is equal to ˙εzz = Vz

Lz
= 7.2×10−5 for all tested samples. Two samples are considered

in this section : (1, 0.2, 0.35) and (1, 0.5, 0.5). Both samples have the same ε̃N
but the soft phase of the first one has a lower LJ energy parameter and therefore a
higher mobility than the second one. This difference can be described by the ratio
of TtestTg

of the soft phase. This ratio is equal to 3.75 for the first sample and 1.42 for
the second sample. The mechanical response of the first sample is shown in figure
4.8. The stress strain curve (first y axis) was superimposed with the local strain in
each block (secondary y axis). As shown in the figure the stress strain- strain curve
exhibits different regimes :

– The elastic regime : where the growth of the stress is quasi linear with respect
to the global strain. As shown in the inset, this regime is correlated with the
deformation of the soft phases, The hard phase is undeformed. Therefore, the
hard phase in this case behaves as rigid clumps that forbid the deformation of
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the soft phase in lateral directions x and y 4(see snapshots in figure 4.9). As the
soft phase deformation is constrained laterally by the hard phase, the increase
of global deformation will continuously increases the soft phase volume and
then the elastic regime is soon interrupted by the nucleation of cavities in one
of the soft phase layers. Under these deformation conditions the soft phase will
be locally submitted to a triaxial tensile condition then the Young modulus of
the entire system is effectively the elastic slope of the soft phase under triaxial
tensile conditions. (named E′ in chapter 1, section1.4.2).

– The yield and the stress softening after the elastic regime, correlated to the
cavitation in the soft phase : indeed, the inset shows two peaks in the stress
strain curve. The first one at yield strain corresponds to the cavitation in a
one block of the soft phases (B1). The strain will be localized in this block,
the deformation of the other soft block (B2) is relaxed and its local strain
exhibits a plateau. The occurrence of the first cavitation event relaxes the
tensile stress, but as the global deformation continues increasing in the block
B1, a strain hardening begins in this block. The stress rises again, the second
block B2 starts to deform until a certain strain where the cavitation occurs
in this block, thus giving a fast increase in the local strain of block B2. This
cavitation event corresponds to the second peak of stress after the yield.

– The strain hardening regime, which occurs in the sample after cavitation.
The stress increases slowly between 0.4 < εzz < 1, while the local strain of
the hard phase remains nearly equal to zero. Therefore this strain hardening is
correlated with the change of chains orientation in the soft phase that becomes
more and more stretched in the tensile direction. When the global deformation
reaches 100%, the soft portion of the triblock chain is stretched enough to
trigger the plastic deformation of the hard phase. The deformation of the glassy
phase is correlated with a fast growth of the stress in the strain hardening
regime of the stress-strain curve. As the hard phase is not well entangled 5, the
deformation of the glassy phase will align the glassy chain portion in the tensile
direction an the system begins to disentangle. When the disentanglement of
all chains is achieved, the weakest glassy phase breaks. The failure is shown
in figure 4.18.a below.

To understand how the applied deformation is distributed in each phase. Figure
4.9.a. highlights the averaged deformation evolution of the hard and the soft blocks
when the tensile conditions are applied. The averaged strain of the soft phase shows
a continuous increase when the global strain increases, but the glassy layer still
undeformed until a global strain of 1. As the chains in the soft phase are clumped by
hard blocks, the deformation of the soft phase in the tensile direction is constrained.
The stretched FENE bonds transmits the tensile stress from the soft to the hard
phase. Under such conditions, the hard phase starts to deform. The deformation of
the glassy block is driven by plastic movements and then disentanglement of the

4. These directions are perpendicular to the tensile direction z
5. the glass portion length is equal to 50 while the entanglement length is ∼ 78 as depicted in

chapter 2, section 2.2.2
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Cavitation in B2

Cavitation in B1

Figure 4.8 – Mechanical response of a serial system with a sequence of glassy
rubbery blocks. The LJ energies are as follows : εAA = 1, εBB = 0.2 and εAB = 0.35,
The corresponding segregation parameter ε̃N is equal to 170 at T = Ttest = 0.3. The
stress strain curve was superimposed with the local strain of the glassy block (The
secondary y axis in the main plot). The local strain of each rubbery block is shown
in the inset. The stress drop after the elastic regime corresponds to the cavitation
in the soft blocks. Up to a true strain of 1, the deformation is still localized in the
soft phase and the glassy phase is undeformed.
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Figure 4.10 – (a) Stress-strain curve of a serial coupled triblock system.The LJ
energies are as follows : εAA = 1, εBB = 0.5 and εAB = 0.5, The corresponding
segregation parameter ε̃N = 170 at T = Ttest = 0.3. (b) The avraged strain of the
hard and soft phases.

glassy chains.
The second sample (1, 0.5, 0.5) was also submitted to a uniaxial tensile strain

condition at the same initial strain strain rate as the previous (1,0.2,0.35) sample.
The tensile test temperature is again Ttest = 0.3.

As shown in figure 4.10, the stress strain curve of the sample exhibits a comple-
tely different mechanical response from the previous sample. The stress-strain curve
displays several regimes : the linear elastic regime that corresponds to a homoge-
nous increase of strain in both hard and soft phases. In contrast to the previous
case, the deformation is not localized in the soft phase. Both glassy and rubbery
phases respond with the same behavior to the applied deformation. This behavior
is also observed in figure 4.10.b where the average local strains of the glassy and
the rubbery blocks are identical to the applied strain. Since the soft phase is confi-
ned between two hard phases, then the soft phase is submitted to triaxial tensile
stress. We have shown previously in chapter 1 table 1.1, that triaxial elastic slope of
such a rubber (E′) may have the order of magnitude as the Young modulus of the
glassy sample. When the deformation is applied, the stress state is triaxial. Under
such conditions and as the LJ interaction in the rubber is strong, (εBB > kB.Ttest)
the bulk elastic modulus of the glassy and the rubbery phase are nearly the same
and therefore the sample deforms homogeneously (see the snapshots of figure 4.11).
Note that in sample 1 (1,0.2,0.35) the soft phase B is a very weak rubber since
εBB < kB.Ttest.

The stress growth of the elastic regime is limited by the yield that corresponds
to the onset of the plastic events in the glassy phase, rather than by a cavitation
in the rubber which would manifest itself by a faster increase of the deformation in
the rubber. After the yield, the strain hardening begins, the stress rises slowly and
the glassy phase hardens progressively. At εzz = 0.77 a drop in the tensile stress
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Figure 4.11 – Snapshots showing the hard (in blue) and the soft (in green) phase
deformation. The constitutive law and the local strain of the system are shown in
the previous plot.

occurs, this drop is correlated with the cavitation in one rubber phase B2. The strain
becomes localized in B2. another drop of stress occurs also at εzz = 0.95 this drop
corresponds to the cavitation in the second rubbery block. The cavitation relaxes
the hard phase strain, but finally the failure of the hard phase occurs due to chain
disentanglement. (The complete curve is shown in figure 4.21).

4.4.2 Parallel coupling

The first sample (1,0.2,0.35) was also submitted to a uniaxial tensile strain where
the lamellae are parallel to the tensile direction (y direction). This sample with a
strong elastic contrast between phases has been chosen, as a strong difference is
expected in comparison with serial coupling. Indeed, we have shown that the local
deformations of hard and soft phases are strongly different during a serial coupling
tensile test. In a parallel coupling test, both phases are submitted to the same
tensile deformation simultaneously (Parallel coupling called also Voigt coupling).
The mechanical response of the parallel coupling test is compared to the serial
coupling one in figure 4.12. First, the elastic regime results from the deformation of
both hard and soft phase. The mixing law defines the resulting elastic slope as :

E‖ = fhard.Ehard + fsoft.Esoft. (4.4)

where E‖, Ehard and Esoft are, respectively, the Young modulus of the entire sample,
of the hard phase and of the soft phase. fhard and fsoft are the corresponding volume
fractions.
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Figure 4.12 – (a) Comparison of the stress strain curves between serial (Reuss
coupling) and parallel coupling (Voigt coupling). (b) Similar results are found
by experimental works on shear aligned SBS block copolymers (reproduced from
[Gonzalez 2006] ).

In contrast with the serial coupling case, the lateral deformation of the soft
phase (and the entire system) is allowed in parallel coupling. Therefore, the system
can relax the increase of volume by the Poisson effect and then each phase will be
submitted to uniaxial tensile conditions. This condition is fundamental to justify the
equation 4.4. In parallel coupling, the value of E‖ is dominated by the contribution
of the hard phase Young modulus, which is not the case in serial where the elastic
slope E⊥ of the system is determined the triaxial elastic slope of the soft phase
E′soft.

The elastic regime is limited by the beginning of the plastic events (shear yiel-
ding) in the hard phase. As the tensile strain is uniaxial, cavities do not form in
any of the phases. The yield is followed by the strain hardening regime that takes
place in the glassy blocks. As the chains in the glassy phase are relatively short and
not well entangled, chain disentanglement progresses in the glassy block. The di-
sentanglement of chains becomes more pronounced in specific weak points. A slight
necking appears in these points, the necking progresses until the fracture of the
glassy block occurs. Figure 4.13 shows the evolution of the deformed configuration
and the ruptured glassy layer at a true strain of 1.5. The rupture of the glassy phase
leads to a cavity between the glassy phase fragments. The latter can not be filled
with the soft phase chains.

Figure 4.12.b compares the experimental stress strain curves of a lamellar tri-
block SBS (Styrene-Butadienne-Styrene) copolymer. This triblock exhibits some
similarities with the tested model (same morphology, same alternation of soft-hard
phases...). The simulation results capture the the influence of the system orienta-
tion on the mechanical response. Note that the experimental samples buckle under
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Figure 4.13 – Snapshots showing the evolution of the sample submitted to a
parallel coupling tensile test. A rupture induced by chain disentanglement is obseved
in the hard phase at high strain, the latter is followed by the cavitation in the soft
phase.

a perpendicular tensile strain but this phenomenon is not observed in the simula-
tion works of this chapter because of the small size of used samples. However, the
buckling of triblock samples are observed by simulation for larger samples, as will
be detailed in the next chapter.

4.5 Influence of chain architecture and conformation

The composite behavior of the nanostructured systems is ensured by mechanical
coupling of their components. In the previous section we have shown the influence
of the the tensile direction on the mechanical response of block copolymer samples.
In parallel coupling, the material exhibits a strong stiffness as the sample response
is governed by the hard phase behavior. in serial coupling (when εBB = 0.2), the
deformation was mainly localized in soft phase at low strain, the hard blocks start
to deform only at relatively high strain. Therefore, the system in serial coupling
combines the ductility of the soft phase and the stiffness of the hard phase. Indeed,
this desired property is provided by the transmission of stress between phases that
is basically ensured by two kind of coupling : (i) the strong bonds that bridge the
segregated phases together and (ii) the weak LJ interaction at the interface. the first
kind of coupling is relevant at high strain, when the chains become stretched, while
the second kind is effective at low strain.

As described in the introduction, various chain architectures and conformations
can be found in nano-structured systems (multi-block copolymer, semi crystalline
polymer) : (i) cut chains, also called cilia molecules, (ii) loop chains and (ii) bridging
chains, also called tie molecules in some references. Depending on phase components
(molar mass) and the elaboration process, a nano-structured system may enclose se-
veral of these architectures. (e.g. the high frequency low amplitude oscillatory shear
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favors the formation of loop conformations in shear aligned pentablock system.) It
has also been demonstrated that the formation of tie molecules in semi crystalline
polymers such as PolyEthylene is enhanced by a high crystallization speed ( during
a quench for example). In appendix A we have shown how the chain architecture
can be modified and tuned within the building and post processing procedure. The
resulting samples were presented in figure A.7.

Again, we study here the simplest case of triblocks with alternating glassy and
rubber layer. We expect however that the results may be relevant for other sys-
tems with an alternating hard and soft phases : semi crystalline polymers 6, semi
crystalline triblocks 7.

4.5.1 Influence of cilia molecules :

Several samples with different amounts of chains cut in their middle (cilia mole-
cules) were built as detailed in appendix A. Two kinds of chains are present in these
samples : cut chains and bridging chains. The proprotion of cut chains are the follo-
wing : 100%, 90%, 80%, 60%, 40%, 20% and 0%. Note that when a chain is not cut,
it is a bridging chain (There are no loop chains in the samples). To refer to a specific
sample we use the nomenclature Scx for the sample with x% of cut chains and Slx,
for the sample with x% loop chains (next section). e.g Sc60 designates the 60% cut
chain sample. Note that the LJ energies in these tests were chosen as (1, 0.2, 0.35).

Uniaxial tensile tests are applied on the samples in serial coupling conditions
at T = 0.3. To compare the results, the tensile velocity was adjusted for each
sample in a way that all samples will be submitted to the same initial strain rate
(ε̇zz = 7.2× 10−5). The mechanical responses were plotted and compared as shown
in figure 4.14 The correlation between the mechanical and the evolution of local
structure was already presented in section 4.4. In the elastic regime all samples
have roughly the same elastic modulus. The yield stress increases as the proportion
of bridging molecules increases. In this case the nucleation and the development of
cavities in the rubber are constrained by the entanglements that make the cavitation
energetically expensive. This is also consistent with the fast stress drops at cavitation
occurring in the soft phases of weakly bridged samples (see the log scale curves in
figure 4.14.b). compared to a smooth stress softening in well connected samples.

After the cavitation the sample exhibits a strain hardening regime. It was ex-
perimentally demonstrated that the growth of stress in the strain hardening regime
depends on the entanglement density and then the rate of bridging molecule. This
behavior is shown by the stress-strain curve. Note that the behavior in log scale
shows two strain hardening that are distinguished by two different stress growth
rates. The transition between the two regimes is located at true strain εzz = 1.
Indeed the first growth of stress in assigned to the strain hardening in the rub-

6. In semi crystalline polymer such like PolyEthylene the same material is present in two
forms : hard crystal and soft rubber. the rubbery phase is confined between the crystalline phase
[Humbert 2009]. The equatorial part of the spherulite is close to serial coupling behavior.

7. with glassy, rubbery and semi crystalline phase
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ber where the deformation takes place at low strain. At a strain equal to 100% we
have shown that the soft phase becomes stretched enough to activate the plastic
deformation of the glassy phase. When the number of bridging chains decreases, the
stress transmission between phases becomes localized in the vicinity of the bridging
chains at the interface. This stress concentration weakens the sample and the stress
at which the hard phase begins to deform is reduced. As the deformation of the
rubber is saturated at εzz = 1, the second strain hardening regime depends on the
deformation of the glassy phase.

Note that the decrease of stress growth in the second strain hardening regime, is
more pronounced in weakly bridged samples. This phenomenon can be assigned to
the glassy chain pullout that becomes effective in the glassy block of weakly bridged
samples. Indeed, the stress is localised only on few bridging chains. Therefore, the
pullout events are favored. The consequence is the relaxation of the bridging chain,
which reduces the local deformation of the glassy layer (figure 4.15) and the stress
growth is then reduced.

For the sample Sc100, all chains are cut there are no bridging chains in the soft
phase 8, therefore the sample in this case can be considered as two diblock samples
that join each other in the soft phase. In the tensile test the sample breaks in two
parts just after the first cavitation in the soft block. This behavior is obviously
expected as the soft phase is already weak and unentangled. The failure in all other
samples still occurs in the hard glassy block.

We can relate these observations with the work of reference [Monasse 2008].
In this work an atomistic description of a semi crystalline polymer was used to
simulate its mechanical response. The onset of the crystalline phase damage begins
where the chain in the amorphous phase becomes stretched. In this model, the chain
lengths are distributed, and the stretching starts effectively when the shortest chains
becomes stretched. In our work, a statistical distribution of effective chain lengths 9

is created indirectly and is modified by the proportion of cut chains. Even though
all bridging chains have the same length, they are not all stretched simultaneously,
since the path of each bridge in the soft phase is different due to entanglements and
anchoring positions in the glassy phases. The decrease of the entanglement density
in weakly bridged samples increases the effective chain length and therefore delays
the onset of the hard phase deformation. (see the inset of the figure 4.15 for more
details).

The influence of the rate of bridging molecule on the deformation of the hard
phase was also studied. The deformation of the hard blocks was probed for all
samples using the density profile (equation 4.3). The results are plotted and com-
pared as shown in figure 4.15.

The growth of glassy block strain is more pronounced in the well bridged samples.
This behavior results from the homogenous distribution of stress in the hard block.
In weakly bridged samples the deformation of the hard phase starts by chain pull

8. all chains have 50 beads in both glassy and the rubbery phase.
9. The effective length is the length between the bridging chain ends of the soft phase measured

in stretched chains.
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Figure 4.14 – (a) Comparison between the mechanical response of several samples
with different rates of cilia molecules, the other chains are bridging molecules. The
LJ energies are as follows : εAA = 1, εBB = 0.2 and εAB = 0.35. Inset : zoom on
the elastic an the yield part of the curves. (b) Log scale plot (same as in (a) ) to
emphasize the influence of the cilia chain on the strain hardening regime.
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out as described previously, which reduces notably the deformation of the hard
block. As the number of bridging molecules decreases the strain at which the glassy
phase starts to deform increases. This trend is interpreted by the increase of the
effective length of the bridging chains that results from the loss of entanglement in
low bridged sample.

In fact, the deformation of the glassy block in a well bridged sample exhibits a
“ductile-like” behavior. The glassy phase is well deformed before the ultimate da-
mage (basically caused by chain disentanglement). On the other hand, the weakly
bridged sample shows a completely different behavior, the fracture occurs in the
glass phase even if the latter is not strongly deformed. This behavior is closer to a
brittle behavior. The influence of the bridging molecules on the copolymer mecha-
nical response was studied in the experimental work of Hermel et al. [Hermel 2003].
The amount of bridging molecules was experimentally varied by mixing the a CEC
triblock with CECEC pentablock copolymer. A ductile-brittle behavior transition
was evidenced when the rate of bridging molecules becomes less than 15%.

4.5.2 Influence of loop molecules

As suggested by Wu et al. [Wu 2004], the formation of the loop chains in block
copolymer is favored by the processing factors that are used to align the triblock
systems : low shear rate and large strain amplitude favors layer by layer sliding,
which drivse predominantly looping conformation. In this section, we study the in-
fluence of loop chain conformations on the mechanical response of lamellar systems.
Several samples with different amounts of loop chains were build as described in
the Appendix A. (Sl0, Sl40, Sl80 and Sl100). The other chains are bridging chains. All
samples have the same interaction energy (1,0.2,0.35). Uniaxial tensile tests were
applied, the test conditions are the same as in section 4.4.The same initial strain
rate is used for all samples.

The stress-strain curves are plotted and compared in figure 4.16. All samples
exhibit similar mechanical regimes and the stress-strain curves superimpose rather
well, especially before the onset of the hard phase deformation regime. (triggered
at εzz ≈ 1). The inset in figure 4.16 magnifies the elastic regime of the curves. all
samples have the same elastic slope and roughly the same cavitation strain (except
of Sl0). In the second strain hardening regime, the growth of stress seems to be
affected by the amount of loop chains. The increase in the number of loop chains
number slightly decreases the stress growth. Therefore, the samples are less affected
by the change of the bridging chain amount in the loop chain samples than in the
cut chain sample. (The difference on the behavior can be clearly distinguished by
comparing the extreme cases of cut and loop samples : Sl100 and Sc100 both sample
have 0% bridging molecules but the behavior of the two samples are very different).
This behavior is interpreted by the fact that the loop chains grafted in the first hard
block have enough length to entangle with other loop chains coming from the second
hard block. For this reason, two knotted loop chain are effectively equivalent to two
bridging chains. Therefore, the decrease of bridging molecules to give loop molecules
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Figure 4.16 – (a) Comparison between the mechanical response of different samples
with different number of loop chains. The inset shows a zoom in the elastic regime
and yield point region. (b) Stress with respect to the strain hardening function
g(λ) = λ2− 1/λ. A zoom to clarify the order of the curves in the strain hardening
is shown in the inset.

does not affect the mechanical behavior of the sample, as the cut chains do. This
phenomenon was reported in the work of Mori et al. [Mori 2003], who demonstrate
the presence of knotted loop chains that ensure the bridging of CECEC pentablock
copolymer.

4.5.3 PPA of the rubbery phase in 100% loop chain sample

The equivalence between knotted loop chain and bridging chain architecture
was verified. Primitive Path Algorithm (PPA) was applied on the soft phase of Sl100
in order to explicit the chain entanglements. The algorithm has been detailed in
section 2.2.1. Note that all the hard blocks are treated as the chain end in this case.
The glassy portions of the chains are frozen during the algorithm and only the soft
phase is submitted to the length reduction process. If a loop chain is not entangled
with any other chains, after the PPA this chain will be a straight segment. In the
other case, the entangled chain will be segmented into n+ 1 straight fragment for n
entanglements. After the convergence of the PPA, the configuration was inspected.
As shown in figure 4.17, nearly all of the loop chains that are implanted in the first
glassy block form at least one entanglement with another loop chain coming from
the second glassy block.

A negligible number of loop chains are still unentangled (≈ 20 loop chains from
the entire 320 chains). This observation confirms the previous assumption about
the bridging role of the loop chains in the tensile test experiment. This behavior is
obtained only when the loop length is sufficiently long to entangle the other loop
chains. This is not necessarily the case for the semi crystalline PolyEthylene where
the loops in the rubbery phase are extremely short 10. In such cases the presence of

10. the length of the loop chain in PE do not exceed the straight jump from a chain to another
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(a) (b) (c)

Figure 4.17 – (a) Triblock sample with 100% loop chains before PPA chains are
unwrapped over the periodic boundary conditions. (b) the same sample after the
convergence of the PPA in the soft phase (the hard phase -colorized blue- still frozen
in the PPA process). The loop chains are well entangled in a way that bridges the
hard blocks together. Only a negligible number of loop chain are still unentangled
as shown in figure (c) (The hard blocks were hidden in this figure).

the loop conformation weakens the sample by suppressing some stress transmitters
between phases in the same way as the influence of cut chains. Consistent results
were found in reference [Léonforte 2010] who performed the same analysis on similar
systems. However, in the latter work the mechanical response was found to display a
stronger dependence on the proportion of loop chains than in our simulations. This
difference comes probably from the LJ potential energies chosen to drive the segre-
gation, which are (1,0.5,0.01) in reference [Léonforte 2010] compared to (1,0.2,0.35)
used in our work. A strong difference in the AB interaction energy can sensitively
modify the mechanical behavior, as illustrated in the next section.

4.6 Influence of surface energy

In the previous sections we have shown the influence of coupling that results
from the bridging between phases. This bridging is ensured by two kinds of chain
conformations : the knotted loop chains, and the bridging chains. At high strain,
the role of these chains becomes significant in the transmission of stress between
phases. At low strain the process is completely different, the transmission of the
stress between phases is ensured by the LJ interaction between phases. Therefore,
a good coupling is ensured by a strong adhesion between phases in contrast a weak
coupling leads to weak interface. In this section, the role of the wetting energy on the
mechanical response is investigated. Three samples with different εAB were submit-

in the crystal
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Figure 4.18 – (a) stress strain curve showing the influence of the surface tension
between the hard and the soft phases. The intrablock interaction εAA = 1, εBB = 0.2

are fixed, only the inter-block interaction εBB is modified.(b) Hard phase strain of
the same systems.

ted to uniaxial tensile strain conditions perpendicular to the block orientation. The
LJ of the hard and the soft phases are kept the same for all sample, which leads to
a change on the segregation parameter ε̃N . The LJ energies (εAA, εBB, εAB) of the
samples are (1,0.2,0.35) , (1,0.2,0.2) and (1,0.2,0.01). for the first kind of tests, which
corresponds to a ε̃N of 166, 400, respectively. The second kind of tests is performed
on the samples of (1,0.5,0.5) , (1,0.5,0.25) and (1,0.5,0.01). The corresponding ε̃N
are 166, 333, 490.

These two values of the LJ energy were selected to describe the high segregation
limits where ε̃N � 20 [Perez 2008] with two different deformation states : (i) the
localized deformation for the first one and (ii) the homogenous deformation for the
second one.

The mechanical responses of the first kind of sample are shown in figure 4.18.
A small change in the elastic slope is remarked in the first quasi linear regime. The
decrease of εAB will soften the elastic response of the sample. This trend can be
explained as the decrease of adhesion strength leads to an interface that behaves as
an additional weak phase (called also interphase) in serial coupling.

The density at the interface were probed using the Voronoi volume of beads as
shown in figure 4.20. The interface is located between the bead numbers 50-51 and
150-151 11. At the interface, the mean Voronoi volume becomes remarkably high for
the lowest εAB sample. This local decrease of density should favor the nucleation
of cavities at the interface, which reduces the strength of the system. In the inset
of figure 4.18 the cavitation stresses and strains seems to be affected by the change
of εAB since the soft phase ((1,0.2,0.35) sample at (T=0.3)) is a very weak rubber.
The influence of interface on the cavitation is much clearer in the second range of
tests (discussed below). Note that in the previous analysis, we have used the Voronoi

11. A triblock chain is composed as follows : 50 beads glassy, 100 beads rubbery, 50 beads glassy.
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Figure 4.19 – Mean Voronoi volume of chain beads presented with respect to the
bead order in the chain. A triblock is split as follows : 50 beads glassy (labeled A)
followed by 100 beads rubbery (or soft labeled B) and the rest is 50 beads glassy.
The total number of beads per chain is 200. i = 1 and i = 200 present consecutively
the first and the last beads in the chain (chain ends), the glass-rubber interface is
located between the bead couple indexed by 51-52 and 150-151.

volume to measure the interface density, because it is more precise than the density
profile evaluated by the scanning probe method. Additionally, the Voronoi method
can be applied to a non planar interface, which in not the case for the second method.

Surprisingly, the strain hardening regime is significantly affected by the change
of the interface properties. The decrease of εAB increases the stress growth in the
second strain hardening regime that corresponds the deformation of the hard phase.
In addition, The decrease of εAB also decreases the onset of the hard phase defor-
mation. Both observations correlate with the segregation state determined by the
choice of εAB. The smallest value of εAB leads to a strongly segregated phase. The LJ
interactions in such case, tend to minimize the interface between the hard and soft
phases, a consequence is the increase the soft phase length 12. The chain conforma-
tion in the rubber becomes more oriented in this case, which leads to a pre-aligned
bridging chain in the soft phase. When tensile strain is applied, the orientation of
soft block chains is partially achieved by segregation state, therefore the required
strain to trigger the hard phase deformation in the pre-oriented sample is lower
than the one for other samples. In other words, a typical sample needs more strain
to achieve the full deformation of the soft phase in the normal direction compared
to pre-oriented sample. For this reason the onset of the hard phase deformation is
delayed as well as the strain hardening for the higher εAB samples.

For the second kind of tests (1,0.5,0.5) , (1,0.5,0.25) and (1,0.5,0.01) samples,
we have shown in section 4.4.1 that at this value of εBB both hard and soft phases
deform homogeneously when the sample is submitted to a uniaxial tensile strain
condition. The role of the interface on the mechanical behavior of these samples

12. the spacing between two hard phases.
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Figure 4.20 – Color maps showing the evolution of the local density in two samples
with two different surface tension energies. The cavities nucleate preferentially at
the interface when the adhesion between phases is very low (upper panels). The
cavitation at the interface is avoided when εAB is high as shown in the lower panels
.
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Figure 4.21 – Stress/strain curves with εBB taken equal to 0.5, (a) the stress strain
curves with various εAB.(b) the strain of the hard phase.

has been investigated in the same manner. The mechanical response are displayed
in figure 4.21. These observations of the stress-strain response is coupled with the
measure of the hard phase deformation (plotted in 4.21.b). The mechanical response
of the first sample was detailed in section 4.4.1. The second sample (1,0.5,0.25) ex-
hibits approximately the same behavior until a true strain of εzz = 0.4 where the
drop of stress marks the nucleation of the cavities in the rubber. The evolution of
the hard phase deformation shows that the first two samples deform homogeneously
before the cavitation. Therefore the stress softening after the elastic regimes corres-
ponds to the yielding in the hard phase. The behavior of the third sample with the
smallest εAB is completely different. There are no stress drops in the stress-strain
curve except at yield. The evolution of the hard phase deformation indicates the
localization of strain in the soft phase (The deformation of the hard phase is very
small). Therefore the stress softening corresponds in this case to the cavitation in
the rubber. Referring to the distribution of Voronoi volume on the chain 4.20, the
Voronoi volume of the interface beads increases with decreasing εAB. Therefore the
local density at the interface is very low for the smallest εAB sample, thus the ca-
vities nucleates preferentially at the interface in this case. Note that in second kind
of tests, the cavitation strain of the soft phase decreases as the εAB increases. The
results in this section depend on the strain rate used to drive the tensile test. This
point is not yet investigated, and further tests are planned for this purpose.

4.7 Conclusions

In this chapter, the mechanical response of a layered block copolymer was investi-
gated using a generic coarse grained model. Radical like polymerization method was
used to generate a nano-structured system. After the generation the systems were
submitted to a long equilibration-segregation stage. To obtain a nano-structured
system with an alternate glassy-rubbery phase, the samples are cooled to a conve-
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nient temperature at which the tensile tests are performed. These samples were
submitted to uniaxial tensile strain condition in two directions : normal to the block
and parallel to the block. In the perpendicular direction the constitutive blocks are
coupled in serial. Depending on the choice of the LJ interaction of the soft phase,
two deformation modes were distinguished in this case. (i) The localized deforma-
tion : at low εBB the global deformation will be localized in the soft phase, the hard
phase remains undeformed. The yield in this case corresponds to the cavitation in
the rubber. At hight strain the hard phase starts to deform since the soft phase
becomes stretched enough. (ii) The homogenous deformation appears at high εBB.
The two blocks hard and soft deforms homogeneously in this case, and the yield cor-
responds to the deformation of the glassy phase. In parallel coupling the mechanical
response of the system is governed by the behavior of the hard phase. The impact
of the chain architectures and conformations on the mechanical response of triblock
has been approached. Several samples with different amounts of cut and loop chain
were tested. The presence of the cut chains in the samples reduces their mechanical
properties. The elastic slope and the strain hardening of the samples decrease remar-
kably as the proportion of cut chains increases. This behavior is correlated with the
loss of entanglement, and stress concentrations that weaken the hard phase at high
strain. In contrast, loop chains in the sample were found to be equivalent to brid-
ging molecules. Indeed, a loop chain originating from one hard block is sufficiently
long to entangle with other loop chains coming from the second block. Therefore
the knotted loop chains ensure the stress transmission between blocks in the same
manner as the bridging molecule. This observation was also verified by doing the
PPA on the soft phase of loop chains system.

The role of the interface strength on the mechanical response of triblock was also
investigated by tuning the surface tension εAB. The two previous cases : localized
and homogenous deformations were considered. For the first case, we find that the
influence of εAB is not significant on the elastic properties and the cavitation strain.
The onset of hard phase deformation decreases as εAB decrease. This trend was
correlated to the pre-oriented chain conformation that will become more pronounced
as the segregation becomes strong.

For the second case (homogenous deformation), reducing the surface energy for
the interface will reduce the cavitation strain, at extremely weak interface the nu-
cleation of cavities becomes localized at the interface, which decrease remarkably
the deformation of the hard phase.

The influence of strain rate on the mechanical response is not yet investigated.
The question about the role of the strain rate becomes relevant since the local
behavior rubbery phase is a strain rate dependent. The homogenous deformation of
(1,0.5,0.5) sample in serial coupling is well interpreted by the homogeneity of the
local elastic response of each phase but is this behavior still observed at low strain
rate ? This remains an open question that needs more investigations.
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5.1 Introduction

Multiblock copolymers exhibit a composite mechanical response that depends
sensitively upon their constituent homopolymers segments, molecular architecture
and chain topology. Triblock copolymer have become an attractive material for their
use as thermoplastic elastomers that could be integrated in several technical and
manufactural fields. (e.g : copolymer styrene butadiene rubber is commercially ex-
ploited in footwear, in pressure sensitive adhesive (K-Resine), in paving and roofing
compounds.) Depending on the amount of each phase the segregated block copoly-
mers may present several morphologies : spherical,cylindrical, gyroidal and lamellar.
The lamellar morphologies have attracted much interest for several reasons : (i) well
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aligned specimen can be experimentally generated by shearing, (ii) structure - pro-
perty correlation is simplified due to the one dimensional structural geometry, and
(iii) lamellae reveal the mechanical contribution from each component while other
classical morphologies (cylinders, spheres) tend to be dominated by the majority
(matrix) phase. In these copolymer systems one of the constituent polymers (ty-
pically the minority component) is glassy and the other one is rubbery. 1 A single
copolymer chain can be shared between two different glassy lamellae, forming a
rubber bridge that provides a strong coupling between phases. The resulting system
combines the stiffness of the hard glassy phase and the ductility of the soft rubbery
phase.

When a lamellar copolymer sample is submitted to a tensile strain perpendicular
to the plate (layers), the glassy layer eventually buckles into a "chevron" morphology.
With increasing strain the normal to the lamellae tilts away from the stretching
direction, whereas the lamellar spacing remains almost constant. This behavior was
demonstrated experimentally in triblocks by Small Angle Xray Scattering (SAXS)
under deformation, and by micrographs of strongly deformed samples. In SAXS,
the evolution of the morphology under tensile strain condition has been extensively
studied. it is characterized by the evolution from a pattern with two symmetrical
spots for a perfectly aligned sample towards a four-point pattern that characterize
the chevron morphology and starts appearing at the yield point.

This buckling instability under strain, which is observed in many layered mate-
rials from smectic liquid crystals to geological layers, was frequently described in a
qualitative way by a preference to shear compared to an extension in the direction
normal to the layers, in order to preserve the lamellar spacing. A different cause for
buckling is the existence of a Poisson effect, with the soft phase taking most of the
imposed deformation, and exerting a compressive stress in the transverse direction
that causes the buckling of the hard phase. In this chapter, we will use the ability of
molecular dynamics simulations to give information on the local values of stresses
and strains to explore the causes of the instability in triblock copolymers with alter-
nating glassy and rubbery layers, without introducing an a priori description of the
mechanism, as would be the case in Self consistent field or finite element modeling.
To our knowledge, this is the first observation and study of this instability in mo-
lecular dynamics simulations. In order to achieve this study, several challenges had
to be addressed. Large samples will have to be used, and the parameters must be
optimized to allow the observation of buckling within the conditions of a molecular
dynamics simulation.

We begin the discussion with a fast review of existing literature. Next we dis-
cuss qualitatively the observations made in MD simulations. Section 4 describes the
modeling of buckling developed by Read et al [Read 1999] using elasticity theory.
We then explore the influence of several factors such as sample size and strain rate.
The results are analyzed and discussed in relation to the elastic theory of Read et

1. Another possibility which will not be examined here is a glassy phase coupled with a semi
crystalline phase.
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Figure 5.1 – A Transmission Electron Microscopy (TEM) image showing the
morphology of the buckled state of SBS (Styrene-Butadiene-Styrene) rubber, the
tensile direction is shown in the small top right inset. figure reproduced from
[Adhikari 2004].

al in the last part of this chapter.

5.2 A short review of experimental results

The response of lamellar block copolymers has been extensively studied in the
past few decades in order correlate their mechanical properties with the local mor-
phology and the micro-structural characteristics of the sample. To obtain a regular
layered morphology over large sizes in experimental studies, the block copolymer is
submitted to an oscillating shear applied during the casting process [Cohen 2001].
Cohen et. al [Cohen 2000] has reported a detailed study of the micro-structural tran-
sitions during deformation of highly ordered lamellar SBS films at different angles
of the applied force with respect to the lamellae. In particular force applied parallel
to the lamellar normal was shown to cause folding of the layer into a “chevron”
morphology (figure 5.1).

Many other layered systems are found to exhibit a similar behavior, these sys-
tems range from the smectic phase of liquid crystal [de Gennes 1993], to micron
scale stripped pattern in magnetic films [Seul 1992] and to macroscopic geological
formations [Ramsay 1987]. An extensive finite element simulation study was made
by Read et al [Read 1999] has predicted the buckling strain based on the elastic
properties of the layered structure. In such approach, the buckling is expected when
the gain in elastic energy overwhelms the bending energy penalty of the hard phase.

The evolution of the local morphology of lamellar block copolymer under per-
pendicular tensile strain experiment was inspected by in situ Small Angle X-ray
Scattering (SAXS) technique in [Thomas 2001].
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Figure 5.2 – (a) Stress strain curve of an aligned CECEC pentablock copolymer, the
uniaxial strain was applied perpendicular to the block orientation. (b) SAXS pattern
taken with X-ray beam directed perpendicular to the tensile direction during the
tensile extension test. (figure reproduced from [Hermel 2003])
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The evolution of the SAXS pattern was related to the mechanical response as
shown in figure 5.2 for glassy/semi crystalline block copolymer (C and E denote
respectively Poly-CycloHexylEthylene and PolyEthylene).The corresponding data,
reproduced from [Hermel 2003], is shown in figure 5.2 . The mechanical response
shows several regimes, (i) the linear elastic regime, (ii) the necking and (iii) is the
strain hardening regime. The first SAXS pattern for the unstrained state shows two
reflections that result from the periodic aligned lamellae morphology with lattice
spacing d0. The small bending of the SAXS reflections in the initial undeformed
sample was attributed to the small morphological defects such as layer tilting with
respect to the main alignment direction [Thomas 2001]. The application of the re-
versible strain in in the elastic regime (i) leads to two pairs of additional reflections,
consistent with a new spacing at d = 2.9d0. Necking (ii) and strain hardening
(iii) transforms the SAXS pattern creating considerable low angle scattering inten-
sity and four new reflections. This irreversible transition persists through failure.
The new spacing signature observed in the elastic regime results from the locali-
zation of strain in some lamellae (preferentially in some SC lamellae), which leads
to cavitation and drawing within a subset of PolyEthylene (E) domains. In the
necking and the strain hardening regimes the buckling of lamella can be distingui-
shed by the four spots of the SAXS patterns. The proposed failure mechanism is
shown in figure 5.3.b . Note that several studies in glassy/semi-crystalline lamellar
block copolymer indicate the development of the cavitation in parallel to the buck-
ling [Hermel 2003, Mori 2003]. This observation deduced from the whitening of the
SAXS spots was verified by the Transmission Electron Microscopy TEM images, as
shown in figure 5.3.a .

A similar but not identical behavior was found in aligned the S-B-S triblock
where the structure is consistent with an alternating is glassy-rubbery blocks. When
the tensile is applied perpendicular to the lamellar direction, the elastic response re-
sults from the dilatation of the soft phase [Cohen 2000] (see figure 5.4). The smooth
decrease of stress growth at yield is correlated with the onset of lamella buckling,
detected by the bending of SAXS pattern.The development of buckling from an
undulation to “chevron” morphology leads to four symmetrical spots in the SAXS
reflection. The evolution lamellae tilting after the buckling can be followed in situ
by measuring the Azimuthal angle of the SAXS pattern as it done several works
[Wu 2004, Phatak 2006, Mahanthappa 2008]. The development of buckling is achie-
ved in the drawing regime before the ultimate failure. Cohen and Thomas have
compared the apparent elongation estimated from the azimuthal angle and the to-
tal elongation of SBS sample submitted to a perpendicular tensile stain. A large
difference was found at low strain. This difference was interpreted by the role of
pre-existing defects that nucleate tilt grain boundaries at low strain. [Cohen 2003].

The influence of the processing variable on the chain architecture of lamellar
block copolymer has been studied : Wu et al have demonstrated that the phase
orientation and molecular architecture (the amount of the loop molecules against
the bridge chains) depends severely upon the amplitude and the frequency of the
applied oscillatory shear (the study was performed on a Styrene Isoprene copoly-
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Figure 5.3 – (a) and (b)TEM images obtained from the section of a mixture of
triblock CEC and pentablock CECEC, taken after the failure under tensile strain.
The tensile direction is indicated by the white arrows. The white spots are attributed
to the formation of voids during necking and drawing. (reproduced from [Mori 2003])
(c) proposed pentablock failure mechanism (c1) tensile deformation of an aligned
monodomain lamellae specimen results in cavitation and drawing (c2) within the
softer domain. Additional strain leads to a buckling instability in (c3) [Hermel 2003].
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(a) (b)

Figure 5.4 – (a) stress-strain curves (engineering units) of oriented SBS lamellar
sample undergoing perpendicular deformation at ambient temperature. The evo-
lution of SAXS patterns during the test is shown in (b), the “Chevron” angle is
correlated with the azimuthal angle Φ. (figure reproduced from [Cohen 2001].)

mer). [Wu 2004]. This observation was verified later by a molecular dynamic study
[Guo 2006]. The role of the molecular architecture in the mechanical response of
oriented lamellar copolymer has been studied. A fast transition from ductile to brit-
tle behavior was observed by Bates and coworkers [Mori 2003]. This transition is
achieved when the bridging chains (pentablock CECEC chains) reach 15% of the
total amount of chains (the other chains are triblock CEC chains). A similar result
was found in references [Phatak 2006, Lim 2005] in which the tensile strength and
the toughness of aligned copolymer sample are directly correlated with the amount
of bridging chains.

5.3 Overview of observations made in MD simulations

5.3.1 Microscopic analysis of the mechanical response in a small
system

When a multilayered system is stretched perpendicularly to the layer direction,
each component of the system will deform according to its own stiffness. Then
locally, the deformation will be distributed between phases in a way that ensures the
continuity of the stress. The resulting macroscale deformation is the sum of the local
strain response of each phase and the composite stiffness will be dominated by the
response of the soft phase. The multiblock copolymers exhibit a similar mechanical
response when the a tensile strain is applied in the perpendicular direction. Due
to the serial coupling between the glassy and rubbery phases the tensile strain will
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be mainly localized in the rubbery lamellae. As we have shown in the first chapter,
the Poisson ratio of the rubbery phase is relatively high compared to the one of the
glassy phase (at T = 0.5 and εAA = 1 νrubbery ' 0.5 while at T = 0..2 νglassy ' 0.4

for the same interatomic interaction). Then at the same strain, the rubbery phase
contracts more than the glassy phase in the lateral direction if no coupling exists.

In multiblock copolymers, the coupling between phases is ensured by two inter-
actions : (i) the bonded interaction that bridges the two phases together (ii) the
non specific bond interaction that controls the wetting and the segregation state of
phases. At low strain the stress transmission between phases will be ensured by the
non specific bonds ; however, the bonds are more effective at high strain.

Due to the Poisson effect, the perpendicular tensile in layered copolymer will be
converted locally to a contraction in the lateral dimension. The lateral contraction
is more pronounced in the rubbery phase, due to the larger deformation and the
higher Poisson ratio. As the two phases glassy and rubbery are strongly coupled by
both interactions, the lateral contraction of the rubbery phase will be transmitted
to the glassy one via the interface. The glassy phase becomes submitted to a tensile
stress in the perpendicular direction and a compressive stress laterally. Under these
conditions, and for a sufficiently large system, a buckling instability takes place to
relax the lateral compressive stress.

This scenario can be checked qualitatively by monitoring the local stress in a
sample strained perpendicularly to the lamellae. Figure 5.5.a shows the lateral stress
(σxx+σyy2 ) profile (along the z direction) of a stretched copolymer sample at a true
strain εzz = 0.04. The average pressure in these directions (x and y) was set to
zero, as uniaxial tensile conditions are imposed globally. In order to distinguish each
phase the density profile is also plotted (secondary vertical axis). The glassy phase
is characterized by the higher density, compared to the rubbery phase. As shown
the lateral stress is positive in the rubbery phase while it is negative in the glassy
phase, indicating a local compression parallel to the glassy lamellae.

The spatial distribution of the lateral stress is also shown in figure 5.5.b. As in
figure 5.5.a the negative stress corresponds to glassy regions. The stress in these
figures was probed in a relatively small sample (Lx = 34.5σ × Ly = 102.3σ × Lz =

34.5σ) in which buckling is not observed, however the analysis of the stress profile
clearly shows the importance of the Poisson effect. The influence of sample dimension
is discussed below.

Lateral force and segregation state : The evolution of the lateral compressive
force acting upon the glassy layer is shown in figure 5.6 where the sample is sub-
mitted to a uniaxial tensile test at constant strain rate (ε̇zz = 7.3 × 10−5). Several
segregation parameters were tested, all of them are chosen to have one of the consti-
tuents glassy and the other rubbery at the temperature of the test, kBT = 0.3ε. As
discussed below, the simulation of the buckling necessitates a very large specimen
which increases massively the computation time. so that the choice of interaction
parameters that favor buckling is important. A convenient situation is one in which
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Figure 5.5 – (a) Profile of the lateral stress (σxx + σyy)/2 (blue line labelled by
�) along the z direction. The density profile is also plotted to identify the glassy
(Gla) and rubbery (Rub) phases. The negative stress level of glassy layers denotes
the compression state imposed by the deformation conditions of rubbery layers.
(b) Lateral stress cartography. Snapshots were taken at a εzz = 0.04 (the same
sample is used for the plots shown in figure 5.5). The lateral stress is not perfectly
homogenous within each phase. The local stress is computed within a box of size
5σ × 5σ × Ly = 102σ.

buckling takes place at small strains, and therefore within a small computation time.
Assuming that the compressive stress in the glassy phase is the driving force for bu-
ckling, one should therefore choose the parameters that correspond to a large value of
this stress. All curves in figure 5.6 correspond to samples that have the same segrega-
tion parameter kBT

N ε̃N = 0.25. The Lennard Jones energy of the glassy phase (εAA)
is unchanged but the two other LJ interactions (εBB, εAB) are tuned. As shown in
this figure the lateral force increases as εBB increases. In view of this trend the bet-
ter choice of the segregation state seems to be (εAA = 1.0, εBB = 0.5, εAB = 0.5),
however we found in the first simulations at high strain rate that this system deforms
homogeneously (see section 5.6 for a discussion of strain rate effects). In this case,
the elastic contrast between the two phases is too small to observe buckling at small
strains. Another interesting choice is (εAA = 1.0, εBB = 0.3, εAB = 0.4), this sample
shows a localized strain in the rubbery phase and relatively high increase of the
compressive force before the cavitation strain εzz = 0.08. In the following, we have
chosen this set of parameters for carrying out our numerical studies of buckling.

Lateral force and cavitation : It may be important to note here the influence
of the cavitation upon the lateral force. It was reported in the previous chapter that
cavities nucleate in the rubbery phase at yield point. The cavitation is followed by
a marked relaxation of stress and a drop in the lateral force. If the buckling was
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not triggered before the cavitation, it will be difficult to start after the cavitation
since the lateral force is relaxed and damped. Therefore, the observation of buckling
requires that this instability takes place before the nucleation of cavities. This point
is also detailed in the next section.

5.3.2 Construction of a “large” system

It is well know from the theory of elastic plates or rods that, for a given force,
buckling will be observed only above a threshold dimension (and conversely only
above a threshold force for a given dimension). In triblock systems, the glassy layers
in the samples must have a sufficiently small bending energy compared to the tensile
strain energy. This condition can be fulfilled in two ways : (i) reducing the hard phase
thickness and (ii) increasing the sample width. The first possibility leads to some
problems, since the thickness of the hard phase (glassy) is imposed by the segregation
parameters, chain length and temperature. having chosen the segregation state, any
change in other variables may alter the morphology, and the properties of each layer.
Therefore, the second possibility, i.e. an increase of the lateral size, was retained for
our studies.

After the generation and the segregation-relaxation process, (detailed in the
appendix), the basic sample was replicated several times (at least six times) in the
Y direction. The initial sample is composed from 432 chain of 200 beads per chain,
the dimensions of the simulation box are LX × LY × LZ = 35.8× 32.9× 75.2.

The replication is carried out before cooling the sample, at kbT = ε, the two
phases are rubbery in this case. Since the replication conserves the periodicity of
bead positions and velocities, the bead velocities are then rescaled and an additional
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Figure 5.7 – Mechanical response of the initial sample replicated 12 times under
uniaxial strain conditions. The black points denote the selected configurations that
are shown in figure 5.9. The drop of stress is correlated with the nucleation and
growth of cavities in the rubbery phase.

MD steps (106) are performed to remove this periodicity. After the relaxation stage,
the specimen is cooled to the temperature kBT = 0.3ε by 7 × 105 MD steps and
relaxed again (106) MD. note that the pressure remains zero in all of these steps.
The sample is now ready for the tensile test.

5.3.3 Mechanical behaviour of the large sample

A homogenous uniaxial tensile test is performed in order to probe the mechanical
response of the specimen. The tensile strain was applied in the direction Z (perpen-
dicular to the lamellae) at a constant velocity Vz = L̇z. In this first set of results,
the strain rate is εzz = 7.3 × 10−5. The pressure is fixed to zero in the X and Y

directions by a Nose-Hoover barostat. The pressure in the Z direction was averaged
over short deformation intervals, of δεzz = 0.002. The stress-strain curve is plotted
in figure 5.7 and the corresponding snapshots are shown in figure5.9. For clarity,
the snapshots of the specimen are replaced with snapshots of the local density map,
which allows one to distinguish each phase and to detect any anomalous change in
the local density (mainly by cavitation). The constitutive law displays three main
regimes.

The elastic regime : at small strain, the stress grows linearly with the imposed
deformation. This regime is limited to a very small deformation amount (less than
2%). The total Young modulus can be fitted from this curve, we find Et = 5.6. This
value of Et results from the combination of the elastic behavior of each phase. The
density maps show very little change in this regime.

Buckling : Beyond the elastic regime, a progressive softening is observed. This
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Figure 5.8 – Evolution of the lateral strain 0.5(εxx + εzz) under uniaxial tensile
conditions. The local slope defines the Poisson ratio, and buckling is correlated to a
strong change in this slope. The corresponding snapshots of the marked points are
shown in figure 5.9.

slight deviation from the elastic linear behavior is commonly interpreted as resulting
from the changes in molecular conformations (especially in the rubbery phase). The
buckling of the glassy phase starts at εzz = 0.06. The buckling strain was detected
by the change of Poisson ratio. Figure 5.8 shows the mean perpendicular strain
(ε⊥ =

εxx+εyy
2 ) with respect to the applied strain εzz. As in figure (5.7), the indexed

points on the curve correspond to the snapshots of figure 5.9.
Within the selected range of deformation, the curve displays two linear segments

with two different slopes. The first one fits the Poisson ratio of the sample. The next
segment, with a larger slope results from the rapid change in lateral dimensions after
buckling. In other words, before the buckling the contraction strains in the lateral
directions (εxx and εyy) results from the Poisson effect but after the buckling, the
imposed deformation will be compensated by the lamella rotation rather than the
lamella stretching, the sample deforming in an ”accordion” like manner.

In this regime, the strain components (εxx and εyy) become dependent on the
lamellae orientation . The break of slope in figure 5.8 can then be considered as
the signature of buckling. WIth this definition, the value εBuck = 0.06 at point 3
corresponds very well with the onset of the buckling, as observed visually in the
third snapshot of figure 5.9.
Cavitation : After buckling, a strong drop of stress occurs at εzz = 0.008. This
drop can be correlated with the nucleation of cavities in the rubbery phase, as
illustrated by the fourth density map in figure 5.9. The low density spots in figure 5.9
correspond to the cavitation in the rubbery layers. Indeed, due to the buckling, the
local deformation of the rubbery phase is not homogenous. The sample progressively
adopts a chevron morphology, with different deformation states : at large strains the
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the buckling is confined to a localized region in space, developing into a hinge. At
the hinges of the chevron the deformation is essentially tensile, while the tilted
part undergoes a simple shear deformation. The latter deformation is caused by
the rotation and sliding of the hard lamellae. A gradient of displacement results
within the rubbery phase confined between two glassy layers in the tilted part of
the chevron. At the hinges of the chevron the deformation, on the other hand,
is essentially triaxial, and favors nucleation of cavities. As a result the cavities in
the rubber that initially appear randomly tend to heal in the sheared zones and
nucleate preferentially where triaxial stress persists, as illustrated by the sequence
of snapshots (from 4 to 7) in figure 5.9. ).

Cavitation and strain hardening : The last part of the stress strain curve
(points 5 to 6 in figure 5.7) of the buckled sample reveals a short drawing regime at
constant stress, followed by a strain hardening region. The drawing regime is very
short compared to the homogenous polymer behaviour after the cavitation, but in
both cases this regime results from the balance between the elastic energy and the
surface free energy of the cavity. As the cavities in the rubber will be located in
the hinge of the chevron structure, the development of free surfaces by cavitation
becomes constrained by two factors : (i) The spacing between glassy lamellae and
(ii) the ’chevron’ morphology of the sample. The first factor controls the propagation
of cavities in the strain direction (longitudinal direction) while the second one limits
the propagation in other directions (lateral directions). Due to these factors, the
mentioned balance of energies is rapidly exhausted, and the stress rises again. The
link between the strain hardening (SH) and the change in chain conformations is
less well understood than in the homogenous polymer case, as the strain state of
the sample is a complex combination of triaxial deformation at the extremity of
the chevrons and of shear deformation in other parts. A detailed analysis of strain
hardening under various simple deformations would be necessary to understand fully
this behavior and relate it to local chain conformations.

5.3.4 Evolution of diffraction patterns

Small Angle X Ray Scattering (SAXS) has been frequently used in experimen-
tal works in order to probe the microstructural evolution of the sample undergoing
uniaxial deformation. The onset of the buckling was generally related to the ar-
ching of the SAXS spots which evolves into a four points pattern at high strain.
The chevron angle and the local nominal elongation λ can be also measured via the
tilt angle φ (see figure 5.10b ) : λ = 1/cos(φ). Note that in the initial, undeformed
samples, may display a slight arching of their SAXS spots due to the presence of
some morphological orientation defects . Figure 5.10 displays the intensity plot of
the Discrete Fourier Transform (DFT) of the local density at several values of the
total deformation. These plots are equivalent to the experimental SAXS reflections.
The DFT was realized in the Y Z plane, as the density maps of figure (5.9). The first
Fourier transform, for the undeformed sample, displays two symmetrical spots that
indicate the presence of one lamellar orientation. This pattern remains unchanged
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s3 (ε = 0.062)

s2 (ε = 0.021)

s1 (ε = 0) s4 (ε = 0.083)

s5 (ε = 0.14)

s6 (ε = 0.31)

s7 (ε = 0.55)

Y(σ)

Figure 5.9 – Local density maps at several strains. The high (low) density phase
corresponds to the glassy (rubbery) lamellae. The phase buckling starts before cavi-
tation. As the deformation progresses, cavities will nucleate randomly in the rubbery
phase. Cavities that are located in the tilted part of the chevron disappear rapidly ;
however, only cavities that are located in the hinges will survive to a high strain.
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Figure 5.10 – (a) Discrete Fourier Transform of local density for several samples
with different strain levels. (corresponding to the images shown in figure 5.9). The
perfect undulation of the lamellar structure leads to a fourfold symmetry of the dark
spots in the pattern. Similar results were found for real triblock samples under strain
using small angle X ray scattering. (b) Angle φ between the buckling fragments and
the horizontal axis Y (see inset).

in the elastic regime since the sample conserves its lamellar morphology but only
the spacing between lamellae changes. The onset of buckling is marked by the ar-
ching of the pattern (third image) which rapidly becomes four symmetrical spots (2
plane orientations of the chevron). As the deformation progress the azimuthal angle
increases since the chevron angle decreases.

Note that the DFT was applied on binary images that distinguish each phase
by a specific label : glassy (label 1) and rubbery (label 0). The loss of local density
due to the cavitation is not taken into account, so that no signature of cavitation
is apparent. To illustrate the evolution of the buckling angle with respect to the
deformation, the latter is also plotted in figure 5.10.b. The angle was evaluated by
a direct measurement. The tilted parts of the chevron were fitted by straight lines,
and the angle is deduced from their slopes. As shown, The curve is initially stable
at zero, at buckling strain a rapid increases of angle takes place.

5.4 Elastic modeling of the buckling instability

As mentioned in the introduction, two different theoretical descriptions of buck-
ling of lamellae under stress are available in the literature. One approach is based on
writing a free energy function of the order parameter that describes the lamellar or-
der, and explains the instability by the fact that a strained state will try to maintain
the wavelength that minimizes this free energy. This approach would be appropriate
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Figure 5.11 – Spatial distribution of lateral stress σyy in a buckled sample at a
true strain εzz = 0.083. The boundaries of each phase are estimated from the local
density. The lateral stress exhibits a noticeable gradient localized at the hinges of
the chevrons of glassy phases, however ; the stress vanishes in the rubbery phases
except for some some small fluctuations.

for copolymers in which both phases are at equilibrium, so that the order parameter
can respond to the deformation. Here one of the phases is glassy, and the explana-
tion for the buckling instability must be searched in a different direction, involving
the minimization of the total elastic energy. This description (which for some as-
pects goes back to early works of Biot and Ramberg [Biot 1961, Ramberg 1964])
has been detailed in an important paper by Read et al [Read 1999]. In this section,
we reproduce the main steps of this calculation. The calculation will be presented
first in two dimensions.

The model aims at describing the balance of energies that results from : (i)
the macro-scale deformation of the sample (the elastic energy), (ii) the hard phase
bending and (iii) the polarization between phases. The elastic energy of 2D sample
under small strain can be written as :

Umacro =
1

2
(C11ε

2
11 + 2C13ε11ε33 + C33ε

2
33 +Gε213) (5.1)

where Cij are the components of a symmetric 2 × 2 stiffness matrix of the entire
system, G is the shear modulus parallel to the layer. In this equation the material is
considered as homogeneous and anisotropic. The Cij matrix can be determined by
mechanical tests that are applied in different directions, or deduced from the elastic
properties of each lamella.

The phase bending energy results from the variation of lamellar rotation angle
θ (the angle between the tangent on layer and the horizontal axis X ). The energy
density associated with the bending can be written as

Ubend =
1

2
K(∇xθ)2 (5.2)
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K is the bending modulus of the sample. Indeed, due to the serial coupling between
phases the bending modulus will be dominated by the contribution bending the hard
phase. (see the magnitude and the distribution of stress in each phase in figure 5.11)
The bending modulus can then be estimated from simple beam bending theory as
follows :

Kest =
φ3hEhd

2

12(1− ν2h)
(5.3)

where φh is the volume fraction of the hard phase, Eh is the Young modulus of the
hard phase, νh is its Poisson ratio and d is the lamellar spacing.

The polarization phenomenon occurs when the layer is alternatively compressed
and dilated along its length. In such a case the rubbery phase relieves some of
the compression or dilatation energy by moving from the compressed regions to
the dilated regions. As the constitutive phase are bridged together by strong FENE
bond, the polarization costs shear energy. The occurrence of polarization is observed
where a change in buckling amplitude subsists between two successive hard layers.
Fortunately, this phenomenon is not pronounced in our systems : first, because of
the periodic boundary conditions in the tensile direction and second, there are only
two glassy phases and two rubbery phases per system. Thus, the contribution of the
polarization energy can be neglected in our system.

The total energy density results from the addition of the bulk elastic energy and
the bending energy, which yields :

U2D = Ubend + Umacro

=
1

2
(C11ε

2
11 + 2C13ε11ε33 + C33ε

2
33 +Gε213 +K(∇xθ)2) (5.4)

All the strain terms in the previous equation are defined with respect to a local
reference frame defined by the lamellar direction. The general deformation of the
system can also be described by the displacement vector in the laboratory (x − z)
coordinate system. In order to describe the formation of chevrons, the global energy
must be written in terms of the laboratory coordinates, and the local variables must
be related to these coordinates. Let us suppose δx′ and δz′ are the transformed
coordinates of a vector with coordinates δx and δz taken in the initial configuration.
the transformation include three steps (i) stretching ε11 and ε33 in the local 1-3
frame. (ii) the shear ε13 and finally (iii) a rigid body rotation of the frame. The
relation between an initial vector and the one in the deformed configuration can be
written as follows :(

δx′

δz′

)
=

[
cos θ − sin θ

sin θ cos θ

] [
1 + ε11 ε13

0 1 + ε33

](
δx

δz

)
(5.5)

The variation of the displacement field ~v(x, z) along the vector (δx, δz) is (δvx, δvz)

where δvx = δx′ − δx and δvz = δz′ − δz Therefore the displacement gradient is
obtained as :
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[
∇xvx ∇zvx
∇xvz ∇zvz

]
=

[
δvx
δx

δvx
δz

δvz
δx

δvz
δz

]
=[

cos θ − sin θ

sin θ cos θ

] [
1 + ε11 ε13

0 1 + ε33

]
− I

(5.6)

By inverting this system one obtains the local strains and rotation angle in terms
of the gradients of the displacement field v(x, z), then we obtain :

sin θ =
∇xvz
β

(5.7)

ε11 = β − 1 (5.8)

ε33 =
1

β
((1 +∇zvz)(1 +∇xvx)− (∇zvx)(∇xvz))− 1 (5.9)

ε13 =
1

β
((∇zvx)(1 +∇xvx)− (∇xvz)(1 +∇zvz)) (5.10)

where β =
√

(∇xvz)2 + (1 +∇xvx)2. The displacement can be expressed in terms
of the global deformation εxx, εxz and εzz by distinguishing an affine displacement
proportional to the global deformation and a non affine one, ~u(x, z) :

vx = εxxx+ εxzz + ux (5.11)

vz = εzzz + uz (5.12)

Substituting back into the equations (5.7)-(5.10) one obtains an expression of the
energy density which can be expanded in small powers of ~u(x, z) and averaged
over the volume of the system. The averaging denoted by the angular brackets 〈· · · 〉
eliminates linear terms such as 〈∇xux〉 = 〈∇zux〉 = 〈∇zuz〉 = 0 due to the boundary
conditions

Finally the expression (5.4) of the energy becomes :

2〈U2d〉 = 〈Umacro + Ubend〉+G〈(∇zux)2〉

= C11ε
2
xx + 2C13εxxεzz + C33ε

2
zz

+C11〈(∇xux)2〉+ 2C13〈(∇zux)(∇xuz)〉+ C33〈(∇zuz)2〉

+ 〈(∇xuz)2〉
(1+εxx)2

[G− εzz(C33 − C13 − 2G)− ε2zz(C33 −G) + εxx(C11(1 + εxx)− C13)]

+2 〈(∇zux)(∇xuz)〉
(1+εxx)

[G− εzz(C33 −G)− εxxC13]

+K〈(∇2
xuz)

2〉+O(u4)
(5.13)

The system becomes linearly unstable against buckling when there exists a deforma-
tion mode ~u with a negative coefficient in the expansion. In the rest of calculation,
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we discuss the linear stability with respect to a sinusoidal perturbation of the form
observed in our simulations, namely

uz(x, z) = U0sin(kx) ; ux(x, z) = 0 (5.14)

with k is a wave vector compatible with the boundary conditions, k = 2nπ
L . S

Substituting in equation 5.14 in 5.13 gives :

2〈U2d〉 = C11ε
2
xx + 2C13εxxεzz + C33ε

2
zz

+
U2
0
4 {f1(εxx, εzz)k

2 +Kk4}+O(U4
0 )

(5.15)

where
f1(εxx, εzz) = 1

(1+εxx)2
[G− εzz(C33 − C13 − 2G)

−ε2zz(C33 −G) + εxx(C11(1 + εxx)− C13)]

(5.16)

The buckling instability occurs upon increasing strain when the coefficient of U2
0

becomes negative, meaning that the global gain in elastic energy overwhelms the
bending energy penalty. To close the system, one assumes that before the buckling
begins (i.e. in the elastic regime) εxx can be substituted by νεzz where ν is a global
Poisson ratio. Under this assumption, f1(εxx, εzz) becomes a function of εzz only.

A three dimensional version of the equation was developed also by Read at al.
The resulting energy equation give a coefficient of U0 similar to equation 5.15 with
only a slight change in f1(εxx, εzz) which becomes :

f3D1 (εxx, εyy, εzz) = 1
(1+εxx)2

[G− εzz(C33 − C13 − 2G)

−ε2zz(C33 −G) + εxx(C11(1 + εxx)− C13)− C23εyy]

(5.17)

Note that due to the lamellar morphology of our system the mechanical properties
are isotropic in the plane of the lamellae. Thus, C23 = C13 and εxx = εyy = νεzz, so
that f3D1 (εxx, εyy, εzz) can be simplified as follow :

f3D1 (εxx, εyy, εzz) = f3D1 (νεzz, νεzz, εzz) = f3D2 (εzz) =

1
(1+εxx)2

[G− εzz(C33 − C13 − 2G)

−ε2zz(C33 −G) + νεzz(C11(1 + νεzz)− 2C13)]

(5.18)

The buckling strain ε∗buck can be estimated by solving this equation for a fixed
wavevector kn = 2nπ/L :

f3D2 (ε∗buck)k
2
n +Kk4n = 0 (5.19)

For a given wavevector kn, buckling will become possible above a certain strain ε∗n
such that f3D2 (ε∗n) = −Kk2n. As |f3D2 | is an increasing function of the strain, the
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wavevector corresponding to the largest wavelength, i.e. the size of the box, will
become unstable at the smallest strain according to this analysis. This also implies
that for a smaller box size, a larger strain would be needed to observe buckling ;
as noted above, cavitation then tends to take place before the critical strain for
buckling is reached, and the elastic analysis becomes irrelevant above the cavitation
threshold.

In the following, numerical comparison between simulations and this theory will
be made by using for the elastic constants Cij values determined from simple linear
deformations of a small sample that does not exhibit the buckling instability. These
values are, for the interaction parameters and temperature mentioned above, C11 =

24.17, C33 = 7.61, C13 = 6.5, and G = 0.07. The Poisson ratio is ν = −0.178.

5.5 Effect of sample size

The discussion in the previous section shows that the periodic boundary condi-
tions have an important influence on the buckling instability. As shown in figure
5.13, the instability takes place for a different mode for a system with free or with
periodic boundary conditions, the first one undergoing a ’half wave’ instability which
is prohibited in the second case. Also, the buckling in the small samples is impossible
since the bending energy of the glassy phase is very big compared to the deforma-
tion energy of the bulk. Therefore, a critical length of sample can be defined as L∗y.
L∗y, the minimal length from which the sample will be able to buckle under tensile
strain. This was already shown qualitatively in sections 5.3 and 5.3.3, where it was
shown that a large sample replicating 12 times our initial simulation cell along the
Y direction was needed to observe the buckling instability. According to the elastic
theory, the instability wavelength will take place at smaller and smaller strains for
bigger and bigger samples, and always at the largest possible wavelength allowed
by the boundary conditions. This, however, contradicts a number of experimental
observations in which a rather well defined wavelength of the chevron structure is
observed. In [Read 1999], this discrepancy is assigned to preexisting defects in the
microstructure. Simulation provides an ideal benchmark of this hypothesis, as we
deal here with an ideal microstructure. We have therefore studied replicated samples
of various sizes, by replicating the same elementary cell n times along the Y direc-
tion, where n = 3,6,12,15 and 24.

Figure 5.13 compares the mechanical response of all tested samples, at the same
strain rate. In terms of stress-strain relation ( 5.13.a), all samples have roughly the
same mechanical up to the yield point. The drawing regimes exhibits important
differences between smaller and larger samples. The stress softening in long samples
is sharper than in the small ones. This stress drop (or softening) is related to the
intensity of plastic activity. Indeed, in our case the release of stress can be assigned
to a one or both events : (i) Cavitation and (ii) buckling instability. (i) For the
cavitation, the nucleation of free surface transforms a portion of the stored elastic
energy to a free surface energy, which induces a stress drop. (ii) In the buckling
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(a) (b)

Figure 5.12 – (a) sketch image shows the difference in buckling response for two
different boundary conditions. The first configuration corresponds to a free boundary
condition while the second case describes the buckled configuration with constrained
boundaries. (b) representation of the periodic boundary influence in the buckled
configuration. The sample can be assimilated to a pipe section, the deformation will
decrease the pipe radius and increase the section length.
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Figure 5.13 – (a) Stress strain curves of several samples with different sizes. All
curves have the same shape and collapse perfectly in the elastic-viscoelastic regimes.
The small difference in the stress softening regime can be attributed to the occur-
rence of buckling in long samples. (b) Comparison between the lateral deformations
of the same samples. For the shorter samples (Ly ≤ 6Ly0), the nucleation of cavities
relaxes the lateral deformation and no buckling occurs. The deformed configuration
snapshots of each sample are shown in figure 5.14.
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Figure 5.14 – Snapshots of several samples with different sizes. All configurations
are taken at a true strain εzz = 0.08. The phase buckling is only authorized for
the longer samples with Ly ≥ 12Ly0). The buckling wave length seems to be size
independent.

case, the change of the intrinsic deformation mechanism from tensile strain to shear-
rotation strain releases the local deformation of some zones and as a consequence
the elastic energy will also be relaxed. For long samples, both events participate
in the stress softening, thus the drop of stress will be accelerated compared to the
short sample case where only cavitation is present.

Figure 5.13.b shows the lateral strain in the different samples. All curves are well
fitted by a straight line with the same Poisson ratio in the first linear part (dashed
line), but after the yield strain, strong deviations can be observed : the lateral
strain decreases for long samples (L ≥ 12Ly0) while it increases for the shorter
ones (L ≤ 6Ly0). The decrease in lateral strain is related to buckling instability,
as discussed in section 5.3.3. For short samples, the increase of lateral strain after
the yield is strongly correlated with the nucleation of cavities in the rubbery phase.
The buckling in such samples is completely absent or irrelevant, as shown in the
snapshots of figure (5.14).

Examining the behaviour of the different samples, one concludes that the mini-
mal length for observing buckling before cavitation is between 6 ≤ L∗y/Ly0 ≤ 12. For
samples larger than 12Ly0, the onset of buckling occurs always at the same strain
(εbuck = 0.06), in contradiction with the expectation from the elastic description of
the previous section. An explanation of this behavior will be provided below, when
we study strain rate effects. Another surprising observation, illustrated in figure
5.14, is that the wavelength of the instability does not appear to increase with the
size of the system. In the 12 times replicated samples (S12) (the smallest sample
that exhibits buckling) the undulation wave length is equal to the sample size as
expected. However for the 15 times replicated sample (S15), the wave length is half
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Sample Ly Buckling Cavitation εyieldzz σyieldzz εbuckzz εbuckzz εbuckzz σbuckzz

(ε/σ3) me. pr. pr. (ε/σ3)
k = 2π/L k = 4π/L

S3 3Ly0 no yes 0.07 0.287 - 0.104 0.27 -
S6 6Ly0 no yes 0.07 0.284 - 0.044 0.106 -
S12 12Ly0 yes yes 0.071 0.282 0.054 0.026 0.043 0.248
S15 15Ly0 yes yes 0.07 0.276 0.048 0.023 0.035 0.228
S24 24Ly0 yes yes 0.072 0.28 0.053 0.021 0.026 0.240

Table 5.1 – Strain and stress that correspond to the buckling and yield. These
values were averaged over a short time interval (t=6τ that corresponds to a strain
range of 4.5 × 10−4). All simulations are done at a strain rate of 7.3 × 10−5. The
first mode buckling strains predicted ("pr." in the table) from equation 5.19 are less
than the measured values ("me." in the table)

the sample size, and the same is observed in the sample with 24 replications (S24).
Therefore it appears that the instability selects a preferred wavelength in the range
6 ≤ L∗y/Ly0 ≤ 12.

Table 5.5 summarizes the buckling and the yield properties obtained at a strain
rate of 7.3× 10−5. For each sample, the theoretical value of the buckling strain was
calculated from equation 5.19, assuming an instability wavevector k = 2π/L. As
shown in the table, the predicted values of εbuckzz is always less than the measured
one. This difference will be interpreted below as a direct consequence of kinetic
factors that are not taken into account in the elastic calculation. Indeed the strain
rate in this series of tests can be considered as fast compared to the buckling kinetics ;
thus, long samples don’t have the required time to adopt the lowest energetic mode
for buckling. This will also explain why the sample S24 has two undulations rather
than one. Note finally that the yield strain and stress are roughly the same for all
samples. The yield is mainly correlated with the cavitation in the rubbery phase,
which is essentially in the same deformation state for all sizes.

5.6 Influence of strain rate

In section 5.5 we have shown that the buckled configurations of S12,S15 and
S24 samples have the same undulation wavelength and the same buckling strain.
In addition, the S15 and S24 samples display two wavelengths per configuration
which is completely unexpected as the lowest energy configuration would have only
one undulation per sample. In this section, we will show that the the lowest energy
buckling mode indeed develops when the strain rate conditions are gentle enough.
In the next subsections we first describe the mechanical response of S12 sample at
low strain rate and after we show how the buckling cavitation are influenced by both
factors : strain rate and sample size.
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5.6.1 Response of the S12 sample at low strain rate

In the 12 times replicated sample S12, the observations from the previous section
are that the sample develops an instability along the lowest energy mode. However,
the strain at which the instability is observed is higher than predicted by elasticity
theory. In figure 5.26, we show the results of a tensile test performed under the
same conditions as in section 5.3.3, except for the strain rate which is 5 times
smaller, ε̇yy = 1.4 × 10−5. The resulting stress-strain curve superimposed with the
evolution of lateral strain are shown in the first panel. The linear part of both curves
corresponds to the elastic regime (the stress strain curve fits the Young modulus in
this regime and the lateral strain curve fits the Poisson ratio). The end of this regime
is marked by the yield, followed by a stress softening in stress-strain curve. The yield
point corresponds very well to the onset of buckling, indicated by the change of slope
(Poisson ratio) in the curve for the lateral strain. The absence of cavities was proven
by inspecting the local density of the sample at different strain levels. Therefore,
the yield and the stress softening in this case is correlated to the onset and the
development of the buckling in the sample. The last part of the stress-strain curve is
the drawing regime that corresponds to the development of the buckling undulation
in an accordion mechanism. Note that the range of strain studied is relatively small
so that the strain hardening regime is not attained. The absence of cavities in the
buckled sample at low strain rate does not mean that there is no cavitation at all,
but instead the cavitation appears at much higher strain in the hinge of the chevrons
where the stretching is maximal. The major difference between the present situation
and the one at higher strain rate is that the buckling instability appears at a much
lower strain,εbuckzz ' 0.04 instead of 0.054.

5.6.2 Response as a function of sample size and strain rate

In order to understand better the role of strain rate, we have submitted the same
samples of section 5.5 to a uniaxial tensile strain test driven at the low strain rate
(ε̇yy = 1.4× 10−5). The stress strain curves of the tested samples (S6, S12, S15 and
S24), compared with the same curves obtained at high strain rate, are shown in figure
5.16. The curves show that (i) the change in the Young modulus is negligibly small
for all samples, (ii) the yield stress and strain decrease as the strain rate decreases
and finally (iii) the stress softening exhibits a smooth transition (from yield to the
drawing regime) at low strain rate compared to a large drop at high strain rate.
Depending on sample size, the yield stress and strain are more or less affected. For
the smallest sample S6 the decrease of the yield stress and strain is small compared
to other samples. In general, the decrease of the yield threshold is strongly correlated
with the change of the plastic mode from cavitation to buckling. 2. Both cavitation
and buckling result in a yield behavior, however the yielding associated with buckling
is much more progressive and smooth than the one associated with cavitation.

The influence of the sample size on the mechanical response is shown in figure

2. The occurrence of buckling for all samples at low strain rate is illustrated in figure 5.17
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s1 (ε = 0.)

s2 (ε = 0.02)

s3 (ε = 0.04)

s4 (ε = 0.06)

s5 (ε = 0.08)

Y(σ)

Figure 5.15 – Stress-strain curve compared to the lateral strain curve of 12 time
replicated sample (same as in section 5.7) superimposed with the lateral strain curve
to localize the buckling. Low strain rate is employed to stretch the sample. The local
density maps taken at several strain levels are also shown. Cavities are completely
absent from the rubbery phase.
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Figure 5.16 – Stress-strain curves for several samples with different lengths Ly.
Comparison between two strain rates ˙εyy = 1.4 × 10−5 and ˙εyy = 7.3 × 10−5. An
important change in the mechanical response is observed for long samples, as shown
in (b),(c) and (d). At high strain rate, the cavitation is the main origin of stress
softening and no buckling is observed for the shortest sample Ly = 6 ∗ Ly0. At low
strain rate : (I) All samples buckle at yield, and (II) cavitation is absent.

5.17a .The stress strain curves were superimposed (idem for the lateral strain in (b)).
The elastic slope is still the same for all samples. The yield strain decreases as the
sample size increases, except for the longest sample S24 that exhibits a higher yield
threshold compared to S15 and S12. The origin of this non monotonous behavior can
be assigned to the buckling kinetics that will be slowed down as the buckling wave
length increases. We postpone the discussion of this phenomenon to section 5.6.3.
A large decrease of yield is observed as the sample size passes from S6 to S12 this
decrease is consistent with the buckling strain evolution predicted by Read’s model
.

The results for lateral strain are also compared in figure 5.18 for different system
sizes and strain rates. The curves highlight a radical change in the mechanical res-
ponse of the shortest sample S6. In contrast to high strain rate behavior, the sample
S6 exhibits buckling at low strain rate and no cavities are present in the configura-
tion at yield. For other samples (S12, S15 and S24 ) the buckling strain decreases as
the strain rate increases, consistent with the observations in figure 5.16.
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Figure 5.17 – (a) Comparison between the stress-strain curve of several samples
with different sizes undergoing a uniaxial tensile test. (b) evolution of the lateral
strain. The curves are shown for the strain rate ˙εyy = 1.4 × 10−5. All samples
display buckling under these conditions. The buckling strain decreases as the sample
size increases (except at Ly = 24 ∗ Ly0). Note that the stress softening in (a) was
correlated to the development of the buckling instability.

Figure 5.19 compares the configurations of samples S6, S12 and S15 after bu-
ckling, at two different strain rates. The S24 configurations are shown separately
in figure 5.24. The change of the yield mechanism from cavitation to buckling is
well illustrated in these snapshots especially for the smallest sample S6. The second
important observation is that the wavelength becomes equal to the sample length
at low strain rate. Finally, there are no cavities present in the rubbery phase of the
lower strain rate configurations, compared to high strain rate configurations at the
same strain. These snapshots confirm that the low energy buckling mode is selected
by the system at the lowest strain rate. As expected, the bending energy of the
buckled layers is reduced by increasing the buckling wavelength to its maximum
allowed value.

5.6.3 Interpretation : buckling kinetics and sample size

It had been shown previously (section 5.4) that the onset of buckling at a certain
wavevector k is determined by the function F (εzz, k) defined as follows :

F (εzz, k) = f3D2 (εzz)k
2
i +Kk4i (5.20)

where f3D2 (ε) is given in equation 5.18. This function is plotted in figure 5.20a as
a function of wavevector at fixed strain , and in figure 5.20b as a function of strain
at fixed wavevector. If F (εzz, k) > 0 the system is stable. Increasing the strain εzz
gives rise to a negative part and then the curve has two roots, one at k = 0 and
one at a finite value k0(εzz. For a given system size L, the possible wavevectors are
fixed, and the elastic instability can develop when the strain is such that k0(εzz
reaches 2π/L. As the sample size decreases, the onset of the buckling is delayed,
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Figure 5.18 – Lateral deformation strain for several samples with different lengths,
(the stress strain curves were shown in the previous figure). Depending on the applied
strain rate, the behavior changes from cavitation to buckling for the shortest sample
Ly = 6 ∗ Ly0. The buckling strain decreases at low strain rate.
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Figure 5.19 – Snapshots show several samples under a uniaxial tensile tests driven
by two different strain rates ( ˙εyy = 1.4×10−5 and ˙εyy = 7.3×10−5) . Several lengths
are presented, at low strain rate all samples buckle. The buckling wave length is equal
to the sample length which is not the case at high strain rate
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Figure 5.20 – Coefficient of the term that drives the buckling deduced from 5.19
plotted at constant strain as in (a) or at constant wavevector as in (b).

which is completely consistent with our simulation results at low strain rate. The
critical strain first decreases rapidly with sample size, then saturates at a value of
about 0.02, which would be the critical strain for an infinite sample, characterized
by a change of sign of f3D2 (ε).

Identifying −F (k, ε) as the driving force for the instability, we can understand
qualitatively the behavior observed in our simulations. In small samples, figure 5.20.b
shows that the driving force increases rapidly as soon as the threshold in strain is
reached. Hence a small strain in excess of the threshold value will be enough to
have a large driving force, hence a fast growth of the instability at the expected
wavevector. On the other hand for larger systems the driving force will be smaller,
and as the strain increases more modes may become unstable before the instability
has been able to develop in a significant manner. Hence a competition between the
growth of different modes, and potentially with cavitation, will be possible. These
kinetic effects are obviously not part of the elastic theory, which is an equilibrium
description corresponding to a very low strain rate, allowing a full development of
the instability with the smallest wavevector before another one becomes unstable.
The interplay between strain rate and cavitation effects for the observation of the
buckling instabilities will be discussed in a slightly more quantitative manner in
section 5.7 below, using a simple linear growth model.

5.6.4 Initiation of the instability and interface curvature

We had seen above that the yield and the buckling strains of the S24 sample at
low strain rate are greater than those for S15, in contrast to the general expectation
that results from the discussion in the previous section. To understand the origin
of this behavior the evolution of the configuration was inspected and the snapshots
are shown in figure 5.21. In contrast to our expectations, the buckling does not
appear simultaneously in all the sample length. Instead only a portion of the length
starts to bends first, and the buckling propagates progressively in the rest of length,
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(a) (b)

Figure 5.21 – Evolution of buckling in S24 in (a) and S15 in (b). in both cases
the hard phase bending starts in a zone that is characterized by an slight change
of interface orientation. (a local non planar interface) These zones can be easily
distinguished by the glassy phase spots (blue spots) in the top of the undeformed
sample. note that the blue color refers to the glassy phase and the green color refers
to the rubbery phase.

to reach eventually a sinusoidal profile. Near to the first bended zone, an anomaly
in the interface orientation can be distinguished. The glass-rubber interface is not
perfectly planar, a slight curvature of the interface toward the positive z direction is
noticed in the zone where buckling appears. Increasing the sample size will increase
also the probability to find such defects which are important as initiators of the
instability. In the presence of such defects, the onset of the buckling occurs locally
well before becoming apparent on global measures. Furthermore, the lower buckling
kinetic slows down the propagation of the undulation and makes the lateral strain
less sensitive with the pre-buckling event. The progressive evolution of the pre-
buckled portion relaxes a part of the lateral stress that was considered as the basic
origin of the buckling. Under such conditions, the sample has to gain an excess of
strain to compensate to trigger a complete buckling. As a consequence, the buckling
and the yield strain are delayed in S24 case. Note that anomalies in the interface
curvature are also found in S15 and S12 samples, the hard phase bending starts also
from these zones but the buckling propagates more rapidly than in the S24 case.

5.6.5 Summary and discussion

The previous results show that the mechanical responses of the samples are
strongly influenced by the strain rate. The cavitation is delayed, the buckling strain
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Figure 5.22 – Bar plot compares the buckling strain values for different samples.
The buckling strain evaluated by Read’s model corresponds well with the buckling
strain measured at low strain rate.

decreases and the yield becomes correlated with the buckling rather than the ca-
vitation at low strain rate. At high strain rate the sample size do not affect the
yield or the buckling strain as shown in section 5.5 and the unstable wavelength is
the same for all samples. This result, illustrated in particular by the S24 in which
the buckling wavelength is half of the system size, was unexpected as it contradicts
the prediction from the elastic theory. At low strain rate, a major change in the
mechanical response is observed. The yield and the buckling strains decrease as the
sample size increases, and the buckled configuration displays only one wave length
equal the sample length. The results are consistent with elasticity predictions, ex-
cept for the S24 sample, which shows a yield strain higher than the S15 sample. In
this case an initial interface curvature coupled with slow buckling kinetics leads to a
localized buckling in the earlier deformation stage of S24 sample. This pre-buckling
event relaxes the compressive lateral stress and the buckling and yield are delayed.

Table 5.6.5 compares the buckling and the yield stress and strain for each sample.
Figure 5.22 illustrates the comparison between the buckling strains (measured and
predicted one). The plot shows that the predicted buckling strain by Read’s model
corresponds well with the buckling strain value measured at low strain rate.

5.7 A simple model for buckling kinetics

The mechanical response of S24 sample exhibits a variety of behaviours. Depen-
ding on the applied strain rate, the buckled sample may have one or more undu-
lation per sample. At low strain rate, the occurrence of buckling is predictable by
the analytic model developed by Read et al. However, the measured and predicted
values of buckling become markedly different at high strain rate. To analyse the
influence of kinetic factors on the buckling instability, new tensile tests have been
performed on the S24 sample, with intermediate and high values of the strain rate :
ε̇zz = 1.4× 10−5, 7.3× 10−5, 1.4× 10−4, 3.6× 10−4 and 7.3× 10−4. The resulting
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Sample ˙εzz εyieldzz σyieldzz εbuckzz εbuckzz σbuckzz
εyieldzz −εbuckzz

εbuckzz

(ε/σ3) (meas) (pre) (ε/σ3)
S6 7.3× 10−5 0.07 0.284 - 0.044 - -
S6 1.4× 10−5 0.070 0.255 0.038 0.044 0.18 0.83
S12 7.3× 10−5 0.071 0.282 0.054 0.026 0.25 0.31
S12 1.4× 10−5 0.037 0.167 0.023 0.026 0.12 0.6
S15 7.3× 10−5 0.070 0.276 0.048 0.023 0.23 0.46
S15 1.4× 10−5 0.035 0.153 0.020 0.023 0.11 0.71
S24 7.3× 10−5 0.072 0.28 0.053 0.026 0.24 0.36
S24 1.4× 10−5 0.041 0.172 0.026 0.021 0.13 0.54

Table 5.2 – Strain and stress that correspond to the buckling and yield, comparison
between two different strain rates 7.3 × 10−5 and 1.4 × 10−5. These values were
averaged over a short time interval (t=6τ that corresponds to a strain of 4.5×10−4).
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Figure 5.23 – (a) Stress strain curves of sample S24 submitted to several uniaxial
tensile tests with different strain rates. The corresponding lateral deformation curves
are shown in (b). At low strain rate (effectively when ε̇yy ≤ 7.3× 10−5) the sample
buckles at a strain and wavelength ( see figure 5.19) that are rate dependent. The
nucleation of cavities and the absence of buckling mark the mechanical response at
high strain rate.

mechanical responses are plotted and compared in figure 5.23 which shows the stress
strain curves and the evolution of the lateral strain. Snapshots of the deformed confi-
gurations are shown in figure 5.24. These data illustrate clearly that the the sample
can adopt different modes to relax the increase of stress in the elastic regime. At
intermediate and low strain rates, the competition is between the different modes
of the buckling instability. At high strain rate, a competition with the cavitation
mechanism is observed. In the following we discuss these two competitions, using a
schematic model for the growth of the buckling instability.
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Figure 5.24 – Snapshots showing the buckling and the cavitation state of sample
S24 for different strain rates. As the strain rate increases the wavelength of the
buckle decreases ; At high strain rate cavitation in the rubbery phase governs the
behavior.
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5.7.1 Competition between buckling modes

The S24 sample have shown two different buckling modes at two different strain
rates. To understand qualitatively this observation, we propose to describe the
growth of the amplitude Un(t) of the mode with wavevector kn = 2nπ/L using
a simple linear relaxation equation of the form

dUn
dt

= −λ.F (ε, kn).Un (5.21)

where F (ε, kn).Un is the driving force that is derived from the energy equation 5.18.
λ is a phenomenological coefficient which will be assumed to be independent of
wavevector, which is reasonable as the growth is essentially a local process, The
solution of this equation can be written as :

Un(t) = Un(0). exp

(
−λ.

∫ t

0
F (ε(s), k).ds

)
(5.22)

Note that the strain 3 ε is a time dependent variable ε(t) = ε̇× t. Equation 5.21 has
been solved numerically for a value of λ = 0.1. This value is somewhat arbitrary as
we do not have a physical interpretation of the parameter λ , which will be related to
the local viscosity in the rubber phase. However, this choice gives a good illustration
of the phenomenon of competition between modes.

Two buckling modes were considered (k1 = 2π/Ly and k2 = 4π/Ly ) at two
strain rates (ε̇1 = 1.4×10−5 and ε̇2 = 7.3×10−5 ). The evolution of Un with respect
to the strain is shown in figure 5.25. The part (a) of the figure shows the function
F (ε, k) with respect to ε for the two wavevectors. (b) describes the solution of the
equation 5.21 for Un(t), starting from a common small amplitude Un(t = 0) = 0.01.

From these numerical solutions, the scenario that permits the observation of
different buckling wavelengths depending on the strain rate is quite obvious. The
instability associated with the largest wavelength mode is always initiated first.
For low strain rates, this instability develops exponentially with time, and when
the critical strain for the instability at k2 is reached it already has a substantial
amplitude. In the linear picture developed here, the instability at k2 also develops
exponentially, with a faster growth rate, and would eventually dominate. However,
this only happens when the first instability has reached a large amplitude, so that the
whole linear picture becomes questionable, and other phenomena such as cavitation
at the hinges start taking place. On the other hand for a high strain rate the sweep
rate of the f(ε, k) curve is so high that the driving force for the k1 instability in
fact decreases with time. The growth is less that exponential in time, and when the
strain for the k2 instability is reached this instability quickly overwhelms the first
one. If one moreover assumes that the observation of buckling into a given mode
requires the amplitude of this mode to reach some threshold value, it is also clear
from the evolutions shown in figure 5.25 that the observation of buckling will be

3. In this section we denote by ε the strain in the tensile direction z.
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Figure 5.25 – (a) Buckling driving force coefficient f(εzz, k) plotted for two k

values : k1 = 2π/Ly and k2 = 4π/Ly that correspond respectively to one and two
wave length per sample. (b) shows the amplitude of each mode as a function of strain
(solution of equation 5.21) for the two wavevectors at two different strain rates.

delayed (in strain) as the strain rate is increased, leaving room to stress release via
the cavitation phenomenon.

This description remains at a phenomenological level, and neglects any nonlinear
interaction between modes. The exact results will depend on the choice of pheno-
menological parameter λ. However, we have checked that the general behavior is
independent of this choice over a large interval (0.001 ≤ λ ≤ 20). Therefore we be-
lieve the model captures the essential features of the competition between modes. A
detailed study of the instability onset as a function of strain rate would be necessary
to adjust the values of the parameters, but also very costly in terms of computation
times. (Note that this model has been recently developed, please see appendix 2 for
more details).

5.7.2 Competition between cavitation and buckling

Competition between buckling and cavitation in the rubbery phase was encoun-
tered in several situations : (i) When modifying the interaction parameters to pro-
duce a weak interface, it was observed that the nucleation of cavities starts at the
interface and takes place prior to buckling, which is shifted to a higher strain. (see
figure 5.26) 4

(ii) At relatively low strain rate, the sample displays the first mode of buckling
and the yield becomes correlated with the occurrence of buckling. At higher strain
rate (ε̇ = 7.3×10−5) the second mode of buckling dominates, and is directly followed
by cavitation that gives rise to a large stress relaxation. When the applied strain rate
becomes higher than (ε̇ = 7.3× 10−5), the buckling in S24 sample seems to directly
intercepted by the cavitation events that relaxes and annihilates the development

4. the influence of surface tension energy was studied only in a very preliminary fashion and
will not be discussed here.
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Figure 5.26 – Local density maps of weak interface sample (εAA=1, εBB=1,
εAB=0.15), the panels show that the nucleation of cavities starts mainly at the
at the interface. the cavities, which develop in the rubbery phase, don’t prevent the
development of the buckling.

of undulation. This process was shown in figure 5.24. The fourth snapshot taken at
ε̇ = 1.46×10−4 shows small undulations in the glassy lamellae whereas the rubbery
lamellae are perforated by the cavities. The nucleation of cavities in the rubbery
phase relaxes the lateral compressive stress applied on the glassy layer, so that the
development of the buckling instability becomes impossible.

In case (i) the cavitation will be preferentially nucleated at the interface, but
the buckling remains allowed with the help of two main factors : the cavitation
itself,which creates voids in the rubbery phase behind the interface, disturbs the
stress balance in their vicinities and helps the development of the buckling. For the
second case (ii), the cavitation begins in the core of the rubbery phase but the hard
phase still not influenced. The cavitation in such cases relaxes stress and prevents
the buckling instability.

The cavitation is expected when the local strain reaches a specific threshold from
which the matter looses its cohesiveness. Increasing the strain rates will decrease this
strain threshold in a similar way as the yield strain is figure 5.23. On the other hand,
the growth of buckling becomes very slow at high strain rate, then the deformation
can exceed the cavitation threshold before the development of the buckling. and this
is what we observe in the behavior of S24 sample. Even if the higher (third) mode
buckling is possible, the S24 sample can not develop this mode at high strain rate
since the buckling becomes overwhelmed by the cavitation.
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5.8 Conclusion

In this chapter, the mechanical response of triblock copolymer models has been
investigated by using a coarse grained molecular dynamic simulation. Our MD
samples were built by radical like copolymerization method. After a specific post
processing, a lamellar triblock copolymer model with a sequence of glassy-rubbery
layers is obtained. Uniaxial tensile tests were performed in the normal direction to
the layers ; the resulting constitutive laws capture the main regimes of a real triblock
sample deformed in the perpendicular direction. The elastic regime results from the
serial coupling between phase stiffness. At yield, the growth of stress is intercep-
ted by the cavitation or buckling events (depending on the strain rate). After a
pronounced drop at yield the stress rises again in the strain hardening regime.

Depending on the applied strain rate, triblock samples exhibit a variety of micro-
scopic deformation mechanisms. At relatively high strain rate, one observes (except
for the smallest samples) a buckling into a wavelength that does not depend on
sample size. The buckling is accompanied by the the nucleation of cavities and both
aspects contribute to the stress drop at yield. At low strain rate, all samples (in-
cluding the shortest one) exhibit buckling. The yield becomes correlated with the
buckling ; and the cavitation is delayed. The undulation wavelength is equal to the
sample length in this case.

This behavior was interpreted by the influence of kinetic factors that becomes
relevant in the initial stages of the buckling instability. At a slow deformation rate,
the sample can be effectively considered as in an equilibrium state, then the measu-
red buckling strain corresponds very well to the value predicted by a simple elastic
model, and the instability at large wavelength that is expected from elastic theory
has time to develop. As the strain rate increases several modes come into compe-
tition, and the shortest wavelengths that correspond to a larger driving force can
take over and dominate the instability pattern. In this case the strain for observing
buckling can be markedly larger than predicted by elastic theory. This behavior was
rationalized by using a simple model of mode growth based on a viscous dynamics
and the elastic driving force for the mode amplitudes. A competition was also found
between cavitation and buckling, this competition depends upon several factors, the
strain rate, the sample size and the interface energy between phases. At high strain
rate, the buckling kinetic is rather slow with respect to the deformation conditions.
The cavitation intercepts the development of the buckling by relaxing the lateral
compressive stress. Cavitation takes place before buckling develops, releasing the
stress, so that the instability is suppressed. At lower strain rates buckling occurs
first, and cavitation is localized preferentially at the hinges of the chevron structure
that forms at large strain.
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6.1 Conclusions

In this work the mechanical properties of homogenous polymers and nanostruc-
tured copolymers have been investigated using molecular dynamics simulations. A
coarse grained, bead spring model was employed. In this model, the polymer chain
can be assimilated to a sequence of beads that are connected each other by a strong
bonds ( FENE potential). The non connected beads interact via a Lennard-Jones
potential to reproduce the Van deer Waals bonds. The simulation samples were
built by a numerical analog of the radical like polymerization method. two kinds of
samples were built : homogenous polymer samples and nano-structured co-polymer
with various chain architectures.

The role of boundary conditions on the tensile test has been extensively studied.
Two boundary conditions are used to drive the deformation : the homogenous defor-
mation and the boundary driven deformation. in the homogenous deformation the
simulation box is submitted to a sequence of two steps : (i) an affine deformation fol-
lowed by a (ii) MD relaxation of the bead positions (figure 6.1.b). The homogenous
deformation was applied in two tensile stress conditions : in the uniaxial tensile the
bead position are rescaled in the tensile direction only the two remaining direction
are authorized to deforms according the imposed pressure. In triaxial tensile the
positions of the beads are rescaled in the tensile direction while the deformation in
the two other directions is prohibited.

Another deformation method was tested, in which the deformation was applied
on sample by a pair of “grips”, as in a laboratory experiment (figure 6.1.a). In the
uniaxial tensile, steered molecular dynamics was used to drive the movement of
grips, this technique allows the deformation of grips in parallel to its tensile motion.
Rigid grips were employed to drive the deformation in the triaxial tensile tests at
constant velocity (or strain rate). Identical constitutive laws were obtained from the
two methods in uniaxial and triaxial tensile for glassy and rubbery samples. This
finding is not valid at extremely high strain rate (when the tensile velocity becomes
comparable to the sound wave velocity) where the homogenous method leads to
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Figure 6.1 – (a) A sketch showing the principle of the boundary driven deformation
method applied on the uniaxial tensile tests,(b) compares the tensile trajectory of
the two methods used to drive the deformation : (i) Homogenous tensile test (ii)
boundary driven deformation test

ductile-like behavior compared to a localized deformation behind the grips at high
strain rate.

The mechanical response of homogenous glassy polymer submitted to a uniaxial
tensile test is composed from three main regimes : (i) the elastic regime the (ii)
yielding and (iii) the strain hardening regime. In the elastic regime the linear (quasi
linear) increase of stress is caused by the LJ interaction that tend to bring the beads
back to their initial configuration. The onset of plastic events begins at yield. The
strain hardening regime, peculiar to polymer systems, has attracted much interest.
This regime was found to fit the linear Gaussian strain hardening equation based
on the entropic network model of the rubber. The entanglement density is then sup-
posed to be constant. The evolution of the entanglement length in polymer sample
under tensile strain was probed using the primitive path analysis. The results shows
an increase of entanglement length (disentanglement) in the strain hardening re-
gime. In fact, it is now known that the physical origin of strain hardening is not
rubber elasticity, but rather that it results from the increasing rate of plastic events
induced by the reorientation of chains in the tensile direction.

The nucleation of cavities in an amorphous polymer model under triaxial tensile
strain was also studied. A set of local properties was examined in order to find
the relationship between the cavitation and the local microstructure. In contrast to
common assumptions, the nucleation of a cavity is not correlated with the local loss
of density or chain connectivity in the vicinity of the cavity. Instead, a cavity in a
glassy polymer nucleates in regions that display a low bulk elastic modulus (figure
6.2). This criterion allows one to predict the cavity position before the cavitation
occurs. Even when the localization of a cavity is not directly predictable from the
initial configuration, the weak zones identified in the initial state emerge as favorite
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Figure 6.2 – (a) Late stage of crazing in polycarbonate polymer. The nucleation of
a cavity in the simulation box (b) was correlated with a low elastic modulus region
(c).

spots for cavity formation. As the deformation progresses, the weakness of one or
more of these zones is amplified and cavities open in places where the local bulk
modulus reaches its lowest value.

The mechanical response of nano-structured copolymers has been investigated
in the later part of this work. several samples with various properties and chain
architectures were tested. These samples are made of alternating hard (glassy) and
soft (rubbery) phases connected by strong bonds. The constitutive laws of these
samples exhibit an anisotropic composite response that captures the mechanical
behavior of nano-structured polymers. The influence of chain architecture on the
mechanical properties was investigated : our finding reveals an important role of the
bridging molecules to ensure the stress transmission between phases at high strain.
We find that the decrease of bridging chains amount against the cut chains leads
to a stress concentration in the hard phase, which reduces severely the toughness of
the sample. In contrast, this influence is absent in loop chain samples. No significant
change in the mechanical response is observed when the bridging chains are replaced
by loop chains. This observation was interpreted by the fact that the loop chains are
long enough to link the two different hard blocks by entanglement. Therefore the
role of knotted loop chains was found to be equivalent to the bridging chains.This
assumption was verified by applying the PPA on a fully looped sample after freezing
the hard blocks. The resulting configuration after PPA confirms that the hard blocks
are linked together by the entangled loop chains.

The buckling instability of the copolymer sample was also studied. For this
purpose, extremely large samples were built. Under uniaxial tensile condition these
samples exhibit buckling at relatively low strain. The micro mechanical origin of
buckling was investigated, we find that a compressive stress state in transverse
direction of the hard phase is the main origin of the buckling. This stress results
from the lateral contraction of the rubbery phase due to the poisson ratio effects
under tensile strain condition. The buckling strain was detected by the fast change in
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Figure 6.3 – (a) TEM image of buckled morphology SBS triblock copolymer
“chevron morphology”. The buckled configuration of a triblock copolymer is shown
in (b) while the local density is shown in (c) The buckling was successfully simulated
by molecular dynamics.

the Poisson ratio of the sample. The influence of several parameters on the buckling
was studied. According to theoretical predictions, the buckling strain decreases as
the sample length increases. Indeed, at low strain rate, we find a value of the buckling
strain that corresponds well to the one expected from the elastic theory. The buckled
configuration snapshots confirms that only one undulation per sample subsists. The
undulation wave length is equal to the sample width due to the periodic boundary
conditions. At high strain rate, however, the samples exhibits a completely different
behavior : all the buckled configurations have roughly the same wave length, the
buckling strains seems to be independent from the sample size. we find also that the
occurrence buckling at fast strain rate is accompanied by the nucleation of cavities
in the rubbery phase at yield.

In fact the influence of the strain rate highlights two different competitions in
the sample. (i) competition between the cavitation and the buckling in relatively
short samples. (ii) a competition between the first and the higher buckling modes
in large samples.

In the first case, we provide a qualitative description of this competition, while
a simple numerical model was suggested to interpret the second competition. This
model takes into account the kinetic aspect of the buckling event in the initiation
stage. The competition between the spontaneous kinetics of buckling and the im-
posed strain rate was found to be the origin of the observation of higher buckling
modes in the sample.

6.2 Outlook

We believe that the work achieved in this thesis offers some challenging direc-
tions of future research. First, in the study of the cavitation, the correlation was
found between the local elastic bulk modulus and the cavity position. The time
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window between the prediction and the occurrence of the event is short compared
to the trajectory of the elastic behavior. A way to increase this window for a better
prediction, is to look for other mechanical properties that can more sensitive to the
change of local microstructure. The shear modulus is the most successful candidate
for this purpose. Other suggestion can be more adequate, is to look to the gradient
of the elastic modulus rather than looking directly to its local value. This sugges-
tion is inspired from the nucleation of damage in metals-inclusions material such as
graphite iron alloys or aluminum-ceramic composites. In such materials the cavities
nucleate preferentially in the regions that exhibit a strong gradient of their elastic
properties, notably around the inclusions.

In short nano-structured samples (Chapter 4) all samples were tested at the same
rate. However the role of the strain rate in the mechanical response of such material is
crucial because of the glassy phase behavior that is strongly dependent on the tensile
velocity. This issue was approached only for large samples that exhibit buckling,
but for the short samples in which we studied the influence of chain architecture
and conformations, the role of the strain rate on the system toughness and strain
hardening remains an open question.

Concerning the buckling in triblock samples, some simulations were limited to a
relatively small strain after the buckling for computational reasons, therefore large
strain behavior still not well investigated. We have shown that the cavitation and
buckling appear within the simulated strain range at high strain rate, but this is
not the case for low strain rate behavior where the cavitation is delayed to a high
strain that has not been attained in our simulations. More simulations are needed
to achieve this study. Despite the fact that the constitutive law of large triblock
samples was correlated to the change in the structural and morphological response,
some questions remain to be addressed about the molecular origin of the strain
hardening and the role of each phase in the process.

Other points remain to be explored like the role of molecular architecture (bridge
and cut chains) on the initiation and development of buckling, or the role of surface
energy in this instability. Changing the molecular architecture will eventually change
the mechanical properties and the transmission of stress between phases, which could
affect the buckling strain. The role of the interface energy between phases is also
an interesting point to be investigated, especially for its potential influence on the
competition between cavitation and buckling.
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A.1 Introduction

Radical like polymerization is an efficient flexible tool to build homogenous and
heterogeneous (di-block and tri-block) polymer samples. The efficiency of this me-
thod arises from its ability to generate and equilibrate chains simultaneously. Several
methods have been developed to generate numeric polymer samples, namely, fast
push off, slow push off, and double bridging hybrid [Auhl 2003]. These methods are
based on two subsequent stages : (i) Random Gaussian chain generation followed by
(ii) MD or/and Monte Carlo (MC) equilibration steps. Systems resulting from step
(i) are far from their equilibrium states, thus a long equilibration run is required.
These algorithms are limited to the generation of entangled polymer melts and they
are not particularly well suited for more complex architectures.

As it mimics the central idea of radical polymerization, AM∗+M → AMM∗,
the RLP method builds the chains progressively in an interacting molecular dyna-
mics solvent. As a consequence, the system will be equilibrated while groth occurs.
Compared to other methods, the RLP can be adjusted to generate some complex
systems such as polymer blends, star polymers and 3D cross-linked polymers (Ther-
moset polymer model) [Mukerji 2009].

The outline of the method will be first presented. Then, the application of this
method to generate homogenous polymers and polymer blends with various chain
architectures will be detailed. The post processing procedure is briefly described in
section A.5.2. Note that, in this appendix, we refer mainly to the acknowledged work
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of Perez et al [Perez 2008] who developed this method. The generation of tri-block
systems will be detailed as it was briefly presented in the Perez et al paper.

A.2 Radical Polymerization reaction : highlights

The radical-Like Polymerization is inspired from the radical polymerization reac-
tion. The living polymerization begins where radicals (interacting sites) are created
by active molecules M → A∗. Afterward, radicals start to interact with single
monomers (A∗ +M → AM∗). The polymer chain grows by connecting its radical
with single monomer as the polymerization propagates in the solvent as follow :
AM∗ +M → AMM∗ (M∗ is the radical site, M is a monomers and A is the rest
of chain). After each monomer addition, the radical site moves to the new added
monomer (at the chain end) allowing thus to capture a new single monomer from the
solvent. Polymer chains grow until the end of the reaction (when all chains reached
to desired size), where the polymerization is arrested. Referring to the presented
stages of radial polymerization reaction, the RLP method was founded on the same
concept of progressive chain growth. This concept was used to generate entangled
polymer samples and tri-block copolymers as it will be shown below.

A.3 Modelling

Our simulations are carried out for a well established coarse-grained model in
which the polymer is treated as a chain of N =

∑
αNα beads (where α denotes

the species for block copolymers). Monomers of mass m = 1 are connected by a
spring to form a linear chain. The beads interact with a classical Lennard-Jones
(LJ) interaction :

Uαβ
LJ (r) =

{
4εαβ

[
(σαβ/r)

12 − (σαβ/r)
6
]

, r ≤ rc
0 , r ≥ rc

(A.1)

where the cutoff distance rc = 2.5σαβ . α and β represent the chemical species
(e.g, monomers before polymerization or the solvent s, A phase, B phases,...). In
addition to (A.1), adjacent monomers along chains are coupled through the well
known anharmonic Finite Extensible Nonlinear Elastic potential (FENE) :

UFENE(r) =

{
−0.5kR2

0 ln
(

1− (r/R0)
2
)

, r ≤ R0

∞ , r > R0

(A.2)

The parameters are identical to those given in Ref. [Kremer 1990], namely k =

30εαβ/σ
2
αβ and R0 = 1.5σαβ , chosen so that unphysical bond crossings and chain

breaking are avoided. All quantities will be expressed in terms of length σαβ = σ,
energy εαβ = ε, pressure ε/σ3 and time τLJ =

√
mσ2/ε.

Newton’s equations of motion are integrated with velocity-Verlet method and a
time step δt = 0.006 [Allen 1987]. Periodic simulation cells of cubic size were used
under a Nosé-Hoover barostat,i.e. in the NPT ensemble.
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Parameters Signification
Nmonom Total number of beads in the simulation box
M Total number of chains
Ni Length for a chain i
N Desired chain length
p Nucleation probability
Ngrowth Number of growth steps
nbg Number of MD steps between two growth steps
Neq Number of MD steps during equilibration stage
Nα the number of beads/chain in the phase α

(α may be A,B,or C)

Table A.1 – Parameters that are used to describe the RLP algorithm.

A.4 Generation of homogenous polymers

The radical-like polymerization process takes place in a solvent which is repre-
sented in our simulations as a LJ liquid of Nmonom = 50000 to 600 000 monomers.
This liquid has been prepared by melting an initial fcc crystal. The resulting den-
sity of the monomer melt is ρ = Nmonomσ

3/v = 1, where v is the volume of the
simulation box.

As a reminder, a summary of relevant parameters fully describing the radical-
like polymerization algorithm is given in table A.4. Figure A.1 shows a schematic
presentation of radical like polymerization algorithm which can be divided into five
subsequent stages.

1. In the nucleation stage, each monomer has a probability p to be randomly
functionalized as a radical. The total number of chains is M = p ∗Nmonom.

2. In the growth stage, radical index i randomly chooses one of its first nearest
monomer neighbours (if any available) to create a new covalent bond (with
FENE potential) increasing thus the local chain length Ni of chain i. The
amount of growth steps Ngrowth, defined initially, controls the maximum chain
length Nmax

i = Ngrowth. This procedure, as mentioned previously, mimics the
polydispersity associated with living polymerization. This stage of the process
is schematically depicted on figure A.1.b.

3. Relaxation is an essential ingredient of the method. Between two successive
growth steps, radicals are allowed to explore their neighborhood during nbG
MD steps of the whole system. This is equivalent to let a chain evolve in the
solvent and explore a part of its conformational phase space in situ while
polymerization is taking place, hence permitting a partial relaxation.

4. In the termination stage, for polydisperse systems, the generation procedure
is stopped after a fixed number of growth steps Ngrowth. To produce a mono-
disperse system, the process is stopped only when each chain has reached a
desired size N , whatever the number of the growth steps. Naturally, the time
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(a) (b)

Figure A.1 – (a) Schematic representation of radical like polymerization algorithm.
The growth of chains is arrested when each chain reaches its requested length (mo-
nodisperse systems) or when the number of growth steps reaches its indicated value
(polydisperse systems). (b) Chain growth during radical like polymerization, the ra-
dical (active site) selects one monomer from its available nearest neighbours. Since
a linear chain system is requested, only chain ends behave as a radical. After the
growth step, the new captured monomer becomes a radical

elapsed before termination will depend on the ratio N ×M/Nmonom (conver-
sion rate). Low conversion rate leads to a poorly entangled system and high
conversion rate take a long time to be achieved (the time required for radicals
to approach remaining monomers), especially when monodisperse systems are
requested. A good compromise was found at a conversion rate near to 80%.

5. Finally, in the equilibration stage, the residual monomers (or solvent) are
removed and the system is equilibrated at low compressive pressure to reach
the desired density during neq MD steps.

The previous procedure can be considered as the cornerstone of any genera-
tion process by RLP, particularly in the generation of segregated block copolymer
samples, where the polymerization takes place under some restrictions as it will be
detailed in the next section.

A.5 Generation of triblock lamellar copolymers

The generation of tri-block copolymer samples for coarse grained molecular dy-
namic simulations is a challenging problem. The complexity of such systems arises
from their specific lamellar architecture that imposes several constraints on the
chain conformation. Copolymer chains can not be Gaussian as it bridges several
segregated phases (three or more) with different properties. The chain motion is
then affected by the lamellar ordering and the self diffusion of chains is permitted
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within the lamellar planes only. All these restrictions make the generation and the
equilibration of coarse grained tri-block copolymer a difficult task. Several molecu-
lar dynamic and Monte-Carlo approaches have been developed to model the self
assembly mixtures [Santos 2010] and diblock copolymers [Murat 1999]. But the ge-
neration of tri-block copolymer is seldom described in the literature, limiting thus
the study of such systems by molecular dynamic simulations.

The RLP method has been adjusted to build tri-block copolymer samples. Each
sample is composed of four segregated stacks A−B1−C −B2. A and C blocks will
be in a glassy state after equilibration and cooling while B1 and B2 blocks will be
the rubbery parts of the sample. Therefore, four stacks are then needed to describe
a fully periodic sample (periodicity in three dimensions x,y and z).

Depending on the chain architecture, each copolymer chain shares its beads
between two or three blocks as explained in the following.

For a chain with length N : N/4 beads are in A, N/2 beads are in B and the
remaining N/4 beads are in C (tie molecule), or in A (loop molecule). This division
leads to balanced specimens that have the same number of beads in each block.

A.5.1 Generation procedure

The generation of tri-block copolymers ABCB with four interfaces laying in (xy)

plane is performed as follows. Starting from a LJ liquid of monomers, the simulation
box is equally divided into four distinct regions along the z direction : A, B1, C and
B2. Each region has a width of L/4 (figure A.2,a).

1. Radical beads are chosen randomly in A and C regions (figure A.2,b).

2. Growth is performed until chains reach the size N/4. Note that radicals are
only allowed to combine with beads that are located in their own region (A or
C, see figure A.2,c and A.3, a-b).

3. radicals of chains of length N/4 are then attracted to the nearest interface
thanks to an additional sinusoidal potential.

4. Growth is then performed in the neighbouring region (B1 or B2) until chains
reach the size 3N/4.

5. radicals of chains of length 3N/4 are then attracted to the appropriate interface
thanks to another additional sinusoidal potential : either back to the initial
region for loop chains or towards the third domain (C if the polymerization
started from A and vice versa) for tie chains (see figures A.2, f and A.3, c-d).

6. Chain growth finally occurs until chains reach size N (figure A.2, g).

As for homopolymers, a number of nbG of MD steps is performed after each
growth step during which the system is relaxed in NPT ensemble at kBT = 2ε

and an isotropic pressure Pxyz = 0.5σ3/ε. Along the relaxation steps, LJ potential
with ε = 1 and σ = 1 is applied between beads of the same domain and repulsive
potential (LJ with ε = 0.01) is applied between beads of neighbouring domains ;
avoiding thus mixing of phases.
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Figure A.2 – Left side : RLP algorithm that is used to build a tri-block copolymer
sample (see text for more details). Right side : schematic representation showing the
evolution of the generation procedure : (a) split the simulation box (b) nucleation
stage, (c) growth within A and B, (d) migration of radicals toward nearest interface,
(e) growth within B1 and B2, (f) migration of radical toward appropriate interface
depending on chain type (loop or tie), (g) growth within A and C, (h) termination :
the growth is stopped when chains reach requested length. The solvent is not shown
in this figure.
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Figure A.3 – Potential energy profiles acting on radical beads. The resulting force
drives the radical toward its nearest interface : (a) and (b), or the appropriate
interface depending on the type of chain (loop or tie) : (c), (d), (e) and (f).
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(a)

(i) (ii)

(b)

Figure A.4 – (a) post processing steps : evolution of pressure and temperature from
the generation to the end of the equilibration.(b) two snapshots of a segregated block
copolymer : (i) just after generation, (ii) after equilibration (interaction energies for
LJ potentials were εAA = εCC = 1, εBB = 0.5 and εAB = 0.01)
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Figure A.5 – (a) Comparison between chain diffusion in two directions : parallel
(Gz) and perpendicular (Gx + Gy) to the lamellar plane . (b) Parallel diffusion
compared to the mean square gyration radius taken in x and y directions : the chain
diffuses on a lengthscale larger than its own gyration radius.

When the generation is achieved, the sample will be subjected to a sequence of
post-processing steps as it will be described in the next section (figure A.2, h).

Figure A.2 summarizes the tri-block generation algorithm as it was coded in
the software SOMM [Perez 2006]. Note that this algorithm could be used to gene-
rate more complex tri-block systems with different phase morphologies (cylindrical,
spherical...).
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Figure A.6 – (a) Evolution of the simulation box width during equilibration stage.
The simulation run is long enough as the box width converges to a new equilibrium
value. (b) Density profiles of chain ends within the lamellae where the cutting is
performed. The distribution becomes more flat after equilibration, and the chain
ends are then homogeneously dispersed within the lamellae.

A.5.2 Post processing

After generation, a sequence of post processing stages has been performed in
order to obtain an equilibrated tri-block sample :

1. The residual solvent is eliminated.

2. The interaction parameters are gradually adjusted to the desired values under
a short run under NPT ensemble, with kBT = 1ε and an anisotropic pressure
Pxx = Pyy = Pzz = 0.5σ3/ε. Note that the compressive pressure is essential in
this stage, in order to remove gaps that are led by the eliminated monomers
(solvent).

3. Afterward, the pressure is zeroed progressively in 5 × 105 MD steps (Pxx =

Pyy = Pzz = 0σ3/ε)

4. Finally, the system is relaxed 107 MD steps in an NPT ensemble at kBT = 1ε

and Pxx = Pyy = Pzz = 0σ3/ε with the final values of LJ potentials.

The temperature and pressure are maintained constant by a Nosé Hover ther-
mostat and barostat. Note that, the temperature kBT = 1ε is well below the order
disorder transition temperature, and above the glass transition temperature of all
phases. Therefore, the relaxation stage conserves the segregated state of the rubbery
phases. Due to the isotropic applied pressure and to the implemented interaction
energies, the simulation box shape adjusts, as shown in figure A.4.

The plot in figure A.6 illustrates the evolution of the simulation box width as
equilibration-segregation is in progress. The steady state value of box width denotes
the convergence of the lamella thickness to an equilibrium spacing which implies
that the segregation is in equilibrium state.
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Another criterion is also employed to verify the equilibrium state of copolymer :
the sample can be considered as well equilibrated when the diffusion of chains be-
comes comparable to their mean square gyration radius.

The chain self diffusion G3α(t) is defined as follows :

G3α(t) = 〈[rcmα(t)− rcmα(0)]2〉 (A.3)

with α = x, y or z. Here rcmα(t) are the components of the centre of mass of
a chain and 〈. . .〉 denotes an ensemble average over all chains. The mean square
gyration tensor is :

gαβ = 〈〈(riα − rcmβ)2〉i〉 (A.4)

riα are the coordinates of the bead i and 〈. . .〉i denotes an ensemble average over
all beads within a chain. It has been demonstrated in Ref. [Murat 1999, Barrat 1991,
Colby 1996] that the self diffusion of chains in lamellar systems can occurs only in
lamellar plane (x and y in our case). The free energy penalty of pulling one block
thought another prevents the diffusion of chains perpendicularly to the interface.

Figure A.5 a compares the diffusion of chains parallel and perpendicular to
lamellar planes. The diffusion in perpendicular direction (Gz) is negligibly small
compared to the diffusion in the parallel direction (Gx +Gy). The parallel diffusion
of chains was also compared to the mean square gyration radius. Figure A.5 b
shows that chains diffuse at least one time their own gyration radius in the parallel
direction, pouving thus the good equilibration of the polymer sample.

A.5.3 Constructing samples with cilia chains

Additionally to loop and tie chains, a third type of molecular architecture was
also implemented in our simulation in order to study the effect of tie molecules
on the mechanical properties of nanostructured polymers. This type is called cilia
chain hereafter. As a diblock chain, the cilia chain lies between two phases without
looping.

Cilia chains were artificially manufactured by cutting randomly a number of
tie molecules for a given equilibrated sample without loop chains. Samples with
different amounts of cilia chains have been prepared in which tie molecules are cut
in their middle. The sample is relaxed 107 MD steps in order to well disperse the
new created chain ends as it shown in figure A.6 b. Since cilia chains are randomly
chosen from tie molecules, the same number of cilia chains crosses each interfaces
of the sample. Therefore, the chain ends are homogeneously distributed in the two
phases after cutting.

A.6 Conclusion

The RLP is an effective technique to generate and equilibrate polymer and copo-
lymer samples. The efficiency of this method arises from the progressive relaxation
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Figure A.7 – Two snapshots highlighting the different chain architectures : Tie,
loop, and cilia molecules. Samples may contain one or two of these types : cilia
(loop) and tie as in the left (right) image. A and C phases are coloured in blue B1
and B2 are coloured in green. A and C have the same inter-block and intra-block
interaction energies. idem for B1 and B2. The relevant interactions are εAA = 1,
εBB = 0.2 and εAB = 0.35.

of the chain during polymerization. Chains are relaxed before they become too long
and too entangled.

The RLP algorithm has been adjusted to generate segregated block copolymers.
Samples with two different chain conformations have been generated, loop chains
and tie chains. Cilia chains may also be introduced into samples by cutting the tie
chains at their middles. Figure A.7 shows two kinds of samples with different chain
architectures after the segregation-equilibration procedure.

The stability of lamellar morphology and the lamellar spacing of generated and
equilibrated tri-block led to the validation of RLP technique. The advantage of this
method resides its ability to control the geometry and architectures of simulated
block-copolymers.

Thanks to RLP method a rich database of samples with various chain archi-
tectures was built. These samples are used to simulate the mechanical response of
nano-structured polymers and copolymers.
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B.1 The growth rate of the buckling instability

We have shown in the last chapter that the buckling mode depends sensitively
on the applied rate of deformation and we have later suggested a linear equation
that takes into account this kinetic factor. In this supplementary material we first
show how we proceed to solve numerically this equation and we briefly describe and
discuss the results.

The formal solution of equation 9 can be written as :

Un(t) = Un(0). exp

(
−Λ.

∫ t

0
F (ezz(s), k).ds

)
(B.1)

Note that the strain in this case ezz is a time dependent variable ezz(t) = ˙ezz×t. The
first time derivative of Un(t) described in equation (9), shows that the solution is not
monotonous. The function passes trough a minimum before it rises exponentially.
This minimum appears when ezz corresponds to the buckling strain (ezz = ebuckzz )
when F (ezz(t), k) = 0. the decreasing part of the curve prior to buckling are irrele-
vant.

B.2 Solving scheme

Equation (9) has been solved numerically using fourth order Rung-Kutta method
starting from an arbitrary small value of Un(0). We use the classical solving scheme
that can be written as follow :
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Figure B.1 – Comparison between the measured values of buckling amplitude (dis-
connected symbols) and the value calculated from equation 9 (continues line). The
value of Λ taken here corresponds to the best fit of the measured values.

Un(ti) = Un(ti−1) + (h1 + 2h2 + 2h3 + h4)× δt/6 (B.2)

where δt is a time step (δt = ti − ti−1) chosen enough small to ensure the
convergence of the solving scheme. h1, h2, h3 and h4 are the intermediate solving
steps that can be written as follows :

h1 = −Λ.F (ezz(ti−1), k)× Un(ti−1)

h2 = −Λ.F (ezz(ti−1 + δt
2 ), k)× (Un(ti−1) + h1

δt
2 )

h3 = −Λ.F (ezz(ti−1 + δt
2 ), k)× (Un(ti−1) + h2

δt
2 )

h4 = −Λ.F (ezz(ti−1 + δt, k)× (Un(ti−1) + h3δt)

(B.3)

The value of Λ was determined by the solution that ensures the best fit of the
bucking amplitude values measured during the deformation of the largest sample at
low strain rate (see figure B.1). We find that Λ is equal to 370 for an initial value
of 0.03. In the rest of this section we admit that lambda is independent from the
strain rate, this assumption will be discussed later.

B.3 Results

Having fixed Λ, equation 9 has been solved for different values of wave vectors
2π/Ly, 4π/Ly and 6π/Ly at the same strain rate. The results were plotted and
compared in figure 2 (left panel). This figure shows, firstly, that the buckling strain
increases as the buckling wave vector increases, as expected. Secondly, the higher
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Figure B.2 – Left panel : Comparison between the buckling growth of the first three
modes : the higher mode develops faster than the lower mode even if the instability
of the latter is triggered at first. Right panel : comparison between the fundamental
and the second buckling mode for the largest tested sample at two different strain
rates. The threshold is chosen so that it cross simultaneously the fundamental mode
growth at first at low strain rate and the second mode growth at first at high strain
rate.

buckling modes are faster to develop compared to the lower wavevector buckling
mode.

To illustrate the influence of the strain rate on the on the growth rate of the
buckling instability, the right panel of figure 2 compares the amplitude growth of the
first and second buckling modes of the largest sample at two different strain rates.
As shown in the figure the second mode growth intercepts the fundamental buckling
growth at a certain strain (called below switching strain, esw) for both strain rates.
At this strain the second buckling mode can overwhelmed the fundamental mode
if this later is not yet developed. for low strain rate case the fundamental buckling
mode was basically triggered a low strain, the first mode of buckling still develops
until the strain reaches esw. At this end the buckling amplitude is well developed
and the sample can not switch to higher buckling mode, therefore the fundamental
mode is selected. In contrast, at high strain rate when the sample reaches esw the
first mode was theoretically triggered but it is barely developed so that the second
mode can easily overwhelm the fundamental mode and the sample adopts a higher
mode for buckling.

From the previous analysis one can define a critical buckling amplitude as the
amplitude threshold after which the selection of the buckling mode is achieved. This
mean that the buckling mode that reaches this threshold at the first is the one that
is adopted by the sample to achieve the buckling. This mode is called hereafter the
“winner mode”. Quantitatively speaking the “winner mode” of buckling is defined
when the strain elapsed to reach the critical amplitude is minimum.

The critical amplitude threshold can be determined approximatively from figure
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Figure B.3 – True strain elapsed from the beginning of the deformation to reach
the threshold for different buckling wave vectors (buckling modes) the minimum
corresponds to the “winner mode” : the mode selected by the sample to achieve the
buckling ( ˙ezz = 10−7, Ly = 10000σ).

2 (right panel). This threshold graphically located in the amplitude interval delimi-
ted by the two switch points 1 for each strain rate curve. For the rest of analysis the
amplitude threshold was chosen in the middle of the specified interval (U∗ = 0.15)
at this value the threshold crosses the fundamental mode growth at first at low
deformation rate while it crosses the second mode at first at high deformation rate.

B.4 generalization

In order to generalize the previous analysis : let us consider an extremely large
sample that is deformed at a chosen strain rate ˙ezz : The choice of a large sample
size leads to close values of wave vectors 2π/Ly ' 4π/Ly ' 6π/Ly... . To identify the
“winner mode”, the growth of amplitude for each buckling mode was analyzed. The
parameter Λ and the amplitude threshold U∗ values are chosen as above. The strain
elapsed for each buckling mode growth to reach the amplitude threshold U∗ was
measured. The result is plotted in figure 3. This figure shows the elapsed strain with
respect the buckling wave vector. the curve passes trough a minimum that separates
two regimes : the decreasing portion of the curve that corresponds effectively to the
fact that the development of buckling becomes faster and faster as the buckling wave
vector increases. therefore the elapsed strain decreases. the second regime where the
curve rises after the minimum. This regime corresponds to the increase of buckling
strain observed when the buckling wave vector increases. The minimum between the
two regimes corresponds to the“winner mode”.

1. This term designates the switching from the fundamental to the second mode only
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B.5 summery

In this paper, we have shown that the strain rate is crucial in the determination
of the buckling mode of triblock copolymer systems. In order to predict the selection
of the buckling mode, a new model has been developed. The analysis steps of can
be summarized as follows :

1. Determination of the parameter Λ from the fit of measured buckling amplitude
by the solution of equation (9) (trial and error process)

2. Identification of the amplitude threshold that justifies the “winner mode” of
buckling in the experimental results.

3. For any strain rate, the “winner mode” is the mode in which the strain elapsed
to reach the amplitude threshold is minimum.

This last step allows one a theoretical prediction of buckling mode that must be
adopted by the sample depending on the applied strain rate ; however, this prediction
doesn’t take into account the nucleation of cavities observed at extremely hight
strain rate or in small sample size, or the possible variations of Λ with deformation
rate.
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SUMMARY 
 
We use molecular dynamics simulation of a coarse grained model to investigate the mechanical 

properties of homogenous polymers and lamellar block copolymers. Polymer samples have been generated using 
“radical like polymerisation” method. These samples were submitted to uniaxial and triaxial tensile tests in order 
to study their mechanical responses. 

First we compare two tensile test methods: the “homogenous deformation method” and the “boundary 
driven deformation method”. We find that the two methods lead to similar results at low strain rate. 

The change of the entanglement network in polymer sample undergoing a tensile deformation was 
investigated. We have found that the sample exhibits an increase of its entanglement length in uniaxial 
deformation test compared to triaxial deformation one.  
Our finding was interpreted by the pronounced chain disentanglement observed in the uniaxial deformation test 
due to the lateral relaxation of the sample.    
     The cavity nucleation in amorphous polymers has been also studied. We have found that the cavities nucleate 
preferentially in zones that exhibit a low elastic bulk modulus.  These zones can be identified from the initial 
undeformed state of the sample at low temperature (T~0K). 
 

The second part of the work focused in the simulation of the mechanical response of block copolymers. 
The influence of chain architecture on the mechanical properties was investigated: our finding reveals an 
important role of the bridging molecules (cilia chains and knotted loop chains) on the stress transmission between 
phases at high strain.   
The initiation of plasticity in copolymer samples was also studied. The role of the buckling has been found to be 
determinant in the mechanical response of the sample 
The dependence of the buckling instability with the sample size and the deformation rate was investigated. We 
have found that the fundamental (first) mode of buckling develops at relatively low strain rate whereas at high 
strain rate the buckling of the sample occurs with the second or higher mode of buckling. 
A new model that takes into account the buckling kinetic was developed to describe this competition between the 
buckling modes.  
 
Keywords: plasticity, molecular dynamics simulation, polymers, mechanical properties, nanostructured polymers, bloc 
copolymers, buckling instability. 
 
RESUME 
 

Les propriétés mécaniques des polymères et des copolymères à blocs ont été étudiées par simulation de 
type dynamique moléculaire (modèle billes-ressorts). Les échantillons polymères ont été générés par la méthode 
de « radical like polymerisation ».  Ces échantillons ont été soumis à des essais de traction uniaxiaux et triaxiaux 
dans le but d’étudier leurs réponses mécaniques. 

 
Dans la première partie de ce travail on a comparé deux méthodes de traction : « méthode de traction 

homogène» et la traction « pilotée par les bords » de l’échantillon. Les résultats montrent que les deux méthodes 
sont équivalentes à faible vitesse de traction. 
Le changement de distance entre enchevêtrement dans un polymère modèle sous traction est analysé, les 
résultats montrent que le désenchevêtrèrent des chaines est plus prononcé lorsque la déformation de l’échantillon 
est uniaxiale du fait de la relaxation latérale de l’échantillon. 
La nucléation des cavités dans les polymères amorphes soumis à une déformation triaxial a été également 
étudiée. On a trouvé que les cavités se forment dans des zones qui sont caractérisées par un faible module 
d’incompressibilité élastique. Ces zones sont identifiables dès le début de la déformation à une température très 
basse (T~0K). 
 

La seconde partie de ce travail se concentre sur la simulation de la réponse mécanique des copolymères 
à blocs. L’influence de l’architecture moléculaire sur le comportement mécanique de l’échantillon a été analysée. 
Les résultats montrent que le comportement mécanique des échantillons est piloté par le taux des chaines liantes 
qui assurent la transmission des contraintes entre les phases. 

Le flambement des lamelles dans les copolymères à blocs a été également étudié, l’influence de la taille 
de l’échantillon et de la vitesse de déformation sur la réponse  mécanique de l’échantillon a été explorée. Les 
résultats montrent un changement de mode du flambement selon la vitesse de déformation imposée.  
Un nouveau modèle qui prend en compte le facteur cinétique du flambement est proposé pour décrire la 
compétition entre les modes. 
 
Mots-clés : plasticité, polymères, propriétés mécaniques, simulation par dynamique moléculaire, polymères nanostructuré,  
copolymères à blocs, flambement des lamelles. 
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