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Résumé étendu

Motivations

Ce chapitre résume, en Frangais, le document de these qui est écrit en anglais. Chaque chapitre est
résumé de maniere a faire ressortir les principaux résultats et conclusions importantes. Le choix
d’effectuer la rédaction du manuscrit entierement en anglais a été motivé par différentes raisons.
Tout d’abord, les chapitres centraux de la these ont été écrits sous formes d’articles et il nous a donc
semblé cohérent d’écrire I’ensemble de la thése en anglais pour assurer une continuité au manuscrit.
Ensuite, la these a été effectuée dans le cadre d’un contrat CIFRE avec Constellium qui favorise la
publication en anglais pour une diffusion du travail a un niveau international. Enfin, un des
rapporteurs du jury de these qui est un spécialiste dans le domaine provient d’un pays anglophone.
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1. Introduction

1.1 Contexte industriel

L’évolution des matériaux utilisés dans le domaine de I'aéronautique se fait de maniere a diminuer la
consommation en carburant tout en réduisant I'impact environnemental. Les dernieres générations
d’alliages Al-Li-Cu ont une combinaison optimale de propriétés telles qu’'une faible densité, une
bonne limite d’élasticité et ténacité et offrent une stabilité de ces propriétés dans le temps. Ces
solutions répondent aux challenges actuels des manufacturiers de I"aéronautique et sont donc une
solution de choix pour ces industriels. Cette étude porte sur un alliage de ce type et qui est proposé
par Constellium : I'alliage AA2198.

1.2 Objectifs
Les alliages appartenant a la famille des Al-Li-Cu sont durcis grace a la formation de la phase T;-
ALLiCu. La phase T, précipite sous forme de plaquettes dans les plans {111} de la matrice CFC de
I"aluminium. Les objectifs de ce travail de thése sont les suivants :

e Mettre en place une procédure de caractérisation de la phase T,

e Explorer un grand nombre de microstructures et de limites d’élasticité

e Tester et améliorer les modeles de limite d’élasticité existants

e Comprendre les mécanismes de durcissement associés a la phase T, et leur influence sur les
phénomeénes de plasticité

1.3 Présentation du manuscrit

Le manuscrit de thése est rédigé entierement en anglais et les principaux chapitres de la these sont
écrits sous forme d’articles. Le premier chapitre est une étude bibliographique générale permettant
de replacer I'étude dans son contexte global. Des états de I'art plus spécifiques sont effectués dans
les articles inclus dans chaque chapitre. Le deuxieéme chapitre permet de présenter le matériau
étudié ainsi que les techniques de caractérisation qui ont été utilisées au cours de ce travail. Les trois
chapitres suivants représentent le coeur du travail et ont été rédigés sous forme d’articles. Le
troisieme chapitre permet d’expliquer la mise en place d’une stratégie de caractérisation adaptée a
la phase T;. Une étude systématique de la microstructure sur une large combinaison de parametres
et de la limite d’élasticité résultante est ensuite explorée dans le quatrieme chapitre afin de
comprendre le lien entre la microstructure de la phase T, et la limite d’élasticité. Les modeles
d’élasticité de la littérature sont ensuite testés sur la base de nos mesures expérimentales pour étre
ensuite améliorés de maniere a modéliser I'incrément de limite d’élasticité lié a la phase T, de
maniere la plus physiquement correcte possible. Le cinquieme chapitre décrit I'étude des
mécanismes de durcissement liés a la phase T, en termes d’interactions dislocation/précipité ainsi
que le lien entre précipitation et phénomenes de plasticité. Une discussion est effectuée dans
chaque chapitre mais une discussion plus générale est conduite a la fin du manuscrit de maniére a
conclure sur ’'ensemble du travail réalisé.

Page 2 sur 14



2. Principaux résultats

2.1 Chapitre I : Revue bibliographique
Ce chapitre permet tout d’abord de replacer I'étude dans son contexte général. Les différentes
classes d’alliages d’aluminium sont décrites avec une attention particuliére portée aux alliages a
durcissement structural de la série 2XXX qui sont au cceur de cette étude.

2.1.1 Contexte général

Les alliages a durcissement structural et plus particulierement les alliages de la série 2XXX ont été
utilisés abondamment dans lindustrie aéronautique depuis le début du 20°™ siecle [1]. Le
phénomene de durcissement structural dans les alliages d’aluminium a été découvert au début du
20°™ siécle et est maintenant abondamment utilisé dans lindustrie [2]. Le phénoméne de
durcissement apparait pendant un revenu a basse température (en général entre 100°C et 250°C).
Les alliages de la famille Al-Cu-Li permettent un gain important en poids tout en conservant des
bonnes propriétés mécaniques et ont donc été progressivement introduits dans le domaine de
I'aéronautique [3,4]. Il y a eu principalement trois générations d’alliages Al-Cu-Li avec une
diminution du rapport Li/Cu (voir Figure 1). La troisieme génération d’alliage a une composition en Li
typiguement comprise entre 0.75wt% et 1.8wt% [5].

3
251 [ AA2090
9 e
5 | AA2091
§ 27 AA2196 solubility limit at 500FC
£ — — 4 AA2099 /
S 15 - ~—
5 —
o
= AA2098 %95
AA2198 AARALUDU
0.5 T T T T T
15 2 25 3 35 4 45

Cu concentration (wt%)

Figure 1: Evolution des compositions d’alliages entre la deuxieme et la troisieme génération d’alliages Al-Li-Cu. (extrait
de Warner [5])

212 Précipitation durcissante dans les Al-Cu-Li
Les phases présentes dans les alliages d’aluminium sont généralement divisées en trois groupes : les
intermétalliques, les dispersoides et les précipités. Le phénomene de durcissement qui apparait
pendant le traitement de revenu se fait grace a la formation de précipités de taille nanométrique.

Une bonne compréhension des phénomeénes de précipitations intervenant dans ces alliages est donc
décisive.
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Dans l'alliage AA2198, les précipités pouvant se former proviennent principalement des systemes
binaires Al-Cu (GP-zones, 68”7, 6’ et Q) et Al-Li (8’) et des systémes ternaires Al-Cu-Mg (GPB-zones,
S’/S) et Al-Cu-Li (T4,Tg) [6,7]. Toutefois, la formation de la phase T,—ALLiCu qui germe sur les
dislocations, se fait de maniére prédominante si I'alliage est suffisamment pré-déformé [8]. La
structure de la phase T, est hexagonale et a été récemment établie dans deux études séparées par
Donnadieu et al. [9] et Dwyer et al. [10].

Un des buts premiers de ce travail de these est de comprendre le lien entre la microstructure de la
phase T, et l'incrément de limite d’élasticité. Si on considére la morphologie de la phase T4, les
parametres importants sont les suivants : la densité, le diametre et I'épaisseur des plaquettes ainsi
que la fraction volumique en précipités. La variation des parametres du traitement
thermomécanique (tel que la pré-déformation [11,12], la température [13,14] ou la durée de
traitement [15]) est utilisée comme un outil puissant permettant de faire varier les différents
parametres de la phase T, de maniére indépendante.

2.1.3 Contributions au durcissement et modélisation de la limite élasticité
Le durcissement d’'un métal est induit par la présence d’obstacles au mouvement des dislocations.
Les obstacles qui sont généralement considérés sont les suivants: les autres dislocations, les
précipités, les joints de grains et la solution solide. Dans le cas des alliages d’aluminium a
durcissement structural, la principale contribution au durcissement est apportée par la présence de
précipités. Lorsque une dislocation interagit avec un précipité, elle peut soit le cisailler soit le
contourner (voir Figure 2). Dans le cas des précipités sphériques une transition
cisaillement/contournement, quand les précipités atteignent une taille critique, correspond
généralement au pic de dureté du matériau. Les modeéles de limite d’élasticité sont bien définis dans
le cas d’une distribution de précipités quasi-sphériques. La Figure 3 montre I'évolution de la limite
d’élasticité en fonction du rayon moyen des précipités. La limite d’élasticité augmente dans un

premier temps proportionnellement a ,/f,R et décroit par la suite en fonction de " fV/R.

‘9@ -0: "°© ¢ a0
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Figure 2: Schéma montrant les trois principaux mécanismes d’interaction dislocation/précipité [16].
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Figure 3: figure montrant I'évolution de limite d’élasticité en fonction du rayon des précipités dans le cas d’une
distribution de précipités sphériques (extrait de Fribourg [17]).

Dans le cas des alliages Al-Cu-Li, les précipités T, ont une forme de plaquettes. Deux modeles ont
d’abord été proposés dans la littérature [18,19] pour modéliser I'incrément de limite d’élasticité
induit par les précipités T,. Ces modeles sont basés sur le mécanisme de contournement. Cependant
les précipités T, sont maintenant connus comme étant cisaillables (Figure 4), et la pertinence de ces
premiers modeles est donc remise en question. Un troisieme modeéle, basé sur le mécanisme de
cisaillement a été proposé par la suite par Nie et Muddle [20]. Ce modéle prend en compte la
création d’une interface supplémentaire entre le précipité et la matrice au cours du mécanisme de
cisaillement :

_1.211Dy, 72 |bf, (1)
B t2 r
Ou t et D sont les épaisseur et diameétre moyens des précipités T, y, est I'énergie d’interface

At

précipité/matrice, b est le vecteur de Burgers, f;, est la fraction volumique de précipités et T est la
tension de ligne de dislocation.

Uy ¢ o Al L

A g 7o U A
T A i W T AP
S s g SR W, o T

o o e

= 0.23 nm

Figure 4: observation en microscopie électronique a haute résolution dans un axe de zone <110> d’un précipité T, cisaillé
(extrait de Howe et Lee [21]).
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2.2 Chapitre II : Matériau et techniques expérimentales

2.2.1 L’alliage AA2198
L'alliage AA2198 appartient a la technologie AIRWARE qui est proposée par Constellium [22]. La

composition de 'alliage 2198 est détaillée dans le Tableau 1.

Tableau 1: Composition de I'alliage AA2198 en poids pourcent (données communiquées par Constellium)

AA2198 Cu Li Mg Ag Zr Al
Min 29 0.8 0.25 0.1 0.04 bal
Max 3.5 1.1 0.8 0.5 0.18 bal

Une série de traitements thermomécaniques est généralement appliquée a I'alliage AA2198 de
maniére a obtenir les propriétés désirées. Tout d’abord, un premier traitement de coulée est
effectué, suivent ensuite un laminage a chaud puis un laminage a froid. Une remise en solution suivie
d’'une trempe sont ensuite conduites. Une étape de détensionnement permet de relaxer les
contraintes internes présentes dans I'alliage a la suite de la trempe. Les traitements de vieillissement
(naturel et artificiel) sont les traitements cruciaux qui vont déterminer les propriétés finales de

I"alliage. Un traitement thermomécanique typique est présenté sur la Figure 5.

Hot
rolling
Solutionising

w |
5 \ : ﬂ .‘
® k. 5 5 .‘
o Casglng ' ' ; .
o \ ; .‘ | Quenching
E \ | '\ .
[ \ | { [
\ |‘ | Artificial
\ | ‘. : agein
\ : | Cold | /i
\ | | rolling ‘," Natural P
\ ﬂ ;' A ) ageing
\ ' ] -
Stress Time
relieving

Figure 5 : Schéma du procédé thermomécanique industriel pour les alliages de la série 2xxx.

2.2.2 Méthodes expérimentales
Les principales techniques expérimentales utilisées pendant la thése sont les suivantes : microscopie

électronique en transmission conventionnelle (TEM) et a champ sombre annulaire a grands angles
(HAADF) ; calorimétrie différentielle a balayage (DSC); diffusion des rayons X aux petits angles
(SAXS ;. microscopie optique en contraste Nomarski ; microscopie confocale a balayage ; essais de
traction et essais Bauschinger. Le principe des techniques, la préparation des échantillons ainsi que le

traitement des données sont présentés dans ce chapitre.
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2.3 Chapitre III : Mise en place d’'une procédure de caractérisation de la phase T,

Le but de ce chapitre est de mettre en place une procédure compléete de caractérisation de la phase
T, dans I'alliage AA2198 en termes de morphologie (diameétre et épaisseur) et en terme de fraction
volumique au cours d’un revenu en température bi-palier (18h a 155°C et ensuite 190°C). La diffusion
des rayons X aux petits angles (SAXS) est utilisée pour extraire I'évolution du diamétre moyen et de
I’épaisseur moyenne des précipités de maniere in-situ. La méthode qui est utilisée pour extraire le
diameétre et I'épaisseur est extraite d’un travail récent par De Geuser et al. [23]. La microscopie
électronique en transmission est utilisée pour calibrer I'évolution de diametre qui est obtenue en
SAXS.

La calorimétrie différentielle a balayage (DSC) est utilisée dans cette étude pour estimer la fraction
volumique de précipités. Un flux de chaleur obtenu en DSC, a partir d’'un échantillon ne contenant
initialement pas de précipités, est présenté sur la Figure 6a. Les pics exothermiques et
endothermiques qui sont présents sur le signal de DSC sont dus respectivement a la formation et la
dissolution de phases. Avant de pouvoir effectuer des mesures quantitatives, il est nécessaire de bien
comprendre les transformations de phase qui interviennent au cours de la rampe. Afin de mettre en
évidence ces transformations, nous avons reproduit la méme rampe en température en SAXS in-situ
de maniére a corréler I'apparition des pics avec la formation ou la dissolution de phases connues. Des
images SAXS au cours de la rampe sont présentées sur la Figure 7. L’évolution de I'épaisseur des
plaquettes au cours de la rampe est présentée en parallele au flux de chaleur de DSC sur la Figure 6b.
La succession des deux principaux pics exothermiques (B et C sur la Figure 6a) est associée a la
précipitation puis a I'épaississement de la phase T;.

0-2 I 1 I 1 I T U T

Heat Flow (W/g)
o
\'
|

0 50 100 150 200 250 300 350 400 450 500
Temperature (°C)

1 »| 1

E® E -
% .u"...
—\GE) 2 i e, «w". ‘ i
.9 _______________ Basegsane®®®” . . | . . . - - = 4
=
|_ 0 1 1 1 1

0 100 200 300 400 500

Temperature (°C)
Figure 6: (a) flux de chaleur enregistré au cours d’une rampe de DSC de 50K/min de 0°C a 520°C a partir d’un échantillon

ne contenant pas de précipités et (b) évolution de I’épaisseur moyenne des précipités T, au cours de la méme rampe
température effectuée in-situ en SAXS.
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Figure 7: images SAXS extraites au cours d’'une rampe a 50K/min de 50°C a 500°C a partir d’un échantillon ne contenant
pas de précipités.

Les observations précédentes ont permis de mettre en évidence que les réactions se passant au
cours de la rampe de DSC incluent presque exclusivement la phase T;. Par conséquent, la fraction
volumique de précipités en présence dans I’échantillon avant la rampe de DSC est proportionnelle a
I'intégrale globale du flux de chaleur de DSC. L’évolution de la fraction volumique est ensuite calibrée
grace a des observations en HAADF-STEM.

La densité numérique de précipités peut ensuite étre déduite a partir des évolutions de diamétre,
épaisseur et fraction volumique:

4%, (2)

“—
N T *t* D2

Ou N est la densité numérique de précipités. Les évolutions de I'ensemble des parameétres
caractéristiques de la phase T; pendant le revenu bi-palier sont représentées sur la Figure 8.
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Figure 8: Evolutions des parameétres caractéristiques de la phase T, au cours d’un revenu bi-palier (18h a 155°C et 190°C)
(a) évolution du diamétre et de I'épaisseur des T, (en nm) et (b) évolution de la fraction volumique (en %) et de la densité
numérique de précipités (en m's).
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2.4 Chapitre IV : Quantification et modélisation du lien entre microstructure et limite
d’élasticité.
Dans ce chapitre, une étude du lien entre microstructure et limite d’élasticité est effectuée. La
stratégie utilisée consiste a faire varier les paramétres du traitement thermomécanique (pré-
déformation, température et durée du traitement) de maniere a faire varier les parameétres de la
microstructure des précipités T, (diamétre, épaisseur et fraction volumique). L’évolution de la limite
d’élasticité au cours des traitements thermomécaniques effectués, est systématiquement mesurée.

24.1 Création d’une base de données expérimentale

La variation de la pré-déformation permet de faire varier la densité de sites de germination
disponibles pour la phase T, car cette phase germe sur les dislocations. Le controle de la pré-
déformation permet de faire varier la densité numérique ainsi que le diametre moyen des précipités.
Les cinétiques de précipitation a 155°C ont été suivies en SAXS in-situ pour 3 pré-déformations :
0.5%, 2.5% et 12%. Des images ont été extraites a des temps caractéristiques pendant le revenu
permettant de mettre en évidence les différences de cinétique d’apparition des T, quand le niveau
de pré-déformation varie (voir la Figure 9). Pour ces trois pré-déformations, les précipités T, se
maintiennent a une épaisseur constante (de 1.3nm) qui correspond a la formation de précipités
d’une seule maille seulement. Pour activer I'épaississement des plaquettes il est nécessaire
d’augmenter la température de traitement et pour cela nous utilisons les résultats obtenus au cours
du chapitre précédent avec un traitement bi-palier (voir Figure 8).

3h 18h
o ‘ ‘
. ‘ ‘
12%

Figure 9: images mesurées en SAXS a différents temps de revenu a 155°C pour les trios pré-déformations suivantes: 0.5%,
2.5% et 12%.

La procédure de caractérisation qui a été mise en place au chapitre précédent nous permet d’extraire
les évolutions de tous les paramétres caractéristiques des précipités T, permettant ainsi d’enrichir
une base de données expérimentales qui pourra étre ensuite utilisée pour tester des modeles de
limite d’élasticité.
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2.4.2 Modeéles de limite d’élasticité
Deux modeles de limite d’élasticité basés sur le mécanisme de contournement ont été proposés par

Nie et Muddle [18] et Zhu et Starke [19]. La capacité de ces modeéles a prédire |'évolution de la limite
d’élasticité au cours du traitement bi-palier est évaluée. La Figure 10 montre ['évolution
expérimentale de la limite d’élasticité avec les évolutions prédites par les deux modeéles. La
prédiction par ce type de modeéle n’est pas satisfaisante et ne semble donc pas convenir au
durcissement par des précipités T,. En effet, pour pouvoir modéliser correctement la contribution
apportée a la limite d’élasticité par les précipités T, il est nécessaire de considérer le caractére
cisaillable de ces précipités.

550 <

155°C

S00¢ By-passing model 7

by Nie et al. [16]

B
[8))
o

Yield Strength (MPa)
B
o
o

350 . *
By—passing model by
Zhu and Starke [17]
300t .
190°C -
250 - - —
10° 10' 10°

Time (h)

Figure 10: Limite d’élasticité mesurée expérimentalement au cours du traitement bi-palier (symboles), et prédictions
obtenues avec les deux modéles basés sur le mécanisme de contournement (courbes).

Nie et Muddle [20] ont ensuite proposé une approche alternative qui prend en compte la création
d’une nouvelle interface matrice/précipité au cours du mécanisme de cisaillement (se référer au
chapitre I, équation (1)). La Figure 11 montre un schéma du mécanisme de cisaillement.

( a) A Al-matrix

bsino § 1
APB t

X bsina
Y

>

-l
-«

A1
Slip plane -
A

Figure 11: (a) schéma d’une plaquette cisaillée observée debout révélant la création d’une nouvelle interface
matrice/précipité et de la création d’une paroi d’antiphase. (b) Image d’un précipité T, cisaillé en HAADF-STEM en axe
<110>.
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Nous proposons d’étendre et de modifier le modele proposé par Nie et Muddle en incluant la
création d’'une paroi d’antiphase au cours du mécanisme de cisaillement (comme précisé sur la
Figure 11). L'équation modifiée prend en compte I'énergie surfacique d’interface y; et I'énergie

surfacique de la paroi d’anti-phase y4pp :

0.762Dyesr /2 |bf,
t2 T

- sin(a)) YaprB

ATTl = (3)

. t
aveCVerr = 2 sm(a) Yi+ (b sin(0)

La Figure 12 montre I'évolution expérimentale de la limite d’élasticité au cours du traitement bi-
palier ainsi que les évolutions prédites par Nie et Muddle et par le modele modifié ci-dessus. Dans les
deux cas les prédictions sont trés proches de I'évolution expérimentale. Cependant notre modeéle
modifié semble mieux modéliser la transition au pic de limite d’élasticité. Les énergies de surface
sont utilisés comme paramétres de fit. Le résultat des fits nous donnent: y; = 0.08J/m> et
Yapg = 0.007 J/m°.
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Figure 12: Limite d’élasticité mesurée expérimentalement au cours du traitement bi-palier (symboles), et prédictions
obtenus avec les deux modeéles prenant en compte le mécanisme de cisaillement (courbes).

La figure ci-dessus montre que la prédiction de la décroissance en limite d’élasticité autour du pic de
durcissement est possible en considérant seulement le mécanisme de cisaillement. Par conséquent, il
semble que ce mécanisme reste dominant, y compris aprés la transition. Cependant, on peut
remarquer que ces modeles ne permettent pas de prédire les temps trés sur-vieillis ce qui laisse
penser qu’une transition de mécanisme de durcissement intervient aux temps tres longs apres le pic
de durcissement.
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2.5 Chapitre V: Etude des mécanismes de durcissement et phénomenes de plasticité
liés ala phase T,
Dans ce chapitre, I'influence des précipités T, sur les phénomeénes de plasticité est etudiée. Dans
cette optique, les mécanismes d’interaction entre les dislocations et les précipités T, sont observés et
discutés. Ensuite I'influence de la microstructure de T, sur les phénomenes de localisation de la
plasticité est étudiée.

2.5.1 Observation en HAADF-STEM

Des observations sont tout d’abord conduites en HAADF-STEM sur un échantillon sur-vieilli 18h a
155°C et 70h a 190°C puis déformé plastiguement 2%. La présence de nombreux précipités T,
épaissis est alors révélée. La Figure 13 montre un précipité T, de deux épaisseurs caractéristiques et
cisaillé en trois endroits. Les événements de cisaillement observés sont seulement d’un vecteur de
Burgers. Ainsi, il semble qu’il est énergétiquement plus favorable pour une dislocation de cisailler le
précipité a un autre endroit plutot que de le cisailler deux fois au méme endroit. Ce mécanisme de
cisaillement simple des T, évite une localisation catastrophique de la déformation au niveau
microscopique comme mis en avant récemment par Deschamps et al. [24].

Figure 13: image HAADF-STEM en axe de zone <112> d’un précipité T, épais cisaillé sur un échantillon vieilli 18h a 155°C
et 70h a 190°C et déformé plastiquement 2%.

2.5.2 Essais mécaniques
Des essais de traction sont tout d’abord conduits sur des échantillons revenus a différents temps au

cours d’un traitement bi-palier. Le taux d’écrouissage 6 = Z—Z, calculé a partir de ces courbes de
traction, est tracé en fonction de g — g, (ou g, est la imite d’élasticité) sur la Figure 14a. Le taux
d’écrouissage initial est estimé par interpolation et tracé en fonction du temps de traitement sur la
Figure 14b. L'augmentation du taux d’écrouissage observé est caractéristique d’une transition
cisaillement/contournement.
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Figure 14: (a) évolution du taux d’écrouissage en fonction du temps de traitement au cours du traitement bi-palier et (b)
évolution du taux d’écrouissage initial en fonction du temps de traitement.

2.5.3 Localisation de la plasticité

La localisation de la plasticité dans des bandes de cisaillement est observée en microscopie confocale
a balayage sur différents temps de traitement. Une disparition des bandes de cisaillement en
fonction du temps de traitement révéle une homogénéisation de la déformation plastique. Une telle
homogénéisation est liée a une transition cisaillement/contournement. En effet, I'apparition de
boucles de dislocation autour des précipités crée un champ de contrainte important autour des
précipités permettant de dévier les dislocations en mouvement et ainsi d’homogénéiser la
déformation plastique. La Figure 15 montre deux images prises en microscopie confocale mettant en
évidence la disparition des bandes de glissement entre un état revenu 18h a 155°C et un état revenu
18h a 155°C puis 70h a 190°C.
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Figure 15: (a) image de bandes de cisaillement sur un état revenue 18h a 155°C et (b) absence de bandes de cisaillement
sur un état revenu 18h a 155°C puis 70h a 190°C.

L’ensemble de nos observations semble confirmer qu’une transition cisaillement/contournement
intervient dans le cas des précipités T, longtemps apres le pic de limite d’élasticité. Cette transition
semble graduelle avec probablement une combinaison de mécanismes dans la plupart des cas.

3. Bilan général

Ce travail de thése a permis d’acquérir une meilleure compréhension des phénomenes de
durcissement liés a la phase T; dans les alliages Al-Li-Cu de derniére génération. Une nouvelle
méthode de caractérisation de la phase T; a tout d’abord été proposée. Une base de données
expérimentale a ensuite pu étre générée. Cette base de données a été utilisée pour tester différents
modeles de limite d’élasticité proposés dans la littérature. Un modele énergétique prenant en
compte la création d’une nouvelle interface matrice/précipité et d’une paroi d’antiphase, lors du
cisaillement, a permis de décrire de maniere tres précise I'évolution de la limite d’élasticité pour de
nombreuses microstructures de T;. Ce modele permet notamment de modéliser la transition au pic
de durcissement et le début de la décroissance en limite d’élasticité, sans invoquer une transition
cisaillement/contournement. Cette transition semble intervenir seulement pour des états fortement
sur-vieillis. Le parameétre critique contrélant cette transition est encore inconnu et des efforts
supplémentaires notamment en simulation de type Ab Initio permettraient de mieux comprendre les
différentes énergies intervenant lors du cisaillement de T;.
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General introduction

Industrial context

One of the greatest discoveries of the 20™ century in metallurgy was probably made by Alfred Wilm
when exploring the age-hardening ability of Al-Cu alloys. The strength increment arising during a
heat treatment is now known to stem from the formation of nano-precipitates. Such heat treatments
have now spread to many metallic systems and are industrially used in a wide range of applications
from packaging to transportation.

The early generations of cast and wrought Al-alloys were mainly based on the Al-Cu-Mg, Al-Mg-Si and
Al-Zn-Mg systems. The addition of Li as a primary alloying element in Al-Cu alloys is more recent. Li
significantly reduces the alloys’ density while enhancing its modulus. Due to Li’s high solubility in Al,
it was primarily added in large amounts with the purpose of creating high specific strength
(strength/weight) Al-alloys for military aircrafts. However, the early generations of Al-Li-Cu alloys
encountered significant drawbacks such as poor toughness and poor property stability, thus limiting
their use. Three generations of Al-Li-Cu alloys have been developed with a gradual diminution of the
Li/Cu ratio. The current generation contains less than 1.8wt% in Li and less than 5wt% in Cu with
minor additions of Mg, Ag and Zr. They are used in both military and commercial airplanes mainly in
wing and fuselage skins. The recent progress in Al-Li-Cu alloys has been driven by the apparition of a
strong competitor to metals in aerospace, namely composite materials that also provide enhanced
solutions to aeroplanes manufacturers. Nowadays, lighter solutions are in demand in order to reduce
fuel consumption and the environmental footprint of the aeroplane. New generations of Al-Li-Cu
alloys offer an optimal combination of properties such as low density, high strength, good damage
tolerance and very long time property stability thus making them a prime choice of material for the
current and next generation of aircrafts. The AIRWARE solution is currently proposed by Constellium
and addresses the current challenges faced in the aeronautic sector. The main scope of this PhD
study is based on one of these alloys, which is provided by the Constellium Vorrepe Research Center,
and named hereafter as the AA2198 alloy.



State of the art

e From the nano-scale to the macro-scale

The early investigations on age-hardening in Al-alloys were mainly empirical. The impact of many
additional alloying elements on the macroscopic mechanical response was evaluated. The
understanding of the precipitation phenomenon was enhanced with the development of recent
cutting-edge characterisation technologies. In order to develop new Al-alloys solutions, it is critical to
understand the mechanisms involved on a nanometre range and their impact on the macroscopic
properties.

e The main contribution to strength in Al-Cu-Li alloys: the T, phase

The strength increment of a material is induced by the obstacles to dislocation motion. Many
obstacles can be encountered in Al-alloys such as solute elements, grain boundaries, other
dislocations and precipitates. In the last generation of Al-Li-Cu alloys, such as the AA2198 alloy, the
main strengthening contribution arises from the precipitation of the T;-Al,LiCu phase. The kinetics of
precipitation of this phase, as well as the influence of alloy chemistry on the precipitation sequence,
has been the subject of a former PhD thesis at SIMAP laboratory in collaboration with Constellium
Research Centre. The T, phase forms as semi-coherent platelets along the {111} planes of the Al FCC
structure. The particularity of this phase lies within its strong anisotropy with a high aspect ratio
(~100). Its thickness is only a few atomic planes and is of the order of 1nm while its diameter can
grow up to a few 100 nm. The strong anisotropy of the T, phase makes it difficult to characterise
accurately and at the beginning of this project a complete characterisation procedure suited to
systematic evaluation was not available.

e Lack of experimental and modelling data on strengthening by anisotropic plate-like
precipitates

The interaction mechanisms between dislocations and the T, precipitates is decisive as it controls the
related macroscopic strength response of the alloy. The two main strengthening mechanisms that
are generally considered when a moving dislocation encounters a precipitate are by-passing and
shearing. When a precipitate is by-passed, a loop of dislocation is left around the precipitate and
when sheared, the precipitate is cut to the extent of one Burgers’ vector. In the case of near-
spherical precipitates, a transition from shearing to by-passing generally corresponds to the
material’s peak strength when the precipitates reach a critical size. In this case, the yield strength
models are well established. However, in the case of platelets precipitates such as the T, phase, the
evolution of the strengthening mechanisms as a function of the precipitates’ morphology is less
understood. Due to the current lack of understanding and complexity of the strengthening
mechanisms involved in the case of platelets precipitates, only a very few attempts of yield strength
modelling can be found in the literature. Furthermore, the ability of the existing models to predict
the yield strength has been poorly investigated due to a lack of experimental data in terms of the T;
morphological parameters and volume fraction evolution during an age-hardening treatment.



Thesis Strategy

The main objective of this PhD work is to understand the relationship between the characteristics of
the T, phase and the yield strength increment. The different steps and tools to achieve this goal are
described as follows:

e Set-up a characterisation procedure of the T phase

The first step is to provide a suitable characterisation procedure in order to define, fully and
accurately, the T; morphology. The important parameters that characterise the T, phase are its
thickness, diameter, number density and volume fraction. We developed a new strategy that
involves a wide range of state-of-the-art characterisation techniques such as Small-Angle-X-Ray-
Scattering (SAXS), Conventional and High Angular Annular Dark Field Scanning Transmission Electron
Microscopy (CTEM and HAADF-STEM) and Differential Scanning Calorimetry (DSC).

e Explore a wide range of T, microstructures

Once a characterisation scheme is clearly established, it becomes possible to explore a wide range of
T, microstructures. For this purpose we set up a strategy to design the thermo-mechanical treatment
as a way of controlling the variation of the T; morphological parameters independently. As T,
precipitates are known to nucleate on dislocations, varying the amount of cold working prior to the
age-hardening treatment is a good way to vary the precipitates’ density and diameter. The age-
hardening temperature is then used in order to control the activation of the precipitate thickening
process and thus vary the precipitates’ thickness distribution. Finally varying the duration of the age-
hardening treatment permits us to manage the completion of precipitation and thus the T, volume
fraction. The variation of the thermo-mechanical parameters and associated influence on the T,
microstructural parameters is summed up in Table 1. As a result, varying the thermo-mechanical
treatment is an efficient tool to create of a wide range of T, microstructures thus resulting in a
systematic experimental data base of microstructure / properties relationships.

Thermo-mechanical treatment - | Pre-strain Temperature | Duration

T1 microstructure =

Table 1: Thermo-mechanical treatment parameters and associated variations on T; microstructural parameters.

e Testand improve the existing yield strength models

A few models have been proposed in the literature to model the yield strength increment in the
presence of the T, phase. However, the testing of the models remained limited due to a shortage of
experimental data. Most of the existing models are adapted from the Orowan yield strength model
which is classically used in the case of by-passed spherical precipitates. However, it is recognised that
the T, phase is shearable when it consists of one unit cell. An alternative energetic approach of the
shearing mechanism has been proposed by Nie and Muddle. We propose first testing the existing



models and then further developing the existing model, which can be applied to any type of T,
microstructures.

e Understand the strengthening mechanisms in terms of dislocation/precipitate
interaction

The final aim of this work is to fully describe the strengthening mechanisms involved in the presence
of T, precipitates. Both experimental and modelling results will be used conjointly to depict the
interaction mechanisms between dislocations and precipitates. The evolution of the strengthening
mechanisms as a function of the precipitates morphology and the impact on the resulting yield
strength will also be discussed. Two different approaches can be conducted to investigate the
strengthening mechanisms. The direct approach consists in observing the result of an interaction
between a dislocation and a precipitate. HAADF-STEM is a powerful technique, which is suited to the
observation of shearing events on T, precipitates. However, this technique only permits local
observations and does not reveal by-passed precipitates. As a consequence, an indirect approach is
more powerful in the investigation of the strengthening mechanisms. The interaction mechanisms
(by-passing or shearing) are known to have a direct influence on strain hardening and on the
localisation of plasticity. As a result, we propose an investigation of the plasticity behaviour as a way
of studying the strengthening mechanisms. We will look at the work-hardening behaviour by using
both tensile and Bauschinger tests. The localisation of plasticity into slip lines will then also be
investigated with Nomarski type observations and the Confocal Laser Scanning Microscopy (CLSM)
technique.



Presentation of the manuscript

This manuscript has been written essentially as a collection of successive articles. The first chapter
consists of a general literature review aiming to introduce the subject. The second chapter details the
materials and experimental procedures used in the thesis. Each of the three main chapters that
follow contains at least one article that has been or will be submitted to a peer-reviewed journal
(chapters Il to V). As a consequence, they contain their own state of the art and associated set of
references. Particular care has been taken in order to avoid redundancy between the general
literature review proposed in chapter | and each of the individual reviews proposed in the other
chapters. A consequence of such a manuscript format is that each of the articles can be taken
individually. However, we have aimed to express continuity in between the different chapters and
will then bring all the results together in a final discussion and conclusion.

e Background and methodology

The two first chapters give a general framework of the study. A general literature review (chapter 1)
goes back to the basics of aluminium alloys and their historical use in the aerospace industry. An
insight is then given into the precipitates that can be encountered in current Al-Li-Cu alloys. The
different contributions to strengthening are also given in this chapter. The second chapter is
methodological. Details on the investigated AA2198 alloy and thermo-mechanical treatment
conditions are presented. The characterisation techniques are then explained in terms of the
principles, set-up, sample preparation, use and data analysis.

e (Core ofthe PhD work

Chapter Il details the characterisation procedure employed to extract the T, microstructural data
using a combination of SAXS, CTEM, HAADF-STEM and DSC. Chapter IV focuses on the understanding
of the microstructure/strength relationships by exploring a wide range of T; microstructures while
recording the yield strength evolution. The yield strength modelling is also included in this chapter.
Chapter V contains two articles and focuses on the impact of T, precipitation on the plasticity
mechanisms. An HAADF-STEM study of the sheared T, precipitates was conducted as a part of this
PhD; the results were included in a paper by Deschamps et al.. This paper is included as an appendix.

e Discussion and conclusion

This part will bring together all the results in order to discuss and conclude on the general influence
of the T, precipitates on the strength increment and associated strengthening mechanisms. The
improvements and limitations will be explored in order to propose indications for future studies of
this system.

e Appendix

The first appendix presents an independent study on the Relationship between the grain texture and
the spatial dispersion of hardness during ageing. The second appendix is a recent paper published by
Deschamps et al. on the influence of precipitation on plastic deformation of Al-Cu-Li alloys.

Enjoy!
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Chapter I: Literature review

The main aim of this chapter is to present a literature review in order to show the general context of
the study. | will start from generalities on Aluminium alloys and then give an idea of the industrial
context and the history of the use of Aluminium alloys in the aerospace industry. An overview will
then be given on the precipitates that are usually encountered in industrial Al-Cu-Li alloys. More
emphasis will be given to the T;-phase and the impact of the thermo-mechanical treatments on the
precipitation behaviour of this phase will be described. The different contributions to strengthening
will then be emphasized in terms of yield strength modelling. More detailed and specific literature
review will be included in each chapter of the manuscript.
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1. Generalities

1.1 Aluminium Alloys Designation System

Pure Aluminium has extremely poor mechanical properties. Most commonly, the addition of alloying
elements combined with the proper thermo-mechanical processing, will confer the desired
properties depending on the application. A century of using wrought and cast Aluminium alloys has
resulted in a wide range of alloys developed for specific applications, which are narrowed down to
eight families depending on their main alloying element. This nomenclature was developed by the
Aluminium Association [1] and is called the International Alloy Designation System (IADS) as shown in
Table 2. The first digit in the designation number describes the main alloying element; the following
digits are used to differentiate all the specific industrial Al-alloys.

Family | Main alloying element
1XXX None

2XXX | Copper

3XXX | Manganese

4XXX | Silicon

5XXX | Magnesium

6XXX | Magnesium and Silicon
7XXX | Zinc and Magnesium

8XXX | Other alloying elements
Table 2: The eight families of Al-alloys [1]

1.2 Heat-treatable Al-alloys

Al-alloys that experience an increase of their strength during a heat treatment are named heat-
treatable Al-alloys. This increase of strength is mainly due to the formation of secondary particles
which are called precipitates. The most well known precipitation-hardened Al-alloy is probably the
Al-Cu alloy which is hardened by the GP-zone, 6” and 6’-Al,Cu precipitates. The classes of alloys
which can be considered as heat treatable are the following: 2XXX, 6XXX, 7XXX and 8XXX Al-alloys.

1.3 Temper designation system

Another designation system was soon introduced in the IADS in order to classify the heat treatable
Al-alloys series. The temper designation system that is used for most wrought Al-alloys is shown in
Table 3. It consists of one letter, which gives the ageing condition and is generally followed by one or
more digits that give more precise ageing characteristics of the alloy. The F, O, H, W and T letters
stand for respectively, as-fabricated, annealed, cold-worked, solution heat-treated and heat-treated
conditions. Classical tempers that are used for 2xxx alloys are T3 when the alloy is solutionized and
cold-worked and T8 when the alloy has been solutionized, cold-worked and heat treated to peak
strength. Additional digits are sometimes added in order to give more details on the secondary
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treatments, for instance, the TX51 designation specifies that the cold work has induced a permanent
deformation between 0.5 -3% [2].

Suffix letter: F, O, H, T or
w indicates basic
treatment condition

First suffix digit indicates
secondary treatment used to
influence properties

Second suffix digit for
condition H only indicates
residual hardening

F-As fabricated

0-Annealed-wrought
products only

H-Cold-worked strain | 1-Cold-worked only 2-1/4 hard
hardened
2-Cold-worked and partially | 4-1/2 hard
annealed
3-Cold-worked and stabilized 6-3/4 hard
8-hard

9-extra hard

W-Solution heat-treated

T-Heat-treated stable

1-Partial Solution + natural ageing

2-Annealed cast products only

3-Solution + cold-worked

4-Solution + natural ageing

5-Artificially aged only

6-Solution + artificial ageing

7-Solution + stabilizing

8-Solution + cold-work + artificial
ageing

9-Solution + artificial ageing + cold
work

Table 3: Temper designation system for most wrought Aluminium alloys. [3]
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2. Aluminium Alloys in the aerospace industry

2.1 History

Aluminium has not always been the prime choice for aircraft designers. In the early ages of airplanes,
the structure of the aircraft was mainly made out of wood which was, at the time, the best material
for strength/weight ratio (specific strength) [3]. In the early 20" century, precipitation hardening was
discovered in Al-Cu alloys. The first use of Aluminium in flying applications suffered serious corrosion
issues. It is only when the anodising process was discovered that the poor corrosion resistance of Al-
alloys could be overcome. After this, Al-alloys were gradually introduced into the structure of
aircrafts and have been the main components in airframes since then. However, the composite
materials appeared in the middle of the 20st century and have been increasingly introduced into the
aircraft’s structure. The use of composites increased exponentially in the 1990s and a decade ago the
future of Al-alloys in the aerospace industry was highly uncertain. As a consequence, aluminium
manufacturer had to come up with lighter and more reliable Al-alloys and processes. Nowadays,
thanks to years of research, new generation of Al-alloys are currently and will remain a competitive
choice of materials in the foreseeable future. Improvement in specific strength is no longer the only
indicator of improved performance; durability and damage tolerance are examples of determining
properties for aerospace applications. Nowadays, the essential characteristics lie in optimising the
material but also the manufacturing technologies while reducing the environmental impact [4].

The highest specific strength is given by the 2XXX and 7XXX series Al-alloys, which are dominant as
structural materials in the aerospace sector. The improvement of the yield strength for the Al-alloys
in the aerospace domain is shown schematically in Figure 1. Today’s strongest Al-alloy is the 7055-
T7751 which is used for upper wings.
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Figure 1: Yield strength of some Al-alloys used in the aerospace industry as a function of the year of introduction (taken
from Williams and Starke [4]).
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2.2 The Al-Li alloys

In order to achieve a decrease in weight, Al-Li alloys were gradually introduced [5,6]. Indeed, each
weight percent of Li added lowers the density of the alloy by approximately 3% while increasing the
modulus by approximately 6%. Li can also participate to the formation of hardening precipitates and
it imparts higher fatigue crack growth resistance. There has been schematically three generations of
the Al-Li alloys, the nominal compositions of the key Al-Li alloys are reported in Table 4. The first Al-
Li-Cu alloy was patented by Alcoa in 1945, and the first application was in a military aircraft in 1958.
The key feature of the second generation of Al-Li alloys is the Li content which is above 2wt%. These
new solutions provided alloys with lower density and higher modulus but also encountered
significant drawbacks such as a high anisotropy of the material properties [7,8]. As a consequence,
the current third generation of Al-Li alloys represents a compromise with a lower Li content, typically
between 0.75 to 1.8wt% and less than 5wt% in Cu. As a result, the Cu/Li ratio is increased compared
to the second generation alloys (see Figure 2). This new generation of alloys was primarily launched
for military and spatial applications but is currently used in commercial airplanes structure.

Li Cu Mg Ag Zr Se Mn ZIn Approximate Date
Ist generation
2020 12 4.5 0.5 Alcoa 1958
01420 i 52 0.11 Soviet 1965
01421 2.1 3.2 0.11 0.17 Soviet 1965
2nd generation (Li = 2 pet)
2090 2.1 =l 0.11 Alcoa 1984
2091 2.0 2.0 1.3 0.11 Pechiney 1985
8090 24 12 0.8 0.11 0.17 EAA 1984
01430 1.7 1.6 27 011 Soviet 1980s
01440 24 1.5 0.8 0.11 Soviet 1980s
01450 2.1 2 0.11 Soviet 19805
01460 2.25 25 0.11 0.09 Soviet 1980s
3rd generation (Li < 2 pet)
2195 1.0 4.0 0.4 0.4 0.11 LM/Reynolds 1992
2196 1.75 2.0 0.5 0.4 0.11 0.35 max 0.35 max LM /Reynolds 2000
2297 1.4 28 0.25 max 0.11 0.3 0.5 max LM /Reynolds 1997
2397 1.4 28 0.25 max 0.11 0.3 0.10 Alcoa 1993
2198 1.0 &2 0.3 04 0.11 0.5 max 0.35 max Reynolds/McCook 2005
2099 1.8 27 0.3 0.09 0.3 0.7 Alcoa 2003
2199 1.6 2.6 02 0.09 0.3 0.6 Alecoa 2005
2050 1.0 3.6 0.4 0.4 0.11 0.35 0.25 max Pechiney 2004
2060 0.75 305 0.85 0.25 0.11 0.3 0.4 Alcoa 2011
2055 1.15 37 0.4 0.4 0.11 0.3 0.5 Alcoa 2012

Table 4: History of the nominal compositions of key Al-Li alloys (taken from Rioja and Liu [5]).
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Figure 2: Comparison of compositions in wt%Cu and wt%Li for the second and third generation of Al-Li-Cu alloys. It can
be noticed that the third generation of Al-Li alloys (bottom right hand corner) possess a higher Cu/Li when compared to
the second generation Al-Li alloys (taken from Warner [9]).

A wide range of additional alloying elements is usually added to Al-Li alloys in order to obtain the
desired properties. The main alloying additions involved in the 3™ generation of Al-Li alloys together
with their impact are listed in Table 5. The numerous alloying elements highlights that a careful
choice of composition is essential in achieving the expected properties.

Alloying Impact

element

Li and Mg Density reduction, solid solution and precipitation strengthening

Cu and Ag Solid solution and precipitation strengthening

Zn Solid solution strengthening and corrosion resistance

Zr and Mn Formation of dispersoids = Control of the grain size and texture

Fe and Si Impurities which form intermetallics, detrimental to mechanical properties
Ti Grain refiner

Na and K Impurities

Table 5: Main alloying elements which are typical of the third generation of Al-Li alloys [5].

Nowadays, although the development of higher performance alloys continues, an upcoming
challenge to improve the airplane structure is to optimise materials’ utilisation [9].
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3. Precipitation in the ‘third generation Al-Li-Cu alloys’

The last generation of 2XXX Al-alloys are hardened by precipitation. Understanding and controlling
precipitation is thus decisive in order to obtain the desired properties. From now on, the last
generation of Al-Li alloys will be referred to as Al-Li-Cu alloys.

The Al-Li-Cu system involves numerous phases that can be divided into three main groups:
intermetallics, dispersoids and precipitates. The intermetallics are coarse particles that form during
solidification, due to the presence of impurities such as Fe and Si. They are usually detrimental to the
alloy properties. Dispersoids are fine particles that form during homogenisation, which role is to
prevent recrystallisation during the thermo-mechanical treatments. The addition of Zr in Al-Li-Cu
alloys is a common way to form the spherical B’-AlsZr dispersoids. No further details will be given on
intermetallics and dispersoids as they are not the focus of the current study, the emphasis will be on
the strengthening precipitates that form in industrial Al- Li-Cu alloys.

It is well established that the T;-Al,LiCu phase is the main strengthening phase in Al-Li-Cu alloys [10].
Nevertheless, a number of other precipitates form due to the numerous alloying elements [11]. The
complex precipitation sequence in Al-Li-Cu alloys was first highlighted by Hardy and Silcock [12] who
identified a number of phases using X-Ray diffraction (see Figure 3). In the current Al-Li-Cu alloys, the
precipitation sequence is even more complicated than the one described by Hardy and Silcock due to
their complex composition. For examples, the use of alloying elements such as Mg and Ag greatly
impacts the precipitation sequence. As a consequence, phases from the binary Al-Cu and Al-Li and
from the ternary Al-Cu-Mg and Al-Cu-Li systems are usually encountered. The main phases that come
up in these alloys are summed up in Table 6. A schematic diagram of a classic microstructure is given
in Figure 4.

Despite the apparent complexity of the precipitation sequence in the Al-Li-Cu alloys, it is recognised
that the T, phase is predominant if pre-stretching is applied prior to the heat treatment
[13,14,15,16,17,18,19,20]. To give a fair view of the precipitates that are present in Al-Li-Cu alloys,
only the most common precipitates will be described in this part.
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Figure 3: Precipitates observed by Hardy and Silcock in different Al —Li-Cu alloys after a heat treatment of 16 hours at
165°C (taken from Decreus [21]).
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Figure 4: schematic view of the microstructure of third generation Al-Li alloys (taken from Rioja and Liu [5])..

System Phase Bulk Morphology Orientation | Crystal
Composition structure
Al-Cu GP-l zone | Cu Disc (mono-layer of | [100], -
Cu)
GP-Il Al-Cu Disc (bi-layers of Cu) | [100]4 -
zone
o’ Al,Cu Platelet [001]//[100], | Tetragonal
Q Al,Cu Platelet (111)//(111) | Orthorhombic
Al-Li & AlsLi Spherical (111)//(111), | L12
Al-Cu-Mg | GPB-I Cu-Mg - - -
zone
GPB-II Al,CusMgs Needle [100]//[100] | Orthorhombic
zone
S’ Al,CuMg Needle [100]s//[100]4 | Orthorhombic
[010]s//[021]
) AlsCusMg; Cubical (100)//(100)s | Cubic
[100]//[100]
Al-Cu-Li | T; Al sLiCu, Platelet (001)// (001), | Tetragonal
[100]// [110]a
T, Al,Culi Platelet (0001)//(111)n | Hexagonal
[1011]//[110]
Al-Cu-Li- | T, Al,Cu(LiMg)s - - -
Mg

Table 6: Bulk composition, morphology, orientation relationship and crystal structure of most of the precipitates that can
be found in industrial 2xxx alloys [22].
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3.1 The Al-Cu phases

The Al-Cu alloy is the first heat-treatable alloy that was discovered. As a consequence, its
precipitation sequence has been studied extensively in the literature and is now well-established.
The generally accepted precipitation sequence in Al-Cu alloys is the following [23]:

SSSS = GPl-zones = GPll-zones (8”’) - 6" - 6-Al,Cu

Figure 5 shows the Al-rich side of the Al-Cu phase diagram, the solvus lines of the metastable phases
(GP-zones, 6, 6’) and of the equilibrium phase 8 are depicted. This phase diagram highlights that the
Cu content and ageing temperature are decisive parameters in order to control precipitation in Al-Cu
alloys.
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Figure 5: Al-rich side of the Al-Cu phase diagram, showing the solvus boundaries for the metastable GP-zones, 8” and 6’
and the stable 6 phase, (taken from Ringer and Hono [24]).

The O phase is highly unlikely to appear at the common heat treatment temperature (<200°C). As a
consequence, the GP-zones form during natural ageing. Subsequently, the 8”-phase which is also
referred as GPIl-zone will form. The precipitation of the 8’ phase occurs during the artificial ageing
treatment.

3.1.1 The GP-zones

The Guinier-Preston zones (GP-zones) are the result of the supersaturated solid solution
decomposition in the early stage of the ageing treatment. They were first observed by both Guinier
[25] and Preston [26] in 1938 by performing X-Ray diffraction experiments on Al-Cu alloys. More
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generally, GP-zones are observed in a wide range of Al-alloys under different morphologies (needles,
plates or spheres) depending on their interfacial energy with the matrix [27]. GP-zones are always
the result of clustering of solute elements; they are coherent with the Al matrix and their size ranges
from 1 to 10nm. In Al-Cu alloys, the GP-zones are often referred as GPl and GPIl zones. GPl-zones
usually consist of a single layer of Cu atoms on a {100} plane of the FCC structure even if there are a
few examples of multi-layers GPI-zones [28]. In the literature, the GPll-zones are also referred to as
0”’. The latter consists of two single-layers of Cu with three Al layers in between. A model for the
structure of one-layer, multi-layers GPIl-zones and GPll-zones was proposed by Ringer and Hono [24]
(Figure 6). More recently, Decreus et al. [10] observed GPI and GPIl-zones in an AA2198 using a High
Angular Annular Dark Field Scanning Transmission Electron Microscope (HAADF-STEM) (Figure 7).

( 2 20 )

O
X

X

(OO
( 20 2 )

Single-Layer Multi-Layer 0"
G.P.zone  G.P. zone

Figure 6: Schematic diagrams of the structure of single-layer and multilayer GP zones and 8" precipitates (taken from
Ringer and Hono [24]).

Figure 7: HAADF images in the <110> zone axis of a AA2198 aged 15 h at 155 °C, showing details of precipitates lying on
the {100} matrix planes: (a) GPl-zone; (b) GPll-zone (taken from Decreus et al. [10]).
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312 The 6’ phase

The 0’ phase is the main strengthening phase in the Al-Cu system. It is a semi-coherent metastable
precipitate which has a well-established tetragonal crystal structure with lattice parameters
a=0.404nm and c=0.580nm [23] (Figure 8 a). They appear as platelets in the {001} planes of the Al-
FCC structure. Their shape and orientation give rise to streaks along the <100> directions when
observed in the diffraction mode in TEM (Figure 8 b). Figure 8 ¢ shows a bright field image taken
along a <100> zone axis of an AA2219 sample, age-hardened at peak strength; two variants of 6" are
observed edge-on. The nucleation of 8’ is heterogeneous on the dislocations. As a result, cold
working prior to heat treatment significantly enhances 8’ precipitation.

There are very few studies which focus on 0’ precipitates when forming in Al-Li-Cu alloys as its role in
strengthening is of second order compared to the role of the T, precipitates in these alloys. The
structure of the 8’ phase in Al-Li-Cu alloys has been investigated by Yoshimura et al. using TEM [29],
they highlighted the impact of the Li content on the structure of the 6’ phase. Indeed, 6" in high Li
content alloys seems to exhibit a different structure and may act as a precursor to the Ty phase.
Nevertheless, in low Li alloys (<2wt%), the structure of the 8’ phase is similar to the one found in the
binary Al-Cu system.

®@Cu OAI

Figure 8: a) Model of the structure of 0’. b) Selected Area Diffraction (SAD) Pattern along a <100> Axis and c)
Corresponding Bright Field image, on an AA2219 T87 sample. Two variants of the 8’ phase are observed edge-on (taken
from Papazian [30]).

313 The Q phase

The addition of Mg and Ag in Al-Cu alloys is known to promote the Q-Al,Cu phase at the expense of
the 6’ phase. It was first reported by Auld [31] who named it 6’y. In following publications, it was
soon referred to as the Q phase. This phase has been argued to be monoclinic [31], hexagonal [32],
orthorhombic [33,34] and tetragonal [35]. What seems more likely is that this phase forms as thin,
hexagonal plates on the {111} planes of the Al matrix [33]. The hexagonal structure has been
evidenced, by Kerry and Scott [32], using electron diffraction. The composition of the Q-phase has
been noted to be highly similar to that of 8’, with segregation of Mg and Ag at the interphase. The
shape of the Q-phase is very similar to the Al,LiCu-T; phase that also forms on the {111} planes. In Al-
Cu-Mg-Li-Ag alloys, the Q-phase is gradually replaced by the T; phase when the Li content is
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increased [15]. The pre-deformation applied prior to ageing has also proved decisive on the Q/T,
competition [15]. Indeed, pre-deformation tends to favour T; formation at the expense of Q. A study
by Ringer et al. [15], focuses on the competition between the T, and Q phases depending on the alloy
composition and pre-deformation. The use of Differential Scanning Calorimetry revealed that the Q
precipitation peak shifts towards higher temperature when pre-deformation is applied. This is
relevant of the impact of pre-deformation that tend to inhibit Q precipitation.

Figure 9: Dark Field image along a <112> zone axis of the Q phase observed edge-on in an Al-Cu-Mg-Ag sample (taken
from Knowles and Stobbs [33]).

3.2 The Al-Li system: the &’ phase
The accepted precipitation sequence in this system is [22,36]:
SSSS = &'-AlsLi = 8-AlLi

The &’ phase forms easily in the Al matrix due to its high coherency with the Al matrix. When the Li
concentration is sufficient it forms immediately during or after quenching from the solution
treatment. The & phase is unlikely to form at the classical heat treatment temperatures.

The &’ precipitates are spherical with the L;, crystal ordering on the Al FCC structure. The space group
of & is Pm3m and the lattice parameter is a=0.405nm. The Li content in Al-Li-Cu alloys determines
the extent of the presence of &’ particles in the as-quenched state, Yoshimura et al. [37] investigated
two Al-3.2wt%Cu alloys with a Li content of 1.6wt% and 2.4wt%. Figure 11 shows two SAD patterns
along a <100> zone axis for the two alloys. Figure 11 (a) reveals only reflections corresponding to the
Al FCC-structure while Figure 11 (b) shows lattice spots corresponding to the precipitation of &’. As a
result, the &’ phase is not considered to form in low-Li Al-Li-Cu alloys.

In Al-Li-Cu alloys of low Li content, the precipitation of T, is favoured to the expense of &’.
Nevertheless, although &’ cannot be found in its spherical shape, it may form coherently around the
B’ dispersoids and around the 8’ precipitates [38]. Figure 12 shows two images taken in HAADF-STEM
along the <110> zone axis of 8" precipitates in an AA2198 sample age-hardened at peak strength.
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Figure 11: SAD patterns of the as-quenched Al-Li-Cu alloys
taken along a <100> zone axis. (a) 1.6 wt%-Li alloy, showing
only fundamental reflections; (b) 2.4 wt%-Li alloy, showing
super-lattice spots from the presence of & (taken from
Yoshimura et al. [37]).

Figure 10: Dark field observation of &’ precipitates
(taken from Gregson and Flower [39]).

Figure 12: (a) Thin 0’ precipitate with evidence of wetting by a thin & layer; (b) Same precipitate of larger thickness. All
platelets are normal to the [001] Al direction (taken from Decreus et al. [10]).
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3.3 The Al-Cu-Mg phases
The generally accepted precipitation sequence is as follows [27]:
SSSS = co-clusters - GPB-zones - GPBIl-zones (S”’) - S’ - S-Al,CuMg

The initial hardening stage has originally been attributed to the formation of GPB zones but it is now
accredited to the formation of Cu-Mg co-clusters [40,41,42]. The subsequent hardening stage is
attributed to the formation of GPB-zones, GPBIl-zones, S’ and S phases [40,43,44].

3.3.1 The GPB zones

When studying Al-Cu-Mg alloys, Bagaryatsky [45] revealed the presence of GP-zones like particles,
composed in equal proportion of Cu and Mg. The name GPB-zone (Guinier Preston Bagaryatsky-zone)
was given by Silcock [21], in order to distinguish them from the Cu GP-zones. In the same way as GP-
zones, a distinction is made between GPBI and GPBIll-zones [27], with GPBIl-zones acting as a
precursor to the S’ phase. There are numerous models that attempt to define the structure and
shape of the GPBI-zones. Bagaryatsky [45] described the GPBI-zones as an arrangement of Cu and Mg
atoms in the {100} planes having a similar arrangement as for the stable S-phase. Instead, Silcock
[21], using small-angle X-ray scattering (SAXS), interpreted the GPBIl-zones to form as rod-like
particles of 1-2nm in diameter and 4-8nm in length along the <100> direction of the Al matrix. As
predicted by Silcock [21], the rod-like morphology of the GPBI-zones has been confirmed in ensuing
TEM studies [40,46,47]. Atom-probe tomography was also used in parallel to TEM in following
studies [40,46,48,49]. It has been noted that GPBI-zones do not form during natural ageing or short
artificial ageing times which lead to their consideration as small precipitates with distinct structure
and shape rather than clusters. The crystallography of GPBI-zones has been identified recently using
HAADF-STEM combined with ab initio simulations [50]. The GPBI-zones were found to consist in an
agglomeration of sub-nanometer-size, rod like structural units with the orthorhombic structure along
the <100> direction of the Al matrix (Figure 13 (b)). The structure of the GPBI-zones has been
confirmed by first principles energy calculations [51].

The S”-phase has been reported in many publications [41,43,45,52] and it has been referred to as
GPBII-zones [53,54]. In a recent study by Kovarik et al. [55], using HRTEM imaging combined with ab
initio simulations, the structure of the S”-phase was determined to be a strained version of the S
phase with a modified orientation relationship (see Figure 14).

In the AA2198, due to the presence of both Cu and Mg, GP-zones and GPB-zones can theoretically be
formed in the early stages of the SSSS decomposition.
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Figure 13: Needle-shaped GPB zones in an Al-2.99wt%Cu-0.98wt%Mg alloy aged 96h at 180°C (taken from Kovarik et al.
[50]).
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Figure 14: (a) HRTEM image of the S”-phase, along the <110> zone axis and corresponding FFT spectrum (taken from
Kovarik et al. [55]).

332 The S’/S phase

The S’ and S phases are often considered to be the same phase as they only slightly differ in lattice
parameters. The difference between these two structures is attributed to the degree of coherency
with the Al matrix but they exhibit very similar crystal structure [27]. As a consequence, the
indication S is usually used to denote this phase. As proposed by Perlitz and Westgren in 1943 [56],
on the basis of XRD work, the S phase is orthorhombic. The lattice parameters of this phase were
later measured by Mondolfo [57] as, a=0.4nm, b=0.925nm and c=0.718nm. The S phase forms
predominantly as laths in the {210} habit planes and along the <100> directions of the Al matrix [57].
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Depending on the temperature and duration of the heat treatment the larger dimension of the S-
phase can grow up to 1um [58]. This phase nucleates either homogenously in the grains or
heterogeneously on dislocations [59,60]. S-phase particles that nucleated on dislocation loops are
shown in Figure 15 (a). Figure 15 (b) is a dark field image of S laths which are observed edge-on. A
recent work by Styles et al. [61], has revealed the existence of two distinct S-phases which were
called S1 and S2. The two phases were found to have different lattice parameters while exhibiting
the same crystal structure. Styles et al. [61] suggested that S1 is a lath-shaped phase while S2 is a
rod-shaped phase as observed in TEM (see Figure 16).

Figure 15: (a) S-phase particles that nucleated on dislocation loops observed in a Al-2.99wt%Cu-0.98wt%Mg alloy aged
96h at 180°C (taken from Kovarik et al. [50]). (b) Dark field image along a <100> zone axis of S-phase laths in a 2024 alloy
aged 300 min at 190°C. The laths are observed edge-on. (taken from Tolley et al. [44]).
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Figure 16: Bright field images recorded in TEM of a high purity Al-2.5Cu-1.5Mg (wt%) alloy in the <100> zone axis. The
two distinct shapes of the S phase are observed. (taken from Styles et al. [61])
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3.4 The Al-Li-Cu phases
The most common precipitation sequence for this system is
SSSS = T;-AlL,Culi

Although the T, phase is generally dominant, the Tg —Al; 5LiCu, phase might form. This phase will not
be described in details as its presence is usually associated to high temperature precipitation or grain
boundaries. The determinant impact of the thermo-mechanical treatment parameters (pre-
deformation, heat treatment temperature and duration) on the T, formation kinetics will be
discussed in the following.

3.4.1 The T; phase

It is well-established in the literature that the T, phase is the main strengthening phase in Al-Li-Cu
alloys. It is an equilibrium phase from the ternary Al-Li-Cu phase diagram. It was first reported by
Hardy and Silcock [12] in 1955 as being hexagonal, with the space group P6/mmm and the lattice
parameters a=0.4965nm and ¢c=0.9345nm.

Several models have been proposed concerning the crystal structure of the T, precipitates. The first
study of the crystal structure of T, was performed by Huang and Ardell [62]. They justified their
structure by comparing predicted X-Ray intensities for various models with the X-Ray intensities
measured by Hardy and Silcock [12] and to electron diffraction experiments. Their structure was
based on the fact that the lattice number c defined by Hardy and Silcock was almost perfectly equal
to 4*{111},.. Hence a simple solution was to consider a four-layer structure. Figure 17 (a) shows the
structure retained by Huang and Ardell, it consists of an ABCB stacking of planes with all the Li atoms
going into the A and C layers without any Cu, and the B layer consisting of a random arrangement of
Cu and Al

This first model attempted by Huang and Ardell was followed by a number of studies using HRTEM
that tried to compare this established model to experimental measurements. Three different studies
[19,63,64] arrived at the same conclusion that the T, structure rather consists of an ABAB stacking of
planes. Howe et al. proposed a refined structure as shown on Figure 17 (b).

In a following study using single-crystal X-Ray diffraction, Van Smaalen et al. [65] unravelled the
structure of a bulk T;. This structure is shown in Figure 17 (c). The global dimensions remain the
same, but this new structure consists of corrugated atomic planes. Figure 17, clearly highlights the
evolution in the models of the T, structure.

Two recent independent studies by Donnadieu et al. [66] and Dwyer et al. [67] have used the HAADF-
STEM technique combined with ab initio calculations in order to study the structure of the T,
precipitates when embedded in Al. The images obtained by HAADF-STEM show a Z contrast
proportional to Z" where n is approximately 1.7-2. As a consequence, this technique is perfectly
suited to the case of T, precipitates which involve atoms of very different Z. The refined T structure
by Dwyer et al. [67] is displayed in Figure 18. The resulting structure is very similar with the bulk
structure of Van Smaalen et al.; a small difference consists in the presence of an additional Al-Cu
layer at the interface with the matrix. Following these studies, the structure of the T, phase can now
be regarded as well-established.
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It is well known in the literature that the T, precipitates nucleate on dislocations [13]. The impact of
the pre-stretching applied prior to the heat treatment thus determines the precipitation kinetics of

this phase. This aspect will be discussed in the following part.
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Figure 17: Atomic models for the T, phase: (a) Huang and Ardell [62], (b) Howe et al. [64], and (c) Van Smaalen et al. [65]

(taken from Donnadieu et al.[66]).
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Figure 18: View of the structure of a T, precipitate embedded between two pure Al layers (taken from Dwyer et al. [67]).
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34.2 Influence of the thermo mechanical treatment on the T; microstructure

One of the goals of the present work is to understand the relationship between the T; morphology
and the resulting yield strength. When considering the morphology of the T, phase, the important
parameters are the following: the number density, the mean diameter and thickness of the platelets
and finally the volume fraction of the T, phase. The different parameters of the thermo-mechanical
treatment that will greatly influence the resulting T; microstructure are the following: the amount of
cold work applied prior to the final heat treatment, the temperature of the heat treatment and
finally the duration of the heat treatment.

o Effect of pre-stretching

It is well-established that dislocations act as preferential nucleation sites for the T, phase [13].
Consequently, the precipitation kinetics of the T; phase is strongly impacted if cold work is applied
after the solution heat treatment and before artificial ageing [13,14,15,16,17,18,19,20]. Cassada et
al. [13] have shown that 6h at 190°C are needed for an AA2090 sample, pre-deformed 6%, to reach a
1.8% T; volume fraction in comparison to 24h for a non-pre-deformed sample. In parallel, they
measured the evolution of the yield strength and showed that 4h was needed to reach peak strength
for the first sample versus 24h for the latter one.

If pre-deformation is applied, the T, phase precipitates at the expense of the other phases. But if no
pre-deformation is applied, T, is no longer the dominant phase. As a result, when studying the impact
of the T, phase on the mechanical behaviour, it is important to always apply cold work prior to the
heat treatment. The competition between the precipitation of T, and 8’ has been studied by Gable et
al. [16] on an AF/C 458 sample. For a pre-deformation from 0 to 8%, the T, volume fraction evolves
from 0.5% to almost 3% when the 6" volume fraction decreases from 1.14% to nearly 0% (Table 7).

Gable et al. [16] also highlighted that the same value of yield strength can be reached for different
pre-deformations applied even if the T; microstructures were very different. As a consequence, it
revealed that the relationship between the different parameters of the morphology of the T, phase
and the increase in strength is not straightforward.

Pre- Ageing Yield strength | T, number | T; diameter | T, Volume
stretch time (h) | (MPa) density (/um3) (nm) fraction (%)
(%)

0 120 454 272.6 158.7 2.53

2 35 452 754.7 86.8 2.12

4 20 451 963.1 55.6 1.64

6 15 452 1283.1 53.6 1.42

8 10 452 1478.3 40.1 0.94

Table 7: Measured yield strength for samples with different pre-stretch and ageing time performed on the alloy AF/C
458. The corresponding T; number density, diameter and volume fraction are also reported (from Gable et al. [16]).

In a recent PhD work, Decreus [68] also reported the effect of pre-stretch in an AA2198. The
conclusion was the same with a faster kinetics for the pre-stretched samples: 100h at 155°C for the
non-pre-stretched sample versus 15h for the 2% pre-stretched one to reach peak strength. The
impact on ageing time is thus important from 0% to 2% but it seems that the impact on kinetics if a
higher value of pre-stretch is applied becomes less important.
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The impact of pre-stretching/natural ageing sequence is also to be considered. Indeed, we have
mentioned before that precipitates such as GP-zones can form at room temperature after quenching.
As a result, if pre-stretching is applied straight after quenching, the fraction of such precipitates will
be minimal and if the pre-stretch is applied after a couple of days, the clustering would have already
occurred. Decreus [68] concluded that this sequence has an impact on the hardness prior to the
artificial ageing treatment with higher hardness for the sample stretched after a couple of days, but
after the age-hardening treatment, the two different samples will reach the exact same peak
strength. In summary, the moment when the pre-stretching is applied seems to have little impact on
the resulting strength.

e Effect of the heat treatment temperature and duration

The impact of the heat treatment temperature and duration is decisive upon the precipitation
sequence. As a rule of thumb, longer time and higher temperature result in fewer and larger
precipitates. In order to achieve the most advantageous microstructure for a given application, one
must select the optimum temperature and duration.

Precipitation occurring on the grain boundaries results in poor fracture properties so this type of
precipitation is generally to be avoided. Indeed, even if T; nucleates on dislocations that are
distributed in the matrix, grain boundaries and sub-grain boundaries are also potential nucleation
sites. The precipitation localisation on these latter sites is detrimental to the fracture behaviour of Al-
Li-Cu alloys. Blakenship et al. [8] observed in a previous study a considerable reduction of grain
boundary precipitation by lowering the heat treatment temperature from 165°C to 125°C. Csontos et
al. [69,70] suggested the use of two consecutive heat treatments in order to lower this detrimental
type of precipitation, but the impact on grain boundary precipitation of duplex ageing was finally
found to be poor.

However, in recent studies, the performance of duplex or even triple ageing practices with different
temperatures and durations was found to have a positive influence on some of the material’s
properties. For instance, the duplex ageing executed by Csontos and Starke [69,70] on an AF/C-489
sample resulted in significant improvement of 85% in ductility with a limited loss of 4% in yield
strength. Kolobnev et al. [71] also experimented duplex ageing on an Al-Li-Cu alloy and observed a
considerable increase in fracture toughness, corrosion resistance and thermal stability in comparison
to the same alloy aged at a single temperature. Although it is ineffective in lowering grain boundary
precipitation, the duplex or even triple ageing practices give access to a wider range of
microstructures which enables more freedom to create an alloy with specific mechanical properties.

Small angle X-Ray scattering (SAXS) has been proven to be a good way to follow the T, precipitation
kinetics in-situ. De Geuser et al. [72] developed a method to extract the T; mean thickness and
diameter evolution, in a AA2198 alloy, during a heat treatment at 155°C. In this ageing condition, the
mean thickness of the T, precipitates was found to reach a constant value of 1.3nm, which
corresponds to a distribution of single-layer T, precipitates.

Over-ageing is classically detrimental to the mechanical properties due to the coarsening of
precipitates. Nevertheless, the T; phase exhibits a remarkable resistance to coarsening [73].
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4. Strengthening contributions in Al-alloys

Strengthening of a metal is induced by the presence of obstacles to dislocation motion. Dislocation
movement can be impeded by many types of objects such as: other dislocations, precipitates, grain
boundaries, alloying elements in solid solution... In the case of Al-alloys, the strengthening
contributions mainly come from the precipitates, the solid solution and work hardening (dislocations)
[74,75].

The Critical Resolved Shear Stress (CRSS) is the stress necessary to initiate slip in a single grain. In
order to account for the polycrystallinity of a given material, the yield stress is related to the CRSS by
the Taylor factor M. Its value, of about 3 in the case of an isotropic distribution of crystal
orientations, can be somewhat lower when the material possesses a strong crystallographic texture.
The minimum value of 2 corresponds to all the slip systems oriented with a maximum Schmid factor
with respect to the loading direction.

4.1 Solid Solution hardening

Among other interactions, the atoms in solid solution are of a different size compared to the matrix
atoms and therefore induce a local distortion of the crystal structure and a resulting stress field. The
interaction of the dislocations with these stress fields induces strengthening. In industrial Al-Li-Cu
alloys, the number of alloying elements makes it difficult to obtain an accurate prediction of the solid
solution strengthening. Based on the power law valid for a single solute species, the following
expression is often used to estimate the solid solution contribution to the overall macroscopic yield
strength [76,77]:

2/3
b,y = Z kG (1)
J

Where (; is the concentration of the alloying element j and k; is a factor related to this alloying
element.

4.2 Work hardening

When plastic deformation is induced, dislocations travel through the material forming a so called
“dislocations forest”. These dislocations act as obstacles to the other moving dislocations, which
contribute to the overall strengthening of the material. This contribution is referred to as ‘work
hardening’ and can be written as [78]:

own =M aubm (2)
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Where «a is a constant depending on the strength of dislocation junctions and is usually estimated at
0.27 [79], u is the shear modulus for aluminium, b is the Burgers vector and p, is the density of
dislocations.

4.3 Precipitation hardening
4.3.1 Hardening by spherical precipitates

Precipitation hardening is the predominant strengthening mechanism in heat-treatable Al-alloys.
When a dislocation encounters a precipitate, it will either shear it or by-pass it (Figure 19). In the case
of spherical particles, a transition between those two mechanisms is generally considered depending
on the radius of the particles. The precipitates are first sheared and then by-passed after reaching a
critical radius, this transition corresponds to the peak in yield strength.
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Figure 19: Scheme of the dislocation/precipitate interaction. (a) shearing, (b) by-passing by the Orowan mechanism,
leaving a loop around the precipitate and (c) by-passing by the cross-slip mechanism leaving a loop in front of the
precipitate [80].

A simple scheme shown on Figure 20 displays the balance of forces between a point obstacle and a
moving dislocation. The force F acting from the obstacle onto the dislocation can be defined as:

F = 2Tcos— (3)

Where T is the line tension which can be written as [81]:

T = = ub? (4)
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Line tension T

Obstacle

Figure 20: Force equilibrium between a dislocation and an obstacle on the gliding plane.

The value of the force to overcome an obstacle will depend on whether this obstacle is shearable or
non-shearable. In the case of shearable precipitates, the dislocation bows around the precipitate
until reaching a critical angle value ¢, when the precipitate is sheared. If the precipitate is by-passed
by the Orowan mechanism, the dislocation bows around the precipitate until the angle ¢ reaches 0.
When considering spherical obstacles of radius R, the value of F generally increases as a function of R
until it reaches a constant value when the precipitate is by-passed. As a consequence, the following
more general formula can be considered for the force acting on the dislocation when considering a
spherical precipitate of radius R [82]:

F(R) = kub®R  ifR<R,

F(R) = kub®R,  ifR>R. ®)

Where k is a constant that is adjusted depending on the mechanism, and R. is the critical radius.

The obstacle force induced by a precipitate on a moving dislocation originates from a number of
different mechanisms, some of which can be simultaneously operative:

e Chemical effect: This contribution is due to the creation of a new interface between the
matrix and the precipitate. The energy needed to create it depends on the matrix/precipitate
interfacial energy.

e Modulus strengthening: this contribution depends on the difference in shear modulus
between precipitate and matrix

e Coherency strengthening: this contribution is linked to the stress field created around the
precipitate when its crystal structure is coherent with the matrix.

e Order strengthening: This contribution is due to the formation of an anti-phase boundary
(APB) when the precipitate is sheared by a matrix dislocation.
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e Orowan strengthening

A wide range of models have been developed in order to evaluate the yield strength increment
associated with spherical precipitates. Most of those models use the Orowan equation as a basis. The
Orowan equation that describes the CRSS increment, induced by a family of spherical non-shearable
precipitates can be written as [82]:

(o)

u
L

EI' Rl

T =

Where F is the mean obstacle force and L is the average precipitate spacing along the dislocation
line on the glide plane.

In the case of distribution of spherical precipitates of same sizes and following Fullman [83], the
average precipitate spacing L along the dislocation line can be written as:

L= |=—R (7

Where f,, is the volume fraction and R the mean radius of the precipitates.

The CRSS can thus be written as:

3 ‘/ﬁ (8)

e Precipitate shearing

In the case of precipitate shearing, the following expression for the CRSS can be used [76]:

ko3 3
T:ﬁ /ﬁk /2 [Rf, (©)

The yield strength evolution is plotted as a function of the precipitate radius on Figure 21. This graph
clearly highlights the transition in mechanisms that always favours the smallest flow stress.
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Figure 21: Graph that shows the yield strength evolution as a function of the precipitate radius (taken from Fribourg
[84]).

4.3.2 Hardening by plates: the case of the T; phase

In the case of the Al-Li-Cu alloys, the strengthening T, precipitates have a platelet shape. Two
attempts, to use modified Orowan equations, can be found in the literature. Nie et al. [85] have
proposed a geometrical modification of the Orowan equation in order to be suitable for
strengthening by {111}, precipitates plates:

(10)

A 2« M ( ub ) / 1 \ a 1.061t)
o =2% * * n
4T —v \0.931 0.26f5nDt _mD_ 0.91%/ o
v

Where D is the diameter, t is the thickness and f, is the volume fraction of the precipitates.

The second model by Zhu and Starke [86], is based on a simulation of the interaction of dislocations
with a range of obstacles dispersed in the glide plane, similarly to the Forman and Makin simulations
for point-like obstacles. The following expression is obtained:

ub 0.7D 0.12D 3/ 0.079t
A0=0.12*M*<\/D_t>* N/ , fo + , f,"% | (ln -

) (11)

These two models suffer from the fact that they both are based on the assumption that the T,
precipitates are non-shearable. Nevertheless, a few studies using HRTEM have shown images of
sheared T, precipitates [64,70,87,88]. Figure 22 is the first HRTEM observation of an edge-on sheared
T, by Howe and Lee in 1988 [64].
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Figure 22: HRTEM image of a sheared T, plate observed edge-on along a <110> zone axis (taken from Howe and Lee [64])

In regards to the recent observations using HRTEM, T, precipitates seem to be shearable when they
have the minimal thickness of one unit cell, as a consequence, the Orowan-type mechanism is not
suitable to model strengthening by this type of precipitate.

The only known attempt to consider the shearing ability of the T, phase to model the yield strength
has been made by Nie and Muddle [89] who proposed an interfacial strengthening approach. This
model considers the energy needed to create a new precipitate/matrix interface when shearing a T1
precipitate:

12110y, /2 |bf, (12)
- t2 r

Where y, is the precipitate/matrix interfacial energy.

AT

4.4 Addition rules

In order to estimate the global increment in yield strength, one has to add all the different
contributions seen above. Many studies have shown, that the addition law is often more complicated
than a simple linear addition. Most generally, the CRSS increment for a distribution of two types of
obstacles with respective CRSS increment 7, and 7, can be written as [81,90]:

e N (13)

The most classical values for k is 1 and 2 but more generally, it can be considered that 1 < k < 2
[91].
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The additivity of the solid solution contribution with another type of contribution such as precipitate
strengthening has been studied recently by Dong et al. [91]. It has been demonstrated that the
additive strengthening k=1 applies when the density of the precipitate is low but that k tends toward
2 with an increasing density of precipitates. As a consequence, the additivity of the strengthening
contributions does not seem to be as easy as a linear or quadratic addition rule and even seems to
evolve when the density of the obstacles changes.

For the sake of simplification, the following mixture law for the CRSS increment is often used [79]:

— ’ 2 2
Ttot = To T Tss + _[Tyn T Tppe (14)

Where g,~10MPa is the intrinsic stress of pure aluminium.
5. Conclusion

Extensive work has been performed on precipitation in Al-Li-Cu alloys. The precipitation hardening
capability of these alloys makes them natural candidates for aerospace applications. It is highlighted,
in the literature, that precipitation in these systems is a complex process, which is highly dependent
on composition but also on the thermo-mechanical treatment applied to the alloy. The commercial
alloys, such as the AA2198, involve many types of alloying elements, and thus a wide range of
precipitates could form. However, when applying pre-age stretch with a suitable heat treatment
temperature, the T; phase has been noticed to be highly dominant in the AA2198 alloy and it is
recognised as the principal actor in the overall strengthening.

Although the relationship between the precipitate microstructure in Al-Cu-Li and the resulting
mechanical properties has been studied before, the state of the art in this area is not yet satisfactory.
There is a need for a systematic, quantitative, database of microstructure / properties relationships
to serve as a strong basis for the modelling of strengthening. Furthermore, the available models
available that describe the strengthening by plate-like precipitates do not seem really suited to the
strengthening of the T, phase.
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Chapter II: Material and experimental methods

In this chapter, the material that was investigated during this work, namely AA2198, will first be
presented. The thermo-mechanical treatments which have been performed on the specimens in
order to reach the desired microstructures will be detailed. Then, the different experimental
methods that were necessary in order to carry out this work will be described. The main goal of this
chapter is to place each of the techniques used into the general framework of the study. The
techniques that have been employed can be classified as follows:

e Characterisation of the T;-phase microstructure

e Characterisation of localisation of plastic strain

e Characterisation of the mechanical properties
Some of the characterisation techniques that have been used are commonly used in metallurgy and
therefore the principle of the methods will not be presented in detail, such as the mechanical tests
(micro-hardness and tensile tests). However, more emphasis will be placed upon other techniques
such as Small-Angle X-ray Scattering (SAXS), Transmission Electron Microscopy (TEM) and High
Angular Annular Scanning Transmission Electron Microscopy (HAADF-STEM), Differential Scanning
Calorimetry (DSC) and Confocal Laser Scanning Microscopy (CLSM). The principle of the techniques
will first be reminded and the data analysis will then be detailed when necessary.
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1. Material and thermo-mechanical treatment

1.1 The AA2198 alloy
The AA2198 alloy is an age-hardenable alloy which belongs to the 2xxx aluminium alloys series. The
AA2198 alloy is a recently developed alloy of optimised composition (sometimes referred to as “third
generation Al-Li alloys) and it belongs to Constellium’s AIRWARE material technology [1]. Due to its
high specific strength, good damage tolerance and ability to withstand great temperature variations,
the AA2198 alloy is a key product of the aerospace industry. It is typically formed as rolled plate or
extrusions and is utilized as fuel tanks ribs and longerons [2]. The composition of the AA2198 alloy is
detailed in Table 8.
A section of the ternary Al-Li-Cu phase diagram was described by Silcock [3] and suggests that only
the T, and 8’ phases can form for the AA2198 composition at the expense of GP-zones and &’ (see
Figure 23), due to the relatively low composition in Li. This has been confirmed by the detailed study
of Decreus. Moreover, the T;-phase has been shown to be dominant over the 8’ phase when cold
working is applied prior to the final ageing treatment. The presence of Ag and Mg have also been
revealed to help T; nucleation. The main role of Zr in this alloy is to prevent recrystallisation by the
formation of the Al;Zr dispersoids.
The AA2198 alloy was provided by the Constellium Voreppe Research Centre, as a rolled 5mm thick
sheet. The sheet was provided in the T351 state that corresponds to approximately 2-4% cold-
working after solution treatment and quench, followed by several months of natural ageing.

Table 8: AA2198 alloy composition ranges in wt% as given by the Constellium Voreppe Research Centre, France.

AA2198 Cu Li Mg Ag Zr Al
Min 2.9 0.8 0.25 0.1 0.04 bal
Max 3.5 1.1 0.8 0.5 0.18 bal
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Figure 23: Isothermal section of the Al-Cu-Li ternary phase diagram by Silcock. (taken from Decreus [4])
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1.2 Thermo-mechanical treatments
A series of thermo-mechanical processes are usually applied to most wrought Al-alloys in order to

obtain the desired microstructure characteristics. Figure 2 gives a schematic view of the succession of
typical industrial thermo-mechanical treatment steps applied to 2xxx alloys. The first casting step
results in the formation of a cast ingot of ~500mm in thickness. The ingot is usually cooled down to
room temperature and then heated up to ~500°C for the hot-rolling process. After a series of hot
and cold rolling steps, the alloy thickness is reduced down to its final thickness of ~2 — 6mm. The
rolling steps determine the resulting grain texture of the alloy. In the case of the AA2198, it results in
an unrecrystallized grain structure with a moderate Brass texture {110}<112>. Solutionising followed
by water quenching, is then performed in order to retain a Super Saturated Solid Solution (SSSS) of
the a-Al matrix. The quenching step results in the presence of residual stresses in the alloy and as a
consequence a stress relieving step is usually performed in order to relax these stresses. The
precipitation strengthening step is the most crucial and occurs during the final natural and artificial
ageing steps. The most important thermo-mechanical steps will be described in more details.

Solutionising
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® \ : ! .‘
@ |Casting | 1 ‘ .
cE:. \ ; .‘ | Quenching
'G_J I‘I"\ wl‘l I‘I‘ |I‘
\ | |‘ | Artificial
\ | ‘, ‘. agein
\ | Cold | &
L"r. ." | rolling ‘," Natural /
A ) ageing
\ | A /
Stress Time
relieving

Figure 24 : Schematic of the industrial thermo-mechanical processes for 2xxx Al-alloys.

1.2.1 Solutionising and quenching
The solution treatment is realised at a temperature where all the solutes involved in precipitation

hardening are in solid solution. As a consequence, the temperature must be above the solvus of the
alloy and the treatment must be long enough to allow time for diffusion. During this step, the coarse
precipitates, which have formed during the previous thermo-mechanical treatments, are dissolved
and the solute elements are redistributed into the Al-matrix. The temperature and duration of the
solutionising treatment must be chosen carefully in order to avoid undesirable effects such as local
melting or solute depletion at the samples’ surfaces. In the present study, the solutionising process

was performed at 510°C for 30 min.
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In order to create a SSSS at room temperature, the second step is to quench the alloy. This step is
critical and has to be executed fast enough to avoid undesirable segregation especially at the grain
boundaries, which would be detrimental to the mechanical properties. In this work, quenching was
performed in cold water (~15°C) on samples of thickness up to 3mm.

1.2.2 Residual stresses and stress relieving

Residual stresses are caused by plastic deformation during rapid cooling due to the heterogeneity of
thermal contraction within the material’s thickness. These stresses are highly undesirable as they can
cause distortion during machining or assembly. The stress relieving method can either be thermal or
mechanical. For precipitation hardening Al alloys, stress relieving is performed by applying a small
plastic deformation (of the order of 2 to 4%) in the rolling direction. The alloys which have been
solution treated, quenched, stress relieved and naturally aged are denominated T351.

When carried out in the laboratory, the stress relieving stage is denominated pre-deformation. In the
current study we applied pre-deformation from 0 to 12% to the studied samples. The amount of pre-
deformation applied is a key parameter that controls the resulting precipitation. It is notably the case
for 2xxx alloys, where the strengthening particles tend to preferentially nucleate on dislocations.

1.2.3 Natural and artificial ageing
The principle of age-hardening lies in the decomposition of the SSSS into a fine dispersion of
strengthening precipitates. If the alloy is maintained at room temperature directly after quenching, it
will experience so-called ‘natural ageing’. The SSSS starts to decompose into small clusters of
particles. For instance, in binary Al-Cu alloys, precipitates called GP-zones (Guinier Preston) start to
form as mono-layers of Cu, which results in an increase of the yield strength. Depending on the
alloying elements, it will take more or less time for the alloy to stabilise at room temperature ranging
from a few days in 2xxx alloys to a few years for 7xxx alloys.
After some of the natural ageing stage has occurred, a heat treatment is carried out, called artificial
ageing. Artificial ageing is a medium temperature heat treatment, generally below 250°C, with a time
of heat treatment typically between 10 to 100h. The heat treatment temperature is reached with a
slow heating rate, usually below 50°C/h, which permits the dissolution of clusters that formed during
natural ageing. During this heat treatment, the alloy will reach peak strength (the T8 state). When
heat treated before the peak ageing state, the sample is usually denominated as “under-aged” and
when heat treated longer, it is referred to as “over-aged”.
Two types of heat treatments were used in this study with an initial heating ramp of 20°C/h. First a
classical isothermal treatment at 155°C, and secondly a duplex ageing treatment, with a first
isothermal treatment for 18h at 155°C followed by a second treatment at 190°C.
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2. Characterisation of the T1 microstructure

The T, phase is the main strengthening phase in Al-Li-Cu alloys. The structure of this phase has been
extensively studied in the literature [5,6,7,8] and is now clearly defined. The T, phase forms as semi-
coherent platelets along the {111}, planes with an hexagonal structure. The particularity of these
precipitates relies on their high aspect ratio with a small dimension of ~1nm (referred to as
thickness) and a large dimension in the range of 100nm (referred to as diameter). Due to the small
dimension and the anisotropy of this phase, a large range of techniques is necessary to reach a full
characterization. As it was highlighted previously, the AA2198 alloy has a moderate rolling texture,
the rolling plane is along the {110}, planes of the matrix and the rolling direction is in the <112>,
direction. Such a texture is ideal for the characterisation of plate-like precipitates along the {111},
and {001}, seen "edge-on" (Figure 25) using scattering-based techniques such as SAXS and TEM.

Two T, variants (out of four) and one 8’ variant (out of three) are observed edge-on.
R
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Figure 25 : lllustration of the rolling texture of the AA2198 alloy. The rolling plane corresponds to the {110}, planes of
the Al matrix and the rolling direction is <112>,. Two variants of the {111}, plate-like precipitates are perpendicular to
the main plane and thus generate a strong scattering signal (taken from De Geuser et al. [9]).

The T;-phase is the most desirable phase as it provides the highest strength. As it nucleates on
dislocations, cold-working prior to the ageing treatment favours the presence of the T, phase
[10,11,12,13]. Conventional TEM is used to obtain a local measurement of the T, diameter. The
HAADF-STEM technique permits the observation of the T, shearing events on deformed samples. The
DSC technique allows following the T, precipitation evolution and we will present later, in chapter I,
a new method to extract the T; volume fraction evolution from DSC measurements. The SAXS
technique allows to obtain in-situ the evolution of the mean diameter and thickness of the T,
precipitates. All of these techniques complement each other in order to give an accurate description
of the T; phase morphology in terms of diameter, thickness, volume fraction and number density
(refer to chapter Il1).
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2.1 Transmission Electron Microscopy (TEM)

2.1.1 Equipment
The conventional TEM was performed at the SIMAP laboratory on a JEOL 3010 300kV. The HAADF-
STEM has been conducted at two places:

e At the centre of microscopy of Monash University, Melbourne, Australia on a Titan> 80-300
FEGTEM operating at 300KV with an objective aperture semi-angle of 15mrad and a detector
half-collection angle of 48mrad.

e At the University of Rouen, France on a JEOL ARM 200F equipped with a Schottky field
emitter and operating at 200kV with an objective aperture semi-angle of 22.5mrad and a
detector half-collection angle between 40 and 150mrad.

212 Samples
The samples for TEM observations were first mechanically polished into thin foils of ~100um. The
specimens were then punched into 3mm diameter discs that were electro-polished using a twin
double jet system in a solution of 33% nitric acid in methanol at -20°C and 15V. The analysed area is
usually ~100nm thick.

2.1.3 Principle of Conventional Transmission Electron Microscopy

The classic scheme of a TEM column is displayed in Figure 26a. The TEM first consists of an emission
source which may either be thermoionic, Schottky or field emission. The JEOL 3010 TEM electron gun
is thermoionic with a LaBg emission source. A succession of lenses is then used to accelerate the
electrons to the desired voltage and focus the beam. It results in a mono-energetic, parallel beam of
electrons that passes through the thin specimen. The interactions between the electrons and the
specimen can either occur without energy loss (elastic interactions) or with energy transfers
(inelastic interactions).

Electron gun

Condenser 1 ¥
SilLi
Condenser 2 C —
Specimen rays
Objective
Objective diaphragm
Selector diaphragm 15t
Intermediate Im
lens oge
2 nd
Projector
lens
Image

Figure 26 : (a) Schematic of a TEM column (taken from Reimer and Kohl [14]), (b) Selected Area Diffraction pattern of an
AA2198 sample along the <110> zone axis.
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The diffraction theory applies to elastically scattered electrons which behave as waves. The
wavelength of high-energy electrons is of the same order as the atomic spacing and thus results in
the diffraction of the incident electrons. Selected Area Diffraction (SAD) can be performed in order to
record a section of the reciprocal space. An example of SAD Pattern obtained on an AA2198 alloy
heat treated to the T8 state along the <110> zone axis is displayed in Figure 26b. The intense
diffraction spots correspond to the diffraction from Al matrix planes. The sub-lattice diffraction spots
and streaks correspond to the diffraction from small oriented objects in the sample. In this case the
diffraction streaks come from edge-on plate-like T, precipitates (two variants) and 6’ precipitates
(one variant) and the sub-lattice spots come from inclined plate-like T, precipitates (two variants).
The objective diaphragm (see Figure 26a) allows us to record an image by selecting only a part of the
scattered signal. Bright Field (BF) is performed when imaging the transmitted beam only. The
contrast obtained in the BF mode is referred to as ‘diffraction contrast’. Figure 27 (a) displays a BF
image that was taken along the <112> zone axis, on an AA2198 sample heat treated to the T8 state.
Along the <112> axis, one T, variant can be imaged edge-on. The dark areas correspond to objects or
inhomogeneities in the sample that have diffracted the electrons. In the AA2198, the BF technique is
often not desirable due to the presence of a high density of objects and microstrains that result in a
high but spatially heterogeneous contrast. The Dark Field (DF) mode consists in imaging a part of the
diffracted signal. This type of imaging permits a focus on the electrons diffracted by a specific type of
objects. The image in Figure 27 (b) corresponds to the same area as in Figure 27 (a) imaged in DF.
This image has been recorded by selecting the diffraction signal from one variant of the T,
precipitates. The selected zone to perform the DF image is highlighted on the diffraction pattern. In
our study, these two modes have commonly been used in the study of the morphology and size
distributions of the T, precipitates. DF imaging was favoured to obtain T, diameter distributions.

image of the same area.
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2.14 Principle of High Angular Annular Dark Field Scanning Transmission Electron
Microscopy (HAADF-STEM)

The HAADF-STEM technique uses a detector to collect inelastically scattered electrons at large
angles. These electrons are the result of energy transfers with the atoms and thus their scattering
cross-section is directly linked with the element they interacted with. As a consequence, the HAADF-
STEM contrast is proportional to the square of the atomic number (Z?). Figure 28 gives a schematic
view of the observed regions in conventional TEM and in HAADF-STEM.

~

. . . HAADF-STEM imaging
Conventional imaging

Figure 28 : Scheme that presents the differences between conventional TEM and HAADF-STEM.

HAADF-STEM was used in order to study the strengthening mechanisms involved in the presence of
the T, phase. The samples that were analysed were heat treated in different conditions and then
plastically deformed 2%. The observations of sheared T, were then carried out on the different
samples. The Z’ resolution of the HAADF-STEM technique makes it ideal to the observation of T,
precipitates. Indeed, when a T, precipitate is observed edge-on, it is mainly composed of one Li-rich
layer (dark contrast) surrounded by two Cu-rich layers (bright contrast). Figure 29 shows an image of
an unsheared edge-on T; and of sheared edge-on T; taken along the <110> zone axis recorded in
HAADF-STEM on an un-deformed and a deformed AA2198 sample in the T8 state.

YT IR r

Plastic deformation

Figure 29 : Image of two edge-on single-layer T, precipitates (sheared and unsheared) taken in HAADF-STEM along the
<110> zone axis.
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2.2 Differential Scanning Calorimetry (DSC)

2.2.1 Equipment
DSC measurements were carried out in a Perkin ElImer Pyris Diamond apparatus.

2.2.2 Samples

The samples consisted of 0.5mm thick disks, 4mm in diameter, in order to fit in the dedicated pure
aluminium crucibles. An empty crucible is used as a reference. The influence of sample preparation
on the results in the case of Al-alloys has been studied by Starink et al. [15]. The impact of dislocation
introduced during sample cutting and grinding can result in a significant effect on the resulting
precipitation reaction. Furthermore, the impact of sample thickness on the loss of light elements
(such as Li) has been observed. In order to limit the impact of these elements, the ageing treatments
were always performed prior to the sample preparation. The surface roughness corresponds to a
mechanical polishing down to a SiC 1200 paper. The samples studied in DSC are extracted at different
times during a given heat treatment.

2.2.3 Principle
The DSC is a thermo-analytical technique that allows the measurement of the heat flow between a
specimen and a reference when submitted to temperature variations. The principle scheme of a DSC
is shown in Figure 30. On the Perkin-Elmer apparatus, the samples are displayed in two separated
calorimeters. The heat flow that is measured corresponds to the difference in energy needed to
maintain both calorimeters at the same temperature. This difference comes from the absorbed and
released energy from the sample. The calorimeters are maintained under a neutral atmosphere by
continuous nitrogen circulation.
In the case of Al-alloys, DSC can for instance be used to study the solid-solid transformations such as
precipitation, dissolution and recrystallisation. The evolutions of the phases can be characterised;
roughly speaking, the exothermic peaks correspond to precipitation peaks while endothermic peaks
correspond to phase dissolution. The phase transformation temperatures, activation energies and
phase volume fractions can usually be obtained from DSC measurements.
In the current study, DSC was used in order to follow the precipitation evolution on samples which
were aged at different times at a given temperature. The DSC procedure consisted in a ramp in
temperature from -40°C to 520°C at 50°C/min. We chose to start at an initial temperature of -40°C in
order to allow enough time for the apparatus to stabilise when reaching room temperature.

Calorimeters

Sensors

Heating parts

"v'

Figure 30 : Schematic of the DSC Perkin-Elmer Pyris-Diamond apparatus
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2.24 Data analysis

During the DSC ramp, the precipitation reactions that were initiated during the artificial ageing
treatment will complete and finally all the precipitates formed will dissolve. As a consequence, it is
possible to follow the relative evolution of precipitation during the artificial ageing treatment and we
will demonstrate later that it can be translated into the T; volume fraction evolution.

A systematic correction procedure of the measured heat flows has been established. From now on,
the heat flows will always be displayed with the endothermic peaks facing up and the exothermic
peaks facing down. The heat flows are systematically normalised from the sample mass which is
always measured prior to the DSC experiment.

2.2.5 Correction procedure

The heat effects that are recorded during the DSC ramp are due to the reactions occurring in the
alloy but also to numerous parasitic effects. Indeed, the presence of the crucible, the sample
preparation [15], the heat capacity evolution with temperature and the instability in time of the
system are some of the elements often encountered when performing DSC [16]. The baseline
instability often makes it difficult to realise an accurate baseline measurement. In order to isolate the
heat effects caused by the transformations occurring solely in the alloy, we developed a numerical
correction method in order to overcome the unpredictable variability of the baseline. The correction
steps will be detailed on a sample heat treated to the end of ramp (EoR) (20°C/h from 35°C to 155°C).
The reproducibility of the correction methods will be demonstrated later in chapter .

The first step in the correction procedure is based on the limit conditions. Indeed, if we assume that
no heat effects are due to phase transformations at low temperature (<100°C) before the main
precipitation occurs and above 500°C when the material is back in solid solution, one can deduce:

For T < 100°C and T > 500°C Q"™ (T) = 0 (15)

where Qf°""1(T) is the heat flux as a function of temperature recorded for the sample i, after the
first correction step.

As a result, the first correction lies in the subtraction of a linear contribution QL”"(T) such as:

Qicorrl (T) — Qimeasured (T) _ Ql@in (T) (16)

where QI™(T) is a linear fit of Q¢*¥™¢4(T) in the following temperature range: T < 100°C and
T > 500°C. The DSC heat flow of an EoR sample, normalized by the sample mass and the
corresponding linear fit are represented in Figure 31a and the heat flow after the linear correction is
displayed in Figure 31b.

The second correction step is based upon the assumption that the final dissolution peak should
always be the same, whatever the initial microstructure in the sample. In all the samples, the
precipitation, which was initiated during the heat treatment, completes during the DSC heating ramp
and thus should result in the same dissolution peak when temperature is sufficiently high so that the
alloy is at thermodynamic equilibrium at all times. We stated that the final dissolution peak should
be equal to a mean dissolution peak. The average signal can be written as follow:

Y () (17)

Qmoy (T) = N
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where Qp,oy (T) is the average DSC signal and N is the number of samples analysed for a given heat
treatment. The average heat flow was measured on 14 samples heat treated at different times at

155°C and displayed in Figure 31c.
Qmoy (T) is subtracted from the DSC signals such that:

Qi(T) = Q™ (T) = Qmoy (T) (18)

Our hypothesis that the dissolution peak should be the same for all the samples, can translate into

the following statement when considering the final corrected signal Q§°rected (T):
For T > 400°C, Q{°™*c**4(T) = 0 (19)
Q}(T) is thus fitted with a polynomial fit with an order of 4 and subtracted to the signal such that:
— 1 20
Qicorrected (T) — Qicorrl (T) _ Q?O (T) (20)

The corrected DSC signals QforreCted(T) for the EoR sample is plotted in Figure 31d. In chapter llI, we
will demonstrate how it is possible to extract the T; volume fraction from a corrected DSC heat flow.
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Figure 31: Different correction steps performed on the heat flow recorded in DSC on an EoR sample.
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2.3 Small Angle X-Ray Scattering (SAXS)

2.3.1 Equipment
SAXS measurements were realised both at the BM02-D2AM beamline of the synchrotron ESRF
(Grenoble) and on a laboratory rotating anode system (Cu Ka source). In this part, the SIMAP
laboratory equipment will only be detailed as most of the experiments were performed on this
system.

2.3.2 Samples
The main criterion to consider when preparing a sample for a SAXS experiment is to optimise the
sample thickness to maximize the scattered signal. Indeed, if the sample is too thick, it would absorb
most of the incident X-Ray beam while if the sample is too thin the scattered signal would not be
intense enough to be exploitable. The transmission rate can be estimated thanks to the following
expression:

I U
tr = ;f““ =exp (- (—) * Palloy * t) (21)
inc alloy

Where tr is the sample transmission, u is the absorption coefficient of the material (mm™1), p is the
alloy’s density and t is the sample’s thickness.

(%) - Z G (5) (22)

alloy i i

Where C; is the mass concentration in the i element and (%) is estimated for each element i.
i

In the case of the AA2198 alloy, the optimal thickness has been estimated to ~75um. The absorption
coefficients values were taken on the following website: http://www.csrri.iit.edu/mucal.html.

Prior to the measurements, the samples were mechanically grinded down to the optimal thickness
and mirror polished.

2.3.3 Principle

Small-Angle Scattering and more particularly Small-Angle X-Ray Scattering are commonly used to
measure precipitates sizes in the nanometre range in metallic systems. On the laboratory instrument,
the X-Ray emission source is a rotating anode of power 1.2kW. The X-Rays are created by
bombarding a Cu electrode with electrons generated by heating a tungsten filament. A multi-layer
mirror is then used to select the correct wavelength (1 = 1.5406 A) and successive slits are then
utilized to focus and design the X-Ray beam to the optimum size. A dedicated furnace, placed in the
X-Ray beam, was used for in-situ measurements which allowed having precise information on the
precipitation kinetics.

2.3.4 Data analysis
Analysing a small angle scattering pattern goes back to the study of the Fourier transform of the
analysed objects. In the case of a distribution of spherical particles, the scattered intensity at small
angle can be approximated to a Gaussian function. In this case, the classical parameter that is
extracted from the scattered intensity is the Guinier radius [17]. In the case of a distribution of
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spherical precipitates, there is a simple relation between the Guinier radius and the precipitate mean
radius; the volume fraction and number density of particles can also be estimated.

In the case of plate-like particles, the data treatment is not as straightforward. From now on, most of
the method that will be presented is based on a recent paper by De Geuser et al. [9] that explains
how to extract quantitative measurements on plate-like precipitates from SAXS experimental
patterns. Their protocol has been proven successful in the case of the AA2198 alloy. For more details,
please refer to the actual paper.

If a plate-like precipitate is approximated by a cylinder, the Fourier transform will give rise to a streak
in the reciprocal space as depicted in Figure 32. Fratzl et al. [18] examined the scattering signal of
plate-like particles in the case of a single-crystal. In that case, the authors used Guinier type plots, in
the direction of the streaks, in order to extract information on the precipitates sizes. However,
industrial metallic systems are usually polycrystalline. If the texture is completely random, with an
associated random orientation of the plates, then the scattered pattern on a 2d-detector would be
isotropic and a global analysis of the intensity would be possible. However, the AA2198 alloy is
polycrystalline with a moderate Brass texture. The SAXS experimental pattern of an AA2198
specimen in the T8 state is shown in Figure 33a. Due to the dominant Brass texture, two T; variants
are perpendicular to the incident X-Ray beam, thus giving rise to scattered streaks. The angular
distribution of the grains’ orientations results in a symmetry in the SAXS pattern, along the rolling
direction, thus resulting in three apparent streaks. Due to the symmetry of the texture and crystals’
angular distribution, the streak perpendicular to the rolling direction should be weighted by a factor
2 and the two other streaks should be weighed by a factor 3.

The widths of the streaks contain information on the precipitates length (diameter) while the lengths
of the streaks contain information on the precipitates thickness. In order to analyse the data from a
scattering pattern such as the one in Figure 33a, the intensity is extracted in angular sector as a
function of the scattering vector q (see Figure 33b). The obtained intensities can be fitted as a sum of

six Lorentzian functions such as
2

I(@) =B +2Ai %
@=58 — 1 (a —a;?) + 0,2 (23)
L

Where A; are the amplitudes, a; the centers and g; the width of the six peaks (i=1 to 6). Bg is a
constant that accounts for the background signal which comes from the scattering of isotropic
particles such as clusters. All the Lorentzian parameters (4;, @;, 0;) are extracted for the six peaks
and for each value of q. They can be related to the precipitate dimensions. The thickness of the
precipitates is related to the intensity along the streaks. By considering this, De Geuser et al. come
down to the following expression:

. qt
sin ( )
A;0;q? —/2 (24)

t
q /2
Where A; and o; are the amplitudes and widths for peaki (i=1 to 6) and t is the mean T, thickness. A

fitting procedure using the sin (x)/x function can then be performed to calculate the thickness t.

In order to determine the precipitates mean diameter, the following expression can be used:
K R

S — (25)
0iq 1+ frot(Q)
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Where k is a constant, R is the precipitates mean radius and f;.,¢(q) is a function that accounts for
the texture rotation distribution which affects the apparent widths of the streaks. The latter function
can be described as a second order polynomial function such as fr,:(q) = aq® + bq. A value of
Kk = 2 was used in this work. The mean precipitate radius R can be found as the extrapolation to q=0
of the fit of K/qu as a function of q.

Figure 32: Flat particle associated to a cylinder (a) in the direct space and (b) in the reciprocal space. (taken from De
Geuser et al. [9])
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Figure 33: (a) SAXS experimental pattern recorded from an AA2198 specimen heat treated to the T8 state and (b) angular

section of the SAXS intensity at one scattering vector q.

58



3. Characterisation of the plastic strain localization

The study of plastic strain localization was carried out in order to get a better understanding of the
strengthening mechanisms involved in the presence of the T, phase. Indeed, the plasticity behaviour
of a metallic system highly depends on the deformation properties of its strengthening particles. A
good way to study the localization of plasticity is to study the evolution of shear bands. Two
techniques have been used to observe shear banding on the samples’ surfaces. Nomarski type
Optical microscopy was used in order to get a macroscopical view of the shear bands density. To get
a finer description of the shear bands, Confocal Laser Scanning Microscopy (CLSM) has also been
carried out.

The tensile samples are heat treated to different conditions, then mirror polished and strained up to
2% plastic deformation. Special care has to be taken not to damage the samples surfaces when
strained. The observations are then carried out directly on the samples’ surfaces. The same samples
are used for optical microscopy and CLSM observations.

3.1 Nomarski Optical Microscopy

311 Equipment and use
The Nomarski type observations give a differential interference contrast which permits the
observation of small topographic details on a sample’s surface [19]. Figure 34 shows an example of
image, in Nomarski contrast, taken on an AA2198 sample heat treated to the T8 state and then
deformed plastically 2%. The presence of shear bands is highlighted on the sample’s surface. One can
notice that the orientation of the shear bands depends on the grain’s orientation.

BTl -\ P R AT YN
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Figure 34: Image taken in the Nomarski contrast of an AA2198 sample’s surface after 2% plastic deformation.
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3.2 Confocal Laser Scanning Microscopy (CLSM)

3.2.1 Equipment
The experiments were conducted at the University of Poitiers on a Talysurf CCl 6000 microscope.

322 Principle

The main interest of a CLSM as compared to an optical microscope is to perform imaging with a high
resolution in depth (typically ~1nm). The x and y resolutions however are of the same order as for
the optical microscope (~1um). The principle of a CLSM is depicted in Figure 35. A monochromatic
light emission source is used. The principle of this technique relies on optical interferometry; a semi-
reflecting mirror reflects part of the incident light while the rest of the light goes through and is
reflected by the sample, those two beams will then interfere. Optical interferometry happens when
two waves of same frequency superimpose. The sample points which reflect the maximum intensity
are situated in the focal point of the reference mirror. As a consequence, the height z of these points
is determined. The microscope conducts a series of images in a given range in height z with highly
precise movement governed by a piezo-electric actuator. The heights are then indexed step by step
and a three dimensional representation of the sample surface is obtained by computer
reconstruction.
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Figure 35 : Schematic of the Talysurf CCl 6000 CLSM.
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323 Data analysis

The results are obtained on the form of a 3d mapping of the sample’s surface. Figure 36a shows an
image of a sample’s surface heat treated to the T8 state and then deformed plastically 2%. The
variations on the surface are due to the shear bands but also to parasitic variations that have larger
wavelengths than the shear bands. These variations come from mechanical grinding, impurities or
intermetallics at the sample’s surface. A Gaussian-type filter can be used in order to cut-off these
oscillations. The result of the Gaussian filter is represented in Figure 36b. The Gaussian filter is
subtracted from the initial mapping in order to only keep the shear bands’ oscillations (Figure 36¢). A
precise description, in terms of shear bands height and inter-band spacing can be obtained.

0 g i a :
* [micron) y [micran] x {micron) y [micran)
0. : .
: : w3 o U
: e oy o
= o f
0 |emmril s
& r g A
—_ == o z - - -
-EF “”‘::'?1_:’ ‘J" 4 '_:-n-
n Lt Ty e T =
0100 Dol = nall
-0.2 .

1]

a0

20

x (micron) ¥ [micron]

Figure 36 : (a) 3d mapping of a sample’s surface that was heat treated to the T8 state and then deformed plastically 2%,
(b) 3d mapping of the Gaussian filter that is applied to variations of large wavelengths and (c) 3d mapping of the
sample’s surface after correction revealing the shear bands.
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4. Characterization of the mechanical properties

4.1 Micro-hardness measurements
The samples for micro-hardness measurements were systematically mirror polished. The use of
micro-hardness is a quick and effective way of estimating the mechanical properties of a specimen.
As a consequence, this technique was systematically used for preliminary experiments, but for more
accurate estimation of the vyield strength, tensile tests were always performed on selected
conditions.

4.2 Tensile tests

4.2.1 Equipment
All the tensile measurements were carried out on an Instron apparatus with a load cell of 30kN.

42.2 Samples and use
The tensile tests were used for two purposes, either to measure the tensile behaviour of a sample or
to apply a pre-deformation to the sample prior to the ageing treatment. Special samples, with a
section gradient have been designed in order to apply a pre-deformation gradient (Figure 37). In that
case, Digital Image Correlation was used in order to record accurately the deformation. Further
details will be given in chapter Ill on this method.

320,05

<
=

Figure 37: Special tensile sample design with a section gradient.

The classical uniaxial tensile tests were performed on normalised samples (Figure 38) at different
duration of heat treatments. The yield strength evolution as a function of time of heat treatment was
extracted. These tests were also used to study the strain hardening behaviour and its evolution as a
function of time of heat treatment. The yield strength and strain hardening evolutions were used to
investigate the evolution of the strengthening mechanisms in relation to the T, phase, in terms of
interaction mechanisms between dislocations and precipitates. The tensile tests were always carried
out along the rolling direction of the AA2198 alloy. The strain rate was 1073 s™.
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100

Figure 38: Normalized tensile sample.

4.3 Bauschinger tests

4.3.1 Equipment
The Bauschinger tests have been carried out on a Servo-hydraulic MTS.

4.3.2 Samples and use
The design of the Bauschinger samples is presented in Figure 39. A Bauschinger test corresponds to
the first tension/compression cycle of an oligo-cyclic fatigue test. This type of technique permits the
study of the slip reversibility and of the evolution of internal stresses. The results, obtained with this
technique, are highly dependent on the interaction mechanisms between dislocations and
precipitates. As a consequence, Bauschinger tests will be used in order to study the evolution of the
strengthening mechanisms associated to the T, phase.
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Figure 39: Bauschinger Cylindrical sample.
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5. Conclusion

This chapter first permitted to detail the thermo-mechanical treatments that are applied to the
AA2198 alloy with emphasis on the industrial and laboratory scales treatments. The critical aspect of
these treatments on microstructural and macrostructural properties has been highlighted.

We then gave an overview of all the experimental techniques that were necessary to conduct the
present study. It was emphasized that a wide range of techniques were necessary to characterise the
Ti-phase accurately. The use of numerous techniques permitted to characterise numerous
determining properties at different scales. The precipitation characteristics, mechanical properties
and plasticity mechanisms were regarded. We will see later in this work that the results obtained in
these different domains often cross and complement each other. The present study is multi-scale
and multi-disciplinary and thus permits a global understanding of the microstructure impact on
strength and plasticity.
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Chapter III: Set-up a characterisation method adapted
to the T, phase

This PhD study focuses on the T;-Al,CulLi phase and this chapter will present the characterisation
procedure that we developed to describe this phase. As a consequence, this chapter is critical to the
rest of the study. The set of microstructural parameters of importance to describe the T; platelets are
the morphological parameters (diameter and thickness) but also the volume fraction of the phase. In
order to characterise accurately those parameters, we used existing methods but also developed
new practices. A method to describe the T, average diameter and thickness evolution using in-situ
SAXS was developed recently by De Geuser et al.. We applied this method and also combined it with
TEM in order to calibrate the diameter evolution. Due to the strong anisotropy of the T, phase, the
estimation of its volume fraction is not straight forward. We developed a new technique that is
based on the global analysis of a DSC heat flow. The HAADF-STEM technique is also used to calibrate
the volume fraction evolution. We will see that this combination of techniques permits the accurate
evaluation of all the parameters that are characteristic to the T, phase.
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Abstract

The object of the present study is to design a methodology to follow the kinetics of T, precipitation,
in an AA2198 alloy, in terms of precipitate size, morphology (thickness, diameter) and volume
fraction, during a two-temperature isothermal heat treatment. We used in-situ small angle X-Ray
scattering (SAXS) as a way to measure the evolution of the T, mean thickness and diameter during
the heat treatment. Transmission electron microscopy (TEM) was then performed in order to
calibrate these evolutions. Furthermore, we demonstrate that the volume fraction evolution can be
described successfully using a simple analysis of the differential scanning calorimetry (DSC)
thermograms. The latter was calibrated by selected observations in high angular annular dark field
scanning transmission electron microscopy (HAADF-STEM). Microstructure evolution during DSC
heating ramps was analysed using in-situ SAXS: The T, phase transformation is found to consist in a
two step thickening process explained by two consecutive diffusion mechanisms. The enthalpy of
formation of the T, phase is deduced from the DSC measurements.

1. Introduction

New generation of Al-Cu-Li based alloys, offering a good combination of properties such as low
density, high strength, good damage tolerance and very long time property stability, have been
developed in the last decade particularly for aerospace applications [1,2,3,4]; they can be found for
instance under the commercial name AIRWARE® [5]. They are currently the subject of active research
on processing, microstructure development and associated properties [6,7,8]. These alloys are
subject to major precipitation strengthening, which is stimulated by cold deformation prior to ageing
and small addition elements such as Mg and Ag [9]. The phases from the following systems can be
potentially formed: the binary Al-Cu (GP-zones, 8’) and Al-Li (&', §) systems but also the ternary Al-
Cu-Mg (GPB-zones, S’) and Al-Li-Cu (T,, Tg) systems [10,11,12,13,14,15]. The T;-AL,CulLi phase is
usually the most desirable as it provides the highest strength [6,8], and has been shown to dominate
the microstructure in artificially aged tempers for some alloy compositions such as that of the
AA2198 alloy [8]. This phase is strongly non-isotropic, which makes it difficult to apply current
models to accurately predict the ageing kinetics and the corresponding strengthening behaviour. In
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order to improve the understanding of precipitation kinetics in this system, to optimise the
microstructure/properties relationships and to provide data for future models, a methodology is
needed to quantitatively characterize the precipitate microstructures in terms of size, geometry and
volume fraction of the precipitate phase.

Small angle X-ray scattering (SAXS) can be used in order to extract quantitative information on plate-
like particles such as the T, phase [16]. The evolution of the diameter and thickness of the T, phase
during an in-situ SAXS experiment at 155°C has been described successfully by De Geuser et al. [16].
Although it gives a good description of the precipitate size and morphology, this technique is not
suited to give an absolute evaluation of the anisotropic precipitates volume fraction [8]. As a
consequence, a reliable method to measure the volume fraction of such precipitates is yet to be
developed. The volume fraction of nanometre-size precipitates can be measured from Transmission
Electron Microscopy observations [17,18,19,20,21] by measuring the projected image of precipitates
present in the thin foil and the foil thickness by different methods such as electron energy loss
spectroscopy [22,23]. Correction methods have been derived in order to evaluate the volume
fraction of plate-like particles from such TEM imaging [21]. However, such volume fraction
measurements remain extremely tedious, and therefore are ill adapted to a systematic study of
precipitation kinetics. Moreover they become difficult to apply when precipitation is not uniform in
the microstructure, and in the first stages of precipitation where the characterized objects are very
small.

Differential scanning calorimetry (DSC) has been used for more than 50 years in order to study phase
transformations in Al-alloys [24,25,26,27,28,29,30,31,32,33],[34,35,36,37]. Many methods have been
derived in order to estimate the kinetic parameters of these phase transformations such as their
activation energy [31,38,39]. A review of all these methods and recommended use has been
established by Starink recently [40]. The use of DSC for extracting a relative evolution of the volume
fraction of phase formed has also been attempted in Al systems [36,40]. These methods are all based
on the assumption that every peak recorded in the DSC thermogram corresponds to the precipitation
or dissolution of only one phase. As a consequence, they have proved to be accurate in simple
systems governed by a single precipitation sequence such as Al-Li [28], Al-Si [36] or Al-Cu-Mg [30] but
they become more delicate to use in the case of multi-sequences systems such as the commercial Al-
Cu-Li alloys. In multiple phase transformation, the overlapping of successive peaks often makes it
difficult to obtain quantitative data on a specific phase [35,40] from DSC measurements only.
Therefore, Transmission Electron Microscopy (TEM) has been used in parallel to DSC in order to
relate the DSC peaks to the different phases [25,29,33]. The limit of this approach is that the TEM
observations can only be made ex-situ observations, which hinders the accurate determination of the
relationship between the precipitation sequence and the DSC signal.

In this paper, we will present a methodology for the combination of experimental techniques, which
makes it possible to fully characterize the precipitation kinetics of the T, phase (namely the evolution
with time of thickness, diameter and volume fraction). This method will be illustrated on a two step
ageing treatment (155°C followed by 190°C) applied to the AA2198 Al-Cu-Li-(Mg, Ag) alloy. SAXS will
be used to extract the T, thickness and diameter evolution in-situ during the ageing treatment. DSC
measurements, where particular care will be taken for baseline subtraction, will be used to obtain
systematically the heat of transformation associated with precipitation along the heat treatment.
These measurements will be calibrated to absolute precipitate volume fractions by High Angular
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Annular Dark Field Scanning Transmission Electron Microscopy (HAADF-STEM) observations on two
selected samples. In addition, in-situ SAXS measurements will be presented in parallel to the DSC
experiments in order to relate directly the DSC heat effects to the phase transformations involved.
We will discuss the implications of the volume fraction evolution in terms of the T, growth kinetics
and associated diffusion mechanisms.

2. Material and experimental procedures

The AA2198 alloy was provided by the Constellium Voreppe Research Centre, France, as rolled 5mm
thick sheets with a fully unrecrystallised grain structure. Table 1 gives the composition range for the
AA2198 alloy. The same thermo-mechanical treatment was applied to all samples. The samples were
first solution treated for 30min at 510°C and water quenched. Right after quenching, the samples
were pre-deformed to a plastic strain of 2.5%. Pre-deformation prior to the precipitation treatment is
known to greatly promote the precipitation of the T, phase, which nucleates on dislocations
[6,12,20,41]. The samples were then naturally aged for seven days. For all ex-situ experiments, the
artificial ageing treatment was performed in an oil bath, starting with a heating ramp of 20 K.h™ to
155°C, followed by an isothermal hold of 18h at 155°C and by a second isothermal treatment at
190°C (temperature reached in approximately 5 min). The samples were quenched into cold water at
different times during the heat treatment and then analysed. In-situ SAXS experiments were
performed using exactly the same temperature schedule in a dedicated furnace.

SAXS measurements were realised both at the BM02-D2AM beamline of the synchrotron ESRF
(Grenoble) and on a laboratory rotating anode (Cu Ka source). Prior to the measurements, the
samples were mechanically grinded down to approximately 70um and mirror polished. Synchrotron
measurements were used for emulating the DSC heating ramps at 50 K.min™*, where a good time
resolution was required. The beam size at the ESRF was about 200 pm” and the photon energy was
7.7keV. The distance between the sample and the two-dimensional CCD detector was 446mm. For
these experiments, SAXS patterns were recorded every 4s. The two step isothermal ageing at 155°C
and 190°C, which was much longer, was realised on the laboratory set-up. For this system, the beam
size was approximately 1mm? and SAXS patterns were recorded every 512s. In this setup, the
distance between the sample and the two-dimensional CCD detector was 351mm. SAXS patterns
were corrected for flat field and geometrical distortions, background noise, and then normalized
using a glassy carbon as secondary absolute calibration sample [42].

DSC measurements were carried out in a Perkin Elmer Pyris Diamond apparatus. The experiments
were conducted under a high purity nitrogen flux. The heating ramp rate was 50 K.min™* from -40°C
to 520°C. We chose to start at an initial temperature of -40°C in order to allow enough time for the
apparatus to stabilise when reaching room temperature. The samples consisted of 0.5mm thick disks
4mm in diameter in order to fit in the dedicated pure aluminium crucibles. Prior to each DSC
measurement, the sample weight was systematically measured for normalisation (range of sample
weights: 50-100mg).

The samples for TEM observation were first mechanically polished into thin foils of ~100um and
then electro-polished using a twin double jet system in a solution of 33% nitric acid in methanol at -
20°C and 15V. Observations in conventional mode were carried out in a JEOL 3010 instrument
operating at an accelerating voltage of 300kV. HAADF-STEM observations were performed in a JEOL
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ARM 200F equipped with a Schottky field emitter and operating at 200kV. This instrument was also
equipped with a spherical aberration Cs-probe corrector. The following parameters were used: probe
diameter of 0.1nm, an objective aperture semi-angle of 22.5mrad, detector half-collection angle
between 40 and 150mrad.

Table 9: AA2198 alloy composition ranges in wt% as given by the Constellium Voreppe Research Centre, France.

AA2198 Cu Li Mg Ag zr Al

Min 2.9 0.8 0.25 0.1 0.04 bal

Max 3.5 1.1 0.8 0.5 0.18 bal
3. Results

3.1 In-situ SAXS: Following the evolution of the T, precipitates morphology during
artificial ageing

An in-situ SAXS experiment was carried out in order to record the precipitation evolution during the
two-step artificial ageing treatment. From now on, the sample at end of the heating ramp to 155°C
will be considered as the time of reference (Oh of treatment) and named EoR. Earlier work by
Decreus et al. [8] revealed that a heat treatment at 155°C for comparable times as the present 18h,
results in a distribution of T, precipitates with the thickness corresponding to only one unit cell. The
thickness for such single-layer T, embedded in the Al-matrix corresponds approximately to the
spacing of 5 {111} matrix planes, which corresponds to ~1.15nm [43,44]. We have used a duplex
ageing in order to form single-layer T; precipitates at 155°C and then achieve thickening of the T,
distribution at a higher temperature of 190°C [45,46]. Figure 40 shows SAXS images taken at different
times during the heat treatment. The corresponding Selected Area Diffraction (SAD) patterns
recorded in TEM are also displayed in Figure 40 for the same ageing times. The strong brass texture
of the alloy with a dominant <110> zone axis allows the observation of two {111} variants edge-on
when looking perpendicularly to the rolling plane [47]. These two variants of T, result in the
characteristic diffraction signal along the <111> direction on the SAD patterns [47], and to the streaks
observed in SAXS [16]. The method developed by De Geuser et al. [16] was applied in order to extract
the T, diameter and thickness evolution during the heat treatment (Figure 41). The non isotropic
scattering of the T, precipitates allows measuring their characteristics independently of the possible
presence of isotropic scattering that would be due to minor phases such as dispersoids. T,
precipitation starts after approximately 3h at 155°C; this was already reported by Decreus et al. [8]. It
then grows to a distribution of single-layer T, precipitates after 18h at 155°C, as shown by the
constant thickness of 1.3 nm. The difference with the expected 1.15nm value is most likely to be due
to the variation in electronic density inside the T, precipitates which impacts the scattered signal and
thus results in an apparent thickness of 1.3nm in SAXS. Thickening of the T, distribution starts
immediately when the temperature is increased to 190°C and the thickness reaches a second plateau
after 70h at 190°C around 2nm. The value of this second plateau does not mean that all the T, have
grown to the same thickness of 2nm; in reality the thickness of T, precipitates ranges between single-
layer to multi-layer precipitates and stabilises around this average value. Figure 42 shows a HAADF-
STEM image of a sample heat treated 18h at 155°C and 70h at 190°C. On this image, four T, plates
can be observed edge-on with four different thicknesses corresponding to 1, 2, 3 and 4 layers.

71



Complementary observations in conventional TEM at different holding times were used in order to
validate the SAXS measurements of the T, diameters and the evolution was found to be very similar
(see Figure 41 where the TEM measurements are reported in red). Figure 43 illustrates the
microstructures obtained after 3 and 18h at 155°C.

EoR

3h at 155°C

18h at 155°C

18h at 155°C
70h at 190°C

Figure 40: SAXS images and corresponding TEM SAD patterns taken along the <110> zone axis on samples heat treated at
different times. Characteristic streaking caused by the T, precipitates along the <111> directions start to appear after 3h
at 155°C and it becomes more intense as the heat treatment progresses.
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Figure 41: T, average diameter and thickness evolution, during the duplex heat treatment, as calculated from the in-situ
SAXS images and T, diameter as measured from TEM observations.
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Figure 42: HAADF-STEM image along the <110> zone axis of a sample that was heat treated 18h at 155°C and 70h at
190°C. Two T, variants are observed edge-on. The T, precipitates (1 to 4) have one to four layers, respectively. The two
spherical particles are B’-Al3Zr dispersoids whose main role is to prevent recrystallisation.

Figure 43: Dark field images in TEM taken on samples extracted at different times during the heat treatment and
observed along the <112> zone axis. One T, variant (out of 4) is observed edge-on, (a) sample extracted after 3h at 155°C
and (b) after 18h at 155°C.

3.2 DSC experiments: A correction method of the raw data

The samples for DSC experiments were taken at different holding times. The heat effects recorded
during the DSC ramp are due to the reactions occurring in the alloy but also to the instrument’s
baseline as well as the evolution of the sample heat capacity with temperature [40]. Depending on
the instrument stability and the signal-to-baseline ratio, the baseline stability may not be sufficiently
reliable to enable a simple subtraction from the signal measured with a sample of interest. In order
to isolate the heat effects caused by the transformations occurring solely in the alloy, we developed
a specific correction method. Note that all heat flows considered here are normalized by the sample
mass.
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The classical assumption made to perform a correction of the DSC signal, lies on the boundary
conditions [30]. It consists in assuming that no heat is released by phase transformation when
diffusivity is too low nor above the (dynamic) solvus temperature. In our case, we can assume that
below 100°C and above 500°C, the measured signal is composed from the baseline only. As the shape
of the baseline may be highly nonlinear, we have extended the region in which the baseline may be
evaluated by assuming that the final dissolution peak (above 400°C) should always be the same for
every sample along the heat treatment. Indeed, the precipitation, which was initiated during the
heat treatment, completes during the DSC heating ramp and thus after a given temperature one can
assume that the DSC signal is governed only by the thermodynamics of the alloy, and results in the
same peak, or collection of peaks, characteristic of the precipitate dissolution. The choice of the
temperature of 400°C is justified a posteriori on the corrected DSC thermograms for all samples
along the heat treatment (see Figure 6), where the signal is almost identical above this temperature.
The baseline subtraction method then consists in the following steps. First, the average signal of all
DSC scans on all heat treatments is subtracted from the scan of interest. In the ideal case of a perfect
baseline and of a reproducible signal above 400°C for all samples, this subtraction should be equal to
zero in the temperature range T<100°C and T>400°C. A polynomial fit to this signal thus provides the
measurement of the baseline for this sample. This baseline is then subtracted to the initial DSC scan
to provide the corrected thermogram.

The reproducibility of the DSC measurement and correction method has been assessed by
performing several measurements on samples subjected to identical heat treatments. Figure 44
shows the corrected thermograms for two samples after EoR and after 18h at 155°C. The remaining
deviations will be considered as indication of the experimental dispersion and used in the calculation
of error bars when performing the analysis of the DSC data. The DSC thermograms from all samples
along the heat treatment are depicted in Figure 45.
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Figure 44: Corrected heat flows for two EoR and two 18 at 155°C samples.
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Figure 45: Corrected DSC heat flows for samples extracted at different times during the heat treatment from the EoR to
18h at 155°C + 70h at 190°C.

3.3 In-situ SAXS: Relating the phase transformations with the DSC heat effects

While the T, phase is considered to dominate the precipitation sequence, the DSC thermograms of
Figure 45 are composed of many well resolved peaks. Before analysing systematically the DSC
thermograms in the objective of calculating the T, precipitate volume fraction present initially in
these different samples, it is of interest to investigate the phase transformations that occur during
the DSC ramp to identify to which mechanism and/or phase these peaks are related. This was
achieved by performing in-situ SAXS measurements during a heat treatment identical to that of the
DSC ramp, using a synchrotron X-ray beam in order to obtain a sufficient temporal resolution. Three
states of ageing were investigated, namely EoR, 18h at 155°C, and 18h at 155°C + 70h at 190°C.

First we consider the EoR sample. As discussed before, the microstructure of such a sample is mostly
free from precipitates (Figure 40). As a consequence, the entire precipitation process should occur
during the DSC ramp. The corrected DSC heat flow for this sample is displayed in Figure 46a. The
significant endothermic and exothermic peaks during the DSC ramp are marked A to E. Figure 47
shows a selection of SAXS images at characteristic temperatures during the DSC ramp. The SAXS
images reveal that T, starts to form around 250°C and that T, dissolution ends around 500°C. The
length of the streaking in the SAXS images is inversely related to the thickness of the precipitates, so
that the fact that the streaking appears to disappear on the 395°C image is in fact a combined effect
of the thickening of the precipitates (shortening of the streak) and dissolution (lowering of intensity).

In addition, the evolution of the average thickness of T, precipitates is displayed in Figure 46b. The
endothermic peak (A) at approximately 230°C corresponds to the dissolution of small precipitates
that were already present in the sample at room temperature. It is quite similar to the signal
corresponding, in naturally aged samples, to the dissolution of solute clusters formed at room
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temperature [8]. The presence of these solute clusters in the EoR sample will be discussed in more
details in part 4. The main exothermic peak (B) at 280°C can be identified from the SAXS images as
originating from the precipitation of the T, phase, as only streaks corresponding to this phase are
observed, and no sign of other phases such as 6’ or S can be detected (as identified by the
orientation of the streaks, characteristic of their habit plane). An important point is that during all
this exothermic peak the thickness of the T, precipitates remains at 1.3 nm, corresponding to single-
layer precipitates, similarly to what happens during isothermal heat treatment at 155°C.

During the next exothermic peak (C), no sign of other phases is recorded on the SAXS patterns, which
indicates again that only the T, phase is significantly present in the microstructure. Thus, it may seem
surprising that the thermogram contains a distinct peak. This peak can be associated with a
thickening of the T, precipitates. At this stage we postulate that the precipitation of T, occurs via two
successive mechanisms: one rapid plate growth at constant thickness (single layer), and a second
slower mechanism involving precipitate thickening. The interruption of the DSC signal, corresponding
to a stabilization of the T, volume fraction, would correspond to the temperature interval where the
first mechanism is completed and the second not yet significantly activated.

Above 370°C, the signal becomes overall endothermic, signalling essentially precipitate dissolution.
However, new streaks, characteristic of the formation of plate-like particles in the {001} planes, most
likely ©’-AlCu precipitates [16], start to appear around 375°C (peak (D)). Therefore the present results
indicate first that 8’ precipitates form later than T, in the precipitation process, second that they
were not involved in lower temperature thermal events, and third that they can form concurrently
with the dissolution of T,. The final endothermic peak (E) between 400 and 500°C involves only
precipitate dissolution which justifies the previous choice of temperature range for the polynomial
fitting (see part 3.2).

Further indications of the relationship between the different peaks in the DSC thermograms and
associated phase transformations can be obtained from the study of the samples aged 18h at 155°C
and 18h at 155°C + 70h at 190°C. The three DSC thermograms (including the previously shown EoR
sample) are shown together in Figure 48. The sample aged 18h at 155°C contains essentially single
layer precipitates, whose average thickness is 1.3 nm, and whose growth is essentially completed
(see Figure 41). The exothermic (B) peak has disappeared in this sample, which confirms in
accordance with our interpretation proposed above that it was associated to the formation of the
single layer T,. Moreover, the exothermic peaks (C) and (D) that we have respectively associated to
the thickening of T, precipitates and to the formation of 6’, are still present in this sample. Now if we
consider the sample aged 18h at 155°C + 70h at 190°C, we can see that both peaks (B) and (C) have
now mostly disappeared, which is consistent with the fact that this sample already contains thick T,
precipitates (see Figure 41) and further validates our interpretation of the nature of the thermal
events. In this last sample the peak (D), corresponding to the formation of €', is still present.

A selection of SAXS images for this last sample is displayed in Figure 49. They confirm that from room
temperature to 375°C the microstructure is completely dominated by the T, phase and that around
400°C the 0’ phase is also observed. The signal from the T, precipitates initially present is visually
stable until about 300°C and then changes due to size increase and dissolution. This temperature
range is again consistent with the DSC signal.
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Figure 46: (a) Heat flow recorded in DSC during a heating ramp of 50 K.min™ from 0°C to 520°C. Red crosses highlight the
temperatures where SAXS images have been recorded (see Figure 47). (b) T, thickness evolution during the DSC heating
ramp.

Figure 47: SAXS images recorded during an in-situ ramp from 50°C to 500°C at a speed of 50 K.min'l, starting from an EoR
sample.
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Figure 48: DSC heat flows for 3 samples previously heat treated (a) at the EoR, (b) 18h at 155°C and (c) 18h at 155°C and
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Figure 49: SAXS images recorded during an in-situ ramp from 50°C to 500°C at a speed of 50 K.min'l, starting from an 18h
at 155°C and 70h at 190°C sample.

3.4 DSC and HAADF-STEM: Extracting a quantitative evolution of the T; volume
fraction during artificial ageing

From the SAXS results in part 3.1, it is established that in all the samples heat treated at 155°C and
190°C, the microstructure is dominated by the T, phase. During the DSC heating ramp, we have
determined that the T, precipitates continue to grow and then dissolve, and to a lesser extent the 6’
phase may form and dissolve. However, notwithstanding the complexity of the thermal events and
associated phase transformations, which occur during the DSC ramp, the integral of the thermal
signal between the initial state until the full solid solution must be proportional to the volume
fraction of the precipitates initially present, namely T;:
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where B is the heating rate. We chose 100°C as the initial temperature because no significant heat
effects due to phase transformations occur below this temperature during the heating ramp.
However, determining the proportionality factor between the enthalpy and the volume fraction of
precipitates is not straightforward [40] and a procedure to calibrate the volume fraction is still
necessary.

The normalised enthalpy (in J/g), which can be associated to the precipitate relative volume fraction,
is calculated from the corrected DSC heat flows (shown in Figure 45) and plotted in Figure 50 as a
function of time of heat treatment. We can note that the volume fraction reaches a first plateau after
18h at 155°C but increases significantly again when the temperature is increased to 190°C. The
evolution of volume fraction is easily fitted with two JMAK type curves [40]. In order to calibrate the
relationship between this enthalpy and volume fraction of precipitates, the two samples
corresponding to 18h at 155°C and 18h at 155°C + 70h at 190°C were observed in HAADF-STEM. An
area of 700 nm” was evaluated in both cases. The area studied in the case of the latter is shown in
Figure 51. This image was taken along a <110> zone axis which enables the observation of two T,
variants edge-on. Along this axis, one 6’ variant is also visible edge-on, but in this area, only one &’
precipitate (highlighted in the figure) is present. This further justifies that the T, phase is highly
predominant in this alloy in the investigated conditions. In order to always discriminate between the
different T, thicknesses, we performed higher magnification images. The area corresponding to one
of these images, shown previously in Figure 42, is highlighted with a white box in Figure 51.

In these areas, the projected length of each T, precipitate was measured. Their number of layers was
converted to thickness by considering that a single layer precipitate has a thickness of 1.15 nm, and
that the addition of one layer to the thickness adds the equivalent of four {111} matrix planes, which
converts to 0.92 nm. Therefore the precipitates of (1, 2, 3, 4, ...) layers have a thickness of (1.15 ,2.07
,2.99,3.91, ...) (all in nm).

The difficulty with TEM imaging to obtain quantitative volume fraction measurements is that it only
provides a projection of the real microstructure which could result in an over-estimation of the
volume fraction [48]. The importance of this overestimation is highly dependent on the sample
thickness. As a result, in parallel to the HAADF-STEM imaging, a thickness map of the measured area
was recorded using energy-loss spectroscopy. The latter technique gives access to t/A where t is the
sample thickness and A is the mean free path for inelastic scattering [23]. A can be expressed such
that [23]:

106F (Fo /g )

_ (27)
n 26/ )

where E, = 200 keV corresponds to the incident energy, E,, is the mean energy loss (E,, =
19.14 eV for Al-alloys), f is the collection semiangle and F is a relativistic factor (F = 0.618 at
200keV). For large [ values, the mean free path saturates and in this case, a reasonable
approximation is obtained by using f = 15 mrad instead [23]. In these conditions, the mean free
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path is found to be equal to 119nm, which corresponds to a sample thickness around 30nm. The
sample thickness is rather small as compared to the precipitate diameters that can go up to 100nm.

In order to obtain the real T, length distribution from the projected lengths, we used a method
inspired by Jensen [21]. This method considers simple geometrical corrections and is based on the
probability for a plate-like particle to intersect with the edges of the TEM sample.

A T, volume fraction of approximately 3.6% was found in the case of the sample at the end of the
heat treatment (18h at 155°C + 70h at 190°C). The same correction procedure was applied for the
sample aged 18h at 155°C and a volume fraction of 2.6% has been found. The ratio between these
two values of volume fraction is in perfect agreement with the evolution found using the DSC
evaluation method (see Figure 50). From these two values, a calibration factor can be used to re-plot
Figure 50a directly as a volume fraction (see Figure 50b). The calibration factor can be expressed in
kl/mol and if we consider the bulk composition of the T; phase [49], it reads ~57.9 kl.mol™ by
considering the Cu and Li atoms in solid solution as a reference. Although this value really
encompasses different mechanisms, it can be approximated as the enthalpy of formation of the T,
phase and has the correct order of magnitude as compared to formation enthalpies of other phases
in Al-alloys [50].
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Figure 50: (a) Normalized enthalpy evolution in J/g as a function of time, deduced from the DSC measurements, during
the duplex heat treatment and (b) T, volume fraction evolution in % after calibration with HAADF-STEM measurements.
The transition in temperature after 18h is highlighted with a vertical red line.
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Figure 51: Dark Field image along the <110> zone axis taken in the HAADF-STEM mode, of a sample heat treated 18h at
155°C and 70h at 190°C. Two T, variants and one 0’ variant are observed edge-on. The spherical particles are B’-Al;Zr
dispersoids.
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4. Discussion

In the different studies using DSC on Al-Cu-Li alloys that can be found in the literature
[8,12,25,26,29,32,33,34,40,51],[52,53,54]; discrepancies can be found when it comes to relate DSC
heat effects to phase transformations. These differences are partly due to the complexity of the
precipitation sequence and its dependence on alloy composition but are also due to the lack of
means to relate accurately the DSC peaks to the phase transformations involved. Most commonly,
each exothermic or endothermic peak is considered to be the result of the formation or dissolution
of a single different phase. Combining DSC and SAXS along identical heating ramps makes it possible
to follow in-situ the precipitation sequence during the ramp and to clarify the microstructure
evolution associated with the thermal events of the DSC thermogram.

The first endothermic peak (A) (Figure 46) at low temperature has previously been attributed to GP-
zones dissolution [12]. This first dissolution peak is present for samples at early ageing times, but
fades away as soon as T, precipitation occurs (see Figure 45). As a consequence, this dissolution
event is consistent with the presence of solute clusters in the EoR sample, probably similar to the
clusters present in the naturally aged material [8].

Previous publications on similar alloys [8,34] already revealed that the main precipitation peak
around 280°C (peak (B) in Figure 48) was due to T, precipitation but the subsequent exothermic
event (peak (C) in Figure 48) was not associated to this phase in previous reports. In the present
study we have shown that these two exothermic peaks both correspond to precipitation of the T,
phase, which is subject to an interruption around 325°C. Such interruption of precipitate evolution
has been observed before for precipitate dissolution during ramp heating [55,56]. It was successfully
modelled by considering the competition between the evolution of critical radius and average radius
with the changes in temperature and microstructure. It is not clear if such a mechanism can be
operative during precipitation (contrarily to precipitate dissolution). However in our case we show
that this two-stage precipitation process can be related to the evolution of the thickness of T,
precipitates.

In another study on a similar alloy, Ringer and co-workers [12] interpreted the three consecutive
exothermic peaks arising in DSC as the successive precipitation of Ty, 8 and S’ phases. Instead, our
interpretation revealed that the second exothermic peak is likely to be due to T, plates thickening
and the third exothermic peak could instead be due to 6’ formation. The 8090 alloy (Al-2.34Li-
1.25Cu-1.04Mg-0.11Zr) has been studied extensively using DSC [31,33,34,40,51,52,53]. Due to the
important differences in Li and Cu contents, the precipitation sequence in this system presents
significant differences from precipitation in the AA2198 alloy (particularly in terms of &
precipitation). Nevertheless, the main precipitation peak, for similar heating rates as the one we
used, occurs around 280°C and has often been attributed to the formation of the S’ phase only.
Ghosh et al. [34] suggested recently that this main exothermic peak, in the 8090 alloy, could be the
result of combined formation of §’, T;, T, and & phases. The subsequent exothermic peak arising in
this system was often attributed to the formation of T, phase. In the light of our observations, we can
propose that the thickening of the T, precipitates should also be considered when interpreting the
DSC heat effects in alloys where T, is known to form.



Previous attempts for extracting a relative evolution of the volume fraction using DSC have been
performed in Al systems [37,40], but these attempts were always based on the independent study of
each peak and considered proportionality between the enthalpy of formation and the volume
fraction of phase formed. In the case of the AA2198 alloy, we demonstrated the efficiency of a global
approach that uses the integration of the signal over the complete thermal ramp. The constraint of
this method is to require a high precision in the baseline correction; however its result depends only
on the microstructure initially present in the material before the DSC scan, and not on the complexity
of the heat effects occurring during the ramp. Its applicability is of course limited to microstructures
consisting in one dominating precipitated phase.

The AA2198 alloy is known to reach peak strength after approximately 18h at 155°C when starting
from the T351 temper [8]. Moreover, the dominating phase in this condition, namely T4, is the
equilibrium phase. Therefore, it could be expected that in this condition the volume fraction of this
phase should be close to the equilibrium one at 155°C, and therefore that it should decrease when
the temperature is increased to 190°C because of an increased solubility of the solute in the Al
matrix. However, the evolution of T, volume fraction extracted from DSC results (Figure 50) reveals
that the precipitation sequence occurs in two steps and that it increases significantly when the
temperature is increased to 190°C, which may seem counterintuitive with respect to solubility. This
evolution was confirmed by HAADF-STEM calibration observations. After 18h at 155°C and 70h at
190°C, the T, volume fraction was found to stabilize around 3.6%. In order to assess the reliability of
this measurement, a simple estimation of the expected value for the equilibrium volume fraction for
T, precipitates can first be made by considering that the alloy contains a strong excess of Li with
respect to the precipitate stoichiometry Al,Culi. Therefore, at equilibrium one can expect the
residual Cu content to be negligibly small and thus an upper bound for the equilibrium volume
fraction is about 5%, calculated on the basis of the total Cu solute content and on the T; phase
stoichiometry. This value was confirmed by FactSage calculations performed with internal
Constellium databases. The gap between this upper bound and our measurement can first be due to
a residual Cu content in solid solution. Actually, recent work using atom probe tomography on an Al-
Cu-Li alloy with excess Li found matrix concentrations of Cu of 0.7 at% after 5h of ageing at 200°C
[57]. Similar results have been obtained also on the AA2198 alloy [58]. Such solute contents show
that the alloy is likely to be still highly out-of-equilibrium in the conditions investigated here.
Moreover, we know that the alloy contains a limited amount of other Cu-containing phases (6’ and
S), which further reduces the available solute for T, precipitation. Thus, we believe that our estimate
of the volume fraction is in a reasonable range, although it remains challenging to assess precisely
the degree of precision of our calibration procedure.

The two steps precipitation process that is observed actually correlates with the two stages observed
when considering the sequence of T, precipitation during the heating ramp as observed by DSC and
SAXS. This two-step precipitation kinetics can be interpreted as originating from the activation of two
consecutive diffusion phenomena. We propose a simple explanation in order to explain that solute
remains available even after 18h at 155°C. At 155°C, the T, plates grow as single-layers precipitates,
and thus the solute enrichment occurs by diffusion at the plates’ tips only, thus limiting the
accessible solute domain (see Figure 52a). When the temperature is increased to 190°C, the
thickening process is activated and remaining solute thus becomes accessible through a lateral
diffusion process (see Figure 52b), which explains the late increase of precipitate volume fraction and
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is coherent with the previous statement that Cu remains available in solid solution even after long
ageing time.
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Figure 52: Two steps diffusion mechanisms (a) Growing of single-layer T, precipitates by solute diffusion at the plate tips
and (b) Activation of a second diffusion mechanism when thickening of the T, precipitates is activated.

The combination of SAXS, DSC and TEM has proven to be a successful way of describing the entire
precipitation process of the T, phase. One interesting outcome of this full characterization is to
calculate the evolution of precipitate number density during the heat treatment:

4 xf,

Noc‘r[*t*D2 (28)

where f;, is the volume fraction, t the thickness and D the diameter of the T, precipitates. The
number density is represented in Figure 53 together with the other previously determined
parameters. The number of T, precipitates is shown to increase throughout the heat treatment at
155°C and then stabilise at the end of this heat treatment. When the temperature is increased to
190°C, the number density is observed to remain stable during a few hours and then decrease
steadily, showing the initiation of a coarsening stage.
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Figure 53: Plots of the evolution of characteristics parameters of the T, phase during a duplex heat treatment at 155°C
(for 18h) and then at 190°C. (a) Evolution of the mean thickness and diameter (in nm) of the T, plates and (b) evolution of
the volume fraction (in %) and normalized number density (in m"") of the T, precipitates.
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5. Conclusion

1) Using a combination of differential scanning calorimetry (DSC), small-angle X-ray
scattering (SAXS) and transmission electron microscopy (TEM), we present a method to
guantitatively characterize the evolution of all parameters of T, precipitates in Al-Cu-Li
alloys along a heat treatment, namely their average thickness, diameter and volume
fraction. This method has been applied to a duplex ageing treatment at 155°C and 190°C.

2) The evolution of microstructure during the DSC ramps, and particularly the events
associated with the observed exothermic and endothermic peaks, has been directly
evaluated by in-situ synchrotron SAXS measurements. Precipitation of the T, phase
during heating ramp has been shown to proceed in two consecutive steps, the first one
being associated to the growth of single layer T, precipitates and the second to the
activation of precipitate thickening. Such two-stage precipitation kinetics has also been
evidenced during the two-step isothermal heat treatment and has been interpreted in a
similar manner.

3) Inthe AA2198 alloy, within the studied heat treatment conditions, the T, phase has been
shown to dominate the precipitation process. The 8 phase has been significantly
observed only at high temperature during the heating ramps.
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Chapter IV: Quantifying and modelling the
microstructure/ strength relationship

The aim of this chapter is to understand the relationship between the T;-microstructure and the
strength variations. The precedent chapter gave us the basis of a characterisation procedure of the T,
phase that will now be used in the rest of the study. The approach to understand, quantify and
model the microstructure/strength relationship can be divided in two steps:

e Explore a wide range of T, microstructures by varying the thermo-mechanical treatment
parameters while measuring the yield strength. This step is essential as it serves the creation
of a strong experimental data base that can then be used to test and improve the existing
yield strength models.

e Apply the existing models to see their ability to predict the yield strength evolution. Three
existing models are tested and improved in order to predict accurately the yield strength
evolution.

The implications of the experimental and modelling results on the strengthening mechanisms
associated to the T, phase are finally discussed.
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Abstract

We present a detailed study of the relationship between precipitate microstructures in an Al-Cu-Li
alloy and resulting yield strength. By varying the thermo-mechanical ageing treatments applied to
the AA2198 alloy (pre-deformation, heat treatment temperature and duration), T, microstructural
parameters (thickness, diameter and volume fraction) are varied on a large range, and the
corresponding vyield strength is determined. The resulting database of microstructure-strength
relationships is used to establish a strengthening model based on interfacial and anti-phase boundary
strengthening. This model successfully describes the strength evolution from under-aged to over-
aged conditions without the need for a transition from precipitate shearing to by-passing.

1. Introduction

The high specific strength, good damage tolerance and excellent property stability of Al-Cu-Li alloys
makes them highly attractive for aerospace applications [1,2,3]. Recently developed Al-Cu-Li alloys
can be found, for instance, under the name AIRWARE® [4]. A complex precipitation sequence that
strongly depends on the thermo-mechanical treatment is involved in these alloys [5,6]. However,
cold working prior to the final ageing treatment, has been shown to promote the precipitation of the
T,-AlLLiCu phase at the expense of other phases [7,8,9,10]. The T, phase is known to provide the
highest strength [9,11]; it forms as semi-coherent platelets along the {111}, planes and exhibits an
hexagonal structure [12,13].

The strengthening response associated to the formation of precipitates in Al-alloys has been widely
studied in the literature. In the case of shear-resistant spherical precipitates, the yield strength
increment is usually expressed by Orowan equation [14]:

A F (29)
T=—

bL
where At is the Critical Resolved Shear Stress (CRSS) increment, F is the obstacle strength, b is the
Burgers’ vector and L is the inter-particle spacing. The T; plates were originally thought to be shear-
resistant [15] and thus attempts have been made to use modified versions of the Orowan equation

to model the yield strength increment associated to the T, phase [16,17]. The applicability of these
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early attempts is however questionable as T, precipitates are now recognised as being shearable for
wide ranges of heat treatments [18,19,20,21]. An interfacial strengthening model, considering the
energy required to create a new precipitate/matrix interface when shearing a T, plate, has been
developed by Nie and Muddle [22]. This model has been only once compared to microstructural data
[22]. Therefore there is a shortage of quantitative microstructure data available to critically discuss
the applicability of the different strengthening models, their robustness and domain of validity. We
present in this report a systematic study where a wide range of T; microstructures are generated by
varying the parameters of the thermo-mechanical treatment, in order to generate a complete
database of microstructure — strength relationships. This database will be used to evaluate and to
improve the existing strengthening models.

The choice of the thermo-mechanical treatment parameters has been already shown to be decisive
on the resulting precipitation microstructure in Al-Cu-Li alloys [7,8,9,10,23,20,24]. The thermo-
mechanical parameters that strongly influence precipitation are: the pre-age stretch, the heat
treatment temperature and the heat treatment duration. Varying these parameters is a suitable
approach to reach a large variety of T, microstructures and provides a strategy for varying the
parameters of the precipitate microstructure independently. The heat treatment temperature has
recently been shown to be a key parameter that controls the activation of the T, thickening process
[24]. Namely, it was shown that at 155°C the thickness of T, precipitates remains constant for very
long ageing times at the minimum value of 1.3 nm, and that when temperature is increased from
155°C to 190°C T, thickening is quickly activated. In addition, a pre-deformation increase leads to a
greater density of smaller precipitates [9] as T; nucleates on dislocations. The influence of pre-
deformation on the competitive precipitation of T;, 8’ and & has been addressed by Gable et al. [9].
They revealed that the same strength of 450MPa could be reached for different pre-deformations
(0%, 2%, 4% and 6%) that result in significantly different T, microstructures: the mean T, diameter
was found to range from 40nm to 160nm, highlighting that the relationship between the T,
morphological parameters and the yield strength in not straightforward. However, in the alloy
studied by Gable et al., 8 and & were also present in considerable amounts, making the analysis
complex. We will show in the present study that with an appropriate choice of alloy composition and
thermo-mechanical treatment, the microstructure becomes dominated by T, precipitates only.

We recently developed a method to characterise the T, phase quantitatively in terms of
morphological parameters and volume fraction [24]. This method first uses Small Angle X-Ray
Scattering (SAXS) to measure the mean diameter and thickness of T, precipitates. SAXS can be carried
out in-situ during the heat treatments, giving access to the precipitation kinetics [25]. Secondly, this
method uses Differential Scanning Calorimetry (DSC) to measure the volume fraction of T,
precipitates. It will be applied systematically in the present investigation to record the T,
microstructures for a wide range of thermo-mechanical treatments. In parallel, the yield strength will
also be measured in all the studied heat treatment conditions. The resulting microstructure-strength
characterisation will be then used to challenge the existing models for platelet strengthening; a
modified approach to T; strengthening will then be proposed.
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2. Material and experimental procedure

The AA2198 alloy, whose composition range is given in Table 10, was provided by the Constellium
Voreppe Research Centre, France, as rolled 5mm thick sheets with a fully unrecrystallised grain
structure. The samples were first solution treated and water quenched. Directly after quenching, the
samples were pre-deformed to a plastic strain ranging from 0% to 12%. The samples were then
naturally aged for seven days. The artificial ageing treatment was executed in an oil bath, starting
with a heating ramp of 20 K.h™ to 155°C, followed by an isothermal at 155°C or by a duplex ageing
treatment for 18h at 155°C followed by ageing at 190°C (temperature reached within approximately
5 minutes). The samples were quenched in cold water at different times during the ageing and then
analysed. In-situ SAXS experiments were performed using exactly the same temperature schedules in
a dedicated furnace.

SAXS measurements were carried out on a laboratory rotating anode system (Cu Ka source). Prior to
the measurements, the samples were mechanically ground down to approximately 70um and mirror
polished. The beam size was approximately Imm? and SAXS patterns were recorded every 512s. The
distance between the sample and the two-dimensional CCD detector was 351mm. SAXS patterns
were corrected for flat field and geometrical distortions, background noise, and then normalised
using a glassy carbon as secondary absolute calibration sample [26].

DSC measurements were carried out in a Perkin-ElImer Pyris Diamond apparatus. The experiments
were conducted under a high purity nitrogen flux. The heating ramp rate was 50 K.min* from -40°C
to 520°C. We chose to start at an initial temperature of -40°C in order to allow enough time for the
apparatus to stabilise when reaching room temperature. The samples consisted of 0.5mm thick disks
4mm in diameter in order to fit in the dedicated pure aluminium crucibles. Prior to each DSC
measurement, the sample weight was systematically measured for normalisation (range of sample
weights: 50-100mg).

Tensile measurements were carried out using a screw-driven Instron machine with a 30kN load cell.
Special tensile samples with a section gradient were used for preliminary experiments (more details
will be given in part 3.1). Classical tensile samples, with a cross-section of 3mm*5mm and gauge
length of 60mm, were also used. The extensometer gauge length was 10mm and the strain rate was
1073 s,

Table 10: Composition of AA2198 alloy given in wt%

AA2198 Cu Li Mg Ag Zr Al
Min 2.9 0.8 0.25 0.1 0.04 bal
Max 3.5 1.1 0.8 0.5 0.18 bal
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3. Experimental results

3.1 Preliminary study: impact of pre-deformation on hardness

Because T; nucleates on dislocations, it is well established that pre-deformation prior to ageing
greatly enhances T, precipitation kinetics at the expense of other phases such as 6’ or S. The impact
of pre-deformation on competitive precipitation and resulting strength increment has been already
reported [7,8,9,10]. Pre-deformation directly influences the dislocation density and thus is expected
to determine the final T, number density. In order to explore the role of pre-deformation in a
continuous way, we designed tensile samples of variable section (see Figure 54a) that provide a
deformation gradient along the sample during uniaxial stretching. This deformation gradient was
characterised accurately using Digital Image Correlation (DIC) [27]. The mean plastic strain along the
sample is calculated from the deformation map and plotted as a function of position on the sample
(see Figure 54b). In order to cover the entire pre-deformation range with enough precision, we chose
appropriate section gradients and used three individual samples. The three samples were subjected
to a common ageing treatment, consisting in a seven-day natural ageing at room temperature
followed by artificial ageing for 18h at 155°C. The impact of pre-deformation on strengthening was
evaluated through a series of hardness measurements along the three aged samples (Figure 54c). For
this particular ageing time, the results show a continuous increase in strength as a function of pre-
deformation, so that changing this parameter can effectively control the precipitation kinetics. For
the purpose of our study, we needed additionally to restrict the range of pre-deformations to values
where the T, phase dominates the microstructure. The distribution of precipitates has been
evaluated by ex-situ SAXS measurements on four samples respectively pre-deformed 0%, 0.5%, 2.5%
and 12% (see Figure 55). These measurements make it possible to separate the presence of T;, 8" and
S phases [25]. The presence of the 8 and S phases appears to be significant only in the non-pre-
deformed sample (highlighted in Figure 55), so that pre-deformation is revealed to be a necessary,
but sufficient condition for T; to dominate the precipitate microstructure in AA2198. In the following
paragraph, T, precipitation kinetics and related strengthening will be studied in detail for the 0.5%,
2.5% and 12% pre-deformations.
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Figure 54: (a) uniaxial tensile sample with a section gradient, (b) mean deformation as a function of position along one
gradient sample and (c) Hardness measurements plotted as a function of pre-deformation for the three pre-deformed
samples covering the complete pre-deformation range and heat treated 18h at 155°C.

Figure 55: SAXS images recorded on four samples heat treated for 18h at 155°C. The pre-deformations applied prior to
the heat treatment were respectively (a) 0%, (b) 0.5%, (c) 2.5% and (d) 12%.
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3.2 Microstructure and strength evolution during ageing at constant T; thickness

In this section the precipitation kinetics and related strengthening during ageing at 155°C will be
presented for the three selected levels of pre-deformation, namely 0.5%, 2.5% and 12%. The T,
precipitation kinetics was followed in-situ in SAXS for these three conditions. Snapshots of the
continuous recording of SAXS images are shown in Figure 56 for the three deformation levels and
selected ageing times. Clearly, increasing the level of pre-deformation results in a faster precipitation
kinetics, both in terms of the apparition of characteristic streaks for platelet precipitates and
subsequent increase of SAXS intensity. Following the method developed by De Geuser et al. [25], the
mean diameter and thickness of the T, precipitates were extracted from the SAXS images and are
plotted in Figure 57. As expected, a higher pre-deformation (and therefore a higher density of
nucleation sites) results in a faster kinetics and smaller mean T, diameter at the end of the heat
treatment. Additionally, one can notice that the mean T; thickness remains highly stable around
1.3nm in the three conditions, which reveals precipitation of only single-layer T, precipitates [24].
Figure 57c displays the evolution of T, volume fraction extracted from DSC thermograms following
the method detailed in [24]. Finally, the information on diameter, thickness and volume fraction
mabkes it possible to evaluate the number density N of precipitates per unit volume:

Ao

= D2 (30)
T

where t and D are the T; mean thickness and diameter and f,, is the volume fraction of T; precipitates
(the fitted function shown in Figure 57c is used to estimate the volume fraction at each ageing time).
Figure 57a-d emphasise that a stable microstructure is reached in all the conditions after
approximately 150h at 155°C. The three resulting microstructures differ in precipitate number
density by almost an order of magnitude and thus in mean T, diameter while keeping a constant T,
thickness and similar volume fraction.

The evolution of yield strength during ageing for the three levels of pre-deformation is shown in
Figure 58 for the same ageing times as those chosen for the measurements of volume fraction. The
continuous curves are JMAK type fits [28] applied to the data. One can notice that a similar yield
strength is reached at the end of the heat treatment for the three conditions. The volume fraction
and vyield strength evolutions during the heat treatment were found to be very similar in the
investigated conditions and within experimental uncertainty a linear relationship is observed
between these two parameters (see Figure 58b).
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Figure 56: SAXS images recorded at various times during in-situ heat treatment at 155°C for three different pre-
deformations: 0.5%, 2.5% and 12%.
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Figure 57: Evolution of the mean T, (a) diameter and (b) thickness extracted from images recorded in-situ in SAXS for
three pre-deformations (0.5%, 2.5% and 12%). (c) T, volume fraction evolution extracted from DSC measurements and
(d) T; number density evolution re-calculated from data of a), b) and c).
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Figure 58: (a) Yield strength evolution as a function of ageing time at 155°C and (b) yield strength evolution as a function
of T; volume fraction for the same heat treatment for three pre-deformations: 0.5%, 2.5% and 12%.

3.3 Microstructure and strength during ageing with evolution of T; thickness

We suggested, in a previous study, that T, precipitation occurs in two steps corresponding to two
distinct diffusion stages [24], and resulting for the first stage in a precipitate growth at constant
thickness and for the second stage in an increase of precipitate thickness by a ledge mechanism. The
use of a duplex ageing strategy at 155°C followed by 190°C has proved to be efficient in successively
activating these two diffusion stages. In this section, we compare the precipitate microstructures
during duplex ageing to the formerly presented single isothermal treatment starting from a sample
pre-deformed 2.5%. Figure 59 shows snapshots of the recorded SAXS images during the two ageing
treatments. A significant shortening of the characteristic streaks for the platelet precipitates is
observed during ageing at 190°C (contrarily to 155°C), which can be related to the increase in
precipitate thickness. This qualitative view is confirmed by the quantitative evaluation of the SAXS
data. The mean T, thickness experiences a significant increase from 1.3nm to 2nm at 190°C while the
mean diameter increases from 40nm to 55nm (Figure 60a and Figure 60b). The volume fraction
evolutions, as extracted from DSC measurements, are displayed in Figure 60c. A significant increase
in volume fraction occurs when going to 190°C but one can notice that the heat treatment at 155°C
eventually reaches a similar volume fraction after long enough ageing times. The T, number density
evolutions are evaluated and plotted in Figure 60d. The increase of both the thickness and the
diameter at 190°C results in a significant drop of precipitate number density despite the increase in
volume fraction.

Figure 61a shows the evolution of yield strength during the duplex ageing treatment at 155°C and
190°C. At 190°C, the strength is first constant for a few hours and then significantly drops. At the end
of the heat treatment the strength has decreased from a peak strength of more than 500 MPa to
about 350 MPa. This result highlights the fact that the precipitate thickness seems to play a
significant role in the strengthening mechanism of T,. Figure 61b shows the yield strength
represented as a function of the T; volume fraction along the duplex ageing treatment. The
monotonous linear relationship between yield strength and precipitate volume fraction that was
observed in the case of a distribution of single-layer precipitates no longer applies when the T;
thickness starts to increase.
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Figure 59: SAXS images recorded in-situ from a sample pre-deformed 2.5%, (a) at 155°C and (b) 18h at 155°C and then at
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Figure 60: Evolution of the T, precipitate characteristics during ageing of the 2.5% pre-deformed sample at 155°C (green
symbols) and duplex ageing 18h at 155°C followed by ageing at 190°C (purple symbols): (a) T; mean diameter and (b)
thickness, (c) T, volume fraction evolution and (d) T, Number density.
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Figure 61: (a) Yield strength plotted as a function of ageing time and (b) yield strength evolution as a function of T,
volume fraction during a duplex ageing treatment for 18h at 155°C and then at 190°C from a sample pre-deformed 2.5%.

3.4 Summary of the experimental results

Challenging efficiently the strengthening models to assess their robustness, validity domain and
limitations requires obtaining microstructure-strength characterisation in a range as wide as possible
of microstructural conditions. Platelet precipitates such as the T, phase are characterised by three
independent parameters out of the four presented here (thickness, diameter, number density and
volume fraction). Our study aims at covering wide ranges of variations of all of these parameters, in
order to determine as independently as possible the effect of each of them on the alloy’s strength.
The range of precipitate microstructures obtained is summarised for all investigated conditions in
Figure 62. We can see that precipitate number densities cover a range of nearly two orders of
magnitude. Precipitate diameters range between 20 and 55 nm, and volume fraction between 0.3
and 2.5%. At constant volume fraction, microstructures with a two-fold difference in precipitate
diameter have been generated. At constant diameter, microstructures with a three-fold difference in
volume fraction have been characterised. In addition, the thickness of precipitates has been varied
by almost a factor of 2 while keeping a comparable precipitate diameter and volume fraction. This
experimental database will now be used to test the ability of the existing yield strength models to
predict the yield strength evolutions.
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Figure 62: Map of the T, microstructure domain that was explored during the present investigation.

4. Yield strength modelling

4.1 Models based on the Orowan by-passing mechanism

Modified versions of the Orowan equation have been proposed in the literature to describe the
strengthening associated with the presence of semi-coherent anisotropic plate-like precipitates.
Based on simple geometrical considerations, the following modified Orowan equation has been
suggested by Nie et al. [16] for aluminium containing precipitate plates lying on {111} matrix planes:

Gb 1 1.061¢

e, 2657Dt 7D (5 (31)
1=V 5931 %—%—0.91%

v

where At is the critical resolved shear stress (CRSS) increment, v=0.36 is the Poisson’s ratio for
Aluminium.

In an alternative study, Zhu and Starke [17] proposed another modified Orowan equation by using
computer simulations to examine the dislocation slip process in a random distribution of rectangular
obstacles. As a result of these simulations, they proposed the following expression for the CRSS
increment of plate-like precipitates lying on {111} matrix planes:
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The applicability of equation (31) and (32) to T, strengthening is nowadays questionable as they do
not consider the shearable nature of T, precipitates. Nevertheless, we will test the ability of these
two models to predict the yield strength evolutions during the duplex ageing treatment at 155°C and
190°C (described in part 3.3). In order to convert the CRSS increment into yield strength, the
following expression is usually applied:

Ao = MAt + g, (33)

where M~3 is the Taylor factor [29], g, is the strength factor including all the other contributions to
strengthening (Peierls stress, grain and sub-grain strengthening, solute  and dislocation
strengthening). For the 2.5% pre-deformed sample, we will approximate g, as the yield strength of a
sample at the end of the ramp (free from precipitates), which is approximately 250 MPa. Figure 63
displays the predicted and measured vyield strength evolutions. As expected, the predictions from
these two Orowan-like models are not satisfying. As a consequence, we will rule out these models for
the prediction of strengthening by the T;-phase.
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Figure 63: Experimentally measured yield strength during the duplex ageing treatment (symbols), and predictions by the
two models based on the by-passing mechanism (lines).
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4.2 Models based on the shearing mechanism

In order to model accurately the yield strength evolution, the shearable feature of the T, phase has
to be accounted for. Shearing a T, leads to the creation of a new precipitate/matrix interface and of
an anti-phase boundary (APB) as depicted in Figure 64a.

Nie and Muddle [22] proposed a model describing the effect of the creation of a precipitate/matrix
interface on strengthening. They established the following expression for interfacial strengthening
for Al alloys containing regular triangular arrays of shearable {111}, plates:

12110y, /2 |bf,
B t2 r

At (34)

where y; is the precipitate/matrix interfacial energy. However, this model does not include the
influence of the formation of an APB on the slip plane within the precipitate, which should be
considered when regarding the T, shearing process (Figure 64). We will now propose a modified
version of Nie and Muddle’s interfacial strengthening model in order to consider both the new
interface and APB contributions to strengthening.

In the approximation of weak obstacles, the contribution of shearable precipitates to the strength
increment has been described by Guyot [30] as:

At = a3/2 ( L ) (35)
V2bL

where a = F/F is a parameter that characterises the precipitate’s resistance to dislocation glide

(0 < a < 2) and I'is the dislocation line tension in the Al matrix which can be approximated as:

1
= EGbZ (36)

where G=25GPa is the shear modulus of aluminium, b=0.286nm is the Burgers’ vector.

Defining the obstacle strength in the case of shearable particles is delicate as many contributions are
often involved in the particle shearing mechanism. For the sake of simplicity, we will approximate the
T, plates to square plates of width D and thickness t (Figure 64a). The T, shearing mechanism has
been recently revealed to only occur by single-steps [21] (Figure 64b). The length of a shearing step is
b * sin(a), where b~0.286nm is the Burger's vector and a = 60° is the angle between the slip
direction and the sheared plate.
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Figure 64: (a) scheme of a sheared plate observed edge-on revealing the creation of a new precipitate/matrix interface
and the creation of an anti-phase boundary. (b) Image of a sheared T, taken in HAADF-STEM along the <110> zone axis.

The area of the new matrix/precipitate interface is A; = 2bsin(a) D and the area of the APB is
Aupg = D(t/sin (0) — b sin(a)) where 6=70.53° is the angle between two {111}, planes. The
energies related to the formation of these new interfaces are:

E; = A;y; = 2b sin(a) Dy; (37)
Espp = ApappYapp = D(t/sin (6) — bsin(a))yaps

Where y4pp is the interfacial energy corresponding to the created APB.
The strength of a shearable precipitate plate F can thus be written as:

E; + Eppp _ 2bsin(a) Dy; + D(t/sin (6) — bsin(a))yaps (38)
t/sin (6) t/sin (0)

F=F;+Fypp =

The mean planar centre-to-centre precipitate spacing L has been expressed by Nie and Muddle [16]
considering triangular arrays distribution of {111}, plates:

0.265nDt (39)

L =0931
fo

By combining equations (35), (36), (38) and (39), we can deduce the following expression for the
CRSS increment attributed to shearable {111}, plate-like precipitates:

0.762Dyers /2 |bf,
2 r (40)

With y.rr = 2sin(a) y; + (

ATTI =

#n(@) - Sin(“)) YapB

This expression is a modified version of equation (35), which accounts for the creation of both the
new interface and the APB. The yield strength evolutions, as predicted by equation (35) and (40), are
plotted together in Figure 65 for the duplex ageing treatment, where the interfacial energies (only y;
for the original model, y; and yaps for the modified model) are fitting parameters. The predictions at
constant T, thickness are necessarily the same for both models (although for a different value of y)).
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However, one can notice that the predictions differ when the T, precipitates are thickening. The
contribution of the APB to the yield strength becomes more important for thicker plates, which
results in a higher predicted yield strength when the precipitates are thickening.

In the case of Nie and Muddle’s model the fitted interfacial energy is y; = 0.107 J/m®. For the
modified interfacial strengthening model, the following interfacial energies are found: y; =
0.07 J/m* and y,pg = 0.007 J/m”. These energies are in the range of classical interfacial energy
values for semi-coherent precipitates. However, one can notice a significant difference between the
interfacial andf\PBRenergies.@hefhigh@mountffenergy@Fequiredfofreatefahewfnterfacefsfelatedp
tofhefifferencefnfrecipitatefndfnatrixFtructuresfrvhichfesultsfnfafighBtrainfield@mtRhehew
createdfinterface.@hefpresenceffhishighBtrainffieldfivesfisefofblurryfontrastfnfHAADF-STEMPB
aroundfheBhearedfregionfseefFigurep 4b). For the QRphasefnfAluminiumfallioys,fAiefandpNawner
[31]Fevealedhathefinterfacialfenergy@orfhefhewfnterfacefincreasesfdramaticallyfwithfmultiplep
shearingevents, BvhichfnakesfnultipleBhearinghighlyfinfavourable, fas@onfirmedfecentlyforfhed .
phasepbypthePobservationsPoffDeschampsPetfal.f[21].BHowever, BthecreationBofBanBAPB, BwhichBisp
internalfiofihefprecipitate,fnayfesultfn@Bmallerfnismatch@ndfhusfequiresfess@nergy.@hisfesultp
highlightsBthatBtheBcontributionBofBftheBAPBBcreationBisPonlyPminorBinBtheBshearingBprocessPaspfitp
requirespmuchfessfenergyhanfhefreationpoffafhewpforecipitate/matrixfinterface.AtRhuspexplainsp
why Nie and Muddle’s interfacial strengthening model is able to predict accurately the yield strength
evolutionfoyponlyfconsideringhefcreationfofhefhewforecipitate/matrixf@interfacepvhilefheglecting
the@\PBRreation.fHowever,fvefelievefhatfhefnodifiedfnterfacial@trengtheningfnodelfsfphysicallyp
moreforrect@ndfppliesbetterfofatefpgeingRimes@ndpvefvillihusfuseftfnfhefollowing.

Onefmportantfbservationfesulting@rompheffitfofEhefnodified@nodelofhefexperimentalfataf@sp
thatBitBdescribesPveryBaccuratelyBtheffirstBstagespofftheBageingBtreatmentBatf190°C,fwhereBallp
parametersfraryfreryfuickly@namelyfliameter, olumeffractionfndfhickness).ftAsflsofapableofp
describingfpargefpartffhetrengthflecreasefiuringfver-ageing@tfl90°C, konfirmingfhatBtAsMhotp
necessaryfofnvokeffprecipitatefoy-passingfnechanismfvenftfhesepatetagespoffageing.Bctuallyp
shearedf;frecipitatesfhicker@hanfonefunitfellhavefeenfeportednfiteratured19].However, Aatp
veryPatefageingflimesflastfoint@t@50hfRgeing)khepnodelfpredictionBtronglyRleviatesFromfhe
experimentalBdata.fThispdeviationBcouldBbefrelatedftofaBchangeBinBtheBprecipitate-dislocationp
interactionfinechanism.p
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Figure 65: Experimentally measured yield strength during the duplex ageing treatment (symbols), and predictions by the
two models based on the shearing mechanism (lines). The interfacial strengthening by Nie and Muddle corresponds to
equation (35) and the modified interfacial strengthening curve corresponds to equation (40).
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4.3 Applicability of the modified interfacial strengthening model to the different T,
kinetics

The preceding section showed that the modified interfacial strengthening model (equation (40)) is
suitable to describe the yield strength evolution in the presence of T, precipitates. In order to test
the robustness of this model, we calculated the yield strength evolutions for the ageing treatments
with different pre-deformations studied in part 3.2, using the measured microstructural parameters
for the T, precipitates. As shown in Figure 13, the model can be successfully applied to this data,
provided that the base strength in the absence of precipitates g, is adjusted depending on the pre-
deformation value. g, was respectively adjusted to 152MPa, 250MPa and 310MPa for the 0.5%, 2.5%
and 12% pre-deformations. The signification of this adjustment will be discussed in the next section.
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Figure 66: Experimental yield strength measurements (symbols) and evolutions as predicted from equation (40) (lines) as
a function of ageing time during a heat treatment at 155°C and different pre-deformation; (a) 0.5%, (b) 2.5% and (c) 12%.

106



5. Discussion

The experimental database of microstructure-strength relationships that we generated makes it
possible to test the possibility of precipitation strengthening models to describe the effect of
precipitation of T; on vyield strength. We have shown that models based on the by-passing
mechanism were unsuccessful in describing our experimental results, consistently with the now
widely accepted shearable nature of the T, precipitates. On the other hand, Nie and Muddle’s model
for interfacial strengthening by platelet precipitates [22] has been shown to provide a good
agreement with experimental data. A modified version of this model has been shown to successfully
describe a wide range of experimental data, including the transition on each side of the peak-aged
state. This agreement strongly suggests that the peak ageing state is not related in this case to a
change of precipitate-dislocation mechanism from precipitate shearing to precipitate by-passing as is
commonly observed in some aluminium alloys such as Al-Zn-Mg-Cu alloys [32,33]. Instead, the
experimental data and the model agree in attributing the strength decrease after peak ageing to an
increase in precipitate thickness (At « t~2). However for very long over-ageing the model
predictions deviate strongly form the experimental data, suggesting a change in strengthening
mechanism. When T, precipitates reach a sufficient thickness and when their number density
becomes sufficiently small so that their spacing increases, it seems reasonable that the by-passing
mechanism should be activated. However, it can be noted that the models based on the by-passing
mechanism do not predict the good range of strengthening for these overaged conditions either. The
influence of precipitate microstructures on this possible change in strengthening mechanism requires
a more detailed study of the alloy’s plasticity that will be reported in a separate paper.

The modified interfacial strengthening model has been shown to be applicable to all the investigated
thermo-mechanical treatment, including the ageing treatments where the pre-deformation had been
varied, resulting in a wide range of precipitate number densities. However, this applicability required
to choose different base strengths o, depending on the initial pre-deformation. This difference can
naturally reflect the influence of pre-deformation on dislocation strengthening. In fact, the flow
stress during the tensile test used for stretching is approximately 100 MPa, 150 MPa and 300 MPa
for, respectively, the 0.5, 2.5 and 12% pre-deformations. The remaining difference could be due to
the presence on the dislocations of other phases such as Mg-rich precipitates that have been shown
to form together with the T, precipitates [34]. This can explain the relatively high strength of the
sample at the end of the heating ramp to 155°C when no significant T, precipitates are present (250
MPa for the 2.5% pre-deformed material).

Assuming that this description of T; strengthening is correct, it has a number of interesting
consequences. Firstly, it implies that the linear relationship, independent of pre-deformation, that
was experimentally observed between yield strength and T, precipitate volume fraction (Figure 58b)
is not supported by our model. In fact, it results from a compensation of the change in precipitation
strengthening by a change in base strength with pre-deformation. Equation 12 of our model can be
written as At o f,N~1/2t=5/2, meaning that the linear relationship between volume fraction and
strengthening increment holds for a constant precipitate thickness and number density. The constant
precipitate thickness is a valid assumption during ageing at 155°C (Figure 57b), however the
precipitate density changes moderately during the ageing treatment after a given pre-deformation,
and strongly from one pre-deformation to another. This change in precipitate density explains the
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necessary compensation of a loss of strengthening by an increased base strength to describe the
entire range of studied microstructures.

It may seem at first sight counter-intuitive that the precipitate strength should decrease when the
precipitate number density becomes higher, at constant volume fraction and thickness. Such a
dependence to precipitate number density is opposite to what happens with strengthening by
spherical precipitates. However it can be better understood if equation 12 of our model is re-
organised in yet another way as At o« D2N1/2t=3/2 where the volume fraction does not appear
explicitly. This form of the equation shows that both the contributions of precipitate number density
and precipitate diameter are positive to the strengthening increment; however the diameter has a
much stronger contribution, because increasing the precipitate diameter has a large effect on the
precipitate strength. Consequently, increasing the precipitate number density at constant volume
fraction and thickness (such as is achieved by increasing the pre-deformation), which necessarily
results in a decrease of their diameter, induces a decrease of the strength increment.

6. Conclusion

1) By combining the effect of pre-deformation, ageing time and ageing temperature, a wide
range of T, microstructures have been obtained. The parameters of the T, precipitate
distributions have been systematically characterised in terms of precipitate thickness,
diameter, volume fraction and the resulting number density has been calculated. The yield
strengths corresponding to these microstructures have been systematically measured,
resulting in a large database of microstructure — strength relationships.

2) The yield strength evolution, in the case of strengthening by T, precipitates, has been
successfully described using a model for precipitate shearing considering the combination of
interfacial and anti-phase boundary strengthening. The transition at peak strength and
subsequent decrease in yield strength are successfully represented without accounting for a
shearing-to-by-passing transition.

3) The interfacial strengthening model overestimates the yield strength for highly over-aged
samples. This result suggests that a transition in strengthening mechanisms occurs in the late
stages of precipitation. An alternative model is necessary to predict the yield strength for
these conditions.
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Chapter V: Investigation on the strengthening
mechanisms of the T precipitates and influence on the
plasticity behaviour

The aim of this chapter is to get a better understanding of the strengthening mechanisms in terms of
interactions between the dislocations and the T, precipitates. In the precedent chapter, we managed
to model the yield strength by using a model based on shearing only. The model failed to predict the
yield strength only in the case of heavily over-aged conditions suggesting a transition from shearing
to by passing that would occur long after the peak strength. We will see that the observation of the
plasticity behaviour and evolution as a function of the T, kinetics is a strong tool to get information
on the strengthening mechanisms.

111



Strengthening mechanisms of T1 precipitates and their influence on
the plasticity of an Al-Cu-Li alloy

Thomas Dorin"?, Frédéric De Geuser', Williams Lefebvre®, Christophe Sigli’, Alexis Deschamps®

'SIMAP, INP Grenoble — CNRS — UJF, BP 75, 38402 St Martin d’Héres Cedex, France

*Constellium, Voreppe Research Centre, CS 10027, 38341 Voreppe Cedex, France

* Groupe de Physique des Matériaux — CNRS — University of Rouen, 76 801 St Etienne du Rouvray
Cedex, France

1. Introduction

Al-Cu-Li alloys exhibit a good combination of properties such as high strength, low weight and good
damage tolerance, which makes them well suited for aerospace applications [1,2,3]. In the recently
developed Al-Cu-Li alloys, the main contribution to strengthening is provided by the precipitation of
the T, phase, which forms as platelets on the {111}Al planes [4,5]. During the first stages of ageing at
155°C until peak strength, T, precipitates have a constant thickness of one unit cell (1.3 nm, called
single-layer T,) [5,6]. For very long ageing times and/or higher temperatures, the thickness of T
precipitates progressively increases, together with a decrease of yield strength [7].

The strengthening mechanisms associated to the presence of T, precipitates and the associated
precipitate-dislocation interactions have been the subject of a number of reports in literature. In
early studies, T; precipitates were described as strong unshearable particles similarly to the 6’ phase
[8,9,10,11,12]. However, the development of high-resolution electron microscopy (HREM) made it
possible to observe sheared precipitates in deformed samples. Thin T, precipitates, whose thickness
consist in only one unit cell (that can be called “single layer T,”), have now been observed sheared by
dislocations in numerous studies [13,14,15,16,17]. Deschamps et al. [17] recently observed more
than 70 shearing events of single-layer T, precipitates on an AA2198 alloy in the peak-aged condition
deformed at 2% plastic strain. The observation of a thicker sheared T, precipitate (three-layer) has
only been reported once in a study by Nie and Muddle [15], so that it remains unclear if another
mechanism such as precipitate by-passing takes over when T, precipitates coarsen.

A recent work studied the relationship between yield strength and T, precipitate microstructures on
AA2198 alloy, ranging from under-aged to heavily over-aged [7]. In all conditions but the longest
over-ageing times, the evolution of yield strength was successfully described by a shearing
mechanism model based on Nie and Muddle’s work [18]. The yield strength was shown to increase at
constant T, thickness as a function of T, volume fraction and to decrease when the T, plates are
thickening [7]. The transition in yield strength from under-ageing to over-ageing was solely explained
by invoking the shearing mechanism based on interfacial strengthening. This model was only found
to overestimate the yield strength for only long over-ageing times, suggesting a change in
precipitate-dislocation interaction mechanism.

The mode of interaction between dislocations and precipitates strongly influences the plasticity
behaviour. Precipitate by-passing usually results in a homogenisation of plasticity while precipitate
shearing is commonly considered to result in the localisation of plasticity [19]. In Al-Cu-Li alloys, the
shearing of & actually results in significant plastic localisation and thus in a degraded ductility
[20,21,22]. Csontos and Starke [16] observed that the shearing mechanism of the T, phase also
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results in the formation of intense shear bands. However, Deschamps et al. [17] proposed that
single-layer T, precipitates could only be sheared once in the same place, thus preventing
catastrophic planar slip. As a consequence, it seems that the presence of single-layer T, precipitates
prevents a localisation of plasticity on a microscopic scale although it may still result in the
localisation of plasticity at a macroscopic scale (formation of slip lines).

The aim of the present paper is to clarify the influence of T, precipitate microstructure, and
particularly the effect of plate thickness, on the plasticity of Al-Cu-Li alloys. For this purpose, the
precipitate-dislocation mechanisms and the associated alloy’s plasticity will be studied in situations
where the T, precipitate microstructure is varied in a wide range, ranging from under-aged tempers
of precipitation (growing single-layer precipitates) to heavily over-aged tempers (multiple layer
precipitates). The microstructure characterisation along a duplex ageing treatment at 155°C and
190°C is based on a recently published paper [6]. Deformed samples are observed using high
resolution scanning transmission electron microscopy (STEM) in the high angle annular dark field
mode (HAADF) in order to observe at the microscopic scale the precipitate-dislocation interactions.
The strain hardening evolution will then be analysed using uniaxial tensile tests and Bauschinger
tests. Finally, the plastic strain localisation at the macroscopic scale is evaluated using optical
microscopy with Nomarski contrast and Confocal Laser Scanning Microscopy (CLSM) observations.

2. Material and experimental procedure

The AA2198 alloy was provided by the Constellium Voreppe Research Centre, France, as rolled 5mm
thick sheets with a fully unrecrystallised grain structure. Table 11 gives the composition range for
AA2198 alloy. The samples were first solution treated and water quenched. Right after quenching,
the samples were pre-deformed to a plastic strain of 2.5%. The samples were naturally aged for
seven days and then aged in an oil bath, starting with a heating ramp of 20 K.h™ to 155°C, followed
by a duplex ageing treatment for 18h at 155°C and then 190°C (temperature reached in
approximately 5 min). The samples were quenched into cold water at different times during the heat
treatment and analysed.

The samples for HAADF-STEM observations were first mechanically polished into thin foils of
~100um and then electro-polished using a twin double jet system in a solution of 33% nitric acid in
methanol at -20°C and 15V. The observations were performed in a JEOL ARM 200F equipped with a
Schottky field emitter and operating at 200kV. This instrument was also equipped with a spherical
aberration Cs-probe corrector. The following parameters were used: probe diameter of 0.1nm, an
objective aperture semi-angle of 22.5mrad, detector half-collection angle between 40 and 150mrad.

The samples for optical microscopy and CLSM were mirror polished then deformed up to 2% plastic
strain, in uniaxial tension, with special care not to damage the polished area. Optical microscopy
observations were carried out on a BX60M Olympus microscope equipped with a Nomarski prism.
The CLSM experiments were carried out on a Talysurf CCl 6000 microscope at the Pprime Institute in
Poitiers, France.

Tensile measurements were carried out using a screw-driven Instron machine with a 30kN load cell.
Normalised tensile samples, with a cross-section of 3mm*5mm and gauge length of 60mm, were
used. The extensometer gauge length was 10mm. The strain rate was 1073 s™.
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Bauschinger tests were conducted on a servo-hydraulic MTS machine with hydraulic wedge grips to
hold the specimen. The gauge section was 4mm in diameter and the gauge length was 12mm. The
extensometer gauge length was 10mm. The strain rate was 1073 s™.

Table 11: Composition of AA2198 alloy given in wt%

AA2198 Cu Li Mg Ag zr Al

Min 2.9 0.8 0.25 0.1 0.04 bal

Max 3.5 1.1 0.8 0.5 0.18 bal
3. Results

3.1 Precipitate microstructure evolution during the duplex ageing treatment

The quantitative description of the T, kinetics during the duplex ageing treatment (18h at 155°C and
then 190°C) has been the subject of a recent paper [6]. The evolution of the morphological
parameters and volume fraction of the T, phase was investigated using in-situ Small-Angle X-Ray
Scattering (SAXS), Differential Scanning Calorimetry (DSC) and HAADF-STEM. In this section, we will
briefly summarise the main outcome of this previous study. The evolutions of the average thickness
and diameter, volume fraction and number density of the T, precipitates are reported in Figure 67 as
a function of ageing time. The precipitate thickness is constant at 1.3nm during the 18h at 155°C that
correspond to the growth of single-layer precipitates only. Precipitate thickening is activated when
temperature is raised to 190°C and an average thickness of 2nm is reached after approximately 70h
at 190°C. During ageing at 155°C, the volume fraction first stabilises around 2%, corresponding to the
saturation of the growth of single-layer precipitates. Increasing the temperature to 190°C activates
precipitate thickening, which enables the remaining solute to join the precipitates [6] and the volume
fraction reaches a saturation value of 2.5%. It has previously been observed that the average
thickness of 2nm measured after 18h at 155°C + 70h at 190°C actually consists of a distribution of T;
thickness from single layer to multi-layer precipitates [6].
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Figure 67: Plots of the evolution of the characteristic parameters of the T, phase during a duplex heat treatment at 155°C
(for 18h) and then at 190°C. (a) Evolution of the mean diameter (in nm), (b) of the mean thickness (in nm), (c) of the
volume fraction (in %) and (d) of the number density (in m's) of the T, precipitates (results taken from [6]).

3.2 HAADF-STEM observations of the shearing events

The HAADF-STEM technique provides an atomic resolution with a contrast in atomic number (2)
approximately proportional to Z* [23], which makes it suitable to observe the T;-Al,CuLi precipitates
that have a strong contrast with respect to the Al matrix. Indeed, when viewed edge-on such as on a
<110> or <112> matrix zone axis, the contrast arises from the bright Cu-rich layers in the T1
precipitate which surround a dark Li-rich layer (Figure 68a) [24,25]. We conducted HAADF-STEM
observations on an AA2198 sample aged for 18h at 155°C and 70h at 190°C and then deformed
plastically 2%. The observations were carried out along the <110> matrix zone axis (Figure 68a and e)
and along the <112> matrix zone axis (Figure 68b, c and d). Shearing events were observed on single-
layer, two and three-layer precipitates (see Figure 68a to 2d), but no evidence was found for the
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shearing of T, precipitates consisting of 4 layers or more: all such precipitates were observed
unsheared (see Figure 68e). However, it is not possible using STEM-HAADF observations to conclude
on the existence of a by-passing mechanism for such precipitates and this possibility will be
evaluated by the study of plasticity further in this paper.

Similarly to what had been observed in [17] for single-layer precipitates, the extent of the shearing
events was always found to be of one Burgers’ vector only, irrespective of the thickness of the
sheared precipitates. This suggests that it is energetically more favourable for a gliding dislocation to
cross-slip and shear the precipitate in a different location than shear it again on the same plane (see
Figure 68c).

(e)

Figure 68: HAADF-STEM iages taken on a sample aged 18h at 155°C and 70h at 190°C and then deformed plasticaly 2%,
(a) to (d) Single to three-layer T, precipitates that have all been sheared and (e) a four-layer T, precipitate that has not
been sheared.
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3.3 Mechanical tests: investigation of the strain hardening behaviour

3.3.1 Tensile tests

The strain hardening capability of metals can be impacted by many factors such as the presence of
solute elements or precipitates [26]. The influence of precipitates on the strain hardening capability
highly depends on the dislocation/precipitate interaction [19]. Precipitate shearing prevents
additional dislocation storage, which results in a low strain hardening rate. Additionally, if
precipitates become completely sheared by a series of dislocations, massive dislocation movement
can occur, resulting in early ductile failure [20]. On the contrary, precipitate by-passing induces the
storage of dislocations in the form of Orowan loops, which results in a high strain hardening rate, at
least for small plastic strains before the recovery of stored dislocations becomes significant. The
plastic flow is homogenised due to the stress exerted on incoming dislocations by the Orowan loops,
which favours their cross-slip.

The yield strength and ultimate tensile strength (UTS) are plotted in Figure 69a for samples along the
entire heat treatment. The yield strength rapidly increases until the transition in temperature; in
parallel the UTS also increases but more slowly, indicating a decreasing strain hardening capability.
When the temperature is raised to 190°C, the yield strength first continues to increase slightly and
then rapidly decreases. The UTS follows the same tendency, and only for long over-ageing times it is
observed that the strain hardening capability increases again. Tensile stress-strain curves are
represented in Figure 69b at different characteristic stages of over-ageing after the transition in
temperature from the peak-aged state (18h at 155°C). It is observed that the stress-strain curves first
remain almost parallel and progressively the strain hardening rate at small strains is observed to
increase.

In order to observe this transition in more detail, the strain hardening rate 8 = Z—Z is calculated and
plotted as a function of o — 0,, in Figure 70a (so-called Kocks-Mecking plots). The strain hardening
rate is observed to gradually increase with holding time at 190°C, which is well correlated with the
increase of T, thickness. The early strain hardening rate is frequently described by the initial strain
hardening rate 6, [27,28,29], where this value is obtained by extrapolation of the linear part of the
Kocks-Mecking plot to o = gy, (Figure 70b). The initial hardening rate is first observed to decrease
from 2100 MPa to a minimum of 1500 MPa at peak strength (18h at 155°C). This value of the strain
hardening rate at peak strength is close to that of pure aluminium [17,29], which is consistent with
the absence of additional dislocation storage associated with the presence of the precipitates when
they are sheared by dislocations. After peak strength, 6, is found to increase gradually to a maximum
of about 4700 MPa after 225h at 190°C. This increase in 8, is classically attributed to a shearing-to-
by-passing transition and has been observed in 7000 and 6000 series Aluminium alloys [29,30].
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Figure 69: (a) Stress-strain curves for different ageing times during the duplex ageing treatment and (b) Yield strength
and ultimate tensile strength evolutions during the duplex ageing treatment.
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Figure 70: (a) Strain hardening rate for different ageing times during the duplex ageing treatment and (b) evolution of the
initial strain hardening rate 6,.

332 Bauschinger tests

Strain reversal tests, or Bauschinger tests, are classically used to evaluate the kinematic contribution
of strain hardening [29]. More precisely, the magnitude of the difference in flow stress during
monotonic loading and strain reversal is characteristic of the presence of internal stresses in the
material, and a high value is often related to the presence of impenetrable obstacles to dislocations,
such as non-shearable precipitates [31]. However is has been shown recently that the situation could
be more complicated since the Bauschinger stress can be high, at least for small reverse strains, in
cases where precipitates are sheared but the strain path is highly reversible [17].

We performed Bauschinger tests in three selected conditions that are representative of three
important stages before and during the T, thickening process (18h at 155°C, 18h at 155°C + 25h at
190°C and 18h at 155°C + 70h at 190°C) and show different strain hardening behaviours. The samples
were first deformed in tension up to ~1% plastic strain and then deformed back in compression up
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to ~2.5%. The forward and reverse stress-strain curves are represented, in absolute value of flow
stress, in Figure 71a, for these three conditions. The curves in the case of monotonic tensile
deformation are also represented (dashed lines). A strong Bauschinger effect for small reverse plastic
strains is revealed and is increasing as a function of ageing time. However, the Bauschinger effect
rapidly disappears and the compression curve in absolute value reaches similar values as for the
classical tensile curve after a reverse plastic strain of approximately 1%. When over-ageing proceeds,
two evolutions are observed. First, the magnitude of the Bauschinger stress for a given strain
increases, and secondly the shape of the reversal curve changes, from a rapid increase of reversal
stress (monotonically decreasing strain hardening rate) in the first sample to a more progressive one
(sigmoidal) in the third sample. The first behaviour was already observed by Deschamps and co-
workers in microstructures containing shearable T, precipitates [17] while the second behaviour is
typical of the Orowan-helped reverse by-passing mechanism in the case of non-shearable

precipitates which has been observed several times in different studies [29,32].
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Figure 71: tension-compression Bauschinger tests represented in absolute values of flow stress for three samples heat
treated (18h at 155°C), (18h at 155°C + 25h at 190°C) and (18h at 155°C + 70h at 190°C).

3.4 Plastic strain localisation into shear bands
The presence of single-layer T, precipitates in a peak-aged sample has been shown to result in a
homogeneous plasticity at a microscopic scale (i.e., no catastrophic shearing of precipitates by
avalanches of dislocations), together with a plastic strain localisation at a macroscopic scale
(presence of slip lines) [16,17]. Recently [17], confocal microscopy observations of slightly over-aged
AA2198 samples (250h at 155°C) revealed a reduced magnitude of the localisation of plasticity into
slip lines. In order to evaluate the impact of T, microstructure, and particularly its thickness, on
plastic localisation at the macroscopic scale, we selected 4 different conditions: 18h at 155°C, 18h +
25h at 190°C, 18h + 50h at 190°C and 18h + 70h at 190°C. The samples were deformed 2%. The
presence of slip lines on the surface was first observed qualitatively using optical microscopy with the
Nomarski contrast [33] (Figure 72). On the peak-aged sample that contains solely single-layer T,
plates, intense slip lines are observed on the sample’s surface. The number density and intensity of
the slip lines seem to fade away as a function of ageing time. In the 18h at 155°C + 70h at 190°C
sample, the slip lines have totally disappeared from the sample’s surface showing a complete
homogenisation of plasticity at a macroscopic scale. In order to quantify the slip line activity, we
performed confocal laser scanning microscopy (CLSM). Examples of two images obtained in CLSM for
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the two extreme cases (peak-aged 18h at 155°C and over-aged 18h at 155°C + 70h at 190°C) are
shown in Figure 73. Once more, the presence of intense slip lines is revealed on the peak aged state
and no slip lines are observed in the over-aged state. CLSM gives a precision up to 1nm in depth, thus
permitting to measure, precisely, the height of the slip lines on several samples aged at different
times, provided that their spacing is compatible with the lateral resolution of an optical microscope.
The evolution of the average slip lines’ height is displayed in Figure 74. The height reaches a
maximum at peak strength and drops quickly when temperature is increased to 190°C. For samples
aged 18h at 155°C + 50h at 190°C and more, the slip lines cannot be laterally resolved and it was thus
not possible to perform any quantitative measurement.
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Figure 72: Images taken under the optical microscope in the Nomarski mode, the samples were deformed plastically 2%
after being heat treated (a) for 18h at 155°C and (b) for 18h at 155°C and 70h at 190°C.
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Figure 73: Images of shear bands, obtained in CLSM, on the surface of samples deformed plastically 2%. (a) Sample heat
treated 18h at 155°C and (b) sample heat treated 18h at 155°C and 70h at 190°C.
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Figure 74: Evolution of the average shear bands’ height as a function of ageing time during the duplex ageing treatment.
The shear bands’ heights were estimated from CLSM observations.

4. Summary and discussion

The strengthening mechanisms and associated dislocation/T;-precipitate interactions have been
discussed in several studies [11,12,13,15,16,17]. The T, phase was first thought to be a strong
unshearable phase similar to 8’ [8,9,10,11,12]. However, several studies demonstrated the shearable
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feature of the T, phase, at least when it is sufficiently thin [13,14,15,16,17]. The peak-aged state of
recent Al-Li-Cu alloys such as the AA2198 alloy consists in a distribution of single-layer precipitates
and in this situation the shearing mechanism was shown to be dominant [17]. In the present study
we investigated both similar cases (single-layer precipitates leading to peak strength at 155°C) and
what happens during over-ageing at higher temperature (190°C) where the thickness of T,
precipitates is observed to increase together with a decrease in yield strength.

Before considering the behaviour during over-ageing, we can first discuss the current results
obtained after ageing 18h at 155°C. In this condition all precipitates have a thickness of one unit cell,
and based on [17] these precipitates are shearable by dislocations. The associated strain hardening
rate behaviour (see Figure 4) is consistent with this mechanism, since the initial strain hardening rate
is similar to that of pure aluminium. At a microscopic scale, this precipitate shearing has been shown
not to result in catastrophic shear localisation by separation of the precipitates [17], which has been
attributed to the shearing of precipitates only by single events on a given slip plane, because a
multiple shearing event would involve a too high cost in energy. However we show in the present
study that at a more macroscopic scale intense slip banding occurs in this condition. Such slip
banding is actually consistent with the absence of build up of internal stresses during the interaction
between precipitates and dislocations, and should be regarded as a characteristic feature of
precipitate shearing. Finally, in agreement with the earlier study on the same alloy [17], in this state a
strong Bauschinger effect is observed at small reversal strains. Therefore a strong Bauschinger stress
cannot be considered as characteristic of precipitate by-passing and we share the interpretation of
this effect by the reversal of some of the precipitate shearing events during strain reversal [17],
which requires a low resolved shear stress. This Bauschinger stress is however observed to recover
extremely quickly (in fractions of % of plastic strain), which can be understood as a fast decrease of
the probability of a dislocation to follow exactly the same path during forward strain and strain
reversal, which is the necessary condition for this mechanism to operate.

For over-aged states, we can first consider the sample aged 18h at 155°C and 70h at 190°C. In this
sample, the yield strength is already significantly smaller than in the peak aged temper. However, the
T, plates are still quite thin on average (less than 2 nm), and a yield strength model based on
precipitate shearing is still successful to describe the value of yield strength [7]. Our STEM-HAADF
observations show that in this condition many precipitates are sheared, including those with
thickness larger than one unit cell. Actually only precipitates equal or larger than 4 unit cells were not
observed sheared, although it is difficult from limited observations to ascertain that this value
defines a transition between shearing and by-passing. However, our other observations are
consistent with a partial transition of the precipitate-dislocation interaction mechanism to by-
passing. First, the strain hardening rate at low strains (illustrated by the initial strain hardening rate)
has significantly increased, reflecting an additional dislocation storage mechanism with respect to
that in the peak-aged state. Secondly, the plasticity is observed to become much more homogeneous
at a macroscopic scale: no shear bands can be observed at the scale probed by optical microscopy
(CLSM or Normarski contrast). Such homogenisation of plasticity is consistent with the build-up of
internal stresses by Orowan looping of precipitates (or groups of precipitates), resulting in the
deviation of subsequent dislocations on different slip planes. The interpretation of the Bauschinger
test is more complicated, since we have seen above that a high value of Bauschinger stress was not
necessarily related to the activation of precipitate by-passing. However, the behaviour of the strain
reversal test is qualitatively different in this sample as compared to the case where only precipitate
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shearing occurs. Namely, the recovery of Bauschinger stress is much slower, which is illustrated by a
sigmoidal reversal stress-strain curve. Following the interpretation of the strong Bauschinger stress in
an alloy containing non-shearable precipitates [29,32], as resulting from the interaction between
reversal dislocations and stored Orowan loops (mechanism called Orowan-Helped Reverse By-
passing or OHRB), the length of the “plateau” of Bauschinger stress observed during strain reversal is
characteristic of the number of dislocation loops that can be recovered. The value of this parameter
is unclear, but it must be related to the forward strain (number of stored loops) and to the distance
between precipitates (distance between recovered loops during strain reversal). Such sigmoidal
shape of the strain reversal behaviour was actually observed in all of Fribourg’s experiments where
precipitates were non-shearable.

When moving to a higher degree of over-ageing, namely the sample aged 225h at 190°C, the initial
strain hardening rate takes very high values, very close actually to those observed in 7000 series
alloys containing non-shearable precipitates of large radius [29]. In addition, it has been shown in [7]
that in this condition the strengthening model based on precipitate shearing was not applicable.
Therefore it can be safely stated that with this microstructure, T, precipitates are mostly by-passed
by dislocations.

The effect of plasticity homogenisation on a macroscopic scale when going from shearable particles
only to a combination of shearable and un-shearable particles has been observed before in Al-Li
systems. For example, Cassada et al. [22] observed the same effect when going from a
microstructure of shearable & precipitates only (in an Al-2Li alloy) to a microstructure of combined &’
and unshearable Ge particles (in an Al-2Li-0.2Ge alloy). The presence of these un-shearable particles
was effective in homogenising dislocation slip. However one must recall that there is strong evidence
that the effect of &’ and shearable T, plates on plasticity is very different [17].

The localisation of plasticity has been studied in an AA8090 alloy during a duplex ageing treatment by
Blankenship and Starke [34]. The authors observed intense shear bands in the T8 state (32h at
170°C). The coarse planar slip was attributed to the shearable & phase that dominates the
microstructure. Starting from the T8 temper they applied a second isothermal treatment at 300°C
and observed a homogenisation of plasticity with a disappearance of the shear bands. The second
isothermal treatment resulted in the partial dissolution of the &’ phase that was replaced by the &
and T, phase. The homogenisation of plasticity was only attributed to the apparition of the strong S’
phase. However, the authors observed a significant number of T, precipitates in TEM. Based on our
observations, we can propose that the microstructure consisted of a distribution of strong multi-
layers T, precipitates (because the high temperature promoted rapid thickening of the precipitates).
As a consequence, the presence of such T, shear-resistant precipitates probably played a significant
role in the homogenisation of plasticity in this system as it does in the AA2198 system.

The effect of the T, precipitates on the homogeneity of plasticity has also been investigated by Kim
and Lee in an Al-Li-Cu AA2090 alloy [35]. The presence of a high density of T, precipitates in the
activated slip planes has been observed to effectively homogenise slip at the macroscopic scale
(disappearance of the shear bands). The thermo-mechanical treatment that was performed
consisted of a reversion treatment at high temperature (265°C) to dissolve the &’ precipitates. Such a
reversion treatment probably favoured an extensive thickening of the T, precipitates. As was
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observed in the present work, the homogenisation of plasticity observed by Kim and Lee was
probably a consequence of T; thickening.

We can see that the different strengthening mechanisms linked to the T, phase evidenced in the
present study, namely a transition from shearing to by-passing depending on the state of ageing, can
explain the plasticity behaviour in a wide range of studies. However, the T, microstructural
parameters that control the transition from shearing-to-by-passing are yet to be established. Due to
the high coherency of the broad face of a T, precipitate, the thickness of a T, precipitate was often
proposed as the critical dimension that controls the transition from shearing to by-passing [11].
However, due to the high aspect ratio of the T, plates, it seems over-simplifying to only consider the
T, thickness as critical, as the spacing between precipitates is likely to play a key role as well, and
certainly evolves together with precipitate thickening. Furthermore, we demonstrated that multi-
layers T, plates could also be sheared, although there may be a limit to the thickness that can be
sheared by dislocations. As a consequence, the shearing to by passing transition may be more
complex than previously thought and further work is needed to evaluate the energy required to
shear T, plates of different diameters and thicknesses.

5. Conclusion

1) A shearing to by passing transition in the dislocation/T; interaction has been unravelled by
coupling microscopic and macroscopic observations of plasticity and investigation of the
plasticity behaviour.

2) When T, precipitates are sheared, this process always occurs by single step shearing events
even for multi-layers precipitates.

3) Activation of the by-passing mechanism favours homogenisation of the plasticity up to the
macroscopic scale, as well as a high strain hardening rate.

4) Both in the case of precipitate shearing and by-passing, the material shows a strong
Bauschinger effect. However the stress-strain curves upon strain reversal are qualitatively
different in both cases and we propose that the associated mechanism is different.

5) The transition between shearing and by-passing is progressive. It occurs later than the peak
ageing condition, and is correlated to the coarsening of the precipitate microstructure, and
particularly to the increase of the T, plate thickness.
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Discussion and prospects

The aim of this part is to conduct a general discussion linking the different chapters, to point out the
possible limitations of approach and results and to propose possible directions for future work.

e Characterisation procedure for quantitative, systematic precipitate characterization

The first step of our study was to propose a characterisation procedure for the T, phase that permits
the estimation of the morphological parameters (diameter and thickness) and of the T; volume
fraction. The validity of this characterisation procedure is critical as most of the experimental and
modelling results presented in this thesis are highly dependent on this first step. The evaluation of
the diameter and thickness was performed by using a method developed by De Geuser et al.; this
method has already proven successful in previous studies. However the consistency of the results
obtained as a function of the different parameters of the thermo-mechanical treatments investigated
greatly increases the confidence of the validity of this procedure. The real innovation, in the method
proposed, is on the estimation of the volume fraction. Contrarily to the case of isotropic spherical
particles, using the SAXS technique to measure the T, volume fraction is extremely difficult due to
the anisotropy of the signal arising from the strong texture of the AA2198 alloy. The estimation of
the volume fraction of anisotropic plate like precipitates has always been proven difficult. As a result,
we proposed a novel global approach which uses the heat flow obtained during a thermal ramp in
DSC. The method consists in the integration of the signal over the complete thermal ramp to extract
the T; volume fraction. Even if this technique is subject to a number of uncertainties (discussed in
chapter Ill), we believe that it gives a fair estimation of the volume fraction evolution. However, this
technique only gives access to a relative evolution and thus requires an alternative estimation for
calibration. Furthermore, it only permits a discontinuous evaluation of the volume fraction evolution.
Alternative techniques could be used to confirm the evolution as obtained in DSC. For instance,
preliminary results in X-Ray diffraction (XRD) have revealed that the T, phase results in a measurable
peak close to that of the {111} matrix planes that evolves as a function of time of heat treatment.
Such measurements could be performed in-situ during heat treatments. The apparition of the T;-
phase has also been observed during dilatometry experiments, probably linked to the change in
lattice constant in the direction normal to the precipitate habit planes. Dilatometry is inherently an
in-situ technique, although it is mostly limited to isothermal heat treatments due to the difficulty to
account precisely for the sample dilatation during temperature changes. These techniques could
bring complementary information and confirm the evolution obtained in DSC. However, these
techniques are mostly qualitative and would require a careful validation procedure by
complementary techniques. The evolution of the volume fraction could probably be followed by
SAXS (and therefore during in-situ measurements) in the case of a completely random distribution of
the T, plates (powder like samples). The elaboration of a sample of random texture, with a grain size
much smaller than the beam size, would then result in an isotropic signal in SAXS, easier to analyse in
terms of volume fraction.

The characterisation procedure that we set up permits an estimation of the average T,
microstructural parameters, which are sufficient for the model that we developed. However, this
method does not provide information on the spatial distribution of the precipitates. The
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heterogeneous nucleation of T, precipitates on dislocations is likely to result in an inhomogeneous
spatial distribution, which could play a role in the determination of the mechanical behaviour. The
only method to evaluate the spatial distribution of precipitates is by performing complementary
observations in electron microscopy. TEM remains the method of choice, although the last
generation of scanning electron microscopes do show some ability to characterise such fine
precipitates in an easier way (albeit with less precision). An example of heterogeneous distribution is
given in Figure 75 which shows a TEM image of an AA2198 sample aged 18h at 155°C. The
localisation of nucleation, presumably on a sub-grain boundary, leaves a precipitate free zone due to
the local depletion in solute elements.

Figure 75: TEM image along the <112> zone axis revealing the high density of precipitates along a sub-grain boundary
leaving precipitate free zones (PFZ) in the neighbourhood of the dislocation.

e Domination of the T, phase

The T;-phase has been shown to dominate the precipitation microstructure in our alloy when
sufficient cold working is applied. However, other phases such as 6’ and S’ might also form in minor
guantities, especially for low pre-deformation values. A TEM image of an AA2198 sample pre-
deformed 0.5% along the <100> zone axis is displayed in Figure 76. It highlights the presence of the
0’ and S’ phases. These two phases precipitate respectively as plates and rods resulting in similar 2D
projections. However, the spots on the image are the result of the projection of S’ rods only. The
impact of the minor phases on the T, precipitation is poorly known. An on-going atom-probe study
has revealed the presence of Mg-rich phases at the dislocations that are believed to play a major role
as they might act as precursor to the T, phase [1]. A PhD work is on progress at the SIMAP laboratory
and focuses on the impact of minor elements on the nucleation behaviour of the T, phase. In order
to model accurately the yield strength evolution related to the T, phase, we had to choose different
o, values (base strength in the absence of T; precipitates) depending on the initial pre-deformation.
These different values might be a sign of the presence of such phases associated to the dislocations

128



from the beginning of the heat treatment, which would act as significant contributors to
strengthening.

Figure 76: TEM image along a <110> zone axis of a sample pre-deformed 0.5% and aged for 18h at 155°C highlighting the
presence of 8’ and S’ phases.

o Yield strength modelling and strengthening mechanisms

The coupled experimental and modelling investigation permitted to get a better understanding of
the strengthening mechanisms related to the T, phase and their evolution during the heat treatment.
We highlighted that the shearing mechanism remains dominant after peak strength and that the by-
passing mechanism only dominates for heavily over-aged conditions. The yield strength evolution has
been successfully described using a model for precipitate shearing. This model considers the creation
of a new precipitate/matrix interface and of an anti-phase boundary during the shearing process. The
model used was initially proposed by Friedel who described the geometry of a dislocation glide
through a distribution of discrete obstacles. The underlying hypothesis in the way the equation was
proposed is that the inter-precipitate distance should be much larger than the average obstacle size.
However, the T; phase results in large objects in projection in the glide plane probably of the same
order of magnitude of the inter-precipitate distance as revealed on many TEM observations. As a
consequence, even if the Friedel equation seems to predict accurately the yield strength evolution
associated to the T, phase, it should be kept in mind that the T, phase does not verify the hypothesis
which served to the establishment of the initial model. In order to further improve the model, it
seems inevitable to use modelling approaches describing explicitly the distribution of precipitates in
the glide plane. Phase field models are being developed which enable the description of the
precipitate-dislocation interactions. They have already given promising results in the case of the by-
passed 8’ phase and could also be applied to shearable precipitates such as the T, phase. However, a
pre-requisite of the application of such a model to the shearing mechanism is a more precise
description of the precipitate shearing, both in terms of geometry of the process (shear plane in the
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precipitate) and related energetics (critical strength or more generally gamma-surfaces during the
shearing event). Now that the structure of T, has been ascertained, ab initio calculations could be
carried out to provide such information.

The existing models based on by-passing failed to predict the yield strength even for long over-ageing
times where the by-passing is thought to dominate. The reasons for this prediction failure are
unknown and should be investigated further. Again, in this case it is probably necessary to consider
models capable of taking into account explicitly the spatial distribution of precipitates.

Both the experimental and modelling results go in favour of a shearing-to-by-passing transition for
heavily over-aged conditions. Indeed, the transition at peak strength and subsequent decrease in
yield strength were successfully represented by the yield strength model without accounting for a
shearing-to-by-passing transition but the model fails in predicting highly over-aged conditions. The
evolution of the plasticity mechanisms were also in favour of such a transition for long over-ageing
times with a homogenisation of plasticity related to the apparition of by-passing. However, the
critical microstructural T, parameters that control this transition are still poorly understood. The two
main parameters that can be invoked to control this transition are the precipitate thickness
(controlling the precipitate strength) and the precipitate spacing (controlling the stress required to
curve the dislocations to the by-passing configuration). However, the respective roles of these two
parameters are difficult to separate. Again, modelling methods that allow taking into account the
energetics of the interaction between precipitates and dislocations and the precipitate distribution
should be developed to reach a better understanding.

The impact of the T, phase on the localisation of plasticity has permitted to investigate the transition
in strengthening mechanisms. However, the influence of the T, shearing on the multi-scale plasticity
mechanisms is still poorly understood. Indeed, we concluded from our observations that the shearing
process only occurs by single-step (only one Burgers’ vector). The implication of this mechanism is
that plasticity does not localise at the micro-scale although we observed intense shear banding at the
macro-scale. This difference between micro and macro-scale behaviours is still to be elucidated with
further experimental investigations.

e Strengthening mechanisms and modelling of more complex microstructures

This work has been on purpose restricted to an alloy with a comparatively simple microstructure
where the strengthening precipitates consisted almost exclusively of the T, phase. However many
alloys of the same family show more complex microstructures, including phases such as 8’ and 6’ as
was revealed in many studies. Understanding the additivity of the contributions arising from each of
the phases present is a challenge for further research investigations.
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General Conclusions

During this PhD work, we have gone through a set of experimental and modelling results with the
aim of acquiring a better understanding of the strengthening mechanisms involved in the presence of
a highly anisotropic precipitate, the T, phase, and related impact on the strength increment. In order
to do so, we carried out a specific strategy. This strategy has been described in the general
introduction at the beginning of the manuscript through the definition of thesis objectives. We will
now detail how each of these objectives has been fulfilled.

e Set-up a characterization procedure of the T; phase

The first step has been the set-up of a reliable quantitative characterisation method of the T; phase
based on the joint use of SAXS, DSC, TEM and HAADF-STEM. This procedure has proven successful to
characterise the T, phase quantitatively in terms of morphological parameters and volume fraction.
The combined use of SAXS and TEM permitted to extract the average diameter and thickness of the
T, precipitates. The combined use of DSC and HAADF-STEM permitted the access to the T; volume
fraction.

e Explore a wide range of T, microstructures

After an efficient characterisation method has been set-up, we were then able to explore a wide
range of T, microstructures by varying the thermo-mechanical treatment parameters (pre-age
stretch, heat treatment temperature and heat treatment duration). This systematic work resulted in
the generation of a robust database of microstructure-strength relationships.

e Testand improve the existing yield strength models

This database was then used to test the ability of the existing models to predict the yield strength
evolution in the case of the T, phase. The yield strength models based on by-passing were proven
ineffective in modelling the yield strength evolution. However, the yield strength evolution has been
successfully described using a model for precipitate shearing considering the combination of
interfacial and anti-phase boundary strengthening. The transition at peak strength and subsequent
decrease in yield strength were successfully represented without accounting for a shearing-to-by-
passing transition. However, the model failed in predicting highly over-aged conditions suggesting a
late transition in strengthening mechanisms.

o Understand the strengthening mechanisms in terms of dislocation/precipitate
interaction

The study of the plasticity behaviour confirmed that a transition from shearing to by-passing occurs
for long over-ageing times. This transition was shown to influence strongly the homogeneity of
plasticity, which was studied both at the microscopic and the macroscopic scale. It was shown to also
influence the reversibility of plasticity (as evidenced by Bauschinger tests) and the strain hardening
behaviour.
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Appendix I: Relationship between the grain texture
and the spatial dispersion of hardness during ageing

The effect of the grain texture on the age-hardening behaviour is investigated on both a
recrystallized and an unrecrystallized AA2198 alloy. The grain texture is probed with Electron Back
Scattered Diffraction (EBSD) imaging and the elastic properties are investigated locally by performing
Vickers micro-hardness measurements. The micro-hardness kinetics is first examined and a
combined EBSD and Micro-hardness mapping is then performed on a selected state in order to relate
the crystalline orientations to the local strength. A significantly more pronounced heterogeneity of
the micro-hardness distribution is observed on the recrystallized specimen as compared to the
unrecrystallized specimen. The heterogeneity in mechanical properties is discussed in terms of

inhomogeneity of precipitation resulting from the pre-stretch step in the thermo-mechanical
treatment.
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1. Introduction

The thermo-mechanical treatment that is usually applied to industrial Al-Li-Cu alloys involves a
succession of rolling steps that result in highly textured metal sheets with long elongated grains (see
chapter 1l). This specific texture has been shown to result in an anisotropy of the mechanical
properties measured in the rolling plane as a function of the angle to the rolling direction. A
minimum of yield strength is usually found at about 60° from the rolling direction; this behaviour can
be referred to as in-plane anisotropy [1]. The angular variation of yield strength in the plane of
textured metal plates has been theoretically correlated to the grain texture by Davies et al. [2]. The
yield strength of such alloys is also strongly related to the microstructure and more particularly to the
T, phase that forms in the {111}, planes. The T, precipitation is promoted by applying cold working
prior to the age-hardening treatment. The impact of both the grain texture and the precipitate
microstructure on the angular anisotropy has been studied by Kim and Lee in an AA2090 alloy [3].
These authors observed the effect of specimen orientation in under-aged samples (without T,, effect
of texture only) and peak-aged samples (presence of T;, combined effect of texture and T;). The
angular yield strength variations were successfully related to the crystallographic texture. They also
highlighted anisotropy in the fracture behaviour which was attributed to an inhomogeneous
distribution of the T, nucleation sites. Indeed, they found that during pre-stretching, two out of the
four {111} slip planes were preferentially activated resulting in a higher dislocations’ density in those
two planes. However, the distribution of grain orientations in the material not only affects the
number of activated slip planes in each grain, but may also influence the spatial distribution of plastic
strain (hence of resulting dislocation density), particularly when small plastic strains are applied like
during pre-stretch operation (typically between 2 and 3%). Because T, precipitates nucleate on
dislocations, a heterogeneous distribution of plastic strain can result in a heterogeneous distribution
of strength. In chapter IV, we have in fact shown that changing the amount of pre-strain changed
significantly the kinetics of hardening in the alloy, and not the end strength after long ageing times at
155°C.

The aim of this chapter is to evaluate the effect of texture on spatial dispersion of strength. We
combine micro-hardness measurements with EBSD on both recrystallized and unrecrystallized
AA2198 specimens. The heterogeneous distribution of micro-hardness is then discussed as a function
of the crystallographic texture and inhomogeneous presence of the T, precipitates.

2. Material and experimental procedure

Two sheets of AA2198 alloy were provided by the Constellium Voreppe Research Centre. The first
sheet was 5mm thick with a fully unrecrystallised grain structure and the second sheet was 1.4mm
thick with a fully recrystallized grain structure. The samples were first solution treated for 30 min at
510°C and water quenched. Right after quenching, the samples were pre-deformed to a macroscopic
tensile plastic strain of 2.5%. The samples were then naturally aged for seven days. The artificial
ageing treatment was then executed in an oil bath, starting with a heating ramp of 20 K.h™ to 155°C,
followed by an isothermal treatment at 155°C. The samples were quenched into cold water at
different times during the heat treatment and then analysed. The samples were then mirror polished
prior to the EBSD and micro-hardness measurements.
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The Vickers micro-hardness measurements were performed on a Wilson hardness Tukon 1102 fully
automatic apparatus. A mass of 100g was used for the indentations.

The Electron Back Scattered Diffraction (EBSD) measurements were conducted on a SEM-FEG ZEISS
Ultra 55 apparatus. A scanning step of 1um was used for the EBSD acquisition.

3. Micro-hardness evolution during ageing treatment

The Vickers micro-hardness evolution was recorded during the isothermal heat treatment at 155°C
on both sheets. Twenty indents were performed for each ageing time in order to calculate a standard
deviation of the measurements. The average micro-hardness is plotted as a function of ageing time
for both the unrecrystallized and recrystallized samples in Figure 77a. The micro-hardness evolution
is similar for both alloys, although the recrystallized samples reach a slightly higher micro-hardness
after 20h at 155°C. The drop in micro-hardness during the heating ramp has previously been
attributed to the dissolution of clusters [4]. The evolution of the standard deviation is plotted as a
function of ageing time in Figure 77b. For early ageing times, the standard deviation is found to be
similar for both specimens but rapidly differ after a few hours at 155°C. The standard deviation for
the unrecrystallized specimen remains constant to ~1.5Hv. The standard deviation for the
recrystallized sample is significantly higher; it first increases and reaches a maximum of ~12Hv after
7h at 155°C and then decreases when reaching the end of the heat treatment. After 7h at 155°C, the
standard deviation for the recrystallized and un-recrystallized specimens respectively corresponds to
~10% (~12Hv) and ~1% (~1.4Hv) of the average micro-hardness value (~130Hv). As a consequence,
we will perform a combined EBSD and micro-hardness mapping after 7h at 155°C in both texture
conditions in order to investigate further the relationship between the crystal orientation and the
local micro-hardness.

a recrystallized b recrystallized
oo @ < (b)
= Z 10
I
< 140 =
o I-|Iqeaant_::g -g Heating Wx ¥
B 120 g | Ramp *
% / @D —>x
% unrecrystallized Q —x x ¥
100 %,@%LH
0 dhrecrystallized
-10 0 10 20 =10 0 10 20
Time at 155°C (h) Time at 155°C (h)

Figure 77: (a) Vickers micro-hardness evolution as a function of ageing time at 155°C for both the unrecrystallized and
recrystallized AA2198 sheets and (b) Evolution of the dispersion of the micro-hardness measurements for both sheets.
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4. EBSD and Micro-hardness mapping

The samples’ surfaces were mirror polished and a 4mm? area was identified with 4 micro-hardness
indents. EBSD mapping was first performed on both samples (Figure 78a and b). The unrecrystallised
sample exhibits long elongated grains. In the recrystallized sample, the grain distribution is more
equiaxed and grain sizes ranging from ~20um to ~500um with an average grain size of ~150um. A
micro-hardness map, consisting in 20 lines of 24 indents (480 indents in total) was then realised on
both specimens on the same areas, the indents were regularly spaced every 100um and a load of
100g was used. The distance between the indents was large enough to avoid un-desired interactions
between the indents’ strain fields (the diagonal d of the indents was always <40um, corresponding
to an inter-indent distance of at least 2.5 * d). The micro-hardness maps, for the two specimens, are
displayed in Figure 79. The average hardness (~130Hv) was found to be the same as was previously
reported in figure 1. However, one can notice that the micro-hardness span is much wider for the
recrystallized sample (105Hv to 150Hv) as compared to the unrecrystallized sample (125Hv-145Hv).
Furthermore, the micro-hardness mapping reveals the presence of “soft” and “hard” zones. The
characteristic size of these zones is observed to be of same order of magnitude as the grain size
showing a strong correlation between the grain texture and the micro-hardness measurements. In
the case of the unrecrystallized sample, the “soft” and “hard” zones are long and elongated similarly
to the grain shape, while they are isotropic in the recrystallized sample. However, if we superimpose
the EBSD and micro-hardness maps, it is difficult to directly attribute a specific crystal orientation to
a micro-hardness value. Indeed, when indenting a grain, a number of factors are involved and
influence the resulting hardness such as the distance to the grain boundary, the presence of
intermetallic particles at the surface or grains lying below the surface and probed by the indenter.
However, we can clearly see a direct qualitative influence of the local crystal orientation on the
mechanical properties.

Figure 78: EBSD images of an AA2198 alloy with (a) an unrecrystallized texture and (b) with a recrystallized texture.
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Figure 79: Vickers micro-hardness mapping of (a) an unrecrystallized AA2198 specimen and (b) a recrystallized AA2198
specimen. The red dots, on both maps, highlight the four indents which were used to select the studied area.

5. Discussion

The heterogeneity of hardness revealed in the case of the recrystallized specimen indicates the
presence of weaker and stronger grains after 7h at 155°C. However, as it was shown in Figure 77b,
this heterogeneity was not present for very early ageing times where no T, precipitate is present, and
tends to vanish at very long ageing times. Therefore our observations strongly suggest a difference in
the T, precipitation kinetics in the different grains, which is directly related to the crystal orientation.
The influence of pre-stretching on the T, precipitation kinetics is well-established and the kinetics is
known to be enhanced for higher pre-deformation values. We know from observations by Kim and
Lee that the dislocations’ density is more important in two out of four {111} variants in the case of a
textured material. In the case of a random texture, we can easily imagine that the amount of pre-
stretching differs from one grain to another depending on the activated slip planes. As a
consequence, the distribution of pre-stretching is likely to be highly inhomogeneous from one grain
to another, inducing differences in the T, precipitation kinetics. In agreement with our study of the
effect of pre-strain on the strengthening kinetics by T, (chapter 1V), the grains subjected to the
highest level of pre-strain are expected to experience faster hardening than those where a lower
dislocation density is stored. In chapter IV we have shown that the strength contrast as a function of
pre-strain was maximum between 5h and 15h of ageing approximately, which corresponds to the
time span where the standard deviation of the recrystallized material is much larger than that of the
unrecrystallized material. For shorter ageing times the effect of pre-strain on hardness is only
moderate, so that the distribution of hardness in the material is relatively homogeneous (yet the
standard deviation is still slightly higher in the recrystallized material). For longer ageing times, the
precipitation reaction reaches completion regardless of the pre-strain value (provided that it is larger
than approximately 0.5%), and the resulting strength was observed to be independent on pre-strain,
so that the distribution of hardness becomes spatially uniform again. The fact that the
unrecrystallized material does not show such a development of strength heterogeneity can be
related to its stronger texture. With a strong rolling texture, it can be expected that the distribution
of Schmid factors with respect to the tensile direction of the pre-stretch is very uniform through the
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grains, resulting in a homogeneous distribution of the dislocation density and hence of the
precipitate distribution.

Using samples of varying cross-section (see chapter V) it is possible to estimate more quantitatively
the influence of pre-strain on the distribution of hardness for a given heat treatment time. In chapter
IV we showed this evolution after 18h at 155°C (the fitted curve is represented in Figure 80). If we
consider the experimentally measured standard deviation of 5 HV measured for this ageing time on
the recrystallized material, an average strain contrast of 2.55% can be estimated. A similar estimation
on the unrecrystallized material with a standard deviation of 1.5 HV gives an estimation of the strain
contrast of about 0.7%.
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Figure 80: Hardness as a function of pre-deformation after 18h at 155°C.

6. Conclusion

We used micro-hardness mapping combined with EBSD in order to study the local relationship
between the strength and the crystal orientation. The age-hardening condition (7h at 155°C) which
exhibited the highest dispersion in micro-hardness measurements was chosen for the analysis. The
dispersion of the hardness measurements was observed to be strongly related to the grain texture.
We highlighted a difference in the T; precipitation kinetics in the different grains, which is directly
related to an inhomogeneous distribution of the pre-stretching between the different grains.
Estimation of the Schmid factors with respect to the direction of pre-stretching are in progress to
relate more quantitatively the grain orientation to the strength distribution after ageing.
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Appendix II: The influence of precipitation on plastic
deformation of Al-Cu-Li alloys

The article, which is displayed in this appendix, was published in Acta Materialia, Volume 61, Issue
11, June 2013, Pages 4010-4021.

The influence of precipitation on the plastic behaviour in two Al-Li-Cu alloys with different Li/Cu ratio
is investigated. The impact of the &’ and T, precipitates on plasticity is discussed in terms of
dislocation/precipitate interaction mechanisms. This article was not included in the core of the
manuscript as the main author is Alexis Deschamps and most of the results used come from a recent
PhD work at the SIMAP laboratory by B. Decreus. However, the HAADF-STEM observations were
executed as a part of this PhD.
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Abstract

The plastic behaviour of two recently developed Al-Cu-Li alloys of different Cu/Li ratio, AA2198 and
AA2196, has been studied as a function of precipitation state by tensile tests, strain hardening rate
analysis, Bauschinger tests, slip line imaging and atomic scale characterisation of precipitate shearing
by advanced electron microscopy. For early ageing times where & and/or solute clusters are present,
plasticity occurs heterogeneously, strain hardening rate is high and the Bauschinger effect is
moderate. When T, precipitates are present plasticity becomes more homogeneous and the strain
hardening rate shows a slower decrease as compared to other aluminium alloys containing shearable
precipitates. In addition these ageing conditions show a high reversibility of plastic strain, and it is
observed that precipitates are sheared only by single steps. The possibility of a specific shearing
mechanism of the T, phase is discussed in light of these results.

Keywords: Aluminium alloys; precipitation; plasticity

1. Introduction

Precipitation hardening alloys based on the Al-Cu-Li system are experiencing currently a strong
interest in the framework of the development of new alloys, particularly for aerospace components
[1-3]. Their optimised compositions make it possible to overcome some of the limitations that had
hindered the application range of former available alloys [4]. These alloys, where the main solute
elements Cu and Li are often supplemented with minor additions of Mg and Ag, can show a complex
precipitation sequence, including phases from the binary Al-Li or Al-Cu diagrams, and from the
ternary Al-Cu-Li and Al-Cu-Mg diagrams. However, it is recognised that the main strengthening
precipitate in this system is the T, phase of nominal composition Al,Culi that forms very thin
platelets of high aspect ratio on the {111} planes of the Al matrix [5]. The structure of this phase,
when present as thin platelets in the Al matrix, has been unravelled recently [6,7]. Decreus et al. [8]
have studied in detail the influence of alloy chemistry on the precipitation sequence of two recently
developed alloys of the AIRWARE™ family, AA2198 and AA2196. It has been shown that the
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precipitation behaviour of the AA2198 alloy, which is relatively Li-lean (of the order of 1wt%), is
dominated by a precipitation sequence involving Cu-rich solute clusters and GP zones after natural
ageing, which dissolve during the heating ramp to the artificial ageing temperature of 155°C, and are
later replaced by the T, precipitates accompanied in smaller proportions by Cu-rich GP zones or €’
phases. The AA2196 alloy, which has a larger Li content, presents a precipitation sequence where the
0’ phase AlsLi is present from the natural ageing up to overaged states in volume fractions from 5 to
10%. In parallel to the presence of this phase, a microstructure similar to that of the AA2198 alloy
develops, namely consisting of T, and €’ platelets finely dispersed in the Al matrix.

The plastic deformation of earlier alloys of the Al-Cu-Li family has been the object of a number of
investigations. In many cases they have been shown to be prone to anisotropy and localisation of
plastic strain, resulting in relatively poor ductility [9]. In particular, the presence of the ordered &’
phase — AlsLi is well known to result in planar slip [9,10]. During fatigue of binary Al-Li alloys very
intense localisation of plastic flow occurs [11,12] and results in the dissolution of the precipitates,
leaving precipitate free channels that favour further localisation and fracture. The shearing of the &’
phase has been thought to be at least partially responsible for the poor ductility and susceptibility to
intergranular fracture of Al-Cu-Li alloys containing close to 2 wt%Li where the &” volume fraction is
very high [9,10]. Conversely, it has been proposed that the presence of T, precipitates homogenises
plastic flow when compared to the presence of & particles [10,12]. This effect has been sometimes
attributed to the fact that this precipitate is “hardly shearable” [12]; however it is now firmly
established that T; precipitates can be sheared by dislocations [9,13-15]. Csontos and co-workers [9]
have shown that the shearing of T, precipitates was accompanied by a localised plasticity in the
matrix (shear bands). Some differences of plastic localisation and related ductility between the two
alloys studied in their work were also attributed to other factors such as the presence of €’
precipitates or differences in grain structure. Thus, it seems that despite the shearable nature of the
T, phase, its influence on the distribution of plasticity in the Al-Cu-Li alloys is very different from that
of &’, even though this difference is until now unexplained.

Therefore, obtaining a clear picture of the interaction between plasticity and precipitation in Al-Cu-Li
alloys still requires a better understanding of the respective roles of T, and &’ precipitates. The
present paper, following the detailed study of the microstructure of two Al-Cu-Li alloys by Decreus et
al. [8], aims at evaluating the effect of these microstructures on the plastic behaviour of the alloys.
The two alloys present a similar grain and precipitation microstructure along the ageing heat
treatments, except for the presence of the &’ phase, which exists in the AA2196 alloy but not in the
AA2198 alloy (except as a very thin wetting layer on the 6’ precipitates). Thus the specific role of this
phase on the plastic behaviour will be evaluated by comparing the two alloy’s mechanical behaviour.
First, tensile data will be presented for an overall evaluation of the strength and ductility evolution
during the ageing treatments. This tensile data will then be evaluated in more detail through an
analysis of the strain hardening rate, which is known to be very sensitive to the details of the
precipitate-dislocations interactions and has provided insight into the plasticity mechanisms of other
alloy series in the recent past [16—19]. Then we will present results of Bauschinger tests, which
provide information on the build-up of internal stresses during plastic straining and reversal, and are
therefore very informative as well on the plasticity mechanisms operating in precipitate containing
alloys [20]. The sensitivity of the alloys to localisation of plastic flow has been studied by confocal
microscopy realised on plastically deformed samples containing different precipitate
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microstructures. Finally, to gain some more detailed insight on the interaction of dislocations with
the precipitates in this system, aberration corrected scanning transmission electron microscopy in
high angle annular dark field mode (STEM-HAADF) observations have been carried out on the
AA2198 alloy plastically deformed after a near-peak ageing treatment.

2. Materials and experimental methods

Two alloys of the AIRWARE™ family were used in this study. AA2198 and AA2196 alloys have the
composition ranges indicated in Table 1. They were provided by Constellium — Voreppe Research
Centre, France, as rolled sheets of 6 mm thickness with a fully fibrous grain structure. The sheets
showed a strong Brass texture (<112> {110}).

The same precipitation route was studied for both alloys. Initially the samples were solution treated,
water quenched; a predeformation step of 2% plastic strain was then applied. The resulting
introduction of dislocations into the material is known to greatly help the nucleation of the
strengthening T, phase; this particular amount of pre-deformation is close to industrial practice and
it was found in a preliminary study that it was sufficient to obtain an efficient T, phase nucleation
[21]. This plastic deformation step was followed by a natural ageing step of several months at room
temperature, leading to a so-called T351 temper. The precipitation treatment on the two alloys
consisted in a ramp heating at 20 K.h™* followed by an isothermal heat treatment at 155°C.

Samples for transmission electron microscopy were prepared by electropolishing in a twin-jet
apparatus, using a 1/3 nitric acid — 2/3 methanol solution at -20°C under 15V. Aberration corrected
HAADF STEM imaging was carried out using a FEI Titan> 80-300 FEGTEM fitted with dual CEOS
aberration correctors. The probe forming convergence (semi) angle of the illumination was 15 mrad,
corresponding to Gaussian probe size of ¥0.12 nm. A HAADF detector an inner collection (semi) angle
of 48 mrad was used.

Tensile tests were carried out on a screw-driven machine at a strain rate of 10 s™. All samples were
machined in the rolling direction. The sample cross-section was 5x2 mm? for the AA2198 alloy and
5x2 mm? for the AA2196 alloy. The sample gage length was 60 mm. The Bauschinger data presented
here was extracted from strain-controlled low cycle fatigue tests performed on flat tensile samples
with a maximum total strain of 1% at a frequency of 0.3 Hz.

Table 12: Alloy constituents by wt %, as provided by the manufacturer specification. Note the Zr content of both alloys
forms large grain refining dispersoids and takes no role in further precipitation.

Alloy Cu Li Mg Ag Zr
AA2198 29-35 0.8-1.1 0.25-0.8 0.1-0.5 0.04-0.18
AA2196 2.5-33 1.4-2.1 0.25-0.8 0.25-0.6 0.04-0.18

For the confocal microscopy observations, flat tensile samples were mirror polished and then
deformed plastically for 10 cycles of low cycle fatigue (in the same conditions as for the Bauschinger
tests). They were then observed in a Confocal laser Scanning Microscope Talysurf CClI 5000 apparatus
at University of Poitiers, France.
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3. Precipitate microstructures along the heat treatments

The details of the microstructure evolution of the two alloys from the naturally aged T351 state to
the different stages of the ageing treatment at 155°C have been given elsewhere [8]. However it is
worth summarizing the main outcomes for the purpose of the current study. The main clustering /
precipitate features are summarized in Table 2. In the T351 state the microstructures of the two
alloys are very different: the AA2198 alloy microstructure contains very small Cu-rich clusters and GP
zones, while the AA2196 alloy contains fine &’ precipitates. At the end of the heating ramp to 155°C
and during the first hours at this temperature, the clusters have dissolved in the AA2198 alloy, while
only a partial dissolution of &' has occurred in the AA2196 alloy. Subsequently the T, phase appears
along with a small amount of Cu-rich phases (GPI, GPIl and 6’) in the two alloys. In both alloys the
thickness of the T, phase has mostly its minimal value of 1.3 nm while its diameter quickly grows to
more than 40 nm. Two main differences have been found between the two alloys during the 155°C
ageing treatment: precipitation of T, occurs more rapidly in the AA2198 alloy, and this alloy does not
present &’ phase at any time while the AA2196 continuously does (note that the &’ phase continues
to coarsen along with the precipitation of T;). As a consequence, the microstructures in the near-
peak-aged states (16h at 155°C for the AA2198 alloy and 48h at 155°C for the AA2196 alloy) consist
mostly in T, phase with some GPI/Il / 8 phases for the AA2198 alloy (illustrated in Figure 1 by a
STEM-HAADF micrograph), and T, phase along with &’ with some GPI/Il / 8’ phases for the AA2196
alloy.

Table 13: Summary of the main features of the precipitate microstructures in the AA2198 and AA2196 alloys along the
heat treatment at 155°C, summarised from the data of ref. [8].

AA2198 AA2196
Heat treatment Microstructure Time range Microstructure Time range
T351 Cu-rich clusters N/A & N/A
End of ramp | Clusters dissolved | EOR - 2h 50% surviving 8> | EOR - 5h
(EOR) & first | = essentially solid
hours at 155°C solution
Underaged Nucleation and | 2h > 16h Nucleation and | 5h > 48h
growth of T, & growth of T, &
some 0’ some 0’
&’ coarsens
Peak to overaged | Majority of T, & | 16h onwards Majority of T, & | 48h onwards
some 0’ &
some 0’
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Figure 81: Low resolution STEM-HAADF micrograph of the AA2198 alloy after 16h at 155°C showing T1 precipitates (lying
on the {111} matrix planes and 0’ / GP zones (lying on the {100} matrix planes). Larger precipitates of spherical shape
(noted “D”) are Zr-containing dispersoids.

4. Tensile results and work hardening rate analysis

Figure 2 summarizes the tensile test data for different ageing conditions along the heat treatment at
155°C for the AA2198 alloy. The T351 state presents a relatively high yield stress of 330 MPa, a strong
work hardening rate and does not present any serrations corresponding to a Portevin — le — Chatelier
effect. This mechanical behaviour is consistent with the presence of stable clusters that trap
sufficient solute to suppress the plastic instabilities and increase the material’s yield strength. Similar
effects (including the strong work hardening rate in the naturally aged condition) have been
observed in many other Aluminium alloys e.g. from the 6000 or the 7000 series [18,22—24]. When
the material is heated to 155°C (end of ramp or EOR sample) the yield stress drops, reflecting the
dissolution of the clusters. Along with this decrease in yield stress serrations appear on the tensile
curve, consistently with the cluster dissolution. The work hardening rate is similar to that of the T351
state. However the yield stress in the EOR sample is still quite high as compared to classical values of
alloys in solid solution. As a comparison the as-quenched tensile curve has been added to the graph.
The vyield stress of the reverted T351 state (EOR) should be compared to the flow stress of the as-
qguenched sample after 2% plastic strain since the T351 alloy has been stretched to this amount prior
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to natural ageing. However this flow stress is still substantially lower than the yield stress in the
reverted material (EOR), notwithstanding the fact that some recovery of the dislocations could have
happened during the heating ramp that should have decreased further the yield stress. Thus one can
conclude that despite the apparent complete dissolution of the clusters during the heating ramp,
some solute segregation must remain at the dislocations, which could explain the higher than
expected value of the yield strength observed in this condition and the change in the nature of the
serrations during straining.
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Figure 82: (a) Tensile curves of the AA2198 alloy in different ageing conditions along a heat treatment at 155°C; (b)
associated yield strength, ultimate tensile strength (UTS) and uniform elongation.
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During the first hours at 155°C, the tensile behaviour remains stable, which is consistent with the
observed lack of any significant evolution of the microstructure [8]. After T; nucleation has occurred,
the yield strength rapidly increases to reach about 500 MPa. Subsequently it remains stable and only
slightly decreases after 500h at 155°C. This very high stability of the yield strength with ageing time
can be related to the resistance to thickening of the T, precipitates that remain at their minimal
thickness for very long times. In parallel with the increase in yield strength, the uniform elongation
decreases rapidly to reach values of about 6% for long ageing times. As soon as the yield strength
increases substantially, the work hardening rate is also observed to shift to much lower values.
Subsequently the stress-strain curves appear to be roughly parallel.

Figure 3 present in a similar way the tensile tests results for the AA2196 alloy. When the T351
material is heated to the end of the ramp (EOR sample), the yield strength is observed to decrease,
yet to a smaller extent as compare to the AA2198 alloy. This can be related to the only partial
dissolution of the &’ precipitates that occurs during the heating ramp. Then the yield strength slowly
increases up to Sh at 155°C, although no sign of T; precipitation is detected at this stage [8].
Moreover, the stress-strain curves in this ageing time range remain parallel to that of the T351
material and the same serrations are observed, suggesting a similar microstructure. Actually, it has
been shown that during these early ageing times the &' precipitates increased in volume fraction and
size due to coarsening of the reverted microstructure present at the end of the heating ramp [8].
Thus the vyield strength at this stage seems to be still controlled by the & microstructure. The
situation starts to change from 24h onwards, corresponding to the observation of T; nucleation.
Similarly to the AA2198 alloy, several features are observed simultaneously: a sharp increase in yield
strength (less pronounced in the AA2196 alloy because the base strength is higher due to the &
contribution), disappearance of the serrations and decrease of work hardening rate. For longer
ageing times a plateau in yield strength is reached at almost 550 MPa, with almost constant work
hardening rate as well.

By comparing the behaviour of the two alloys, it appears that the AA2196 alloy has a higher strength
and a lower uniform elongation. However it is interesting to evaluate if there is any intrinsic
difference between the two alloys in terms of the relationship between these two properties. Figure
4 shows this relationship in the two alloys. As usual, a clear inverse relationship is observed.
However, this relationship is markedly different in the two alloys, namely for a given strength the
AA2198 alloy has a higher level of uniform elongation as compared to the AA2196 alloy. This point
will be addressed during the discussion.
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Figure 83: (a) Tensile curves of the AA2196 alloy in different ageing conditions along a heat treatment at 155°C; (b)
associated yield strength, ultimate tensile strength (UTS) and uniform elongation.

In a next step it is of interest to evaluate more precisely the evolution of strain hardening as a
function of the state of precipitation and alloy, as it can provide interesting information on the
dislocation / precipitate interactions [25]. Figure 5 shows the Kocks-Mecking plots [26,27] (work
hardening rate 6 =do/de as a function of reduced stress o-0,) for the two alloys. Both materials show
qualitatively the same behaviour, namely:
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- for early ageing times (materials that do not contain T, precipitates) the work hardening rate
behaviour resembles that of other Al alloys when tested in supersaturated solid solution or in
a microstructure consisting of solute clusters or GP zones. The initial work hardening rate is
high (between 2500 and 3000 MPa, more than twice that of pure Aluminium), as well as the
saturation stress (extrapolation of the straight line to zero work hardening rate). Such high
strain hardening rate values have received several explanations in the literature, including
dynamic precipitation during the tensile test [24] or increased strength of the dislocation /
dislocation junctions due to high solute contents [28], resulting in an increased efficiency of
dislocation storage. It is worthwhile to note that the AA2196 alloy in these early ageing
conditions presents globally a lower strain hardening rate and related saturation stress as
compared to the AA2198 alloy, suggesting a detrimental effect of the & particles on this
property.

- As soon as the T, phase appears in significant fraction (10h for the AA2198 alloy and 24h for
the AA2186 alloy), the work hardening rate behaviour suddenly shifts to much lower values,
and then remains essentially stable. Such a shift is similar to what is observed when
precipitating shearable phases such as the 1’ phase in Al-Zn-Mg-(Cu) alloys [18] or the B”
phase in Al-Mg-Si alloys [23,29]. In these conditions the initial work hardening rate is of
similar magnitude as in pure aluminium (namely closer to /20 = 1250 MPa).

- When reaching overaged states (particularly the 500h sample) the behaviour is observed to
start changing, namely the work hardening rate shows a maximum with respect to the
evolution of flow stress. Such behaviour has been numerously observed during overageing of
other alloy series [16,18,30]. It may be an indication of a change in precipitate-dislocation
interactions. However the magnitude of the increase in early stage work hardening rate is
still very small (as compared to what is observed during overageing of Al-Zn-Mg-Cu alloys for
instance), so that one can safely conclude that the precipitates remain mostly shearable in
these metallurgical states.

- Figure 6 shows the comparison between the two alloys in three metallurgical states:
naturally aged (T351), near peak aged and slightly overaged. In all three cases the initial work
hardening rate is observed to be somewhat higher in the AA2196 alloy, but as it decreases
faster, the saturation stress is lower. This behaviour is consistent with a lower uniform
elongation under Considere’s criterion.
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Figure 84: Correlation between uniform elongation and yield stress for the two alloys (data includes all results from
figures 2 and 3)
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Figure 86: Comparison of the work hardening behaviour of the AA2198 and AA2196 alloys in three ageing conditions:
naturally aged (T351), near-peak-aged (16h and 48h respectively) and overaged (500h).

5. Bauschinger tests

For a better understanding of the precipitate-dislocations interactions as a function of precipitate
state, Bauschinger tests have been performed on four different metallurgical states: T351,
underaged (intermediate T, precipitation), near-peak aged and slightly overaged. The samples were
strained in tension between 1 and 2% of plastic strain, and then strained back in compression up to
about 2% plastic strain. Figures 7 and 8 show the results of these tests (shown in absolute value of
flow stress) for the AA2198 and AA2196 alloys, along with the corresponding curves for monotonic
tensile deformation. The two alloys show qualitatively the same behaviour. In the T351 state, the
Bauschinger effect at the onset of reverse plastic straining is moderate, however when the reverse
straining increases some of this Bauschinger effect remains. All other conditions containing T,
precipitates show a very strong Bauschinger effect at small reverse plastic strains (the yield strength
in reversed compression is almost zero), which rapidly disappears after a reverse plastic strain of the
order of 1%.
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Figure 87: Bauschinger test results for the AA2198 alloy in four ageing conditions, namely
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Figure 88: Bauschinger test results for the AA2196 alloy in four ageing conditions, namely
underaged (24h at 166°C), near-peak-aged (48h at 155°C) and slightly overaged (250h at 155°C).
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This change in the evolution of the Bauschinger effect during reverse straining can be further
evaluated by plotting a normalised Bauschinger stress:

_ Otensile (Stot) — |Jrev(£rev)|
UB,n(grev) - 2
Otensile (Stot)
where 0., is the strain of the reverse compression test and &, is the total strain. Figure 9 shows

(41)

the evolution of this normalised Bauschinger stress as a function of reverse strain for the two alloys
and the four ageing conditions. As discussed above, in the T351 state the normalised Bauschinger
stress is of the order of 20% at the onset of reverse plastic strain, compared to 40% when T,
precipitates are present. After 1.5% of plastic strain the situation is reversed, with about 4%
remaining in the T351 state and no Bauschinger effect left in the other conditions.

The two alloys show a very similar Bauschinger effect. However, the difference of Bauschinger stress
in the AA2196 alloy between the T351 state and the states including T, precipitates is somewhat
smaller as compared to the AA218 alloy.

Schematically, these results mean that the T351 material shows a relatively low tendency to
reversible deformation at small strains. This tendency is somewhat larger in the 2196 alloy, possibly
related to the presence of & precipitates. The Bauschinger effect in the T351 samples at larger
reverse strains is less clear. It could be related to the build up of internal stresses due to grain
incompatibility, or to unshearable particles such as the dispersoids.

In the ageing conditions where T, precipitates are present, the very high value of the initial
Bauschinger stress is the sign of a highly reversible strain path. When the reverse strain becomes
equal to that of the initial tensile stress, this effect of reversible deformation is cancelled and the
flow stress becomes equal to that of a monotonic test of identical total plastic deformation. We will
see in section 7 how this behaviour can be related to the details of the precipitate shearing
mechanism.

154



{]l'-‘- P T T T
- o AA2198
- Nl &
= \
g 03F \\'i T
@ Ve, —— 7351
g oS v e ih af 155°C i
on LRt
E ik vy — = 16h at 156°C
B 2 -=-= 250h at 155°C i
3 '
-
L -
T
E
E -
=
2
0.4 . T T T
E‘ i 1'1 AAZ 196
= [k i
3 W
E 03} '.",,",.I =
@ il b W ——Tas1
[ . = g T - C ol e i)
E’ L :ié.h'.ilwnﬂ
L] " [ a dou
¥ 5 [ \'I o
'g i L ==== 250h at 155°C
a 015 .
§ oil !
=
E
5 005 .
=
0
0 0.5 1 15 2

Reverse plastic strain (%)
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ageing conditions presented in Figures 7 and 8.
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6. Plastic strain localisation during monotonic deformation

The localisation of plasticity is strongly dependent on the details of the precipitate-microstructure
interactions, and it has been proposed before that the tendency for the localisation of plasticity in Al-
Cu-Li alloys had a pronounced effect on ductility [9]. Figures 10 and 11 present three dimensional
images of the surface of polished samples subjected to 2% plastic strain, obtained by optical confocal
microscopy, respectively for the AA2198 and AA2196 alloys in the same four ageing states as for the
Bauschinger tests.

In both alloys, the strongest plastic localisation is observed in the T351 states of both alloys, in the
form of widely spaced slip lines of large height. When T, precipitates are present, the plastic
deformation becomes much more homogeneous. The density of slip lines increases and thus their
height decreases. This is particularly obvious in the AA2198 alloy, whereas the AA2196 alloy remains
with a comparatively more localised deformation until the peak ageing condition. In both cases,
however, the most homogeneous deformation is observed in the slightly overaged material.
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Figure 90: Confocal microscopy images of the sample surface after 10 cycles of low cycle fatigue of the AA2198 alloy in
the same four ageing conditions as for the Bauschinger tests
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Figure 91: Confocal microscopy images of the sample surface after 10 cycles of low cycle fatigue of the AA2196 alloy in
the same four ageing conditions as for the Bauschinger tests

7. Precipitate shearing mechanism

Atomic resolution STEM-HAADF observations have been carried out on the AA2198 alloy aged 16h
and subsequently plastically strained 2%, in order to observe the shearing mechanisms of T,
precipitates. The material was observed both in the <110> and the <112> zone axis. The first axis
enables the edge-on observation of two of the four variants of the T, precipitates lying on the {111}
matrix planes, and in addition makes it possible to observe one of the three families of {100} matrix
planes where Cu-rich GP zones and 8’ precipitates can be observed. The <112> axis only gives access
to one T, variant edge-on but gives a better defined view of the structure of this precipitate. In total,
more than seventy shearing events of precipitates have been recorded, some of which are shown in
Figure 12 (shearing events are shown with a yellow arrow): two images of T, precipitates in a <110>
axis, two in a <112> axis, and one GP zone sheared in a <100> axis.

In all occurrences, without exception, the shear events were only of one matrix Burgers vector. No
multiple shearing events were observed, and no separated precipitates were observed, which would
have resulted from their shearing by an avalanche of dislocations.

157



Figure 92: Atomic resolution STEM-HAADF images of sheared T1 (first 4 images) and GP zone (last image to the right) on
the AA2198 alloy aged 16h at 155°C and plastically strained 2%. Images taken along <110> or <112> matrix zone axis.

8. Discussion

The results presented above give a complete picture of the effect of precipitation in Al-Cu-Li alloys on
the plastic behaviour. Clearly, plasticity in these alloys depends at first order on the presence of T,
precipitates. On all the phenomena studied here (strain hardening rate, Bauschinger effect, slip
localisation), T;-containnig and T,-free samples show clearly distinct behaviours. The role of the other
main precipitate of this system, namely n/’, is more to alter the behaviour within a group than to
change drastically the plasticity behaviour. The &’ and T, precipitates seem to have a different effect
on the plasticity of the studied alloys. &’ precipitates have been known for a long time to favour
localisation of plastic flow, shear banding and early fracture. Actually, the & containing alloy
(AA2196) shows a lower ductility at constant yield strength (indicated by uniform elongation) as
compared to the &’ free alloy (AA2198). This loss of ductility has been shown to be directly related to
a lower strain hardening rate, which can be explained by the tendency of Al;Li to induce local work
softening.

It is now clearly established in the literature that similarly to &', T, is a shearable precipitate, and this
has been confirmed by our own observations. However, as opposed to &', its presence does not
result in a tendency to strain localisation. Actually, as soon as T, precipitates are formed, plasticity
becomes much more homogeneous (as shown by the change in slip line density) than in the cluster-
or &’-containing microstructures. In addition the following features can be related to the presence of
T, precipitates within the microstructure:

- a strain hardening rate behaviour distinct from that of the other microstructures, but which
does not depend on the T, characteristics except when overaged
- a very high Bauschinger effect at small reverse strains, which falls down to zero after about
1.5% reverse strain
Thus, T, precipitates appear to change the plastic behaviour of the alloys in a very different way as

compared to the &’ precipitates. The STEM-HAADF observations made on the AA2198 alloy after 2%
plastic strain on the near-peak aged material provide the evidence that the shearing of T, plates
happens only as single shearing steps. These observations must imply that shearing a T, plate again
on the same plane would cost more energy as compared to the first shearing event. It is not possible
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at this stage to know if this energy increment is due to the formation of a very costly atomic
arrangement at the interface between the two unsheared halves of the T; plate, or to the creation of
a highly energetic step at the Ti/matrix interface. If this interpretation is correct, it has numerous
implications that explain particularly well our macroscopic observations:

- If multiple shearing events are energetically too costly, shearing happens mostly by single
steps and therefore plasticity is homogenised on numerous slip systems. This is compatible
with the observations by confocal microscopy that the slip is homogenised when T,
precipitates are present.

- When reversing the strain (during a Bauschinger test), the single shearing steps can be
“repaired” by a reverse motion of the dislocations, if the energy required to heal the
shearing step is small as compared to shearing a new step on the precipitate. This would
explain the occurrence of plasticity at very small stress during strain reversal, which shows
that T, precipitates are not strong obstacles to dislocation motion in these conditions. Of
course, once a reverse strain comparable to the forward strain is applied, the T, precipitates
become strong obstacles again and the flow stress comes back to that of monotonic
deformation.

- T, precipitates, being sheared, are not capable of storing dislocations like non-shearable
precipitates would. However, the homogeneity of plastic flow induced by the particular
dislocation-precipitate interaction prevents a catastrophic local work softening. As a result,
the strain hardening capacity of the peak-aged Al-Cu-Li alloys investigated here is relatively
high for a high strength material containing shearable precipitates. Figure 13 shows the
strain hardening behaviour in a Kocks-Mecking plot and the stress-strain curve following the
yield stress for the AA2198 alloy in the near-peak aged condition and in an AA7449 alloy (Al-
Zn-Mg-Cu) in a similar condition (data extracted from [18]), except that the shearable
precipitate in this alloy is 1" instead of T;. The yield stress in the AA7449 is somewhat higher
than in the AA2198 but still of similar value. Despite a longer elasto-plastic transition in the
AA7449 alloy, its overall strain hardening capability is much lower than that of the AA2198
alloy. Particularly, the rate of decrease of the strain hardening rate with either increasing
strain or stress is particularly fast, resulting in early fracture and suggesting, in this case, a
strong tendency for strain localisation related to massive precipitate shearing. This
comparison further validates the interpretation of our results on the T; containing materials
as a particular case of “only once” shearable precipitate.

A few more points still deserve some discussion. The first is the behaviour of underaged materials,
and particularly the naturally aged states. The two alloys in the naturally aged conditions present
very different microstructures, either consisting of Cu-rich clusters for the AA2198 alloy or of &
precipitates in the AA2196 alloy. However these two materials present a similar plastic behaviour,
namely a high strain hardening capability (consistently with most naturally aged precipitate-forming
Aluminium alloys), a strongly localised plasticity (as evidenced by the confocal microscopy
observations) and a mild Bauschinger effect, which however survives to larger reverse strains than in
the Ti-containing microstructures. The localised plasticity is to be expected from the presence of
small, ordered precipitates, which can be sheared multiple times by dislocations and eventually
dissolved (as has been numerously evidenced during fatigue of Al-Li alloys). According to Gerold [31],
cluster forming alloys present the same tendency to localised planar slip as compared to alloys
presenting short range order or ordered precipitates. It is therefore not surprising to see a similar
behaviour in the two alloys in the naturally aged condition. This tendency to localised planar slip is
certainly compatible with a moderate Bauschinger effect, since the strain path must be less
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reversible when plasticity is strongly localised, and with the persistence of this Bauschinger effect to
relatively large reverse strains, which can be the signature of grain-to-grain internal stresses caused
by incompatibilities of localised strain. When a detailed comparison is made between the two alloys,
it appears that the &’-containing microstructure shows a lower capability of strain hardening. This
suggests, not surprisingly, that &’ brings overall a higher sensitivity to strain localisation.

Similarly, one finds this effect of &’ precipitates on strain hardening and, as a consequence, on
ductility throughout the ageing conditions tested in this study. Namely, the AA2196 material
containing &' precipitates (regardless of the presence of T, precipitates) always presents a lower
strain hardening capacity as compared to the AA2198 material that does not contain these particles.
And although the AA2196 alloy is capable of reaching a higher yield strength, the compromise
between yield strength and ductility is better in the AA2198 alloy. Thus it appears that the presence
of the &’ phase, even in conjunction with the T, phase that improves the homogeneity of strain,
changes the plasticity of the alloy unfavourably.
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Figure 93: Comparison between (a) the strain hardening behaviour and (b) the stress-strain curve after yield stress, of the
AA2198 alloy in the near-peak aged condition and of an AA7449 alloy in the near-peak aged condition containing mostly
&’ precipitates.

Finally, the study of strain hardening in the overaged materials suggests that an evolution of the
precipitate-dislocation interactions is starting to occur. The increase of the initial strain hardening
rate and the appearance of a maximum in the Kocks-Mecking plots is similar to what is observed in
other Aluminium alloy series when a transition to non-shearable precipitates occurs (7000 or 6000
series). However here the effect is very small, especially when compared to heavily overaged 7000
series alloys. Thus one can expect that the precipitates, even in these slightly overeaged states, are
still mostly shearable, and that the change in dislocation-precipitate interaction occurs only for a
limited fraction of the precipitates, possibly those whose thickness has most increased. However,
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there does not seem to be a simple relationship between an increase of precipitate thickness and a
change in dislocation / precipitate interaction mechanism, as sheared T, of relatively large thickness
(several nm) have been observed in the literature before [14].

9. Conclusion

In this work the plastic behaviour of two Al-Cu-Li alloys has been systematically investigated for a
wide variety of microstructures containing a combination of solute clusters, &' ordered precipitates
and T, platelet precipitates. The plastic behaviour of these alloys can be divided in two groups of
samples, T;-containing and T;-free. The presence of & precipitates has a significant yet secondary
effect. The main conclusions are summarized below:

- Samples containing clusters or &’ precipitates, but no T, precipitates, show a high strain
hardening rate, a strong tendency to strain localisation, and a moderate Bauschinger effect.
The high strain hardening rate is attributed to the high solute content of these alloys, and the
localisation of plasticity as well as the Bauschinger effect can be interpreted in terms of the
presence of ordered precipitates or clusters in the microstructure.

- Samples containing T, precipitates show a lower strain hardening rate, yet much larger than
in other Aluminium alloys with shearable precipitates. Plasticity in these materials is much
more homogeneous, and they present a very high Bauschinger effect at the onset of reverse
plasticity, sign of a highly reversible plasticity.

- From the atomic scale observation of the shearing mechanisms of the T, precipitates, it is
proposed that the shearing of T, precipitates occurs by single shearing events, supposedly
related to a high energy cost of a second shear on the same slip plane. This peculiar feature
of the precipitate shearing explains all the mechanical tests results, and particularly the good
plastic properties of these alloys near peak strength.

- When &' precipitates are present concurrently to the T, precipitates, the plastic properties
are somewhat degraded: the material presents a lower strain hardening rate, related
ductility and a higher tendency to strain localisation.
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Appendix III: Estimation of the T, size distribution and
the T1 volume fraction from TEM measurements

In this PhD work, Transmission Electron Microscopy (TEM) has been used as a tool to quantitatively
measure the T, average size and validate measurements obtained with other techniques such as
Small Angle X-ray Scattering (SAXS). However, the TEM technique suffers from a number of
limitations that should be accounted for in order to correct the raw data. Indeed, a TEM image
corresponds to a 2D projection of a 3D structure and thus it may give a false impression of the actual
precipitate morphology. Furthermore, the sample thickness has a direct influence on the observed
projections and therefore biases the size distribution. As a consequence, we have established a
systematic correction procedure of the T; size distribution in the AA2198 alloy, in order to account
for the limitations inherent to TEM observations. The T; volume fraction can then be estimated from
the corrected size distribution.

The correction steps will be detailed for two different samples, a peak-aged sample (18h at 155°C)
and an over-aged sample (18h at 155°C + 70h at 190°C). The observations were performed in a High-
Angular Annular Dark Field Microscope (HAADF-STEM) and Energy-loss spectroscopy was used to
estimate the sample thickness.

The Atom Probe Tomography (APT) technique was also used as an alternative way to estimate the T,
volume fraction.
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1. Introduction

Many correction methods have been proposed in order to correct the size distribution of spherical
particles when observed in projection on a plane surface [1,2,3]. A complete review of these
different methods has been proposed by Underwood [4]. Most correction methods that apply to
spherical particles also apply to disc-like particles that are perpendicular to the TEM sample [5] and
this is the case of the T; plates when observed in the suitable zone axis. The existing correction
methods are all based on the same principles. The diameter of a particle as observed in projection on
a TEM image is the result of either a particle whose centre is located outside the TEM sample
(particle 2 and 3 in Figure 94) or from a particle whose centre is located inside the sample (particle 1
in Figure 94). When the centre of the particle is inside the sample, the projected diameter
corresponds to the ‘real’ diameter of the precipitate and when the centre is outside, the projection
differs from the real diameter of the precipitate. The principle of the correction method, presented
in this paper, is to identify the particles whose centres are located inside the sample in order to
obtain a ‘real’ diameter distribution. First, the sizes that are measured in projection are divided into a
number of classes of size A. The initial assumption is to consider that the larger particles have their
full diameter visible in projection. For classes of smaller particle sizes, the projection can also result
from a slicing effect coming from larger particles. In order for the correction to be accurate, Jensen
[5] highlighted that the number of size classes should ideally be more than seven, and at minimum
five.

We will first detail the correction method and then apply it to two HAADF-STEM images taken on two
different AA2198 samples heat treated respectively 18h at 155°C and 18h at 155°C + 70h at 190°C.
We will then show how to estimate the T, volume fraction from the corrected size distributions. The
influence of the number of size classes on the correction procedure will then be discussed. Finally
Atom Probe Tomography (APT) will be used as an alternative way to evaluate the T, volume fractions
on the two same samples.
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Figure 94: Three spherical particles have different diameters but exhibit a similar diameter in projection due to the
intersection effect with the TEM sample. This figure highlights the necessity of applying a correction method to the size
distribution obtained with TEM observations.

The important parameters that are used in this part are defined in the following nomenclature:

2. Correction method

k: Number of classes
A: Width of a size class (in nm)

t: TEM sample’s thickness

Imax: Largest size class

D;: Average diameter of the sizeclass i, D; =i * A

Pj": Probability of a particle of diameter D; to result in a projected diameter D;
Nmi: Number of precipitates in a the size class i as measured on the TEM image

Nci: Number of precipitates in a the size class i after correction

The measured size distribution can be divided into a number of size classes, k. The width of a class

can

where d,;, 4, is the largest measured length and d,,;,, is the smallest measured length.
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A

dmax - dmin

k

(42)



The initial assumption for the correction procedure is to consider that the largest class of precipitates
have their centre located inside the sample and cannot result from an intersection effect. As a
consequence, we can write:

fori = ipmgy N,™mex = N,,‘max (43)
Precipitates in smaller classes result either from a precipitate that is actually inside the sample or
from an intersection effect from a larger precipitate (see Figure 95a). As a consequence, the smaller

classes should be corrected from the intersection effect coming from larger size classes. The
corrected number of precipitates in the size class i can be estimated as follows:

fori < imax Nci = Nmi = XYjsi (ch * Pyj) (44)

As a result, the present method consists in taking away, from the size distribution, the precipitates
whose centres are located outside the TEM sample.

In order to simplify the calculations, equation (44) can be re-arranged easily into the following matrix
form:

1 Py .. N
1 Pl-j) o (45)
l 1 Nci
le C
Where N,,, = : and N, = are the vectors of the measured and corrected number of
Ny
1 Pi,
precipitates in each class and P = (0 1 Pl-j> is the probability matrix.
0 0 1

The corrected number of precipitates can thus be deduced such as:

N, =P 1 xN, (46)

We will now explain how to calculate the probability matrix. The probability factor can be defined
into two terms such that:

* Qi

(47)

The first term, T}, is the probability that the precipitate’s centre is located outside of the TEM sample.
Indeed, only a precipitate with the centre located inside a region of width D; +t can be seen in
projection. The probability that the centre is located outside the sample can be written as:

T; = b = = (48)
7D+t Aj+t




The second term in equation (49), Q;j, is the probability that a precipitate in the class j results in a
projected diameter in the class i when intersecting a surface (j>i):

0 = (hi-y — h)
Y D;/2 (49)

The h factors can easily be written as (see Figure 95b):

A
h'i = E jZ - iz
(50)
A
hi1 = —\/]'2 — (-1
2
As a result, the combination of equation (49) with equations (48) and (50) leads to:
A e R VRV ) (51)
YA+t j
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Figure 95: (a) precipitates belonging to the size classes i and j which result in precipitates of the same diameter when
projected and (b) zoom on a precipitate of in the j-class which gives a projection in the i-class.

3. Experimental results
3.1 Correction of the size distributions on two AA2198 samples

In order to evaluate the impact of the correction procedure on the size distribution of disc-like
particles, we carried out HAADF-STEM observations on two AA2198 samples with different ageing
conditions (peak-aged: 18h at 155°C and over-aged: 18h at 155°C+70h at 190°C) (see Figure 96). The
observations were carried out in the <110> zone axis where two T, variants can be seen edge-on.

Thickness maps were also produced for the same areas, using energy-loss spectroscopy. This
technique permits the measurement of t/A where t is the sample’s thickness and A is the mean free
path for inelastic scattering [6]. A can be expressed such that [6]:
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106F(E°/Em)

A= £ (52)
In 26"/ )

where E, = 200 keV corresponds to the incident energy, E,, is the mean energy loss (E,, =
19.14 eV for Al-alloys), S is the collection semi-angle and F is a relativistic factor (F = 0.618 at
200keV). For large B values, the mean free path saturates and in this case, a reasonable
approximation is obtained by using f = 15 mrad instead [6]. In these conditions, the mean free path
is found to be equal to 119nm. The sample thickness is found to be around 30nm for both samples.
This value is considerably small as compared to the larger precipitates, which can go up to 100nm.
However, this value compares to that of the dominant precipitate class. The size histograms, as
measured on the TEM images for both samples, are represented in Figure 98. We chose to use 10
size classes. We will justify this choice in part 3.2.

The thickness of the precipitates is also measured. In the case of the sample heat treated for 18h at
155°C, all the T, precipitates observed consisted of one unit cell only (single-layer precipitates).
However, a distribution in the precipitates’ thicknesses was observed in the over-aged sample
(single-layer to four-layer precipitates). We define the R; vector which gives the ratio of precipitates

Nllayer/ )
N,,'

Ri = | : | (53)

N. 4layers )
\ )

Where Nyjqyers is the number of precipitates having x layers. This ratio vector will be used in the

having one to four layers in a given class i:

next section to estimate the T, volume fraction.

The size distributions were corrected following the method described in part 2 and plotted in Figure
99. We can notice that the correction procedure only affects moderately the size distributions.
Before and after the correction step, the average T, diameter goes from 39.2nm to 41.6nm for the
sample heat treated 18h at 155°C and from 42.2nm to 45nm for the sample heat treated 18h at
155°C+70h at 190°C.



Figure 96: HAADF-STEM images taken along the <110> zone axis on (a) a sample heat treated for 18h at 155°C and (b) a
sample heat treated for 18h at 155°C and then for 70h at 190°C.

Figure 97: High resolution images performed in HAADF-STEM along the <110> zone axis on (a) a sample heat treated for
18h at 155°C and (b) a sample heat treated for 18h at 155°C and then for 70h at 190°C.
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Figure 98: Measured T, diameter histograms. (a) sample heat treated for 18h at 155°C and (b) sample heat treated for
18h at 155°C and then for 70h at 190°C.
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Figure 99: Corrected T, diameter distributions. (a) sample heat treated for 18h at 155°C and (b) sample heat treated for
18h at 155°C and then for 70h at 190°C.

3.2 Estimation of the T, volume fraction

The size distribution, in Figure 99, corresponds to the precipitates with their centres included inside
the TEM sample. The volume fraction f;, of the T, precipitates can be defined as follow:

V tot
£, =—2 (54)

Vsample

Where VTltOt is the total volume of precipitates included inside the TEM sample and Vs ppie is the
volume of the observed area of the TEM sample, which can be written as Vgmpie = X * y * t where x
and y are the dimensions of the TEM image. Three different configurations of precipitates have to be
considered (precipitates 1, 2 and 3 in Figure 100). In the first configuration (1), the volume of the
precipitate is entirely included inside the TEM sample. In configuration (2) and (3), the precipitates
are sliced by the TEM sample edges and some of the precipitates are thus lying outside the TEM
sample. However, in those two configurations, the volume of the precipitates that is outside the TEM
sample is compensated by similar precipitates whose centre is located outside the TEM sample
(precipitates 2’, 3" and 3”). In terms of volume, we thus consider that V7, can be calculated as the

whole volume of the precipitates after the distribution has been corrected.
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Figure 100: Schematic view of the different precipitate configurations.

The volume of a T, precipitate can be defined as follow

wd?

VT1 = e (55)
Where d is the diameter and T the thickness of the T, precipitate considered. The thickness of a one-
layer precipitate can be approximated to the spacing of 5 {111} matrix planes, which corresponds to
1.15nm [7,8]. However, an additional layer of precipitate only adds an additional 4 {111} layers to the
precipitates’ thickness. As a result the thicknesses of one-layer to four-layer T, precipitates are
respectively 1.15nm, 2.07nm, 2.99nm and 3.91nm. Considering this, we can now calculate an
average T, thickness per class by using the ratio vector R; (equation (53)). The average T, thickness

for the class i, Ta,,gi, can be defined such as:
Tm,gi = 1.15*R;(1) + 2.07 * R;(2) + 299 * R;(3) + 3.91 * R;(4) (56)
We can now estimate the volume of the precipitates inside the TEM sample such as:

2
T[di

VT1 fot = 4 Tavg

! (57)

L
The volume fraction that we found, for the two samples presented previously, are respectively 2.6%
and 3.6% for the 18h at 155°C and 18h at 155°C+70h at 190°C samples. This evolution of volume
fraction was found to be in perfect agreement with the evolution found using the DSC evaluation
method in a previous work [9]. In part 3.4, we will present APT results that confirm this evolution.
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3.3 Influence of the number of classes on the corrected size distribution

If the correction method is sufficiently robust, the influence of the number of classes on the
corrected size distribution should only be minor. We will estimate the impact of changing the
number of classes by calculating the T, average diameter and volume fraction evolutions as a
function of the number of classes. The number of classes was varied from 5, which is the minimum
number recommended in the literature to a maximum of 13. The T, size distributions for 5 and 13
classes are represented for both samples before and after correction in Figure 101 and Figure 102.

The evolutions of the average T, diameter and volume fraction are plotted as a function of the
number of classes for the 18h at 155°C and for the 18h at 155°C +70h at 190°C samples in Figure 103.
We can see that the diameter and volume fraction stabilizes from 9 size classes. In contrast to what is
usually recommended in the literature, we advise to use no less than 9 classes in order for the
correction procedure to be accurate. Indeed, a large number of classes is not always favored. For
instance, for the 18h at 155°C sample, we can notice that for 13 size classes, the size distribution is
uneven and this can affect the correction procedure. We can see that both the average T, diameter
and volume fraction also start to diverge for 13 size classes. These results justify our previous choice
of 10 size classes. The maximum number of size classes should be different in each case depending

on the measurement statistics.
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Figure 101: T, size distributions measured in HAADF-STEM on a AA2198 sample heat treated 18h at 155°C. (a) 5 size
classes before correction and (b) after correction. (c) 13 size classes before correction and (d) after correction.
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Figure 102: T, size distributions measured in HAADF-STEM on a AA2198 sample heat treated 18h at 155°C + 70h at 190°C.
(a) 5 size classes before correction and (b) after correction. (c) 13 size classes before correction and (d) after correction.
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Figure 103: Evolution of the T, average diameter and volume fraction as a function of the number of classes for (a) the
AA2198 sample heat treated for 18h at 155°C and (b) the AA2198 sample heat treated for 18h at 155°C and 70h at 190°C.

3.4 Alternative method to estimate the T, volume fraction: APT measurements

APT can be used as an alternative method to quantitatively estimate the T; volume fraction. This
technique permits the evaluation of the concentrations of solute elements and the volume fraction
of precipitates can then be deduced by making hypotheses on the precipitates’ stoichiometry. The
two volumes that were measured are represented in Figure 104. Those two volumes can be
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considered to be only solid solution as they do not highlight local concentration of atoms, which
would be a sign of the presence of precipitates. The atomic concentrations found in both samples are
displayed in Table 14. The detection of Li suffers from a number of uncertainties inherent to the
technique so we will not consider it in our discussion. However, we can deduce a number of things by
only looking at the Cu and Mg concentration. The global atomic concentrations in Cu and Mg in an
AA2198 alloy were estimated to be respectively 1.35at% and 0.295at%, in a recent APT work [10]. If
we now consider that all the Mg goes into the S’-phase of stoichiometry Al,CuMg, the remaining
available Cu is respectively 0.935at% and 1.113at% in the 18h at 155°C and the 18h at 155°C + 70h at
190°C samples. The remaining Cu goes mostly into the formation of the Ti-phase which is pre-
dominant but could also go in a lesser extent into Al-cu phases such as 8’ or Q of stoichiometry Al,Cu.
If we first consider that all the Cu goes into the formation of T, the resulting T; volume fractions
would respectively be 3.74% and 4.45%. Those values are higher than the ones found previously in
part 3.2. However, a more realistic view is to account for the minor presence of 6’-like phases. If we
assume that the results found with the HAADF-STEM observations are correct then it would mean

that the volume fraction of 6’-like phases would be respectively 0.84% and 0.63% in respectively the
18h at 155°C and the 18h at 155°C+70h at 190°C samples.

Figure 104: Atomic volumes of AA2198 samples, coming from APT measurements, highlighting the following atoms: Li
(green), Cu (red) and Mg (pink). (a) 1,500,000 atoms of a sample heat treated 18h at 155°C and (b) 600,000 atoms of a
sample heat treated 18h at 155°C and 70h at 190°C.

Table 14: Concentration in at% of the different elements comprised in the volume shown in Figure 104.

Element Al Li Mg Cu Ag

Concentration (at%) 18hat155°C 96247 3.153  0.209 0334  0.057
H 0,

Concentration (@%) 95131 3537 0.181 0123  0.028

18hat155°C+70hat190°C
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4. Conclusions
-We presented a successful correction method of the size distribution of disc-like precipitates as
measured from TEM images. This method accounts for the sample’s thickness.
-No less than nine size classes should be used for the correction method to be accurate.

-The combined use of TEM, APT and DSC permits the accurate estimation of the T, volume fraction in
the AA2198 alloy.
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Mécanismes de durcissement structural par des précipités
anisotropes dans un alliage Al-Li-Cu de troisieme génération

Résumé

L'alliage AA2198 est un alliage a durcissement structural qui est principalement utilisé pour des
applications aéronautiques. La phase anisotrope T; - Al,LiCu est la principale phase durcissante dans
ce systeme. L'objectif de cette étude est de comprendre les mécanismes de durcissement, en
termes d’interaction dislocations/précipités, associés a la phase T, qui précipite sous forme de
plaguettes. La premiére étape consiste au développement d’une méthode de caractérisation
adaptée a la phase T, (caractérisation du diameétre, de I'épaisseur et de la fraction volumique des
plaquettes). Le traitement thermomécanique est ajusté afin de varier les parameétres de la phase T,
de maniere indépendante et la limite d’élasticité est systématiquement mesuré ce qui permet de
mieux comprendre le lien entre la microstructure de T; et la limite d’élasticité. La base de données
expérimentale qui est générée permet de tester et d’améliorer les modeles de limite d’élasticité
existants. Une approche énergétique du mécanisme de cisaillement permet de modéliser de maniére
précise la limite d’élasticité pour un grand nombre de microstructures. Le mécanisme de cisaillement
permet d’expliquer la décroissance en limite d’élasticité aprés le pic de durcissement. L'observation
des phénomeénes de plasticité associés a la phase T;, par I'étude des bandes cisaillements et du
comportement en écrouissage, est la derniére étape de ce travail. L'ensemble des résultats permet
d’identifier une transition cisaillement/contournement qui intervient longtemps aprés le pic de
durcissement.

Strengthening mechanisms associated to anisotropic precipitates in
an Al-Li-Cu alloy of third generation

Abstract

The age-hardening AA2198 alloy is mainly used in aeronautic applications. The anisotropic T; - Al,LiCu
phase gives the main contribution to strengthening in this system. The main objective of this study is
to understand the strengthening mechanisms in terms of interactions between the dislocations and
the T, plate-like precipitates. The first step consists in the development of a characterization
procedure adapted to the T, phase (characterization of the diameter, thickness and volume fraction
of the T, plates). The thermo-mechanical treatment is adapted in order to vary the T, parameters
independently and the vyield strength evolution is systematically measured and that permits the
investigation of the relationship between the T; microstructure and the yield strength variations. The
experimental data base that is generated allows testing and improving the existing yield strength
models. An energetic approach of the shearing mechanisms is used to model precisely the yield
strength evolution for a high number of microstructures. The decrease in yield strength after the
peak is solely explained by invoking the shearing mechanism. The investigation of the plasticity
phenomenon associated to the T1 phase, with the study of the shear bands and of the work
hardening behavior, is the last step of this work. A shearing-to-by-passing transition is found to occur
for long-over ageing times.



