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Abstract

Mechanical properties of bulk polyamide 6 (PA6) have been studied in relation to microscopic deformation mechanisms. By applying various thermal treatments, sets of samples with different semi-crystalline microstructures, namely various crystalline allotropic forms (denoted α, γ and β) and different values of the crystallinity index (from 24 to 35%) and of the long period of the lamellar stacks (from 7 to 12 nm), have been obtained, for two different molecular masses. Mechanical properties have been measured in the linear (viscoelastic) and nonlinear (plastic) regimes below and above the glass transition of the amorphous phase (T g ). Differences of behavior have been observed depending on the microstructure. While the crystallinity index seems to be the predominant factor affecting the mechanical behavior above T g , other structural parameters such as the crystalline form and the lamellar morphology (thickness and aspect ratio) have to be taken into account below T g . Deformations at the scales of lamellar stacks and of the crystalline unit cell have been characterized by small and wide angle X-ray scattering (SAXS and WAXS) performed in-situ during tensile tests. In samples with predominantly  phase, lamellae tend to orient perpendicular to the tensile direction (TD). This orientation mechanism (which we denote as 'Chain Network model') is driven by the amorphous chains which transmit the stress between adjacent lamellae. The tensile strain in lamellar stacks perpendicular to TD is lower than the macroscopic tensile strain, which must be compensated by increased shear in inclined stacks. Also, at high extension ratios, the  phase transforms into  phase. In samples with predominantly  phase and above T g , morphology changes are more complex. In a first step, chains orient perpendicular to TD, which implies that lamellar planes tend to orient parallel to TD, possibly due to their high aspect ratio (denoted as 'Rigid Lamella' model). In a second step, beyond the yield, a major fraction of crystallites then reorients normal to TD, i.e. chains themselves become parallel to TD, while a minor fraction remains oriented along TD. A highly oriented fibrillar morphology is ultimately obtained in all cases. KEYWORDS: polyamide 6, WAXS, SAXS, in-situ tensile test, elastic domain, plastic domain, phase transformation

Résumé

Notre étude a porté sur la compréhension microscopique des mécanismes de déformation du polyamide 6 (PA6) à l'état massif. Par des traitements thermiques appropriés, on a obtenu un jeu d'échantillons présentant des microstructures semi-cristallines variées, avec différentes formes cristallographiques (allotropes : α, γ ou β), différents taux de cristallinité (de 24 à 35%), différentes périodes de l'empilement des lamelles cristallines (de 7 à 12nm), ceci pour deux masses moléculaires différentes. Les propriétés mécaniques en traction ont été caractérisées au-dessus et au-dessous de la transition vitreuse de la phase amorphe (T g ). Les différents matériaux présentent des différences notables de comportements. Le taux de cristallinité semble être le facteur prédominant au-dessus de T g , mais d'autres facteurs sont à prendre en compte en dessous de T g , comme la forme cristalline et la morphologie lamellaire (épaisseur et facteur de forme). Grâce à un dispositif expérimental fabriqué sur mesure, des essais de traction ont été suivis par diffusion des rayons X aux petits (SAXS) et grands angles (WAXS) sur la ligne D2AM, ESRF, pour caractériser les déformations à l'échelle des empilements lamellaires et à l'échelle de la maille cristalline. Dans les échantillons présentant principalement de la phase cristalline , les lamelles tendent à s'orienter perpendiculairement à la direction de traction (TD). Ce mécanisme d'orientation local (que nous appelons « modèle de réseau de chaînes ») est induit par la transmission des contraintes par les chaînes amorphes reliant les lamelles cristallines adjacentes. L'allongement local est plus faible que l'allongement macroscopique dans les lamelles perpendiculaire à TD, ce qui implique que les lamelles inclinées doivent être cisaillées. De plus, la phase  se transforme en phase  aux fortes extensions. Dans les échantillons présentant principalement de la phase la plus rigide), au-dessus de T g , dans le régime élastique, les chaînes tendent d'abord à s'orienter perpendiculairement à TD, ce qui implique que les lamelles s'orientent parallèlement à TD (« modèle de lamelles rigides »). Ensuite, dans le régime plastique, une majeure partie des lamelles se réoriente perpendiculairement à TD, comme dans le « modèle de réseau de chaînes », tandis qu'une fraction mineure reste orientée parallèlement à TD. Une morphologie fibrillaire fortement orientée est finalement obtenue pour tous les échantillons quelle que soit la température. MOTS-CLES : polyamide 6, WAXS, SAXS, traction in-situ, domaine élastique, domaine plastique, transformation de phases On en arrive maintenant à la dernière page que l'on rédige lors d'une thèse et qui, bizarrement, est la première que les gens lisent… Pourtant, il s'en passe des choses en 3 ans, la thèse est loin d'être un long fleuve tranquille et, quand plus rien ne fonctionne, il est bon de se rappeler que la patience est une vertu… mais ça y est, j'ai enfin atteint la lumière au bout du tunnel !! Commençons d'abord par récapituler un peu : ma thèse est issue d'une collaboration entre deux laboratoires, celui de MATEIS et du LPMA. Je tiens donc à remercier les directeurs de ces laboratoires pour m'avoir accueillie au sein de leurs unités : Joël Courbon et Jérôme Chevalier, directeurs successifs de MATEIS et Ludovic Odoni et Jean-Yves Delannoy, directeurs successifs du LPMA.
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Introduction

Polyamides are semi-crystalline thermoplastic polymers largely used in industries as in the automotive field or home appliances and in applications such as gears due to their high mechanical and thermal resistance properties. These mechanical properties are related to the fact that polyamides are polar polymers with a "dense" network of intermolecular hydrogen bonds, in contrast to commodity plastics such as polyethylene and polypropylene. In the aim of improving the thermo-mechanical performances for structural applications at high temperature, it is of prime importance to understand the mechanisms of deformation and how they rule the macroscopic behavior in relation to the semi-crystalline microstructure. Polyolefins have been widely studied in this aim, which is not the case of polyamides. The aim of this thesis is to understand the mechanisms of deformation of polyamide 6 (PA6). This work focuses on the following issues:

-Bulk material, as few studies has been done in contrast to the case of fibers or thin films.

-A multi-scale investigation of the mechanisms of deformation. Macroscopic tensile tests as well as in-situ tensile tests investigated by X-ray scattering have been performed. -The influence of the state of the amorphous (i.e. glassy or rubbery), in contrast to usual works where mechanical properties are studied at room temperature without taking into account the mechanical relaxations of the amorphous phase. Indeed, in PA6, the amorphous phase represents nearly 70% of the polymer meaning that its mechanical behavior plays a major role. In this work, tensile tests were carried out below and above the glass transition (T g ). -The microstructure. In a semi-crystalline polymer, a large amount of parameters like the crystallinity index, the crystalline phase, the long period, the molecular mass, etc. can impact the mechanical behavior. The microstructure was modified thanks to thermal treatments.

Thus, the strategy of this thesis can be summed up as depicted in Figure 1. We aim to study the mechanical properties of PA6, a semi-crystalline polymer, and more precisely its mechanisms of deformation. These mechanical properties are influenced by the mechanical coupling between the amorphous and crystalline phases: working at temperatures below or above to the glass transition allows a better understanding of the mechanisms. In addition as this coupling relies upon both the amorphous and the crystalline phase, we have chosen to affect it by working on the microstructure of the crystalline phase thanks to thermal properties. In this way, it allows us to link the microstructure to the mechanical properties and their consequence of the mechanisms of deformation below and above T g .

Figure 1: Global strategy

The first chapter deals with a state of art on PA6. It is divided into two mains parts. The first one deals with the structure of PA6, meaning the structure of both amorphous and crystalline phases. Indeed, PA6 is a polymorph polymer exhibiting several crystalline structures. The second part introduces the mechanisms of deformation usually encountered in semi-crystalline polymers. This review allowed us to define a strategy in order to achieve our objective on the understanding of deformation mechanisms in PA6.

In the second chapter, an overall description of the techniques used for the physico-chemical and microstructural analyses as well as the mechanical investigations is reported.

The third chapter is in the heart of the cogitation concerning the choice of materials. Thermal treatments and their influence on microstructure are presented as well as our own studies on PA6. Thus, according to the thermal treatments, the crystalline phase, the crystallinity index, the long period or the crystalline perfection can be modified. A panel of samples presenting various microstructures is selected.

The fourth, fifth and sixth chapters deal with mechanical properties at various scales and at two temperatures (one below and another one above T g ). Macroscopic scale is approached in chapter IV and mainly concerns the Young modulus and the yield during tensile tests. The effects of microstructure on the mechanical behavior are also discussed but for explaining the difference of behaviors, the fifth and sixth chapters are of main importance, they deal at a microscopic scale. The study of tensile tests investigated by x-ray scattering is divided into two parts: the elastic and plastic strain domains, studied in chapter V and chapter VI respectively. Deformation at the scale of lamella stacks have allowed to characterize the elastic strain domain while the study on crystalline phases transformation and texturing phenomena has informed us on the plastic strain domain. Finally, the general conclusion and perspectives finish the present work.

I. Polyamide 6: structure of a semi-crystalline polymer

W. H. Carothers from Dupont was the inventor of polyamide synthesis in 1929. Polyamide 6-6 (PA6-6) was first made in 1936 with adipic acid and hexamethylene. P. Schlack directly polymerized εcaprolactam from aminocaproic acid and water and the patent for polyamide 6 (PA6) was recorded in 1938. Polyamides are usually called nylons because of the commercial name given by the Dupont Company to the former polyamides. Industrial developments of PA6 and PA6-6 were accelerated during World War II because these materials were good replacements to the lack of silk that was essential for military applications like parachute [1].

I.1. General points and synthesis

Polyamides were the first synthetic semi-crystalline polymers having high mechanical and thermal performances. In the 1940s, polyamides were widely used in applications such as gears, bearings and the shaping of coils. Since then, many other areas have taken interest in such polymers : automotive industry (parts covers such as air intake manifolds, water pumps, water tanks, radiator and external parts such as wheel covers), home appliances (boxes contactors, isolators, coil bobbins, switches, connectors, clamps, collars), mechanical (cages bearings, bushings), and sports and leisure (cradles of bicycle saddles, ski components, climbing ropes ...).

Poly-ε-caprolactam, also called PA6, is a commercial homopolyamide and belongs to the category of semi-crystalline aliphatic polyamides. Its synthesis is really specific because contrary to most of the other polyamides, it is not a polycondensation but a polymerization by cycle opening. Pure εcaprolactam is used as monomer in this synthesis. It is a lactam with 6 carbon atoms in its cycle. Indeed, the reason why poly-ε-caprolactam is called PA6, it is because the unit repeat in the polymer is composed of 6 carbon atoms.

The polymerization of PA6 takes place by heating a mix of ε-caprolactam and water at about 270°C. This temperature is hold until equilibrium conditions are reached.

There are three main reactions: -The cycle opening, when lactam is hydrolyzed into amino acid, as shown in Figure I.1.

-The addition, when a lactam molecule is directly grafted at the end of the growing chain -The condensation, when the carboxyl and amine groups of the chain end react in order to eliminate water molecules. Because of its chemical structure composed of polar groups, polyamides are really sensitive to water. However, this water absorption is reversible. The amount of absorbed water depends on relative humidity, environment temperature, exposition time as well as polyamide type and crystallinity [2].

I.2. Crystalline phase

Polymers having a regular chain architecture are able to crystallize. However, the mechanism of crystallization by chain-folding from the quiescent melt makes the crystallization process partial. Indeed, an amorphous phase is generated between adjacent crystals that have the form of lamellae. The extend of crystallization and the crystal structural habits depend both on intrinsic and extrinsic factors. Intrinsic factors such as the chain stiffness, the stable chain conformation, the presence of statistical chain defects, ... can reduce the crystallization ability. In the case of polyamides, the presence of intermolecular H-bonds is one of the reasons of the limited crystallinity as compared to polyolefins, in spite of a perfect chain regularity. Extrinsic factors that may affect the crystallinity are the crystallization conditions: the cooling rate for an-isothermal crystallization, the temperature for isothermal conditions, the thermo-mechanical history for crystallization in processing... (detailed in chapter III) [3] [4].

Polyamide 6 exhibits several crystal forms depending on the crystallization conditions. These different crystalline structures are described in this part. The characteristics of the amorphous phase will be described in section I. 3.

The primary structure of aliphatic polyamides consists of two amid groups separated by methylene sequences. The amid group is essentially planar due to the C=O double bond. The capacity of NH groups to form strong hydrogen-bonds (H-bonds) with CO groups is at the origin of polyamide high melting point in comparison with polyolefins, and to the sheet-like structure similar to that of keratin. Chains in the crystalline phase are indeed oriented in a way to maximize intermolecular H-bonds [2] so as to form planar sheets which contain the H-bonds.

I.2.1. Description of the different crystalline forms

Polyamides can crystallize into various crystal forms depending on their molecular architecture. Moreover, every polyamide may display polymorphic forms denoted α, β, γ, δ. Two specific notions need to be defined for polyamides.

The first one is the parity, i.e. the number of carbons atoms in the chain. PA6 contains 6 carbon atoms meaning an even polyamide. For PA6-6, its chemical structure consists of two segments of 6 carbon atoms: it is an even-even polyamide. Other categories of parity for polyamides: -Odd polyamide like PA11 (contains 11 carbon atoms) -Odd-odd polyamide like PA9-11 -Even-odd polyamide like PA6-9 -Odd-even polyamide like PA5-6

The second notion concerns the direction of the chains in the crystal lattice. According to the crystalline phase, chains do not fold the same way: they can fold either in parallel or in anti-parallel way, as depicted in Figure I.2. The chain conformation is planar zigzag in the α form and chaintwisted in the γ form. With these notions, a classification of the different crystalline structures observed in PA is proposed in Table I.1. In the case of PA6, there is another crystalline form which is however mesomorphic and metastable: the β phase. -In the case of γ phase, intermolecular H-bonds between parallel chains are no longer collinear with the zigzag conformation of the methylene segments. The chains are twisted about the amid group. This twist gives a contraction of the repeat unit along chains axis. The energetic cost spent to twist the amid groups is compensated by the gain of stability of the H-bonds [5] [6].

To sum up, the main difference between α and γ occurs in the conformation of amid groups which are either coplanar to the carbon chain for α phase or rotated by 67° for γ phase [7]. As a consequence, there is shrinkage of the unit cell parameter along the chain axis. The assignment of the α and γ crystal forms to the planar zig-zag and the chain twisted chain conformation is a general rule for polyamides. The symmetry of the α crystal form is monoclinic for even polyamides like PA6. Concerning the γ crystal, it is usually monoclinic but it can be sometimes labeled as pseudo-hexagonal. In PA6, the α form has four chains by lattice whereas they are only two for γ form, as shown in Figure I. 4. The α phase is the thermodynamically stable form whereas γ is favored by kinetics. These two phases can be easily generated:

-regarding the α form, by slow cooling from the melt or by crystallization from a solvent -regarding the γ form, by fast cooling from the melt. The α/γ ratio can be estimated with various techniques, such as differential scanning calorimetry (see chapter II).

The α phase can be converted into γ phase thanks to an iodine treatment [8]. The γ phase can be transformed into α phase thanks to a phenol treatment [9] or by stretching [10].

Concerning the β phase, several authors have tried to describe it but no consensus was established. In 1955, Ziabicki [11] proposed a hexagonal or pseudo-hexagonal structure with random distribution of the H-bonds around the chains axis. This metastable phase can transform into α upon annealing. For Auriemma et al. [12], the β phase is composed of small mesomorphic chain aggregates where axes are arranged on a hexagonal lattice. H-bonds form along [100], [010] and [11 ̅ 0] directions, forcing chains to adjust their conformation in a way that nearly 100% of H-bonds are formed.

Characteristics of the different crystalline structures are summarized in Table I.2. 239 J/g [17] Concerning the amorphous phase, its density is estimated at 1.09 ± 0.01 g/cm 3 , at 23°C [18].

I.2.2. Organization of crystals, from lamellae to spherulites

There are four major different morphologies [19] in which n-polyamides (with n > 2) use to crystallize depending on the crystallization mode:

-from dilute solutions [20]: single crystals, -from the quiescent homogeneous melt: stacks of lamellar crystals, -from melt spinning: fibers display a cylindrical chain-extended texture that has been largely exploited in the domain of textile industry since the discovery of polyamides, -from the molten state in confined geometries such as thin films [21] or in the presence of nucleating agents or fillers: transcrystallinity is a typical texture arising from the heterogeneous nucleation on a foreign surface [22].

The case on which we focus in this study is the second one. Indeed, single crystals are useful for purely academic studies but do not exhibit worthy mechanical properties. In contrast, textured materials display local or global anisotropic effects that make difficult the analysis of macroscopic mechanical properties. Thus, quiescent crystallization provides isotropic bulk samples in order to study the relationship between mechanical properties and structure at various scale levels, as presented in the general introduction.

When crystallization occurs from the molten state, n-polyamides prefer to develop spherulitic structures. These structures are constituted of large crystalline lamellae, growing from a unique nucleus for each spherulite (Figure I.6). However, secondary growth of additional lamellae is frequently observed: it took place in spaces between the primary lamellae. The periodicity of lamellae stacking is around 10 nm but the length can reach a few micrometers (equivalent to the spherulite radius). When spherulites growth from the molten state, in particular out of equilibrium conditions during the cooling, they can lack perfection and also grow on each other, giving a fragmented and segmented appearance. In polyamides, different kinds of spherulites are observed [24] [25] [26] [27] [28]. Indeed, the characterization of spherulites is based on the nature of their birefringence which is detected by means of optical microscopy under crossed polarizers (see chapter II §II.1). Birefringence is the physical property of a material in which light propagates in an isotropic way. In a birefringent environment, the refractive index is not unique but depends on the directions of propagation and polarization of the light ray. As the birefringence is the difference between refractive indices measured in two different directions, it can be positive or negative. In practice, for the observation of spherulites under polarized light in microscopy, there will be roughly equal light and dark sectors yielding the familiar « Maltese cross » appearance, as shown in In the case of polyamide 6, only positive spherulites are observed [29] [30] due to the crystallization process that promotes the H-bond arrangement along the growth axis of the crystallites [31]. Furthermore, it was established that the spherulites of PA6 consist of untwisted and narrow ribbonlike lamellae. The lamellae stacks do not exceed three to four parallel lamellae, in contrast to high crystallinity polyolefins [32]. This structural feature involves the presence of a significant content of amorphous phase out of the lamellae stacks. This is at the origin of inter-and extra-lamellar amorphous phase with suspected different properties [33].

I.3. Amorphous phase

In contrast to the crystalline phase, the amorphous phase is a disordered structure. It is yet well known that most of the H-bonds are formed [34]. Molecular mobility in the amorphous phase may strongly influences the material properties. Indeed, as the crystallinity index of PA6 is low (maximum 40%), the amorphous phase should have a significant contribution.

I.3.1. Mechanical relaxations: mobility of amorphous phase

The origin of mechanical relaxations is the mobility of chains at the molecular scale in the amorphous phase. These relaxations can be detected by mechanical spectroscopy (DMA see chap II §III. The γ relaxation is located around [-140°C / -100°C] at 1 Hz. In the presence of water, the relaxation intensity decreases and moves to higher temperature. The existence of γ is probably related to the relaxation motions associated with the amide group itself (mechanism known as "crank") and may involve the twist or kink of the amide groups, which could explain the effects of humidity on relaxation, but not only [19] [36]. In addition to the motion of polar groups, the motions of methylene units could also be involved [37].

The β relaxation is usually between [-50 °C / -10°C] at 1Hz. The peak intensity is rather low but increases in the presence of humidity or residual monomers. Its position does not change but its amplitude does [19]. The β relaxation involves motions of chain segments including amide groups which are not hydrogen bonded to neighboring chains as well as the motions of a water-polymercomplex [9] [19] [37] [36].

The α relaxation is usually associated to the glass transition of the amorphous phase. The relaxation moves to lower temperature when the quantity of residual monomers as well as the water content increases [38]. It is assumed to involve motions of long chain segments comparable in length to the one between entanglements [19] [37].

In addition to these relaxations, cryogenic relaxations have also been investigated by Papir et al. [37]. These relaxations are the followings: δ at -220°C, ε at-268.8°C and ζ at -253°C. Their presence reveals that local chain mobility still exists below the γ relaxation. However, the origin of these cryogenic relaxations has not been determined.

Regarding the crystalline phase, a specific relaxation called α c has been observed by dielectric spectroscopy close to the melting point [35]. By analogy with polyolefins it has been speculatively attributed to the chain mobility in crystalline phase thanks to the diffusion of defects [9] [39].

I.3.2. Heterogeneity of the amorphous phase

As said previously, polyamide 6 is a semi-crystalline polymer and its morphology could be considered as a 2-phase system of crystalline and amorphous phases. However, several authors have proposed the existence of a third intermediate phase located at the interface between crystalline and amorphous phases [19] [40] [41] [42] [43]. This phase is known as the Rigid Amorphous Fraction (RAF) due to its reduced mobility in comparison to the usual Mobile Amorphous Fraction (MAF). The chains The thickness of the crystalline phase is referred as L c and the thickness of the amorphous phase as L a . The long period L p is defined as the thickness of both a crystalline lamella and the amorphous phase contained between two successive crystalline lamellae. Under stress, tie molecules can only be destroyed by breaking, in contrast to entangled chains that can slide on each other and disentangle, owing to the chain relaxation in the crystalline lamellae to which the tie chains are anchored on. Nonetheless, disentanglement needs more or less time depending on temperature and stress level [46]. All these elements (loops, tie molecules, entanglements…) allow mechanical coupling between amorphous and crystalline phases because they transmit the stresses between the two phases. Thus, they are named stress transmitters. The numbers of entangled molecules depends to the molecular mass of the polymer. Below a critical molecular mass M c , no entanglement can form [19] [44] [47] [48]. This restriction also applies to the tie molecules since the longer is the chain the greater is its probability to span the amorphous layer and the two adjacent crystalline lamellae. From a theoretical standpoint, it was computed the following value [START_REF] Flory | Configurational statistics of polyamide chains[END_REF] :

𝑀 𝑐 𝑡ℎ = 5180 𝑔/𝑚𝑜𝑙 whereas the following value was reported from experiments [START_REF] Aharoni | On entanglements of flexible and rodlike polymers[END_REF] :

𝑀 𝑐 𝑒𝑥𝑝 = 4380 𝑔/𝑚𝑜𝑙

II. Mechanical behavior

At macroscopic scale, the characteristic mechanical behavior of a semi-crystalline, including PA6, can be described by the stress-strain curve of Figure I.11 in the case uniaxial tensile loading [START_REF] Halary | Mécanique des matériaux polymères[END_REF] [52] [START_REF] Schlutz | Microstructural aspects of failure in semicrystalline polymers[END_REF]. This stress-strain curve can be divided into four domains:

-The first one is the elastic as well as viscoelastic strain domain. The Young's modulus E can be determined by the slope of the stress/strain curve in the initial elastic domain. -The yield stress σ y corresponds to the border between the elastic and plastic strain domains.

It is the threshold of the plastic behavior. At this stage, macroscopic necking usually starts in the sample. Plastic deformation is irreversible contrary to the elastic behavior. -The stress plateau corresponds to the spreading of the neck over the whole sample length.

This stage corresponds to the chain-unfolding process. After complete propagation of the neck, a hardening stage appears before failure. -The strain-hardening corresponds to the orientation of macromolecules along the tensile direction giving rise to the so-called fibrillar structure. Depending on the ductility of fragility of the material, in relation to its molecular weight, this domain can exist or not. The breaking stress σ R corresponds to the stress at which the polymer breaks. It is easier to determine global properties as Young's modulus or yield stress for a material, than to link macroscopic behavior to its microstructural parameters. Indeed, during a tensile test, local strains and stresses on the microstructure are complex, as it will develop below. As said earlier, in a semi-crystalline, the matter organizes at different scale levels: staking of crystalline lamellae at microscopic scale, spherulitic arrangement of the lamellae at mesoscopic scale, polymer sample at the macroscopic scale. The following parts focus on the deformation mechanisms at different scales occurring in the different domains of the stress-strain curve (i.e. elastic, plastic and breaking), as well as the connection between mechanical properties and microstructure.

II.1. Elastic behavior

These different mechanisms are presented below from smaller to larger scale, as well as correlation between mechanical properties and microstructure. The interlamellar separation is due to a tension component normal to the lamella surface. It increases the distance between two crystalline lamellae. It is effective for stacks whose normal is parallel to the tensile direction. These mechanisms have been studied for polyethylene [START_REF] Humbert | Small strain behavior of polyethylene: In situ SAXS measurements[END_REF] and polyamide 66 [START_REF] Mourglia-Seignobos | Physical mechanisms of fatigue in neat polyamide 6,6[END_REF]. Reciprocally, lamellae oriented parallel to the tensile stress display transverse contraction owing to the Poisson's effect.

II.1.1. Mechanisms at the crystalline lamella scale

The interlamellar shear corresponds to the slip of the crystalline lamellae parallel to each other, with the interlamellar amorphous phase undergoing a simple shear deformation. This solicitation is essentially effective for lamellae inclined with respect to the tensile direction. This mechanism should be relatively easy above T g when the amorphous phase is expected to behave like a rubber and deform at a relatively low stress level [START_REF] Bowden | Review : Deformation mechanisms in crystalline polymers[END_REF].

Interlamellar shear is generally concomitant with lamellar stack rotation in the diagonal regions of the spherulites.

Considering the usual spherulitic structure of semi-crystalline polymers various regions should be distinguished concerning lamellae orientation with regard to the applied stress under uniaxial tensile testing, as depicted in Due to the complex morphology of the spherulites, it is difficult to analyze their global deformation and the resulting complex state of stress in the various regions [START_REF] Galeski | Changes in the morphology of bulk spherulitic nylon 6 due to plastic deformation[END_REF]. Under tensile loading, equatorial lamellae stacks are submitted to tensile stress either normal to the lamella surface meaning a separation of the stacks or parallel to the lamella surface meaning an elastic stretching of the crystalline lattice. Lamella rotation also occurs with increasing strain. In polar region, lamella stacks undergo stretching along their major direction and transverse compression due to the Poisson's effect. In diagonal regions, interlamellar shear is the more favorable process.

II.1.2. Elastic modulus versus crystallinity index

In semi-crystalline polymers, it has been shown in the literature that the Young's modulus E generally increases with the crystallinity index X c . This trend was observed for PA6 by Bessel et al. [START_REF] Bessel | The effect of polymerization conditions and crystallinity on the mechanical properties and fracture of spherulitic nylon 6[END_REF] as shown in Figure I.14 concerning a rather large range of X c and for tensile tests at 23°C. Using the connection between E and X c , parallel and series models can be used. These models are based on the fact that in semi-crystalline polymers, both amorphous and crystalline phases contribute to E. In literature, the modulus of heterogeneous systems is often modeled via two mixing laws based on very simple coupling models: in the parallel model, the stiff component predominates the overall behavior whereas in the series model, it is the softer phase that dominates. The Young's modulus of a semi-crystalline polymer can be described by the following relationships:

𝐸 ∥ = 𝑋 𝑐 . 𝐸 𝑐 + (1 -𝑋 𝑐 )𝐸 𝑎
for the Parallel model (E I.1)

𝐸 ⋈ = 1 𝑋 𝑐 𝐸 𝑐 + (1-𝑋 𝑐 ) 𝐸 𝑎
for the Series model (E I.2) With X c the crystallinity index E c the modulus of the crystalline phase E a the modulus of the amorphous phase However, in reality the mechanical behavior of semi-crystalline polymer generally corresponds to a combination of these two models. Evidence of this intermediate situation has been given by Humbert [46] in the case of polyethylene (PE). This is shown in Figure I.15. In PE, different domains have been pointed out depending on crystallinity index. Figure I.15 shows that with increasing Xc the Young's modulus gradually shifts from close to the series model to close to the parallel model. This observation suggests that the crystalline network made of more or less interconnected lamella plays a determining role in the elastic deformation mechanisms: for low X c , the amorphous phase accommodates a large part of the strain whereas for high X c more of the load in sustained by the percolating crystalline network. Regarding PA6, for 20% < X c < 50%, the relationship between E and X c is fairly linear (Figure I.14). This linear trend suggests a parallel coupling according to Equation E.1. However, lacking data for the moduli of the crystal and the amorphous phases, it is not possible to conclude at the present moment. 

II.2. Plastic behavior

This part described the phenomena occurring in the domains II and III of the Figure I.11, at different scales. Indeed, plastic deformation is a complex process involving crystal shear, stack rotation, cavitation, phase transformation, allowing the transition between lamellar and fibrillar structure. These different mechanisms are presented below from smaller to larger scale.

II.2.1. Crystal shear

II.2.1.1. Definition of slip systems

The global motion of dislocations corresponds to a plastic deformation, which can be observed at a larger scale. In semi-crystalline polymers, the motion of dislocations is limited by the foldings of chains at the surface of the lamellar crystals and by the presence of amorphous phase between crystals. It is admitted that the only active slip systems are the ones containing the chains axis [START_REF] Sell | Introduction à la mécanique des polymères[END_REF]. Usually, slip systems are of the type {hk0} <uvw>, where {hk0} holds for the slip plane and <uvw> holds for the slip direction -with c axis being the chains axis [START_REF] Chastel | Mécanismes physique de la déformation[END_REF]. However in the case of polyamide 6, the chains axis corresponds to the b axis because the main crystalline lattices are monoclinic (crystallographic convention for monoclinic lattices), so that the slips systems are of the type {h0l} <uvw>. Experimental observations allow determining precisely the slip direction:

-Chain slip is of the kind {h0l} [010] -Transverse slip is of the kind {h0l} <u0w> The two kinds of slip systems are schematized in Figure I. 16. In the case of PA6, the main slip modes are (001)[010], (100)[010] and (001) [100]. It is the (001)[010] slip system that is the easiest one to activate [15]. In the case of α phase of PA6, this system corresponds to the chain slip in the H-bond planes [15] [START_REF] Penel-Pierron | Structural and mechanical behavior of nylon-6 films. Part II: Uniaxial and biaxial drawing[END_REF]. 

II.2.1.2. Twinning

Twining is a kind of plastic deformation mode to occur in semi-crystalline polymers. It is a collective shear process which generates a disorientation of a part of the crystalline lattice with respect to the original one. The two lattices are fitted together on a common crystallographic plane called the twining plane. This is sketched in Figure I.17. The induced shear strain is given by the geometry of the twinning system, i.e. the crystallographic plane and direction of the twinning process in the crystalline lattice. This phenomenon has been reported for PE [START_REF] Hay | Mechanically induced twinning and phase transformations[END_REF] [66], PP [START_REF] Cerra | Deformation of polypropylene single crystals[END_REF] and PA66 [START_REF] Hay | Mechanically induced twinning and phase transformations[END_REF]. 

II.2.1.3. Shear banding

Shear banding is a localized plastic deformation mechanism commonly observed in semi-crystalline polymers. It occurs in the direction of maximum shear stress, i.e. at an angle close to 45° relative to the main stress in case of uniaxial tensile test. Bowden and Young [START_REF] Bowden | Review : Deformation mechanisms in crystalline polymers[END_REF] have demonstrated this phenomenon by combined wide-angle and small-angle X-ray scattering.

More recent observations by Atomic Force Microscopy have been reported regarding PA6 [START_REF] Ferreiro | Shear banding in polyamide 6 filmss as revealed by atomic force microscopy[END_REF]:

-Above T g , interlamellar shear allows the rotation of lamellae even for weak deformations. For intermediate deformations, shear bands cross the crystalline lamellae and move uniformly throughout the spherulite volume.

-Below T g , interlamellar shear is much more difficult and the propagation of shear bands is more heterogeneous. -Above the critical temperature of 160°C, spherulites deform homogeneously.

In Ferreiro et al.'s study [START_REF] Ferreiro | Shear banding in polyamide 6 filmss as revealed by atomic force microscopy[END_REF], it is shown that, whatever the temperature, shear bands appear at a shear angle of 52° with respect to the tensile direction. For strains below 10%, no shear bands were detected. Ferreiro [START_REF] Ferreiro | Shear banding in strained semicrystalline polyamide 6 films as revealed by atomic force microscopy: Role of the amorphous phase[END_REF] was also able to image both amorphous and crystalline phase thanks to AFM. He reported that for PA6 stretched beyond the elasticity limit at T < 160°C, shear bands nucleate and propagate in the amorphous phase before to expand into the crystalline lamellae.

II.2.1.4. Stress transmitters

Japanese teams have led studies on semi-crystalline polymer, having the capacity to form spherulitic structure, and proposed a new mechanical model which describes the strain-stress relation at an intermediate scale which corresponds to a stack of several lamellae linked by tie molecules. These studies have been carried out in consideration of polypropylene data [START_REF] Nitta | Structural factors controlling tensile yield deformation of semi-cristalline polymers[END_REF] [START_REF] Nitta | Tensile yield of isotactic polypropylene in terms of lamellar-cluster model[END_REF].

During tensile tests, semi-crystalline polymers usually show a distinct yield point. Below the yield point, the material undergoes viscoelastic deformations, essentially localized into the amorphous phase. Crystal shear takes place beyond the yield point. Mechanical linking between amorphous and crystalline phase is of primary importance during this transition. The linking is carried out thanks to stress transmitters, meaning tie molecules, entangled chain loops... (cf. §I.4).

Nitta et al. [START_REF] Nitta | Structural factors controlling tensile yield deformation of semi-cristalline polymers[END_REF] have built the following model, depicted in Figure I.18. It takes into account the influence of tie molecules between the adjacent lamellae in stack. During a tensile test, lamellae are subjected to bending around the anchoring points of the tie molecules due to the pulling force that generates stress concentration on the lamellae. As tie molecules sustain the bending effect, the closer are these tie chains, the most difficult is the breaking of the lamellae. In other words, the higher the tie chain density, the higher the lamella resistance to breaking. 

II.2.2. Cavitation

Cavitation is one of the micro-mechanisms of plastic deformation of semi-crystalline polymers during tensile loading. This phenomenon is also considered as a damaging process since it significantly affects the plastic yielding and failure of the material [START_REF] Pawlak | Plastic deformation of crystalline polymers: the role of cavitation and crystal plasticity[END_REF]. Pawlak and Galeski [START_REF] Pawlak | Plastic deformation of crystalline polymers: the role of cavitation and crystal plasticity[END_REF] have compared the influence of crystalline shear and cavitation in the amorphous phase leading to the breaking of semi-crystalline polymers: cavitation appears for polymers having crystals with high plastic resistance whereas polymers having crystal with weak plastic resistance deform by crystalline shears. For PA6, cavities are unstable and tend to heal upon unloading but in any case the cavities generate damage of the material. The diameter of the incipient cavities is around 4-5 nm, as measured by X-ray scattering, which is close to the interlamellar distance [START_REF] Pawlak | Plastic deformation of crystalline polymers: the role of cavitation and crystal plasticity[END_REF]. Observations by electronic microscopy have allowed Galeski to locate these cavities within the interlamellar and interspherulitic amorphous phase [59] [73].

II.2.3. Fibrillation

At higher deformation, the plastic deformation is supposed to proceed in three steps: the plastic deformation of the original spherulitic structure, the discontinuous transformation of the spherulitic into fibril structure by micronecking and the plastic deformation of the fibril structure [START_REF] Peterlin | Molecular model of drawing polyethylene and polypropylene[END_REF].

The first step has already been described above (stack rotation, sliding of lamellae, twinning…). The second step consists in the transformation of every lamella into a bundle of microfibrils thanks to micronecks. The microfibrils, the basic elements of the structure, contain folded chain crystal blocks alternating with amorphous layers, as depicted in In bulk samples, a striking change of long period can occur during the fibrillation process without any connection with the long period of the initial material. Indeed, the long period of the fibril structure mainly depends on the temperature of drawing. Such a structural adjustment requires a high chain mobilization involving eventually strain-induced melting [START_REF] Peterlin | Molecular model of drawing polyethylene and polypropylene[END_REF].

Finally, the plastic deformation of the fibril structure can occur only by sliding motion of the microfibrils or fibrils. It corresponds to the strain hardening which proceeds up to the final break.

II.2.4. Effect of phase nature in the case of PA6

As previously mentioned, PA6 is a polymorphic polymer. Three crystalline lattices can be observed.

Having different crystalline phases has an effect on the mechanical behavior. During a preliminary study of Penel-Pierron and al [16], tests of mechanical stability have been performed on the different crystalline phases for 80µm thick films: α phase was obtained thanks to a hot water treatment, γ phase by an iodine treatment and β phase was obtained thanks to quenching. It was shown that β phase turned into α phase upon stretching whatever the temperature. The γ phase, stable until 200°C, was more stable than β but finally reorganized into α phase when it was stretched at high temperature.

In another study, the above authors have shown that β phase was more ductile than α phase [START_REF] Penel-Pierron | Structural and mechanical behavior of nylon-6 films. Part II: Uniaxial and biaxial drawing[END_REF]. Indeed, film containing a predominant the α phase is less ductile than films containing either the γ or the β phase, as judged from the yield stress level and strain at break and shown in As the tensile tests are performed at 80°C, the amorphous phase is rubbery and the observed difference can be mainly attributed to the crystalline structure. The difference of ductility between the α and β phases could be due to the higher cohesion and reduced number of available slip planes of the H-bonded sheet-like structure of the α phase compared to the β phase [START_REF] Penel-Pierron | Structural and mechanical behavior of nylon-6 films. Part II: Uniaxial and biaxial drawing[END_REF]. In addition, under uniaxial tensile loading, most of the β phase transforms into α phase accompanied by a hardening of the material. The degree of β→α transformation increases when the stretching is performed above 120°C, due to additional thermal reorganization. Ito and al [START_REF] Ito | Effects of crystalline forms on the deformation behaviour of nylon-6[END_REF] [77] have also reported that the deformability of PA6 depends on the crystalline structure: γ phase is more ductile than α in the temperature range [100-180°C]. However, one should keep in mind that all these studies were done ex-situ, meaning that the possibility of relaxation phenomena is not taken into account. In addition, only tensile tests at the macroscopic scale above T g have been performed and the α and especially γ phases of the sample were obtained thanks to chemical treatments.

II.3. Failure behavior

The failure of polymers has been often studied under tensile testing conditions at room temperature, using notched samples [53] [78]. Regarding PA6, Bessel et al. [START_REF] Bessel | The effect of polymerization conditions and crystallinity on the mechanical properties and fracture of spherulitic nylon 6[END_REF] reported the following features of the failure process at the spherulite scale under tensile testing of un-notched samples:

-Fine cracks start to form inside the spherulite normal to the tensile direction.

-As the deformation increases, more cracks form and the previous ones continue to grow.

-During last steps of deformation, cracks in neighboring spherulites begin to coalesce to form voids. -Finally, the polymer breaks due to propagation of cracks and/or voids.

The influence of the crystallinity index (20% < X c < 44%) on the mechanical behavior and failure at room temperature of PA6 has also been studied by Bessel et al. [START_REF] Bessel | The effect of polymerization conditions and crystallinity on the mechanical properties and fracture of spherulitic nylon 6[END_REF]. The stress-strain curves are shown in Figure I.22. It has been observed that:

-For high crystallinity (X c = 44%), the failure is typically brittle. Cracks appear very soon at the yield point. Crack propagation is fast with a low interaction between the spherulitic structure and the crack path. -For low crystallinity (X c < 30 %), PA6 does not shown a defined yield point but displays a large elongation at break. Failure takes place after fibrillation due to coalescence of small voids in a stress whitened zone. -For intermediate crystallinity, the tensile behavior is characterized by a well-defined yield point and an elongation at break around 50-80%. The fracture surface of the material displays two distinct regions: a central fibrillated zone and an outer zone with interspherulitic failure. This is evidence that failure occurs in a highly heterogeneous state of strain in the material. The samples with various microstructures were obtained thanks to thermal treatments, which will be described in chapter III. Indeed, different thermal treatments are used in order to modify the crystalline microstructure. Two kinds of samples referred as 15K and 31K, corresponding to different molecular masses, were employed.

In the first part, the techniques to evaluate the physico-chemical analysis are described. In the second part, the employed techniques used for the microstructural analysis are listed. Several techniques have been used in combination for determining the crystalline phase and their ratio, the crystallinity index, the stacking long period of the lamellae, etc… The third part displays the techniques used for the mechanical investigations.

I. Physico-chemical analysis I.1. Karl Fischer titration: measure of water content

The method of Karl Fischer is an analytical chemistry method for measuring the amount of water into a sample by titration. It is particularly adapted to measure very faint amounts of water in PA6 samples, as low as parts-per-million (ppm) order.

The principle is based on the oxidation of sulfur dioxide by iodine, originally observed by Robert Bunsen. A very low amount of sample is required, around 0.01 to 1 g depending on the amount of water inside the sample. Indeed, when a sample contains a high water amount, a really low quantity of sample is required in order to be more precise and also to reduce the time of analysis. On the contrary, when a sample is dry, a higher quantity of material is needed.

The titration was carried out on a Karl Fischer apparatus from Mettler society. This apparatus is associated with an oven where the PA6 samples are melted at 180°C in order to release water. It turned out that all of our samples contained less than 0.3% of water, when stored under "dry" atmosphere which allows us to say that our samples are "dry".

I.2. Gel Permeation Chromatography

Gel Permeation Chromatography (GPC) otherwise size exclusion chromatography (SEC) is a liquid phase chromatographic method, which allows separating macromolecules as a function of their hydrodynamic volume. In the case of polymer samples, it is used to evaluate the molecular mass distribution thanks to a calibration using standard samples.

A mass of 100 mg of the polyamide 6 sample is dissolved into a solvent composed of 95% dichloromethane (DCM) and 5% trifluoroacetic anhydride (TFAA) under stirring at room temperature. After 4 hours, the solution is filtrated and injected into the 4 PLGEL MIXTE C columns of the GPC apparatus. Experiments were carried out at Solvay Analysis Department, using a PL GPC 120.

From the molecular mass distribution, the number-average molecular mass M n and the weightaverage molecular mass M w were calculated as follows:

𝑀 𝑛 = ∑ 𝑁 𝑖 𝑀 𝑖 𝑖 ∑ 𝑁 𝑖 𝑖 (E II.1) 𝑀 𝑤 = ∑ 𝑁 𝑖 𝑀 𝑖 2 𝑖 ∑ 𝑁 𝑖 𝑀 𝑖 𝑖 (E II.2)
With N i the number of macromolecules of mass M i The dispersity index I p is a measure of the molecular mass width of the distribution in the polymer and is defined as:

𝐼 𝑝 = 𝑀 𝑤 𝑀 𝑛 (E II.3)

II. Microstructural analysis

The characterization of microstructure is of prime importance in this work. It implies several scales and mainly concerns the global morphology of the sample, the crystallinity index, the crystalline phases and the long period. However, several techniques are needed to characterize all these parameters and in this aim, they are described below.

II.1. Optical microscopy

The aim of the optical microscopy is to characterize the global crystalline microstructure and in the specific case of semi-crystalline polymers to observe or not the characteristic presence of spherulites. 

II.2. Differential scanning calorimetry

Differential Scanning Calorimetry (DSC) is a thermoanalytical technique, used to measure crystallization temperature T c , melting temperature T f , glass transition temperature T g … It measures the difference in the amount of heat required to increase the temperature of both a sample and an empty reference as a function of temperature, both the sample and the reference following the same temperature ramp during the experiment time [2].

II.2.1. Protocol and experimental set up

The DSC Q2000 device and the analysis software 'Universal Analysis from TA Instruments were used. Experiments have been carried out according to two DSC modes:

-Standard DSC -Modulated DSC (MDSC)

Standard DSC gives us a heat flow curve as a function of temperature. Characteristic peaks of fusion and crystallization are respectively endothermic and exothermic. What is measured is the crystallinity index (X c ). Thermal analyses were performed on samples of 5-8 mg under nitrogen atmosphere; pellets and sheets of polymers were cut, weighed and put into aluminum non-hermetic cans. The apparatus was calibrated with indium and sapphire.

The curves of fusion and crystallization were recorded between 0 and 270°C at a heating rate of 10°C/min.

As the glass transition of polyamide is hardly detectable by standard DSC, the modulated DSC (MDSC) was used instead [3]. In this case, samples were heated from -20°C to 110°C, at a heating rate of 3°C/min, with a modulation of ±2°C every 60 seconds. The glass transition temperature (T g ) is determined at the inflexion point of the heat capacity jump. MDSC was also employed to investigate the physical ageing effect with the same temperature ramp as for the measurement of T g . In the case of following the crystallization after melting in order to find a condition to erase memory effect, MDSC was used as well as standard DSC. However in order to correctly follow the non-isothermal crystallization which is a very fast process in the case of polyamide, this time a modulation of ±0.159°C every 60 seconds and a heating rate of 1°C/min were used.

II.2.2. Crystallinity index Xc

The crystallinity index (χ c ) is calculated from the following formula:

𝜒 𝑐 = Δ𝐻 𝑓 Δ𝐻 𝑓 0 (E II.4)
Where ΔH f is the melting enthalpy of the material and ΔH f ° is the specific melting enthalpy of infinite perfect crystal. For polyamide 6, data from literature suggest the following value: ΔH f ° = 230 ± 30 J.g -1 [4] which applies to both α and γ phases [5].

As β phase transforms into α phase upon heating beyond 150°C (see chapter I §I.2.1 and §II.2.4), the β crystallinity index was determining from the melting enthalpy of α phase after transformation, using the above mentioned ΔH f ° value.

In order to measure the enthalpy in a same way for all samples, the integration limits of the melting endotherm were set between 190 and 240°C.

II.2.3. Estimation of α/γ ratio

As polyamide 6 is a polymorph polymer, a mixture of different phases can be observed. A common case in our study is a mixture of α and γ phases. When this kind of sample is heated in DSC, two peaks of melting are observed; each of them corresponds to a specific crystalline form owing to their different melting points. An estimation of the α/γ ratio can be done by integrating separately each peak. A typical thermogramm is shown in Figure II.2, together with a schematic integration profile of the two melting peaks. The thermodynamic melting temperature of the two crystal forms is T m °(α)≈240°C and T m °( γ)≈225°C [4] [6] and the α melting endotherm from 214°C to 240°C. By integrating the various components of the DSC curve, the total crystallinity index X c , as well as X c (α) and X c (γ), can be assessed.

It is to be mentioned that the methodology described above could be incorrect in case of partial recrystallization of γ crystals. However, this is unlikely due to the proximity of the two endotherms. Indeed, only very unstable γ crystals exhibiting very early melting can actually recrystallize into α crystals.

In case of mixture of β and γ phases, an annealing of the β phase is performed in order to promote its transformation into α phase. Then, a similar analysis, as for the previous case of γ-α mixture, can be carried out, the amount of α phase being attributed to the initial β phase.

II.2.4. Physical ageing

Physical and chemical ageing are the two types of possible ageing. In the first case, there is no alteration of chemical structure of the macromolecule: only their spatial configuration or material compositions are affected. Concerning the second case, there is modification of the chemical structure. Only physical ageing interests us. As there is no interaction of the environment (samples are sealed into impervious bags), only processes of structural relaxations can happen [7]. Our aim is not to study physical ageing but to avoid it. Indeed, physical ageing can alter mechanical properties. MDSC is used in order to evidence it.

The total heat flow is depicted in Figure II.3. Endotherms peaks after T g can be seen for the aged samples. Those endotherms are proof that injected samples aged. However, as said previously, the aim is not study ageing but to assure that our samples are not aged. That is why, after thermal treatments, samples were sealed into impervious bags and put into the fridge at 5°C. MDSC tests were carried out on these samples and no ageing was checked. Concerning injected samples, they were the most sensitive to ageing but by putting them into an oven at 110°C during 10min, it was possible to suppress the ageing and rejuvenate the samples. For the following of the thesis, all the samples must be considerate as "young" (i.e. not aged) except mention.

II.2.5. Density measurements

An alternative method to evaluate the crystallinity index is based on precise measurement of the density of a given sample thanks to difference of densities of the crystalline and amorphous phases. The density gradient column is filled with two miscible liquids of different densities. It is possible to obtain a vertical gradient calibrated with hollow glass beads having a density accuracy of 10 -4 . The sample immersed in the column gradually drops to reach its equilibrium position in the region having the same density according to Archimedes' principle.

In our case, the density measurements were performed with a gradient column made of solutions of -Dichloromethane ρ L =1.325 -propylene-2-glycol ρ l =1.036

The weight fraction crystalline index χ c can be determined with the following formula:

𝜒 𝑐 = 1 𝜌 - 1 𝜌 𝑎 1 𝜌 𝑐 - 1 𝜌 𝑎 (E II.5)
In the case of PA6, ρ a =1.09 g.cm 3 for the amorphous density [8] and ρ c =1.24 g.cm 3 for the crystalline density of the α phase [9] and ρ c =1.18 g.cm 3 for the crystalline density of the γ phase [10].

This relationship only works for a two phase model, i.e. amorphous and crystalline phases. In case of several crystal forms, their relative proportions must be determined by an independent method. It also does not work if there is presence of an interphase between the crystalline and amorphous phases.

II.3. Small angle X-ray scattering

Small Angle X-ray Scattering (SAXS) are used to characterize the crystalline morphology at the scale of crystalline lamellar stackings in semi-crystalline polymers. The periodicity (so-called long period) of crystalline lamella stackings can be measured, as well as the possible anisotropy (orientation) of the morphology. In some circumstances, the size of crystalline lamellae may be estimated. The geometry of the experiment is schematized in Figure II.5. 

II.3.1. Experimental set up and data collection

The scattered intensity is collected on a 2D dectector. In the small angle limit, 𝑞 is within the plane of the dectector. The range of accessible scattering vectors q (or equivalently of scattering angles 2θ) is determined by choosing the sample-to-detector distance D: q max is given by sin 2𝜃 𝑚𝑎𝑥 ≈ 𝑑/𝐷 (d: radius of the detector) while q min is given by the radius of the beam stop.

SAXS experiments were performed both at the MATEIS laboratory and at the D2AM beamline at ESRF (European Synchrotron Radiation Facility, Grenoble). The laboratory apparatus at MATEIS is equipped with an RU-300 X-ray generator with rotating Cu anode (CuKα radiation, wave length λ=1.54 Å) and a CCD camera from Princeton Instrument. The sample to detector distance is 60 cm. The patterns were obtained with an accumulation time of 10 min. This equipment was used for the characterization of the samples described in chapter III, as obtained from the various thermal treatments.

In-situ tensile tests at a constant drawing rate with simultaneous SAXS acquisition require a significantly shorter accumulation time. These experiments were done at D2AM beamline (ESRF). The setup is equipped with a CCD camera from Princeton Instrument. The chosen wavelength λ was 1.54 Å corresponding to 8keV energy. The sample-detector distance was about 90 cm, the radius of the detector is 3 cm, the size of the beam stop is 1.5 mm, which gives access to a q range from 0.1-1.51nm -1 .

The collected raw 2D SAXS pattern must be corrected from detector imperfection and background.

The corrected intensity I is corrected as follows:

𝐼 = 𝐼 𝑆 -𝜇.𝐼 𝐹 𝜇.𝑒 × 𝑞² (E II.6)
where I S is the raw measured intensity, I F the measured intensity in the absence of sample (empty beam pattern), μ the coefficient of transmission of the sample (the ratio of X-ray photon counters after and before the sample), and e the thickness of the sample. The thickness e varies during tensile tests. For small strain values  < 1, the thickness e varies according to the following equation:

𝑒 = 𝑒 0 (1 -𝜈𝜀) ≈ 𝑒 0 𝜆 -𝜈 (E II.7)
With e 0 the initial thickness of the sample, 𝜆 = 1 + 𝜀 the drawing ratio and  the Poisson coefficient, taken equal to 0.39 [11].

The scattering vector q is defined as a function of the scattering angle 2θ as (see Figure II.10 raw data):

𝑞 = 4𝜋 𝜆 sin 𝜃 (E II.8)
The q scale on the 2D pattern is precisely calibrated using a reference sample, in our case silver behenate (BeAg) whose narrow scattering ring has a perfectly known position (d =2/q = 58,33Å). Given that, in SAXS, the scattering angle is very small, the scattering vector 𝑞 is in the plane of the detector (see Figure II.5) and no further geometrical correction is needed.

For isotropic samples, the intensity I(q) as a function of the scattering vector q is obtained by averaging the 2D SAXS pattern over all azimuthal angles . This is the so-called 'regrouping' of the data. For anisotropic samples, the scattering is modulated as a function of the azimuthal angle, and the intensity I(q) must be calculated for each angle  in order to allow an analysis of the azimuthal distribution. In this case, the 2D pattern files were divided into 72 sectors of 5° and the intensity was averaged in each sector.

II.3.2. About the Lorentz correction

The general problem which is addressed here is to determine or reconstruct the orientation distribution of scattering objects (for example, stacks of amorphous/crystalline lamellae) from the measured intensity pattern.

Let us consider a system made of an ensemble of identical uniaxial scattering objects, for example, stacks of amorphous/crystalline lamellae, which are defined uniquely without ambiguity by the orientation of their normal vectors 𝑛 ⃗ . The number dn(Ω) of objects oriented within a solid angle d(Ω) is 𝑑𝑛(Ω) = 𝐷(𝑛 ⃗ )𝑑Ω. This is the definition of the distribution of orientation 𝐷(𝑛 ⃗ ).

The corresponding distribution of intensity in the reciprocal space is:

𝑖(𝑞 ) ≈ 𝑖 0 (𝑞) 𝐷(𝑛 ⃗ ) 4𝜋𝑞 2
(E II.9) in which the vector 𝑞 is in the same direction as 𝑛 ⃗ since objects (lamellar stacks) scatter in the direction of their normal 𝑛 ⃗ (this is imposed anyway by their assumed uniaxial symmetry). There is of course a proportionality coefficient (not indicated here) related to the overall sensitivity of the experimental setup. 4𝜋𝑞 2 represents the surface area of the sphere of radius q. Separation in one factor 𝐷(𝑛 ⃗ ) depending only on the orientation 𝑛 ⃗ and one factor 𝑖 0 (𝑞) depending only on q holds only if all objects are identical (but with different orientations). It is no longer valid if, for instance, the long periods of the lamellar stacks vary as a function of their orientation, which will actually be the case in stretched samples. This more general case will be discussed below.

II.3.2.1. Case of an isotropic system

Let us first consider the case of an isotropic system. Scattering objects (for example, stacks of amorphous/crystalline lamellae) are oriented randomly, isotropically in all directions. Then, in the reciprocal space, the intensity is distributed uniformly on a sphere. It depends only on 𝑞 = ‖𝑞 ‖ and not on the orientation of 𝑞 .

The detected intensity comes from objects which are in Bragg condition, or equivalently, it corresponds to the intersection of the reciprocal space with the Ewald sphere, which, in the small angle limit, is the same as the plane of the detector, as shown in Figure II.6. The relative number of objects which are in Bragg conditions depend on 𝑞 , this is why this so-called 'Lorentz' correction is needed. Let us denote ξ the 'thickness' of the Ewald sphere (related essentially to the dispersion in wavelength δλ/λ of the incident beam). The total collected intensity (number of photons) in a small zone of the detector defined by q → dq,  → d (where  is the azimuthal angle in the plane of the detector) is (see Figure II.6): 𝑑 2 𝐼 𝑚𝑒𝑠 (𝑞) = 𝑖(𝑞)𝜉𝑞𝑑𝑞𝑑𝜓 (E II.10) 𝑑²𝑆 = 𝑞𝑑𝑞𝑑𝜓 is a small surface element in the plane of the detector (in polar coordinates). 𝑖(𝑞) is the 'density' of intensity in the reciprocal space (for an isotropic system, it depends only on q, or equivalently, it is a constant for a given value of q. 𝑖(𝑞) is given by Eq. II.9.

The measured intensity in the detector (number of photon per pixel at position of the surface element dS) is thus (combining Eqs. II.9 and II.10):

𝐼 𝑚𝑒𝑠 ≈ 𝑑 2 𝐼 𝑚𝑒𝑠 (𝑞) 𝑑𝑆² ≈ 𝑖(𝑞) 𝑞² (E II.11)
and 𝑖(𝑞) is recovered by taking the corrected measured intensity 𝑞²𝐼 𝑚𝑒𝑠 (𝑞). It is 𝑖(𝑞) ≈ 𝑞 2 𝐼 𝑚𝑒𝑠 (𝑞) which contains the 'true' information on the structure of the sample.

II.3.2.2. Case of a non-isotropic system, case of uniaxial system

We consider here only the case when the symmetry axis of the system (tensile direction) is perpendicular to the incident beam direction. In a non-isotropic system, the "cloud" of the intensity in the reciprocal space can no longer be expressed in a separate way 𝐼 0 (𝑞)𝐷(𝑛 ⃗ )𝑖 0 (𝑞) as in Eq. II.9. This does not change Eq. II.11, except that i(q) depends now on both the modulus q of the scattering vector and on its orientation. For a uniaxial system, 𝑖(𝑞 ) has a cylindrical symmetry, it depends on q and on the polar angle ψ with respect to the direction of symmetry (e. g. the tensile direction in case of a uniaxially stretched system). Note that, since 𝑞 is in the plane of the detector, the polar angle ψ between 𝑞 and the tensile direction is identical to the azimuthal angle ψ in the plane of the detector. This will not be strictly the case in WAXS (see below). 𝑖(𝑞 ) is related to the number 𝐷(𝑛 ⃗ ) of lamellae which have their normal at 𝑛 ⃗ (in the same direction as 𝑞 ):

𝑖(𝑞 ) ≈ 𝐷(𝑛 ⃗ ) 𝑞² (E II.12)
The number of lamellae oriented in the solid angle 𝑑Ω = sin ψ 𝑑ψdφ in the direction 𝑛 ⃗ defined by the polar angle ψ and the meridian angle φ is 𝑑𝑛(𝜓, 𝜑) = 𝐷(𝑛 ⃗ )𝑑Ω.

Given the cylindrical symmetry, the orientation distribution 𝐷(𝑛 ⃗ ) does not depend on the meridian angle φ. The orientation distribution is conveniently described by the number of lamellar stacks within the interval [𝜓, 𝜓 + 𝑑𝜓], given by 𝑛(𝜓)𝑑𝜓 = 2𝜋 𝐷(𝑛 ⃗ )sin 𝜓 𝑑𝜓. It is 𝑛(𝜓) which contains the relevant information on the system anisotropy. We need here to determine 𝑛(𝜓) from the measured intensity 𝐼 𝑚𝑒𝑠 (𝜓):

𝑛(𝜓) = 𝑞²𝐼 𝑚𝑒𝑠 (𝑞, 𝜓) sin 𝜓 (E II.13)
One should be careful not to confuse the intensity 𝑖(𝑞 ) (or equivalently the orientation distribution 𝐷(𝑛 ⃗ ) as expressed in Eq. II.9 and the uniaxially averaged distribution 𝑛(𝜓) as expressed in Eq. II. 13.

In case of uniaxial system (with axis of symmetry perpendicular to incident beam direction) 𝑛(𝜓) is related to 𝑖(𝑞 ) by 𝑛( 𝜓) = 𝑠𝑖𝑛 𝜓 𝑖(𝑞 ) (where 𝜓 is the polar angle of 𝑞 ).

II.3.3. Determination of the long period Lp

The scattered intensity contains two distinct contributions (see the so-called raw data curve in Figure II.10). First, there is some increase of intensity as the scattering vector q tends to zero. This is associated to large scale inhomogeneities in the samples. Then, a semi-crystalline polymer is composed of lamellae stacks. Each lamellar stack scatters in the plane containing its normal as shown in To model the intensity in the ring, various contributions must be taken in to account. The intensity scattered by a periodic structure is the product of the form factor of the unit cell and the peaks associated to the periodic lattice: I(q) = F(q)P(q) (E II.14) The unit cell is the stacking of a crystalline and an amorphous lamella. To estimate the form factor, the corresponding density may be modeled by a step function as schematized in Figure II.8. This gives the following form factor (normalized to one as q  0):

F(q) = sin 2 ( qL c 2 ) ( qL c 2 ) 2 (E. II.15)
The lattice function gives peaks at q = m2π/L p (m integer). In practice, only the first order peak at q = 2π/L p is observed and it is very broad (see Figure II.9). L c may deduced from L p assuming that the crystalline ratio L c /L p within the lamellar stack is equal to the overall average crystallinity of the sample, as measured from DSC, which is a strong assumption however.

The broadness of the peak indicates that the crystalline order of lamellar stackings is imperfect. This may be due to:

-The small size of lamellae; -The relatively large fluctuations of the distance L p ; -The presence of a relatively high density of defects, etc. Thus, we did not attempt to fit using a form factor. However, in order to extract quantitative information, namely the variation of the long period as a function of the macroscopic strain and of the azimuthal angle, as well as the variation of the intensity as a function of the azimuthal angle for a given strain value, we need to fit the peak. We have chosen to use an empirical function. Thus, the Lorentz-corrected intensity is plotted as a function of the scattering vector q, as shown in Figure II.10 (corrected data) and the peak is fitted with a log-normal function:

𝑓(𝑞) = 𝐼 0 + 𝐴 𝑞𝑤√𝜋 exp (-( ln 𝑞 𝑞 𝑚𝑎𝑥 ⁄ 𝑤 ) 2 ) (E II.16)
The amplitude of the peak (integrated intensity) is given by the parameter A (I 0 was set to zero). An example of fit is shown in 

II.3.4. Estimation of the crystalline lamellar thickness Lc

The crystalline lamellar thickness L c can be estimated with the following relation which assumes very large and long lamellae as compared to their thickness:

𝐿 𝑐 = 𝐿 𝑝 × 𝜌 𝜌 𝑐 × 𝜒 𝑐 (E II.18)
With L p , the long period as determined previously with SAXS ρ, the density of the material ρ c =1.235 ± 005 g.cm -3 , the density of the crystalline phase χ c , the crystallinity index determined by DSC

The density of the material can be calculated as follow:

1 𝜌 = 𝜒 𝑐 𝜌 𝑐 + 1 -𝜒 𝑐 𝜌 𝑎 (E II.19
) With ρ a =1.009 ± 001 g.cm -3 , the density of the amorphous phase of PA6 This allows estimating L c for PA6 in the assumption that all the amorphous phase is distributed within the lamellae stacks. Some evidence has been given that part of the amorphous phase is located around the stacks so that L c is actually underestimated [12].

II.4. Wide angle X-ray scattering

Wide Angle X-ray Scattering (WAXS) gives information at the scale of the crystalline unit cell. It allows identifying structural and crystalline phases, measuring crystalline parameters, crystalline index, and in some cases the crystallite size. When a material is stretched, information on the distribution of orientation of crystal lattice planes may be obtained.

A graphical representation of X-ray diffracting from crystal planes is shown in Figure II.12. Diffracted beams interfere constructively when the following relation is satisfied:

2𝑑 sin 𝜃 = 𝑛𝜆 (E II.20)
Where n is an integer, λ is the wavelength of incident wave (X-ray radiation), d is the spacing between the planes in the atomic lattice and θ the angle between the incident ray and the scattering planes. This is the Bragg's law, which is the basic relation in X-ray scattering. The angle between the incident beam and the diffracted beam is 2θ. Thus, for a given family of periodic crystal planes, only the directions defined by the angle θ given by Bragg's law give scattering. This ensemble of directions is called the reciprocal space of the given family of planes.

Figure II.12: Graphical representation of X-ray diffracting from crystal planes

The scattering vector 𝑞 is defined as 𝑞 = 𝑘 ⃗ -𝑘 0 ⃗⃗⃗⃗ , where 𝑘 0 ⃗⃗⃗⃗ and 𝑘 ⃗ are the wave vectors of the incident and diffracted beams respectively. The ensemble of all possible wave vectors is called the Ewald's sphere (Figure II.13). For a monoclinic lattice, it is possible to index the spots of WAXS with the corresponding planes thanks to the following formula: The detected intensity is projected on the plane of the detector. In WAXS, the vector 𝑞 is not contained in the plane of the detector. As a result, the problem of reconstructing orientation distribution from scattering patterns is quite complex (see for instance [14]). This difficulty comes from the fact that only a limited part of the reciprocal space, corresponding to a circle which does not intersect the reciprocal space a long a meridian circle, is detected as depicted in Figure II.15. In SAXS conditions (see above), this problem simplifies because 𝑞 is in the plane of the detector (to a very good approximation) and thus a meridian plane is detected, as depicted in Figure II.5. 

II.4.1. Experimental set up

The same experimental set up was used (see §II. At ESRF, the chosen wavelength was 0.55Å corresponding to 24keV energy. The sample-detector distance was enough short in order to also obtain 2θ observation range from 5° to 35° calculated for λ=1.54 Å.

II.4.2. Corrections and adjustment of WAXS data

The same kinds of files, as SAXS data, were generated. WAXS patterns consist of plotting intensity as a function of 2θ. Nevertheless, as for SAXS, the data concerning intensity need correction, as follow:

𝐼 = 𝐼 𝑆 -𝜇.𝐼 𝐹 𝜇.𝑒 (E II.22)
Indeed, the collected data are already corrected from all noises, electronic noise specific to the detector (white noise) and noises due to the cumulated signal of direct beam and to the diffusion of air and kapton (dark noise).

Concerning the position of the peaks in WAXS patterns, they were adjusted thanks to a reference. The reference used is a sample of polyoxymethylene (POM) whose diffraction ray (2θ=22.16°) is perfectly known. With this reference, we can determine the distance between the sample and the detector and so adjust the position of the peaks.

II.4.3. Identification of PA6 crystalline phases

The (200) 2θ=21.66° (002) 2θ=21.66 (2 ̅ 02) 2θ=21.34° (large) [16] It is easy to differentiate α phase from γ phase. However it is more complicated to identify γ phase from β phase except for 2θ=10.5°C which is present only in γ phase. For our study we have samples which are a mix of different phases. In this case, the help of DSC is also used as described in the previous paragraph II.2.3.

III. Mechanical investigations

In order to understand the deformation mechanisms and how they rule the macroscopic behavior in relation to the semi-crystalline microstructure, several techniques used for mechanical investigations were used. They are described below as well as the employed protocols.

III.1. Dynamic mechanical analysis

III.1.1. Principle

Dynamic mechanical spectroscopy (DMA) allows studying the viscoelastic properties of a material by measuring its dynamical modulus as a function of temperature. The sample is submitted to a sinusoidal strain of the form:

𝜀 * = 𝜀 0 exp( 𝑖𝜔𝑡) (E II.23)
In the linear stress-strain regime, the sinusoidal stress response displays a retardation phase angle ϕ such as:

𝜎 * = 𝜎 0 exp( 𝑖𝜔𝑡 -𝜑) (E II.24)
The complex dynamical modulus G* is defined by:

𝐺 * = 𝐺 ′ + 𝑖𝐺 ′′ with 𝐺 ′ = 𝜎 0 𝜀 0 𝑐𝑜𝑠 𝜑 and 𝐺 ′′ = 𝜎 0 𝜀 0 sin 𝜑 tan 𝜑 = 𝐺 ′′ 𝐺 ′ and |𝐺| = √ 𝐺 ′ ² + 𝐺 ′′ ² (E II.25)
G' is named the elastic or storage modulus whereas G'' is named the viscous or loss modulus.

The phase angle between the stress and the strain allows determining the coefficient of internal friction (tan ϕ), representing the dissipated energy as a form of heat over the elastic energy used. Tan ϕ defines the loss factor.

III.1.2. Experimental set up

Tests have been carried out on a home-made torsion pendulum, as depicted in Figure II.18. Dumbbell specimens have been cut from molded sheets with a cutting die. The type of dumbbell is H3, with a gauge length of 17 mm, a width of 4 mm and a thickness from 1.4 to 1.8 nm depending on the samples. Measurements have been performed at 1Hz frequency, using a temperature ramp from -170°C to 200°C at a heating rate of 1°C/min.

Absolute values of G' and G" are not really precise but this technique allows to follow their evolution as a function of temperature. Furthermore, by following tan ϕ during the temperature ramp, DMA is able to evidence α, β and γ relaxations (not to be mingled with crystalline phases). 

III.2. Monotonic tensile test III.2.1. Experimental set up

Uniaxial macroscopic tensile tests have been carried out on a Schenck device with a load cell of 5 kN.

The same samples H3 were used, as described above.

Tensile tests were performed at a controlled crosshead speed of 3 mm/min corresponding to an initial strain rate of 3.10 -3 s -1 , until failure of the specimen. In order to get an insight on the influence of the state of the amorphous (i.e. glassy or rubbery), tests were carried out at temperatures below and above the glass transition. Thanks to the DMA data of Figure II.19, the choice made was for -10°C (= T g -65°C) and 120°C (=T g + 65°C), i.e. at the location of the minima of the tan ϕ curve on both sides of the main amorphous phase relaxation. This choice enables minimizing energy dissipation as compared to elastic behavior in both situations. The machine was equipped with a temperature chamber fed by liquid nitrogen for the cold temperature experiments.

The recorded stress-strain curves allowed determining the yield stress σ y and the Young modulus E thanks to Imetrum system. The determination of these two parameters is now described.

III.2.2. Determination of the Young's modulus E

The Imetrum video gauge (IVG) system was employed in order to determine the Young's modulus. In our case, measurements have been restricted to vertical and transversal displacements, in order to determine the tensile strain and the Poisson's coefficient υ. For each sample, two measurements defined by two sets of targets were done. The software has a voltage input/output mode that was used to record the load given by the Schenck device. This was possible after having made a calibration in order to have equivalence between voltage in volts and load in newtons. This output mode allows synchronizing between Imetrum and Schenck devices.

Finally when we record a tensile test, it gives us a strain-stress curve for a deformation domain of maximum 10% as depicted in 

III.2.3. Determination of the yield stress σy

The determination of the yield stress σ y from the stress-strain curves was different for the two tensile test temperatures as shown in In the case of T= -10°C (Figure II.22a), the yield stress is well defined at the maximum stress. However, for the case of T=120°C (Figure II.22b), no clear maximum was observed, so that the stress corresponding to an arbitrary strain of 0.6 was taken as the yield stress value.

III.3. In-situ tensile test (ESRF)

The tests were carried out on D2AM beam at European Synchrotron Radiation Facility (ESRF) at Grenoble (see §II. Studying both elastic and plastic strain domains of the strain-stress curves required using different strain rates due to the quite different extents of the two domains:

-Concerning the plastic strain domain, the same strain rate of 3.10 -3 s -1 as macroscopic tensile tests was used for every temperature. It corresponds to a crosshead speed of 0.035 mm. s -1 . -Concerning the elastic strain domain, a strain rate of 5.10 -4 s -1 -corresponding to a crosshead speed of 0.006 mm. s -1 -was used at T=120°C whereas a strain rate of 1.25.10 -4 s -1corresponding to a crosshead speed of 0.0015 mm. s -1 -was used at T=[-10°C -0°C] due to the reduced elastic strain domain at low temperature.

b) a)

For SAXS tests, an exposure time of 15s was used whereas for WAXS, exposure times of 2 or 5s depending on the crosshead speed were chosen. Whatever the exposure time, a transfer time of 5s must be added to the exposure time of each pattern, in every instance. In chapter I, we have displayed the multi-scale structure of PA6 as well as some mechanical properties and behaviors. This multi-scale structure has an impact on mechanisms, which is why we wanted to control the parameters of the microstructure like the crystallinity index, the crystalline phase, the long period. As we want to set a specific panel of samples, it is important for us to first focus on the microstructure and the way to obtain it. We have chosen to affect the microstructure thanks to thermal treatments, and not by chemical processes. As for the metals, thermal treatments can be used on polymers in order to modify the microstructure.

The first part allows us to explain why and how thermal treatments change the microstructure. In the second part, the initial materials used for the thermal treatments are depicted. In the third part, the effects of thermal treatments on bulk PA6 are discussed. In the purpose of this thesis, employed thermal treatments were focused on isotherms and annealing. A particular annealing treatment was also studied and performed: it concerns memory effects of polyamides. The control parameters we have used for our thermal treatments are time and temperature.

Finally, the last part (part IV) describes the panel of samples that we have used for our mechanical study.

I. State of the art

Some knowledge on the physical processes involved during thermal treatments is needed. As the microstructure involves different scales -crystalline lattices with different perfection degrees, long period L p of lamellae, crystallite and spherulite sizes from smallest to largest-models of polymer crystallization are first described and followed by literature knowledge on thermal treatments (quenching, isothermal crystallization and annealing).

I.1. Models of polymer crystallization

Nucleation and growth are the recognized mechanisms for the phase transition of a metastable liquid of small molecules into a crystal. In the case of crystallization of polymer chains from the molten state, the process of crystallization can be developed as well into two steps: nucleation and growth. Different crystallization theories have been developed. The Hoffman-Lauritzen theory is one of the theories which explains the differences of obtained microstructures. We will discuss only crystallization from the melt in quiescent conditions under the effect of temperature and not in solution under shear or stretching.

From a kinetic point of view, two types of experiments of crystallization are reported: isothermal and non-isothermal crystallizations. An isothermal crystallization has a constant rate of growth whereas a non-isothermal crystallization (cooling from the molten state) has a variable growth rate. For our thermal treatments, isothermal crystallization was favored. Indeed, isothermal crystallization consists in the melting of the polymer and the crystallization at a unique temperature of crystallization whereas non-isothermal crystallization consists in the melting of the polymer and the cooling (at a defined cool rate) until the crystallization happens and finishes. Non-isothermal crystallization happens during a cooling scan of DSC.

I.1.1. Nucleation

When a liquid is quenched to a temperature below its melting temperature, small nuclei of different sizes and shapes are initially born. Nonetheless, in order to have the growth of these nuclei, they need to be larger than a critical size r crit otherwise they will dissolve back. This means that they need to reach a nucleation barrier as depicted in Figure III.1. In this theory, the nucleus is usually described as a parallelepiped with a rectangular basis, defined by a thickness r, a width basis a 0 and length basis b 0 .

Figure III.1: Free enthalpy (ΔG) of homogeneous nucleation activity as a function of nucleus radius [1]

The free enthalpy which is necessary to form a nucleus is:

∆Φ = -𝑉. Δ𝐺 + 2𝜎 𝑒 𝑆 𝑏 + 4𝜎𝑆 𝐿 (E III.1)
With V the volume of crystal, S b the surface of crystal basis, S L the lateral surface of crystal, σ e the surface energy of folding and ΔG the free enthalpy:

Δ𝐺 = Δ𝐻 𝑚 × Δ𝑇 𝑇 𝑚 0 (E III.2)
Where ΔH m is the enthalpy of fusion, T m 0 the melting temperature of a perfect crystal and ΔT is called undercooling.

Δ𝑇 = 𝑇 𝑚 -𝑇 𝑥 (E III.3) With T m the melting temperature of a perfect crystal and T x the temperature of isothermal crystallization.

The dimension of the nucleus critical size r crit , as shown in Figure III.1, is given by: 𝜕Φ 𝜕𝑟 = 0 (E III.4) And then,

𝑟 𝑐𝑟𝑖𝑡 = 2𝜎 𝑒 𝑇 𝑚 0 ΔH 𝑚 .(Δ𝑇) (E III.5)
The nucleation is really dependent of the undercooling and when doing thermal treatments, this is one of the control parameter. Indeed, the nucleation and the growth are influenced by the temperature of crystallization, as below in §I.1.2.

There are different kinds of nucleation:

-Primary nucleation when nuclei are directly formed. It can be: o Homogeneous nucleation when active nuclei are part of the melted polymer. o Heterogeneous nucleation when active nuclei are formed from the surface contact of external bodies (impurities, cavities, surfaces), playing the role of nucleant agents. Nucleation can also be qualified as sporadic when the rate of nucleation is constant.

I.1.2. Growth: Hoffman-Lauritzen theory

The basic premise of the Hoffman-Lauritzen theory is that the lamellar growth is assumed to occur by successive attachment of polymer stems to crystallites. In this model, polymer molecules are assumed to attach at the growth front in terms of stems, each of length comparable to the lamellar thickness l*.

The first step of the growth is to place a first stem at the growth crystal surface, whose lateral dimension is taken as L and corresponds to the width of the growth front (the length) which the nucleation and growth covers. Indeed this step is associated with nucleation. After this step, the secondary nucleus spreads out laterally with the lateral covering rate g, corresponding to the growth rate parallel to the growth plane that covers the growth front after the surface nucleation.

Other notations are also needed for the following understanding, they are:

-The growth rate perpendicular to the growth plane G -The surface nucleation rate i -The undercooling noted ∆T Here, the size a 0 is the monomer size (mesh size of the crystal), around 3 to 4 Å. The Hoffman-Lauritzen theory predicts three growth regimes, as depicted in Figure III.2:

-At low ∆Ts, regime I takes place when the growth from a single nucleus covers the entire growth plane L, as show in Figure III.2a, meaning that the lateral growth rate (g) is significantly greater than the secondary nucleation rate (i). For g >> i, the whole substrate is covered by stems as soon as a first one is nucleated. Then, monolayers are added one by one.

The analytical expression for the growth rate in regime I is given by: 𝐺 𝐼 = 𝑖𝑏 0 𝐿 (E III.6) Where b 0 is the thickness of the molecular layer crystallized on the surface In regime I, each secondary nucleation leads to the formation of a full monolayer of thickness b 0 [3].

-At intermediate ∆Ts, the lateral growth rate g is comparable to or smaller than the nucleation rate i. In this case, the second regime applies: further nuclei are deposited before the first layer is fully formed as shown in Figure III.2b. The linear growth rate is given by: 𝐺 𝐼𝐼 = 𝑏 0 √𝑖𝑔 (E III.7)

-At high ∆Ts, the multiple nucleation of stems is so prolific that the spreading rate is irrelevant, i >> g, as sketched in Figure III.2c. The growth rate is exactly of the same form as in regime I: 𝐺 𝐼𝐼𝐼 = 𝑖𝑏 0 𝐿 (E III.8) This means that the growth of a crystalline lamella is almost achieved by stem covering, as a new stem is nucleated before the previous one is fully achieved. Thus, according to the type of growth regimes, the growth of the crystal changes and so the microstructure of the crystal can be impacted.

I.2. Memory effects

An effect of the thermal history on crystallization exists in polyamides, as well as in other polymers [4] and it is usually called "crystalline memory effect". Memory effects reflect the thermal history of the sample and they mean that a certain temperature above the bulk melting point has to be reached in order to remove any influence of thermal history on the crystallization kinetics of a sample. As we want to use thermal treatments on materials, it is important to erase this memory effect in order to only see the consequence of the treatments on PA6.

Memory effects depend on the melt temperature T and the time spent in the molten state t, as depicted in Figure III.3. Meares [5] has described the general nature of these effects by these words: "The higher the degree of molecular order in a crystallite the higher is its melting point. After most of the crystallites have melted, tiny regions which have an unusually high degree of order may persist in the melt. If these are sufficiently large, they act as predetermined nuclei for immediate recrystallization on cooling. Even though such nuclei may be below the critical size they probably build up more quickly to give growing centers than the subcritical nuclei which form spontaneously on cooling." The number and size of the nuclei which remain in the melt depend on three factors:

1) The temperature of any previous crystallization, since higher is this temperature, higher is the perfection degree of crystallites, and so higher is their melting point.

2) The temperature of melting T because higher is this temperature, more complete is the destruction of the crystallites formed previously. 3) The period of time spent in the molten state t since the melting of the crystallites is not an instantaneous process.

Figure III.3: Scheme of the influence of memory effects on the crystallization

Further than the T and t conditions, Aharoni [6] has also emphasized the fact that concerning the crystallization, the cooling rate from the molten state has a more drastic effect on crystallization kinetics than the choice of the temperature of melting T when the influence of the memory effect is studied.

Nonetheless, memory effects being linked inherently to the material and its thermal history, they can be induced or influenced by the molding process. Khanna et al [7] have noticed a temperature shift of 15°C of the crystallization temperature T c for a PA6 with and without memory, as shown in Figure III.4. A shift of 15°C (peak to peak) is observed between a virgin pellet (T c = 169°C) and an extruded pellet (T c = 184°C), due to the process. However, with a closer look on the DSC onset, it can be noticed that the onset of crystallization on cooling is nearly the same, around 190°C, meaning that it is important to focus on the global DSC scan. -280°C for Illers [19].

-Avramova and Fakirov considered that at 260°C, there are still active centers (nuclei) but their numbers decrease with the spent time t [8]. They have also demonstrated that complete annihilation of nuclei was reached at T=280°C (melting equilibrium point of PA6) for t>80 min [9]. However, it is also possible to rise T at 290°C or 300°C and in this case t only needs to be inferior to 40 min but as a consequence the polymer undergoes thermal degradations. -According to Gurato et al [20], polyamide loses its structural 'memory' after t=15 min at 280°C. A critical annealing temperature T should exist where all the crystallization centers are destroyed: o T crit =281°C during 15 min according to Gurato et al [20] in order to erase thermal and morphological past of the sample o T crit =284°C according to Avramova and Fakirov [8] (precisely T m °=278°C±6°C)

Finally, by compiling literature data, melt temperatures of polyamides are in the following temperature range T=[260-281°C] [6] in order to erase memory effect. This lack of consensus could be related to the fact that in polyamide 6, no specific equilibrium melting temperature has been detected [7]. Furthermore, in case of polyamides, the erase of the "memory" of the polymer should correspond to the entirely random disposition of locally chain-folded segments and to the rupture of most H-bonds between these chains. This induces that erasing process has to be a very slow process [6].

I.3. Quenching

Quenching consists in heating the material above its melting point before cooling it rapidly down to ambient temperature or below, in every case far below the crystallization temperature as shown in Figure III.5a. Quenches are usually achieved by dipping samples into water or air. Nevertheless, other types of fluids can also be employed in order to perform variable cooling speeds (from the fastest to the slowest): salty water, water, oil, gas (air, argon, nitrogen, etc.). The cooling speed and/or the final quench temperature are of a primary importance for polymer microstructure. In the case of quenching from the molten state down to T c = 23°C or 0°C, the crystallization regime can be assimilated to the third regime of crystallization, according to the Lauritzen-Hoffman theory [21]. At this temperature T c , the undercooling (∆𝑇 = 𝑇 𝑓 °-𝑇 𝑥 ) is really high. Indeed, growth rate of spherulite exhibits a maximum as shown in Figure III.5b and at low temperature (well under 80°C), this means that nucleation is the predominant effect. Because of this high undercooling, the critical size of the nuclei is very small (i.e. I.1.2), as well as the crystalline lamellar thickness L c . Because having a fast crystallization has consequence on reptation, this means that crystallinity index X c decreases as the cooling speed increases. Furthermore, the melt temperature of the polymer is also lower in the case of quenching due to the non-perfection of the crystals and their low thermal stability.

I.4. Isothermal crystallization I.4.1. Principle

In the case of isothermal treatment, the aim is to bring the material above its melting point in order to be in the molten state and then to maintain it at a chosen temperature, taken into the temperature range of PA6 crystallization, noted T c . The length of time spent at T c depends on T c : higher is T c , longer the time spent at T c has to be to in order to let the polymer fully crystalized. The protocol is shown in Figure III.6.

Figure III.6: Diagram of an isotherm

In the case of isothermal crystallization from the molten state, the crystallization is carried out at small undercooling (∆𝑇 = 𝑇 𝑓 °-𝑇 𝑐 ), which means that the nucleation process is slow. It corresponds to the first regime of crystallization, according to the Lauritzen-Hoffman theory [21]. This regime gives a relatively large initial thickness of crystal. It also globally allows the crystals to grow independently isolated and so to reduce the numbers of connections between them. This means that a chain will tend to belong only to one lamella.

I.4.2. Kinetics of isothermal crystallization

For polymers, the kinetics of isothermal crystallization is usually described by the Avrami equation [22] [23]. This equation describes how solids transform from one phase to another at constant temperature. In our case, this corresponds to an isotherm where the polymer crystallizes and so transforms from the molten to the crystalline state. It describes the beginning of crystallization:

𝛼(𝑡) = 1 -exp (-𝑘𝑡 𝑛 ) (E III.9)
Where α(t) is the crystalline volume fraction of the polymer, n the Avrami index and k a kinetic constant.

In general, n and k characterize the nucleation type and the crystal growth geometry.

The crystallization transformation follows a sigmoidal profile. Furthermore, there is often an induction time at the beginning, corresponding to the needed time for critical nuclei to appear. This induction time is a function of crystallization temperature T c for a given material.

In this form, the n factor gives information on the mechanism involved in the crystallization process, according to its values. The meaning of n values is reported in Table III.1. One should take note that secondary crystallization and crystal perfecting processes are not taken into account.

In the case of polyamide 6, Inoue [24], has shown that Avrami's equation could be applied but only to describe the first half of crystallization curve. In the second part of the curve, the relaxation of the entanglements and the perfection of crystals take place, and the change of density increases with crystallization temperature. The following conditions were reported: -n=4 at T c = [210-215°C] -n<2.5 for T c < 207°C -n value changes rapidly between 207 and 210°C Above 210°C, it is said that the crystallization occurs as three-dimensional growth and homogeneous nucleation, and there should be heterogeneous (and instantaneous) nucleation below 210°C [24]. Furthermore, Inoue has shown that melting points increase with crystallization temperature but this rising was also higher for a crystallization temperature above 210°C.

I.4.3. Effect of the temperature of isothermal crystallization on microstructure

In case of isothermal crystallization, it has been observed that the long period L p increases as a function of crystallization temperature for polymers like polyethylene or polyamide 6, as reported in Figure III.7. However, the possibility of performing different crystalline phases was not taken into account. Annealing consists in maintaining the sample at a temperature T a (between T f and T g ) in order to allow it to crystallize further. This is related to the growth of nuclei which were formed during the quench but did not have time to grow. The thermal way is illustrated in Figure III.9.

Figure III.9 : Diagram of an annealing

According to the choice of the annealing temperature, observed phenomena may be different. Furthermore, they can depend on the crystalline structure of the polymer obtained by quenching. Indeed, as said before, polyamide 6 has different crystalline phases and these phases do not possess the same thermal stability nor the same conditions of formation. That is why some phase transformations can occur depending on the temperature range. Crystal growth can also happen in some specific temperature ranges, especially when annealing temperature T a is higher than the crystallization temperature. Gogolewski et al [27] have also found that the annealing process was characterized by an induction period.

I.5.2. Effect of annealing on microstructure

In a study led by Hirami [28], samples were fibers and thick films. The films consist of 0.5 mm thick non-oriented samples quenched from the melt and then annealed for 1 hour into an oil bath, with temperature range between 100°C and 215°C. In the case of fibers, the annealing treatment was carried out on free or tension loaded samples.

The results are depicted in Figure III.10. In the case of films, the long period L p is considered equal to the thickness of lamellae due to the fine structure. The rising of L p for high temperatures corresponds to a thickening phenomenon of lamellae. One should take care that during the study the presence of different crystalline structures was not taken into account neither their possible transformations into other crystalline phases, which could explain the huge difference of L p at higher temperatures between the films and the fibers (yarns). From the literature, it seems that doing an isotherm or an annealing at the same temperature has the same effect on the long period. However, this does not mean that there is the same effect on the crystal thickness L c : indeed the effect on the crystallinity index X c is not reported in both case. In addition, isotherm and annealing treatments cannot have the same effect on the density of stress transmitters.

I.6. Issues

This state of art has allowed us to explain why and how thermal treatments change the microstructure. However there are still some lacks in the literature that we need to fill in as well as the absence of consensus. These points are developed below and only concern the issues on microstructure.

Indeed, generally, few studies have been published on bulk polyamides and on their crystalline microstructure. The existence of α and γ phases are widely accepted but the existence of a metastable phase is disputed [29]. Furthermore even if this existence is taken into account, authors do not agree on its structure or name [30] [31] [32]. As our work is not to precisely define the crystallographic part of crystalline phases, we accept this phase as β phase [33]. According to Penel-Pierron [34] cast films promote β phase but what for bulk material. Thus, one of our objectives is to study the conditions allowing obtaining β phase as well as the conditions allowing the transformation of β into α phase thanks to thermal treatments. This would allow us to better apprehend the β phase.

Back to α and γ phases, even if they are widely described, there are still some lacks in the literature on the way to obtain them, especially by doing thermal treatments. Indeed, it is said that α phase can be converted into γ phase thanks to an iodine treatment [35]. Inversely, γ phase can be converted into α phase with phenol treatment [36] or by drawing [37]. However by using only thermal treatments, the conditions are not a consensus: -For Kyotani and Mitsuhashi [38] γ is supposed to be predominant for crystallization at 100°C and α predominant at 200°C. In addition, the presence of α increases with annealing at 200°C whatever the crystallization temperature was. -Hu and Zhao [39] say that whatever the annealing temperature, α phase is always preferred.

-On the contrary Zhao and Zhang [40] pretend that at 195°C, fast cooling speeds promote α formation whereas longer annealing times promote γ phase. -For Zhang et al [41], amorphous phase converts into γ phase for T<180°C but between 180 and 200°C it converts into α phase. However, one can wonder if they do not mix β phase with amorphous phase. This is to prove that the limit of domains between α and γ phases are not well-defined, and β is even not part of it. Thus, it is important to check the literature with our own experiments. Concerning the global microstructure, one of the biggest lacks in literature is the presence of all microstructural parameters. Indeed, studies can be done on the influence of the crystallinity index but without considering if all the samples are constituted of the same crystalline phase. The same can go on with the study of L p or else… By characterizing our samples, it will allow us to take into account the influence of the crystallinity index, the long period but also the crystalline phase, morphology… and thus observe the real influence of the crystalline microstructures on the mechanical properties.

II. Materials and processing

II.1. Virgin pellets

Two grades of virgin pellets were provided by Solvay (Gorzow's plant). They are commercial grades; having different molecular masses but both of them are linear polymers. They are reported in Table III.2, M n and I p were determined by GPC (chapter II, §I.2). The virgin pellets contain no additive nor nucleant agent, nor lubricant. The virgin pellets are mainly composed of α phase but there is also a presence of γ phase. However, the molecular mass has an effect on the crystalline structure and the crystallinity index as shown in Figure III.12. Indeed, there is a higher percent of γ phase into the 15K than into the 31K. This seems that having a higher molecular mass favor stable phase like α. The sheets exhibit an absence of large well-formed spherulites but a large number of small crystallites, which indicates that a very high density of nuclei is generated in the process. This could be due to the introduction of impurities by the process, or to an effect of the high rate shear during the process. Concerning the crystalline structure, β and γ phases are found in different ratios in the injection molding sheets, according to the molecular masses, as shown in Figure III.14. The β/γ ratio seems to correspond to the initial α/γ ratio present in the virgin pellets. This would mean that during the injection process, γ phase is conserved but α phase is transformed into β phase. As the pellets are melted at 260°C, this could mean that memory effects are conserved, meaning a conservation of the initial nuclei. In this way, only the cooling speed could affect the crystallization: as γ phase is favored by kinetics, the initial corresponding nuclei grow as γ phase; however concerning α phase, the conditions do not favor its growth and β phase could grow instead. 

II.3. Compression molding process

In order to study the effect induced by the process, a compression molding process was employed. It consists in melting the virgin pellets in a press, under load. There are three main differences between the two processes: no high shear rate is applied in compression molding, cooling down is much slower (of order 10 min) and there is no introduction of impurities by the process. The final microstructure is very different from that obtained with injection molding. It consists in a stack of layers of transcrystalline zones and spherulites, possibly due to thermal gradients. Transcrystallinity is crystallization from a stranger surface in a particular structure. Its structure is characterized by a columnar growth of spherulites along a stranger surface (often fibers) [43].There is a lateral growth limitation and a development normal to the stranger surface, as visible in the optical microscopy pattern in Figure III.15. Transcrystallinity has an influence on mechanical properties of materials [44]. 

III. Results: effects of thermal treatments

Literature has given us the basis of thermal treatments however due to a lack of consensus concerning all the microstructural parameters, it is of prime importance to perform the thermal treatments and entirely characterize the obtained samples (in particular the crystallinity index, the crystalline phase and the long period).

III.1. Determination of a condition to erase memory effects

In order to find the conditions to erase memory effects, we have investigated them by changing the temperature of melting (T) and the length of time spent in the molten state (t). In addition to this set of control parameters, the full previous thermal history of the material may have an impact. The thermal history depends on the process and is not appropriately controlled. That is why, virgin pellets have also been studied in order to overcome the process effect (i.e. injection molding).

Figure III.16: DSC protocol to study memory effect

To study these effects, differential scanning calorimetry (DSC) can be employed. The DSC protocol is depicted in Figure III.16: it consists in melting the sample at a chosen temperature T during a chosen time t and then observing the DSC crystallization curve concerning the peak crystallization and its onset. In the case of non-isothermal crystallization upon cooling from the molten state, memory effects are clearly observed in the fact that the onset and the crystallization peak of samples with memory effect appear at higher temperatures than those without "memory". Starting with the virgin pellets, Figure III.17 shows the effect of the melting temperature T on the crystallization temperature T c and how the material is affected by the memory effect. Indeed, because memory effect means the survivals of remaining crystalline nuclei, this means also that when the material is cooled down, the crystallization starts earlier when these crystallites are present, due to secondary nucleation. It can be noted in Figure III.17, that a melting temperature T of 240°C is clearly not high enough to suppress these memory effect, as there is a gap of 6°C between the peaks and also the onset temperature is shifted to lower temperature when the melting temperature is increased. Above T=250°C, the shift between the peaks is nearly insignificant and the onset temperature is also identical. This gives us precious information on the fact that the melting temperature has to be higher than 250°C. If we also take into account the small temperature gap between the peaks, it is also better to be above 260°C. Furthermore, if we consider the crystallization enthalpies for the different melting ∆H c(T=280°C) =69 J/g ∆H c(T=250°C, 260°C) =81 J/g ∆H c(T=240°C) =86 J/g temperature, it should be noted that there is a significant gap of value between T=280°C and the other melting temperatures (a ΔH c shift of at least 12 J/g). This could be due to the presence of homogeneous nucleation or to the presence of degradation perturbing the crystallization process.

After studying virgin pellets, the study has been transposed to the materials injected from these virgin pellets. It was found that the onsets and the crystallization peaks were the same between T=240°C and 270°C. There was a very small effect when the melting temperature was increased to T=300°C. However, the polymer at this temperature undergoes degradation: PA6 is highly sensitive to oxidation, which results in chain breaking and the loss of mechanical properties. Thus, T=300°C was considered as too high.

Because the polymer is sensitive to oxidation and degradation at high temperature, a compromise has been set and a melting temperature of 270°C has been decided. Concerning the length of time spent in the molten state, the time t=10min was chosen. This set of conditions was checked by doing an isotherm at 203°C after melting the polymer. The observed results are shown in Indeed, optical microscopy observations of PA 6 indicate that samples exhibiting memory effects are characterized by a multitude of nuclei and small fragments of spherulites. In contrast, for virgin samples (having no "memory"), the crystallized spherulites are in a few number but are remarkably large and well-developed [6]. The thermal treatments on virgin pellets clearly show that 270°C (10 min) is a sufficient condition to erase the memory effect: the initial spherulites (before treatments) had a 10-20µm diameter whereas after suppressing memory effect, the spherulites were in a fewer number and their diameter had increased to 100µm (Figure III.18a). Concerning the injected materials, no change was observed before and after the thermal treatment was performed (Figure III.18b). It confirms us that the presence of impurities in the injected sheets and also that the impurities play a major role in the nucleation process and lead to presence of fragments and small spherulites as well as crystallites.

III.2. Isothermal crystallization III.2.1. Crystallization kinetics

In order to establish the best parameters (time and temperature), a crystallization kinectics study has been performed by DSC. As mentioned earlier, there is a correlation between T c and t c which is important to know in order to achieve crystallization at only one temperature. Indeed, the crystallization must be over before the cooling at room temperature in order to have only one population of crystallites. The study was performed on 15K and 31K injected samples (cf. Table III.1). With these parameters, we found as in Inoue's work [24] that over T c = 204°C, the nucleation is homogeneous and the growth is three-dimensional, meaning spherulites are spheres. At T c = 202°C, the nucleation is heterogeneous but with a three-dimensional growth. Finally at T c = 200°C, the growth is two-dimensional, meaning having discs, with heterogeneous nucleation. T c = 200°C is definitely not an advantageous crystallization temperature because it impacts the spherulite structures. Thus, in order to compare our results it is better to only perform spherulites in form of sphere than disc. Concerning our study and in order to have the better conditions of reproducibility, it seems important to work with isotherm at T c > 204°C.

III.2.2. Isotherm characterization

Thanks to the crystallization kinetics, the time and temperature were determined. Let us now focus on the microstructure and in particular the crystallinity index, the crystalline phase and the long period. As the previous study was performed on small molding devices (DSC pans), the process is now transposed to macroscopic scale. In this aim, a special mold was designed because of the huge dilation/retraction of the polymer during its melting/crystallization. In order to take into account the polymer change of volume, the design implies a dynamic mold with springs which act on a piston. A non-adhesive coating was also added on the metallic parts of the mold, as depicted in One can notice that depending on the isotherm temperature, the angular gap between the two α peaks changes: this angular gap can be defined as an index of crystalline perfection (ICP) [46] [47]. The ICP increases for higher temperatures which correspond to a higher crystalline perfection. It is also confirms by DSC where a higher melting temperature is observed for higher isotherm temperature: the more stable is the structure, the higher it melts. Any special influence of the molecular mass has been observed on the structure for an isotherm at a same temperature. SAXS and DSC were also carried out in order to determine L p and L c (with Lorentz correction). The results are sum up in the Table III.4. These results confirm us that it was possible to obtain significant changes of the crystallinity index and the long period. As a conclusion, the aim of isotherm is to produce a stable phase and to have a high crystallinity. In our case, in order to have only α phase, the crystallization conditions are: -202°C < T c < 216°C -1h < time <72h

The obtained microstructures are summarized in Figure III.24. The initial state corresponds to injection molded sheets. One can notice that T=213°C corresponds to an inflexion point for X c . 

III.3.2. Annealing characterization

As said previously, one of the aims of this thesis is to study the mechanical behaviors of PA6 under the influence of the microstructure. Annealing treatment allows changing the long period as well as the crystalline phase. Indeed, as reported in literature, β and γ phases can transform into α phase under specific conditions. These specific conditions are studied in this part. The scheme of the annealing treatment was depicted in An annealing temperature of T a = 215°C has also been examined and at this temperature another phase transformation has been reported: the γ→α phase transformation. Indeed, on the WAXS pattern, only α phase was observed for this temperature and this was valid for all the molecular masses. Thus, depending on the annealing temperature, we are able to transforms our initial injected molding sheet containing a mixture of β+γ into a mixture of α+γ or into pure α phase. The influence of time spent at the same annealing temperature was also investigated. It was found that increasing the time increases L p however the impact on L p was less important than the change of annealing temperature. It is more efficient to change the annealing temperature than the length of time spent at T a in order to increase the long period. Thus, the thickening mechanism of L p still remains difficult to understand. In conclusion, annealing thermal treatments allow phase transformations (β→α and γ→α) depending on temperatures. Furthermore, according to the temperature, the increase of L p is more or less stronger depending if the temperature is below or above the temperature of β→α starting transformation, i.e. around 180°C. To sum up, the obtained microstructures are described in Figure III.30. The initial state corresponds to injected molding sheets.

Figure III.30: Annealing consequences on PA6 microstructure

It is worth noticing that in the case of PA6, the annealing process can also be considered as a way to identify β phase Indeed, as reported in chapter II, the WAXS pattern of β and γ phases are quite similar which makes difficult to identify the crystalline phases in particular in case of mixture (as for the injected sheets). The difficulty of identifying β phase happens also for DSC thermogramms because due its transformation, the thermogramms of α and β phases are quite similar. Finally, by performing an annealing above 195°C, the presence or absence of β phase can be validated.

III.4. Quenching

In At this temperature and whatever the molecular mass, it was impossible to obtain a pure amorphous phase. Indeed, polyamide 6 needs a faster cooling rate to entirely be amorphized [48]. Generally, for bulk PA6, the polymer structure is changed by incorporating aromatic groups in order to facilitate the amorphization. Nonetheless, even if quenching allows a low X c , the structure is not stable and when the sample goes through its glass transition, a cold crystallization is induced as depicted on DSC thermogramms of Figure III.32. In conclusion, different kinds of quench have been tried but in the case of polyamide 6, the β metastable phase was present in every crystalline structure as well as cold crystallization. However, the presence of cold crystallization is inadequate with our first goal: study mechanical behavior below and above the glass transition temperature. Indeed, depending on the temperature, the structure is affected. Furthermore, the influence of speed and quench temperature had a real impact on microstructure and a slight difference could induce a big change in microstructure, giving us a difficult repeatability. However, it has allowed us to bring out the molecular mass effect on crystalline structure (Figure III.31). Likewise, the observation of cold crystallization after quench (Figure III.32) has allowed us to spotlight a problem of characterization of the absolute fusion enthalpy (∆H f °) and so a bad approximation of crystallinity rate (χ c ) in the case of low crystallized PA6. Furthermore, doing quench from DSC pans to macroscopic scale brought out a technology lock. Indeed, it was impossible for us to obtain the same results because we did not have a mold sufficiently strong to resist to the melting deformation and also waterproof. Usually, quenching is performed on thin films whereas our samples are thick, which increases the difficulty of cooling. Thus, the quenching was not kept for our final selection of materials. If the crystallization temperature is colder, γ phase can appear alone or depending on the temperature with α phase (way 3). Finally if crystallization temperature is really low, as it is the case in the injection process for our material (mold at 60°C) or rolled cast films, the formation of β is possible (way 5). Now if the sample is melted and then immediately quenched, by doing an annealing treatment, we can either have pure α phase for high temperature (way 2), γ phase for intermediate temperature (way 4) or β phase at low temperature (way 6). Indeed, on quenched sample after cold crystallization, the presence of β phase was proved by WAXS. Note that this TTC diagram is pertinent for kinetics but not for the stability limits of the different phases. For example, if β crystals are present after quenching, doing an annealing at 150°C will not transform the β phase into γ. When performing annealing on pre-crystallized samples, the data depicted in Figure III.33b may be used in order to determine the temperature range of the phase transformations.

III

Anyway, this diagram shows us how difficult it can be to obtain one given pure phase except for α phase. A lot of precautions and special conditions have to be taken. Furthermore, from the melting state, the cooling speed and temperature play an important parameter. As easy it is to control the temperature, the same does not go for the cooling speed and constitutes for us a technological issue, in particular for preparing "macroscopic" samples. 

IV. Final choice of materials

In order to work on the multi-scale structure of PA6, the aim of the materials choice is to have different materials with various molecular mass, crystallinity rate, long period Lp, crystalline phases, crystalline perfection … via thermal treatments as described previously.

For better understanding of the coupling between amorphous and crystalline phase, initially the aim was to have "model" materials. This means having materials with iso-crystalline phases (α, γ and β only) and for each crystalline phases having a range of various crystallinity index and long period. However as described previously and sum up in Figure III.34, the interaction between parameters (crystallinity rate, long period L p , crystalline phases) is complex and unfortunately it was impossible for us to perform materials at a macroscopic scale with only one crystalline phase except in the case of pure α phase. Thus, the choice of material was adapted in order to still have a large panel of various samples.

Furthermore, previously, we have exhibited two ways of processing a sample: by injection molding or thermo-compression molding. However, concerning the thermo-compression way, the crystalline structure of the sample was highly sensitive to the cooling speed and environmental temperature.

The repeatability of the process, as well as the effect that the process can have on the microstructure, were too hard to deal with. In addition, as transcristallinity has an impact on mechanical properties, like the increase of the yield stress and the Young's modulus during stretching [43], this could introduce a bias for our study concerning the influence of the microstructure on these mechanical properties. As it is difficult to separate the effects of transcristallinity and the crystalline phases, we have finally chosen to work only on the injected samples. Concerning the presence of defaults due to impurities induced by the process, we supposed that the impurities density was the same for every sheet, as the process was the same for every sheet.

Thus, the final choice of thermal treatments is reported in Table III.5. It allows a large panel of microstructures: various crystalline phases, a large range of crystallinity index and long period… as it is further described below and in Table III.7.

Table III The skin-core effect has been taken into account: for J sample there is a layer of 60 µm at each side of the sheet, meaning 120 µm of skin for 1480 µm of core corresponding to 8% of the sample. When the polymer is annealed the skin is reduced to less than 20 µm, which corresponds to a skin effect of 2%. That is why the skin effect will not be taken into account during tensile tests. For a film this could have an influence however on bulk material, this is clearly negligible.

Back to the microstructure, a few spherulites are visible on the injected sheet but most of the crystalline structure is composed of small crystallites. Annealing does not seem to really affect the microstructure, maybe the crystallites grow a little bit. Isotherm is the only thermal treatment which is different from the other ones: larger crystallites and spherulites are visible (increase from ≈ 10 to ≈ 25 µm). However most of the microstructure does not seem to be composed of spherulites but of crystallites. These remarks apply for both molecular masses. Indeed, on the micro scale, molecular mass does not seem to affect the microstructure. Let us now focus on the characterization of the crystalline phase for the various samples, meaning its crystalline phase, crystallinity index X c , crystalline perfection, long period L p , crystalline thickness L c or melting point T f . These characteristics were determined thanks to DSC, WAXS and SAXS, as explained in chapter II, and are reported in Table III.7. Our set of samples exhibits a widely microstructure with various crystalline phases: a mixture of β+γ phases for INJ samples, a mixture of α+γ phase for A200 samples and finally pure α phase for A215 and I213 samples whatever the molecular mass. X c increases from 24% to 35%, meaning a relative increase of 46%, which for a polyamide 6 is really impressive. L p has increased of 57%, from 7.2 to 11.3 nm. Concerning the effect of the molecular mass, we observe that for a same given process or heat treatment the same crystalline structure is obtained, as shown in Figure III.38. Concerning I213 samples (Figure III.38a), only α phase is encountered for both molecular masses. However, if we focused on A200 samples (Figure III.38b), even if the same mixture α+γ phases is displayed, one can notice that the ratio of α/γ phases seems to be affected. This was confirmed by the estimation made in DSC. Furthermore, for a same annealing temperature, higher molecular mass has a higher long period L p , as seen previously in Figure III.29. On the contrary, lower molecular mass, whatever the treatment is, has always a higher crystallinity index. All mechanical tests were carried out on dry PA6 samples. Water uptake was not expected to occur during the time of the experiments under ambient conditions with relative humidity 10 < RH < 50%, in the case of the bulk samples 1.5 mm thick of the present study. Indeed, the equilibrium time for water uptake for 0.25 mm thick samples is about 5 days at 20°C for a large relative humidity range [1] [2]. For that reason, it is assumed that the PA6 water content is maintained at its original low value for the duration of the experiments so as to obtain reproducible results during mechanical testing [3].

In this chapter, macroscopic mechanical properties are evaluated and discussed. The list of samples for the two polymers of molecular masses 15K and 31K is reminded in Table IV.1. In the first part of this chapter, the mechanical relaxations are studied by dynamical experiments in the linear regime, whereas in the second part, we are interested in the tensile properties. Finally, in the third part, the effects of the molecular mass and microstructure are discussed, as well as associated models.

I. Dynamic Mechanical Analysis (DMA)

Dynamic mechanical analysis allows studying the viscoelastic properties of a material by measuring its dynamical modulus at a given frequency as a function of temperature. Each DMA analysis was carried out twice for each sample. The measurements are reproducible and only one curve of each sample is plotted. The storage (elastic) modulus G' is plotted as a function of temperature in Figure IV.1 for all samples. The large drop of G' around 50°C is associated to the glass transition of the amorphous phase of the materials. The transition temperature seems to be a function of the crystallinity. Regarding the elastic modulus, in the temperature range 80/150°C i.e. above T g , the G' values are increasing in the order of increasing crystallinity, as depicted in Figure IV.2. Indeed, above T g , the amorphous phase is much softer than the crystalline phase, so that the global stiffness of the material is dominated by the stiff crystalline volume fraction. In the temperature range -150/20°C, i.e. below T g , the G' values are also sorted in the same increasing order as a function of crystallinity. This is somewhat surprising in consideration that the amorphous phase is in the glassy state. Though very stiff, the glassy state of polymers is generally not as stiff as the corresponding crystal [4]. This is the reason for the sensitivity of the macroscopic modulus to crystallinity at T < T g . These points will be further discussed at the end of this chapter. The amplitude of the tan peaks of these relaxations decreases as crystallinity increases. Looking more precisely at the amplitude of the α relaxation peak, one can notice that its drops with increasing X c is not quantitatively consistent with the concomitant decrease in amorphous phase volume fraction. Indeed, when computing tan = G''/G', the storage modulus G' is not the one of the amorphous phase but of the whole material, meaning it also takes into account the crystalline phase. Furthermore, we observed that the amplitude of the α relaxation peak for G" does not change significantly, as depicted in Figure IV.4. A broadening of G" peak on the high temperature side is observed on the samples having high crystallinity index. Thus, it means that the decrease of tan is essentially due to the decrease of G'. The temperature of α relaxation at 1 Hz corresponding to the maximum of the tan peak, T α , is plotted as a function of crystallinity index in Figure IV.5 (left). In agreement with Aharoni's data [5], this figure reveals a significant T α shift to higher temperature with increasing crystallinity. This means that the higher is X c , the higher is the restriction of the cooperative molecular motions in the amorphous phase due to the amorphous chain anchoring onto the crystalline lamella surface. This is a rather common feature of semi-crystalline polymers, noticeably polyesters [6], though not systematic [4]. The reason may be an increasing confinement of the amorphous phase between the crystalline lamellae when the volume fraction of the latter ones increases.

In order to probe more specifically which structural factor of the semi-crystalline structure controls the amorphous chain mobility, the T α temperature at 1 Hz has been reported as a function of the amorphous layer thickness L a in Figure IV.5 (right). It is to be reminded here that only the long period of lamellar stacks is directly measured in SAXS. The L c and L a values are calculated by assuming that the crystalline fraction within lamellar stacks is equal to the overall crystallinity index (which is directly measured in DSC). Note that this hypothesis may not be fully verified for PA6 (see §II.3.3 and §II.3.4 of chapter II). It is found that T α increases monotonically with L a . This finding is somewhat surprising since the increase of the interlamellar distance would intuitively reduce the confinement effect and thus would induce a reduced influence of the crystal on the amorphous chain mobility. So, the observed phenomenon could be a consequence of another feature of the lamellar morphology, namely the change of form factor of the crystalline lamellae. Indeed, since crystallinity increases as a result of high temperature annealing, the crystalline lamellae are expected not only to thicken but also to increase both in width and length. This might result in an increase of the volume fraction of interlamellar amorphous phase within the lamella stacks at the expense of the amorphous phase out of the stacks. Therefore, as X c increases, the increase of the amorphous phase fraction constrained between stiff crystalline lamellae would be the main reason for the upward shift of T  . In such instance, the measured T α would be an average value of the inter-and extra-lamellar fractions of the amorphous phase.

Androsch and Wunderlich [7] have reported that constraints on amorphous chains in semi-crystalline poly(ethylene-terephthalate) are partly released upon annealing together with increasing crystallinity and crystal perfectness. If this phenomenon would also apply to semi-crystalline PA6, it reinforces our assignment of the global increase of T α with increasing X c to an increase of the fraction of constrained amorphous phase. 

II. Tensile tests

From a practical standpoint, the previous DMA analyses have allowed us to set two different temperatures for tensile testing experiments, either above or below the α relaxation, in order that the amorphous phase is either rubbery or glassy. The temperatures that have been chosen are respectively T = 120°C = T g +65°C and T = -10°C = T g -65°C. They correspond to a minimum of the loss factor on both sides of the α relaxation, so that the amorphous phase is the less mechanically dissipative as possible, as already pointed out in the experimental part (see §III.2.1 of chapter II). This makes dynamic experiments little sensitive to strain rate.

Regarding macroscopic tensile testing that is presently under consideration, the mechanical coupling of the amorphous and crystalline phases is expected to be significantly different depending on the rubbery or glassy state of the amorphous component and this should impact the macroscopic properties.

Each tensile test was carried out 5 times above T g for both 15K and 31K polymers. Below T g , 31K polymers were tested 3 times for each sample but concerning 15K polymers, only some samples were tested two times. Measurements are reproducible but only one curve of each sample is represented.

II.1. Above the glass transition at T = Tg + 65°C = 120°C

The PA6 samples with different microstructures generated by thermal treatments have been submitted to tensile testing. The stress-strain curves for the two PA6 polymers 15K and 31K are shown in Figure IV.6 for temperature above the glass transition at T=120°C. It has to be pointed out that 15K and 31K INJ samples did not break but reached the limit displacements of the tensile machine, corresponding to 500% elongation. The elongation at break is correlated with the crystallinity index: lower X c gives higher elongation at break, as reported by Bessel [8] for room temperature experiments.

In order to better compare the effect of the molecular mass, tensile stress-strain curves of both polymers for various samples are represented in Figure IV.7. It shows that, for each thermal treatment, the stress-strain curve of the 15K samples is above that of the corresponding 31K samples. However, this effect may not be directly attributed to the difference in molecular mass but to the difference in crystallinity index induced by each thermal treatment on the respective samples. This point will be further discussed below. Now if we look into details about the effect of the crystalline microstructure, the injected sample (INJ) contains both β and γ phase crystals, with β being predominant, whereas all the thermally treated samples contain either pure α phase (A215 and I213) or predominant α phase (A200). So one can wonder whether the differences of behavior and ductility could be due in part to the intrinsic properties of the crystalline phase itself, and not only to the crystallinity index. Indeed, it has been reported in literature that the β phase is the most ductile phase of PA6 [9]. Furthermore, it has also been shown that the γ phase is more ductile than the α phase in the temperature range of [100-180°C] [10] [11]. It clearly shows that molecular mass has little incidence (if any at all) on the Young's modulus at T = 120°C. It seems that the Young's modulus is mainly correlated with crystallinity as already reported in the literature [8]. This may be simply due to the increasing volume fraction of the stiff crystalline phase. The modulus of the crystalline phase itself may also have an influence on the global Young's modulus. Indeed, when the crystallinity index increases above 30%, the crystalline phase changes from the β form to the α form, with a corresponding increase of cohesiveness. As a matter of fact, higher thermal stability and density of the α phase compared to β phase strongly suggest higher cohesiveness and therefore higher intrinsic stiffness. polymers. It clearly shows that, similarly to the Young's modulus, molecular mass has no significant impact on the yield stress at T = 120°C but that the crystallinity plays a major role on this mechanical property. This is consistent with the sensitivity of the Young's modulus to X c . However, the yield stress proved to be much more sensitive to X c than the Young's modulus: indeed, over the whole X c range, σ y increases by 75% whereas the Young's modulus increases by 42 % only.

This fact that σ y is more sensitive to X c than the Young's modulus may be explained via the dislocation approach of the plastic yielding of semi-crystalline polymers above T g or T α [12] [13]. The dislocation model for yield was developed in order to explain the temperature dependence on the critical resolved shear stress for chain direction slip in polyethylene [12]. Thus, the yield can then be explained in term of energy required to nucleate screw dislocations within the crystalline lamellae, with Burgers vectors parallel to the chain direction. Moreover, in this approach, the yield stress not only depends on the crystal stiffness but also on the crystal thickness [14]. Considering that L c increases as X c increases, this additional dependence of the yield stress may account for the surprisingly strong sensitivity to X c .

II.2. Below the glass transition at T = Tg -65°C = -10°C

The results for the different samples of the 15K and 31K polymers are depicted in Back to the "normal" samples (JA sample being out of the discussion), one can notice that at first glance, the elastic part of the curves and the yield stress values are similar for all samples. However, if we look further into detail, we can notice that the amplitudes of stress overshoot, defined as the difference between the maximum stress at yield point and the stress value on the plateau, differ according to the thermal treatments. Some samples exhibit a double yield. The first yield corresponds to the usual, well-defined yield at which the stress reaches its maximum value. The second yield is more a zone than a precise point and it goes from the first yield to the reaching of a constant stress, which marks a plateau until the final failure. This double yield effect will be further discussed below.

Concerning the ductility and the elongation at failure, the results depend on the nature of the crystalline phase. Again, it is found that it is the injected sample (INJ), containing majority β phase, which is the most ductile. It is then the one with γ phase, meaning that γ plays a significant role even if it is not the predominant phase, as A200 has exactly the index of crystallinity as A215. Again, the difference in ductility between the crystalline phases is emphasized. In spite of a rather large dispersion of the data, a linear increasing trend can be observed. As for tests performed at T = 120°C, the molecular mass by itself does not seem to play a role on the Young's modulus at T = -10°C, at a given value of the crystallinity index. However, more data would be needed to give a clear conclusion on that point.

Figure IV.12: Young's modulus E at T = -10°C for 15K and 31K polymers as a function of crystallinity index X c

The yield stress σ y is plotted as a function of crystallinity index in Figure IV.13 for both 15K and 31K polymers. In contrast to the behavior of the Young's modulus, neither crystallinity nor molecular mass have a significant effect on the yield stress at T = -10°C, the values being nearly the same for all samples within the experimental accuracy. This suggests that at this temperature, the plastic behavior of the glassy amorphous phase is very close to that of the crystal. The reason may be that yielding at such low temperature, i.e. far below both the melting point and the glass transition temperature, is not only controlled by conventional plastic processes such as micro shear bands but also by damaging processes such as cavitation and crazing. This hypothesis is thoroughly confirms in Chapter VI via SAXS experiments. Therefore one can feature out that nanovoids initiate first in the amorphous, owing to its lower cohesiveness compared to the crystal, then propagate through the adjacent crystal lamellae thanks to local stress concentration. This latter process is not likely to depend on the morphology, but on the critical stress for cavitation in the amorphous phase. The resulting macroscopic indicator, i.e. the yield stress, then does not depend on the crystallinity. can see that the double yielding phenomenon depends on the drawing temperature -strain rate being identical -indicating a combination of two thermally activated rate processes. The most striking difference of behavior is observed for the isothermally treated material (I213): at room temperature, the second yield is predominant whereas at -10°C, the first yield is better defined. Seguela [19] suggested that the two processes governing the plastic deformation of the crystalline lamellae are closely related to the viscoelastic relaxations in the crystal. Accordingly, crystal shear and crystal block sliding are proposed to be the two plastic processes, on the basis of the concept of the mosaic block structure of the crystalline lamellae [20] that has been largely studied by Takayanagi et al. [21] and Hosemann et al. [22].

III. Discussion

III.1. Effect of molecular mass

The molecular mass is well known to influence the mechanical properties of thermoplastic polymers. This was the major reason for studying two PA6 samples of different molecular masses. Indeed, after performing different thermal treatments in order to change the crystalline microstructure and/or the nature of the crystalline phase, we have observed that, for a given thermal treatment, the molecular mass has only an impact on the crystallinity index.

Bessel et al. [8] have shown that an increase of the number average molecular mass, at least in the range 9.5 < M n < 39.1 kg/mol, could result in an increase of ductility for PA6, at room temperature. Ito et. al [11] Our experimental results apparently disagree with Ito et al.'s data for drawing above T g . Indeed, for a given strain level, the stress is not sensitive to the molecular mass, in the limit of the experimental accuracy. It is to be noticed that in our case the range of molecular mass under investigation (30 < M w < 70 kg/mol) is significantly narrower than that of Ito et al. study.

Regarding the experiment below T g , no significant influence of molecular mass on the tensile drawing behavior is observed. This finding is in agreement with previous data from Bessel et al., for an equivalent molecular mass.

In order to understand the effect of molecular weight, it is worth pointing out that intercrystalline tie molecules play an important role in the mechanical properties of semi-crystalline polymers, in addition to, or together with, chain entanglements. A schematic of the molecular topology of a semicrystalline polymer is shown in The average squared end-to-end distance of a polymer chain in random coil (gaussian) conformation obeys the following relation:

𝑅 𝑐 2 = 𝑎 2 𝑀 (E IV.
2) where the tabulated value is 𝑎 2 = 0.853 nm for PA6 (with M given in g/mol) [23] Thanks to Equations IV.1 and IV.2, various values of the average end-to-end distance of the chains have been calculated in the case of A215 samples for the two molecular masses 15K and 31K and compared to the distance L a , corresponding to the right hand side in Eq.IV.1. 𝑅 𝑐 Mn and 𝑅 𝑐 Mw are the average end-to-end distances corresponding to the chains having molecular mass equal to the actual values of M n and M w given in Table III For each molecular mass, both 𝑅 𝑐 Mn and 𝑅 𝑐 Mw are significantly larger than L a , which means that a large fraction of the chains are able to go from one crystalline lamella to another, i.e. form tie molecule. Indeed, given the length of a monomer and the thickness crystalline lamella (around 3 to 4 monomers to form a crystalline lamella), most of the chain length is localized into the amorphous phase (around 300 monomers for a chain length of 31K PA6 and 190 monomers for 15K PA6).

Obviously, this probability of forming tie molecules is greater for 31K PA6 samples than for 15K PA6 samples. Moreover, it should be mentioned that these conclusions also apply to the samples submitted to other thermal treatments since the amorphous thickness for A215 samples considered in this discussion, is the highest one among all samples.

Another major parameter regarding the mechanical properties is the average molecular mass between entanglements, M e . In the literature, the tabulated value for PA6 is M e = 2470 g/mol [24]. In the present case, the average number of entanglements per chain has been estimated and is reported in Table IV.3 for both 15K and 31K polymers, irrespective of thermal treatment. In any case, the rather low influence of the molecular mass on the mechanical properties could be due to the rather small difference in molecular mass between the two series of samples. Indeed, in both cases, the molecular mass value is much higher than the minimum distance required to connect two adjacent lamellae, meaning that tie molecules can be formed. Significant effect of the mechanical behavior could be observed in case of molecular mass close to or lower than the critical molecular mass defined as M c  2M e .

Finally, in the present study, no clear evidence of the molecular mass on the mechanical properties has been observed, at small to medium elongation ratios. Indeed it seems that the effect of chain length on the mechanical behavior may be rather attributed to the change in morphology and in particularly the crystallinity index. However, it seems that the chain molecular mass may have an effect on the elongation at break. For temperature above the glass transition, no effect has been evidenced. Below the glass transition, the elongation at break seems indeed to depend on the chain length (Figure IV.12 and Figure IV.13). Additional, more systematic experiments should be performed in order to confirm and quantify this effect.

One may also wonder about the long term properties. Even if the molecular mass does not affect the short-term properties such as Young's modulus or yield stress under uniaxial tensile testing, it does not mean that fatigue or creep resistance may not be affected by the molecular mass. This was not the topic of the present study but it is of course a major issue for the usage properties of engineering plastics and composites [25].

III.2. Poisson's coefficient

When a material is stretched in one direction, it usually exhibits a contraction effect in the directions transverse to the stretching axis. This phenomenon is called the Poisson's effect. The Poisson's coefficient, ν, is defined by the expression:

𝜐 = - 𝜀 ⊥ 𝜀 ∥ (E IV.3)
Where 𝜀 ∥ is the axial strain parallel to stretching and 𝜀 ⊥ is the transverse strain, in the linear regime. The Poisson's coefficient of PA6 is reported to be ν = 0.39 at room temperature [26]. For tensile tests above T g , the present data for the Poisson's coefficient are in the range 0.35 < ν < 0.5 and seem to depend linearly of the crystallinity index (Figure IV.17). For low X c , the Poisson's coefficient is close to 0.5, meaning that the mechanical behavior is close to that of a rubber. This is consistent with the fact that at this temperature, the amorphous state is in rubbery state and that crystallinity is rather low. For high X c , the Poisson's coefficients decreases to an average value ν  0.4. In this case, the crystalline network affects the mechanical behavior at small deformations. Indeed, depending on the crystallinity index, the crystalline fraction in the sample may form or not a percolating network and thus affect differently the mechanical behavior.

Due to a problem of freezing over the window of chamber of the tensile machine at T = -10°C, capturing the sample image by the videometric device turned out to be very difficult, preventing accurate measurements of the Poisson's coefficient at this temperature.

III.3. Issues

Differences of mechanical behavior have been observed depending on temperature and processing conditions. Above T g , the crystallinity index seems to be of prime importance. However it does not seem to be the only criteria. The nature of the crystalline phase could indeed have an important part to play. Furthermore, for tensile tests below T g , crystallinity index is no more the major criteria. The differences of mechanical behavior of the various samples can no longer be explained by a difference of crystallinity index only. The nature of the crystalline phase as well as the morphology of the structure (difference of long period for example) should also be included in the discussion. Indeed, as reported in the literature, it seems that the β phase is more ductile than the α phase, probably due to a lower density and a lower cohesiveness. In order to progress in the understanding of the mechanical behavior of PA6 in relation to microstructure, different scales of the microstructure should be investigated during tensile tests. In this aim Small-and Wide-Angle X-ray Scattering experiments (SAXS and WAXS) have been performed in-situ during tensile tests, as reported in chapters V and VI.

As said above, as no clear influence of the molecular mass has been evidenced, further work has been focused only on the higher molecular mass samples, i.e. the 31K PA6 samples. 

Introduction

The results of tensile tests reported in the previous chapter have shown that there are major differences of behavior between samples, and especially between samples containing predominantly β or α phase. The effect of the crystallinity index was also discussed. Thus, an in-situ characterization in "real time" was performed: tensile tests were investigated by combining Small and Wide Angle Xray Scattering (SAXS and WAXS) in order to understand the differences observed at the macroscopic scale. Results concerning the elastic strain domain are reported in this chapter.

As no major effect of the molecular mass has been evidenced in the previous chapter, this study is focused on 31K samples. The list of samples is summarized below in Table V.1. As for macroscopic tensile tests, in-situ tests were done at two temperatures. Above T g , the choice was 120°C. Below T g , the choice was initially -10°C and this is this temperature which was used for WAXS in-situ tensile tests. Due to technical problems (scattering of rime), SAXS experiments were done at 0°C. However, using -10°C or 0°C does not change the mechanical behavior. Indeed, as explained in chapter II and depicted in Figure II.19, the whole temperature interval [-30°C; 0°] can be considered to correspond to a minimum of loss factor. Working with the same temperature allows comparing the results obtained at macroscopic and microscopic scales.

As said, this chapter is focused on the elastic strain domain. The plastic strain domain (beyond the yield) will be discussed in chapter VI. The in-situ tensile study is performed in the aim of understanding the deformation mechanisms. However X-ray techniques do not allow following all the morphology scales: lamellae and crystalline planes can be analyzed but not the spherulite structure. Indeed, information on orientation of lamellae planes are obtained but not their location in spherulites.

In order to follow the different parts of the material which are deformed, the following convention has been adopted. Lamellae in general are defined by three distinct directions, the direction of their normal 𝑛 ⃗ and two growth directions, 𝑔 1 ⃗⃗⃗⃗ and 𝑔 2 ⃗⃗⃗⃗ (not necessarily orthogonal), in the plane of the lamella. In general, growth is faster in one direction called 𝑔 1 ⃗⃗⃗⃗ and lamellae have biaxial shape as depicted in Figure V. 

I. Elastic strain domain at the scale of lamellae, studied by SAXS

In SAXS experiments, only the orientation of normals to lamellae stacks are detected since lamellae scatter only along their normal. The structure within the plane (crystallographic unit cell, growth direction) is not detected. Thus, in a first step, lamellae may be described as planes with no preferred direction or no shape anisotropy within the plane, assuming lamellae planes are large enough with respect to the period of the lamellae stacks. With this assumption, they have the symmetry of cylindrical disk. This assumption will be discussed when discussing WAXS patterns. 

I.1. SAXS protocol

Uniaxial tensile tests are performed as described in chapter II ( §III.3) at a strain rate 𝜖̇ = 1.25 .10 -4 s -1 for T = 0°C and 𝜖̇ = 5.10 -4 s -1 for T = 120°C. During tensile tests, a 2D SAXS pattern is taken every 0.25% of deformation at T = 0°C and every 1% of deformation at T = 120°C, as shown in Figure V.6. 2D SAXS patterns are collected and treated as described in chapter II ( §II.3). Each lamella stack scatters parallel to its normal and as every lamellae scatter and the material is isotropic, scattering occurs in every direction giving the pattern of a ring. The maximum of intensity corrected by Lorentz's factor as a function of the scattering vector q allows determining the long period as described in chapter II ( §II.3).

The vertical direction on 2D SAXS patterns is parallel to the tensile direction (TD). Scattering in the vertical direction corresponds to the lamellae with the normal parallel to the tensile direction, which according to the previous notation, belong to the family of "equatorial" lamellae. Scattering in horizontal direction corresponds to lamellae with 𝑛 ⃗ horizontal.

I.2. Local strain of horizontal lamellae (ψ = 0°)

During the deformation the scattering ring, initially perfectly circular, tends to become an ellipse with the long axis horizontal, larger than initial ring diameter, and the short axis shorter than initial ring diameter. This means that, during the tensile tests, the long period L p contracts for lamellae with horizontal 𝑛 ⃗ and it expands for lamellae with 𝑛 ⃗ along TD, as depicted in Figure V.6. Also the intensity becomes modulated along the azimuthal angle ψ.

Figure V.6: Scheme of SAXS patterns during tensile test with the correspondence to lamellae position

For clarity, the local strain defined by the relative variation of long period ΔL p /L p will be first discussed specifically for horizontal lamellae, i.e. lamellae with ψ = 0°, which have their normals along the tensile direction. Note that these lamellae belong to equatorial lamellae. The variation of the local strain with the azimuthal angle for various macroscopic strain will be lately discussed in §I.3. Finally, the modulation of intensity along the azimuthal angle ψ, related to the distribution of orientation of the lamellae will be discussed in § I.4.

I.2.1. Experimental data

By analyzing the SAXS patterns taken at different macroscopic strains, it is possible to determine the variation of the long period L p as a function of the angle between 𝑛 ⃗ and TD and the macroscopic strain. However, as mentioned earlier, we will first focus on horizontal lamellae (corresponding to vertical scattering direction) which are submitted to pure tensile stress along their normals. Thus, we will first measure the variation ΔL p of the long period in vertical direction (corresponding to the direction of tensile axis). The local strain is defined as ΔL p /L p . The local strain for equatorial lamellae as a function of engineering strain is plotted for the two temperatures of tensile tests in Figure V.7, for the various samples.

Let us first discuss the effect of macroscopic strain on the variation of long period. For both temperatures, at the beginning there is a linear regime of variation then a change of behavior happens. The change of behavior is defined by a limit, as depicted in Figure V.7. The extent of this linear domain is very roughly similar in all samples but depends quite strongly on temperature. This linear regime roughly corresponds to the elastic domain (see Figure V.4) for both temperatures. For T < T g , the limit corresponds roughly to ε = 0.06 to 0.08 whereas for T > T g , it corresponds to ε = 0.2. Below the glass transition, it is worth noticing that cavitation occurs but the central diffusion from the cavities is considered to be negligible below ε  0.06-0.08. The cavitation will be discussed in chapter VI. Anyway, the presence of voids does not impact the measurement of the long period. The slope of the curves in the linear regime gives the ratio of the local strain to the macroscopic strain, as defined below:

𝜀 𝑙𝑜𝑐𝑎𝑙 𝜀 𝑚𝑎𝑐𝑟𝑜 = ∆𝐿 𝑝 /𝐿 𝑝 𝜀 𝑚𝑎𝑐𝑟𝑜 (E V.1)
Beyond the limit of the elastic domain defined above, the microscopic strain strongly deviates from the linear behavior. This deviation will be analyzed in chapter VI. Looking now in more details on the behavior of the various samples, a difference between the set of A200, A215 and I213 samples (containing predominantly α phase) and the set of INJ and JA samples (β phase) is observed in the elastic domain below glass transition, as shown in Figure V.7a. In the INJ and JA samples, the local strain is almost equal to the macroscopic strain (ratio close to one), while it is significantly lower (slope of the order 0.4) in the A200, A215 and I213 samples. This indicates that it is the predominant phase which plays the predominant role. Indeed, both A200 and INJ samples contain a minor fraction of γ phase in addition to α and β respectively, but behave in a way similar to samples with α phase and β phase respectively. In contrast, above T g , there is no clear, systematic difference between the two sets of samples in the elastic domain, as shown in Figure V.7b. All samples have a local strain significantly smaller than one, with a ratio of the order 0.4 to 0.5.

Let us now discuss the effect of temperature. The way in which samples order according to their local strain values (the slopes of the curves in Figure V.7) changes and even inverts on going from below (T = 0°C) to above glass transition. Indeed, the following order is found below T g , from smaller to larger variation of long period: I213, A215, A200, JA and INJ. Above T g , the reverse order, from INJ to I213 sample, is found. The non-linear deviations beyond the limit of the elastic regime are also very different at 0°C and at 120°C. At T = 0°C, INJ and JA samples do not seem to feel the transition of the yield stress, corresponding to the limit. This domain of strain will be further analyzed in chapter VI .Above T g , there are also differences in behavior beyond the elastic limit. They will also be studied in chapter VI.

The above observations on the effect of temperature on the mechanical behavior of the various samples are summarized in As already noticed; at 120°C, all samples have a ratio smaller than one (between 0.35 and 0.55). However at 0°C, A200, A215 and I213 (containing α phase) still have a ratio strictly smaller than one whereas for INJ and JA samples (containing β phase) the ratios are close to one.

I.2.2. Discussion

Differences in the measured local strain suggest that samples with different crystalline phases have different mechanisms of deformation. Moreover, temperature has a different effect according to the crystalline phase. Indeed, samples with α phase (A200, A215 and I213) do not seem sensitive to the change of temperature, the ratio always being around 0.5, whereas there is a strong effect for the samples containing β phase (JA and INJ), as the ratio is close to one at low temperature (below T g ) and decreases by a factor nearly two at high temperature (above T g ).

These results are coherent with results observed on other polyamides, with some difference however. In the work by Hussein [1] on injected PA66 (X c ≈ 0.33), a ratio ε local /ε macro of about 0.5 was found at T = 150°C (i.e. above T g ) and about 2 at T = 23°C (below T g ) for lamellae perpendicular to the tensile direction (with their normals along the tensile direction). This is somehow comparable to our injected sample, which shows a significant drop of the ratio ε local /ε macro as well on going from below T g to above T g . On the other hand, tests done on injected PA11 have evidenced a ratio around 0.5 at T = 120°C and a ratio around 1.2 at T = 0°C. This difference between PA6 and PA11 could be due to the strength of relaxation: there is a higher drop of elastic modulus after the glass transition for PA6 than PA11. In any case, the study on ratios ε local /ε macro shows that polyamides behave in the same way above T g but below T g , crystalline phases seem to have an impact. However, this is not our goal to study crystalline phases in other polyamides and furthermore we lack of data on the materials tested.

Measuring a ratio smaller than one means that the local strain is smaller than the macroscopic strain, or, in other words, that horizontal (equatorial) lamellar stacks are less deformed than the macroscopic sample. This is an important result in this work. Several hypotheses may explain this behavior:

-The local modulus (in the equator of spherulites) is larger than the average sample modulus -The stress is smaller than the average stress: a load transfer could have happened for example -The state of stress is different: for example instead of having only tensile state, shear could be present.

These various hypotheses may be rationalized in the following way. Let us model a horizontal lamellar stack by stacking of thin disks alternatively of crystalline and amorphous phases. Above T g , the modulus of the amorphous phase is much smaller than that of the crystalline phase (2 to 3 orders of magnitude lower). A disk of amorphous phase behaves as an elastomer disk glued on two rigid substrates (the adjacent crystalline lamellae), submitted to tensile stress (see Figure V.9). As this elastomer disk cannot fully contract in the horizontal plane because it is attached to the crystalline lamellae, the tensile normal force is amplified by a mechanical mechanism similar to lubrication effect [2] [3]. This results in an amplified effective Young's modulus. Various regimes are described by various expressions, depending on the aspect ratio R/L a of the stretched amorphous layer (where L a is the thickness of the amorphous layer and R the lateral dimension of lamellae), for instance [2] [3] [4]:

𝐸 𝑒𝑓𝑓 ≅ 𝐸 [1 + 1 2 ( 𝑅 𝐿 𝑎 ) 2 ] (E V.
2) where E is the Young's modulus of the elastomer disk (i.e. of the amorphous phase). If R/L a becomes even larger, the effective modulus becomes 𝐸 𝑒𝑓𝑓 ~𝐸/(1 -2𝜈), which is comparable to the bulk modulus. The same effect (amplification of the effective Young's modulus) is present for vertical lamellae, which are submitted to compression. Above T g , the shear modulus of the amorphous phase is much lower than the average modulus of the material. Lamellar stacks which are at an angle with respect to the tensile direction can be sheared easily (see Figure V.9). This picture explains the main observations: -Above T g , the effective modulus for horizontal (and vertical) lamellae is amplified, and therefore the strain in horizontal and vertical lamellae is decreased, while this lower strain is compensated by large shear strain in inclined lamellar stacks. This shear strain, however, is not detected in SAXS experiments.

-This effect is less pronounced or not present when the contrast of moduli between amorphous and crystalline phases becomes close to one, which may be the case for the sample with β phase below T g .

I.3. Local strain as a function of orientation

In the previous section, the local strain ΔL p /L p was analyzed for lamellae at ψ = 0° corresponding to the tensile direction TD, i.e. horizontal lamellae. In order to see if the deformation inside the spherulite is heterogeneous or homogeneous, let us now generalize the previous investigation for the entire sample, i.e. for the full distribution of lamella orientation as a function of azimuthal angle ψ. The long period L p has been measured for all azimuthal angles in the 2D SAXS patterns, that is for all lamellae orientation, for various macroscopic strains.

In the previous study, INJ and I213 samples represent the limiting behaviors of our polyamide samples. Thus, the generalization has been done for these two samples only, above and below glass transition. First, we start by presenting the method and the results on the behavior of the local strain observed in SAXS.

I.3.1. Experimental data

Corrections on 2D SAXS patterns were done in order to obtain the long period as explained before (see chapter II). However, extra corrections need eventually to be done concerning azimuthal data. In some cases, when treating the data, an azimuthal modulation with a period 360° appears. It is already present in the initial state and superposes to the additional modulation induced upon stretching. Note that the modulation induced upon stretching must have a period of 180°, due to the center symmetry of the pattern. We believe that this initial modulation is mostly due to a slightly imperfect determination of the center beam (since the incident beam at the synchrotron tends to drift along time). This artefactual modulation is shown in Figure V.10. To correct this artifact, we simply subtract the modulation in the initial state for each experiment. As a result, all successive patterns exhibit a nice 180° periodicity, as it should be. In contrast, the local strain in sample INJ (with β phase) is affected by temperature. Indeed, the variation of long period is larger below the glass transition, as shown in Figure V.14, even for lower value of strain ε. This shows a major difference between samples with α and β phases. This may possibly allow an explanation on the macroscopic mechanical behavior as already reported. 

I.3.2. Analysis of local strain

We now analyze in more details the variation of the long period ΔL p /L p as a function of the azimuthal angle ψ.

In a homogeneous material stretched with the tensile direction in the direction of axis Oz, the deviatoric stress tensor is:

𝜎 ̿ = [ 0 0 0 0 0 0 0 0 𝜎 𝑧𝑧 ] (E V.3)
If the material is uniformly deformed, the deformation tensor u ij (i,j = x,y,z) is related to the stress tensor  ij by the general constitutive law of elasticity [5]:

𝑢 𝑖𝑗 = 1 𝐸 [(1 + 𝜈)𝜎 𝑖𝑗 -𝜈𝜎 𝑘𝑘 𝛿 𝑖𝑗 ] (E V.4)
where E is the Young's modulus and  the Poisson's modulus. Implicit summation over repeated indices (Einstein's convention) has been used in Eq. V.4. This gives here:

{ 𝑢 𝑥𝑥 = 𝑢 𝑦𝑦 = - 𝜈 𝐸 𝜎 𝑧𝑧 𝑢 𝑧𝑧 = 𝜎 𝑧𝑧 𝐸 𝜎 𝑧𝑧
(E V.5) Considering a small vector 𝑑𝑟 ⃗⃗⃗⃗ in the material of length dl with an azimuthal angle  with respect to the tensile direction (axis Oz), its components are [5]: { 𝑑𝑥 = 𝑑𝑙 sin 𝜓 cos 𝜑 𝑑𝑦 = 𝑑𝑙 sin 𝜓 sin 𝜑 𝑑𝑧 = 𝑑𝑙 cos 𝜑 (E V.6) 𝑑𝑟 ⃗⃗⃗⃗ will be distorted into 𝑑𝑟′ ⃗⃗⃗⃗⃗ of components dx' i and length dl' (see Figure V.15). dl' is given by the general relation:

𝑑𝑙′ 2 = 𝑑𝑙 2 + 2𝑢 𝑖𝑗 𝑑𝑥 𝑖 𝑑𝑥 𝑗 (E V.7) 123 
Substituting Eqs. V.5 and V.6 into Eq. V.7, it gives:

𝑑𝑙′ 2 = 𝑑𝑙 2 [1 -𝜈 2𝜎 𝑧𝑧 𝐸 sin 2 𝜓 + 2𝜎 𝑧𝑧 𝐸 cos 2 𝜓]
(E V.8) Which may be rewritten (writing 𝜎 = 𝜎 𝑧𝑧 ):

𝑑𝑙′ 2 = 𝑑𝑙 2 [1 + 2 3 𝜎 𝐸 (1 -2𝜈) + 4 3 𝜎 𝐸 (1 + 𝜈) ( 3cos 2 𝜓 -1 2 )]
(E V.9) And for small distortions:

𝑑𝑙 ′ = 𝑑𝑙 [1 + 1 3 𝜎 𝐸 (1 -2𝜈) + 2 3 𝜎 𝐸 (1 + 𝜈)𝑃 2 (cos 𝜓)]
(E V.10) where 𝑃 2 (cos 𝜓) is the second order Legendre polynomial: 𝑃 2 (cos 𝜓) = 3cos 2 𝜓 -1 2 (E V.11) Thus, identifying the relative variation ∆L p /L p (the local strain) to the relative length variation (𝑑𝑙 ′ -𝑑𝑙)/𝑑𝑙 would give for a homogeneous deformation, as a function of the azimuthal angle :

Δ𝐿 𝑝 𝐿 𝑝 = 𝜀 3 [(1 -2𝜈) + 2(1 + 𝜈)𝑃 2 (cos 𝜓)]
(E V.12) where  = /E is the macroscopic strain. Note that for an incompressible material ( = 1/2), the following relation is recovered as expected:

Δ𝐿 𝑝 𝐿 𝑝 = 𝜀𝑃 2 (cos 𝜓) Experimental results may now be compared to Eq V.12. Fitting the measured curve ∆L p /L p with Eq. V.14 and comparing with Eq. V.12 thus gives a comparison between the measured local strain and the expected value in a homogeneous (uniform) deformation. Therefore, it shows how much the local deformation deviates from uniform deformation. (231 cos 6 𝜓 -315 cos 4 𝜓 + 105 cos² 𝜓 + 5)

(E V.13)
(E V.15)
According to Eq. V.12, in a homogeneously deformed material, only the terms up to second order (i.e. the coefficients p 0 and p 2 only) should be non zero.

In addition, by comparing Eqs. V.12 and V.14, the Poisson's ratio (the ratio between the transverse strain 𝜀 ⊥ (ψ = 90°) and the axial strain 𝜀 ∥ (ψ = 0°)) is given by

𝜈 = - 𝜀 ⊥ 𝜀 ∥ = - (2𝑝 0 -𝑝 2 + 3𝑝 4 4 ) 2(𝑝 0 + 𝑝 2 + 𝑝 4 ) (E V.16
) As p 4 is much smaller than p 2 , it may be neglected, and finally, the following expression is obtained:

𝜈 = - 𝜀 ⊥ 𝜀 ∥ = - (2𝑝 0 -𝑝 2 ) 2(𝑝 0 + 𝑝 2 ) = (1-2𝑝 0 /𝑝 2 )
2(𝑝 0 /𝑝 2 + 1) (E V.17) When the Poisson's ratio ν is equal to 0.5 (incompressible, rubbery behavior), p 0 should be zero.

Note that the apparent Poisson's ratio, defined in Eq. V.17 corresponds to a comparison between the strains 𝜀 ⊥ and 𝜀 ∥ measured in different lamella stacks (or crystals in the context of WAXS, see §II.3). This is different from the actual Poisson's ratio of one lamella stack (or crystal). In such condition, it may be possible to observe values of the apparent Poisson's coefficient which are theoretically forbidden in elasticity (ν > 0.5 or ν < -1).

Thus, the knowledge of the coefficients p 0 , p 2 and p 4 provides some understanding of the mechanisms of deformation [6]. Experimental data were adjusted with series expansion Eq. V.14 up to fourth order, as shown in Figure V.17. Indeed, p 4 has a significant impact on the fit and it is clearly better to fit with Legendre polynomials of fourth degrees (see Figure V.17 Finally, the presence of a non-zero p 4 coefficient is related to a deviation with respect to homogeneous deformation, which would contain only p 0 and p 2 , as discussed above. However, as p 4 remains relatively small, it indicates that the deformation of the lamellae systems is relatively homogeneous through the material. This is particular true, in the case of INJ sample at T = 0°C, as p 2 corresponds to the macroscopic strain. 

I.4. Orientational distribution of lamellae (SAXS investigation)

In the previous section, we have characterized the variation of the long period during tensile tests. In addition, as a result of sample deformation, the distribution of orientation of lamellae (supposed to be isotropic in the initial, overall isotropic state) becomes anisotropic. Experimentally, this is evidenced by the fact that the intensity becomes anisotropic. The anisotropy of the distribution of orientation of lamellae can be studied quantitatively to fully characterize the local deformation in the stretched samples.

In SAXS experiments, scattering occurs in the direction of the normal to lamella surfaces. An enhancement of the ring intensity is generally observed in the vertical directions (parallel to the tensile direction). This means that, in the stretched state, there is an excess of lamellae with their normals oriented in the vertical region, that is, parallel to the stretching direction (i.e. lamellae with their larger surface perpendicular to the stretching direction, or horizontal lamellae), and conversely a relative deficit of lamellae with their normals perpendicular to the stretching direction, meaning vertical lamellae.

I.4.1. Experimental data

To characterize the distribution of orientation of the lamellae as a function of the macroscopic strains, we must analyze the distribution of intensity of the lamellar peak (corresponding to the long period), corrected by Lorentz's factor, as a function of the azimuthal angle ψ.

In order to obtain the amplitude quantitatively, we have used the log-normal intensity profile used for determining the long period, as described in chapter II ( §II.3), as defined below:

𝑓(𝑞) = 𝐼 0 + 𝐴 𝑞𝑤√𝜋 exp (-( 𝑙𝑛(𝑞/𝑞 𝑚𝑎𝑥 ) 𝑤 )
2

)

(E V.
18) The amplitude corresponds to the A parameter, with I 0 set to zero.

Finally, as we want to see the effect of orientation, the amplitude A obtained by the fit is corrected from the influence of the initial state and the drift of the center beam, as already explained in §I. As this orientation is stronger as the strain increases, it means that more and more normals of lamella orient parallel to the tensile direction.

Above T g , the effect of orientation is more complex and less pronounced (see Figure V.20b). For I213 sample (α phase), the normal orientation is found to be favored for ψ = 90° at ε = 20%, just below the yield point. This observation corresponds to a change of behavior for the I213 sample above T g , as compared to the behavior below T g . For the INJ sample at 120°C, the amplitude is nearly independent of the azimuthal angle, which is different from what has been observed at T = 0°C. Note that the very small, relatively narrow peaks observed in the INJ sample at 120°C around  = 70 and 250° are due to imperfect subtraction of the curve in the initial state, which itself shows significant anisotropy in that case. 

I.4.2. Analysis of orientational distributions of lamellae

We now analyze in more details the distribution of orientation of lamellae, which is reflected in the variation of the scattered intensity as a function of the azimuthal angle ψ. At 0°C (below T g ), it has been observed that the lamellae tend to orient under tensile strain with their normal along the stretching direction, that is, the surface of the lamellae have a tendency to become perpendicular to the stretching direction. The most straightforward way to analyze this observation with a homogeneous deformation is to consider affine deformation of the lamella normals, as schematized in Figure V.22. Possible mechanisms leading to such type of deformation will be discussed later in §III.

Let us consider now that the vector 𝑑𝑟 ⃗⃗⃗⃗ is along the chain within a crystalline lamella, that is along the normal to a lamella 𝑛 ⃗ . So, the local deformation of a lamella can be schematized as in The Cartesian coordinates (x, y, z) of 𝑑𝑟 ⃗⃗⃗⃗ in a frame with z axis along the tensile direction. After affine deformation, the coordinates are changed to (x ′ = λ -1 2 x, y ′ = λ -1 2 y, z ′ = λz), where λ = L/L 0 = 1 + ε is the stretching ratio, as depicted in Figure V.22. The angle ψ between 𝑑𝑟 ⃗⃗⃗⃗ and the tensile direction is given by tan ψ = (x 2 + y 2 ) 1 2 /z. It is changed into ψ' given by tan ψ ′ = (x ′2 +y ′2 ) 1 2 z ′ = λ -3/2 tan ψ. In the initial, supposedly isotropic state, the density Φ 0 of lamella (i.e. of lamella normals) on the unit sphere is uniform. It is related to the total number 𝑁 of lamellae within the scattering volume: Φ 0 = 𝑁/(4𝜋). The number of lamella normals in the interval of angle [𝜓, 𝜓 + 𝑑𝜓] is 𝑛(𝜓)𝑑𝜓 = 2𝜋Φ 0 sin 𝜓 𝑑𝜓.

In the deformed state, the number of lamella within the interval [𝜓′, 𝜓′ + 𝑑𝜓′] is given by 𝑛′(𝜓 ′ )𝑑𝜓′ = 𝑛(𝜓)𝑑𝜓. Calculation gives:

𝑛 𝜆 (𝜓 ′ ) = 2𝜋Φ 0 𝜆 3 sin 𝜓 ′ (cos 2 𝜓 ′ +𝜆 3 sin 2 𝜓 ′ ) 3 2 (E V.20)
The subscript λ indicates that the deformed distribution depends of course on the value of λ.

It follows that the density of lamellae on the unit sphere in the deformed state (which depends only on the angle ψ' is given by:

Φ 𝜆 (𝜓 ′ ) = Φ 0 𝜆 3 (cos 2 𝜓 ′ +𝜆 3 sin 2 𝜓 ′ ) 3 2 (E V.21)
Conservation of the scattering volume under stretching has been assumed. The effectively measured intensity comes from lamellae which are in position of reflection. It corresponds to the intersection of the sphere with the Ewald sphere (of thickness δ), which in the small angle limit, is identical to the plane of the detector (see Figure II.6 of chapter II). The intensity measured in the initial isotropic state is 𝐼 = 𝐹Φ 0 𝛿, independent of the azimuthal angle ψ (where F is an arbitrary normalization factor). In the stretched state, it is 𝐼(𝜓) = 𝐹Φ 𝜆 (𝜓)𝛿 in which Φ 𝜆 (𝜓) is given by Eq. V.21.

Intensities calculated from Eq. V20 are plotted in Conservation of the scattering volume has been assumed. In fact, the sample thickness varies a little bit under stretching. This has two consequences which modify the measured intensity: -Decrease of sample thickness e results in a decrease of the scattering volume eΦ 𝑋 (where Φ 𝑋 is the cross section area of the X ray beam), which shall decrease the scattered intensity accordingly. -Decrease of sample thickness results in a decreased absorption, which shall lead to an increase of the measured intensity.

Let us now discuss the fitting of experimental data. We focus on the fit and the Legendre's coefficients. The fit has only been performed on the INJ and I213 samples below T g and only for the INJ sample above T g as the normals of I213 prefer to orient at ψ=90. 

II. Elastic strain domain at the scale of crystalline unit cell, studied by WAXS

To investigate deformation mechanisms at the scale of the crystalline unit cell (i.e. as seen from inside crystalline lamellae), in-situ WAXS measurements were combined with SAXS measurements presented above. 

II.1. WAXS protocol

As explained before, a slightly different temperature was chosen (T = -10°C instead of 0°C) for the tests at low temperature (below T g ). The macroscopic stress-strain curves are similar to those depicted in Figure V.4. Indeed, as said previously, there is no significant change on the strain-stress curves between T = 0°C and -10°C, as this interval corresponds to a broad minimum of G'', which means that no mechanical relaxation process occurs within this temperature interval. 

II.2. Crystal strain in vertical scattering direction (ψ = 0°)

Let us first focus on the change of distance for vertical scattering, along the tensile direction (TD). As mentioned just above, this corresponds to families of planes which are almost in pure tensile strain. The effects of temperature as well as the effect of crystalline phase on the variation of d as a function of the macroscopic strain  in the vertical scattering direction are shown in Figure V.29. For both crystalline phases, the temperature plays a major role. Above T g , the modulus of the amorphous phase drops down to a value much lower than crystalline phase. Thus, it is the amorphous phase which deforms more and that is why the crystal strain 𝜀 𝑐𝑟𝑦𝑠𝑡𝑎𝑙 is lower above T g than below T g . Below T g , the difference of modulus between amorphous and crystalline phase is lower: this means that below T g , the crystalline phase deforms more than above T g , i.e. the crystal strain below T g is higher than above T g for a same macroscopic strain. For the I213 sample, with α phase, the effect of temperature is stronger than for the INJ sample (β phase). Now if we compare the impact of the crystalline phase at a same temperature, the crystal strain is always higher for β phase than α phase: this means that α crystals are more rigid than β crystals. Thus, this result gives a direct evidence that the β crystalline phase is more ductile than the α phase. A comparison of the responses of α phase has been made for A215 and I213 samples, as shown in Figure V.30. For tensile tests below the glass transition, almost the same curves are observed in the linear regime. This result shows that at -10°C, the α phase is submitted to the same local stress in both samples. However there is a slight difference for tensile tests above the glass transition. Indeed, even though the general trend is the same, the crystal strain is a little bit smaller in the I213 sample than in A215. This difference could be due to:

-The rigidity of the crystal. Indeed in I213 sample, the crystalline perfection is higher and it could give a more rigid crystal, with local deformations of smaller amplitude for a given macroscopic strain/stress, meaning a smaller variation of d.

-The effect of the morphology and/or crystal/amorphous coupling. In this case the crystal would have the same rigidity, but would be placed in a different surrounding, which would result in a different local stress. Indeed, doing an isotherm or an annealing can affect the microstructure like for example the number of tie molecules, as reflected in the differences in long period L p (see Chapters III and IV).

However, testing these hypotheses would require additional experiments. 

II.3. Azimuthal distribution of crystal strain (WAXS investigation) II.3.1. Experimental results

As in the case of the local strain measured by SAXS, we now investigate the azimuthal distribution of crystal strain.

As already mentioned above, for samples with α phase, the crystal strain Δd/d has been measured for the inner scattering ring, corresponding to (200) lattice planes. For the sample with β phase, there is only one broad ring and it corresponds to all (002), ( 200) and ( 2 ̅ 02) planes, which are all equivalent.

The crystal strain Δd/d is plotted as a function of azimuthal angle ψ for both the INJ and I213 samples in 200)+( 2 ̅ 02) planes (for β phase) are under maximum tensile load at these positions. Furthermore, it shows that the amplitude of the crystal strain is higher for INJ than I213 samples whatever the temperature, which is still in good agreement with the β phase being more ductile than the α phase. The effect of the temperature is now further analyzed for both samples as shown in Figure V.32. In each case, the amplitude of the crystal strain is higher for tensile tests below T g , at T = -10°C. This means that the rigidity of the crystal is either directly affected by the temperature or either the surrounding of the crystal is affected by temperature and modifies the local stress. As said previously, it is impossible to know which effect is predominant at this stage. 

II.3.2. Analysis of the results

Curves showing the crystal strain as a function of the azimuthal angle have been fitted with a Legendre polynomials expansion limited to 4 th degree (see Eq. V. On the contrary, I213 sample and so α crystal behaves differently according to the temperature. Below T g , ν value is close to 0.1 meaning that crystals giving vertical scattering (crystals with horizontal (200) planes) are submitted to larger stress than crystals giving horizontal scattering (vertical (200) planes). It indicates in this case that the stress/strain state is not homogenous in the material. Above T g , ν value decreases from 1 to 0.5, meaning that at first the vertical crystals are as stretched as the horizontal crystals are contracted. Observing values of the apparent Poisson's coefficient for the crystals very different from the macroscopic value, indicates that for I213 sample the stress/strain state is far from homogenous in the material.

Once again, the difference of behavior between α and β crystals is enhanced in 

II.4. Orientational distribution of crystalline planes, studied by WAXS

We now analyze the orientation of the crystalline planes at various macroscopic strains, still in the elastic domain. For that, the intensity is plotted as a function of azimuthal angle. However the intensity is plotted for each define crystalline peak. To illustrate the cases of samples with β or α crystalline phase, we will show results for the INJ (β phase) and I213 (α phase) samples. The effect of temperature has also been investigated in both cases. The case of sample with β phase will first be discussed. The corrected intensity 𝐼 𝜓 𝑓 which is plotted corresponds to one ring and was corrected as follow (see chapter VI §I.1 and §I.2 for further information concerning the definition of the scattering domain):

𝐼 𝜓 𝑓 = 𝐼 𝜓 -𝐼 𝜓 𝑖𝑛𝑖 + 𝐼 𝜓 𝑖𝑛𝑖 𝑎𝑣 (E V. 25) with 𝐼 𝜓 the raw (uncorrected) intensity of a stretched sample 𝐼 𝜓 𝑖𝑛𝑖 the intensity of the sample at initial state 𝐼 𝜓 𝑖𝑛𝑖 𝑎𝑣 the average intensity of the sample at initial state This correction allows avoiding problems of possible initial orientation of the sample: it takes into account only the stretching. It is reminded that ψ=0° corresponds to vertical scattering, meaning along TD.

II.4.1. Case of INJ sample, with β crystalline phase

The β phase has a pseudo-hexagonal, relatively weakly ordered crystalline structure, with only one relatively broad peak corresponding to lattice planes of Miller indices (h0l) (h ± 2, l ± 2). This indicates that all directions perpendicular to chain axis (axis 𝑏 ⃗ of the crystalline unit cell) are roughly equivalent. The observed 2D patterns at initial state and just beyond the yield stress are shown in Figure V.35, as well as the correspondence between the planes and the crystalline lattice. The intensity corresponding to the broad peak is plotted as a function of azimuthal angle in Figure V.36, at various macroscopic strains, for tensile tests below and above the glass transition. Whatever the temperature, peaks centered at ψ = k π 2 \k ∈ {1,3} (horizontal scattering) are observed. This preferential orientation indicates that (h0l) (h ± 2, l ± 2) crystalline planes have a tendency to orient parallel to TD. As the chain axis is parallel to these planes, it also means that chains within crystallites have a tendency to orient parallel to TD. It is worth noticing that the effect of orientation seems more affected by the drawing ratio than by the temperature: for a given strain value, the amplitude of the intensity modulation is nearly the same at both temperatures, i.e. below and above T g . The deformation mechanisms which correspond to these situations will be discussed in §III. The deformation mechanisms which correspond to these situation will be discussed in §III.2.2 in parallel with SAXS observations.

III. Discussion: deformation mechanisms under stretching in the elastic regime

The discussion in this part allows reuniting the SAXS and WAXS observations described above and proposing mechanical models. Furthermore, both in SAXS and WAXS, changes in lamellar spacing and orientation or changes in crystalline lattice planes are detected as a function of lamella or crystal orientation. Here we discuss the connection to the spherulitic morphology.

First, one has to remind that observations made in SAXS or WAXS do not represent the entire populations of lamellae or crystalline planes but only those which are in Bragg's conditions for scattering. However, since the tensile experiment has uniaxial symmetry, it is relatively easy to infer the global distributions from scattering patterns.

In samples with predominantly β phase, the deformation is qualitatively described by affine deformation of the lamella normals. Lamellae tend to orient perpendicular to TD. The tensile strain in lamellar stacks perpendicular to TD is lower than the macroscopic tensile strain, which must be compensated by increased shear in inclined stacks. In samples with predominantly α phase, morphology changes are more complex. In a first step, some lattice planes orient perpendicular to TD, which implies that chains are perpendicular to TD. Beyond yield, lamellae reorient with their normal perpendicular to TD, thus chains themselves become parallel to TD, leading to a highly oriented fibrillar morphology.

III.1. Models

III.1.1. "Chain network' model (CN)

In polyamides, the crystallinity index is generally relatively low. In our PA6 samples, it is roughly between 25 and 35%. At low crystallinity index, a semicrystalline material may be described as a dispersion of crystalline entities or inclusions (lamellar stacks) embedded within a matrix of amorphous phase.

In the "chain network" model, the subchains between lamellae, acting as tie molecules, play the predominant role and transmit the stress. When submitted to a tensile load, chains are stretched. Crystalline parts of the chains (which are perpendicular to lamella surfaces) tend to orient along the tensile direction and thus exert a torque on crystalline lamellae, which tend to orient the normal to lamella surfaces parallel to tensile direction. This deformation process is schematized in Figure V.40.

In this process, lamellae follow the motion of chains and tend to orient towards the equator. In the initial (undeformed) state, the material is supposed to be isotropic, both in terms of lamellar spacing and orientational distribution of crystalline lamellae.

Horizontal lamellar stacks (located in the equator of spherulites) are submitted to pure tensile stress, which results in an increase of the long period L p . Vertical lamellar stacks (which may be located either in the equator or in the polar regions of spherulites, see Figure V.1) are submitted to compressive stress, which results in a decrease of L p .

In order to orient towards horizontal orientation, initially inclined lamellae stacks undergo both rotation and shear (shear cannot be detected in our scattering experiments, however). -In WAXS, main diffraction peaks come from lattice planes which are perpendicular to lamella surfaces and contain chain axis. Since lamella surfaces tend to orient perpendicular to the tensile direction, diffracting planes tend to orient parallel to the tensile direction, that is, they tend to scatter horizontally. In the sample with α crystalline phase, this is true for both (200), (202 ̅ ) and (002) planes. Concerning the sample with β crystalline phase, all (h0l) planes (which are all equivalent) scatter horizontally.

III.1.2. "Rigid Lamella" model (RL)

A quite different deformation mechanism may possibly occur. Consider a lamella or a crystallite made of a lamellar stack with large aspect ratio, embedded within a homogeneously deformed material. Under tensile strain, the crystallite will have a tendency to orient with the larger dimension parallel to the tensile direction, as depicted in Figure V.41 from step 1 to 2. In this situation, the stress is not transmitted to crystallites by stretched individual chains, but by the amorphous phase as a whole, acting as a homogeneous elastic (or viscoelastic) matrix. This mode of deformation is denoted here "Rigid lamella" model (RL). In the case of a crystalline network, the crystallinity index is supposed to be high. In our case, the higher crystallinity index concerns I213 samples. Microscopic observations under polarized lights have revealed the presence of spherulites. That is why we have already adapted the model for the case of spherulite. So at underformed state, lamellae are homogeneously and randomly distributed.

When the stretching starts, as lamellae are thick and numerous, their motion is stronger than the ones of amorphous chains. That is why lamellae follow a fluid motion: lamellae tend to orient parallel to the tensile direction. This means that more lamellae orient in polar way. As the tensile is uniaxial but homogeneous, equatorial lamellae are considered to remain oriented at equator but their long period L p increases as lamellae stacks are getting away from each other. This is represented in 

III.2. Comparison to experimental data

The models and their consequence/correspondence on SAXS/WAXS patterns were described in 43. This is these data that will help us to determine which model is the best fit in each case.

III.2.1. Case of β phase

In SAXS, the orientation is the same for both temperatures even if the effect is stronger below the glass transition. It has been observed that the lamellae normals orient preferentially in the tensile direction. This means that more lamellae are in equatorial position and so that the chain network model applies. Furthermore, concerning scattering at ψ=90°, the intensity seems to be constant. This could be explained by the fact that polar lamellae can undergo interlamellar slips. Indeed this relative motion can justify the presence of deformation but it does not affect SAXS or WAXS. Moreover, polar lamellae can tilt around 𝑔 1 ⃗⃗⃗⃗ or 𝑔 2 ⃗⃗⃗⃗ without affecting SAXS or WAXS due to the rotational symmetry.

Back to WAXS data, it has been observed a favored orientation at ψ=90°, normal to TD. This is also in agreement with a CN model. Concerning the effect of temperature, the distribution depends more on the macroscopic strain than the amorphous state: the horizontal reinforcements increase as a function of drawing ratio.

Finally, this means that concerning INJ samples (containing major β phase), WAXS and SAXS patterns are coherent with a Chain Network model. The case of Rigid Lamella model is never encountered.

III.2.2. Case of α phase

The case of α phase concerns both I213 and A215 samples. The following discussion is made for I213 samples but the same applies for A215 samples.

In the case of I213 samples, the effect of temperature seems to influence the mechanisms, according to the amorphous state. Indeed, for SAXS experiments, lamellae normals orient preferentially at ψ=0° or at ψ=90°. That is why the coherence between WAXS and SAXS experiments are discussed according to the temperature.

In the case of tensile tests below T g , lamellae normals prefer to orient at ψ=0°. This is in adequacy with a CN model. Finally, according to the state of the amorphous state (below or above T g ), the mechanisms are not the same. This could be explained by the morphology of the lamellae. Indeed, the shape factor has to be taken into account for α phase. As reported in literature [7], for PA6, the favor growth direction is the one for H-bonds, meaning 𝑔 1 ⃗⃗⃗⃗ for α phase. In the case of β phase, there is no impact of shape factor because there is no favored growth directions as H-bonds are randomly distributed in planes perpendicular to 𝑛 ⃗ . This means that lamellae are ribbon-like for α phase and that lamellae rotations are not equivalent as shown in Figure V.45. Indeed, because the lamellae are like stick, they can easily rotate along y and z axis but it is nearly impossible for them to rotate along x axis. Thus, according to the amorphous state, it is easier:

-for the lamellae to tilt to the poles above the glass transition -for the tie chains to stretch and lead the lamellae to tilt to the equator below T g 

III.2.3. Case of α+γ phases

This mixture concerns the A200 samples. As mentioned above, SAXS data give the following observations:

-Below T g , the normals prefer to orient at ψ=0° -Above T g , the normals show no clear preferential orientation Concerning WAXS data, the following observations were made:

-Below T g , the (020) and (200) rings of γ and α phases seem unaffected. The scattering of (002)+(202 ̅ ) planes reinforce horizontal to TD. -Above T g , the scattering of ( 200) and (020) planes of α and γ phases are really close, however vertical reinforcements of (200) planes are visible. Concerning the (020) ring, it seems unaffected. (002)+(202 ̅ ) planes orient at ψ=90°.

Shortly, this allows us concluding that below the glass transition A200 samples follow the chain network model whereas above T g , the material tends to follow the rigid lamella model. This case will be further detailed in the next chapter concerning the plastic deformation.

III.2.4. Additional information

In SAXS, an increase of intensity during stretching has been observed. This is depicted in This "rope-ladder" model is also supported by the literature: the presence of tilted and untitled lamellae has already been reported by Murthy [8] [9] in the case of PA6 fibers. He also adds that the lamellae either have no tilt or have a tilt angle that is determined by the conditions during crystallization. However, at the moment, additional SAXS data are still necessary to conclude on this increase of intensity.

III.3. Conclusion

Firstly, the study on the local strain by SAXS has shown that polar lamellae contract and equatorial lamellae stretch. Furthermore, the ratio between the local and the macroscopic strains is always measured smaller than one. In addition, by analyzing the azimuthal distribution of the local strain, it was also found that the deformation of the lamellae system was relatively homogeneous through the material for all samples. However, since the local variation of the period of the lamella stacking is smaller than expected, this must be compensated by shear deformation in inclined lamella stacks (see Figure V.9). As a matter of fact, interlamellar shear is easier than either compression or stretching normal to lamellae surface. Indeed, compression or stretching involves an effective modulus which may be significantly higher than the Young's modulus of the amorphous phase.

Concerning the crystal strain, the WAXS study has revealed that α crystal is more rigid than β crystal.

The degree of homogeneity of the local strain/stress state was deduced from the azimuthal distribution of the crystal strain. It was found that for INJ sample with β phase, the strain or stress is relatively homogeneous, whereas for I213 sample with α phase, the strain/stress state is far from homogeneous.

If we now focus on the deformation mechanisms, thanks to the orientational distribution of both lamellae and crystalline planes, we found that they are different depending on the crystalline phase and the temperature. Two models have been developed: the Crystalline Network (CN) and the Rigid Lamella (RL) models. In the CN model, the orientation mechanisms are ruled by the amorphous chains which transmit the stress between adjacent lamellae. In the RL model, the lamellae govern their own mechanisms of orientation, possibly due to their high aspect ratio.

In the case of INJ sample (β phase), the CN model applies whatever the temperature. However in the case of I213 sample (α phase), the temperature influences the mechanisms: below the glass transition, the CN model applies whereas above T g , it is the RL model. In the case of α+γ mixture, below T g , the deformation mechanisms still follow the CN model, however above T g , the deformation mechanisms are more complex and tend to follow the RL model.

In other words, the deformation mechanisms differ depending on temperature. Below T g , it is always the CN model which applies whereas above T g , depending on the crystalline phase it is not the same deformation mechanism which occur. This change of mechanisms was indirectly observed through the difference of behaviors observed in 

Introduction

In the previous chapter, the impact of uniaxial stretching on the crystalline morphology was studied in the linear regime of deformation, at both the scale of crystalline lamellae and the scale of the crystalline unit cell, by combining small and wide angle X scattering (SAXS and WAXS). It was seen that the chain length does not impact the mechanical behavior significantly, at least in the linear regime. Thus, the study in the linear regime was performed on samples with M n = 31 000 g/mol (31K samples) only. In this chapter, we extend the same approach with the same combination of SAXS and WAXS to higher deformation, in the plastic strain domain up to final failure of the materials. We still focus on the same 31K samples as before. The list of samples is reminded in Table VI.1. The various thermal treatments which have been applied in order to give different predominant crystalline phases have been described in chapter III. The same convention for the orientation of lamellae as adopted in chapter V is kept. In all figures and schematics, the tensile direction (TD) is vertical. The azimuthal angle ψ in 2D WAXS and SAXS patterns is referred to the tensile direction (TD): vertical scattering corresponds to ψ = 0°, horizontal scattering to ψ = 90°.

To describe the deformation of crystalline structure under unaixial stretching in the elastic strain domain, two different models were proposed (see chapter V Let us now focus on the plastic strain domain below and above the glass transition. As mentioned in chapter I, the plastic deformation is a complex process during which a transition from a lamellar (spherulitic) morphology into a fibrillar structure may eventually happen. The first part is focused on the impact of deformation on the orientation of crystalline lattice planes in the various samples, investigated by WAXS. The second part II is focused on the impact of deformation at larger scales, investigated by SAXS: fibrillation and cavitation phenomena are discussed.

I. Deformation mechanisms at the scale of the crystalline lattice, investigated by WAXS

The plastic strain domain has been studied above and below the glass transition (T = -10°C and 120°C). In situ tensile tests have been performed at a strain rate of 3. The issues addressed in chapter IV were mainly focused on the difference between INJ sample and the other ones. Indeed, it was observed that the INJ sample has a higher stretching ratio before failure than the other samples, both at high and low temperature (see also Figure VI.2). Above T g , the yield stress in INJ is also twice lower than in the other samples, but below T g , it is nearly the same, questioning the fact that considering the crystallinity ratio alone could not fully explain the difference and suggesting that other parameters should be taken into account (see chapter IV). As mentioned above, in chapter V, two models describing the deformation modes under stretching were discussed for the elastic strain domain. We now extend the study to the plastic strain domain. In the initial, isotropic state (step 1), an apparently isotropic, relatively broad ring is observed with a maximum of intensity at 2θ ≈ 21°. This ring corresponds to the diffraction by (002), ( 200) and (2 ̅ 02) planes, which are all equivalent in the pseudo-hexagonal β phase [1]. These planes contain the chain axis. At the yield point (step 2), the diffraction ring of the β phase has become anisotropic, with more intensity in the horizontal plane. This modulation of the azimuthal intensity is related to the distribution of orientations of lattice planes. It indicates that all diffracting families of planes tend to orient with their normals in the horizontal plane, that is, perpendicular to the stretching direction. Since chains axis are along the intersection of all these planes, it follows that chains tend to orient along the tensile direction, as already mentioned in chapter V. The pattern at step 3 exhibits a major change with respect to step 2. It corresponds to a highly oriented morphology, with Bragg spots which are known to be characteristic of fibrillar morphology. This indicates that fibrillation has occurred within the plastic regime, between step 2 and 3. In addition, step 4 indicates that the metastable β phase has transformed into α phase. This is evidenced by the fact that the broad ring at about 2θ ≈ 21°, in which the intensity is now concentrated mostly in the horizontal plane, splits into two spots with different scattering angles (2θ ≈ 20° and 2θ ≈ 24°), which indicates the presence of α phase (step 4 in The initial state is isotropic (identical pattern in all directions). At 50% strain, there is more intensity in the horizontal direction. Also, the maximum of the peak is slightly shifted towards smaller (resp. larger) 2 values in the vertical (resp. horizontal) direction. This indicates that the distance between lattice planes slightly increases when planes are perpendicular to the tensile direction, and decreases when planes are parallel to the tensile direction. This small distortion of the lattice unit cell has been analyzed in the linear regime in Chapter V to estimate the local strain in crystalline lamellae. At 450% strain, the intensity is almost completely concentrated in the horizontal direction.

In Intensities integrated in the ASD for different macroscopic strains are shown in Figure VI.5c. In the elastic strain domain (i.e. from the undeformed state (step 1) up to ε = 50% (step 2)), an intensity reinforcement centered on the horizontal plane (ψ = 90°) appears. At the beginning (small strain values), the modulation of intensity is small and broad: indeed, for ε = 20%, the width at half-height of the modulation covers an azimuthal range of ≈ 100°. Then, at the yield strain (ε = 50%), the width has decreased down to an azimuthal range of ≈ 71°. This indicates an increasing anisotropy of the orientation distribution of the normals to the planes. As the strain increases further, the amplitude of the intensity modulation continues to grow and the width continues to decrease. At ε = 450%, the intensity shows two sharp maxima in the horizontal plane (ψ = 90°), with a width at half-height of ca. 16° (see Figure VI.6a, T = 120°C). The total integrated intensity is plotted as a function of the macroscopic strain in Figure VI.7. For each value of the macroscopic strain ε, the measured intensity has been divided by the thickness 𝑒(𝜀) = 𝑒 0 (1 + 𝜀) -1/2 , assuming incompressibility of the sample. For a collection of N scattering objects (coherent lamellar stacks) each of volume V, with a volume fraction Φ= NV, immersed within an amorphous background, not correlated with each other, the total intensity (normalized by the sample thickness and transmission, by the intensity of the incident beam and by the Thompson factor) may be expressed as :

𝐼(2𝜃) = (∆𝜌) 2 𝑉 2 𝑁𝐹(2𝜃) = (∆𝜌) 2 𝑉Φ𝐹(2𝜃) (E. VI.2)
where (∆ρ) 2 is the electron density contrats between objects (crystallites) and surrounding medium (amorphous phase), and F(2θ) is the normalized structure factor of the diffracting objects.

For a constant number of objects, unaffected in their size and shape during tensile tests, the normalized integrated intensity should stay constant. The decrease in intensity as the strain increases may be related either to a decrease of the volume fraction Φ (decrease of crystallinity index under the effect of the tensile strain), or to a decrease of the volume V of the objects (crystallites). It has been reported in the literature [2] [3] that in polyamide 6 spun fibers with an initial isotropic state, the crystallinity increases with the strain. Thus, the observed decrease of scattered intensity, as depicted in Figure VI.7, may be more probably related to a decrease of the volume or size of coherently scattering crystallites, that is, to a fragmentation of crystallite.

Another qualitative indication of crystallite fragmentation is observed in WAXS patterns, see e. 

Orientation of lattice planes in the β phase and effect of the temperature

In a first step, the anisotropy which develops in the WAXS patterns relate to the distribution of orientation of (002), ( 200) and (2 ̅ 02) lattice planes, which are all equivalent because the β phase is pseudo-hexagonal. At both temperatures, the behavior is qualitatively the same. These planes tend to orient with their normals in the horizontal plane, that is, chains tend to orient along the tensile direction.

In order to better compare the influence of the temperature, the intensities as a function of the azimuthal angle  are plotted again in Figure VI.9, for the two different temperatures studied. The first difference concerns the intensity: for a same strain, the intensity of the horizontal reinforcement is higher above T g than below. If we now focus on the width at half-height of the main reinforced peak (see Figure VI.6a), the point of inflexion is sharper below T g but it seems that this inflexion occurs nearly at the same strain whatever the temperature. The same observations apply for the amplitude of the peak (Figure VI.6b).

However, when looking in more details, the temperature has an influence on the orientation process. Indeed, it was observed below T g that for ε = 35% the horizontal reinforcements (around  = 90°) consist of two plateau whereas above T g only one broad horizontal reinforcement was found (see Figure VI.9). The two plateaus could be explained by a phenomenon of "chevron", as depicted in Figure VI.10.

The chevron-like structure is a kind of texture that occurs at the transition between elastic and plastic strain domains in soft-hard alternating lamellar systems when lamella stacks are submitted to a transverse compressive stress, i.e. stress operating parallel to the lamella surface [4] [5] [6] [7] [8]. This phenomenon results from the elastic buckling of the lamellae. Its occurrence has been indirectly observed via 4-spot patterns in SAXS of semi-crystalline polymers such as polyethylene and lamellar block copolymers of the kind of thermoplastic elastomers [6] [7]. In single-crystal-like structures with lamella oriented in a single direction over the whole material, the process occurs at a macroscopic scale [6]. In the case of grain-like lamellar structures, the process occurs only in those lamella stacks being under transverse compressive stress [9]. The occurrence of 4-spot pattern in SAXS is an indication of the periodicity of the phenomenon that has been confirmed by direct TEM observations [9] [8]. A theoretical approach of this surprising periodicity has been performed via Molecular Simulations [5]. In the present instance of semi-crystalline polymer, the occurrence of this phenomenon is likely to result in quadrant crystalline reflections. The overlapping of the broad reflections in Figure VI.9 is relevant to a rather poor periodicity of the phenomenon. This WAXS feature gives additional information that the onset of plastic deformation should involve buckling and yielding of the crystalline lamellae in the situation of transverse compressive stress (see Figure 

I.1.3.2. Fibrillation and β→α transformation

It is reported in the literature that the β phase is metastable and may transform into α phase upon heating or stretching [10]. In chapter III, we have indeed observed the occurrence of the transformation upon annealing. Concerning stretching, as noticed above, it is confirmed that the transformation occurs as well, both at low and high temperature. It is concomitant with fibrillar transformation.

Indeed, in a second step, at higher deformations, the WAXS patterns change qualitatively, indicating a transformation towards a fibrillar α phase. Indeed, two vertical inner spots at scattering angle 2θ ≈ 10° appear at both temperatures, below and above T g , In addition, four spots at 2θ ≈ 13° at an azimuth ψ = 45° are also observed above the glass transition. This shows that the fibrillation is more pronounced above T g , or more precisely, that fibrillation leads to a more prefect α phase above T g . The indexation of theses α spots is explained just below.

Indeed, thanks to Figure VI.11 and Eq. II.21 (see chaper II, §II.4), the indexation corresponds to α phases and the reflections (020) for 2θ = 10.2° and (120) for 2θ ≈ 13°. The same indexation was also found in literature [11] for (120) planes. These spots constitute evidence that β transforms or starts to transform into α phase during stretching. In addition, in §I.1.1 and Figure VI.6, points of inflexion in the evolution of the azimuthal modulation of the intensity between ε = 100% and ε = 200% were discussed. These points could be also related to the onset of phase transformation. Indeed, the phase transformation should be mainly controlled by the drawing ratio, the strain rate having no significant influence as depicted in Figure VI.3. Concerning the influence of temperature, it was observed that the points of inflexion were found at the same strain whatever the temperature (see Figure VI.6). However, below T g , in the final step (ε = 250%), only the two spots at 2θ ≈ 10° were observed and they were broad. This could be explained by the fact that the phase transformation is indeed progressive and need a higher drawing ratio, as well as a certain accommodation time or some degree of molecular relaxation in order to be achieved. The hypothesis of having a β→α transformation with slow kinetics is also supported by the fact that the broad ring at about 2θ ≈ 21 splits into two spots with different scattering angles (2θ ≈ 20° and 2θ ≈ 24°), proving the presence of α phase, only after unloading the sample (see Figure VI.12). The presence of these two spots splits was also found by Penel-Pierron [12] [11] upon ε = 200% at 120°C. Nonetheless, as their WAXS patterns were taken ex-situ, it also means that the sample had time to relax upon unloading.

This kind of behavior has been observed for PET [13]: it concerned the strain-induced crystallization in bulk amorphous PET but the conclusion of the authors was that a certain accommodation time or a minimum level of molecular relaxation was necessary for the crystallization to be effective. The same process could apply for the β → α transformation. Also, the degree of orientation of the fibrillar morphology ultimately obtained, as reflected in the width at half-height of the intensity maxima, is significantly higher above T g (see Figure VI.6). This could be explained by the fact that, above T g , the sample can be stretched up to much higher strain values. As the strain increases, there is an increasing relative fraction of planes which orient parallel to the TD. After the yield, the lamellae rotate further and the chains continue to orient in the TD. This is the beginning of fibrillation and thus one can suppose that lamellae also start to fragment, as it can be reported in literature [15]. The hypothesis of fragmentation is also supported by the decrease of integrated intensity as discussed in Figure VI.7. It is worth noticing that at ε = 450%, the WAXS pattern corresponds to the same one as observed in fibers [14],meaning at this strain value, the morphology is entirely fibrillar, whereas the material was initially an isotropic bulk.

Concerning the possibility of the β → α transformation mentioned above, it does not seem that this transformation affects the mechanisms however it could have an influence on the drawing ratio and could explained why INJ samples stretch more than the others. 

I.2. Annealed (A215) and isotherm-treated (I213) samples: pure α phase

The same characterization method as for the INJ sample has been applied to the A215 (annealed at 215°C) and I213 (isothermally treated at 213°C) samples, which contain only α phase.

In WAXS data (shown here for I213 sample) the α-crystal form is evidenced by the two distinct ( 200) and (002)+(202 ̅ ) reflections located at scattering angles 2θ ≈ 20° and 2θ ≈ 24° respectively. These two families of planes are not equivalent and may possibly orient differently under stretching. It is thus a priori necessary to analyze their evolutions separately. Thus, distinct Azimuthal Scattering Domains (ASD) have been defined to measure the intensity corresponding to each family of planes, as depicted in Figure VI.15a in the first two 2D WAXS patterns: red dotted circles represent the domain of scattering vectors investigated for (200) planes (ring at 2θ ≈ 20°) whereas green plain half-circles represent the domain investigated for (002)+(202 ̅ ) planes (ring at 2θ ≈ 24°). The same ASD method was applied below and above the glass transition. Both samples A215 and I213 behave in very similar ways. We show here only the results for the I213 sample.

I.2.1. Evolution in the plastic strain domain above Tg

The evolution of 2D WAXS patterns along in-situ tensile tests performed at T = 120°C (above reinforcements with maxima at ψ ≈ 38°, ψ ≈ 142°, ψ≈218° and ψ ≈ 322° appear. These minor reinforcements correspond to a fraction of (200) planes which have their normals oriented at an azimuth of ca. ≈ 38° with respect to the tensile direction, or equivalently at ca. ≈ ±52° with respect to the horizontal plane.

Let us now describe the orientation of (002) and (202 ̅ ) families of planes (ring at 2θ ≈ 24°) (Figure VI.15d). As the strain increases right from the beginning of the experiment, only horizontal reinforcements (ψ = -90°) are observed, whose amplitude increases progressively while their width at half-height decreases accordingly. This corresponds to a tendency for the (002) and (202 ̅ ) planes to orient with their normals in the horizontal plane, that is perpendicular to the tensile direction.

Thus, in the elastic strain domain, the ring corresponding to (200) planes is reinforced in the vertical (meridian) direction (see also chapter V), meaning a tendency for these planes to orient normal to TD, or equivalently, with their normals parallel to TD. This situation is schematized in 

Effect of temperature

Let us first discuss the effect of temperature on the orientation of planes. By using Eq. V.25, the absolute azimuthal scattering intensity for (200) planes is plotted in Figure VI.19 for various strains below and above the glass transition. At first glance, the reinforcements have the same trend but are magnified above T g . In addition beyond the yield, the peak of intensity centered at ψ=90° has a smaller half-width above T g than below, meaning a smaller distribution of orientation of the (200) planes. Another difference has to be point out concerning the orientation of (200) planes around ψ=0°: below T g , the vertical reinforcement is unique whereas above T g two minor reinforcements are observed. With Eq. V.25, the absolute azimuthal scattering intensity for (002)+(202 ̅ ) planes is also plotted in Figure VI.20 for various strains below and above the glass transition. The difference of orientation according to temperature is striking for (002)+((202 ̅ ) planes: beyond the yield two plateaus around ψ=-90° are visible from ε=25% to ε=53% before becoming only one at ε=60% below the glass transition whereas above T g , there is no plateau only one horizontal reinforcement. Below T g , a small orientation at ψ=0° appears from ε=15% to ε=25%, just after the yield which is not the case above T g . The amplitude of intensity seems to be relative to the macroscopic strain whatever the temperature. 

I.2.3.2. Proposed mechanisms

Let us now detail the deformation mechanisms. In chapter V, it was earlier found that the initial mechanism in the elastic strain domain was not the same according to temperature. Below As mentioned earlier, the competition between the two models is enhanced by temperature. Indeed, below or above the glass transition, the mechanisms in the elastic strain domain are not the same, which explains why according to temperature the final orientation of untouched lamellae is not exactly the same. Indeed, above T g , remained lamellae are oriented with H-bonds parallel to the tensile direction whereas below T g , (200) planes are normal to tensile direction. In addition, below T g , cavitation is visible as it will further described in §II.2.

I.3. Discussion on A200 sample: mixture of α and γ phases

As A200 samples contain a mixture of α and γ phases, it is interesting to study them in order to see if the γ phase may have an impact on the deformation mechanisms, even in cases when it is the minority crystalline phase. The different steps of deformation are easier to follow below the glass transition as the various rings are then better resolved, as shown in Figure VI.24a. Scattering from the α phase is evidenced by the (200) and (002)+(202 ̅ ) reflections located at 2θ ≈ 20° and 2θ ≈ 24° respectively. Scattering from the γ phase is evidenced by the (001)+(200)+(002) and (020) reflections located at 2θ ≈ 21° and 2θ ≈ 10.5° respectively.

As mentioned in chapter V, in the elastic strain domain, A200 follows a chain network model below the glass transition but has a more complex behavior above the glass transition.

Let us now focus on the plastic strain domain. At the yield point, the scattering from (200) planes for α crystals and the scattering from (001)+(200)+(002 planes for γ crystals are reinforced in the vertical direction (see pattern at ε = 10% in Figure VI.24a). However, beyond the yield and up to near the breaking point, there is no more vertical reinforcement of these rings but only horizontal spots in WAXS patterns. This means that contrary to A215 and I213 samples (pure α phase), no polar lamellae (with chains normal to TD) remain and all chains are parallel to the tensile direction, leading to the same final fibrillation state as INJ samples. One can also observe that in the last stage of deformation, the fibrillation is more pronounced above T g (presence of 6 inner spots) than below T g (only two spots), as discussed previously.

Even though the precise location of α and γ phases in spherulites is not known, if we make the hypothesis that they are both present inside the same spherulite, it would seem that γ phase promotes the fragmentation of lamellae. As γ phase is more ductile, a lamella made of γ phase would break sooner and so promote the fragmentation as well as the rotation of all lamellae (including lamellae made of α phase), allowing the orientation of all chains along TD. This process may be possible since the γ phase has a significant fraction (see Table III.7 of chapter III), even though it is the minority phase. At this step, we do not have direct information on the distribution of both phases neither on the distribution of long periods. 

I.4. Conclusion on ductility

One of the explanations why β phase is more ductile than α phase is directly linked to the crystal strain as seen in chapter V. Concerning γ crystal, unfortunately, it was not possible for us to evaluate the strain of the γ crystal but it is found in literature that γ is also more ductile than α phase [12] [16].

In addition to the crystals, another explanation could be linked to the ability of the sample to extend its chains. We found that it was easier for β phase to extend its chains and orientate them in tensile direction (TD) than α phase. Indeed, as α phase keeps some intact lamellae, these lamellae consist of hard nods in the chain network, which is not the case for β phase where all the lamellae are rotated in the same way. However, for A200 sample the presence of γ phase seems to change the deal: in the last stage of deformation only horizontal reinforcements are present, meaning only one population of lamellae with chains oriented parallel to TD.

II. Deformation mechanisms at the scale of lamellae, investigated by SAXS

Complex mechanisms of deformation have been described thanks to WAXS data, in terms of the evolution of the orientation distribution of crystalline lattice planes as a function of the strain, in the plastic domain (beyond the yield point). However, deformation processes involve mechanisms which occur at larger scales. It concerns fibrillation and cavitation. These may be analyzed by looking at SAXS data.

II.1. Fibrillar transformation

Whatever the PA6 samples, we have observed that all of them undergo fibrillation. However, this fibril transformation does not begin at the same strain for everyone and does not behave in the same way for all. The influence of the temperature is also investigated. Thus, the long period as a function of macroscopic strain is plotted in Figure VI.25 for both temperatures. the period of fibrils is reached at ε=0.2 (meaning below the yield strain ε y ), it could also indicate that during elastic domain, lamellae of β phase start to fragment. Thus, for α phase, with the same approach, it should indicate that the fragmentation starts after the yield point except for some polar lamellae which remained untouched as explained below.

For T<T g (Figure VI.25b), the long period increases as well as the strain but after the yield, it undergoes a sharp increase for samples with α phase. On the contrary, for β phase, the long period is strictly linear and does not seem to be affected by the yield. This could be due to the fact that the samples undergo cavitation. Anyway, these behaviors are completely different from those of tensile tests above T g .

In any case, these results are really interesting because it is known in literature that fibril structure of polyethylene and polypropylene depends only on the temperature at which the drawing is performed [17]. However, this conclusion does not seem to apply to polyamide 6. At the moment, no clear physical significance has been evidenced.

II.2. Cavitation

Cavitation initiates for every samples at T<T g . The strain of initiation as a function of crystallinity index is plotted in Figure VI.26. The strain of initiation was detected by SAXS and corresponds in fact to the onset detected for our SAXS set-up, meaning a q range of 0.1-1.51 nm -1 , i.e. objects size of minimum 4 nm.

Back to Figure VI.26, it shows that the lower the crystallinity index, the sooner the cavitation starts. However, as for the Young's modulus, one can wonder it is really due to crystallinity or to the crystalline phase. Indeed, for lower crystallinity index, the samples contain β phase whereas for higher X c , the samples contain α phase. Below the glass transition, the yield strain is near 10%, meaning that the cavitation starts before reaching the yield for INJ samples. If we take a closer look at the SAXS patterns, shown in Figure VI.27, it appears that the cavitation is not the same according to the crystalline phase. Indeed, for β samples (1 and 2), voids scatter parallel and normal to the tensile direction whereas for α samples (3, 4 and 5), they scatter parallel to the tensile direction. These observations seem to confirm that there is more than just an effect of crystallinity index. In contrast, the steps of cavitation for I213 sample are depicted in Figure VI.29. In this case, cavities appear only normal to tensile direction, meaning that the cavities have a shape of oblate ellipsoids with their major axis oriented normal to TD. The effect of temperature on cavitation for the various crystalline phases is presented in Figure VI.30. Above the glass transition, β and α phases behave in the same way, the observed pattern is not due to cavitation but it corresponds to fibrillation. Indeed, there is no cavitation at high temperature. 

III. Conclusion

Finally, the analysis of WAXS measurements has shown that samples with β or α phase behave in quite different ways in the plastic domain.

In samples with β phase, chains tend to orient along TD during all the deformation process (i.e. including the viscoelastic regime, denoted as the CN model). This tendency is magnified in the plastic strain regime until a high degree of orientation is reached. This kind of behavior is commonly observed for semi-crystalline polymers. Concomitantly the β phase transforms into α phase. However this transformation seems to require some relaxation time. In the final fibrillar stage, all the crystals are oriented with their normal along TD, or equivalently all chains are oriented along TD.

In samples with α phase, a different two-step process occurs. In the first step, as described in the previous chapter, lamellae orient preferentially along TD, i.e. the chains being normal to TD (this the RL model mentioned in chapter V). In the second step, in the plastic regime, a major fraction of crystallites reorients normal to TD, i.e. with chains parallel to TD while a minor fraction remains oriented along TD.

Considering the ultimate stage of deformation that we have investigated in this work, the final fibrillar state seems to strongly depend on the initial microstructure of the sample. Concerning the effect of temperature, it has been observed that for all samples, the final stage is better oriented above the glass transition.

Conclusion

Our aim was to understand the mechanisms of deformation of bulk polyamide 6. In order to have a global view of the mechanisms, a multi-scale investigation was performed below and above the glass transition to modify the state of the amorphous phase (i.e. glassy or rubbery). The crystalline microstructure was modified thanks to thermal treatments in order to see the influence of various parameters (X c , crystalline phase, L p , M n ).

PA6 is a polymorphic polymer and exhibits several crystalline lattices, defined as α, γ and β phases. γ and α phases are ordered phases whereas β is a disordered and metastable phase. Indeed, thanks to annealing treatment, we have evidenced by WAXS that β phase transforms into α phase. Furthermore, the fraction of β phase transforming into α depends upon the time and the annealing temperature. Anyway, upon 195°C, the transformation was complete, as evidenced by WAXS. We also observed that the annealing treatment had consequences on the increase of the crystallinity index X c as well as of the long period L p . It also seemed than this transformation could be evidenced indirectly by SAXS, since a change of slope of the long period versus temperature curve was found around 180°C, which is the same temperature at which the β→α transformation starts (for the studied range of annealing times) as observed by WAXS. The γ→α transformation was also evidenced with an annealing temperature of 215°C. It would be interesting to study in more details the transformation process. We can make the following hypotheses: the β→α transformation could proceed by fusion/recrystallization or by cannibalism; concerning the γ→α transformation the fusion/recrystallization process seems to be the more likely one in our opinion, due to the fact that the melting point of γ phase is close to 215°C. Back to other thermal treatments, we have learned that isotherms above 200°C lead to have only pure α phase. The long period increases with the isotherm temperature but the crystallinity index levels off. Even though quenching was not thoroughly efficient for bulk samples, we have observed that PA6 exhibits cold-crystallization leading to β phase. In case of cold-crystallization, one must keep in mind that for the assessment of crystallinity index, the temperature dependence of the melting enthalpy should be taken into account.

Finally, with all the experiment and literature data, a scheme of a time-temperature-crystallization (TTC) diagram was established for PA6. Concerning the choice of materials, eight samples were selected for the mechanical investigation (a set of two different molecular masses and four types of samples with different crystalline structures). In addition to the initial injected samples (INJ), three thermal treatments were employed: they consist in annealings at 200°C and 215°C (A200 and A215) and an isotherm at 213°C (I213). This panel of samples shows a wide range of microstructures: various crystalline phases (β+γ, α+γ and pure α), a variation of X c from 24 to 35% and a variation of L p from 7 to 12 nm. Concerning the effect of molecular mass on the microstructure, it was concluded that, for a given process or heat treatment, the same crystalline structure was obtained. However the crystallinity index was always higher for the lower molecular mass (i.e. 15K samples) than for the higher molecular mass (i.e. 31K samples).

Thanks to dynamical mechanical analysis, the choice of temperatures for carrying out tensile tests below and above the glass transition was the following: T = -10°C = T g -65°C and T =120° C =T g + 65°C, i.e. at the location of the minima of the tan ϕ curve on both sides of the main relaxation of the amorphous phase. Macroscopic uniaxial tensile tests were carried out on the whole set of samples. Above T g , a difference of behavior was pointed out between INJ and the others samples, whatever the molecular mass: it was found that the yield stress was nearly twice lower for INJ samples compared to I213 samples. At first sight, this could be explained by a difference of crystallinity index but one may wonder about the role of the crystalline phase. Indeed, it is reported in the literature that β phase is more ductile than α phase. Anyway, a linear relationship between the Young's modulus and the crystallinity index was found. Also, the fact that the yield stress is more sensitive to the crystallinity index than the Young's modulus could be explained via a dislocation approach of the plastic yielding of semi-crystalline polymers above T g . In contrast, below T g , all the samples display nearly the same yield point meaning that the crystallinity index no longer plays a major role. Indeed, observing the same values of yield stress suggests that yielding at such low temperature, i.e. far below both the melting point and the glass transition temperature, is not only controlled by conventional plastic processes such as micro shear bands but also by damaging processes such as cavitation and crazing. Finally, the effect of the crystalline phase and of the lamellar morphology as well (thickness and shape for example) could play a role in the mechanisms of deformation: investigations at smaller scale during tensile tests are needed. Last but not least, no clear influence of the molecular mass has been evidenced concerning the studied mechanical properties: it could be interesting to investigate mechanical properties in the case of a molecular mass close to or lower than the critical molecular mass defined as M c  2M e . Therefore, it has been decided to focus the microscopic investigation only on the higher molecular mass.

The investigation at the microscopic scale was divided into two parts: the elastic and plastic strain domains. Let us remind the conclusion of the results obtained in the elastic strain domain. SAXS allows following the deformation at the scale of lamella stacks. Firstly, the study on the local strain by SAXS has shown that polar lamellae contract and equatorial lamellae stretch. Furthermore, the ratio between the local and the macroscopic strains is always measured smaller than one. In addition, by analyzing the azimuthal distribution of the local strain, it was also found that the deformation of the lamellae system was relatively homogeneous through the material for all samples. However, since the local variation of the period of the lamella stacking is smaller than expected, this must be compensated by shear deformation in inclined lamella stacks. As a matter of fact, interlamellar shear is easier than either compression or stretching normal to lamellae surface. Indeed, compression or stretching involves an effective modulus which may be significantly higher than the Young's modulus of the amorphous phase. Secondly, in order to characterize the stiffness of the crystalline phase, the crystal strain was followed by WAXS for samples with α and β phases at both temperatures. Above T g , it was confirmed that the modulus of the amorphous phase drops down to a value much lower than the crystalline phase, as the crystal strain is much lower than below T g , meaning that the amorphous phase is much more compliant than the crystals. Concerning the effect of crystalline phase, indeed, the crystal strain is always higher for β phase than α phase whatever the temperature, explaining why β phase is less stiff than α phase. The degree of homogeneity of the local strain/stress state was deduced from the azimuthal distribution of the crystal strain. It was found that for INJ sample with β phase, the strain or stress is relatively homogeneous, whereas for I213 sample with α phase, the strain/stress state is far from homogeneous. Finally, the azimuthal distribution of the lamellae (SAXS) and the azimuthal distribution of the various crystalline planes (WAXS) have led us to define two models concerning the mechanisms of deformation: the Chain Network (CN) model and the Rigid Lamella (RL) model. In the CN model, the chains of the amorphous phase orient parallel to the tensile direction (TD), i.e. the lamellae orient normal to TD. In the RL model, lamellae orient parallel to TD, i.e. the chains are normal to TD. In the CN model, the orientation mechanisms are ruled by the amorphous chains which transmit the stress between adjacent lamellae. In the RL model, the lamellae govern their own mechanisms of orientation, possibly due to their high aspect ratio. The occurrence of the mechanisms corresponding to the two models depends on the type of crystalline phase and on the tensile temperature (below or above T g ). In the case of INJ samples with β phase, it was found that the CN model applies whatever the temperature. In contrast, I213 and A215 samples with α phase follow the CN model below T g but follow the RL model above T g .

Concerning A200 samples (α+γ mixture), below T g , the deformation mechanisms still follow the CN model, however above T g , the deformation mechanisms are more complex and tend to follow the RL model.

The mechanical investigation was then pursued for the plastic strain domain, i.e. beyond the yield, through the processes of fibrillation, cavitation and phase transformation. The analysis of WAXS measurements has shown that samples with β or α phase behave in quite different ways in the plastic domain.

In samples with β phase, chains tend to orient along TD during all the deformation process (i.e. including the viscoelastic regime, denoted as the CN model). This tendency is magnified in the plastic strain regime until a high degree of orientation is reached. This kind of behavior is commonly observed for semi-crystalline polymers. When looking into more details, it was found that below T g a "chevron-like" structure develops. This specific structure would deserve further SAXS and/or WAXS or other structural investigations. Concomitantly the β phase transforms into α phase. However this transformation seems to require a certain accommodation time or a minimum level of molecular relaxation since the 2 meridian spots at 2θ=10.2° and 4 off-meridian spots at 2θ≈13°, due to α phase, were visible in-situ starting from ε=200% but the two equatorial spots corresponding to (200) and (002)+(202 ̅ ) reflections of α phase were not. The latter ones were distinctly visible only after unloading. Further investigations would be of great interest on the understanding of the transformation process. Nonetheless, the β → α transformation does not seem to affect the deformation mechanisms.

In samples with α phase, a different two-step process occurs. In the first step, as described in the previous chapter, lamellae orient preferentially along TD, i.e. the chains being normal to TD (this the RL model mentioned in chapter V). In the second step, in the plastic regime, a major fraction of crystallites reorients normal to TD, i.e. with chains parallel to TD while a minor fraction remains oriented along TD. The position of the "intact" polar lamellae depends on the tensile test temperature: below T g (200) planes are normal to TD whereas above T g H-bonds are parallel to TD. It could be interesting to further investigate the reasons of this difference. Concerning A200 samples with α+γ phases, the precise location of α and γ phases in spherulites is still an open question. Indeed, assuming that they are both present inside the same spherulite, it would seem that γ phase promotes the fragmentation of lamellae. As γ phase is more ductile, a lamella made of γ phase would break sooner and so promote the fragmentation as well as the rotation of all lamellae (including lamellae made of α phase), allowing the orientation of all chains along TD. This process may be possible since the γ phase has a significant fraction even though it is the minority phase.

Considering the ultimate stage of deformation that we have investigated in this work, the final fibrillar state seems to strongly depend on the initial microstructure of the sample. Concerning the effect of temperature, it has been observed that for all samples, the final stage is better oriented above the glass transition. Regarding the phenomenon of cavitation, it was found that, below T g , cavitation occurs for all samples but not in the same way depending on the crystalline phases. It would be interesting to study more in details this phenomenon in order to understand why the process of cavitation is different for the various samples.

Finally, back to our multi-scale approach, we can now better understand the difference of behavior observed at the macroscopic scale. Finding that β phase is more ductile than α phase is one of the key parameters which can explain the difference of ductility between the INJ and I213 samples. Furthermore, we found that it was easier for β phase to extend its chains and orient them in tensile direction (TD) than α phase. Concerning the difference of behavior above T g between INJ and other samples, it could also be explained by the fact that only INJ samples follow the CN model at this temperature whereas the others follow the RL model. In contrast, all the samples follow the CN model below T g and this could be the reason why the same macroscopic behavior was observed for all. Notre étude a porté sur la compréhension microscopique des mécanismes de déformation du polyamide 6 (PA6) à l'état massif. Par des traitements thermiques appropriés, on a obtenu un jeu d'échantillons présentant des microstructures semi-cristallines variées, avec différentes formes cristallographiques (allotropes : α, γ ou β), différents taux de cristallinité (de 24 à 35%), différentes périodes de l'empilement des lamelles cristallines (de 7 à 12nm), ceci pour deux masses moléculaires différentes. Les propriétés mécaniques en traction ont été caractérisées au-dessus et au-dessous de la transition vitreuse de la phase amorphe (T g ). Les différents matériaux présentent des différences notables de comportements. Le taux de cristallinité semble être le facteur prédominant au-dessus de T g , mais d'autres facteurs sont à prendre en compte en dessous de T g , comme la forme cristalline et la morphologie lamellaire (épaisseur et facteur de forme). Grâce à un dispositif expérimental fabriqué sur mesure, des essais de traction ont été suivis par diffusion des rayons X aux petits (SAXS) et grands angles (WAXS) sur la ligne D2AM, ESRF, pour caractériser les déformations à l'échelle des empilements lamellaires et à l'échelle de la maille cristalline. Dans les échantillons présentant principalement de la phase cristalline β, les lamelles tendent à s'orienter perpendiculairement à la direction de traction (TD). Ce mécanisme d'orientation local (que nous appelons « modèle de réseau de chaînes ») est induit par la transmission des contraintes par les chaînes amorphes reliant les lamelles cristallines adjacentes. L'allongement local est plus faible que l'allongement macroscopique dans les lamelles perpendiculaire à TD, ce qui implique que les lamelles inclinées doivent être cisaillées. De plus, la phase β se transforme en phase α aux fortes extensions. Dans les échantillons présentant principalement de la phase α (la plus rigide), au-dessus de T g , dans le régime élastique, les chaînes tendent d'abord à s'orienter perpendiculairement à TD, ce qui implique que les lamelles s'orientent parallèlement à TD (« modèle de lamelles rigides »). Ensuite, dans le régime plastique, une majeure partie des lamelles se réoriente perpendiculairement à TD, comme dans le « modèle de réseau de chaînes », tandis qu'une fraction mineure reste orientée parallèlement à TD. Une morphologie fibrillaire fortement orientée est finalement obtenue pour tous les échantillons quelle que soit la température. 
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Figure I. 1 :

 1 Figure I.1: Opening of caprolactam cycle leading to the formation of PA6

Figure I. 2 :

 2 Figure I.2 : Molecular arrangement in the α and the γ crystal lattices of PA 6 [2]

  The crystalline lattices of α and γ phases are shown in Figure I.2 and Figure I.3 for PA6. The following difference between α and γ phases are observed:-In the case of α phase, intermolecular H-bonds between anti-parallel neighbor chains are arranged in the plane of the planar zigzag of the aliphatic segment and they are collinear. Sheets containing H-bonds are stacked upon each other thanks to van der Waals interactions.

Figure I. 3 :

 3 Figure I.3 : Scheme of the various crystalline lattices in PA6: monoclinic α and γ (adapted from [2])

Figure I. 4 :

 4 Figure I.4: Lattices of α and γ for PA6, top view

  The most representative models are shown in Figure I.5.

Figure I. 5 :

 5 Figure I.5 : Propositions of β phase representation from Ziabicki [11] and Auriemma et al. [12] (right). Dotted circles in the middle scheme stand for random orientation of chains.

Figure I. 6 :

 6 Figure I.6: Scheme of the structure of a spherulite [23]

Figure I. 7 .

 7 

Figure I. 7 :

 7 Figure I.7: Specific spherulites of PA-6, showing the characteristic appearance of « Maltese cross » (or tie bow according to the light orientation), observed under polarized light

  1) or dielectric spectroscopy, as shown in Figure I.8. Three amorphous relaxations were clearly identified in PA6: γ, β and α, with increasing temperature, as shown in Figure I.8 in the case of isochronal measurements at 1Hz. This labeling of the mechanical relaxations should not be confused with the various crystal forms. Chain mobility in the crystalline phase proved to be hardly activated due to the presence of hydrogen-bonds.

Figure I. 8 :

 8 Figure I.8: Temperature dependence of the mechanical loss tangent, tan δ E , at 100c/s for PA6 samples of different crystallinity. (•) sample quenched from the melt to -78°C; (○) sample crystallized at 200°; (•) ε-caprolactam removed [35]

  to the RAF are indeed constrained by their anchoring to the crystallites. This 3-phase system is depicted in Figure I.9.

Figure I. 9 :

 9 Figure I.9 : Scheme of 3-phase system

Figure I. 10 :

 10 Figure I.10 : Scheme of crystalline and amorphous phase with the various linking elements

Figure I. 11 :

 11 Figure I.11 : Nominal stress-strain curve for a semi-crystalline polymer: (I) elastic-viscoelastic domain, (II) plastic domain, (III) neck propagation, (IV) strain-hardening; adapted from [54]

  At low deformation corresponding to the viscoelastic behavior, mainly the amorphous phase deforms. At the scale of crystalline lamella stacks, three types of deformation are observed:-Interlamellar shear -Interlamellar separation -Lamella rotation or flipThese deformations have been studied by Bowden and Young[START_REF] Bowden | Review : Deformation mechanisms in crystalline polymers[END_REF] under uniaxial tensile testing and are depicted in Figure I.12. The implication of one mechanism depends on the orientation of lamellae stacks versus the load direction as well as the crystalline network.

Figure I. 12 :

 12 Figure I.12 : Deformation of the amorphous phase in lamella stacks under uniaxial tensile testing: a) interlamellar shear, b) interlamellar separation, c) lamella rotation [56]

Figure I. 13 .

 13 Figure I.13: a) 3D and b) 2D spherulite picture (Tensile direction is vertical).

Figure I. 14 :

 14 Figure I.14: Evolution of elastic modulus as a function of crystallinity index in PA 6 [60]

Figure I. 15 :

 15 Figure I.15 : Young's modulus E (in log scale) plotted as a function of crystallinity index X c measured by DSC for several PE [61], with the corresponding theoretical curves for parallel and series mechanical models.

Figure I. 16 :

 16 Figure I.16 : Chain and transverse slips in crystalline lamellae[START_REF] Sell | Introduction à la mécanique des polymères[END_REF] 

Figure I. 17 :

 17 Figure I.17: Illustration of twinning mechanism

Figure I. 18 :

 18 Figure I.18: Scheme of a bending lamellae stacks [70]

  Generally, cavities appear into equatorial regions of spherulite as depicted in Figure I.19b, because these regions are subjected to a local tensile stress, leading to interlamellar separation.

Figure I. 19 :

 19 Figure I.19: Steps of cavities formation into equatorial regions of spherulites [59]: a) undeformed state; b) rotations due to simple shear; c) kink of undeformed lamellae in equatorial regions; d) instabilities due to chain slip for lamellae in polar regions

  Figure I.20: a) Microfibrillar model of the fibril structure: A interfibrillar and B intrafibrillar tie molecule [74] b) Fibril structure, tensile direction is horizontal [75]

  Figure I.21 (left). The yield stress as a function of strain rate is reported in Figure I.21 (right), where a steeper dependence is shown for α phase.

Figure I. 21 :

 21 Figure I.21: Strain-stress curves for tests at T=120°C and crosshead speed of 50 mm/min on PA 6 (left) ;Yield stress as a function of initial strain rate at T=80°C (right)[START_REF] Penel-Pierron | Structural and mechanical behavior of nylon-6 films. Part II: Uniaxial and biaxial drawing[END_REF] 

Figure I. 22 :

 22 Figure I.22: Stress-elongation behavior for various crystallinity index on PA 6 [60]

Figure II. 1 :

 1 Figure II.1: a) Diagram of the optical microscopy under polarized light; b) Example of observed PA6 spherulites (right)

Figure II. 2 :

 2 Figure II.2: Estimation of α/γ ratio by DSC mean

Figure II. 3 :

 3 Figure II.3: MDSC total heat flow traces of injected PA6 at various ageing times

Figure II. 4 :

 4 Figure II.4: MDSC a) reversing heat flow and b) non reversing heat flow of injected PA6 at various ageing times

Figure II. 5 :

 5 Figure II.5: SAXS conditions: 𝒒 ⃗ ⃗ is in the plane of the detector

Figure II. 6 :

 6 Figure II.6: The fraction of reciprocal space which is detected corresponds to scattering elements (lamellar stacks) which are in Bragg conditions. In other words, the detected intensity corresponds to the intersection of the reciprocal space bythe Ewald sphere, depicted here as a plane of thickness ξ (in grey on the scheme). This fraction depends on q.

Figure II. 7 :

 7 Figure II.7: a) Correspondence between lamellar stacks and L p in SAXS; b) Example of PA6 SAXS pattern taken at 23°C

Figure II. 8 :

 8 Figure II.8: The density modulation in a lamellar stack.

Figure II. 9 :

 9 Figure II.9: Peaks correspond to the lattice function; L p is the period of the lamellar stacking. The dashed curve is the form factor of the crystalline lamella (calculated here for crystallinity L c /L p = 30%), which modulate the intensity of the peaks.

Figure II. 10 :

 10 Figure II.10: Raw and corrected intensities a function of the scattering vector q

Figure II. 11 .

 11 The long period is computed as:

  )

Figure II. 11 :

 11 Figure II.11: Example of experimental points (red circles) fitted by the log-normal function of Eq. II.16 (blue curve)

Figure II. 13 :

 13 Figure II.13: Construction of Ewald's sphere where 𝒒 ⃗ ⃗ = 𝒌 ⃗ ⃗ -𝒌 𝟎 ⃗⃗⃗⃗

  the distance between planes of the crystalline lattice h, k and l: indices of Miller a, b, c : parameters of lattice, a=9.56 Å, b=17.24 Å and c=8.01 Å[9] β the angle of lattice, β=112.5°[9] 

Figure II. 14 :

 14 Figure II.14: Miller's indices (hkl) of a family of planes.

Figure II. 15 :

 15 Figure II.15: It is the distribution of intensities in all directions in the reciprocal space (i.e. on the whole sphere (S)) which gives the full information on the distribution of orientation of objects in the real space. This distribution of intensity must be inferred from the measured intensity, which is only the circle (C).

  3.1). Concerning static experiments, the sampledetector distance was 5cm in order to obtain 2θ observation range from 5° to 35° for λ=1.54 Å. The patterns were obtained with an accumulation time of 5 min.

  representation of the WAXS patterns of the different crystalline phases is shown in Figure II.16.

Figure II. 16 :

 16 Figure II.16: PA6 crystalline phase patterns as observed by WAXS at 23°C: α, γ and β phases (from left to right)

Figure II. 17 :

 17 Figure II.17: Schematics of the lattice planes for the α phase, associated to the main peaks in the diffraction pattern shown in Figure II.16

Figure II. 18 :

 18 Figure II.18: Scheme of the torsion pendulum built at MATEIS[17] 

Figure II. 19 :

 19 Figure II.19: Temperature choice for the tensile tests of PA6 according to the tan ϕ=f(T) damping curve at 1Hz

  Figure II.20: a) Tensile test with Imetrum device ; b) Targets system for the displacement measurement

FigureFigure II. 21 :

 21 Figure II.21: Stress-strain curves obtained by DIC a) at -10°C and b) at 120°C ; red line holds for the fitting procedure for the E determination (see text for details) For T= -10°C (Figure II.21a), the Young's modulus was determined with a linear fit "K1 x" on the strain domain [0-0.02]. The coefficient K1 gives the Young's modulus. The noise is due to the low resolution of the high focal camera.

Figure II. 22 .Figure II. 22 :

 2222 Figure II.22: Stress-strain curves obtained with Schenck device at a) T=-10°C and b) T=120°C

  3.1 and $II.4.1). The aim of the experiments was to perform a tensile test and to take WAXS and SAXS patterns during the tests to follow up the evolution of the crystals during deformation, as sketched in Figure II.23a.

Figure II. 23 :

 23 Figure II.23 : a) Principle of in situ X-ray investigation during a tensile test; b) Tensile specimen design

Figure II. 24 :

 24 Figure II.24: X-JICO, homemade X-ray in-situ tensile device

Figure II. 25 :

 25 Figure II.25: X-JICO device with cooling system and dry airflow on the D2AM bench at ESRF: a) WAXS disposition and b) setting up of the sample after tensile test
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  Secondary nucleation when nuclei are formed from the contact of pre-existing nuclei, being part of the polymer.

Figure III. 2 :

 2 Figure III.2: Schemes of the different crystal growth regimes: a) regime I, b) regime II and c) regime III. The 'x' represents chain ends [2]

Figure III. 4 : 7 ]

 47 Figure III.4: Crystallization curves from the molten state for virgin and extruded pellets of PA6 (left); Curves for injection molding from virgin and extruded resin (right), extract from [7]

Figure

  Figure III.5: a) Scheme of a quench; b) Spherulite growth rates as a function of T c for PA6 [18]

Figure III. 7 :

 7 Figure III.7: Dependence of Lp measured in SAXS versus crystallization isotherm temperature [6] (with data of [25])

Figure III. 8 :

 8 Figure III.8 : Evolution of Lp as a function of crystallization temperature for bulk PA6 [26] where ΔT=T m -T and T m =220°C

Figure III. 10 :

 10 Figure III.10 : Dependence of L p as a function of annealing temperature for PA6 [28]

  One way to display the different domains and their interactions is to plot a time-temperature-crystallization (TTC) diagram. Indeed, TTC diagram is used to study the transitions of phases or states, especially during thermal treatments. Labour has made a schematic TTC diagram for iPP, as shown in Figure III.11 and one of our goals would be to do the same for PA6. It would allow us displaying according to time and temperature in which state or phase the material is.

Figure III. 11 :

 11 Figure III.11: Schematic time-temperature-crystallization diagram of iPP [42]

Figure III. 12 :

 12 Figure III.12: DRX patterns of PA6 virgin pellets (15K and 31K)

Figure III. 13 :

 13 Figure III.13: Scheme of the injection molding process

Figure III. 14 :

 14 Figure III.14: DRX patterns of PA6 injected sheets (15K and 31K)

Figure III. 15 :

 15 Figure III.15: Representation of the compression molding process (left), DRX pattern of a compression molded sheet (right)

Figure III. 17 :

 17 Figure III.17: Effect of the melting temperature (T) on the crystallization for 18K virgin pellets (MDSC, v=1°C/min)

FigureFigure III. 18 :

 18 Figure III.18: Spherulites in PA 6 after erasing memory effects at 270°C (10 min) and followed by an isotherm at 203°C observed under transmitted polarized light for a) virgin pellets and b) injected sheet

  Figure III.19 : a) Crystallization kinetics of PA6-31K in function of time for different isothermal crystallization temperatures; b) Crystallization kinetics for 15K and 31K samples at the same crystallization temperature, i.e. T c = 203°C

Figure III. 20 :

 20 Figure III.20: Comparison between literature data [24] [45] and this work concerning the half time of crystallization (PA6-31K)In order to better understand the nucleation processes during the isotherms at different temperatures, the crystallization kinetics were fit by Avrami's law and the exponent n was determined, as reported in Figure III.21. The Avrami parameters are listed in TableIII.3.
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 21 Figure III.21: Fit for crystallization kinetics by using Avrami's law

  Figure III.22: a) Isotherm mold and b) press at 270°C containing the mold

Figure III. 23 :

 23 Figure III.23: DRX patterns for isotherms at different T c for PA6 31 K (l.) and for PA6 15K and 31K at T c = 202°C (r.)

Figure III. 24 :

 24 Figure III.24: Isotherm consequences on PA6 microstructure

Figure III. 25 :

 25 Figure III.25 : Diagram of an annealing on injected molding sheet

  Figure III.25: it allows studying both the influence of annealing temperature and time spent at T a . The influence of temperature with sufficient hold times is exhibited in Figure III.26. It clearly shows that annealing temperatures under 195°C do not allow the total transformation of β into α phase. On the contrary, above 195°C we clearly observed the presence of the two α phase peaks ((200) at 2θ=20.21° and (002)+(202 ̅ ) at 2θ≈24°).

Figure III. 26 :

 26 Figure III.26: WAXS patterns at 23°C concerning PA6 for different annealing temperatures

Figure III. 27 :

 27 Figure III.27: WAXS patterns at 23°C concerning PA6 for different annealing times at T a = 200°C

Figure III. 28 :

 28 Figure III.28 : SAXS patterns of PA6 at 23°C: a) after injection and b) after an annealing at T a = 200°C (30min)

Figure III. 29 :

 29 Figure III.29: Dependence of the long period (Lp) as a function of annealing temperature (T a ) for several PA6 molecular masses (15K, 18K and 31K)

  Figure III.31: a) Principle of quench; b) Influence of the molecular masses on microstructure after quenching treatment for bulk PA6

Figure III. 32 : 5 %

 325 Figure III.32: Influence of molecular mass and structure on X c upon a quenched sample followed by a cold crystallization

. 5 .

 5 Figure III.33: a) Isotherm and b) annealing consequences on PA6 microstructure

Figure III. 34 :

 34 Figure III.34: Schematic TTC diagram for PA6: 1) Slow cooling from the molten state at high crystallization temperature, 2) Isotherm at high temperature from a quenching state, 3) Isotherm from the melting state, 4) Isotherm from a quenching state at intermediate crystallization temperature, 5) Fast cooling from the melting state at low crystallization temperature, 6) Heating from a quenching state

. 5 :

 5 15K and 31K selection for macroscopic study Sample name Thermal treatment Symbol for 15K Symbol for 31K INJ Initially injected A200 Annealed at 200°C during 30 min A215 Annealed at 215°C during 10 min I213 Isotherm at 213°C during 24 h The impact of thermal treatments on molecular masses has been checked by GPC. The results are shown in Figure III.35.

Figure III. 35 :

 35 Figure III.35: GPC curves for PA6 samples a) with log scale and b) with linear scale

Figure III. 36 :

 36 Figure III.36: Microstructures of 15K PA 6 samples observed in optical microscopy under polarized light: a) INJ, b) A200, c) A215 and d) I213 samples ; Scale bar = 50 µm

Figure III. 37 :

 37 Figure III.37: Microstructures of 31K PA 6 samples observed in optical microscopy under polarized light: a) INJ, b) A200, c) A215 and d) I213 samples ; Scale bar = 50 µm

Figure III. 38 :

 38 Figure III.38: DRX patterns for PA6 low (15K) and high (31K) molecular masses for a) I213 and b) A200 samples

Figure IV. 1 :

 1 Figure IV.1 : Storage modulus G' as a function of temperature for PA6 samples at 1Hz

Figure IV. 2 :

 2 Figure IV.2: Storage modulus G' value as a function of crystallinity index for PA6 samples at T=100°C

Figure IV. 3 :

 3 Figure IV.3: Loss factor tan phi = G''/G' measured in DMA curves for 15K and 31K PA6 samples at 1Hz

Figure IV. 4 :

 4 Figure IV.4: Loss modulus G" as a function of temperature for PA6 samples at 1Hz

Figure IV. 5 :

 5 Figure IV.5: Temperature of the main relaxation T(α) as a function of crystallinity index X c (left) and L a (right) for 15K and 31K polymers

Figure IV. 6 :

 6 Figure IV.6: Tensile tests at T=120°C for 15K and 31K polymers,

Figure IV. 7 :

 7 Figure IV.7: Tensile tests at T=120°C for 15K and 31K PA6 samples: influence of the molecular mass

Figure IV. 8 :

 8 Figure IV.8: Young's modulus E at T=120°C for 15K and 31K polymers as a function of crystallinity index X c

Figure IV. 9 :

 9 Figure IV.9: Yield stress σ y at T=120°C for 15K and 31K polymers as a function of crystallinity index X c

  Figure IV.10 and Figure IV.11 for tensile tests below the glass transition.

Figure IV. 10 :

 10 Figure IV.10: Stress-strain curves in tensile tests at T = -10°C for 31K PA6 samples

  The strain-stress curves for both 15K and 31K polymers are plotted in Figure IV.11. It is clear that samples with a lower molecular mass have a lower elongation at break.

Figure IV. 11 :

 11 Figure IV.11: Stress-strain curves for tensile tests at T=-10°C for 15K (dotted lines) and 31K (full lines) PA6 samples

Figure IV. 13 :Figure IV. 14 :

 1314 Figure IV.13: Yield stress σ y at T = -10°C for 15K and 31K polymers as a function of crystallinity index X c

  have also studied the effect of molecular mass on the tensile mechanical behavior in relation with the crystalline structure of PA6. Data from Ito et al. are shown in Figure IV.15 for the drawing temperature 180°C.At a given strain level, the stress increases as a function of chains length, for samples having about the same crystallinity. The authors ascribed this effect to the increase of the number of entanglements per chain that reduce chain slippage. This is true for tensile tests in the temperature range 120-200°C. However, in this study, the macroscopic deformability (extension at break) of PA6 was little affected by chain length.

Figure IV. 15 :

 15 Figure IV.15 : Tensile tress-strain curves for PA6 films of various M w and crystalline forms, at 180°C and 𝜺̇ = 20min -1 [11]

  Figure IV.16 (left). It indicates that the requirement for generation of intercrystalline tie molecules is that a chain in random coil conformation should enfold at least one amorphous layer and the two adjacent crystalline lamellae as expressed by the following relation: 𝑅 𝑐 ≥ 𝐿 𝑎 (E IV.1) where 𝑅 𝑐 is the square root of the average squared end-to-end distance of the chain and L a the amorphous layer thickness (see Figure IV.16 (right)).

Figure IV. 16 :

 16 Figure IV.16: Schematic molecular topology of a semi-crystalline polymer (left); Schematic illustrated the conditions expressed in Eq. IV.1 (right)

  The Poisson's coefficient at T = 120°C is plotted in Figure IV.17 as a function of crystallinity index for the various 31K PA6 samples of the present study.

Figure IV. 17 :

 17 Figure IV.17: Poisson's coefficient ν as a function of crystallinity index for 31K samples at T = 120°C

  2 and Figure V.3.Equatorial and polar directions are linked to the lamellae distribution in the spherulite as shown in FigureV.1, with the tensile direction (TD) being vertical. 2D SAXS (and WAXS) pattern are oriented in a way that vertical and horizontal respectively correspond to the vertical and horizontal zones in WAXS and SAXS patterns, with the tensile axis being vertical. Polar lamellae are restricted to conic zone whereas equatorial lamellae are located in a discoid zone. In SAXS, detected intensity corresponds to intersection of reciprocal space (scattering) with the plane of the detector (see chapter II).

Figure V. 1 :

 1 Figure V.1: Lamellae distribution in a spherulite and correspondence to 2D SAXS patterns

Figure V. 2 :

 2 Figure V.2: SAXS pattern for polar lamellae

Figure V. 3 :

 3 Figure V.3: SAXS patterns for equatorial lamellae oriented with a) chains axis parallel to TD and b) chains normal to TD

Figure V. 4 :

 4 Figure V.4: Strain-stress curves of in-situ tensile tests at a) T=0°C and b) T=120°C

  The reference direction of the problem is the tensile direction (denoted TD in what follows). The overall (macroscopic) deformation is uniaxial around this direction. The orientation of a lamella is described completely and without ambiguity by the orientation of its normal 𝑛 ⃗ which is described by the azimuthal angle ψ only, due to the overall cylindrical (uniaxial) symmetry of the deformed sample, as schematized in Figure V.5. For a stack of lamellae with a normal 𝑛 ⃗ , the scattered intensity is in the direction of 𝑛 ⃗ (see Figure V.2 or Figure V.3).

Figure V. 5 :

 5 Figure V.5: Description of the orientation of a lamella normal n. Due to uniaxiality, the distribution of orientation depends on the azimuthal angle ψ only, not on the angle .

Figure V. 7 :

 7 Figure V.7: Local strain as a function of macroscopic engineering strain at a) T = 0°C and b) T = 120°C

Figure V. 8 .

 8 The ratio ε local /ε macro defined by Eq. V.1 is plotted as a function of the crystallinity index X c in Figure V.8 for the different PA6 samples at both temperatures.

Figure V. 8 :

 8 Figure V.8: Ratio ε local /ε macro as a function of the crystallinity index X c for PA6 samples at T=0°C (full symbols) and T=120°C (empty symbols)

Figure V. 9 :

 9 Figure V.9: Schematics of a lamellar stack: stacking of thin disks alternatively of crystalline and amorphous phases submitted to tensile stress

Figure V. 10 :

 10 Figure V.10: ΔL p /L p as a function of azimuthal angle ψ for undeformed and ε=10% samples, obtained from treating raw data. The additional modulation with period 360° is mostly likely due to biased determination of center beam and is subtracted in the following.

Figure V. 11 :

 11 Figure V.11: ΔL p /L p as a function of the azimuthal angle ψ at T = 0°C for three different values of the macroscopic engineering strain and for two different samples: INJ and I213. Symbols are experimental points and curves are fit with Eq. V.14

Figure V. 12 :

 12 Figure V.12: ΔL p /L p as a function of azimuthal angle ψ for different values of the macroscopic engineering strain at T = 120°C and for two different samples: INJ and I213. Symbols are experimental points and curves are fit with Eq. V.14

Figure V. 13 :

 13 Figure V.13: Same data as in Figure V.11 and Figure V.12 for I213 sample but plotted differently. ΔL p /L p as a function of the azimuthal angle ψ for different macroscopic engineering strains for tensile tests at T = 0°C and T = 120°C for the I213 samples

Figure V. 14 :

 14 Figure V.14: Same data as in Figure V.11 and Figure V.12 for INJ sample but plotted differently. ΔL p /L p as a function of the azimuthal angle ψ for different macroscopic engineering strains for tensile tests at T = 0°C and T = 120°C for the INJ samples

Figure V. 15 :

 15 Figure V.15: A vector (the normal to a lamellae stack) before and after affine uniaxial deformation

  Figure V.16 shows the variation of local strain as a function of azimuthal angle for samples I213 (α phase) and INJ (β phase), at a macroscopic strain ε = 5%. Full curves correspond to Eq. V.12. The Poisson's coefficients are ν = 0.395 (I213) and ν = 0.457 (INJ), determined as explained in Chapter IV. Figure V.16 shows the difference between the macroscopic strain and the local strain defined by ∆L p /L p . It shows that, for the INJ sample, lamellae which have their surfaces parallel to the tensile direction (ψ = 90° mod 180°) are compressed to the same amount as predicted by the homogeneous deformation model, whereas lamella perpendicular to the tensile direction (ψ = 0° mod 180°) are less stretched than predicted (by a factor of about 2, in concordance with Figure V.8). Concerning I213 sample, it shows that lamellae parallel (respectively normal) to TD are less compressed (respectively less stretched) than predicted. As already discussed before, this must be compensated by shearing of inclined lamellae (see Figure V.9).

Figure V. 16 :

 16 Figure V.16 : Variation of local strain as a function of azimuthal angle for samples I213 (α phase) and INJ (β phase) at temperature 120°C. Macroscopic strain ε = 5%. Full curves correspond to Eq. V.12 with Poisson's coefficients ν = 0.395 (I213, orange curve) and ν = 0.457 (INJ, purple curve).

  ). The same applies for tensile tests at T = 0°C and both INJ and I213 samples.

Figure V. 17 :

 17 Figure V.17: Choice of even Legendre polynomials to fit experimental data at ε = 30% and T = 120°C for the INJ sample

Figure V. 18 :Figure V. 19 :

 1819 Figure V.18: p 2 and p 4 coefficients obtained by fitting experimental data with Eq. V.14 for INJ and I213 samples at T = 0°C and T = 120°C.

  3.1,thanks to the following equation: 𝐴 𝑓 = 𝐴 -𝐴 𝑖𝑛𝑖 + 𝐴 𝑖𝑛𝑖 𝑎𝑣 (E V.19) With A f the final amplitude A the amplitude obtained by the fit A ini the amplitude of the initial state 𝐴 𝑖𝑛𝑖 𝑎𝑣 the average amplitude of the initial state The results for I213 and INJ samples at both temperatures (below and above T g ) are shown in Figure V.20. Below T g , intensity reinforcements at ψ = kπ\k ∈ {0,1,2} are observed for each sample and strain below the glass transition as shown in Figure V.20a. It means that normals to lamellae orient preferentially vertically (ψ = 0°).

Figure V. 20 :Figure V. 21 :

 2021 Figure V.20: Amplitude of intensity A f as a function of azimuthal angle for different macroscopic engineering strains for tensile tests a) at T = 0°C and b) T = 120°C for I213 and INJ samples

Figure

  

Figure V. 22 :

 22 Figure V.22: A lamella (with the vector 𝒅𝒓 ⃗⃗⃗⃗⃗ along the normal) before and after affine uniaxial deformation. In this model for the deformation of the material, the lamellae tend to orient along the tensile direction.

  Figure V.23 as a function of the azimuthal angle ψ, for different values of the strain ε (normalized to Fδ = 1).

Figure V. 23 :

 23 Figure V.23: Normalized intensities as a function of the azimuthal angle ψ, for different values of the strain ε , calculated using Eq. V.20, curves are fits using Eq. V.22 up to sixth order.

Figure V. 24 :

 24 Figure V.24: Coefficients p 2 , p 4 and p 6 of the Legendre expansion Eq. V.6 as a function of the strain ε

  p 2 and p 4 coefficients as a function of strain are plotted in Figure V.25. Finding that normals orient preferentially vertically as proposed by the affine model, means that the model qualitatively describes the orientation process in that case. In addition, p 2 coefficients vary linearly compare to the strain (Figure V.25a) as predicted by the model (see Figure V.24) for tensile tests below the glass transition. Above T g , for the INJ sample, p 2 coefficients are really low, meaning that there is nearly no orientation. Concerning p 4 coefficients, it is found that most of p 4 coefficients are negative, meaning there is a variance compare to the affine model. Indeed, having negative coefficients has not been taken into account in the model. However, if p 4 values are negative, it is because in the case of experimental data the top peaks are flatter than the bottom peaks, in contrast to the affine model. As p 4 values are also very low, it means that in contrast to the model, they are negligible. Nonetheless, at the moment, we do not have clear physical significance for negative p 4 . Finally, concerning the I213 sample above T g , the affine model does not apply. The corresponding mechanisms are discussed in §III, in parallel with WAXS results.

Figure V. 25 :

 25 Figure V.25: Coefficient of Legendre expansion as a function of strain ε plotted on a) log and b) linear scales.

4 )Figure V. 26 :Figure V. 27 :

 42627 Figure V.26: Scheme of WAXS patterns during tensile test a) at T = 120°C for I213 sample (α phase) and b) at T = 10°C for INJ sample (β phase).

Figure V. 28 :

 28 Figure V.28: Variation of 2θ angles, enhanced in vertical and horizontal scattering regions for I213 samples at undeformed and stretched (εmacro=10%) states, for T=-10°C

Figure V. 29 :

 29 Figure V.29: Crystal strains in tensile direction for INJ (β phase) and I213 (α phase) samples at T = 10°C and T = 120°C.Curves are drawn up to the yield point.

Figure V. 30 :

 30 Figure V.30: Comparison of local crystal strains for samples with α phase I213 and A215 at T = -10°C and T = 120°C.

Figure V. 31 .

 31 For both cases (Figure V.31a and Figure V.31b), the crystal strain is maximum at 𝜓 = [𝑘𝜋 \ 𝑘 ∈ {0,1,2}], equivalent to 0, 180 and 360°. As 𝜓 = [𝑘𝜋 \𝑘 ∈ {0,1,2}] corresponds to the tensile direction, it proves that (200) crystalline planes (for α phase) and (002)+(

Figure V. 31 :

 31 Figure V.31 : Δd/d as a function of azimuthal angle ψ for different macroscopic engineering strains for INJ and I213 samples a) at T = -10°C and b) at T = 120°C. Points are experimental data and curves are fits with a Legendre polynomial expansion (Eq. V.14).

Figure V. 32 :

 32 Figure V.32: Same data as in Figure V.31 but plotted differently. Δd/d as a function of azimuthal angle for different macroscopic engineering strains for tensile tests at T = -10°C and T = 120°C for a) I213 samples and b) INJ samples

p 4

 4 Figure V.33: a) p 2 and b) p 4 coefficients for INJ (purple ∆) and I213 (orange ○) samples at various strains, full lines and points for T = -10°C and dotted lines and points for T = 120°C

FigureFigure V. 34 :

 34 Figure V.34: a) p 0 coefficients and b) Poisson's ratio of the crystals ν plotted thanks to Eq. V.17 for INJ (purple ∆) and I213 (orange ○) samples at various strains, full lines and points for T=-10°C and dotted lines and points for T=120°

Figure V. 35 :

 35 Figure V.35: WAXS patterns for sample INJ (β phase) in the initial (undeformed) state and at the yield stress point. TD is vertical

Figure V. 36 :II. 4 . 2 .

 3642 Figure V.36: Intensity in the ring corresponding to (002+200+ 𝟐 ̅ 02) planes, from WAXS patterns, as a function of azimuthal angle for INJ samples at various strains; at a) T = -10°C and b) T = 120°C (ψ = 0° correspond to the TD)

Figure V. 37 :Figure V. 38 :

 3738 Figure V.37 : WAXS patterns for I213 (pure α phase) at undeformed state and at the yield stress state, TD is vertical

Figure V. 39 :

 39 Figure V.39: Correspondence between polar lamellae and WAXS pattern in the case of crystalline lattice α

  This process is schematized in Figure V.40: during tensile load, a chains stretching happens and this leads to the tilting of lamellae stacks as well as a slight shear (step 1 to step 2 of Figure V.40). This is shown in Figure V.42: dotted line represents the form of a spherulite but the model can either work for a non-spherulitic structure. Indeed, as mentioned before, spherulitic morphology is not a prerequisite for this model.

Figure V. 40 :

 40 Figure V.40: Focus on the mechanisms of rotation and shear linked to the "CN" model. Effect on the distribution of intensity observed in 2D SAXS pattern is shown on the right

Figure V. 41 :

 41 Figure V.41: Schematics of the induced orientation of a crystallite within the "Rigid lamella" model of deformation.

Figure V. 42 .o

 42 The consequences of the "Rigid lamella" model (RL) on SAXS and WAXS patterns are schematized in Figure V.42 :-In SAXS, as the crystallites (lamellar stacks) tend to rotate parallel to the tensile direction, this means that more normals to lamella surfaces scatter in horizontal direction, resulting in an enhancement of intensity in horizontal direction. This effect is illustrated in Figure V.41.-In WAXS, since crystallites (lamellae) tend to orient vertically (Figure V.41), chain axis tend to orient horizontally. Then, different lattice planes may orient differently around the chain axis direction.o Concerning the sample with α phase, the situation depends on which lattice direction corresponds to the main growth direction. Concerning the sample with β phase, all (h0l) lattice planes (which contain the chain axis) are equivalent. Since crystallites (lamellae) tend to orient vertically (Figure V.41), chain axis tends to orient horizontally. However, (h0l) lattice planes are distributed around the chain axis direction and not preferred orientation should be detected in the WAXS pattern.

Figure V. 42 :

 42 Figure V.42: Presentation of models and their concordances on SAXS/WAXS patterns, symbolizes the reinforcement of intensity, not spot

Figure V. 42 .

 42 Let us now focus on experimental data and confront SAXS and WAXS data. Intensities as a function of azimuthal angle for each sample, temperature and techniques are reminded in Figure V.
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 4344 Figure V.43: Reminder of SAXS/WAXS results for INJ and I213 samples below and above T g

Figure V. 45 :

 45 Figure V.45: Lamella rotation along a) y axis corresponding to tensile axis, b) z axis and c) x axis

  Figure V.46: a) Coefficients p 0 of the Legendre in the case of the orientational distribution of lamella (see §I.4); Schematic of the rope-ladder model in a) the initial state and b) the deformed state

  Figure V.11 and Figure V.12 ( §I.3).

Figure VI. 1 :

 1 Figure VI.1 : a) Chain network model; b) Rigid lamella model

Figure VI. 2 :

 2 Figure VI.2: In situ strain-stress curves in tensile stretching at strain rate = 3.10 -3 s -1 for 31K samples obtained after various thermal treatments, at two different temperatures: a) T= 120°C (above T g ) and b) T= -10°C (below T g ). All samples have been stretched up to failure.

I. 1 .

 1 Injected (INJ) sample: predominant β phase I.1.1. Evolution in the plastic domain above Tg Stress-strain curves of the INJ sample at two different strain rates at T= 120°C (above T g ) are shown in Figure VI.3, together with representative WAXS patterns acquired in-situ. Figure VI.3 illustrates the general behavior of the INJ sample as a function of the strain. It shows and confirms that, at this temperature, the strain rate does not influence the mechanical behavior of the material.

Figure VI. 3 : 1 .

 31 Figure VI.3 : In-situ tensile stress-strain curves above T g for INJ sample at various tensile rates, 𝜺̇=2.5 10 -2 s -1 and 𝜺̇=3 10 -3 s -1 . Corresponding WAXS patterns are shown.

Figure VI. 4 :

 4 Figure VI.4: 2D WAXS patterns obtained at different strain values in the of INJ sample above T g (T= 120°C). TD is vertical. In step 4, the sample has been unloaded after stretching up to ε = 450%. The various steps 1 to 4 are analyzed in the text.

Figure VI. 4 )

 4 . The fibrillation and the β → α transformation, as well as the indexing of the spots at 2θ ≈ 10.2° and 2θ ≈ 13° (indicating the presence of a highly ordered phase, or in any case more ordered than the initial β phase), will be further analyzed in §I.1.3.2. 2D intensity patterns shown in Figure VI.4 are now analyzed more quantitatively. To illustrate the anisotropy which appears in the patterns, diffraction curves (intensity as a function of scattering angle 2) measured in horizontal and vertical directions (integrated over a azimuthal sector of width 5°) are shown in Figure VI.5b.

  order to analyze quantitatively the intensity patterns shown in Figure VI.4 (reproduced again in Figure VI.5a for clarity), an Azimuthal Scattering Domain (ASD as schematized in pattern 1 in Figure VI.4) covering entirely the scattering ring 2θ ≈ 21° of the β phase has been defined. For each azimuthal angle ψ, the scattering intensity is integrated in the range of scattering vector Q values in between the inner and outer rings drawn in red in Figure VI.4 (pattern 1). The obtained integrated intensity is then studied as a function of the azimuth angle ψ, to see in which direction reinforcements or spots of intensity are encountered. As in chapter V, the scattering intensities are corrected by subtracting the (small) modulation observed in the initial state and adding the average intensity of the sample in the initial state (see Eq. V.25).

Figure VI. 5 :Figure VI. 6 :

 56 Figure VI.5: a) 2D intensity patterns for INJ sample at various strain values at T = 120°C (above T g ) (same as in Figure VI.4), shown again for clarity; b): intensity as a function of scattering angle in horizontal (H. S.: horizontal scattering, normal to TD) and vertical directions (V. S.: vertical scattering, parallel to TD); c): Azimuthal intensity profiles. The tensile direction is vertical (azimuthal angle ψ=0°). Preferred plane orientation, corresponding to intensity reinforcements, with normals in the horizontal plane and chain axis along the tensile direction, is schematized

  g the pattern obtained at 50% strain during tensile test at 120°C shown in Figure VI.5a. There is significant broadening of the diffraction ring, as compared to the ring observed in the initial state, particularly in the direction of horizontal scattering. According to Scherrer's formula, this may be related to fragmentation of crystallite in the direction perpendicular to the tensile direction, as roughly schematized in Figure VI.14. Finally, at larger strain values (roughly beyond 100% strain), the slight increase of scattered intensity, as shown in Figure VI.7, may be related to an increase of crystallinity due to chain elongation at high strain, or to the development of α phase (see §I.1.3.2). The global mechanisms will be discussed in §I.1.3.3.

Figure VI. 7 :I. 1 . 2 .I. 1 . 3 .

 71213 Figure VI.7: Evolution of the integrated intensity as a function of macroscopic strain in INJ sample for both tensile test temperatures

Figure VI. 9 :

 9 Figure VI.9: Influence of the strain on the scattering intensity of (002)+(200)+( 𝟐 ̅ 02) planes of β phases, at a) -10°C and b) 120°C. Same curves as in Figure VI.5c and Figure VI.8c, shown again to emphasize the effect of the temperature of the tensile test.

Figure VI. 10 :

 10 Figure VI.10: a) Schematics of chevron-like morphology, with corresponding scattering peaks (or intensity reinforcements) from oriented lattice planes. Lamellae are inclined at an angle ψ 0 . b) Schematics of the buckling instability of lamellae under transverse compression, which results in a chevron-like texture. Tensile direction is vertical.

Figure VI. 11 :

 11 Figure VI.11: Indexation of 2θ angles corresponding to the various spots

Figure VI. 12 :

 12 Figure VI.12: WAXS pattern of the INJ sample strained up to ε = 450% and subsequently unloaded. Same pattern as step 4 of Figure VI.4 reproduced again for clarity.

Figure VI. 13 :

 13 Figure VI.13: WAXS pattern of a stretched fiber of PA66, reproduced from [14] (left); Proposed indexing of the various diffraction peaks (right). Be careful that lattice vectors (a, b, c) are usually oriented differently in PA66 and in PA6.

Figure VI. 14 :

 14 Figure VI.14 : Mechanisms of deformation for PA6 containing predominantly β phase, tensile axis is vertical. WAXS patterns are taken during tests at T = 120°C.

Figure VI. 15 :

 15 Figure VI.15: I213 sample under tensile test at T = 120°C. a) 2D WAXS patterns with red dotted circles representing the ASD for (200) plane and green plain half-circles representing the ASD for (002)+(20𝟐 ̅ ) planes. b) Intensity as a function of 2θ scattering angle in horizontal (H. S.: horizontal scattering, normal to TD) and vertical directions (V. S.: vertical scattering, parallel to TD). Azimuthal intensity profiles as a function of the azimuthal angle for c) the inner peak (corresponding to (200) planes) and d) the outer peak (corresponding to (002)+(20𝟐 ̅ ) planes). Tensile axis is vertical corresponding to ψ=0°.

  Figure VI.16. Then, accordingly, (002) planes should scatter in directions inclined at an azimuth angle ±22.5° with respect to the equator (assuming an angle beta = 67.5° in the crystalline unit cell) and (202 ̅ ) planes should scatter in directions inclined at an azimuth angle ±34° from the equator (that is ψ ≈ 56° and ψ = 124°) (see Figure VI.16). It is difficult to clearly distinguish these contributions in the azimuthal modulation of the intensity of the corresponding ring (see Figure VI.15d). However, these scattering contributions of both (002) and (202 ̅ ) planes qualitatively agree with the modulation observed in Figure VI.18d.

Figure VI. 16 :

 16 Figure VI.16: Scheme of WAXS pattern and its equivalent to oriented crystalline lattice at the yield state, tensile axis is vertical (the drawing of the crystalline unit cell is not to the scale)

17

 17 

  . The only possibility to explain the different orientations observed for (200) planes is to take into account two different populations of (200) planes. The Figure VI.17 shows a great accordance between the two minor reinforcements at ψ = 142° and ψ = 218° observed for (200) planes and the horizontal reinforcements observed for (002) and (202 ̅ ) planes.

Figure VI. 17 :I. 2 . 2 .Figure VI. 18 :

 172218 Figure VI.17 : Scheme of WAXS pattern and its equivalent to oriented crystalline lattice for a part of the chains/lamellae at ε=200%, tensile axis is vertical (the drawing of the crystalline unit cell is not to the scale)

Figure VI. 19 :

 19 Figure VI.19: Absolute azimuthal scattering intensity of (200) planes at a) -10°C and b) 120°C for I213 samples

Figure VI. 20 :Figure VI. 21 :

 2021 Figure VI.20: Azimuthal scattering intensity of ((002)+(20𝟐 ̅ )) planes at a) -10°C and b) 120°C for I213 samples

  T g , a Chain Network (CN) model applies and above T g , a Rigid Lamella (RL) model applies. If we now focus on the steps after the yield, it can be found that the mechanisms explaining the plastic strain domain are nearly the same, only the stage 1, as well as part of stage 3 of Figure VI.23, change depending on the temperature, as it is explained below.

Figure VI. 22 :

 22 Figure VI.22: Intensity for the peak from (200) planes as a function the azimuthal angle ψ, for three different strain values. Points are experimental data (same data as in Figure VI.19b), curves are heuristic adjustments with Gaussian peaks centered either on ψ = 0° (mod 180°) or on ψ = 90° (mod. 180°). The fitting curve at 75% strain is a linear combination of those at 50% and 200%.

Figure VI. 23 :

 23 Figure VI.23 : Mechanisms of plastic deformation for PA6 with pure α phase from yield stress, tensile axis is vertical

Figure VI. 24 :

 24 Figure VI.24 : WAXS patterns of A200 for various strains and for tensile tests a) below and b) above T g with the I(2θ) profiles of horizontal and vertical scattering (H. S. and V. S.) ; the red indexations of planes are for α phase and the green ones for γ phase, tensile axis is vertical

Figure VI. 25 :

 25 Figure VI.25: Long period L p as a function of macroscopic strain at a) T=120°C and b) T=0°C

Figure VI. 26 :

 26 Figure VI.26: Strain of initiation's cavitation as a function of crystallinity index for PA6 samples at T=0°C

Figure VI. 27 :

 27 Figure VI.27: SAXS patterns of cavitation at ε=15% for T<T g (T=0°C) for PA6 samples : 1) aged injected, 2) injected, 3) annealed at 200°C, 4) annealed at 215°C and 5) isotherm at 213°C; tensile direction is vertical

Figure VI. 29 :

 29 Figure VI.29 : Steps of cavitation for I213 sample (α phase) at T=0°C

Figure VI. 30 :

 30 Figure VI.30: 2D SAXS patterns for β and α phases, above and below T g
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Table I .1 : Kinds of crystalline structures observed in polyamides

 I 

	Parity of PA	Chains direction
		Parallel Antiparallel
	Even (<7C)	γ	α
	Even (>7C)	γ	γ
	Odd	α	α
	Even/Even α (centro-symmetric)
	Odd/Odd	γ	γ
	Even/Odd	γ	γ
	Odd/Even	γ	γ

Table I .2: Characteristics of the different structures α, β and γ

 I 

		α	γ	β
	Lattice parameters (*=axis ⫽ to the chains)	a=9.56 Å b*=17.24 Å c=8.01 Å β=67.5° [13]	a=9.33 Å b*=16.88 Å c=4.78 Å β=59° [14]	a=4.8 Å c*=8.6 Å γ=120° [11]
			(200) 2θ=21.69°	
	Bragg's indices (λ=1.542)	(200) 2θ=20.21° (002) 2θ=23.09° (202 ̅ ) 2θ=24.36° (202) 2θ=37.36° (0 14 0) 2θ=77.42° [15]	(002) 2θ=22.23° (202) 2θ=38.73° (0 14 0) 2θ=79.39° [8] (020) 2θ=10.47° (001) 2θ=21.66°	(020) 2θ=10.47° (low) (200) 2θ=21.66° (002) 2θ=21.66 (2 ̅ 02) 2θ=21.34° (broad) [7]
			[7]	
	Density (at 23°C)	1.235 ± 0.002 g/cm 3 [13]	1.18 ± 0.02 g/cm 3 [8]	1.14 ± 0.02 g/cm 3 [16]
	Melting temperature	222°C	214°C	
	° Enthalpy of melting ∆𝐻 𝑓	241 J/g [17]		Transformation βα

Table III .1: Mechanism of crystallization and the value of n (6) (7) Growth Crystal growth shape Homogeneous nucleation Heterogeneous nucleation Three-dimensional

 III 

		Sphere	4	3 ≤ n ≤ 4
	Two-dimensional	Disc	3	2 ≤ n ≤ 3
	One-dimensional	Rod	2	1 ≤ n ≤ 2

Table III .2: Commercialized PA6 at our disposal Sample name M n (Kg/mol

 III 

		)	I p	Structure
	31K	30.3	1.86	linear
	15K	19.3	1.63	linear

Table III .3: Avrami parameters determined by the fit

 III 

	T c (°C)	n	τ (min) (t1/2)	t o (min) (induction)
	200	2.6	2.9	1.5
	202	3.6	6	2
	204	4	10.7	2.8
	206	4	18.8	4.6
	208	4	35	11.5

Table III .4: DRX and DSC combined data for PA6 isotherms Sample name Crystalline phase L p (nm) X c (%) L c (nm)(with DSC)

 III 

	15K iso 202°C	α	10.9	27	2.7
	31K iso 202°C	α	9.8	24	2.1
	15K iso 205°C	α	11.0	31	2.9
	31K iso 205°C	α	10.2	32	3.2
	31K iso 209°C	α	10.8		
	15K iso 213°C	α	11.2	35	3.6
	31K iso 213°C	α	11.3	35	3.7
	31K iso 216°C	α	11.8	31	3.5

Table III .6 : GPC data of our PA6 samples with oligomers truncation at 2000g/mol Sample Symbol Mn Mw Ip (dispersity) Bulk IV 15K INJ

 III 

		19341	31516	1.629	0.7202
	31K INJ	30279	56478	1.865	1.1286
	31K A200	30289	56479	1.865	1.1698
	31K A215	30195	56152	1.860	1.1480
	15K I213	24238	43004	1.774	0.8263
	31K I213	32027	67444	2.106	1.2477

Table III .7: Sample characteristics (angular gap corresponds the α peaks gap, and an estimation of the crystalline perfection) Sample name (Mn thermal treatment) Crystalline phase

 III 

	a)			b)				
			50 µm				50 µm	
		c)			d)			
	Injected sheet							
	Cut			50 µm			50 µm
			Ratio	Angular	L p	L c (nm)	X c	T f
			α/γ	gap (°)	(nm)	(with DSC)	(%)	(peak °C)
			(DSC)	for α				
	15K INJ	β+γ			7.2	1.6	29	
	31K INJ	β+γ			7.4	2	24	
	15K A200	α+γ	70/30	3.2	9.1	2.8	34	224
	31K A200	α+γ	60/40	3.2	10	2.8	31	223
	15K A215	α	100	3.7	10.2	3.3	35	225
	31K A215	α	100	3.7	10.7	3.0	31	225
	15K I213	α	100	3.8	11.2	3.6	35	230
	31K I213	α	100	3.9	11.3	3.4	33	230

Table IV .1: Details on the "15K" and "31K" PA6 samples for the macroscopic tensile study Name Sample Crystalline phase Symbol for 15K Symbol for 31K INJ

 IV 

		Injected	β+γ
	A200 Annealed at 200°C	α+γ
	A215 Annealed at 215°C	α
	I213 Isotherm at 213°C	α
	JA	Injected then aged	β+γ

Table IV .2: Calculation of 2 R g for the A215 samples of the 15K and 31K polymers

 IV .2. The results are reported in Table IV.2

		L p (nm)	L c (nm)	L a	R c(Mn)	R c(Mw)
	15K	10.2	3.3	6.9	12.8	16.3
	31K	10.7	3	7.7	16.2	21.8

Table IV .3: Average number of entanglement per chain for the 15K and 31K samples M n (g/mol) Entanglement number for M n M w (g/mol) Entanglement number for

 IV 

					M w
	15K	19340	≈7	31516	≈12
	31K	30280	≈12	56478	≈22
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Table V .1: 31K selection for microscopic in-situ study

 V 

	Name	Sample	Crystalline phase	Symbol
	INJ	Injected	β+γ	
	A200	Annealed at 200°C	α+γ	
	A215	Annealed at 215°C	α	
	I213	Isotherm at 213°C	α	
	JA	Injected then aged	β+γ	

  The same discussions on polar lamellae apply like the ones made for INJ sample. Concerning WAXS data, nearly no orientation has been observed for (200) planes. (002)+(202 ̅ ) planes orient at ψ=90°. Thus, this is still in agreement with a Chain Network model.

	Concerning tensile tests above T g , SAXS data corrected by Lorentz's factor show that lamellae normal
	prefer to orient at ψ=90°. Back to WAXS data, it is found that experimentally (200) planes scatter
	vertically whereas (002)+(202 ̅ ) planes scatter horizontally. This is in agreement with a Rigid Lamella
	(RL) model. The motion of polar lamellae is schematized in Figure V.44. Indeed, equatorial lamellae
	are supposed to be only submitted to lamellar separation.

Table VI .1: The 31K samples with various thermal treatments chosen for microscopic in-situ studies.

 VI 

	Sample name	Thermal treatment	Predominant crystalline phase	Color and symbol
	INJ	Injected	β+γ	
	A200	Annealed at 200°C	α+γ	
	A215	Annealed at 215°C	α	
	I213	Isotherm at 213°C	α	

  T g ) is shown in Figure VI.15a. As described previously, in the initial state, the two rings correspond to two distinct families of planes. In order to illustrate the anisotropy which appears in the 2D WAXS patterns, diffraction curves (intensity as a function of scattering angle 2) measured in horizontal and vertical directions (integrated over a azimuthal sector of width 5°) are depicted in Figure VI.15b. At the yield state, only vertical reinforcements are present for (200) planes, i.e. the unique presence of a peak at 2θ ≈ 20°. Concerning the horizontal scattering, both families of planes scatter but the presence of the ((002)+(202 ̅ )) planes is predominant as the peak at 2θ ≈ 24° has a higher maximum. The elastic domain corresponding to the initial state until the yield point has already been investigated in chapter V. Finally, in the last stage, there is a broad horizontal scattering for both family planes and a weak vertical scattering for (200) planes still remains. Thus, in sample I213 (as well as in sample A215, not shown) the intensity profiles evolve in a complex way as the strain progressively increases, with different successive steps. These different steps are described in what follows. The azimuthal intensity profiles for different macroscopic strains are shown in Figure VI.15c and d: the two graphs correspond to the two distinct scattering rings, corresponding to distinct families of planes.
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