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Contribution à l’étude des mécanismes de déformation élastique et plastique du polyéthylène et 

polypropylène en fonction de la microstructure et de la température 

Résumé 

Les propriétés mécaniques des polymères semi-cristallins en relation avec leur microstructure 
ont fait l'objet d'un grand nombre d'études. Cependant, il reste encore des questions non résolues, 
concernant les mécanismes de la déformation plastique à température élevée, les propriétés 
intrinsèques de la phase amorphe interlamellaire ou encore la distribution des contraintes locales dans 
les sphérolites… L'objectif de cette thèse est d’adresses ces questions dans les cas du PE et du PP en 
fonction de la température. Pour atteindre cet objectif, une série d'échantillons de PE et PP des 
différents  microstructures ont été préparées et caractérisés par DSC, SAXS, WAXS et spectroscopie 
Raman. Dans le domaine élastique, la déformation locale (εlocal) dans les régions équatoriales et 
polaires des sphérolites ont été mesurés par SAXS in situ. Le ratio εlocal / εmacro a été utilisé dans un 
modèle mécanique permettant le changement d’échelle de mésoscopique macroscopique. En outre, le 
module apparent de la phase amorphe interlamellaire Ma a été estimé par la contrainte et la 
déformation locale. Les Ma valeurs du PE sont dans la gamme 250 - 500 MPa, ce qui est très élevé par 
rapport au module du PE amorphe caoutchoutique. Dans le domaine plastique, la cavitation, la 
transformation martensitique et le cisaillement du cristal ont été observées par SAXS et WAXS in situ. 
Une concurrence entre ces mécanismes plastiques a été mise en évidence. L’augmentation de la 
température entraine une disparition progressive de la cavitation et un retard de la transformation 
martensitique vers de plus haute déformation. La structure fibrillaire, induite par étirage à différentes 
températures a été étudiée par SAXS in-situ. Il a été observé que la longue période et le diamètre des 
micro-fibrilles dépendent de la température d’étirage de la structure initiale, via les mécanismes de 
« fusion-recristallisation » et « fragmentation-réarrangement ». Une étude similaire a été effectuée 
pour le PP.  
Mots-Clés: polyéthylène; polypropylène; microstructure; propriétés mécaniques; température 
 

Contribution to the study of elastic and plastic deformation mechanisms of polyethylene and 

polypropylene as a function of microstructure and temperature 

Abstract 

The mechanical properties of semicrystalline polymers in relation to microstructure have been 
the subject of a large number of studies. However, there are still some unresolved issues, for instance, 
plastic deformation mechanisms in elevating temperature, intrinsic properties of interlamellar 
amorphous phase, local stress distribution in spherulites etc. The aim of this thesis is to address these 
issues in the case of PE and PP in different temperatures. A series of PE and PP samples with wide 
range of microstructures thanks to various thermal treatments were characterized by DSC, SAXS, 
WAXS and Raman spectroscopy. In elastic domain, the local strain εlocal in equator and polar regions 
of spherulites were measured by in situ SAXS. The ratio εlocal/εmacro  is a constant which only 
depends on drawing temperature. This ratio was used in a mechanical modelling as a transition factor 
from mesoscopic to macroscopic scale. Furthermore, the apparent modulus of the interlamellar 
amorphous phase Ma was estimated by the measured local stress and strain. The Ma of PE was found to 
be in the range 250 - 500 MPa which is surprisingly high comparing with the modulus of bulk rubbery 
PE. In the plastic domain, cavitation, martensitic transformation and crystal shear were observed by in 
situ SAXS and WAXS and their respective strain onsets were shown to be strongly dependent on 
crystallite thickness and temperature. It was found that competition exists between these plastic 
mechanisms. With increasing temperature, cavitation gradually disappears and martensitic 
transformation is delayed. A map for the onset of these plastic mechanisms was produced. In addition, 
the fibrillar structure induced by drawing at different temperature was studied by in situ SAXS. The 
long period and diameter of micro-fibrils proved to be dependent on the drawing temperature and also 
the initial structure via the melting-recrystallization and fragmentation-rearrangement mechanism. 
Similar investigations were performed with PP.     
Key words: polyethylene; polypropylene; microstructure; mechanical properties; temperature
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General introduction 

During the past century, synthetic polymers have taken an increasing place in the domain of 
transport, sports, electronics and domestic appliances due to their low density as well as good 
insulating properties compared to metals. During the last decades, thermoplastic polymers 
emerged as commodity plastics owing to their easier and less expensive processing ability 
compared to thermosets, and better recyclability as well. The larger part of thermoplastics consists 
of semi-crystalline polymers such as polyethylene, polypropylene, polyamides, polyesters, etc ... 
Presently, due to the forecast exhaustion of fossil energy resources, bio-sourced polymers gained 
an increasing attraction as sustainable alternatives to oil-based polymers. However, bio-sourced 
materials generally have lower mechanical performances compared to synthetic polymers, as well 
as higher economical cost. So that conventional synthetic polymers are still preferred in many 
technological domains, with an increasing commitment of recycling capability. 

Researches have thus been oriented towards optimization of the mechanical and physical 
properties of well-known synthesis polymers via new synthesis routes, chemical modifications 
and /or compounding. The mechanical and physical properties of semicrystalline polymers are 
still the subject of numerous studies. Indeed, their increasingly use in specific conditions demands 
a thorough knowledge of the physical mechanisms during thermal or mechanical stress. In 
particular, the influence of their microstructural and molecular parameters on their properties must 
be well known. However, this is not easy because of the complex multi-scale microstructure of 
semicrystalline polymers. Polyethylene is known to be one of the simplest polymers on chemical 
and crystallographic structures which make it a model material for the study of the mechanical 
behavior of semicrystalline polymers. The study of the influence of the microstructure on the 
mechanical properties of the polyethylene must necessarily be a multi-scale analysis because its 
microstructure is organized at different scales. This complex microstructure is also dependent on 
the molecular parameters and the crystallization conditions.  

The mechanical properties in small deformations (elastic domain) are generally influenced by 
crystallinity, and the thickness of the crystallite lamellae, as for example the elastic modulus. 
Essentially, the modulus is not only determined by the intrinsic properties of crystal and 
amorphous phase, but also the connection between these two phases such as interphase or tie 
molecule. The knowledge of the intrinsic properties of these components is quite important to the 
micromechanical models which help to predict the macroscopic mechanical properties in relation 
to the microstructural characteristics of the polymer that are well known to have a great impact on 
the mechanical properties. There is thus a need of appropriate experiments allowing to get access 
to these intrinsic properties. 

Regarding plastic deformations, a lot of works have been published. The predominant 
deformation mechanisms include crystallites shear, cavitation, and crystal phase transformation. 
Many investigations revealed that the occurrence of these mechanisms is function of molecular 
parameters, microstructure and temperature. However, the relation between these mechanisms and 
the exact effect of microstructures are still not clear.  

Temperature is also an important factor for the mechanical properties since it governs the 
occurrence of molecular mobility below the melting point and thus may strongly modify the 
various plastic deformation processes. It is known that the polymers go from the glass-like brittle 
behavior at low temperatures to a rubber-like behavior at high temperature. Semicrystalline 
polymers undergo various different relaxations (γ, β and α relaxations in PE) with increasing 
temperatures. These relaxation processes have been widely discussed but the origins are still 
controversial.  

The aim of current work is to understand the influence of the each molecular and microstructural 
parameters and temperature on the mechanical properties of semicrystalline polymers. More 
precisely, we expect to establish correlations between microstructure, temperature and 
deformation behavior.  
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To reach these objectives, the strategy was to collect a series of PE samples with different 
molecular topology (comonomer concentration) and different thermal treatments to obtain a wide 
distribution of microstructure parameters (crystallinity, crystalline thickness, tie molecules density 
et al.). On the other hand, the similar microstructure could be obtained from polymers with 
different topology. This will allow understanding the influence of molecular parameters on the 
mechanical properties.  

Isotactic polypropylene was also used to compare the mechanical properties between 
semicrystalline polymers of different natures but with similar microstructures.  

Considering that the basic structure of semicrystalline polymers is at the nanoscale of the 
crystalline lamellae and their regular stacking with amorphous layers, in situ WAXS and SAXS 
experiments at different temperatures clearly appear to us as preferred experimental means for 
investigating the micro-mechanisms of deformation and the influence of temperature. With these 
techniques the microstructure parameters could be well associated to the mechanical properties.  

The present thesis is divided into seven chapters. In details, the thesis is organized as follows: 

Chapter 1 introduces a literature review of the chemical-physical structure of semicrystalline 
polyethylene and polypropylene. The chapter provides a brief summary of deformation behavior 
of these semicrystalline polymers during the tensile test.  

Chapter 2 introduces the experimental techniques for microstructure characterization and 
mechanical properties analysis. 

Chapter 3 describes the various materials of the study. Their microstructures are characterized by 
the different techniques described in the previous chapter. The influence of the molecular 
topology and the thermal treatment on the microstructure is also discussed in this chapter.  

Chapter 4 concerns the local deformation behavior in the visco-elastic deformation domain. 
Mesoscopic and macroscopic deformation behavior has been connected with the ratio of local 
strain to macroscopic strain. Local deformation in different regions of sperulites is discussed. In 
addition, the intrinsic properties of interlamellar amorphous phase have been studied by 
combining in-situ SAXS and WAXS at different test temperatures. 

Chapter 5 deals with the relationship between microstructure variation and the plasticity of the 
polyethylene and polypropylene. It is divided in two parts: The first part presents formation of the 
cavitation in the relation with microstructure and temperature. The mechanism of the cavitation 
formation in polyethylene semicrystalline is discussed via a modeling. The second part describes 
the shearing and the martensitic transition of the crystallite. The influence of the microstructure 
and temperature is discussed as well. Relations of these mechanisms are discussed in this part. 

Chapter 6 presents the general conclusions of the present research work, discusses the main 
contributions, and suggests some recommendations for future research. 

Annex is about the fibrillar transformation behavior of semi-crystalline PE and PP during tensile 
test. The influence of the initial structures will be studied in this work. The mechanisms (melt-
recrystallization and fragment-rearrangement) of the fibrillar transformation are discussed as well. 

 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Chapter I Introduction  

3 

 

Chapter I Introduction 

Table of content 

 

Chapter I Introduction ................................................................................................................ 3 

I.1 Preambule ............................................................................................................................. 5 

I.2 Structure of PE and iPP molecules ....................................................................................... 5 

2.1 Molecule structure of PE .................................................................................................. 5 

2.2 Molecular structure of iPP ................................................................................................ 6 

I.3 Morphology of the semi-crystalline PE and iPP ................................................................... 6 

3.1 Crystalline structure of polyethylene [6] .......................................................................... 7 

3.2 Crystalline structure of iPP ............................................................................................... 8 

3.3 Lamellar morphology ....................................................................................................... 8 

3.3.1 Influence of comonomer ............................................................................................. 9 

3.3.2 Influence of the thermal treatment ........................................................................... 10 

3.4 Interlamellar amorphous phase ....................................................................................... 12 

3.5 Crystal-amorphous coupling........................................................................................... 12 

3.5.1 Tie molecules ........................................................................................................... 13 

3.5.2 Stress transmitters .................................................................................................... 15 

3.5.3 Interphase ................................................................................................................ 16 

3.6 Crystal aggregates and spherulite ................................................................................... 16 

I.4 Intrinsic properties of crystalline and amorphous phase ..................................................... 17 

4.1 Modulus of crystal lattice ............................................................................................... 17 

4.2 Modulus of interlamellar amorphous phase ................................................................... 17 

I.5 Influence of temperature – relaxation behavior .................................................................. 18 

5.1 γ relaxation ..................................................................................................................... 18 

5.2 β relaxation ..................................................................................................................... 19 

5.3 α relaxation ..................................................................................................................... 20 

I.6 Stress strain behavior of semi-crystalline polymer ............................................................. 20 

6.1 Stress strain curve ........................................................................................................... 20 

6.2 Elastic deformation ......................................................................................................... 21 

6.2.1 Microstructure evolution ......................................................................................... 21 

6.2.2 Elastic Modulus ....................................................................................................... 22 

6.2.3 Models for elastic modulus ...................................................................................... 23 

6.3 Plastic deformation ......................................................................................................... 24 

6.3.1 Crystal shear in lamella ........................................................................................... 25 

6.3.2 Martensitic transformation in polyethylene ............................................................. 27 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Chapter I Introduction  

4 

 

6.3.3 Cavitation ................................................................................................................. 28 

6.3.4 Fibrillar transformation........................................................................................... 31 

6.3.5 Melting and recrystallization ................................................................................... 32 

I.7 Conclusion of the introduction ............................................................................................ 33 

I.8 Strategy ............................................................................................................................... 33 

 

 

  

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Chapter I Introduction  

5 

 

I.1 Preambule 

Polyethylene (PE) and isotactic polypropylene (iPP) are two of the most significant semi-
crystalline polymers among the most prominent commodity plastics. These representatives of the 
family of polyolefin make up nearly 50% of the world’s plastics market. The rapid development 
of new catalysts has allowed the tailored design of macromolecules with defined semi-crystalline 
morphologies and thus defined properties, such as toughness, stiffness, wear resistance, 
transparency, etc. Very often, this semi-crystalline morphology provides and controls the physical 
properties polymers. Therefore, the analysis and control of the morphologies of semi-crystalline 
polymers as well as an understanding of the micromechanical processes of deformation and 
fracture are crucial to material development, modification, and failure analysis.[1] 

The search for a relationship between molecular structure and mechanical properties of semi-
crystalline polymers has been a motive for extensive studies in the past [2]. The mechanical 
properties of semi-crystalline polymers depend on various factors (see Figure 1.1). Firstly, they 
are decided by the nature of the materials such as a chemical structure, molecular weight and its 
distribution. Secondly, the properties can be changed by the formation of morphology through 
processing. This relationship between materials, morphologies and properties is complicated and 
is not fully understood [3]. This thesis aims to develop further understanding of that relationship. 

 
Figure 1.1.Relations between the materials, morphology and properties of semi-crystalline 

polymers. 

I.2 Structure of PE and iPP molecules 

2.1 Molecule structure of PE 

PE is the simplest polyolefin and made by the polymerization of ethylene monomer. The 
polyethylene has a very simple structure with a long chain of carbon atoms where two hydrogen 
atoms are attached to each carbon atom (see figure 2.1). Polyethylene macromolecules adopt a 
stable conformation planar zigzag (see Figure 2.1).[4] 

 
Figure 2.1.Schematic of polyethylene with a planar zigzag conformation. 
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It is classified into several different categories based on its density and chain branching. The most 
important polyethylene grades are High-density polyethylene (HDPE), Linear low-density 
polyethylene (LLDPE) and Low-density polyethylene (LDPE) (see Figure 2.2). 

 
Figure 2.2.The different categories of polyethylenes 

HDPE has a low degree of branching and thus high crystallinity. The lack of branching is ensured 
by an appropriate choice of catalyst (for example, chromium catalysts or Ziegler-Natta catalysts) 
and reaction conditions. LLDPE is defined by a density range of 0.915–0.925 g/cm3. LLDPE is a 
substantially linear polymer with significant numbers of short branches, commonly made by 
copolymerization of ethylene with short-chain alpha-olefins (for example, 1-butene, 1-hexene and 
1-octene). LDPE has a high degree of short and long chain branching. It was produced by bulk 
polymerization in high pressure conditions. The low density and low crystallinity of LDPE are the 
result of its highly branched structure. 

2.2 Molecular structure of iPP 

Isotactic polypropylene (iPP) can be made from the monomer propylene by Ziegler-Natta 
polymerization and by metallocene catalysis polymerization. iPP is the most stereo-regular 
structures of PP which means  all the methyl groups are on the same side of the chain (see Figure 
2.3).  

.  

Figure 2.3.Schematic of isotactic polypropylene. 

To reduce the steric hindrance effect of methyl group, the chain of iPP is in a left or right handed 
(or both) 2*31- helix conformation with either an ‘up’ or ‘down’ position of the methyl groups 
(see Figure 2.4 for a helix with ‘down’ position of the methyl groups). Figure 2.4 shows the 
contours of the helix as a triangular bar. This representation is used in the description of the 
crystal phases of polypropylene.[5] 

 
Figure  2.4. Helical structure of isotactic polypropylene with ‘down’ positions of the methyl 

groups (black spheres). 

I.3 Morphology of the semi-crystalline PE and iPP 

Semi-crystalline polymers are those that consist of two or more solid phases, in at least one of 
which molecular chain segments are organized into crystal, and in other phases chains are 

LDP

E 

HDP

E 
LLDP

E 
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disordered. The non-crystalline phases form a continuous matrix in which the crystalline regions 
are embedded. Most polyolefin are semi-crystalline. Their specific morphology is governed by 
molecular characteristics and preparation conditions.  

3.1 Crystalline structure of polyethylene [6] 

In crystallographic terms the unit cell is the smallest entity that contains all the information 
required to construct a complete crystal. The lengths of the sides can be identical or different. The 
lengths of axes are designated a, b, and c, and the angles between faces, α, β, and γ, as illustrated 
in Figure 3.1. A complete crystal can be constructed from a unit cell by translating it repeatedly 
along each of its axes.  

0B  
1BFigure 3.1.Schematic of a unit cell.[6] 

Polyethylene exhibits three types of unit cells: orthorhombic, monoclinic, and hexagonal. The 
orthorhombic unit cell is the most common; for all practical purposes it may be considered to be 
the only one present in samples. 

Orthorhombic Unit Cell 

The orthorhombic unit cell is a cuboid, each of its axes having a different length while the angles 
made by adjoining faces are all 90o. The orthorhombic unit cell is variously illustrated in Figure 
3.2. These values were measured for high density polyethylene at room temperature. The density 
of a unit cell with these dimensions is 1.00 g/cm3. This value is widely accepted and is commonly 
used in the calculation of the degree of crystallinity from sample density. 

 
Figure 3.2.Schematic of PE orthorhombic crystal cell.[6] 

Monoclinic Unit Cell 

The monoclinic crystal form of polyethylene is a metastable phase formed under conditions of 
elongation. It may be present to a small extent in commercial samples that have undergone cold 
working after initial molding. The orthorhombic phase could transform to the monoclinic phase. 
This phenomenon will discuss in the section 4. The configuration and dimensions of the 
monoclinic unit cell are shown in Figure 3.3. 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
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2B  
3BFigure 3.3. Schematic of PE monoclinic crystal cell.[6] 

3.2 Crystalline structure of iPP 

Isotactic polypropylene is a polymer with a number of crystal modifications. In all of the crystal 
structures the chain is packed in the lattice as a helix conformation with either an ‘up’ or ‘down’ 
position of the methyl groups. A triangular is used in the description of the crystal phases of 
polypropylene (see Figure 2.4). Among those structures, α form is the most common. Here we just 
discuss the structure ofα phase 

The α-phase of iPP is described by an alternation, in the b-axis direction, of layers parallel to the 
ac-plane and composed of only left handed (L) or right-handed (R) helices, indicated in Figure 3.4 
by white and gray triangles, respectively. The position of the methyl groups in both the left or 
right-handed helix can be positioned ‘up’ or ‘down’ (up or dw). Due to the possibility of the 
chains to be situated ‘up’ or ‘down’, two limiting α-phases (α1: disordered, α2: ordered) can be 
recognized (see Figure2.4). The monoclinic unit cell has the following parameters a = 6.65Å, b 
=20.96Å, c = 6.5Å, and β=99.62o. The overall density is 0.946 g/mol  (room temperature).[5] 

 
Figure 3.4.Schematic of iPP crystal cell.[5] 

3.3 Lamellar morphology 

The main features of crystalline lamellae can be illustrated by a PE single crystal lamella grown 
from dilute solutions, as shown in Figure 3.5. The polymer crystal is slightly pyramidal with an 
overall tent-like structure in a lozenge shape. From the electron diffraction pattern, the polymer 
chains are found to be parallel to the thickness direction of the lamella. The polymer chains are 
believed to be folded back and forth on the upper and lower lamellar surfaces.[7] 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
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Figure 3.5.TEM image of single polyethylene crystal [8]. 

When crystallized from the melt, the crystal organized as a lamella with a twist in b axial as 
shown in Figure 3.6. The growth direction of polyethylene lamella is toward the b-axis [6] .The 
chains fold normal to the lamella surface and the lamellae grow in the radial direction from the 
center of spherulite. The organization of lamellae in spherulite will be discussed in section 3.6. 
Studies using electron and atomic force microscopy [9,10,11] and x-ray diffraction [12] provided 
the evidence for the twisted structures. Two models have been proposed to explain the lamellar 
twist. One is believed to be the surface stress of the lamellar crystals [13,14] and the other is 
attributed the consecutive formation of screw dislocations [15,16]. Twisted lamellae are also 
reported to have an S-shaped cross section when they are cut perpendicularly to the growth 
direction [16,17]. This structure is explained based on the reorientation of polymer chains and the 
stress on the lamellar surfaces, and self-induced fields during crystallization[17]. 

 
Figure 3.6. Schematic of lamellae stacks [18].  

The thickness of the crystallites can be obtained by techniques of X-ray scattering and differential 
scanning calorimetry. However, their length and width can not be measured with the regular 
method. Although the thickness of the lamellae seems to be the most influential parameter on the 
mechanical properties, it would be interesting to know the other two dimensions in order to 
calculate the form factor which is the ratio between the thickness and the length (or width). For 
composite materials, it is known that the shape factor significantly influence the mechanical 
properties.[19] Thus, it can be assumed that it plays the same role in the semi-crystalline 
polymers.[20] 

3.3.1 Influence of comonomer 

The topology of the molecule is the major factor determining the thickness of the crystallites, 
especially the defects of the chains. The comonomer is excluded from the crystal during 
crystallization. Thus the critical thickness of the crystal depends on the length between two 
comonomers or defects. Furthermore, the intramolecular sequence distribution is considered 
significant to determine the average lamella thickness and distribution for short chain-branched 
polyethylenes [21]. On the other hand, it is evidenced that the some of the comonomer units are 
included in the lattice as point defects instead of being excluded and forming a separate 
amorphous phase.[22] However, whatever the defect is in or out the crystal lamella, the lamella 
thickness decreases with increasing comonomer content.  

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
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3.3.2 Influence of the thermal treatment 

The thermal history of a polymer, in particular between glass transformation temperature Tg and 
melting temperature Tm, greatly influences the thickness of the lamellae. With different thermal 
history, the lamellae process different thicknesses as they are not formed under the same 
conditions (time, temperature). Even if the influence of crystallization conditions on the lamellae 
has been widely studied, some points still remain controversial, especially with regard to the 
mechanisms of crystallization during annealing. Among those thermal treatment, annealing, 
quenching, isothermal crystallization are most studied methods.  

Quenching 

During quenching, the temperature decrease so fast that the time for the lamellae thickening is not 
enough. The thickness of the crystallites is determined during the creation. It depends on the 
cooling rate and comonomer concentration. The faster quenching, the thinner crystallites are. 
However, quenching of a polyethylene sample in water or in liquid nitrogen leads to materials 
with the same crystallinity [23]. This value of the crystallinity is a characteristic parameter of the 
solid phase depending on the nature of the polymer [24]. In this case, Lc is in the order of 
magnitude with distance between two consecutive entanglement points along one chain. It is only 
a function of the rigidity of the chain, and independent of the molecular weight [23]. 

Isothermal crystallization 

During an isothermal crystallization from the melt, large crystallites with more perfect crystal 
structure are formed by growing very slowly. The crystallinity is dependent on time and 
temperature of crystallization. Indeed, the crystal growth temperature-dependence is controlled by 
the competition between kinetic and thermodynamic phenomena. It is determined by the 
nucleation and growth of the crystal [25]. High temperature favors a large crystal growth rate but 
also enhanced crystal solubility. Regarding the nucleation, it occurs when the temperature drops 
far below the melting temperature Tm. By enhancing the equilibrium solubility, increasing 
temperature decreases supersaturation, interfacial energy and thus nucleation vanish at Tm. 
Decreasing temperature to the glass temperature Tg, however, also causes nucleation to vanish or 
become infinitesimal because of the drastic increase of fluid viscosity. Therefore, nucleation for 
polymer melt is limited to the temperature range between Tg and Tm, and a maximum nucleation 
rate is expected between these two temperatures. [25] 

The lamella thickness is a function temperature. Lc is determined in the first place by the 
temperature T at which the crystals have formed, or more precisely by the supercooling ΔT, where 
ΔT=𝑇𝑓∞ − 𝑇, where 𝑇𝑓∞ represent the melting temperature of the infinitely extended crystal.[26]  

Annealing 

Semicrystalline polymers generally change their physical properties when they are heated to 
elevated temperatures below the melting point. These changes are related to alterations of the 
morphology[27]. It is known that polymer chains in the solid state are reorganized from the initial 
structure to thermally more stable ones by annealing at various temperatures below the melting 
point. The heat treatment results in a reorganization of the structure leading to a state of order with 
a lower free energy. 

One of the most important annealing effects is the increase of the thickness of the crystals in the 
chain direction when semi-crystalline polymers are heated above a certain temperature.[28] The 
general features of lamellar thickening measured by the large increase in long spacing are well 
established. However, the mechanism underling the lamella thickening is not properly understood. 
The three most often cited molecular mechanisms to account for the lamellar thickness increase in 
annealing are: (1) refolding by 'solid state' diffusion; (2) 'selective melting of thinner lamellae and 
recrystallization to thicker lamellae' and (3) the fold surface 'premelting', which has been reviewed 
by Fischer.[27] 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
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According to the ‘solid state’ diffusion mechanism, the chain diffuses along the c-axis with a 
snaking like refolding. The change of the overall structure can be described adequately by the 
scheme of Figure 3.7 proposed by Statton.[29] This is based on the observation that the c-axis is 
thickened and remains perpendicular to the lamellar surface during the annealing process. 
Recently, Rastogi et al[30], found double thickness of crystal lamella during the annealing of 
ultra-high molecule weight polyethylene and proposed a mechanism as shown in schematic Figure 
3.8. Once the film is heated above the α-relaxation temperature, the thermodynamic driving force 
for lamellar thickening, necessary to minimize the surface free energy, will cause the chains to 
slide within the lamellae. The sliding chain within one lamella will push the chain in the adjacent 
lamella, as shown schematically by the bold line, representing the test chain (see Figure 3.8). 
Indeed, some limited refolding by solid state diffusion probably does occur, e.g.in non-
equilibrium systems, such as cold or hot drawn systems containing numerous highly stressed 
defective crystals. However, the solid state diffusion can not explain the long period increase 
during annealing and the time dependency of the annealing effects.  

 

 
Figure 3.7.The arrangements of chains in sections of a lamellar aggregate.(a) Before annealing (b) 

after annealing. According to Stratton.[29] 

 

 
Figure 3.8.schematic model to explain the doubling phenomenon in the regularly stacked adjacent 

of ultra-high molecule weight polyethylene. According to Rastogi[30]. 

On the other hand, Hoffman and Kilian proposed that the thickening of lamella is from the partial 
melt and recrystallization of the crystal [31,32,33]. It is believed that the increase of the long 
period during the annealing process is from the reconstruction of lamella structure by the partial 
melt of the crystal. In annealing, a portion of the crystallites are molten, while a portion is still 
there. The recrystallization is complex in this situation. The presence of unmelted crystals makes 
the crystallization nucleation easier, although supercooling is low. However, there no direct 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
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evidence to support this mechanism. 

Jonas pointed out that the crystalline perfection increases through the removal of defects at the 
interface of the crystals [34,35].However, according to McCready [36], the thickness of the 
amorphous lamellae remains constant when the thickness of the crystallites increases. Crystal 
growth in the direction of the chains is contrary to this observation since the amorphous lamellae 
are expected to decline to make way for crystallites. It then proposes a model of "cannibalism" 
small crystals where large crystals devour the small crystals (see Figure 3.9). This phenomenon 
was also observed by Petermann [37]. The removal of thin slices would have the effect of 
increasing the average thickness of the lamellae present in the polyethylene. 

 
Figure 3.9.Model of cannibalism small crystallites larger crystallites during annealing 

Thus, the mechanisms involved in annealing are not yet well defined. However, it can be 
concluded as follows: 

Annealing takes place in several steps. When melting a portion of the crystal, there is a decrease 
in density. This is the fusion of smaller crystallites. Throughout the temperature maintenance, 
large crystallites can grow in the previously molten zone. Concomitantly, unmelted crystallites 
may also thicken thanks to the mobility of the chains in the crystal. At the end of the heat 
treatment, there may be non-crystallized due to low supercooling, which may nevertheless 
crystallize at lower temperature [36]. 

3.4 Interlamellar amorphous phase  

The crystal lamellae are separated by an amorphous phase layer. The interlamellar thickness could 
be measured but the width and length are hard to be obtained. Direct microscopic measurement of 
the thickness of the interlamellar layer is hard to be achieved. The uncertainty between the 
boundaries of crystal and amorphous phase prevent the quantitative analysis of interlamellar 
thickness. However, the SAXS could be a good method for the measurements of the thickness of 
the interlamellar layer because it is sensitive to periodic changes in electron density. Fischer and 
Schmidt[38] were the first to detect changes in interlamellar thickness by using a SAXS procedure 
in quenched polyethylene after annealing and shown that the interlamellar thickness is a function 
of temperature. Kavesh[39] found that an equilibrium exists between lamellar and interlamellar 
regions below crystallization temperature. Upon increasing temperature, the lamellae become 
thinner while interlamellar space increases, but the changes are reversible over this temperature 
range.  

The density of interlamellar amorphous layer of polyethylene is different to the purely amorphous 
phase. Mandelkern et al.[40] found that the enthalpy of fusion data yielded an amorphous density 
of 0.90 g/cm3 by extrapolating linearly to zero crystallinity. It is bigger than the value obtained by 
extrapolation of melt densities to room temperature, which is 0.85 g/cm3.  

Based on the density augmentation phenomenon for the interlamellar amorphous phase, many 
authors believed that there should be a phase with a density between amorphous phase and crystal 
to accommodate of interlamellar layer, such as ‘interphase’ or ‘hard amorphous’. However, this 
needs more evidences to supporting. This will be discussed in next part. 

3.5 Crystal-amorphous coupling 

Interlamellar amorphous layer and crystalline lamellae are physically coupled by various 
elements. This physical coupling has a great influence on the mechanical properties. Recently it 
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has been one of the subjects with many studies. Despite the great interest, many questions are still 
remaining. 

3.5.1 Tie molecules 

Tie molecule (TM) is a molecule that connects at least two different crystals lamellae. It is a 
molecular segment which initiates in one crystalline domain, crosses the amorphous region and 
connects an adjacent crystalline phase. TM provides the strength to keep the crystalline and 
amorphous phases from separating under load. These tie molecules are believed to be responsible 
for high elongation, exceptional toughness and impact resistance, and good resistance to slow-
crack growth, as well as environmental stress cracking [41].   

Direct experimental evidence of TMs by transmission electron microscopy has never been 
obtained although this technique is particularly well suited for studying objects with a typical size 
of just a few nanometers. However, studies of the crazing of semi-crystalline polymers by 
transmission electron microscopy have demonstrated that molecular connections necessarily exist 
between the crystalline lamellar to enable their transformation into fibrils, on the scale of a few 
hundreds of nanometers, at the tip of a propagating crack [41]. 

Origin of the tie molecule 

There are two reasons for the presence of the tie molecule in melt-crystalized semi-crystalline 
polymers [41].  

First, the transient entanglements formed in the melt are preserved throughout the crystallization 
process. In the solid state, these entanglements constitute topological defects that are excluded 
from the crystalline phase and thus build up molecular connections between the crystallites if the 
two intervening chains belong to two adjacent crystallites. 

Second, the scaling relation between the random coil dimension in the molten material and the 
crystallite thickness in the solidified material. Polymers crystallize from the melt in the form of 
chain folded lamellae whose thickness does not exceed a few tens of nanometers which is much 
smaller than the size of the random coil conformation in the melt.  Several crystalline lamellae can 
grow within the sphere of gyration of chain as long as the chain molar weight is sufficiently high 
(see Figure 3.10). 

 
Figure 3.10. Schematic molecular topology of semi-crystalline polymers before and after 

crystallization: (a)HDPE; (b)LLDPE.[41] 

The formation of the tie molecule is significantly influenced by the molecule topology. The 
probability of forming TMs and chain entanglements enhances with increasing molecular weight. 
This is evidenced by the reduced draw ability and the increase in the strain hardening and tensile 
strength.  
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Incorporating side chains by copolymerization is another way to increase the TM concentration 
[42,43]. Indeed, co-units with bulky side groups are excluded from the crystal; this process results 
in an increase in random chain folding accompanied by a high rate of TMs [41]. However, 
copolymerization involves a reduction of the crystallinity and a concomitant drop in the stiffness 
and yield stress. 

Evaluation of TM content: Brown’s Model 

To our knowledge, there is no direct experimentally data on tie molecule density in literature. 
However, theoretical approaches specifically addressing the evaluation of the chain topology in 
the amorphous layers of semi-crystalline polymers have been developed on the basis of the 
statistics of chain molecules by Huang and Brown [44,45]. The general assumptions of this model 
are that the crystallites are pre-existing entities and that the amorphous chains exit from the crystal 
surface obey random-walk or Gambler’s ruin statistics in the domain between two neighboring 
crystallites. It is considered that the chain topology in a crystalline polymer is preserved during 
the crystallization stage. In this instance, the probability for a chain in the melt to build up 
intercrystalline TMs during crystallization is given by the probability of finding chain segments 
long enough to span an amorphous layer and the two adjacent crystalline lamellae. This concerns 
chain segments longer than L=2Lc+La, where Lc is the crystal lamellar thickness and La is 
interlamellar thickness. The TM probability is then given by the following equation based on 
Gaussian statistics for the chain segments at the moment of crystallization: 

𝑝 =
1

3

∫ 𝑟2 exp(−𝑏2𝑟2)𝑑𝑟
∞
𝐿

∫ 𝑟2 exp(−𝑏2𝑟2)𝑑𝑟
∞

0

  (2) 

with 𝑏2 = 3

2
< 𝑟2 >, where < 𝑟2 >is the mean-square value of the end-to-end distance of the 

entire chain in a random coil conformation. The value L for the lower limit of integration of the 
upper integral holds for the computation of the number of chain segments having an end-to-end 
distance greater than L. The 1/3 factor represents for the fact that only chain segments with their 
end-to-end vector normal to the crystalline lamellar surface can actually make TMs. This 
probability of occurrence of TMs concerns an isolated chain. 

This equation is valid for monodisperse systems. To account for the polydispersity, it should be 
introduced the molecular weight distribution of n (M): 

𝑃̅ =
∫ 𝑛𝑝𝑑𝑀
∞

0

∫ 𝑝𝑑𝑀
∞

0

  (3) 

where ndM represents the number of molecules with a molecular weight between M and M + dM. 

From this model, Huang and Brown calculated the fraction of tie molecules for PE with different 
concentration of comonomers. It is shown that the content of comonomers strongly influences the 
density of tie molecule (see figure 3.11). 

 
Figure 3.11.TM Fraction in function of comonomer density.[44] 
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However, this model can not take into account the influence of entanglements which play very 
important role in the stress hardening. Yeh and Runt[46] proposed to improve Huang and 
Brown’s model by taking into consideration the chain entanglements in the amorphous layers. It 
turns out that the probability of chain entanglement is much greater than that of conventional 
TMs, and thus the latter can be neglected. However, this model is very hard to estimate the tie 
molecule and entanglements density for the isothermal crystallization sample which has much 
lower concentration of tie molecule and entanglement.   

On the other hand, several indirect methods such as the natural ratio of deformation or hardening 
have been proposed to estimate the density of tie molecules and entanglements. Indeed, it has 
been shown that these parameters are correlated to the density of tie molecules and entanglements 
[47]. These methods will be discussed in a section following. 

3.5.2 Stress transmitters 

Previously, we discussed that during crystallization with folding chains, some molecules could be 
out the crystal, and then re-enter to the same crystal, or pervade the amorphous layer and enter an 
adjacent crystal. Entangled loops from adjacent lamellae can also form tie molecules. These are 
sketched in Figure 3.12. 

 
Figure 3.12.Schematic of the crystalline and amorphous lamella with different stress transmitters. 

The presence of these connecting elements (tie molecules, loops) was first suggested by Keith and 
Padden [48] and then by Yoon Flory [49].  

However, the mechanical efficiency of these links is sensitive to the temperature. Around the α 
relaxation temperature, the tie molecule relaxes due to the activation of the crystal stem mobility. 
According the description of Boyd [50], the crystal mobility permits the lengthening of a tight tie 
chain through shortening of two loops which permits more deformation of the amorphous fraction 
(see Figure 3.13).  

 
Figure 3.13.Further relaxation of the amorphous fraction resulting from mobility in crystal in α 

region [50]. 

Below the α relaxation temperature, these mechanical connections between the amorphous and 
crystalline phase enable the stress transform between these two phases. In our work, they are 
defined as "stress transmitters". 
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3.5.3 Interphase 

In the non-crystalline regions, it is known that a third phase is present between the crystalline and 
amorphous phases, since the boundary between ordered crystalline regions and the disordered 
non-crystalline regions cannot be sharp (see Figure 3.14) [51,52,53,54]. 

. 

Figure 3.14. Interphase of semi-crystalline polymers 

Some of the chains that emanate from the basal plane of the lamellar crystallites return to the 
same crystallite but not necessarily in juxtaposition. Other chains terminate in the amorphous 
phase or span multiple crystallites. The transition from well-ordered crystals to random 
amorphous chains is accompanied by a high chain flux and a highly restricted conformational 
environment. As a result a diffuse boundary or interphase is formed.[53] 

The thickness of this interfacial region in linear polyethylene has been determined to be in the 
range of 10-30 𝐴̇ and 7 – 13 vol%, depending largely on the molecular weight and chemical 
nature of the sample[52]. Increase in the molecular weight or co-unit content increases the 
fraction of interfacial material[51]. 

A variety of techniques such as 13C nuclear magnetic resonance (n.m.r.), small angle neutron 
scattering (SANS), Raman spectroscopy and dielectric relaxation have shown that the interfacial 
region is a significant component in semi-crystalline polyethylene. Indeed, because of their 
differences in density and molecular mobility, it does not behave in the same manner as the 
amorphous phase or crystalline phase. Therefore, it is expected to influence the macroscopic 
mechanical properties of PE. 

3.6 Crystal aggregates and spherulite 

When polymers are crystallized from the melt, the lamellar crystals usually form more or less 
aggregates. The most common kind of aggregate is the spherulite, when crystallinity higher than 
35% for polyethylene[55]. In spherulite, the lamellae are arranged radially (see figure 3.15) and 
the chains in the crystallites are lying tangentially. 

 
Figure 3.15.Schematic illustration of spherulites howing the crystal orientation for 

polyethylene.[56] 

The architecture of spherulite has been studied in depth by Bassett et al. [57]. The principal 
observations they made is that the radiating lamellae so often exhibit a regular twist (see section 

Perfect crystal 

Interphase 

Amorphous phase 
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3.3). Another characteristic is lamella branching. This phenomenon enables to fill of the spherulite 
volume as it grows up. Crystal branches at a screw dislocation so that there is a mismatch between 
the mother and daughter crystals. Then the daughter lamellae tend to splay away from the motion. 
As more and more daughter crystals are formed, a sheaf-like structure developed [58]. 

Schultz [59] pointed out that the diameter of the spherulite depends essentially on the 
phenomenon of nucleation. For high supercooling, for example during fast cooling, the nucleation 
is dominating, which causes a large amount of spherulites. The size of spherulites will be small. 
For crystallization at low supercooling, the number of nuclei will be low so that the large 
spherulites will grow. 

I.4 Intrinsic properties of crystalline and amorphous phase 

4.1 Modulus of crystal lattice 

The crystal lattice of polyethylene is anisotropic. In an orthorhombic lattice, three Young’s 
modulus are related to the a, b, and c axes, i.e. Ea, Eb and Ec.  

Ec can be measured by X-ray scattering (283GPa), Raman spectroscopy (290Gpa), and inelastic 
neutron scattering (329Gpa) at room temperature [60]. The molecule chains aligned along the c-
axial thus the modulus is very high due to the stiffness of the chemical covalent. Comparatively, 
Ea and Eb are much smaller, i.e. 7.5 GPa and 6.9 GPa respectively. However, all the lattice moduli 
are much higher than the Young’s modulus measured from macroscopic stress-strain curves.  

The lattice moduli also show strong temperature dependence. This could be illustrated with 
calculations by Lacks and Rutledge (see Table 4.1) [61]. It should be noted that these 
computations were made with an assumption that the crystal is a perfect lattice. If there is a defect 
in the crystal, the modulus should be decreased. 

Table 4.1. Young’s modulus of lattice in three axils [61]. 

modulus 0 K 100 K 200 K 300 K 400 K 

Ea (GPa) 10.5 9.5 7.9 7.5 5.7 

Eb (GPa) 9.5 8.8 7.8 6.9 6.6 

Ec (GPa) 318 312 301 283 259 

 

4.2 Modulus of interlamellar amorphous phase 

For polyethylene and polypropylene, the glass transition temperature of the amorphous phase is 
lower than room temperature; therefore the amorphous phase is in the rubbery state at room 
temperature. Chain entanglements are the cause of rubber-elastic properties in the liquid state. The 
kinetic theory of rubber elasticity, which was particularly developed by Flory, leads to the 
following equation for the amorphous phase of thermoplastic polymers above the glass transition 
temperature [62]: 

GN
0 =

ρRT

Me
  (5) 

where GN0  is the shear modulus at plateau, ρ the amorphous phase density, R the ideal gas constant, 
T the temperature and Me the molar mass between entanglements. For PE with Me 1.4 kg/mol, GN0  
is only 4.5 MPa at ambient [63]. This value is much smaller than the value fitted with Tsai-Halpin 
equation from bulk PE modulus which gets 130 MPa for polyethylene amorphous phase at room 
temperature [64]. This difference may be ascribed to the stress transmitter structures which could 
enhance the amorphous phase. On the other hand, the shape factor also strongly influences the 
amorphous phase modulus. The interlamellar amorphous phase is confirmed between two crystal 
lamellae having a high shape factor. When the interlamellar separation occurs under tensile 
stretch, the amorphous matters would have to flow from the surroundings into the opening gap 
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between the lamellae. This phenomenon is restricted by the confinement effect. It results in an 
increase of the amorphous modulus which is no longer a Young’s modulus but a combination of 
Yang’s and bulk moduli. 

I.5 Influence of temperature – relaxation behavior 

Semicrystalline polyethylene shows a strong dependence of elastic properties on the temperature. 
The elastic modulus curve of polyethylene against the temperature can be divided into distinct 
regions. These regions are directly related to the mobility of chains or groups can be studied by 
DMA (dynamic mechanical anlysis) (see Figure 5.1). At very low temperatures, polyethylene 
behaves like a glass and exhibit a high modulus. As increasing the temperature, the modulus 
decreases. The fall in modulus through the glass transition region for semicrystalline polymer is 
between one and two orders of magnitude, i.e. much less than for thoroughly amorphous polymers, 
and the change in modulus or loss factor with temperature is much more gradual, indicating a 
broader relaxation time spectrum. At high temperatures, molecular mobility is severely curtailed 
by the crystalline phase that generates specific relaxation phenomena in comparison to amorphous 
phase. The semi-crystalline polyethylene undergoes three different relaxations:  γ, β and α (see 
Figure 5.1). The origins of these three relaxations have been widely discussed but are still 
controversial. 

 
Figure 5.1. G’, G’’ and tanφ of PE in function of temperature [18].  

Let’s start at low T when all mobilities are locked. Then increasing temperature will result in the 
activation of the various relaxations.   

5.1 γ relaxation 

The γ relaxation of PE takes place between 120 and 180 K.  

Many authors proposed that γ relaxation is due to the movement of small chain segments 
presented in the amorphous phase [64]. Some consider that this relaxation can be attributed to the 
glass transition [65]. 

However, Sinnott and Hoffman [66] also observed this relaxation in the study of a single crystal 
of PE. They concluded that the γ relaxation was related to defects in the crystalline phase and was 
caused by the reorientation of chains in the crystal. Nitta et al. [65] held the same opinion. Further, 
they noted that the temperature Tγ increases with the number of carbon atoms presented in the 
chains folds at the crystal surface. 
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Based on these assumptions, Khanna [67] explains that this relaxation is associated with 
movements of small segments (3 or 4 CH2) of the amorphous and in addition to the reorientation 
of dangling chains present in the crystal and in amorphous. 

Boyd et al claimed that γ processes can be regarded as 'sub-glass' relaxation. They further suggest 
that process involves molecular motions that are relatively short range in character in comparison 
with those associated with the glass-rubber (β) relaxation (see Figure 5.2). 

The γ relaxation depends on comonomers concentration and thermal history [55]. This is quite 
logical in the assumption that the γ relaxation is due to the movement of crystal chains and chain 
folds at the interface between the crystalline and the amorphous phase since the comonomers 
affect the surface topology of the crystal. 

 
Figure 5.2. (a) Schematic representation of molecular motion localized or confined to certain 
portions of amorphous chains and postulated to be of the type responsible for γ relaxations. (b) 
More general amorphous phase segmental motion underlying the β relaxation. [50] 

5.2 β relaxation 

The β relaxation occurs in the temperature range 200 – 270 K. It is detected in branched PE (for 
comonomers density more than 0.6 mol %) or ultra high molecule weight PE [68].  

Many authors considered β relaxation of PE as the glass transition [50,67]. As a matter of fact, 
this relaxation is not detected for a single crystal [66]. As a result, Khanna [67] deduced that β 
relaxation of PE is related to the amorphous phase. It would be associated to the movement of 
branches in the amorphous phase. This theory is supported by the correlation between the 
intensity of β transition and the amorphous phase content. The transition temperature Tβ correlates 
to the molecular weight Mw and the type of branch. 

Other authors considered that β relaxation of PE associates with the glass transition of the 
interphase [68]. More specifically, it is ascribed to the movement of chain segments present in the 
interphase, such as loops and molecules links. The intensity of this relaxation is indeed strong 
when the interphase content is high. 

The comonomer density significantly affects the β relaxation: Tβ depends on the nature of the 
branch. Furthermore, the amplitude of the relaxation is a function of comonomers concentration 
[55,68]. This can be explained by the fact that the higher the comonomer concentration, the higher 
content of interphase is. 

Nitta [65] proposed that, for HDPE, the β relaxation is associated with the glass transition of the 
interphase while for LDPE, it is associated to molecular movements in amorphous portions of the 
chains which mobility is restricted by the crystalline lamellae.  

It is difficult to conclude on the exact origin of this relaxation. The higher the comonomers 
concentration, the lower the crystallinity and the higher the amorphous phase content.  

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Chapter I Introduction  

20 

 

5.3 α relaxation 

The α relaxation appears in the temperature range 270 – 350 K. Reneker [69] proposed a 
mechanism of diffusion of crystal defect. Many authors also believed that the α transition is 
related to molecular motion within the crystal along the chain axis [65,68]. 

Boyd [50] proposed another theory: the α relaxation take place in the amorphous phase via the 
activation of chain mobility crystal. Khanna [67] also considered that the α relaxation is attributed 
to the interphase movement or the chains connecting amorphous and crystalline phase. 
Furthermore, he explained that the temperature Tα increases with increasing thickness of the 
crystal is due to the increase of the chain stems in the crystal which requires more energy to be in 
motion. Sinnot [66] reported 2 relaxation process α1 and α2 assigned to chain motions within and 
between crystal blocks in the lamellae. To sum up, the origin of the α relaxation is most likely due 
to the mobility of the chains in the crystal, either directly or indirectly.  

I.6 Stress strain behavior of semi-crystalline polymer 

6.1 Stress strain curve 

The tensile test measures the resistance of a material to a static or slowly applied force. Figure 6.1 
shows a typical stress-strain curve for a semi-crystalline polymer and the evolution of the sample 
shape during tensile test.   

 
Table 6.1. A typical stress-strain curve with sample shape evolution during tensile test. 

During tensile deformation, first occurs a linear elastic region; then yielding appears accompanied 
by a drop in stress and the formation of a neck; stress increases gradually due to straightening of 
polymer chain, and finally fracture (see Figure 6.1). 

In the linear elastic region, the deformation is reversible. When the stress is removed, recovery is 
almost instantaneous. Once the yield stress is exceeded the polymer deforms plastically. This 
causes permanent deformation [70]. Plastic deformation involves several mechanisms that will be 
discussed in the following sections.  

Natural draw ratio 

Tensile drawing of the semi-crystalline polymers below the melting temperature is often 
accompanied by necking. After yield, the stress drops due to the localization of the plastic 
deformation i.e. a quick cross-section reduction. This plastic localization or necking proceeds to a 
strain value that is called the natural draw ratio, λn. Beyond yielding, neck propagates over the 
whole length of the sample at nearly constant engineering stress. At the end of the process, the 
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whole sample is plastically deformed with a uniform draw ratio equal to λn. Figure 6.2 show how 
the parameter λn is measured 
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Figure 6.2. Indication of natural draw ratio λn from a stress strain curve. 

The natural draw ratio that develops in solid polymers under tensile drawing is a direct 
consequence of the constitutive law of the material, but its physical origin is still not well 
understood from both structural and molecular aspects. However, for the semi-crystalline 
polymers, the natural draw ratio is an external manifestation of the intimate deformation processes 
of the material, which depend on its specific structural features. It is correlated with the density of 
tie molecules and is particularly useful for predicting long-term properties of polyethylene [47]. 

6.2 Elastic deformation 

6.2.1 Microstructure evolution 

Generally, for the semi-crystalline polymers, the elastic domain is very small. The yield strain is 
usually lower than 1.5%. Within a very low strain, the deformation could be mainly assigned to 
the amorphous phase because the crystalline is much stiffer than the amorphous phase in the case 
of polyethylene.  

Three modes of deformation in the amorphous component have been postulated as being 
associated with lamellar structure [70].  They are: interlamellar separation, interlamellar shear and 
lamella stack rotation (see Figure 6.3). These mechanisms mainly depend on the orientation of 
lamellar.  

The interlamellar slide mode involves simple shear of the amorphous region between lamellar 
crystals with the shear direction being parallel to the lamella surface. Evidence of interlamellar 
shear is provided by the variation of lamellar orientation detected by SAXS, in deformed PE at 
room temperature and above [71]. This mode is predominant for the lamellae at 45° orientation 
angle with respect to the tensile force. This deformation mode is a relatively easy mechanism to 
operate compared with other modes.[72]. It is in competition with chain slip in the crystal during a 
deformation [73]. However, the difference is that this interlamellar shear is almost completely 
reversible as observed by Young et al.[74] 

Interlamellar separation mode involves changes of the distance between adjacent lamellae (Fig. 
6.3b). Generally, it occurs in the lamellae whose normal is parallel to the tensile force. When the 
interlamellar separation occurs, the amorphous matter has to flow into the opening gaps between 
the lamellae from the surroundings. If this does not happen, the separation mode must involve the 
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large density changes or cavitations. This deformation mechanism should greatly depend on the 
local properties and microstructure of the interlamellar amorphous phase, i.e. taut tie molecules 
density and modulus of the interlamellar amorphous phase.  

On the other hand, reversibility of deformation associated with interlamellar separation was found 
for strains as high as 0.4 [75]. The high reversibility of deformations due to interlamellar 
separation is said to be governed by the rubbery behavior of the tie molecules and the entropic 
lack stresses induced by their elongation. 

 
Figure 6.3. Models of deformation in amorphous region: (a) interlamellar slip, (b) interlamellar 

separation, (c) stack rotation. 

The movement of surrounding amorphous regions and orientation of lamellae often needs rotation 
of the lamellae stacks (Figure. 6.3c). A direct observation of rotation of stacks of lamellae was 
obtained by Tagawa [76]. He reported that the lamellar units containing three to ten lamellar 
crystals acted as one body and did not separate into single lamellae during deformation. 

6.2.2 Elastic Modulus 

Linear elastic deformation is governed by Hooke's law, which writes as: 

σ = Eε   (4) 

where σ is the applied stress, E is a material constant called Young's modulus, and ε is the 
resulting strain. This relationship only applies in the linear elastic range. It should be noted that 
not all elastic materials undergo linear elastic deformation. Some polymers may present nonlinear 
deformation. 

In modulus calculation it is assumed that deformation is homogeneous at low strains and that 
deformation occurs only in the gauge region of the sample. Ideally the strain used in the 
calculation of modulus is defined as the elongation of the specimen relative to its original gauge 
length. The standard deviation for a series of specimens cut from a single sample should not 
exceed 5% for a given calculation method [6]. 

For the majority of isotropic samples, the elastic modulus increases approximately linearly with 
the degree of crystallinity. Except in the case of high co-unit copolymers, the data for linear and 
branched polyethylenes follows the same approximate relationship (see Figure 6.4).  
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Figure 6.4. Plot of initial modulus as a function of crystallinity for various isotropic polyethylene 

samples.[77] 

The elastic modulus of high density polyethylene strongly depends on the molecular orientation. 
This relationship has been illustrated by the experiments performed on high density polyethylene 
drawn to various ratios in Figure 6.5. At the highest degrees of orientation, the elastic modulus of 
the resulting fibers approaches that calculated for perfectly aligned polyethylene.  

 
Figure 6.5 Plot of Young’s modulus of high density polyethylene as a function of orientation.[78] 

6.2.3 Models for elastic modulus 

For the semicrystalline polymers consisting of amorphous phase and crystalline phases, the 
macroscopic modulus not only relates to the intrinsic properties of the amorphous and crystalline 
phases, but also to the coupling of these two phases. There are two classic couplings, Voigt and 
Reuss, series and parallel coupling respectively (see Figure 6.6).  
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Figure 6.6.schematic of Voigt and Reuss couplings. 

For the voigt coupling condition, the average modulus E could be written as: 

E = EcVc + EaVa  (6) 

Where Vc and Va are the volume fraction of crystalline and amorphous phase, Ec and Ea are the 
modulus of crystal component and amorphous phase.  

For the Reuss coupling condition, there is: 
1

E
=

Vc

Ec
+

Va

Ea
  (7) 

Halpin and Kardos[20] developed a model to predict the moduli of isotropic crystalline polymers 
by a simple extension of an earlier analysis for fibrous composites. The modulus can be written as: 

E = Em(1 + aηVf)(1 − ηVf)
−1  (8) 

where η = (
Ef

Em
− 1) (

Ef

Em
+ 1)−1  (9) 

The subscripts m and f refer to the matrix and reinforcing fibers in the composites, otherwise the 
amorphous phase and crystalline components in the semicrystalline polymer, and Vf is the volume 
fraction of crystalline component, and a is an adjustable parameter. 

On the other hand, some authors have tried to take into account the mechanical coupling between 
the amorphous and crystalline phases [55,79,80,81]. However, as there is little information about 
the density and stiffness of tie molecules, it is difficult to analyze their real influence on the elastic 
modulus. 

6.3 Plastic deformation 

When some semi-crystalline polymers subjected to a uniaxial load, they exhibit a distinctive cold 
drawing phenomenon. During cold drawing, the sample yield and then neck is induced. As neck 
propagating, the initial lamellar structure transforms to an oriented fibrous structure and its 
strength and modulus increase significantly in the tensile direction. Although neck and cold 
drawing are easily observed at a macroscopic level, the mechanism whereby the spherulite 
transform to the fibrous structure at the molecular level are very complex that it is still subject of 
debate. A lot of works on plastic deformation mechanisms of semi-crystalline polymers have been 
published. Among these deformation mechanisms, it is governed by various such as crystallites 
shear, cavitation, martensitic transformation et al. These mechanisms will be presented in this 
section. 
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6.3.1 Crystal shear in lamella 

Under increasing shear stress, the initial reversible elastic response of a crystal eventually gives 
way to plastic behavior. The plastic deformation mainly involves the deformation of crystalline 
lamellae by various crystallographic processes. Slip is the dominant mode of plastic deformation 
of polymer crystals[70]. When a critical shear stress is reached on the slip plane in the slip 
direction, dislocation motion occurs on the slip plane and causes the two parts of the crystal 
separated by the plane to undergo a relative translation.  

Crystallographic slip is characterized by two vectors, (hkl) and [uvw], which defined as the ‘slip 
system’. The vectors (hkl) and [uvw] represent the ‘slip plane’ unit normal vector and the ‘slip 
direction’ of the slip plane, respectively. Figure 6.7 shows a possible slip plane of polyethylene 
crystal. 

 
Figure 6.7. Schematic of slip plane of polyethylene crystal. 

Polymers have long chain structure. This requires the preferred slip plane contains the molecule 
chain to avoid the break of the chain during the slip. This means the slip plane must be of the (h k 
0) type for PE crystal. This could be confirmed from that the PE chains can remain unbroken 
through very large deformations observed by Peterlin[82]. Geil[83]observed similarly that the 
chain slip without chain unfolding or fracture occurs in PE single crystals for elongations up to at 
least 150%.  

There exists two type of dislocation in a crystal established by its Burgers vector. When the 
Burgers vector is parallel to the chain axis the deformation is called ‘chain slip’, and when 
perpendicular it is called ‘transverse slip’. Both types of dislocations in a crystal are governed first 
by minimum energy considerations, based on the line energy of the dislocation. Shadrake and 
Guiu[84] calculated the line energy of dislocation for ten kinds of possible dislocations in a 
orthorhombic PE crystal. They found that [0 0 c] screw dislocations have the lowest line energy. 
For each slip system, it has a critical shear stress (see Table 6.1). The slip plane (1 0 0) has 
relatively smaller critical shear stress.  

Table 6.1.The critical stress for different slip systems [70]. 

polymer Slip system critical shear stressτ0(MPa) 

PE 

(100)[001] 7.2 

(010)[001] 15.6 

(110)[001] >13 

(100)[010] 12.2 

Chain slip can occur in two different ways to achieve the same macroscopic deformation: fine slip 
and coarse slip [70,72]. When fine slip occurs, a small amount of slip occurs equally on a large 
number of parallel planes (Figure 6.8 a). This will result in a change of the angle between the 
molecular chain axis and the normal to the lamellar surface. Whereas, when coarse slip occurs, 
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only a few parallel planes slip (Figure 6.8 b). The angle between the chain axis and lamellar 
normal will not change. These two types of slip are observed from SAXS and WAXS according 
the angle difference between chains and lamella surface. 

 
Figure 6.8. Schematic illustrations of different degrees of fineness if slip. (a) fine slip; (b) coarser 
slip; (c) shearing of a lattice that has a large lattice translation vector in the chain direction by fine 

slip of partial dislocation.[72] 

At yield point, the major mechanism involves the start of the crystal slip[85]. To simplify the 
study and modeling of the yield stress σy, it is supposed that only the crystal shear induces the 
yield. Shearing of crystalline lamellae was the subject of numerous studies and it is now accepted 
that it is controlled by nucleation and motion of screw dislocations in the direction of the chain 
axis [001] [86]. Therefore, the dislocation model associates the critical stress with the yield stress. 
The yield stress could be expressed as:[86,87] 

𝜎𝑦 =
𝐾

𝜋
α(T)exp⁡[−(

2𝜋∆𝐺𝑐

𝐿𝑐𝐾𝑏
2
+ 1)]  (10) 

With α(T) = b

r0
exp⁡(

2𝜋∆𝐸0

𝐿𝑐𝐾𝑏
2
)   (11) 

Where K is the shear modulus of crystal, b is the burgers vector, Lc is the thickness of the lamella, 
r0 is the dislocation radium, E0 is the core energy.  

This model successfully associated the yield stress with Lc, however, it does not consider other 
factors which could influence the yield, such as tie molecules and couplings. 

Studies have shown that the molecular topology as the molecular weight, comonomer 
concentration, and entanglement content also had an influence on the plastic deformation 
[2,41,77]. In fact, prior to reaching the yield stress, the viscoelastic material undergoes 
deformations mainly governed by the amorphous phase. Shearing of crystallites occurs then. The 
mechanical coupling between the amorphous phase and the crystalline phase is crucial for the 
plastic deformation. It is supposed that the force applied to the lamella is the same regardless of 
the number of tie molecules. However, the more density of tie molecules, the lower the stresses 
will be concentrated at the points of anchoring of the tie molecules. In this situation, the crystal is 
going to slip sooner. 
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Nitta et al. [118, 119] had constructed a model that takes into account the influence of tie 
molecules. The model considered the microstructure of PE by lamellar stacks linked with tie 
molecules (see Figure 6.9). When loaded in tension, the lamellae are then subjected to bending 
due to the support of tie molecules. If there are more tie molecules which is close to each other, it 
is more difficult to break the lamellar. This distance between the tie molecules is a function of the 
number of tie molecules: the higher the density of molecules, the closer the tie molecules to each 
other. At the macroscopic scale, they also found that there is a linear dependence of the yield 
stress on the tie molecule fraction.  

 
Figure 6.9.schematic of lamella stacks linked with tie molecules. (a) without deformation; (b) 
blending lamellar cluster after deformation. 

Temperature also plays an important role on the deformation of the crystallites. Crystallite shear 
via dislocation mechanisms is strongly influenced by temperature [72,88,89].As known when 
temperature is higher than αtransition temperature, the modulus of crystalline polymers drops 
significantly. Indeed, the crystal can relaxed above this temperature, which could improve the 
mobility of chains promoting the nucleation of dislocations.  

At macroscopic scale, the yield stress relates to the temperature and strain rate with Eyring 
equation. It is expressed as:[88] 
σ

T
=

R

v
(
∆H

RT
+ ln

2ė

ė0
)   (12) 

where R is the gas constant, v is frequency, ∆H is activation energy, ė is strain rate. At a constant 
tensile rate, σ is linearly related to temperature.  

In conclusion, the density of stress transmitters is an important parameter to induce shear of 
crystallites. Their role is to transmit the stresses of the amorphous to crystalline phase. The higher 
the density, the higher the stress concentration at the edges of the crystallite, which significantly 
influences the shearing of the crystallite. Therefore, it is important to take into account in 
modelling of the plastic deformation. 

6.3.2 Martensitic transformation in polyethylene 

The martensitic transformation was observed in PE which involves a mechanism transforming the 
orthorhombic to a monoclinic lattice. Occurrence of stress induced martensitic phase 
transformations in polymer crystals is indicated by x-ray reflection and electron diffraction 
[90,91,92,93].  

The monoclinic form in PE is a metastable phase and only appears under stress. After relaxation 
at room temperature, the monoclinic phase is converted back into orthorhombic phase [94]. 
Furthermore, the monoclinic phase is unstable above 110 oC. Kikuchi and Krimm [95] found that 
when deformed single crystals were annealed and converted from the monoclinic phase back to 
the ordinary orthorhombic structure, the crystals changed the fold plane from (110) to (100). This 
led them to suggest that the monoclinic structure is an intermediate state in the fold-plane 
transformation. 

a b 
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This transformation is induced by a transverse slip process according to Young [96]. Like any slip 
system, this transverse slip is more or less depending on orientation with respect to the shear 
stress. As a result, not all the lamellae in the spherulite undergo the martensitic transformation. 
However, the lamellae which the transformation occurs are not yet clear identified.  

Indeed, some authors argue that it occurs in the lamellae located at the equator.[97] But this is 
contradicted with Butler[92] who found that normal of transformed lamellae is inclined relative to 
the tensile direction which could conclude equatorial lamellae do not occur transformation. 
Moreover, studies have shown that the martensitic transformation can also occur on the lamellae 
oriented to the tensile direction, which is the case of polar lamellae.[98,99] 

Recently, Butler [90,91,92,93,100] studied the martensitic transformation of bulk crystallized PE 
with in-situ WAXS and SAXS. Two PE are compared: HDPE (high density PE) and LLDPE 
(linear low density PE). In both cases, the increase of monoclinic phase is portioned to the 
decrease of orthorhombic phase. For both materials (HDPE and LLDPE), processing occurs near 
the yield stress. However, it occurs at lower macroscopic strain for HDPE than that for LLDPE. 
Butler explained by the fact that the amorphous phase of the LLDPE may be deformed more than 
HDPE, thus plastic deformation does not take place on the same macroscopic deformation. 
Similarly, HDPE with thicker crystallite undergoes martensitic transformation at lower 
deformations. Therefore, it seems that the martensitic transformation is influenced by the 
microstructure parameters of PE. But there are very few investigations on this.   

6.3.3 Cavitation 

Cavitation phenomenon is observed during deformation in many semi-crystalline polymers and 
generates many changes in the microstructure. Numerous voids (cavities) both nanometer and 
micrometer size are formed inside amorphous phase between lamellae during deformation of a 
polymer (see Figure 6.10). This cavitation is observed only in tension, never in compression or 
shearing.  

 
Figure 6.10. (a)Tensile deformation of a spherulite; (b) Lamellae kinking and formation of 

cavities in equatorial zones of a spherulite; (c) Lamellae fragmentation occurs in polar fans of 
spherulites, potential cavities may be also expected.[101] 

The cavitation has been detected by microscopic, X-ray scattering and volume strain 
measurements [90,102,103]. Among these methods, the small angle X-ray scattering (SAXS) is 
one of the most popular methods for characterization of polymers internal cavitation 
[104,105,106,107]. The cavities scatter X-ray strongly due to the big electron density contrast 
between matter and voids. Recently, instead of the classic X-ray source the synchrotron radiation 
has been often applied for the studies of polymers [104,105,108]. The main advantage 
synchrotron X-ray radiation source is the possibility of recording of SAXS patterns in real time 
during the tensile deformation. The time of single pattern acquisition on synchrotron beamline is 
reduced to 1–30 s. The larger cavities (with a size exceeding 0.5 μm) scatter the light and this 
scattering is visible as a whitening of the material. Many authors observed stress-whitening of 
deformed polymers, but most of these observations had only qualitative nature [109,110]. 
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Usually the cavitation process is observed in polymers present spherulite morphology. The 
cavitation may appear in a spherulite boundary or inside it. It has been confirmed by scanning 
electron microscopy that both are possible [111]. Cavitation inside a spherulite can be expected in 
its equatorial or polar parts. In these regions, the shear does not dominate.  According to 
Castagnet et al,[112] the cavities appear initially in the equatorial regions of the spherulite. It is 
believed that the lamellae are subjected to a local tensile stress in this region, causing the lamellar 
separation which could favor the initiation of the cavitation. On the other hand, Nitta et al [113] 
observed the initiate of cavitation in both regions by in situ observation of uniaxial deformation of 
isolated individual large spherulite of isotactic polypropylene (see Figure 6.11). In the case of a 
spherulite with few tangential lamellae, arc shaped cracks appear in the polar zone of the 
spherulite and then the radial craze-like fracture begins in the equatorial region perpendicular to 
the stretching axis. In the case of a spherulite with a large number of tangential lamellae, however, 
the radial crazing appears in the equatorial zone and then cracks are initiated in the polar region. 
They explained that the crack formation depends on the anisotropy in strength of crystalline 
lamellae. 

 
Figure 6.11. In situ observation of the deformation of a PP spherulite, crystallized at 130◦C, 
embedded in a smectic matrix. The arrows indicate the stretching direction. The longitudinal 

strains were (a) ε = 0, (b) ε = 0.042, (c) ε = 0.062. [113] 

Many polymers cavitate during deformation, however, polymer morphology and experimental 
conditions are crucial. Pawlak and Galeski [105] compared mechanical properties of eight 
polymers deformed in tension and in plane strain compression. In the compression mode of 
deformation cavitation was not observed in any of the polymers while in tension some polymers 
cavitated. The polymers cavitated with higher crystallinity and thicker crystals. Moreover, 
Castagnet [114] assumed that cavities nucleate and grow in the amorphous phase, located in the 
interface between the amorphous and crystalline lamellae. Therefore, the interface properties can 
influence the process of cavitation. 

Cavitation changes the macroscopic yield stress σy. This phenomenon could be observed form the 
curves of tensile and compression experiments (see Figure 6.12) obtained by Galaski et al [105]. 
The conclusion from the experiments is that with an increase of deformation there is a kind of 
competition between two possible processes: cavitation of amorphous phase and plastic 
deformation of crystals. If the crystals are compliant, defected, then their plastic deformation is 
easy while the strength of amorphous phase prevents for cavitation. If the crystals are thick, with 
reduced number of dislocations (dominant type of defects) the breaking of amorphous phase is 
easier and occurs first.[101] 
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Figure 6.12. Stress strain curves of HDPE obtained from tensile and compression. Curve 1 is from 

die compression and curve 2 is from tensile test.[105]  

Humbert et al.[108] presented similar explanation of yield stress decrease observed in tension. 
They compared stress for breaking of amorphous phase (σcav) and stress of plastic deformation of 
crystals (σsh). They calculated the dependences of those stresses as a function of crystal thickness 
and showed that certain critical thickness exists, above which the cavitation is more probable. For 
examined PE, the critical thickness was 19 nm. When crystals are thinner and σsh<σcav, the shear 
of crystal occurs. However, in this situation, if the difference between σsh and σcav is small, some 
limited cavitation also possible occurs after crystal shear. If σsh << σcav, the crystal shearing is 
initiated without cavitation. When σsh>>σcav, the cavitation will occur very quickly before 
crystallite shear.  

The onset of cavitation could be determined by in situ SAXS measurements. It was observed that 
cavitation could appear before yield, exactly at yield and after yield. In the study of Humbert et 
al.[108], all types of the cavitation had been observed in PEs with different microstructures. For 
the PEs with thicker crystalline lamella, the cavities initiate before yield whereas it appears after 
yield for the PEs with thinner crystalline lamella. They also found that thermal treatment 
significantly influence the onset of cavities. For example, a quenched PE does not show a 
scattering of cavities, but after annealing cavitation could appear before or after yield. It is 
explained that the thermal treatment increases the crystalline thickness and perfection of 
crystallite which favors the initiation of cavitation.  

The influence of molecular parameters on cavitation was also examined [115]. It appears that the 
cavitation is more important when the molecular weight is small. The author explains this by the 
fact that a lower molecular weight results in less entanglement during crystallization.  

Castagnet [114] also observed the influence of the amorphous phase on cavitation formation. In 
annealed materials, small coarse crystallites can be present in the amorphous phase. The mobility 
of the amorphous is diminished by the presence of small crystallites. This low mobility prevents 
nucleation of cavities during separation of the lamellae. On the other hand, Seguela [41] remarked 
that the direct consequence of the change in crystal lamellae thickness is the change of the 
intercrystalline tie chain density. The smaller crystal thickness should include a significantly 
greater tie chain density. This structural factor is favorable for preventing cavitation at the border 
of crystal fragments at moment of lamella fragmentation in spherulite with thin lamellae [116]. 

Temperature is another important parameter influencing the cavity formation. Pawlak and Galeski 
[111] described the properties of polypropylene deformed at temperatures of 25, 40, 70 and 100 
oC (see Figure 6.13). The rapid decrease of light transmittance by polymer was observed shortly 
after yield, when the experiments were done at 25 or 40 oC. The whitening of specimens was the 
evidence of micro cavitation. Also SAXS analysis confirmed cavitation process (in nano scale) at 
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25–40 oC. However, in the higher temperatures the scattering of X-ray scattering on voids and 
whitening were not observed.  

 
Figure 6.13. Small-angle X-ray scattering from PP samples after deformation. Numbers indicate 
local strains. Temperatures of deformation: (a) 25◦C, (b) 40◦C, (c) 70◦C, (d) 100◦C. Horizontal 

deformation. 

 

In conclusion, the cavitation formation ability is mainly determined by the crystalline parameters 
such as crystallinity, lamella thickness. There are many works about the influence of crystalline 
structure. On the other hand, amorphous phase structure also plays an important role on 
preventing cavitations formation. However, there are few works on it. The more studies on the 
role of amorphous phase need to be done. 

6.3.4 Fibrillar transformation 

The deformation at large strains of semi-crystalline polymers often involves conversion of 
spherulite structure into an oriented fibrous structure known as fibrillar transformation 
[71,117,118,119,120,121]. Previous studies by Petellin et al. have been conducted on single 
crystql mat, using TEM and SAXS. These authors found that the dimension of the crystalline 
blocks of the fibrils in the stretching direction was close to the thickness of the initial single 
crystals before deformation [117,120,122]. The crystalline blocks in the deformed materials were 
believed to be fragments of the precursor PE single crystal. Based on these reports, the fibrillar 
transformation process were described as the fragmentation of the lamellar crystals into blocks 
that rearrange into the micro-fibrils via chain unfolding from the fracture surface of the crystal 
blocks. This model was referred to as Peterlin’s model. 

This model assumes that the polymer crystals, i.e. the lamellae, are constructed by adjacent re-
entry folded chains and between the lamellae there are relatively rare tie molecules. The plastic 
deformation of crystalline plastics proceeds in three steps (see Figure 6.14) [71]:  

1. 4BPlastic deformation of the original lamella structure. The lamellae stacks undergo rotation, 
sliding and chain slip until the pre-deformed lamellae reach the position of maximum 
compliance for fracture by micro-necking. 
2. 5BTransformation into fibrous structure. Every single lamella transforms into micro-fibrils 
with one to three hundred angstroms in width, consisting of folded chain blocks from 
primarily lamella. The chains bridging the crack are partially unfolded during the micro-
necking process. They connect in axial direction the blocks in the micro-fibril as intrafibrillar 
tie molecules. 
3. 6BThe plastic deformation of the fibril structure. It proceeds by longitudinal sliding of the 
micro-fibrils past each other and it is limited by interfibrillar tie molecules.  

However, regarding bulk crystallized PE samples, it turned out that the axial long period of the 
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drawn micro-fibrils could be 30 % larger or 50 % smaller than the original long period. The long 
period after deformation seemed to be independent of the value in the starting material but a 
function of drawing temperature. It increased with the drawing temperature, the higher the 
drawing temperature the greater the long period after deformation. This phenomenon cannot be 
explained by the fragmentation and rearrangement model only. Additional phenomena have to be 
taken into account.  

 

Figure 6.14 steps of deformation in semi-crystalline polymers 

6.3.5 Melting and recrystallization 

To explain the long period change upon drawing, the melting-recrystallization process was 
proposed for the first time by Yoon and Flory [49]. After, many authors in the explanation refer to 
mechanisms involved in the fibrillar deformation transformation [77,123,124].  

Based on thermodynamics, Juska and Harrison [125] also proposed the melting and 
recrystallization mechanism during the formation of the fibrous structure in semi-crystalline 
polymers. They suggested that the applied mechanical energy would weaken the van der Waal's 
bonds between the chains in polymer crystals and enhance the potential energy of the system. 
When the total accumulated energy reached a critical value the melt phase would become stable 
and chain unfolding would occur at the drawing temperature. The formation of the micro-fibrils 
structure had to undergo a transition from crystalline to rubbery state then extension nucleation 
and recrystallization (Figure 6.15). However, no direct evidence has been provided to support this 
theory.  

 
Figure 6.15. Melting and recrystallization step of crystallites during tensile deformation 

It has also been proposed that melting would occur via stress induced deformation at the melting 
point. But this effect does not exceed a few degrees. This phenomenon of local melting may occur 
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only for tests carried out at high temperatures, near the melting temperature [126]. In conclusion 
the high degree of molecular chain unfolding may be responsible for very local fusion. However, 
this could not alone explain the fibrillar transformation and other mechanisms such as 
crystallographic slip and fragmentation of lamellae have to take into account.  

I.7 Conclusion of the introduction 

It could be noted that although studies on the mechanical properties of semi-crystalline polymers 
are numerous, there are still some unresolved issues:  

1. 7BHow to estimate the density of stress transmitters and how much it is? 
2. 8BPresence or absence of a third phase (interphase)? 
3. 9BModules of the amorphous phase? The influence of stress transmitters and interphase on 
this modulus? 
4. 10BWhat is the manner that stress and strain transform from mesoscale deformation to 
macroscopic deformation? 
5. 11BWhat is the influence of mechanical coupling on the mechanical behavior? 
6. 12BWhat is the influence of microstructure parameters and temperature on the competition 
between cavitation and crystal shear? 
7. 13BWhat is the influence of microstructure and temperature on the martensitic transformation 
of polyethylene? 
8. 14BThe mechanism of fibrillar transformation: fragmentation - rearrangement or melt – 
recrystallization? What is the influence of interphase and stress transmitters on the fibrillar 
transformation? 

This present work tries to answer some of the questions listed above, in order to progress in the 
understanding of the mechanical behavior of semi-crystalline polymers.  

I.8 Strategy 

The general object of this thesis is to understand the influence of the each microstructural and 
molecular parameters on the mechanical properties of semi-crystalline polymers. More precisely, 
we expect to establish correlations between microstructure and deformation behavior. 

To reach these objectives, the strategy was to collect a series of PE samples with different 
molecular topology (comonomer concentration) and different thermal treatments to obtain a wide 
distribution of microstructure parameters (crystallinity, crystalline thickness, stress transmitters 
density et al.). On the other hand, the similar microstructure could be obtained from polymers 
with different topology. This will allow understanding the influence of molecular parameters on 
the mechanical properties.  

The isotactic polypropylene also used to compare the mechanical properties between 
semicrystalline polymers of different natures but with similar microstructures.  

In-situ SAXS and WAXS was performed to observe the evolution of microstructure. This 
technique allows probing the real microstructure evolution during deformation. With this 
technique the microstructure parameters could be well associated to the mechanical properties.  
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Context 

In this chapter the experimental techniques are presented. It is divided into two aspects 
microstructure characterization and mechanical property characterization.  

II.1 structural characterization 

1.1 Differential scanning calorimetry (DSC) 

In this work, DSC was used in two ways: 

 15BTo measure the heat flow during the heating process in order to determine crystallinity  
 16BTo measure the onset of  crystallization Tc

onset during cooling 

Principle 

The basic principle underlying this technique is that when the sample undergoes a physical 
transformation such as phase transitions, more or less heat is needed to maintain sample and 
reference at the same temperature as shown in Figure 1. By observing the difference in heat flow 
between the sample and reference, one may thus measure the amount of heat absorbed or released 
during such transitions.  

 

Figure 1. Schematic of DSC principle. 

 

In DSC, the difference in heat flow to the sample and reference at the same temperature is 
recorded as a function of temperature. Since the DSC is at constant pressure, heat capacity Cp is 
equivalent to enthalpy changes [127]: 

𝐶𝑝 = (
𝑑𝑞

𝑑𝑇
)𝑃 = (

𝜕𝐻

𝜕𝑇
)𝑃  (1) 

where dH/dT is the measured heat flow.   

The area under such a curve between any two temperature limits yields an enthalpy change: 

∆𝐻 = ∫ (
𝜕𝐻

𝜕𝑇
)
𝑃
𝑑𝑇 = ∫ 𝐶𝑃𝑑𝑇

𝑇2
𝑇1

𝑇2
𝑇1

  (2) 

Experiment condition 

The crystallinity of the polymers has been analyzed with a DSC7 apparatus from Perkin-Elmer at 
a heating rate of 10 °C/min under nitrum 25 ml/min. The sample of about 8 to 10 mg measured 
with aluminum pan. The temperature and heat flow scale were calibrated using high purity Indium 
at the same heating rate. The crystallization onset, Tc

onset, and crystalline temperature Tc were 
determined according the procedure described in the Perkin-Elmer manual at a cooling rate of 
10°C/min. 

Parameters measured from DSC curves 
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There are two different processes: exothermic or endothermic which depend on heating or 
cooling. The heating and cooling DSC curves were shown in Figure 2. The corresponded 
parameters can be obtained from these curves. 
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Figure 2. Scheme figure of DSC heating and cooling curves. 

Crystalline temperature Tc and initial crystalline temperature Tc
onest 

The crystalline temperature Tc is corresponded to the peak temperature of cooling curves. Tc
onest 

temperature can be measured directly in the cooling curves as shown in Figure 2 

Crystallinity 

In case of semicrystalline polymer, the melting enthalpy ΔHm obtained by integration of dH/dT in 
the temperature range of the melting endotherm provides an access to calculating the crystallinity 
Xc: 

𝑋𝑐 =
∆𝐻𝑚

∆𝐻∞
   (3) 

where ∆𝐻𝑚 is enthalpy of melting, ∆𝐻∞ is enthalpy of fusion of melting of a perfect crystalline 
material i.e. 290 J/g and 207 J/g for polyethylene and polypropylene respectively [128,129].  

1.2 Small angle X-ray scattering (SAXS) 

Small angle X-ray scattering was used to study the lamella structure.  

-To measure the long period of the lamella structure. 

-To measure the thickness of the crystalline and intermlamellar amorphous phase  

-To measure the orientation of the crystal lamellae 

Principle of SAXS 
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Figure 3. Schematic of scattering by two centers. 

A schematic description of scattering principle is shown in Figure 3.  

The angle between the incident and scattered beams is the scattering angle 2θ and 𝑟 is the vector 
distance between two scattering points. The phase difference between the two scattering waves is 
𝑞⃗ ∙ 𝑟. 

𝑞 = |𝑞⃗| =
4𝜋

𝜆
sin 𝜃  (4) 

where λ is the wave length; 𝑠 and 𝑠0 are unit vectors in the direction of the scattered and incident 
beams, respectively. 

For a statistically isotropic scattering particle, the scattering intensity could be deduced by the 
equation: 

𝐼0(𝑞) = 4𝜋 ∫ 𝛾(𝑟)
sin⁡(𝑞𝑟)

𝑞𝑟
𝑟2𝑑𝑟

∞

0
  (5) 

where γ(r) is the so-called correlation function. It can be obtained by the inverse Fourier transform 
with equation: 

𝛾(𝑟) =
1

2𝜋2
∫ 𝐼0(𝑞)𝑞

2 sin⁡(𝑞𝑟)

𝑞𝑟
𝑑𝑞

∞

0
  (6) 

At low q region, i.e., for qr << 1, Equation 6 can be expressed as:  

𝐼0(𝑞) ≅ 𝐼0(0)exp⁡(−
𝑅𝑔
2𝑞2

3
)  (7) 

where Rg is the radius of gyration of the particle. 

This is the so-called Guinier’s law, which is a most useful relation in SAXS analysis since it 
allows to obtain 𝑅𝑔2

 
and I0(0) from scattering data in the region of smallest angles without any 

prior assumption on the shape and internal structure of the particles under investigation. 

Experimental conditions 

SAXS provides global information about the morphological structure of a material in reciprocal 
space.  Within small scattering angles (0-2°), the resolved d spacing is in the range of 10-100 nm, 
corresponding to typical semicrystalline domain spacing [130]. 

For the deformation experiments, we used a home built stretcher and performed in situ SAXS at 
D2AM beam line of the European synchrotron Radiation Facility (ESRF). The monochromatic X-
ray beam was directed through two sets of double slits to the sample, which was mounted on the 
stretcher as illustrated in Figure 4. For the in situ tensile test, the specimens with gauche length 
6.5 mm (11 mm for polypropylene), width 4 mm and thickness about 0.5 mm. The width of the 
beamstop was 3 mm, and the diameter of the detector of the  CCD Princeton camera was 6 cm. 
The spectrum 2D was obtained by a camera. The wave-length was chosen at 0.154 nm (8 keV) 
and the distance between detector and specimen was set at 1.27m for polyethylene and 0.86m for 
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polypropylene. These distances enable for record spectra with q space 0.002 ~ 0.95 nm-1 and 0.01 
~ 1.6 nm-1 respectively.  

 
Figure 4. Mini tensile test machine for the in situ SAXS. 

A symmetric stretching was used to make sure that the measured area on the sample is always in 
the same place. The tensile rate was 0.25 mm/min for polyethylene specimen and 0.1 mm/min for 
polypropylene specimen. To study the influence of temperature, the polyethylene samples were 
tested at 25°C, 50°C, 75°C and 100°C whereas the polypropylene samples were tested at 25°C, 
70°C and 120°C respectively. The exposure time is a balance between deformation and scattering 
intensity. It should be carefully chosen that the deformation is as small as possible and the 
scattering intensity is strong enough for the recording. For the polyethylene specimen, the 
exposure time was chosen at 5s. The deformation was 0.4% during the exposure. For 
polypropylene, the exposure time was chosen at 10s which the deformation was 0.9% during the 
exposure. The transfer time of the spectrum was 9s for the specimen of polyethylene and 6s for 
polypropylene. 

Data treatment 

In order to obtain the absolute scattering intensity I(q) as a function of scattering vector q, the 
experimental data have to be subtracted from the background and calibrated by the transmission 
coefficient. For the correction, three spectrums were saved for every measurement: 

 17BThe spectrum with specimen I0 
 18BA spectrum without specimen Idb: direct beam  
 19BBackground noise without beam and specimen Ib 

The intensity scattered by samples can be defined as 

𝐼 = (𝐼0 − 𝐼𝑏) − 𝑇 × (𝐼𝑑𝑏 − 𝐼𝑏)  (8) 

With the absorption coefficient 𝑇 =
𝐼0
0

𝐼𝑑𝑏
0  

𝐼0
0  and 𝐼𝑑𝑏0  are measured by the photomultipliers placed before and after the specimen 

respectively. 

The scattering intensity also needs to be normalized with the thickness of the samples. It follows 
as 

𝐼 =
(𝐼0−𝐼𝑏)−𝑇×(𝐼𝑑𝑏−𝐼𝑏)

𝑒𝑝
   (9)  

with 𝑒𝑝 = −
𝑙𝑛𝑇

𝜇
 

where 𝜇 is the absorption coefficient of materials. It is calculated by the first spectrum with the 
initial thickness of the sample. 

Long period Lp 

For the calculation of the Lp, the Lorentz-corrected intensity profiles, Iq2(q), were used as shown 
in Figure 5. 
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Figure 5. Schematic of Lorentz corrected SAXS intensity profile. 

The long period Lp can be calculated with the Bragg’s equation: 

𝐿𝑝 =
2𝜋

𝑞𝑚𝑎𝑥
  (10) 

with qmax the correspondence of the maximum peak. The standard deviation of the Lp data does 
not exceed 1 nm. 

 
Figure 6. Schematic of spherulit scattering in different regions.  

Figure 6 shows the scattering of the spherulite. The lamellae in the equatorial region scatter in 90° 
direction (vertical) whereas it scatters in 0° direction (horizontal) for polar lamellae. Therefore, it 
is possible to analysis the scattering intensity from different region separately. With the azimuthal 
integration, information can be determined on the orientation of the lamellae in the various 
regions of the spherulites as a function of strain. 

Crystalline thickness Lc 

The crystalline thickness can be obtained as: 

𝐿𝑐 = 𝐿𝑝 ×
𝜌

𝜌𝑐
× 𝑋𝑐  (11) 

with 1
𝜌
=

𝑋𝑐

𝜌𝑐
+

1−𝑋𝑐

𝜌𝑎
 

where 𝐿𝑝 is long period measured from SAXS, 𝑋𝑐 is the crystallinity from DSC, 𝜌 is the density 
of the sample, 𝜌𝑐 is the density of the crystal (for polyethylene is 1.002 g/cm3 and polypropylene 
0.95 g/cm3), and 𝜌𝑎  is the density of the amorphous phase (polyethylene 0.85 g/cm3 and 
polypropylene 0.85 g/cm3). Equation 11 assumes that the length and the width of the lamellae are 
much greater than their thickness.  
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Azimuthal analysis 

For the sake of the orientation studies, azimuthal calculation of the SAXS intensity was computed 
from 2D patterns. Azimuthal intensity profiles were computed over the whole range 0-360o, using 
a scattering of annulus of radius spanning q range 0.1~0.5 nm-1. Azimuthal sectors used for the 
treatment were Δφ=5o.  

1.3 Wide angle X-ray scattering (WAXS) 

Wide angle x-ray scattering (WAXS) experiments can be used to qualify and quantify the crystal 
phases in semicrystalline polymers.  

Principle 

The x-ray beam (with a wavelength λ) is scattered (diffracted) by the crystal at a specific angle θ, 
due to the presence of crystal planes separated a distance (d). The scattering angle (2θ) is related 
to plane distance by the Bragg equation: 

2𝑑 =
𝑛𝜆

𝑠𝑖𝑛𝜃
   (12) 

where n is an integer. The equation indicates a reciprocal relationship between the characteristic 
length d and sinθ. 

Inter planar distances (d) in crystal are determined from unit cell dimensions. The unit cell is 
described by the axes a, b, c, and the angles between them: α, β, and γ. For each type of unit cell, 
relationships are given between the d-spacing and the indexes h, k, and l. Several crystallographic 
planes of the crystal lattice give rise to scattering peaks in a WAXS parttern. Figure 7 shows the 
WAXS intensity profiles and fitted peaks of the polyethylene and polypropylene, respectively. 
The reflexing indexes refer to the orthorhombic crystal form of PE and the monoclinic α crystal 
form of PP. 
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Figure 7. WAXS intensity profiles of (a) polyethylene and (b) polypropylene.  

Experimental conditions 

The in-situ WAXS was performed on the D2AM beam line of ESRF. The tensile test conditions 
are the same to the in-situ SAXS except for the exposure time is 1 s. The strain rate, transform 
time, the samples dimension and drawing temperature are the same to SAXS experiment. 

The wavelength is 0.05133 nm (24 kV) and the distance between sample and detector is 15.85 cm. 
The observation q space range is 0 to 22.7 nm-1, corresponding 2θ: 0-30.6°. 

Fitting procedures and azimuthal treatment 

A fitting procedure of the I(2θ) profiles was performed by means of gaussion equations for the 
crystalline reflexion and amorphous halo as well. Azimuthal analysis of the WAXS patterns were 
performed similar to the case of SAXS, after sectorization and extraction of the various 
components by the fitting procedures.    
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II.2 mechanical property characterization 

2.1 Tensile tests 

Stress and strain 

When a solid object is stretched, internal forces within the material resisted any change in the 
dimensions of the object. These internal balancing forces are called stresses and lead to the 
formation of strains within the material [131]. Engineering stress is defined as the force acting 
upon the material (F) divided by the cross‐sectional area of the sample (A0) and is denoted by 
(σE) as shown in Equation below: 

𝜎𝐸 =
𝐹

𝐴0
  (13) 

The changes in the dimensions are called strain. The engineering strain ε is defined as the change 
in the length of the sample along the axis (ΔL) divided by the original length of the sample (L0), 
as shown below: 

𝜀 =
∆𝐿

𝐿0
   (14) 

The Engineering stress and strain are applicable with assumption that the change of the length is 
much smaller than the original length (ΔL<< L0) and the cross-section area (A) does not change. 
For the most engineering applications the above assumption is accurate. However, in case of the 
large deformation, even in the elastic regime it is no longer applicable and the true stress and true 
strain should be used.  

The true stress σT is defined as: 

𝜎𝑇 =
𝐹

𝐴
   (15) 

 

where A is the actual cross-section area at any time. 

Now we assume that the deformation takes place at constant volume, this assumption being usual 
for plastic deformation. Then AL=A0L0, and if we put L/L0=1+ε where ε is the elongation per unit 
length. It could be obtained: 

𝐴 =
𝐴0𝐿0

𝐿
=

𝐴0

1+𝜀
  (16) 

The true stress is given by 

𝜎𝑇 =
𝐹

𝐴
=

(1+𝜀)𝐹

𝐴0
= (1 + 𝜀)𝜎𝐸  (17) 

Experiment condition 

The uniaxial tensile tests were performed on a MTS machine with a load cell of 5 kN. The 
specimen was cutout from the compression modeled sheets with a dumb-bell type punch. The 
gauge length is 12 mm, with width 4.2 mm and thickness 0.5 mm. The tensile rate was chosen as 
5*10-3 which was 3.6 mm/min. For polyethylene, the test temperature was 25 °C, 50 °C, 75 °C 
and 100 °C respectively whereas it is 25 °C, 70 °C and 120 °C for polypropylene. 

Parameters obtained from stress strain curves 
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Figure 8. Stress-strain curves at room temperature of compression modeled PE.  

The stress strain curves were obtained from the tensile test. The mechanical properties such as the 
young’s modulus, yield stress and break stress etc. can be obtained from the curves as shown in 
the Figure 8.  

1. 20BYoung’s Modulus E 
21BThe Young’s modulus relates to the stiffness of the material known as the elastic modulus. 
It is measured at the very beginning of the stress strain curves, in the elastic deformation 
domain where the stress linearly relates to strain. The Young’s modulus is defined as the 
slope of the stress strain curves in the linear domain. When the linear domain is limited at 
high temperature, the Young’s modulus is determined as the tangent to the initial point of 
the curve via a fitting procedure. 

2. 22BYield stress σy 
23BThe yield stress is a stress at which plastic deformation of the materials starts to occur and 
the material can no longer return to its original dimensions when the load is released. The 
yield stress leads a permanent deformation of the materials. It is usually measured at the 
maximum of the yield peak as shown in Figure 8. 

3. 24BNatural stretch ratio λn 
25BWhen a ductile polymer is drawn beyond the yield strain, a plastic instability generally 
appears accompanied with a necking phenomenon. Then a stable neck propagates all 
along the sample. The so-called natural draw ratio is the strain in the stable neck. 
26Bλn is measured with the method shown in Figure 8. It takes the intersection of two 
tangents: the first one is the tangent to the necking and the second one is the tangent to the 
stress harden.  

2.2 Dynamic mechanical analysis (DMA) 

Principle 

DMA works by applying a sinusoidal stress or deformation to a sample of known geometry. For 
an applied sinusoid stress, a viscoelastic material will respond with a sinusoidal strain for low 
amplitudes of stress. Figure 2.8 shows the schematic of the applied stress and the response strain. 
The strain is out of phase with the stress applied, having a phase lag δ. This is due to the excess 
time necessary for molecular motions and relaxations to occur.  
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Figure 9. Schematic of the applied stress and the response strain. 

The applied stress is given by: 

𝜎 = 𝜎0𝑒
𝑖𝜔𝑡  (18) 

where 𝜎0 is the stress amplitude and 𝜔 the circular frequency (𝜔 = 2𝜋𝑓, with f the frequency). 

The strain lags behind the stress by a phase angle δ which is written as: 

𝜀 = 𝜀0𝑒
𝑖(𝜔𝑡−𝛿)  (19) 

where 𝜀0 is the strain amplitude and 𝛿 the loss angle. 

The ratio 𝜎/𝜀 is a complex quantity, called complex modulus E*(ω), which is a function of ω: 

𝐸∗ =
𝜎

𝜀
=

𝜎0

𝜀0
𝑒𝑖𝛿 =

𝜎0

𝜀0
(𝑐𝑜𝑠𝛿 + 𝑖𝑠𝑖𝑛𝛿) = 𝐸′ + 𝑖𝐸"  (20) 

The equation shows that the complex modulus obtained from a dynamic mechanical test consists 
of “real” and “imaginary” parts. The real (storage) part describes the ability of the material to 
store potential energy and release it upon deformation. The imaginary (loss) part relates to energy 
dissipation via viscous processes. Equation 20 can be rewritten for shear modulus as: 

𝐺∗ = 𝐺′ + 𝑖𝐺"  (21) 

where G’ is the storage modulus and G” is the loss modulus. The phase angle is given by  

𝑡𝑎𝑛𝛿 =
𝐺"

𝐺′
  (22) 

The dynamic loss modulus is often associated with “internal friction” and is sensitive to different 
kinds of molecular motions, relaxation processes, transitions, morphology and other structural 
heterogeneities. Thus, the dynamic properties provide information at the molecular level for 
understanding the polymer mechanical behavior. 

Experimental conditions 

The tests were carried out on a torsion pendulum, developed in the laboratory (see Figure 10). 
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Figure 10. Schematic of torsion pendulum apparatus. [132] 

The rectangular specimens were cut from the plates. The dimensions were 5mm in width, 15mm 
in length and 0.5 mm in thickness.  The measurements were performed at a frequency of 1 Hz, in 
the temperature range from 100 to 400 K for polyethylene and 100 to 440 K for polypropylene 
specimens, at a heating rate of 1 K/min. 

During a ramp temperature, the DMA can reveal the various mechanical relaxations, namely γ, β, 
and α. This technique allows locating the occurrence of three relaxations. It can also provide the G 
modulus variations as a function of temperature. 

1- Pulley and balances  
2- Wire 
3- Shock absorber 
4- Helmholtz coils 
5- Magnets 
6- Mirror 
7- Rigidity rod 
8- Furnace 
9- Fixed jaw 
10- Sample 
11- Fixed jaw 
12- Light source 
13- Photovoltaic differential 

cells 
14- Amplifier 
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Context 

In this chapter, the materials structure and thermal treatment methods are presented. 

Four polyethylenes with similar molecular weight but different hexene co-unit concentrations are 
used in this studies. Further, three isotactic polypropylenes with different isotacticity are used to 
compare the mechanical properties between different semicrystalline polymers. Then the 
influence of thermal treatment on the microstructure of the semi-crystalline polymer is presented.  

III.1 Materials 

1.1 Polyethylene  

Four PE were chosen for my studies: PEA, PE B, PE C, and PE D were kindly supplied by Total 
chemicals. They are divided into two groups according to the molecular structure: ‘branched’ or 
‘linear’. PE A and PE B were defined as ‘branched’ in relation to the high concentration of 
comonomer. PE C and PE D were defined as ‘linear’ due to the low comonomer concentration. 
Their molecular characterization are listed in Table 1.1 

Table 1.1. Molecular characterization of the polyethylene 

Materials type [C6] % 
mol 

Mn 
(kDa) 

Mw 
(kDa) 

Mz 
(kDa) 

I = 
Mw/Mn 

PE A branched 1.8 14.3 231 2770 16.1 
PE B branched 0.8 15.8 187 1770 11.9 
PE C linear 0.1 15.4 216 2770 14 
PE D linear 0.2 15 229 4100 15.3 

          [C6]: concentration of hexene co-unit;  

 

1.2 isotactic polypropylene  

Two isotactic polypropylenes (iPP) with low isotacticity are offered by Polymer Institute of 
Sichuan University which are referred to PP A and PP B. The iPP samples were produced with 
Ziegler-Natta catalysis with different catalyst density to control the isotacticity of the product.  

Another iPP with high isotacticity was supplied by Ineos (Belgium), which labeled as PP C. The 
molecular structures of these iPPs are listed in Table 1.2. 

Table 1.2 Topology parameters of the polyethylene of iPP 

sample Isotaticity (%) Mn (kDa) Mw (kDa) I=Mw/Mn 
PP A 96 9.3 37.1 4.4 
PP B 95 7.8 39.6 5.1 
PP C 98 14.0 45.8 3.3 

 
III.2 Thermal treatment 

To obtained samples with wide distribution of microstructures, different thermal treatments were 
employed. With different thermal history, the samples with different crystallinity, crystal 
thickness, and also the density of molecular couplings between crystal and amorphous phase can 
be obtained.  

The thermal treatment methods includes: quenching, annealing, and isothermal crystallization. For 
PE and PP, the same treat process was employed. 

Quenching 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Chapter III Experiment and microstructure characterization 

47 

 

Time
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PE: melt at 170°C

          10 min  

Quench in water

 
Figure 2.1. Quenching process for the polyethylene. 

The quenching proceeds via melting at a temperature which is about 30 °C above the melt point 
and holds at this temperature for 10 min to erase the thermal history of the original materials and 
then cool down quickly in water. In our experiments, polyethylene is held at 170 °C for 10 min 
(see Figure 2.1). For the cooling in water, the cooling rate is about 35 °C/s.  

For the iPP samples, the quench process is the same except melt temperature is 210 °C. 

The quenching provides samples with lower crystallinity and thinner crystal lamellae. This 
method also promotes generation of a high density of stress transmitters. 

 

Isothermal crystallization 

The treatment consists of melting the material above melt point (170 °C for PE and 210 °C for 
iPP) and then quickly decreasing the temperature to a crystallization temperature Tisotherm close to 
the onset temperature of crystallization and holding at this temperature for 10 hours, then cooling 
the samples in the air to room temperature. (see Figure 2.2) 

Many isotherm treatment temperatures were tested by increasing the temperature gradually from 
the crystallization temperature. In a certain temperature range, increasing Tisotherm was the 
consequence of increasing the temperature of the melting peak. But above a critical temperature, 
whatever the duration at that isotherm temperature, the melting peak was not increased but 
creating a substantial proportion of small crystallites as revealed by a second melting peak. This 
was due to an incomplete crystallization of the material during the isothermal treatment. The 
temperature of the isothermal treatment for each PE was therefore chosen to maximize the 
temperature of the melting peak, while ensuring that the formation of small crystallites during 
isotherm treatment was negligible. Isotherm treatment temperature Tisotherm, temperature of 
crystallization onset Tc (onset) and crystallization temperature Tc (peak) were listed in Table 2.1. 

In isothermal process, polymer is crystallized from the melt. With this treatment, the chains have 
time to fold properly and to form large crystallites which makes it possible to obtain samples with 
high crystallinity, and low rate of stress transmitters as well. 
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Figure 2.2. Isothermal crystallization process from melt of Polyethylene 

Table 2.1. Thermal treatment temperatures for PE and iPPs (Tc and Tf from DSC) 

Samples Tc (onset) °C Tc (peak) °C Tf  °C Tisotherm °C 
PE A 116.3 114.3 128 114 
PE B 117.3 115.4 127.5 113 
PE C 120.9 118.2 131.7 124 
PE D 121.4 119.3 134 123 
PP A 113.1 108.8 166.3 110 
PP B 112.9 108.6 166 110 
PP C 123.6 118.8 167 118 

Annealing 

The annealing process is carried out by heating a quenched sample at a temperature below melt 
temperature. In this work, the temperature was chosen as the same to the Tisotherm, and hold at this 
temperature for ten hours, and then cooled in air. (see Figure2.3). 

From chapter 1, it is known that two crystallization processes could operate during annealing. 
During the temperature rise, smaller crystallites are melted. They form the molten zones. For 
holding temperature, large crystallites can be formed in the molten zones. Meanwhile, unmelted 
crystallites may also thicken thanks to the mobility of the chains in the crystal.  

Time

cool in air

PE: melt at 170°C

       10 min  
Temperature (°C)

T
anneal

 10 h

 
Figure 2.3. Annealing treatment process for Polyethylene 

III.3 Microstructure characterization 

To understand the deformation behaviour, microstructure was characterized. The thermogram 
parameters and crystallinity was obtained from the analysis of DSC. The crystallite and 
amorphous phase thicknesses were estimated by SAXS. The interphase content Xi was borrowed 
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from the PhD thesis of S. Humbert [133], whereas [ST] was computed from Brown’s model. The 
natural draw ratio (λn) was determined by tensile tests.  

3.1 microstructure of polyethylene 

The microstructure parameters of the polyethylene after thermal treatment were obtained and 
listed in Table 3.1.  

Table 3.1. Microstructure parameters of the polyethylene  

Materials C6 %mol 
Thermal 
treatment 
method 

Xc (%) Lp (nm) Lc 
(nm) Xi % 

[ST] 
(Brown’s 
model) 

λn 

PE A 1.8 
Quench 51 17 8 13 0.244 3.5 
Anneal 52 23 11 13 0.17 4 

Isotherm 53 24 12 11 0.154 4.75 

PE B 0.8 
Quench 54 19 9 8 0.194 4.25 
Anneal 62 22 13 8 0.141 4.75 

Isotherm 65 26 16 4 0.094 5.5 

PE C 0.1 
Quench 65 20 12 5 0.194 4.5 
Anneal 73 30 21 5 0.076 6 

Isotherm 75 36 26 5 0.032 7.5 

PE D 0.2 
Quench 69 22 14 3 0.173 5 
Anneal 77 30 22 5 0.079 5.57 

Isotherm 80 37 28 0 0.032 7 
Xi: data from Raman spectroscopy (borrowed from thesis of S. Humbert [133])   

3.1.1 Influence of comonomer concentration 

As mentioned in the Chapter 1, DSC permits to measure the crystallinity Xc. Because of their 
different molecular topology, the various PE cover a wide range of crystallinity. For the quenched 
polyethylenes, the more comonomer density the lower crystallinity is (see Figure 3.1a). 

The thickness of crystalline lamella Lc is calculated from the long period. The calculated method 
was mentioned in Chapter 2. Lc is also influenced by comonomer concentration (see Figure 3.1b). 
For the quenched samples, Lc increases with decreasing comonomer concentration. This is 
because the side chains can not fold into the crystal as it is discussed in Chapter 1. Raman 
spectroscopy provides a way to measure the fracture of interphase Xi in polyethylene. The value 
of Xi is a function of comonomer concentration (see Figure 3.1c). For samples with the same 
thermal history, the Xi increases with increasing comonomer concentration.  
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Figure 3.1.(a) Xc , (b) Lc and (c) Xi plot in function of comonomer concentration for the samples 

with different thermal treatments.  

3.1.2 Influence of thermal treatment 

The thermal treatment strongly influences the microstructure of the PE. However, their effects are 
different for branch and linear type.  

Anneal and isotherm treatments promote Xc. The amplitude of Xc variation is 11% for PE D but 
only 2% for PE A (see Figure 3.1a). This means the linear PE is more sensitive to the thermal 
treatment than branched PE. Lc shows similar evolution with thermal treatments (see Figure 3.1b). 
These results prove that annealing and isothermal treatments promote higher crystallinity and 
thicker crystallite lamella. Furthermore, the higher cryatllinity, the thicker crystalline is (see 
Figure 3.2). This observation can be ascribed to the crystallization-induced exclusion of the 
chain defects at the crystal-amorphous interface. The higher the defect content, the higher La 
and the lower Lc. Notwithstanding, it is to be noticed that the La variation is much weaker 
than that of Lc and much less sensitive to polymer composition and thermal treatment.  
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Figure 3.2.Lc and La in function of crystallinity  

It seems that annealing slightly increases Xi (see Figure 3.1c).while isothermal treatment reduces 
Xi. We have seen in the literature that during annealing, due to the mobility of the chains in the 
crystal (α relaxation), there could be an increase in crystalline perfection through the elimination 
of defects at the interface of the crystals. These defects, such as comonomers or the chain ends, 
thus found to reject the surface of the crystallites, which may cause a greater proportion of 
interphase. Regarding the isothermal treatment, due to the slow crystallization process, the folding 
of the chain promotes a smooth crystal surface. Thus interphase content is found lower than that 
resulting from rapid cooling. 

3.1.3 Stress transmitters density 

Tie molecules and the entanglements play the role of physical coupling between amorphous phase 
and crystallites. The entanglement and tie molecule density of PE can not be measured directly. 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Chapter III Experiment and microstructure characterization 

51 

 

However, some models permit to estimate the tie molecule density. In this work, the tie molecule 
density otherwise stress transmitters [ST] was evaluated by Brown’s model as mentioned in 
Chapter I. The results were listed in Table 3.1. On the other hand, natural drawing ratio λn is 
estimated which is related to the density of stress transmitters. Figure 3.3 shows that [ST] and λn 
actually obey a very good correlation. 
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Figure 3.3. λn plots in function of [ST] for PE samples.  

Comonomer concentration strongly affects the density of stress transmitters. [ST] increases (see 
Figure 3.4a) while λn decreases (see Figure 3.4b) with increasing comonomer concentration. This 
can be explained by the lower thickness of the crystallites obtained with higher co-unit 
concentration PE.  

Regarding the influence of thermal treatments, [ST] decreases for annealing and isothermal 
treatment as compared to quenching which could be ascribed to formation of thicker crystallites.  
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Figure 3.4. (a) [ST] and (b) λn plot in function of comonomer density.  

 

3.2 microstructure of polypropylene 

The polypropylene samples were prepared with the thermal treatment methods mentioned in 
section 2. Similarly to PE, the microstructure was characterized with the method in Chapter 2 and 
the structure parameters are listed in Table 3.2.  
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Table 3.2. Structure parameters of iPP samples with different thermal treatment 

Samples Isotacticity % Thermal treatment Xc Lp (nm) Lc (nm) 
[ST] 

Brown’s 
model 

PP A 96 
Quenched 0.45 10 4 0,184 
Annealed 0.53 17 8 0,026 
Isotherm 0.57 19 10 0,009 

PP B 95 
Quenched 0.44 9 3 0,231 
Annealed 0.52 17 8 0,031 
Isotherm 0.56 18 9 0,020 

PP C 98 
Quenched 0.49 12 5 0,155 
Annealed 0.58 18 10 0,020 
Isotherm 0.61 21 12 0,007 

 

Isotacticity plays an important role on the crystallization process since the microstructure is 
determined by molecular structure. Like the comonomer in PE, atactic sequence cannot enter the 
crystal or exist as a defect in the crystal. This stereoregularity defect strongly influences the 
crystalline structure. The increases of the crystallinty Xc (see Figure 3.5a) and crystallite thickness 
Lc (see Figure 3.5b) with increasing isotacticity can be observed. [ST] also decreases with 
increasing isotacticity (see Figure 3.5c). This could be explained by the thinner crystallite lamella 
from the molecules with more stereorgularity defects. 
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Figure 3.5. (a) Xc , (b) Lc and (c) [ST] plot in function of isotacticity for iPP.  

Regarding the influence of the thermal treatments, quenched samples present the lowest Xc, Lc but 
highest [ST] density. After annealing, Xc and Lc increases while [ST] decreases. Similarly to PE, 
isothermal treatment promotes the grow of thicker crystallite and induces the highest Xc and Lc. 
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III.4 Conclusion 

Four polyethylenes with various comonomer concentration and three isotactic polypropylenes 
with different isotacticity were used for our studies. The effect of molecular topology on the 
microstructure was investigated with these materials.  

Three thermal treatments were performed on these materials to modify the microstructure. Firstly, 
samples with molecular parameters equivalent but microstructure different were obtained. 
Secondly, samples with wide range of microstructure distribution were prepared.  

The molecular parameters such as comonomer concentration and molecular weight significantly 
influence the microstructure of polyethylene. The crystallinity Xc and crystallite thickness Lc 
decrease with increasing comonomer concentration. To the contrary, interphase content and tie 
molecule density [ST] increase with increasing comonomer concentration. Furthermore, 
polypropylene shows similar variation with polyethylene. With the increase of isotacticity, Xc and 
Lc increase while [ST] decreases.  

The influence of thermal treatment on the microstructure was studied. Annealing and isothermal 
treatments enhance Xc and Lc. Annealing treatment increases slightly Xi while the isothermal 
treatment reduces Xi. Furthermore, [ST] decreases after annealing and isothermal treatment. 
Thanks to thermal treatments, different microstructures were obtained for a given polymer 
whereas samples with similar microstructure were obtained from polymers having different 
molecular structures.  

 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Chapter IV Elastic deformation 

54 

 

Chapter IV Elastic deformation  

 
Table of content 

 

Chapter IV Elastic deformation ................................................................................................ 54 

Context ..................................................................................................................................... 55 

IV.1 Article I: “In-situ SAXS study of the mesoscale deformation of polyethylene in the pre-
yield strain domain: Influence of microstructure and temperature” ........................................ 56 

IV.2 Article II: “Micro-macro mechanical relationship and amorphous phase modulus in 
polyethylene via in situ SAXS and WAXS” ............................................................................ 62 

IV.3 Summary of the article ..................................................................................................... 84 

IV.4 Small strain deformation behaviour of polypropylene .................................................... 85 

4.1. Local deformation in equatorial region ......................................................................... 85 

4.2. Comparison between deformation behavior of PE and PP ............................................ 87 

IV.5 Conclusion of the chapter ................................................................................................ 87 

 

  

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Chapter IV Elastic deformation 

55 

 

Context 

Concerning the mechanical characterization, based on the observed mechanical behavior, several 
strain regimes may be distinguished for the semi-crystalline samples (Figure 1). In the early 
portion of the stress-strain curve (within a small strain in Figure 1), the materials obey the Hook’s 
Law to a reasonable approximation, so that the stress is proportional to the strain. But in practice, 
this region is unlikely to be a perfectly straight line. As the strain increases, in the regime labeled 
as medium strain, the materials deviate from this linearly proportion. This non-linearly is usually 
associated to the “stress-induced plasticity” which is defined as the yield and necking in this 
regime. In regime large strain, the formed necking extended which related to the orientation of the 
molecule chains in axial. Finally, after the whole sample necked which occurs usually in very 
large strain, the stress rises until the fracture of the sample. It should be noted that mechanical 
properties are sensitive to the temperature, leading to the different stress-strain curves. However, 
the first regime has the same deformation mechanism in the different temperatures.  

In this chapter, the macroscopic and the microscopic mechanical properties of polyethylene and 
polypropylene in the pre-yield strain domain are studied. The evolution of the microstructure in 
the pre-yield strain domain in the mesoscale is tracked by the in-situ small angle X-ray scattering 
(in-situ SAXS) and wide angle X-ray scattering (in-situ WAXS). The deformation of the lamella 
in different region of the spherulite and the relationship between the microscopic and macroscopic 
deformation are discussed. The objective is to better understand the key parameters affecting the 
elastic properties within a small deformation regime. 

 
Figure 1.Schematic of the different strain regimes in terms of mechanical properties for PE and 

PP.  
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IV.1 Article I: “In-situ SAXS study of the mesoscale deformation of polyethylene in the pre-

yield strain domain: Influence of microstructure and temperature” 

  

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



57 

Bijin Xionga, Olivier Lamea, Jean-Marc Chenala, Cyrille Rochasb, Roland Seguelaa, Gerard 

Vigiera. In-situ SAXS study of the mesoscale deformation of polyethylene in the pre-yield 

strain domain: Influence of microstructure and temperature. Polymer, 2014, Vol. 55, p. 1223-

1227 

 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Chapter IV Elastic deformation 

62 

 

IV.2 Article II: “Micro-macro mechanical relationship and amorphous phase modulus in 

polyethylene via in situ SAXS and WAXS” 

 

Abstract 

The small strain mechanical behavior of bulk polyethylene was investigated at the local scale of 
the lamella stacking by means of combined in-situ SAXS and WAXS at different testing 
temperatures. Three different thermal treatments on four materials afforded studying a wide range 
of crystallinities (Xc) and microstructures. The local strain in tensile direction of the amorphous 
phase in equatorial region of the spherulites was determined via SAXS. The amorphous to 
macroscopic strain ratio proved to be fairly constant in the pre-yield domain for every materials. 
This ratio also proved to be strongly dependant on Xc. The local tensile stress on the amorphous 
phase in equatorial region was assessed from the strain on the crystals as measured by WAXS, 
using theoretical values of the elastic constants. The apparent tensile modulus of the amorphous 
phase, Ma, was shown to reach a maximum value of 425 MPa at RT for Xc = 50% and exhibited a 
monotonic drop with increasing both Xc and temperature. Evidence was given of the major role of 
the molecular stress transmitters on the amorphous phase stiffness over that of structural 
confinement. Comparison between Ma and macroscopic elastic modulus revealed a significant 
modification of the mechanical coupling of the crystalline lamellae in relation to Xc that was 
assigned to an increasing lamella percolation throughout the spherulites with increasing Xc. This 
assumption was corroborated by WAXS assessment of the local stress parallel to the tensile 
direction in the polar lamellae that revealed an overloading of the polar regions as compared to the 
equator and the gradual increase of this overloading with increasing Xc.  

 

Keywords: semi-crystalline polymers; micro-macro scale relationship; mechanical coupling; 
amorphous phase modulus; tie molecules.  
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Introduction 

The microstructure of polyethylene (PE) is commonly described as a 2-phase model consisting of  
randomly oriented crystalline lamellae stacks intercalated with amorphous layers. During 
crystallization from the melt, several crystallites can grow within the sphere of gyration of a given 
coiled chain depending on its length.1-3 This generates the so-called tie molecules (TM) or 
molecular stress transmitters (ST) that afford stress transfer between adjacent lamellae throughout 
the material. Depending on crystallinity and crystallization conditions, more or less regular chain 
folding can occur at the lamella surface owing to local chain rearrangements. Four types of 
disordered molecules can be found within the interlamellar amorphous phase : loose or tight chain 
loops that emerge and re-enter the same lamella, tie molecules that bridge two neighbor lamellae, 
chain ends or cilia and eventually unattached or free chains. It is to be noticed that chain 
entanglements already present in the molten polymer are rejected in the amorphous phase as 
topological defects during crystallization. These entanglements also contribute to transmit the 
stress between crystalline lamellae via the amorphous phase.3,4 

 A 3rd phase at the crystal-amorphous interface, otherwise the interphase or transition region 
between the two phases, has also been identified by various techniques. This  3rd phase enables a 
gradient of chain segment density. 5-11 In the case of PE, the thickness of this interface depends on 
the content of structural chain defects, the chain length and the crystallization conditions.7 
Moreover, a specific mechanical relaxation has been assigned to this 3rd phase in PE, i.e. the  
relaxation extending from about room temperature to -60°C. 12,13 This topologically constrained 
phase was suspected to play a specific part in the stress transfer between crystals and the 
amorphous phase.14,15 It should also have a different influence on the macroscopic behavior 
depending whether experiments are performed above or below the  relaxation.16 It is to be 
noticed that conflicting assignments have been reported in literature for the  relaxation in PE.17-21 
Notwithstanding, it is generally admitted that this relaxation arises from the amorphous phase and 
that it is directly connected with the presence of crystallites.  

 The mechanical properties of semicrystalline polymers are strongly dependent on the lamellar 
morphology and crystallinity. This is particularly true for flexible-chain polymers having a 
rubbery amorphous phase at room temperature (RT), due to the modulus contrast between the two 
phases. But this also applies to stiff-chain polymers having a glassy amorphous phase since the 
crystalline state is somewhat stiffer than the glassy state. 22  

 Polyethylene belongs to the first class of semi-crystalline polymers. The modulus and yield 
stress are well known to depend on structural factors such as crystallinity and crystal thickness.23 
However, evidences have been given that macroscopic properties also depend on the intrinsic 
properties of the amorphous phase in relation to its chain topology. Indeed, as pointed out above, 
tie molecules and entangled chain loops in the amorphous phase are the very molecular elements 
which transmit the load between neighbor crystalline lamellae  whereas unentangled loops and 
cilia do not. These so-called amorphous stress transmitters (ST) have been suspected by number 
of authors to be efficient contributors to the short-term as well as long-term mechanical properties 
of semi-crystalline polymers and especially PE. 3, 24,25 

 Focusing on flexible-chain polymers such as polyethylene, having a glass transition 
temperature far below RT, the rubbery interlamellar amorphous layer is generally considered to 
have a specific contribution to the macroscopic behavior in the visco-elastic regime via two kinds 
of deformation modes : interlamellar separation or compression and interlamellar shear.26 Lamella 
separation is the dominant mode in equatorial regions of spherulitic PE. The resistance to the 
interlamellar separation depends on the microstructure of the material, more particularly on the 
number and distribution of the mechanically active tie molecules bridging the crystalline 
lamellae.27,28 The lateral extend of the lamellar crystals having a very high shape factor may also 
contribute to the apparent stiffness of the soft amorphous layer by preventing its lateral 
contraction, i.e. the Poisson’s effect.26,29 In this case, the amorphous tensile modulus should be 
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closer to the bulk modulus than to Young’s modulus. Consequently, the latter amorphous phase 
might be significantly stiffer than bulk rubbery PE in the molten state.  

 So far, efforts have been made for correlating long-term as well as short term mechanical 
properties of PE to the global chain topology. The natural draw ratio, or the strain-hardening, that 
both reflect the resistance of the macromolecular network to chain unfolding proved to be relevant 
factors for predicting such properties. Most authors argued about the major role of the amorphous 
phase via tie molecules as well as chain entanglements. However, the role of the chain topology of 
the amorphous phase on the small strain behavior of bulk PE remains under question. The debate 
about the amorphous phase stiffness of semi-crystalline polymers with flexible chains is an old 
one.31 It has become more acute in recent years in the context of micromechanical modelling 
mainly focused on PE (see for instance the discussion in ref.31) : is the amorphous modulus at RT 
close to the rubber-like modulus of bulk molten PE, or that of a highly crosslinked amorphous PE, 
or eventually that of a glassy polymer ?  

 In this work, the deformation behavior at the local scale of the lamellar stacking was 
followed up by in-situ SAXS and WAXS in order to approach the intrinsic properties of the 
interlamellar amorphous phase of PE in relation to crystallinity, crystal thickness and chain 
topology, over a wide temperature domain above RT. Endeavors have also been made to establish 
micro-macro scale correlations. 

Experimental  

 Materials 

Four polyethylenes with different contents of hexene counits (C6) and very close molecular 
weights were studied in this work. Table 1 shows some characteristics of the materials.  

 

Table 1. Characteristics of the polyethylenes : co-unit concentration, C6; number-average- and 
weight-average molecular weights, Mn and Mw; crystallization onset, Tc

onset. 

Materials C6 (mol %) Mn (kDa) Mw (kDa) Tc
onset (°C) 

PE-A 1.8 14.3 49 114 

PE-B 0.8 15.8 54 113 

PE-C 0.1 15.4 65 124 

PE-D 0.2 15 69 123 

 

 Sample preparation 

The polymer pellets were compression-moulded into 500 µm thick sheets at 170°C and quenched 
into water at RT which were labeled “quenched”. The samples hereafter designated as “annealed” 
were prepared by heat-treatment of quenched sheets for 15 hours in a thermostatic oil bath at a 
temperature close to the crystallization onset. The samples called “isotherm” were re-melted at 
170 °C and plunged for 15 hours into the same thermostatic oil bath at Tc

onset. During the two 
thermal treatments, the samples were kept into aluminium plates tightly sealed with a silicone 
rubber gasket to prevent oil contamination. All heat-treated materials are listed in Table 2 with 
their structural characteristics.   

 DSC analysis 

The thermal behavior of the polymers was analysed with a DSC7 apparatus from Perkin-Elmer at 
a heating rate of 10 °C/min. The temperature and heat flow scales were calibrated using high 
purity indium. The crystallization onset, Tc

onset, upon cooling at 10°C/min was determined by 
using the standard Perkin-Elmer method. The crystal weight fraction, Xc, was assessed from the 
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ratio of the melting enthalpy of the sample to that of perfectly crystalline PE, ΔHf° = 290 J/g.32 In 
such computation of Xc, the interphase is excluded from the crystal content 7 so that it should be 
considered as making part of the amorphous component in the framework of a two-phase model 
that is the case in this work. Further justification will be given below. 

 Tensile measurement 

Dumbbell-shaped samples having 22 mm in gauge length and 5 mm in width were cut out from 
the 0.5 mm thick sheets. Nominal stress-strain curves were recorded on a MTS tensile testing 
machine at various draw temperatures in the range 25°C ≤ Td ≤ 100°C, using a constant crosshead 
speed providing an initial strain rate of 5 x 10-3 s-1. The nominal strain or macroscopic strain, 
macro, was determined in the viscoelastic strain range from the displacement of the clamps owing 
to the homogeneous deformation of the sample prior to the yield point, after correction for the 
machine compliance.  

 The stress-strain curves were used to determine the elastic modulus of the sample using two 
independent recordings at each Td value. The modulus was computed from the tangent at the 
origin of a 2nd order polynomial fitted on the 0-3% strain range of the experimental curves. 

 These tests also gave access to the natural draw ratio in the stable neck after yielding, λn, as 
described elsewhere.33-35 This parameter is known to be relevant of the density of stress 
transmitters, [ST], i.e. intercrystalline tie molecules and chain entanglements.3,25 For the sake 
comparison λn data are given in Table 2 together with [ST] data computed from Brown’s model. 
36,37 A 10-fold increase of [ST] can be observed when λn drops by a factor 2. The [ST] data are 
only given for information since Brown’s model assumes no chain rearrangement during 
crystallization, that is only true for quenching but not for isothermal treatment.  

 

Table 2. Physical characteristics of the heat-treated polyethylenes (see text for details). 

Materials Xc  ϕc Lp (nm) Lc (nm) λn [ST] 

PE-A 

quenched 0.49 0.46 17 8 3.5 0.24 

annealed 0.52 0.49 23 11 4.0 0.17 

isotherm 0.53 0.50 24 12 4.7 0.15 

PE-B 

quenched 0.54 0.51 19 9 4.2 0.19 

annealed 0.62 0.59 22 13 4.7 0.14 

isotherm 0.65 0.62 26 16 5.5 0.09 

PE-C 

quenched 0.65 0.62 20 12 4.5 0.19 

annealed 0.73 0.70 30 21 6.0 0.08 

isotherm 0.75 0.72 36 26 7.5 0.03 

PE-D 

quenched 0.69 0.66 22 14 5.0 0.17 

annealed 0.77 0.74 30 22 5.7 0.08 

isotherm 0.80 0.78 37 29 7.0 0.03 

 

 SAXS and WAXS characterization 

Small-angle X-ray scattering (SAXS) experiments were carried out on the BM02 beamline of the 
European Synchrotron Radiation Facility (ESRF, Grenoble, France). The 2D-patterns were 
recorded on a CCD camera from Ropper Scientific. Experiments were performed using an energy 
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of 8 keV (wavelength  = 0.154 nm). The scale of scattering vector, q, was calibrated by means of 
silver behenate. Wide-angle X-ray scattering (WAXS) experiments were carried out on the same 
beamline at a sample-detector distance of 50 mm, using an energy of 24 keV (wavelength  = 
0.051 nm). The q-scale calibration was performed using a highly crystalline polyoxymethylene 
sample. Data corrections including dark current, flat field response and tapper distortions were 
routinely performed using the bm2img software available on the beamline, for both SAXS and 
WAXS. Corrections were also carried out for the beam intensity fluctuations and for the 
background scattering.  

 Both in-situ SAXS and WAXS measurements during tensile drawing were performed on a 
stretching-stage equipped with a 5 kN load cell and a heating chamber. The dumbbell samples 
having 6.5 mm in gauge length and 3 mm in width were stretched at an initial strain rate of 6.4 x 
10-4 s-1. The symmetric displacement of the two clamps allowed probing the same zone of the 
sample during the tests. Nominal strains were determined using the same procedure described in 
the Tensile Measurements subsection, including corrections for machine compliance. The 
recording times of the pattern were 5 s for SAXS and 2 s for WAXS in order to have the best 
compromise between scattering intensity and minimum strain increment during the recording.  

 The long period, Lp, of the lamella periodic stacking was calculated from the correlation 
maximum of the Lorentz-corrected intensity profile, Iq2(q), using the Bragg’s relation  

      Lp = 2/qpeak      (1) 

where qpeak corresponds to the apex of the correlation peak. 

 The crystalline and amorphous lamella thicknesses, Lc and La respectively, were computed 
from the following relations  

    Lc = Xc (/c) Lp   (a)   and     La = Lp- Lc   (b)   (2) 

where ρc= 1.003 g/cm3 is the density of the PE orthorhombic crystal and ρ the density of the 
sample. Equations 2a and 2b are based on the assumption of a two-phase model with much greater 
lateral extend and length of the crystalline lamellae compared to thickness. This later assumption 
perfectly applies to the present high and medium density materials as judged from AFM 
observations.38 Note that Xc (/c) = αc is the volume fraction crystallinity. The αc , Lp and Lc data 
of all samples are given in Table 2, using the density data from a previous study. 16 

Results and analysis 

Microstructure characterization 

Figure 1 shows the crystalline and amorphous lamella thicknesses, Lc and La respectively, 
together with the natural draw ratio, λn, of all the samples as a function of crystallinity, Xc. The 
crystallinity and crystal thickness were found to be lowest ones for the quenched sample with the 
highest co-unit content and the highest ones for the isotherm sample with the lowest co-unit 
content. The annealing procedure was successfully applied to obtain intermediate levels of 
crystallinity and lamellar thicknesses for the four materials. A single correlation appears between 
Lc and Xc for the whole set of samples. 

 Figure 1 also shows that La slightly increases with decreasing Xc whereas Lc exhibits a strong 
increase. This observation can be ascribed to the crystallization-induced exclusion of the chain 
defects at the crystal-amorphous interface 39,40 that reduces the length of the crystallizable 
methylene sequences. The higher is the defect content, the higher is La and the lower is Lc. 
Notwithstanding, it is to be noticed that the La variation is much weaker than that of Lc and much 
less sensitive to polymer composition and thermal treatment.  

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Chapter IV Elastic deformation 

67 

 

 
Figure 1. Crystalline lamella thickness Lc, interlamellar thickness La and  

natural draw ratio λn of samples as a function of crystallinity.  

 

 Figure 1 also shows the evolution with crystallinity of the natural draw ratio λn that has been 
taken into consideration in the present study as a relevant indicator of the concentration of stress 
transmitters [ST]. The draw ratio is indeed directly connected to the resistance to chain unfolding 
and the subsequent strain-hardening via the extensibility of the entangled macromolecular 
network.41 It has been reported in previous studies that λn exhibits a monotonic decrease with 
increasing [ST].28,35 The data of Table 2 perfectly corroborate this latter finding whereas Figure 1 
shows a roughly linear increase of  λn with crystallinity. 

 In the following, special attention will be focused on the mechanical behavior of the materials 
in the small strain viscoelastic domain in order to probe the role of the stress transmitters of the 
entangled network on the mechanical coupling within the spherulites.  

 Local strain in the amorphous phase  

The local mechanical behavior of the amorphous phase is approached in the framework of a two 
phase model disregarding the role of the interphase. In the present study, this assumption relies on 
two major points : 1) the interphase is included in the amorphous component when computing the 
crystal content as pointed out in the DSC analysis subsection; 2) all experiments were carried out 
above the temperature of the  relaxation that corresponds to the activation of molecular mobility 
in the interphase. Therefore, both the amorphous phase and interphase are in a rubbery state for 
draw temperatures above RT.  

 Hence, the high modulus contrast between the crystal and the rubbery amorphous phase is 
likely to have a strong impact on the macroscopic behavior of the various materials depending on 
their microstructure. However, due to its structural confinement at a nanometric scale between 
stiff crystalline lamellae, the amorphous phase may display strong modifications of its intrinsic 
properties with regard to bulk amorphous PE. Moreover, the chain topology modifications 
between the high and low crystallinity samples, due to different co-unit contents and different 
thermal treatments may also influence the local amorphous properties.  

 Upon uniaxial tensile testing, lamellae stacks in equatorial region of the spherulites separate 
from each other whereas they moves close together in the polar regions due to the Poisson’s 
effect.42 The present study was mainly focused on the deformation of lamellae stacks in equatorial 
region that only undergo tensile deformation without shearing at small strains. Therefore, most 
properties were determined along the tensile direction. It was supposed that the deformation of the 
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crystal could be ignored in the viscoelastic domain compared to the deformation of the amorphous 
phase. Indeed, the modulus of the crystal if about 2 orders of magnitude higher than that of the 
amorphous phase in PE above RT, as will be discussed later.  

 In this hypothesis, the local change of the amorphous phase thickness is ΔLa = ΔLp, where 
ΔLp is the long period variation as determined by in situ SAXS. Thus, the local strain of the 
interlamellar amorphous phase normal to the lamella surface in the equatorial region and parallel 
to the macroscopic tensile stress can be expressed as  

      εa = La/La        (3) 

 In a previous paper 42 we focused on a scale transition factor between the macroscopic strain, 
macro,  and the local strain defined as εlocal  = Lp/Lp. The major reason for using the local strain as 
defined in of Equation 3 is to get access to the intrinsic mechanical behavior of the amorphous 
phase. 

 The εa variations of quenched PE-D in equatorial region are plotted in Figure 2 as a function 
of the macroscopic strain εmacro. A fairly linear increase of εa versus εmacro can be observed in the 
initial viscoelastic regime, for the various Td values. This applies for all of the samples prepared 
from the four PE materials not shown on Figure 2. The εa/εmacro ratio proved to be a constant for 
each sample, but displays a slight sensitivity to Td. This Td dependence will be further discussed in 
the following.   

 
Figure 2. Local deformation behavior of interlamellar amorphous phase in equatorial region, , for 

quenched PE-D at various Td. 

 

 This εa/εmacro ratio is a key factor for understanding how the stress and strain are transmitted 
throughout the spherulites in semi-crystalline polymers in the viscoelastic regime. In the 
equatorial regions of the spherulites, only the parts of the twisted lamella stacks that are under 
grazing incidence are viewed in SAXS, i.e. those lying normal to the applied stress. Thereby, a 
series mechanical coupling can be assumed in 1st approximation in the equatorial region. In this 
hypothesis, the macroscopic strain should obey the following relation 

      εmacro = εa (1- αc) + εc αc    (4) 

where εa and εc are the local strains in the amorphous and crystalline phase, respectively, and αc is 
the volume crystallinity. 

 Considering that the crystal deformation is much smaller than that of the amorphous layer, 
Eq.4 can be reduced to  

      εa = εmacro /(1- αc)      (5) 
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 Figure 3 shows the evolution of the εa/εmacro ratio as a function of 1/(1-αc). The fairly linear 
relationship for every Td value agrees with Eq.5. Besides, this εa/εmacro ratio is greater than unity 
and increases with Xc. This is due to the strain amplification in the amorphous phase to 
compensate for the negligible deformation of the crystalline component. However, it should be 
noted that the experimental εa/εmacro values of Figure 3 are significantly lower than the ones 
predicted from Eq. 4 at RT, i.e. 2 < εa/εmacro < 5 for the present samples having 0.5 < αc < 0.8. 
This suggests that the amorphous strain in equatorial regions is smaller than in other regions. This 
means that the strain distribution is highly heterogeneous over the spherulite volume.  

 One could be tempted to assign the above observation to the previously mentioned effect of 
bulk modulus that makes the amorphous phase much stiffer than a rubber under tensile testing. 
However, if this was the case the stiffness of the amorphous phase in equatorial region should 
increase with Xc, due to the slight increase of the shape factor of the amorphous layers . However, 
this is contradictory to observations, which means that the bulk modulus effect may be much 
smaller than the [ST] effect.   

 Alternatively, the increase of the strain heterogeneity with Xc may be attributed to a 
modification of the mechanical coupling of the crystalline lamellae, namely an increasing 
percolation that would increase the loading on the polar lamellae. This would result in partial 
unloading of the lamella stacks in equatorial region. This point regarding the strain heterogeneity 
will be further addressed in the following. 

 
Figure 3 : Ratio εa/εmacro in equatorial regions as a function of 1/(1-αc) 

for all the materials at different Td.  

 

 Worth noticing is that the εa/εmacro ratio increases with increasing Td close to the value 
predicted by Eq. 4 (Fig.3), this effect being stronger at high Xc. This is an indication of a gradual 
evolution towards strain homogeneity, especially in the case of the more crystalline samples. This 
could be attributed to the enhancement of the molecular mobility in the crystalline phase that 
makes the lamellae more compliant as Td increases. This indeed enables stress relaxation in the 
equatorial stacks that proved to be less compliant than the average. 

 Crist et al.31 have argued on the sensitivity to temperature and crystallinity of the elastic 
modulus of the amorphous phase in PE. These authors argued that the amorphous chains are able 
to relax stresses owing to the activation of the crystalline mechanical relaxation.19 Borrowing 
from this approach, previous dynamic mechanical data on the materials of the present study 16 
have been examined with special attention to the crystallinity and temperature effects. These data 
clearly show that the strength of the crystalline relaxation increases with Xc., at a given 
temperature. This suggests that the relaxation ability of the amorphous chains should increase 
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with Xc, that is actually observed. Besides, for a given sample, the crystalline relaxation strength 
increases with increasing Td in the present Td range, so that the amorphous chain relaxation should 
increase with Td. This is also actually observed. Both these findings support the proposed 
mechanism for the heterogeneous-to-homogeneous deformation transition with increasing Td, in 
relation to Xc. 

 
Figure 4 : Ratio 𝜀𝑎/𝜀𝑚𝑎𝑐𝑟𝑜 in equatorial region versus natural draw ratio λn 

for all the materials at different Td. 

 

 The ratio εa/εmacro is plotted in Figure 4 as a function of the natural draw ratio λn for different 
Td. The corresponding [ST] variation is indicated on the λn scale for the sake of the discussion. 
Irrespective of the Td value, the εa/εmacro ratio decreases with decreasing λn, i.e. with increasing 
[ST]. The local deformation of the interlamellar amorphous phase in equatorial region appears to 
be strongly dependent on the content of stress transmitters : the higher [ST] the stronger the 
amorphous phase resistance to deformation at equivalent εmacro.  

 All the above data give evidence that the stiffness of the interlamellar amorphous phase is in 
equatorial region is strongly temperature- and structure-dependent as judged from its strain 
relationship with the macroscopic strain. However, two major effects may contribute to these 
dependencies : the intrinsic amorphous modulus and the strain heterogeneity. A relevant way to 
alleviate the doubts on the actual contributions of the two factors is the experimental 
determination of the intrinsic elastic modulus of the amorphous phase. 

 Local stress in the amorphous phase 

The methodology for determining the local stress in the amorphous layers of equatorial regions 
relies on using the crystal as a local stress gauge. The local stress a the scale of a single lamella 
can be estimated from the strain in the crystal as determined by in situ WAXS and from 
theoretical values of the crystal elastic constants. Figure 5 shows a part of a twisted lamella stack 
in equatorial region and the corresponding SAXS and WAXS patterns used for computing the 
local strain and stress. Only two twisted lamellae are shown for clarity. The polar SAXS sector 
arising from the part of the twist normal to the tensile direction (TD) that is under grazing 
incidence was previously used for determining the local strain in the amorphous layer, εa, parallel 
to the applied tensile stress. Regarding the local stress parallel to the tensile direction, the logical 
way would be to use the (002) crystal reflection in polar sector of the WAXS pattern arising from 
the same part of the twist. This reflection refers to the spacing of the crystallographic c-axis that is 
normal to the lamella surface and parallel to the tensile stress (see the TD part in Fig.5). This 
reflection was used for computing the C33 elastic constant along the chain axis in the case of 
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oriented PE samples that obey an elastic behavior up to stress level as high as 1 GPa.43-45 The C33 
constant is yet extremely high, i.e. several tens of GPa, so that the stress-induced shift of the (002) 
reflection turned out undetectable in the present study of the pre-yield strain domain for which the 
stress did not exceed 25 MPa.  

 

 

Figure 5 : Schematic of a twisted lamella stack in equatorial region of the spherulite  

and the corresponding SAXS and WAXS patterns prior to deformation (TD = normal  

to tensile direction; //TD = parallel to tensile direction). 

 An alternative methodology is based on the analysis of the (200) reflection in the polar sector 
of the WAXS patterns arising from of the parts of the twisted lamellae parallel to the tensile 
direction (//TD) in equatorial region (Fig.5). This plane is normal to the crystallographic a-axis, 
i.e. normal to the tensile stress so that its spacing would change directly in relation to the local 
stress parallel to the tensile direction. This is actually an approximation due to the fact that the 
appearance of the (200) reflection implies that the (200) planes are inclined with an incident angle 
θ  12° to the X-ray beam so that they are not strictly normal to the tensile stress.   

 The proposed methodology assumes that, in the quasi-static conditions of the present 
experiments, the local stress parallel to the tensile direction is uniform in both the //TD and the 
TD parts of the twisted equatorial lamellae. This is not a strong hypothesis considering that the 
twist length is a few microns compared to the several tens of microns for the lamella length. This 
structural characteristic makes the lamella stacks highly coherent on a mechanical standpoint. 
Indeed, if the local stress in equatorial region was not fairly uniform all along the lamellae, the 
stacking long period would rapidly vanish with increasing macroscopic strain in the viscoelastic 
domain. The long period from the equatorial region is actually well preserved up to εmacro = 0.2, 
i.e. largely beyond the yield point (Fig.2).  

 Under such considerations, and taking advantage of the series coupling of the amorphous and 
crystalline phases in the TD lamella parts (Fig.5), it is quite reasonable to assume  

      σa    σc      (6) 

 This enable to focus on the local deformation of the crystal thanks to the evolution of (200) 
spacing, d200

eq, in the tensile direction of the //TD lamella parts (Fig.5). Figure 6 shows an 
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example of the changes in intensity profile of the polar (200) reflection for isotherm PE-D drawn 
at Td = 50 °C. The (200) peak gradually moves to a smaller scattering angle indicating 

 
Figure 6 : Intensity profiles of the (200) polar reflection from the equatorial region of the 

spherulites as a function of macroscopic strain for isotherm PE-D at Td = 50 °C.  

an increase of d200
eq under strain. In parallel, the intensity of the (200) peak decreases with 

increasing strain. This is partly due to the thinning down of the sample and to the strain-induced 
texturing, i.e. the gradual tilting of the lamellae in preferred diagonal orientation. 

 The evolution of d200
eq as a function of strain is reported in Figure 7 for the various PE-D 

samples at different Td. Prior to deformation, the d200
eq value is the smallest on for isotherm PE-D 

whereas it is the greatest one for quenched PE-D. This is relevant to an increasing content of 
crystallographic defects with increasing crystallization rate due to an increasing occlusion of co-
units in the crystals which should normally be excluded. The initial d200

eq value prior to 
deformation also shows an increase with Td due to the thermal expansion of the crystal. Both these 
observations apply to the four polymers. 

 Regarding the d200
eq evolution with strain (Fig.7), it is to be noticed first a linear increase up 

to εmacro  0.10, indicating that the crystal obeys an elastic behavior before yield. Second, the 
slope of the linear domain is fairly the same for the various PE-D samples irrespective the draw 
temperature. This finding applies for the four polymers.  

 Computing the crystal strain along the tensile direction in the //TD parts of the equatorial 
lamellae, εc, via the following equation 

      εc = Δd200
eq /d200

eq     (7) 

one gets a unique correlation εc/εmacro = 0.10 ± 0.02 for all Td from Figure 7. This insensitivity  on 
microstructure and temperature of εc in equatorial region as a function of εmacro is rather surprising, 
especially in consideration that the corresponding ratio for the amorphous phase, εa/εmacro, is 
highly variable (Figs. 3 and 4). This finding may result from compensation effects of several 
factors having inverse dependences on temperature or microstructure. This point will be argued in 
the Concluding Discussion, at the light of additional informations provided below.  
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Figure 7 : Crystallographic spacing, d200

eq, as function of nominal strain  

for the various PE-D samples for different Td.  

 Beyond the macroscopic yield strain, d200
eq levels off (Fig.7). This is a direct evidence of the 

activation of plastic deformation beyond the yield point via crystal shear with little change in 
crystallographic spacings due to the global stress levelling off. This finding however does not 
mean that the (200) planes are plastically active and does not provide information on the kind of 
crystal planes that do exhibit crystal shear.  

 The local stress in the crystal, σc, can be then computed from the general relation  

      σc = εc Ec      (8) 

where Ec is the crystal elastic modulus in the direction under consideration, namely the C11 elastic 
constant along the crystallographic a-axis of the //TD crystals in equatorial regions (Fig.5). The Ec 
values used in the present study are taken from the C11 experimental data reported by Choy & 
Cheung 46 that are relevant to a real material having crystallographic defects. These Ec values are 
7.0 GPa @ 25°C, 5.9 GPa @ 50°C, 5.6 GPa @ 75°C and 5.3 GPa @ 100°C. These data are 
somewhat lower than the theoretical ones from Goddard et al.47 or Rutledge et al. 48 based on a 
perfectly crystalline material. It is yet to be noticed that the two kinds of C11 data display similar 
temperature-dependence.  

 Thanks to the in-situ tests, the local stress can be compared to the macroscopic stress and 
strain. Figure 8 shows the local stress in equatorial region and the macroscopic stress of quenched 
PE-A as a function of the macroscopic strain at different Td. The σc local stress is significantly 
higher than the macroscopic stress, σmacro. However, σc linearly increases with 
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Figure 8 : Local stress, σc, in //TD parts of equatorial lamellae and macroscopic stress, σmacro, as a 

function of macroscopic strain, εmacro, for quenched PE-A at different Td.  

  

εmacro before yield similar to σmacro. Moreover, both σc and σmacro reach a maximum value at nearly 
the same εmacro value, i.e. that of the yield point. This latter observation provides additional 
support to the methodology presently chosen for determining σc. 

 The drop of σc with increasing Td is related to the drop of the C11 values reported above. This 
is a direct consequence of the activation of the molecular mobility in the crystalline phase over a 
large temperature domain below the melting point. 

 Elastic modulus of the amorphous phase  

It was assumed above that the TD parts of the twisted crystalline lamellae and interlamellar 
amorphous layers in equatorial region are in series coupling. This implies a uniform stress 
distribution on the two components normal to the lamella surface, as expressed by Equation 6. 
This is the situation depicted in Figure 5. Considering the local strain measurement of the 
interlamellar amorphous phase by in-situ SAXS, the local tensile behavior of the amorphous 
phase could be readily determined. 

 
Figure 9 : Local stress – strain curves for quenched PE-A at different Td. 
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 Figure 9 shows the local stress - strain curves of the amorphous phase in equatorial region of 
quenched PE-A for various temperatures. The stress first exhibit a roughly linear increase with 
strain before to reach a pseudo-plateau corresponding to the plastic behavior due  to activation of 
crystal shear. From the initial slope of these plots, an apparent tensile modulus of the amorphous 
phase, Ma, can be defined from the equation 

       σa = Ma εa              (12) 

 This elastic modulus of the amorphous phase in equatorial regions is said apparent tensile 
modulus since it is actually a combination of tensile and bulk moduli due to the stress triaxiality 
imposed on the amorphous layers by the structural confinement between the very large and stiff 
crystalline lamellae. It cannot be associated with the Young’s modulus. 

 Figure 10a shows the Ma variations with Xc for all the materials of the study at different Td. 
For every Td, the apparent tensile modulus of the amorphous phase decreases with increasing Xc. 
This finding is quite surprising and even unexpected in consideration that the macroscopic 
modulus exhibits an inverse variation as can be seen in Figure 11. This latter figure is yet in 
perfect agreement with literature data essentially determined at RT. 2,12,15,30,49,50 

 

 

 
Figure 10: Apparent modulus of the amorphous phase as a function of a) the crystallinity  

and b) the natural draw ratio for all the PE samples at different Td. 

( increasing [ST]  ) 
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Figure 11: Macroscopic elastic modulus of all PE samples  

as a function of Xc for the various Td. 

Alternatively, Ma has been plotted in Figure 10b as a function of n. Reminding that n is a 
indirect indication of the concentration stress transmitters, [ST], the monotonic increase of Ma 
with decreasing n irrespective of Td may be ascribed to the corresponding increase of [ST] (see 
Table 2). The same explanation applies to the previous Ma drop with increasing Xc. It is 

noteworthy that 250 < Ma < 420 MPa at 25°C depending on the PE sample. These figures are 
much higher than those reported in the literature for the Young’s modulus of bulk amorphous PE 
that is in the range 2-10 MPa.30,31  This point will be more precisely discussed in the next 
Concluding Discussion in the context of the controversial literature data. 

Concluding discussion 

Several points that have been addressed in this work deserve a critical discussion in regard to 
previous studies dealing with the mechanical properties of semi-crystalline polymers. 

 Point 1. The local stress-strain behaviour of interlamellar amorphous phase in equatorial 
regions of the spherulites was studied by in-situ SAXS and WAXS for PE samples covering a 
wide range of crystallinity and over the temperature range 25-100°C. For the lower crystallinity 
materials the local deformation in equatorial regions where the crystalline lamellae are 
perpendicular to the main stress fairly obeys a series coupling of the amorphous and crystal 
phases that is relevant of a homogeneous stress distribution. However, with the increase of 
crystallinity, it was shown that the mechanical coupling gradually changes from series to parallel 
giving an increasing role to the stiffer crystalline component. This is perfectly consistent with 
previous data16 showing that over a very large range 0.20 < Xc < 0.85 the macroscopic modulus of 
PE-based polymers display an evolution from “close to series coupling” to “close to parallel 
coupling” that is assigned to the increasing shape factor of the stiff crystallites together with an 
increasing percolation of these crystallites. This makes the polar regions become gradually much 
stiffer than the equatorial regions due to the actual parallel arrangement in these regions in 
addition to the percolation effect that generates a strongly heterogeneous strain distribution. 

 Regarding the effect of the deformation temperature, the local strain in the amorphous phase 
of the equatorial regions became closer to the predicted value of the series coupling for any 
sample which is an indication of an increasing stress homogeneity. This can be intuitively 
attributed to the activation of chain mobility in the crystalline phase that enabled the relaxation of 
the more strained amorphous chains, the crystalline relaxation being all the more efficient as 
temperature increases. From a general standpoint, these findings and interpretation contribute to 
the understanding of the origins of the more or less homogeneous deformation of spherulites that 
has been clearly revealed by direct observation techniques for a number of semi-crystalline 
polymers, depending on experimental conditions. 51-59 
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 Point 2. One may wonder about the opposite evolutions of the amorphous modulus Ma and 
the macroscopic modulus as a function of crystallinity (Figs.10 and 11). This is an indication that 
Ma does not contribute a predominant role to Emacro and that this contribution even recedes when 
Xc increases. It is suggested that a major contribution comes from the above-mentioned evolution 
with increasing Xc of the strain distribution throughout the spherulites, namely a gradual increase 
of parallel coupling giving an increasing role to the stiff crystal phase via a gradual percolation of 
the crystalline lamellae. This coupling effect largely counterbalances the Ma drop of the soft 
amorphous phase.  

 In support to this latter conclusion, it is worth looking at the evolution of the 𝜎local /𝜎macro ratio 
in equatorial region as a function of Xc. Considering a constant nominal strain εmacro = 0.03, one 
gets 𝜎local /𝜎macro  2.5 whatever Td for quenched PE-A having the lower crystallinity (Fig.8). In 
contrast, for isotherm PE-D having the higher crystallinity, 𝜎local /𝜎macro   1.7. These data clearly 
show that the local loading in equatorial regions decreases with increasing Xc. This means that 
other regions of the spherulites are bearing an increasing part of the applied load. This is an 
indirect evidence that a percolating network of the crystalline lamellae gradually develops as Xc 
increases due to gradual build up of crystal interconnections, via the core region of the spherulites 
or via lamellae branching. This phenomenon gives the polar regions a predominant role at high Xc 
compared with the equatorial regions that may have a predominant role at low Xc.  

 Point 3. Regarding the high Ma values and the Ma = f(Xc) relationship, the structural 
confinement effect due to the high shape factor of the crystalline lamellae 38,60 has been suggested 
to restrict the lateral contraction of the soft interlamellar amorphous layers under tensile loading 
as in an oedometric test. The elastic modulus of the latter phase should be thus closer to the bulk 
modulus of rubbery PE, K, than to its Young’s modulus, E. As a matter of fact, the so-called 
longitudinal modulus, M, of a material in the case of oedometric strain conditions is given by the 
relation  61 

      𝑀 =
3𝐾(3𝐾+𝐸)

9𝐾−𝐸
⁡     (13)  

It may be associated to the Ma modulus of the confined amorphous layers in the present study. 
Then considering the following values K = 1-3 GPa 31,62-64 and E = 3-10 MPa 65,66 for PE in the 
bulk rubbery state, Eq.13 predicts M  K  1-3 GPa that is somewhat higher than the present 
experimental Ma values (Fig.10).  

 This Ma deviation from the prediction of Eq.13 suggests that the lamella stacks in equatorial 
regions are only under partial oedometric strain conditions. Moreover, the above computation 
does not account for the observed decrease of Ma with increasing Xc (Table2). Indeed, increasing 
Xc is likely to be accompanied by an increase of the lamella shape factor that would enhance the 
oedometric effect, i.e. an increase of Ma towards the M value predicted from Eq.13. This effect of 
the shape factor could be quantitatively taken into account by the so-called poker-chip model. 67-69  
In the present instance, the observed Ma decrease was attributed to the concomitant decrease of 
the density of stress-transmitters in the amorphous phase (see Table 2). The reason of the inverse 
evolution of [ST] versus Xc lies in the capability of highly crystalline samples to undergo chain-
reeling during crystallization that promotes chain-disentanglement and improves regular chain-
folding.70 Therefore one should suspect a contribution of the stress transmitter concentration in the 
amorphous phase stiffness, i.e. the E factor in Eq.13. Considering that [ST] increases by a factor 8 
over the whole Xc range (Table 2), one would expect a significant increase of E beyond the bulk 
isotropic value of 3-10 MPa. Moreover, this increase of the E modulus should be high enough to 
account for the Ma variation of 100-150 MPa that is observed over the whole Xc domain in 
opposition to the expected effect of the shape factor, for all the Td values (Fig.10a). 

  In support to our claim, it is worth noticing Addiego et al.’s study 71 of the volume strain 
under tensile testing of various PE materials in the crystallinity range 0.40 < Xc < 0.75. The 
reduced ability for cavitation as well as increasing trend for homogeneous deformation with 
decreasing Xc was attributed to an increase of the stress transmitter density in the amorphous 
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phase as inferred from structural parameters. This is in perfect agreement with our observations 
and conclusion.  

  Point 4. The apparent modulus of the amorphous phase, Ma, was estimated by measuring 
both the local stress and the local strain in equatorial regions of the spherulites. The Ma values 
proved to be surprisingly high with regard to the bulk modulus of amorphous PE: indeed, Ma  
250–450 MPa at RT as compared with the values Ea = 3–10 MPa reported for the Young’s 
modulus of bulk molten PE.31,65,66 As pointed out above, such high Ma values are suggested to 
result from two major factors : 1st the structural confinement of the amorphous phase between 
large and stiff crystalline lamellae; 2nd the density of stress transmitters that is much greater than 
in the molten material due to the presence of intercrystalline tie chains 69 and a higher 
concentration of crystallization-segregated chain entanglements.4 It is worth to discuss the present 
Ma experimental data in comparison to the ones quoted in the literature in the context of 
mechanical modelling. In recent years, several groups have tackled the problem of predicting the 
mechanical behavior of semicrystalline polymers by means of micromechanical modelling. Such 
approaches tried to take into account the microstructural aspects of the materials and the intrinsic 
properties of the components. The values of the elastic constants of the crystalline phase are rather 
consensual. These have generally been borrowed from theoretical computations or from WAXS 
experiments. In contrast, the amorphous phase modulus has often been postulated. Most authors 
dealing with the micromechanical modelling of PE have adopted very low values the Young’s or 
shear moduli, i.e. Ea = 3–10 MPa or Ga = 1–3 MPa respectively, for the bulk rubbery state as 
pointed out above. 14,15,72-76 These Ea or Ga values are extrapolated from macroscopic modulus 
data, either at Xc = 0 in the solid state, or at T = 25°C in the molten state. However, such methods 
only provide the rubbery modulus of bulk amorphous PE but not that of the confined amorphous 
phase in the semi-cristalline PE. 

 In contrast, several authors have been dealing with the identification of the Ea or Ga moduli 
of semi-crystalline polymers by means of inverse modeling, i.e. fitting macroscopic data with 
variable Ea or Ga values using a multi-phase or composite model. Most of these studies gave Ea or 
Ga values for PE about 2 orders of magnitude greater than the ones reported above, 31,77,78 in 
agreement with the present study. Using a Halpin-Tsai model, Boyd 77 reported Ga  200 MPA @ 
0° decreasing to Ga  130 MPa at RT, but insensitive to Xc.  Also using a Halpin-Tsai modelling, 
Crist et al.31 reported 70 MPa < Ea < 300 MPa for 0.5 <  Xc < 0.8 at RT.  

 One should also mention an early experimental determination of the amorphous phase 
stiffness in medium density PE by in situ SAXS 79 giving 150 MPa @ RT, in agreement with the 
present Ma data. 

 Back to Crist et al.’s work,31 it is worth pointing out that Ea was reported to increase with Xc 
in strong contrast with Boyd’s findings and the present ones as well. It was claimed that the 
crystalline relaxation becomes less active with increasing Lc (Lc increases in parallel with Xc) so 
that the amorphous chains gradually lose their relaxation ability. Our interpretation is quite 
different. Indeed, the opposite variations of Ma and Xc in the present study are assigned to the 
density of stress transmitters that increases with decreasing Xc. However, the role of the 
crystalline relaxation is also taken into account in our study via the Ma temperature sensitivity : 
indeed, the temperature-promoted chain relaxation in the crystal enables a relaxation of the 
amorphous chains that in turn involves a Ma drop with increasing Td  (Fig.10). 

 Point 5. The relation εc/εmacro = 0.10 ± 0.02 in equatorial regions for all samples, irrespective 
of Xc and Td (Fig.7), is a quite surprising finding especially when considering that the 
corresponding ratio for the amorphous phase, εa/εmacro, is highly variable (Figs.3 and 4). This 
observation may be ascribed to the combination of several factors involving compensation effects 
due to inverse dependences on temperature and/or microstructure. Here are two possible 
explanations. First, if considering an increase of Td at constant values of εmacro and Xc, the increase 
of εa/εmacro ratio (Fig.3) indicates an increase of the amorphous strain in equatorial regions due to 
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chain relaxation in the crystal. This involves a decrease of the local stress σa = σc, and of the C33 
elastic constant as well so that the crystal strain is likely to change very little. Second, if 
considering a decrease of Xc at constant value of εmacro and Td, the drop of εa/εmacro ratio (Fig.4) 
results from an increase of [ST]. Concomitantly, the macroscopic stress drops with the decrease of 
Xc, involving a decrease of σc but this stress depression is compensated in the equatorial region by 
the reduction of crystal percolation that promotes a stress transfer from the polar to the equatorial 
regions. Both situations that correspond to an improvement of homogeneity of the macroscopic 
deformation do contribute to the εc/εmacro quasi-invariance, but they may not be the sole reasons.  
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IV.3 Summary of the article 

The deformation of the lamella stacks in a spherulite within a very small strain depends on the 
orientation relatively to the stretch direction. The lamella stacks in equatorial region are stretched 
and elongated in the direction of the stacking axis while the lamella stacks in polar region close to 
each other due to lateral contraction.  

Thanks to in-situ SAXS, local strain (εlocal) can be related to the macroscopic strain (εmaco). εlocal 
and εmacro obey a linearly relationship at the beginning of the deformation. The ratio εlocal/εmacro 
is a constant for all the samples at a given temperature. The ratio 𝜀𝑙𝑜𝑐𝑎𝑙

𝑒𝑞
/𝜀𝑚𝑎𝑐𝑟𝑜 (𝜀𝑙𝑜𝑐𝑎𝑙

𝑒𝑞  local strain 
in equatorial region) equal to 0.5, suggesting that the equatorial region deforms less than the 
average strain while others regions should have larger deformations to accommodate the 
macroscopic strain. 

𝜀𝑙𝑜𝑐𝑎𝑙
𝑒𝑞

/𝜀𝑚𝑎𝑐𝑟𝑜  shifts to higher value at higher Td, indicating that elevated Td promotes 
homogeneous deformation. This is attributed to the temperature-dependence of the crystal 
stiffness that enables softening of the stiffer regions.  

The deformation at the very beginning is mainly attributed to the deformation of the amorphous 
phase because the crystal is much stiffer than the amorphous phase. The amorphous phase strain 
in equatorial region (𝜀𝑎

𝑒𝑞) exhibits a linearly increase with macroscopic strain. The ratio 𝜀𝑎
𝑒𝑞
/

𝜀𝑚𝑎𝑐𝑟𝑜 is influenced by the crystallinity Xc and the content of stress transmitters [ST]. 

The measured 𝜀𝑎
𝑒𝑞
/𝜀𝑚𝑎𝑐𝑟𝑜 fairly obeys a linearly relation with 1/(1-Xc). Additionally, 𝜀𝑎

𝑒𝑞
/𝜀𝑚𝑎𝑐𝑟𝑜 

increases with decreasing [ST] at a given temperature. 𝜀𝑎
𝑒𝑞
/𝜀𝑚𝑎𝑐𝑟𝑜 is sensitive to the temperature 

which presents a bigger value at higher temperature. This is ascribed to the temperature can relax 
the coupling between crystalline and amorphous phase which promotes the amorphous phase 
deformation. 

Local stress σc in the crystal is calculated by WAXS via the deformation of crystal lattice. This 
stress is considered to also apply on the amorphous phase, assuming a series coupling of the two 
phases at the local scale of the equatorial lamellar stacks. Local stress is slightly influenced by 
microstructure but strongly depended on the temperature. The local crystal deformation behaviour 
is similar to the macroscopic deformation behaviour. Local stress σc increases at the very 
beginning of the deformation and then levels off at a critical strain associated to a local yield.  

The apparent modulus of the interlamellar amorphous phase Ma is estimated by the measured local 
stress and strain in equatorial regions. Ma increases with increasing stress transmitter content [ST] 
at a given drawing temperature. This is in agreement with reinforcement effect of ST on the 
mechanical properties of amorphous phase. Furthermore, the amorphous modulus reaches very 
high value between 250 to 500MPa at 25°C which is much higher than Ma of bulk amorphous PE 
between 4 to 10MPa. On the other hand, Ma decreases with increasing drawing temperature which 
is ascribed to the amorphous chain relaxation due to the crystal softening.  
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IV.4 Small strain deformation behaviour of polypropylene 

4.1. Local deformation in equatorial region 
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Figure 4.1. SAXS intensity profile of PPA annealed for different strains at draw temperature 

23°C. (a) from equatorial regions; (b) from polar regions. 

Like polyethylene, polypropylene forms a spherulite structure when crystallized from the melts. 
The crystal lamellae are oriented along the radius direction. The scattering patterns are similar to 
that of polyethylene owing to the similar lamellar structure. Figure 4.1 shows the intensity profile 
of PPA annealed in different strain for the draw temperature 23 °C. The meridian intensity from 
equatorial regions increases with the elongation and the peak shifts to small q value indicating the 
augmentation of the long period. In contrast, the intensity from the polar regions decreases with 
elongation and the peaks move to the larger q values indicating the reduction of the long period. 
This indicates the polyethylene and polypropylene have the similar deformation behavior in the 
elastic deformation regime at the scale of the lamella stacks, i.e. the lamella are separated in 
equatorial regions of the spherulites and move together in polar in polar regions.  

The long period has been calculated from the Lorenz corrected intensity curves. Figure 4.2 shows 
the long period of PPA annealed in equator and polar respectively at draw temperatures 23°C, 
70°C and 120 °C. In equatorial regions, it linearly increases with the elongation in the elastic 
strain domain, due to the separation of the lamella normal to the tensile force. And also Lp 
increases with the draw temperatures.  
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Figure 4.2 Long period of PPA annealed in equatorial region at draw temperatures 23°C, 70 °C 
and 120°C. 
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Figure 4.3. Macro stress and local strain in equatorial regions as a function of macroscopic strain 
for PP-C annealed at draw temperatures 23 °C, 70 °C and 120 °C. 

As discussed in section 4.1, the local deformation of polypropylene in equatorial regions could be 
estimated by the variation of the long period during tensile deformation which is 𝜀𝑙𝑜𝑐𝑎𝑙 = ∆𝐿𝑝/𝐿𝑝. 
Figure 4.3 shows that 𝜀𝑙𝑜𝑐𝑎𝑙  linearly increases with macroscopic strain 𝜀𝑚𝑎𝑐𝑟𝑜  in elastic 
deformation. After yield, the linearly relation disappears. Similar to the polyethylene mentioned in 
section 4.1, the ratio  𝜀𝑙𝑜𝑐𝑎𝑙/𝜀𝑚𝑎𝑐𝑟𝑜 could be estimated from the slope of the 𝜀𝑙𝑜𝑐𝑎𝑙 versus 𝜀𝑚𝑎𝑐𝑟𝑜 
correlation for each sample. The results of 𝜀𝑙𝑜𝑐𝑎𝑙/𝜀𝑚𝑎𝑐𝑟𝑜 are plotted in Figure 4.4 in function of 
Xc. It shows that the ratio is a constant in the samples with different crystallinity. And this 
constant value is only a function of temperature. The ratio is smaller than unit, which means that 
in equatorial regions of polypropylene, the local deformation is smaller than the macroscopic 
deformation. This behaviour is similar to that of polyethylene which has been discussed in section 
4.1. 
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Figure 4.4. Ratio 𝜀𝑙𝑜𝑐𝑎𝑙/𝜀𝑚𝑎𝑐𝑟𝑜in function of Xc at different temperature for polypropylene. 
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4.2. Comparison between deformation behavior of PE and PP  

For both semicrystalline polymer PE and PP, there are several similarities deformation behavior 
during the elastic deformation. 

The long period in equatorial regions of spherulites linearly increases with the increase of 
elongation in elastic deformation domain. The ratio  𝜀𝑙𝑜𝑐𝑎𝑙/𝜀𝑚𝑎𝑐𝑟𝑜  is a constant for various 
samples with different Xc and it is only in function of draw temperature for both PE and PP. This 
parameter is a useful one for correlating microscopic and macroscopic scale in view of 
micromechanical modelling which often requires a scale transition factor.   

IV.5 Conclusion of the chapter 

In this chapter, local deformation behaviors in elastic domain of polyethylene with various 
morphologies are investigated by the in-situ SAXS and WAXS. Lp in equator increases whereas it 
decreases in polar regions with the increase of elongation. In equatorial regions, 𝜀𝑙𝑜𝑐𝑎𝑙

𝑒𝑞  is 
proportional to the macroscopic strain 𝜀𝑚𝑎𝑐𝑟𝑜. The ratio 𝜀𝑙𝑜𝑐𝑎𝑙

𝑒𝑞
/𝜀𝑚𝑎𝑐𝑟𝑜 proved to be prospective a 

constant for PE and PP samples with various Xc. This ratio increases with draw temperature. It is 
smaller than unit below 100 °C, indicating lower deformation of equatorial region than 
macroscopic deformation. By this value, the local deformation could be connected with 
macroscopic deformation. It plays a role of bridge between microscopic and macroscopic 
deformation which could be important to use in the model transformation between microscopic 
and macroscopic.  

Local deformation of interlamellar amorphous phase has been estimated from the variation of the 
amorphous phase layer thickness measured by the in-situ SAXS with a hypothesis that the 
variation of long period is mainly contributed by the amorphous phase. In equator, local 
amorphous phase strain a exhibits a linear dependence on macro within the elastic domain. The 
ratio macroa  /  is well agreed to a linear function with the crystallinity at a given temperature. The 
ratio macroa  /  also increases with increasing λn value which is a indication parameters for stress 
transmitter content.  

The apparent modulus of the local amorphous phase Ma was estimated by the measured local 
stress and strain. Ma increases with increasing of stress transmitter content (ST) at a given draw 
temperature due to reinforcement effect of taut tie molecules in the amorphous phase. The 
amorphous modulus presents very high value between 250 and 500MPa at 25°C which is much 
higher than bulk amorphous phase of PE. On the other hand, Ma decreases with increasing 
drawing temperature owing to the activation of chain mobility in crystalline phase that enable 
relaxation of amorphous phase.  
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Context 

Plastic deformation of semicrystalline polymers has been a subject of many studies. It is a 
complex process because different microstructures participate in it.  

Around yield point, various plastic phenomena have been observed such as cavitation, crystal 
shear etc. The initiation of these plastic mechanisms is proved to be dependent on the 
microstructures and temperatures.  In Chapter 1, we mentioned a competition relation was 
observed for the cavity and crystal shear onset. This relation is correlated to the crystallite 
thickness. But at high temperature, the cavitation disappears. One could ask what the correlation 
between cavitation and the crystal shear is at high temperature.  

Martensitic transformation also appears around yield which involves the transformation from 
orthorhombic to monoclinic crystal. Monoclinic phase is only stable under stress at low 
temperatures.  In the previous studies, it was pointed out the martensitic transformation appears 
faster in HDPE than in LDPE. However, the precise correlation between martensitic 
transformation and microstructures still need more evidences. On the other hand, the relation of 
martensitic transformation onset and other plastic mechanisms such as cavitation and crystal shear 
onset is not clear.    

In this work, the studies will be focused on these questions. To reach these aims, samples with 
wide range of microstructures (crystallinity ranges from 0.46-0.8, and crystallite thickness is 
between 8-28 nm) were used. The microstructure evolutions during the tensile test were probed by 
the in situ SAXS and WAXS. With these strategies, the onsets of the cavitation, crystal shear and 
martensitic transformation are compared in different temperatures and the influence parameters 
are studied.  

This chapter is divided into following parts: 

1. 27BFirst, cavitation onset is studied by in-situ SAXS at different temperatures. It is correlated 
to the microstructures and temperatures. A competition between crystal shear and the 
cavitation formation was observed. A model had been proposed to estimate the stresses 
for the cavitation and crystal onset. The stress of cavitation and crystal shear onset is 
proved to be in relation to the crystallite thickness. Both onset stresses decrease with 
elevating temperatures however, stress of crystal shear onset is more sensitive to the 
temperatures. For this reason the crystal shear occurs faster than cavitation and the 
cavitation at higher temperatures.  

2. 28BSecond, the martensitic transformation is detected by in situ WAXS at different 
temperatures. The martensitic transformation onset is evidenced to be associated to Lc and 
temperatures. The onset of martensitic transformation is compared with plastic 
mechanisms at different temperatures. A map concerned to the onset of plastic 
mechanisms is obtained in function of temperatures and crystallite thicknesses.   
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V.2 Summary of the article 

The cavitation during the uniaxial tensile of polyethylene can be observed by SAXS. The 
cavitation behavior has been numerously studied due to the significantly influence on the plastic 
stress and the large deformation properties. However, the influence of microstructure and the 
molecule topologic structure are still being mysterious until recently. In this work, the attention 
has been paid to the microstructure parameters and the content of stress transmitters on the 
nucleation process of cavitation. Thanks to the in-situ SAXS, the evolution of cavities has been 
probed in different draw temperature. The evolution of volume and orientation of cavities has 
been obtained with this technique.  

Three different behaviors were observed: 

- Homogeneous cavities which formed before yield point.  

-Cavities localized in the neck region beyond the yield point.  

-No cavities appear during deformation process.  

The nucleation of cavities strongly depends on the microstructure and draw temperature. Among 
the parameters of the microstructure, the crystal thickness Lc and the content of stress transmitters 
[ST] are the most important, where the stress for the crystal shear is mainly determined by Lc and 
the stress for cavities onset is controlled by [ST]. A competition between crystal shear and cavities 
onset is observed to be determined by a critical crystal thickness Lcc. Beyond Lcc, cavitation 
occurs first. This is associated to the homogeneous initiation of cavitation. Below Lcc, the shear of 
the crystal occurs before cavitation. The crystal shear also generates stress concentration which 
makes the happening of the localized cavitation. But in some cases, this stress concentration is too 
low to induce cavities.    

A model has been proposed based on the competition of crystal shear and cavitation for case of 
homogeneous cavitation. The stresses for crystal shear (σsh) and cavitation onset (σcav) is related to 
the Lc and temperatures. σsh and σcav are compared to predict the cavitation onset in PE. 

Draw temperature is another factor that determines the cavitation onset. The cavitation gradually 
disappears with elevating temperatures. The stress for crystal shear onset (σsh) and stress for 
cavitation onset (σcav) decrease with elevating temperatures. However, σsh is more sensitive to the 
temperatures than σcav promoting the crystal shear occurs faster in higher temperatures. When 
σcav<σsh the homogeneous cavitation transforms to localized cavitation. Then, with elevating 
temperatures, local stress becomes smaller than σcav and the cavitation disappears in this 
condition.  

Martensitic transformation also appears around yield which involves the transformation from 
orthorhombic to monoclinic crystal. It also participates to the plastic mechanisms likely in 
competition with the cavitation and crystal shear. This will be discussed in the next sections.  
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V.3 Martensitic transformation of polyethylene 

Monoclinic phase is only stable under stress at low temperatures.  In the previous studies, it was 
pointed out the martensitic transformation appears faster in HDPE than in LDPE [90,93,100]. 
However, the precise correlation between martensitic transformation and microstructures still 
need more evidences. 

 
Figure 5.1. Evolution of the WAXS patterns along the tensile for the PE D isotherm in draw 

temperature 50 °C. Draw is in the vertical direction. 

The technique in-situ WAXS can trace the scattering variation of crystal plane of semicrystalline 
polymers during tensile deformation. Figure 5.1 shows the evolution of the scattering patterns of 
PE D isotherm at draw temperature 50 °C. The initial sample is unoriented with two isotropic 
diffraction rings which could be indexed as (200) and (110) of orthorhombic crystal. With the 
increase of the tensile strain, the scattering rings gradually disappear [134,135]. Around yield 
point, new scatterings associating to the monoclinic phase appear.  
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Figure 5.2. Intensity profile in function of scattering angle of PE D isotherm at 50°C; (a) 

meridional scattering, (b) equatorial scattering. The scattering curves are presented in every 
nominal strain 0.02 from 0 to 0.4. (O=Orthorhombic, M=Monoclinic)[136]. 

The one dimensional intensity profiles in radial and median versus diffraction angle 2θ were 
obtained from the scattering patterns (see Figure 5.2). For the sample without deformation, the 
crystal phase of polyethylene presents an orthorhombic phase with three scattering peaks (see 

(a) (b) 
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Figure 5.2a). The crystal planes which diffract in 21.6° and 24° are planes O(110) and O(200). 
With increasing of deformation, PE undergoes elastic and plastic deformations which show 
different scatterings. In the elastic domain, intensity of O(110) decreases in equator and meridian 
whereas O(200) decreases in meridian but remains in the equatorial regions with increasing 
deformation. This is ascribed to the different orientation of lamella in the polar and equator 
regions of spherulites. The crystal in equator region is under stretch and the crystal size changes 
with deformation which can be verified by the shift of peak O(200). Additionally, the scattering 
halo intensity of amorphous phase increases in meridian but decreases in radial with increasing 
deformation indicating the orientation of the amorphous, which has been discussed in chapter IV. 
Beyond elastic deformation, the materials undergo a plastic deformation. Intensity of O(200) and 
O(110) decrease in equatorial and meridian of scattering patterns with increasing deformation due 
to the orientation of crystals. Additionally, the orthorhombic lattice can turn into monoclinic 
lattice which is only stable under stress [90,93,100]. New diffraction planes associated to the 
monoclinic phase appear: M(001) plane at 19.8 °, M(200) plane at 23.3 ° and M(-201) at 25.1 ° 
(see Figure 5.2 and Figure 5.3). 

 
Figure 5.3. Schematic of WAXS patters of undeformed and deformed polyethylene. 

(O=Orthorhombic, M=Monoclinic, tensile direction: vertical) 

 

3.1 Martensitic transformation onset  

The martensitic transformation onset is observed by WAXS with the appearance of new 
diffraction peaks corresponding to the monoclinic planes (001) at 19.8°, (200) at 23.3°, and (-201) 
at 25.1° (see Figure 5.2 and Figure 5.3). Figure 5.4 shows diffraction plane M(001) of the 
monoclinic unit cell in lamella located at the equator and polar regions of spherulites. The 
crystallographic c-axis in the monoclinic unit cell is the growth direction of lamellae [137]. The 
monoclinic plane (001) located in the equatorial region of spherulites diffracts in the horizontal 
areas of scattering pattern, whereas the plane (001) located in the polar region diffract vertically in 
the pattern. The horizontal and vertical diffraction pattern areas are respectively called zone H and 
zone V (see Figure 5.4).  
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Figure 5.4. Diffraction plane (001) of the monoclinic unit cell in lamella located at the equatorial 

and polar region of spherulite. 
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Figure 5.5. (a)Diffraction pattern of PE D isotherm: initiation of the monoclinic phase in the radial 

scattering. (b) Intensity of pick IM001 in function of azimuthal angle. Draw is in the vertical 
direction at 50 °C. (M=Monoclinic) 

Figure 5.5a shows the first WAXS patterns with monoclinic phase scattering. PE D isotherm is as 
an example here. M(001) scattering appears only in zone V, suggesting that the martensitic 
transformation occurs initially in lamellae located in polar region.  

The scattering of M(001) mainly located in the section areas marked in Figure 5.5a. From 
intensity of M(001) in azimuthal angle (see Figure 5.5b), it is observed that M(001) scattering 
appears in a ± 30 ° section areas in zone V indicating that the lamellae within  ± 30 ° inclined 
respect to the tensile direction are subjected to the martensitic transformation (see Figure 5.5b). 

The strain of martensitic transformation onset εmartensitic is estimated by the appearance of M(001) 
scattering in zone V. Figure 5.6 shows εmartensitic in function of the crystallinity Xc and crystal 
thickness Lc. εmartensitic decreases with increasing Xc and Lc suggesting martensitic transformation 
is influenced by microstructures. With Xc below 0.7, εmartensitic strongly decreases while above 0.7 
εmartensitic remains constant. This suggests εmartensitic is not only dependent on the crystalline 
structure.  It should be mentioned that few samples can observe the martensitic transformation at 
100 °C owing the unstable of monoclinic phase in high temperature, thus the data of εmartensitic does 
not appear in Figure 5.6.  
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Figure 5.6. εmartensitic of polyethylene samples in function of crystallinity Xc and crystalline 

thickness Lc at different draw temperatures. 

The macroscopic stress of the martensitic transformation onset σmartensitic is also estimated. 
σmartensitic linearly increases with increasing Xc and Lc at different temperatures in Figure 5.7. 
σmartensitic is correlated to the local stress for the martensitic transformation onset. Indeed, some 
authors considered martensitic transformation as results of the crystal transverse slips or crystal 
twinning [70,96,99,138], which is correlated to the thickness of the crystallite.  
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Figure 5.7. σmartensitic in function of (a) Xc and (b) Lc at draw temperature 50 °C and 75 °C. 

In conclusion, the onset of martensitic transformation is strongly influenced by the 
microstructures and temperatures. The martensitic transformation occurs first in lamellae located 
at the polar region of the spherulites. εmartensitic decreases and σmartensitic increases with increasing Lc 
and Xc. Regarding the influence of temperatures, martensitic transformation occurs later above Tα 
and σmartensitic decreases with elevating temperatures. 

The monoclinic crystal is only stable under stress which depends on the local stress distribution 
and orientation of crystal. The orientation of crystal and local stress changes with deformations. 
Thus the scattering of monoclinic crystal also changes with deformation and this will be discussed 
in next subsection. 

3.2 Evolution of scattering intensity of monoclinic crystal 

The monoclinic phase in polyethylene is not stable and then returns to the orthorhombic phase 
during the relaxation of stress. The monoclinic phase content and orientation vary with 
deformations. Figure 5.9 shows the M(001) intensity of PE D isotherm in zone H and zone V at 
different draw temperatures. It can be noted that the first M(001) appears in zone H which 
confirms the initiation of martensitic transformation is in the polar region of spherulite. In zone V, 
IM(001) increases quickly to a maximum value and then monotonically reduces until disappearing. 
This could be due to the rotation of the crystal and orientation of the chains in tensile direction. 
Two possible rotations manner according to the direction of the chains (see Figure 5.8) could be 
proposed for the lamellae located in polar regions. With the orientation of the crystal lamella, the 
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scattering patterns of M(001) varies from an isotropic ring to finally two arc in zone V (see Figure 
5.3).  

 
Figure 5.8. Schematic of the rotation of crystal lamellae in polar. Tensile is in the vertical 

direction.  

In zone H, IM(001) monotonically increases indicating monoclinic crystal also appear in equatorial 
regions. IM(001) is more intense in zone V than that in zone H (see Figure 5.9) indicating the 
content of monoclinic phase is higher in polar region than that in equator region. On the other 
hand, the increase of IM(001) accompanied with the decreased of IO(200) scattered by crystal in 
equator region (see Figure 5.10) since the martensitic transformation involves the decreasing of 
orthorhombic crystal content. IO(200) decreases and IM(001) increases faster in higher temperatures. 
However, the IM(001) is lower in higher temperature. These results suggest the orthorhombic crystal 
can transform to monoclinic crystal fast but the content of monoclinic crystal is low in high 
temperatures.  
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Figure 5.9. M(001) intensity of PE D isotherm scattering in zone H and zone V at different draw 

temperature. 
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Figure 5.10. Nominated intensity of O(200) and M(001) scattered by the lamellae in equator of PE 

D isotherm in different temperature. 

3.3 Conclusion on martensitic transformation 

29BThe onset of martensitic transformation is strongly influenced by the microstructures. The strain 
of martensitic transformation onset decreases whereas the stress of martensitic transformation 
onset increases with increasing Lc and Xc. The martensitic transformation occurs first in lamellae 
located at the polar region of the spherulites and the content of monoclinic phase is higher in polar 
region than that in equator region. In higher temperature the orthorhombic crystal can transform to 
monoclinic crystal fast but the content is low. Due to the rotation of the crystal and orientation of 
the chains in tensile direction, the scattering intensity of monoclinic crystal located in polar region 
decreases whereas increases in equator region.  
30BExcept martensitic transformation and cavitation, crystal shear is another plastic mechanism 
observed around yield. We have studied the influences of microstructures and temperatures on the 
cavitation and martensitic transformation. Currently, we are interested in what influences of these 
parameters on the crystal shear onset are. The crystal shear onset in equatorial regions is detected 
by the in situ WAXS via the evolution of the distance of plane O(200). The strain and stress 
onsets are estimated and the influences parameters will be discussed in next section. 

V.4 Shearing at the scale of crystallite in PE 

During tensile test, lamellae in equator region of spherulite undergo stretching and the plane 
O(200) scattering in meridian of the patterns (see sketch in Figure 5.11). The distance of these 
planes (d200) linearly increase with increasing deformation in elastic domain (see Figure 5.11). At 
the end of the linear increase, d200 reach a maximum value. After that, d200 reaches to a plateau 
which retains almost a constant with very little variations. This is ascribed to the crystal shearing 
occurs at the end of line. Actually, the local stress does not change when crystal start to shearing. 
The constant stress added between the plane O(200) making the d200 as a constant. The end of 
linear increase of d200 is considered as the crystal shear onset. The corresponded macroscopic 
strain is called strain of crystal shear onset (εcs). Similar evolution of d200 can be observed in 
different temperatures. At higher temperature, d200 is higher due to thermal expansion and also 
processes bigger variation.   
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Figure 5.11. Evolution of distance of plane O(200) in equator of PE D isotherm at different draw 

temperature. 

 

εcs is smaller than yield strain (see Figure 5.12), which means the crystal shear in equator region is 
before the yield. Yield is considered to be the crystal shears in whole of the spherulites. Thus the 
onset of crystal shear is before yield which is observed by the faster occurrence of crystal shear in 
equatorial regions. However, the first crystal shear may happen in other regions. So that the first 
onset strain of crystal shear is smaller than or equal to εcs. Furthermore, εcs decreases with 
increasing temperatures, which is due to the activation energy of crystal shear decreases with 
increasing temperatures, especially above the α transition temperature the activation energy 
strongly decreases with increasing temperatures.   
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Figure 5.12. εyield in function of εcs at different temperatures. 

The corresponded macroscopic stress 𝜎𝑐𝑠 is estimated at εcs. Figure 5.13 shows the 𝜎𝑐𝑠 and εcs in 
function of Xc at different temperatures. 𝜎𝑐𝑠 increases with increasing Xc similarly to yield stress, 
owing to the increase of crystallite thickness and the activation energy of the dislocation 
nucleation [86]. Additionally, 𝜎𝑐𝑠  decreases with increasing temperatures. Particularly, when 
temperature is above Tα, 𝜎𝑐𝑠 strongly decreases where 𝜎𝑐𝑠 decreases 50 % at 100 oC compared to 
the value at 75 oC.  

On the other hand, at a given temperature, εcs almost remains in a constant with a deviation ± 0.01, 
indicating the crystal shear onset strain is independent on the crystal structure. This can be 
explained by the balance between modulus (slope) and σcs increase with increasing Xc. High σcs 
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contributes to the higher εcs whereas the modulus increasing reduces εcs. These phenomena lead to 
the little variation of εcs. Furthermore, εcs presents temperature dependent which slightly decreases 
with increasing temperatures. This is attributed to the temperature dependence of the materials 
stiffness which decreases with temperatures. 
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Figure 5.13. (a) 𝜎𝑐𝑠 and (b) εcs in function of Xc at different temperatures 

Martensitic transformation firstly occurs in polar region thus the εmartensitic represent the plastic 
strain in polar region where εcs represent plastic strain in equator region. It is supposed that the 
lamellae in polar and equatorial regions are well oriented and the lamellae are under stretching. 
Comparison of εmartensitic and εcs could give an indication to the local stress distribution in equator 
and polar regions.  

It is supposed that the difference for the crystal shear in equator region and martensitic 
transformation in polar region is representative of the difference between local stresses in the 
equator and polar regions and also supposed that crystal shear and martensitic transformation have 
the same dependence on Lc. The ratio εmartensitic/εcs is in function of Lc (see Figure 5.14). If the ratio 
is higher than 1, more local stresses in the equator region is. On the contrary, the ratio is lower 
than 1, more local stresses present in the polar region.  
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Figure 5.14. εmartensitic/εcs in function of Lc at different temperatures. 

In conclusion, the strain (εcs) and stress (σcs) of crystal shear onset in equator region are estimated. 
εcs is independent on crystallinity whereas σcs increases with increasing crystallinity.  But εcs and 
σcs both are deduced with elevating temperatures which is due to the activation energy of crystal 
shear decreases with increasing temperatures. εcs is smaller than yield strain, which means the 
crystal shear in equator region is before the yield. 
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Until now, we have studied the influences of microstructures and temperatures on cavitation onset, 
martensitic transformation onset and crystal shear onset and also the yield. Completion relation 
between crystal shear and cavitation has been observed in section V.2. But the relations between 
martensitic transformation and these two plastic mechanisms are not clear yet. The strains of these 
plastic mechanisms onsets will be compared to understand the relations these plastic mechanisms 
in next section. 

V.5 Competitions of plastic mechanisms onsets 

In above studies, the strains of cavitation onset, martensitic transformation onset and crystal shear 
onset and also yield strain have been estimated. Here we can compare these strains to real the 
relation of these plastic mechanisms and also to determine which one is the first plastic 
mechanism.  

Figure 5.15 shows εmartensitic in function of yield strain εyield of PE samples in different draw 
temperatures. At 50 °C and 25 °C, εmartensitic occurs before yield point. But at 75 °C, some samples 
present martensitic transformation after yield. This means at low temperature the plastic 
deformation has been activated before yield. Furthermore, εmartensitic increases with elevating draw 
temperature. This is ascribed to the monoclinic phase is unstable at higher temperature. The same 
comparison between the strain onset of cavitation (εcavitation) and yield strain has been presented in 
Figure 5 of subsection V.2. With increasing draw temperature, the number of samples exhibiting 
cavitation gradually decreases, and among the cavitating samples fewer and fewer exhibit 
homogeneous cavitation prior to yield.  

It should be mentioned that the yield is regarded as macroscopic crystal flow which is a 
consequence of crystal shear. From Figure 5.12, we knew that the difference between yield strain 
and crystal shear strain of equator lamella is very small (about ± 0.02). On the other hand, yield 
involves crystal shear in different regions of spherulite, not only in the equatorial region. Yield 
strain is not far away from the strain of crystal shear onset.  
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Figure 5.15. Onset strain of martensitic transformation (εmartensitic) versus against yield strain for 

different temperature 

As been observed, yield, cavitation and martensitic transformation are well related to the 
crystallite thickness (Lc) (Figure 5.6 and Figure 4 in article III). Indeed, the crystal shear, 
martensitic transformation are related to the dislocation or twinning of crystal which is proved to 
be correlated to Lc. The cavitation is mainly depended on the local stress which is controlled by 
the crystallinity and also Lc.  
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Figure 5.16 shows the strain onset of cavitation (εcavitation), yield and martensitic transformation 
(εmartensitic) in function of Lc at different temperatures. εmartensitic and εcavitation decrease while εyield 
almost remains a constant with increasing Lc. εyield, εmartensitic and εcavitation curves divide the figure 
into different regions representing different plastic mechanisms. At 25 °C, 4 regions are observed. 
Martensitic transformation (MT) is the first plastic mechanism in Lc range 8 – 28 nm. When 
increase deformation, cavitations (Ca) present for Lc above 15.5 nm (MT +Ca). Then yield (Y) 
occurs in these samples accompanied with MT and Ca (MT+Y+Ca). Below 12 nm, no cavitation 
appears while crystal shear is observed after MT (MT+Y).  

The intersection for the martensitic transformation and yield curves can be estimated. The 
corresponded Lc is called the critical crystallite thickness for the martensitic transformation and 
yield (Lcc

MT-Y). This value gives the frontier: the yield occurs first below Lcc
MT-Y where 

martensitic transformation is in the first above Lcc
MT-Y. Similarly, critical crystallite thickness for 

cavitation and yield (Lcc
Y-Ca) can be estimated. Additionally, we had obtained that the critical 

thickness for the cavitation initiation Lcc
ca in different temperatures (see Figure 11 in article III). 

Then first plastic mechanism can be determined by these critical thicknesses. However, the 
intersection of MT and Ca can not be observed due to the limited range of Lc.  

Regarding to the temperature effect, Lcc
MT-CS and Lcc

CS-Ca increase with increasing temperatures. 
This is ascribed to the increase of the onset strain of cavitation and martensitic transformation 
with elevating temperature.  
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Figure 5.16. The strain onset of cavitation, yield and martensitic transformation in function of 

crystallite thickness. (a) 25 °C; (b) 50 °C; (c) 75 °C. 

As we discussed in subsection V.4, the crystal shear in equatorial region is observed before yield, 
thus the first crystal shear occurs before the yield. The first crystal shear also may appear in other 
regions, thus it can conclude that the first crystal shear occur at or before crystal shear in 
equatorial regions. The strain of crystal shear onset in equatorial regions (εcs) is closer to the first 
crystal shear strain than yield strain. εcs also remains a constant with increasing Lc similarly to the 
yield strain. Similarly, by replacing yield strain with εcs, critical crystallite thickness for the 
martensitic transformation and crystal shear (Lcc

MT-CS) and critical crystallite thickness for 
cavitation and crystal shear (Lcc

CS-Ca) can be estimated. 

A map involves the plastic mechanisms sequence (see Figure 5.17) can be obtained with these 
critical Lc. As shown in the Figure 5.17a, samples undergo different plastic mechanisms: In region 
(1), yield occurs before martensitic transformation and no cavitation appears in the samples; In 
region (2), martensitic transformation is before yield and also no cavitation appears in the 
samples; In region (3), Martensitic transformation is in the first place, then yield occurs and 
finally cavitation forms; In region (4) Martensitic transformation still is the first but yield occurs 
after cavitation. It should be mentioned that Lcc

Y-Ca value at 100 °C is obtained by the propagation 
of the curves of yield and cavitation due to the limit of samples. Similarly regions present in 
Figure 5.17b except the macroscopic yield replaced by microscopic crystal shear.   

The plastic mechanisms can be clearly distinguished. The plastic mechanism strongly depends on 
temperatures. For example, for the sample process Lc 15 nm, the sample undergoes the third type 
of plastic mechanism located in region (3) (see Figure 5.17b) at low temperature. In this 
condition, the martensitic transformation occurs first and the caivation appears in the sample. 
With elevating temperature, cavitation disappears in sample which undergoes the second type of 
plastic mechanism located in region (2). At high temperature, the sample undergoes the first type 
of plastic mechanism located in region (1) in Figure 5.17b. In this condition, crystal shear will 
occur before martensitic transformation. On the other hand, the plastic mechanism depends on the 
Lc. For example, at 50 °C, samples with increasing Lc will pass 4 types of plastic mechanism as 
shown in Figure 5.17b. Finally, one can conclude that the undergoing plastic mechanisms during 
tensile deformation are affected by the crystallite thickness and temperatures. 
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Figure 5.17. Plastic mechanisms in function of crystallite thickness and temperature. (a) cavitation, 
yield and martensitic transformation; (b) cavitation, crystal shear and martensitic transformation. 

CS=crystal shear; Y=yield; MT= martensitic transformation; Ca=cavitation. 

In conclusion, competition relations are observed between crystal shear, cavitation, and 
martensitic transformation. These plastic mechanisms strongly depend on temperatures and 
crystallite thickness. A map in function of temperatures and Lc is obtained. 4 types of plastic 
mechanisms are distinguished in this map. 

V.6 Conclusion 

The crystal shear in equatorial regions of spherulite was studied by in situ WAXS. The strain of 
crystal shear onset in equator region (εcs) was evaluated by the variation of the distance between 
plane O(200). εcs is smaller than yield strain (εyield) suggesting the crystal shear in equator region 
occur before the yield. εcs remains a constant with increasing crystallinity but decreases with 
elevating temperatures. 
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The strain of cavitation onset (εcavitation) was estimated by in situ SAXS. Different behaviors were 
observed: (1) Homogeneous cavities, which cavities generate before yield. (2) Cavities are 
localized in the neck region after yield. (3) No cavities appear in the whole deformation process.  

Cavitation onset strongly depends on the microstructure and draw temperature. Among the 
parameters of the microstructure, the crystal thickness Lc and the content of stress transmitters 
[ST] are the most important, where the stress for the crystal shear is mainly determined by Lc and 
the stress for cavities onset is controlled by [ST]. A critical crystallite thickness Lcc

CS-Ca for the 
competition between crystal shear and cavitation onset is determined. Beyond Lcc

CS-Ca, the 
cavitation occurs first whereas below Lcc

CS-Ca, the shear of the crystal occurs before cavitation. 
With increasing temperature, Lcc

CS-Ca increases. A model has been proposed based on the 
competition of crystal shear and cavitation. The stresses for crystal shear (σsh) and cavitation onset 
(σcav) is related to the Lc and temperatures. σsh and σcav are compared to predict the cavitation 
onset in PE. The cavitation gradually disappears with elevating temperatures. The crystal shear 
stress (σsh) and stress for cavitation onset (σcav) decreases with elevating temperatures. However, 
σsh is more sensitive to the temperatures than σcav. 

The strain onset (εmartensitic) and stress onset (σmartensitic) of martensitic transformation were 
estimated by in situ WAXS. The onset of martensitic transformation is strongly influenced by the 
microstructures. The martensitic transformation occurs first in lamellae located at the polar region 
of the spherulites. εmartensitic decreases with increasing Xc and Lc. εmartensitic is smaller than εyield 
suggesting the plastic deformation has been activated before yield.  

εmartensitic, εcavitation and εyield were compared to reveal the first plastic mechanism onset during 
tensile deformation. A map involves the first plastic mechanisms were obtained. The plastic 
mechanism strongly depends on temperature and crystallite thickness. Samples with different 
microstructures undergo four different plastic mechanisms at different draw temperatures: (1) 
crystal shear occurs before martensitic transformation and no cavitation appears in the samples; 
(2) martensitic transformation is before crystal shear and also no cavitation appears in the 
samples; (3) martensitic transformation is in the first place, then crystal shear occurs and finally 
cavitation forms; (4) martensitic transformation still in the first but crystal shear occurs after 
cavitation.  

With increasing of Lc, the martensitic transformation becomes the first plastic mechanism. This is 
ascribed to the lamellae are well connected in polar regions of high crystallinity samples (see 
Figure 5.18), permitting the stress transformation through polar lamellae in spherulites. The stress 
transform in polar lamellae could prevent the occurrence of the crystal shear. However, at high 
temperature, the connection of polar lamellae is weak due to the movement of chain in crytal, few 
stress transforming in polar lamellae of spherulites. This increases the local stress in other regions 
promoting the crystal shear. 

 
Figure 5.18. Schematic of spherulites of high ccrystallinity and low crystallinity 
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General conclusion and perspective 

General conclusion 
In this work, we investigated the impact of microstructure and temperature on the micro-
mechanism of elastic and plastic deformation of PE and PP during tensile test. To achieve the 
goal, a series of samples with wide range of microstructure were prepared. Four PEs with similar 
molecular weight (Mw) but different comonomer concentration and 3 PPs with different isotactic 
index were used. Three thermal treatments were performed to get samples with various levels of 
crystallinity and crystal thickness. 
The microstructures of the semicrystalline PE and PP were characterized by different techniques. 
In situ WAXS and SAXS in different temperatures were performed to investigating the variation 
of microstructures during the tensile test which permit to follow up the micro-mechanisms of 
deformation and also the influence of temperature. 
With this strategy, we were able to answer a number of questions pointed out at the end of the 
Chapter 1. 
 31BMicro/macro strain correlations 

32BLocal strain 𝜀𝑙𝑜𝑐𝑎𝑙 in elastic domain is estimated by the variation of the long period Lp in 
equator and polar regions of spherulites of PE and PP. 𝜀𝑙𝑜𝑐𝑎𝑙  linearly increases with 
increasing macroscopic strains in elastic domain. The ratio 𝜀𝑙𝑜𝑐𝑎𝑙/𝜀𝑚𝑎𝑐𝑟𝑜 is fairly constant 
which is only dependent on temperatures. This ratio was used in a mechanical modelling as a 
transition factor from mesoscopic to macroscopic scale.  
33BIn equator, local interlamellar amorphous phase strain 𝜀𝑎 also exhibits a linear dependence on 
macro in elastic domain. The ratio 𝜀𝑎/𝜀𝑚𝑎𝑐𝑟𝑜 is in a linear function of crystallinity at a given 
temperature. Furthermore, 𝜀𝑎/𝜀𝑚𝑎𝑐𝑟𝑜 increases with decreasing density of stress transmitters.  

 34BIntrinsic properties of interlamellar amorphous phase 

35BThe apparent modulus of the amorphous phase, Ma, was estimated by measuring both the 
local stress and the local strain in equatorial regions of the spherulites. The Ma values proved 
to be surprisingly high with regard to the bulk modulus of amorphous PE: indeed, Ma  250–
500 MPa at RT as compared with Ea = 3–10 MPa reported for the Young’s modulus of bulk 
molten PE. Such high Ma values may be attributed to two major factors : Firstly, the 
structural confinement of the amorphous phase between large and stiff crystalline 
lamellae; Secondly, the density of stress transmitters that is much greater than in the 
molten material due to the presence of intercrystalline tie chains  and a higher 
concentration of crystallization - segregated chain entanglements. 
36BMa strongly decreased with increasing crystallinity. This phenomenon was attributed to the 
concomitant decrease of the density of stress-transmitters in the amorphous phase due to the 
mechanism of crystallization. Furthermore, Ma decreased with increasing Td due to the 
activation of chain mobility in the crystalline phase which promote the relaxation of the 
amorphous chains and reduce the amorphous phase stiffness. 

 37BLocal stress distribution in spherulites 

38BThe 𝜎local /𝜎macro ratio in equatorial region is a function of Xc. 𝜎local /𝜎macro ranges from 2.5 to 
1.7 and decreases with increasing crystallinity. This means the local loading in equatorial 
regions decreases with increasing Xc suggesting that other regions of the spherulites are 
sharing an increasing part of the applied load. 
39BRegarding the effect of the deformation temperature, the local strain in the amorphous phase 
of the equatorial regions became closer to the predicted value of the series coupling for any 
sample which is an indication of increasing stress homogeneity. With the increasing of 
temperature, 𝜎local /𝜎macro close to 1. This can be intuitively attributed to the activation of chain 
mobility in the crystalline phase that enabled the relaxation of the more strained amorphous 
chains, the crystalline relaxation being all the more efficient as temperature increases. 

 40BPlastic deformation mechanism 
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41BIn the plastic domain, cavitation, martensitic transformation and crystal shear were observed 
by in situ SAXS and WAXS. The strain onsets of these plastic mechanisms were shown to be 
strongly dependent on crystallite thickness and temperature. Compared with these strains, 
competition relations between these plastic mechanisms were observed and the first plastic 
mechanism was found.  
42BThanks to the in-situ SAXS, the occurrence of cavitation was studied at different draw 
temperatures. Different behaviors were observed: (1) Homogeneous cavities, which cavities 
generate everywhere at the same time before yield. (2) Cavities are localized in the neck 
region beyond the yield point. (3) No cavities appear in the whole deformation process. A 
comparison between the strain onset of cavitation and the yield strain clearly showed the 
competition between these two phenomena. The crystal thickness proved to be a major 
structural factor of the competition. Moreover, it was clearly shown that the occurrence of 
homogeneous cavitation prior to yielding promotes the occurrence of yield as evidenced by 
the yield stress depression. The nucleation of cavities strongly depends on the draw 
temperature. The main influence of an increase of Td was to either promote localized 
cavitation after yielding for samples that displayed homogeneous cavitation at RT, or to 
inhibit cavitation in the case of localized cavitation at RT. With increasing temperature, 
cavitation gradually disappears. 
43BThe onset of martensitic transformation, cavitation and yield were compared in relation to 
microstructure and temperature in order to establish a mapping of the “plastic processes 
initiation”. This map enables describing the chronology of occurrence of the 3 different 
plastic processes.  

 44BInfluences of temperatures  

45BTemperatures strongly influence the mechanical properties of semicrystalline polymers. The 
elastic modulus PE decreases with elevating temperatures, especially above α transition 
temperature the elastic modulus dramatically decreases which is ascribed to the activation of 
chain mobility in crystal below melting temperature. This also promotes the relaxation of 
amorphous phase relaxations which makes the deducing of apparent modulus of interlamellar 
amorphous phase at high temperatures. Temperature is a major factor determining the 
movement of crystal chains that strongly modifies the plastic processes.  

 46BComparison of PE and PP 

47BDue to the difference of molecular natures, the mechanical properties are different at a given 
temperature such as the elastic modulus and yield stress. However, some mechanical 
behaviors are similar for PE and PP. Similar local deformation behavior is observed in elastic 
domain which the ratio between local strain and macro strain is a constant for both PE and 
PP. The plastic deformations of PE and PP are influenced by the crystalline structure and also 
the stress transmitter content.    

 

Perspective 
Firstly, we have successfully determined the local stress in equatorial regions, but we do this in 
polar regions. However, this could be possible via the variation of the O(020) reflexion in the 
meridian direction by further in-situ WAXS since it refers to the growth face of the crystalline 
lamellae. The (020) reflexion was unfortunately out of our recorded patterns, so that the new 
WAXS experiments are necessary in view of confirming our indirect conclusion regarding the 
stress distribution through the spherulites and its dependence on temperature and microstructure.  
Secondly, we have got a large collection of data that allow us to analyse the yielding in the frame 
work of the dislocation model. The dependence on temperature of this model has never been 
checked. We could also check how this model applies in case of competition of cavitation and 
martensitic transformation with crystal shear.     
Thirdly, we have shown that PE and PP has similar micro/macro correlation in the elastic strain 
range. But other mechanisms for example, crystal shear and local stress distribution in PP still 
retain unclear.  
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WAXS and SAXS at large strains have given us worthy information on the mechanism of fibrillar 
transformation. Work is still need to be done for analysing these data. We expect to be able to 
progress in the understanding of the so called melting-recrystallization process. 
From a mechanical point of view, we could consider to model the mechanical behavior of PE 
using different microstructural and molecular parameters. Indeed, we demonstrated the influence 
of each parameter and temperature on the various micro-mechanisms of deformation. It would be 
possible to incorporate them into a mechanical model. However, this task is still very difficult 
because of the number of scales involved and the large number of parameters to be included.  
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Context 

A large number of papers concerning yield of semicrystalline polymers have been published. 
However, it is still not fully understand the mechanisms involved. Yield is considered as a 
collapse of the crystal lamellae structure, which is generally associated to the nucleation and 
motion of screw dislocation in the crystal lamella. Yield stress is in function of the crystallite 
thickness and draw temperatures. The analysis of the yielding in the frame work of the dislocation 
model has been studied but the dependence on temperature of this model has never been checked. 
In this work, yield stresses at high temperatures have been collected but checking the temperature 
dependence of this model needs more works and will be the part of future work. 

The deformation in large strain of semicrystalline polymers proceeds via a necking. At a 
microscopic level, this phenomenon involves the orientation of lamellar microstructure known as 
fibrillar transformation.  

This transformation process involves the fragmentation and rearrangement of the initial lamellae 
into blocks. The fragmentation of lamellae is influenced by the initial structures via the local 
stress distribution in the lamellae. However, the precise effects of initial structure on the micro-
fibrils structure are not clear. On the other hand, long period of the micro-fibrils (Lpf) decreases 
compared to the initial period structure indicating the new lamellar structure formed. Lpf presents 
to be independent to the initial structure but only dependent on temperatures. This phenomenon 
can not be explained by the ‘fragmentation-rearrangement’ mechanism. Based on the evolution of 
long period, the mechanism of ‘melt-recrystallization’ was proposed in the previous studies, 
however, no direct evidence to support this mechanism.  

In this work, the influence of molecular topology and microstructure on the fibrillar 
transformation induced by draw of semicrystalline polyethylene with various co-unit 
concentrations was studied by in situ SAXS at different draw temperatures. The diameter of 
micro-fibrils (Df) shows a good correlation to the initial microstructures via a correlation to the 
interphase content, the stress transmitters density and crystallite thickness. This provides an 
evidence of fibrillar transformation mechanism ‘fragmentation-rearrangement’. Furthermore, the 
crystallinity changes after fibrillar transformation. The long period decreases with increasing 
temperatures which provides an indirect evidence of ‘melt-recrystallization’ mechanism. A large 
of data have been collected, however, more works need to be done to understanding the 
deformation mechanisms at large strain. 

The isotactic polypropylene also studied with the same method to compare the fibrillar 
transformation between semicrystalline polymers of different natures but with similar 
microstructures.  
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1 Yield behavior 

Yield behavior of semicrystalline polymers has been widely studied during last forty years. Until 
recently, it is still not fully understand and improvements could be made to clarify the 
mechanisms involved [81,139,140,141]. According to the previous studies, the yield is generally 
associated to the nucleation and motion of screw dislocation in the crystal lamella and the yield 
stress is in function of the crystallite thickness and draw temperatures [136,141]. The tie 
molecules also play an important role on the yield stress [142]. Yield behavior should be affected 
by the crystal structure, temperatures and also stress transmitters, however, few models consider 
the parameters of temperatures and stress transmitters.  

1.1 Influence of morphology 

The yield stress is strongly affected by the morphology. The yield stress (σy) is in function of the 
crystallinity (Xc) according to the previous investigations [87,143], and this can be observed in 
our experiment results at different temperatures (see Figure 1.1). A good correlation is shown but 
no physical explanation is brought for this phenomenological approach. Regarding the influence 
of temperature, σy decreases with elevating temperatures. Particularly, little difference of σy is 
observed between 25 oC and 50 oC but σy decreases a lot above 75 oC. The slope of σy is smaller at 
100 oC than at 50 oC. This could be due to the α transition above 50 oC which promotes the 
mobility of chains in crystal. 
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Figure 1.1. Yield stress of PE at different temperatures in function of crystallinity. Strain 

rate=6.4x10-4 s-1.  

In chapter 1 we mentioned that yielding in polymers is controlled by the nucleation of screw 
dislocations. Base on dislocation theory,  σy is given by the expressions[87,140]: 

𝜎𝑦 =
𝐾

2𝜋
α(T)exp⁡[−(

2𝜋∆𝐺𝑎

𝑙𝐾𝑏2
+ 1)] (1) 

with α(T) = b

r0
exp⁡(

2𝜋∆𝐸0

𝑙𝐾𝑏2
) 

where ∆𝐺𝑎 Gibbs free energy for nucleation of dislocation, b magnitude of the Burgers vector, K 
crystalline shear modulus, T temperature, l stem length, r0 core radius of dislocation and E0 is the 
core energy. 

Equation (1) can be rewritten in the form: 

ln(𝜎𝑦) = [ln (
𝐾

2𝜋
) α(T) − 1] − (

2𝜋∆𝐺𝑎

𝑙𝑏2
)  (2) 

It should be mentioned that this method assumed the yield stress can be determined from the 
energy required to nucleate screw dislocations within the crystalline lamellae, the direction of the 
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Burgers vector for this dislocation being parallel to the chain axis and the stem length l equals to 
the thickness of lamella Lc. 
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Figure 1.2. ln(σy) of PE in function of 1/Lc at different temperatures. Strain rate=6.4x10-4 s-1.  

ln(σy) and 1/Lc present a linear relation as expected in Equation 2 (see Figure 1.2). However, the 
quenched samples and the annealed samples are not in the same line indicating there should be 
other structure parameters affect the yield stress. Stress transmitters play an important role on the 
local shear of the crystal which promotes the yield of samples. Consequently the initiation of the 
crystallite shearing should be described by a function of Lc and [ST]. A model borrowed from 
Humbert [139] is employed to take into account of parameters [ST]. In this model, σy is written 
as:   

𝜎𝑦 = 𝑘 × (
𝜎𝑐

𝜎𝑐0
) × (

[𝑆𝑇]

[𝑆𝑇]0
)0,6 (3) 

𝜎𝑐

𝜎𝑐0
 is obtained from Equation 1: 

𝜎𝑐

𝜎𝑐0
∝ exp⁡[−𝐶1 (

1

𝐿𝑐
−

1

𝐿𝑐0
)] (4) 

with 𝐶1 =
2𝜋(∆𝐺𝑎−𝐸0)

𝐾𝑏2
 

Lc0 and [ST]0 are the minimal values of Lc and [ST] of the samples. 𝜎𝑐0  is calculated using 
Equation 1 and substituting Lc with Lc0. In this model, C1 equals to 2.3×10-8 taking K = 2630 MPa, 
k = 1.38×10-8 J/K, ∆𝐺𝑎= 60kT, b = 1.27 𝐴̇ and E0 = 0.93×10-9  [139]. 

A good correlation can be observed between σy and ( 𝜎𝑐
𝜎𝑐0
) × (

[𝑆𝑇]

[𝑆𝑇]0
)0,6  in different drawing 

temperature (see Figure 1.3) indicating that yield stress is influenced by crystallite thickness and 
stress transmitters.  
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1.2 Influence of temperature 

Temperature is an important factor for the plastic deformation of semicrystalline polymers. For all 
the samples, irrespective the thermal treatments methods, σy decreases with elevating 
temperatures (see Figure 1.1, 1.2 and 1.3).  

Figure 1.4 shows the stress/strain curves of quenched PE A and PP C in different draw 
temperatures. Here, just quenched PE A and PP C are studied for examples. With elevating 
drawing temperature, the yield stresses of polyethylene and polypropylene are decreased and also 
the yield strain moves to small values.  
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Figure 1.4. The stress-strain curves of (a) quenched PE A and (b) quenched PP C in different 

temperature. Strain rate=1.4x10-4 s-1. 

Yielding is generally considered to be an activated energy rate phenomenon. In the Eyring view of 
thermally activated processes, an energy barrier E must be overcome for the motion to proceed. 
According to Eyring model, the yield stress can be expressed as [88]: 

𝜎𝑦 =
𝐸

𝑉
+

𝑅𝑇

𝑉
ln⁡(

𝜀̇

𝜀̇0
) (5) 

where 𝜎𝑦 is the yield stress, E is the activation energy, V is the activation volume, and 𝜀̇ is the 
strain rate. 

Figure 1.5 shows 𝜎𝑦 of quenched PP C and PE A as a function of drawing temperature with a 
strain rate 1.4x10-4 s-1. At a given strain rate, 𝜎𝑦 is linearly correlated to the drawing temperature. 
Regarding the differences of polymers, yield stresses of PE and PP present different dependence 
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of temperatures. PP processes higher activation energy and lower activation volume than those of 
PE.  
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Figure 1.5. σy in function of drawing temperature for quenched PP C and PE A. 

1.3 Conclusion for yield behavior 

Yield behavior is proved to be affected by the crystallite thickness, stress transmitter density and 
also temperatures. A model borrowed from precious work which takes into account of stress 
transmitter density works well at different temperatures. However, the influence of temperature is 
not checked in this model and this will be one of the future works.  

The yield stresses of PE and PP are strongly depending on temperatures which decrease with 
increasing temperatures but PP processes higher activation energy and lower activation volume 
than those of PE calculated from Eyring model.  

 

2 Fibrillar transformation behavior of polyethylene 

Article IV ‘Impact of molecular topology and initial microstructure on the fibrillar 

transformation of polyethylene during uniaxial stretch at elevating temperature: in situ 

SAXS experiment.’ 

 

Abstract 

The influence of molecular topology and microstructure on the fibrillar transformation induced by 
draw of semicrystalline polyethylenes with various co-unit concentrations was studied by in situ 
SAXS at different draw temperatures. The long period of micro-fibrils (Lpf) proved to be 
dependent not only on the draw temperature but also slightly on the thermal treatment. Lpf was 
smaller than initial Lp which could be explained by melt and recrystallization mechanisms. Both 
Lpf and micro-fibrils diameter (Df) decreased with increasing co-unit concentrations suggesting 
the micro-fibrils was affected by the molecular topology. Df depended on the initial 
microstructure via a correlation to the interphase content, the stress transmitters density and 
crystallite thickness. This provides an evidence of fibrillar transformation mechanism 
‘fragmentation-rearrangement’. On the other hand, Df also presented temperature dependency 
which increases with increasing draw temperature. The long period decreases with increasing 
temperatures which provides an indirect evidence of ‘melt-recrystallization’ mechanism.  
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Introduction 

The deformation at large strains of semicrystalline polymers often involves spherulite structure of 
polymers converts into an oriented fibrous structure known as fibrillar transformation 
[71,117,118,119,120,121]. The long period of the micro-fibrils Lpf is very different to the long 
period of original isotropic crystalline lamellae stacks Lp. The axial long period of the drawn 
micro-fibrils could be 30% larger or 50% smaller than the original long period when drawn the PE 
quenched film [144]. The long period after deformation seems to be independent in the starting 
material but in function of drawing temperature. The long period increases with the drawing 
temperature in a way similar to its dependence on crystallization from melt or from solution, i.e. 
the higher the drawing temperature the longer the long period [121,145]. The original long period 
of the materials should be destructed and then reconstructed after the fibrillar transformation. For 
this reason, many authors concluded that fibrillar transformation is accompanied with a strain-
induced melting-recrystallization process [92,118]. This process may results from the plastic work 
which is eventually sufficient to partial or completely melt under negative pressure of the tensile 
stress.[71] 

The crystal blocks within the micro-fibrils of the deformed PE mats were observed under TEM 
and SAXS that the dimension of the crystalline blocks in the stretching direction are close to the 
thickness of the initial crystals [117,120,122]. Based on these reports, the fibrillar transformation 
process were described as the fragmentation of the lamellar crystals into blocks that rearrange into 
the micro-fibrils via chain unfolding from the fracture surface of the crystal blocks. Several 
description models at the molecular scale had been proposed for the mechanism of lamella 
fragmentation. The mosic block structure of the crystalline lamellae of PE plays a role in the 
initiation of lamellae fragmentation due to the presence of defects that may promote localized slip 
[146,147]. The chain defects at the crystal surface also could accelerate the stress concentration in 
the lamella crystal surface [108,139]. The molecule structure, such as co-unit density and 
molecular weight distribution, and initial microstructure from the crystallization process are the 
two major impacts in the generation of crystalline defects[148].  

Many researchers studied on the influence of the initially topological structures including 
entanglement and tie molecule on the plastic deformation of polyethylene 
[71,149,150,151,152,153,154]. These initial microstructures affect the local stress distribution 
which should have an impact on the fragmentation of crystalline lamella. However, this seems 
contradict to the Lpf dependence on the drawing conditions only. Humbert et al [148] reported that 
the diameter of micro-fibrils was determined by the defects in interphase and the initial 
microstructure influence the morphology of micro-fibrils at room temperature. However, they did 
not considering the influence of temperatures. Therefore, one may wonder what are effects of 
molecular topology, initial microstructure at elevated temperatures on the strain-induced fibrillar 
transformation? 

To answer the above question, a series of polyethylene with wide distribution of topological 
microstructure were employed to the study. The microstructure of micro-fibrils were characterized 
and related to the initial microstructure for understanding the influence of the molecular topology 
and initial microstructure on the micro-fibrils transformation process at elevated temperatures.  

Experiment 

Materials 

Four polyethylenes consisted of different hexane concentrations [C6] were synthesized by mean 
of Philips chromium-oxide catalysis and supplied by Total-Petrochemicals. The molecular and 
physic characteristics of the 4 materials are given in Table 1. They differ from their molecule 
topology. 
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Table 1.Molecular and physical characteristics of materials 

Materials [C6] (mol%) Mn (kDa) Mw (kDa)  Tc
a (°C) 

PE A 1.8 14.3 231 114 
PE B 0.8 15.8 187 114 
PE C 0.1 15.4 216 124 
PE D 0.1 15.0 229 124 
aTc: crystallization temperature measured by DSC 

Sample preparation 

The pellets were compression-molded at 170 °C into 500 µm sheets between aluminum foils in a 
press and then quenched into water at room temperature. These samples were called ‘quenched’. 
To modify the microstructure, partial quenched samples were treated with anneal and isotherm. 
Samples labeled as ‘annealed’ are heated from quenched-state to the crystallization temperature 
Tc (see Table 1) and are held in this temperature for about 15 hours. The samples called 
‘isotherm’ are melted at 170 °C and then cooled in a thermostatic oil bath at a temperature Tc and 
held at this temperature for 15 hours. Samples were well sealed between aluminum plates tightly 
jointed with a silicone rubber gasket to prevent the oil pollution. 

Differential scanning calorimetry (DSC) 

The thermal analysis was conducted by an indium-calibrated perkin-Elmer DSC7 apparatus, using 
samples 5 to 7 mg. The crystallization temperature, Tc, and the melting temperature, Tm, were 
measured at the peak of the crystallization exotherm and the melting endotherm, respectively. The 
melting and cooling thermograms were recorded at a rate 10 °C/min, under nitrogen flow 25 
ml/min. 

The crystal weight fraction was computed from the equation: 

𝑋𝑐 =
∆𝐻𝑚

∆𝐻𝑚
0 (1) 

where∆𝐻𝑚 is the heat of fusion and ∆𝐻𝑚
0 is the heat fusion of a perfect crystal and equal to 290 

J/g[155].The standard deviation of the Xc data is about 1%.  

Tensile measurements 

The tensile test was performed at different temperature with a MTS machine. Dumbbell-shaped 
samples of 12 mm gauge length, 4 mm width and 0.5 mm thickness were tested with strain rate 
5×10-3 s-1 and nominal stress/strain curves were obtained. The high reproducibility of the data 
promises a standard deviation about 2%. 

SAXS measurement  

Small angle X-ray scattering experiments were performed on the BM2-D2AM beamline of the 
European Synchrotron Radiation Facility (ESRF, Grenoble France) using a wavelength λ=0.154 
nm. The 2D-SAXS patterns were recorded on a CCD camera (Ropper Scientific) which was set at 
1580 mm sample-detector distance.  

In-situ uniaxial tensile experiments were performed using a homemade mini tensile machine, 
which stretched the sample symmetrically. This ensured that the focused X-ray beam could 
illuminate the same sample position during deformation. Dumbbell-shaped samples with 
dimensions of 11 mm (gauche length), 4 mm (neck with), and 0.5 mm (thickness) were tested. 
The strain rate was chosen as 6.4×10-4 s-1 to make sure the strain < 0.1% during the 5s exposure 
time. The experiments were performed at 25 °C, 50°C, 75°C and 100 °C respectively for each 
sample.  
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The Lorentz-corrected intensity profiles of the isotropic samples Iq2 were obtained by azimuthal 
integration of 2D patterns. The long period of the lamellar stacking, Lp, was determined from the 
relation: 

𝐿𝑝 = 2𝜋/𝑞𝑚𝑎𝑥   (2) 

Where qmax is the scattering vector at the maximum of the correlation peak. The standard 
deviation of the Lp data does not exceed 1 nm.  

To calculate the long period of the fibrils, the intensity profiles along the meridian were obtained 
by projection of the 2D-patterns on the meridian according to Stribeck’s method[156], before 
applying the Lorentz correction factor. Then the long period was estimated by Equation 1. 

The crystal thickness, Lc, was computed from the following relation: 

𝐿𝑐 = 𝐿𝑝𝑋𝑐𝜌/𝜌𝑐  (3) 

Where 𝜌𝑐=1.00 g/cm3 is the density of the crystalline phase. 

For the computation of diameter of micro-fibrils, the scattering objects were supposed as the 
individual micro-fibrils embedded in a medium of lower electron density consisting of amorphous 
chains and cavities. The corresponding models consist of either elongated cylinders or discs, 
respectively. In both instance, the equatorial contribution of the scattering factor can be performed 
via the Guinier’s approximation leading to an estimation of the equatorial size of the scattering 
element [148,157,158]. In the case of a scattering cylinder, the Guinier’s approximation function 
is [158]: 

𝐼(𝑞) = 𝐼0exp⁡(−
𝑞2𝐷𝑓

2

4
) (4) 

Where Df is the diameter of the scattering cylinder. This equation is only valid for qDf<<1. Thus 
Guinier’s approximation only fits at very low q values. The diameter of micro-fibrils Df had a 
deviation 0.5 nm. 

All the physical data regarding the thermally treated samples are reported in Table 2. 

Table 2.structure and physical characteristic of the samples with various thermal treatments 

Materials Xc(%) Lp (nm) Lc (nm) [ST] Xi % 

PE A 
quenched 49 17 8 0.24 13 
annealed 52 23 11 0.17 13 
isotherm 53 24 12 0.15 11 

PE B 
quenched 54 19 9 0.19 8 
annealed 62 22 13 0.14 8 
isotherm 65 26 16 0.09 4 

PE C 
quenched 65 20 12 0.19 5 
annealed 73 30 21 0.08 5 
isotherm 75 36 26 0.03 5 

PE D 
quenched 69 22 14 0.17 0 
annealed 77 30 22 0.08 5 
isotherm 80 37 29 0.03 3 

Xi: interphase content, obtained from reference [148]. [ST]: stress transmitters density, calculated from Brown’s model 

Results 

Figure 1 shows SAXS pattern recorded in drawing PE A quenched in the neck region at 50 °C. 
Structure parameters of the micro-fibrils, for instance, long period Lpf and diameter Df, can be 
obtained from the equatorial and meridian scattering respectively. The scattering in the center of 
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the SAXS pattern is very intense which are originating from cavities in the boundary of two 
micro-fibrils. Cavity scattering is so intense that it could be emerged onto the meridian scattering, 
prohibiting the analysis of the micro-fibrils structure. However, elevating draw temperature (Td) 
promotes decrease of cavities. For this reason, more samples were analyzed at 100 °C than that at 
50 °C.  

 
Figure1. In-situ SAXS pattern of micro-fibril and correlated structure information obtained from 
the SAXS patterns 

 
Figure 2. Meridian intensity profile of quenched PE A in various strains at (a) 50 °C and (b) 100 

°C. 

Figure 2 shows the meridian intensity profile of quenched PE A at different temperature. The 
SAXS patterns transfer from isotropic to highly anisotropic patterns with two streak-like 
scattering patterns during the elongation of samples (see insert illustration in Figure 2). The 
beginning of the two streak-like scattering is above the 0.56 of nominal strain for quenched PE A. 
This strain decreases with elevating drawing temperature, suggesting the fully orientated structure 
forms faster at higher drawing temperature. Indeed, formation of fibrils structure usually 
accompanies with fraction of crystal which could be strongly promoted by elevating drawing 
temperature due to the stiffness – temperature dependence in the relaxation domain. Additionally, 
at a given temperature, the streak-like scattering intense during the elongation. This is due to the 
enhancement of the orientation with the increase of deformation.  
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Figure 3. Micro-fibrils microstructure parameters of quenched samples in function of co-unit 

density at different Td. (a) Lpf and (b) Df which were measured at strain 1.3. 

Lpf and Df were estimated by Equations 2 and 4 from meridian and equatorial intensity profile. 
Figure 3 shows the influence of the co-unit concentration on Lpf and Df of quenched samples 
measured at ε=1.3 in various Td. Lpf and Df decrease with increasing co-unit concentration 
indicating the molecule topology strongly affects the micro-fibrils structure.  

Figure 4 shows Lpf in function of initial Lp in different Td measure at deformation strain 1.3. In 
low Td, annealed and isotherm samples were prevented to quantitatively analyze the meridian 
scattering due to intensify of the central scattering from numerous cavities. However, more Lpf 
data were obtained by elevating Td since high temperature reduces cavities.  

As shown in Figure 4, Lpf is smaller than Lp indicating that new lamella structure is reconstructed 
during the plastic deformation. In addition, Lpf increases with elevating Td. Furthermore, at a 
given Td, samples with different thermal treatments present different Lpf, for example, at 100 °C, 
Lpf of quenched PE A equals 17.3 nm while annealed PE A is 18.3 nm. This indicates Lpf depends 
on the thermal treatment which induces the initial microstructure difference. This proves that the 
initial structure affects Lpf. However, this result seems contradict to the previously study that Lpf is 
only dependent on the drawing condition.  
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Figure 4. Lpf versus Lp initial at Td 50°C, 75 °C and 100 °C. Lpf measured at nominal strain 1.3. 
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Figure 5. Micro-fibrils diameters (Df) in function of (a) initial long period (Lp), (b) initial 

crystallite thickness (Lc) at different temperatures. Df measured at strain 1.3.  

Figure 5 shows the micro-fibrils diameters (Df) in function of initial crystallite thickness (Lc) and 
long period (Lp) at different Td. Df was measured at strain 1.3. Df linearly increases with 
increasing initial Lc and Lp at a given temperature. However, the quenched samples and annealed 
or isothermal samples are not in the same line suggesting that micro-fibrils structure of quenched 
and annealed samples process different dependent on the initial microstructure. At 100 oC, Df of 
quenched PE A is 14.3 nm, annealed PE A is 14.1 nm and isothermal PE A is 14.7 nm. This 
suggests that thermal treatments do not affect Df. Furthermore, Df presents a strongly temperature 
sensitive which increases with elevating Td.  

Figure 6 shows Df as a function of natural draw ratio λn.  λn is a macroscopic representation of 
stress transmitters density [ST]. At a given temperature, Df for samples with the same thermal 
treatments is linearly increases with increasing λn and decreasing [ST]. However, the quenched 
and annealed or isothermal samples present different dependents on λn. Quenched samples exhibit 
higher Df than that of annealed or isothermal samples which is similar to the relation between Lc 
and Df. Thus, one can conclude that ST influences Df of the micro-fibrils but there should be other 
factors affect Df. Furthermore, similarly, Df increases with increasing Td.  
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Figure 6. Df versus natural draw ration λn at different Td. 

Figure 7 shows Df as a function of Nitta’s topological factor, Lc/[ST]0.5, where [ST] deduced from 
Brown’s model [159]. The Nitta’s factor is featuring the average distance between neighbor tie 
molecules. A clearly tendency appears for the quenched samples at different temperature. Df 
linearly increases with increasing Lc/[ST]0.5 for quenched samples which means Df increases with 

([ST] decreases →) 
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increasing the distance between neighbor tie molecules. Therefore, one can conclude that Df is the 
consequence of the fragmentation of crystal lamellae in tie molecules. But this tendency 
disappears for the annealed and isothermal samples, indicating complex influences of 
microstructure on Df. Additionally, Df is smaller than Lc/[ST]0.5 which could be due to chains 
unfolding after fragmentation. From above results, it can be concluded that the [ST] is not the 
unique topological factor affecting the Df and it should be correlated to the crystalline condition 
(thermal treatment), chain topology and ST.  
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Figure 7. Df versus Nitta’s topological factor Lc/[ST]0.5 at different draw temperature 

On the other hand, the interphase (transition region at the crystal-amorphous boundary) content 
Xi, was shown to depend on both the chain architecture and the crystallization condition: high 
regularity chains as well as slow crystallization result in lower Xi values [148].. Figure 8 shows Df 
as a function of Xi (see Table 2) at different temperatures. At a given Td, a monotonous 
correlation between Df and Xi is observed. This suggests that the topological defects in the 
interphase contribute to the fibrils transition of the crystals, not only the stress transmitters such as 
tie molecule and chain entanglement. The interphase is regarded as the gathering all topological 
defects derived from the chain-folding crystallization. Furthermore, Df increases with increasing 
Td, but no matter the Td is, similar tendency appears indicating the interphase process the same 
impact to the micro-fibrils in different Td. 
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Figure 8. Df as a function of interphase weight fraction, Xi, at different temperatures. 

Discussion 

Long period of micro-fibrils is quite different from the initially isotropic material Lp. In the results 
above, Lpf is smaller than the initial long period Lp (see Figure 4). The abrupt long period change 
indicates the transformation from the original micro-spherulite structure to the final fiber structure 
is a discontinuous process. This means the long period structure should undergo a destruction and 
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reconstruction process. Moreover, some authors reported that the Lpf is correlated to drawing 
temperature but independent to the crystalline structure of the original materials [121,144,160]. 
This means the original crystalline structure is not related to the reconstruction process. To 
explanation, the authors believed that the fibrillar transformation is accompanied with a strain-
induced melting-recrystallization process [92,118,126]. The breakage of lamellae into smaller 
blocks and the longitudinal displacement of some straight sections in the block require quite a 
large amount of energy. It is equivalent to a very specific partial melting [121]. The plastic work 
is sufficient for much chain mobilization and eventually for melting under the negative pressure of 
the tensile stress [71]. During subsequent cooling in the environment temperature, the highly 
mobilized chains in the blocks may get adjusted to this temperature[117]. With this assumption, 
the long period of the recrystallized material is mainly dependent on the actual temperature of 
melt, which strongly depends on the intensity of the self-heating effect, and the ability of 
recrystallization which depends on the molecular topology. However, until now, there is not direct 
observation to support the melt and recrystallization process during the tensile deformation.  

If the recrystallization happens during the fibrillar transformation process, the crystalline 
thickness Lcf should depend on the drawing temperature like the crystallization from the melt. 
According to the theory of Lauritzen-Hoffman, when polymers crystallized from a quiescent 
molten state, it could be described as the following [161,162]: 

𝑇𝑓
∞ − 𝑇 =

4𝜎

∆𝐻𝑓

𝑇𝑓
∞

𝐿𝑐
  (6) 

where Tc∞ is the fusion temperature of the perfect polyethylene crystal; ∆Hf is fusion entropy of 
perfect crystal; σ is the surface energy of crystal and T is the crystallization temperature of 
isotherm. Here, T equals to Td. Figure 9 shows Td in function of 1/Lc of quenched PE A. A linear 
relation between Td and 1/Lc as expected can be observed. This result indirectly supports that the 
melt and recrystallization occurs in firbrillar transformation process of polyethylene. 
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Figure 9. Td in function of 1/Lc of quenched PE A. Lc is measured by DSC and SAXS at strain 

1.3. 

Stress transmitters should play a major role in the crystal shear and fragmentation due to the 
generation of local stress concentration on the crystalline lamella surface according to previous 
investigations [163][33]. Based on previous studies, the transformation process involves a 
fragmentation of every single lamella into folded chain blocks and rearrangement of these blocks 
into micro-fibrils, the basing element of the fiber structure via chain unfolding from the fracture 
surface of the crystal blocks[117,145,164]. This fragmentation process also accompanies with 
crystal shear and chain unfolded from the crystal[124]. The fracture of crystal could lead to the 
largely destruction of the original lamella structure. Indeed, each lamella should yield its own set 

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2014ISAL0120/these.pdf 
© [B. Xiong], [2014], INSA de Lyon, tous droits réservés



Annex 

133 

 

of micro-fibrils according to the model of Peterlin [160]. The tie molecule which originally joined 
two different lamellae now connects two different micro-fibrils. With the higher concentration of 
original tie molecule content, the smaller deformation of the micro-fibrils displacement caused by 
the shearing between two adjacent micro-fibrils. Hence, the macroscopic natural draw ratio is 
smaller for the higher [ST] sample. The higher concentration of stress transmitters the smaller the 
crystal block size, and consequently the smaller Df is (see Figure 6). According to Nitta’s 
investigation[159,165], the fragmentation of crystal lamella could be attributed to the content of 
the tie molecule and Df is a function of tie molecule content with equation: 

𝐷𝑓 = 𝐶 ×
𝐿𝑐

[𝑆𝑇]0.5
 (7) 

where C is a constant, Lc is thickness of crystalline lamella and [ST] is the content of tie molecule. 
Df is linear relation with Nitta’s topological factor, Lc/[ST]0.5, which can be observed in Figure 7.   

Regarding the influence of drawing temperature, local stress distribution is more homogeneously 
with elevating temperature according to the temperature dependence of the crystal stiffness. 
Above α transition temperature, taut tie molecule could be relaxed due to mobilization of chains 
in crystal. This reduces the impact of tie molecule to the crystal fragmentation, thus inducing 
wider micro-fibrils in higher drawing temperature.  

To understand the role of molecular topology on the fibrillar transformation, let’s go back to the 
mechanism of transformation: fragmentation-rearrangement [117,120,122] and melt-
recrystallization [92,118]. The mechanism fragmentation-rearrangement involves crystal lamella 
shear and fragmentation processes which strongly depends on the crystal structure and local stress 
distributions. In study of the fibrillar transformation of semi-crystalline polymers, Tarin and 
Thomas [164] suggested that all chain topology defects were likely to contribute in the initiation 
of crystal fragmentation. Furthermore, the higher co-unit density promotes the formation of inter 
or intra links in crystal lamella which serve to produce stress concentration in the crystal surface 
and lead the crack and fracture of crystal [159,166,167]. This could be indirectly proved by 
decreasing of Df with increasing co-unit density (see Figure 3b). The higher co-unit density, the 
higher tie molecule content and smaller distance of neighbor tie molecule, thus the smaller 
diameter is. Df provides an evidence that the interphase at the crystal-amorphous boundary has a 
direct incidence on the generation of the nascent micro-fibrils especially on the diameters (see 
Figure 8). This structure is more related to the initial lamellar structure than the experiment 
condition. On the other hand, the melt-recrystallization mechanism involves crystallization from 
melt. Many authors studied that the molecular defects prevent crystallites formations and the long 
period and crystallite thickness will be deduced with increasing molecular defects from co-unit 
[42,155,168]. The long period dependence on co-unit density can also be observed in our 
experiment (see Figure 3a).  

Conclusion 

The fibrillar transformation in semi-crystalline polymers involves the destruction-reconstruction 
and melting-recrystallization mechanisms. The long period Lpf of micro-fibrils is smaller than the 
initial long period suggesting the new lamellae structures formed in the fibrillar transformation 
process. Lpf depends on the drawing temperature and molecule topology. Lpf also slightly depends 
on the thermal treatment which seems contradict to the previous studies. These results provide an 
indirectly evidence to the melting-recrystallization mechanism of the fibrillar transformation.  . 

Micro-fibrils diameters (Df) provide evidence that the crystal-amorphous phase boundary directly 
correlates to the fibrils transformation, especially to the diameter of the nascent micro-fibrils. The 
interphase plays a major role on the fragmentation of crystal due to inducing stress concentration 
in the crystal lamella surface. Df is proved to be more related to the initial microstructure than the 
drawing condition. Df also presents drawing temperature dependency. The diameter increases 
with increasing drawing temperature. This is mainly ascribed to the relaxation of crystal and stress 
transmitters which lead to the homogeneously distribution of the local stress in crystal lamella.  
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The molecule topology directly influences the morphology of microfibrils. The higher co-unit 
concentration, the higher tie molecule content and the smaller distance of neighbor tie molecule 
and thus the smaller diameter. The long period of micro-fibrils is deduced with increasing 
molecular defects from co-unit via the melt-crystallization mechanism.  
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2.2 Fibrillar transformation of polypropylene 

 
Figure 2.1.Stress-strain curve of PP C annealed sample in drawing temperature 120 °C. 

Under stretch, similar to the polyethylene, the SAXS patterns of the polypropylene transfer from 
isotropic to highly anisotropic patterns with two streak-like scattering patterns along the 
elongation of samples (see Figure 2.1). At ε=0.3, the SAXS pattern starts to present two streak-
like scattering. The fibrils lamella does not completely oriented at this point as shown in the 
SAXS pattern with weak scattering in equator region.  
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Figure 2.2. Long period variation of PP C measured with meridian scattering after yield in 

different drawing temperature during the deformation 

The scattering of cavitation could cover the scattering of fibrils structure which prevents the 
analysis of the fibrils structure. The experiment has to be stopped when the cavitation appears 
owing the strong scatting intensity which exceeds the maximum value of detector. Finally, few 
samples could analysis the long period of micro-fibrils by in-situ SAXS. 

Figure 2.2 shows the long period (Lp) of PP C measured with meridian scattering. Lp increases 
with increasing deformation. At 120 °C, the long period of fibrils structure is higher than the 
initial lamella stacks. This behavior is contrast with the results of polyethylene that the new 
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generated lamella stacks have smaller long period than initial materials. For polypropylene, no 
evidence to prove the lamella experiences melt and recrystallization mechanism. The increasing 
of the long period in polypropylene after fibrillar transformation may be owing to the stretch of 
the fragmented lamellae. It is worth to note that PP C in drawing temperature 120 °C present the 
same long period of micro-fibrils for samples with different thermal treatment. This means the 
long period of micro-fibrils only correlates to the drawing condition which is similar to the 
previous studies.  

2.3 Influence of temperature 
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Figure 2.3. Long period of quenched PE A and PP C stretched at strain 1.3 at different drawing 

temperature. 

To verify the influence of the drawing temperature, the quenched PE A quenched and PP C was 
drawn in different temperatures and the microstructure is measured by ex situ SAXS. The long 
period of the micro-fibrils Lpf was measured for the series samples with the same draw ratio (see 
Figure 2.3). According to the study of Peterlin, the relation between Lpf and drawing temperature 
could be described as [117]: 

𝐿𝑝𝑓 = 𝐴 +
𝐵

𝑇𝑚 − 𝑇𝑑
 

where Tm is the melting temperature and Td is the drawing temperature, A and B are constants.  

The quenched sample could be well fitted with this formula (see Figure 2.3). This could be due to 
the recrystallization during the formation of the micro-fibrils structure. Similar to the 
crystallization process from the melt, Lpf strongly depends on the supercooling (∆𝑇 = 𝑇𝑚 − 𝑇𝑑).  
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Figure 2.4. Diameter of micro-fibrils in function of temperature. Diameter measured at strain 0.3. 

(a) quenched PE A; (b) quenched PP C. 

Regarding the influence of the drawing temperature on the diameters of the micro-fibrils Df, both 
PE and PP show an augment of the Df with elevating of the drawing temperature (see Figure 6.5). 
Below α transition temperature Tα, Df linearly increases with elevating temperature. Above Tα, Df 
presents higher increase rate with increasing drawing temperature. With the elevating of drawing 
temperature, taut tie molecule relaxed due to the activation of chain mobility in crystal and 
fragmentation is prevented which leads increasing of Df. 

If the recrystallization happens during the fibrillar transformation process, the crystalline 
thickness Lcf depends on the drawing temperature similar to the crystallization from the melt. Td is 
plotted against 1/Lc of quenched PE A and PP C in Figure 2.5. Linear relation between Td and 
1/Lc is observed as expected. This result provide an indirectly evidence to support that the melt 
and recrystallization occurred in the firbrillar transformation process of PE and PP.  
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Figure 2.5. Td in function of 1/Lc of quenched PE A and PP C. Lc was measured by DSC and 

SAXS at strain 1.3.   

2.4 Conclusion 

The deformation at large strains of PE and PP involve spherulite converts into an oriented fibrous 
structure known as fibrillar transformation. The fibrillar transformation in semi-crystalline 
polymers involves the fragmentation-rearrangement and melting-recrystallization mechanisms.  

(a) (b) 
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The long periods Lpf of both polyethylene and polypropylene depends on the drawing 
temperature. However, Lpf of PE is smaller while PE is higher than the initial long period Lp. Both 
Lpf of PE and PP present discontinues variation which provides an indirectly evidence to melting-
recrystallization mechanism of the fibrillar transformation. 

Micro-fibrils diameters (Df) provide evidence that the crystal-amorphous phase boundary directly 
correlates to the fibrils transformation, especially to the diameter of the nascent micro-fibrils. The 
interphase plays a major role on the fragmentation of crystal due to inducing stress concentration 
in the crystal lamella surface. Df is proved to be more related to the initial microstructure than the 
draw condition. Df also presents draw temperature dependency. Both PE and PP show an 
incrsease of the Df with elevating of the drawing temperature. Above Tα, Df presents faster 
increase rate with increasing draw temperature. At this temperature, the tie molecule is relaxed 
due to the movement of chain in crystal and prevented the fragmentation of crystal which could 
lead increasing of Df. 
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3 Orientation of crystalline lamella 

 
Figure 3.1. Schematization of X-ray scattered intensity for a system with a preferential orientation 

with respect to the direction of the stretch force 𝐹⃑. Lamellae are represented by the small rods. 

The orientation of lamellae with respect to the stretch direction 𝐹⃑ is described by the angle β 
(Figure 3.1). This angle β can be related to the azimuthal angle φ by the relation: 𝛽 =

𝜋

2
− 𝜙. The 

symmetry is uniaxial around 𝐹⃑. The average defree of orientation of chain segments is described 
by the orientation order parameter (second order Legendre polynominal)[169]: 

< 𝑃2𝑐𝑜𝑠(𝛽) >=<
3𝑐𝑜𝑠2𝛽−1

2
>   (1) 

The orientation order parameter is calculated as:[170] 

< 𝑃2𝑐𝑜𝑠(𝛽) >=
∫ 𝑃2(𝜙)𝐼(𝜙)𝑠𝑖𝑛(𝜙)𝑑𝜙
𝜋/2

0

∫ 𝐼(𝜙)𝑠𝑖𝑛(𝜙)𝑑𝜙
𝜋/2

0

  (2) 

 

3.1 Orientation of PE lamellae 

The scattering of lamella structure can be detected by SAXS. Figure 3.1 shows the scattering 
intensity of quenched PE A in function of azimuth angle at different strains at draw temperature 
75°C. The inset pictures are the corresponded 2D SAXS patterns at each draw ratio. The one 
dimensional intensity curve is integrated in a cycle within 0.1<q<0.5 nm-1.  

As shown in Figure 3.2, at azimuthal angle φ = 0°, the intensity deceases with elongation of 
samples indicating the lamellae gradually orient to the tensile direction. A transformation from 
two maxima to four maxima with increasing deformation appears which is due to the orientation 
of lamellae. The SAXS pattern obtained after the yield point (strain > 0.16) shows the beginning 
of splitting of each meridian reflection into two off-meridional reflections (four-point pattern, see 
scattering pattern at ε=0.16) indicating the chevron-like structures formed after yield. As the 
tensile deformation proceeds, the off-meridional reflections rotate toward the equatorial axis (see 
scattering pattern at ε=0.56).  

The orientation parameter < 𝑃2𝑐𝑜𝑠(𝛽) >  was calculated with Equation (1) from azimuthal 
intensity curves. Figure 3.3 plots < 𝑃2𝑐𝑜𝑠⁡(𝛽) > as a function of nominal strain for quenched 
PEs. Only quenched samples are studied because the cavitation does not appear in these samples. 
At 50°C, < 𝑃2𝑐𝑜𝑠(𝛽) >  slightly decreases with elongation of samples before yield (ε<0.16), 
suggesting the increase of β. This means the lamellae orient towards normal of the tensile 
direction before yield.  
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Figure 3.2. Scattering intensity of quenched PE A in function of azimuth angle with different 

strain at drawing temperature 75°C. Tensile direction is in vertical. 
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Figure 3.3. (a)< 𝑃2𝑐𝑜𝑠(𝛽) > of different quenched samples in function of the nominal strain at 

drawing temperature 50 °C; (b)< 𝑃2𝑐𝑜𝑠(𝛽) > of PE A quenched at different drawing 
temperatures in function of nominal strain. 

After yield, the value of < 𝑃2𝑐𝑜𝑠(𝛽) > presents an increasing with the elongation suggesting the 
lamellae orient to the tensile direction. This could be due to the chevron-like structures formed 
after yield. 

Regarding the influence of drawing temperature, < 𝑃2𝑐𝑜𝑠(𝛽) > value shows monotonic increase 
before yield above draw temperature 75 °C. This suggests the lamellae orient to the tensile 
direction starting at the beginning of the stretch. Indeed, the tensile temperature is above the α 
transformation temperature and the chains mobility in crystal is activated promoting the shear of 
crystal and formation of chevron-like structure.  
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Figure 3.4. Lp of PE A quenched at various draw ratio in function of azimuth angle in different 
drawing temperature. (a) 50 °C; (b) 75 °C; (c) 100 °C.  Tensile direction is in parallel. 

For each azimuth angle, the long period Lp was estimated with the Lorenz correction method 
mentioned in Chapter 2. To get a curve with good resolution, each 5° of azimuth angle is chosen 
as integration area. Figure 3.4 shows Lp in function of azimuth angle for different nominal strain 
at draw temperature 50 °C, 75 °C and 100 °C respectively. At azimuth angle φ=0, Lp increases 
with the elongation of the samples until a maximum value.  Lp decreases at φ=90° whereas 
remains a constant at φ=55° with elongation of the sample. This means that the crystal show 
different deformation behavior in the different regions of the spherulites. The scattering pattern is 
symmetry, so here we only discuss the scattering from 0 ° to 90 °.  

The scattering at φ=90° of the SAXS patterns comes from the lamellae in polar regions of the 
spherulite. During the tensile test, the crystal lamellae move close due to the lateral force. After 
yield the lamellae in polar are reconstructed due to the fragment of the lamellae. 

The scattering at φ=0° is from the scattering of the lamellae in equatorial regions of spherulites. 
The lamellae are separated to each other due to the stretch. Lp increases with increasing 
deformation. After yield, lamellae fragment and Lp is reconstructed with smaller Lp. 

Lp at φ=55° remains a constant suggesting that the lamella in region with 35 ° angle respect to 
tensile direction is purely shearing deformed.  

To conclusion, three kinds of typically deformation types for the lamellae are observed: 
separation, compression (Lp decrease) and purely shearing. Before yield, the lamellae orient 
towards normal of the tensile direction below Tα whereas orient to tensile direction above Tα. 
After yield, chevron-like structure formed and lamellae orient to tensile direction.  
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3.2 Deformation of PP lamellae 

 

 
Figure 3.5. In situ SAXS patterns obtained simultaneously stress-strain trace of quenched PP C at 

drawing temperature (a) 23°C and (b) 120 °C. Tensile direction is in parallel. 

In situ SAXS was used to study the evolution of lamellas structure during the uniaxial 
deformation of polypropylene (see Figure 3.5). The scattering patterns are isotropic without 
deformation, and then change to an ellipse form. After yield point, it presents two or four 
symmetric scattering dashes which depend on drawing temperature. As shown in Figure 3.5, 
before yield, the scattering patterns turn to ellipse form which presents higher meridional intensity 
at drawing temperatures 23°C and 120°C. After yield, different scattering evolutions appear. At 
23 °C, the ellipse transforms to the pattern with symmetrically two dashes with highest intensity 
located in meridian (see Figure 3.4a ε=0.173). At 120 °C,  the ellipse form transforms to the 
patterns with symmetrically four dashes which the highest intensity located in region about 45 ° 

(a) 

(b) 
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respect to the meridian (see Figure 3.5b ε=0.414). And then, the four dashes merged to two dashes 
similar to the patterns in Figure 3.5a. Four dashes pattern indicates chevron-like structure formed 
at 120 °C. But at 23 °C, lamellae directly oriented in direction of tensile force after yield. This 
difference indicates that the crystal lamellae orientation manner is different at these two 
temperatures. This difference means more regular structures form at higher drawing temperature. 
This could be ascribed to the mobility of chain crystal above transition temperature which 
promote plastic deformation and orientation of lamellae. On the other hand, at 23 °C, the cavities 
appear beyond yield (strong scattering around the center, see Figure 3.5a ε=0.345) whereas the 
scattering of cavities disappears at drawing temperature 120°C.  
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Figure 3.6. Orientation factor of quenched PP C in function of deformation at drawing 

temperature 23 °C and 120 °C. Tensile direction is in parallel. 

The orientation factor was computed from the azimuth curves (see Figure 3.6). < 𝑃2𝑐𝑜𝑠(𝛽) > 
slightly decreases with increase of elongation before yield, indicating the orientation of the crystal 
lamellae in the normal of tensile direction. < 𝑃2𝑐𝑜𝑠(𝛽) > strongly decreases after yield at 23 °C 
indicating the orientation at normal of tensile direction. In contrast, < 𝑃2𝑐𝑜𝑠(𝛽) >  firstly 
increases slightly and then strongly decreases after yield at 120 °C. The increase of < 𝑃2𝑐𝑜𝑠(𝛽) > 
is due to the formation of chevron-like structure which orients in the tensile direction. This could 
be attributed to the fragmentation and reconstruction of crystal lamellae are promoted above Tα 
owing to the activation of chain mobility in crystal.  

3.3 Comparison of lamella deformation between PP and PE 

For the lamella evolution of PE and PP, the SAXS pattern obtained both shows evolution from 
isotropic strike-like patterns indicating similar lamellae deformation behavior of PE and PP. 
However, for PP, this transformation of SAXS patterns only presents at high temperature.  
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