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TiN-based nanocomposite coatings were prepared using physical vapor deposition to deliver enhanced mechanical, tribological and thermal characters that can be exploited for superhard cutting tool surfacing. These properties are controlled by tailoring processing methods to tune the microstructure and microchemistry. This thesis examined three coating systems, which are Ti-Al-N, Ti-Al-Y-N and Ti-Si-N, configured variously as multilayer superlattices and nanocomposites to comprehensively correlate hardness, wear resistance and oxidation resistance with deposition parameters. Combining X-ray diffraction and transmission electron microscopy with physical-mechanical testing, over a wide range of coating configurations, enabled construction of a predictive process-performance matrix to guide the fabrication of hardened surfaces.

In multilayer TiN/TixAl1-xN coatings prepared by cathodic arc deposition, the mechanical properties were controlled by the layer period that was adjusted by varying substrate rotation speed. A hardness of 39 ± 4 GPa was achieved for a superlattice period of 13 nm, where the coatings contain columnar <111> textured rock salttype crystals connected by low-angle grain boundaries.

When yttrium was introduced to the multilayers, by adding a Y -metal target powered by DC magnetron sputtering, the morphology changed from columnar to acicular grains with smaller grain size. Specifically, by fixing the period at 5.5 nm and incorporating Y from 0 to 2.4 at% the grain size decreased (from 100-200 nm to 20-30 nm) and hardness increased (from 29 ± 7 GPa to 41 ± 3 GPa). The improved performance was a consequence of solid solution hardening that arises from the misfit strain field introduced by Y (element atomic radii 2.12 Å) substitution for Ti (1.76 Å) or Al (1.18 Å), and a nanosize effect, where finer grains result in a greater volume fraction of grain boundaries that block dislocation movement. Higher Y additions also retard oxidation as high temperature (800 º C) annealing generates Ti2O3, rather than TiO2 as in Y-Abstract ii free coatings, and also affects Al oxidation. Adhesion and wear resistance were not compromised by higher Y contents demonstrating that TiN/TixAl1-xN coatings can enhance mechanical properties and thermal stability. Notably, this work employed a pure Y target, instead of a Ti-Al-Y alloy target, and substrate holder rotation speed was the critical parameter, where faster substrate rotation leads to smaller periods and more uniform Y distribution. However, an Y-rich layer became progressively thicker at slower rotation with the period increasing from 5.5 nm to 24 nm. These Y-rich regions seeded crystal nucleation that reduced coherency at layer interfaces and grain boundaries to significantly degrade mechanical properties (41 ± 3 GPa to 30 ± 5 GPa). Therefore, the period and Y content work in tandem in multilayered TiN/TixAl1-xN coatings Resumé vi

and the optimized Y content was to be 2.4 at% at a period of 5.5 nm.

Nanocrystallite TiN / amorphous (a)-Si3N4 nanocomposites were fabricated by high power impulse magnetron sputtering. The introduction of silicon by controlling the Si target current can be used to modify the coating structure, tailor mechanical properties, improve wear resistance and passivate oxidation. Smaller crystal sizes promoted at higher Si content lead to TiN / amorphous (a)-Si3N4 nanocomposites, with ~10 at% Si/(Si+Ti) yielding maximum hardness (41 ± 3 GPa). Compared to TiN, Ti0.903Si0.097N showed enhanced resistance to oxidation and wear resistance, however, the TiN crystallites were not completely encapsulated by a-Si3N4 intergranular films and further optimization of the structure and property relationship can be realised.

Resumé iii

Resumé

Afin d'obtenir des matériaux aux caractéristiques mécaniques, tribologiques et thermiques amé lioré es, nous avons é laboré des revê tements nanocomposites à base de TiN en utilisant une technique de dé pôt physique en phase vapeur. Ces maté riaux aux caracté ristiques spé cifiques peuvent ê tre exploité s pour le surfaçage d'outils de coupe de très haute dureté. En ajustant les processus d'élaboration dont dépendent la microstructure et la microchimie des revê tements, il est possible de contrôler les proprié té s de ces maté riaux. Cette thè se pré sente les ré sultats obtenus sur les trois systè mes de revê tement que sont Ti-Al-N, Ti-Al-Y-N et Ti-Si-N, configuré s soit en ré seaux superposé s multicouche soit en nanocomposites. L'accent est mis sur l'étude systématique de la dureté et de la résistance à l'usure et à l'oxydation en fonction des paramè tres de dé pôt. En combinant la diffraction des rayons X et la microscopie é lectronique à transmission avec des tests physico-mé caniques sur une large gamme de configurations de revê tement, on é tablit une matrice processus-performance pré dictive permettant de guider la fabrication de surfaces durcies.

La technique de dé pôt par arc cathodique a permis la ré alisation de revê tements multicouche TiN / TixAl1-xN. La pé riode de ces dé pôts multicouches, dé pendant de la vitesse de rotation du substrat, permet le contrôle des proprié té s mé caniques des é chantillons. Une pé riode de ré seau superposé de 13 nm, pour laquelle les revê tements sont constitué s de cristaux colonnaires de type « rocksalt » texturé s <111> relié s entre eux par des joints de grains à angle faible, justifie l'obtention d'une dureté de 39 ± 4 GPa. L'ajout d'une cible d'yttrium mé tallique alimenté e par pulvé risation cathodique magné tron DC autorise l'introduction de l'élément Y dans les empilements multicouches. Dans ces conditions, la morphologie colonnaire des dé pôts est modifié e en grains aciculaires de plus petite taille cristalline. Plus pré cisé ment, en fixant la pé riode Resumé iv à 5,5 nm et en incorporant l'yttrium de 0 à 2,4 % atomique, la taille des grains diminue (de 100-200 nm à 20-30 nm) et la dureté est accrue (de 29 ± 7 GPa à 41 ± 3 GPa). Cette amé lioration des performances est une consé quence du durcissement en solution solide qui intervient à partir d'un champ de dé formation inadapté . Celui-ci est introduit par la substitution de Ti et Al (respectivement 1.76 Å et 1,18 Å de rayon atomique) par Y (2.12 Å), mais aussi par un effet de taille nanomé trique, où les cristaux plus fins entraî nent une plus grande fraction volumique de joints de grains qui bloquent le mouvement de dislocation. Une plus importante quantité de Y retarde é galement l'oxydation à haute température (800 ºC). En effet, le recuit cristallise ma structure Ti2O3 en présence d'yttrium, alors que la phase TiO2 est identifié e dans les revêtements sans yttrium. De plus, la présence d'Y ralentit également l'oxydation de l'aluminium. L'adhérence et la résistance à l'usure ne sont pas impacté es par des teneurs plus é levé es en Y, dé montrant la faisabilité des revê tements TiN / TixAl1-xN dans le but d'améliorer les propriétés mécaniques et la stabilité thermique des échantillons. L'utilisation d'une cible de Y métallique pure au lieu d'une cible d'alliage Ti-Al-Y est une spé cificité de ce travail où la rotation du porte substrat est un paramè tre critique. En effet, un accroissement de la vitesse de rotation conduit à des pé riodes plus courtes et à une distribution plus uniforme de Y. Cependant, la diminution de la vitesse de rotation implique l'augmentation de l'épaisseur de la couche riche en Y tandis que la pé riode passe de 5,5 nm à 24 nm. Ces ré gions riches en Y ensemencent la nuclé ation des cristaux ce qui ré duit la cohé rence au niveau des interfaces des couches et des joints de grains conduisant à dé grader de maniè re significative les proprié té s mé caniques (41 ± 3 GPa à 30 ± 5 GPa). Par consé quent, la pé riode et la proportion en Y travaillent en tandem dans les revê tements multicouches TiN / TixAl1-xN. La proportion optimale en Y est de 2,4 % atomique pour une pé riode de 5,5 nm pour satisfaire aux critè res mé caniques et thermochimiques.

Resumé v

Nous avons é laboré des nanocristaux TiN / a-Si3N4-nanocomposites amorphes (a) par pulvérisation cathodique magnétron en régime d'impulsions de haute puissance (HIPIMS). L'introduction de silicium est effectué e en contrôlant le courant dissipé à la cible de Si mé tallique. Cet é lé ment peut ê tre utilisé pour ajuster la structure, adapter les proprié té s mé caniques et aussi amé liorer la ré sistance à l'usure et à l'oxydation de passivation des revê tements à base de TiN. De plus petites tailles cristallines dues à de plus fortes teneur en Si conduisent à des nanocristaux TiN / Si3N4-nanocomposites amorphes (a) pré sentant environ 10% atomiques de Si / (Si + Ti) pour obtenir la dureté maximale (41 ± 3 GPa). Les résistances à l'oxydation et à l'usure du matériau Ti0.903Si0.097N sont renforcé es par rapport à celles de TiN. Cependant, les cristallites de TiN ne sont pas complè tement encapsulé es par le film intergranulaire a-Si3N4 au sein de la nouvelle microstructure. Une optimisation plus poussé e de la relation structure -proprié té s peut donc ê tre ré alisé e pour obtenir de meilleurs ré sultats. modulations that can be tuned by adjusting the deposition process to optimize performance. This approach informs the research strategy of this thesis which demonstrates that coating performances can be enhanced by taking a principle-based approach to the selection of process parameters in various environments.

Problem statement

Hard protective coatings are required in industries that exploit high-speed machining, casting and hot-forming. Titanium nitride (TiN) deposited by physical vapor deposition (PVD) has been used to prepare wear and corrosion resistant surfaces since the early 1980s [1]. Many PVD techniques to lay down TiN films have been explored and developed, ranging from evaporation guns [2,3] to arc sources [4,5] and sputtering methods [6,7], that can treat substrates of varied size and shape. A significant challenge is that TiN has poor thermal stability beginning to oxidize from 550°C [8], and requires high deposition temperatures to ensure acceptable substrate-coating adherence. These factors, that have limited the applicability of TiN and added to fabrication costs, are driving research into low temperature deposition methods that yield durable TiN finishes.

Such techniques include PVD, that has been widely studied to obtain coatings that work at extreme conditions while preserving high hardness, thermal stability, low friction and good adherence [9]. Fundamentally, strengthening mechanisms [10,11] should hinder dislocation movement, and this is typically achieved by introducing atomic substituents, seeding secondary phases, inserting point or line defects, and increasing the prevalence of grain boundaries. Consequently, superhard PVD coatings require design concepts where multiple components and structures are introduced. For example, a solid solution coating for drills incorporates aluminum in TiN to passivate oxidation and enhance cutting performance [12]. Furthermore, TiN-based coatings can have tailored microstructures, including superlattice assemblies such as TiN/CrN [13], TiN/AlN [14], TiN/VN [15], TiN/NbN [16] and dual-phase nanocomposite coatings including TiN/Si3N4 [17] TiN/TiB2 [18], and TiN/BN [19], where intricate deposition parameters, sometimes followed by heat treatment, create coatings of exceptional performance. For complex hard coatings, knowledge-driven design becomes critical for further advancement. This is especially so for microstructural optimization where performance is not readily explained using topological rationalizations. Therefore, this thesis targets the first-principles design of hard coatings deposited by PVD and correlates structure with process parameters and coating performance under elevated temperatures where plastic deformation, friction and oxidation can be significant.

Objective and scope

The objectives of this thesis are to:

• Design TiN-based multi-compositional and multi-structural coatings, for high friction and elevated temperature environments;

• Deposit nanocomposite hard coatings by PVD and analyze structural and crystallochemical details by diffraction and microscopy; and

• Realize structure control by varying PVD processing parameters and explore the correlation between coating microstructures and mechanical properties, friction and high temperature performances.

The scope of this work includes:

• Selection of coating composition systems where structural modulation will be used to improve coating mechanical properties and thermal stabilities.

• Deposition of TiN-based coatings by PVD techniques based on:

 Cathodic arc deposition (CAD); and  High power impulse magnetron sputtering (HiPIMS).

• Characterize microchemistry and microstructure by: • Integration of process parameter selection for the tailoring of overall coating performance.



Dissertation overview

The Thesis contains 7 Chapters. properties. The textures, grain morphology and grain boundaries, were intensely studied by XRD and TEM, including dark field imaging, selected area diffraction, high resolution TEM and EDX analysis. By constraining the periods (Λ) from 8 nm to 45 nm, a hard nanosized multilayer system was obtained (maximum hardness i= 39 ± 4 GPa at a period around 13 nm).

Moreover, the correlation between mechanical properties and period-modified microstructure, including superlattice dimension, composition modulation and interface conditions, was established.
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Chapter 5 elaborates the modification of CAD multilayer TiN/TixAl1-xN coatings through the addition of 0 -2.4 at% yttrium (Y) by direct current (DC) magnetron sputtering and the variation of period Λ from 5.5 nm to 24 nm that improves mechanical and tribological properties, adherence and high temperature oxidation resistance (800°C in air). This chapter describes how coating microstructure characterized by XRD and TEM was determined by both Y content and Λ. For example, at fixed Y addition of 2.4 at%, a decreasing period from 24 nm to 5.5 nm lead to improved hardness H, from 30 ± 5 GPa to 41 ± 3 GPa and Young's modulus E, from 424 ± 50 GPa to 490 ± 47 GPa.

Conversly, for a fixed period of 5.5nm, an Y addition of 2.4 at% gave higher hardness (41 ± 3 GPa) compared with the Y-free coating (29 ± 7 GPa) and better oxidation resistance without degrading adherence and wear resistance.

Overall, properties were determined by texture, grain size and grain morphology evolution that could be controlled by Y doping. These insights can guide the selection of coating processes.

Chapter 6 explores the Ti-Si-N nanocomposite system deposited through the dual use of HiPIMS on a Ti target and DC-pulsed magnetron sputtering of a Si target. The product was a composite of nanocrystalline TiN and amorphous Si3N4, with Si / (Si + Ti) = 0 to ~ 20 at%, controlled by the Si target power. The crystallite size decreased to < 10 nm by increasing Si content above 10 at%.

The as-deposited and annealed coatings, characterized by nanoindentation reveal that with ~ 10 at% Si the superior hardness was achieved while higher Si content (~ 20 at%) resulted in both better hardness and oxidation resistance when annealed at 700°C in air. The hardening effect in Ti-Si-N composites arises from the nanocomposites structure with the appropriate volume ratio between nanosize crystallite to X-ray amorphous Si3N4 at grain boundaries.

However, the nanocomposite described in this chapter requires further optimisation to obtain the superior mechanical properties suggested possible through modelling.

Chapter 7 summarizes and discusses the outcomes of the Thesis. This work demonstrates that TiN-based nanocomposite coatings can be well controlled by adjusting processing parameters and show potential for use in the high speed machining industry. However, additional questions have arisen to fully understand the correlation between processing, structure and performance.

These questions are concerned with developing better mechanistic understanding of structure and performance variations driven by processing, especially the oxidation and hardening mechanisms. Such optimizations are required to deposit super (80 GPa ≥ H ≥ 40 GPa) and ultra-hard (H ≥ 80 GPa) Ti-Si-N coatings.

Findings and Outcomes

The novelty of this thesis arises from correlating advanced coating performance with microstructural and microchemical analyses that allow the definition of parameter design criteria using large-scale PVD techniques. The outcomes include:

• Revealing microstructural details for both superlattice modulation and nanocrystalline/amorphous composite texture using aberration-corrected transmission electron microscopy;

• Deposition of pre-determined TiN-based coating systems with the desired nanostructures through well-controlled single or hybrid PVD techniques;

• Establishing the links among fabrication, microstructure and coating performance and elaborating the decisive processing parameters (multilayer period and reactive element content) on grain morphology, film hardening and thermal stability; and

• Fabricating for the first time Ti-Al-Y-N nano-multilayer architectures by employing a power controlled Y target together with varying substrate holder rotation speed, rather than through the conventional approach of using a TiAlY alloy target. [4][5][6]. New hard coating designs will be essential to meet future industrial demands for machining, forming and stamping tools.

Chapter 2

Literature review

Crystal size and grain size determine many materials properties including heat conductivity [7], phase transition temperature [8], elastic modulus [9], electrical conduction [10] and coercive force [11]. In particular, the concept of hardened bi-phasic nanocomposite coatings has drawn the attention of researchers where nanocrystalline and/or amorphous phases are integrated as layered, columnar or equiaxed structures. Physical vapor deposition (PVD) is a well established technique widely used for preparing hardened tool coatings. This Chapter introduces PVD techniques for fabricating hard coatings, reviews the structural and chemical modulation of nanocomposite coatings, and rationalizes the performance of PVD nanocomposite coatings under extreme environments.

PVD techniques

PVD is a coating method where atoms, plasmas or molecules are physically vaporised from a source before transportation and condensation on a substrate.

It can be employed for a wide range of materials, including almost all inorganic and many organic coatings. The PVD methods can be classified as the following types (Figure 2 previously [13][14][15]. In particular, injecting reactive gas, e.g. N2 and O2, induces reactions with target vapor at the substrate surface in a process called reactive PVD [16]. In general, PVD techniques are suitable for depositing heterogeneous coatings, especially nanosized crystalline and/or amorphous single-or poly-phase assemblages that can enhance hardness, toughness and wear resistance.

However, each technique yields distinctive structural and chemical features with respect to phase composition, grain size, coating texture, surface conditions and defects. It appears likely that non-equilibrated coatings by PVD techniques will be integrated into various hardening mechanisms. This will require the examination of coating residual stress, grain size, phase identification and distribution. On the other hand, the coating hardness is dependent on crystal size.

PVD hard coatings

Nanocrystalline coatings show enhanced mechanical properties because the dislocation density in smaller crystals is reduced, as the stress to initiate dislocation is inversely proportional to the distance between two dislocation pinning centers [18]. The grain size d strengthening effect can be described by the Hall-Petch relation [19,20]:

σ y =σ o +k 1 √d (2.2)
where σy is the yield stress, σo is the lattice stress to dislocation movement and k is the Hall-Petch constant that depends on the grain boundary strengthening contribution for a specific material. It has been reported that decreasing grain size from macro-scale to nano-scale enhanced hardness by 5 to 10 times in nanophase metals [21]. However, below a critical grain size dc the hardness Combining the nature of atomic bonding and consideration of grain size effects gives rise to a generalized concept of multi-phase nanocomposite coatings that can be categorized in four types: (1) nanosized multilayer structure; (2) nanocolumnar structure; (3) multi-phase nanograins; and (4) nanocrystallites embedded in an intergranular phase (Figure 2.3). The multilayer and nanocolumnar structure types are particularly sensitive to ion bombardment that is controlled by the substrate and target configuration selected for deposition.

The multiple phase nano-grain type and nano-grain and matrix phase type are highly susceptible to thermodynamic phase segregation. The nanocomposite structure is distinguished by a transition zone located between two crystalline phases or a transition from a crystalline to amorphous phase [3]. 

PVD single phase hard coating

Before addressing the correlation between microstructure and mechanical properties in a multi-phase modulated nanocomposite, the film growth influences on the single phase coatings, such as TiN or CrN, requires review.

During deposition, energetic ion bombardment of the film surface is a key factor modifying coating density and morphology [24]. In PVD the bombardment intensity is determined by the substrate bias and the ion and atom energy evaporated or sputtered from target. Ion bombardment causes a series of structural modifications, including finer grain sizes and insertion of lattice defects, which creates residual stress that has a hardening effect.

Possible lattice defects induced by incident energetic ions are shown in Figure 2.4 [25]. The incident ions displace atoms and may be implanted, or recoil and cause the collision cascades. At higher energies, a proportion of incident ions can channel deep below the surface creating a large number of point defects, i.e. Point defects in coating microstructures modify macro-residual stress. As pointdefect interstitials arising from collision cascades dilate film volume over the substrate surface, a compressive stress is imparted to the adherent film [28].

During arc deposition, the compressive stress increases when a higher negative bias voltage is applied to the substrate holders [29], while in magnetron sputtering, stress increases linearly with the square root of particle energy [30].

Defects in strained films can effectively hinder dislocation movement, leading to enhanced hardness. A linear relationship of hardness versus residual stress has been reported in many single-phase coatings, such as CrN [31,32], TiN [16] and ZrN [33].

Furthermore, single-phase coatings are found to harden following the Hall-Petch relationship. For example, Qi et al. [34] found the hardness of ZrN was enhanced from 20 GPa to 34 GPa when crystal size decreased from 45 nm to 19 nm by raising the substrate bias (Figure 2.5). This was attributed to the higher volume fraction of grain boundaries that created: (1) larger stress fields due to dislocations pilling up at the boundaries [35], and (2) additional dislocations arising in the grain boundaries [36]. However, hardness decreased when the crystal size fell below 19 nm. This reversal was neither due to artifacts, such as porosity, the presence of secondary phases, compositional variation, texture or compressive stress. Instead, an inverse Hall-Petch effect was proposed, where dislocations are absent in smaller crystals and do not contribute to boundary.

This model proved appropriate as the predicted critical crystal size agreed with experimental observations. 

Nanostructured coatings

Nanostructured coatings can be classified in four types (Figure 2.3). This section describes the relationship between microstructure and mechanical properties of the widely studied Type 1 nanosized multilayer coatings and Type X-ray diffraction. For multilayer superlattices, a characteristic XRD pattern contains satellite reflections around the Bragg reflections. Barnett and his research team, including the supermodulus effect [38],

dislocation blocking [39] and the mismatch lattice strain effect [40].

From these studies, it was concluded that the difference in shear modulus of the component layers is the key factor, rather than mismatch of the lattice parameter or supermodulus effect. The hardness enhancement in multilayers arises when dislocation movement is blocked by a strain field derived from the different line energy in each layer. The line energy difference strongly correlates with composition modulation [39]. Figure 2.7 shows a sawtooth and a trapezoidal composition modulation. Based on the two models, Chu and Barnett [39] calculated the stress required for dislocation glide across interfaces and found with increasing period Λ the hardness was enhanced to a saturated value (Figure 2.8). The key drivers of hardness enhancement include layer miscibility (interface width) and the shear modulus difference. Moreover, the stress to move a dislocation within individual layers was calculated based on a model built by Sevillano [41]. The dislocation sliding in layers are operative at large period (over 10 nm) and hardness decreases when Λ is further increased. The two dislocation motions were combined in their study and found to agree with experiment. In conclusion, the hardness enhancement in nano-scale multilayer films depends on the shear modulus difference of component layers, the period and the interface width.

(b) Nanocrystalline / intergranular phase composite coatings.

Nanocomposites with enhanced hardness are characterized as a mixture of one or two nanocrystalline (nc) phases and another X-ray amorphous (a) phase. In fact, the X-ray amorphous phase content could be below the X-ray diffraction lower limit of detection. Therefore, HRTEM is necessary to determine if the second phase is crystalline or amorphous.

Various elemental combinations with such structures have been studied, e.g. nc-TiN/a-Si3N4 [42,43], nc-ZrN/a-Cu [44], nc-TiC/a-C [5] and nc-TiC/a-TiB2 [45]. These coatings were prepared by chemical vapor deposition (CVD) or PVD. The CVD films attain a hardness > 100 GPa, high elasticity (> 10% reversible strain) and high thermal stability (≥ 1100°C ). However, the CVD technique is difficult to scale-up, so PVD including vacuum arc evaporation and magnetron sputtering deposition [46,47] have been employed to deposit industrial nanocomposite coatings, such as Ti-Al-N or Cr-Al-N combined with Si3N4. The hardness and crystal size of several nc-metal nitride/a-Si3N4 nanocomposite coatings versus Si-content are shown in Figure 2.9. To a large extent Si content affects the coating microstructure and mechanical properties. Ti-Si-N is the most studied system, and the progressive introduction of Si first increases the hardness and then at higher concentration decreases hardness, such that there is an inverse relationship to crystal size. According to ab initio density functional theory [48] the structure of 3 to 4 nm randomly oriented crystallites, connected by a one monolayer thick Si3N4 interface, has unique mechanical properties [49]. The hardness enhanced composite structure of small crystallites and sharp interfaces is generated by thermodynamic spinodal decomposition [50]. The fine size of the crystallites can endure elastic deformation, while the random crystal orientation avoids dislocation sliding along the weakest slip planes. The characteristic nanocomposite structure is a 1 monolayer SiNx interface which blocks dislocations crossing crystals. The rigid nature can be ascribed to the nearby TiN valence charge. Veprek [51] clarified that in hard Ti-Si-N coatings the interface thickness is abount 0.3 to 0.5 nm instead of 1 to 2 nm which would result in weak grain boundaries. Therefore, it is advantageous to use HRTEM, especially aberration corrected transmission electron microscopy (TEM) for structure characterization to realize better controlled deposition processes.

TiN-based ternary and quasi-ternary coatings

This section describes the phase stability of selected ternary and quaternary coating systems, including Ti-Al-N, yttrium incorporated in Ti-Al-N-Y, and Ti-Si-N.

Ti-Al-N and Ti-Al-Y-N

Compared to TiN, Ti-Al-N possesses superior oxidation resistance and improved cutting performance at elevated temperature. However, as AlN adopts the hexagonal wurtzite structure it is only slightly miscible with TiN that possesses the rock-salt face-centred cubic (fcc) structure [52]. Using PVD and CVD the Ti1-xAlxN metastable rock-salt structure could be realized for x ≤ 0.5-0.8 [53][54][55], beyond which the coating consists of the cubic and hexagonal phases. Moreover, Ti-Al-N coating decomposes to fcc Ti-Al-N or TiN and wurtzite AlN above 1000°C [55]. The Ti-Al-N solid solution contributes intrinsic strain due to atomic radius difference between Ti and Al, thus leading to enhanced hardness. grain boundaries where oxygen impregnates and form oxides, which blocks oxygen diffusion and prevents oxidation of other cations [61]. It has been reported that adding 1 at% yttrium in Ti0.45Al0.54Y0.01N decreased oxide thickness from 4.9 µm to 3.1 µm after annealing at 900°C for 210 min.

Simultaneously, the Ti0.45Al0.54Y0.01N monolayer coating hardness improved by 24% compared to Ti0.45Al0.55N [62].

Ti-Si-N

TiN and Si3N4 are immiscible when the nitrides are stoichiometric and free of impurities [START_REF] Rogl | Phase diagrams of ternary boron nitride and silicon nitride systems[END_REF]. The phase segregation of Ti-Si-N into TiN and Si3N4 is through design, process parameter regulation, structural characterization and property analysis are essential to compare and contrast deposition strategies. In such integrative studies, structural and crystallographic understanding is often inadequate. For example, Ti-Si-N is a well studied system, and based on calculation, an optimised structure has been proposed with 3-4 nm nanocrystallites randomly distributed and separated by a single monolayer of Si3N4. However, the deposited coatings could be inconsistent with the model due to the lack of interface characterization. Another example is Ti-Al-N where according to various calculations, the interface width and the layer composition modulation are the principle hardening factors, but this is yet to be confirmed through experiments. Furthermore, for industrial applications the coatings should work efficiently under high speed friction and display good mechanical properties at both room temperature and high temperature. Finally, a comprehensive approach should also improve oxidation resistance in addition to hardness and wear resistance. This can be achieved by adding a reactive element, yttrium, to the nanolayered structure due to its segregation tendency to grain boundaries and high affinity to oxygen, which block the oxygen diffusions. Such films can be fabricated from the pure Y target in a rotating substrate system to incorporate Y in Ti-Al-N multilayers, rather than using Ti-Al-Y alloy as commonly employed [START_REF] Moser | [END_REF]62,67]. This approach offers greater flexibility to control Y distribution and lowers cost. Ti-Si-N properties will be also examined at high temperature. In subsequent Chapters, structure and behaviour will be correlated with processing parameters using either single or hybrid deposition methods. This thesis systematically links processing and fabrication to microstructure and microchemistry, that jointly dictate properties.

Finally, further avenues for modifying coating design concepts will be considered.

References:
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Chapter 3

Experimental methodology

Establishing the correlation among processing, structure and properties of nanocomposite hard coatings requires careful design of experimental protocols. This chapter summarizes the principles and methodology of physical vapor deposition techniques, including cathodic arc deposition and high power impulse magnetron sputtering, to rationally select the most appropriate processing for a specific coating system. Through comprehensive characterization, the nature of the nanocomposite is more completely described, which facilitates deeper understanding of the structural and crystallochemical influences on coating performance. Through experimental integration, the evaluation of films is less ambiguous and can guide superior fabrication control for enhanced functionality.

Rationale of selected experiment methods

The 

Hard coatings deposited by PVD

Cathodic arc deposition (CAD)

CAD is widely used in industry to produce coatings with good adherence and controlled composition modulation and performance. It utilizes an electric discharge to vaporize source materials from the cathode in a low pressure (around 10 -3 Pa) chamber and the vapor is deposited on the substrates with or without a bias.

The cathode source is called the target and during deposition no carrier gas is needed. The general layout of a CAD system comprises the vacuum chamber containing targets and substrate holders. The chamber is evacuated to 10 -4 Pa before deposition. The targets are supplied with a low voltage and high current power supply and equipped with a cooling system. A high DC or pulsed voltage supply is applied to the substrate holders as shown schematically in Figure 3.1.

In the image, a three-fold rotation substrate holder is used to coat entirely substrates with complex shapes. The vapor from the cathode is a mixture of ions, electrons, neutral particles and metallic microdroplets. Reportedly over 95% of evaporated particles are ionized. The ejection speed is between 10 3 to 10 4 m/s and the particle density around the target ranges from 10 17 to 10 19 /cm -3 [4,5]. Thus, the ion speed is of the order of 10 4 m/s and carrying energy around 20-200 eV which is highly dependant on the target material melting point. In general, the ion energy from arc evaporation is higher than produced during magnetron sputtering and electron beam evaporation.

The main limitation of the CAD technique is the creation of metal droplets (0.1 -10 µm) during evaporation that are generated by the arc collision with the target or by ejection under the high pressure plasma [6][7][8]. These droplets are coating defects but can be reduced by increasing the bias voltage [9],

strengthening the magnetic field leading to cathode spots moving more rapidly [10], or employing a filter to separate microdroplets from the ion flux [11,12].
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In this work, CAD was used to deposit multilayer transition metal nitrides, with pure metal targets providing the metallic ions and nitrogen injected into the chamber simultaneously. Higher bias voltage, e.g -800 V, was applied to the substrate holders to allow ion etching before deposition. The bias voltage is a principle parameter to control ion bombardment on the substrate, which in turn, controls the mechanical properties of the coatings. When layering two nitrides, the key parameter affecting coating performance is the substrate holder rotation speed which controls the multilayer period. The adjustment of those parameters will be discussed further in the following Chapters.

High power impulse magnetron sputtering

HiPIMS is another PVD deposition method that differs from CAD through the use of magnetron sputtering where an inert gas is ionized and accelerated in an electrical field to sputter source material from the targets. Sputtered ions are partially magnetically trapped on the target surface to enhance ionization efficiency, while the remainder bombard and condensate on the biased substrates. Normally, the film growth is non-equilibrium so the coating structure, electrical properties and mechanical characteristics are closely related to the deposition parameters, especially the plasma energy and flux. In conventional magnetron sputtering, the ionization degree and deposition rate are relatively low. To improve deposition efficiency requires high bias on the substrate to increase plasma energy, but drawbacks include inert gas ion implantation, high residual stress and poor adhesion. Nonetheless, increasing the flux of sputtered ions significantly improves film quality. During the 1990s, target power supplies changed from conventional DC sputtering to the high power impulse mode that substantially increased the plasma density. For example, in a copper target ion flux increased by 2 orders of magnitude to 10 -18 m -3 and the ionization yield reached 70% of the total sputtered species [13]. The plasma charge density for a variety of processes is summarized in Figure 3.3. The implementation of HiPIMS requires the application of a high power density pulse on the targets and simultaneously keeping the average power density low to avoid overheating targets and magnets. The power supply device is illustrated in Figure 3.4. A capacitor in the pulsing unit linked to a DC power supply stores several hundreds to several thousands of charging volts, that is pulsed with defined width and frequency in the micron second range. In HiPIMS, the pulse of power-on time can range from 5 to 5000 µs and the frequency from 10 Hz to 10 kHz. In each pulse there are four stages including electrical breakdown, the formation of gas plasma, generation of metal plasma, and a steady state where the metal plasma is dominant rather than the gas plasma. Simultaneously, electrons are accelerated and escape from the area close to the cathode only a few microseconds after the pulse starts [14],

indicating efficient electron heating in the HiPIMS mode. In HiPIMS, the plasma properties are related to the power pulse on/off time, average target current and target peak current. For example, maintaining the average power and increasing the power on time from 5 to 20 µs, the dominant plasma changed from an inert gas plasma to metal plasma [15], indicating that longer power on time results in a higher ionization rate. Moreover, maintaining the average power and increasing the power off time enhanced the peak target current, leading to ionized metal being the primary sputtered species [16].

However, the arc of a sputtering process is more pronounced as HiPIMS adopts a high frequency and high power pulse. To moderate this problem a short power-on time of 5 -20 µs can be employed as the discharge is still in a transient region before transferring to the arc [17]. By coordinating these parameters plasma properties can be tailored to optimize film quantity.

Controlling the plasma permits interface engineering. First, metal ions can be used for etching the substrate to enhance adhesion between the film and substrate. Subsequent HiPIMS deposition can facilitate coating densification, and surface smoothing due to the higher plasma ionization and metal ion density. Moreover, HiPIMS can induce renucleation and generate nanosized equiaxed grains. In this thesis, a system combining DC-pulsed magnetron where θ, the incident angle is related to λ (Å), the X-ray wavelength, and d (Å), the interplanar spacing. With Bragg-Brentano geometry the diffraction vector that bisects the angle between the incident and scattered beams is always perpendicular to the sample surface. For thin films, lattice planes parallel to the substrate surface show a higher possibility of detection. The predominance of particular lattice planes is referred to as preferred orientation or texture, and the intensity of textured reflection will differ from those observed in randomly oriented powders. In the following chapters, the coating texture is determined according to the Harris's inverse pole figure technique [19,20] by a texture coefficient T * calculated as:

T * (hkl)= I(hkl) R(hkl) ⁄ ( 1 n ⁄ ) ∑ I(hkl) R(hkl) ⁄ n 0 (3.2) 
where I(hkl) is the (hkl) reflection intensity, while R(hkl) is the (hkl) intensity in a random powder specimen and n is the number of reflections evaluated.

Higher T * (hkl) percentage suggest the coating is <hkl> textured.

The crystal size can be estimated by XRD. Smaller crystals result in peak broadening as there is less perfect destructive interference. The average crystallite size can be determined by the Scherrer equation:

D= 0.9λ Bcosθ (3.3)
where D (Å) is the average crystal thickness normal to diffraction planes, λ (Å)

is the X-ray wavelength, B is the angle full width at half maxima (FWHM) in radians and θ is the Bragg angle in degree.

Finally, Bragg-Brentano geometry can be used to determine the superlattice multilayer period (Λ) because the reflection intensity is a convolution consisting of the atomic lattice spacing and the scattering factor from composition modulation. Therefore, the patterns include Bragg peaks and satellite peaks, that are equally spaced around the Bragg peak, with the Λ determined following the equation:

) 2 /( sin sin        th B m (3.4)
where θB is the Bragg reflection in degree, θ± is the position in degree of mth order positive or negative satellite peaks around θB, λ (Å) is X-ray wavelength, and Λ (Å) is the multilayer period. The period estimated by this equation should be consistent with direct observations by transmission electron microscopy (TEM).

Scanning electron microscopy (SEM)

In SEM a focused electron probe is rastered over the material and a variety of The sample-electron interaction volume and the corresponding depth where the different signals originate [21].

Transmission electron microscopy (TEM)

TEM produces images from the transmitted electrons. TEM is not simply a magnifying microscopy, but specifically uses subsets of diffracted electrons to produce images. Compared to X-rays (0.5-2.5 Å), electrons have much shorter wavelengths (0.0251 Å at 200 kV accelerating voltage). With small chromatic spread and low aberration optics highly coherent electron beams can be generated which allows direct observation of grain morphology, lattice spacings, grain boundaries and defects to a resolution down to 1 Å in certain imaging modes. TEM is based on the information extracted from the electron waves transmitted through samples, including electron beam amplitude and phase contrasts. For higher resolution imaging thinner samples and higher incident electron energies are required to reduce electron absorption. In high resolution transmission microscopy (HRTEM) many transmitted electron beams are allowed to pass through a large objective aperture that are reconstructed to yield a phase contrast interference pattern that can be directly related to the projected potential of the atomic structure. In thin films, HRTEM is often used to identify secondary phases, defects and grain boundaries.
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However, the imperfection of electron lenses, including spherical and chromatic aberrations, limits the microscope resolution. For very thin interfaces between crystallites or multilayers, aberration corrected TEM is advantageous due to its higher resolution (0.5 -0.8 Å) compared to conventional TEM (2 Å) (Figure 3.9). To summarise, throughout this thesis grain shape and grain size were examined by DFTEM as commonly several beams were selected by the objective aperture, while HRTEM was used to observe crystallites at atomic scale and XRD was used to determine the average crystal size.

For scanning transmission electron microscopy (STEM) the electron beam is rastered across sample and the transmitted electrons detected by a bright field detector or a high angle annular dark field (HAADF) detector. HAADF imaging delivers Z-contrast images, where the detected electron intensity is approximately proportional to the square of scanned sample atomic number.

For multilayer coating observations, HADDF STEM can differentiate layers with higher atomic numbers as these show darker contrast due to the scattering of electrons to larger angles. Together with EDX analysis, the layer compositions can be analysed both qualitatively and quantitatively.

Residual stress calculation

Physical vapor deposition coatings become stressed as a consequence of ion bombardment during deposition. This intrinsic stress, tensile or compressive, will affect coating properties. Tensile stress may cause cracking; while to some extent, compressive stress is desirable for hardening, but when excessive, may promote spalling. Therefore, measuring residual stress is necessary, and in this thesis the deflection method, widely used in engineering applications, was used to assess macrostresses.

In the deflection method a single-side coating is used. For example, if the coating is under compressive stress, the foil will bend convexly from the coated Experimental Methodology Chapter 3 51 side. By assuming homogeneous film stress on a stress-less substrate, the mechanical equilibrium can be calculated from Stoney's equation [24,25]:

σ c = E S d s 2 6(1-ν S )rd c (3.5)
where σc (GPa) is the stress, dc (µm) is the coating thickness, ds (mm) is the substrate thickness, Es (GPa) and νs (GPa) are substrate Young's modulus and

Poisson's ratio respectively. r (µm 2 / mm) is the radius of foil curvature.

r≅ l 2 8z (3.6)
where l is the foil length (mm) and z is the deflection at foil center (µm). The equation assumes two equilibrium conditions. First, the internal compressive force is regarded as equal to the internal tensile force, and second, the foil bending moment is taken as zero on each axis. For Stoney's equation to be valid the film should be much thinner than the substrate (dc<<ds<<r).

The steel foil substrate was 30 mm × 5 mm × 0.4mm. Before deposition, the steel foils were annealed to eliminate the intrinsic stress and electrolytically polished to remove heterogeneous matters. After single-sided deposition, the curvature was measured in a mechanical profilometer. Consequently, the stress variation at different regions on the sample cannot be described and the stress results cannot be trusted if the coating to substrate thickness ratio is > 0.1. While these assumptions limit its application, this Experimental Methodology Chapter 3 52 method is nonetheless widely applied. Meanwhile, many studies to improve the accuracy of Stoney's equation have been reported [26][27][28].

Nanoindentation test

Nanoindentation was used to gather load-displacement measurements in loading-unloading cycles to extract the elastic modulus and hardness. The indentation hardness H is defined as the mean contact pressure under the completely developed plastic deformation; while the indentation modulus E * is defined as the load-displacement slope during unloading. Generally, the load on the indenter and the penetration depths are recorded so that for a known indenter geometry the contact area can be determined. where hc (nm) is penetration depth. For θ = 65.27°, there is:

A=24.5h c 2 (3.8)
In an indentation test, the force (mN) and penetration depth (nm) are recorded with the applied load increasing from zero to the maximum, i.e. the loading process, and decreasing from the maximum to zero, i.e. the unloading process.

A typical compliance curve is shown in Figure 3.11 [31] and the quantities are explained in Figure 3.12 [32]. After removing the load, the sample tends to recover the original shape elastically, but not fully due to the plastic deformation. Actually, a material with substantial elastic recovery during loading deforms both elastically and plastically. Hence, during measurement the maximum depth, force and contact area between the indenter and sample are not based on true resistance to plastic deformation. The true hardness is required to be differentiated using a sophisticated calculation method that excludes elastic deformation. Moreover, the curves include thousands of data points that must be analysed to calculate H and E * . To solve these problems, the nonlinear curve fitting method of Oliver and Pharr's [32] is employed to calculate the elastic modulus from unloading curves. Hence, H and E * can be determined by: H= P max A (3.9)

E * = √π 2√A dP dh (3.10)
where Pmax is the maximum load, A is the indenter contact area derived from the penetration depth hc (Figure 3.11). The Young's modulus E is derived by Experimental Methodology Chapter 3
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𝐸 * = 𝐸 (1 -𝜈 2 ⁄
), where ν is the Poisson ratio. According to Oliver and Pharr's method using a Berkovich indenter, P and A have the relationship:

P=A(h-h r ) m (3.11)
where A, m and hr are determined by a least squares fitting procedure.

To measure coating hardness the nanoindentation test avoids removing the coating from the substrate. However, to avoid substrate hardness invalidating the results, penetration depths should not exceed 10% of the entire coating thickness [33]. 

Tensile test

Tensile testing can evaluate ceramic thin film adhesion on ductile metal substrates by determining the interfacial shear strength during cracking.

According to the Agrawl-Raj mode [34], when tensile force is applied, the plastically stretched substrate will crack ceramic films normal to the tensile direction. With higher tensile strain the crack density increases until a constant value is reached and the crack is saturated (Figure 3 In this thesis, in-situ tensile testing in a SEM chamber was used to directly observe cracking processes. The ductile substrate was a stainless steel "dogbone" configuration (Figure 3.14). The samples were placed on the tensile arms in the SEM chamber with the same strain rate used for all tests. However, it was found that the recorded strain was inaccurate because of contributions from the 

ε=ε exp -[σ ( 1 E exp - 1 E )] (3.13)
where ε is the real strain on sample, εexp is the experimenatal strain, σ (MPa) is the stress employed on the system, Eexp (MPa) is the experimental Young's modulus, i.e. the slope of σ-ε plot, and E (MPa) is the real metal Young's modulus.

Ball-on-disc tribometer

A tribometer is a device to perform simulated wear to measure the friction both hardness and Young's modulus. However, wear resistance continues to improve along with the smaller period as a higher concentration of interfaces blocks crack extension.

Introduction

TiN fabricated by physical vapour deposition (PVD) has been widely employed as a protective coating for high speed machining due to its superb hardness and wear resistance [1][2][3]. However, TiN begins to oxidize at 500 ℃ and can be fully oxidized to titania at 800°C , leading to a deterioration in performance in extreme cutting environments at elevated temperature [4]. To fulfil the higher demands of precession cutting, (Ti, Al)N is a promising replacement of TiN as it has improved oxidation resistance, and superior hardness and tribological performance [5]. At high temperatures, Al oxidizes to form a protective alumina layer that attenuates oxygen inward diffusion and cation outward diffusion, which delays the degradation of mechanical properties [6,7]. In this thesis, TiN and (Ti, Al)N was hybridized as multilayer nano-scale structures as it was reported nanolayered coatings consisting of two components, could achieve hardness greater than the rule-of-mixture value [8,9]. Several theories were proposed to explain the hardening effect including the image force effect by different shear moduli [10], the coherency strain effect induced by misfit lattice parameters [11] and the supermodulus effect [12]. Meanwhile, these hardening mechanisms are influenced significantly by superlattice period (Λ) which determines the relative layer and interface volumes [13]. Nevertheless, The hardness enhancement beyond the mix-rule-value is attributed to the superlattice structure. One theory claims the lattice parameter mismatch between two phases results in coherency strain fields which obstruct dislocation movement [11,27]. However, the TiN/(Ti, Al)N system has a lattice mismatch of only 2% according to XRD and would not be primarily affected by the coherency strain [28]. Another theory considers that an image force exists between multilayers of different shear modulus that confines dislocations in the low shear modulus region and inhibits movement to the high modulus region [8,29]. This means that interfaces act as barriers when dislocations pass across multilayer interfaces, resulting in a higher macroscopic hardness. According to the model of Chu and Barnett [30], the image force effect restraining dislocations across layers is more efficient as Λ increases. However, with larger Λ, dislocations move within single layers more easily, possibly leading to mechanical failure. Therefore, Λ plays a role on hardness enhancement of multilayered coatings, and generally, as Λ becomes smaller the hardness increases first then decreases. In this work, the hardness and Young's modulus TiN/TixAl1-xN nano-sized multilayer coatings Chapter 4 77 varied as a function of Λ. Stress enabled dislocation movement within layers was lower than across layers when Λ was 45 nm. On one hand, as Λ decreased the chance to form dislocations within layers was reduced and there was less dislocation gliding. Moreover, the increased frequency of interfaces created more obstacles for dislocation movement. This hardening mechanism as Λ decreased can be described by the following relationship: (H -H0) ∝ Λ -p , where H0 is the hardness of the bulk material of same composition as the multilayered coating, and p relates to the component layer thickness to period ratio and shear modulus. However, with decreasing Λ a maximum value is achieved, beyond which the hardness decreases because a weakened image force field resulted from interface multiplication that makes dislocation gliding across layers easier.

systematic

Coating morphology

In addition, the diffuse composition modulation can lower the two-phase shear modulus difference and impair the image force effect. In this work, the composition difference decreased with Λ (Figure 4.10), implying a less effective image force and a higher mobility of dislocation across interfaces.

Overall the combined effects of blocking dislocation movement in layers at low Λ, and across layers at high Λ, contributed to a peak in hardness and Young's modulus of the coating with Λ = 13nm.

Tribology

.12 shows the friction coefficient (μ) in ball-on-disk tests versus sliding distance. The counter balls did not wear through coatings to reach the substrate.

Abrasive wear occurred at a rate determined by ball material and coating hardness [31]. The stabilized μ was ~ 0.8-0.9 for 1, 4 and 7 r.p.m coatings and did not vary among coatings with different Λ (Figure 4.12 (a)). The profilometer examined the wear scar, with profiles revealing a shallower depth on the sample deposited at higher substrate rotation speed, suggesting smaller Λ resulted in decreased wear rate and improved wear resistance ( The tendency towards improved wear resistance at lower period is discordant with the hardness variation, indicating that coatings with superior hardness do not necessarily possess high wear resistance. It was reported that the elastic modulus and the H/E ratio was a reasonable indicator of tribology performance [32,33]. In this work, H/E for all periods were similar, suggesting that mechanical properties were not the principle cause for the different wear resistance. A more reasonable explanation is that the increased interface population of shorter period multilayers suppressed crack propagation. The alternating stress field model of nano-scaled multilayers proposed by Mendibide et al. [34] treated the interfaces as obstacles that scatter crack energy and induce crack extension transversally instead of longitudinally. Furthermore, tribo-oxidation might occur during sliding which would compromise the coating properties. However, coatings with smaller Λ have a more uniform Al distribution that would form a protective alumina layer to prevent destructive oxidation.

Conclusion

The cathodic arc deposition technique was used to synthesize TiN/TixAl1-xN multilayer coatings. Often droplets with a core-shell structure spreading over 

Introduction

In order to satisfy more stringent requirements from the machining industry, there is considerable interest in fabricating protective Ti-Al-N coatings by physical vapour deposition (PVD) to deliver superior mechanical properties, wear resistance and thermal stability [1][2][3][4]. From a structural perspective, nanoscale multilayered TiN/(Ti, Al)N coatings produced by various PVD techniques have shown promise [5,6], as presented in Chapter 4. The primary objective is to generate superlattices of alternating lattice-mismatched rock-salt TiN and (Ti, Al)N layers to enhance mechanical properties beyond single-phase bulk coatings. From a chemical perspective, numerous elements, such as Si [7,8], Cr [9] and Y [10], can be alloyed with Ti-Al-N coatings to improve thermal stability and oxidation resistance, while with vanadium wear resistance can be improved [11]. Yttrium has a high affinity with oxygen and forms dense oxides [12]. This can be exploited by chemically incorporating Y into TiN coating grain boundaries to getter oxygen, and block Ti and Al diffusion paths with yttrium oxide leading to oxidation resistance [13]. Meanwhile, Y alters the Ti-Al-N coating microstructure by accelerating renucleation and generating wurtzite as a secondary phase in Al-rich coatings, which particularly effects mechanical properties [14,15]. The deposition configuration and processing parameters significantly affect Y content and distribution, and understanding how these influence the Ti-Al-Y-N coating is a pre-requisite to developing reliable deposition processes and delivering superior coating performances.

In 

Experimental methods

Sample deposition

The depositions were performed in a PLATIT planar device equipped with three targets and a two-fold rotary substrate holder. The Ti and Al0.6Ti0.4 alloy targets were arc evaporated and DC magnetron sputtering used for the pure Y target. For mechanical and tribology tests depositions were made on AISI M2 HSS substrates, while for tensile and oxidation studies the substrate was 304L stainless steel. These substrates were polished to a mirror finish with 1 µm alumina, then cleaned by alcohol and degreased with soap. Substrates were etched in the deposition chamber with an argon plasma (time = 2 min / pressure ≈ 0.3 Pa / bias ≈ -800V) and Ti plasma (10 min / ~ 1 Pa / -700V) consecutively.

This was followed by deposition of Ti (~ 0.5 µm) and TiN layers (~ 0.5 µm) to improve adherence. The multilayer deposition parameters are listed in Table 5.1.

Initially, the Y target power supply was set to 0 W, 1500 W and 2300 W when the substrate rotation speed was fixed at 5 revolutions per minute (r.p.m).

Subsequently, the rotation speed was varied from 1 r.p.m to 5 r.p.m with the Y target power fixed to 2300 W.
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Coating characterization

Scanning electron microscopy (SEM) (FE-SEM JEOL 7800F) was employed to observe surface and cross-section morphology. The coating composition measured by energy dispersive X-ray analysis (EDX) (Brucker) (Table 5. 5.3), as illustrated in Figure 5.1, consistent with earlier results [16] and Chapter 4.

Nano-multilayered Ti1-x-yAlxYyN coatings Chapter 5 87 The coating hardness and Young's modulus were measured and derived from nanoindentation (NHT-CSM). A Berkovich diamond tip was employed and the calculations based on the Oliver and Pharr method [17] by averaging 10 indentations. As discussed in Chapter 3, the indentation depth was set to 200 nm so that the substrate would not influence the hardness result if the penetration did not exceed 10 % of the coating thickness [18].

Tensile tests, coupled with in-situ SEM were used to evaluate coating adhesion deposited on stainless steel substrates. Samples were loaded on the tensile unit Nano-multilayered Ti1-x-yAlxYyN coatings Chapter 5 88 inside the SEM chamber [19], and force applied at a stain rate of 0.05 mm / min, with the test stopped when the strain reached 30%. In-situ SEM images were recorded at 200× magnification and the strain versus stress curve correlated with cracking images.

Coating wear resistance was evaluated by the ball-on-disc test (CSM tribometer) at room temperature conducted at a relative humidity of 40% -50%. The WC/Co counter ball was 6 mm in diameter and slid on the coating surface in 3

mm radius circles at a velocity of 100 mm/s. The sliding distance was 188 m for 10000 laps. A constant load of 10 N was applied on the counter ball, with the friction coefficient recorded along with the sliding distance. The wear scar profiles were examined by a profilometer (ALTISURF500) with a height resolution of 10 nm. The scanning speed was 15 μm/s.

In order to assess oxidation resistance, 2 cm × 1 cm × 1 mm stainless steel pieces were completely coated and annealed at 800°C for 10 hours in air. XRD patterns of the annealed samples were measured by a Bruker Advance D8 diffractometer in Bragg-Brentano geometry using Cu Kα radiation (λav = 1.54187 Å). The weight variation after annealing was also recorded.

Coating structural analysis

X-ray diffraction

XRD of the Ti1-x-yAlxYyN coatings with y = 0, 0.012 and 0.024 prepared at 5 r.p.m confirm the multilayers possess a rock-salt fcc structure, with substrate and Ti buffer layer reflections also visible (Figure 5. (referred to as AlNW) [22]. The bulk, cubic Ti1-xAlxN (referred to as Ti-Al-NR) forms when x ≤ ~ 0.70, beyond which AlNW separates according to experiment [23][24][25] and first-principles simulations [26]. Yttrium may alter Al distribution, thus the solid solubility of Al in Ti-Al-NR varies [27]. Incorporating Y into Ti1-xAlxN promotes AlNW formation and reduces the solid solubility of Al in TiNR [28,29]. This is consistent with Riedl et al. [3] where AlNW was detected in Ti0.41Al0.57Y0.02N by XRD. In this study, wurtzite was not detected by XRD in Ti1-x-yAlxYyN (y = 0, 0.012 and 0.024), but deposition by rotating the substrate through successive targets created Y-rich regions next to Ti-Al-N layers where AlN wurtzite crystallites were stabilized by Y segregation (Figure 5.7). In this case, the wurtzite is epitaxial to rock-salt such that {1-10}R // {10-3}W, <11-2>R // <311>W. The coalescence of AlNW and Ti-Al-NR was also reported by Szekely et al. [15] in (Ti1 -xAlx)1 -yYyN (y = 0.02; 0.72 < Ti/Al < 0.88) with the < 001>W // <111>R epitaxy. The epitaxial relationship between AlNW and Ti-Al-NR accompanied by Ti-Al-NR renucleation gives rise to crossed acicular grain morphology and smaller crystals as Y content increases. Therefore, it was concluded that Ti0.988-xAlxY0.012N and Ti0.976-xAlxY0.024N coatings of 5.5 nm period are primarily rock-salt fcc, but Y decreases the grain size, weakens <111> epitaxial growth, modifies grain morphology and induce wurtzite crystallisation.

In combination, these factors influence mechanical and thermal performance.

As discussed in 5.3.1, if the Y addition was fixed at 2.4 at% and the substrate rotation speed varied from 5 r.p.m to 1 r.p.m the coating texture changed from <111> to <200> because the Y-rich region expanded as Λ increased disrupting grain epitaxy (Figure 5.3). Indeed, <111> texture was absent when Λ increased to 7 nm (4 r.p.m) from 5.5 nm (5 r.p.m) and preferred orientation was not prominent in 4 r.p.m (Λ = 7 nm) and 3 r.p.m (Λ = 8 nm) coatings, but rather 96 <200> was evident in 2 r.p.m (Λ = 13 nm). Hardness increased together with yttrium concentration because displacing Ti or Al by Y in Ti-Al-NR, hinders dislocation movement through solid solution hardening [30]. Concomitantly, significant grain size reduction also restricts dislocation movement by introducing more grain boundaries [31]. This effect would also trap compressive stress and harden the coating [32]. In this work, This inverse correlation between compressive stress and hardness can be attributed to grain size reduction caused by renucleation, which favours hardness enhancement while relaxing point defects and lowering the intrinsic stress through the higher frequency of grain boundaries [33]. where mechanical failure is initiated and degrades hardness [34]. What is more, for Λ ≥ 13 nm (deposited at 2 r.p.m and 1 r.p.m) there was a visible Y-rich layer in each multilayer period, which significantly blocked epitaxial grain growth across layers and equiaxed grains formed. The Y-rich secondary (semi)crystalline phase separates equiaxed grains via semicoherent or incoherent interfaces, that lowers hardness. Therefore, it is concluded that Y was incorporated more uniformly as Λ decreased, and as its disruption on grain growth weakened, the coating showed improved mechanical properties.

Coating adhesion and wear resistance

Coating adhesion was evaluated by in-situ tensile tests. The force was applied horizontally at a strain rate of 0.05 mm / min on the ends of dog-bone shaped substrate covered by 5 r.p.m Ti1-x-yAlxYyN coatings (y = 0, 0.012 and 0.024).

These samples experienced several cracking stages recorded by SEM, including crack initiation, crack propagation and cross-linking, and crack opening (Figure 5.13). Surface cracks extended perpendicularly to the tensile stress direction and curved when intersecting with droplets which are common in CAD processed coatings. Moreover, when the strain was more than 10%, cracks were cross-linked by ~65° to the horizontal direction as a compressive stress was applied by the necking effect of the ductile stainless steel substrate. The cracking of different Y content coatings at strains of 3% 10% and 27%
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𝜏 = 𝜋𝛿𝜎 𝜆 (5.2) 
where τ (Pa) is the interfacial shear strength, δ (mm) is coating thickness, σ (Pa)

is the stress starts cracking and λ (mm) is the maximum saturated crack spacing along the tensile axis. The model is applicable for coatings without intrinsic stress, that present traverse cracks during tensile testing. Therefore, τ could not be derived in this work as the coatings were under compressive stress from deposition and cross-linking cracks that formed early. However, a comparison could be made as suggested by the formula, such that under the same thickness the coating with better adhesion shows shorter distances between saturated cracks leading to a higher crack density.

In SEM backscattered electron images (BEI) of different tensile strains, the number of cracks on 10 horizontal lines were counted and averaged so that a plot of crack density (in unit of number per mm) versus strain was obtained (Figure 5.14). A comparison in 0 at%, 1.2 at% and 2.4 at% coatings show that with < 10% strain the crack density propagated at similar rates, beyond which the rate slowed. The Ti0.988-xAlxY0.012N coating had the lowest saturated crack density. Therefore, it is concluded that the Ti1-xAlxN coating was best adhered to the substrate, while the Ti0.988-xAlxY0.012N showed the worst properties, which may be related to the sudden increase of compressive stress for the 1.2 at% Y addition. Compared to Ti1-xAlxN the lower wear resistance after 1.2 at% Y addition contradicts the improved hardness and H/E value proposed to be an indicator of wear resistance [36]. Therefore, the mechanical properties are not the key factors. Meanwhile, 1.2 at% Y addition significantly increased the compressive stress and deceased adhesion as discussed above, which might be related to the weakened wear resistance. Indeed, according to literature reports wear resistance could be controlled by residual stress, coating compositions or coating adhesion [37,38]. Frictional heat would rapidly relax the residual stress in highly strained coatings and aggregate crack propagations. On the other hand, Y addition favours enhancing coating tribology behaviour by increasing resistance to frictional tribo-oxidation that commonly occurs in friction at room temperature [39]. Increasing Y content could effectively suppress tribo- 

Coating oxidation resistance

The coatings on stainless steel substrates including Ti1-xAlxN, Ti0.988- Therefore an improved oxidation resistance is obtained. The lower oxygen fugacity favouring substoichiometric oxidation of Ti was probably caused by the Y segregation effect. In Ti1-xAlxN the oxidation is realized through inward oxygen diffusion to the oxide/nitride interface and Al diffusion outward through grain boundaries to the oxide-vapor interface [40].

Nano-multilayered Ti1-x-yAlxYyN coatings Chapter 5 107 Furthermore, columnar grains in coatings offer direct pathways between the substrate and vapor-coating interface. However, Y atoms have high surface mobility and affinity to oxygen at elevated temperature and tend to segregate to grain boundaries, forming yttrium oxide that inhibits diffusion [12]. The observation that coatings without Y present mostly θ-and α-alumina, while 2.4 at% Y lead to cubic γalumina can be attributed to oxygen vacancy consumption by Y, which is necessary for the transformation of metastable to stable alumina [41,42]. It has been reported that thermodynamically stable alumina was arranged from unstable alumina at high temperature by annihilating cations and anion vacancies [43], in the stabilization sequence γ → θ → α-alumina [44]. Thus incorporating excessive Y slows alumina structural rearrangement, which attenuates the entire oxidation process. 

Conclusion

Introduction

Nanocomposites containing crystallites smaller than 10 nm connected by amorphous phase grain boundaries show enhanced hardness because sources of dislocation multiplication inside crystallites are removed [1]. One advantage of nanocrystalline/amorphous coatings over nanolayerred coatings is that isotropic systems are nearer thermodynamic equilibrium, compared to misfit lattice strained architectures that are highly anisotropic [2]. This leads to the improved wear resistance required for tribological coatings. In practice, the fabrication of nanocomposite films should combine a high rate of nucleation with slow crystal growth. Magnetron sputtering (MS) with low-energy ion bombardment is suitable for nanocomposite films preparation [3][4][5][6]. Besides controlling ion bombardment energy, adding elements to promote the amorphous phase segregating to grain boundaries is another way to generate the nanocomposite structure. The large miscibility gap between crystalline TiN and Si3N4 predisposes the formation of a binary nanocomposite [7]. Moreover, TiN and amorphous (a-) Si3N4 both have a high elastic modulus (calculated Young's modulus of a-Si3N4 is 290 GPa [8], TiN was reported in the range of 400 -650

GPa [9][10][11]) which promotes enhanced hardness. Additionally, Si3N4 could improve the thermal stability and oxidation resistance of crystalline TiN films by blocking oxygen diffusion along grain boundaries [12]. Hence, by controlling the silicon content and physical vapor deposition (PVD) parameters nanocrystallite size and orientation can be designed to enhance mechanical properties and thermal stability.

During reactive magnetron sputtering phase segregation in the TiN/amorphous (a)-Si3N4 nanocumposite thin films is promoted by high nitrogen pressures ( ≥ 0.1 Pa) and deposition temperatures (550 -650°C ) at low deposition rates (~1.8 nm/s) [1]. Conventional low temperature PVD with non-equilibrium ion bombardment cannot assure phase segregation, but will produce a metastable Nanocomposite TiSiN coatings Chapter 6 115 solid solution phase [13], and generate columnar morphology with large grain size and rough coating surfaces. High power impulse magnetron sputtering (HiPIMS), as a unique low temperature deposition process, could realize the nanocomposites as its low-energy high-flux ion irradiation is advantageous for renucleation, leading to a smooth surface and dense film. The high peak power density in HiPIMS produced by increasing peak current can sputter and ionize large numbers of target atoms and enhance renucleation to suppress columnar grains and promote the formation of featureless nanocrystallites [14]. Therefore, HiPIMS favours phase segregation during TiN/Si3N4 nanocomposite deposition [15].

This chapter describes how the TiN/Si3N4 nanocomposite structure is modified by adjusting the Si/(Ti+Si) atomic ratio during fabrication using a hybride technique of HiPIMS and direct current (DC) magnetron sputtering. HiPIMS was used on the Ti target to obtain dense ionization and promote interface adhesion of the thin film to substrate, while DC magnetron sputtering on a Si target controlled composition. The microstructures and microchemistry of the coatings were correlated with mechanical, tribological properties and oxidation resistance.

Experimental methods

Sample deposition

The deposition was performed in a Balzers 640 R unit equipped with 128 × 254 mm 2 Ti and Si targets of 99.9% purity mounted on a rotating substrate holder (Figure 6.1). The Ti target was powered by HiPIMS (Huttinger 4002) while Si was powered by pulsed-DC magnetron sputtering (Pinnacle Plus). The bias applied to the substrate holder was -50 V and its rotation speed was 20 r.p.m.

The deposition temperature was < 200°C and the deposition duration 180 min.
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The Ar flow was 200 sccm and N2 flow was 5 sccm. On the Ti target the HiPIMS peak voltage was -700 V and pulse-on-time was 28 µs. The frequency was 500 Hz and the average target current ~ 2 A. For the Si target the current varied from 0 to 0.9 A, with a frequency of 50 kHz and power-off time of 5 µs.

The drawing distance from the Ti and Si targets were 50 mm and 140 mm respectively. In this manner, materials of fixed Ti concentration, but variable Si contents, were obtained. The substrates were M2 HSS cylinders 30 mm in diameter, that were polished to a mirror finish. The detailed processing parameters are collected in Table 6.1.

Sample characterization

Cross section fracture surfaces were observed with a field emission scanning electron microscope (FESEM) by secondary electron imaging (SEI) (JEOL JSM-7800F) and the microstructure examined by a transmission electron microscope (TEM) (JEOL 2100F) operated at 200 kV. Energy dispersive X-ray spectroscopy (EDX) coupled with FESEM was used to determine Si content and distribution. X-ray diffraction (XRD) (λCo = 0.1788970 nm) in θ -2θ mode was employed for phase analysis of the as-deposited and annealed samples using a Brucker D8 device. Pawley fitting [16] and the Debye-Scherrer method [17] were used to derive lattice parameters and crystal size respectively.

Nanoindentation with a Berkovich diamond tip (NHT CSM) was used to measure and calculate hardness and Young's modulus by the Oliver and Pharr method [18] with results averaged over 40 replicates and with the depth < 10% of the coating thickness to avoid substrate artefacts. The coating wear resistance was evaluated by ball-on-disc tests (CSM tribometer) performed at 19-22°C and a relative humidity of 33 -39 %. The counter ball material was WC/Co with a constant 10 N load on the ball, and the wear track on sample surface was

Composition and structure analysis

Si content was confirmed by EDX analysis and increased linearly with power supplied to the Si target (0 to 0.9 A) while the power supply on Ti target was fixed, such that the cation ratio ranged from 0 to 20 at%. (texture coefficient T * <111> ~ 98%), however, beyond 2.89 at% the <111> coefficient decreased significantly, while <200> became the predominant orientation, e.g. in Ti0.9404Si0.0506N and Ti0.9236Si0.0764N, T * <111> / T * <200> = 14/86. (The coating with 2.89 at% Si shows additional unidentified reflections thus the pattern was not ameanable to texture and crystal size analysis). The texture transformation from <111> to <200> is driven by the changing dominance of Nanocomposite TiSiN coatings Chapter 6 119 strain energy to surface energy. As more Si was added into the coating, the grain growth was interrupted and renucleation occurred with TiN and Si3N4 segregating. Smaller crystals formed where surface energy minimization is dominant for crystal growth, rather than strain energy. Hence, grains tend to grow along the close-packed planes {200} planes of rock-salt TiN [19]. The texture transformation was also consistent with a smaller crystal size. As Si increased to 9.72 at% the (200) peak broadened due to reduced coherent crystal domains, and grains were less textured (T * <111> / T * <200> = 26/74). Adding ≥ 13.51 at% Si removes the <200> and <111> reflections, indicating the formation of an X-ray amorphous phase. Coatings with Si content ≥ 13.51 at% which are not included as no obvious reflections were observed.

Crystal sizes fitted according to the Debye-Scherrer method [17] as implemented in using Topas V3 varied with Si content (Figure 6.5). The Ti0.9941Si0.0059N coating has a crystal size of 45 nm ± 3 nm. As Si content increased, the crystal size development proceeded through three stages. In the first stage with 0 ≤ Si ≤ 3 at% the crystal size diminished with the texture transferring from <111> to <200>. Due to the immiscibility of TiN and Si3N4 [20] 

Microstructure and morphology

The cross sections of TiN and Ti0.903Si0 that predicts fully segregated phases with randomly distributed crystallites. Crystals of Ti0.903Si0.097N are often twinned on (111) (Figure 6.8). The intergranular region is probably occupied by X-ray amorphous Si3N4, as 124 reported theoretically and experimentally [25,26]. According to Vepřek and Reiprich [2], the high hardness (> 50 GPa) arises from a nanocomposite archetecture where TiN nanocrystals terminated at (hkl) inferfaces and are attached to co-incident interfaces (h'k'l') of other TiN nanocrystals through a strong and sharp Si3N4 monolayer coherently. The presence of twin crystals implies grain growth was interrupted by silicon but the intergranular region does not fully encapsulate the TiN crystallites (Figure 6.8 (c)). In Ti0.903Si0.097N, the Si3N4 did not disrupt the TiN crystals to a randomly orientated collection of nanocrystallites, as residual <200> texture was evident in XRD (Figure 6.7).

Ti-Si-N properties

Hardness and Young's modulus

The hardness of TiN is 22 ± 4 GPa and with the addition of 2.89 at% Si significantly improves the hardness to 36 ± 2 GPa while Young's modulus increases from 340 ± 60 GPa to 476 ± 38 GPa (Figure 6.9). At lower concentrations, Si probably substitutes directly for Ti to form a solid solution that creates chemical point defects that disrupt dislocation movement. In addition, the large immiscibility between TiN and Si3N4 also promotes a systematic reduction in crystal size that contributes to hardness enhancement.

At ~ 10 at% Si, the crystal size stabilized around 10 nm (Figure 6.4), and a maximum hardness of 41 ± 3 GPa is attained. Beyond this level, Si decreases hardness, possibly as a consequence of wide disordered Si3N4 layers that weaken grain boundaries. properties by limiting dislocation generation and increasing the prevalence of grain boundaries that introduce dislocation pill-up and stress fields. However, should the crystals reduce below a critical value, local sliding at grain and phase boundaries will promote mechanical failure [27,28]. The nanosize effect could double the hardness at a crystal size to ~ 10 nm [29]. In Ti-Si-N the large immiscibility between TiN and Si3N4 favours nanosized structures and moreover, a proposed model of 3-4 nm random orientated crystallites separated by 1 monolayer thick (0.3-0.4 nm) Si3N4 could improve the hardness further by a factor of 4 -5 (Figure 6.10) [30]. In this content, it is noted that Si3N4 is not conventionally amorphous with atomic disorder, but refers to an X-ray amorphous phase of 1 -2 monolayer thickness. Dislocations will not appear in 3 -4 nm crystals thus the weak link in nanocomposite Ti-Si-N will be the TiN/ Si3N4 interfaces. Based on the calculations of Hao et al. [26], a single monolayer of Si3N4 is strongest as the valence charge force is transferred from TiN resulting in hard boundaries [31], while thicker grain boundaries (> 1.3nm) would degrade mechanical properties and thermal stability. In this study, the hybrid of PVD HiPIMS and DC magnetron sputtering techniques were used to Bendavid et al. [24], the hardness was enhanced by adding 10 at% Si and deteriorated beyond that content. However, the partially <200> textured Ti0.903Si0.097N coating suggested that the crystallites were incompletely encapsulated by Si3N4, explaining the relatively low hardness (41 ± 3 GPa) compared to the CVD Ti-Si-N with hardness > 50 GPa [32]. Therefore, further examination of the microstructure including the distribution of Si and texture is required. Veprek [20] suggests that oxygen impurities can bond with intergranular SiNx to form -Si-NxO-clusters, which not only weaken the nearby Ti-N bonds leading to a soft interfaces, but hinder phase segregation to form the nanocomposite structure with their low diffusivity. Currently, it is impossible to offer insight into the presence or absence of oxygen due to the inadequate lower limit detection of EDX. Further chemical analysis using wavelength dispersive X-ray microanalysis or solid state nuclear magnetic resonance (NMR) spectroscopy could be informative in this regard. 

Nanocomposite TiSiN coatings

Tribology

Tribology behaviour is largely controlled by the counter material and environment. Here ball-on-disk tests compared the wear resistance of the TiN and Ti0.903Si0.097N coatings to yield friction coefficients from 0.5 to 0.8 (Figure 6.11 (a)). Coatings with Si shows slightly lower values ascribed to selflubricating layers of SiO2 or Si(OH)2 as reported previously [33]. 

Oxidation resistance

The oxidation resistance of Ti-Si-N coatings was examined by XRD after soaking at 700°C for 2 hours in air. These conditions generate TiO2 rutile in TiN but oxidation is passivated when Si addition exceeds 10 at% (Figure 6.12).

Moreover, the coating hardness deteriorated after annealing due to the presence of less hard titania (Figure 6.13), and possibly crystal growth. Si addition improves annealed coating hardness, suggesting higher Si content in Ti-Si-N can preserve the hardness and enhance thermal stability.

Si-free TiN coatings decomposed and released nitrogen, especially along grain boundaries, as these were vulnerable to oxidation, and provide diffusion pathways for inward migration of oxygen and outward percolation of cations.

Columnar TiN shows the poorest oxidation resistance because the grain boundaries provide direct routes from surface to substrate migration which weakens coating adherence [12]. However, when a-Si3N4 is dispersed among TiN crystallite it acts as barrier to oxygen diffusion. It is possible that annealing oxidizes Si3N4 to create a thin silica passivation shell around crystallites [35]. Silicon content (at. %)

Figure 6.13

Coating hardness versus Si content before and after annealing

Conclusion

In this chapter, Ti-Si-N coatings with variable Si content were deposited by a combination of HiPIMS (Ti target) and DC-pulsed magnetron sputtering (Si target). HiPIMS ensured the fabrication of droplet-free, dense and smooth coatings, where the composition was well-controlled and the Si to (Si + Ti) ratio varied linearly with the applied current on the Si target.

Tailoring Si content was used to control the Ti-Si-N nanocomposite microstructure, that in turn determined mechanical and oxidation resistance. At higher Si content, the coating texture evolved from <111> (0< Si <3 at%) to <200> (3< Si <10 at%) and finally removes preferred orientation (Si > 10 at%). Simultaneously, passivating silica hinders crystal growth and preserves the nanocomposite microstructure. Further work is required to establish whether the TiN crystallites are completely encapsulated by a-Si3N4 intergranular films.

Chapter 7

Conclusions and future work

The outcomes of this thesis are summarized and discussed together with a strategy to complete examinations of the three studied hard coating systems. For the TiN/Ti x Al 1-x N and yttrium-incorporated Ti 

Conclusions and discussion

In this thesis, three TiN-based hard coating systems were explored from the standpoint of nanostructure and chemical modulation. In every case, materials were deposited by physical vapor deposition (PVD) techniques with functionality tuned by systematic modification of the principle processing parameters. A performance matrix was constructed by comprehensive structure and property characterization that was correlated with the processing methods. The TiN/TixAl1-xN coatings show that superlattices enhance hardness but this phenomenon is complex with several factors in play. Proposed models [1][2][3][4] include an image effect arising from shear modulus differences and coherency strain from misfit lattice parameters. For example, it was reported that V0.6Nb0.4N/NbN with similar shear modulus and 3.5% lattice mismatch did not show improved hardness [5]. The lattice parameter mismatch shown in Chapter The multilayer coating better resisted wear as Λ decreased, but H/E ratio was not primarily responsible [6]. More probably, the greater interface frequency contributes to crack energy scattering and friction crack extension parallel to the surface, rather than direct penetration inside substrate. It remains to be demonstrated if better tribological performance will be maintained at elevated temperatures. The hardness and Young's modulus decreased substantially with increasing Λ.

The TiN/TixAl1-xN coatings deposited at 5 r.p.m showed superlattice features.

Incorporating an Y metal target into the deposition system improved hardness while the residual stress peaked at 1.2 at% Y, due to several factors including residual stress originating from ion bombardment during deposition [7,8], a solid solution hardening effect [9] and a grain size effect [10]. For example, in the coating with 2.4 at% Y the hardness was enhanced not only by residual strain compared to 1.2 at% Y coatings, but the smaller grain size according to the Hall-Petch effect [11] as observed by transmission electron microscopy (TEM). These smaller acicular grains are possibly induced by a secondary phase. However, solid solution hardening could not be confirmed even though atomic scale chemical mixing was observed by X-ray diffraction (XRD).

Increasing the substrate rotation speed from 1 r.p.m to 5 r.p.m results in an Y redistribution. For smaller periods, grains penetrate the layer interfaces and become acicular with coherent layer interfaces and grain boundaries. Therefore, dislocations do not easily cross interfaces or grain boundaries leading to enhanced hardness.

Conclusions and Future work

Chapter 7
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The Y content effect on adhesion and wear resistance was demonstrated.

Incorporating 1.2 at% Y lowers both adhesion and wear resistance due to the high residual strain. In fact, adding 2.4 at% Y increased coating toughness compared to the 1.2 at% Y, but the toughness could be not be readily quantified.

Further, Y additions change the oxidation mechanism at elevated temperatures.

To explain the composition of the oxidized sample composition two mechanisms were postulated. First, poorer inward diffusion of oxygen as Y segregates to grain boundary blocked diffusion pathways, and second, the oxidization process is retarded as Y occupies the vacancies that stabilize the oxide. These reported phenomena [12][13][14] could not be directly validated. In conclusion, the coating deposited at 5 r.p.m with 2.4 at% Y is the best option among those tested for high speed machining applications.

Nanocomposite Ti-Si-N coatings

The Ti-Si-N nanocomposite was tailored by varying silicon content. The first outcome is that the incorporated Si could be controlled by adjusting the power on the Si target. Meanwhile, the microstructure changed with Si content as shown by XRD in Chapter 6. When Si increased from 0 to 10 at% the texture transferred from <111> to <200>, but for Si > 10 at% the <200> texture was removed. This change in texture was accompanied by the reduction of crystal size and an improvement in hardness and Young's modulus increasing to ~ 10 at% Si, beyond which the properties degraded. Moreover, oxidation resistance and hardness at elevated temperatures are enhanced by Si addition.

According to calculations [15,16], a nanocomposite consisting of randomly and consisted of columnar grains with <200> textures. As the size of the textured crystals was around 10 nm, the desired nanocomposite structure with randomly oriented nanocrystallites and hard interfaces was not generated. In this instance, the hardness was probably enhanced only due to the nanosize effect [17], that inhabits of dislocation generation and/or motion due to the higher grain boundary frequency. However, without hard interfaces the predicted hardness was not achieved. A contributing factor to the non-ideal nanocomposite will be the presence of impurity oxygen that hinders crystalline and amorphous phase segregation, but preferentially stabilizes a Ti-Si-N solid solution in column grains, that degrades mechanical properties [18,19]. This could be clarified using electron energy loss spectroscopy (EELS) to detect It is apparent that higher Si contents create coatings that are harder and more resistant to oxidation. A reasonable explanation would be that the accumulation of Si at grain boundaries acts as a barrier to inward oxygen diffusion. It was reported that crystalline coatings exhibit a lower oxidation resistance, compared to X-ray amorphous coatings, as grain boundaries in crystalline materials provide fast diffusion pathways from the atmosphere to the substrate/coating interfaces [20]. In this thesis, while the correlation between oxidation resistance and Si content was established further structural information is required to fully validate this supposition. To this end, the Si distribution within the as-deposited grains by highlighting the Ti associated iso-density areas [23].

It is possible that a solid solution can be generated due to incomplete phase segregation that is stabilized by impurities. A commonly applied approach to drive phase segregation is to increase the deposition temperature or N2 pressure but this is uneconomic and limits the coating application range (as high speed steel softens above 550°C ). Otherwise, unambiguous detection of discrete amorphous Si3N4 at grain boundaries is required. Light element detection using electron energy loss spectroscopy (EELS) could clarify if carbon and oxygen "trap" Si within crystals, and so direct effort towards fabricating purer coatings.

In turn, chemically pure coatings could decrease the deposition temperature. or the Si target power configuration. In this case, parameters could be modified to avoid this microchemistry.

Implications and outstanding questions

This work focused on superlattice hardening and nanocrystalline/amorphous composite hardening to design TiN-based coating systems and deposit them by controlling a range of processing parameters. Comprehensive characterization revealed coating structures were correlated with processing parameters and mechanical properties, as a precursor to reproducible industrial production.

Yttrium addition is a promising and efficient option to enhance hardness and toughness simultaneously. Therefore, a key outcome of this work is deploying comprehensive correlation of processing and performance as basis to develop novel hard coating systems and PVD processes. The extensive structural characterization of large-scale coatings provides confidence that the evaluations are of practical relevance. Moreover, the integrated performance tests under high temperature, high speed friction and plastic deformation, suggest the designed system may be viable for high speed industrial machining. However, the mechanisms by which processing variants deliver structural and performance modification requires further simulation and experimental work.

The goal would be to create a process to deposit super (80 GPa ≥ H ≥ 40 GPa), or even ultra-hard (H ≥ 80 GPa) coatings, especially Ti-Si-N nanocomposites consisting of nanocrystallites and hard grain interfaces. There is much room for improvement as the best performing materials produced in these studies delivered H ~ 41GPa for Ti0.903Si0.097N.
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  Examining coating cross-sections by scanning electron microscopy (SEM); Verifying the coating texture by X-ray diffraction (XRD) conducted in Bragg-Brentano geometry;  Measuring the grain and crystal size by a combination of XRD and transmission electron microscopy (TEM); Revealing structural details including grain morphology, grain boundaries and secondary phases by high resolution transmission electron microscopy (HRTEM); and  Determining the microchemical composition by energy dispersive X-ray (EDX) analysis coupled with SEM. Evaluation of coating performance including: Mechanical properties, mainly hardness and Young's modulus by nanoindentation; Wear resistance by checking the friction scar after ball-on-disc tribology tests; Adherence by in-situ tensile testing in an SEM; and  Oxidation resistance through analyzing coating oxide composition by XRD after heat treatment. Demonstration of the reproducible control of: Critical coating processing parameters for the delivery of specific microstructures; and  Film microstructure correlations with coating performances.

Chapter 1

 1 describes the needs and challenges to manage the expanding complexity of hard TiN-based films within a framework of an incomplete fundamental understanding of the correlations among specific processing methods, structures, composition and properties. These questions define Objective and Scope of the investigation. Chapter 2 reviews the principle PVD techniques and the origins of hardening initiated by ion bombardment. The compositional and structural design principles of superhard coatings are presented, along with modelling, that underpins the experimental and characterization methodology used in the following Chapters. Particular attention is paid to state-of-the-art nano-scale ternary systems that deliver enhanced mechanical and thermal properties. Finally, open questions regarding the TiN systems are collated as a basis for defining the problem statement of these studies. Chapter 3 describes the principles and practice of the major experimental methods employed in this thesis, including coating deposition techniques (CAD and HiPIMS), structure characterization techniques (XRD and electron microscopy), and physical property testing (nanoindentation, tribology and tensile tests). These complementary methods are integrated to comprehensively analyse hard coating processing, structure and properties that provide guidance to deploy PVD techniques and optimize materials performance. Chapter 4 details multilayer TiN/TixAl1-xN coatings deposited by CAD with variable superlattice periods that deliver distinct mechanical and tribological
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 21 Figure 2.1 PVD techniques: (a) vacuum evaporation; (b) sputter deposition; (c) magnetron sputtering; (d) cathodic arc deposition; (e) anodic arc deposition; (f) ion plating with filament evaporation; (g) ion plating with sputtered target; (h) arc ion plating; (i) ion-beam assisted deposition * .
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 1622 deteriorates as the fraction of grain boundary atoms increases and interface sliding becomes dominant. As reported, the weakened hardness when grain size falls below dc follows a reverse Hall-Petch relationship with d, expressed by Literature review Chapter 2 but with negative k present[22]. The overall relationship of hardness versus grain size is shown in Figure2.2[23].

Figure 2 . 2

 22 Figure 2.2Hardness versus grain size * .

Figure 2 . 3

 23 Figure 2.3 Nanocomposite coating categories: (a) Nanosized multilayer structure (cross-section view); (b) Nanocolumnar structure (cross-section view); (c) Bi-phase nanograin structure (plane view); (d) Nanocrystalline encapsulated by secondary phase (plain view) [3].

  vacancies. Deep collision cascades can initiate line, planer and bulk defects. These defects can be characterized by high resolution transmission microscopy (HRTEM).

Figure 2 . 4

 24 Figure 2.4The schematic illustration of 10-1000eV ion bombardment effect during ion-beam assisted deposition. *

Figure 2 . 5

 25 Figure 2.5 Hardness versus the reciprocal square-root of crystal size of nanocrystalline ZrN coatings deposited by DC magnetron sputtering *

Figure 2 .

 2 6 shows a series of XRD patterns of TiN/NbN of various periods deposited on a MgO substrate[37]. Two reflections belonging to NbN and TiN can be resolved when Λ = 130 nm, while only one Bragg peak appears for Λ = 9.4 nm surrounded by satellite pairs, whose positions are dictated by the period Λ.
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 26 Figure 2.6 XRD patterns of TiN/NbN with various periods around the (002) reflection (Λ from 2.3 nm to 130 nm) *

Figure 2 . 7

 27 Figure 2.7 Schematic illustration of multilayer modulation used in the Chu and Barnett calculation where the interface composition and modulus gradient vary in a constant stepwise gradient: (a) trapezoidal modulations for large period; (b) sawtooth modulations for small periods. *
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 28 Figure 2.8The predicted hardness obtained by combining models of dislocation gliding in and across TiN/NbN layers compared with measured hardness * .
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 29 Figure 2.9 Relationship of hardness versus Si content and of the crystallite size versus Si content of nc-Metal Nitride/a-Si3N4 nanocomposites deposited under lowenergy ion bombardment plasma assisted CVD * .

*

  Reprinted from Surface and Coating technology, Vol.201, Stan Veprek, Maritza G.J. Veprek-Heijman, The formation and role of interfaces in superhard nc-MenN/a-Si3N4 nanocomposites, Pages No.6065, Copyright (2016), with permission from Elsevier.
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 210 Figure 2.10The phase diagram of as-deposited TiN-YN-AlN quasi-ternary film * .

  spinodal decomposition. Zhang et al.[START_REF] Zhang | [END_REF] calculated and plotted the Gibbs free energy by mixing TiN and Si3N4 under different nitrogen pressures at 873 K (Figure2.11). TiN is of the rock-salt type while Si3N4 is a hexagonal close packed (hcp) structure. It was concluded that the energy to decompose the two phases is very large, especially when the Si3N4 fraction is around 15-20 %. Any fluctuation of the Si3N4 composition will reduce the Gibbs free energy, indicating that the decomposition of Ti-Si-N will spontaneously form a composite consisting of uniform and randomly distributed TiN crystallites and intergranular Si3N4 with sharp interfaces. The tendency of phase segregation in Ti-Si-N with a demixing energy of 300 -400 kJ / mol is much stronger compared to Ti-Al-N with ~30 kJ / mol[65]. The nitrogen pressure is critical for Ti-Si-N decomposition as higher pressures increase the decomposition the demixing process. Besides, Zhang et al.[66] pointed out that oxygen would result in Si stabilization in the Ti-Si-N solid solution which enlarges crystal size and modifies crystal orientations, that prove detrimental to formation of the nanocomposite structure.

Figure 2 . 11

 211 Figure 2.11 Gibbs free energy of mixing in the TiN and Si3N4 system at a temperature of 873 K in a nitrogen atmosphere as a function of pressures (stoichiometric TiN and Si3N4 as reference state) *

  objective of this research is to deposit and analyze physical vapor deposition (PVD) nanocomposite coatings used in extreme conditions, including high temperature and high speed friction. PVD techniques allow vapor condensation on substrates at low temperature and are employed for sample synthesis. On one hand, for nanomultilayer Ti-Al-N and Ti-Al-Y-N coatings with superlattice structures, the depositions are completed in an instrument equipped with three cathodic arc powered targets and one direct current (DC) -magnetron sputtering target which can be used to dope nonconductive or brittle materials. This instrument is coupled with a rotating substrate holder on which bias is applied to enhance ion bombardment. The holder also controls the multi-layer period, a key parameter to modulate the structure and composition of the coatings. On the other hand, high power impulse magnetron sputtering (HiPIMS) suitable for depositing dense coatings, is employed for the fabrication of Ti-Si-N composites in a nanocrystallite/amorphous structure. HiPIMS can uniquely yield Ti-Si-N nanocomposites with a dense isotropic morphology instead of the familiar columnar structure. In this manner, coating toughness is improved and large scale defects are reduced.The coating analysis is divided into structural and crystallochemical characterizations and property examinations. For structural interrogation, X-ray diffraction (XRD) and transmission electron microscopy (TEM) were the principle tools. XRD can efficiently evaluate coating texture from a large area while TEM allows direct observation of crystal growth, grain boundaries and interfaces. Moreover, the cross-sectional structures can be observed using TEM, which is highly informative for examining columnar grains that are common in PVD coatings. Coating property analysis related to industrial demands is preferred. The coatings will be deposited on high-speed machining tools and thus the hardness, wear resistance and oxidation resistance are key features for examination. The coatings are deposited on high speed steel with a thickness below 5 micron. Nanoindentation is used to measure the hardness and Young's modulus by penetrating several hundred nanometers. Care is required to exclude substrate hardness from affecting the results. As for wear resistance, ball-on-disk tests are employed to represent the tribological behaviours during cutting. Together with post-examination of wear scars by a profilometer the wear rate can be calculated. The oxidation resistance is characterized by heating the samples in air to at least 800°C which is close to the extreme conditions in industrial applications. The structure evolution at elevated temperature can be revealed by XRD of the annealed samples.
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 31 Figure 3.1 CAD system photo (a) and schematic drawing (b). *
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 32 Figure 3.2 Target material emissions from cathode spots. *

Figure 3 . 3

 33 Figure 3.3 Comparison of plasma densities in nature and materials processing (HPPMS is HiPIMS; the abbreviation ECR is Electron Cyclotron Resonance). *

Figure 3 . 4

 34 Figure 3.4The HiPIMS power supply device. *

  sputtering and HiPIMS was employed to deposit Ti-Si-N monolayers as nanocrystalline/amorphous composites (Figure 3.5). The Ti target is sputtered in HiPIMS mode to fabricate TiN nanocrystallites, while a Si target powered by conventional DC-pulsed magnetron sputtering controlled Si content to optimize TiN crystal size. The substrate was operated in the one-fold rotation mode.

Figure 3 . 5

 35 Figure 3.5 The deposition device hybridizing HiPIMS and dc magnetron sputtering. *

Figure 3 . 6

 36 Figure 3.6 XRD Bragg-Brentano geometry. (A: X-ray source; B: divergence slit; C: sample stage; D:anti-diffusion slit; E: receiving slit; F: monochromator; G: detector receiving slit; H: detector; J: focusing circle) [18].

  signals detected and reconstructed to produce images. The signals include secondary electrons (SEs), backscattered electrons (BEs) and characteristic Xrays each with a unique electron-sample interaction volume (Figure 3.7). SEs are produced through inelastic scattering within a few nanometers from the specimen surface and possess energies from 2-50 eV and give information concerning sample surface morphology and topology. BEs are elastically reflected incident electrons whose intensity is proportional to the average atomic number of the probed volume. Such images contain composition information, but to be meaningful topological contributions have to be eliminated by fine polishing. Characteristic X-rays have discrete energies because they are emitted to conserve energy during the transition of quantised electrons to lower energy levels. As the quantised energy is element specific, energy dispersive X-ray spectroscopy (EDX) can examine sample composition qualitatively and quantitatively. In practice, a significant overvoltage is needed Experimental Methodology Chapter 3 47 to induce a high probability of X-ray emission and mirror polished samples are required for reliable quantitation. The quantitative analysis needs to correct detected X-ray intensity with respect to atomic number effects, X-ray absorption and secondary characteristic fluorescence. This technique has a lower limit of detection (LLD) of 1-5 wt% depending on characteristic X-ray energy.

Figure 3 . 7

 37 Figure 3.7The sample-electron interaction volume and the corresponding depth

Figure 3 . 8

 38 Figure 3.8The two operations of a TEM imaging system: Imaging mode and diffraction mode[22].

Figure 3 .

 3 Figure 3.8 shows the two principle modes of TEM operation. Scattered electrons from specimen pass through the objective lens, and generate a diffraction pattern in reciprocal space in the back focal plane that is combined in the image plane (Intermediate image 1). The imaging mode (real space image can be selected by adjusting the strength of the intermediate lens to select the diffraction pattern or image to appear in the intermediate image 2 plane. In imaging mode, an objective apertures can be inserted in back focal plane to generate bright field (BF) or dark field (DF) image. BF imaging is a common operation mode in conventional TEM, where a small number of diffracted beams are allowed to pass through the objective aperture so that thinner regions, or areas of lower atomic number appear with bright contrast. DF imaging is based on the diffraction contrast usually from a single beam passing through the objective aperture, to give contrast arising from thickness or atomic number.

Figure 3 . 9

 39 Figure 3.9 High-resolution images of the lanthanum oxide grown on silicon taken by (a) conventional TEM and (b) aberration-corrected TEM. (a) shows contrast artifacts due to electron delocalization effects at interfaces that are removed in (b) [23]. *

Figure 3 . 10 AThe

 310 Figure 3.10 A geometry drawing of a Berkovich tip (a) and an indent image by a Berkovitch tip from nanoindentation test on a Zr-Cu-Al metallic glass (b) [29].

Figure 3 . 11 AFigure 3 . 12 A

 311312 Figure 3.11 A typical example of compliance curves in a nanointentation experiment. (Pmax: the maximum load; hmax: the maximum penetration depth beneath the sample surface; hr: the residual impression depth, he: the displacement associated with elastic recovery; hc: the penetration depth of the contact area) *

  .13). The metal-ceramic interfacial shear strength is estimated from the following equation: τ= πδσ λ (3.12) where τ (GPa) is the shear strength and σ (GPa) is the coating tensile strength determined by σ=Eε f , (E (GPa) is the coating Young's modulus and εf is the strain value when the cracking starts) and δ (µm) is the thickness of the coatings. Finally λ (µm) is the maximum crack spacing when the crack density stabilized. The Agrawl-Raj mode shows the maximum crack spacing is twice the minimum crack spacing. Thus crack distribution can judge whether * Reprinted from "W.C.Oliver, G.M.Pharr, An improved technique for determining hardness and elastic modulus using load and displacement sensing indentation experiments, Journal of Materials Research, 7, 06, 1573," reproduced with permission. Chapter 3 56 cracking under tensile strain is following the Agrawl-Raj mode, and if interfacial shear strength can be calculated by equation (3.12).
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 313314 Figure 3.13 Schematic illustration of the tensile test on metal-coating system (left)and the relationship between tensile strain and crack density (right). *

  coefficient and wear volume. A ball-on-disc tribometer consists of a stationary ball under a constant load and a rotating disc which is in contact with the ball (Figure3.15). During the tribology test, friction occurs continuously between the ball and sample surface with a wear track of a certain diameter. The friction force F is recorded and the coefficient µ directly calculated as the ratio of the friction force F (unit: N) to the loading force N (unit: N) according to the general equation:F=µN (3.14)The final result is a plot of the friction coefficient versus the sliding distance (m). The coating wear volume (mm 3 ) is determined by examining the surface using a profilometer after the test. The wear rate of each coating is calculated as:V=kNs (3.15)where V (mm 3 ) is the wear volume, N (N) is the load and s (m) is the sliding distance. k is the specific wear rate coefficient and its unit is mm 3 /Nm. Higher wear rates mean material was removed more rapidly, indicating poorer wear resistance in the case of protective coatings. The results should be treated critically however, as the operation environment will influence wear rate and coating wear performance should be made under identical experimental parameters. Therefore, this test is a simple simulation of wear and is appropriate for comparative examination of similar materials. Such circumspection is needed because during testing high local pressure during twobody contact may change due to plastic deformation, which is influential on wear mechanism and change the friction mode[35].

Figure 3 . 15 A 3 . 4

 31534 Figure 3.15 A ball-on-disc tribometer (a) and a tribology testing illustration. *

  microstructural characterization of TiN/TixAl1-xN nanolayers is lacking, as is the optimization of mechanical and tribological performance as a function of Λ. This chapter describes the fabrication of TiN/TixAl1-xN coatings by cathodic arc deposition (CAD) [14] with Λ controlled by substrate holder rotation speed and tests that the decreased Λ and increased interface concentration enhance coating properties to a saturated value. In order to reveal the relationship between structure and performance, coatings of different Λ were examined by electron microscopy and powder X-ray diffraction (XRD); while hardness and wear TiN/TixAl1-xN nano-sized multilayer coatings Chapter 4 65 resistance were measured by nanoindentation and ball-on-disc tests respectively.In this manner, it was demonstrated that optimized mechanical and tribological properties of TiN/TixAl1-xN coatings can be achieved by controlling substrate holder speed.

Figure 4 . 1 4 . 2 method 4 . 2 . 1 4 μm 4 . 2 . 2 4 . 3 Coating overview processed by arc deposition 4 . 3 . 1 Figure 3 . 1 )

 414242144224343131 Figure 4.1 Schematic drawing of PVD arc deposition chamber
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 42 Figure 4.2 SEM fracture of the coating on substrate when rotation speed = 1 r.p.m, which consists of Ti, TiN layers and TiN/TixAl1-xN multilayers(a); TEM bright field image of 1 r.p.m (b) and 4 r.p.m (c) coating cross sections; And Λ vs rotation speed plot (d).

Figure 4 .

 4 Figure 4.3 (a) shows a typical coating surface with rough morphology over which 0.1 μm to 10 μm diameter droplets are distributed. This is a common phenomenon in arc deposition, arising either from the intense interaction between the high-energy arc and the cathodic target directly at the emission spot, or the injection of high pressure plasma imposed on the target material [18-20]. The architecture of a typical droplet 1 μm in diameter comprises a core of Ti and an outer shell of alternating Ti and Al, supposed to be TiN/TixAl1-xN (Figure 4.3 (b)). It is probable that the original droplet (0.7 μm in diameter) was injected from the target and reached the substrate. Multilayers were then deposited over it and an enlarged sphere generated. This sphere is separated from the flat coating surface by voids (indicated by arrow in Figure 4.3 (b))which are caused by a "shadowing effect" where the protruding droplet blocked the evaporated material depositing in the interspace between the sphere and coating surface. The void around the droplets could initiate cracks under load,

Figure 4 . 3

 43 Figure 4.3 The 2 r.p.m TiN/TixAl1-xN coating rough surface with a number of droplets (a); A high angle annular dark field (HAADF) image of one droplet construction in STEM mode (b) and its EDX element mappings ((c) and (d)), (c) showing the Al and (d) the Ti distributions.

4. 4 Coating structures and compositions 4 . 4 . 1

 4441 XRD analysisThe multilayer coatings consisted of a rock-salt face centered cubic (fcc) structure (Figure4.4) and were highly <111> textured (Figure 4.4(c)). However, the position of the (111) reflection was dependent on Λ. At 1 r.p.m (Λ = 45 nm) two discrete (111) reflections belonging to TiN and TixAl1-xN were present, but at faster substrate rotation these merge to one pronounced peak surrounded by a pair of equally spaced satellites. Satellites arise from a superlattice with a lattice parameter intermediate to TiN and TixAl1-xN. In this work, satellites appear when the rotation speed > 4 r.p.m (Λ ≤ 14 nm). The primary reflection and satellite peak spacings can be related to Λ as [θ± is the position of mth positive or negative satellite peaks, θB is the primary Bragg reflection, λ is X-ray wavelength, and Λ is the superlattice TiN/TixAl1-xN nano-sized multilayer coatings Chapter 4 70 period. To calculate Λ, XRD patterns from 40° to 46° were recorded with a lower scan speed of 0.004° s -1 (Figure 4.4 (b)). The two (111) reflections of the 1 r.p.m coating after fitting yield the lattice parameter of TiN: a = 4.27(0) Å; and TixAl1-xN: a = 4.19(0) Å while Λ of coatings deposited at higher rotation speed were calculated using formula 4.1. The calculated Λ are consistent with the direct measurements by TEM.

Figure 4 . 4

 44 Figure 4.4 XRD patterns from 2θ =30̊ to 2θ =60̊ of TiN/TixAl1-xN coatings deposited at 1 to 7 r.p.m(a); Zoomed in XRD patterns from 2θ =40̊ to 2θ =46̊ and satellites indicated by arrows for lattice parameter and Λ calculation (b); (c) is the calculated TiN powder XRD pattern for comparison with highly textured coatings in (a).

4. 4 . 2 4 71=

 424 TEM structural analysis Coatings deposited at different substrate rotation speeds were examined by TEM. Using the same field limiting aperture the selected area electron diffraction (SAED) patterns were obtained for 1 r.p.m (Λ = 45 nm), 4 r.p.m (Λ TiN/TixAl1-xN nano-sized multilayer coatings Chapter 14 nm) and 7 r.p.m (Λ = 8 nm) coatings (Figure 4.5). The 1 r.p.m (Λ = 45 nm) coating presents (111) and (200) reflections along the grain growth direction suggesting crystals preferably develop along <111> and <200>; while <111> texture was dominant for coatings deposited faster than 1 r.p.m.

Figure 4 . 5

 45 Figure 4.5 SAED of TiN/TixAl1-xN coatings deposited at: (a) 1 r.p.m.(Λ=45nm), (b) 4 r.p.m.(Λ=14nm) and (c) 7 r.p.m.(Λ=8nm) showing the coatings deposited faster than 1 r.p.m mmjare textured at <111>.

Figure 4 .

 4 Figure 4.6 (a), consistent with XRD result that found isostructural TiN and TixAl1-xN. Shifting to the image mode, columnar grains 50 -100 nm in diameter grew perpendicularly to the coating surface and layers continuously crossed these grains. Comparing the bright field (BF) (Figure 4.6 (c)) and dark field (DF) (Figure 4.6(d)) images reveals the columns originate in the TiN buffer layers and expand in multilayers with preferred orientation following a competitive grain growth mechanism [22] that favors multilayer coating adhesion to the substrates. The STEM and EDX mapping of the multilayers (Figure 4.6 (e) and (f)) show sharp compositional interfaces both among alternating layers and between the multilayer and buffer layer part, indicating limited elemental diffusion. The grains were connected by low-angle grainboundaries with a mis-orientation smaller than 15°, which is probably caused by the initial substrate roughness that also results in the layer curvature[23].For clarification, the high resolution TEM (HRTEM) image of the 4 r.p.m

Figure 4 . 6

 46 Figure 4.6 Multilayer overview of the coating deposited at 1 r.p.m (b) and corresponding SAED pattern (a) which indicates two discrete reflection sets belong to TiN and TixAl1-xN; BFTEM (c) and DFTEM (d) of coatings consisting of columnar grains originated in buffer layer; And corresponding bright field STEM (e) and EDX mapping (f) showing the sharp interfaces.

Figure 4 . 7 4 73

 474 Figure 4.7 HRTEM images of one grain located between two bigger grains in TiN/TixAl1-xN coating deposited at 4 r.p.m by zooming in squared area in the inset.

Figure 4 .8 2 r 4 74

 424 Figure 4.8 2 r.p.m TiN/TixAl1-xN coating. (a) HRTEM image and corresponding FFT showing an obvious epitaxy along [111]; (b) Inverse FFT images of 1 and 1'dots, (c) 2 and 2' present misfit dislocations risen from the lattice parameter difference.
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 49443 Figure 4.9 A grain of 4 r.p.m coating and its FFT diffraction patterns.

Figure 4 . 4 76

 44 Figure 4.10 (a) STEM BF image of the 1 r.p.m TiN/TixAl1-xN coating and corresponding EDX element maps showing sharp interfaces; Line scan profiles perpendicular to coating surfaces of 1 r.p.m (b) with trapezoidal compositional modulation and 4 r.p.m (c) with sawtooth modulation.

Figure 4 . 11

 411 Figure 4.11 Plots of H (a) and E (b) versus Λ of coatings and the corresponding fitted peak curves in red dashed lines.

Figure 4 .

 4 12 (b)). TiN/TixAl1-xN nano-sized multilayer coatings Chapter 4 78

Figure 4 .

 4 Figure 4.12 1 r.p.m., 4 r.p.m. and 7 r.p.m coatings μ vs sliding distance (a) and the wear scar profiles (b).

  this chapter, structure and chemistry were systematically varied by adding Y into nanolayered TiN/(Ti,Al)N with concurrent adjustment of deposition processes, and coating properties monitored to find the optimum fabrication parameters. In this way, it is demonstrated that Y content adjustment and multilayer period (Λ) are key factors controlling Ti1-x-yAlxYyN coating performance. Both Ti-Al-Y-N coatings deposited by a combination of cathodic Nano-multilayered Ti1-x-yAlxYyN coatings Chapter 5 85 arc deposition (CAD) and magnetron sputtering (MS) were prepared. CAD was used to generate Ti and Ti-Al plasmas while Y was ionized by magnetron sputtering. The mechanical properties, adhesion, wear resistance and oxidation resistance were analysed as a function of Y content and Λ, together with the evolution of microstructure.

  2), suggests Y content was determined by target power, but not influenced by substrate rotation speed. The coatings were doped with 0 at%, 1.2 at% and 2.4 at% Y (hereafter referred as Ti1-xAlxN, Ti0.988-xAlxY0.012N and Ti0.976-xAlxY0.024, x ~ 0.4) by powering the Y target to 0 W, 1500 W and 2300 W respectively. A Brucker D8 powder X-ray diffractometer (XRD) with Bragg-Brentano geometry was used to record coating patterns in θ-2θ mode (CoKα1 radiation, λ=1.788970Å). The microstructures were observed by transmission electron microscopy (TEM) (JEOL JEM-2100F) equipped with scanning transmission (STEM) capability and EDX at an accelerating voltage of 200 kV. To obtain electron transparent samples, coatings were deposited on copper foils, glued face to face and cross-sectioned with a precision saw. These samples were thinned to electron beam transparency by mechanical polishing and ion milling (Precision Ion Polishing System, Gatan). The period Λ was controlled directly by adjusting the substrate rotation speed (Table

Figure 5 . 1

 51 Figure 5.1 Coating Λ versus the substrate rotation speed in deposition as Y target fixed at 2300 W.

Figure 5 . 2

 52 Figure 5.2 XRD patterns of 5 r.p.m Ti-Al-Y-N coatings with 0, 1.2 at% and 2.4 at% Y in rock-salt fcc structure with <111> texture

Figure 5 . 3

 53 Figure 5.3 XRD patterns of 1 -5 r.p.m Ti0.976-xAlxY0.024 coatings and random TiN powder (ICSD-644780) pattern for the (111) and (200) reflection intensity comparison.

5. 3 . 2 TEM

 32 Ti1-xAlxN, Ti0.988-xAlxY0.012N and Ti0.976-xAlxY0.024N coatings deposited at 5 r.p.m have Λ = 5.5 nm. The dark field TEM (DFTEM) images and corresponding selected area electron diffraction (SAED) patterns of coating cross sections show that with increasing Y content grain morphology becomes less columnar and more acicular, and texture is less evident as systematic rows of reflections merge into diffraction rings (Figure 5.4 and Figure 5.5). The acell edge of Ti0.976-xAlxY0.024 was measured to be 4.2 Å from SAED, consistent with the XRD result. The columnar grains of Ti1-xAlxN are 100 -200 nm in diameter and preferentially grow in <111> perpendicular to the substrate surface across entire thickness. With 1.2 at% Y, Ti0.988-xAlxY0.012N grains reduce to 40 -80 nm in diameter and <111> texture is still dominant. However, for 2.4 at% Y addition the grain morphology altered significantly to crossed acicular grains that were 20 -30 nm in diameter and connected by higher angle grain boundaries. These crossed grains grow along <111> and <200> consistent as also observed by XRD.
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 5455 Figure 5.4 Cross-section DFTEM images of 5 r.p.m (a) Ti1-xAlxN, (b) Ti0.988-xAlxY0.012N and (c) Ti0.976-xAlxY0.024N coatings (Λ = 5.5 nm) of different sizes and grain morphologies

Figure 5 . 6

 56 Figure 5.6 Ti0.988-xAlxY0.012N (Λ = 5.5 nm) coating at high magnification; Crystallite FFT (a) and low-angle grain boundary FFT (b).

Figure 5 . 7 5 95

 575 Figure 5.7 Wurtzite crystallite indicated in high resolution TEM of Ti0.988-xAlxY0.012N (Λ = 5.5 nm); (b) is FFT of selected area (a) including two sets of patterns belong to wurtzite and rock-salt phases; (c) is inversed FFT of circled wurtzite reflection in (b) and (d) is non-circled rock-salt reflections.

Figure 5 .

 5 8 (a) is the DFTEM image of the 3 r.p.m (Λ = 8 nm) coating with the corresponding SAED inset, where material shows misoriented acicular grains The grains were weakly <200> textured resulting in partial electron diffraction rings. By comparison, the 2 r.p.m coating (Λ = 13 nm) shows equiaxed grains highly textured along <200> instead of the acicular morphology, which are separated in each period by visible Y-rich layers (Figure 5.8 (b)). Thus the grain length is ~ 12 nm which equals to Λ minus Y-rich layer thickness. Finally, the 1 r.p.m coating (Λ = 24 nm) is composed principally <200> textured equiaxed grains, ~ 20 nm in diameter.

Figure 5 . 8

 58 Figure 5.8 DFTEM images and corresponding SAED of (a) 3 r.p.m coating (Λ = 8 nm) in acicular grain morphology and (b) 2 r.p.m coating (Λ = 13 nm) in equiaxed grain morphology.

Figure 5 . 9

 59 Figure 5.9 (a) Zoomed in HRTEM image of 1 r.p.m coating squared area in (b), considering the Y-rich layer as period boundaries which induce renucleation; STEM bright field image (c) and corresponding EDX element maps (d) indicating multilayer structure; The element profile (e) is along the line in (c) from the bottom up, indicating the layer deposition sequence.
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 5101 Figure 5.10 The wurtzite phase presence in 1 r.p.m coating proved by HRTEM with FFT diffractions.

Figure 5 . 11

 511 Figure 5.11 With y increasing in 5 r.p.m Ti1-x-yAlxYyN coatings (Λ = 5.5 nm) hardness and Young's modulus variation (a) and compressive stress (b)

  x-yAlxYyN coating hardness and compressive stress both increase by adding 1.2 at% Y (Figure5.11). The hardness further improves by increasing Y from 1.2 at% to 2.4 at%, whereas the compressive stress slightly decreased.

Figure 5 . 12 5 101GPa to 30 ± 5

 5125305 Figure 5.12 Hardness and Young's modulus (a) and compressive stress (b) of Ti0.976-xAlxY0.024N coatings in different period

Figure 5 . 13 Figure 5 . 14 15 m 3 / 15 m 3 /

 513514153153 Figure 5.13 In-situ SEM BEI of 5 r.p.m Ti1-x-yAlxYyN coatings (y = 0, 0.012 and 0.024) at tensile strain ε = 3%, 10% and 27%, showing the crack inset, propagation and cross-linking, and crack opening stages respectively.

Figure 5 . 15

 515 Figure 5.15 Friction coefficient changes versus sliding distance (a) and wear rate comparison (b) of Ti1-xAlxN, Ti0.988-xAlxY0.012N and Ti0.976-xAlxY0.024N 5 r.p.m coatings.

  xAlxY0.012N and Ti0.976-xAlxY0.024N (Λ = 5.5 nm) annealed at 800°C in air for 10 hours oxidized with a corresponding weight gain (Figure 5.16). Ti1-xAlxN gained 0.13 mg/cm 2 after annealing, Ti0.988-xAlxY0.012N gained 0.10 mg/cm 2 and Ti0.976-xAlxY0.024N gained 0.08 mg/cm 2 , showing an evident benefit of Y addition. Meanwhile, Y incorporation changed the oxide composition in the annealed samples. The retained TiN cubic reflections and the absence of oxidized substrate phases indicate only partial oxidation. The Ti1-xAlxN coating presents θ-alumina, α-alumina and rutile. The α-alumina is thermodynamically Nano-multilayered Ti1-x-yAlxYyN coatings Chapter 5 106stable and the θ-alumina is a metastable monoclinic phase that persists after 10hour treatment at 800°C in air. The Ti0.988-xAlxY0.012N coatings after annealing present similar reflections including θ and α-alumina and rutile. However, the rutile phase is less abundant than in the annealed Ti1-xAlxN. By comparison, the annealed Ti0.976-xAlxY0.024N shows different oxides, such as cubic γ-alumina, Ti2O3 and weak reflections of θ-alumina and rutile, with α-alumina below the limit of detection. The phenomenon suggests that 2.4 at% Y getters oxygen and promotes substoichiometric Ti2O3, rather than rutile. Furthermore, 2.4 at% Y effectively retarded the metastable alumina (θ, γ) transformation to α-alumina.

Figure 5 . 16

 516 Figure 5.16 XRD patterns of 5 r.p.m Ti1-xAlxN, Ti0.988-xAlxY0.012N and Ti0.976-xAlxY0.024N (Λ = 5.5 nm) coatings annealed at 800°C in air for 10 hours. The γ and θalumina, rutile are identified in annealed Ti1-xAlxN and Ti0.988-xAlxY0.012N coatings while α-alumina and Ti2O3 present in Ti0.976-xAlxY0.024N.

5 108

 5 Ti1-x-yAlxYyN multilayer coatings of varying Λ (5.5nm ≤ Λ ≤ 24 nm) and composition (0 ≤ y ≤ 0.024) were deposited by the CAD technique with the processing variables being the substrate holder rotation speed and Y target power. All coatings were principally of the rock-salt type fcc structure. The Ti0.976-xAlxY0.024N coating with Λ = 5.5 nm consists of acicular grains growing along a <111> preferred orientation, but increasing Λ from 5.5 to 24 nm by decreasing substrate rotation speed from 5 r.p.m to 1 r.p.m during deposition weakened this texture. Especially for Λ above 13nm the acicular grains were broken down by Y-rich layers to equiaxed grains highly textured along <200>. Simultaneously, coating hardness and Young's modulus degraded as Λ increased due to the enlarged Y-rich region and strengthened Y disruption on grain growth which could cause semicoherent or incoherent grain boundaries and layer interfaces. Nano-multilayered Ti1-x-yAlxYyN coatings Chapter For the Ti1-xAlxN coatings deposited at 5 r.p.m (Λ = 5.5 nm), the microstructure consists of <111> textured columnar grains 100 -200 nm in diameter while in Ti0.976-xAlxY0.024N smaller crossed acicular grains appear, caused by the secondary hexagonal wurtzite that grows on the rock-salt lattice epitaxially. The incorporated Y changed coating properties. First, increasing Y from 0 to 1.2 at% increased the compressive stress and at a content of 2.4 at% the compressive stress relaxed slightly. Hardness was enhanced with higher Y content. The changes on compressive stress and hardness are a cooperative effect of the solid solution mechanism and re-nucleation effect resulting from Y addition. Meanwhile, coatings of 2.4 at% Y present comparable adhesion and wear resistance as Ti1-xAlxN even though 1.2 at% Y coatings were inferior in the tensile and tribology tests. Finally, the oxidation resistance of the coatings with different Y content was examined by annealing samples at elevated temperature in air. It was found coatings with higher Y have better resistance to oxidation as Y could induce Ti2O3 formation, rather than TiO2, due to the blocking of oxygen diffusion pathways within crystals and along grain boundaries. Yttrium also affected alumina polymorph transformation. In summary, Ti0.976-xAlxY0.024N has enhanced hardness and oxidation resistance with no detriment to substrate adherence and wear resistance.
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 62631 Figure 6.2The Si to (Si+Ti) cation ration versus the current applied on Si target
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 64 Figure 6.3 XRD patterns of Ti1-xSixN coatings containing Si content from 0 to 19.72 at%

Figure 6 .

 6 Figure 6.7 (b)-(d).

  Figure 6.5 (a) Ti1-xSixN coatings crystal size calculated from XRD patterns versus Si content; And HR-TEM micrographs of the Ti1-xSixN sample cross-sections with x = (b) 1, (c) 10 & (d) 20 at. %.
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 666768 Figure 6.6 SEM Cross sections of (a) TiN and (b) Ti0.903Si0.097N

Figure 6 . 9

 69 Figure 6.9 (a) Coating hardness versus Si content; (b) Young's modulus versus Si content

  organized nano-scale Ti-Si-N composites. Consistent with

Figure 6 . 10

 610 Figure 6.10 The strong one-monolayer Si3N4 interface between two TiN (111) slabs. The small blue circle is N atom, the white circle is Si and the large grey circle is Ti. *

Figure 6 . 11 (

 611 Figure 6.11 (a) Recorded friction coefficient against sliding distance of TiN and Ti0.903Si0.097N; and (b) their scar profiles

Figure 6 . 12

 612 Figure 6.12 XRD of annealed samples of varied Si content (Annealling condition: 700°C for 2 h in air)

  The crystal size diminished with increasing Si content, consistent with the removal of texture. At ~10 at% Si the coating nanocomposite structure yielded the maximum hardness, 41 ± 3 GPa. Tribological performance showed a proportional relationship with Ti0.903Si0.097N demonstrating superior wear resistance compared to TiN. The nanocomposite TiN/a-Si3N4 provides enhanced oxidation resistance as Si3N4 partially encapsulates TiN and acts as a diffusion even at elevated temperature (700°C ) in air.

7. 1 . 1

 11 TiN/TixAl1-xN multilayer coatingsMultilayer TiN/TixAl1-xN coatings were deposited by cathodic arc deposition (CAD) where the layer period (Λ) was the principle processing parameter responsible for structure and property evolution. For 7 nm ≤ Λ ≤ 45 nm, Λ varied inversely with substrate rotation speed. The coatings showed <111> textured columnar grains and no secondary phases or voids in the grain boundaries. As Λ decreased a superlattice appeared in tandem with a more pronounced texture. Simultaneously, the hardness first increased before deteriorating, reaching a maximum at Λ = 13 nm, while the best wear resistance was shown for Λ = 7nm. The maximum hardness (~ 38 GPa) is superior to both bulk TiN and TixAl1-xN coatings. The major outcome of these experiments was defining the correlation between Λ, substrate rotation speed and the superior hardness for an optimized superlattice period Λ.

Conclusions and Future work Chapter 7 135 4 between

 74 TiN and TixAl1-xN is only 2% indicating the coherency strain effect is minor. In this instance, the coating hardness enhancement is ascribed to the image effect. However, direct shear modulus values of TiN and TixAl1-xN individual coatings are unavailable to support the image effect model. It was found the hardness peaked at Λ = 13 nm, implying the existence of two contradictory effects as Λ varies. These observations are in agreement with the model of Chu and Barnett[1] who found the greatest hardness appears at a certain Λ, because dislocations can easily migrate within layers at large Λ (~ 100 nm) and across layers at small Λ ( ~ 1 to 10 nm). Energy dispersive X-ray analysis (EDX) revealed that as Λ decreased, the interface width ratio to Λ was lower, and chemical contrast was coarser. Consequently, hardness is inferior for low contrast interfaces as dislocations easily cross interfaces. At large Λ dislocation movement within layers prevails and hardness degrades. Futher study of these phenomena as a confirmation of the Chu and Barnett model to correlate hardness and structure is required.

7. 1 . 2

 12 Yttrium incorporated TiN/TixAl1-xN multilayer coatings In Chapter 5, a hybrid PVD technique of magnetron sputtering (MS) and cathodic arc deposition (CAD) was employed to deposit Ti-Al-Y-N multilayer coatings. Yttrium was incorporated from a pure Y target. Two processing parameters, substrate holder rotation speed and Y target power, influence coating structure, chemical composition and performance. First, by maintaining Conclusions and Future work Chapter 7 136 a substrate rotation speed of 5 revolutions per minute (r.p.m) and increasing Y target power, the overall Y content increased from 0 to 2.4 at% accompanied by smaller crystal size, higher-angle grain boundaries and the appearance of <200> texture. Simultaneously, coating hardness was enhanced by 41% from ~29 GPa to ~ 41 GPa while Young's modulus was unchanged. Yttrium incorporation improved oxidation resistance without compromising the adhesion and wear resistance. The second processing parameter, substrate rotation speed while Y content = 2.4 at%, allowed Λ to increase from 5.5 nm to 24 nm when 5 r.p.m decreased to 1 r.p.m. The texture transferred from <111> to <200> and grain morphology also changed from acicular to equiaxed grains with visible Y layers.

oriented 3 - 4 nm

 34 TiN crystallites encapsulated by 1-2 monolayers of amorphous (a-) Si3N4 should enhance hardness by a factor of 4 to 5. In this thesis, Ti-Si-N hardness doubled when Si content was ~ 10 at%, which was far below the prediction. It was found that Ti0.9Si0.1N gave the highest hardness (~ 41 GPa)

  oxygen and X-ray photoelectron spectroscopy (XPS) to detect local bonding states. A deeper understanding of the role of oxygen may guide further modification of deposition parameters to restrict oxygen ingress. Alternatively, improper deposition parameters may have been selected. It is supposed that the addition of Si causes the nanocomposite structure via self-organized spinodal decomposition that is favoured by higher N2 pressure or temperature. Thus the columnar grains deposited by PVD might be a consequence of low deposition temperature, high bias voltage, or inadequate N2 flow limiting the kinetic diffusion required for phase segregation.TEM observations show that adding 10 at% Si to the Ti-Si-N coating maintains the column grain morphology, but removes long range crystal order to some extent. Therefore, comprehensive mapping of the Si distribution could reveal coating process shortcomings, and be critical to the further definition of structure and processing correlation. According to the nanocomposite model Si should be uniformly distributed around the nanocrystallites (Figure7.1).Aberration corrected TEM accompanied by simulation would allow quantitative atomic scale analysis to better describe the atomic arrangement of interfaces.

Figure 7 . 1

 71 Figure 7.1

  sample and the structural alteration promoted at elevated temperature require further study. * Reprinted from Surface and Coatings Technology, Vol 203, J. Houska, J.E. Klemberg-Sapieha, L. Martinu, Atomistic simulations of the characteristics of TiSiN nanocomposites of various compositions, Pages No. 3352., Copyright (2016), with permission from Elsevier.

7. 2

 2 photoelectron spectroscopy (XPS). b. Experimental methods could be designed to quantify the coating toughness improved by Y incorporation, e.g. scratch test[22]. c. Oxidation mechanisms could be differentiated by thermal gravimetric analysis (TGA), and the oxidized samples, especially Y distribution could be studied by scanning electron microscopy (SEM), electron probe micro-analyzer or TEM.Yttrium oxidation state could be confirmed by XPS, corresponding to XRD results.

  Another possible variant in Ti-Si-N coatings is where TiN:Si two-phase crystallites are separated by SiNx defect clusters. Such an outcome could be linked to plasma properties defined by the relative target and substrate positions Conclusions and Future work Chapter 7 142
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	Table Captions

The yttrium effect on the structure and properties of nano-multilayered Ti1-x-yAlxYyN coatings

  

	TiN/TixAl1-xN nano-sized multilayer coatings	Chapter 4
	the coatings were observed leading to rough surfaces. Λ varied inversely with Chapter 5
	substrate holder rotation speed and was a key factor in structure evolution and
	property optimization. By decreasing Λ from 45 nm to 14 nm, two
	compositionally distinct rock-salt fcc phases were consolidated into a
	superlattice. Moreover, the coatings contain columnar grains with <111>
	preferred orientation, connected by low-angle grain boundaries, that became
	more pronounced at shorter Λ.	
	Yttrium was alloyed in Ti-Al-N multilayer coatings by cathodic arc
	Mechanical properties also varied with Λ. The optimized hardness and Young's deposition. The yttrium distribution, affecting grain nucleation and
	modulus, H = 39 ± 4 GPa and E = 503 ± 40 GPa, were obtained when Λ =13 secondary phase formation, is dependent on the multilayer period
	all compositions, Y retarded oxidation effectively at 800°C in air
	because at high temperature Y is sequestered from the rock-salt
	lattice to grain boundaries, to effectively attenuate oxygen diffusion
	pathways.	
	79	

nm, and are higher than single phase TiN and Ti-Al-N coatings and other Λ multilayer coatings. The critical factors for hardness enhancement were the nanolayered structure, interface width and compositional contrast that were all influenced by Λ. Moreover, coating wear resistance was improved by decreasing Λ due to the increased concentration of multilayer interfaces serving as crack propagation barriers.

(Λ) and Y content. When the Y concentration was set at 2.4 at% and Λ varied from 5.5 nm to 24 nm, the microstructure evolved from crossed acicular grains to highly <200> textured equiaxial grains, with the longer periods showing degraded hardness and Young's modulus. For fixed Λ, the Y content was varied from 0 to 2.4 at%. In this case, Ti 1-x Al x N coatings present <111> textured columnar grains in contrast to the acicular morphology of Ti 0.976-x Al x Y 0.024 N, where Y not only replaced Ti and Al in rock-salt grains, but promoted the formation of a wurzite phase. The hardness was enhanced at higher content Y, while adhesion and wear resistance initially were reduced at 1.2 at% Y and then rose at 2.4 at% Y. At

Table 5 .

 5 

	1	Parameters for Ti1-x-yAlxYyN coating deposition
	Arc target current	Ti target: 55 A Al60Ti40 target: 55 A
	DC power		Ytarget: 0 W, 1500 W & 2300 W
	Substrate rotation speed	1 -5 r.p.m
	Bias voltage		-100 V
	Nitrogen flow	110 sccm
	Pressure		~ 3 Pa
	Deposition time	5600 s
	Deposition temperature	~ 400 ℃
	Multilayer thickness	2 ~ 3 µm

Table 5 .

 5 

	2	Coatings composition at various deposition parameters
	Y target Power (W)	Substrate (r.p.m) rotation speed	x (Al)	1-x-y (Ti)	y (Y)
	2300	1	0.393(8)	0.582(9)	0.026(1)
	2300	2	0.389(3)	0.586(3)	0.025(1)
	2300	3	0.379(2)	0.598(2)	0.023(0)
	2300	4	0.381(5)	0.595(5)	0.024(0)
	2300	5	0.381(3)	0.595(3)	0.024(0)
	1500	5	0.385(6)	0.603(6)	0.012(0)
	0	5	0.398(4)	0.602(4)	0

Table 5 .

 5 

	3	Substrate rotation speed, corresponding Λ and T* % of <111> and
	<200> in Ti0.976-xAlxY0.024 coatings		
	Substrate rotation	Period	T* in percentage (%)
		speed (r.p.m)	(nm)	<111>	<200>
		1	24	3	97
		2	13	4	96
		3	8	28	72
		4	7	26	74
		5	5.5	68	32

* Reprinted from Surface and Coatings Technology, Vol.207, J.Musil, Hard nanocomposite coatings: Thermal stability, oxidation resistance and toughness, Pages No.51, Copyright (2016), with permission from Elsevier.

* Reprinted from Surface and Coatings Technology, Vol.204, K. Sarakinos, , J. Alami, S. Konstantinidis, High power pulsed magnetron sputtering: A review on scientific and engineering state of the art, Pages No.1665, Copyright (2016), with permission from Elsevier.

* Reprinted from Surface and Coatings Technology, Vol.204, K. Sarakinos, , J. Alami, S. Konstantinidis, High power pulsed magnetron sputtering: A review on scientific and engineering state of the art, Pages No.1663, Copyright (2016), with permission from Elsevier.
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Chapter 6 117 was 600 m. The tribology scars were examined by a profilometer with height resolution of 10 nm. The sample was annealed in air at 700°C for 2 hours with a heating rate of 2°C / min and the cooling rate of 3°C / min.