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Résumé

Les Nitrures

Les semi-conducteurs III-N possédent des propriétés remarquables et sont
largement étudiés depuis les années 90. D’une part, AIN, GaN et InN ont leurs bandes
interdites directes a 6.2 eV, 3.39 eV et 0.65 eV, respectivement. Par conséquent, les
alliages AlGaN, InGaN et AlInN couvrent le spectre de longueur d’'onde du lointain
ultra-violet (UV) au proche infrarouge (IR). En comparaison a d'autres semi-
conducteurs III-V, III-As et III-P ne couvrent le spectre que de I'IR au jaune. D’autre
part, les propriétés physiques et chimiques des III-N leur conferent une bonne
stabilité. Par conséquent les dispositifs a base de ces matériaux sont susceptibles de
fonctionner dans des conditions extrémes telles que trés hautes températures ou
forts courants. Les nitrures sont donc de trés bons candidats pour la fabrication de
composants avec applications tant dans les domaines civils que militaires. Ils sont
employés dans les diodes électroluminescentes (LED pour « light emitting diodes »),
dans I'électronique de puissance, etc... En effet les LEDs et les lasers bleus sont
désormais disponibles sur le marché. Néanmoins, un certain nombre de problemes
subsistent. Les III-N sont le plus souvent utilisés sous forme de couches minces
obtenues par la croissance épitaxiale sur des substrats faits d’autres matériaux. Ceci
est a l'origine de la contrainte entre couche et substrat et de grandes densités de
défauts cristallins qui dégradent la qualité des dispositifs et réduit leur efficacité. Plus
particulierement, il reste quelques défis technologiques dont 1) la fabrication de
sources de lumiere blanche sans avoir recours a lutilisation d'un phosphore
convertisseur. 2) la fabrication de transistors a effet de champ, appelés aussi
Transistors a Haute mobilité Electronique (HEMT pour « high electron mobility
transistor ») a base de barriére AlInN épitaxié sur GaN, pouvant travailler avec de

forte densité de puissance a tres haute fréquence.

Le premier rapport connu sur AIN synthétisé en chauffant de I'azote gazeux avec
de I'aluminium dans un tube a été publié en 1907. Plus tard en 1910, InN a été obtenu
et, enfin, en 1932 le GaN a été produit par un mélange de gaz d'ammoniac condensé et

de « gallium tribromide ».




Quand des techniques de croissance plus modernes ont été développées, GaN a
ensuite été épitaxié en phase vapeur hybride (HVPE pour « hydride vapor phase
epitaxy ») en 1969. Par la suite, AIN et GaN ont été synthétisés sur saphir par
|’épitaxie en phase vapeur d’organométallique (MOVPE pour « metal organic vapour
phase epitaxy »), mais aussi par épitaxie par jets moléculaire (MBE pour « molecular
beam epitaxy »). Au début des années 1980, les recherches sur ces composés ont
explosé a partir de la mise au point des couches tampons déposées a basse
température et du dopage p-GaN par le magnésium, conduisant naturellement a la

fabrication de LEDs comme UV-LEDs, des Lasers et LEDs violettes.

Parallelement au développement du marché des LEDs, les dispositifs
microélectroniques et plus particulierement les HEMTs connaissent un essor
important. En effet, en comparaison a d'autres semi-conducteurs comme le silicium
on s'attend a de plus forte puissance en utilisant les nitrures. La premiere
démonstration de la haute mobilité électronique a été faite sur I'héterostructure
AlGaN/GaN grace aux polarisations spontanée et piézoélectrique qui donnent
naissance a une densité de gaz bidimensionnel (2DEG pour « 2 dimensional electron

gas») a l'interface.

Parmi les alliages (Al, Ga, In)-N, AlixInxN a son parametre accordé a celui du GaN
pour x=0.18. En 2001, une étude théorique a montré que des HEMTSs basé sur AlInN
devraient présenter des performances meilleures que ceux utilisant des barrieres
AlGaN. Ceci grace a la charge induite par une plus forte polarisation spontanée dans
AlInN conduisant a une densité plus grande du 2DEG. Une autre propriété
intéressante est la différence entre les indices de réfraction entre AlInN et GaN
(environ 7%), ainsi des miroirs de Bragg (DBR pour « distributed Bragg reflectors »)
avec une reéflectivité presque de 100% ont été fabriqués. Ceci a constitué un pas
important vers la fabrication de laser a cavité verticale (VCSEL pour « vertical-cavity

surface-emitting laser »)

En comparaison a I’AlInN, l'alliage quaternaire AlGalnN offre des degrés de liberté
supplémentaires. En effet par rapport au GaN, on peut 1) accorder séparément les
bandes interdites et les parameétres de maille et 2) ajuster séparément les

polarisations spontanée et piézoélectrique




Objectifs

Ce travail a été effectué dans le cadre du projet ANR-LHOM (AlInN Layers and
AlInN Heterostructures for Optimized high electron Mobility transistors). En
collaboration avec les équipes partenaires du projet (IEMN, III-VLab, GREYC), ma
contribution a été centrée sur la caractérisation par microscopie électronique en
transmission (TEM pour « transmission electron microscopie ») des alliages AlInN et
AlGalnN. Le but était ainsi d'aider a comprendre les mécanismes de croissance de ces
alliages et d’assurer le suivi de la structure des dispositifs vers une optimisation de

leur performance.

La difficulté de I'épitaxie de ces matériaux réside dans le fait que les composés
binaire de base ont des propriétés physiques assez différentes. Par exemple, les
températures de croissance MOVPE pour AIN, GaN et InN sont >1200 °C, 1000 °C et <
600 °C, respectivement. Tous les travaux récents montrent que les surfaces de
couches épitaxiales de ces alliages sont parsemées de pyramides inversées
dénommées ‘pinhole’ dont la formation a été longtemps reliée a la présence des
dislocations traversantes dans les couches sous-jacentes. Plus récemment, ce type de
défauts a été aussi rapporté apres une croissance d’AlInN sur du GaN avec taux de
défauts tres faible (<105 cm2), il a alors été proposé qu'’il devait y avoir un mécanisme
intrinseque de formation de ces pinholes par coalescence des zones de croissance a
trois dimension (hillocks). Au cours de ce travail de these, on a donc cherché a
comprendre la structure de ces alliages par une étude détaillée de microscopie. Ainsi,
nous avons étudié le processus d’épitaxie MOVPE et les influences des parametres de
croissance sur la qualité des barrieres. Ce faisant, nous avons mis en évidence les
différents types de défauts a commencer par ceux provenant des couches sous-
jacentes et leurs effets sur la structure de l'alliage. Ensuite, nous nous sommes
attachés a analyser en détail les dégradations intrinseques de ces alliages qui se
manifestent spontanément lorsque I'épaisseur des couches est augmentée et sans

présenter d’épaisseur critique de formation.




Ce travail est discuté en sept chapitres

Le chapitre 1 présente les propriétés structurelles des nitrures. Nous avons,
d’abord, décrit la principale phase dans laquelle ces matériaux cristallisent (la
structure wurtzite). Les propriétés de polarisations, les origines de la polarisation
spontanée et piézoélectrique ont été ensuite discutées. Nous nous sommes ensuite
intéressés aux alliages AlInN et AlGalnN pour lesquels nous avons récapitulées les
principales propriétés structurelles. Finalement, les principaux défauts

cristallographiques rencontrés dans la structure wurtzite ont été discutés.

Le chapitre 2 concerne les techniques de caractérisation utilisées durant ce
travail. Les topographies ont été étudiées avec la microscopie a force atomique (AFM
pour « atomic force microscopy ») pour déterminer les morphologies de surface et les
rugosités. Une bonne partie des lames minces pour microscopie électronique en
transmission (TEM pour « transmission electron microscopy ») a été préparée par
faisceaux d’ions focalisés (FIB pour « focused ion beam »). Le TEM constitue la
technique de caractérisation principale utilisée durant ce travail de these. Grace au
TEM, les défauts cristallins sont observés, différenciés et caractérisés par type et
origine potentiel. La microstructure des couches minces a été observée jusqu’a

’échelle atomique.

Nous avons aussi pu avoir acces a la sonde atomique tomographique (APT pour «
atome probe tomography ») qui a été utilisée pour déterminer la distribution
atomique tridimensionnelle. Cette derniére a été le fruit d’'une collaboration avec le
GPM de l'université de Rouen. Elle nous a apporté une bonne confirmation des

résultats de TEM.

Le chapitre 3 présente d’abord la technique de croissance MOVPE. Elle est a
'origine de toutes les couches minces étudiées ; elles ont été élaborées dans deux
chambres de croissance de géométries différentes, 'une dite horizontale, la seconde
verticale. La premiéere chambre permet de croitre des alliages AlInN ternaires, alors
que dans le bati vertical, une incorporation non intentionnelle de galium est observée
conduisant a un alliage quaternaire AlGalnN. Dans ce chapitre, nous avons essayé
d’expliquer l'origine de l'incorporation du Ga en analysant les effets de la géométrie

de la chambre et I'influence des parametres de dépot.




Suite a cette étude, les sources de cette incorporation sont les parois internes de la
chambre verticale ainsi que de la paroi d’acces des organométalliques connue sous le
nom de « shower head ». Nous avons ensuite observé que la quantité de gallium
incorporée peut étre réduite de deux manieres. 1) une réduction a 2% si la chambre
de dépot est préalablement nettoyée donc en éliminant le gallium résiduel, ou 2) a 6%

en faisant I'épitaxie a 80 Torr qui semble diminuer la réactivité du gallium résiduel.

Le chapitre 4 a été consacré a I'étude des défauts extrinseques qui sont dus aux
dislocations traversantes et des domaines d'inversions issus du GaN. En croisant, les
données d’AFM et du TEM, nous avons mis en évidence que les dislocations de type «
a+c » et « ¢ » s'ouvrent en pinholes localisés au milieu d’hillocks ayant des dimensions
plus grandes qu’une dislocation de type « a ». Parmi les défauts observés, nous avons
répertorié des tranchés, dus a des domaines d’inversion dans le GaN. La formation
des tranchées a été expliquée par la dynamique de croissance autour d’'une région
GaN de polarité azote au-dessus duquel la vitesse de croissance est réduite. On
montre aussi que la contrainte observée entre les régions de différentes polarités est
accompagnée par 1) la fluctuation de compositions entre des régions riches en
aluminium ou en indium et 2) l'interaction avec une couche AIN a l'interface
AlGaInN/GaN. Le résultat sur la morphologie de surface se manifeste par I'apparition
d’'un certain nombre de tranchées autour du domaine d’inversion. En fonction de
I’épaisseur de la couche mince, ces tranchées peuvent présenter de pinholes séparés

ou non.

Par ailleurs, dans cette analyse, nous montrons qu'une certaine population des «
pinholes » n'est pas reliée aux dislocations et découle donc d'une dégradation

intrinseque de la couche d’alliage.

Dans chapitre 5, nous montrons d’abord que la condition d’accord de parametres
de mailles peut étre obtenue pour des températures de croissance différentes.
Cependant, la qualité des couches dépend fortement de ces conditions de croissance
et notamment, la rugosité de surface peut étre réduite avec un jeu de parametres
adéquats. Dans les conditions que nous avons pu explorer, la morphologie obtenue

indique que la croissance est toujours de facon tridimensionnelle.




Le chapitre 6 présente une analyse des défauts intrinseques de ces alliages. En
effet, méme avec des conditions de croissance optimisées et pour des couches
accordées en parametres de maille, si on augmente 1'épaisseur on observe 1) de
fortes fluctuations de compositions pouvant dépasser les 30% 2) des structures
polycristallines ayant des désorientations localisées 3) une forte rugosité indiquant

une accentuation du mode de croissance en 3D.

Durant ce travail, nous avons collaboré aussi a la caractérisation de dispositifs
HEMTs. Les résultats de cette contribution sont récapitulés dans le chapitre 7. Les
principaux constituants optimisés sont les contacts ohmiques et Schottky ainsi que la
couche de passivation. Une comparaison des caractéristiques de nos dispositifs avec
la littérature y est rapportée. Grace aux améliorations apportées durant le projet
LHOM aux différentes parties du dispositif, nous avons atteint une mobilité
électronique de I'ordre de 1800 cm2V-1s-1 avec une densité du 2DEG de 2x1013 cm-2.
Actuellement, ces transistors peuvent supporter des tensions jusqu’a 200 V et ont

démontré une fréquence de coupure de 260 GHz.










Introduction

L. III-Nitrides

Group III-Nitrides based on aluminum, gallium and indium exhibit outstanding
properties and have been investigated since early 1900. On one hand, AIN, GaN, and
InN have direct band gaps of 6.2 eV, 3.39 and 0.65 eV, respectively[1]. Therefore, their
alloys cover from deep ultraviolet (UV) to near infrared (IR) across the visible range
of wavelengths. In comparison, other III-V semiconductors such as IlI-As and III-P

have their band gap ranging from IR to yellow as shown in figure 1.
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Figure 1: Band gap of semiconductors plotted as a function of their lattice
parameter|[2].

On the other hand, the short bond lengths of the binary compounds lead to high
bond energy. Therefore, IlI-Nitrides have high thermal and chemical stability. Thus
they can stand harsh working conditions such as high temperatures as well as high
voltages and currents. These properties make them suitable for many applications in
both civil and military fields; high power electronics, LEDs, etc..... Indeed, the blue
LEDs and lasers are now commercially available, as well as their translation to solid-
state lighting. The main drawback of III-N is that no suitable native substrate is
available for the growth of the active devices; this is at the origin of high strain and
high density of crystallographic defects in the heterostructures which degrade the
quality of the devices. In particular, there are still two main challenges: 1) the
fabrication of white light without the use of phosphors which will rely on the growth
of good quality high indium content InGaN/GaN quantum wells, 2) the production of
high-performance AlInN/GaN high mobility transistors for high speed, high density,

high power telecommunication.




The first record for AIN was in 1907[3] which was synthesized by heating gaseous
nitrogen with aluminum in a tube. Later, in 1910[4], InN was synthesized and then in
1932[5] GaN was produced by a mixture of condensed ammonia gas and gallium
tribromide. After modern growth techniques have been developed, GaN was
epitaxially grown by hybrid vapor phase epitaxy (HVPE) in 1969[6] and then AIN and
GaN by metal organic vapor phase epitaxy (MOVPE)[7] and later AIN by means of
molecular beam epitaxy (MBE)[8]. In these instances, the used substrate was
sapphire. Starting in the 1980’s, these compounds went under huge investigation
after the discovery of GaN p-doping by magnesium[9,10] which bridged towards the
fabrication of light emitting diodes (LEDs) such as UVLEDs[11,12], lasers[13], and
violet LEDs[14].

Beside the development of the LED market, microelectronic devices, especially
high electron mobility transistors (HEMTs), have also been extensively investigated.
Indeed, in comparison to other semiconductors like silicon-based devices, it is
expected to attain higher output power densities using III-N devices. The first
demonstration of enhanced electron mobility has been demonstrated on AlGaN
grown on GaN[15,16] which is due to strain and the spontaneous piezoelectric
polarization which can be tuned to have a two-dimensional gas (2DEG) at an

adequate hetero-interface.

Among the (Al Ga, In)-N alloys family, InxAl1xN exhibits the above properties and
in addition, it can be grown lattice-matched (LM) to GaN and thus suppress the strain
when the molar fraction of InN is xx¥18%. In 2001, Kuzmik et al.[17] theoretically
predicted that LM-AlInN based HEMT should exhibit higher drain currents than those
using AlGaN barriers. He pointed out that this is due to the higher polarization-
induced charge in AlInN leading to a higher density of 2DEG. Another interesting
property of these LM alloys was reported just after in 2003 by Carlin and
llegems[18,19], they grew LM-AlInN/GaN distributed Bragg reflectors with a nearly
100% reflectivity due to the high contrast between the refractive indices around 7%.
This constituted an important step toward vertical cavity surface emitting lasers
(VCSELSs). Since then, as shown in figure 2 which represents a statistical survey
retrieved from Web of Science[20], the number of publications counts using (In, Al)N

as keywords have increased steadily. However, since 2010, the number has settled to




a maximum of around 100/year. This is probably due to the difficulties encountered

in growing high-quality layers[18,19,21].

0 12ﬂ - ™ {In,AI}N - m - ]
el
§1Dﬂ- * (In,Al)GaN . ",
o J
© 80-
: [ |
©
E 60 - .
-E ™ L] [ ] .
0 40 - es o R T *, .
B | |
2 20 . e
J I.. L ] l.-.
ﬂ_ ..-. '.-

1990 1995 2000 2005 2010 2015 2020
year

Figure 2: Records statistics according to Web of Science with InAIN, AlInN, AlinGaN
and InAlGaN as keywords entry

In comparison to AlInN, the quaternary alloy AlGalnN offers additional degrees of
liberty as suggested by McIntosh et al.[22] and then Jena et al.[23]. The latter
explored the possibilities of 1) tuning independently the band gap and the lattice
parameter and 2) adjusting separately both the spontaneous and piezoelectric
polarization as shown in figure 3, which could offer more flexibility in the substrate
choice. In particular, AlInN can be grown theoretically lattice matched to GaN at
around 18% of indium content[21] and for AlGalnN the lattice match condition may

be obtained for more extended indium compositions[24].

As can be seen in figure 2, the first record on quaternary alloys are around
1995[22,25] almost at the same time as AlInN, however, the research on this alloys
seems to have taken off more slowly (fig. 2). The quaternary AlGalnN is a promising
candidate for power devices[26]; indeed, as has been reported, in comparison to
AlInN, AlGalnN might have higher 2DEG and higher electron mobility[24,27] with low
leakage current[28].




6 {AIN Constant Polarization Contours
5.58
. Al In Ga, N
: lon (1013 /em?) — ' g
5 1 GaN (subs.) €
- 310 polarization charge
— at the interface
C
~— 4 == lattice matched
& bandgap matched
—%D === polarization matched
c
s 3
M
2
1

3.2 3.3 3.4 3.5
Lattice Constant (Angstrom)

Figure 3: The possibilities that offer AlGalnN alloys in terms of the lattice parameters,
bandgap, and polarization matches while grown on (0001)-GaN[23].

IL Objectives
This work was carried out in the frame of the project ANR-LHOM (InAIN Layers

and InAIN Heterostructures for Optimized high electron Mobility transistors). In close
collaboration with the growers, my contribution was focused on the structural
characterization of AlInN and AlGalnN alloys toward the improvement of devices
quality and performances. The aim was thus to help understanding defects formation

mechanisms with respect to the growth conditions.

In fact, the growth of these alloys is not straightforward due mostly to the highly
different physical properties of the end compounds. For instance, the growth
temperature for AIN, GaN, and InN are approximately 1200 °C, 800 °C and 600 °C,
respectively using MOVPE. Defects are systematically observed and the layers can
have poor crystalline quality with high roughness. For instance, dislocations are
found to be topped with pinholes at the barriers[29,30]. Furthermore, layers grown

on low dislocation density freestanding GaN can develop pinholes when the thickness




is increased[31]. These pinholes are inverted empty pyramids features. In addition,
AllnN, as well as AlGalnN are observed to have surface morphology dominated
systematically by hillocks. During this work, we have studied the crystalline quality
and surface morphology of AllnN and AlGalnN. We have studied the MOVPE setup
and growth parameters influences on the barriers quality. Furthermore, we have
studied defects that may or may not originate from the underlying GaN. Thus, defects
were termed as intrinsic or extrinsic depending on their potential origin in order to
better understand their formation mechanisms. Indeed; the scope is to contribute to
the understanding of the alloying process during the growth and enhance the quality

of HEMTs performances that were fabricated during the project LHOM.

III. QOutline

The manuscript is divided into seven chapters.

Chapter 1 introduces the structural properties of group IlI-Nitrides. The crystal is
firstly described then its polar behavior properties. The properties of AlInN and
AlGalnN are summarized and lastly the main of crystallographic defects are

discussed.

Chapter 2 presents the characterization techniques. On one hand, the samples
topographies were observed with atomic force microscopy (AFM). On the other hand,
samples for transmission electron microscopy observation (TEM) were prepared. In
fact, TEM constitutes the main characterization technique used during this thesis;
therefore, in chapter 2, TEM techniques are described, including imaging, defect
analysis by diffraction contrast, chemical and strain contrast. Finally, atom probe

tomography (APT) was used to access the three-dimensional atomic distribution

Chapter 3 deals with the influence of the growth chamber geometry and growth
parameters on the unintentional incorporation of gallium in the intended ternary
AlInN alloy leading to a quaternary AlGalnN. The studied layers were grown in two
MOVPE chambers both from AIXTRON. They are described in the first part of chapter
3 with the epitaxial process. It is found that gallium is unintentionally incorporated
into layers grown in the vertical chamber whereas no Ga is observed when the

growth is carried out in the horizontal chamber.




In chapter 4, we firstly, recall the available substrate for Ill-nitrides. Then, we
discuss extrinsic defects that are due to sub-grain boundaries and inversion domains
(IDs) from the underlying GaN. It is shown that the dislocations types affect
differently the morphology of the terminating pinholes. AFM was used to classify
statistically defects through their dimensions. Convergent beam electron diffraction
(CBED) was used for IDs characterization in TEM, finally, the conventional TEM
determination of the dislocation types was found to correlate with the AFM statistical
analysis. In this analysis, we show that a substantial fraction of pinholes population is

not connected to dislocations.

In chapter 5, we discuss the effects of the growth conditions on the structural and
morphological quality of AlInN and AlGalnN. We show that the lattice match
condition can be obtained for different growth temperatures and V/III ratios while
the average quality of the layers depends strongly on these growth conditions as well
as the growth pressure. In this instance, we found that for optimized growth
conditions compositional fluctuation can be decreased to few percent, and the surface

morphology is dominated by extrinsic defects.

In addition to the extrinsic defects, systematic degradations are commonly
observed in AlInN and AlGalnN. These are intrinsic to the alloy and are discussed in
chapter 6. Even with optimized growth conditions at the lattice match condition,
increasing the thickness or changing the nominal composition of the alloy (thanks to
the flexibility of AlGalnN) lead to strong fluctuations, polycrystalline structures with
high roughness. It is further found that this begins from the early stages of the growth
in a three dimensional way. In this chapter, mechanisms of these degradations are

discussed.

During this thesis, we have collaborated in the characterization of HEMTs devices.
The results of our work are summarized in chapter 7. The main optimized
constituents of the studied devices are the ohmic and Schottky contacts and the
silicon nitride passivation layer. A comparison of the characteristics before and after

optimization is discussed with respect to the available data in the literature.










1 Properties of III-Nitrides

The aim of this chapter is to summarize the structural properties of group III-N. The
crystalline structure is firstly described, then, their polar character is addressed. The
properties of the alloys that have been studied in this work are next addressed. Finally,

the common crystallographic defects are recalled.

1.1. Crystalline structure

Group III-N namely AIN, GaN, InN and their ternary and quaternary alloys may occur
in three different crystallographic structures. They may crystallize in wurtzite
(hexagonal), zinc blende (cubic) and rock salt (cubic). The corresponding space groups
are P6;mc, F43m and Fm3m, respectively. The wurtzite configuration is the most
stable at room temperature and atmospheric pressure, while the zinc blend and the
rock salt are metastable[32,33]. In this manuscript only the wurtzite phase will be
considered, it is exhibited in figure 1.1a. It is formed by two close packed hexagonal
(hcp) sub-lattices of group III metals (Al, Ga, In) and group V (N), connected by a
translation vector. The hcp unit cell is formed by 3 equivalent primitive unit cells
where each atom occupies a tetrahedron site leading to 4 atoms per unit cell. The
translation vector from the III to V atoms is u = (3/8) ¢ along the growth direction

“«_n

considered in this manuscript: ¢ = ¢[0001] where its modulus denotes the “c” lattice

parameter. It is worth to mention that “u” represents the anion to cation distance and

will depend on their respective radii.

The hexagonal basis set is formed by d,, d,, d; and ¢ vectors as depicted in figure
1.1b. The vectors of the basal c-plan are 120° apart. ¢ is orthogonal to c-plan. For each
direction a four indices (h, k, i, 1) notation is assigned wherei = —(h + k). This
notation is useful to designate equivalent families of crystallographic plans and

directions by exchanging the three first indices.
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Figure 1.1: a) Wurtzite stacking of group I1I (Al, Ga or In) and group V (N) atoms of
nitride semiconductors b) the hexagonal unit cell.

The lattice parameters of the three compounds AIN, GaN, and InN are given in
table1.1[1]. As can be seen, in this materials family, where only the metal atom is
changing from one compound to the other, any heterostructure growth along the c axis
leads to a large mismatch as high as 13% in the case of growth of InN on AIN. This

misfit is obtained using (1.1) relationship where a;and a, designate the film and

substrate a-lattice parameter, respectively.

ar—a
Aa =L =5 1.1
aS

When Aa > 0, the layer is compressed to the substrate and when Aa < 0 the layer is
under tensile strain. For instance, when grown on GaN, AIN and InN would be under

tensile and compressive strain, respectively.

Parameter [A] AIN GaN InN Growth on GaN | Mismatch
ao 3.1114 3.189 3.544 AIN -0.0243
Co 4.9792 5.185 5.718 InN 0.1113

Table 1.1: The lattice parameters of I11-N compounds[1]. The misfit is calculated
with respect to GaN.

1.2. Unit cell deformation: strain and stress

Geometrical modifications of the unit cell can be expressed by a tensor that links the
primitive lattice vectors to a new set of basis vectors. It expresses normal and shear
modification of the primitive unit cell due to, for example, the mismatch between

lattice parameters or thermal expansion coefficients. If the original basis is defined by
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an orthonormal set (é,,é€,,¢é,)and the modified one is (é,€y,é,) then the strain

tensor [€y;] is given by (1.2):

1+ €pp Exy Exz
el =| &x  1t&y & 1.2
Epx &2y 1+¢,,

The coefficients € represent the normal strain while ¢;; represent the shear strain
components. When no rotational modifications are involved, the strain tensor is

symmetric.

Considering that the modification of the unit cell is due to a set of forces applied to

the crystal then it can be described by a stress tensor [o;;]. The above tensors are

connected by the elastic constants(Cjjy; ) as follows:
0ij = Cijrén 1.3

Due to the symmetry of [€j;] the matrix form of the elastic tensor can be simplified
in a contracted (6x6) symmetric matrix. The contraction can be obtained using the

Einstein summation convention, thus each term of (1.3) can be written as:
Om = Cmnén 1.4

Furthermore, it is helpful to consider the symmetry of the crystal to reduce the
number of the independent elements of (C,,,, )- In the case of the hexagonal symmetry,

this tensor can be written in the following form:

Ci1 C Ci3 O 0 0
C, Ci1 Ci3 O 0 0
Chexagonal — C13 C13 C33 0 0 0 15
mn 0 0 0 Cyu 0 O '
0 0 0 0 Cy O
0 0 0 0 0 Cg

In the hexagonal system, this 6*6 matrix can take a simpler form, moreover, when
the growth is carried out along the [0001] axis, the crystal does not experience stress
along the z-axis, as it is free to expand or contract; and the deformation should be

isotropic in the basal plane. These conditions lead to the following equalities:

033 = 0;
33— 1.6
011 = 022 = 0q




€11 = &2 = &g

Hence, the strain-stress relationship becomes:

(Ga):(C11+C12 C13)<ga> 17
033 2C13 C33 &33 '
Equation (1.7) can be expressed with an in-plane component and an out-of-plane

component:

(a5 €33) = (Su; 1)

1.8
(045 033) = (0y;01)
Taking into account that 33 = 0, equation (1.7) with (1.8) becomes:
Ci3
=—-2— 1.9
T

In equation (1.9), ¢, = C;J, g = ?where (ag,cp) and (a, ¢) are respectively the
0 0

relaxed and strained lattice parameters and the term (—2 %) is the biaxial term. The
33

relation (1.9) shows that, for instance, a layer under compressive in-plane stress will

expand in the out-of-plane direction; this is known as the Poisson effect. For the in-

plane case, the stress is related to the strain as follows:

2

B Cis

O'” = <Cll + C12 - Z_C )8” 1.10
33

The values of the elastic coefficients are given in table 1.2

Compound: AIN GaN InN
Ci1[GPa] 396 367 223
C12[GPa] 137 135 115
C13[GPa] 108 103 92

Cz3[GPa] 116 405 224

Table 1.2: Elastic coefficient of binaries 111-
Nitrides[34]

1.3. Spontaneous and piezoelectric polarizations
In IT1I-N compounds, one has to take into account the electronegativity of each Al, Ga,
In and N; it is 1.61, 1.81, 1.78 and 3.04, respectively and it induces a displacement of

the negative charges barycenter towards the N-atoms. Therefore, depending on the




crystal symmetry, charge dipoles can be present and the crystal exhibits spontaneous

polarization at equilibrium.

For both wurtzite and zinc blende phases, each group Ill-atom is tetrahedrally
bonded to nitrogen atoms. For the zinc blende, the stacking is ...ABCABC... along the 4
symmetric [111] directions of the cubic system. Hence, the four dipoles are
compensated by the four symmetric equivalent polar family planes <111> and no
spontaneous polarization is present. In contrast, for the wurtzite structure, there is
only one direction along which the stacking ...ABAB... takes place; this direction is
[0001]. Along this direction a spontaneous polarization at equilibrium (ﬁsp) is always
present. Therefore [0001] and [0001] are not equivalent as the group I1I-Nitrides have
no inversion center. By convention, the polarity is defined by the vector pointing from
the nitrogen atom to metal atom along the [0001]. Figure 1.2 shows Ga-polar case as
projected along [1120] direction. In this instance the (ﬁsp) points in the opposite

direction of the [0001] growth directions.
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Figure 1.2: Projection of Ga-polar of GaN wurtzite crystal observed along the [1120]
direction[35].

In the case of the growth of a heterostructure, the lattice mismatch leads to the
appearance of additional polarization. This polarization is known as piezoelectric
polarization(ﬁpz). For instance, a (ﬁpz) can also appear in a zinc blende structure by
carrying out the growth along one of the polar directions <111> which cancels out the
symmetry along the growth direction as the dipolar momentum is no more
compensated. In wurtzite, the growth of a heterostructure along [0001] direction with
a lattice mismatch will strain the barrier creating a(ﬁpz), this will reinforce or

decrease (ﬁsp) depending on the sign of the strain. Thus, the total amount of the




polarization will be the sum of the two contributions ([ﬁ] = [C/mz]). The consequence
of the dipolar momentum is a specific charge distribution along the whole volume of a
layer and the charge density is given by: p,, = —div(P) . At the surfaces or interfaces,
the excess electrical charges are given by: 0,71 = Pri where 7 is the normal vector
pointing outside of the considered surface. For instance, IlI-polar surface of a bulk
crystal will have a negative charge sheet (0-) while N-polar surface will carry a positive
charge sheet (0*). Figure 1.3 shows the spontaneous polarizations in the case of a)
relaxed and the appearance of the piezoelectric polarization in b) stressed GaN with a
biaxial tensile strain. Figure 1.3c shows the case of AIN/GaN heterostructure for which

AIN is under tensile strain to a relaxed GaN.
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Figure 1.3: The spontaneous and piezoelectric polarizations in the case of a) bulk GaN,
b) GaN under tensile strain and c) AlGaN/GaN

The values of the spontaneous polarization were calculated by Bernardini et al.[36]
and are reported in table 1.3. More recently, Bechstedt et al.[37] showed that these
constants are highly sensitive to infinitesimal changes in the crystal structure such as
c/a ratio and bond lengths or even uncertainties in the structural parameters might
change drastically the outcome of the simulations. In particular, InN and its alloys still
lack reliable experimental data, thus the interpretation of its behavior may still be
controversial. The piezoelectric polarization can be determined from the piezoelectric
tensor of the corresponding space group. For the wurtzite symmetry P63mc space

group, it is as follows:




€11 1.11

€23
€12

Where ej are the piezoelectric elements of the tensor, ek are the uniaxial strain
elements and &y (with k#1) are the shear strain elements. The values of e; are also
reported in table 1.3. Considering the absence of shear and only the biaxial strain for

the growth along [0001], (1.11) can be combined to (1.09) to become:

a—ao Ci3
ppZ[O()Ol] =2 a (931 — €33 C_33) 1.12

In devices such as HEMTs, the polarization is of primary importance as it impacts
the density of the carrier and the mobility of the 2DEG. In wurtzite symmetry
materials, the piezoelectric polarization is one order of magnitude higher than in zinc

blende materials and a large spontaneous polarization is indeed present[38].

Compound: AIN GaN InN
Psp [C/m2][39] -0.09 -0.034 -0.042
e33[C/m2][36] 1.46 0.73 0.97
e31[C/m2][36] -0.6 -0.49 -0.5

Table 1.3: Spontaneous polarization and
piezoelectric coefficients of the IlI-Nitrides

1.4. Properties of AlInN and AlGalnN alloys

Conventionally, many properties of an alloy like the bandgap energy or lattice
parameters can be calculated using a linear combination of those of the parent
compounds, and this is known as the empirical Vegard’s law. Considering that a and 3
are the binaries with x the mole fraction of a, then the desired property is extracted
from a linear equation (1.13) for a ternary alloy.

Y(x) = xYe + (1 —x)Yp 1.13

Where Y is the unknown physical property, for a quaternary alloy (1.13), it

becomes:
Y(x,y,2) = xYq +yYp +zYs 1.14

In (1.14) y and z are the mole fractions of 8 and § binary compounds with x +y +
z=1.




The applicability of the linear form is controversial since deviations are often
reported. Using ab initio density functional simulations (DFT), Bernardini et al.[39]
showed that for AlInN, the spontaneous polarization and thus the macroscopic
polarization exhibits a large deviation from linearity. The deviation is taken into
account by the introduction of a non-linear term to the Vegard’s law. This macroscopic
deviation has been attributed to the microscopic hydrostatic stress and internal strain
due to chemical ordering[39,40]. Thus for the spontaneous polarization (1.13), the

above authors proposed:
pP(x) = xp,f + (1 — x)p;;,p + bspapx(1 —x) 1.15

Where by, 44 is the deviation from linearity and it is also called “bowing parameter”,
for the ternary alloys (AlInN, InGaN and AlGaN), they calculated 0.071 C/m? 0.037
C/m? and 0.019 C/m? respectively [39]. On the same basis, equation (1.14) becomes
for a quaternary alloy [38]:

PP (x,,2) = xpg” + ypp’ + 205" + bepasx(1 = %) + bep psy(1 = ¥) + xy (bsp,ap

- bsp,aé‘ - bsp,ﬁS)

1.16

In 2003, Voznyy et al.[40] calculated the bandgap bowing energies for III-N
ternaries using pseudo-potential simulations; they reported that AlInN has the largest
value of 3.62 eV in comparison to AlGaN and InGaN (0.3 eV and 1.89 eV, respectively).
Later that year, Dridi et al.[41] reported similar values for InGaN and AlGaN but for
AlInN their calculation based on DFT leads to reevaluating it at 4.09 eV. In 2006,
Terashima et al.[42] reported that the bandgap bowing might approach 4.96+0,28 eV.
As also suggested by Gorczyca and coworkers[43-45] between 2009 and 2011, the
higher values of this bowing are characteristic of indium-containing alloys. They
suggest a quadratic compositional dependence of the bandgap bowing for both ternary
AlInN and then quaternary AlGalnN alloys that takes into account indium clustering. In
this instance, a uniform alloy AlInN has its bowing parameter from 2.1 eV to 6.2 eV (4.4
eV for 50% indium content) whereas the model taking into account the indium
clustering AlInN has its bowing parameter ranging from 3.9 eV to 14 eV (8.6 eV for

50% indium content).
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Regarding the lattice parameters “a” and “c”, Darakchieva et al.[46] reported, using
ab initio calculations, that both (a,c)-lattice parameters exhibit a deviation from the
linear form and proposed the following bowing parameters: b, = 0.0412 +
0.0039 A and b, = —0.060 + 0.010 A. Subsequently, the same group [47] reported that
using the above parameters, one may have consistency between x-ray diffraction
(XRD) and Rutherford back scattering (RBS) experiments. However, they have pointed
out that a perfect agreement might not be achieved due to non-random distribution of
indium atoms, the possible contamination with gallium atoms (up to 2%) or to the

presence of defects.

Therefore, the physical properties of InN are still under constant discussion in the
field. In fact, from 1994 to 2017, the in-plane lattice parameter “n” of this binary went
from 3.548 A[32] to 3.544 A[1]. However, in 2002, Davydov et al.[48] reported that
amn= 3.5365 A from X-ray analysis. Later, in 2006, GaN et al.[49] optimized from first
principal calculation the a-lattice parameter of InN around 3.518 A. Considering the
ternary alloy, while using the lattice parameters of the binary compounds provided in
ref.[1] and by applying Vegard’s law without deviation, the lattice match of Al:-
xInxN/GaN is for 18% of indium content. Furthermore, if the deviation from Vegard'’s
law is taken into account as suggested by Darakchieva et al.[46], then a lattice
parameter of 3.189 A (a-GaN) is obtained at 19.5% of indium content. Moreover, for
the quaternary alloy, the solution can be obtained by any triplet (x, y, z) satisfying the
unmodified equation 1.14. Thus, for both ternary and quaternary alloys, the

determination of a physical property depends on the knowledge we have on the

properties of the end binary compounds.

1.5. Structural defects in III-Nitrides

Crystalline materials exhibit mostly point, line and planar defects[50]. The efficiency
of devices is critically dependent on the density of these defects which can be present
in the processed material needed for their fabrication. It is therefore important to
study them in order to understand their structure, chemistry and formation
mechanisms, and eventually help to grow better quality materials for optimized

devices performance.




1.5.1.Point defects

In a perfect crystal, atoms occupy specific crystallographic sites, however, due to
many reasons; a number of such sites may not be occupied, which gives rise to
vacancies. The atoms can also be located out of these specific sites, thus becoming
interstitial impurities. Moreover, the purity of materials is never 100%, foreign
impurities are incorporated during the synthesis, and such foreign impurities may
occupy the specific atomic sites of the material, in which case they are called
substitutional impurities, or be located at interstitial sites. Kim et al.[51] carried out
the growth of Si-doped GaN. The authors correlated the concentrations of silicon and
oxygen impurities while increasing the ammonia flow rate; they reported a decrease in
the Hall mobility when the impurities concentration is increased. Similarly, Fang et
al.[52] reported an increase in nitrogen vacancies in Si-doped GaN grown by reactive
molecular beam epitaxy (r-MBE) when the temperature is lower than 800 °C. Thus the
concentration of impurities may lead to a change in the doping and/or the mobility of
the carriers. In contrast, Li et al. [53] by density functional theory (DFT) showed that
gallium interstitial might enhance the yellow luminescence which is an impurity level

often present in photoluminescence spectra of GaN films.

1.5.2.Dislocations

Dislocations are line defects in crystals that are characterized by a line direction (I)
and a displacement vector known as the Burgers vector induced inside the crystal
along the line. When the Burgers vector is a linear combination of lattice vectors the
dislocation is called entire, and when it corresponds to a fraction of a lattice parameter,

the dislocation is said to be partial[54]. As the dislocation is completely defined by its
line (%) and Burgers vector (E), the geometrical relationship between the two vectors
determines the type of the dislocation. The dislocation is of screw or edge type when U
and b are parallel or perpendicular, respectively, otherwise, it is of mixed type. Figure

1.4 shows the two types of dislocations, in a cubic symmetry material.




Figure 1.4: a) Representation of an edge dislocation. The red inverted T-shape shows
that the dislocation line is out of the plane (MNOP) and is perpendicular to its Burgers
vector b) Representation of a screw type dislocation in a 3D view. The red line shows that
the dislocation line and its Burgers vector are parallel[55].

An edge dislocation can be formed by inserting a half-plane in the crystal. The
dislocation line position is at the end of this additional plane as shown in figure 1.4a by
an inverted red “T” and its Burgers vector is orthogonal to the dislocation line. A screw
dislocation can be generated by pushing half of the crystal along a particular line by an
amount of the lattice parameter as depicted in figure 1.3b. In this case, the dislocation
line (shown with a red line) and the Burgers vector are parallel. A general dislocation

of mixed type has an edge and a screw component.

In the hexagonal lattice, as encountered in nitride materials, a perfect dislocation
can have “@”, “¢” and “a+c” as possible Burgers vectors. As an example, let’s consider
the d dislocation, if its line is located in the basal plane, it can be of edge or mixed type.
When the line is along [0001], it is of edge type. In that case, it propagates from the
interface of epitaxially grown layers towards the layer surface and it is referred to as d
threading dislocation (TD). In the same geometry, the ¢ dislocation is of screw type and

d+c type is a TD of mixed type. Table 3 summarizes common dislocations and their

Burgers vectors. The partial dislocation in the %[1010] is called the Shockley partial

“_.n

and note as “p”.




Dislocation character Symbol | Burgers vector
1 _
perfect a 3 [1120]
perfect a [0001]
1 _
perfect a+c 3 [1123]
1 _
Partial (Shockley) p 3 [1010]
1
Partial (Frank) c/2 3 [0001]
1 _
Partial (Frank-Shockley) | p+c/2 Z [2023]

Table 1.3: Dislocations and their burgers
vectors in the close-packed hexagonal system
with Miller-Bravais notation

The impacts of dislocations on devices are various. For instance, Jena et al. [56] showed
theoretically that the mobility of the 2DEG in a HEMT structures such as AlGaN/GaN
can be strongly decreased with increasing the dislocation density. In this instance,
Kotani et al.[57] observed a reduction by up to four orders of magnitude of the leakage
current measured at the gate Schottky contact of an AlInN/AIN/GaN HEMT whenever

the dislocation density is decreased from 1.8x104 cm-2to 1.2x10° cm-2.

1.5.3.Planar defects

A planar defect is present when the crystal periodicity is interrupted along a well-
defined plane through a displacement (translation) or a more complex combination of
group symmetry operations. Planar defects can be stacking faults (SF), inversion
domains boundaries (IDB) and grain boundaries (GB). They are described by the
interrupted symmetry operation that connects the two sides of the crystal limited by

the boundary.

Stacking Faults

Focusing on the wurtzite lattice, the SFs are classified into three types: intrinsic 1,
intrinsic Iz and extrinsic E. In terms of formation energy, it increases in the presented
order[58]. These two-dimensional defects can be represented as quantum wells
leading to radiative recombination of excitons in GaN[59]. Therefore they can be
characterized by luminescence spectroscopy. Furthermore, these defects can change
the local stacking from wurtzite to zinc-blende which is the case of 11 leading to a
modification of the local polarization and thus affects the carrier density[60]. I1 can be

obtained by the introduction of a zinc-blende row stacking in the wurtzite sequence




along [0001]. In terms of crystal symmetry, it is obtained by removing one plane (basal

plane) and then applying a shear by §[1010] thus the final displacement vector

is%[ZO?S]. For instance along [0001] and for a [1120] projection, the stacking is

modified from ..AaBbAaBbAaBb... to ..AaBbAaCcAaCc... I1 is not obtained from
dissociation of dislocations, thus, this defect is a growth defect. I; can result from a
shear in the basal plane that introduces two rows of zinc-blende or the dissociation of

an “a” type dislocation into two partial Shockley dislocations thus the fault vector
is § [1010]. The new stacking is then ...AaBbAaBbCaAaCaAa.... E fault is obtained by the
addition of a plane in the cubic position in the hexagonal stacking. Therefore, the

stacking becomes ...AaBbAaBbCcAaBbAaBa... and has a fault vector of % [0001].

Inversion domains

A real crystal may be formed by a number of more or less disoriented grains
separated by boundaries. The junction between the single crystals is called a grain
boundary and the two sides of a boundary can be related by different symmetry
operations such as rotation, inversion or mirror[61]. In non-centrosymmetric
materials, such as the wurtzite III-Nitrides, a particular planar defect can be an
inversion domain (ID) boundary (IDB), when the two sides of the crystal are related to

the inversion operation which can be pure or combined with a translation.







2 Characterization techniques

This chapter describes the main characterization techniques used in this
investigation of AlInN and AlGalnN layers. The first observations of all the samples
were systematically carried out with atomic force microscopy (AFM). In parallel,
specimens were prepared for transmission electron microscopy either by mechanical
polishing or when necessary by focused ion beam (FIB). Scanning electron
microscopy (SEM) observations were also made in the FIB facility. Therefore specific
sites and defects identified by AFM were extracted for TEM analysis. Atom Probe

Tomography (APT) was also performed.

2.1. Atomic force microscopy
Subsequent to the invention of scanning tunneling microscope (STM) by Binning
and Rohrer ( Nobel Prize 1983)[62]the AFM which uses forces instead of the electric

tunneled signal came up to permit the investigation of non-metallic surfaces.

In the AFM, a sharp probe is attached to an oscillating cantilever. The end radius of
the probe is typically between 5 nm and 15 nm. When, the probe is approached to the
surface of the sample an interaction force appears, this force depends on the distance

between the tip and the material surface properties.

There are three different modes in AFM. If the tip is in contact with the surface of
the material, then it is operating in a repulsive regime and corresponds to a Coulomb
interaction. When the tip is few nanometers far from the surface, the probe goes in an
attractive regime toward the surface. In this case, a Van Der Waals interaction is
observed. For the characterization of our layers, we have used the third mode which
is called tapping mode. In this semi-contact mode, the cantilever is firstly set to
oscillate at its free resonance frequency when the cantilever is far from the sample
surface. During the approach of the oscillating cantilever towards the surface, the free
amplitude decreases near the surface. Therefore, an amplitude setpoint is chosen
(which is usually ~70% of the free oscillation amplitude) to define the strength of
interaction between tip and sample. Under this operating condition, the topography is

obtained. Figure 2.1 shows the force-distance dependence curve.
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Figure 2.1: Force-distance curve dependence. In a repulsive regime, the tip is in
contact with the surface. If the tip is few nanometers away from the surface Van Der
Waals interaction is felt[63].

In the AFM, piezo-ceramics are controlling the fixed amplitude set point which is
used as a feedback for the z-displacements. The scanning can be performed by either
moving the tip or the sample with respect to each other. Any variation of the
interaction force between the tip and the surface from the set point (constant
amplitude) will be detected by a laser beam. This laser points to the edge of the
cantilever and is reflected back to a photodiode. The plot of the laser deflection
versus the position on the surface gives the topography of the probed region. From
this height image, the standard deviation of the amplitude gives the average

roughness of the surface.

2.2. Electron microscopy

Transmission Electron microscopy (TEM) and scanning electron microscopy

(SEM) were used to investigate the specimen properties from different aspects.

2.2.1.Scanning electron microscopy

The SEM is a characterization technique that provides information on surface
state, morphology, and orientation maps can be obtained by Electron Backscattered
Diffraction (EBSD). The composition is measured by energy dispersive spectroscopy
(EDS). In this work, we used the dual beam FEI Nanolab (SEM/FIB) for the SEM

observations and mainly for specimen preparation.




2.2.2. Transmission electron microscopy

Transmission electron microscopy[64] offers a broad range of observations and
analysis techniques. During this thesis, TEM was extensively used as the main
characterization technique. The samples investigated in this work were prepared as
cross sections and plan views. In such instruments, one can reach the atomic
resolution in imaging and chemical analysis. Therefore it is possible to determine
with a high accuracy the composition of a given sample, its crystallographic

properties, and defects in the observed areas....

The transmission electron microscope is composed of an electron source operating
at few tens to hundreds of keV. This cathode is often called a filament; it can operate
at high temperature, or without heating for more coherence. Along the path of the
electrons, electromagnetic lenses provide the investigator different imaging and
diffraction modes for the analysis of the samples which need to be transparent to
these energetic electrons. In the TEM, several diaphragms are there to select either a
zone of interest or for shaping the electron beam. Diaphragms are placed in different
eigen plans. The images and diffraction patterns are obtained in specific planes along
the instrument column, they reflect the interaction of the high energy electron beam

with the material under investigation.

Three JEOL TEMs have been used in this work all operating at 200 keV: 1) The
JEOL-2010 conventional TEM with a stage that allows sample tilting up to +- 40° was
used to investigate the microstructure of our materials using diffraction contrasts. In
this microscope, the electron source is a thermionic LaBs crystal. 2) The second
instrument is a JEOL 2010 equipped with a Field Emission Gun (FEG). This
microscope was mainly used in scanning mode (STEM). In the annular dark field
(ADF) mode, using small camera lengths, it allows Z-contrast images of our
heterostructures, although due to the optical quality of this instrument, atomic
resolution cannot be attained. Most of the EDS analysis was carried out on this
instrument in STEM mode. For improved spatial and spectrometric resolution, we

also had access to the ARM 200 in Caen.

Due to the limited access to the ARM in Caen, a number of experiments were also

carried out either on the FEI TITAN operating at 300 keV at the Institute of Solid State




Physics, BREMEN, Germany, as well as at the Institute of Physics Warsaw, and on the
ARM 200CF of the Max Planck Institute, STUTTGART, Germany.

2.2.3.Electron sources and electron guns
The electron sources (the cathode) can be classified into two types: thermionic and
field effect sources. Tungsten (W) and LaBe crystals are usually used as electron

sources.

a- Thermionic sources

Heating materials such as tungsten and LaBs can give to the electrons enough
energy to leak from the surface of the considered crystal source. In a microscope, the
gun is maintained under vacuum and at an accelerating voltage so that the extracted

electron can travel to the sample at the set energy.

The extraction energy “® [eV]” is known as the work function of the material from
which the electrons are extracted. Richardson’s law gives a good approximation of the
electron emission theory. The following equation gives the relationship between the

current density “] [A.m-2]” to the operating temperature “T [K]":

P
] = AT?e kT 21

Where “k = 8.6x10> eV.K1” is Boltzmann constant and “A [Am=2K?2]" is
Richardson’s constant and depend on the used source. Formally speaking, in order to
obtain a current density, one has to achieve the following condition: kT > &. The
source can be tungsten (filament) for its high melting point around 3400 °C. In
practice, LaBs (crystal) which has a lower extraction work function around 2.4 eV in
comparison to tungsten (4.5 eV) with a tip radius less than 1 pm results in a higher
current density and a brightness 10 times stronger than for tungsten. For this smaller
source size, a more coherent beam is formed along with less scattered electron
energy dispersion (1 eV - 1.5 eV). Therefore LaBg filaments are employed as

thermionic sources. Figure 2.2 is a schematic representation of a thermionic source.
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Figure 2.2: Schematic diagram of a thermionic electron gun. A high voltage is applied
between the cathode and the anode. The Wehnelt is the first electrostatic lens that the
electrons go through in the TEM. Its electric field focuses the electrons into a crossover

“d0” with a convergence/divergence angle a0 which is the true source (object) for the
lenses in the TEM illumination system[64].

b- Field effect sources

A field effect gun (FEG) emission is governed by the electron tunneling theory. In
this instance, a monocrystalline material is shaped as a tip and is submitted to a high
extraction potential and is under vacuum. At the apex of the tip, electrons can tunnel

out following the equation (2.1):

2.2

14
E=—
T

Here “r” is the tip radius. For instance, if r = 100 nm then E= 1010 V/m, (for an
applied voltage of 1kV). In contrast to a thermionic emission where the temperature
plays an important role, in the case of the field emission the vacuum needs to be very
low (10-10-10-11 Torr) to avoid tip contamination and allow the electrons to tunnel
out. Two methods are currently used in modern FEG TEMs 1) the extraction at room

temperature; this type of source is called cold FEG and offers a highly coherent beam.




In such guns, the emission undergoes a slow decrease during the working time
mainly due to pollution, it needs to be cleaned at intervals by submitting it to short
heating times (flashing the source at several thousand of Kelvin) this is the case of the
ARM. 2) For highest stability, the filament can be operated at high temperature. In
this instance, the W tip is protected by a ZrO layer and continuously maintained at
around 2000 °C. Therefore, the coherency of JEOL 2010 FEG is lower than for the
ARM because even at a small tip, the temperature cannot be uniform, which leads to
the emission of electrons with different energies. Figure 2.3 shows an example of a

FEG W tip.

200 ym

Figure 2.3: The W monocrystalline tip-shaped filament of a FEG[64].

c- Electron sources and applications

In comparison to a thermionic source, the current density of a FEG is at least 1000
times higher and provides an energy spread of the electron beam less than 1 eV at an
acceleration voltage of 100 kV. Therefore a more coherent beam is obtained in a FEG.
Thus a FEG is a more suitable solution for applications such as high-resolution TEM
(HRTEM) or electron energy loss spectroscopy (EELS). Furthermore, the small source
size and the high brightness of a FEG make it also a good choice for energy dispersive
spectroscopy (EDS). On the other hand, the size of the source in a FEG makes it not
suitable for routine imaging in TEM at low magnification. In comparison, a thermionic
source is, indeed a bigger source and less coherent with a slightly lower brightness
this can provide better images at lower magnifications without losing current density
while looking at large areas. Therefore conventional investigations were preferably
done on the JEOL 2010 (thermionic) whereas EDS measurements were made on both

FEG sources and the HRTEM on the JEOL ARM.




a- Controlling the electron beam

From the gun, the electrons flow through the column of the microscope which is
kept under vacuum. Similarly to an optical microscope, lenses are placed along the
path of the electrons. Inside the TEM column, there are three main functional parts:
1) the illumination system formed by the condenser lenses that shape the beam at the
exit of the gun. 2) The objective lens constitutes the imaging system and 3) the
projector lenses which can be used to project the back focal plane of the objective lens

or the image plane to obtain either a diffraction pattern or an image of the sample.

In the following, we will describe briefly the objective lens which is a fundamental
part of the imaging system. The objective lens is formed by a cylindrically symmetric
magnetic open core where the electrons travel through. This forms the pole piece and
usually, they are two and conically shaped. The two pole pieces are placed head-to-
head. The diameter of the hole is typically around 3 mm letting the electron beam
flow through. The outer part of the lens is surrounded by a copper coil wire that

includes both pole pieces. The specimen is placed in the gap between the pole pieces.

Figure 2.4 shows a cross-section of a magnetic lens.
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Figure 2.4: Cross-section view of a magnetic lens[64].

b- Resolution

In microscopy, the resolution is the ability to separate two closely spaced dots. The

theoretical resolution can be approximated by the Rayleigh condition (2.3):




2
Ten = 1.225 2.3

Where A is the wavelength of the electrons and (3 is the semi-angle collection of the

objective lens.

In practice, several aberrations are present and they limit the performance of a
microscope, they are the spherical and chromatic aberrations and astigmatism of the

lenses.

The astigmatism is the most standard and easily corrected aberration, it is the fact
that the magnetic field of the electromagnetic lens is never symmetric, therefore the
focus in two perpendicular directions is never at the same point. The correction of
astigmatism is made with “stigmators” which are additional lenses placed at the exit
of the gun at the condenser lens and at the objective lens to compensate this X/Y

systematic difference in focus.

The spherical aberration occurs in the objective lens when the beams away from
the “optical” axis (off-axis) feel stronger magnetic field and thus they are focused at
different points. The spherical of the objective lens corresponds to the deformation of
the wavefront at the exit of the lens as can be seen in figure 2.5. Due to this
aberration, the image of a point is a disk known as the disk of confusion where the
intensity decreases radially. The size of the disk is a function of “Cs [mm]” which is
called the spherical aberration coefficient of the lens. Therefore, this constitutes an
important limitation for the resolving power in the TEM and defines the optical
quality of each lens and it cannot be directly corrected by manipulating the magnetic
field of an individual lens. In a “Cs” corrected microscope a highly complex structure
of lenses is used to reshape the beam just after the condenser (probe corrector) or

the objective lens (image corrector).

The other important aberration is due to the fact that electrons of different
energies will travel at different velocities and imaged at different positions (Cc:
chromatic aberration). Even if the energy spread in the recent sources is quite small
~ 0.3-0.4 eV for cold FEG, it is still too high for most accurate analytical or diffraction
investigations. For such work, additional systems of lenses need to be attached at the

exit of the gun (monochromators) and for the latest instruments, it is claimed that




energy dispersion close to 10 meV can be obtained, which should allow investigations
for instance of impurities inside band gaps, or other fine interactions such as

phonons.
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Figure 2.5: Schematic illustration of the effect of the spherical aberration and its
effect on the electron wavefront at the exit of the objective lens[64].

One way to classify the imaging possibilities in a TEM is by the shape of the probe
that reaches the specimen. The specimen is placed in the object plane of the objective
lens in the gap situated between the pole pieces. The two possibilities are a parallel

beam or a convergent probe.

By adjusting the intermediate lenses, one can project on the viewing screen or the
digital camera either the back focal plane of the objective lens to see the diffraction

pattern or the image plane to have an image the specimen.




A parallel beam is used for diffraction contrast images to produce bright and dark
field images; “BF” and “DF”. This is the TEM mode used for the investigation of defects
in materials from the micro down to a few nanometers. The convergent beam mode is
used in STEM configuration, convergent beam electron diffraction (CBED), X-ray
energy dispersive spectroscopy analysis (EDS), where highly focused beams are

needed for analysis of small areas.

Operating TEM with parallel beam

The interaction of the electron beam with a crystalline specimen can be described

with Bragg’s law. Due to the small scattering angle: “8”, one can write out:

Z'dhkl'e = A 2.4

Here “dnd” is the spacing of the lattice planes and A is the wavelength of the

incident beam.

a- Bright field and dark field imaging

In the Fourier plane (back focal plane) the diffraction pattern is obtained from the
entire specimen under the beam which is not usually the final purpose, thus we select
a region to contribute to the diffraction pattern. In the microscope, this is done by
introducing an aperture in the image plane of the objective lens. Then a selected area
electron diffraction pattern (SAEDP) is obtained. This aperture acts like a virtual

diaphragm in the object plane.

In contrast to X-rays where Bragg angles are large (a few tens of degrees), the
electron wavelengths in the TEM are quite small (~pm), and the Bragg angles are of
the order of 10 mrad, many families of planes can satisfy Bragg's law at the same
time. With a parallel beam, the SAEDP is an array of spots. The central spot
corresponds to the transmitted beam which is not diffracted. All other spots come
from diffused beams by lattice plans satisfying the Bragg law. Using an objective
aperture in the back focal plane, either the transmitted beam or a diffracted beam can
be selected to form either a bright field image or dark field image. Figure 2.6 shows
schematically this procedure. In a dark field image, the result is obtained from only

the scattered electrons from the specimen, so the vacuum will appear dark.
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Figure 2.6: Ray diagram showing schematically the procedure to obtain a) a BF image
with the transmitted beam and b) a DF image if a diffracted beam is selected with the
adequate objective aperture in the back focal plane of the objective lens[64].

b- Weak beam and 2 beams conditions

As mentioned above, due to the diffraction geometry in the TEM and sample
thickness, it is difficult to have only two beams in a pattern. Then for investing the
defects, one can use a defined family of atomic lattice planes which appear in the
diffraction as a systematic row of spots (see figure 2.7). From there, one defines
strong and weak beam diffraction conditions. Indeed, when the sample is oriented so
that -g and +g exhibit the same intensity, we have strong beam conditions. By
selecting either of the two (+ or -g) for the image formation, we have high contrast,
but, for instance, the details of a defect are not well resolved because in such image
the strain around the defects is highly underlined. In order to improve the resolution
of defects in such images, it is necessary to tilt the sample away from the strong beam
conditions. In the textbooks on TEM[64], it can be seen that this is governed by the
quantity known as “s” the excitation error. This vector is defined as the deviation
from the Bragg diffraction. In practice, it can be monitored by the intersection
between the Ewald sphere and the considered nod of the reciprocal space. For

instance, it is empirically known that a good contrast in dark field images is obtained




for defects for characteristic g, in the conditions of (-g/+3g) meaning that -g is used

for image formation, and +3g is set in Bragg position.
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Figure 2.7: a) and b) corresponds to the 0(g) condition between the Ewald sphere and
Kikuchi lines and c) and d) the g (3g) condition by tilting the beam [64].

c- Extracted information

From diffraction contrast images, information related to the crystalline quality can
be obtained. For instance, in a polycrystalline specimen, the image can display moiré
fringes. These result from the interaction of the electron beam with at least two
superimposed monocrystals of the layer. They can be of parallel type if the
superimposed crystals have only different spacing. They can be of twist type if a
rotation is introduced between the lattices. The third type is a combination of the two
previous. Furthermore, defects such as stacking faults can be observed under zone
axis <10-10> for wurtzite crystals as well as IDBs. Moreover, in III-Nitrides,
dislocations can be observed and their types identified. For this, diffraction contrast
images can be used to investigate the Burgers vector “b” namely by using the
invisibility criterion “g.b= 0” when the dislocations are out of contrast[65]. As an
example, TDs have their line along [0001] direction. If the Burgers vector is [0001],
1/3[1120] or 1/3 [1123], then the dislocation is of type screw, edge or mixed,

respectively.

The following table 2.1 shows the visibility conditions for perfect dislocations in

the wurtzite structure.




g=0001 g=11-20 g=10-10
b=1/3]11-20] Invisible Visible Visible
b =[0001] Visible Invisible Invisible
b=1/3[11-23] Visible Visible Visible

Table 2.1: g.b for perfect dislocations in wurtzite structure.

Operating TEM in convergent beam modes

In numerous cases, investigation of materials needs to access very small areas
which are prone to exhibit highest crystalline quality and chemical composition and it
is not anymore possible to use the parallel beam whose diameter at the sample can
reach more than one um. The solution lies in the use of specific lenses to drastically
decrease the size of the electron beam. When the beam size is thus drastically
decreased, it is highly convergent and the resulting diffraction pattern from a
crystalline material does not exhibit spots anymore but disks whose diameter

depends on the convergence angle of the probe.

a- CBED

In particular, convergent beam investigation in the TEM allows accessing
important crystallographic information. The wurtzite GaN crystal is non-
centrosymmetric; one can assess the polarity and determine the specimen thickness

at a specific region of interest.

In our case, the use of patterns along < 1010 > zone axis is used for investigating
the polarity of the layers. Moreover, the number of fringes that progressively appear

in the central disk (000) allows measuring the local specimen thickness.

Indeed much work has been done in resolving the structure of crystals using CBED
at higher order Laue zone (HOLZ), in combination with the zero Laue zone patterns
[66]. A complete analysis of the CBED patterns in a few zone axes should be used to
identify the space group of a crystal. Figure 2.8 compares the diffraction patterns for a

parallel illumination and for a convergent electron beam.




Incident electron

Specimen Y
/N . /7 S\

0\ e Diffracted electron ~ /[ '\ \
yay (__/"? 2 ﬁ\\\
N N

74 b A\ /'f F B S N\
i | W frome—r . .'/-‘_57-\'*- —r— -ul‘\
¢ . *\ & 7 “\-._L_._//—\ 7
Diffraction spot Diffraction disk

Figure 2.8: Comparison between a parallel illumination and a convergent beam
resulting in diffraction disks of a CBED pattern[67].

b- (HR)STEM

With the advances in corrections of the spherical aberration, it is possible to reach
the atomic resolution at the highest spatial resolution thanks to small probe sizes. In a
STEM, a convergent beam in the form of a probe is scanning on the specimen. The
interaction between the incident electrons and the specimen atoms produces many

signals, electrons, X-rays, up to visible wavelength and beyond.

The imaging system comprises annular dark and bright field (ADF/ABF) detectors
collecting the transmitted electrons. Projectors are used to change the distance
between the specimen and the detectors and thus the collection angle which is
related to the camera length. Typically, an ADF detector has a detection range around
22 mrad and 100 mrad outside the illumination cone of the probe. Above 100 mrad it
is called high angle annular dark field (HAADF). The ABF has a detection angle from
around 11 mrad and 22 mrad and is within the illumination cone of the electron

focused beam.

The scattered electrons in the range of an ADF detector are formed through
inelastic diffusion and thus are incoherent. The use of a small camera length helps
further remove any residual diffraction contrast from Bragg reflections. The contrast
in ADF images is related to the chemical composition of the specimen, it is often
termed as Z-contrast. The collected intensity can be approximated by an exponential
function of the form Z« (a < 2) where Z is the atomic number of the considered atom.

The heavier the atoms, the brighter contrast will be for the corresponding atomic




column. At lower magnifications, regions of phase separation can be assessed as
changes in the local contrast. By contrast, using higher camera lengths allows to
collect electrons from lower angles on the ADF detector, a strain contrast will be
observed and it becomes possible to image at defects through their strain fields[68].
The ABF collects electrons scattered at lower angles, thus light elements such as
nitrogen atomic columns can be observed which interacts weakly with the electron

beam and have a weak atomic scattering.

¢c- (HR)STEM- Analytical EDS

The EDS detector is placed above the sample and collects the emitted
characteristic X-rays from the interaction of the high energy electrons with the atoms
of the material under investigation. For accurate measurement, EDS is carried out
during STEM-ADF at high magnification. In the spectrum, the atoms which are
present will display the peaks corresponding to the excitation and relaxation of the
electrons from their core levels (K, L...). The quantitative determination of the local
composition takes into account not only the surface of the corresponding peaks but
also needs to take into account the emission and detection efficiency and the
experimental conditions. Some care has to be taken into account, such as geometrical
factors inside the microscope; the position of the sample, the orientation of the
interface[69],... For instance, probing close to the interface of GaN and Al(Ga)InN is
challenging because gallium atoms are present in both the barrier and the buffer.
Therefore an indication that the specimen is well oriented is for a maximum detection

of aluminum and indium to minimize the contribution of the GaN buffer.

2.3. Atom probe tomography

Atom probe analysis is based on the evaporation of matter under a high electric
field[70]. In order to achieve this field effect evaporation, the probe should satisfy
some requirements such as the size of its apex. The radius should be then around 50
nm. In our case, for semiconductor materials, FIB was used to prepare probes from

the epilayers.

The APT analysis requires ultra-high vacuum (~10-19 mbar) and low temperature
(~50 K). The setup can be compared to the electron source of a FEG microscope

where a high voltage is applied to the tip. In the APT, a high electric field is applied to




the apex of the tip. But instead of extracting electrons from the probe, atoms are
evaporated from the tip material which is under investigation. The electric field takes

the following form:

U
E= 2.5
Yy Xr

Where “E [V.m1]” is the electric field that forms at the apex of the tip, “U [V]” the
bias applied to the sample, “r [m]” is the tip’s radius and “y (unitless)” a constant
associated with the geometrical shape of the tip. For semiconductors, the APT is
assisted with a femtosecond pulsed laser. The process is shown in the schematic of

Figure 2.9.
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Figure 2.9: Schematic showing the principle of the APT process. With modifications
from [71].

The identification of the chemical species is based on time of flight mass
spectroscopy. The moment an atom leaves the probe is critical to know. In practice,
the applied electric field is close to the energy required for the evaporation. Thus a
laser pulse is applied to bring enough energy letting the event happening. As a result,
the origin of time for each event is controlled by the laser pulse. The detector is
sensitive to the place of the impact and records the electric charge of the detected

ionized species. The chamber length “L [m]” is also known, so, the arrival time “At [s]

and coordinates.

When an atom is ionized, it acquires a potential energy as follows:




E,=nXxexU 2.6

With “n” the charge state and “e” is the elemental electron charge. This energy is
converted to a kinetic energy equal to; while “M [kg]” is the masse and “v [m.s'1]” is its

velocity:

1
E. =-Mv? 2.7
2
Thus the ratio mass/charge state can be determined as follows:

%=2X6XUX(%>2 2.8

Determining this ratio and knowing the coordinates of the impact on the detector,

as well as the material structure (lattice parameters, atomic position within the unit
cell); one can reconstruct a 3D atomically resolved structure of the evaporated

material.







3 Growth chamber history and geometry:
influence on AlInN and AlGalnN

In this chapter, we present the growth technique used for the metal organic vapor
phase epitaxy of (Al, Ga, In)-N layers. The growth was carried out at II1I-V Laboratories
using two reactors 1) the Aixtron AIX200 RF and 2) the Aixtron close-coupled
showerhead (CCS), which produced ternary alloys (AllInN) and quaternary alloys
(AlGalnN), respectively. In the following sections, the reactors will be firstly
described. Then, their geometrical and historical influence on the produced epilayers

will be discussed.

3.1. Metal-organic vapor phase epitaxy (MOVPE)

Metal-organic vapor phase epitaxy (deposition)[72,73] of nitrides relies firstly on
the vapor transport of metal-organic precursors via a carrier gas (Hz and/or N2)
toward a high temperature heated substrate surface. These precursors are often
trimethyl-aluminum (TMALI), trimethyl-gallium (TMGa) and trimethyl-indium (TMIn).
The molecules will firstly decompose in the gas phase[74,75]. Then Group III and
group V atoms will migrate at the substrate surface to contribute to the layer by layer
growth[76,77], whereas the organic constituents are evacuated from the reaction
area by the carrier gas which is pumped out. The atoms that are diffusing on the
surface will reach an incorporation site and form new bonds and contribute to the

epitaxial growth. Figure 3.1 shows a schematic diagram of the involved reactions.
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Figure 3.1: Main chemical reactions in the vapor phase during the MOVPE process




For nitride semiconductors, MOVPE has emerged as growth technique for
industrial production of the light emitting diodes (LEDs) and laser diodes (LDs), in
contrast to the MBE which is still dominant for conventional III-V semiconductors
(GaAs based). The operating pressures go from 10-3 Torr to above the atmosphere

which constitutes an advantage over MBE that requires ultra-high vacuum[73].

3.1.1. Aixtron AIX200 RF reactor

In this reactor, the gas flow is horizontal to the wafer holder. The chamber contains
two quartz tubes. The inner tube also called the liner holds the graphite susceptor
where a wafer up to 2 inches can be used. The outer quartz tube is water cooled. The
wafer is heated through the susceptor by inductive radio frequency (RF) coils. Most of
the chemical reactions would take place in the highest temperature area (around the
susceptor); such a horizontal geometry may be termed as a cold wall chamber. This
promotes the growth in the mass transport regime where the growth is limited by the
incoming species rate and their diffusion[73]. Figure 2 shows a cross-section of the
horizontal reactor. One of the main drawbacks of this configuration is the parasitic
reaction that forms nanoparticles byproducts of AIN[74]. Moreover, the size up to 2

inches is a limitation for mass production.
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Figure 3.2: Schematic overview of the horizontal MOVPE chamber[72]

3.1.2.Aixtron close-coupled showerhead (CCS)
In this facility, the gas flow is perpendicular to the susceptor which is much larger
than in the previous case and can support a larger number of substrates of different

sizes: 19x2 inch, 7x3 inch, 4x4 inch, 1x6 inch. Therefore, it is suitable for mass




production. The shower head contains a high density of holes placed at around 2 cm
from the susceptor. This configuration is expected to limit the parasitic reactions in

the gas phase. A schematic view is shown in figure 3.2.
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Figure 3.3: Schematic view of the close-coupled shower-head MOVPE facility[72]
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As was noticed in some reports for only this geometry, the AlInN layers are found
to contain several percents of gallium leading to quaternary alloys AlGalnN[26,78,79].
In the following, we assess the origin of gallium and in what extent it can be

controlled with respect to the growth conditions.

3.2. Samples presentation

The samples studied in this chapter are presented in table 3.1. Sample A383 was
grown in the horizontal reactor without specific cares of the growth chamber or
conditioning. Whereas six samples (TS241, TS909, TS685, TS495, TS496, and TS497)

were grown in the vertical chamber.

TS241 and TS909 were grown without cleaning or chamber conditioning. TS909
corresponds to a HEMT structure with a 6 nm barrier on top of which, a 13.7 nm of
SiN was in-situ deposited inside the growth chamber for device passivation purposes.
In this instance, the aim was to monitor the non-intentional gallium incorporation.
Indeed, the presence of metallic atoms in a passivation layer is not desirable[80]. In
contrast, TS685 was grown after conditioning the chamber. Samples TS495, TS496,
and TS497 were grown consecutively in one run without chamber conditioning with
increasing the growth pressure from 50 Torr, 80 Torr, 100 Torr, and 120 Torr,

respectively.




samples Pressure Temperature Nominal barrier thickness | Chamber
[Torr] [°C] (TEM) [nm] design

A383 55 810 125 horizontal

TS241 50 100

TS909 50 6

igigg gg 875 Zé vertical (CCS)

TS496 100 60

TS497 120 67

Table 3.1: Samples growth parameters and corresponding chamber configuration

The stacking of all these samples is Al203/GaN/Alln(Ga)N except for TS241 where
we have 1.2 nm of AIN between the barrier and the GaN. A schematic of the

heterostructure of TS909 is shown in figure 3.4.
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Figure 3.4: The stacking of the heterostructure of TS909

3.2.1.Investigating the origin of gallium
In the following, we assess the origin of the unintentional gallium incorporation

and monitor its elimination by growth chamber conditioning.

Figure 3.5a shows the EDS results recorded on A383 at a 30 nm depth below the
surface. The scans were made parallel to the AlInN/GaN interface. We did different
scan lines over different depths and no significant fluctuations in the composition
were observed. As can be seen, no gallium has been detected. The average indium
content is 17%. This is in agreement with the nominal value as determined by XRD
which gave 16%. In contrast, Figure 3.5b shows the EDS results obtained on TS241
done at four different depths. The scans were made using the same method as for
A383. As can be seen, during the growth, the composition is uniform in the scanned

regions. The layer contains 20% of indium and 11% of gallium. Moreover, this




composition does not depend on the depth. As a result, the aluminum content has
relatively dropped by 10% in comparison to the aluminum content of A383.

Therefore, it is obvious that the indium content cannot be extracted from XRD.
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Figure 3.5: a) and b) are EDS measurements made on A383 and TS241, respectively. No
gallium has been detected in A383. For TS241, higher indium content is highlighted than
given by XRD, in addition, the presence of gallium is not negligible

Thus the horizontal chamber produces systematically ternary AlInN whereas the
vertical configuration is more complex. In this instance, the close-coupled shower
head was conditioned with specific treatments prior to the growth of TS685 barrier.

For this sample, the EDS results are reported in figure 3.6.
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Figure 3.6: EDS results show the strong decrease of the amount of gallium in the
epilayer TS685 as the chamber has been conditioned before in contrast to sample TS241

As can be seen, the gallium concentration is noticeably low in comparison to
TS241. The average drops gradually when we go from the GaN template to the layer
surface where the detected gallium goes to about 1%, which corresponds confidently

to the accuracy of the measurement due to geometrical factors of the corresponding




position of the sample in the microscope column. It is thus clear that through this
growth process, the unintentional gallium incorporation has been drastically reduced.
In parallel, the measured indium content appears to gradually increase toward the
surface reaching maximum values just above 20%, whereas the aluminum content

stays below 80%.

Regarding the surface morphology, representative regions of A383 (125 nm),
TS241 (100 nm) and TS685 (61 nm) are displayed in figure 3.7. For the three
samples, the topography is dominated with hillocks. Pinholes and some trenches are
also observed on samples from both chambers. Therefore, in the following analysis,
the pinholes and trenches were excluded from the roughness measurements. In
addition, the only presence of gallium is not the main cause of the formation of such

defects.

The roughness of A383 is around 0.9 nm. The hillocks are around 100 nm in
diameter and their height is similar to the surface roughness. In comparison, the
thinner layer TS241 has a roughness around 1.5 nm. The hillocks on this layer are
around 125 nm in diameter. Furthermore, for TS685 which is gallium free, the
roughness does not exceed 0.7 nm with hillocks around 90 nm in diameter.
Therefore, at similar thicknesses, the quaternary layers tend to have higher
roughness than the ternary barriers.
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Figure 3.7: Surface topography of a) A383, b) TS241 and c) TS685. For these three
samples, the only presence of gallium cannot explain the formation of defects such as
pinholes or hillocks. The retained result is that quaternary layers have a higher
roughness.




Zhu et al.[81] grew layers between 760 °C and 830 °C with thicknesses ranging
from 225 to 400 nm. Without supplying gallium precursor, its unintentional content
reaches 45%. By avoiding GaN templates and using a layer sequence of AIN/AlInN,
they reported a decrease in the amount of gallium to 2% in the AlInN layer, which led
them to conclude that the main source of this parasitic gallium could be due to the
diffusion from the GaN template during the subsequent growth. For our samples, the
situation is significantly different. A383 (GaN/AlInN) was grown at 810 °C and no
gallium has been detected by EDS. In Addition, TS241 has a layer sequence of
GaN/AIN/ AllnN, although with an AIN ultrathin layer (2 nm), in comparison to the
100 nm thick AIN of Ref.[81]. The EDS measured indium composition is around 20%,
whereas gallium is 11% for TS241.

The next observation of this effect was reported later by Smith et al.[82] who
carried out the growth of the alloy at 790 °C in a close coupled shower head also from
Aixtron. They pointed out that the gallium incorporation could be decreased
subsequently by making a growth interruption during which the chamber was
cleaned and the susceptor changed, they report a gallium incorporation of about 1%,
with the conclusion that the source of the contamination was most probably gallium
from reactor walls. We obtained similar results for sample TS685 which was grown

after thermal cleaning, the incorporated gallium dropped to 1%.

Therefore, as also reported in Ref.[82], the source of gallium unintentional
incorporation is due to the reactor and the proposed blocking role of an intermediate
AIN layer[81] is probably small. A detailed analysis of this gallium incorporation was
made by the same group and reported in Refs.[83,84], taking into account that all the
steel parts of the CCS reactor are refrigerated, it was concluded that the source of the
residual gallium should be the quartz elements such as the susceptor and that the
geometry would not be an important factor. The dominant effect was proposed to be
the residual vapor pressure due to Ga/In eutectic inside the reactor. However, our
observations as reported above for A383 and TS241, in two different reactors, and
TS685 from the optimized process in our CCS reactor, show that the reactor geometry
is playing a critical role in the process. It was also verified that no leakage was

present in the gas lines for the separated organometallics precursors.




3.2.2.Gallium content and growth conditions

In this section, a mechanism explaining the unintentional incorporation of gallium
is proposed. To do so, analysis of SiN in-situ passivation layer and layers grown under
different pressures were characterized. For instance, the content of the gas phase has

been changed in both experiments.

The extent of non-intentional gallium incorporation in in-situ passivation layers
has been investigated through TS909. The topography is shown in figure 3.8. The
color scale bar goes from -4 nm to +3 nm but the surface is smooth. This is due to the
terraces growth steps from the underlying GaN/AlGalnN. The roughness does not

exceed 0.6 nm and defects are barely visible.

Figure 3.8: Topography of TS909 showing growth steps

As can be seen in figure 3.9, time of flight secondary ion mass spectroscopy (TOF-
SIMS), no gallium was observed in the SiN passivation layer. This is further confirmed
by our EDS measurements. The composition of the barrier is 66% aluminum, 16%
indium, and 18% gallium. As the growth conditions were the same for TS241, the
composition is close and indicates the repeatability of the process for different
growth runs. Probing the optimized SiN passivation layer indicated 0% of gallium by
EDS. Note that this layer has been grown after a re-growth of 150 nm of GaN.
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Figure 3.9: TOF-SIMS depth profile on TS909. As can be seen, no gallium was detected
in SiN in-situ passivation layer. (Courtesy of Dr. P. Gamarra from I1I-V Laboratories)

In the scope of looking for a mechanism for the presence of parasitic gallium, we
shall now focus on samples TS495-TS497 where the total deposition pressure in the
vertical chamber has been stepped from 80 to 120 Torr (Table 3.1), keeping the other
parameters constant such as the temperature, time, fluxes, etc. The EDS results for
these samples are depicted in figure 3.10. At 50 Torr, the layer composition is 20%
and 11% of indium and gallium, respectively. The amount of aluminum is close to
70%. At 80 Torr, for TS495, the amount of gallium has been lowered by twice to 6%.
The indium content measured is around 15% and the aluminum is close to 80%. The
gap observed here between the amounts of indium and gallium is maintained when
the pressure was increased to 100 Torr and then to 120 Torr. The indium content
was increased respectively to 19 and 20% and the gallium content was increased to
12% for both the samples. Consequently, the aluminum content was decreased by

10% for both TS496 and TS497.
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Figure 3.10: EDS results obtained on samples grown with different growth pressures
monitoring the evolution of gallium unintentionally incorporated in the barrier.

From the above observation, we assess that the amount of parasitic gallium in the
barrier depends highly on the growth conditions such as the pressure. Smith et al.[82]
changed the total gas flow rate in the reactor from 8000 to 24 000 sccm, they pointed
out that the gallium incorporation could be decreased by half from 24% to 12% using
a deposition pressure of 70mbar (52.5 Torr). Hiroki et al. investigated the flow of
metallic precursors and showed that supplying TMIn leads to a proportional
incorporation of gallium. In contrast, increasing the flow of TMAI has no effect on the
amount of incorporated gallium at constant TMIn flow. This may be explained by the
higher electronegativity of Al (1.61) in comparison to In (1.78) and Ga (1.81) and the
strength of the carbon-metal bond which is higher for C-Al (75kcal/mol) in
comparison to C-Ga (60 kcal/mol) and C-In (45 kcal/mol). Therefore, we propose that
in the gas phase TMIn can react easily with residual gallium and form gallium-by-
products which participate in the growth. Thus as soon as the indium source is turned

off, the in-situ SiN passivation layer contains no gallium.

Following these results, our investigation shows that the total pressure is playing
an important role as well. Comparing the elemental compositions of TS241, TS909,
and TS685 at 50 Torr, one can notice that they have the same amount of indium
(20%). Therefore, the incorporation of gallium systematically modified only the

aluminum content. This is in agreement with the work reported by Zhu et al.[81],




where the amount of indium was the same (see their sample set III) and only the
Ga/Al ratio was affected. Similarly, Reuters et al. [85] showed that increasing the
growth pressure induced a simultaneous increase of In and Ga and a decrease of the
Al content by half. Most interestingly, the intermediate pressure of 80 Torr leads to a
strongly decreased gallium content of 6%. For higher growth pressures, 100 and 120
Torr for TS496 and TS497, respectively, we obtain higher indium content and as well
as an increased content of the unexpected gallium. Increasing the pressure,
subsequently, leads the decrease of the mean free path of the species in the gas phase.
Therefore the chemical reaction rate between TMIn and residual gallium is increased.

The incorporation of aluminum is therefore decreased.

3.3. Conclusions

From this analysis of samples grown in a horizontal and a close coupled
showerhead reactor, we have observed that the unintentional Ga incorporation is
predominantly due to the reactor geometry. We demonstrate that the gallium source
is neither the susceptor because the incorporation was uniform along a wafer, nor the
GaN buffer. Therefore the remaining source is the shower head and the interior walls
during the same run. We subsequently report the evolution of the metals (In, Al, and
Ga) in the epitaxial layers as measured by EDS. The aluminum concentration is
decreased by some 10% from the expected value at lattice match of the AlInN ternary
alloy to GaN. The EDS analysis shows that the indium concentration is not modified;
the ratio Ga/In appears to change in a correlated way. Still, the presence of gallium
can be avoided by adopting a cleaner growth procedure dropping its content to 1%,
but also the total chamber pressure is shown to have a non-negligible influence on
this effect. Indeed, a moderate pressure of 80 Torr is shown to lead to an
incorporation of a decreased content of gallium from 12% to 6% for other pressure

values.







4 MOVPE of AlInN and AlGaIlnN: Effects of TDs
and IDs

During this research, we noticed that the microstructure of the epitaxial layers, not
only depends on the growth conditions but also critically relies on the structural
quality of the substrate. The investigated alloys were grown on top of GaN templates
which contain crystallographic defects. Therefore, our observations point out the
typical role of such defects on the quality of the active AlInN and AlGalnN barriers. In
the following, we discuss the effects of 1) threading dislocations (TDs) 2) inversion
domains (ID) originating from the underlying GaN and 3) the interaction of these
defects with the thin AIN layer at the interface GaN/AlGaInN. The subsequent
degradations observed on the barrier are called extrinsic. In a first section, we shall
discuss briefly the available substrates for I1I-Nitrides. In the subsequent sections, we
shall present 1) the investigated materials and 2) our results on the microstructures
generated by the presence of these defects.

4.1. Substrates

The nitrides layers are mainly grown on foreign substrates such as sapphire,
silicon and silicon carbide. For specific applications, high-quality freestanding GaN
(FS-GaN) is used as the substrate.

This type of hetero-epitaxy leads to the introduction of a high density of defects
due to the different physical properties [86]. For the choice of a substrate some
parameters need to be examined carefully for the success of the epitaxy: 1) the
symmetry between the two materials, 2) the lattice mismatch, 3) the thermal
expansion coefficients and 4) the thermal conductivity.

In the search for a surface where to carry out the epitaxy, the first condition is to
have a similar surface as that of the layer, indeed, the epitaxy of wurtzite GaN will
take place more easily on top of hexagonal symmetry (SiC) or pseudo-hexagonal ones
(0001)-sapphire, (111)-Si. Then, the next property for good epitaxy will be to take
care of the lattice mismatch which governs the different positioning of the atoms in
the two lattices, leading to strain and formation of defects at the interface depending
on its amount. Table 4.1 shows that SiC/GaN heterostructure has the smallest in-

plane lattice mismatch.




In addition, the growth is carried out at high temperatures, and during the
subsequent cooling down to room temperature, the behavior of the layer and the
substrate are governed by their own thermal expansion coefficients. The associated

mismatches may lead to the formation of additional defects.

GaN | Si SiC Al203

In-plane lattice mismatch to GaN (%) | 0 -17 3.1 +16

Linear thermal expansion coefficient

[10©K-1] 5.6 2.6 4.4 7.5

Thermal conductivity

[W.cm-1K-1] 2.3 1.6 4.9 0.25

Price ($) 3000 | 20 1500 | 50
Table 4.1: Available substrate properties for hetero-epitaxy of

nitrides[1].

For specific applications such as high power devices, the thermal conductivity of
the substrate is an important parameter. Indeed, heat needs to be rapidly evacuated
from the active areas of the device in order to avoid overheating and device failure. As
can be seen in table 4.1, for this field, SiC is the substrate of choice.

4.1.1.A1203

The growth of GaN on sapphire have been conducted on several orientations as
summarized by Liu et al.[86]. The most common orientation remains [0001] and
results in a 30° rotation of the GaN in-plane direction with respect to in-plane
sapphire, therefore, the epitaxial relationship is [1120]44x|[1010]sapphire and the
mismatch is reduced from 30% to +16%. The low thermal conductivity of sapphire
makes it poor at heat dissipation and may cause device failures[1]. Furthermore, the
large mismatch between both thermal expansions coefficients lead to film cracking
during the cooling phase from the growth temperature. This effect is more observed
in thick layers due to higher induced biaxial compressive stress generated in GaN and
both substrate and layer would crack as exposed in the work of Etzkorn and
Clarke[87]. Moreover, the insulating behavior of sapphire imposes electrical contacts
to be at the top of the devices which elaboration is not straight forward. Despite all
these drawbacks sapphire remains the most used substrate for the growth of GaN
based devices. It is attractive because of the low cost and large area available

substrates.




In order to reduce the effects of the above problems, a technique known as two-
step growth produces the smooth high crystalline quality of GaN. This method was
developed by Amano et al.[88]. The authors deposited a thin layer of AIN at low
temperature (LT) around 500 °C on sapphire before the high temperature (HT)
growth of GaN. The LT growth produces island like structures with different
crystallite orientations. During temperature ramping phase the islands will grow
laterally and will coalesce forming a smooth GaN surface when the final growth
temperature is reached. This process traps dislocations in the first step in the regions
between the early formed islands. Only a few of them cross the buffer layer leading to
a dislocation density of around 108 cm2. Using this two-step growth, high-quality
AlGaN/GaN HEMTs have been obtained on a sapphire substrate having mobility
around 1410 cm?V-ls' and density carrier concentration near 1013 cm-2 at 295
K[89].
4.1.2.Si

To lower the cost of GaN-based devices, the growth of IlI-nitrides on Si is by far the
most interesting choice because it can be achieved on wafers up to 12” ensuring
device fabrication on large areas. For instance, blue LEDs[90] have been
demonstrated in 1998.

For transistor applications, Si remains attractive due to its intermediate thermal
conductivity in comparison to other substrates. For instance, its thermal conductivity
is 6 times higher than sapphire. Unfortunately, GaN cannot be grown directly on Si
due to the low-temperature reaction between the two materials. Prior to GaN epitaxy,
a nucleation layer should be grown first. In this instance, AIN is nowadays widely
employed as a nucleation layer. Yang et al.[91], studied the effect of the AIN thickness
and found that few nanometers of AIN will result in the formation of pinholes due to
dislocations at the surface of GaN, and around 100 nm thick AIN, GaN will crack as a
strain relaxation mechanism. Lahréche et al.[92] deposited AIN by MOVPE at 1060 °C,
with a dislocation density in the GaN around 1019 cm-2. Despite this amount of TDs,
the electron mobility of their AIGaN/GaN HEMT was not less than 813 V-1.cm?®s1 at
300 K.

4.1.3.SiC

Even with a low thermal expansion mismatch between SiC and GaN, the density of

defects can be high because GaN does not wet well SiC[93]. The nucleation




temperature of GaN on SiC is less than 800 °C leading to a three-dimensional growth
and high surface roughness due to the 3.1% lattice mismatch. Therefore, the use of an
AIN nucleation layer is also commonly adopted[94]. Indeed AIN can nucleate in a two-
dimensional mode at more than 1100 °C leading to a good epitaxial layer of
SiC/AIN/GaN.

In fact, silicon carbide is the most suitable substrate for GaN nitride based high
power transistors. It has the smallest mismatch with GaN regarding thermal
expansion coefficient. SiC is attractive due to its highest thermal conductivity which is
for instance almost 10 times higher than sapphire. Recently, Dogmus et al.[95]
reported an electron mobility of 1800 V-l.cm?s1 at room temperature for HEMTs
devices.

4.1.4.GaN

The growth of GaN by homo-epitaxy on bulk GaN was demonstrated by Kirchner et
al. in 1999[96]. However, small areas typically less than 10 mm? were obtained[97].
The alternative is the growth of the so-called freestanding GaN (FS-GaN). Hybrid
vapor phase epitaxy (HVPE) techniques can be used which is basically the growth of
thick GaN typically up to few millimeters on sapphire. Sapphire seed will be removed
then by mechanical polishing or laser ablation[98,99]. This kind of complex process
makes FS-GaN the most expensive substrate for III-Nitrides, however, the density of
defects such as the density of dislocations in FS-GaN can be reduced to 10 cm?2. In
2009, Dwilinski et al. [100,101], by means of ammonothermal growth of bulk GaN, the
authors reported a lower density of dislocations typically 103 cm2. Nowadays, FS-GaN
substrates are around 4” and are the most adequate for high power applications for
nitrides. In this instance, hall mobility around 1920 V-1.cm?s1 with a dislocation
density lower than 107 cm? have been obtained by Storm et al.[98,102] on
AlGaN/GaN HEMTs.

4.2. Extrinsic degradations of AlGalnN and AlInN

In the following, we designate extrinsic degradations of the barrier defects having
their origin the GaN template where TDs or IDs can be found or due to any interaction
of these defects with the AIN spacer between the barrier and the GaN.

In this instance, Northrup et al.[103] estimated theoretically the formation energy
of pinholes in InGaN connected to a screw type threading dislocation. In addition, and

by assuming that the theoretical behavior of AllnN and InGaN can be similar,




Kehagias et al. [104] observed that pinholes were only due to dislocations with screw
components in AlInN. This was confirmed later by Miao et al. [30] who reported that
pure edge dislocations do not generate pinholes in AlInN and that only dislocations
with a screw component lead to the formation of pinholes. In contrast, Minj et al.
[105] observed that for AlInN also edge dislocations can be connected to pinholes.

On the other hand, the presence of an ID can change the growth kinetics at its
immediate surroundings. It has been demonstrated that Ga-face terminated surface
is smoother than N-face terminated surface[106-109].The co-existence of both
polarities also induces pyramidal growth around the inversion domains in
GaN[109,110] as well as in AIN[111] while the surface morphology is more complex
for InN[112]. For ternary alloys, such as super-lattices alloys AlGaN[113] and
InGaN[114], it has been reported that IDs terminate with v-pit defects at the surface.

Usually, the introduction of a thin AIN layer at the hetero-interface AlGaInN/GaN
heterostructures for HEMTSs applications improves the 2DEG density by reducing the
alloy scattering effect. In addition, it provides a better confinement of the electrons in
the 2DEG region. However, its thickness has to be carefully controlled and optimized.
Song et al.[115] reported that a thick AIN induces cracks of few microns to appear at
the AlGaN surface. The electron mobility was equal 1590 V-1.cm?.s-! and decreases for
higher growth times. Xun et al.[116] obtained best results with 1.3 nm for InAIN
HEMTs at 1051 V-1.cm?.s-1.

TDs and IDs originating in the GaN buffer lead to the appearance of pinholes as
shown from the above literature. In this instance, the effect of each type of TD
remains unclear. In addition, we assess the effect of IDs on our AlGalnN barriers
which have a thin AIN spacer. Indeed, determining the exact origin and effect of each
defect may help to produce higher quality layers by MOVPE through the only
optimization of the growth conditions.
4.2.1.Samples

In the previous chapter, we showed that the surface morphology of AlGalnN
barriers exhibits pinholes, hillocks, and trenches. We now attempt to establish the
relationship between defects observed on the surface and defects originating from
the GaN.

The samples, discussed in this section, are presented in table 4.1. One MD3156

ternary barrier was grown on Si substrate with an AIN nucleation layer prior to the




growth of GaN buffer layer. All other samples were grown on a sapphire substrate
with GaN as nucleation layer prior to the GaN buffer layer. In table 4.1 only one

sample has a thin AIN interlayer at the interface of GaN and AlGalnN.

content Barr.ler AIN
nominal | . GaN
pressure | temperature | (EDS) . interlayer .
samples o thickness . thickness
[Torr] [°C] [Al/Ga/In] thickness
6 (TEM) [um]
%o [nm]
[nm]
MD3156 52.5 780 65/0/35 100 0 1.5
TS652 72/11/17 | 96 0 1.1
TS654 50 875 73/12/15 | 20 0 1
TS684 69/16/15 | 60 0 2
TTS241 70/11/19 | 100 1.8 1.2

Table 4.2: Main properties of samples discussed in this chapter

4.2.2.Effects of sapphire and silicon substrate on the quality of GaN

In the scope of determining the effects of defects originating from the GaN
template on the barrier, we firstly observed samples where sapphire and silicon were
used as substrates. The two samples in this section are MD3156 (AlInN) and TS652
(AlGalnN). These samples were grown on silicon and sapphire substrates,
respectively. Their thicknesses are 100 nm and 96 nm, respectively. For MD3156[19],
a ~30 nm AIN nucleation layer was used prior to the 1.5 um GaN buffer layer. In this
sample, GaN was grown in two steps (1 um + 570 nm) with a strain engineering low-
temperature AIN interlayer. For TS652, 70 nm of LT-GaN was used as a nucleation
layer prior to the growth of 1.1 um GaN buffer layer. Figure 4.1 shows diffraction
contrast images of both samples under g= 10-10. The dislocation density of MD3156
and TS652 is 3x10° cm2 and 109 cm-?, respectively. As can be seen in figure 4.1a for
TS652, only a few TDs reach the barrier. For MD3156, the dislocation density is
clearly higher in the first 1 um GaN as can be seen in figure 4.1b and only a few reach
the surface.

As can be seen from diffraction contrast images, only a few dislocations reach the
barriers in both cases. Furthermore, the crystalline quality of TS652 is better in
comparison to MD3156. For MD3156, the roughness of the layer is already visible and

the contrast of the barrier is brighter and less homogeneous than for TS652.




Figure 4.1: Weak beam dark field diffraction images cross sections of a) TS652 and b)
MD3156. In both samples, the TDs are confined far from the barrier.

For the latter, the contrast is more uniform and the roughness of the layer is not
visible. The strain related contrast is not directly connected to TDs as can be seen for
both samples. Therefore, in this case, the quality of the layer does not depend directly
on the substrate nature or quality (sapphire or silicon). From EDS, the indium
composition of MD3156 was close to 35%, thus the layer is under compressive strain.
Also from EDS, the composition of TS652 is around 72% Al, 11% Ga, and 17% In. The
average mismatch is 0.17% with respect to GaN, so the layer is nearly lattice matched.
Therefore, using specific growth steps as described by Amano et al.[88], the TDs in
GaN can be lowered around 10-% cm2 leading to a high-quality GaN buffer layers.
Therefore the observed degradations of the barrier do not depend only on the TDs or
the use of a specific substrate, but here, on the strain state of the barrier.
4.2.3.Sub-grain boundaries

To determine the effect of TDs on the crystalline quality and surface morphology of
AlGalnN, we carried out systematic SEM observations and noticed characteristic
morphological features which are not randomly distributed. The micrograph of

Figure 4.2 depicts alignments formed by separated pinholes at TS654 surface. Two of




these are highlighted with blue hexagonal-shapes placed at their “centers”. The
pinholes are aligned along short distances and the alignment change direction by

n% ,n € N as shown with the red V marks.

—-500 nm ——

Figure 4.2: TS654 surface shown with SEM. Pinhole not randomly distributed are
highlighted with blue hexagonal-shapes. The white rectangle shows the array of pinholes
where a FIB-specimen was prepared for TEM investigation. Possible changes in the
propagation of pinholes arrays are highlighted with red V-marks.

Using a FIB, a TEM specimen has been prepared around the area marked with a
white rectangle. The area was then observed in TEM. Figure 4.3a-c show respectively
weak beam images with g= 11-20, g=10-10 and g= 0002. The stars point to the same
area in the 3 micrographs. From visibility criterion (g.b), one can assess that all
dislocations seen with g= 0002 are mixed type threading dislocations as they are in
contrast with other diffraction vectors. However, the majority of TDs in this area are
a-edge type threading dislocations.

In particular, two groups of dislocations are pointed out in Figure 4.3b with “X”
marks. These two groups indicate the presence of sub-grain boundaries in GaN
originating from the interface GaN (nucleation layer) / GaN (buffer layer). These

dislocations open up into pinholes at the surface of the sample.




Figure 4.3: TS654: Weak beam dark field cross-section micrographs of the FIB lamella
recorded with a) g= 11-20 b) g= 10-10 and c) g= 0002

The thinned FIB specimen contains thus 2 ends of the array of pinholes shown
inside the white rectangle of the SEM of Figure 4.2. Similar defects were observed by
Rhode et al. [117] for InGaN layers grown on GaN where bent TDs at the interface
open in pinholes to finally coalesce and form trenches at the surface of the epilayers.

For InGaN multi-quantum wells (MQWs), Massabuau et al.[118] observed similar
defects where the area within the trench can have a height lower or higher or at the
same thickness than the surrounding matrix. For MQWs, thicker areas within the
trenches indicate higher indium incorporation rate[119] as part of strain relaxation

mechanism[117]. In our case, for the quaternary TS654, one can notice the uniform




contrast all over the observed area from SEM analysis meaning a uniform barrier
thickness (20 nm) that was confirmed later by TEM observation. This means that the
areas within the pinholes array have the same growth rate as the surrounding matrix.
In fact, the quaternary barrier TS654 contains an average 73% Al, 12% Ga and 15%
In, indicating a mismatch of -0.02% thus the layer is nearly lattice matched. Therefore
a mechanism of strain relaxation of the barrier as that reported above for InGaN
multi-quantum well does not appear to be operating in our case.

Furthermore, for each of the two groups of dislocations, one can notice that the
threading dislocations at their extremity are mixed type TDs. They are marked “m” in
Figure 4.3c. On the other hand, we have observed from the SEM of Figure 4.2 that

there is a change in the direction of propagation of pinholes by n% ,n € N. Rhode et

al.[117] and Massabuau et el. [118] suggested that pinholes are generated along
<1120> directions in the InGaN epilayers leading to trench formation. Based on their
assumption, directions with higher number of pinholes in Figure 4.2 are <1120>.
Therefore, the sub-grains were found to form at the interface between the LT-GaN
and HT-GaN leading to TDs in the buffer layer. These TDs open up into pinholes

forming a network with average propagation directions <1120>.

4.2.4.Individual TDs and pinholes

The surface morphology of TS654 is shown in the AFM of Figure 4.4. The white
hexagonal shape indicates a subgrain boundary formed by an array of pinholes
similarly to Figure 4.2. In addition, the surface contains individual hillocks with
pinholes at their centers. The white arrows point toward the first type of pinholes on
top of large hillocks 85 * 4 nm in diameter than the second type of pinholes which are
connected to hillocks whose diameter is 32 * 4 nm. In Figure 4.4, all pinholes have the
same diameter of around 25 * 3 nm.

In order to assess if the observation of pinholes having the same diameter and that
hillocks have different dimensions is limited to this sample, TS684 and TS241 were
also investigated. In comparison to TS654 (barrier thickness 20 nm), the AlGalnN
barrier of sample TS684 is 60 nm thick and it is 100 nm for TS241 as reported in
table 4.1.




Figure 4.4: Topography of TS654 shown with AFM. The morphologies of individual
pinholes are different; they are all on the top of hillocks but these latter have different
sizes.

The AFM micrograph of Figure 4.5a represents a typical region showing
morphological defects on TS684. Similarly to TS654, the layer surface is covered with
hillocks, pinholes and even coalescing pinholes into trenches of different sizes are
highlighted in a white square. The average density of pinholes is 4.3x10% cm2 as
determined from 6 um? areas. In the following, a population of 110 pinholes was
characterized. They were selected as being sufficiently apart so that no close defects
were interfering with the measurements of the characteristics of the associated
hillocks diameters and heights.

Figure 4.5b shows the bar chart of the pinholes population distribution according
to their diameters. In contrast to TS654, regarding the diameter of pinholes, two
distinct families can be observed. On the left side of the graph, the first family is
sharing an average diameter of 32 + 1 nm. Letter “v” is assigned to 3 pinholes as
examples in Figure 4.5a. They are the smallest pits. One can see that they can be
located between hillocks; as it is the case for vi and vz, or at an edge of a hillock;
which is the case of v3. Therefore a connection between hillocks and v-pinholes may
not be straightforward. This observation holds also for ternary alloys as we can see
for sample A383 (125 nm thick) in figure 3.7a (chapter 3).

The right side of Figure 4.5b shows pinholes with an average diameter of 46 + 4

nm. These pinholes are always on the top center of hillocks. For these pinholes, we




have measured the diameters of their hillocks as shown in Figure 4.5c. As can be seen,
the pinholes that we have observed can be further separated into two categories
depending on the hillocks diameter. 59 % have a diameter of 79 + 7 nm (left side of
figure 1c) and 41% have a diameter of 111 * 7 nm (right side of figure 1c). Thus,
letters “e” and “m” were assigned to examples in Figure 4.5a, respectively. Note the
larger number of e-pinholes in the selected population. In addition, the hillocks of e-

pinholes and m-pinholes have their heights at 1 + 0.2 nm and 2 *+ 0.3 nm, respectively.
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Figure 4.5: a) Representative AFM surface morphology of TS684 b) distribution of
pinholes population regarding their diameters that shows two distinct distributions and
c) hillocks diameters of pinholes with two distinct distributions indicating two different

origins

The same approach has been used for sample TS241. The pinholes density for
TS241 is 0.9x10° cm2. They were also classified similarly into two families regarding
their diameter. Interestingly, the first family (v-pinholes) is the same as for TS684.
But, for the pinholes of the second family, the average diameter of the pits is
increased by ~66%. Note that the thickness of sample TS241 has been also increased
by ~66%.

In order to investigate the relationships between the type of TDs and the pinholes,
TEM observations were carried out in cross section and plan-view.

For cross-section, SEM was used to locate the features of interest and

corresponding zones were prepared by FIB. A typical zone for sample TS684 is




displayed in figure 4.6a where the white rectangle corresponds to the estimated TEM
lamella. As can be seen, the observed zone contains some nine large pinholes and a

small one as indicated by the black arrow.
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Figure 4.6: TS684 a) SEM of the investigated region. The arrow points to a small
diameter pinhole, b) and c) are weak beam TEM images using g= 11-20 and g=0002,
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respectively for identifying “e” edge type threading dislocations and “m” mixed type
threading dislocations. The black circle shows the region magnified in d) the ADF
micrograph showing a pinhole not connected to a dislocation. This pinhole is indicated
with black arrows.

The corresponding area has been analyzed by TEM using diffraction contrast
images with both g= 11-20 and g= 0002 as shown respectively in figure 4.6b and
figure 4.6¢. Through visibility criterion (g.b), one mixed type dislocation is designated
by “m” whereas the other TDs are identified as edge type dislocations and are
designated by “e”. The number of dislocations in this region does not exceed nine.
Figure 4.6d is an annular dark (ADF) field image at a higher magnification of the
region in a black circle from figure 2b using 6 cm camera length. In this region, one
counts 3 pinholes and 2 dislocations. The pinhole to the right (black arrow) in both
figure 4.6a and fig 4.6d is not connected to any dislocation. Its diameter is 25 nm
whereas the two pinholes at its left are larger (40 nm). Therefore this smallest
pinhole should correspond to a v-pinhole and its neighbors should be either “e” or
“m” pinholes.

On the two samples, additional TEM specimens were prepared for plan view

observations (not shown here) and the TDs densities were calculated for each




sample[120]. In each case, the investigated regions extended to more than 6 um?
areas in order to be consistent with AFM observations. The measured TDs densities
were 2.7x10° cm-2 and 0.4x10° cm-2 for TS684 and TS241, respectively. In both cases,
these densities are lower than the pinholes densities. Therefore, additional pinholes
are formed into the alloy during the growth and have different formation
mechanisms. These pinholes should be the v-pinholes identified by AFM and SEM as
the smallest and they are not connected to TDs.

In particular for TS684, 68% are “a” type TDs and 32% are “a+c” type TDs. No pure
screw type TDs were observed, meaning that their density is probably very small.
Therefore the majority of TDs are edge type.

In comparison with AFM trend of the size of the hillocks, the edge type TDs should
correspond to what we have designated as e-pinholes so that the remaining mixed
type TDs should be connected to m-pinholes.

Indeed, the ratio given by the AFM corresponds to the population of isolated
pinholes and this may not reflect the exact density of pinholes. However, as can be
seen, the AFM data follows the trend of TEM observations in which all the present
dislocations have been counted. Therefore, it can be concluded that all dislocations
terminate as pinholes at the AlGalnN layer surface. Then if we take the e- and m-
pinholes of the AFM data as the edge and mixed type dislocations from the TEM
observation, we can state that the largest hillocks correspond to mixed type
dislocations.

From the above observations, it can be pointed that pinholes can be related to
hillocks, they are mainly located at their top, and may also form in the coalescence
areas in agreement with the work by Perillat-Merceroz[121] carried out in InAIN
layers grown using low TDs density freestanding GaN templates. Moreover as clearly
shown for the 9 edge TDs in figure 2a and figure 2b, probably depending on the
growth conditions, all the types of dislocations can generate pinholes at the layer
surface[105], this is in contrast to reports which stated that only screw and mixed
type dislocations open up as pinholes[30,104].

Finally, we can propose an identification method of pinholes and dislocations from
AFM analysis of the pinhole and its environment for the investigated layers. For a 60
nm layer, when the pinhole has a diameter less than 30 nm, it should be not

connected to a dislocation and is due to inherent degradation of the quaternary alloy.




This kind of pinholes can be located between or on top of hillocks. When the pinhole
is above 40 nm in diameter, it is systematically in the center of a hillock and always
connected to a dislocation. Moreover, the diameter and height of the associated
hillock can be used to identify the underlying dislocation type. We have pointed out
that the associated hillock’s diameter and height of e-pinholes are smaller than for m-
pinhole. The e-pinholes are connected to edge type dislocations whereas m-pinholes
should be connected to mixed type dislocations.

4.2.5.The IDBs and interaction with a thin AIN interlayer

In addition to TDs, defects in GaN such as IDs can be present, therefore, when
present, we investigated their effects on AlGalnN barriers. In this section, we also
discuss the noticed strong interaction of the IDs with the AIN interlayer between GaN
and AlGalnN.

Two typical samples were chosen, in figure 4.7a the surface morphology of TS652
(96 nm) has a roughness of 1 nm, whereas in figure 4.7b that of TS241 (100 nm)
which contains an AIN interlayer is twofold. As can be noticed, in addition to the
defects discussed in the previous paragraphs, elongated and concentric trenches are
present on the surface of TS241. Similarly to TS241, the surface morphology of TS684

exhibits complex defects as highlighted in Figure 4.5a with a white square
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Figure 4.7: AFM topography of a) TS652 and b) TS241

Figure 4.8a-b displays scanning electron microscopy (SEM) micrographs of these
structures respectively on TS684 and TS241. The feature on TS684 has a highly
elongated central part (Figure 4.8a) which is surrounded by separated pinholes. The

morphology is very different on the features at the TS241 surface, in this case, the




nucleus is also elongated but is larger (Figure 4.8b) and it is surrounded by trenches
which may or not be closed. In the two samples, the average distance between each

nucleus and the first trench/pinholes is around 15 nm (TS684) to 25 nm (TS241).

Figure 4.8: SEM micrographs showing surface features on samples a) TS684 b) TS241
linked to inversion domains from the underplaying GaN.

On TS241 TEM specimen has been prepared by FIB across the short length of the
core of the feature shown in Figure 4.8b.

The dark field micrograph of the area of interest of Figure 4.9a was recorded with

g=0002. It shows the core elongated parallel to a <10-10> direction.

b)

CBED patterns

2 000-2 | 0002 0002

=~
(-4
,?...-

below bulk
the core

=
<
=
<D
- =

Experimental Simulation

Figure 4.9: a) Cross section dark field micrograph with g =0002 showing ID boundaries
b) from left to right CBED patterns: inside the ID, outside the ID, and simulated pattern
for Ga-polar matrix at a thickness of 123 nm




In this figure, the white star marks the position of the core in the AlGalnN barrier.
In the underlying GaN, one can see a well-defined domain of ~ 40 nm width which
exhibits a dark contrast all the way down to the substrate. This contrast indicates the
presence of an ID[122]. The convergent beam electron diffraction (CBED) in this area
is shown in Figure 4.9b as recorded at 250 nm below the GaN surface. From
simulations of convergent diffraction patterns along a <10-10> zone axis, it comes out
that we have an agreement at 123 nm with a Ga-polar matrix and the domain has an

N-polarity in agreement with previous work[122].

ADF micrographs of Figure 4.10 were recorded at <1120> zone axis. The used
camera lengths were 8 cm and 20 cm respectively for figure 5a and 5b. The position
of the inversion domain boundaries in GaN are indicated by the two arrows “IDBs”.
For comparison with the SEM observation, the two trenches have been marked as #1
and #2 (in Figure 4.10a). The asymmetry of the feature is visible with three dips on
the right side, whereas only two are present on the left side. On top of the ID, the dip
is more pronounced in agreement with earlier observations which showed that the
growth of a thin layer above N polar domains should exhibit slower growth rate than
the surrounding matrix[107]. In Figure 4.10a, a close examination shows that the AIN
interlayer does not have a uniform thickness in this area. It does even disappear at
the top of the inversion domain. With a large camera length, the strain contrast is
enhanced as can be seen in Figure 4.10b. The boundaries of the inversion domain in
GaN region are quite extended, meaning that none of them is viewed completely edge
on along the sample thickness. It should also be noticed that on top of the ID, the
strain has built up inside the AlGalnN layer.

In the small area of homogeneous contrast just above the ID, EDS measurements
show Al enrichment with an atomic composition of 77%, 16%, and 7% respectively
for Al, In, and Ga. This composition gives an in-plane lattice parameter 3.184 A which
is very close to that of GaN as calculated from Vegard's law[22]. Away from the
defects, the same measurements lead to an average composition of 65%, 22%, and
13% for Al, In, and Ga respectively. The composition inside the external trenches
showed significant variation. However, an interesting trend should be pointed out:

the aluminum content is changing from 69% up to 76%, and the indium from 12% to




18%; but the gallium composition remains stable and is measured at 12% - 13%,
within the EDS error of 1%. Therefore, inside this particular area, there appears to be

an interplay between the Al and In along the probed zone.

Figure 4.10: The material that is grown on top of an N-polar GaN. a) ADF low
magnification cross section showing the whole trench structure along a <11270> zone
axis. b) Magnified ADF image of the inner part of the ID recorded using a large camera

length in order to display the local strain

The high angle annular dark field image (HAADF) of Figure 4.11 shows the left side
of the core. It points out the detail of the layer structure and chemical composition

from the left IDB to the first trench.

Figure 4.11: HAADF image at the left side of the ID: the changes in AIN thickness
(white arrow) at the apex of the trench #1and the growth step (black arrows) at the
domain boundary.




Complex atomic configurations occur where the ID boundary meets the GaN
surface. The geometry of the ID is reflected in this image where the boundaries are
not edge on (black arrows). The strain contrast shows that the defects close to the
interface are only localized on the top of the ID. From the IDB to the first step feature
(the position is marked with a white arrow), the AIN thickness increases from 1 nm to
1.2 nm. At position #1 from where the apex of the first trench has initiated the
thickness of the AIN reaches 3 nm. Past this point, the thickness of the interlayer
decreases again until the location of the second trench is reached.

In Figure 4.12, the starting point of the second trench is marked with #2. One can
notice that the AIN layer thickness attains its largest value and decreases to the
nominal value as shown by the vertical arrows at the interface from the right to the
left side of the image. As also can be seen in Figure 4.12 (horizontal white arrows),
compositional fluctuations take place along the growth direction below the forming

trench.

ftis

Figure 4.12: The structure of the interfacial area at position #2. Horizontal arrows
point to compositional fluctuations and vertical arrows show the changes in the AIN layer




From these observations, such defects appear to form due to the growth dynamic
changes on top of the N polar ID and around its immediate surroundings. The growth
conditions of TS684, TS652 and TS241 are almost the same, with two notable
differences between them, 1) the growth time (TS684: 60 nm, TS652: 96 nm and
TS241: 100 nm) and 2) AIN interlayer (only TS241 has a 1.8 nm AIN interlayer
between GaN and AlGalnN). Therefore, in a first step, it may be assumed that the
trenches started from separate pinholes, these trenches are few hundreds of
nanometers long when AIN is present and are closed arrays when IDs are also
present. As seen in TS684, the elongated core is surrounded by pinholes, among some
of them have already coalesced. In a second step, when the thickness was increased
from 60 nm to 100 nm the coalescence of the pinholes led to the formation of the
trenches. In addition, only one pinhole circular row was formed around all the IDs
observed on the TS684 surface, whereas up to three trenches were observed on
TS241 suggesting that their number may be related to the noticed interplay between
the Al and In. This interplay leads probably to segregation of adatoms in preferential
incorporation sites. For instance, positions #1 (Figure 4.11) and #2 (Figure 4.12) at
the apex of the trenches are Al-rich regions. The increase of the layer thickness
results in the coalescence of pinholes assisted by different growth rates and probably
different velocities for metallic atoms diffusion.

On top of the ID, the growth kinetics is obviously different from the immediate
surrounding which is Ga polar. The AlGalnN barrier that is growing on top of N-polar
exhibits compositional fluctuation as well as different strain states (contrast changes
observed in Figure 4.11). Moreover, it appears to be limited by growth steps. This is
dramatically influencing the growth kinetics in the basal plane. As observed in figure
4.12, the AIN layer thickness increases until the point where fluctuations are initiated;
this point corresponds to the apex of the trench.

4.3. Summary

Silicon and sapphire substrates which have several kinds of mismatches with GaN
can be used while keeping low TDs density around 10+8 cm-2 thanks to the use of the
so-called two-step growth technique. Nevertheless, subgrain boundaries can be
generated between the LT-GaN and HT-GaN to accommodate the strain. The few TDs
reaching the surface generate pinholes. The correlation between the shapes of

pinholes on hillocks and the associated dislocation type has been established. Pure




edge-type threading dislocations open up as pinholes on the top of hillocks. Mixed-
type threading dislocations form pinholes on their top but with larger hillocks.
Moreover, smaller pinholes (twice as small) not connected to threading dislocations
were systematically observed; they form during the growth of the AlGalnN alloy.
Besides pits, additional trenches related to inversion domains were also observed.
Their formation could be understood considering the change in growth rate in local
N-polar ID and the surrounding Ga-polar region and the build-up of the highly
strained local region due to 1) the composition fluctuations, mainly through 2) In and
Al interplay and 3) altering the AIN interlayer. This leads to the formation of multiple
ring trenches instead of separated pinholes as the barrier thickness has been

increased.







5 Growth parameters and quality of barrier
layers

The samples that we are discussing in this thesis were grown by the III-V
Laboratories. The growth conditions for nearly lattice-matched epilayers in the close-
coupled shower head have been under continuous optimization since 2009 when the
facility has been installed and for the horizontal chamber the growth has been
standard for a long time. In this chapter we report on the effects of 1) pressure, 2) the
temperature and 3) the V/III ratio on the surface morphology and crystalline quality
of AlInN and AlGalnN, the investigated barrier layers. For each parameter, our results

are discussed in the scope of what is available in the literature.

5.1. Introduction

The growth temperatures by MOVPE for InN, GaN, and AIN are around 600°C, 1000
°C and above 1100°C, respectively. The growth temperatures for which the lattice
match condition (LM) for each of AllnN/GaN and AlGalnN/GaN is achieved appear to
depend on the proper growth conditions as optimized by each group. As we have
discussed in chapter 1, the reported values range between 18% and 19.5% of indium
content for AlixInikN. Moreover, due to the mismatch in thermal expansion
coefficients of GaN and the barrier, the LM cannot be maintained from the growth

temperature down to room temperature[80].

5.2. Results and discussion

5.2.1.The Samples
In the following, we shall begin by describing simultaneously the effects of the

temperature and the V/III ratio on ternary and quaternary alloys. Both surface
morphology and crystalline quality are discussed. In a second part, the effect of the

growth pressure on quaternary layers AlGalnN is discussed.

As we already mentioned, ternary and quaternary layers were provided by III-V
Laboratories who already optimized the growth conditions. Through this thesis,
additional ternary layers from Magdeburg [123,124] were also characterized. Table
5.1 displays the samples that are being used in this analysis. The letters “T” and “Q”

indicate ternary and quaternary layers, respectively. For these layers, the growth




temperature was varied from 840 °C to 875 °C and the V/III ratio was goes from 787

to 8900. The growth pressure also varied in the range of 50 Torr to 120 Torr.

. AIN y
Temperature P Ba.rrler interlayer somposition:
Samples °C] V/III [Torr] Thickness thickness Al/Ga/In _
[nm] [nm] (Method/mismatch)
,,1\’?33317 840 6500 |52.5 |43 0 16.6% In (RBS[123])
f‘T1,,583 850 787  |56.25 |30 0 %}?1;/%)
TS,,ZW 850 6950 |50 |75 18 ?Eséé}ﬁ;)
TS,,Z‘*O 875 5000 | 50 75 1.8 %ODél/i{)_lfo)A))
Tg,,“l 875 6950 |50 | 100 1.8 Z}%é%(l)i%)
TS,,Z” 875 8900 |50 |74 1.8 %89]){51/1{).1270)@
168t s s e o (£bs,/0.02%)
195 as L L (503,023
Ts,f*% 875 - 100 |55 0 Zgléé%-f%))
Tg,fm 875 - 120 |50 0 ?géé%é?%)

Table 5.1: growth conditions of samples in this chapter

5.2.2. Temperature and V/III ratio
In this section, we firstly focus on ternary layers MD3317 and A1583 for which

only the V/III ratio and temperature were changed. The surface morphology of the
nearly lattice-matched ternary MD3317[123] is shown in figure 5.1a. The roughness
is around 1.5 nm. Dips and hills are clearly visible with a Az= 15 nm as can be seen
from the color scale. MD3317 was grown at 840 °C under a nitrogen-rich atmosphere
(V/IlI= 6500). In this case, pinholes are not observed. In contrast, the surface of the
ternary layer A1583 exhibits a small roughness around 0.5 nm with hillocks as can be
seen in figure 5.1b. The pinholes density is 7x10° cm-2. This ternary alloy was grown
at a lower V/IlI= 787 ratio but higher temperature 850 °C. The average indium

content was 18%.




Figure 5.1: Surface morphology of a) MD3317 (840 °C and V/III= 6500 b) A1583 (850
°C and V/II1= 787).

The microstructures of the two samples are displayed in the dark field
micrographs of figure 5.2 both with g = 1120. The two samples share a comparable
crystalline quality. The bright contrast can indicate small disorientations or local
composition fluctuation leading to different strain states. The TDs densities are in the
range of 108 cm2 for both samples. Meaning that for A1583, all pinholes are not

systematically connected to TDs which density is lower than that of pinholes.
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Figure 5.2: Diffraction contrast images in weak beam dark field mode representative
regions of a) MD3317 b) A1583

EDS measurements were performed on both samples at different depths. For
MD3317 the average composition was 17% with a fluctuation of 8%. This sample was
also investigated by Hums et al.[123] with RBS who showed a single crystalline layer.
The differences in the results are due to the local aspect of the EDS measurements
which are more sensitive to local fluctuations. For A1583, the EDS results show local

fluctuations in the indium composition from 17% to 26%.




A similar investigation is now made on quaternary layers. Here, we focus on
Sample TS237 which was grown at 850 °C in a nitrogen-rich atmosphere with a V/III
ratio of 6950. The surface topography is depicted in figure 5.3a. The roughness is
around 2 nm. As can be seen, the surface exhibits a granular structure. In this case,
the grains have no specific shape and no pinholes are observed. Interestingly, the
region inside the circle has an average height lower than its surroundings around 7 *
2 nm the diameter is around 500 + 10 nm. The morphology of this region resembles
the morphology induced by an ID originating from the GaN on which a slower growth
rate has been observed as described in the previous chapter. In this case, the trenches

are not visible.

Adopting the same approach we took for ternary layers, we can now consider
TS240. This sample was grown at a higher temperature 875 °C and lower V/III equal
to 5000. The corresponding surface morphology is depicted in figure 5.3b. The
roughness is lowered to 1.4 nm. In this case, pinholes are visible. In addition, hillocks
have mostly hexagonal shapes and their coalescence edges are abrupt. As can be seen,
the pinholes are not necessarily centered on the hillocks. Furthermore, hillocks
without pinholes have a flat surface. In addition, it is worth noting that this layer
contains a thin AIN interlayer, as we already discussed in the previous chapter, the
formation of small trenches are due to the crystalline quality and local thickness

changes of the AIN.
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Figure 5.3: AFM topography of images: a) TS237, where one may note the grain-
covered surface; b) TS240, grown at higher temperature and lower V/III defects where
pinholes and hillocks are still visible.




Figure 5.4a-b shows weak beam dark field images of TS237 and TS240 recorded
with g = 1120. For TS237 the roughness is clearly visible in figure 5.5a. However,
few TDs can be seen to reach the surface, thus the observed degradations in the
barrier are not all connected to these TDs. In contrast, TS240 exhibits a flat surface at
this scale (fig 5.4b), and only dislocations can be seen to terminate in the form of

pinholes at the surface.

a) b)
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Figure 5.4: images in weak beam dark field mode of representative regions of a) TS237
b) TS240

The chemical compositions of the two layers were investigated by EDS. The
average values are shown in table 5.1. For TS237, a lower temperature (850 °C) led to
the incorporation of an average higher indium amount (65% Al, 11% Ga, 24% In)
than for TS240 (70% Al, 11% Ga, 19% In) which was grown at higher temperature
(875 °C). A fluctuation up to 9% in the indium content is observed for TS237 from
20% to 29%. In contrast, the fluctuation of indium content on TS240 was limited to
2%. The gallium fluctuation was around 2% for the two samples but, interestingly,
the fluctuation of aluminum follows that of indium. Therefore, there appears to be

some interplay between aluminum and indium during the growth of these layers.

Subsequently, the growth temperature was kept constant at 875°C and the V/III
ratio was varied from to 6950 to 8900. At 6950 for TS 241, the roughness is close to 2
nm and the morphology resembles that of sample TS240 with flat hillocks of
hexagonal shape. Pinholes are observed, on top of the hillocks and not necessarily at
the coalescence regions. Moreover, this is similar to higher V/III ratio of 8900
(TS239). Therefore, the variation of this V/III which is almost doubled does not lead

to a noticeable modification of the surface morphology at the same growth




temperature; however, the layer quality is best at 875 °C where the roughness and

defects have their origin only from defects coming from the underlying GaN template.
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Figure 5.5: Surface morphology of TS239 grown at 875 °C and V/III = 8950. This
sample shares the close topography as TS240 and TS241 which were grown a lower V/III.

Discussion

To obtain the lattice match condition, several growth conditions were investigated
in the literature. In this instance, Butté et al.[125] reported the growth of AlInN layers
with an indium content of 17% at 825 °C. The 100 nm thick layer had a roughness of
0.7 nm. The surface was covered with mostly hexagonal hillocks and no pinholes
were present. The absence of pinholes was observed in our both ternary and
quaternary layers when the temperature was 840 °C and 850 °C, respectively. In our
case, only the quaternary layer presented clear granular features on its surface. From
the same group, Perillat-Merceroz et al.[3] reported that a decrease of 1% in the
indium content can be obtained by an increase of 5 °C. In addition as Sakai et al.[126]
suggested, the lattice match condition can be kept by simultaneously increasing the
temperature from 750 °C to 800 °C and reducing the V/III ratio from 24100 to 8100.
This was achieved, with the lowest roughness, on the ternary A1583 and the
quaternary TS240 for which the growth temperature was increased to 850 °C and
875 °C. Following this approach, we have noticed that the TDs and IDs generate

extrinsic degradations meaning that the surface morphology depends strongly on the




growth condition with a combined effect of the extrinsic origins (TDs and IDs). The
kinetic roughening can be explained by a reduced surface mobility of adatoms at
lower temperatures as suggested by Johnson et al.[127] and Vézian et al.[128] e.g.:
The roughening is due to an energy barrier preventing atoms to jumps from a terrace
to its bottom. Thus we have observed dips and hills with a Azx 15 nm for the ternary

MD3317 grown at 840 °C and grains for the quaternary TS237 grown at 850 °C.

By increasing the growth temperature and decreasing the V/III ratio, not only the
surface morphologies were affected but also the layers compositions. For the ternary
layers, the composition fluctuation is reaching 10%. The case of quaternary layers is
quite different; the fluctuation of indium/aluminum decreased from 9% to 2%
whereas the gallium content fluctuation remained around 2% while increasing the
temperature from 850 °C to 875 °C. Furthermore, the average mismatch was reduced
from +1% to less than +0.5%. It is also noticed that an interplay between aluminum
and indium was observed, whereas, the gallium content was unchanged in the case of
the quaternary layers. This reflects the fact that InN grows better at lower
temperature[129] and AIN at higher temperature[92], whereas GaN has an
intermediate growth temperature[92,93]. In addition, increasing the V/III up to 8900
did not affect the magnitude of the fluctuation in quaternary layers while maintaining

the temperature at 875 °C. Also, the surface topography is unchanged.

5.2.3.Pressure
For the growth pressure, four samples were selected for which the pressure was

varied. The quaternary layers are TS684, TS495, TS496, and TS497 which were
grown at 50 Torr, 80 Torr, 100 Torr and 120 Torr, respectively.

The two first samples (TS684, TS495) are exhibited in figure 5.6a and Figure 5.6b
hillocks and pinholes are observed. Here again, the pinholes are not necessary
between the coalescence regions but they are also topping hillocks. The roughness of
the former is 1.4 nm and whereas for the latter it is 0.6 nm. For these samples, the
height of hillocks without pinholes as a function of their diameter is shown in figure
5.6¢. As can be seen, on the former, the hillocks have a larger radius and their tops are

flatter than on the latter which indicates a lower density of individual hillocks with a




larger height on TS684 than on TS495. Thus, growth steps are still better visible on

TS495.
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Figure 5.6: AFM of a) TS684 b) TS495 c) comparison between the geometrical extent of
hillocks without pinholes for these two samples.

Figure 5.7 shows the surface morphologies of TS496 and TS497 for which the

growth pressure was 100 Torr and 120 Torr, respectively. The roughness is 1.5 nm

and 1.2 nm, respectively. As can be seen, the trend of forming smaller hillocks is

maintained as the pressure goes higher until the surface shows only grains. On

TS497, the radius of individual grains are less scattered, they have an average radius

of 30 + 2 nm.




Figure 5.7: AFM showing the surface morphology of a) TS496 b) TS497.

The weak beam dark field images recorded with g = 1120 of figures 5.8a to 5.8d
show representative regions from TS684, TS495, TS496 and TS497, respectively. All
the TDs terminate as pinholes at the layer surface. Sample TS684 exhibits the highest
dislocation density, with associated pinholes. In comparison to other layers, sample
TS495 exhibits much less contrast between the GaN template and the quaternary

layer, meaning that it is the least strained.
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Figure 5.8: weak beam dark field micrographs of a) TS684 b) TS495 c) TS496 and d)
TS497. The effect of increasing the growth pressure from 50 Torr to 120 Torr is reflected.
At 80 Torr the layer is least strained. Higher growth pressure leads to an increase in the

contrast indicating higher strain states.




For higher growth pressure, weak beam images exhibit high contrast features in
these diffraction contrast images. As can be noticed, this effect increases considerably
when going from 100 Torr to 120 Torr. Indeed, the surface roughness difference is
also notable for these two samples. The abrupt changes in contrast in these images
indicate local strain states. With the average measure composition, the calculated
mismatch was the largest for these two samples TS496 and TS497, +0.4% and +0.6%
respectively. They are thus under compressive strain, whereas, TS684 (-0.02%) and

TS495 (-0.2%) are under tensile strain.

The first two samples share the same thickness (60 nm). They have both 15 % of
indium content but not the same amount of gallium. TS684 contains more than twice
gallium in comparison to TS495. With increasing the growth pressure, the indium
content increases from 16% to 20%. Similar results were obtained by Reuters et
al.[85] from 52.5 Torr to 200 Torr at 750 °C. For our samples, the gallium content
increases but reaches a maximum of 12%. Therefore the incorporation of indium is
easier at higher pressure which can be the cause of locally increasing the compressive
strain in quaternary AlGalnN layers. Changing the strain state, by increasing the
pressure was also reported by Cho et al.[130] who showed that from 100 Torr to 150
Torr, at 870 °C for quaternary layers, one can move from high compressive strain to
tensile strain. In contrast, their layers were indium and gallium rich; the aluminum
content was very small. The HRXRD measurement showed a pic shift from -436
arcsec to +108 arcsec and then at 300 Torr it was +210 arcsec for the same growth

temperature.

Furthermore, we have observed that the surface morphology evolves from hillocks
and visible pinholes toward grain features. This kind of roughening can be explained
by the reduction of the diffusion length of atoms for higher values of growth pressure.
This mechanism is also suggested by Cho et al.[130]. From the size and density of
hillocks, we assess that an optimized growth pressure is around 50 Torr where

individual hillocks are flat and terraces are larger




5.3. Summary
With optimized growth conditions, the TDs and IDs still generate extrinsic

degradations. In this instance, surface morphology showing hillocks, pinholes and
trenches was observed for 850 °C and a V/III ratio of 787 for ternary alloys. In
quaternary alloys, the growth conditions are 875°C and V/III from 5000 and higher,
up to 8900. The observed roughness is due to the low mobility of atoms at a low
growth temperature. However, a very high pinholes density was observed on the
ternary alloy comparing to the TDs density, meaning that the growth conditions are
close to the best. As a further indication the composition fluctuation is still high
around 10%, whereas for the growth conditions of the quaternary, it was dropped to
2% for all aluminum, indium and gallium contents. Further investigation of higher
V/III ratio at the growth temperature of 875 °C showed almost no changes in the
surface morphology. But increasing the growth pressure to 80 Torr and higher 120
Torr, led to significant reduction of the diffusion length of adatoms and thus grain
features were dominating the surface morphology. Considering the size and shape of
hillocks, they are largest in diameter and have flat tops at 50 Torr, thus, this pressure

is considered as suitable for the growth of AlGalnN.







6 Inherent defects in AlInN & AlGalnN

In the following, we continue studying degradations of AlInN and AlGalnN. We
focus on defects that form systematically in those alloys but that have other origins
than TDs or IDs. Firstly, we will describe the explanations given by some groups who
observed these intrinsic defects while studying AlInN and AlGalnN nearly lattice-
matched. Secondly, our results will be presented. Finally, we will discuss the origins

and the mechanisms of the inherent degradations.

6.1. Introduction

For HEMTSs based on AlInN[131] or AlGalnN[27], up to 10 nm thickness is needed
to obtain highest performances. And for heterostructures, such as Bragg mirrors,
thicknesses exceeding 100 nm are needed[132]. While using optimized growth
conditions, in order to achieve LMc, the thickness can be increased by such as
extending the growth time. Nevertheless, it appears through the following literature,
that keeping good quality thick layer is challenging. These alloys present rapidly a
hillock surface morphology, as well as pinholes. Multiple mechanisms are proposed

by several groups.

6.2. Results and discussion

6.2.1.Samples

In the following, ternary and quaternary layers are investigated for determining
the origins of inherent defects on the layers while the thickness is increased. The
ternary layers are under tensile strain, compressive strain and lattice matched. The
thicknesses of these layers are between 100 nm and 336 nm. In chapter 5, we have
observed that the growth conditions induce strong modifications on the surface
morphology of nearly lattice-matched layers. In the following, the layers have
different strain states with growth conditions optimized for the desired indium
content thus our observations are not biased. The quaternary layers are nearly lattice
matched with various compositions. The latter can be classified in 3 sets where the
thickness of AlGalnN was changed from 5 nm to 200 nm. The atomic composition was
varied by controlling the In/Al ratio. All other growth parameters were kept

unchanged. For the following classification, we choose arbitrarily the aluminum




content as a reference. The first set has high aluminum content, typically above 72%.
The aluminum content of the second set is around 67%-70%. For the third set, low
aluminum content was measured below 65%. Table 6.1 gives the name of each
sample along with the thickness and indicates the indium content for the ternaries

and the Al/Ga/In compositions for the quaternaries.

Barrier Composition:
Samples Thickness | Al/Ga/In %
[nm] (mismatch %)
A383 125 16 (-0.2%)
lTai,renriry A1363 336 19 (-0.1%)
MD3156 125 32 (+1.6%)
TS655 5 -
TS654 20 73/12/15 (-0.1%)
SET 1 TS653 50 79/09/12 (-0.6%)
TS652 100 72/11/17 (0.09%)
TS742 150 85/07/08 (-1.3%)
TS744 200 79/11/10 (-0.8%)
TS238 75 67/12/21 (0.7%)
SET 2 TS241 100 70/11/19 (0.4%)
TS242 150 68/12/20 (0.6%)
TS243 200 69/12/19 (0.5%)
TS571 8 58/20/22 (0.01%)
SET 3 TS572 20 55/22/23 (1.2)
TS573 50 62/19/19 (0.6)

Table 6.1: Ternary and quaternary layers under
investigation in this study. The thickness and the content of
each barrier are reported

6.2.2.Effect of the layer thickness
In this first section, we are going to observe ternary and quaternary layers with
different thicknesses. The evolution of the morphology and the microstructure are

assessed for each alloy. The results are discussed at the end of this section.

a- AlinN

We can begin by looking back at A1583 (chapter 5 figure 5.1b). This ternary layer
is 30 nm thick with 18% of indium. It is single crystalline and has a smooth surface
topped with hillocks and pinholes. In this section, thicker ternary AlInN alloys A383,
A1363 and MD3156 with indium content 16%, 19% and 32%, respectively are
investigated. A383 and MD3156 are 125 nm thick. They are under tensile and

compressive strain, respectively. A1363 is 336 nm and is under compressive strain.




In Figure 6.2a-c, topographies of A383, A1363, and MD3156 are displayed
respectively. As can be seen in Figure 6.2a, for A383 while compared to A1583 the
hillocks and pinholes morphology can be maintained with a roughness of 0.5 nm for
the 125 nm thick layer. We notice clearly pinholes with different sizes. Based on our
study from chapter 4, these are not connected to dislocations. Figure 5.1b shows the
surface morphology of the thickest barrier but nearly lattice matched A1363. In this
case, the roughness is equal to 3 nm. In this case, grains are observed without
observable pinholes or hillocks. Similarly, figure 5.1c shows the case of MD3156 for
which the thickness is similar to A383 but with higher indium content. The roughness

is equal to 6 nm.
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Figure 6.2: Evolution of the surface morphology for layers with different strain state
and thicknesses. Shown here are a) A383 b) A1363 c) MD3156

Figure 6.3a-c shows the microstructure of each A383, A1363, and MD3156,
respectively. All micrographs were recorded with the same g = 11-20. For A383, at
this scale, uniform contrast is observed indicating a good crystalline quality. One TD
is at hand that opens in a pinhole. The slight change in the contrast inside this pinhole
can indicate an average different orientation or a different local composition leading
to a different strain state. It is worth noting that the doubled contrast at the interface

AllnN/GaN and near the vacuum is due to the tilt in the microscope.

Figure 6.3b shows that for A1363, the diffraction contrast is not uniform. This
contrast can be decomposed as follows. Uniform regions mostly close to the interface

are randomly distributed. Not uniform regions that can start at any depth along the




growth direction without any visible connection with TDs or other defects. The
contrast changes can indicate local composition changes or different orientations and
thus different strain states. For this sample, we do not observe a uniform thickness

after which degradations are initiated.

In comparison, MD3156 presents a visible polycrystalline microstructure as can be
seen from the various moiré fringes in figure 6.3c. We have already observed this
layer and stated that the GaN has a low TDs density. In this case, with the highest

indium content, the layer is defective from the beginning at the interface.
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Figure 6.3: Weak beam dark field micrographs were recorded with g= 11-20 for a)
A383, b) 1363 and c) MD3156. Clearly, the microstructure does not only depend on the
TDs but also on the thickness and the strain state.




In order to investigate strain relaxation mechanisms in AlInN with different strain
states (A383 125 nm thick 16% In) MD3156 (125 nm 32% In) were prepared for plan
view investigations. The results are displayed in figure 6.4a-b, respectively. The
investigated regions are at the interface between the layers and the GaN buffer. In
contrast to other nitride alloys, namely AlGaN and InGaN misfit dislocations are
formed at the hetero-interface to relax the inherent compressive and tensile strain
while grown on GaN. For AlInN, we did not observe misfit dislocations at the hetero-
interfaces. The diffraction contrast plan views near <11-23> zone axis of figure 6.3

show only TDs going through the layers thickness.
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Figure 6.4: Plan view micrographs of a) A383 and b) MD3156. No misfit dislocations
are observed

b- AlGalnN

Quaternary layers have been classified into three groups depending on their
average composition that we have measured by EDS as reported already from table
6.1. Figure 6.5 shows the EDS measurements that we performed. The dotted red line
shows the lattice match condition to GaN. This line expresses the possible
compositions that are lattice matched to GaN given by Vegard’s law without bowing.
On the left of the red line, samples are under compressive strain and samples to its
right are under tensile strain. As shown in table 6.1, all the layers are nearly lattice

matched in the range of +1%.




0.5

Aluminum (%)

Figure 6.5: Classification of the quaternary layers regarding their average atomic
composition retrieved from EDS. The red line shows the possible compositions for
obtaining lattice-matched layer to GaN.

The average roughness of each layer was investigated and the result is plotted in

figure 6.6 with respect to the barriers thicknesses.
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Figure 6.6: Average roughness of quaternary layers. This quantity increases rapidly
while the thickness is increased.




As can be seen, when the thickness increases, the roughness increases
exponentially. Let “Rq” and “th” be the roughness and the thickness both in [nm],

respectively. The following equation was used to fit the obtained data:

th
Rq = 0.3 X es5. 0.3 nm is in fact, the average roughness of the GaN template[72]. The

surface morphology of the thinnest layers TS655 (5 nm) and TS571 (7.8 nm) are
displayed in figure 6.7a-b respectively. We still see the growth steps generated by
GaN. In addition, small grains are already covering the surfaces and following the
growth steps. The roughness is 0.15 nm for TS655 and 0.25 nm for TS571. The latter
shows fewer pinholes than on TS655 but all have the same size around 15 nm in
diameter. Therefore, it is hard to tell from AFM only if they are connected or not to
TDs. The two morphologies are very close but in addition, there are probably indium
droplets visible on the surface of TS571 (20% of indium content). This is probably
due to the higher TMIn flux. For these two layers, the roughness is very close to the

roughness of the used GaN.
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Figure 6.7: Surface morphology of the thinnest quaternary layers a) TS655 from set 1
and b) TS571 from set 3.

The surface morphology of TS654 (20 nm) and TS572 (25 nm) are displayed in
figure 6.8a-b, respectively. Close morphologies are observed. For both samples, the
roughness is around 0.3 nm. In addition, the two layers have pinholes with an average
diameter around 20 nm is measured. These pinholes are not connected to TDs. All
other pinholes are 30 nm in diameter and based on our previous analysis these are
connected to TDs. In addition, we see clearly hillocks 2 times bigger on TS572 than on

TS654. They are around 120 nm in diameter.




Figure 6.8: Surface morphology of the 20 nm thick quaternary layers a) TS654 from set
1 and b) TS572 from set 3.

The morphology of TS653 (50 nm) and TS573 (55 nm) are displayed in figure 6.9a-
b, respectively. The roughness is the same 0.6 nm but the density of hillocks is higher
for TS653 thus they are smaller. The shapes of the hillocks begin to have facets and a

flat surface for both samples with no pinholes in the coalescence regions.
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Figure 6.9: Surface morphology of the 50 nm thick quaternary layers a) TS653 from set
1 and b) TS573 from set 3.

Increasing the thickness until 150 nm shows the same features on the layers as
displayed on figure 6.10a-b for TS742 and TS242, respectively. The roughness of the
former is 4 nm and the latter is 3 nm. The hillocks on both samples have a flattened
top with very clear facets. Some of them are almost hexagonal. As usual, pinholes are
not systematically on their tops. The diameter of hillocks is around 94+2 nm for

TS742 whereas itis around 111+3 nm for TS242.




Figure 6.10: Surface morphology of the 150 nm thick quaternary layers a) TS742 from
set 1 and b) TS242 from set 2. The usual surface morphology with hillocks (note the facets
and smooth tops) and pinholes is still visible. The hillocks have facets and almost
hexagonal shapes.

In the two thickest samples (200 nm - figure 6.11), there is a clear transition
toward a grain-like surface morphology for both TS744 and TS243. Nevertheless,
some pinholes are still visible only on TS744. The second layer is completely covered
with grains. The average diameter of these grains is 109+3 nm for TS744 whereas it is
125+4 nm for the second layer. The average roughness is 6.5 nm and 6 nm,

respectively.
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Figure 6.11: surface morphology of the 200 nm thick quaternary layers a) TS744 from
set 1 and b) TS243 from set 2. A transition from hillocks (with facets and smooth tops) to
grains has occurred when the thickness was increased from 15 nm to 200 nm.

As we have observed a transition in the surface morphology between 150 nm and
200 nm, in the following we restrict our TEM observation to the last four samples.

Figure 6.12a-d show representative regions of TS742 (150 nm), TS242 (150 nm),




TS744 (200 nm) and TS243 (200 nm), respectively. In all of the four samples, the only
dislocations are TDs which open in pinholes, whatever the diffractions conditions.
There are no misfit dislocations or stacking faults in quaternary layers. The
roughness can be observed from these small regions. Similarly to the contrast
observed in ternary layers, the defective regions do not start at a fixed depth. The
bright contrast can indicate small disorientations or indicate local composition and

thus different strain states.
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Figure 6.12: Weak beam dark field micrographs taken with g= 11-20 for a) TS742 and
b) TS242 and with g= 10-10 for c) TS744 d) TS243. No misfit dislocations or stacking
fault are present in quaternary layers.

c- Discussion

In the case of nearly lattice-matched ternary AlInN layers; the surface quality can
be maintained for thicker layers from 30 nm to 100 nm with optimized growth
conditions. In such layers, pinholes not connected to TDs and hillocks remain visible.
In contrast, Miao et al.[30] observed pinholes not connected to TDs only for 200 nm
thick Alo.77Ino.23N under compressive strain and used stacking faults inducing stacking
mismatch boundaries at their apex as one possible mechanism for their formation. In
our case, such mechanism was not observed in compressively strained layers.
Furthermore, we observed that the surface morphology cannot be maintained as soon
as the thickness is increased from 100 nm to 336 nm or the strain state is strongly
changed. The topography evolves from pinholes and hillocks toward grain features. In

addition, from our TEM observations, there is no critical thickness beyond which




degradations are observed. In contrast to this, Chen et al.[29] reported that for nearly
LM AlInN by increasing the layer thickness from 136 nm to 610 nm a critical

thickness of 250 nm - 300 nm beyond which dislocations open in pinholes.

Furthermore, Perillat-Merceroz[121] proposed that the degradation mechanism
leading to the formation of pinholes is triggered by the anisotropic growth on the
facets generated during the coalescence of the hillocks as no TDs were present in
such FS-GaN substrates. Thus all pinholes are found in the coalescence regions of
hillocks. And these characteristic features have been observed not only in LM ternary
layers but also for alloys with 13% and 20% of indium composition, the authors
concluded that they are probably intrinsic to the alloy and do not depend on the
strain state. For both ternary and quaternary layers nearly lattice matched, the
increase of the thickness leads to strong degradations with the appearance of
pinholes not connected to dislocations. On our case, these intrinsic defects are not

systematically found in the coalescence regions of hillocks.

Thinner layers have already small hillocks with a 5 nm in diameter approximately.
This indicates a 3-dimensional growth (3D) mode from the early stages of the growth
(5 nm thick layers). In the literature such as the work of Liu et al.[133] and Reuters et
al.[85], a 2D growth is observed for quaternary layers with low indium and/or
aluminum content. In our study, for the layers with higher indium/aluminum

contents a 3D growth is systematically observed.

Then, as soon as the thickness reaches 50 nm, the individual hillocks begin to have
clear facets. We have observed that the hillocks of set 1 have the smallest grains,
these layers have the highest aluminum content (>75%). This can be explained by the
fact that a growth temperature of 875 °C is not enough to achieve good aluminum
incorporation at these high concentrations. Here the mobility of aluminum atoms is

not enough to obtain flattered hillocks.

More visible, the hillocks present facets and platelets between 100 nm and 150 nm.
The pinholes are still smaller than 100 nm in diameter. The shape is almost
hexagonal. From the TEM observations, also for these quaternary layers, there is no
critical thickness beyond which the layers begin to deteriorate as previously

reported[29,134]. Moreover, we did not observe such as stacking faults or misfit




dislocations as suggested by other groups[30,135]. In our case, other mechanisms are
clearly involved in order to explain the strain relaxation and the degradation of nearly

lattice-matched ternary and quaternary layers.

6.2.3.0rigins of the inherent degradations

In the previous chapter, we saw that there is a fluctuation of the aluminum and
indium content which can be reduced to 2% with optimized growth conditions. For
the gallium content, the average fluctuation is always around 2% as measured by
EDS. In this section, we investigate more carefully these fluctuations in order to
determine their origin and its effect on the alloy. We focus now on sample A1363 for
which the average indium content is 19%. The following HAADF micrographs are

recorded with 6 cm camera length near a < 1010 > zone axis.

Figure 6.13 shows a high angle annular dark field image of the AlInN/GaN interface
area. As can be seen, the black arrows point to a number of areas which are probably
spherical and exhibit a brighter contrast than their surroundings. They have

dimensions of 5 nm - 10 nm and some.

Figure6.13: HAADF micrograph recorded with 6 cm camera length showing different Z-
contrast near < 1010 > zone axis. This region is taken near the interface AlInN/GaN.




These spots show an average composition of 35% of indium whereas; the darkest

areas can exhibit indium content as low as 11%.

Moreover, as can be seen in figure 6.14, columnar features also start to form and
some are in connection with the bright spots (#1).

In such narrow dark columns, we measure the minimum indium composition
below 11%, however due to the detection geometry of EDS analysis higher values can
also be obtained. As clearly seen, they may originate from highly indium-rich spots
(38%). Indeed, it can also be noticed that the indium-rich regions are surrounded by

aluminum-rich columns.

Figure6.14: HAADF micrograph recorded with 6 cm camera length showing different
z-contrast near < 1010 > zone axis. This region is taken near the top surface.

For the same purpose, thinner layers were investigated. EDS measurements were
performed on TS571 near <0001> (from a plan view sample preparation). The
spectra were recorded in the thinnest parts of the layer in order to minimize the GaN

contribution. As can be seen, the gallium content stays within 2%, whereas the




average Al/In ratio may be around 2.4. This is taking place even inside layers (fig.
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Figure 6.15: EDS obtained for TS571. The gallium content is constant. The interplay is
observed between Al and In.

To complement these results, atom probe tomography was performed on TS241

(100 nm) on a large scale. Figure 6.16a shows the sum of the projected slices across

90 nm thickness. The radius of the investigated tip was 28 nm. Figure 6.16c-d shows

the aluminum, gallium and indium concentrations respectively projected in a (x, y)

plane of the same volume. The nominal composition given by the analysis is 82% Al,

7% Ga, 11% In. Whereas the EDS result is 70% Al, 11% Ga, 19% In. The deviation can

be explained by the local aspect of the EDS measurement and indicates that the alloy

composition is not uniform. The gallium map is less scattered across the investigated

region. Some spots show 3% of gallium content, so, these are AlInN like regions. The

indium distribution in Figure 6.16d shows a depleted column (3%). In this same

region, the aluminum content is almost 90 % as shown in Figure 6.16b. This columnar

region is AlGaN like.
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Figure 6.16: Atom probe tomography obtained on TS241 a) distribution of the metallic
atoms in the investigated needle. b)-d) the projected distributions of each species: Al, Ga
and In, respectively across the needle (Courtesy to Dr. Rigutti, L. GPM, University of
Rouen).

Discussion

For an MOVPE process, atomic scaled composition fluctuation is rarely assessed in

the literature. In this instance, XRD measurement by Yamaguchi et al.[136] concluded




that increasing the indium content in AlInN from 10% to 51% leads to a broad peak
and low intensity peak. They finally concluded that AlInN in the investigated range of
indium content is subject to phase separation with indium content fluctuations. In
this instance, the phase diagram of AIN-InN mixing regions was theoretically
investigated by several groups[137,138]. It shows that the LMc at 18%-19% of
indium content in the ternary is at the edge of the spinodal decomposition slope.
Therefore, the LMc is between metastable and unstable region at typical growth
temperature. In comparison to AllnN, quaternary layer AlGalnN have also
immiscibility gaps but these regions are narrow[139-141]. From the phase diagram,
it exists regions of compositions where the quaternary can be lattice matched in the
stable/meta-stable region. An example of a phase diagram is given in the following
Figure 6.17. The cross shows the lattice match condition at 875 °C located within the

unstable region below the spinodal decomposition curve (dashed curve)
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Figure 6.17: typical phase diagram showing the mixing regions of AlInN in the whole
composition range of indium[142]. The critical temperature for AlInN is 2717 K, e.g.: The
maximum of the spinodal curve stable mixing region is above the binodal curve
(continuous line). Below the spinodal curve (dashed curve) the alloy is subject to phase
separation. Between the two curves is the metastable region.

In the case of the work by Hums et al.[19] from XRD, only above 50% of indium in
AlInN grown at 550 °C showed phase separation. In addition, Wei et al.[134] studied
Alo.g2Ino.18N layers grown at 800 °C with 140 nm - 500 nm thickness and concluded
that the phase separation and the formation of pinholes responsible for layers
degradations are triggered by the presence of screw TDs from the GaN buffer layer. In

our case, the phase separation is observed even for nearly lattice matched ternary




and quaternary layers without connection to dislocations. Furthermore, we
demonstrate local fluctuations for these nearly lattice-matched layers from the early
stages of the epitaxial growth. These fluctuations begin with an accumulation of
indium in 5 nm to 10 nm scaled cluster at the interface. We have observed that the
amount of the fluctuation increases from a minimum of 2% to higher than 10% if the
thickness is increased (from 75 nm and higher) or the alloy is intended to contain
high indium content even for optimized growth conditions. As suggested by first
principle calculation by Kandalam et al.[143], the mismatch between the bond lengths
and their binding energies are encouraging the clustering of indium in a lateral
and/or a vertical direction. For AIN, GaN, and InN the estimated bond lengths are 1.82
A 2.06 A and 2.28 A, respectively. For the binding energies, the latter author
estimated the values to 2.74 eV, 2.45 eV and 2.08 eV.

As we saw in figure 6.13-6.14, indium or aluminum-rich columns start at various
depths and propagate toward the layer surface. Some of these columns start with an
indium-rich cluster and the column above is aluminum rich. In contrast to the
formation of columns, the formation of individual pinholes not connected to
dislocations can be explained as follows. Local clustering of aluminum atoms, such as
we saw for the generation of pinholes rows around ID in chapter 3, lead to a region
under tensile strain. In order to accommodate the strain, a pinhole is formed where
the growth on the inclined facets requires less energy. Moreover, the accumulation of
a certain kind of atoms will locally change the strain state; therefore the relaxation of
the strain comes with balancing the local composition or accommodating the local
crystal orientation or the formation of pinholes leading to phase separation and

polycrystalline layers whenever the thickness is increased.

The phase separation is clearly observed by APT. As was predicted, by Marques et
al.[144], AlGalnN, at the growth temperature of 800 °C, should present phase
separation and InGaN and AlGaN like regions would coexist. From the phase
diagram[145,146] of a ternary layer, the LM is at the limit between the metastable
and unstable regions at the usual growth temperatures. Therefore, during the cooling
down to room temperature, the alloy evolves in the unstable region. The observed
degradations are connected to the possible phase separation. For the quaternary

layer AlGalnN the immiscibility gaps regions are narrow[139-141]. From the phase




diagram, regions exist where the alloy can be grown in a stable composition.
Typically, near the AlGaN phase because it has the lowest critical temperature.
Mohamad et al.[142] obtained theoretically these values 177 K for AlGaN, 1718 K for
InGaN and 2717 K the highest for AlInN. Therefore, AlGaN is stable in the whole range
of aluminum composition and only AlInN and InGaN are subject to spinodal
decomposition at typical growth temperatures[147]. In our case, we saw that the
distribution of the metallic atoms is not random. In our case, the ternary shows
almost AIN and InN regions and columns. On the other hand, the quaternary shows
nearly AlGaN and InGaN columns. These columns are around 10 nm to 20 nm width.
Our experiment is in agreement with the observations of the recent work of Rigutti et
al.[148] in 2017 who used APT on AlInN LM to gallium with a nominal composition of
18% of indium. The result showed 3D atomic distribution that consisted of columnar

cells of 10 nm lateral dimension.

6.3. Summary

In this analysis, we have pointed out that inherent defects appear for nearly lattice
layers probably due to an intrinsic 3D growth mode from the early stages of the
epitaxy. This is most certainly due to phase separation as an intrinsic mechanism to
relax the strain. This occurs at the expanse of the final layers quality that generates
grain features at higher thicknesses. The surface morphology and the crystalline

quality rapidly degrade as the thickness is increased.




7 Characterizations of HEMTs

In this chapter, we summarize the contribution of TEM characterization of several
parts of the HEMT devices carried out within the LHOM ANR-project. They concern
our follow up of 1) the optimization of the SiN passivation layer, 2) investigations
carried out on the first devices of the project which were micron size gate HEMTs, the
aim was to monitor the uniformity of this most sensitive part of the HEMT (gate), 3)
the progress toward the objectives of the project by reducing of the gate dimensions

and optimizing of the ohmic contacts.

7.1. Introduction

In the last two decades, significant efforts have been devoted in the world to the
research and development of AlGaN/GaN High Electron Mobility Transistor (HEMT)
technology[149]. Key application demonstrators based on AlGaN/GaN materials
showed a breakthrough in the field of RF emission/reception functions[150,151].

In the telecommunication market, GaN-based HEMTs are now ready to challenge Si
and GaAs based devices showing significant power performance improvements, and

allowing the simplification of power amplifier system architecture[1].

HEMTs based on quaternary AlGalnN/GaN [152] can have an electron mobility up
to 1800 cm®V-lsl at 300 K with a 2DEG density around 2x1013 cm2. Such
outstanding performances are attained by optimizing the AIN spacer introduced at
the barrier-GaN interface which helps the 2DEG confinement[116].Thus,
performances of AlGalnN/GaN are predicted to achieve better characteristics than
AlInN and AlGaN[24,27] with a low leakage current[28]. In this frame, lattice matched
and low defect density AlInN and even more importantly AlGalnN are very attractive

material, as compared to the conventional AlGaN, for electronics devices.

However, next improvements in GaN-based High-Electron Mobility Transistors
(HEMTs) are limited by the physics of already established AlGaN/GaN
heterostructure system. The AlInN and AlGalnN materials are foreseen as a promising
approach for such high-frequency applications on SiC substrate. Indeed, the way to
improve the GaN device frequency performance consists in reducing the gate length

“Lg” while keeping a high aspect ratio between Lg and the gate to channel distance




“a”; which should be well beyond a factor of 5[131]. However, reducing the barrier
thickness which is related to “a”[24,153] or performing a gate recess[131] lead
generally to a strong degradation of the two dimensional electron gas (2DEG) carrier
concentration resulting in poor device performance due to the surface charge effects
and/or high gate leakage current[154]. If the gate leakage current is controlled, this
would allow taking advantage from deeply sub-200 nm gate length “Lg” and therefore

operate the device at higher frequencies.

Notwithstanding the extensive on-going research efforts, AllnN/GaN HEMTs still
suffer from high leakage current under high bias, which is attributed to a surface
parasitic conduction under high electric field[155]. The physical origin of the leakage
in such heterostructures needs to be understood to overcome this major limitation
and allow a new generation of high power mm-wave devices. Furthermore, the
determination of surface properties will also be a key for optimum device operation
and proper passivation is certainly needed to avoid a surface parasitic conduction.
The deposition of a passivation layer can reduce the effect of this kind of

degradations. Typically, the passivation layer is a thin layer of SiN.

In HEMTs, several parts are critical to achieving highest performances. During our
work, we have contributed to the characterization of the AIN interlayer, the different

contacts and the SiN passivation layer.

7.2. Results and discussion

The general structure of the devices that we have contributed to characterize is
depicted in figure 7.1a. In this example, the gate length is Lg= 3um. In a final device,
the number of gates can be as many as needed for a particular application[156] and
sources are connected by bridging over the gates[157]. Figure 7.1b shows a typical
cross section of a HEMT structure. While seeking for the best performances, SiC
substrates were used for several reasons such as its high thermal conductivity as
previously discussed. SiC is then followed by an AIN nucleation layer. The GaN buffer
layer thickness is typically around 2 um and an optimized AIN layer is inserted at the
interface AllnGaN/GaN. After the growth of the heterostructure, comes few
nanometers of SiN passivation layer and the contacts are processed. The main parts

that were optimized during the project are highlighted as well.
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Figure 7.1: a) Top view of a HEMT structure with two gates (colored optical
micrograph) b) Cross-section representation showing the stacking with typical
thicknesses. The main device optimization areas are shown.

7.2.1.Contacts optimization

The metallic stack that has been used was Ti/Al/Ni/Au for the drain and source.
The diffusion of these metals toward the barrier has to reach the 2DEG forming a
good ohmic contact. Thus, in HEMTs, also called field effect transistors, the source and
drain are electrically connected via the 2DEG. These metallic contacts are ohmic in
nature and should have the lowest resistance. To attain this property, a rapid thermal

annealing was achieved at 875 °C.

The transistor behavior is achieved by the control of the current that flows
between the source and the drain via the gate. The gate is a Schottky diode structure
where a Ni/Au stacking is deposited. In order to avoid damaging the 2DEG, the
annealing of this contact is not possible. Therefore, the ohmic contacts are processed

prior to the gate.

First generation

a- Ohmic contacts

Optical lithography is employed to define the the ohmic contacts, after the SiN has
been firstly etched by Ar plasma.. Before the TEM analysis, FIB sections were
prepared along the contacts. A representative region next to the drain contact is
investigated in figure 7.2. As can be seen, the annealing process of the ohmic contact

(Ti/Al/Ni/Au) lead to the formation of multiple phases with regions Au-rich and Ni-




Al-rich. The larger diffusion areas inside the barrier are made of gold-rich areas,

which appear to be through the threading dislocations.

Au rich

2 um

Figure 7.2: ADF of conventional ohmic contact. Multiple metallic phases are observed
with gold-rich regions and Ni-Al rich regions.

At higher magnification, as can be seen in figure 7.3, the metallic part at the

interface is made of small crystallites.

Figure 7.3: Higher magnification ADF observation of the conventional ohmic contact
showing that the metal alloy is formed by small crystallites.

b- Schottky contact: Large gate lengths

The first devices that have been processed had large Lg= 3um. At this stage, our
aim was to investigate the quality and homogeneity of such gates deposited with an
optical lithography process. Indeed, this is the most critical part of the device, as it

monitors the operation of the whole HEMT. In order to carry out the TEM analysis,




FIB sections were prepared along the gate length. Along this length, the important
features of the device are directly visible. Figure 7.4 shows the device in a <10-10>
projection. We point out a small asymmetry in the gate contact. Metallic diffusion can

be also observed under the source (right side) and drain (left side) contacts.

Figure 7.4: Geometry of a HEMT structure with its contacts. From left to right are the
drain, gate and source. The source to gate length is shortest. The continuous large dark
contrast indicates the SiN cap layer.

When a series of FIB sections are made perpendicular to the gate length, we often
encounter partial non-adhesion of the metal as seen in figure 7.5. Along this direction,
FIB exploration was systematically carried out along distances which could go above
10pm - 20 pum, in order to follow the evolution of this Schottky contact. We only

extracted a lamella for TEM when a feature of interest was noticed.

Figure 7.5: Bright field micrograph of the gate contact. The non-adhesion of the gate
can be localized at its edge.

One point that should be underlined is that this non-adhesion was happening in a

quite random way.

Second generation




a- Ohmic contacts

In order to improve the performance of the HEMTSs, recent developments have
consisted in carrying out localized epitaxy of the ohmic contact[158]. In this case,
optimal values of the contact resistance on these types of barriers have been brought
close to 0.16 Q.mm. One of the goals of the LHOM project is to attain comparable
performances with simpler process than localized MBE through setting up a prior
surface treatment process. The process consists of the usual treatment to remove the
in situ SiN by an Ar plasma, the improvement has been mostly the coupling with a
chemical reagent, the used metal stack for the ohmic contact is again the same
Ti/Al/Ni/Au. The annealing RTA is always rapid thermal annealing at 875°C.
Interestingly, the resulting microstructure changes completely. As can be seen in
figure 7.6, it may be pointed out that diffusion areas extend much in the direction

parallel to the surface.

Figure 7.6: Large-scale ADF image of optimized ohmic contact showing a more uniform
Ti/Al/Ni/Au alloy.

When the interfacial region is examined at high resolution, the difference is even
more striking. As clearly exhibited in figure 7.7, although we also have small metallic
crystallite in contact with the barrier, this time, they are coherently oriented and have

epitaxial relationship.




Figure 7.7: High magnification image of the optimized ohmic contact. After the RTA,
an epitaxial relationship is established between the barrier and the ohmic contact.

b- Gate contact

The elaboration process of the gate has been then optimized. After the ohmic
contact elaboration and by e-beam means, the gate site is precisely defined. Then
using the optimized deposition process the Schottky contact is deposited. As can be
seen figure 7.8, in this case, Lg is around 200 nm. Doing so, we did not detect any non-

adhesion regions.

Figure 7.8: ADF showing optimized gate geometry. Ly= 200 nm a) large scale that
highlights the “T”-shape b) the uniformity of the contact is shown at higher scale.




Characteristics of the two generations of devices

In order to operate at higher frequencies with higher efficiencies, the ohmic
contacts resistance must be as low as possible. In this instance, by optimizing the
process of the ohmic contacts deposition, their resistance dropped from 0.4 ..mm to
0.16 Q.mm. Such values (0.16 ..mm) have been obtained by Guo et al.[158] while
using a heavier process; which consists in a prior MBE regrowth of GaN below the
ohmic contacts. For the first generation, the power-gain cut-off frequency was 190
GHz. Whereas for the second generation, power-gain cut-off frequency was 260 Ghz.
Furthermore, by optimizing the Schottky contact, the leakage current between the

source-drain to the gate is reduced from few pA to less than 100 nA.

7.2.2.AIN optimization
As shown by Gamarra et al.[159], the AIN spacer is affected by the V/III ratio,

subsequently, the electrical properties of the device are directly affected. From a V/III

of 1280 to 12800 the sheet resistance of the 2DEG drops from 1069 /DO to 327 Q)/D.

Similarly to AlGaN/GaN, Song et al. [115] showed that optimizing the thickness of
AIN helps reduce further the sheet resistance down to 307 (/0O and increases the

2DEG mobility up to 1600 cm?2V-1s-1,

For AlInN (7 nm thick) based devices, Xun et al.[116] observed that 1.3 nm of AIN
strongly decreases the sheet resistance from 3020 /0O (without AIN) to a minimum
of 359 /0. On the other hand, the electron mobility reached a maximum at 1051

cm?V-1s-1 and a density of 1.84 *1013 cm2.

On the same basis, the thickness of the AIN in the presented devices was optimized
at 1.2 nm. The obtained sheet resistance did not exceed 191 (/0O and the electron
mobility reaches 1800 cm?V-1s-1 with a 2DEG density of 1.9 *1013 at room
temperature[152]. HAADF of figure 7.9 shows that the thickness obtained of AIN is
close to the nominal one and that the interfaces are abrupt. Moreover, no IDs were
observed and the TDs densities were very low. Thus, a high quality uniform AIN is

systematically obtained.
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Figure 7.9: HAADF image of the AIN interlayer recorded along <11-20>.

7.2.3.SiN passivation layer

Following the objective of the LHOM research to develop an efficient passivation
procedure, the first step was to try to avoid the surface oxidation of the barrier before
the device processing. It is obvious that for an electronic component, oxidation is not
desirable; because the involved metals would lead to the formation of various oxides
which will exhibit non-homogeneous films. In addition, such as dangling bonds or
surface defects may introduce additional electrons/holes states in the band gap of the
semiconductor. This can be interpreted as a virtual gate located at the bottom of the
metallic gate contact that controls the current flow[160]. Therefore, a drop in the
current is observed. This phenomenon is known as gate lag. The deposition of a
passivation layer can reduce the effect of this kind of degradations. In addition, as
nitrogen is an intrinsic element in nitrides, it is expected that SiN constitutes a good
passivating material for the active surfaces[80]. Depending on the deposition
conditions, SiN will have different compositions up to the-high-temperature most

stable crystalline Si3Ng.




In the project, the passivation was carried out in two steps, 1) the optimization of
the in-situ silicon nitride for the effective protection of the device surface from
oxidation that follows the MOVPE of the barrier. Also, it avoids any modifications of
the surface properties from air exposure which constitutes the main advantage to an
ex-situ process. It is also a useful protection from any contact with liquids during
device processing. 2) The second silicon nitride was grown ex-situ by plasma-assisted

deposition (PAD).

As was noticed, the in-situ deposition of the SiN is a very slow process and a close
optimization of its thickness had to be carried out for efficiency. At the beginning, it
was expected that some 1-3 nm in-situ SiN would be enough to ensure the protection
against the oxidation of the component, and this is the case. The optimized growth
rate is 15nm/h[80]. It is found to prevent any indium desorption from the barrier and
roughening of the surface. However, the second passivation step involves a thick
silicon nitride layer by plasma-assisted deposition (PAD). In fact, it was noticed that
this PAD brings in high energies and charges which need to be kept far from the
barrier surface, to this end, it was found necessary to deposit in-situ SiN layers of at

least 3.7 nm in the growth chamber.

Figure 7.10: The SiN deposited in-situ at 875 °C exhibits an amorphous structure and
an abrupt interface with the AlGalnN barrier.




Finally, the optimum thickness of the SiN for optimal passivation is 10 nm. As the
deposition is carried out at the same temperature (875 °C) as that of the barrier, we

investigated its structure.

The in-situ SiN is amorphous which is a clear indication that 875°C is still too low
for SiN to crystallize, even to form visible nano-crystallites. In figure 7.10, no lattice
fringes are visible, meaning that if any ordering is taking place in SiN, it is at very
short distances (< 1 nm). Interestingly, all our analyses show that although we are
unintentionally incorporating Ga to form a quaternary allow, as soon as the SiN

deposition is initiated, no more gallium is incorporated.

The difference between the PAD and in-situ SiN film is clearly exhibited in figure
7.11. In this HAADF, the in-situ SiN presents a completely homogeneous contrast
whereas inside the PAD SiN numerous dark areas can be seen especially at the
interface with the in-situ SiN. From these areas, we did not detect any foreign
material, which means that this film is porous. Therefore, in order to avoid the
possible charge effects of this protection PAD SiN, it has to be kept at about 3.7 nm

from the barrier surface using the high quality in-situ amorphous SiN.

Ex-situ SiN

In-situ SiN

10 nm AlGalnN

Figure 7.11: HAADF image showing the change in the quality between the in-situ and
the PAD SiN




7.3. Summary

During the project different parts of the HEMT device have been optimized; both
contacts (ohmic and Schottky), the passivation layer and also the AIN layer have been
characterized. For these devices, the electron mobility is around 1800 cm?2V-1s-1 with
a 2DEG density of 1.9 *1013 cm2. The break-down voltage is higher than 200 V and
the power-gain cut off frequency is as high as 260 Ghz.










Conclusions

The aims of the LHOM project were to develop high-quality HEMTs based on the
ternary/quaternary alloys capable of sustaining breakdown voltages as high as 80 V

and delivering high-frequency performances above 190 GHz.

This thesis was then focused on the study of the crystalline quality as well as the
surface analysis of AlInN and AlGalnN grown by MOVPE. Furthermore, we have
contributed to the devices characterization all along the project as different

constituents were being optimized.

In our work, samples were provided by the III-V Laboratories. We have used TEM
for a characterization from the nanometer scale to the atomic scale while using the
different possibilities of this technique: diffraction contrast mode, EDS, CBD.... AFM
was used for surface morphologies analysis and with the provided data, interesting
features were determined and were further 1) observed in SEM which is equipped

with a FIB thus 2) TEM samples were prepared around these features.

In the following, our major contributions and perspectives of our results are

summarized.

The barriers in this thesis were grown in two distinct MOVPE chambers; a
horizontal and a vertical CCS reactor. We have observed that gallium is systematically
incorporated in the latter CCS reactor leading to quaternary alloys AlGalnN. This
incorporation is predominantly due to the reactor geometry; its sources are the
shower head and the interior walls during the same run. Through our analysis, we
have excluded the susceptor because the incorporation was uniform along a wafer,
and diffusion of gallium atoms from the GaN buffer because samples grown in the
horizontal chamber are pure ternary AlInN directly grown on GaN. Through EDS
measurements, we have found that the aluminum concentration is decreased by some
10% from the expected value at lattice match of the AlInN ternary alloy to GaN,
whereas, the ratio Ga/In appears to change in a correlated way. Therefore, we
propose that in the gas phase TMIn can react easier with residual gallium and form
gallium-by-products which then contribute to the growth. Still, the presence of

gallium can be avoided by adopting a cleaner growth procedure dropping its content




to 1%, or by tuning the total chamber pressure (80 Torr) which can help to decrease

the Ga concentration to around 6%.

The second step of this thesis was to investigate defects in AlInN and AlGalnN
barriers. The samples that we have studied were grown on silicon and sapphire
which have several kinds of mismatches with GaN. Firstly, we have checked the
quality of GaN by TEM. It was observed that, while using a two-step growth method,
low TDs density around 10-8 cm-2 can be obtained in GaN. Still, subgrain boundaries
can be generated between the LT-GaN and HT-GaN to accommodate strain. The few
TDs reaching the surface generated pinholes. The correlation between the shapes of
pinholes on hillocks and the associated dislocation type has been established. Pure
edge-type threading dislocations open up as pinholes on the top of hillocks. Mixed-
type threading dislocations form pinholes on their top but with larger hillocks.
Moreover, smaller pinholes (twice as small) not connected to threading dislocations

were systematically observed; they form during the growth of the AlGalnN alloy.

Besides pits, trenches related to inversion domains were also observed. The
formation of these trenches was explained by the growth dynamics on N-polar GaN
domain for which the growth rate is decreased and the built-up strain in the local
region between N- and Ga-polar domains due to 1) composition fluctuations, mainly
through 2) In and Al interplay and 3) altering the AIN interlayer. This leads to the
formation of multiple ring trenches instead of separated pinholes as the barrier

thickness has been increased.

As a consequence, defects were termed as extrinsic if their origins were defects
from the buffer layer or intrinsic if they appear during the growth of the epitaxial

layers.

In this analysis, we have pointed out that inherent defects appear for nearly lattice-
matched layers probably due to an intrinsic 3D growth mode from the early stages of
the epitaxy. In fact, for a nominal indium composition in a ternary of 19%, we have
found from EDS that the fluctuation can be as high as 11% - 35%. This is most
certainly due to phase separation as an intrinsic mechanism to relax the strain. It is
shown theoretically that AlInN has the strongest mismatches in comparison to AlGaN

and InGaN in terms of bond lengths and strengths. Also, the critical temperature for




the phase decomposition is the highest for this alloy. Thus the final layers quality is

rapidly decreased whenever the thickness is increased.

In this instance, a direct observation of the intrinsic degradation should be
considered as a priority. Nowadays, in-situ TEM measurements are being extensively
developed. As a proposition, the development of a TEM/sample holder capable of
generating MOVPE atmosphere would be an interesting technological challenge and a

starting point to monitor at the atomic scale the growth of AlInN and AlGalnN.

Our contribution in the LHOM project was also the characterization of optimized
components of the HEMT devices. Using TEM methods, we have analyzed both
contacts (ohmic and Schottky), the passivation layer and also the AlIN interlayer. The
achievements of the LHOM project were electron mobility around 1800 cm?2V-1s-1
with a 2DEG density of 1.9 *1013 cm-2. Furthermore, the break-down voltage is higher
than 200 V and the cut off frequency is as high as 260 GHz. This constitutes first steps
toward the replacements of conventional AlGaN/GaN barriers with higher

performances through the better understanding of AlGalnN barrier growth.
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Analyse d’alliages ternaire et quaternaire (Al, Ga, In)N pour application aux transistors a
haute mobilité électronique par microscopie électronique en transmission.

Résumé :

Les semi-conducteurs III-V a base d’azote et leurs alliages possédent des propriétés remarquables
et sont largement étudiés depuis les années 90. En comparaison a d'autres semi-conducteurs III-V, Les
alliages de type ; AlGaN, InGaN et AlInN, ont leurs bandes interdites, directes, du lointain ultra-violet
au proche infrarouge. Ainsi, ils sont appropriés pour de nombreuses applications dans des domaines
tant civils que militaires tout en montrant de meilleures performances. De plus, l'alliage quaternaire
AlGalnN montre des propriétés intéressantes car il peut étre épitaxié soit avec un parameétre de maille
ou une polarisation ou une bande interdite accordé au GaN. De plus, avec AllnN, ces deux alliages
pourraient, a terme, remplacer les barriéres conventionnelles AlGaN/GaN pour les applications aux
Transistors a Haute Mobilité Electroniques (HEMT) grice a des performances supérieures prouvées
théoriquement.

Dans ce travail, nous avons étudié les alliages AlInN et AlGaInN dont la croissance a été faite par
épitaxie en phase vapeur d’organométalliques (MOVPE). Pour cela, la microscopie électronique en
transmission a été notre principal outil de caractérisation. Le but était de caractériser les défauts et les
mécanismes de croissance pendant la MOVPE. Dans cette optique, l'incorporation de gallium dans la
barriére en raison de la géométrie de la chambre de croissance menant a un alliage quaternaire a été
étudiée. Le contrdle du taux de gallium est réalisé soit par un processus de nettoyage entre les
épitaxies soit par les conditions de croissance. Les défauts ont été ensuite différenciés comme
extrinseques et intrinseques. En effet, les dislocations et les domaines d'inversion dans le GaN
produisent des défauts extrinséques, tandis que, les « pinholes » non connectés aux dislocations et les
« hillocks » responsables de la rugosité de surface sont définis comme intrinséques. Les origines des
défauts intrinseques dépendent fortement des propriétés physiques des composés parents binaires.
Ces dégradations systématiques sont observées méme lorsque les conditions de croissance sont
optimisées et quand la composition du film mince est changée ou son épaisseur augmentée.

Notre travail propose des mécanismes différents pour expliquer les processus de dégradation pour
les différents défauts observés et constitue donc un pas en avant pour la réalisation de HEMT a base de
AlInN et AlGalnN de meilleure qualité.

Mots clés : AlInN, AlGalnN, TEM, AFM, APT, HEMT, séparation de phase, pinholes, hillocks

Investigation of ternary and quaternary (Al, Ga, In)N alloys for High Electron Mobility
Transistors by Transmission Electron Microscopy.

Abstract:

Group III-Nitrides and their alloys exhibit outstanding properties and are being extensively
investigated since the 90’s. In comparison to other III-V semiconductors, 1lI-nitrides (AlGaN, InGaN,
and AlInN) cover from deep ultraviolet (UV) to near infrared (IR) across the visible range of
wavelengths. Thus, they are suitable for numerous applications both in civilian and military fields
showing higher performances. Moreover, the quaternary alloy AlGalnN shows versatile properties as it
can grow either lattice or polarization or bandgap matched to GaN. Alongside to AlInN, these two alloys
are expected to replace conventional AlGaN/GaN High Electron Mobility Transistors (HEMT) barriers
as higher performances have been theoretically demonstrated.

In this work, we have studied AlInN and AlGalnN grown by metal organic vapor phase epitaxy
(MOVPE) using mainly TEM. The aim was to characterize defects and the MOVPE growth alloying
process. In this instance, the gallium incorporation in the barrier due to the geometry of the growth
chamber leading to a quaternary alloy was studied. The control of the gallium content is achieved by a
cleaning process between runs or by the growth condition. Defects were then differentiated as
extrinsic and intrinsic. In this way, dislocations and inversion domains from the GaN buffer layer
generate extrinsic defects, while, pinhole not connected to dislocations and individual hillocks
responsible of surface roughening are termed as intrinsic. The origins of the latter defects depend
strongly on the physical mismatches of the end-binary compound. These systematic degradations
happen also with optimized growth conditions as soon as the nominal composition is changed and/or
the thickness is increased.

Our work proposes different mechanisms to explain defects generation processes which constitutes
a forward step for higher quality HEMTs.

Keywords: AllnN, AlGalnN, TEM, AFM, APT, HEMT, phase separation, pinholes, hillocks,




