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General Introduction

Directionally solidified (DS) Ni-based superalloys are widely used for the manufacturing of blades and
vanes in aero-engines and industrial gas turbines [1-3]. Despite the rather old character of the
DS200+Hf (also known as PWA 1422 [4]), developed more than 45 years ago [5], it is still used for the
design of modern aero-engines components such as cooled or un-cooled low pressure turbine (LPT)
blades (Figure 1). One of the main reasons is related to its very good castability, allowing the design of
sophisticated blade profile shapes and very thin trailing edges. This kind of material consists of nearly
<001> columnar grains oriented along the solidification direction and with random secondary
orientations (see Figure 1).

Coarse grain area

Figure 1 - Example of a DS200+Hf low-pressure turbine blade used in a SAFRAN engine showing grain
size differences between the top and the root (scale bar not added for confidential reasons).

The alloy studied during this PhD thesis has been used at SAFRAN Aircraft Engines for nearly 40 years,
since its pioneering application in the Olympus Engine used for the Concorde supersonic civil aircraft
(DS200+Hf was used in this engine for the manufacturing of internally cooled high pressure turbine
blades). From this application, a high hafnium content version of this alloy (~ 1.5 and 1.8 wt. pct) has
been chosen to avoid grain boundary hot tearing issues during the solidification of large castings, and
also to achieve a better grain boundary strength at high temperature [1-6], to improve the durability
during service operations [2]. DS200+Hf has since that period been widely used for the manufacturing
of airfoils used in several LPT stages of CFM 56* engines used to power Airbus A319/A320/A321 and
Boeing 737 civil aircrafts and also in SAFRAN military engines. More recently, this alloy has been
introduced for the manufacturing of LPT blades in the new generation LEAP* civil turbofans (part 8 in
Figure 2) with increased efficiency and reduced specific consumption (compared to former CFM 56
engines). These newly developed engines are/will be used to power Airbus A320 Néo/A321 Néo,
Boeing 737 MAX and Comac C919 newly developed medium range civil aircrafts. To achieve such

* CFM 56 and LEAP engines are produced by the CFM international company which is a joint venture between 1
General Electric (50%) and SAFRAN (50%).



increased efficiency and specific consumption in LEAP engines, higher operating temperatures are
expected on LPT blades, leading to more demanding thermo-mechanical operating conditions that
deserve to be characterized in a better way.

CFM LEAP-1

Figure 2 - Cut-out view of a LEAP — 1 turbofan, showing the different stages of the low-pressure turbine

(8).

Moreover, during operations, due to the complex blade geometries with platforms, shrouds, internal
cooling systems and possible profile twisting, the main mechanical loading direction does not only
results from the centrifugal stresses along the solidification direction, as schematically illustrated in
Figure 3. For example, the profile is mainly exposed to centrifugal forces along the <001> solidification
direction. However, shrouds are very critical parts because they are exposed to transverse and
compressive loads at very high temperatures. Moreover, the presence of several stress concentrators
(e.g. cooling holes for some cases of LPT blades), in addition to thermal gradients across the thickness,
may locally lead to loading directions almost perpendicular to the solidification direction.

If the mechanical properties along the solidification direction are well characterized for these alloys [1,
2, 5, 7-10], very limited transverse mechanical properties are available in the open literature (in creep
and fatigue). In addition, transverse mechanical properties have never been rationalized taking into
account the grain size variation that can be observed at a component scale (see, e.g., Figure 1). The
large scatter in mechanical properties observed could be due to this missing consideration [11-14].
Then the characterization and understanding of the anisotropy in mechanical properties, in addition
to the effect of grain size on transverse mechanical properties, will be two main objectives of this
study.

DS200+Hf is also known to have a rather poor environmental resistance compared to other DS or
conventionally cast superalloys since this alloy does not form a continuous and dense alumina layer in
the oxidation regime [2, 15]. This poor environmental resistance can be an issue for applications
considering thin-walled uncoated components. Even if some studies about the influence of oxidation
on creep properties of similar Ni-based single crystalline superalloys were published recently [16, 17],
almost no study has been done on the characterization of the debit in mechanical properties induced
by oxidation in DS Ni-based superalloys, and how the anisotropy in mechanical properties is affected

2



by oxidation. Hence, a special focus will be paid to the impact of oxidation on creep and low-cycle
fatigue (LCF) properties by performing creep and LCF tests in air and in high vacuum or by reducing
the specimen thickness in air. These characterizations will be used as inputs for the development of
a creep-oxidation-damage coupled model to predict the impact of oxidation on the minimum strain
rate and time to failure in creep.

Centrifugal loads

Compressive stress in the shrouds

Off-axis efforts stresses due to
internal cooling systems

Fretting (compressive/tensile)
stresses in the root

Figure 3 — DS200+Hf LPT blade main mechanical solicitations (without scale bar for confidentiality
reasons).

Then, the main objective of this work is to investigate the damage mechanisms in creep, low cycle
fatigue and dwell-fatigue of DS200+Hf alloy in a wide temperature range (650°C-1100°C), isolating, if
possible, the contributions of oxidation and crystallography in the crack nucleation and subsequent
propagation mechanisms. For this, this manuscript will fall into four main chapters:

1. Chapter 1 will be devoted to a literature review, focused on the fabrication processes and
microstructure at different scales of DS nickel-based superalloys, on the mechanical properties
of DS and Ni-based single crystal superalloys and on their environmental resistance.

2. Inchapter 2, a presentation of the castings used for this study will be proposed, in addition to
all the experimental procedures used for mechanical characterization in creep, low cycle



fatigue, dwell-fatigue, crack propagation and tension tests. Microstructural investigation
procedures will also be presented.

3. Chapter 3 will present all mechanical results in tension, creep, LCF and dwell-fatigue, with a
special focus on the stress-strain or strain rate-stress relationships and on the anisotropy in
mechanical properties and durability.

4. Chapter 4, in which the most original results of this PhD thesis are presented, will especially be
focused on the damage mechanisms, with a special focus on the role of oxidation, of grain
boundaries and on the crystallography. Very unique experiments involving in situ strain
measurements at the grain scale, complemented by EBSD characterizations will be presented
in this chapter.

This PhD thesis has been conducted in the framework of a joint program involving SAFRAN companies
(SAFRAN Tech, SAFRAN Aircraft Engines and SAFRAN Helicopter Engines), the Insitut Pprime at ISAE-
ENSMA in Poitiers and the Centre des Matériaux, at Mines ParisTech in Paris. In addition to the present
PhD thesis, a second PhD thesis recently defended by Florent Coudon [18] has been conducted at
Mines Paristech. The aim of this second PhD was the identification of mechanical constitutive
equations at the grain scale based on the results contained in the present manuscript. Then, the final
objective was to propose a scale transition allowing the computation of the stress-strain state
distributions in real components under different operating conditions, without any requirement of the
exact crystallographic orientations of each grain within the component, neither the real morphology
of grain boundaries.
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Chapter 1 - Literature Review



Chapitre 1 Etat de 'art

Le premier chapitre de ce manuscrit de these est dédié a la revue bibliographique des problématiques
étudiées dans ces travaux de these. |l sera divisé en 4 axes principaux qui sont fondamentaux pour une
bonne compréhension de cette étude:

e Développements, chimie, procédé de solidification (plus particulierement, solidification
dirigée), microstructure et défauts dans les superalliages base nickel (Ni), et plus
spécifiqguement du DS200;

e Changements microstructuraux et leur(s) impact(s) sur les modes de déformation, les
propriétés mécaniques et la durabilité en fatigue et fluage;

e Anisotropie des propriétés mécaniques et de durabilité des alliages DS (solidification dirigée);

e Impact de I'environnement sur la durabilité des alliages DS.

Ce chapitre reprend le développement des superalliages base-nickel a partir de 1941, et plus
spécifiqguement, celui des alliages a solidification dirigée, les prédécesseurs des alliages
monogranulaires (plus communément appelés monocristaux). Ensuite, il aborde la microstructure de
ces superalliages a différentes échelles, plus spécifiquement celle du DS200 qui présente, au-dela de
la matrice 'y et des précipités v, un grand nombre de carbures ainsi que des pores résultant du procédé
de solidification.

La chimie est un aspect mis en valeur, avec un bref descriptif des différentes compositions chimiques
des générations successives de superalliages base Ni, en portant une attention particuliére aux enjeux
de la solidification et a la composition chimique de I'alliage DS200 utilisée dans ces travaux, surtout en
ce qui concerne son haut taux d’hafnium.

Dans la présente étude, les défauts de fonderie joueront un réle critique dans les mécanismes
d’endommagement du DS200. Pour cela, ce chapitre de revue bibliographique détaille les principaux
défauts rencontrés, les carbures de différents types et compositions ((HfC, TiC, NbC ...) et les pores,
ainsi que leur distribution.

La section dédiée aux modes de déformation et aux changements microstructuraux aborde le réle du
désaccord paramétrique de maille y-Y sur la mobilité des dislocations, les différents modes de
déformation selon les conditions de chargement appliquées (cisaillement des précipités favorisé a
basse température, déformation dans la matrice aux plus hautes températures), ainsi que le
phénoméne de mise en radeaux. Ces évolutions microstructurales et modes de déformation sont,
lorsque cela est possible, mis en relation directe avec les propriétés mécaniques et la durabilité.

Finalement, et ceci constitue la partie principale de cette revue de littérature, les propriétés
mécaniques typiques des alliages a solidification dirigée en fluage, fatigue oligocyclique et traction sont
présentées et positionnées par rapport aux alliages polycristallins coulés équiaxes et aux alliages
monogranulaires. L’anisotropie de ces propriétés mécanique et de la durabilité selon les conditions
testées est ensuite analysée. La contribution de I’environnement, notamment au travers de
I’oxydation, sur cette anisotropie est ensuite établie.

L’originalité et la motivation de ces travaux de thése est montrée sur la base de cette revue
bibliographique. Méme si le développement des superalliages a solidification dirigée a été I'un des
premiers sauts technologiques concernant I'industrialisation des superalliages base Ni, les propriétés
mécaniques de ces alliages restent relativement méconnues. En effet, leurs modes d’endommagement
doivent étre mieux rationnalisés en prenant en compte notamment I'impact de la taille des grains
(pour des sollicitations transverses), de lI'environnement, de la microstructure, des modes de



déformation et des défauts métallurgiques (pores, carbures). Des études récentes ont été menées
pour tenter combler ce manque d’informations, vu que ces alliages sont encore tres utilisés pour la
fabrication d’aubages de nouvelles turbines développées récemment, notamment du fait de leur
bonne coulabilité. Cette thése aura donc pour principal objectif de caractériser les propriétés
mécaniques et la durabilité de DS200+Hf, en développant une meilleure compréhension des processus
d’endommagement en fatigue, fluage et fatigue avec temps de maintien, via 'emploi d’essais sous
vide ou fortement instrumentés.
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1. Literature Review

1.1 Introduction

This literature review covers different aspects related to single-crystal (SX) and directionally solidified
(DS) Ni-based superalloys developments related to their chemistry, their processing and resulting
mechanical behavior relevant to the scope of the PhD thesis. Available literature for DS alloys is, in
general, limited and not recent compared to SX one. Because of this, SX advancements/knowledge will
be used as a basis for discussion and understanding of many topics tackled in the present work. A
special focus will be paid to the durability and damage mechanisms of DS alloys under various loading
conditions in terms of temperature and mechanical loading profile. Moreover, the mechanical
behavior anisotropy of these classes of alloys and the contribution of oxidation to the durability will
be of special interest. In this chapter, paragraphs written in bold letters will highlight areas of research
that still open based on the open literature and/or topics that will be investigated in deeper details in
this PhD work.

1.2 Development of Ni-base superalloys for turbine blades applications
According to [1, 2] a gas turbine converts thermal energy resulting from the combustion of fuel into
mechanical energy. Gas turbines are today widely used for power generation (e.g. large land-based
gas turbine or Auxiliary Power Units —APU- for electricity production) or for aircraft/helicopter
propulsion.

After combustion, the exhaust gas temperatures usually range from 920°C to 1600°C. The first rows of
turbine blades next to the combustion chamber must hence withstand severe combinations of high
temperature, stress and environment [1, 2]. Ni-based SX superalloys are first choice materials for this
first line turbine blades due to their excellent mechanical strength and environmental resistance
at high temperature. However, for low pressure turbine blades (metal temperature ranging from
650°C to 1100°C), DS Ni-based superalloys (Figure 1.1) are still used especially due to economic reasons
and thanks to their very good castability.

Equiaxed crystal Single crystal

structure Columnar crystal

structure

(a) (b) (c)

Figure 1.1 - From the left to the right: polycristalline (a), directionally solidified (b) and single-crystalline
(c) turbine blades [2].
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The development of Ni-based superalloys began with the development of the first commercial Ni-
based alloy Nimonic 80 in 1941 [3] and discovery of the hardening effect of the Y phase in 1957 [4],
as well as the induced increase of the creep properties of Ni-Cr alloys [5]. From Nimonic 80
development, Vacuum Induction Melting (VIM) and Vacuum Arc Remelting (VAR) were introduced in
the 1950s, allowing the next major development in the production of superalloys for turbine blades
applications, namely, the directional solidification technique in 1966 [6]. Indeed, for conventionally
cast components (i.e. with an equiaxed grain structure), the intergranular cavitation and formation of
voids at grain boundaries normal to the main blade axis was identified as a major deterioration of the
mechanical properties, especially for creep [6]. This problem could be solved by the development of
unidirectional solidification.

Unidirectionally (also directionally) solidified turbine blades can be successfully cast if the following
two conditions are satisfied [7]: grain nucleation must be prevented in the melt ahead from the
solidification front and the heat flow must be unidirectional, so that the liquid-solid interface moves
along only one direction during the solidification, i.e. parallel to the thermal gradient [8].

For this, during solidification, spurious nucleation in the molten alloy is inhibited by superheating the
molten charge 85°C to 165°C above the liquidus [9]. Unidirectional heat flow is obtained by the
introduction of a water-cooled chill plate at the bottom of the casting mold (see Figure 1.2), while the
temperature of the upper part is maintained well-above the liquidus. Transverse thermal gradients
are prevented by a good insulation of the mold which is heated above the temperature of the molten
alloy [8], and/or by the use of a baffle controlling lateral thermal gradients.

By withdrawing the mold containing the molten alloy in a controlled way, grain growth takes place
parallel to the thermal gradient along the blade axis, resulting in a columnar grain structure (see
Figure 1.1.b). To produce SX components (Figure 1.1c), a single grain is selected once the solidification
starts by passing through a grain selector composed of chicanes (the so-called “pig tail”) or a helix as
illustrated in Figure 1.2a. A typical furnace used for SX blade casting is schematically represented in
Figure 1.2 [10]. Another option to achieve a SX crystalline structure is to use a seed having the desired
crystallographic orientation instead of, or in addition to the chicane. During solidification, chemical
fluctuations at the solidification front lead to localized variations of the solidus temperature of the
molten charge and dendritic growth solidification occurs. Fortunately, dendritic growth occurs along
the preferred low elastic modulus [001] direction, which was proved to give the best combination
of mechanical properties when compared with [011] and [111] grown SX blades [11, 12].
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Figure 1.2 - Schematical illustration of a furnace used for the production of SX turbine blades where the
selection of the single grain takes place in elliptical crystal selector after [10] (a) and diagram of
induction heated mold used to produce columnar structure after [6] (b).

As shown previously in Figure 1.1.b, directionally solidified (DS) turbine blades exhibit a columnar
structure with grains oriented parallel to the blade axis. They present superior creep properties
compared to conventional polycrystalline alloys as shown in Figure 1.3, especially due to a higher creep
ductility. Therefore, improvements in the casting procedure and the chemical composition of these
DS alloys constitute a good candidate for aircraft applications, especially for intermediate and low
pressure turbine blades.

The optimization of the DS casting procedure led the production of SX turbines blades, by suppressing
completely grain boundaries. The result is a substantial improvement of the creep properties. This is
also illustrated in Figure 1.3 where the creep properties at 982°C/206 MPa of the polycrystalline, DS
and single-crystal version of the same alloy (MAR-M200 alloy) are compared [13].

The technological improvements mentioned above have allowed the development of many different
Ni-based SX and DS superalloys up to the present day, resulting in a gain of nearly 350°C over the
maximum metal temperature tolerated by the turbine blades in service. The processing development
and the composition optimization are both concerned [14]. This is illustrated in Figure 1.4, where the
evolution of the temperature to reach a 1000 h creep life at 137 MPa is plotted for various Ni-
based superalloys from 1940 until now [2].
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emergence in the 1940s (adapted from [2]).

1.3 Microstructure of DS and SX Ni-based superalloys
The microstructure of a typical cast Ni-based superalloy consists of different phases [15]:
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e The gamma phase, denoted 7, appearing as the white phase in Figure 1.5. This is a FCC
disordered structure and, in nearly all cases, it forms a continuous matrix phase in which the
other phases reside. It contains significant concentrations of elements such as cobalt,
chromium, molybdenum, ruthenium and rhenium, when they are present in the chemical
composition of the alloy;

e The gamma prime phase, denoted vy’ and appearing as the dark phase in (Figure 1.5). It forms
as a precipitate phase, with an ordered L1, structure which is, in most of the alloys, semi-
coherent or coherent with the 'y matrix. The ¥ phase is rich in elements such as aluminum,
titanium and tantalum;

e Carbides and borides. Carbon, often present at concentrations up to 0.2 wt. %, combines with
reactive elements such as titanium, tantalum, niobium and hafnium to form MC carbides.
During processing or service, these carbides can decompose to other species, such as M23Cs
and MeC, which preferentially appear at grain boundaries, and which are rich in chromium,
molybdenum and tungsten. Boron can combine with elements such as chromium or
molybdenum to form borides which also mainly form at grain boundaries.

Other phases can be found in some superalloys, particularly in the service-aged condition, for example,
the topologically close-packed (TCP) phases W, o, Laves, etc. However, the compositions of the
superalloys are today chosen to avoid, rather than to promote, the formation of these intermetallic
compounds [2] since they are known to be detrimental to the mechanical properties [16].
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Figure 1.5- Scanning electron microscope (SEM) observation of a 2™ generation Ni-based SX superalloy
in the fully heat-treated condition where the cuboidal ¥ precipitates (dark phase) are embedded in the
ymatrix (bright phase) (adapted from [8]).

1.4 Chemistry of Ni-based cast superalloys
The strength of nickel-base superalloys depends essentially on the precipitation of the ¥’ (NisAl) phase,
which typically presents a volume fraction in the order of 60-70 vol. % or more. Increasing the volume
fraction and the solvus of the ¥ phase constitutes a natural way to improve the mechanical properties.
This solution is often obtained by a reduction in chromium content for the range 6-10 wt. % [6] and
even lower considering the very last generations of Ni-based SX alloys (e.g. ~ 3 wt. Cr in TMS-138A [2]).
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However, it can be very detrimental to the environmental resistance and to the durability of thermal
barrier coating systems [2].

Table 1.1 lists the compositions of common commercial Ni-based SX superalloys. One can see that as
many as 14 different alloying elements are added. The so-called first-generation single crystal
superalloys, such as PWA1480, Rene N4 and SRR99, contain substantial quantities of the ¥ hardening
elements Al, Ti and Ta and grain-boundary-strengthening elements C and B. The last ones were added
routinely to the earlier conventionally cast and DS superalloys and are no longer present since useless
and since they decrease the incipient melting temperature of the alloys, hence increasing the difficulty
of solution heat treatment schedule. Second-generation alloys, such as PWA1484, CMSX-4 and René
N5, are characterized by the addition of a 3 wt. % concentration of rhenium, which is increased to
about 6 wt. % for the third-generation alloys such as CMSX-10 and René N6. Generally speaking, last
generation alloys are characterized by significantly lower concentrations of Cr and higher
concentrations of Al and Re. Concentrations of Ti and Mo are now at very modest levels. The period
since 2000 has seen the emergence of the fourth-generation (and even fifth and sixth-generation)
single-crystal superalloys, such as MC-NG, EPM-102, TMS-162, TMS-196 TMS-238, PWA1497, which
are characterized by additions of ruthenium and a lower rhenium content [2, 17].

Alloy Cr Co Mo w Al Ti Ta Nb \Y% Hf Ni Density (g/cm’)
Nasair 100 9 — 1 10.5 5.75 1.2 33 — — — Bal 8.54
CMSX-2 8 4.6 0.6 8 5.6 1 6 — — — Bal 8.60
CMSX-6 9.8 5 3 — 48 4.7 2 — — 0.1 Bal 7.98
PWA1480 10 5 — 4 5 1.5 12 — — — Bal 8.70
SRR99 8 5 10 5.5 22 3 — — — Bal 8.56
RR2000 10 15 3 — 5.5 - — — 1 — Bal 7.87
Rene N4 9 8 2 6 3.7 42 4 0.5 —_ —_ Bal 8.56
AM1 7.8 6.5 2 5.7 52 1.1 7.9 —_ —_ —_ Bal 8.60
AM3 8 5.5 225 5 6 2 35 — — — Bal 8.25
TMS-6 9.2 — — 8.7 53 —_— 104 — — — Bal 8.90
TMS-12 6.6 — — 12.8 5.2 —_ 7.7 — — — Bal 9.07
Alloy Cr Co Mo Re W Al Ti Ta Nb Hf Ni Density (g/cm?)
CMSX-4 6.5 9 0.6 3 6 5.6 1 6.5 — 0.1 Bal 8.70
PWA 1484 5 10 2 3 6 5.6 —_ 8.7 —_ 0.1 Bal 8.95
Rene N5 7 8 2 3 5 6.2 — 7 — 0.2 Bal 8.70
MC2 8 5 2 _— 8 5 1.5 6 — — Bal 8.63
TMS-82+ 49 7.8 1.9 24 8.7 53 0.5 6 — 0.1 Bal 8.93
Alloy Cr Co Mo Re w Al Ti Ta Nb Hf Others Ni Density (g/cm’)
CMSX-10 2 3 04 6 5 5.7 0.2 8 0.1 0.03 — Bal 9.05
Rene N6 42 125 14 54 6 5.75 72 _— 0.15 0.05C Bal 897
0.004B
0.01Y
TMS-75 3 12 2 5 6 6 —_ 6 - 0.1 —_ Bal 8.89

Table 1.1 - Compositions of common Ni-based SX superalloys (1%, 2@ and 3™ generation alloys in the
upper, mid and lower part of the table, respectively) [2, 18].

The compositions of 1%t generation Ni-based SX superalloys were initially derived from that of DS alloys
with the suppression of grain boundary strengthening elements (C, B, Hf, Zr). It resulted in a significant
increase of the incipient melting temperature of the alloy: a nearly total dissolution of remaining y/Y
eutectics pools could thus be obtained by increasing the solution heat treatment temperature after
casting. Avery strong improvement inthe mechanical properties, especially for the stress-rupture
lifetime, was reported [19, 20]. This can be observed in Figure 1.6, which shows an improvement in
creep resistance of PWA 1480 SX compared to DS MAR-M200. Further improvements of the
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mechanical properties (especially creep) of Ni-based SX superalloys were reported after substitution
of W and Mo by Re, which led to the 2" (up to 3.0 wt% Re) and 3™ (up to 6.0 wt. % Re) generation of
SX superalloys [2].
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Figure 1.6 - Stress to achieve 1% creep strain in 100h vs. temperature in ~ <001> oriented PWA 1480 SX
and DS MAR-M200+Hf along longitudinal direction, showing benefits in operating temperature
obtained from the use of commercial Ni-based single crystalline superalloys (adapted from [18])

1.5 MAR-M200 solidification processing conditions, chemical composition and Hf

addition

One of the standard chemical composition of MAR-M200 alloy found in the literature [6, 21, 22] is, in
wt. %, 0.15 C, 9.0 Cr, 10.0 Co, 5.0 Al, 2.0 Ti, 12.5 W, 1.0 Nb, 0.015 B, 0.05 Zr, Bal. Ni. In the present
study, MAR-M200 with an addition of Hafnium of about 1.6 wt. % has been used. Such a modified
composition improves grain boundary strength at high temperature [2, 6, 10, 20, 21, 23], facilitates
blades solidification and allows us to obtain very thin trailing-edges, even if these phenomena remain
not fully understood. Final hafnium specifications represented a compromise between casting quality
(inclusions, etc.), solidification cracking (i.e. hot tearing issues) and transverse ductility in creep [20].
In fact, according to Yunrong & al. [24], adding hafnium to MAR-M200 chemical composition is the
best solution to achieve a good compromise between having a sufficient ductility at intermediate
temperatures (i.e. in the 600-800°C temperature range) and limiting processing issues.

A pre-treatment of 3 hours at 1130°C has been determined to limit the occurrence of incipient melting
during subsequent solution treatment, by partially removing chemical segregations across the
dendritic structure [6, 24, 25]. This makes it possible to use a higher solution treatment temperature.
According to Jackson & al. [26], the volume fraction of fine (efficient) y' particles developed in DS MAR
M200 + Hf increases significantly with solution temperature in the range of 1198°C to approximately
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1210°C. The increase of the solution temperature and of the resulting fine y' particles formed upon
cooling has been shown to improve the creep-rupture life at 982°C/221 MPa in coarse grain DS200+Hf
alloy, as shown in Figure 1.7 [26].
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Figure 1.7 — Evolution of the creep life at 982°C/221 MPa as a function of the volume fraction of fine ¥
precipitates for coarse grain DS200 + Hf alloy (originally from [26]).

1.6 Casting defects

1.6.1 Porosity

Microporosity, caused by gas or shrinkage, is a common defect in castings. The presence of pores in
cast turbine blades is undesirable because it increases the scatter of creep rupture properties [25] as
well as in fatigue. Microporosity formation in Ni-base superalloys depends on the casting parameters
and on the chemical composition of the melt [27, 28]. It can be related to other microstructural
constituents such as secondary dendrite arm spacing (SDAS) and carbides, as shown in [25]. This study
also indicates that the reduction of porosity size follows the refinements of the SDAS and that
increasing the carbide particle density reduces the porosity content of the alloy. Casting pores (also
called solidification pores [29, 30]) have been shown recently to be the most critical pores controlling
the fatigue life at low temperature (T < 800°C) of a first generation Ni-based superalloy, without any
impact on the creep properties [31]. A second population of pores is formed during the solution heat
treatment, due to cross-diffusion of elements across the dendritic structures [29, 30]. Finally, during
high temperature creep, a third class of pore called deformation pores is likely to form.
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Figure 1.8 shows deformation pores due to creep straining at 1100°C/120 MPa in CMSX-4 Ni-based SX
alloy [32]. The porosity evolution is observed during high temperature long term creep tests (typically
over 950°C in most of Ni-based DS and SX alloys), when vacancy diffusion is fast and plays an important
role in the deformation processes. The creep deformation induces pore growth by vacancy
condensation, specifically along sub-grain boundaries in the interdendritic regions. Figure 1.8b shows
that the kinetics of porosity growth in CMSX-4 SX alloy is fast during the primary creep stage and it
slows down during secondary creep stage, accelerating again during the tertiary creep stage. The entire
porosity increase is related to the enlargement of pre-existing solidification and homogenization pores
and to the nucleation of new deformation (creep) induced pores. This mechanism was already
explained by Epishin an co-authors in [33]. Under applied load, most of the dislocations move non-
conservatively along the y/y-interfaces perpendicularly to the load axis, generating vacancies. The
longitudinal dislocation movement, which absorbs vacancies, is much less active because it is not
driven by the applied load and suppressed by the formation of y'-rafts. This results in a supersaturation
of vacancies, which condense on pores increasing their size or form new pores. Therefore, porosity
increases rapidly during primary and tertiary creep, when interfacial dislocations movement is active,
and in a slower way during the secondary creep stage, when dislocations mobility is lower.
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Figure 1.8 - Deformation pores in CMSX-4 after 292 h creep at 1100°C/120 MPa (a) and increase of
porosity at high temperatures determined by density measurement (b)(adapted from [32]).

1.6.2 Carbides: characterization, composition and distribution in MAR-M200

In polycrystalline Ni-based superalloys, carbide formation is required to stabilize the microstructure
against high-temperature creep deformation, especially to limit diffusion creep at grain boundaries.
This could be accomplished by the formation of carbide networks at the grain boundaries. These
networks inhibit grain-boundary motion, thus increasing creep resistance and stress-rupture
properties [34]. This strengthening mechanism is expected to be more efficient at elevated
temperatures (T > 0.5 T, where Ty, is the melting point in absolute scale) where grain-boundary sliding
becomes significant [35, 36]. Carbides may also induce an "unpinning" or "unstrengthening"
mechanism if they are present as a continuous film which creates an easy path for crack propagation
[25]. In general, optimum high-temperature mechanical properties are obtained when MyCs type
carbides are present as discrete, uniformly distributed particles along grain boundaries [25].

The effect of carbides on high temperature mechanical properties is dependent on their chemical
composition, morphology (shape, size), stability, location, casting parameters and heat treatments
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[25]. However, the real effect (harmful or beneficial) of it is still open to debate [37], and the
identification of the role of carbides on creep and fatigue properties will be one of the main
contributions of the present work.

According to [6, 24, 25], in the as-cast MAR-M200 alloy, there are MC carbides having an ordered
NaCl-type FCC structure, (y+Y') eutectics, and minor M3B, and M,SC phases. The primary MC carbides
are TiC, ZrC, HfC, VC, NbC and TaC. These six compounds are isometric, they crystallize in the FCC NaCl-
type structure and they have exceptional hardness, high melting point and low thermal conductivity
[38]. In addition to these phases, there are also MC, and NisM in the Hf containing version of
the alloy. Hafnium can change the script like morphology of MC carbides into blocky ones, but it
cannot influence the amount of MC carbides independently. The solution heat treatment, which
partially removes segregation, gives additional partially coherent M,3Cs secondary carbides. An effect
produced by grain-boundary M,3Cs carbide precipitation is the occasional formation of areas depleted
in Y precipitates (precipitate-free zones PFZ), that may have significant effects on rupture life of these
alloys. Should such zones become wide or much weaker than the matrix, deformation would
concentrate there, resulting in premature failure [20].

When nickel-base superalloys are solution treated, some of the MC carbides present in the structure
may dissolve and the carbon coming from this dissolution process is retained in super-saturation, upon
rapid cooling down to room temperature. The most efficient way that so much carbide can form is
perpendicular to a grain boundary and the extra boundary area produced by the carbide precipitation
is detrimental to the stress-rupture life. If carbides precipitate as a continuous grain-boundary film,
mechanical properties also can be severely degraded due to the associated drop of ductility at in high
temperature, hence limiting the creep life [20]. This drop of mechanical properties could also be
directly linked to carbide oxidation. However, to the author’s best knowledge, past literature did not
study this phenomena and its consequences on creep and fatigue properties in detail.

1.7 Microstructure evolutions in relation with the deformation mechanism and
mechanical properties

1.7.1 vy lattice misfit — its relation with microstructure evolution and mechanical
behavior

Strengthening of nickel-based SX superalloys is mainly obtained by coherent precipitation of a large
amount of ¥ phase in a y matrix [39]. Both cubic phases present a small lattice mismatch, which is
usually expressed by the unconstrained misfit & = 2(aoy — a0y)/(a0y + a0y), Where aog, and ao, are the lattice
parameters of the unconstrained y and ¥ phases, respectively. With this definition of what one may
also call the natural /Y’ lattice mismatch, & depends only on the composition of both phases and on
temperature. For a given alloy, it can change with temperature, due to the variation of phase
equilibrium and the difference in coefficients of thermal expansion [40, 41]. Coherency between yand
Y phases at their interface leads to elastic deformation of their lattices. Therefore, a similar
constrained misfit can be considered with the lattice parameters corresponding to the elastically
deformed material (i.e. when a macroscopic applied stress is superimposed). This constrained misfit is
more difficult to define since it actually depends on the microstructure (shape, volume fraction,
arrangement, size distribution of precipitates, and type of y/Y' interface), which results from the whole
thermal history of the alloy [42]. Moreover, the constrained lattice parameters change from place to
place in the microstructure with the cubic symmetry often being no more respected.

The lattice mismatch associated with interface coherency has a strong influence on mechanical
properties of Ni-based alloys, since elastic distortion strongly contributes to their reinforcement.
Conversely, it also controls the microstructure morphology [42]. Indeed, coherency stresses are
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responsible for the arrangement of Y precipitates into periodic arrays of nearly perfect cuboids during
ageing [43-48], and for the high stability of this self-stabilized structure against dissolution [44, 45].
They also explain the so-called 7y rafting phenomenon occurring during deformation at high
temperature and under low unidirectional stress [39, 47, 48].

Concerning creep loading at high temperatures, dislocations movement plays a major role in the plastic
deformation and the eventual creep failure [49]. Slowing down or even stopping mobile dislocations
helps increase the creep life. The high volume fraction and large number of y-phase cuboids in
superalloys prevent dislocation movements in the y-phase matrix [50], resulting in the formation of
dislocation networks along the /' interfaces. Different morphologies of the dislocation networks in
Ni-based single-crystal superalloys after creep testing at high temperatures have been observed [51,
52]. Figure 1.9 schematically illustrates these morphologies and their evolution. The first <110>
diamond shaped morphology, as illustrated in Figure 1.9(a) [53], consists of dislocations along the
<110> directions on the {001} y/Y' interfaces [52, 53]. This type of dislocation network is commonly
observed during the early stages of creep deformation, especially during the primary creep stage [54].
During subsequent creep deformation, dislocation networks are densifying and evolve into
intermediate polygonal shapes (e.g., hexagonal and octagonal) as depicted in Figure 1.9(b) [53].

Figure 1.9 shows that the cell size of the new <100> network is smaller than the original <110> network.
The <100> network is more compact and has a higher dislocation density. In this regard, the <100>
dislocation network is formed only during the later stages of creep deformation and is expected to
have a stronger effect in hindering creep, as observed by Zhang et al. [55]. Indeed, the same authors
have shown that increasing the magnitude of the y/y' lattice mismatch (i.e. having a more negative
lattice misfit) leads to a higher dislocation density in interfacial networks, hence protecting in a much
more efficient way from 7' shearing during creep at high temperature/low stress [54, 55]. This is
illustrated in Fig. 1.11, where a lower minimum creep rate is observed at 1100°C/137 MPa when the
v/ interfacial dislocation density is high.

(a)

[1-10]

Figure 1.9 - Schematics of the formation and evolution of different types of dislocation networks on the
{100} y/¥ interfaces of Ni-based superalloys during thermal exposure: (a) <110> diamond shaped
dislocation network; (b) intermediate polygonal dislocation network; (c) <100> square dislocation
network (after [53]).

Dislocation networks are formed under the influence of an applied load during creep testing [56, 57],
but also in the absence of any applied stress under pure thermal aging conditions at high temperatures
(T >950°C) [51, 58]. This is to relax the internal stresses resulting from the coherency of both phases,
meaning that local plastic activity occurs, even in the absence of a macroscopic applied stress. This
means that for ' high volume fraction Ni-based superalloys, strong internal stresses exist at the y/ Y
scale because of the lattice misfit between both phases.
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Figure 1.10 — Evolution of the minimum creep rate at 1100°C/137 MPa as a function of the /¥
interfacial dislocation density (i.e. the magnitude of the )/ lattice mismatch) (after [59]).

1.7.2 Deformation mechanisms of Ni-based superalloys at low, intermediate and high
temperatures.

Previous work [60] on the Ni-base single crystal superalloy PWA 1480 revealed that the deformation
dislocations substructures can be divided into three regimes. At low temperatures (below 700 °C), the
deformation is dominated by ¥ shearing by dislocations pairs. At high temperatures (above ~ 800-850
°C), plastic deformation is dominated by a Y by-passing mechanism. Intermediate temperatures exhibit
a transitional behavior. Subsequently, such behavior was also observed by Sajjadi et al. [61] in GTD-
111 and by Chu et al. [62] in the DS Ni-base superalloy DZ951. Furthermore, Tian et al. [63] investigated
the influence of temperature on the operative tensile deformation mechanism in a Co-rich Ni-based
polycrystalline superalloy and showed that, when temperature increases from room temperature (RT)
to 725 °C, the dominant deformation mechanism changes from APB (Anti-Phase Boundary) shearing
to stacking fault shearing, and then to microtwinning [64].

Figure 1.11 [64] shows the typical microstructures of the specimens after a small tensile strain (about
0.2% plastic strain) at room temperature, 400°C and 650°C in the DS Ni-based superalloy M4706.
Although the testing temperatures are different, all specimens exhibit similar deformation patterns.
As illustrated in Figure 1.11(a) and (c), many pairs of dislocations can be seen in the matrix channels
within the slip bands [60, 61, 65] and a high density of stacking faults is also observed, (Figure 1.11(a)
to (f)). This contradicts the results reported in [66, 67], where the authors showed that stacking fault
shearing rarely occurs at low temperatures. The formation processes of these faults have been
discussed in great detail in [68], explaining that it strongly depends on the stacking fault energy
required for y shearing (i.e. to the exact chemistry of the ¥ phase).
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Figure 1.11 - TEM bright-field images showing the formation of dislocations pairs in the slightly
deformed specimens of DS M4706 Ni-based superalloy at low temperatures: (a) and (d), RT, 0.23%
plastic strain; (b) and (e), 400°C, 0.26% plastic strain; (c) and (f) 650°C, 0.24% plastic strain (after [64]).

Concerning the cyclic behavior, for temperatures below 750°C, the cyclic deformation of Ni-based
superalloys is dominated by inhomogeneous slip and shearing of the precipitates on {111} slip planes.
Due to this shearing mechanism, the behavior of Ni-based superalloys is absolutely strain rate
independent at temperatures where the alloys strength derives from the matrix phase, which is
generally the case below 750°C. At low temperatures, Ni-base superalloys deformation is restricted to
slip along the {111} planes due to the limited amount of cross slip. A characteristic of low temperature
fatigue is the formation of slip bands, which accommodates the plastic deformation, the ultimate
spacing of which is an indication of the heterogeneity of the plastic deformation. However, increased
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plastic strain leads to more homogeneous deformation, a decreased slip band spacing and an increase
of the number of active slip systems [69, 70].

Deformation patterns observed at 700 and 750°C are almost identical to those observed at low
temperatures and stacking fault shearing also operates actively [64]. Many of the dislocation pairs are
strongly curved and surround the 7y precipitates (Figure 1.11(c) and (f)), more curved than at lower
temperature (Figure 1.11(a)). This configuration was also evidenced in the experiments of Benyoucef
et al. [71] and Grant et al. [72]. These observations suggest that the ordered Y precipitate possesses a
higher deformation resistance against shearing by dislocations when increasing the temperature from
room temperature to ~ 700-750°C, compared to the softer matrix (a result already widely known, see
[73]).

At temperatures in the 750-900°C range, thermally-assisted processes begin to become possible, so
that cross-slip of dislocations is feasible. Further, for superalloys tested at low strain ranges under
thermo-mechanical fatigue conditions, especially in out-of-phase mode, localized recrystallization
along slip bands developed at low temperature in a heavily deformed material can been observed. This
recrystallization process may lead to a non-crystallographic fracture of superalloys [74-76].

The formation mechanism of stacking faults created at high temperatures (T > 850°C) is similar to that
of the faults produced at low and intermediate temperatures. However, dislocations pairs and 7y
precipitates sheared by stacking faults are rarely visible within the matrix channels. Instead, individual
bowed dislocations and zigzag dislocations are more frequent at temperatures greater than 850°C, as
shown in Figure 1.12 [64]. These dislocation structures were also observed in DZ951 after tensile
deformation at 1000°C [62] and in the superalloy TMS-75 after creep deformation at 1100°C [55]. In
these references, authors pointed out that these configurations result from combined activation of
glide and climb of dislocations, as shown in Figure 1.12: apart from a few straight dislocations,
numerous strongly curved dislocations and wavy dislocations are visible. Furthermore, with respect to
the dislocation structures, the distribution of matrix dislocations is more homogeneous as compared
to those at low and intermediate temperatures (Figure 1.11). This is consistent with the results
reported by Takeuchi and Argon [77].
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Figure 1.12 - TEM BF images showing the typical microstructures of the specimens after a low
magnitude plastic deformation at 950 and 980°C: (a) and (b), 950°C, 0.25% plastic strain; (c) and (d),
980°C, 0.21% plastic strain (after [64]).

1.7.3 Change in morphology, size and volume fraction of the Yy precipitates due to
temperature exposure and/or applied stress (y directional coarsening)
Temperature or applied stress can affect significantly the microstructure of Ni-based DS and SX alloys,
changing morphology, size, and volume fraction of ¥ precipitates [78]. One example is Y directional
coarsening (the so-called y'-rafting) phenomenon, i.e. a modification of the microstructure of Ni-based
SX and DS superalloys observed under applied stress, above typically 850°C. It is characterized by a
change of the Y precipitate morphology from their initial cuboidal shape into “rafts”.

Y rafting was first studied by Tien and Copley in Udimet 700 alloy (see Figure 1.13) [79]. It was then
observed several times in many commercial Ni-based SX alloys after creep deformation at
temperatures and stresses relevant to service conditions of turbine blades [80-85]. Figure 1.14
illustrates the microstructure observed before and after a 24 h creep test at 1050°C/120 MPa on the
first generation MC2 alloy.

Some theoretical and experimental studies have shown that the lattice parameter misfit between y
and Yy phases and the sign of the applied stress are the two main parameters influencing the
morphological evolution of the ¥ precipitates [87]. For a superalloy with negative misfit (the majority
of commercial Ni-based SX and DS superalloys), “type N” is the ¥ rafting leading to a directional
coarsening perpendicular to loading direction during tension creep along the <001> crystallographic
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orientation, while “type P” corresponds to rafting parallel to the loading direction (observed during
compression creep). An example of an alloy with positive lattice misfit is illustrated in Figure 1.13.

Figure 1.13 - Microstructure evolutions in Udimet-700 which is an alloy with a positive lattice misfit: as-
heat-treated state (a); stress-free high temperature exposure resulting in  coarsening (b); tensile creep
exposure resulting in P-rafts (c) and compressive creep exposure resulting in N-rafts (d) (after [88]).

M. Kirka has recently shown that with the application of a compressive creep stress, the widening rate
of the y channels is reduced in comparison to tensile creep conditions for the same stress level in DS
CM247LC alloy [89]. This reduction can be attributed to the fact that the movement of dislocations
through the vertical channels occurs at a reduced rate compared to the horizontal channels [90, 91].
Kirka also investigated the effect of P-type or N-type ¥ rafting on the cyclic behavior as well as on the
LCF resistance of DS CM247LC along longitudinal direction at room temperature [89, 92]. More details
about these results are going to be presented in 1.8.
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Figure 1.14 - As-received (a) and type-N rafted (b) microstructures of MC2 alloy (/-phase in dark) (after
[93]). N-type rafting in (b) has been obtained after 24 hours in tension creep at 1050°C/120 MPa.

Another significant evolution in morphology, size, and volume fraction of ¥ precipitates is observed
after a long-term exposure at high temperature without applied load (e.g. 900°C in Figure 1.15 for a
DS alloy), involving a coarsening of the Y precipitation. In the specimen exposed for 5,000 hours,
tertiary ¥ precipitates dissolved and the secondary Y particles became larger and degenerated with
rounded corners, and wider matrix channels. The coarsening process of the secondary Y precipitation
and coalescence of smaller ¥ precipitates continues when thermal exposure was extended to 15,000
hours, increasing gradually up to 24,000 hours of thermal exposure.

As for the ¥ rafting phenomena, this change of morphology affects mechanical properties [78]. Creep
life at 980°C/200 MPa of the thermally exposed specimens is indeed remarkably reduced with the
extended thermal exposure. The elongation increased from 16 to 31% within 5,000 hours exposure,
and then decreased to 23% up to 24,000 hours, as illustrated in Figure 1.16. This is due to both
coarsening of the ¥ phase and precipitation of a continuous M»3Cs grain boundary layer. This causes
grain boundary embrittlement that becomes notch sensitive and prone to cracking.
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Figure 1.15 - ¢ morphology in DZ411 alloy as heat treated (a), after 5,000 hours (b), 9,000 hours (c),
15,000 hours (d), 20,000 hours (e) and 24,000 hours (f) of thermal exposure at 900°C (after [78]).
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Figure 1.16 — Impact of long-term thermal exposure on the creep properties at 980°C/220 MPa of DZ411
(adapted from [78]).

1.8  Mechanical behavior and durability anisotropy of directionally solidified
superalloys

1.8.1 Tensile properties
Ni-based SX and DS alloys are highly anisotropic materials, especially considering their elastic
properties. Figure 1.17 shows that the dynamic Young’s modulus for coarse grain DS MAR-M200
superalloy is greater for the polycrystalline cast alloy (a index in Figure 1.17), followed by the modulus
of the DS alloy along transverse direction (i.e. in a plane perpendicular to the solidification direction)
and the one along longitudinal direction (i.e. parallel to the solidification direction). Such differences
result from the almost isotropic transverse character of the elastic properties if one considers a perfect
<001> orientation for each columnar grain and an infinite number of secondary orientations. However,
if the order between these curves appears logical, the lack of precise information concerning the
sample of polycrystalline material does not permit us to understand easily the high level of Young's
modulus (curve a in Figure 1.17). One should considered the specimen’s size used for these elastic
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constant measurement relatively to the grain size as well as a possible crystalline texture than are
missing in reference [20].
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Figure 1.17 - Typical dynamic elastic moduli (Young’s modulus) for MAR-M200 superalloy, under the
polycrystalline cast form (a), along transverse direction (b) and along longitudinal direction (c) in a
coarse grain DS casting (after [20]).

Regarding the inelastic tensile properties, it is observed in Figure 1.18 that DS MAR-M200 performs
better along longitudinal direction compared to polycrystalline cast MAR-M200 in terms of ultimate
tensile stress (UTS), yield stress (YS) and elongation at failure in all the temperature range. The higher
elongation at low temperature also contributes to the higher UTS observed for DS MAR-M200 along
the longitudinal direction. Figure 1.18 shows also that tensile properties decrease rapidly beyond
about 815°C for all type of castings of this alloy. Alloy DZ951, which is also a DS Ni-based alloy, presents
a similar tensile behavior, as mentioned in Figure 1.19. UTS and YS are strongly decreasing for
temperatures greater than 800°C, while the elongation increases in parallel to the loss of mechanical
resistance. This drop in tensile properties above 800-850°C results from the progressive dissolution of
the strengthening y' phase. Microstructural changes affect directly mechanical properties as UTS and
YS and such a trend is not specific to DS alloys, but is observed for most Ni-based alloys strengthened
by a high volume fraction of Y particles.

As previously discussed in 1.7.3, M. Kirka [89, 92, 94] investigated the Y rafting consequences on
mechanical properties. Concerning tensile yielding along longitudinal orientation, a reduction of about
150 MPa was observed in yield stress at 0.2% plastic strain in the range room temperature - 800°C
after a prior N-type rafting, showing that a microstructure coarsening is detrimental to tensile
properties involving Y particles shearing. Indeed, when tensile properties at 950°C are considered, no
more difference in yielding is observed between rafted and virgin microstructures since deformation
mechanisms are mainly restricted to the y matrix at this temperature.
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Figure 1.18 - Typical tensile properties of MAR-M200 superalloy for polycrystalline cast and DS coarse
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Figure 1.19 — Evolution of tensile properties as a function of temperature for DZ951 alloy (after [62]).

UTS and YS properties along longitudinal direction have also been evaluated as a function of the
hafnium content in DS MAR-M200 alloy, as shown in Table 1.2 [24]. Hafnium addition presents a
positive effect on these properties, increasing the mechanical resistance of this alloy at temperatures
of interest for this study (650°C up to 950°C). However, this effect is not always positive, taking in
consideration the strain at failure (o in Table 1.2), because hafnium-rich carbides oxidize at grain
boundaries, causing premature crack initiation and a possible loss of high temperature ductility. It is
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then necessary to optimize hafnium content to achieve the desired mechanical properties for a given
application. The exact role of hafnium in mechanical durability of DS MAR-M200 will be one of the
specific issues investigated in this PhD work. A special attention will be paid to the environmental
resistance of the alloy and how hafnium-rich carbides oxidize.

N o s Hf-free alloy Mf-containing alloy
sempercat . .
pecature 0.29Y.5. U.T.§ & ¥ 0.21Y.5 U.T.5 & ¥
°c Condttion M- T He T.
(MPa) (MPa) (%) (%) (MPa) (NPa) ) %)
11 1007 1115 5.85 1 1026 1217 5.63
R. T. BIAY 1 1001 1197 1 1091 1284
1 989 1238 10.8  13.5 1 1106 12%6 8.4 9.6
650 BIAM 1 927 1M19 1.1 11 977 1173 8.7
1 1030 1109 6.5 111 1078 121 11,2
%0 Bran ! 967 1203 8.8 140 1 1091 1317 7.0 10.0
1 99 1227 2.2 14.5 1 1106 1332 2.2 10.6
ONERA ! 886 1107 6.2 2. ! 920 1118 4.7 8.7
950 BIAM 1 Y $59  16.1 11 555 641 22.5

Table 1.2 - Tensile properties of DS200 and DS200+Hf (with 1.78 wt. pct of hafnium) alloys (adapted
from [24]).

1.8.2 Creep properties

Creep behavior of DS MAR-M200 alloy was investigated in previous studies, and compared to the
polycrystalline version of the alloy (Figure 1.20, Figure 1.21 and Table 1.3). Longitudinally oriented
coarse grain specimens have a better creep resistance than polycrystalline ones (ratio in creep life of
around 2), and this behavior is even improved when the alloy is solution heat treated. However,
according to Figure 1.21, the single crystalline version of the alloy presents a better creep life when
compared to DS specimen loaded along longitudinal direction, with an improvement of nearly 20%.
The creep strength improvement concerning DS or SX version of MAR-M200 mainly results from the
spectacular improvement in creep ductility compared to the polycrystalline version of the alloy (a
factor of nearly 5 in creep strain at failure between SX/DS castings and the conventionally cast alloy
(Figure 1.21). However, in this creep condition, the early stages of creep are not significantly affected
by the casting type (i.e. all curves are nearly superimposed during the first 20 hours of creep straining
in Figure 1.21), the minimum creep rate reported in Table 1.3 confirms this point. According to this
Table, it seems that casting type mainly affect the low temperature/high stress minimum creep rate.
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Figure 1.20 - Typical stress for 100 h rupture life of coarse grain DS MAR-MZ200 superalloy along
longitudinal direction and polycrystalline MAR-MZ200 and Udimet™ 700 cast alloys (after [20]).

1400 °F/100 ksi 1600 °F/50 ksi 1800 °F/30 ksi
Rupture Elongation, Min creep rate, Rupture Elongation, Min creep rate, Rupture Elongation, Min creep rate,
life, h % in/in/h life, h % in/in/h life, h % in./fin/h
Polycrystalline 4.9 0.45 70.0 X 107° 2459 2.2 34 X 107° 35.6 2.6 23.8 X 107*
Columnar grain  366.0 12.6 14.5 X 10 280.0 35.8 7.7 X 107° 67.0 23.6 25.6 X 107°
Single crystal 1914.0 14.5 22 % 107° 848.0 18.1 1.4 X 107° 107.0 23.6 16.1 X 107*

Table 1.3 - Creep properties at 760°C/690 MPa, 871°C/345 MPa and 982°C/207 MPa of polycrystalline
MAR-M200 alloy compared to its <001> single crystalline and longitudinal DS counterparts (after [20]).
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Figure 1.21 - Creep behavior at 982°C/207 MPa of polycrystalline MAR-M200 (PC) compared with single
crystalline MAR-M200 along the <001> orientation (SCDS) and DS MAR-M200 along longitudinal
direction (CGDS) (after [20]).

As for tensile properties, creep properties of MAR-M200 with and without addition of hafnium were
investigated and some results are presented in Table 1.4. Creep life is increased by a factor of almost
5 at 760°C adding nearly 1.8 wt. % hafnium. This spectacular increase in creep life during longitudinal
creep testing of DS MAR-M200 + Hf alloy mainly results from a better resistance of grain boundaries
due to hafnium additions [21], an effect that still remains to be fully understood. The difference in
creep life with and without hafnium is, however, less pronounced at higher temperatures (factor of
only 1.7 at 1050°C). This difference in creep resistance when increasing the temperature results from
changes in the creep damage mechanisms controlling time to failure. A special focus will be paid in
chapter 4 to creep damage mechanisms, by developing specific experimental procedures to track
creep crack initiation and the first stages of propagation.

Very few studies investigated the mechanical properties of DS alloys along transverse directions and
the effect of the grain size on these properties. However, several investigations have been performed
on the creep anisotropy of SX Ni-based superalloys, as shown in Figure 1.22 and Figure 1.23. This is
indeed useful to understand the creep behavior along transverse direction of DS alloys, since this type
of casting can be seen as a collection of vertical nearly <001> grains, with random secondary
orientations. Hence, when characterizing transverse creep properties of DS alloys, orientations ranging
from <100> up to a <110> can be met along the loading direction, considering an almost perfect <001>
texture for these columnar grains.

According to Figure 1.22 and Figure 1.23 showing the creep behavior at 760°C/689.5 MPa (100 ksi),
871°C/345 MPa (50 ksi) and 962°C/207 MPa (30 ksi), SX specimens oriented close to [001] direction
present a better creep strength, followed by specimens oriented close to [111] crystallographic
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orientation. Samples oriented close to [011] orientation have a poor creep life for all tested conditions,
allowing to conclude that transversally loaded DS MAR-M200 may also present a poor mechanical
behavior since <110> oriented grains come into play in test along transverse directions.

Test Condltlions Ki-free alloy HE-containing alloy
Tenperature Stress Time for Rupture Elongation Tine for Rupture
°c (MPa)  H.T. 1% creep  life BT 12 creep lite
(h) (h) (%) (h) (h

Elongation

160 7% I 1 181 8.6 1 ) 1300
850 450 It 45 197 19.6 11 162 b Y3
950 200 141 125 p311 6.8 625
1050 100 I1 104 173 13.6 254

Table 1.4 - Creep properties of DS200 alloy and DS200+Hf (1.78 wit. pct of hafnium) alloy (adapted from
[24]).

This effect is clear in Figure 1.23, which compares the creep behavior of several MAR-M200 SX
specimens at 760°C/689.5 MPa. Sample 18, oriented close to [011], presents only about 5 hours of
creep life, compared to 1050 and 1950 hours for samples 16 and 4 respectively. This poor creep
resistance results from the absence of strain hardening in creep (i.e. no transition from primary to a
secondary creep stage is observed in the creep curve of specimen 18 in Figure 1.23).

Similar results were obtained by Kear and Piearcey using MAR-M200 alloy [13], however, at 982°C, the
crystallographic orientations exerted much less influence on the stress rupture life. These results are
summarized in Figure 1.24. This study demonstrated that at lower stress levels and higher testing
temperatures, the dependence on orientation is less pronounced because multiple slips occurs
typically for temperatures higher than 850°C (see sub-section 1.7.2).

Rebecca MacKay and co-workers have analyzed the anisotropy in creep resistance over a wide
temperature range using MAR-M247 single crystals (see Figure 1.24(b)) [95], and they have compared
their results with data extracted from Kear and Piearcey [13] for MAR-M200. In a Larson-Miller plot, it
is observed that the best creep properties are obtained along the [111] while the [001] orientation has
an intermediate creep life under all tested conditions. This result is in contradiction with the creep
behavior shown in the previous figures (i.e. Figure 1.22 and Figure 1.23), where [001] oriented
specimens were the most resistant, whatever the creep condition. As a striking result from Figure 1.24
(b), itis observed that creep life anisotropy increases as temperature decreases. Such a result has been
widely observed for several Ni-based SX superalloys [68, 96].
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Figure 1.22 - Orientation dependence of the creep behavior of single crystalline MAR-M200 at
760°C/689.5 MPa (100 ksi), 871°C/345 MPa (50 ksi) and 962°C/207 MPa (30 ksi) (adapted from [20]).

As mentioned previously, very little information on transverse creep properties is available for DS
alloys. Figure 1.25 shows a comparison between transverse and longitudinal creep lives of DZ125 (a
Chinese DS alloy whose chemical composition is very close to René 125 at different temperatures) [97].
For this alloy, the variation of rupture life according to orientation is less marked when temperature
increases, in good agreement with single crystalline specimens.

For DS alloys, microstructural changes inside crystals have to be taken account when mechanical
properties are evaluated, such as the y-rafting and volume fraction of ¥ precipitates. It is widely known
[2, 98] that increasing the Y content improves the high temperature isothermal creep properties. Y
rafting generally results in a decrease of the mechanical properties, such as the reduction of yield stress
at low temperatures [99], as discussed above (1.7.3 and 1.8.1). However the impact of y rafting on the
creep properties remains a controversial issue [100].

Some authors assumed that Y rafting is beneficial to the isothermal creep properties at high
temperature/low stress by building very efficient obstacles to dislocation motion in the y matrix [101-
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103]. Itis also reported that in these testing conditions, the steady-state creep rate is controlled mainly
by dynamic recovery of the matrix dislocations involving y-rafts pairwise cutting by a combined

glide/climb process [104-107]. More precisely, the steady state creep rate was reported to be limited
by the viscous motion of the climbing dislocations.
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Figure 1.23 - Creep behavior of MAR-M200 single crystalline specimens with loading axis close to the
[001], [011] and [111] directions. Creep testing at 760°C/689.5 MPa (after [20]).
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Figure 1.24 - Stress rupture lives as a function of orientation for MAR-MZ200 single crystals at 760°C and
689 MPa (after [13]) (a) and Larson-Miller diagram showing the anisotropy in creep life of MAR-M200

and MAR-M247 (after [95]) (b).
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Figure 1.25 - Creep life evolution as a function of the applied stress of for DZ125 alloy at 760°C (a),
850°C (b), 900°C (c) and 980°C (d) (after [97]). Note that L-direction and T-direction correspond to the
longitudinal and the transverse direction, respectively.

However, some recent studies have proved that at high temperatures, ¥ rafting is detrimental to non-
isothermal creep properties [108-110]. Milhet et al [109] have indeed shown that the minimum creep
rate, known to be related to matrix dislocations recovery by y-cutting, seems to be very dependent on
the backstress due to dislocations deposited at the y/Y interfaces in the course of the deformation
process.

Another group has shown that ¥ rafting could be beneficial to isothermal creep properties in a DS Ni-
based superalloy [111]. The results indicated that a higher cooling rate during the solution heat
treatment led to finer ¥ precipitates and improved high-temperature creep life. The microstructural
analyses using both scanning electron microscopy and transmission electron microscopy revealed that
finer v precipitates and narrower y channel width could result in a denser rafting structure, which
might have hindered the climb of dislocations across the precipitate rafts. A similar interpretation was
also proposed recently by Steuer et al. regarding high temperature isothermal and thermal cycling
creep properties [110].

Regarding the effect of the Y volume fraction, improvement of the high temperature isothermal creep
properties by increasing the Y’ content is clearly observed in Figure 1.27, where the creep life is peaking
for a ¥ fraction of nearly 60-70% in different alloys (either SX or polycrystalline Ni-based alloys). A
similar result is also obtained under closer-to-reality conditions (flight conditions of thermomechanical
fatigue). Indeed, according to J. Cormier [112], an improved durability has been observed during high
temperature thermal cyclic creep with large Y contents (see Figure 1.27). The average number of cycles
to failure is just 2 for a ¥ content of ~ 15% at 1160°C (the case of MAR-M200+Hf SX alloy), while it
reaches 319 for a remaining ¥ content of ~ 56% at 1160°C (case of CMSX-10K alloy). The increase in
creep resistance is especially effective for ¥ volume fractions greater than 45-50% at 1160°C.
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All these results [112] are in good agreement with past papers where microstructural factors
contributing to the very high (T > 1100°C) temperature creep resistance of Ni-based single crystal
superalloys are analysed. They show that, under such conditions, the remaining Yy fraction is the main
parameter controlling creep life [98, 103, 113]. Indeed, a high ¥ content at high temperature
effectively prevents the dislocation motion to occur by increasing both Orowan stress [87, 110] and

the number of y/Y interfaces, hence lowering the dislocation climb velocity [100].
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Figure 1.26 - Evolution of the high temperature creep life as a function of the ¥ volume fraction under
different conditions for TMS 75 and Inconel 713C alloys (adapted from [113])
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In summary, the [001] crystallographic direction for SX castings or the longitudinal direction for DS
castings always presents a better rupture life in creep compared to other directions, whatever the
temperature range. The decrease in creep (and tensile) anisotropy at high temperature results from
the fast degradation of the well-organized cuboidal y/y microstructure for both types of castings, a
microstructure specifically developed during heat treatments (solution and aging heat treatments) to
optimize mechanical properties at low temperatures [11]. The ¥ directional coarsening (see section
1.7.3) induces wider y channels and easier plastic flow within the matrix and allows a much more
homogeneous plastic deformation in the volume and then, a decrease of the creep life anisotropy for
DS and SX Ni-based superalloys. However, oxidation may also affect crack initiation and subsequent
propagation stages, a process that could also contribute, at least partly, to the creep life anisotropy.
We will then try to elucidate oxidation contribution to the creep life anisotropy.

1.8.3 Fatigue properties
The development of DS alloys was not only motivated by the improvement of the creep resistance as
seen in the previous section, but also by the need to obtain a better fatigue resistance by means of the
crystallographic texture and grain boundary orientation. An example of thermal fatigue life
improvement with DS alloys is shown in Figure 1.28 for René 80 and René 150 [114].
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DS 4}
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100 1000 10,000
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Figure 1.28 - Comparative thermal fatigue resistance of equiaxed and DS superalloys (adapted from

[114]).

Similarly to creep properties, DS Ni-based superalloys also exhibit an intermediate LCF and thermo-
mechanical fatigue resistance between these of their equivalent polycrystalline and single crystalline
alloys, as shown in Figure 1.29.

Regarding the anisotropy in fatigue properties of DS alloys, an extensive study has been performed by
Wright and Anderson [114]. They have investigated the effect of the loading direction during strain-
controlled LCF of DS René 120 at 650°C and 982°C (Figure 1.30). Most of the data for the various
orientations fall into one master curve at each temperature if the maximum tensile stress met after
cyclic stabilization is plotted as a function of the number of cycles to failure. A detailed analysis of such
data indicates a link between LCF anisotropy and the variation in Young’s modulus, as shown in Figure
1.31.

Indeed, during strain-controlled LCF tests, a higher Young’s modulus (i.e. a deviation of the loading axis
from the main solidification direction) leads to a higher maximum tensile stress and hence, to faster
crack initiation from internal defects or from the surface. The only exception to this trend was for
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982°C, where the 90° (i.e. transverse loading) data fall significantly below the 0° to 45° oriented
specimen data band. Fractographic analyses clarified this result.
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Figure 1.29 - Comparison of the thermo-mechanical fatigue lives of single crystal, polycrystalline and
directional solidified cast nickel-based superalloys (longitudinal loading) (after [20]).

Indeed, at 650°C, cracks initiate from defects such as casting pores or carbides clusters (also observed
in another study by Chieragatti and Rémy [115], see Figure 1.32). Surface crack initiation is then
observed, due to the contribution of oxidation. The rupture mode at this temperature is transgranular
for 0° to 45° orientations and intergranular for specimens oriented at 90° of the loading direction. The
intergranular cracking mode, induced and/or favored by oxidation, was also observed for equiaxed
specimens of the same chemical composition as DS René 120. Hence, as shown in Figure 1.30, equiaxed
and DS specimens loaded along transverse direction exhibit the same fatigue resistance at 982°C.

All these LCF results for DS René 120 are in good agreement with recent ones obtained for the AM1
first generation SX alloy by Steuer et al. [31]. Indeed, fractographic observations revealed that cracks
initiate from defects (i.e. casting pores in that case) at low temperature (750°C), whatever their size,
while surface crack initiation from oxidized layers was observed at higher temperature (950°C). Typical
crack initiation sites in broken AM1 LCF specimens at 750°C are shown in Figure 1.33. From the
previous figures, it is hence clearly illustrated that at low temperature, in the absence of a huge
contribution of oxidation, crack initiation is mainly controlled by the size and position of casting
defects, i.e., by the solidification process parameters. In the case of MAR-M200 SX alloy, it can also be
controlled by the chemistry of the alloy, since carbides have been shown to be detrimental to the LCF
properties at 650°C.

Figure 1.34 indeed shows that a carbide free version of MAR-M200 SX alloy presents a better LCF life
at room temperature compared to a version containing carbides. This results from a much more
homogeneous distribution of plastic activity within the gage length of the specimens, resulting in a
decrease in the number of stress concentrators.
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Figure 1.31 — Effect of Young’s modulus variation on peak stresses during strain-controlled LCF tests
(after [114]).
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Figure 1.32 — Crack initiation site at a sub-surface casting pore in a MAR-M200 [213] oriented SX
specimen tested at 650°C (after [115]).

//

- ‘q
©
o ;
= 6!
3 ¥ |
w0 ) &
© X

i
©
o
=
o
w
N~
Bridgman 100 um LMC

Figure 1.33 - Typical LCF crack initiation sites at 750°C in AM1 Ni-based SX alloy casted using different
techniques leading to different pore sizes. Cracks initiated at internal and/or sub-surface casting pores

(after [31]).
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Figure 1.34 - Comparison of fatigue strength of <001> MAR-M200 SX alloy with (curve A) and without
carbides (curve B) (after [18]). Surface observations of the specimens’ gage length presented in this
figure highlight a more homogeneous slip activity without carbides and almost no stress concentration
like in the version of the alloy containing carbides.

Another study from Chieragatti and Rémy concerned consistent results for MAR-M200 SX alloy tested
along the [001] crystallographic direction at 650°C [115]. It shows that, for large plastic strain ranges,
crack nucleation occurs almost immediately and small cracks are visible on the gage surface of the
specimens within the first cycles of the expected life. In their case, cracks have been observed to
nucleate from primary MC carbides or from casting pores. The typical evolution of the surface crack
length as a function of the number of cycles is shown in Figure 1.35 for a [001] specimen,
demonstrating that the total life is mainly controlled by the crack propagation rate.
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Figure 1.35 - Variation in the surface crack length as a function of the number of cycles for a short-life
~ [001] SX MAR-M200 specimen tested in LCF at 650°C (after [115]).
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In agreement with Chieragatti and Rémy [115], Gell and Leverant have shown that the main damage
mechanism during isothermal LCF of a carbon containing MAR-M200 single crystal superalloy in the
20-800°C temperature range is the linking of cracks emanating from debonded carbides [116, 117]. In
comparison, for a low carbon content version of the same alloy, the LCF life is controlled by a single
crack initiation site from a casting pores, for frequencies ranging from 0.033 Hz up to nearly 1 kHz
[118]. The more detrimental impact of MC carbides compared to casting pores, as already shown in
Figure 1.34, results from the expected thermal strain mismatch between the bulk y/y superalloy and
the MC/M;Ce carbides at low temperature after solidification and further heat treatments. It is indeed
estimated to be about 0.5%-1.0% at room temperature, so that large compressive strains develop in
the material surrounding the carbides [119, 120], thus favoring crack initiation.

The effect of hafnium on the DS version of MAR-M200 has also been investigated in LCF. It improves
significantly the strain-controlled LCF resistance at 760°C/R. = -1/f = 0.33 Hz [24]. The addition of 1.78
wt. % hafnium leads to an LCF improvement of nearly one order of magnitude. According to Yunrong
et al. [24], this results from a more uniform deformation pattern with hafnium addition (see Figure
1.36), that decreases cracks density (Table 1.5). The reasons behind this more uniform dislocations
activity has not been clearly identified by the authors. It may results either from a more homogeneous
distribution of stress concentrators (i.e. primary MC carbides) and/or, from an impact of the hafnium
element on v solid solution strengthening and/or ¥ stacking fault energy.

Figure 1.36 - Dislocation structure in MAR-M200 (a) and in MAR-M200+1.78 wt. pct Hf (b) tested in LCF
760°C/R:=-1/f = 0.33Hz/A& = 1.2% (after [24]).

Specimen Cycle Density of Length of Average
Alloy No. Nf Result Cracks Cracks Length
N/mm? L(mm/mm?) L(mm)
Mar-M 4T 21 unruptured 2.30 0.12 0.0534
200 6B 57 ruptured 3.89 0.22 0.0561
Mar-M 3T 203 unruptured 0 0 0
200+Hf 3B 315 ruptured 0.07 0.0064 0.0875

Table 1.5 - Strain-controlled LCF results at 760°C/R. = -1/f = 0.33Hz/A& = 1.4% [24]

During high temperature fatigue testing (T > 850°C) of Ni-based DS and SX alloys at low frequencies,
one has to consider the contribution of creep to the bulk y/y microstructure degradation and overall
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fatigue life. No specific attention will be paid here to the effect of oxidation to the fatigue life since a
specific sub-section devoted to the role of oxidation on the crack initiation and crack propagation
mechanisms will be introduced later in this chapter.

M. Kirka [89] studied the effect of a strain hold at peak temperature on the thermo-mechanical cyclic
behavior of DS CM247-LC Ni-based alloy. For this purpose, he introduced a 20 minutes strain hold at
850°C. A comparison of the TMF cyclic behavior with and without dwell is shown in Figure 1.37. The
introduction of a dwell period resulted in a twice (or greater) reduction in fatigue life. This life reduction
has been attributed to the rapid debonding of carbides and fatigue crack nucleation in the surrounding
matrix due to the accumulation of voids. Moreover, a faster degradation of the y/y microstructure,
under the form of P-type rafting, has been observed.

It is known that rafting perpendicular to the load axis significantly reduces LCF life [32, 121]. Ott and
Mughabi [121] found that the degradation in tension creep of CMSX-4 and CMSX-6 alloys at 1050°C
and 1100°C reduces their LCF life at 950°C and 1050°C by a factor of about 2. In another study, Epishin
et al. performed LCF tests using specimens degraded in tension creep at 1100°C and 1050°C under 90
MPa for different times, and then tested in LCF at 700°C, Ae=1.25%, & =6%/min, R.=-1 [32] (Figure
1.38). Just after N-type rafting, the LCF life at 700°C decreases by a factor of nearly 8 due to the fast
propagation of fatigue cracks along the extended incoherent y/y-interfaces of the y rafts, as shown in
Figure 1.39. It has indeed been shown by Mughrabi et al. that, since crack propagation dominated, the
LCF life at high temperature (T > 850°C) after N-type pre-rafting is greatly reduced in comparison to a
virgin cuboidal microstructure [121-124]. Under these LCF conditions, P-type rafting is observed to
increase the LCF life, by favoring a multiple-deviated crack path.
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Figure 1.37 - Effect of a 20 minutes strain hold on at mean stress maximum temperature out-of-phase
on TMF behavior of DS CM247LC alloy/ T=100-850°C tested along longitudinal direction (after [89]).
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Figure 1.38 - Effect of the prior /¥ degradation in tension creep on LCF life of CMSX-4 at 700°C,
A&=1.25%, ¢ =6%/min, R=-1 (after [32]).

Figure 1.39 - Crack propagation along /¥ interfaces in LCF at 700°C, Ag=1.25%, § =6%/min, R=-1 in
N-type pre-rafted CMSX-4 SX alloy (after [32]).

A similar trend has been observed by M. Kirka [89]. He concluded that the N-rafted microstructure
exhibit a 50% reduction in fatigue life compared to the virgin microstructure under cyclic conditions at
850 and 950°C. These life reductions are consistent with reported results for other Ni-base superalloys
with tensile pre-creep treatments.

In this same work [89], thermo-mechanical fatigue (T = 100-950°C) results indicate that primary failure
of the P-rafted material is indeed associated with a single fatal fatigue crack originating from an
oxidation spike along the interdendritic-dendritic boundary similar to the one shown in Figure 1.40.
For N-type rafted microstructures, crack propagation can be decomposed into two main stages for a
DS superalloy: crack initiation from a debonded carbide under LCF conditions (Figure 1.41), eventually
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controlled/accelerated by oxidation; and then, a rapid fatigue crack propagation along the high
dislocation density channels perpendicular to the applied load, leading generally to a very flat fracture.
Similar findings have been reported in GTD-111 and CMSX-4 amongst other Ni-base superalloys [32,
94, 125].

Figure 1.40 - Crack propagation throuh an oxidation spike penetrating into an interdendritic region
within the P-type rafted microstructure in out-of-phase thermo-mechanical fatigue (AT = 100-
950°C/A&mech = 0.8 %) (after [89]).

, : | < 20um
Figure 1.41 - Debonded carbid in the N-type rafted microstructure serving as a crack initiation site in
in-phase thermo-mechanical fatigue (AT = 100-850°C/A&mech = 1.1 %) (after [89]).

Since most of the fatigue tests in the present PhD work will be performed under load control mode,
it will be investigated in greater details if crack initiation at low temperature is still controlled by the
defect size and position, since no effect of the Young’s modulus will deserve to be considered.
Moreover, the contribution of oxidation at high temperature (i.e. 900°C) will be of special focus to
understand the failure mode along different orientations. Special attention will be paid to evaluate
the contributions of crack initiation and crack propagation to the total LCF life. Finally, due to the
very limited number of such tests in the literature, creep-fatigue interaction will be investigated by
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performing dwell-fatigue tests under load control at 900°C (or cyclic creep tests) with various dwell-
time at maximum load.

1.8.4 Crack propagation behavior
In order to characterize creep-fatigue crack growth in a Ni-based DS superalloy, D. Kobayashi and co-
workers [126] have carried out an investigation combining creep, fatigue and dwell-fatigue tests using
notched specimens and electron backscattered diffraction (EBSD) characterizations. This study shows
that the local average misorientation (compared to the initial undeformed state) in the vicinity of
notches increases linearly with creep strain up to the initiation of cracks under pure creep or creep—
fatigue conditions (see Figure 1.42).

However, in pure fatigue, cracks are growing without any indication of lattice rotation in the vicinity of
the crack tip (Figure 1.43). The hold time at maximum applied stress clearly influences the behavior of
creep and creep—fatigue cracks and the appearance of misorientation development. However, these
authors have shown that the relationship between the average misorientation and the relative notch
opening displacement was independent of the testing conditions such as temperature, stress and
stress waveform. This study clearly suggests that the crack initiation mechanism under viscoplastic
conditions results from local lattice rotation.

Figure 1.42 — lllustration of the grain rotation close to the main crack at different fractions of the creep
life of the MIGA 1400 DS alloy loaded at 880°C/294 Mpa (Creep life tf = 156.8 h): ti/tf=0 (a); ti/tf=0.45
(b); ti/tf=0.73 (c); ti/tf=0.99 (d); Inverse Pole Figure map at ti/tf=0.99 (e) (after [126]).
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2 Creep - Creep-fatigue Fatigue

Figure 1.43 - Schematic illustration of misorientation development until accelerated creep region in
creep (a), in creep—fatigue (b) and pure fatigue (c) (after [126]).

The influence of temperature on fatigue crack growth (FCG) in DS superalloys has been investigated
since the end of the 70s, especially at NASA concerning MAR-M200 DS alloy [118]. The material
presents crystallographic fracture at low temperature and high frequency and, mode | fracture at high
temperature and low frequency. The same failure modes at different temperatures have been
sequentially observed by other researchers [127-129].

J. S. Crompton also shows that the dependence on crystallography of the crack growth increases for
MAR-M200 single crystalline specimens when temperature decreases [130]. At room temperature,
crack advance takes place by shear associated with the {111} slip planes. At elevated temperature
(650°C and 850°C), however, crack growth occurs on {100} type planes. A detailed analysis has shown
that plastic deformation is confined in the matrix, and crack propagation within the matrix is associated
with striations. Due to the increased strength of the ¥ precipitates for high temperature, the crack is
forced to remain in the matrix thus propagate on {100} planes between the cuboidal ¥ precipitates.
More recently, Gordon [123] attributed this change in crack propagation to the microstructural change
at the precipitate scale (Y coarsening) and the induced degradation of the mechanical properties. It is
also worth mentioning that the crack propagation at high temperature is largely affected by oxidation,
both in terms of crack propagation rate and propagation type. This will be examined in greater details
in a subsequent section devoted to the environmental impact on mechanical properties.

A recent study from He and co-workers attempted to investigate the anisotropy in crack propagation
rate in a DS Ni-based superalloy, by machining CT (i.e. Compact Tension) specimens with different
directions of pre-notches (see Figure 1.34) with respect to the solidification direction of the alloy [131].
These authors have shown that cracks in all three orientations exhibit a similar propagating behavior,
while the temperature shows a significant effect on the crack propagation regardless of the influence
of orientation, especially close to the stress intensity factor threshold. A higher temperature leads to
a faster fatigue crack growth (FCG) rate in the initial stage due to the cyclic response of materials.
However, the FCG rates at low temperatures increase rapidly and exceed those observed at high
temperature in the following stage. This is attributed to the crack closure effect induced by oxidation
at higher temperature.

Up to now, there is still no general agreement about the orientation dependence of the crack growth
properties for Ni-based superalloys. In fact, crystallography dependence is proven for some
temperature ranges. K. Chan et al. show that the FCG rate of MAR-M200 single crystals at 982°C is
independent of the crystallographic orientation [129]. Another study about the FCG response of SRR99
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Ni-based SX alloy found that it depends on the frequency, temperature and crystallographic
orientation of the specimen at 650 and 850°C [132]. Orientations that do not contain slip directions
normal to the crack front and/or slip planes passing through the crack front did not necessarily form
ridges, due to shear accommodation on “cuboidal” cross-slip systems. At 650°C, those orientations
accommodate crack tip shear by slip on primary (octahedral) slip planes that are nearly parallel to the
crack front, providing the best FCG resistance, whilst at 850°C, the best FCG response was found for
the orientations that have developed large scale ridges as a result of out-of-plane cuboidal slip activity.

In this work, a few crack propagation tests will be performed, to better characterize the crack
initiation fatigue life, after having characterized the total LCF life.
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Figure 1.44 - Fatigue crack growth curves of TL (a), LT (b), and D (c) specimens at different temperatures
(see schematic illustrations showing the solidification direction for each specimen) (Adapted from

[131]).
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Figure 1.45 - Crack deflection and branching during fatigue crack propagation at room temperature
ob