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verticalement sur des substrats Si. L'oxydation de CoFe2 est réalisée in situ lors du dépôt par pulvérisation cathodique de BSTO et BTO. Les réseaux de nanopilliers CoFe2 sont obtenus par électrodéposition dans des structures nanoporeuses en alumine anodisée qui sont ensuite dissoutes. La dernière architecture proposée est obtenue en combinant l'électrodéposition des nanofils CoFe2 dans des membranes polymères poreuses, et le procédé sol-gel. Les nanostructures PZT-CFO sont préparées par imprégnation sol-gel de couches épaisses PZT dans des réseaux de nanofils CoFe2 et leur oxydation simultanée au cours de la cristallisation des couches PZT.

Une attention particulière a été accordée aux effets d'interfaces par le biais des études microstructurales et morphologiques des nanocomposites (XRD, HRSEM, TEM et EDX). Les caractérisations magnétiques, diélectriques, ferroélectriques et magnétoélectriques ont permis d'évaluer les performances des différents nanocomposites élaborés.

Titre : Nouvelles approches pour le design de composites multiferroïques nanostructurés de type (1-3) Résumé : Les matériaux multiferroïques sont des matériaux multifonctionnels qui possèdent simultanément des propriétés magnétiques et ferroélectriques. Les perspectives d'applications sont ainsi très nombreuses dans les domaines de l'électronique (mémoires, dispositifs spintroniques et hyperfréquences). Le nombre restreint de matériaux multiferroïques monophasés a conduit au développement de nanostructures multiferroïques artificielles constituées d'oxydes ferroélectriques et ferrimagnétiques. Ce travail de thèse est axé sur l'effet magnétoélectrique (ME), obtenu pour de telles hétérostructures via la contrainte, qui permet de manipuler la polarisation spontanée ou l'aimantation par l'application d'un champ magnétique (effet ME direct) et d'un champ électrique (effet ME converse) respectivement. Les effets ME peuvent être observés à température ambiante grâce aux effets d'interfaces et de contraintes dans les nanocomposites multiferroïques. La combinaison de matériaux piézoélectriques PbZr0.52Ti0.48O3 (PZT), Ba0.7Sr0.3TiO3 (BSTO), BaTiO3 (BTO) et de matériaux magnétostrictifs CoFe2O4 (CFO) a été largement exploitée pour l'élaboration de nanocomposites multiferroïques. Les travaux issus de la littérature montrent l'existence d'un fort couplage magnétoélectrique à température ambiante dans des films minces épitaxiés (systèmes de connectivité 2-2), mais un verrou est l'effet de « bride » (clamping effect) induit par le substrat. La conception d'architectures innovantes est un défi dans le domaine des nanocomposites multiferroïques. Ce travail est axé sur les composites de type (1-3) au sein desquelles des nanostructures ferrimagnétiques CoFe2O4 unidimensionnelles (1) sont incorporées dans des couches tridimensionnelles PZT, BTO et BSTO (3).

De nouvelles approches ont été envisagées pour concevoir trois types de matériaux: i) des réseaux de nanofils CFO unidirectionnels entourés de nanotubes PZT imprégnés dans des membranes d'alumine; ii) des nanopilliers CFO incorporés dans des couches minces de BTO, BSTO et PZT; ii) des réseaux de nanofils CFO interconnectés 3-D intégrés dans une matrice PZT. Nos principaux objectifs visent i) la maîtrise de l'étape d'oxydation des nanofils et des nanopilliers métalliques CoFe2 afin de contrôler la morphologie et la densité des nanostructures CFO, ii) le contrôle des caractéristiques diélectriques des nanocomposites, iii) l'augmentation du couplage magnétoélectrique en optimisant la densité d'interfaces entre les deux phases ferroïques.

La première architecture développée est un dépôt par imprégnation sol-gel de nanotubes PZT dans des membranes d'alumine poreuses autosupportées, suivie d'une électrodéposition des nanofils CoFe2 dans les nanotubes PZT et de leur oxydation par traitement thermique. La deuxième architecture repose sur un dépôt par pulvérisation cathodique magnétron en radiofréquence de couches BSTO et BTO et sur un dépôt par sol-gel de couches PZT, sur des réseaux de nanopilliers CoFe2 et CoFe2O4 alignés Les matériaux multiferroïques ont attiré une attention considérable en raison de la possibilité d'un couplage magnétoélectrique (ME) reliant la polarisation ferroélectrique et l'aimantation (Eerenstein et al., 2006;[START_REF] Fiebig | Revival of the magnetoelectric effect[END_REF]Cheong & Mostovoy, 2006;Ramesh & Spaldin, 2007;Nan et al., 2008). ). La polarisation spontanée et l'aimantation peuvent ainsi être contrôlées respectivement par l'application d'un champ magnétique et d'un champ électrique (figure 1). Il en résulte un très grand nombre d'applications potentielles telles que le stockage de données, la spintronique, les capteurs de champ, les dispositifs hyperfréquences magnétiques et les systèmes électromécaniques. [START_REF] Fiebig | Revival of the magnetoelectric effect[END_REF], Scott, 2007[START_REF] Bibes | Multiferroics: towards a magnetoelectric memory[END_REF], Nan et al., 2008, Palneedi et al., 2016, Dong et al., 2003, Zhai et al., 2006, Fetisov et Srinivasan, 2006, Ustinov et al. al., 2007, Pettiford et al., 2007[START_REF] Zhuang | Upper limit for power conversion in magnetoelectric gyrators[END_REF].

Unité de recherche

Les matériaux magnétoélectriques monophasés sont peu nombreux en raison de l'incompatibilité naturelle des ordres ferroïques (propriétés électriques, configurations électroniques), les plus étudiés étant les pérovskites BiFeO3 et les manganites de terres rares LnMnO3. (Cheong & Mostovoy, 2006, Hill, 2000, Wang et al., 2003). Pour surmonter ces limitations, une seconde classe de matériaux multiferroiques artificiels a été développée, il s'agit de nanocomposites constitués de phases ferroélectriques et ferromagnétiques (Ramesh & Spaldin, 2007, Nan et al., 2008). Une présentation des progrès récents relatifs à l'élaboration des composites multiferroiques et à la compréhension des mécanismes de couplage magnétoélectrique est proposée. Les valeurs expérimentales de couplage ME issues de la littérature ainsi que les approches de simulations pour la prédiction de ce couplage sont également présentées. . Dans un multiferroique magnétoélectrique la coexistence d'au moins deux ordres ferroiques est requis, et le champ magnétique peut contrôler la polarisation ou un champ électrique peut contrôler l'aimantation (flèches vertes) (Spaldin & Fiebig, 2005).

vi Résumé Le couplage magnétoélectrique s'appuie généralement sur le contrôle électrique du champ de polarisation d'échange dans les nanostructures ferromagnétiques multiferroïques, et sur des interactions via une contrainte mécanique dans les hétérostructures piézoélectriques magnétostrictives [START_REF] Zhang | Enhancement in magnetoelectric response in CoFe2O4-BaTiO3 heterostructure[END_REF]Heron et al., 2014). Un couplage magnétoélectrique important a été démontré dans des couches minces épitaxiées et des nanocomposites multicouches (Nan et al., 2008, Palneedi et al., 2016) (Fig. 2a). Afin de réduire l'effet de « bride » (clamping effect) induit par le substrat qui limite la déformation élastique du film mince et d'augmenter la densité d'interfaces dans les nanocomposites, des architectures unidirectionnelles et des composites constitués de particules ont été développées (Zheng et al., 2004, Wan et al., 2005) (Figures 2b,c).

Pour étendre la surface interfaciale, des membranes d'alumine ont été utilisées comme matrices nanoporeuses pour fabriquer des réseaux de nanofils multiferroïques coeurécorce en combinant la synthèse sol-gel, l'électrodéposition et des recuits thermiques (Sallagoity et al. 2016).

Ce travail de thèse est axé sur l'élaboration de nouveaux nanocomposites multiferroiques de type (1-3) au sein desquels des nanostructures ferrimagnétiques CoFe2O4 (CFO) unidimensionnelles (1) sont incorporées dans des couches ferroélectriques tridimensionnelles (3) (PbZr0.52Ti0.48O3 (PZT), BaTiO3 (BTO) et Ba0.7Sr0.3TiO3 (BSTO)).

Les principaux objectifs visent: (1) la maîtrise de l'étape d'oxydation de nanofils métalliques de CoFe2 en oxyde métallique de phase spinelle CFO. ( 2) le contrôle de la résistivité et des pertes diélectriques des nanocomposites. (3) l'augmentation du couplage magnétoélectrique en utilisant des matériaux ferroélastiques et en optimisant la densité d'interfaces entre les deux phases ferroiques. 

Résumé vii

Chapitre 3 : Préparation des échantillons et techniques expérimentales

Différentes approches ont été envisagées pour concevoir trois types de nanocomposites:

1. Structures coeur-écorce (nanocables) : L'élaboration de ces nanocomposites repose sur un dépôt par imprégnation sol-gel de nanotubes PZT dans des membranes d'alumine poreuses autosupportées, suivie d'une électrodéposition de nanofils CoFe2 (NW) alignés verticalement dans les nanotubes PZT et de leur oxydation en phase CFO par traitement thermique (figure 3a).

Nanopiliers dans une matrice ferroélectrique :

Cette deuxième architecture repose sur des réseaux de nanopiliers CFO alignés verticalement sur des substrats de silicium, sur lesquels sont déposées i) des couches de BSTO et de BTO par pulvérisation cathodique magnétron en radiofréquence et ii) une couche de PZT par sol-gel (figure 3b).

Nanofils interconnectés dans une matrice PZT :

La dernière architecture proposée est obtenue en combinant l'électrodéposition de nanofils CoFe2 dans des membranes polymères poreuses autosupportées sur des substrats de Si, et le procédé sol-gel. Les nanostructures PZT-CFO interconnectées 3D sont préparées par imprégnation sol-gel de couches épaisses PZT dans des réseaux de nanofils CoFe2 et leur oxydation simultanée au cours de la cristallisation des couches PZT.

Chapitre 4 : Nanocables coeur-écorce PZT-CFO alignés verticalement

Nous nous sommes attachés à souligner et traiter un des aspects critiques du processus d'élaboration des nanocables PZT-CFO qui concerne les étapes de recuits thermiques nécessaires pour la cristallisation de la phase PZT et pour l'oxydation des nanofils viii Résumé métalliques CoFe2 en phase spinelle CFO. Ces traitements thermiques incontournables sont en effet déterminants au regard de la qualité des interfaces entre PZT et la membrane d'alumine en raison des phénomènes d'interdiffusion qui peuvent se produire. L'impact de la température de traitement thermique sur les caractéristiques morphologiques et structurales des nanocables PZT-CFO est illustré figure 4. Nous montrons qu'une diminution globale des températures de recuits permet une amélioration significative de la microstructure des nanotubes PZT et assure l'intégrité chimique de chacun des constituants. Les nanotubes de PZT agissent comme une barrière de diffusion efficace entre les nanofils de CoFe2 et la matrice d'alumine (figure 4).

Les figures 5a, b montrent que l'épaisseur de paroi des nanotubes de PZT peut être augmentée en augmentant le nombre d'imprégnations sol-gel de une à trois imprégnations successives. Les propriétés magnétiques des nanocables PZT-CoFe2 sont principalement affectées par l'interaction dipolaire entre les nanofils de CoFe2 dans des réseaux très compacts. Les figures 5c, d montrent que le taux de compaction (relié au diamètre des fils et à la distance entre les fils) et le couplage dipolaire correspondant des réseaux de CoFe2 sont réduits lorsque l'épaisseur de la paroi de PZT augmente.

La cristallisation de PZT et la formation de CFO dans les nanocables coeur-écorce PZT-CFO ont été confirmées par diffraction des rayons X in-situ (figure 6a) et via les propriétés magnétiques (figure 6b). Les propriétés ferroélectriques des nanotubes PZT et des nanocables, PZT-CoFe2 et PZT-CFO optimisés, ont été analysées à l'échelle microscopique en utilisant la technique de Microscopie à Force Piézoélectrique (PFM) (figure 7). Le changement de phase mesuré pour un nanotube PZT est équivalent à environ ~ 170 ° alors que la tension est commutée de -5 à +5 V. En ce qui concerne les nanocables PZT-CFO la variation de phase est de l'ordre de ~ 180 ° et la tension varie de -6 à +6 V. Les propriétés diélectriques et ferroélectriques des nanocomposites BSTO500-CFO200 et BTO850-CFO200 ont été analysées en termes de capacité et de pertes diélectriques en fonction de la température et de la tension de polarisation (figure 9). xi Le couplage magnétoélectrique a été étudié en analysant les dépendances en fonction de la température et du champ magnétique dc (Hdc) de la réponse en tension induite par un champ magnétique alternatif Hac ~ 10 Oe. Les résultats obtenus pour des nanocomposites BSTO-CFO et BTO-CFO constitués de nanopiliers de différentes hauteurs et pour des épaisseurs totales de film ferroélectriques variées, sont représentés figure 10. Pour les nanocomposites BSTO-CFO, une valeur maximale de coefficient magnétoélectrique de ~ 787 ± 87 mV cm -1 Oe -1 a été mesurée à température ambiante pour un rapport hauteur de nanopiliers/ épaisseur totale de FE de l'ordre de ~ 0.3. En ce qui concerne les nanocomposites BTO-CFO, le coefficient magnétoélectrque maximal est de 462 ± 27 mV cm -1 Oe -1 pour un rapport hauteur/épaisseur de l'ordre de 0.23. Dans la perspective d'augmenter encore le couplage magnétoélectrique, nous nous sommes focalisés vers l'élaboration de nanocomposites multiferroïques PZT-CFO. Le procédé d'élaboration mis en place combine une première étape d'oxydation des nanopiliers CoFe2 par traitement thermique et un dépôt par voie sol gel d'une couche de PZT (figure 11a). Une couche de PZT uniforme, continue et sans fissure a ainsi été déposée au-dessus du réseau de nanopiliers CFO alignés verticalement. La cristallisation de la couche PZT et l'oxydation de la phase CoFe2 en CFO ont été confirmées par diffraction des rayons X (figure 11b). Les propriétés diélectriques du PZT ainsi obtenu ont été évaluées. Les variations thermiques de la capacité et des pertes diélectriques sont représentées sur la figure 11c. Les résultats préliminaires de la réponse en tension ME sont présentés sur la figure 11d. Le nanocomposite PZT-CFO présente un couplage magnétoélectrique, la valeur maximale du coefficient ME est de ~ 202 ± 12 mV cm -1 Oe -1 à température ambiante. Les nanofils interconnectés de diamètre de l'ordre de ~ 230 nm sont obtenus par électrodéposition pulsée à l'intérieur de matrices de polymère commerciales. L'oxydation thermique du réseau interconnecté CoFe2 entraîne une modification du diamètre, des irrégularités de surface, et conduit à une déformation importante du réseau de nanofils (figure 12c,d). Des essais d'oxydation des nanofils CoFe2 3D réalisés in-situ au cours du recuit thermique de cristallisation de la matrice PZT entraîne la fissuration de la couche PZT (Figure 12e, f). L'efficacité de l'oxydation des nanofils CoFe2 en CFO réalisée soit avant le dépôt de PZT soit au cours du recuit de la couche 

Conclusions

Ce travail de thèse visait l'élaboration de nouvelles nanostructures multiferroïques de type (1-3), constituées d'entités unidirectionnelles dans une matrice. Différentes architectures ont été conçues en combinant l'électrodéposition, le sol-gel et le procédé de dépôt par pulvérisation cathodique rf. Du point de vue des matériaux, nous avons ciblés les oxydes piézoélectriques dérivés de BaTiO3 et Pb(Zr,Ti) O3 et la ferrite magnétostrictive CoFe2O4. L'objectif principal était d'améliorer le couplage magnétoélectrique grâce à un contrôle précis des interfaces via l'optimisation à la fois de la géométrie des nanostructures et des différentes étapes de synthèse nécessaires à chaque processus.

Pour les architectures coeur-écorce de type nanocables PZT-CFO, une attention particulière a été portée sur la qualité et le contrôle des interfaces. Nous avons montré le bénéfice d'une réduction globale des températures de recuits et de l'augmentation de l'épaisseur de la paroi des nanotubes de PZT au regard de phénomènes d'interdifusion chimique limités. Nous avons étudié les propriétés ferroélectriques locales des nanotubes et des nanocables par Microscopie à Force Piezoélectrique. Dans le but d'augmenter la contribution de la phase ferroélectrique et de limiter encore les problèmes d'interdiffusion inhérents aux étapes de recuits thermiques, nous avons développé une voie originale pour la synthèse de nanocomposites multiferroïques BSTO / BTO-CFO alignés verticalement. Cette approche s'appuie sur l'oxydation de nanopiliers CoFe2 réalisée in-situ lors du dépôt par pulvérisation cathodique de BSTO et BTO. L'avantage majeur de l'oxydation in-situ est la préservation de la morphologie des nanopiliers. L'élaboration du système PZT-CFO à plus haute valeur ajoutée a été réalisée avec succès en déposant par voie sol gel une matrice de PZT sur un réseau de CFO. L'efficacité de l'oxydation des fils ou nanopiliers métalliques CoFe2 en phase spinelle CFO a été systématiquement validée par diffraction des rayons X et par le biais des mesures magnétiques. Une augmentation de l'épaisseur de PZT s'avère nécessaire en vue d'améliorer les propriétés diélectriques (pertes diélectriques élevées) et d'optimiser le couplage magnétoélectrique.

Un bilan des valeurs de coefficient magnétoélectrique ME mesurées pour divers nanocomposites BSTO / BTO / PZT-CFO caractérisés par différents paramètres géométriques (épaisseur matrice ferroélectrique, hauteur des piliers CFO) est proposé figure 13. Les valeurs les plus élevées à température ambiante, ont été obtenues pour les nanostructures multiferroïques BSTO-CFO et BTO-CFO, ~ 787 et 463 mV cm -1 Oe -1 , respectivement. Les nanostructures multiferroïques PZT-CFO présentent un couplage ME de l'ordre de ~ 202 mV cm -1 Oe -1 à température ambiante. Les valeurs de coefficient ME obtenues pour les nanocomposites réalisés dans le cadre de ce travail (figure 13 côté droit) sont confrontées aux valeurs issues de la littérature (figure 13 xvi Résumé côté gauche) pour des nanocomposites de différentes connectivités constitués de phases ferromagnétique spinelle et ferroélectrique pérovskite. Les nanocomposites que nous avons élaborés montrent des valeurs de coefficient ME supérieures à celles rapportées pour les systèmes ME de connectivité (2-2) et comparables à celles rapportées pour les systèmes de connectivité (0-3) et (1-3).

Enfin, la conception de nouveaux nanocomposites constitués de réseaux de nanofils CoFe2 interconnectés en 3D a été proposée. Il a été possible d'obtenir des nanostructures PZT-CFO avec une oxydation complète de la phase CoFe2 réalisée in-situ lors du recuit de cristallisation de la phase PZT. Ces systèmes originaux sont particulièrement prometteurs compte tenu de la densité d'interfaces importante qui résulte de la structure interconnectée. La qualité de la couche de PZT est cependant primordiale pour l'optimisation des propriétés magnétoélectriques. Une optimisation des conditions d'élaboration est encore nécessaire. This dissertation is to all those people who have helped me, both scientifically and personally, along my way to this point. This thesis would not have been possible without the guidance and support I received from several individuals throughout my time at Université catholique de Louvain and Université de Bordeaux. I want to extend my deepest gratitude to my supervisors, Prof. Luc Piraux and Dr. Catherine Elissalde, for providing the resources and comprehensive support without which my research, doctoral program, and Ph.D. thesis would not have been possible. You have been good friends and your advices over the years has been priceless. I would also like to extend my sincerest thanks to my invited committee members president of our institute Prof. Mario Maglione and Dr. Sandrine Payan at Université de Bordeaux, for their help collecting dielectric measurements and offering access to the impedance analyser and magnetron sputtering system as well as all their time, decisive guidance, and necessary support. Prof. Maglione has provided a great deal of insight and perspective for both ferroelectric and dielectric aspects of my work. I must also thank my committee member president of our institute Prof. Bernard Nysten at Université catholique de Louvain for his guidance and support with piezoresponse force microscopy. I want to express my profound gratitude to committee member Prof. Kristiaan Temst at KU Leuven for his help with conducting magnetoelectric measurements and offering access to the PPMS as well as his guidance and support. I must also express my sincere gratitude to my committee members, Prof. Nathalie Viart and Dr. François Roulland at IPCMS-CNRS, Prof. Valérie Vigneras at Bordeaux INP, and Dr. Eric Bousquet at Université de Liège for their invaluable feedback and mentorship. I have had the distinct privilege of working with many amazing and talented people during my time at Université catholique de Louvain and Université de Bordeaux. In particular, I would like to thank Dr. Quentin Simon at ICMCB, aka Prof. Quentin, for his help with magnetron sputtering, dielectric measurements, GIXRD analysis as well as his mentorship and encouragement, not only were you a good mentor, but you were a good friend. I would like to thank Dr. Vlad Andrei Antohe at Université catholique de Louvain for his support with magnetron sputtering, anodization and pulsed electrodeposition as well as countless hours of scientific discussion. To Dr. Vera Lazenka at KU Leuven for the magnetoelectric measurements, it was a distinct honour and wonderful learning experience to have worked with you in the field of multiferroics.

Chapter 1 Introduction

Multiferroics are materials possessing two or more ferroic order parameters (Eerenstein et al., 2006). Multiferroic materials are called magnetoelectric if they show coupling between magnetic and ferroelectric (FE) order parameters. The possibility of magnetically switchable electric polarization or electric field induced magnetization rotation in multiferroics, ideally ferroelectric and ferromagnetic (FM) at room temperature, makes them very appealing for technology application with lower power/energy consumption, such as nanoscale multi-state data storage, spintronic devices, magnetic reading heads, field sensors, actuators, and other microwave devices [START_REF] Fiebig | Revival of the magnetoelectric effect[END_REF]. The emergence of magnetoelectric behaviour in single-phase multiferroics by means of coupled lattice, orbital, spin, and charge is typically restricted to low temperatures (Cheong & Mostovoy, 2006). In addition, the requirements of empty d 0 shell for ferroelectrics and partially field d n shell for ferromagnetics limit the number of single-phase multiferroic magnetoelectrics operating at room temperature (Hill, 2000). To overcome these limitations, artificial nanocomposites consisting of ferroelectric and ferromagnetic phases were designed (Ramesh & Spaldin, 2007).

The magnetoelectric coupling in multiferroic nanocomposites could be observed in different forms (Nan et al., 2008). The two most common forms are the electric field control of exchange bias in ferromagnet-multiferroic nanostructure and the mechanical strain-stress interaction in piezoelectric-magnetostrictive heterostructure. In the first type in order to provide the magnetoelectric coupling based on antiferromagneticferromagnetic exchange bias the thickness of ferro/ferrimagnetic layer is typically limited to few nm. This is not the case for the second type of nanocomposite, where the magnetoelectric coupling is based on the strain interaction in two-phase nanocomposites. The main advantage of the second type of multiferroic nanocomposite is a larger variety of ferroelectrics with strong piezoelectric properties and ferromagnetics with strong magnetostrictive characteristics that can be used in nanostructures. Large magnetoelectric coupling was demonstrated at room temperature in multiferroic epitaxial thin films and multilayers, but a key limitation of the planar architecture of multilayer nanocomposite is a substrate imposed clamping effect, which reduces the strain in nanocomposites due to the heteroepitaxial bonding. Designing innovative architectures is a challenge in the field of multiferroic nanocomposites. To reduce the clamping effect in nanocomposites, recently a vertically aligned architecture was developed in multiferroic thin-film nanocomposites (Zheng et al., 2004), where vertically aligned ferrimagnetic CoFe2O4 nanopillars were self-assembled in threedimensional BaTiO3 matrix by pulsed laser deposition. The main advantages of the (1-3) thin-film nanocomposites are the reduced clamping effect in magnetic nanopillars, increased interfacial surface area between magnetic and ferroelectric phases, and easy direction of magnetization along the pillars axis, what is appealing for technology applications in data storage.

Our work is focused on vertically aligned architecture multiferroic nanostructures, where one-dimensional ferrimagnetic CoFe2O4 (CFO) nanostructures (i.e. vertically aligned nanopillar and nanowire arrays) are embedded into three-dimensional PbZr0.52Ti0.48O3 (PZT), BaTiO3 (BTO), and Ba0.7Sr0.3TiO3 (BSTO) layers. New routes were considered to design three kinds of nanocomposites: i) vertically aligned CFO nanowire arrays surrounded by PZT nanotubes inside commercial alumina membranes; ii) vertically aligned CFO nanopillar arrays embedded in thin BTO, BSTO and PZT layers on silicon substrates; ii) 3D interconnected CFO nanowire (NW) networks embedded into thick PZT matrix.

The objectives of the present work include: (1) The control of the thermal oxidation of metallic CoFe2 nanowire and nanopillar arrays into insulating metal oxide CFO spinel phase. In order to carry out the macroscopic dielectric, ferroelectric and magnetoelectric measurements of multiferroic nanocomposites, the oxidation of metallic CoFe2 nanowires and nanopillars must be complete to ensure high resistivity of multiferroic nanocomposites and no shortcut of devices under applied voltage. (2) Control of the morphology and density of CFO nanowires and nanopillars. Thermal oxidation of the CoFe2 nanowire and nanopillar arrays inside alumina templates at high temperature can facilitate the interdiffusion between two adjacent materials leading to the Al diffusion into CFO phase. While thermal oxidation of free-standing CoFe2 nanopillar arrays and 3D nanowire networks leads to the thermal expansion and corresponding variation of nanowires diameter, morphology, surface roughness, and deformation. In particular, increase of nanopillars diameter results in highly dense nanopillars arrays, so that the deposition and penetration of ferroelectric matrix on nanopillars becomes more difficult. (3) Control of the resistivity and dielectric losses of the nanocomposites at the interface region. Low resistivity and high dielectric losses in multiferroic nanocomposites can lead to a smaller spontaneous polarization in ferroelectric layers leading to lower magnetoelectric voltage response (induced voltage) to the applied magnetic field. (4) Increase of the magnetoelectric coupling in multiferroic nanocomposites by using strongly ferroelastic constituents with large permittivity and low dielectric losses. The materials with large piezoelectric coefficient used in the present work are PZT and BTO layers, with large permittivity are BSTO layers, and the CFO nanostructures were used due to their large magnetostriction coefficient. (5) Increase of the magnetoelectric coupling at the interface in multiferroic nanocomposites by extending the interfacial surface area between two ferroic phases (i.e. height of nanopillars and nanowires) and by controlling the density of interfaces (i.e. ratio between FM nanopillars height and FE layers thickness).

In Chapter 2 the definitions and historical background of multiferroic materials is presented including phenomenology of single-phase multiferroics and types of multiferroic nanocomposites. The main types of ferroic order parameters, i.e. magnetism, ferroelectricity and ferroelasticity, in multiferroic nanocomposites are discussed. The classification of magnetoelectric mechanisms in single-phase magnetoelectric materials is shown with respect to the problem of coexistence of magnetism and ferroelectricity in a single material. The mechanisms of magnetoelectric coupling in multiferroic composites and heterostructures through the exchange of magnetic, electric, and elastic energy across interfaces between different constituent materials are presented. Preparation of artificial multiferroic nanocomposite with three types of architecture including planar, particulate, and vertical is reviewed. In particular, alternative strategies for the growth of vertically aligned multiferroic nanocomposites are discussed. The recent progress on the understanding of magnetoelectric coupling mechanisms, designing of magnetoelectric nanocomposites, relatively comprehensive experimental dataset on the magnetoelectric coupling in thin-film nanocomposites with three types of architecture and brief theory and computation for vertically aligned thin-film nanocomposites are presented in Chapter 2, offering a perspective on the design of magnetoelectric nanocomposites with enhanced magnetoelectric properties.

In Chapter 3 we describe in detail the preparation of multiferroic nanocomposites, experimental techniques, and samples characterizations. We must emphasise that Chapter 3 is not the standard and straightforward "experimental chapter" including only the experimental tools used in our study. It also contains all the details on the fabrication of the samples, which somehow justifies the large size of the chapter. In the section devoted to the preparation of PZT-CFO core-shell magnetoelectric system, the sol-gel based chemical solution deposition technique is discussed. The sol-gel dipimpregnation synthesis of PZT nanotube arrays inside commercial anodic alumina membranes, pulsed electrochemical electrodeposition of CoFe2 nanowire arrays are explained. In the sections devoted to BSTO/BTO/PZT-CFO magnetoelectric nanocomposites with vertical architecture, preparation of supported AAO templates using anodization technique, radio-frequency magnetron sputtering of BSTO and BTO layers, and sol-gel dip-coating deposition of PZT layers are described in detail. The basic working principals of characterization techniques including structural and microstructural characterization (i.e. HR-SEM, EDX, TEM, and XRD) and performance evaluation on both macro-and micro-scale (i.e. alternating gradient magnetometer, impedance analyser, piezoelectric force microscopy, and magnetoelectric susceptometer) are explained in detail.

In Chapter 4 we present the results for the synthesized dense arrays of multiferroic PZT-CFO core-shell nanocables with high interfacial area between the ferroelectric and the magnetic phases via a combination of low-cost impregnation and electrodeposition processes within the ordered nanochannels of a porous AAO templates. We show that the thermal annealing steps required for phase's crystallization and oxidation of metallic CoFe2 phase into spinel CFO phase are critical with respect to interdiffusion phenomena through the interfaces. The impact of the processing temperature on the morphological and structural features of the nanocables is discussed. We demonstrate that an optimization of process variables in the system of PZT-CFO nanocables allows a significant improvement in their microstructure and ensures the chemical integrity of the two-phase materials. Microscopic ferroelectric properties of the optimized PZT nanotubes, PZT-CoFe2 and PZT-CFO nanocables analysed using Piezo-Response Force Microscopy (PFM) technique are discussed.

In Chapter 5 we present a new strategy to elaborate multiferroic nanocomposites with controlled dimensions and vertical alignment using supported nanoporous alumina layer as a template for growth of free-standing and vertically aligned CoFe2 nanopillars via pulsed electrodeposition process. The characterization of vertically aligned multiferroic nanocomposites using various techniques for their structural and physical properties is discussed. The efficiency of in situ simultaneous oxidation of CoFe2 nanopillars into CFO phase during direct deposition via radio-frequency sputtering on the top surface of the pillar structure of BSTO and BTO films is discussed. Measurements of direct magnetoelectric coupling in the grown vertically aligned BSTO-CFO and BTO-CFO nanocomposites are presented and the dependences of ME coefficient as a function of geometrical factors, density of interfaces, and effective permittivity are discussed. The simple method to prepare vertically aligned PZT-CFO multiferroic nanocomposites using thermal oxidation of free-standing CoFe2 nanopillar arrays and sol-gel based dip coating of PZT layers is discussed. We show that through optimization of PZT coating solution and crystallization thermal conditions a uniform and continuous PZT layer on top of the CFO nanopillars without microcracks. The preliminary results for the magnetoelectric voltage response in PZT-CFO nanocomposites are shown.

In Chapter 6 we show future perspective in designing vertically aligned multiferroic nanocomposite. The preliminary results for the synthesis of PZT-CFO nanocomposite based on 3D interconnected CoFe2 nanowire networks include microstructure and magnetic properties. We demonstrate an original synthesis technique of PZT-CFO vertically aligned multiferroic nanocomposite with large interfacial surface area between magnetic CFO 3D NW networks and ferroelectric PZT matrix and near-zero clamping effect. The efficiency of in situ oxidation of metal CoFe2 3D NW networks into the CFO spinel phase is demonstrated using XRD and magnetic measurement techniques.

Finally, the main results of the present work are summarized in the conclusion Chapter 7.

Chapter 2

Background and History of Multiferroics and Magnetoelectric Effect

Modern electronics and hardware are operating mainly using electronic and magnetic materials. For instance, the regions with opposite direction of magnetization in ferromagnets (magnetic materials with a spontaneous magnetization retaining their magnetization in the absence of a field and switchable by a magnetic field) are often used as bits of information in data storage devices. Related electric materials called ferroelectrics (materials with a spontaneous electric polarization that can be switched by an applied electric field) are widely used in the sensor industry. Many ferroelectrics and ferromagnetics are also ferroelastics (materials with a spontaneous strain that is switchable by an applied stress) because their deformation leads to a change of electric polarization and magnetization and vice versa. Thus, using these ferroic materials the sound waves can be converted into electric signals in sonar detectors, electrical impulses can be converted into motion in actuators and magnetic fields can be converted into currents. Recently the ferrotoroidics have been proposed to complete the main classes of ferroics (Fiebig et al., 2016;[START_REF] Yadav | Observation of Polar Vortices in Oxide Superlattices[END_REF]. Materials combining magnetic order parameter with other two kinds of ferroic order parameters in the same phaseferroelectricity and ferroelasticity (Figure 2.1) are often called multiferroics (Spaldin & Fiebig, 2005;Khomskii, 2009). Material displaying two or more primary ferroic orderings simultaneously are formally defined as multiferroic (Schmid, 1994).

Combining electronic and magnetic properties in a single multifunctional material or a single multitask device is appealing for the development of electronic industries in terms of device miniaturization. Moreover, besides the combination of magnetic and electronic properties in a ferromagnetic ferroelectric multiferroics, interactions between the magnetization and electric polarization brings additional functionality. For instance, this refers to the magnetoelectric (ME) coupling, that is, the control and tuning of electric polarization using magnetic field, or of a magnetization by an electric field. The magnetoelectric effect is attractive due to a possibility of designing new devices, such as magnetic data storage controlled via electric field and 4-state logic states. However, many attempts in implementing this concept into practice using a single multiferroics have shown to be challenging.

Theoretical studies have revealed that the ferromagnetism and ferroelectricity generally does not coexist in a single phase because their mechanisms contradict each other. They require empty and partially filled d orbitals of transition metals, respectively (Hill, 2000). This is why many researches have proposed alternative ferroelectric mechanisms, which could be suitable with the existence of ferromagnetic ordering leading to the discovery of new multiferroic materials. Large indirect magnetoelectric coupling was achieved in perovskite manganites in terms of magnetically induced ferroelectric phase transition (Kimura et al., 2003) and in hexagonal manganites with respect to electrically induced ferromagnetism (Lottermoser et al., 2004). However, none of the discovered single-phase multiferroics is able to retain both large and robust electric polarization and magnetization at room temperature, which limits them from real application in the short term.

The issues associated with ferroelectric and ferromagnetic ordering coexistence and limited polarization or magnetization in a single phase materials have been avoided by designing two-phase multiferroic composites including a ferroelectric constituent, such as Ba1-xSrxTiO3 (BSTO, BaTiO3, 𝑥 = 0 ), PbZr1-xTixO3 (PZT, PTO, 𝑥 = 1 ), (PbMg1/3Nb2/3O3)1-x-(PbTiO3)x (PMN-PT), (PbZn1/3Nb2/3O3)1-x-(PbTiO3)x (PZN-PT), copolymer PVDF:TrFE, and a ferromagnetic constituent, such as metallic Tb1-xDyxFe2 The electric field E, magnetic field H, and stress σ, control the electric polarization P, magnetization M, and strain ε, respectively. In a ferroic material, P, M, or ε, are spontaneously formed to produce ferromagnetism, ferroelectricity, or ferroelasticity, respectively. In a magnetoelectric multiferroic, the coexistence of at least two ferroic forms of ordering is required and a magnetic field may control P or an electric field may control M (green arrows) (from Spaldin & Fiebig, 2005). (b) In the ideal case, the magnetization of a ferromagnet in a magnetic field displays the usual hysteresis (blue), and ferroelectrics have a similar response to an electric field (yellow). In principle it is the basis for making a 4-state logic state: (P+ M+), (+-), (-+), (--). From Khomskii, 2009 (Terfenol-D), Metglas,CoFeB,FeGaB,FeBSiC,Co,Ni,Fe, (LAMO, 𝐴 = 𝐶𝑎, 𝑆𝑒, 𝐵𝑎, 𝐶𝑜 ), and spinel Fe3O4, CoFe2O4 (CFO), NiFe2O4 (NFO). In these composites, the magnetoelectric effect is a product property of the interfacial interaction of the elastic components of the ferromagnetic and ferroelectric constituents. Briefly, a magnetic field generates deformation in the ferromagnetic; then this deformation is transferred into the mechanically coupled ferroelectric, where it causes polarization. The magnetoelectric effect can be enlarged by increasing the coupling at the interface using nanocomposites with large surface area (such as multilayers thin films or pillars embedded into matrix) with strongly ferroelastic constituents (such as piezoelectric coefficient, magnetostrictive coefficient etc).

The composite multiferroic materials allow to tune the magnetoelectric response through the nature, ratio, and microstructure of the constituents. Their magnetoelectric coupling coefficients at room temperature exceed the low-temperature values obtained in single-phase magnetoelectrics by three to five orders of magnitude (Fiebig et al., 2016;Dong et al., 2015;Hu et al., 2017;Nan et al., 2008). Composite magnetoelectric multiferroics are currently entering the technological application markets as transducers converting between electric and magnetic fields. Among other potential applications are attenuators, filters, field sensors, and data storage devices such as magnetoelectric random access memories, multiple-state logic device based on magnetization reversal via an applied electric field, where the direction of either ferroelectric polarization or magnetization represents the "1" or "0" of the data bit (Scott, 2007;[START_REF] Bibes | Multiferroics: towards a magnetoelectric memory[END_REF]Heron et al., 2014b;[START_REF] Shen | Nonvolatile Memory Based on Nonlinear Magnetoelectric Effect[END_REF]Nan et al., 2008;Palneedi et al., 2016).

The main challenges remaining in composites and single-phase multiferroics are:

-For composites: (1) a better understanding of ferromagnetic-ferroelectricferroelastic coupling between the constituents; (2) the need for new theory since linear elasticity models cannot be used to interpret phenomena at the atomic level; (3) experimentally, the design of composite multiferroics with novel architectures such as pillars embedded into matrix with reduced clamping to substrate effect (Zheng et al., 2004), which is relatively large in classic multi-layered thin film multiferroics, offering particularly efficient coupling between two phases and probably even magnetoelectric switching of polarization and magnetization; (4) the use of cost-effective and scale-up preparation techniques with low energy consumption as alternative to the self-assembly of vertically aligned nanocomposites via pulsed laser deposition (Zheng et al., 2004);

-For single-phase multiferroics: (5) to explore the origin of the ferroelectricity in some specific multiferroics (Kimura et al., 2003); (6) to develop robust roomtemperature ferromagnetic ferroelectrics which are good insulators and able to uphold a large macroscopic polarization; (7) to design new multiferroic epitaxial thin films that may drive the single-phase materials toward technological application; (8) to develop new fundamental theoretical concepts to integrate ferrotoroidicity, represented by a spontaneous ferromagnetic and ferroelectric vortexes, into the group of primary ferroics [START_REF] Schmid | [END_REF]Damodaran et al., 2017), which should bring a more comprehensive understanding of the possible forms of ferroics order parameters and the relation between them.

Types of Ferroic Ordering in Multiferroics

Magnetic Materials

Magnetic materials are either ferromagnetic or ferrimagnetic when magnetic flux density 𝛷 inside (e.g. magnetic induction 𝐵 = 𝛷/𝐴) is very much greater than 𝛷 outside (e.g. magnetic field 𝐻 = 𝛷/𝐴), where A is an area that magnetic flux passing through. When a magnetic field 𝐻 is applied to a material, the response of the material is called its magnetic induction, 𝐵. The relationship between B and H is a property of the material. The equation relating 𝐵 and 𝐻 is (in cgs units) 𝐵 = 𝐻 + 4𝜋𝑀, (2.1) where 𝑀 is the magnetization of the medium. The magnetization is determined as the magnetic moment per unit volume,

𝑀 = 𝑚 𝑉 𝑒𝑚𝑢 𝑐𝑚 3 , (2.2) 
𝑀 is a property of the material, and depends on both the individual magnetic moment of the constituent ions, atoms, or molecules, and on the interaction between the dipole moments. The cgs units of magnetization 𝑀, magnetic induction 𝐵, and magnetic field 𝐻 are the emu/cm 3 , gauss, and oersted, respectively. In SI units the relation between 𝐵, 𝐻, and 𝑀 is 𝐵 = 𝜇 0 (𝐻 + 𝑀), (2.3) where 𝜇 0 is the permeability of free space. The units of 𝑀 and 𝐻 are the same (A/m), and those of 𝜇 0 are weber/(A/m), or henry/m. Thus, the units of 𝐵 are weber/m 2 , or tesla, where 1 tesla = 10 4 gauss.

In ferromagnets, the magnetic dipoles of the atoms are likely to align in the same direction. Ferrimagnets are in part similar to antiferromagnets since the dipoles are ordered antiparallel, but some of the dipole moments are larger than others, thus the materials have net long-range magnetic moments. Ferromagnetic and ferromagnetic materials have a tendency to concentrate magnetic flux intrinsically. Figure 2.2 illustrates schematically antiferromagnetic, ferrimagnetic and ferromagnetic magnetic materials.

The variation of the magnetization, or the magnetic induction with the applied magnetic field is also one of the main properties of a magnetic material. The ratio between M and H is called the susceptibility:

𝜒 = 𝑀 𝐻 𝑒𝑚𝑢 𝑐𝑚 3 𝑂𝑒 . (2.4)
The susceptibility shows how responsive a material to an applied magnetic field. The ratio of 𝐵 to 𝐻 is called the permeability:

𝜇 = 𝐵 𝐻 𝑔𝑎𝑢𝑠𝑠 𝑂𝑒 , (2.5)
𝜇 shows how permeable the material is to the magnetic field. A magnetic material that accumulates intrinsically a large ammount of flux density features a high permeability.

Adopting the equation 𝐵 = 𝐻 + 4𝜋𝑀 gives us the relationship (in cgs units) between permeability and susceptibility: 𝜇 = 1 + 4𝜋𝜒.

(2.6) In SI units the susceptibility is dimensionless, and the permeability is in units of henry/m. The equivalent equation for permeability and susceptibility in SI units is 𝜇 𝜇 0 = 1 + 𝜒.

(2.7) only in a very small change of magnetization, whereas decreasing the field to zero after saturation does not turn the magnetization back to zero. This effect is called hysteresis, and is used for technological applications such as permanent magnets. To return the magnetization into zero value, a field must be applied in reversed direction.

Initially the magnetic material is in an unmagnetized state, and the magnetization follows the curve going along the curve from 0 to 𝑀 𝑠 with the field increasing in the positive direction. The 𝑀 value at 𝑀 𝑠 is called the saturation magnetization, and the curve of 𝑀 from the demagnetized state to 𝑀 𝑠 is called the normal magnetization curve. When applied field is returned to zero after saturation, the magnetization decreases from 𝑀 𝑠 to 𝑀 𝑟the remanent, or residual magnetization. The reversed field needed to reduce the magnetization to zero is called the coercivity, 𝐻 𝑐 . Ferromagnetic materials are categorised as hard or soft, depending on the value of the coercivity. When a large field is required to reduce the magnetization to zero or to saturate the magnetization, a magnet is called hard ferromagnet, on the contrary easily saturated and demagnetized ferromagnets are soft. When 𝐻 is reversed and increased further, the magnetization saturates in the reverse direction. The loop that is traced out is called the major hysteresis loop.

The condition for the appearance of magnetism is that in ferromagnets the composing electrons must have a net angular momentum. This can be originated either in the orbital component of the angular momentum, or the spin component (when there is different number of "up"-and "down"-spin electrons) or one and the other. So, the quantum-mechanical exchange energy is causing a strong motive force for electrons to order their spins parallel generating different number of up-and down-spin electrons. Then if a couple of electrons have spins with opposite directions, they are permitted to share the same atomic or molecular orbital, thus they will intersect spatially, and the electrostatic repulsion will increase. Although if they have parallel spins with the same direction, then they are obliged to populate different orbitals and will have smaller electrostatic repulsion. In other words, the direction of the spins modifies the spatial part of the wavefunction, which successively defines the electrostatic repulsion between the electrons. A small change of electron distribution will strongly affect the total energy of the system. On the hole, the energy difference per magnetic ion between ferro-and antiferromagnetically ordering are of the order of electron volts, while the magnetic dipolar energy between a couple of electrons distant by a few Å is ~10 -6 eV. Depending on either ferromagnets are magnetic insulators or metals, two phenomenological theories can be used to describe the properties of ferromagnetismthe localized moment theory of Curie and Weiss and the Stoner band theory, respectively.

In the localized momentum theory, above some specific temperature ferromagnetic materials become paramagnetic, and their susceptibility follow the Curie-Weiss law; the specific temperature is called Curie temperature, 𝑇 𝐶 (Weiss, 1907). The magnetization decreases smoothly to zero at 𝑇 = 𝑇 𝐶 , indicating the ferromagnetic to paramagnetic transition of a second-order. Below the Curie temperature, 𝑇 𝐶 , the molecular field (the short-range quantum-mechanical exchange interaction) is strong enough to magnetize the material even in the absence of an applied field. At temperatures higher then Curie temperature, the thermal energy, 𝑘𝑇, and corresponding entropic effects overcome the ordering energy of the molecular field, leading to random orientation of magnetic moments and paramagnetic behaviour. The experimentally observed Curie-Weiss law for the susceptibility 𝜒 of the ferromagnets and ferrimagnets is

𝜒 = 𝐶 𝑇 -𝑇 𝐶 . (2.8)
The Weiss theory is not suitable for ferromagnetic metals due to two discrepancies, firstly, the magnetic dipole moment on each atom and ion is not the same in both the ferromagnetic and paramagnetic phases, and secondly, the magnetic dipole moment on each atom or ion does not correspond to an integer number of electrons. Therefore, the Stoner band theory of ferromagnetism is used to explain the properties of metals (Stoner, 1933), in which the general motive force for ferromagnetism is also the exchange energy, which is minimized when all the electrons have the same spin. Opposing the ordering of spins is the increased band energy involved in transferring electrons form the lowest band states (populated equally by up-and down-spin electrons) to band states with higher energy. This band energy forbids some metals to be ferromagnetic. In the basic ferromagnetic transition metals, Fe, Ni and Co, the Fermi energy lies in a region of overlapping 3d and 4s bands. Since the 4s bands are broad and have a low density of states at the Fermi level, the energy required to move a 4s electron to a vacant state reversing its spin is higher than the energy acquired from the decrease in exchange energy. As for the 3d band, the larger number of density of states or electrons at the Fermi level reduces the band energy required for a spin reversal, so the exchange energy is larger. The exchange interaction forms an exchange potential that shifts the energy of the 3d band for electrons with the same direction of spin relative to the band for electrons with opposite spin direction. The magnetic moment accordingly does not relate to an integer number of electrons, since the electrons are shared between partially filled 4s, 3d up-and 3d down-spin direction bands.

In 1937 and 1938, Slater and Pauling estimated the saturation magnetization as a function of the number of 3d and 4s valence electrons per atom for the first set of transition metals and their alloys (Slater, 1937;Pauling, 1938). They reported a linear increase in 𝑀 𝑠 from Cr to Fe, followed by a linear decrease, reaching zero 𝑀 𝑠 at an electron density between Ni and Cu. The calculated results fit well with the experimentally measured magnetizations of the metal Fe, Co ad Ni, as well as alloy CoFex, CoNix and CuNix ferromagnets (see Figure 2.4). The saturation magnetic moment depends on the number of valence electrons almost linearly.

To minimize the total energy of the ferromagnet, domains form. Although a single ferromagnetic domain, in which all the magnetic moments were aligned, would minimize the exchange energy, it also maximizes the magnetostatic energy, which is the main motive force for domain formation. The size and shape of the domains are also defined by magnetocrystalline and magnetostrictive energies. Figure 2.5 illustrates the reduction of magnetostatic energy by domain formation [START_REF] Spaldin | Introduction to magnetic materials[END_REF]. The single-domain sample in Figure 2.5a has a large magnetostatic energy, which is reduced in Figure 2.5b by the creation of parallel domains. At the domain boundaries the magnetic moments are no longer oriented parallel to each other resulting in an increase in exchange energy. Figure 2.5c shows the fully cancelled magnetic moments. However, if the ferromagnet has strong magnetostriction (which induces the specimen to deform, contract or expand, in the direction of magnetization) or a strong magnetocrystalline anisotropy (which induces the magnetization to align preferentially along a single crystallographic lattice axis), the perpendicular domains shown in Figure 2.5c can be disadvantageous. In this situation an ordering with very small perpendicular domains (see Figure 2.5d), is normally the lowest in energy.

The width of the boundary between magnetic domains (the domain wall) is determined by a balance between the exchange energy (which prefers wide walls, so that adjacent magnetic moments are not too far from being parallel to each other) and the magnetocrystalline energy (which prefers narrow walls, so that the magnetization is aligned most closely to an easy axis). For typical transition metals, domain walls are a few hundred angstroms thick (or consist of a few hundred planes of atoms).

Ferroelectrics

The part "ferro" in "ferroelectric" does not correspond to the use of iron in ferroelectrics. It just underscores that there are many similarities in behaviour between ferroelectrics, that show spontaneous electric polarization and ferromagnetics showing spontaneous magnetization. The spontaneous electric polarization is switchable by an applied electric field similarly with the ferromagnetic, whose spontaneous magnetization can be realigned by a magnetic field. Another similarity is that the electric polarization switching process is associated with the hysteresis (see Figure 2.6). Most of the time a change in the polarization direction leads to a deformation of ferroelectric, or strain. In both ferromagnets and ferroelectrics the macroscopic net magnetization and electric polarization can be cancelled by the presence of domains with oppositely oriented parallel magnetization and polarization within the specimen. Both the magnetization and polarization decrease with increasing temperature and become close to zero when a phase transition to a paramagnetic or paraelectric state takes place at high temperature. Ferroelectrics undergo a structural phase transition from the prototypical high symmetry phase to a low temperature non-centrosymmetric phase that has a spontaneous polarization whose direction can be switched by an electric field. Also, the coupling between magnetization, or polarization, and the lattice strain results in the piezomagnetism in ferromagnetics and piezoelectricity in ferroelectrics. The piezoelectric effect is stronger than in piezomagnetics, therefore ferroelectrics are typically used in transducer and actuator applications, whereas ferromagnetics are more commonly used for data storage applications where the direction of spontaneous magnetization represents the "1" and "0" of the data bit, although ferroelectrics are currently also approaching for data storage technology application.

However, the microscopic effects that cause ferroelectricity and ferromagnetism are different; polarization requires lattice distortion, magnetization does not. Another requirement for a material to be a ferroelectric is that the spontaneous polarization must be switchable between two stable states of opposite polarization when the electric field is applied. In the following paragraph the origin of cationic off-centering in the classic ferroelectrics is explained.

In general, ferroelectric materials can be defined as polar non-centrosymmetric phase, of which the most common is the perovskite structure ABO3 shown in Figure 2.7. Ferroelectricity manifests as a symmetry-breaking structural distortion from the perfect cubic perovskite structure. The A or B cations shift off-centre with respect to the oxygen anions, so the spontaneous polarization occurs from the electric dipole moment caused by the shift. Most of ferroelectrics undergo a phase transition from a high-temperature paraelectric phase to a low-temperature ferroelectric phase. The phase transition takes place at the Curie temperature, 𝑇 𝐶 . In barium titanate the transition from the parent paraelectric cubic phase to the ferroelectric tetragonal phase occurs at ~390 K. Although long-range electrostatic forces favour the ferroelectric state, the short-range repulsion between the electron clouds of adjacent ions are minimized for nonpolar, cubic structure [START_REF] Cohen | Origin of ferroelectricity in perovskite oxides[END_REF][START_REF] Cohen | Theory of ferroelectrics: A vision for the next decade and beyond[END_REF]. Either the ferroelectricity is present or absent is determined by a balance between these short-range repulsions, which favour the non-ferroelectric symmetric structure, and additional chemical bonding factors, which act to stabilize the distortion needed for the ferroelectric phase [START_REF] Megaw | Origin of ferroelectricity in barium titanate and other perovskite-type crystals[END_REF]. The Curie temperature is related to chemical bonding especially in First-principles density functional theory calculations have provided significant insights in the understanding of ferroelectric behaviour in perovskite oxides, in particular PbTiO3 and BaTiO3. It was shown that the Ti 3d-O 2p hybridization is essential for the stabilization of the ferroelectric distortion. The mixing of atomic orbitals allows to soften the short-range repulsions which tend to cancel the ferroelectric distortion (It is the lone-pair of Pb). The hybridization between Pb 6s and O 2p leads to a high polarizability and a strain that stabilizes the tetragonal phase over the rhombohedral one (Cohen & Krakauer, 1992b).

The constituent ions in ferroelectrics are normally off-centred, but below the Curie temperature the directions of off-centring which does not align cooperatively; similar behaviour taking place in the ferromagnetic materials was mentioned above. The analogy is to the band theory of ferromagnetism, in which the Curie temperature is coincident with equal number of up-and down-spin electrons and no macroscopic magnetic moment. However, the large difference between ferroelectric and ferromagnetic lays in the size of domain walls. Ferromagnetic domain walls are wide, but those of ferroelectrics have a thickness of only a few lattice constants as was reported in PbTiO3 both experimentally by HR-TEM [START_REF] Stemmer | Atomistic structure of 90° domain walls in ferroelectric PbTiO3 thin films[END_REF] and theoretically using ab-initio calculations [START_REF] Meyer | Ab initio study of ferroelectric domain walls in PbTiO3[END_REF]. In turn, the domain-wall energies in ferroelectrics are considerably larger than those in typical ferromagnets. Comparison of lattice parameters determined using HR-TEM with predictions based on Landau-Ginzburg theory to extract a value of 50 mJ•m -2 for a 90° domain wall in PbTiO3 [START_REF] Stemmer | Atomistic structure of 90° domain walls in ferroelectric PbTiO3 thin films[END_REF]. For comparison, first-principles calculations give a value of 35 mJ•m -2 for a 90° domain wall and ∼150 mJ•m -2 for a 180° domain wall (with the exact value depending on the details of the symmetry used in the calculation). The same first-principles study also showed that the change in polarization in ferroelectric domains is accommodated by a reduction in the magnitude of the local atomic displacements at the domain wall [START_REF] Meyer | Ab initio study of ferroelectric domain walls in PbTiO3[END_REF]. This is in contrast to the situation in magnetic domains, where the local moments are not significantly reduced, but instead rotate their orientation through the width of the wall.

Different size dependencies and different domain wall widths in ferroelectrics and ferromagnets can be understood to result from the different mechanisms driving ferromagnetism and ferroelectricity, for ferroelectrics: electric dipoles -lattice distortion mechanism; for ferromagnetics: spinselectronic excitations mechanism. Ferromagnets prefer wide domain walls, in which adjacent magnetic moments are oriented close to each other, because the exchange coupling between magnetic moments is strong, and the magnetocrystalline anisotropy energy, which couples the spin to the lattice, is driven by spin-orbit coupling, which is comparatively weak. In ferroelectrics the situation is quite different in that the energies of the "anisotropy" and "exchange" effects are comparable. For example, the calculated energy difference in BaTiO3 between the rhombohedral ground state (in which the atoms displace along the [111] direction) and the higher-energy tetragonal phase (in which they displace along [100]) is around 5 meV per 5 atom unit cells [START_REF] Cohen | Electronic-structure studies of the differences in ferroelectric behavior of BaTiO3 and PbTiO3[END_REF].

Ferroelastics

The essential parameter of ferroelastics is the spontaneous strain, a deformation of the crystal generated by the phase transition, which has to have at least two orientations between which switching may occur. Strain and ferroelasticity can mediate the coupling between ferroelectric and ferromagnetic properties.

Piezoelectricity

The mechanical deformations in ferroelectrics are caused by the coupling between strain and ferroelectric polarization resulting in the widely applied piezoelectric response of ferroelectrics.

In epitaxial thin films, a lattice mismatch between the lattice parameters of the single crystal substrate, such as SrTiO3 (STO), LaAlO3 (LAO), and MgO, and epitaxially grown thin films can induce either compressive or tensile in-plane (i.e. horizontal) strain in these films, which will align electric polarization along vertical or horizontal directions, respectively. The "incipient ferroelectric" SrTiO3, which is generally behaving like a paraelectric material down to 𝑇 = 0 K and never becoming a ferroelectric, can be obtained as a classic ferroelectric in highly epitaxially strained STO materials [START_REF] Haeni | Room-temperature ferroelectricity in strained SrTiO3[END_REF].

Magnetostriction

When a magnetic material is magnetized, a small change in the dimensions takes place. The relative change is on the order of several parts per million (ppm) and is called magnetostriction. It works in both ways, which means if a magnetic material is deformed, depending on the magnetic material the direction of magnetization will be aligned either parallel to the direction of stress or at right angled to it. The magnetostriction energy depends on the amount of stress and on a constant characteristic of the magnetic material called the magnetostriction constant, 𝜆, as 𝐸 = 3/2𝜆 𝑠 𝜎, where 𝜎 is applied stress and 𝜆 𝑠 is saturation magnetostriction. If the sign of the magnetostriction constant is positive, then the magnetization is increased by tension and also the material expands when the magnetization is increased. On the other hand, if the magnetostriction is negative, the magnetization is decreased by tension and the material contracts when it is magnetized. The anisotropy in magnetostriction can be explained by incomplete orbital quenching and the so-called spin-orbit coupling.

For good quality soft magnetic materials, a low magnetostriction is required. Whereas in magnetostrictive transducers for such applications as ultrasonic generators, the mechanic motion generated by the magnetic excitation through magnetostriction is used, and thus a high magnetostriction is desirable in this case. Since both anisotropy and magnetostriction are intrinsic properties of a magnetic material, by tuning the chemistry and crystal structure, the magnetic properties can be adjusted for a specific application.

Single-Phase Magnetoelectric Materials

The Scarcity of Magnetic Ferroelectrics

The competition between energy-lowering covalent bonding and energy-raising repulsions decides if a cation will shift from the centre of the coordination octahedral and form an electric dipole moment. In the next paragraphs the problem of scarcity of magnetic ferroelectrics is discussed (Hill, 2000). The first requirement for a material to be ferroelectric is that it must be insulating, if not an applied electric field will induce a current before its polarization is reversed. Considering the partially filled d shells in ferromagnets, the top of the valence band and the bottom of the conduction band are occupied with transition-metal d states resulting in the same symmetry of the ground and low-lying excited states. So, the absence of energy-lowering bond formation prevents off-centering. As a result, in transition metals with partially filled d shells, the repulsive electrostatic interactions are stronger than the energy gaining from chemical bonding formation, and ferroelectric off-centring does not take place. This is the reason why the common (ferro-or antiferro-) magnetic perovskites structure oxides [e.g. LaMnO3 (LMO), SrRuO3 (SRO), GdFeO3 (GFO)] do not show ferroelectric behaviour.

Mechanisms Supporting the Coexistence of Magnetism and Ferroelectricity

The presence of d electrons (favourable for magnetism) does not favour a hybridization with oxygen and thus the cationic displacement required for ferroelectricity, therefore new ways of combining magnetism and ferroelectricity are needed to overcome this limitation. So as for ferroelectricity and magnetism to coexist in a single phase, either an alternative (non-d-state electron) mechanism for magnetism or an alternative mechanism for ferroelectricity is required.

The alternative mechanism for ferromagnetism could be in using f-electron magnetism. For example, GFO can be used due to the divalent Eu 2+ having large magnetic moment from the seven f electrons and the Ti 4+ ion having a non-magnetic d 0 electron configuration favourable for ferroelectric off-centring. Bulk EuTiO3 is not ferroelectric, but the similarity between a large permittivity increasing rapidly at low temperature and ferroelectric phase transition revealed that the small size of the Eu 2+ ion and the related small lattice parameter do not allow for the large Ti 4+ ion to offcentre (Rushchanskii et al., 2010). Therefore, via increasing the lattice parameter artificially, through tensile and compressive strains [START_REF] Fennie | Magnetic and electric phase control in epitaxial EuTiO3 from first principles[END_REF] or by replacing A-site ions with a larger ion such as Ba (Rushchanskii et al., 2010) the ferroelectric state can be induced. However, the main disadvantage of f-electron magnetism is that the tightly bound f electrons have quite low ordering temperature, for example EuTiO3 aligns antiferromagnetically at 5 K. Multiferroicity in bulk Ba-SrMnO3 (SMO) was also obtained through the strain exerted chemically by the large size of Ba 2+ ions [START_REF] Sakai | Displacement-type ferroelectricity with off-center magnetic ions in perovskite Sr1 -xBaxMnO3[END_REF]Bhattacharjee et al., 2009).

Four main types of the ferroelectric materials belonging to the nondisplacive class that enable the coexistence of ferroelectric and magnetic orders can be distinguished [START_REF] Fiebig | Revival of the magnetoelectric effect[END_REF]Cheong & Mostovoy 2007;Fiebig et al., 2016;[START_REF] Bousquet | Non-collinear magnetism in multiferroic perovskites[END_REF][START_REF] Johnson | Diffraction studies of multiferroics[END_REF][START_REF] Barone | Mechanism and origin of multiferroicity[END_REF] considering the mechanism inducing the multiferroicity (Figure 2.8). Ferroelectricity may be driven by electronic and steric effects, charge order or magnetism. In the first three types, the magnetic and ferroelectric orders occur independently, and the magnetoelectric material is classified as type I. In the last type, the ferroelectric and magnetic transitions are induced together, wherein the magnetoelectric material is classified as type II.

In magnetic perovskite oxides, multiferroicity is typically formed by using socalled lone-pair stereochemical activity of the large (A-site) cation to induce the ferroelectricity, while keeping the small (B-site) cation magnetic. The spatial asymmetry is generated by the anisotropic distribution of unbonded valence electrons around the host ion (Figure 2.8a). The lone pair on the Bi 3+ ion is the mechanism responsible for the room-temperature ferroelectricity in the Bi-based magnetic ferroelectrics, the most commonly studied of which is bismuth ferrite, BiFeO3 [START_REF] Wang | Epitaxial BiFeO3 multiferroic thin film heterostructures[END_REF]. The pair of Bi 3+ valence electrons in the 6s orbital is not involved in sp hybridization and generates a local dipole, inducing a spontaneous polarization (Lebeugle et al., 2007;Li et al., 2004;[START_REF] Wang | Epitaxial BiFeO3 multiferroic thin film heterostructures[END_REF] of ~60-100 µC/cm 2 below Curie temperature (Teague et al., 1970), TC = 1103 K. A long-range order antiferromagnetic arrangement arises below the Néel temperature (Fischer & Polomska, 1980), TN = 643 K. Among the lone-pair systems, BiFeO3 is the only roomtemperature single-phase multiferroic material, which has large and robust electric polarization and magnetoelectric coupling at T = 300 K (Kumar et al., 2011), α = 10 ps/m in 100-nm-thick film (~ 15 mV cm -1 Oe -1 considering ε = 50). Besides, in the epitaxially grown BiFeO3 thin films of the giant electric polarization beyond 150 µC/cm 2 was obtained by straining them and leading to the tetragonal crystal structure where the polarization is aligned along [001] direction (Moreau et al., 1971;Yun et al., 2004). So that Fujitsu Co. announced the application of the BiFeO3 ferroelectric material in Ferroelectric Random-Access Memory (FRAM) technology (Maruyama et al., 2007).

A second type of multiferroism is provided by so-called "geometrically-driven" ferroelectricity, which is a different type of off-centering that does not depend on covalent bond formation and thus is consistent with the coexistence of magnetism. Space-filling phenomena and geometrical constrains can generate structural instabilities in materials. When these steric effects, instead of chemical bonding RMnO3: the polarization vector is P ∝ eij × (Si × Sj), where eij is the unit vector connecting neighbouring spins and Si,j are the spins at neighbouring sites i and j. Ferroelectricity arises from symmetric spin exchange in Ca3CoMnO6 (Choi et al., 2008) shown in the middle panel, with P ∝ Rij(Si • Sj), where Rij denotes the direction along which the magnetostriction occurs. Spin-driven modulations of the chemical bond between magnetic 3d orbitals and ligand 2p orbitals (indicated by grey clouds) yield a spontaneous polarization along the bond direction in delafossites, such as CuFeO2, as expressed by the relation P ∝ (Si • eij)2eij (bottom panel). From Fiebig et al., 2016 consideration, cause ionic shifts that result in the formation of polar state, the term geometrically-driven ferroelectricity can be used (Figure 2.8b). In this case the ferroelectric phase transition is caused by a rotation instability of the coordination polyhedral and correspondent displacement of the A-site cations. This system requires an absence of tree-dimensional connectivity of the polyhedra, if not when one polyhedron rotates in one direction its connected neighbour rotates as well in the opposite direction resulting in zero net polarization. For instance, in h-RMnO3 (R=Sc, Y, In, or Dy-Lu), unit cell tripling causes the formation of a ferroelectric order [START_REF] Van Aken | The origin of ferroelectricity in magnetoelectric YMnO3[END_REF]Fennie & Rabe;2005;[START_REF] Lilienblum | Ferroelectricity in the multiferroic hexagonal manganites[END_REF] at TC ≥ 1200 K with a polarization 5.6 µC/cm 2 [START_REF] Coeuré | Ferroelectric properties of hexagonal orthomanganites of yttrium and rare earths[END_REF], whereas magnetic ordering at TN ≤ 120 K [START_REF] Fiebig | Determination of the magnetic symmetry of hexagonal manganites by second harmonic generation[END_REF]. A similar effect is demonstrated in h-LuFeO3 thin films, that shows a larger magnetic moment and ambient temperature magnetic order (Wang et al., 2013a). The layered antiferromagnetic ferroelectric BaNiF4 [START_REF] Ederer | Electric-field-switchable magnets: the case of BaNiF4[END_REF]) also falls into geometrically-driven ferroelectricity, in which an asymmetry between Ba 2+ and F -sites leads to a spontaneous polarization. A comprehensive first-principles calculations study of the existence and origin of the ferroelectric instability in the ABF3 fluoroperovskites was reported, which revealed the existence of many fluoroperovskites that have a ferroelectric instability in their high-symmetry cubic structure, which originates from ionic size effects [START_REF] Garcia-Castro | Geometric ferroelectricity in fluoroperovskites[END_REF]. Although the value is low ~0.01 µC/cm 2 , it couples to a weak ferromagnetic moment enabling its reversal with the electric polarization. Another example is the cooperation between two nonpolar lattice modes generating an electric polarization in Ca3Mn2O7 [START_REF] Benedek | Hybrid improper ferroelectricity: a mechanism for controllable polarization-magnetization coupling[END_REF].

When materials contain magnetic ions of the same element but with different valence charges, such as Fe 2+ and Fe 3+ , valence electrons can be distributed nonuniformly around their host ions in the crystal lattice to from a periodic superstructure in a non-centrosymmetric arrangement. Here, the Fe atoms in LuFe2O4 may form a superstructure with an alternating sequence of Fe 2+ and Fe 3+ ions [START_REF] Ikeda | Ferroelectricity from iron valence ordering in the charge-frustrated system LuFe2O4[END_REF]. The ordering arrangement should be switchable by an electric field, resulting in an electric polarization and ferroelectricity (Van der Brink & Khomskii, 2008) (Figure 2.8c), however, the occurrence of ferroelectricity in this material has not been shown yet [START_REF] De Groot | Charge order in LuFe2O4: an unlikely route to ferroelectricity[END_REF]. Charge polarized state is also observed in mixed manganite, such as Pr1-xCaxMnO3 that are also included in this class of multiferroics [START_REF] Jooss | Polaron melting and ordering as key mechanisms for colossal resistance effects in manganites[END_REF].

Magnetic ordering can break inversion symmetry and cause directly the polarization. The interaction of spins and charges may transfer the non-centrosymmetry from the magnetic to the electric lattice, directly generating a polar state. These magnetically induced, improper ferroelectric materials represent the ultimate change from displacive ferroelectrics, in which magnetic ordering is inhibited, towards materials in which ferroelectric polarization is induced by the formation of a symmetry-lowering magnetic ground state, such as a magnetic spiral that lacks of inversion symmetry.

Currently three main microscopic models were developed to better understand multiferroics in which ferroelectricity is magnetically induced (Figure 2.8d) [START_REF] Kimura | Spiral magnets as magnetoelectrics[END_REF].

The most widely studied mechanism is the so-called inverse Dzyaloshinskii-Moriya (DM) interaction. The DM interaction is an antisymmetric exchange coupling between two spins on a non-centrosymmetric crystallographic structure [START_REF] Dzyaloshinskii | A thermodynamic theory of "weak" ferromagnetism of antiferromagnetics[END_REF]. In the inverse DM interaction, an acentric spin structure drives a non-centrosymmetric shift of charges [START_REF] Katsura | Spin current and magnetoelectric effect in noncollinear magnets[END_REF][START_REF] Mostovoy | Ferroelectricity in spiral magnets[END_REF]. Spinorbit coupling is crucial in both DM and inverse DM interactions. The electric polarization originated in the inverse DM interaction is determined by the optimization of the spin configuration by means of antisymmetric exchange, expressed by the antisymmetric product Si × Sj of neighbouring spins Sij. It yields a one-to-one correlation between (antiferro-)magnetic order and electric polarization. This mechanism occurs in Cr2BeO4 [START_REF] Newnham | Magnetoferroelectricity in Cr2BeO4[END_REF], o-TbMnO3 (Kimura et al., 2003) and CaMn7O12 [START_REF] Terada | Differentiation between ferroelectricity and thermally stimulated current in pyrocurrent measurements of multiferroic MMn7O12 (M = Ca, Sr, Cd, Pb)[END_REF]. However, DM interaction does not account for systems in which ferroelectricity is induced by collinear spin arrangements.

In contrast to the DM interaction, the Heisenberg-like exchange striction (see Figure 2.8d) defines an acentric displacement of charges derived from the optimization of the symmetric spin product Si • Sj [START_REF] Sergienko | Role of the Dzyaloshinskii-Moriya interaction in multiferroic perovskites[END_REF]Fiebig et al., 2016). The mechanism was first discovered in perovskite TbMn2O5 [START_REF] Hur | Electric polarization reversal and memory in a multiferroic material induced by magnetic fields[END_REF]. The dominance of the non-relativistic symmetric mechanism (|Si • Sj| > |Si × Sj|) is demonstrated in (o-) TbMnO3, in which an increase in the polarization is achieved when a cycloidal order (parameterized by Si × Sj) transforms into a collinear antiferromagnetic order (Si • Sj) under pressure [START_REF] Aoyama | Giant spindriven ferroelectric polarization in TbMnO3 under high pressure[END_REF]. Among the spindriven ferroelectrics, symmetric Heisenberg-like exchange striction leads to a larger polarization that antisymmetric DM exchange. This is reflected by (o-) TbMnO3, which experiences a transition from a spiral order (Ps≤0.1 µC cm -2 ) to a collinear antiferromagnetic order (Ps~1 µC cm -2 ) under pressure [START_REF] Sergienko | Role of the Dzyaloshinskii-Moriya interaction in multiferroic perovskites[END_REF]. The largest spin-spiral-driven polarization has been claimed for CaMn7O12 (Ps~0.3 µC cm -2 ) (Johnson et al., 2012).

In delafossite system, such as CuMO3 (M=Fe, Cr), CuFe1-xAlxO2 [START_REF] Arima | Ferroelectricity induced by proper-screw type magnetic order[END_REF]Nakajima et al., 2007;Frontzek et al., 2011), a spontaneous polarization P ≤ 0.03 µC/cm 2 is induced by a screw-like spin structure with Si × Sj = 0. This polarization is driven by a variation in the metal-ligand hybridization as a function of spin-orbit coupling [START_REF] Arima | Ferroelectricity induced by proper-screw type magnetic order[END_REF].

Artificial Magnetoelectric Nanostructured Composites

Until now, the focus has been primarily on the mechanisms permitting the combination of ferroelectric and magnetic order in a single-phase material. The alternatives are hybrid systems, such as composite multiferroic materials. Magnetoelectric composites made by combining ferroelectric and magnetic phases are a novel class of next generation multifunctional materials that have drawn significant interest in recent years (Nan et al., 2008;Martin et al., 2008;Schileo, 2013;Srinivasan, 2010;Spaldin & Fiebig, 2005;Eerenstein et al., 2006). In particular, the indirect strain mediated coupling interaction between piezoelectric and magnetostrictive constituents could produce large ME responses. For example, magnetoelectric thin-film cantilever made of AlN and FeCoSiB showed a ME coefficient as large as ~20 kV cm -1 Oe -1 at 152 Hz [START_REF] Kirchhof | Giant magnetoelectric effect in vacuum[END_REF], and (BaTiO3-BiFeO3)×15 ultrathin multilayer composite showed 𝛼~55 V cm -1 Oe -1 at 1 kHz (Lorenz et al., 2017). The highest low-frequency ME coupling in bulk thin-film composite ~52 V cm -1 Oe -1 at 1 kHz was observed in Metgals/PZT (fiber)/Metglas composite (Wang et al., 2011). The composites show 3-6 orders of magnitude higher 𝛼 than for single-phase ME materials such as Cr2O3 𝛼~4.14 ps m -1 or 22.4 mV cm -1 Oe -1 at 260 K [START_REF] Wiegelmann | Magnetoelectric effect of Cr2O3 in strong static magnetic fields[END_REF][START_REF] Pyatakov | Magnetoelectric and multiferroic media[END_REF], which can be attributed to the large intrinsic polarization (e.g. BTO, PZT & BFO), piezoelectric coefficient (e.g. AlN, PZT, PZN-PT & PMN-PT), magnetostrictive constant (Metglas, CFO & Terfenol-D), and magnetization (e.g. CoFeB,FeGaB,FeCoV,FeCoSiB & FeBSiC) in these systems (Nan et al., 2008). The ME effect in composite materials is known as a product tensor property which results from the cross interaction between piezoelectric and magnetostrictive ordering of the two phases.

ME composite architectures have been elaborated in several geometries (Figure 2.9) like horizontal multilayer structures (Ryu et al., 2012;Mori & Wuttig, 2002;Fang et al., 2009), particles embedded in a matrix (Van Run et al., 1974;Islam & Priya, 2009), as well as low-dimensionality heterostructures such as laminated and epitaxial self-assembled vertically aligned heterostructures (Zheng et al., 2004;Yan et al., 2009;Zheng et al., 2006;Li et al., 2005a) including the sub-class coaxial nanocables (Yao et al., 2010;Xie et al., 2011;Zhu et al., 2014). However, to precisely control the strain value as well as to miniaturise the composites for future application technology in nanodevices, the development of the thin-film architectures corresponding to these three geometries is required, which is discussed in the present Section.

Multilayer (2-2) Thin-Film Nanocomposites

Ferromagnetic and ferroelectric oxide thin films can be grown epitaxially either on single crystal or even on Pt/Si substrates layer by layer with atomic-scale precision, with much better control than for bulk crystals. In the beginning, these techniques were mostly used to reproduce multiferroic bulk phases in thin films, and this was done in compounds such as o-TbMnO3, h-RMnO3, BiFeO3, and EuTiO3 [START_REF] Wang | Epitaxial BiFeO3 multiferroic thin film heterostructures[END_REF][START_REF] Glavic | Stability of spin-driven ferroelectricity in the thin-film limit: coupling of magnetic and electric order in multiferroic TbMnO3 films[END_REF]Marti et al., 2006;[START_REF] Fennie | Magnetic and electric phase control in epitaxial EuTiO3 from first principles[END_REF]. The most successful multiferroic candidates were BiFeO3 thin films, which were grown in a large range of structural configurations (e.g. tetragonal lattice) that are inaccessible in bulk crystals. The comprehensive reviews for these structures have been reported previously [START_REF] Yang | Strain effects on multiferroic BiFeO3 films[END_REF]Heron et al., 2014a;[START_REF] Sando | BiFeO3 epitaxial thin films and devices: past, present and future[END_REF]. This section is dedicated to the classification of magnetoelectric effects in multiferroic heterostructures. In particular, the effects of strain, heteroepitaxy and interfaces in horizontal and vertical heterostructures. The interfaces between different phases can transfer the strain-stress mechanical interaction between the constituents (e.g. strain-stress deformation).

A general problem of the single-phase multiferroics is their antiferromagnetic order, because the cancelation of a macroscopic net magnetization makes them technologically unsuitable. This limitation of the antiferromagnet can be overcome by growing it on the ferromagnetic materials (bilayers, multilayers). Exchange bias occurs when the antiferromagnet is in contact with the ferromagnet and gives shift and hardening of the ferromagnetic hysteresis resulting from interfacial exchange interaction with adjacent antiferromagnet. Similar mechanism is used in the read-write heads in hard disk technology. Coupling an electrically-tuneable antiferromagnet with a ferromagnetic layer could enable the control of the magnetic exchange bias with an applied electric field and to shift the ferromagnetic hysteresis loop via voltage. The current operation principle could be used for low-energy magnetoelectric memories (Scott, 2007a;[START_REF] Bibes | Multiferroics: towards a magnetoelectric memory[END_REF]. In this regard, a theoretical prediction of magnetoelectric coupling shown in BiFeO3 (Ederer & Spladin, 2005) was followed by the experimental proof of a modification of the exchange bias at room temperature in BiFeO3-CoFe [START_REF] Allibe | Room temperature electrical manipulation of giant magnetoresistance in spin valves exchange-biased with BiFeO3[END_REF]. Another significant breakthrough was achieved through the observation of an electrically induced rotation of the magnetization in a microscopic BiFeO3-CoFe dot [START_REF] Chu | Electric-field control of local ferromagnetism using a magnetoelectric multiferroic[END_REF], wherein a repeatable magnetization reversal by an electric field was demonstrated at room temperature (Heron et al., 2014b); that is the main requirement for the memory application of magnetoelectric multiferroics.

Another mechanism for the magnetoelectric coupling of multiferroic thin films is epitaxial strain. By choosing a substrate with specific lattice constant, wide range of tensile and compressive strains can be obtained. The corresponding change of the lattice constant can induce a transition to new material phases or modify the present one. Strain was used to confirm the correlation between ferroelectric and magnetic spiral order in BiFeO3 [START_REF] Sando | Crafting the magnonic and spintronic response of BiFeO3 films by epitaxial strain[END_REF]. Strain can generate ferroic order in nonferroic compounds, such as SrTiO3 [START_REF] Haeni | Room-temperature ferroelectricity in strained SrTiO3[END_REF], SrMnO3 [START_REF] Becher | Strain-induced coupling of electrical polarization and structural defects in SrMnO3 films[END_REF] and EuTiO3 [START_REF] Lee | A strong ferroelectric ferromagnet created by means of spin-lattice coupling[END_REF]; in the last one the polar order coexists with magnetic order. Finally, strain can be used to couple ferroelectric and ferromagnetic domains across an interface through piezoelectric-magnetostrictive coupling, or strain-stress mediated magnetoelectric coupling [START_REF] Duan | Predicted magnetoelectric effect in Fe/BaTiO3 multilayers: ferroelectric control of magnetism[END_REF][START_REF] Molegraaf | Magnetoelectric effects in complex oxides with competing ground states[END_REF]. This effect was experimentally shown in BaTiO3-CoFe system, where it was revealed that the anisotropy and ordering temperature of interfacial magnetism can be changed by electric field [START_REF] Lahtinen | Electric-field control of magnetic domain wall motion and local magnetization reversal[END_REF]. However, this interaction is mainly a product of epitaxial interfaces rather than a magnetoelectric response in magnetostrictivepiezoelectric composites with unspecified, rough interfaces that serve as strain mediators (Nan et al., 2008).

Magnetoelectric effect can also be produced at the interface between two constituent phases. New properties may be generated at the interface due to low local symmetry, confinement effects, strain gradients and chemical anisotropy. Indeed, the multiferroic nature of the interface between Fe, or Co, and a BaTiO3 was shown, wherein the multiferroicity is maintained within several atomic layers around the interface [START_REF] Valencia | Interface-induced room-temperature multiferroicity in BaTiO3[END_REF]. Interestingly, interfaces break space-but not timeinversion symmetry. Therefore, the magnetization axis at the interface can be changed by an applied electric field, but the direction along this axis remains stable unless an external magnetic field is applied.

Particulate (0-3) Thin-Film Nanocomposites

Particulate multiferroic thin-film nanocomposites are typically fabricated by selfassembly. By simply mixing the precursors of the ferroelectric and ferromagnetic materials, which cannot form a solid solution, such as BaTiO3 and NiFe2O4, selfassembled (0-3) nanocomposite thin films can be prepared. The surface energy of the materials was found to play a critical role in determining the microstructure of the (0-3) thin-film nanocomposites. The self-assembled two-phase thin-film nanocomposites, combining perovskite ferroelectrics (e.g. BTO, PZT, and BFO) with spinel ferromagnetic materials (e.g. CFO and NFO), showed large magnetoelectric coefficient at room temperature. In a previously reported polymer-assisted deposition of the BTO-CFO particulate nanocomposites, four separate solutions with Ba, Ti, Co, and Fe bound to polymer were prepared, respectively (Yan et al., 2011). Ba and Fe were bound as an ethylenediaminetetraacetic acid (EDTA) complex to polyethyleneimine (PEI). Co was bound to PEI directly. The Ti solution was made by adding the mixture of 30% peroxide and titanium chloride in water to the solution mixed with PEI and EDTA. The prepared solutions were purified and concentrated in a filtration unit. Inductively coupled plasma optical emission spectrometer was used to analyse the final concentration of Ba, Ti, Co, and Fe ions in the four solutions, respectively. These solutions were mixed to the final solution with the molar ratio of Ba:Ti:Co:Fe=1:1:1:2. The resulting solution was spin-coated on the LaAlO3 (LAO) substrate. The thermal crystallization was then performed with oxygen. First the polymer was pyrolyzed by initially slowly heating it to 550 °C at the rate of 1-5 °C/min. Then the samples were annealed by heating at 900 °C for 1 h to induce crystallization. XRD analysis showed that the BaTiO3 thin film is epitaxial, while CFO is c-axis oriented. The magnetic properties of CFO were characterized using Magnetic Force Microscopy (MFM), wherein the magnetic domains were observed showing that the CFO phase is dispersed uniformly in the BTO film. The microstructure of the BTO-CFO particulate composite was characterized using the cross-section TEM, revealing that BTO phase is epitaxially grown on the substrate forming the matrix in the nanocomposite, while CFO nanoparticles were embedded in the BTO matrix.

Correspondingly, the BTO-NFO particulate thin-film nanocomposites were prepared using the polymer-assisted deposition technique (Luo et al., 2007). However, in contrast to the BTO-CFO system, the BTO nanoparticles were embedded into the NFO matrix. This difference between self-assembly of the BTO-CFO and BTO-NFO nanocomposites was ascribed to the surface energy. It was found that the surface energy of (001) CFO (1.486 J/m 2 ) is larger than (001) BTO (1.26 J/m 2 ), whereas the surface energy of (001) BTO is larger than (001) NFO (1.161 J/m 2 ). The material with lower surface would like to wet the one with a higher surface energy, forming a matrix surrounding the material with larger surface energy. Therefore, for the BTO-CFO nanocomposites, the BTO is the matrix, meanwhile for the BTO-NFO nanocomposite, the NFO is the matrix.

Vertically Aligned (1-3) Thin-Film Nanocomposites

Intensive research in the field of multiferroic nanocomposites has opened new routes such as the fabrication of vertically aligned thin-film nanocomposites, i.e. nanopillars embedded in a matrix, the so called (1-3) connectivity nanocomposite. As compared to the conventional multilayer (2-2) thin-film nanocomposites, these types of nanocomposites offer the advantage to reduce the substrate imposed clamping effect, which is known to suppress both the piezoelectric response as the magnetoelastic coupling mediated by lattice deformation [START_REF] Nan | Magnetic-field-induced electric polarization in multiferroic nanostructures[END_REF]Nagarajan et al., 2004), and to enhance the interfacial surface area between the two phases, so that large magnetoelectric (ME) coupling can be expected (Nan et al., 2008;[START_REF] Bichurin | Theory of low-frequency magnetoelectric coupling in magnetostrictive-piezoelectric bilayers[END_REF]. This approach using vertically aligned multiferroic nanocomposites is relatively new, and extensive research is still needed to describe the nature of the heteroepitaxy as well as the coupling mechanisms, the interfacial and ferroelectric-ferromagnetic domain boundary effects.

Up to now, large number of (1-3) thin-film nanocomposites from spinel and perovskite systems, including BaTiO3-CoFe2O4 (BTO-CFO) (Zheng et al., 2004), BiFeO3-CoFe2O4 (BFO-CFO) [START_REF] Zavaliche | Electric fieldinduced magnetization switching in epitaxial columnar nanostructures[END_REF], PbTiO3-CoFe2O4 (PTO-CFO) (Levin et al., 2006), PbZr0.52Ti0.48O3-CoFe2O4 (PZT-CFO) [START_REF] Wan | Controllable phase connectivity and magnetoelectric coupling behavior in CoFe2O4-Pb(Zr,Ti)O3 nanostructured films[END_REF], Bi5Ti3FeO15-CoFe2O4 (BTFO-CFO) (Imai et al., 2013), PbMg1-xNbxO3-PbTiO3-CoFe2O4 (PMN-PT-CFO) (Wang et al., 2014a), BiFeO3-NiFe2O4 (BFO-NFO) [START_REF] Benatmane | Voltage-dependent ferromagnetic resonance in epitaxial multiferroic nanocomposites[END_REF], and BiFeO3-CoxNi1-xFe2O4 (BFO-CNFO) (Ojha et al., 2016) were fabricated using pulsed laser deposition (PLD) technique.

Under appropriate growth conditions, nanopillar arrays of the magnetic component form in a ferroelectric matrix; due to the close oxygen sublattice parameters, both phases grow epitaxially, both in-plane and perpendicular to the substrate. For BaTiO3 -CoFe2O4 multiferroic nanocomposites, a sizeable change in the magnetic properties that arises from strain-induced magnetoelastic interaction between the BaTiO3 and the CoFe2O4 nanopillars is observed as the system passes through the ferroelectric critical temperature, (Zheng et al., 2004;[START_REF] Nan | Magnetic-field-induced electric polarization in multiferroic nanostructures[END_REF][START_REF] Ryu | Magnetoelectric effects of nanoparticulate Pb(Zr0.52Ti0.48)O3-NiFe2O4 composite films[END_REF] as shown in Figure 2.10. (Zheng et al., 2004) The vertical disposition of the nanopillars is more favourable for magnetoelectric coupling, [START_REF] Ryu | Magnetoelectric effects of nanoparticulate Pb(Zr0.52Ti0.48)O3-NiFe2O4 composite films[END_REF] as it minimizes the clamping effect due to strong in-plane elastic coupling to the substrate. Room temperature magnetization reversal induced by an electric field was demonstrated in BiFeO3 -CoFe2O4 multiferroic nanocomposites [START_REF] Zavaliche | Electric fieldinduced magnetization switching in epitaxial columnar nanostructures[END_REF][START_REF] Zavaliche | Electrically assisted magnetic recording in multiferroic nanostructures[END_REF].

In terms of nanocomposite assembly, controlling the degree of ordering in the array of nanopillars is one of the most challenging tasks. The formation of self-assembled, vertical nanocomposites with long-range ordering will have great impact in the field of artificial multiferroic nanocomposites. Particularly active research has been focused in improving the nanopillars ordering. In order to control the long-range ordered vertical interface, anodic aluminium oxide (AAO) membranes were used as a hard mask to fabricate PZT-CFO and BFO-CFO (1-3) nanocomposites [START_REF] Gao | Microstructure and properties of well-ordered multiferroic Pb(Zr,Ti)O3/CoFe2O4 nanocomposites[END_REF]Stratulat et al., 2013). The PZT-CFO (1-3) nanocomposites were prepared via PLD deposition through an ultrathin AAO membrane of the CFO dots, followed by the mechanical removal of the AAO mask and then another constituent, PZT, in form of dots or film was deposited by PLD as well [START_REF] Gao | Microstructure and properties of well-ordered multiferroic Pb(Zr,Ti)O3/CoFe2O4 nanocomposites[END_REF]. To grow BFO-CFO (1-3) nanocomposites, first, CFO nanodots were deposited by PLD technique through AAO masks as nucleation centres with hexagonal symmetry (Stratulat et al., 2013). Then the BFO-CFO (1-3) vertically aligned system was grown by PLD technique from a mixed target resulting in a thicker BFO-CFO nanocomposite as compared to the mentioned earlier PZT-CFO system, in which the PZT film was grown on top of the CFO dots from an individual target.

As alternative to AAO masks to prepare BFO-CFO (1-3) nanocomposites a triblock copolymer was used as a mask to etch the square array of holes on STO substrate, followed by the CFO nuclei PLD growth in the patterned pits. (Choi et al. 2014) Then a thin BFO layer was deposited by PLD to cover the mesas, and finally, a thick BFO/CFO nanocomposite was grown from BFO and CFO targets by PLD. Another approach to etch the Nb-doped STO substrate with shallow pits was reported by the same group using a Ga focused ion beam (FIB). Then similar strategy was used to grow BFO-CFO (1-3) nanostructure. First, the CFO islands were grown selectively by PLD at the substrate template sites, then a thin BFO film was grown by PLD, which covered the rest of the substrate. Finally, the few-nm-thick well-ordered BFO-CFO composite layer was used as a guide for the directed growth of a thick self-assembled nanocomposite from two separate BFO and CFO targets.

Another work demonstrated the preparation of the BFO-CFO (1-3) nanocomposites using pulsed electron deposition and e-beam lithography (Comes et al., 2012). Briefly, the CFO film was deposited using pulsed electron deposition (PED), then the asdeposited CFO film was etched using Ar ion, followed by the deposition of 1-nm-thick BFO film using PED. Finally, CFO and BFO were co-deposited using PED to form a thick epitaxial nanocomposite. 

Alternative Strategies for the Growth of Vertically Aligned (1-3) Multiferroic Nanocomposites

The main problems of the PLD based self-assembly are low reproducibility of the pillars, high-cost, low scale, and high complexity in fabrication. Alternatively, vertically aligned (1-3) multiferroic nanocomposites can be prepared in two steps: (i) preparation of the free-standing vertically aligned nanopillar arrays and (ii) deposition of the constituent matrix, film, or layer on top of the nanopillars using different Physical Vapour Deposition (PVD) and Chemical Vapour Deposition (CVD) techniques.

Recently free-standing and vertically aligned BTO and PZT nanocomposites were prepared using low-cost and large scale chemical methods (Yao et al., 2017;Zhang et al., 2016). Highly-oriented BTO nanorod arrays were fabricated using hydrothermal reaction on the glass substrate (i.e. alkaline treatment of the TiO2 nanorod arrays) (Yao et al., 2017). Whereas, the PZT nanocups were prepared by dipping a PZT solution into the AAO template, followed by annealing (Zhang et al., 2016). Then the residual PZT film on the AAO membrane was removed by Ion Beam Etching. After the Ion Beam Etching process, the remaining AAO was chemically dissolved revealing the arrays of PZT nanocups.

On the other hand, the ferromagnetic metal nanopillar arrays can be grown by electrochemical deposition into nanoporous templates. The geometric parameters of the grown nanopillars can be tuned by adjusting the morphological features of the hosting template (e.g. pore diameter, height, pores density, and porosity). The templating method can be implemented using three main host materials, which are block copolymers (Tang et al., 2008), track-etched polymer membranes (Ferain et al., 2003), and porous oxide templates. The magnetic nanowires can be subsequently electrodeposited into the nanochannels of those oxide or polymer membranes (Piraux et al., 1994). Recently, a new type of vertically aligned magnetic nanocomposites was developed, the 3D interconnected magnetic nanowire networks using the track-etched polymer membranes containing porous 3D nanochannel networks (Araujo et al., 2015).

In the second step of multiferroic nanocomposites preparation, the deposition of nanoscale matrix (or top layer) on of the nanopillar (or nanowire) arrays could be conducted by either top-down processingusing bulk ceramic targets as a source for the nanomaterials formation, including physical vapour deposition (e.g. sputtering deposition and pulsed laser deposition), focused ion-beam and electron beam writing, or bottom-up processingusing self-organization of atoms and molecules in aqueous and gas phases to built-up the nanomaterials, including molecular beam epitaxy, atomic layer deposition, metal-organic chemical vapour deposition, and chemical solution deposition (e.g. sol-gel, co-precipitation, and hydrothermal syntheses). The possibility of the integration of functional PZT films with the on-chip copper foil using sol-gel spin-coating has been reported (Kingon & Srinivasan, 2005). High-quality PZT films were deposited on Si substrates using Metal-Organic Chemical Vapour Deposition (Yokoyama et al., 2003), PLD [START_REF] Dekkers | [END_REF], sol-gel (Fe et al., 2001;Taylor and Damjanovic, 2000;Gong et al., 2003) and RF magnetron sputtering [START_REF] Adachi | [END_REF]Kalpat & Uchino, 2001). Among them, sol-gel is a flexible, facile, and inexpensive chemical synthesis method to deposit polycrystalline or textured films with preferential orientation providing possibility to fabricate large-scale thick films. However, to grow the epitaxial oxide thin films with excellent crystal structure, atomic thickness control, and good interface matching, the conventional chemical solution deposition is replaced by the PVD techniques (e.g. PLD, molecular beam epitaxy [MBE] and magnetron sputtering) on the oxide substrates such as SrTiO3.

There is also a significant interest in the use of template-assisted synthesis methods due to their proven reliability, flexibility, and reproducibility in order to build wellordered three-dimensional arrays of nanocables (NCs) with high aspect ratio and high surface areas (Andrew et al., 2014;Liu et al., 2012a;Liu et al., 2012b;Liu at el., 2007;Johnson et al., 2011;[START_REF] Narayanan | [END_REF]. In a previous work (Sallagoity et al., 2015a), the two-step elaboration of BaTiO3-Ni (BTO-Ni) NC arrays within porous anodic aluminium oxide (AAO) templates was reported, and the limitations inherent to annealing temperature was pointed out (Yang et al., 2003;Xiao et al., 2002;Sallagoity et al., 2016). Thermal treatment performed at too high temperature: (i) may affect the ferroelectric BTO shell microstructure through defects-driven surface rearrangement and diffusion inside the AAO pores, or it (ii) may induce the template curvature and hence hinder the subsequent Ni electrodeposition into the BTO-coated AAO pores. Meanwhile, composites made of PbZr0.52Ti0.48O3-CoFe2O4 (PZT-CFO) are very appealing, as PZT with composition near the morphotropic phase boundary (MPB) exhibits excellent FE and piezoelectric properties, whereas CFO displays large magnetocrystalline anisotropy, high coercivity, and moderate saturation magnetization (Nan et al., 2008). Most of the studies devoted to coaxial PZT-CFO were based on electrospinning (Xie et al., 2008;Xie et al., 2011;Xie et al., 2013) and sol-gel deposition into AAO pores (Hua et al., 2008;Tang et al., 2017).

Co-axial electrospinning is a flexible technique based on the sol-gel deposition, which can be used to synthesize a large variety of multiferroic core-shell nanocables, including BFO-CFO (Zhu et al. 2014) and BTO-CFO (Fu et al., 2015). Additionally, the core-shell multiferroic NCs can be prepared using a combination of sol-gel deposition and crystallization of FE shells into porous AAO and subsequent electrodeposition of ferromagnetic (FM) cores into the as-deposited FE shells, as was previously demonstrated for BFO-Co, PZT-Co (Johnson, S. H., 2011), BFO-Ni (Shi et al., 2014) and BTO-Co [START_REF] Narayanan | [END_REF] core-shell nanowires. After the electrodeposition of FM core inside FE shell, a thermal oxidation can be conducted in order to transform metallic core into insulating spinel magnetic oxide, as was demonstrated for the vertically aligned PZT-NFO core-shell NC arrays (Liu, et al., 2007). Alternatively, PZT-Fe core-shell structure was obtained by Fe wire arrays electrodeposition inside polycarbonate membranes, followed by template dissolution and PZT sol-gel spin-coating and crystallization [START_REF] Baibarac | Synthesis and Raman scattering of multiferroic Fe-Pb(Zr0.2Ti0.8)O3 core-shell wire arrays[END_REF].

Magnetoelectric Coupling

The independent coexistence of two or more ferroic orderings in one material could result in the coupling between magnetic and electric degrees of freedom and additional phenomena [START_REF] Hill | Density functional studies of multiferroic magnetoelectrics[END_REF]. The linear and quadratic magnetoelectric effects are already well defined [START_REF] Fiebig | Proceedings of the 5th International Workshop on Magnetoelectric Interaction Phenomena in Crystals[END_REF]. Wherein a magnetization linear or quadratic in the applied field strength is induced by an electric field (or vice versa, an electric polarization is induced by a magnetic field). The free energy, F, can be expended in terms of the electric field E and magnetic field H as: Here, 𝑃 𝑖 and 𝑀 𝑖 are the spontaneous polarization and magnetization in direction 𝑖, 𝜀 𝑖𝑗 and 𝜇 𝑖𝑗 are the relative permittivity and permeability, 𝜀 0 = 1/(𝑐 2 𝜇 0 ) and 𝜇 0 = 4𝜋 • 10 -7 are free space permittivity and permeability, 𝛼 is the linear magnetoelectric susceptibility tensor, and 𝛽 and 𝛾 are the bilinear magnetoelectric susceptibility tensors describing the EHH and HEE effects. The symmetry group that allows the existence of the linear and bilinear magnetoelectric effects, and the form of the corresponding tensors have been tabulated [START_REF] Ascher | Higher-order magnetoelectric effects[END_REF]Grimmer, 1994). Note that the linear magnetoelectric effect can only take place in crystals with ferromagnetic or antiferromagnetic point groups, although bilinear effects can occur in diamagnetic and paramagnetic materials.

𝐹(𝐸,

Magnetoelectric Effect Measuring Units

There are three systems of units for the coefficient of the linear ME effect which have been used by different authors (Schmidt, 2003): the "Gaussian system in conventional form", the "Gaussian system in rationalized form" and the "SI-system". The relation between the three kinds of unit is the following: 4𝜋𝛼 𝑖𝑗 𝑟 = 𝛼 𝑖𝑗 ′ = 3 × 10 8 𝛼 𝑖𝑗 , where 𝛼 𝑖𝑗 𝑟 is expressed in rationalized Gaussian units, 𝛼 𝑖𝑗 ′ in Gaussian (conventional, nonrationalized) units and 𝛼 𝑖𝑗 in SI units. The SI unit is [s/m].

Typically, the electrical response can be measured in terms of either current or voltage, and accordingly two types of technical units are used in literature (Eerenstein et al., 2006). The technical voltage units [V cm -1 Oe -1 ] and [V A -1 ] are often used in the literature, where the conversion relation between two units is 1 

[V A -1 ] = 0.796 [V cm - 1 Oe -1 ],
[C m -2 Oe -1 ] = 10 -2 𝜀 0 𝜀 𝑖𝑗 [V cm -1 Oe -1 ].

Linear Magnetoelectric Effect

The basic physics behind the linear magnetoelectric effect was described in detail elsewhere [START_REF] Fiebig | Revival of the magnetoelectric effect[END_REF]. The term "magnetoelectric" was first given in 1957 by Landau and Lifshitz in their classic Electrodynamics of Continuous Media [START_REF] Landau | Electrodynamics of Continuous Media[END_REF], where they assumed that applied electric field should in principle induce magnetization in certain magnetically ordered crystals. The first practical proposal was made two years later by Dzyaloshinskii [START_REF] Dzyaloshinskii | On the magneto-electrical effect in antiferromagnets[END_REF] who demonstrated, using symmetry arguments and thermodynamics, that the effect should occur in Cr2O3 and not long time after it was showed experimentally by Astrov [START_REF] Astrov | The magnetoelectric effect in antiferromagnetics[END_REF].

The linear magnetoelectric effect is described as the first-order magnetic response of a system to an applied electric field, or the electrical polarization induced by an applied magnetic field [START_REF] O'dell | The Electrodynamics of Continuous Media[END_REF][START_REF] Fiebig | Revival of the magnetoelectric effect[END_REF]:

𝑃 𝑖 = 𝛼 𝑖𝑗 𝐻 𝑗 (2.10) 𝑀 𝑖 = 𝛼 𝑖𝑗 𝐸 𝑗 , (2.11) where 𝛼 is the magnetoelectric tensor (in Gaussian units). An electric field both displace the magnetic cations relative to the anions and modifies the electronic wavefunctions resulting in a change in the magnetic interactions, mediated mostly by the spin-orbit coupling.

There are three restrictions on 𝛼 that have to be taken into account while designing news magnetoelectric systems. Firstly, certain symmetry requirements must be fulfilled for α to be non-zero. Secondly, for the case with allowed symmetry there are defined bonds on the magnitude of its component. The material must be electrically insulating so that it is able to sustain an electric polarization. 𝛼 𝑖𝑗 can only be non-zero when materials are neither time-reversal nor space-inversion symmetric (i.e. timeasymmetric and without a centre of symmetry) [START_REF] O'dell | The Electrodynamics of Continuous Media[END_REF]. The linear magnetoelectric effect is defined by a term in the thermodynamic potential 𝛷 that is linear in both the magnetic and electric fields: 𝛷 = -𝛼 𝑖𝑗 𝐸 𝑖 𝐻 𝑗 .

(2.12)

Therefore, since 𝐸 is a polar vector and 𝐻 an axial vector, α must be odd under both space inversion and time reversal, and symmetric under the product of the two operations, for the free energy to be invariant. In other words, to have a non-zero linear magnetoelectric response a material must be both magnetically ordered (to lift the timereversal symmetry) and must lack an inversion centre (to lift the space-inversion symmetry). As a result, all magnetic ferroelectrics have a linear magnetoelectric response; in addition, this requirement can be met in cases where a noncentrosymmetric magnetic ordering lifts the inversion centre.

The magnitude of all elements of the magnetoelectric tensor are bounded by the product of the geometrical means of the corresponding elements of the magnetic and electric susceptibilities, 𝜒 𝑚 and 𝜒 𝑒 [START_REF] Brown | Upper bound on the magnetoelectric susceptibility[END_REF]. Here,

𝛼 𝑖𝑗 < √ 𝜒 𝑖𝑖 𝑒 𝜒 𝑗𝑗 𝑚 .
(2.13)

An analogous relation can be obtained on the basis of thermodynamic theory [START_REF] Brown | Upper bound on the magnetoelectric susceptibility[END_REF] 𝛼 𝑖𝑗 < √ 𝜀 𝑖𝑗 𝜇 𝑖𝑗 . (2.14) This shows the advantage of multiferroic magnetoelectric nanocomposites over the single-phase materials, since the magnitude of linear magnetoelectric response in single-phase magnetoelectric materials is limited and the occurrence of simultaneously large permeability and large permittivity is chemically contra-indicated (Hill, 2000).

The possibility for obtaining larger linear magnetoelectric response through optimization of 𝛼 in single-phase materials is rather limited.

Determination of Magnetoelectric Coupling Constants

The major challenge relating to magnetoelectric measurements is to make samples sufficiently insulating to prevent leakage currents contributing to the measured signal -a widespread problem undermining the measurement of ferroelectric polarization loop (Eerenstein et al., 2006;[START_REF] Dawber | Physics of ferroelectric thin film oxides[END_REF]. Magnetoelectric coupling can be measured indirectly by observing variation in either the magnetization near a ferroelectric phase transition temperature (Zheng et al., 2004), or the permittivity near a magnetic transition temperature. The resulting effects are defined as "magnetocapacitance" or "magnetodielectric response". It was previously shown the frequently reported effects could be also originated in magnetoresistance or Maxwell-Wagner effects alone [START_REF] Catalan | Magnetocapacitance without magnetoelectric coupling[END_REF], and that the signature of true magnetocapacitance is high-frequency endurance and low loss. However, even real magnetocapacitance measurements do not determine magnetoelectric coupling constants.

Direct measurements are more challenging (Eerenstein et al., 2006;[START_REF] Fiebig | Revival of the magnetoelectric effect[END_REF]Nan et al., 2008). They record either the magnetic response to an applied electric field or an electrical response to an applied magnetic field. The former scenario, so-called converse magnetoelectric effect, typically requires electrically addressing the sample in a magnetometer [START_REF] Zavaliche | Electric fieldinduced magnetization switching in epitaxial columnar nanostructures[END_REF], and the magnetoelectric coefficient, also called magnetoelectric susceptibility, is defined as 𝛼 𝐶 = 𝜇 0 𝑑𝑀/𝑑𝐸. The Gaussian unit is Oe cm V -1 or G cm V -1 . However, this reading mode will complicate the device structure because additional layers such as a magnetic tunnel junction is required to detect the change of local magnetization [START_REF] Shen | Nonvolatile Memory Based on Nonlinear Magnetoelectric Effect[END_REF]. Therefore, to solve this problem and to read information the latter scenario is more commonly measured, so called direct magnetoelectric effect, where the electrical response can be measured in terms of either current or voltage, and the magnetoelectric coefficient is defined as 𝛼 𝐷 = 𝑑𝑃/𝑑𝐻 . The time-integrated current per unit area directly represents the magnetically induced change of polarization in equation (2.10), that is magnetoelectric charge coefficient, 𝛼 𝑃 = 𝑑𝑃/𝑑𝐻 , ignoring higher-order terms. Measurement of voltage, however, results in empirical coupling coefficient commonly denoted as magnetoelectric voltage coefficient or magnetoelectric voltage response, 𝛼 𝐸 , which assuming linearity take the form 𝛼 𝐸 = 𝑑𝐸/𝑑𝐻 . In this way, both the writing and reading operations are convenient and efficient.

Theoretical Computation of Magnetoelectric Effect in

Vertically Aligned (1-3) Thin-Film Nanocomposites

The effective coupling properties of magnetoelectric nanocomposites were previously described in a convenient matrix formulation by using the Green's function technique [START_REF] Nan | Magnetoelectricity in Composites[END_REF]. This method explains the effect of the composite microstructure (e.g. phase volume composition, phase connectivity, aspect ratio) on the physical properties of multiferroic nanocomposites. In the composites based on piezoelectric and magnetostrictive materials, the magnetoelectric effect is mediated by strain. The strainmediated magnetoelectric coupling in the nanocomposites can be calculated by the Green's function method. The magnetoelectric effect in nanocomposites is a product tensor property [START_REF] Van Suchtelen | Product properties: a new application of composite materials[END_REF] resulting from the interfacial mechanic interaction between two phases in the composite. Thus, the magnetoelectric coupling effect is a product of the magnetostriction (magnetic-mechanical effect) in the ferromagnetic phase and piezoelectricity (mechanical-electrical effect) in the ferroelectric phase [START_REF] Nan | Magnetoelectric effects in composites of piezoelectric and piezomagnetic phases[END_REF], and is a coupled electrical and magnetic phenomenon by elastic interaction. Similarly, a coupled magnetoelectric effect can also be obtained by thermal interaction in a pyroelectric-pyromagnetic composite. For the direct magnetoelectric effect, 𝛼 𝑖𝑗 𝐷 , a magnetic field is applied to a composite, the magnetic constituent phase deforms magnetostrictively (i.e. expands or contracts), then the strain is transferred along the adjacent piezoelectric phase leading to an electric polarization switching. The reverse effect with an electric field applied would be called a converse magnetoelectric effect, 𝛼 𝑖𝑗 𝐶 . The magnetoelectric effect in composites is extrinsic and depends on the composite microstructure and coupling interaction across ferromagnetic-ferroelectric interface boundary.

In comparison with bulk composites, the multiferroic (1-3) thin-film nanocomposites provide more degrees of freedom, such as lattice strain or interlayer interaction that changes the magnetoelectric behaviour (Zheng et al., 2004). These nanocomposites also offer a way to study the physical mechanism of the magnetoelectric effect in nanoscale. Although the mechanism of the coupling interaction between two oxides in the multiferroic nanocomposites is the same as in the case of bulk compositesan elastic interaction, but the mechanical constraints caused by the film-or matrix-substrate bonding and the bonding between two constituent phases in the nanocomposites could significantly modify the magnetoelectric coupling interaction. Also, the interfacial surface area or density of interfaces in the vertically aligned (1-3) nanocomposites is increased compared to the (1-3) bulk composites.

Similar to the bulk composites shown in Figure 2.9, there are three types of connectivity between two phases in the thin-film nanocomposites, i.e. (a) (2-2) type multilayer thin-film nanocomposites, (b) (0-3) type particulate thin-film nanocomposites consisting of magnetic spinel nanoparticles (e.g. CFO or NFO) embedded in the ferroelectric oxide film (e.g. BTO, BFO, PTO or PZT), ( 3) (1-3) type vertically aligned thin-film nanocomposites, where the magnetic spinel oxide nanopillars are impeded into a ferroelectric matrix.

In theoretical simulation, some characteristics of thin films, e.g. giant residual stress/strain resulting from lattice mismatch between the film and substrate, as well as spontaneous polarization in epitaxial films, have been considered to understand the magnetoelectric response in nanocomposite films [START_REF] Nan | Magnetic-field-induced electric polarization in multiferroic nanostructures[END_REF]. That is 𝜎 = 𝑐𝜖 -𝑑 𝑇 𝐸 -𝑐𝜖 𝑚𝑠 -𝜎 𝑠 , (2.15) 𝐷 = 𝑑𝜖 + 𝜀𝐸 + 𝛼𝐻 + 𝑃 𝑠 , (2.16) 𝐵 = 𝜇(𝜖, 𝐸, 𝐻)𝐻 + 𝑀 𝑠 .

(2.17)

where 𝜎 , 𝜖 , 𝐷 , 𝐸 , 𝐵 , and 𝐻 are stress tensor, strain tensor, electric displacement, electric field intensity, magnetic induction (or flux density), and magnetic field intensity, respectively; 𝑐 , 𝜀 , and 𝜇 are the elastic stiffness tensor (measured at a constant electrical and magnetic fields) and permittivity and magnetic permeability tensors (measured at a constant strain), respectively; 𝑑 is the piezoelectric coefficient tensor, and 𝛼 is the magnetoelectric coefficient tensor. In comparison with the constitutive equation for bulk composites, the residual stress, 𝜎 𝑠 , residual strain, 𝜖 𝑠 , spontaneous polarization, 𝑃 𝑠 , and magnetization 𝑀 𝑠 , are incorporated for the multiferroic nanocomposite thin films. Permeability, 𝜇 , strongly depends on 𝜖 and electric and magnetic fields, and 𝜖 𝑚𝑠 is the magnetostrictively induced strain related to the magnetic field dependent magnetostriction constants, 𝜆 100 and 𝜆 111 , of the ferromagnetic phase. The subscript 𝑇 means the transpose of the tensor. The tensors 𝑐, 𝑑 , 𝜀 , 𝜇 , and 𝛼 are (6 × 6) , (3 × 6) , (3 × 6) , (3 × 3) , and (3 × 3) matrices, respectively, by means of compressive representation. For the composite, all these tensors are local quantities depending of the spatial position x.

The magnetically induced polarization was previously calculated for the BTO-CFO (1-3) thin-film nanocomposites using the Landau-Ginsburg-Devonshire phenomenological thermodynamic theory (Liu et al., 2005;[START_REF] Liu | Coupling interaction in nanostructured piezoelectric/magnetostrictive multiferroic complex films[END_REF]. The calculated results showed that the BTO-CFO (1-3) thin-film nanocomposite exhibit a much larger magnetoelectric coefficient than in the BTO-CFO (2-2) thin-film nanocomposite due to large in-plane constraint (i.e. clamping effect) in the latter nanocomposite (Figure 2.11a). All dependence of magnetoelectric coefficient on the volume fraction, m V, of CFO phase in Figure 2.11a showed a monotonical increase up to a peak at m V = 0.85 where after it decreased to zero [START_REF] Liu | Coupling interaction in nanostructured piezoelectric/magnetostrictive multiferroic complex films[END_REF].

The nonlinear thermodynamic theory combined with elastic theory approach was recently employed to evaluate dependence of magnetoelectric coefficient in (1-3) BTO- CFO thin-film nanocomposites (Wu et al., 2014). According to the nonlinear thermodynamic theory, the polarization terms up to the 8 th order in the elastic Gibbs function, G, should be included for BTO (Wu et al., 2014;Li et al., 2005b). The equilibrium thermodynamic states of materials are typically defined by minimizing the potential G with respect to polarization components and selecting energetically most favourable phase (Wu et al., 2014). Figure 2.11b shows the dependence of magnetoelectric coefficient, 𝛼 𝐸 , of the (1-3) BTO-CFO thin-film nanocomposites on the 𝑓 𝑚 obtained at 𝑢 𝑚 𝑝 = -0.02 and 𝑢 𝑚 𝑝 = 0.02 , where 𝑢 𝑚 𝑝 = (𝑎 𝑠 -𝑎 𝑝 )/𝑎 𝑝 is defined as the in-plane misfit strain of BTO film (MacManus-Driscoll et al., 2008;Slutsker et al., 2006), and related to the substrate lattice parameter, 𝑎 𝑠 , and the equivalent lattice parameter, 𝑎 𝑠 , of the free standing BTO film (Wu et al., 2014). So, it can be seen from Figure 2.11b that 𝛼 𝐸33 increases first and then decreases with the 𝑓 𝑚 increase for (1-3) BTO-CFO thin-film nanocomposites. They showed that the BTO films are stable in the c-phase and the maximum 𝛼 𝐸33 for (1-3) BTO-CFO thin-film nanocomposites is 1.912 V cm -1 Oe -1 (~2.4 V/A) when 𝑢 𝑚 𝑝 = -0.02 and 𝑓 𝑚 ≈ 0.6 (Wu et al., 2014), that is quite close the maximum value (~2.25 V/A) obtained in Figure 2.11a [START_REF] Liu | Coupling interaction in nanostructured piezoelectric/magnetostrictive multiferroic complex films[END_REF]. For comparison, the maximum value of ME effect for the single-phase Cr2O3 at 𝑇~250 K 𝛼~1.25 • 10 -3 (cgs-units), which can be passed to the value in S.I. units via division by the velocity of light, 𝑐, thus 𝛼~4.14 ps m -1 or 22.4 mV cm -1 Oe -1 (S.I. units) [START_REF] Wiegelmann | Magnetoelectric effect of Cr2O3 in strong static magnetic fields[END_REF][START_REF] Pyatakov | Magnetoelectric and multiferroic media[END_REF].

Recent study on the crystal orientation dependence of magnetoelectric coefficient, 𝛼 𝐸33 , in (1-3) BTO-CFO thin-film nanocomposites [START_REF] Jian | [END_REF] in arbitrary directions by 3-D coordinate transformation method was carried out. Figure 2.11c shows the effects of various orientation selections on the volume fraction, 𝑓 , dependence of 𝛼 𝐸33 and the maximum value was obtained for [001]-oriented CFO nanopillars inside [001]-oriented BTO matrix, which was 1.529 V/A (~1.217 V cm -1 Oe -1 ), while 𝛼 𝐸33 of the (1-3) BTO-CFO thin-film nanocomposites with randomly oriented CFO pillars embedded in a randomly oriented BTO matrix was about 61.1 mV/A (~48.6 V cm -1 Oe -1 ), which is 4% of the value of [001]/[001] BTO-CFO nanocomposite [START_REF] Jian | [END_REF].

Another powerful method is a phase-field model, in which the elastic energy in the constrained thin film was incorporated including the effect of free film surface and the constraint from the substrate, has been recently developed for studying the ME coupling effect in the 1-3 nanocomposite thin films [START_REF] Zhang | Phase-field model for epitaxial ferroelectric and magnetic nanocomposite thin films[END_REF]Chen et al., 2011). The phase-field simulation illustrates that the magnetic-field-induced electric polarization is highly dependent on the film thickness, morphology of the nanocomposite, and substrate constraint, which provide a number of degrees of freedom in controlling coupling in nanocomposite.

Figure 2.11d shows the previously estimated dependence of magnetic field induced electric polarization on the film thickness of (1-3) BTO-CFO thin-film nanocomposites [START_REF] Zhang | Phase-field model for epitaxial ferroelectric and magnetic nanocomposite thin films[END_REF]. The authors demonstrated that with the increase of the film thickness, h, the effect of stress component 𝛥𝜎 33 becomes more important as the influence of the film surface is less significant. It was shown that 𝛥𝑃 3 തതത * decreases with the increase of the film thickness, and even becomes negative above a certain critical film thickness, since the decrease of 𝜎 33 (𝛥𝜎 33 < 0) reduces 𝑃 3 തതത . Figure 2.11e

shows that with the increase of magnitude of compressive strains, the magnitude of 𝛥𝑃 3 തതത * decreases, which indicates that under large compressive strains, it is rather difficult to change the polarization of ferroelectric phase through elastic coupling [START_REF] Zhang | Phase-field model for epitaxial ferroelectric and magnetic nanocomposite thin films[END_REF]. The results of these calculations were reproduced by another study on the magnetically induced polarization, 𝛥𝑃 3 തതത , dependence on the thickness of (1-3)

BTO-CFO thin-film nanocomposites (Chen et al., 2011). The 𝛥𝑃 3 തതത showed an increase with increasing nanocomposite thickness, h, and the increase was larger for DyScO3 substrate then that for SrTiO3 substrate, due to the smaller lattice mismatch between the nanocomposite and substrate (see Figure 2.11f).

Comparison between Magnetoelectric Coupling

Experimental Values Reported in (0-3), (2-2) and (1-3) Multiferroic Thin-Film Nanocomposites

Particulate (0-3) Thin-Film Nanocomposites

In 0-3 type of magnetoelectric nanocomposites, most of studies were focused on the physical effects of size and composition of ferromagnetic nanoparticles inside a ferroelectric matrix. Table 2.1 summarizes the most recent results for the magnetoelectric coupling coefficient in the particulate multiferroic system. It demonstrates the magnetoelectric coefficient ranging from 16 to 3070 mV cm -1 Oe -1 , which are similar or a bit larger than the one reported in bulk particulate ceramics. The largest low-frequency value of α reported for bulk (1-3) multiferroic nanocomposites is given in the first raw for the comparison. Particulate PbZr0.52Ti0.48O3-CoFe2O nanocomposites with CoFe2O4 nanoparticles embedded in the PbZr0.52Ti0.48O3 matrix were investigated (Wan et al., 2005). As shown in Figure 2.12 the nanoparticles have an average diameter of ~150 nm and they are randomly distributed. The volume fraction of nanoparticles is ~31%. P-E measurement showed that the nanocomposite has a high resistivity of ~5 × 10 9 Ω cm at zero bias. Figure 2.12b shows a well-defined P-E loops. The maximum saturation and remnant polarizations reach 28 μC/cm 2 and 11.0 μC/cm 2 , respectively, and the ME coefficient ~220 mV cm -1 Oe -1 was obtained. The 𝛼 increases with the increase of magnetic field frequency, 𝑓 𝑟 , wherein the maximum value 𝛼~317 mV cm -1 Oe -1 was measured at 𝑓 𝑟 = 50 kHz. 2)Fe2O4, PZN-Pb(Zn1/3Nb2/3)O3, , AD -aerosol deposition, PLD -pulsed laser deposition, CSD -chemical solution deposition Hdcapplied dc magnetic field facfrequency of the applied ac magnetic field Hac a The αme was obtained indirectly by measuring the piezoresponse displacement loop (using piezoresponse force microscopy) with or without applying an in-plane dc magnetic field, and therefore represents the local magnetoelectric response rather than a global one from macroscopic measurements Particulate PZT-NFO (0-3) nanocomposite with NFO (35%) nanoparticles embedded into PZT matrix was fabricated on Nb:STO substrates, and attributed transverse and longitudinal magnetoelectric coefficients were measured [START_REF] Ryu | Magnetoelectric effects of nanoparticulate Pb(Zr0.52Ti0.48)O3-NiFe2O4 composite films[END_REF]. After the specimen was poled, the αme values decreased, which is ascribed to charges generated under an ac magnetic field at frequency of 194 Hz. The maximum value of αE31 was 4 mV cm -1 Oe -1 , and the value of αE33 was 16 mV cm -1 Oe -1 . In 2013 a PZT-CFO particulate nanocomposite was reported with various composition of CFO nanoparticles (5-8 nm) scattered in PZT matrix (McDannald et al., 2013). The solution containing CFO nanoparticles and PZT precursors was spin-coated and annealed at 700 °C. The PZT-CFO particulate nanocomposite shows good P-E hysteresis loop (see Figure 2.13a). An ac magnetic field, 1 Oe, is superimposed to a dc field generated by an electromagnet was used to extract the magnetoelectric coefficient. The nanocomposite containing 0.065 % of CFO nanoparticles (molar ratio) showed the maximum transvers and longitudinal αme of 549 mV cm -1 Oe -1 and 338 mV cm -1 Oe -1 , respectively (Figure 2.13b). Recently, they reported (0-3) PZT-CFO nanocomposite with 25 nm CFO particles or nanophase distributed in discrete layers through the thickness of the PZT matrix (McDannald et al., 2017). Although the ferroelectric, P-E, behaviour was a little bit leaky (Figure 2.13c), the unique pancake-like distribution of CFO particles in the nanocomposite mimicked a (2-2) type of nanocomposite resulting in αme peaking at a large value of 3.07 V cm -1 Oe -1 at a dc bias of 250 Oe (Figure 2.13d).

Recently, a quasi-(0-3) BFO-CFO thin-film nanocomposite was prepared by separately growing and (1-3) type nanocomposite layers using PLD. This design is appealing due to a possibility to release the substrate clamping as well as to reduce the overall leakage current (Li et al., 2015a). The magnetoelectric coupling, αme, was calculated by αme = ΔE/ΔH, with the change in the electric field ΔE induced by the magnetic field ΔH, where ΔE = Δu/(d33D), Δu is the average change in the piezoresponse displacement with and without magnetic field, D is the thickness of the BFO-CFO nanocomposite film, and d33=u/V is the converse piezoelectric coefficient calculated from displacement-voltage loop, without the magnetic field (Li et al., 2015a), where V is the applied ac voltage. The magnetoelectric coupling for the mixed (0-3) -(2-2) type BFO-CFO nanocomposite characterized by this technique was about 338 mV cm -1 Oe -1 , whereas the αme calculated using the same technique for the classic (0-3) BFO-CFO nanocomposite was around 102 mV cm -1 Oe -1 (Yan et al., 2013).

Bilayer and Multilayer (2-2) Type Nanostructured Composites

Bulk (2-2) type laminate magnetoelectric composites typically show better properties than bulk particulate composites. For example, a transverse αme of about 30 V cm -1 Oe - 1 and 7 kV cm -1 Oe -1 were observed under Hdc = 2 Oe and ωac of 1 kHz and 23 kHz, respectively, in a 1-1 connectivity horizontal composite consisting of a (011)-oriented Pb(Mg,Nb)O3-PbTiO3 fiber laminated with Metglas (FeBSiC) fiber [START_REF] Chu | Enhanced resonance magnetoelectric coupling in (1-1) connectivity composites[END_REF]. This is due to the insulating ferroelectric layer blocking the leakage current in laminates. However, the magnetoelectric response in (2-2) type nanocomposite is normally similar to the (0-3) type nanocomposite films.

A recent experimental dataset on the magnetoelectric coefficients of direct magnetoelectric coupling in horizontal (2-2) type nanocomposites is shown in Table 2.2. The largest low-frequency value of α reported for bulk (1-3) multiferroic nanocomposites is given in the first raw for the comparison. The (2-2) thin-film Ir0.3Mn0.7/FeCoSiB/AlN and FeCoSiB/AlN nanocomposites showing the largest lowfrequency ME coefficients 430 mV cm -1 Oe -1 and 3.1 mV cm -1 Oe -1 , respectively, are piezoelectric but not ferroelectric [START_REF] Lage | Magnetic domain control and voltage response of exchange biased magnetoelectric composites[END_REF][START_REF] Greve | Giant magnetoelectric coefficients in (Fe90Co10)78Si12B10-AlN thin film composites[END_REF]. Therefore, this type of multiferroic nanocomposites are promising for the applications that do not require the presence of room-temperature spontaneous polarization such as field sensors, actuators, transducers, filters, phase shifters, and gyrators. In 2008 a (2-2) type bilayer BTO-CFO bilayer nanocomposite was investigated (Figure 2.14a) [START_REF] Zhang | Enhancement in magnetoelectric response in CoFe2O4-BaTiO3 heterostructure[END_REF]. The magnetoelectric coefficient of the BTO-CFO nanocomposite ~104 mV cm -1 Oe -1 under a dc magnetic field was reported. Figure 2.14b shows the ferroelectric and ferromagnetic hysteresis loops of the BTO-CFO nanocomposite. The magnetoelectric voltage response was measured under an open circuit condition. None magnetoelectric response was observed from the single-phase BTO and CFO films (see Figure 2.14c), whereas the (2-2) type BTO-CFO nanocomposite showed a magnetoelectric voltage output following the on-off signal of the ac magnetic field ΔHac. The output ΔV showed a linear increase with the increasing ac magnetic field, where the αme can be estimated from the slopes. The reported longitudinal magnetoelectric coefficient of the (2-2) BTO-CFO nanocomposite ~104 mV cm -1 Oe -1 [START_REF] Zhang | Enhancement in magnetoelectric response in CoFe2O4-BaTiO3 heterostructure[END_REF] is larger than the one reported for the BTO-NFO bilayer nanocomposite [START_REF] Liang | Role of the interface on the magnetoelectric properties of BaTiO3 thin films deposited on polycrystalline Ni foils[END_REF], which was explained by the larger magnetostriction of CFO that that of NFO [START_REF] Stognij | Ion-beam sputtering deposition and magnetoelectric properties of layered heterostructures (FM/PZT/FM)n, where FM-Co or Ni78Fe22[END_REF]. Room-temperature magnetostriction and magnetocrystalline anisotropy constant K1 of some magnetic ferrite compounds is presented in Table 2.3. The ferroelectric constituent also should be chosen carefully. For instance, a large transverse magnetoelectric coefficient of The magnetoelectric response of the BTO-CFO nanocomposite when the in-plane magnetic field, δH, at 1 kHz with a bias magnetic field of 100 Oe. The in-plane and out-of-plane in (d) represents the measurement modes with the magnetic field parallel and perpendicular to the surface of the nanocomposite, respectively. (from [START_REF] Zhang | Enhancement in magnetoelectric response in CoFe2O4-BaTiO3 heterostructure[END_REF] Table 2.3: Room temperature magnetic and electromechanical properties of bulk oxide magnetic materials (from [START_REF] Folen | part 4b, Magnetic and Other Properties of Oxides and Related Compounds[END_REF] Compound a=b, c 772 mV cm -1 Oe -1 was reported for the PZT-Ni nanocomposite on Ni foil [START_REF] Feng | Optimizing direct magnetoelectric coupling in Pb(Zr,Ti)O3/Ni multiferroic film heterostructures[END_REF], which is possibly due to the large piezoelectric coefficient of PZT and reduced substrate imposed clamping effect. A strong magnetoelectric coupling was also obtained in BSTO/LSMO bilayers and multilayers, in which the longitudinal magnetoelectric coefficient can be as large as 300 mV cm -1 Oe -1 [START_REF] Martinez | Observation of strong magnetoelectric effects in Ba0.7Sr0.3TiO3/La0.7Sr0.3MnO3 thin film heterostructures[END_REF]. Since the transition temperature of Ba0.7Sr0.3TiO3 is close to room temperature, it is well known that BSTO material with composition x = 0.7 shows large permittivity as well as piezoelectric coefficient at room temperature. Room temperature permittivity and piezoelectric coefficient of some bulk ferroelectric materials are summarized in Table 2.4. Interestingly, a special type of (2-2) type multilayer nanocomposites called superlattices were reported to have a large magnetoelectric coefficient that can be compared to the highest values obtained in multilayer laminates. In particular, the BiFeO3-BaTiO3 superlattices were built from 15 double layers of BFO-BTO (Lorenz et al., 2017). The highest magnetoelectric coefficient of 55 V cm -1 Oe -1 at room temperature was measured for superlattices. For comparison, one of the largest magnetoelectric coefficients measured in low frequency range (1 kHz) is 52 V cm -1 Oe - 1 obtained in the Metglas/PMN-PT (fiber)/Metgals horizontal composites (Wang et al., 2011b). Figure 2.15a shows high-resolution TEM image from cross section of the BFO-BTO superlattice revealing the BFO layer thickness varying in the range 2-6 nm and the epitaxial coherence of the different layers, that is the in-plane lattice constants of BTO and BFO math (Lorenz et al., 2017). The crystalline structure shown in Figure 2.15b revealed the superlattice fringe peaks in the XRD 2θ-ω scans. The BFO-BTO superlattice magnetoelectric coefficient temperature dependence (see Figure 2.15b) shows a monotonically increasing αme, which might be related to phase transition of the BTO and BFO constituents.
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Vertically Aligned (1-3) Type Nanostructured Composites

Vertically aligned (1-3) type multiferroic nanocomposites are the most attractive among multiferroic nanocomposites in terms of the technology application due to the enlarged vertical interfacial area between ferromagnetic and ferroelectric constituents, reduced substrate imposed clamping effect (i.e. reduced surface area between constituents and substrate), and perpendicular magnetic anisotropy along nanowire axis. As we discussed in Section 2.5, it was theoretically predicted that vertically aligned (1-3) type nanocomposites possess larger magnetoelectric coefficient than the multilayer (2-2) type nanocomposites [START_REF] Nan | Magnetic-field-induced electric polarization in multiferroic nanostructures[END_REF]. Also, it was demonstrated that the misfit strain and the volume fraction of ferromagnetic pillars affect the magnetoelectric coupling in vertically aligned (1-3) type nanocomposites (Wu et al., 2014). It was shown that the magnetoelectric coefficient in (1-3) BTO-CFO nanocomposite strongly depends on the in-plane and out-of-plane misfit strains. The magnetoelectric coefficient of (1-3) type BTO-CFO nanocomposite can be increased up to 2 V cm -1 Oe -1 by using the volume fraction of CFO pillars ~60%.

As was already mentioned in Section 4.3, the vertically aligned BTO/CFO (65/35) multiferroic nanocomposites were prepared for the first time by Zheng et al., 2004. As shown in Figure 2.10a, the BTO-CFO nanocomposite demonstrated a well-shaped ferroelectric hysteresis loop with Ps = 23 µC/cm 2 . The HR-TEM image revealed the diameter of CFO nanopillars ~25 nm (Figure 2.10b) embedded epitaxially in the BTO matrix. Large magnetic anisotropy with easy axis along [001] direction (or pillars axis) was observed due to the vertical compressive strain in the CFO pillars with negative magnetostriction induced by the BTO matrix (see Figure 2.10c) The magnetoelectric coupling between the electric and magnetic order parameters in the self-assembled (1-3) BTO-CFO nanostructure was demonstrated by temperature-dependent magnetization measurements (Figure 2.10d). A distinct drop in the magnetization of ~16 emu/cm 3 (~5% of magnetization at a 100 Oe external field) around the ferroelectric Curie temperature ( 𝑇 𝐶 ~390 K). It was explained by the fact that, at 𝑇 > 𝑇 𝐶 , the CoFe2O4 is compressed due to the lattice mismatch with BaTiO3, whereas for 𝑇 < 𝑇 𝐶 , the tetragonal distortions in the BaTiO3 lattice decreases this compression in the CoFe2O4, thus leading to a reduction of the moment due to a negative magnetostriction of CoFe2O4. For reference, when they measured the temperature dependence of magnetization at 100 Oe (black curve in Figure 2.10d) for a (2-2) BTO-CFO multilayer sample with a layer thickness of ~30 nm, only the negligible change around the ferroelectric Curie temperature was observed. This was attributed to the in-plane piezodeformation in the multilayer structure being clamped by the substrate precluding any deformation in the magnetic layer, which also confirms the dominant elastic interaction for the magnetoelectric coupling in two-phase BTO-CFO nanostructures. Recently, the (1-3) BTO-CFO nanocomposite was also prepared by Schmitz-Antoniak et al., 2013. Rectangular-shaped CFO pillars 100-200 nm in size embedded into the BTO matrix were prepared using PLD at 950 °C, while the magnetoelectric coupling was probed using soft X-ray absorption spectroscopy (i.e. XANES and XLD). Vertical (1-3) multiferroic nanocomposite using many other types of ferroelectric and ferromagnetic materials were built using PLD technique, the full list of nanocomposites was mentioned in Section 4.3.

Although the first reports on vertically aligned multiferroic nanocomposites were associated with the BTO-CFO system, the BFO-CFO system has attracted much more attention and was widely studied by many researchers. The first investigation of the large magnetoelectric coupling in the (1-3) type BFO-CFO nanocomposite was conducted using Magnetic Force Microscopy to measure the electric-field controlled magnetization reversal [START_REF] Zavaliche | Electric fieldinduced magnetization switching in epitaxial columnar nanostructures[END_REF][START_REF] Zavaliche | Electrically assisted magnetic recording in multiferroic nanostructures[END_REF]. After the BFO-CFO nanocomposite was magnetized out-of-plane at a 20 kOe magnetic field, the net magnetization of the CFO pillars was aligned upwards. So, the magnetized BFO-CFO nanocomposite was exposed to an electric field with bias of -12 V and then 12 V, this resulted in the switch of magnetization confirmed by MFM. In the second experiment the quantitative analysis of the BFO-CFO nanocomposite was carried out, namely, the specimen was magnetized in a downward 20 kOe magnetic field and M-H hysteresis loops were recorded using Superconducting Quantum Interference Device (SQUID) before and after electric bias was applied to the specimen. The static converse magnetoelectric coefficient, αE33=ΔM/ΔE was estimated to be 0.01 Oe cm V -1 . Another experiment was conducted to reduce the leakages by deposited (1-3) BFO-CFO nanocomposites on insulation PMN-PT (001) substrate (Wang et al., 2011c). Similar experiment with electric filed inducing the magnetization was carried out, and the applied voltage reduced the out-of-plane remnant magnetization and the enlarged the in-plane magnetization. The static converse magnetoelectric effect was estimated by measuring αE33 = ΔM/ΔE, which was around 0.5 Oe cm V -1 (Wang et al., 2011c).

Direct magnetoelectric effect was studied in the (1-3) type BFO-CFO nanocomposite with different thicknesses (150-2400 nm) grown by PLD on conductive SrRuO3/SrTiO3 (001) substrates at 700 °C (Yan et al., 2009). In particular, a magnetic cantilever technique was used to measure the magnetoelectric coefficient, which was around 20 mV cm -1 Oe -1 . Such small values were explained by the reduction of piezomagnetic and piezoelectric effect is the nanocomposite due to substrate clamping.

Finally, in 2010 the dynamic magnetoelectric response was measured in a 300-nmthick BFO-CFO nanocomposite with 1:1 volume ration between CFO pillars and BFO matrix. A small ac magnetic (Hac = 4 Oe), which is big enough to move the ferromagnetic domain walls, superimposed on a dc magnetic field was used to excite the specimen and the induce charges, or induced polarization (instead of voltages) were recorded. The transverse αme was ~60 mV cm -1 Oe -1 , and it was five times larger than the longitudinal αme. This enhanced transverse magnetoelectric response was associated with more pronounced transverse magnetostriction of the CFO pillars.

In more recent experiments on the (1-3) type BFO-CFO nanocomposite, the ferromagnetic and ferroelectric constituent phases were switched so that BFO nanopillars would be embedded now in the CFO matrix [START_REF] Amrillah | Flexible multiferroic bulk heterojunction with giant magnetoelectric coupling via van der waals epitaxy[END_REF]. An alternative strategy of fabricating a self-assembled ferroelectric-ferrimagnetic bulk heterojunction on a flexible muscovite via van der Waals epitaxy was adopted. They investigated the magnetoelectric coupling is a self-assembled by PLD BFO-CFO heterojunctions composed of vertically aligned BFO nanopillars embedded in a ferromagnetic CFO matrix. The weak interaction between the flexible substrate and bulk heterojunction resulted in the reduced substrate clamping and a magnetoelectric coupling of 74 mV cm -1 Oe -1 , which is larger than the magnetoelectric coefficient reported earlier on flexible substrates.

Another critical point that defined the magnetoelectric coupling in vertically aligned nanostructured composites is the volume fraction of ferromagnetic nanopillar phase as was demonstrated theoretically and the thickness of the (1-3) type nanocomposite film (see Figures 2.15, 2.16, and2.17). The largest magnetoelectric coefficient for the vertically aligned nanocomposites was observed in the PZT-CFO vertical nanocomposite ~390 mV cm -1 Oe -1 with 25% volume fraction of the CFO phase [START_REF] Wan | Controllable phase connectivity and magnetoelectric coupling behavior in CoFe2O4-Pb(Zr,Ti)O3 nanostructured films[END_REF]. The PZT-CFO nanocomposite were grown by PLD. It was demonstrated that with increasing CFO contents, the αme decreases significantly. The increased leakages and variation of microstructure were suggested to be responsible for the reduction of magnetoelectric coupling in the PZT-CFO vertical nanocomposites. In Table 2.5, the recent results obtained on magnetoelectric coupling in the (1-3) type multiferroic magnetoelectric nanocomposites are outlined. The largest low-frequency value of α reported for bulk (1-3) multiferroic nanocomposites is given in the first raw for the comparison. The αme was obtained indirectly by measuring the piezoresponse displacement loop (using piezoresponse force microscopy) with or without applying an in-plane dc magnetic field, and therefore represents the local magnetoelectric response rather than a global one from macroscopic measurements Hdcapplied dc magnetic field facfrequency of the applied ac magnetic field Hac TDE -Terfenol-D/Epoxy medium

Ferrimagnetic CoFe2O4 Material

Ferrites have the spinel lattice (see Figure 2.16) consisting of a close-packed oxygen framework with face-centred cubic structure, wherein metal ions which occupy the tetrahedral sites and octahedral sites are in a ratio of 1:2. Cobalt ferrite is a ferrimagnetic material that has the composition Co 2+ Fe 2 3+ O 4 in which 𝐹𝑒 3+ occupies a tetrahedral site, while the other Fe 3+ and Co 2+ occupy two octahedral sites. In cobalt ferrite the magnetic moments are parallel to the cube edge directions <100>. The Co 2+ ions in the octahedral site are responsible for a large anisotropy. Both Fe 2+ and Co 2+ in octahedral sites are in CoxFe3-xO4 have their dxy, dyz, and dxz orbitals split into a singlet and a doublet. Fe 2+ has six 3d electrons which are distributed such that the last electron occupies the singlet; thus the ground state orbital is non-degenerate. On the other hand, Co 2+ has seven 3d electrons which are distributed such that the last electron occupies the doublet thus the ground state orbital is degenerate. Hence for Fe 2+ , the singlet lies lower in energy, but for Co 2+ , the doublet lies lower [START_REF] Tachiki | Origin of magnetocrystalline anisotropy energy in cobalt ferrite[END_REF][START_REF] Chikazumi | Physics of Magnetism[END_REF].

The consequence of the doublet lying lower in energy is unquenched orbital momentum in Co 2+ . Since the orbital states are stronger coupled to the crystal lattice, the unquenched orbital momentum due to Co 2+ in CoxFe3-xO4 couples strongly to the crystal lattice through the spin-orbit interaction. This results in cobalt-substituted magnetite having higher anisotropy than magnetite [START_REF] Slonczewski | Origin of magnetic anisotropy in cobalt-substituted magnetite[END_REF].

The main characteristics of CoFe2O4 including lattice parameters, Curie temperature, density, magnetocrystalline anisotropy energy, and magnetostriction are summarized and compared to other common oxide spinel ferrites in Table 2.3 

Ferroelectric BaTiO3 and PbZr1-xTixO3 Materials

The first perovskite oxide compound identified as being ferroelectric was BaTiO3. The formal valences are +2 for Ba and +4 for Ti, exactly balancing the negative total valence of the oxygens [START_REF] Rabe | Physics of Ferroelectrics[END_REF]. At high temperature, it has a paraelectric cubic perovskite structure 𝑃𝑚3 ത 𝑚. At 393 K, it transforms from a cubic phase to a ferroelectric tetragonal phase 𝑃4𝑚𝑚, as shown in Figure 2.18. This phase remains stable until 278 K, where there is a second transformation to a ferroelectric phase of orthorhombic symmetry 𝐴𝑚𝑚2. The last transition takes place at 183 K. The lowtemperature ferroelectric phase is rhombohedral 𝑅3𝑚. Each transition is accompanied by small atomic displacements, dominated by displacement of the Ti ion relative to the oxygen octahedron network, and a macroscopic strain. In the successive ferroelectric phase, the polar axis is aligned respectively along the <100>, <110> and <111> Periklina et al., 1984).

directions corresponding to the direction of the atomic displacements with respect to their position in the cubic reference structure. The measured polarization in the R, O and T phases are 33 µC/cm 2 , 36 µC/cm 2 , and 27 µC/cm 2 , respectively [START_REF] Mitsui | Ferroelectrics and Related Substances[END_REF].

Ferroelectricity in the perovskite oxide ferroelectrics can exhibit high sensitivity to changes in strain state, normally produced by external stress [START_REF] Rabe | Physics of Ferroelectrics[END_REF]. For BaTiO3, the experimentally determined pressure-temperature phase diagram [START_REF] Ishidate | Phase diagram of BaTiO3[END_REF] showed the same R-O-T-C sequence with increasing pressure as with increasing temperature. The phase diagram for epitaxial strain in BaTiO3 thin films is shown in Figure 2.19. The epitaxial strain constraint changes the phase sequence (Tenne et al., 2004). The orthorhombic phase disappears, and the rhombohedral phase has a monoclinic distortion imposed by matching to the square of the substrate [START_REF] Haeni | Room-temperature ferroelectricity in strained SrTiO3[END_REF]. The isoelectronic substitutions, for example Ba/Sr and Ti/Zr, are [START_REF] Haeni | Room-temperature ferroelectricity in strained SrTiO3[END_REF] particularly important to the study of ferroelectricity, as the formal valence counting yields insulating behaviour across the phase diagram, while the change in the cation can lead to shifts in transition temperatures as well as the appearance or disappearance of particular phases. For example, the substitution of Sr for Ba in BaTiO3 lowers the transition temperatures in the phase sequence, with the transition being suppressed altogether as the SrTiO3 endpoint is approached [START_REF] Menoret | Structural evolution and polar order in Sr1-xBaxTiO3[END_REF], as shown in The endpoint compound PbZrO3 is an antiferroelectric with 40 atoms per unit cell. However, the antiferroelectric structure is destabilized by even small amounts of Ti substitution to yield two rhombohedral ferroelectric phases [START_REF] Rabe | Physics of Ferroelectrics[END_REF]. The vertical phase boundary at about 50%, called the morphotropic phase boundary (MPB), is associated with the favourable piezoelectric properties of the system. At the MPB, an applied electric field can easily induce a transition between the rhombohedral and tetragonal phases, with a large associated strain response that is relatively insensitive to temperature. Recently, careful re-examination of the phase diagram showed the presence of a previously unknown monoclinic phase in a very narrow composition range in the vicinity of the MPB (Noheda et al., 1999;2006). Structurally, this phase acts as a bridge between the tetragonal and the rhombohedral phase, as confirmed by first principles calculations (Bellaiche et al., 2000); this behaviour appears to be common to other lead-based perovskites as well (Cox et al., 2001).

The main characteristics of BaTiO3, BaxSr1-xTiO3 and PbZr1-xTixO3 bulk materials including lattice parameters, Curie temperature, density, permittivity, saturation and remanent polarization, coercivity, and piezoelectric coefficients are summarized and compared to in Table 2.4 et al., 1999et al., , after Jaffe et al., 1971 

Conclusions

Multiferroic nanostructured composites have attracted a lot of attention due to the control of the extrinsic coupling between polarization and magnetization via strain or exchange bias (Eerenstein et al., 2006;Nan et al., 2008;[START_REF] Fiebig | Revival of the magnetoelectric effect[END_REF]Wang et al., 2010). This leads to a large number of potential applications including memory devices (e.g. random-access memory, reading and writing heads, hard drives), microwave magnetic devices (e.g. phase shifters, resonators, filters), sensors (magnetometer, electric current, voltage, transducers, gyrators), actuators, spintronic and energy harvesting devices (Nan et al., 2008;[START_REF] Fiebig | Revival of the magnetoelectric effect[END_REF][START_REF] Bibes | Multiferroics: towards a magnetoelectric memory[END_REF]Scott, 2007;Palneedi et al., 2016;Dong et al., 2003;Zhai et al., 2006;Fetisov & Srinivasan, 2006;Ustinov et al., 2007;Pettiford et al., 2007;[START_REF] Zhuang | Upper limit for power conversion in magnetoelectric gyrators[END_REF]. Intensive research in the field of multiferroic nanocomposites has opened new routes such as the fabrication of vertically aligned nanostructures, i.e. nanopillars embedded in a matrix, the so called (1-3) connectivity nanocomposite. These types of nanostructures offer the advantage to reduce the substrate imposed clamping effect, as compared to multilayered (2-2) types of multiferroic nanocomposites, and to enhance the interfacial area between the two phases, so that large magnetoelectric (ME) coupling can be expected (Nan et al., 2008;[START_REF] Bichurin | Theory of low-frequency magnetoelectric coupling in magnetostrictive-piezoelectric bilayers[END_REF]. Up to now, large number of (1-3) thin-film nanocomposites from spinel and perovskite systems, including BaTiO3-CoFe2O4 (BTO-CFO) (Zheng et al., 2004), BiFeO3-CoFe2O4 (BFO-CFO) [START_REF] Zavaliche | Electric fieldinduced magnetization switching in epitaxial columnar nanostructures[END_REF], PbTiO3-CoFe2O4 (PTO-CFO) (Levin et al., 2006), PbZr0.52Ti0.48O3-CoFe2O4 (PZT-CFO) [START_REF] Wan | Controllable phase connectivity and magnetoelectric coupling behavior in CoFe2O4-Pb(Zr,Ti)O3 nanostructured films[END_REF], Bi5Ti3FeO15-CoFe2O4 (Imai et al., 2013), PbMg1-xNbxO3-PbTiO3-CoFe2O4 (Wang et al., 2014a), BiFeO3-NiFe2O4 (BFO-NFO) [START_REF] Benatmane | Voltage-dependent ferromagnetic resonance in epitaxial multiferroic nanocomposites[END_REF], and BiFeO3-CoxNi1-xFe2O4 (Ojha et al., 2016) were fabricated using pulsed laser deposition (PLD) technique. In order to control the longrange ordered vertical interface, anodic aluminium oxide (AAO) membranes were used as a hard mask to grow columnar multiferroic nanocomposites [START_REF] Gao | Microstructure and properties of well-ordered multiferroic Pb(Zr,Ti)O3/CoFe2O4 nanocomposites[END_REF]. Thick AAO membranes were also used as templates to fabricate multiferroic core-shell nanowire arrays using a combination of different synthesis processes, such as sol-gel processing, electrodeposition, and thermal annealing (Liu et al., 2007;Sallagoity et al., 2016).

However, to our best knowledge, there is no report on the fabrication of vertically aligned multiferroic nanocomposites based on a direct sputtering deposition of the ferroelectric film onto the top surface of the vertically aligned free-standing metallic nanopillar array structure, grown by electrodeposition into AAO masks supported on silicon (Si) substrates. Also, the sol-gel dip-coating deposition of ferroelectric layers onto the vertically aligned free-standing metal oxide nanopillar array structures, formed by thermal oxidation of metallic nanopillars, was not reported in literature yet. Moreover, the dip-coating sol-gel deposition of relatively thick PZT layers onto the metallic 3D interconnected nanowire networks developed recently, is a unique and original technique for the synthesis of vertically aligned multiferroic nanocomposites.

In the present work, we demonstrate a simple approach to synthesize vertically aligned Ba0.7Sr0.3TiO3-CoFe2O4 (BSTO-CFO), BTO-CFO and PZT-CFO nanocomposites with three different types of architecture, where each of those architectures features increased interfacial area between the ferroelectric and ferrimagnetic components, decreased substrate imposed clamping, and number of potential technology applications. Considering the number of steps for each process (see Tables 3.13 in Section 3.5, p. 118), it is not explicitly simple. However, this can be understood in terms of low cost and large-scale fabrication of nanostructured composites with controlled geometry.

For example, the PZT-CFO core-shell nanocable arrays and PZT-CFO nanocomposites based on 3D interconnected nanowire networks show large aspect ratio of nanowires (ratio between nanowire's length and diameter ~500) and large interfacial area between two constituents, which can be used for the applications that require giant ME coefficients such as microwave magnetic devices, field sensors, actuators, and energy harvesting. Meanwhile the vertically aligned BSTO/BTO/PZT-CFO multiferroic nanocomposites based on relatively small CFO nanopillar arrays (aspect ratio < 6) are more suitable for the devices that require miniaturization of nanostructures, good ordering, and large packing density of nanopillars, as well large ME coupling, e.g. magnetoelectric random-access memories, reading heads, hard drives, and other spintronic devices.

Chapter 3

Sample Preparation and Experimental Techniques

Three different architectures of vertically aligned magnetoelectric systems were developed in this work. Chapter 3 consists of three main sections, wherein each section is dedicated to the fabrication of one particular ME system (see Figure 3.1). These systems include multiferroic core-shell nanocable arrays, (1-3) type multiferroic nanostructures, and nanocomposites based on 3D interconnected nanowire (NW) networks. The core-shell nanocable system was elaborated using commercial porous anodic aluminium oxide (AAO) templates (Synkera, Co) with a thickness of ~50 µm, and the height of FM CoFe2 nanowire arrays grown inside AAO template pores, coated with FE nanotubes, was ~10 µm. The (1-3) type nanocomposites were fabricated using as-prepared AAO/Pt/Si templates with AAO thickness of ~1.3 µm implying radiofrequency magnetron sputter deposition of Al layer, formation of porous AAO nanostructures via anodization and chemical widening processes, and pulsed electrochemical deposition of CoFe2 nanopillar arrays having a height in the range ~150-500 nm. Finally, the 3D interconnected NW network system was prepared using commercial track-etched polymer templates (it4ip, Co) with thickness of ~25 µm implying pulsed electrodeposition of CoFe2 NW networks with heights of ~3.5 and 5 µm.

Section 3.1 presents the fabrication process of the first ME system the core-shell nanocable arrays (see Figure 3.1a), wherein FM nanowires are surrounded by FE nanotubes. The vertical alignment in the core-shell system is provided by the porous AAO membrane hosting the core-shell nanocable array. Section 3.2 presents the fabrication of the second ME system namely the (1-3) type composite nanostructures (see Figure 3.1b), wherein vertical FM nanopillar arrays are embedded in a thin FE matrix. The vertical alignment of the FM nanopillars is ensured by the Pt/Si substrate on which the FM nanostructures were prepared. Section 3.3 reveals the last ME system -3D interconnected NW network based nanocomposites (see Figure 3.1c), where the 3D interconnected FM nanowire network, a robust self-supported free-standing system of vertically aligned CoFe2 nanowires crossing each other, is embedded into a thick FE matrix. The vertical alignment of the 3D interconnected NW network based nanocomposites is ensured by Pt/Si substrate.

In the beginning of each section a complete fabrication process of the ME systems is demonstrated with all steps arranged in the same sequence as they take place during the fabrication process followed by the detailed explanation of each step. Some of the preparation steps are identical for different ME systems, thus these steps are discussed in detail only once to refrain from repetition. In the experimental chapter, a theoretical background was included for the clearness. Additional detailed information could be read in the cited references, listed at the end of this thesis. The last section of Chapter 3 presents characterization techniques, used in the present work, and their general working principles.

Preparation of PbZr0.52Ti0.48O3-CoFe2O4 Core-Shell Magnetoelectric System

Vertically aligned core-shell nanocable arrays were prepared inside porous AAO membranes. A general fabrication process of the PZT-CFO core-shell nanocables, consisting of four steps, is illustrated in Figure 3.2.

In the first step, commercial AAO membranes with defined geometric parameters were purchased from Synkera Technology Inc., USA and were used as hosting templates. In the second step of process, vertically aligned PbZr0.52Ti0.48O3 nanotube (PZT NT) arrays were deposited into the pores of AAO membranes through sol-gel deposition and thermal crystallization. In the third step of process, one side of the PZTcoated AAO membrane was covered by a thin Cr/Au bilayer to close the pores and act as the working electrode for a following pulsed electrodeposition of the CoFe2 nanowire (NW) arrays inside the PZT NTs. In the last step of process, after chemical etching of the Cr/Au electrode, the CoFe2 NW arrays surrounded by the PZT NTs were thermally oxidized into CoFe2O4 phase forming PbZr0.52Ti0.48O3-CoFe2O4 core-shell nanocable (PZT-CFO NC) arrays inside the AAO membranes. The above-mentioned steps are further discussed in detail.

First Step of Process: Commercial Self-Supported Anodic Aluminium Oxide Membranes

Commercial AAO membranes were used as the nanoporous host for the process development. The alumina templates with through pores such as Synkera and Wattman come with all sort of geometric parameters, i.e. pore diameter Dpore is in the range from few tens to few hundreds of nm, porosity PAAO ~10 -40%, and pores density ρpore ~10 9 -10 11 pores per cm 2 .

The porosity and the pores density of the ordered AAO templates with hexagonal arrangement are defined as

𝑃 AAO = 𝜋 2√3 ( 𝐷 pore 𝐷 cell ) 2 × 100%, (3.1) 𝜌 pore = 2 √3𝐷 cell 2 × 10 14 cm -2 , (3.2)
where 𝐷 cell is the cell size or inter-pore distance (center-to-center) (Nielsch et al., 2002;Jessensky et al., 1998;Li et al., 1998a). The AAO membranes prepared in different et al., 1998;Li et al., 1998a).

Figures 3.3a,b

show the top view SEM images of two commercial alumina membranes Synkera-1 and Synkera-2, respectively. The AAO membranes used in this work featured the thickness of 50 µm and 𝐷 pore , 𝐷 cell , 𝜌 pore , and 𝑃 AAO as presented in Table 3.1. The chemical solution deposition (CSD) of the PZT NT arrays into porous AAO membranes is described in this section. To fabricate the PZT NT arrays, a facile dipimpregnation sol-gel deposition was used. It is a flexible, low-cost and scale-up preparation technique that is normally used to synthesize ceramic thin-films and nanotubes. The random crystalline orientation is due to the chemical incompatibility of the interface of PZT nanotubes and AAO membrane, or PZT thin-films and Pt/Si substrate. The key point in using the AAO membranes instead of polymer membranes is their mechanical stability and resistance to high temperatures required for the PZT NTs crystallization (~500-700 °C). 

Principles of Chemical Solution Deposition

In the 1980s, the development of metallo-organic decomposition and sol-gel synthesis gave possibility to fabricate ceramic PZT thin-films by chemical solution deposition (CSD) with properties similar to the ones of their bulk counterparts (Fukushima et al., 1984;Budd et al., 1985;Dey et al., 1988).

A general flow chart of the CSD procedure, the main body of which is subdivided into parts according to the different processing steps shown in Figure 3.4 [START_REF] Schneller | Chemical Solution Deposition of Functional Oxide Thin Films[END_REF]. Typically, the CSD deposition begins with the solution preparation (Figure 3.4a). The precursors used for the solution could be salts, carboxylates, or metallo- [START_REF] Schneller | Chemical Solution Deposition of Functional Oxide Thin Films[END_REF] organic compounds such as metal alkoxides and metal β-diketonates, that are typically purchased commercially. The precursors are dissolved in suitable solvents. The stochiometric ratio of the mixed precursors correlates with the stoichiometry of a crystallized gels, but sometimes the composition correction is required due to the volatility of components such as Pb under critical temperatures. Chemical stabilizers can be added into the solution during its preparation process to adjust the properties of the coating solution such as surface tension, viscosity, and boiling point.

Next, the coating solution can be deposited using various techniques (Figure 3.4b). The most common among them are the spin-coating and dip-coating. Spray-coating and ink-jet printing are more complicated techniques that consume less material and allow to fabricate more conformal nanostructured coatings. Finally, the as-deposited layer is dried (80-200 °C), pyrolyzed to remove organic species (300-450 °C), crystallized (at 600-1000 °C) and in some cases post-annealed to densify the layer and adjust the microstructure (Figure 3.4c). Controlled thermal treatment of the deposited wet layers in the temperature range 200-800 °C results in its crystallization. The crystallization temperature depends on the nucleation and growth behaviours, so the temperature should be adjusted individually for each material. The thermal treatment of the deposited layers is typically carried out using a hot plate, oven and conventional furnace (maximum heating rate ~10 °C/min) or a rapid thermal annealing (RTA) oven which enables fast heating up to few hundred degrees per min. The deposited layer thickness can be easily adjusted by controlling the solution molar concentration and viscosity (Tu et al., 1996;Yi et al., 1988) or by repeating the coating and pyrolysis operations to build up thicker multi-layers prior to final crystallization.

In order to prepare FE layers with good quality using sol-gel deposition, a number of conditions for the precursor solutions, substrates, and processing should be fulfilled: (a) Good solubility of all precursors in the solvent forming a single coating solution stable for a relatively long period of time (few months); (b) Selected precursors shouldn't leave any elements apart from the metal ions and oxygen, while all other atoms from counter ions or ligands should be decomposed during thermal treatment; (c) Solution rheology should be adjusted for a particular synthesis technique to avoid problems such as poor thickness uniformity (striations); (d) Suitable wettability of the substrate; (e) Phase purity of the solution without phase separation during drying and pyrolysis; (f) Cracks formation and compositional non-uniformity must be avoided; (g) Interfacial diffusion between the deposited FE layers and substrate or between the FE nanotubes and hosting template; (h) Substrate and hosting membrane degradation during thermal treatment should be avoided.

Principles of Sol-gel Synthesis

Commonly the chemical solution deposition of perovskite layers is performed using metalloorganic compounds dissolved in a solvent. The reagents used to form a solution are typically metal alkoxides [M(OR)z]n, metal carboxylates M(OOCR)z, and metal β-diketonates MOx(CH3-COCHCOCH3)x, where M is a metal with the valence, z, R is a general organic residue (simple alkyl or alkenyl groups), and n represents the degree of molecular association. The solution synthesis techniques can be classified into three: (a) Sol-gel deposition using 2-methoxyethanol as a solvent (Dey et al., 1988;[START_REF] Schwartz | Comments on the effects of solution precursor characteristics and thermal processing conditions on the crystallization behavior of sol-gel derived PZT thin films[END_REF]; (b) Chelate processing using modified ligands such as acetic acid (Yi et al., 1988;Takahashi et al., 1990); (c) Metalloorganic decomposition using metal carboxylate compounds (Vest & Xu, 1988). The chemical reactions between starting reagents occurring during solution preparation will depend on the reactivity of compounds and preparation conditions such as reflux temperature.

In the first technique, the sol-gel synthesis of perovskite layers is commonly carried out using a 2-methoxyethanol (CH3OCH2CH2OH) as solvent. The formation of a threedimensional macromolecular oxide network (e.g., oligomers, polymers) is achieved by the hydrolysis and the condensation of alkoxide reagents and metal-oxygen-metal (M-O-M) bonds (Livage et al., 1988;Sanchez et al., 1988):

𝑀(O𝑅) 𝑧 + H 2 O → 𝑀(O𝑅) 𝑧-1 (OH) + 𝑅OH.
(hydrolysis)

During the hydrolysis, the alkoxy groups are replaced by the hydroxoligands (-OH) or the oxo-ligands (=O). Water acting as a Lewis base attacks the metal atom of alkoxide (Lewis acid), then a proton transfers from an entering water molecule to the leaving group in a transition state, and an alcohol molecule is released. The sensitivity towards hydrolysis and condensation depends mainly on the positive partial charge of the metal atom δ(M) (Livage et al., 1988) [for the Ti(O i Pr)4 δ(M) = +0.60 and for the Zr(O i Pr)4 is δ(M) = +0.64] and the ability to increase its coordination number, N, of coordinatively unsaturated metal atoms to their preferred value, e.g. Ti with z = +4 and N = 4 tends to achieve an octahedral coordination N=6, while Zr with z = +3 or +4 tends to achieve N = 7 or 8. A large positive partial charge is associated with rapid reaction rate. Thus, the Zr(O i Pr)4 with larger number of coordinative unsaturation has higher sensitivity toward hydrolysis compared to the Ti(O i Pr)4. In addition to the positive partial charge and ability to achieve higher coordination numbers, differences in the molecular structure of metal alkoxide with the same central metal will also lead to a different behaviour in hydrolysis and subsequent condensation reactions [START_REF] Livage | Chemical synthesis of fine powders[END_REF].

During the alkoxides condensation through oxolation, the metal-oxygen-metal bonds form due to the removal of water and alcohol, thus either the proton is transferred to the hydroxy ligand (oxolation) or to the alkoxy ligand (alkoxolation), respectively.

2𝑀(O𝑅) 𝑧-1 (OH) → 𝑀 2 O(O𝑅) 2𝑧-3 (OH) + 𝑅OH.
(condensation by (alkox)olation and alcohol removal)

Similar to the hydrolysis, a nucleophilic attack of the oxygen lone pair in metal hydroxide species to the partially positive charged metal atom, M, occurs, leading to the proton's transfer and release of the water or alcohol molecule.

2𝑀(O𝑅) 𝑧-1 (OH) → 𝑀 2 O(O𝑅) 2𝑧-2 + H 2 O.
(condensation and water removal)

Another reaction that occurs is an alcohol-exchange which causes the decrease of the hydrolysis sensitivity of starting reagents such as zirconium n-propoxide and titanium isopropoxide, used to deposit PZT layers:

𝑀(O𝑅)𝑧 + 𝑧𝑅'OH → 𝑀(O𝑅')𝑧 + 𝑧𝑅OH, (alcohol exchange)
where O𝑅 is a reactive alkoxy group and O𝑅' is another less reactive alkoxy group such as 2-methoxyethoxy group. During preparation of PZT solutions, the 2methoxyethanol is often used to dissolve carboxylate precursors such as lead acetate and to decrease the hydrolysis sensitivity of starting alkoxide reagents such as zirconium n-propoxide and titanium i-propoxide (Dey et al., 1988). Generally by refluxing the lead acetate in the 2-methoxyethanol, an acetate group is replaced, leading to the formation of soluble lead precursor Pb(OOCCH3)(OCH2CH2OCH3)•0.5H2O. The lead acetate and the alkoxide compounds are typically refluxed in the 2methoxethanol separately, followed by the mixing, refluxing, distillation, and dilution of solutions. Before the layer's deposition, the resulting solution is hydrolysed to enable oligomerization.

The second class of the solution synthesis is a chelate route ("hybrid route") or an inverse-mixing-order route, which utilizes alkoxide compounds (metal salts of alcohols) as starting reagents for B-site species and metal carboxylates as starting reagents for A-site species [START_REF] Schwartz | Chemical solution deposition of electronic oxide films[END_REF]. Main difference between the chelate route and the first methoxyethanol based route is that the alkoxide compounds undergo a molecular modification through a reaction with chelating ligands such as acetic acid, acetylacetone, or amine compounds. The key point of alkoxide precursors is the ability to form polymeric species composed of M-O-M bonds when reacted with water (Livage et al., 1988). However, the principal of solution preparation in terms of formation of small oligomers species is similar. The chelate route is conducted using acetic acid as a solvent and chelating agent. The main two reactions that occur to from a 3-D network with branched -O-M-O-M-bonds are also the hydrolysis and condensation, i.e. the chelation of metal alkoxide (e.g. acetic acid):

𝑀(O𝑅) 𝑧 + 𝑥CH 3 COOH → 𝑀(O𝑅) 𝑧-𝑥 (OOCCH 3 ) 𝑥 + 𝑥𝑅OH.
The hydrolysis occurs when a water molecule partially hydrolyses the alkoxide molecule to from 𝑀 𝑧+ (O𝑅) 𝑧-1 (OH) . The condensation occurs when a partially hydrolysed molecule reacts with another alkoxide molecule. The purpose of using the chelating agents is to reduce the hydrolysis sensitivity of alkoxide compounds. Since the alkoxide compounds are molecularly modified by the chelation, the structure and properties of the resulting species and pyrolysis behaviour are different. The chelation route is a simpler technique compared to the 2-metoxyethanol route, because the distillation and refluxing steps are unnecessary. Normally, the chelation agents are added to alkoxide compounds during the first stage of solution preparation under inert atmosphere conditions (Yi et al., 1988).

For the fabrication of PZT layers, either lead acetate is first dissolved in acetic acid, and subsequently titanium and zirconium alkoxides are added (Yi et al., 1988;Assink & Schwartz, 1993), or the acetic acid can be added first to chelate the alkoxides, followed by the addition of lead acetate resulting in a more homogeneous distribution of the B-site cations compared to the solution prepared by the conventional 2methoxyethaml route. The drawback of chelate route is that the continuous reactivity of precursor solution results in the change of precursor characteristics with time (normally after few weeks), which is due to the smaller compliance of acetate groups to hydrolysis than alkoxy groups, which can be attached by water leading to the change in molecular structure, the esterification of solution, the oligomerization and realkoxylation of species, and finally to the precipitation (Boyle et al., 1997).

The third chemical synthesis route of PZT solution is a metalloorganic decomposition (MOD), where large carboxylate compounds such as lead 2ethylhexanote, zirconium neodecanoate and titanium dimethoxy dineodecanoate are used (Vest & Xu, 1988). Generally, the metalloorganic compounds are dissolved separately in a common solvent such as xylene, followed by the solutions mixing. An oligomerization process does not occur, because the starting compounds are waterresistant and the precursor species in the solution are similar to the starting molecules. The MOD route has been successfully used for the sol-gel synthesis of the PZT films (Klee et al., 1992). The main drawback of this route is that large organic ligands imply large shrinkage and weight loss leading to layer's cracking. In addition, low reactivity of the starting compounds limits the process flexibility in terms of the change of precursor species characteristics and layer's properties due to the chelation, hydrolysis, and condensation adjustment.

A common problem for all three types of syntheses techniques is the PbO volatilization during heat treatment of gels and crystallization of oxide layers. It is caused by the low oxygen partial pressure produced by the volatized hydrocarbon gas that occurs during pyrolysis [START_REF] Polli | Metastability of the fluorite, pyrochlore and perovskite structures in the PbO-ZrO2-TiO2 system[END_REF]. Typically, to compensate the loss of Pb, an excess of lead precursor (10-20 mole %) is added into solutions (Saito et al., 1994). The viscosity of the solution increases with the molecular weight of the related species. To obtain thinner PZT layers, to adjust viscosity and surface tension, and to improve the wettability of substrates, solution can be diluted with some combination of distilled water and propanol (Yi et al., 1988). Reducing the molar concentration of precursors in the solution can also decrease the layer thickness. However, the change of solution concentration affects morphology, structure, and properties of the layer as well, therefore must be conducted carefully (Hoffmann et al., 1997). Ethylene glycol can be added to solution to adjust its boiling point.

The cross-linked polymeric species at some point forms a gel consisting of a 3-D metal oxide network (Livage et al., 1988) within alcohol, with a significant portion of non-reacted -M-OH and -M-OR groups concealed within the tangled, molecular gel. The molecular gel could be transformed to an oxide when heated. Alkoxide solutions form brittle gels that are often subjected to cracking, which is a critical point for layer structure and physical properties. The main objective of using coating solution precursors is to enable the mixing of different precursor molecules, containing various metal elements, at the molecular scale so that long-range diffusion is not needed to synthesis a multielement compound. Mixing on the molecular scale leads to multielement layer synthesis at low temperatures, following pyrolysis. Lead(II) acetate trihydrate, Pb(CH3COO)2•3H2O, zirconium(IV) propoxide, Zr(C3H7O)4 (70% in 1-propanol), and titanium(IV) isopropoxide, Ti[(CH3)2CHO]4 (97%), were used as metal precursors. The acetic acid (99.85%) and 2-propanol (anhydrous, 99.5%) were used as solvents. The lead acetate was dissolved in acetic acid with 10% mole excess to compensate the PbO loss during heat treatment. All used chemical products were purchased from Sigma-Aldrich, MO, USA. The mass of lead acetate precursor with 0.4 M concentration was estimated as: 

Experimental Details of Solution Preparation for PZT Nanotubes Synthesis

𝑚 Pb [g] = (𝑛 + 𝑛 × 10%) [mol/L] × 𝑉 [L] × 𝑀 [g/mol],
where 𝑛 is a volume concentration, 𝑉 is a volume, and 𝑀 is a formula molar weight, thus

𝑚 Pb(CH 3 COO) 2 = (0.4 + 0.4 × 10%) × 0.01 × 379.33 = 1.669 [g].
The volumetric compositional ratio of Zr and Ti precursors added into 2-propanol was adjusted to 52:48 to ensure the formation of a PZT layer with the same Zr:Ti elemental composition 52:48. First, the Ti[(CH3)2CHO]4 was added dropwise into the 2-propanol solution and stirred during 20 minutes, following by the addition of Zr(C3H7O)4 compound into the same solution already containing Ti. The volumes of Ti(O i Pr)4 (97% wt in isopropanol) and Zr(O n Pr)4 (70% wt in 1-propanol) were estimated as:

𝑉 Ti [mL] = 𝜔 Ti 97% = 48% × 𝑛 [ mol L ] × 𝑉 [L] × 𝑀 97% [ g mol ], 𝑉 Ti[(CH 3 ) 2 CHO] 4 = 48% × 0.4 × 0.01 × 284.22 97% = 0.5625 [mL], 𝑉 Zr [mL] = 𝜔 Zr 70% = 52% × 𝑛 [ mol L ] × 𝑉 [L] × 𝑀 70% [ g mol ],
𝑉 Zr(C 3 H 7 O) 4 = 52% × 0.4 × 0.01 × 327.57 97% = 0.9733 [mL].

After 20 minutes of stirring, the Pb(CH3COO)2•3H2O was fully dissolved in the acetic acid, and the lead precursor solution was added dropwise into the solution containing titanium and zirconium alkoxides, the resulting solution was stirred for ~20 min at room temperature. A deionized water (VWR Chemicals, France) was added to initiate 

Principles of Sol-gel Deposition

Preparation of perovskite layers using chemical solution deposition routes implies a conversion of the oligomeric solution of precursor species into crystallized phase. In this process, structural rearrangements on several dimensions should occur to allow the crystallization to take place including the breaking of M-O-C and M-O-H bonds and formation of M-O-M bonds. In case of oxygen atoms, the coordination changes from nonbridging (O-H and O-C) or 2-fold (M-O-M) to 3-fold. Rearrangement takes place on larger scales as well, i.e. as-deposited bulk gels consist of the aggregation of oligomer species and clusters of few nanometres in size. During pyrolysis, these species rearrange into an inorganic amorphous layer by means of thermal treatment, then the amorphous layer is crystallized at higher temperature in the process of nucleation and growth.

Once a coating solution is prepared, PZT layer could be deposited using either spincoating or dip-coating techniques, followed by the layer's transformation into a PZT crystallized phase using thermal treatment (see Figures 3.4b,c). The spin-coating deposition is normally conducted by putting a few drops of solution onto substrate. Then the coating solution is uniformly distributed via spinning at the rate ranging 1000-8000 rpm during a few tens of seconds. In case of the dip-coating, normally substrates or porous membranes are dipped into a solution to wet the top surface or inner walls of the substrates or porous membranes, respectively, followed by a pulling up from the precursor solution at the speed in the range of 0.01-10 mm/second. The factors impacting the thickness of the dip-coated film include gravitational force, solution viscosity, surface tension and the speed of the dipping [START_REF] Ji | Nanostructural Thin Film Development with Chemical Solution Deposition[END_REF]. The thickness of the spin-coated films on the other hand can be controlled by rotation speed (rpm) of the spin coater, spinning time, and the solution viscosity. However, it is necessary the precursor solution should be with a proper viscosity for both spin-coating and dipcoating techniques. For ultrathin films synthesis, when viscosity is too low to meet the requirements of these two kinds of techniques, spray-coating can be used to conduct the film deposition. In the spray-coating, the precursor solution is transformed to aerosol by nebulizer or pressure. So, the solution viscosity should be very low for nebulizing or the formation of droplets. Then the droplets are transferred by a carrier gas. Finally, the coating on the substrate is deposited by spraying of the nebulized droplets. Herein, the gas pressure and the spraying time are the key factors for the optimization.

The minimal thickness of the spin-coated BTO-CFO nanocomposite and PZT film with good-homogeneity, obtained using optimal rotation or dipping speeds, viscosity, and surface tension, is typically limited to ~30 and 40 nm, respectively [START_REF] Liu | Sol-Gel-Derived Epitaxial Nanocomposite Thin Films with Large Sharp Magnetoelectric Effect[END_REF][START_REF] Maki | Lowering of crystallization temperature of sol-gel derived Pb(Zr, Ti)O3 thin films[END_REF]. Cycling operations of spin-coating, drying, and heating offer to reach the required thickness of the films while also reducing shrinkage stresses and cracking. The maximum thickness achieved without cracking via single-step deposition using alkoxide solutions containing polyvinylpyrrolidone (PVP) is ~2 µm for BaTiO3 and PZT films [START_REF] Kozuka | Stress Evolution and Cracking in Sol-Gel-Derived Thin Films[END_REF]. The PVP allowed to increase the uncracking critical by the C=O groups acting as the capping agent for the OH groups of the metalloxane polymers, suppressing the condensation reaction and promoting the structural relaxation.

Principles of Pyrolysis

After coating the substrate with the precursor solution, solvent evaporation causes the precursor molecules to consolidate and form a layer that is sufficiently elastic to support stresses [START_REF] Schneller | Chemical Solution Deposition of Functional Oxide Thin Films[END_REF]. At this moment, the layer's volume reduction occurs due to the further evaporation of OR and OH groups from the M-O-M backbone causing shrinkage. Since the as-deposited layer is bound to the substrate, the decreased volume is biaxially constrained, generating biaxial tensile stresses. The ability of layers to support large stresses depends on what precursors, solvents and modifying ligands (chelating ligands) are used. Alkoxide precursors form brittle gels that efficiently support tensile stresses. Although large chain carboxylates form weak inelastic layers that do not support large stress, they go through a large volume change during pyrolysis step to an elastic, inorganic layers which are able to support biaxial tensile stresses. The biaxial tensile stresses result in the formation of crack networks when the layer thickness is larger than a critical value, which for brittle gels is ~100 nm [START_REF] Schneller | Chemical Solution Deposition of Functional Oxide Thin Films[END_REF].

To explain the reason for a critical thickness, Figure 3.6 schematically shows a layer of thickness, t, containing a small crack of length, c, that spreads from the surface to the substrate. The layer has an elastic modulus, 𝑌 𝑓 , and a Poisson's ratio, 𝜈 𝑓 , and is exposed to a biaxial tensile strain, σ, due to the constrained shrinkage. The compressive stresses within the substrate will be very small when the as-deposited layer is much thinner compared to the substrate. Thus, only the tensile stresses in the layer should be considered. The strain energy accumulated in the layer, per unit volume, is: while the strain energy in the layer of area, S, containing the small crack of length, c, is:

𝜎 2 (1 -𝜐) 2𝑌 𝑓 = 𝜎 2 2𝑌 𝑓 * , (3.3) 
𝜎 2 2𝑌 𝑓 * 𝑆 × 𝑡 - 𝜎 2 2𝑌 𝑓 * 𝑍 × 𝑐 × 𝑡 2 , (3.4)
where 𝑍 × 𝑐 × 𝑡 2 is the volume of material near the crack where strain energy is relaxed as shown in the second term. The energy required to form the crack's surface is 𝑐 × 𝑡 × 𝐺 𝑐 , where 𝐺 𝑐 is the energy required to from two crack surfaces per unit area, and 𝑐 × 𝑡 is the area of the crack. So then, the total energy corresponding to the layer cracking is

𝑈 𝑡 = 𝜎 2 2𝑌 𝑓 * 𝑆 × 𝑡 - 𝜎 2 2𝑌 𝑓 * 𝑍 × 𝑐 × 𝑡 2 + 𝑐 × 𝑡 × 𝐺 𝑐 . (3.5)
According to the concept introduced by A. A. Griffith, a crack can only spread if this process reduces the free energy of the system when 𝜕𝑈 𝑡 𝜕𝑐𝜕𝑡 ≤ 0. Supposing that the stress, elastic properties, and strain energy relaxing rate (𝐺 𝑐 ) are constant of the layer, the only variables are the thickness and crack length. Differentiating the free energy function (Equation 3.5) with respect to the crack length and layer thickness, the coordination for crack spreading does not depend on the crack's length, rather depend on the layer thickness as shown by

𝜕𝑈 𝑡 𝜕𝑐𝜕𝑡 ≤ 𝐺 𝑐 -𝑍 𝜎 2 2𝑌 𝑓 * × 𝑡. (3.6)
Appointing Equation 3.6 equal to zero, we can see the reason for a crack not being able to spread until the layer thickness exceeds a critical value [START_REF] Schneller | Chemical Solution Deposition of Functional Oxide Thin Films[END_REF]:

𝑡 ≥ 𝑡 𝑐 = 𝐺 𝑐 𝑌 𝑓 * 𝑍𝜎 2 , (3.7)
where 𝑍 changes with the crack geometry [START_REF] Hutchinson | Advances in applied mechanics[END_REF]. So, crack spreading can be avoided when the film thickness does not exceed a critical value. For a specific stress (or shrinkage strain), Equation 3.7 reveals that the critical thickness can be increased by increasing the crack resistance of the precursor layer, i.e. by increasing 𝐺 𝑐 . According to that, brittle precursor gels form their crack pattern during drying when 𝐺 𝑐 is the smallest. Previously, it was shown that when 10 wt% of an elastomeric polymer was mixed with a precursor solution synthesized using a hybrid alkoxide, the critical thickness could be increased by an order of magnitude in the range of 0.1-1 µm, which is expected due to an increase of 𝐺 𝑐 by the elastomer [START_REF] Roeder | Measuring the critical thickness of thin metalorganic precursor films[END_REF]. However, for a thin film geometry, the most common technique to increase the layer's thickness is still by building up the thickness with repeating solution coating and pyrolysis steps, avoiding cracking during each deposition.

Principles of Crystallization

Crystallization process implies the formation of a critical nucleus that grow when it spontaneously reduces its free energy (nucleation & growth process) [START_REF] Schneller | Chemical Solution Deposition of Functional Oxide Thin Films[END_REF]. The size of the nucleus is defined using the same principle as for crack spreading discussed above. Wherein, the free energy per unit volume ∆𝐺 𝑐 , inducing the crystallization, is negative below the melting point, while the growing nucleus add a new interface, and so growth increases the free energy, as the nucleus becomes larger. Consequently, the strain energy arises both within and around the growing nucleus, which increases the free energy. The free energy can be expressed as [START_REF] Schneller | Chemical Solution Deposition of Functional Oxide Thin Films[END_REF]:

∆𝐺 = (𝑈 𝑠𝑒 -|∆𝐺 𝑐 |) 4𝜋 3 𝑟 3 + 4𝜋𝑟 2 𝛾, (3.8)
where 𝑈 𝑠𝑒 is the strain energy per unit volume, 𝑟 is the radius of the nucleus, 𝛾 is the surface energy per unite area, and |∆𝐺 𝑐 | is the absolute value of ∆𝐺 𝑐 , which is negative below the melting point. The maximal value ∆𝐺 in Equation 3.8 can be determined by its differential with respect to 𝑟 δ∆𝐺 𝛿𝑟 = (𝑈 𝑠𝑒 -|∆𝐺 𝑐 |)4𝜋𝑟 2 + 8𝜋𝑟𝛾 (3.9)

By setting Equation 3.9 to zero, the critical nucleus allowing free energy of the system to decrease as it grows is determined as

𝑟 𝑐 = 2𝛾 (|∆𝐺 𝑐 | -𝑈 𝑠𝑒 ) . ( 3 

.10)

Since the difference between the temperature of pyrolysis (200-400 °C) and the melting temperature of the inorganic is very large, |∆𝐺 𝑐 | will be large as well, and thus, 𝑟 𝑐 will be very small. Therefore, the crystallization of a connective network of nanocrystallite (< 2 nm) is often observed.

In the mixed compounds such as PZT, the layer can be crystallized in metastable phases, which will form the pyrochlore structure, rather than the stable perovskite structure. At lower temperature range with limited diffusion, the pyrochlore structure is kinetically favourable. As an example, in the study of the PbO-TiO2 binary system [START_REF] Polli | Metastability of the fluorite, pyrochlore and perovskite structures in the PbO-ZrO2-TiO2 system[END_REF], wherein TiO2 rich PTO composition was prepared, a large number of metastable phases were formed. When heated to higher temperatures, the metastable pyrochlore phase transformed to the perovskite phase, however retaining its metastable Ti-rich composition. At higher temperatures, the two stable phases, TiO2 (rutile) and PbTiO3 (perovskite) are formed accompanied with a decrease of free energy during each of the kinetically limited steps.

A polycrystalline layer will undergo grain growth during heating process until the grain size is equivalent to the layer thickness. Once the horizontal grain size overcomes the layer's thickness, grains with specific orientation will undergo special grain growth due to their lower surface or interfacial energy [START_REF] Srolovitz | Capillary instabilities in thin films. Part I energetics and part II kinetics[END_REF]. In other words, these grains will have a lower free energy relative to other grains, and so consume neighbouring grains by grain boundary motion resulting in polycrystalline films with columnar microstructure, which in turn will facilitate the development of at least one preferred orientation.

Crystallization is characterized by a competition between homogeneous nucleation events within the volume of amorphous layer and heterogenous nucleation events at the interfaces (e.g. substrate/layer or layer-atmosphere) or at seeds (foreign particles or intermediate phases) inside the amorphous matrix [START_REF] Schneller | Chemical Solution Deposition of Functional Oxide Thin Films[END_REF]. The initial phases of growth starting from an amorphous matrix are shown in Figures 3.7a-c. Each of these events has its definitive nucleation and growth rate, and one of them may prevail over the others [START_REF] Schwartz | Comments on the effects of solution precursor characteristics and thermal processing conditions on the crystallization behavior of sol-gel derived PZT thin films[END_REF][START_REF] Gust | Microstructure and crystallization behavior of sol-gel prepared BaTiO3 thin films[END_REF][START_REF] Sporn | Sol-gel processing of perovskite films[END_REF], for more details see Chapter 6. Out-of-plane columnar growth in amorphous layers can be obtained only if the possibility for heterogeneous nucleation at the interface (i.e. substrate/layer) is favoured over other possible nucleation events. In addition, during the crystallization of a starting amorphous matrix a competition between the nucleation of different phases may take place as well, which might affect the crystallization of the targeted phase. The formation of a metastable intermediate phase could take place, which could be advantageous for the subsequent crystallization of the phase with a certain texture at higher temperatures (e.g. crystallization of PZT via the fluorite phase [START_REF] Seifert | Epitaxial growth of PbTiO3 thin films on (001) SrTiO3 from solution precursors[END_REF]). The competition between the nucleation of different phases can be caused by small inhomogeneities of the cation and anion stoichiometry at the nanoscale. Rapid thermal annealing is typically used to avoid the formation of undesirable additional phases before the crystallization of the perovskite phase. This allows to kinetically limit the nucleation of the second phases and limit compositional heterogeneity.

Another critical parameter for the required phase formation as was already mentioned above is the control of the partial pressure of volatile species (such as PbO) during crystallization. This could be a major issue for the fabrication of ferroelectric thin layers since most of the time the thin layers crystallization is carried out not in a sealed environment but rather is a continuous gas stream. Thus, different techniques have been introduced to compensate evaporation of volatile compounds to avoid the formation of undesired phases during crystallization. For example, an excess of the volatile precursor can be added into solution, or an enriched capping layer can be grown on the as-deposited layer.

Beside the volatility of used compound, the compositional homogeneity, control of grain size and texture (crystal orientation) are very important parameters affection ferroelectric and dielectric properties of the perovskite layers. For instance, the grain size in these layers can be modified by the control of the nucleation events leading to layers morphologies with nanocrystalline or columnar shaped grains. As for the texture control, one of the approaches in controlling the crystallinity is the adjustment of underlying substrate material (lattice mismatch) for the initialization of textured growth.

Therefore, among critical parameters defining the microstructure and crystalline orientation are: (1) Precursor chemistry; (2) Atmosphere; (3) Processing temperature; (4) Heating ramp; (5) Seed layer; (6) Compositional inhomogeneity; and (7) The underlaying substrate lattice misfit.

Fabrication of the PZT NT arrays using sol-gel deposition inside porous AAO and silica membranes was previously reported by several groups (Luo et al., 2003;Kim et al., 2008;Bharadwaja et al., 2006;Scott et al., 2008;Nonnenmann et al., 2009;Bernal et al., 2012;Xu et al., 2009;Zhigalina et al., 2006). Typically, after the preparation of a PZT coating solution, wet nanotubes are deposited by a dip impregnation of the solution inside the pores, followed by a formation of crystallized nanotubes using thermal treatment.

The PZT NT arrays preparation using sol-gel deposition is schematically illustrated in Figure 3.8. Two commercial AAO membranes, Synkera-1 and Synkera-2, with different porosities PAAO and pore diameters Dpore (Table 3.1) were used as a porous hosting material for the process development. They feature a thickness of 50 μm, mean Dpore of 100 and 150 nm, and an inter-pore distance Dcell around 250-300 nm, generating the PAAO ∼15 and 35%, respectively. The top view SEM images of the AAO membranes are shown in Figure 3.3. Following the preparation of the stochiometric PZT precursor solution (see Figure 3.5) using inverse-mixing-order chelate processing (Li et al., 1998), the AAO membranes were immersed into the solution for one minute to impregnate the solution into the pores (Figure 3.8a). Due to the electrostatic interaction between the positively charged micelles of the initial sol and the membrane of a different charge, the sol particles adsorb to the pore walls [START_REF] Mishina | [END_REF]. Then the PZT-coated membrane was drawn up and the excess sol on the faces of the membrane was carefully blotted off with an absorbent paper to remove the wet PZT layer. Next the sol PZT was dried in an oven at 100 °C for 30 minutes to transform it into a gel PZT (Figure 3.8b). Finally, the PZT gel was pyrolyzed and crystallized into
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the PZT tubular geometry using the one-step crystallization process (Figure 3.8c), where the temperature of the PZT crystallization was 500 °C or 700 °C (henceforth referred to as the PZT 500 and PZT 700 nanotubes in the following), the heating time was 6 h and the heating rate was 1.5 °C/min to ensure complete crystallization of the PZT while preventing phase transformation of the amorphous AAO into α-Al2O3 (Sallagoity et al., 2016). Thermal analysis was conducted to optimize the crystallization process of the PZT phase including the determination of the temperature corresponding to the evaporation of organic residuals [START_REF] Sallagoity | Synthèse et étude d'hétérostructures diélectrique/magnétique dans des membranes d'alumine nanoporeuses[END_REF]. The PZT NT sidewall thickness was increased by using a multiple dip impregnation, i.e. the sol-gel deposition was repeated three times, while the overall aspect ratio of the nanostructure was kept constant. After each sol-gel deposition, the obtained sol PZT layer was dried at 100 °C for about 30 min and precrystallized at 500 °C for 3 hours at 1.5 °C/min heating rate. Finally, after the last PZT layer was deposited the sample was annealed in a furnace at 500 °C or 700 °C for 6 hours at 1.5 °C/min in order to crystallize the gel PZT nanotubes and obtain the perovskite PZT structure. Sol-gel multiple dip impregnation process was previously reported for the PZT nanotubes synthesis. The PZT sidewall thickness ranging from 5 to 25 nm after a few impregnations (Bernal et al., 2012;Han et al., 2012) could be increased up to 300 nm after 17 dip impregnations (Bharadwaja et al., 2006). PZT nanotubes sidewall thickness can also be controlled through other approaches by tuning their experimental parameters: spin-coating technique by changing the spinning rate (Kim et al., 2008), electrophoretic deposition duration (Nourmohammadi et al., 2009), and sol-gel deposition time at a fixed temperature (Yourdkhani et al., 2017). PZT-coated membrane dehydration (H2O evaporation) in a preheated oven at 100 °C (c) Single-step processing of the PZT 500 and PZT 700 nanotube arrays, where the PZT gel layer is heated directly to the crystallization temperature of 500 and 700 °C for 6 hours, respectively, leading to initial evaporation of organics (pyrolysis) at lower temperature (300-400 °C), followed by crystallization at higher temperature (500-700 °C)

Third Step of Process: Electrochemical Deposition of CoFe2

Nanowire Arrays

Deposition of CoFe2 nanowire (NW) arrays into the PZT-coated AAO membrane is described in this section. To fabricate the PZT-CoFe2 core-shell nanocable (NC) arrays, a pulsed electrochemical deposition technique was used. It is a flexible, low-cost and scale-up technique which allows to grow polycrystalline FM nanowire arrays with large aspect ratio (a ratio between nanowire's diameter and length) into a porous membrane. The key point in using the AAO membranes instead of polymer membranes is the resistance to high temperatures required for the nanowires oxidation (~600 °C) and the hexagonal ordering of the membrane's pores with a fixed inter-pore distance, which defines the interwire distance and associated dipolar coupling between nanowires.

Understanding Template Approach for Electrodeposition of Metal Nanowire Arrays

A principle of magnetic nanowires electrodeposition is a confinement of metal ions inside the porous AAO membrane during their chemical reduction. The electrodeposition technique implies a conductive path through pores between the electrolyte contacting metal ions and the working electrode at the pore bottoms. The metal ions diluted in the electrolyte are reduced inside the nanopores through the conductive path by injecting an electrical current or a voltage. This low-cost technique has been used for more than 40 years to electrodeposit magnetic nanowires inside porous templates (Kawai and Ueda, 1975). The fabrication technique using the electrodeposition of NWs allows to grow the high-density arrays (around 10 8 -10 11 NWs per cm 2 ). The geometric parameters of the grown nanowires (e.g. diameter, height and inter-wire distance) are identical to the morphological features of the hosting AAO membrane. The templating method can be implemented using three main hosting materials, which are the block copolymer membrane, the polymer membrane, and the aluminium or silicon oxide membrane. For the thermal oxidation of magnetic nanowires, conducted in the present work, the porous AAO membrane is the most suitable among them due to the thermal resistance and the well-ordered hexagonal distribution of the cylindrical pores. The alloy nanowires elemental composition is tuned by varying the electrolyte composition of metal precursors. Typically, a physical vapour deposition is used to deposit conducting layers on one side of the AAO membrane to cover the pores and to serve as a working electrode (cathode) for the electrodeposition of nanowires.

In general, there are two modes of electrodeposition, namely potentiostatic and galvanostatic, which in the first case is conducted by injecting a constant voltage, and in the second case by injecting a constant current. For the homogeneous growth of the nanowires with a narrow distribution of the nanowires height, an electrodeposition in the pulsed potential mode was used. Typically, the pulsed mode includes two stages:

(1) the ions diluted inside the pores are reduced at one voltage pulse during time-on, and (2) a voltage pulse with smaller value during time-off allows the diffusion layer to "recover" from the deposition during the time-on.

Iron deposition occurs always in parallel with hydrogen evolution; the occluded or absorbed hydrogen, giving rise to embrittlement of the deposit, can be partly removed by subsequent annealing processes, though a small fraction of hydrogen tends to remain in the crystal lattice until nearly the melting point [START_REF] Gamburg | Theory and Practice of Metal Electrodeposition[END_REF].

One of the main problems in Fe deposition, especially for magnetic device applications, is the possibility of oxidation of Fe 2+ to Fe 3+ , due to oxidation at the anode and/or to reaction with oxygen dissolved in the electrolyte. In combination with the local increase in pH at the cathode due to hydrogen evolution, the presence of Fe 3+ may lead to the precipitation of Fe(III) hydroxide, which is incorporated in the growing Fe films. The presence of Fe hydroxide results in embrittlement of the coating, decreases the saturation magnetization of the Fe thin layers and affects their magnetic properties by generating defects that hinder domain wall motion [START_REF] Gamburg | Theory and Practice of Metal Electrodeposition[END_REF].

The solutions used for the deposition of Fe-Co, Ni-Fe, and Fe-Co-Ni alloys are slightly acidic (pH ~2-3), and may contain either or both sulfates or chlorides of the various metals. Metal ion concentration is determined in part by the alloy composition sought for, and also by the fact that the Fe group metals exhibit the so-called anomalous codeposition, i.e. the less noble metal in the alloy is deposited preferentially. In order to deposit Permalloy for example the concentration of Ni salt (0.5 M) is kept 50 times larger than the Fe ion concentration (0.01 M). Buffering is needed in order to limit the pH increase at the interface resulting from the hydrogen evolution reaction; this is most often achieved by the use of boric acid (0.4 M) [START_REF] Gamburg | Theory and Practice of Metal Electrodeposition[END_REF].

Additives are used to better control the magnetic properties and to decrease the internal stresses; while many of these additives are proprietary, the most commonly used are saccharin (0.1-1 g/l), sodium lauryl sulfate or sodium dodecyl sulfate or sulfonate (SDS, 0.01-0.5 g/l).

Since Fe, Co and Ni present a similar dissociation behaviour in aqueous solutions, electrolyte preparation follows the same steps described for the preparation of Ni solutions.

Typical electrolyte formulations and process conditions to obtain soft magnetic alloy films with high magnetic moments are given in Table 3.3. The choice between metal sulfates or chlorides represents a compromise between deposition rate and stresses; the use of sulfates results in lower stresses but lower deposition rates. SDS and/or saccharin should be added in the concentrations suggested above. 

Principles of Electrodeposition of CoxFe1-x Nanowire Arrays

In his work, the CoFe2 NW arrays were grown using a conventional three-electrode plating using pulsed voltage (AC) configuration, where the ions, dissolved in the electrolyte were reduced on the cathode at the pore base. The CoFe2 NW arrays grew from the bottom working electrode (cathode) in a bottom-up process. Previously several groups reported the fabrication of the CoxFe1-x NW arrays inside the pores of AAO membranes using pulsed electrochemical deposition. Short summary of the preparation conditions for the reported CoxFe1-x NW arrays is shown in Table 3.4.

Interestingly it was shown that the "selectivity ratio" (SR), which is defined as an atomic ratio of Fe/Co in the deposit compared to the molar ratio of Fe 2+ /Co 2+ in the stirred electrolyte solution, obtained in CoFex nanowires increased at the more negative potential, but when the CoFex nanowire electrodeposition was conducted in the quiescent solution using reverse pulse electrodeposition, the SR value decreased at more negative potential (Ghemes et al., 2017). It was shown that the atomic ratio of Fe/Co in nanowires was a little lower than the one in solution when the electrodeposition was performed at potential E = -50 V during ton = 1 ms and toff = 19 ms [START_REF] Ji | R Synthesis of crystalline CoFex nanowire arrays through high voltage pulsed electrochemical deposition[END_REF]. Since Co 2+ is less electronegative than Fe 2+ , the deposition rate for Co 2+ ions is slightly higher compared to Fe 2+ ions. However, another study showed that in spite of identical concentration of Fe and Co in electrolyte and higher effective thermodynamic concentration or activity of Co 2+ (-0.28 V) than Fe 2+ (-0.44 V) ions, more Fe atoms were obtained using electrodeposition with ACpulse of 18/18 V reduction/oxidation voltage and various off-time between pulses (10-400 ms) [START_REF] Ramazani | Magnetic behavior of asdeposited and annealed CoFe and CoFeCu nanowire arrays by ac-pulse electrodeposition[END_REF], which was explained by a formation of the iron hydroxide ions on the cathode surface preventing deposition of Co atoms.

Description of Thermostatic Electrochemical Cell

All electrochemical procedures conducted in this work, such as anodization and pulsed electrodeposition, were performed using specially designed and fabricated for this purposes setup called "electrochemical cell". The operation principles are similar to the larger counterparts called "electrolytic baths (Mátefi-Tempfli, 2008). Figure 3.9a shows the schematic design of the electrochemical cell used herein (BSMA-IMCN, UCLouvain manufactured).

As different solutions and temperatures are applied during electrochemical processes, the material that the cell is built of is a Teflon. The setup is equipped with a temperature control system operating in the temperature range of -30-90 °C, consisting of three parts. The bottom part, which is responsible for cooling the hot part of the Peltier element, placed above it, and for stabilizing the temperature equilibrium, is operating using tubes with water circulation. The cold part of the Peltier is facing up to cool the sample placed above. The last part of the thermal system is an electrical resistive heating part, which is connected to a temperature controller and a temperature probe. Large heating rates of the temperature controller are compensated using the Peltier, which further stabilizes the temperature with high precision. The heat load is transferred to the sample, placed above, using a flat copper part, though a thin electrically separating glass.

The main body of the cell is then tightly fixed above the bottom part of the cell using rubbers in order to eliminate the leakage of the electrolyte introduced inside the cell and to isolate the sample's region, which is to be treated. The schematic of the electrodeposition setup [START_REF] Antohe | pH Sensitive Capacitive Detectors Based on Localized Nanowire Arrays[END_REF] is shown in Figure 3.9b, which is based on the same electrochemical cell in Figure 3.9a. The electrodeposition cell is equipped with two electrodes, one is working electrode, which is a sample contacted through an aluminium foil, and the second one is a counter electrode, which is normally Al or Pt bar immersed inside the solution. Additional reference electrode, used for the electrodeposition, is immersed into the solution as well.

To reduce the cations from the electrolyte onto the working electrode at the pore's bottom, the constant potential (specific value for each material) is applied between the cathode also called working electrode (sample) and the anode also called counter electrode (a Pt foil). To make sure that this potential is constant, and the cations are constantly separated, a PAR 263A Potentiostat/Galvanostat was used in a threeelectrode potentiostatic configuration having the additional reference electrode (Ag/AgCl), which controls the potential difference between the anode and cathode (Darques et al., 2004). The potential between the reference electrode and the cathode allows to measure the potential changes for the anode-cathode, and subsequently the Potentiostat adjusts the voltage level, through an integrated comparator [START_REF] La | Magnetic Anisotropy and Dipolar Interaction in Arrays of Magnetic Nanowires[END_REF].

Principles of Electrodeposition of CoFe2 Nanowire Arrays

In the present work, arrays of CoFe2 nanowires were deposited inside PZT-coated selfsupported commercial AAO membranes by pulsed potential electrodeposition using a three-electrode potentiostatic setup with a Pt foil acting as counter electrode (see Figure 3.9a). The growing process of NW arrays can be easily observed by monitoring time dependence of the cathodic current. Figure 3.10a shows the typical effect of cathode potential on the time dependence of cathodic current in the solution containing Co 2+ and Fe 2+ ions. At the beginning of electrolysis within several seconds, a sharp increase of cathodic current up to around 1 mA is observed due to the changes in ions concentration in the solution and cathodic reduction for the nucleation of nanowires. The concentration of metal ions in the pores decreases with increasing electrodeposition time, while the ions are moving from the bulk electrolyte into the nanopores, resulting in the rapid decrease of cathodic current up to around 0.85 mA. Then the gradient of ions concentration is equilibrated, thus the current stays relatively stable, and the metallic NWs are growing vertically with constant speed, and when the desired volume of metal was deposited, the deposition was stopped.

The height the nanowires was controlled by changing the deposition time or charge density. The electrochemical reaction taking place when a potential is applied in the electrolyte can be expressed as A z+ + ze -→ A, where A are the metallic ions with charge z, and e -is the electronic charge. Simultaneously during the metallic ions reduce to the cathode (the sample) inside the pores, an oxidation takes place on the anode H2O→½O2+2H + +2e -, which provides electrons for the metal reduction process in the 

𝑉 𝑁𝑊 = 𝐿 × 𝐷 𝑁𝑊 2 × 𝜋 4 , (3.12)
where L is the length of the wires, dc is effective wire diameter, and

𝑁 𝑁𝑊 = 𝜌 𝑝𝑜𝑟𝑒 × 𝐷 𝑟𝑢𝑏 2 × 𝜋 4 , (3.13)
where ρpore is a pores density, and Drub is a diameter of the rubber seal used in the electrochemcial cell, here Drub = 5 mm (Schonenberger et al., 1997). Otherwise the nanowire's height can be estimated by measuring the deposition time as

𝑄 = ∫ 𝐼𝑑𝑡 , (3.14)
where I is a deposition current. In other words, by monitoring the deposition time and accumulated charge (the surface area below the current curve), the nanowires height can be measured [START_REF] La | Magnetic Anisotropy and Dipolar Interaction in Arrays of Magnetic Nanowires[END_REF]. The CoFe2 NW arrays were grown into the PZT-coated commercial AAO membranes using the pulsed potentiostatic electrodeposition method. The geometric parameters of the commercial Synkera AAO membranes were summarized in Table 3.1.

Experimental Details of Membrane's Chemical Dissolution

One surface of the PZT-coated AAO membrane was metallized using e-beam thermal evaporation to cover the pores and form a continuous cathode [START_REF] Bhushan | Springer Handbook of Nanotechnology[END_REF]. Typically, the metal to be deposited is placed in a crucible and heated up using an electronic beam to a temperature at which evaporation takes place. The deposition rate is usually high, although step coverage is relatively poor but sufficient. The process starts by an e-beam evaporation of a thick Au layer (~2 µm) on one side the membrane with deposition rate around 0.5 nm/sec. The chamber pressure is typically set to around 10 -7 mbar. A thin adhesive Cr layer (~50 nm) was deposited between the membrane and Au layer to serve as an adhesive layer. Then, the CoFe2 nanowires were electrodeposited at ambient temperature from a single deionized water (VWR Chemicals, France) based electrolyte containing 0.1 M cobalt(II) sulfate heptahydrate CoSO4 • 7H2O (98%, Alfa Aesar, Karlsruhe, Germany), 0.14 M iron(II) sulfate heptahydrate FeSO4 • 7H2O (Merck, Darmstadt, Germany) and 0.16 M boric acid H3BO3 (99.5%, Sigma-Aldrich, St. Louis, MO) in a standard three-electrode potentiostatic configuration using a PAR 263A Potentiostat/Galvanostat and a Pt foil as a counter electrode. The electrodeposition process parameters are summarized in Table 3.5. The operated potential stepped from -1.5 V during 20 milliseconds and -0.5 V during 80 milliseconds versus an Ag/AgCl reference electrode (KCl saturated). The plating current was recorded as a function of time and the electrodeposition process was stopped before filling the pores of AAO membrane to preserve the one-dimensional CoFe2 nanowires taking into account the volume expansion along the pore axis during

Dcell (nm) CoFe2 CoSO4 • 7H2O (0.1 M) FeSO4 • 7H2O (0.
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the metal oxidation step, which follows after the electrodeposition. The height of the electrodeposited CoFe2 nanowires hNW was limited to ~10 µm.

Forth Step of Process: Thermal Oxidation of CoFe2 Nanowires Arrays inside PZT Nanotube Arrays

In this section, the oxidation process of the metal CoFe2 NW arrays inside PZT nanotubes, grown using the pulsed electrodeposition within the nanopores of AAO membranes is discussed.

Difficulties of CoFe2 Nanowires Thermal Oxidation

The major advantage of the templated electrodeposition technique is that the relatively robust metallic 1D nanostructures can be transformed into spinel metal oxide using thermal annealing at temperatures up to 1000 °C (Mallet et al., 2005). Previously it was shown that the minimal temperature sufficient for the transformation of the CoFe2 film into the spinel CoFe2O4 film is around 650 °C (Engin & Fitzgerald, 1973).

The critical issue for the thermal oxidation of the CoFe2 phase into the CoFe2O4 phase is the stability of alumina templates at relatively high temperatures (above 600 °C). An alumina masks showed good stability when the synthesis of the CoFe2O4 nanodot and PZT nanotube arrays was conducted using pulsed laser deposition through those alumina masks at T ~550 -650 °C [START_REF] Gao | [END_REF]Lee et al., 2008). However, when the deposited materials were oxidized inside the alumina templates using thermal annealing the process was not so stable. For instance, the annealing of the Fe NW arrays, encased in the alumina matrix, at Tann ≥600 °C resulted in some fading of the black colour of alumina, and these changes intensified with further increase of Tann. A typical Mössbauer spectrum of the NW arrays with nanowires diameter 30 nm after annealing at 600 °C revealed the complete transformation of the FM Fe into two components, i.e. FeAl2O4 and (FexAl1-x)2O3 (Jagminas et al., 2009).

Interdiffusion effects during thermal treatment inside commercial AAO membranes were also pointed out for AAO/PZT nanotube arrays (Sallagoity et al., 2016), wherein the partially crystallized Al-rich interphase was formed under crystallization conditions at 700 °C for 6 h, which was identified by the tubular double-shell mixture of Al-rich interphase at the outer surface and pure PZT inside. Whereas, the PZT structures crystallized at lower temperature of 500 °C showed thinner walls and presented flatter and more uniform surface after the AAO wet etching, and EDX analysis showed that the residual AAO was entirely removed and the formation of Al-rich interphase was prevented. In addition, it was demonstrated that the CoFe2 nanowire arrays can be effectively transferred into CFO phase via their thermal treatment at 500 °C inside PZT nanotubes forming PZT-CFO core-shell multiferroic nanostructures with both improved morphology and structural characteristics as compared to PZT-CoFe2 nanostructures oxidized at 600 °C.

Other reports are in agreement with these results, where it was also demonstrated that during heat treatment of the PZT nanotubes inside AAO membranes the Pb and Ti mobility and their incorporation into AAO took place leading to the formation of a lead aluminate/aluminum titanate phase (Han et al., 2012). The percentage of the lead aluminate/aluminium titanate increased greatly by ~30% when annealing temperature was raised from 700 to 750 °C, while the percentage of the perovskite PZT decreased as a result of a higher percentage of lead aluminate/aluminium titanate in the PZT nanotubes, consistent with observed increase in the wt. % of Al.

The Au(2-µm)/Cr(50-nm) bilayer electrode used for the electrodeposition was chemically etched following the procedure shown in Figure 3.12. The AAO membrane containing PZT-CoFe2 nanocables was placed on the flat Teflon part with the Au/Cr electrode looking upwards (Figure 3.12). Then a drop of aqueous KI/I2 solution (KI: 100 g/l and I2: 25 g/l in H2O) was put on the top of the membrane covering the entire surface of Au electrode for 10 minutes (Figure 3.12a). The sample was washed three times with distilled water and dried in an oven at T ~45 °C for 30 minutes (Figure 3.12b,c). After the procedure was repeated 5 times, a drop of Cr etchant (Sigma Aldrich Co.) was put on the exposed Cr layer for 30 min (Figure 3 In situ thermal oxidation of the PZT-CoFe2 NC arrays was performed using a procedure schematically shown in Figure 3.13. The PZT-CoFe2 NC arrays were exposed to a thermal heating process at 500 or 600 °C for 24 hours at 2 °C/min heating rate (henceforth referred to as the PZT-CFO 500 and PZT-CFO 600 nanocables in the following) to transform the metal CoFe2 nanowires into the insulating metal oxide CFO phase (Figure 3.13c). Next, to perform SEM and EDX analyses of the PZT-CFO nanocables the AAO membranes was dissolved using chemical dissolution process shown in Figure 3.11. 

Experimental Details of CoFe2 Nanowires Thermal Oxidation

Preparation of (1-3) Vertically Aligned Magnetoelectric System

Vertically aligned (1-3) magnetoelectric system is based on the free-standing FM nanopillar arrays. The (1-3) type nanocomposites were fabricated using as-prepared AAO/Pt/Si templates with AAO thickness of ~1.3 µm implying magnetron sputter deposition of Al layer, formation of porous AAO nanostructures via anodization and chemical widening processes. The close-packed array of the vertically aligned CoFe2 FM nanopillars was produced by an electrochemical deposition within nanopores of the supported AAO template, following a slightly modified protocol as previously reported (Mátéfi-Tempfli et al., 2009a;Mátéfi-Tempfli et al., 2009b). The CoFe2O4 FM nanopillar arrays were obtained using thermal oxidation of the deposited CoFe2 nanopillars after the removal of the AAO template. The Ba0.7Sr0.3TiO3 and BaTiO3 FE layers were deposited on the metal CoFe2 nanopillar arrays using a rf magnetron sputter deposition and the PbZr0.52Ti048O3 FE layer was deposited on the insulator metal oxide CFO nanopillar arrays using a sol-gel dip coating deposition.

A general fabrication process of the (1-3) magnetoelectric nanopillar system in 5 or 6 steps is illustrated in Figure 3.14. In the 1 st processing step, commercial bulk Si wafers were used as substrates. A conductive Pt layer was deposited on the entire Si substrate to serve as an electrode with high conductivity for the electrodeposition of FM nanopillars and for the physical measurements of the nanopillar based magnetoelectric systems. It does not oxidize in air or under electrochemical conditions, and it prevents nanopillars contamination via diffusion during the subsequent thermal treatment. A thick Al layer was sputtered on top of the Pt electrode using an adhesive Ti inter-layer. In the 2 nd step, the Al layer was oxidized into the AAO template using an electrochemical anodization technique leading to the self-organization of the pores. In the 3 rd step, the porous AAO template was filled with the metal CoFe2 nanopillars using a pulsed electrodeposition technique. In the 4 th step, the hosting AAO template was removed using a chemical dissolution leading to the free-standing CoFe2 nanopillar array. In the 5 th step, the BSTO and BTO FE layers were sputtered onto the CoFe2 nanopillar arrays. In the 5' step, the CoFe2 nanopillar arrays were transformed into the insulating CFO nanopillars using thermal annealing. Finally, in the 6' step the PZT FE layer was deposited on the CFO nanopillar arrays using a sol-gel deposition technique.

First Step of Process: Substrate Preparation

One of the most widely used material in the semiconductor industry is Si. It can be used for different nanostructured devices such as transistor due to its electronic properties, tunable resistivity, and good availability in different sizes and shapes on the market. It is suitable for fabrication of devices, as it is smooth, flat, low-cost, and compatible with most of the microfabrication machines. After cutting Si into wafers, the surface is aligned in one of crystal orientations, which makes easier cutting it into smaller individual chips ("dies") by slightly incising them along cleavage planes. Therefore, for future device production, reproducibility and integration into other devices, the fabrication of the (1-3) vertically aligned magnetoelectric systems was done using Si wafer as a substrate.

Commercial Si wafers p-doped with boron had a round shape with the diameter of 100 mm, thickness of 525 µm, and crystal orientation <100> (Siegert Wafer GmbH, Germany). It had a relatively low resistivity of <0.005 Ohm/cm, necessary for the following electrochemical experiments conducted on the Al/Ti/Pt/Ti multilayers grown on the Si wafers.

Principles of Metal Films Deposition

The first step of the process is a deposition of a conductive Al/Ti/Pt/Ti multilayer on Si wafers. The metallization of smooth and flat surfaces with thin metallic layers is typically conducted using a physical (PVD) or a chemical (CVD) vapor deposition techniques as they allow to grow high quality films with good thickness control. The PVD techniques including sputtering, evaporation, and molecular beam epitaxy (MBE) are conducted using argon plasma or electron beam to sputter the required material from the metal or oxide target to the wafer. Since no other chemical is used in PVD, the contamination from carbon, hydrogen and chlorine is much lower compared to CVD techniques or atomic layer deposition (ALD).

The 4-inch Si wafer was directly put into a deposition chamber to avoid any contamination with dust or chemicals, then the wafer was metallized using magnetron sputter deposition (Plassys MP500S) to obtain lower deposition rate and better adherence between the layers. The magnetron sputtering is a deposition of particles whose origin is from the target's surface being sputtered using ions of a gaseous material accelerated in an electric field or radio frequency (RF) magnetic field, that is direct current (dc) and RF magnetron sputtering [START_REF] Mattox | Handbook of Physical Vapor Deposition (PVD) Processing[END_REF]. Herein the targets are bombarded using argon ions (Ar + ) produced in a DC or RF fields. Another advantage of sputtering is a possibility of depositing different materials from different target simultaneously or sequentially to fabricate alloys or multi-layers.

The Pt conducting layer was used for a three-fold purpose: (1) to serve as an anodization barrier during the oxidation of Al layer; (2) to serve as a bottom working electrode for anodization, electrodeposition of nanopillars, and physical measurements;

(3) to prevent nanopillar contamination via diffusion during the subsequent thermal treatment. Ti layers were used for a two-fold purpose: (1) to improve the adherence between the Si substrate and the Pt and Al layers thus preventing alumina template detaching during the anodization process; (2) to serve as an oxidation barrier during the anodization.

The deposition process of the Al/Ti/Pt/Ti multi-layer is summarized in Table 3.6. Firstly, the Si wafer was cleaned using RF magnetron sputtering at 80 W during one minute, followed by a surface ionization and activation process using soft plasma etching at 60 W for 30 seconds to provide a better attachment to the substrate of the 1 st layer of Ti atoms. Next, the 5-nm-thick Ti adhesive layer was sputtered using a dc of 0.1 A during 2 minutes at the Ar gas pressure of 10 mT (~50 sccm). Then, the 50-nmthick Pt layer was sputtered at a dc of 0.5 A for 5 minutes at the same Ar gas pressure. The 2 nd Ti adhesive layer was sputtered. Finally, the ultra-compact 1-µm-thick Al layer was Experimental Details of Al/Ti/Pt/Ti Multilayer Sputter Deposition deposited at dc of 1.5 A during 10 minutes at the same Ar gas pressure but at lower temperature of 3 °C. To obtain the compact Al layer without hillocks and pits, the substrate temperature and deposition rate have to be carefully adjusted [START_REF] Mattsson | [END_REF]. The resulting Al layer was compact up to the thickness of around 1 µm when sputtering was carried at lower substrate temperatures ~3 °C with the deposition rate ~100 nm/min [START_REF] Vlad | Advanced Fabrication of Nanowire Arrays and Three-Dimensional Nanostructures[END_REF].

Second Step of Process: Preparation of Porous Anodic Aluminium Oxide Templates

Principles of Anodization Process

Generally, the anodization of the supported Al layer was carried out using similar protocol as used for anodization of Al foils in sulfuric, oxalic and phosphoric acids.

The anodization setup was based on the electrochemical cell shown in Figure 3.9a, which was used for the pulsed electrodeposition of CoFe2 NW arrays. The Al bar served as a cathode (counter electrode), the supported Al layer served as an anode (working electrode) and the electrolyte was a solution of oxalic acid (Figure 3.15a).

The application of the anodic potential between two electrodes to the aluminium layer (anodization) immersed in the acidic electrolyte (pH < 6) results in the growth of the porous aluminium oxide (AAO) with either ordered or disordered cellular structure [START_REF] O'sullivan | [END_REF] and the reaction taking place during the anodization 2Al+3H2O→Al2O3+3H2. The formation process consists of several stages, which can be easily identified by measuring the dependence of the voltage (or current) on time (see Figure 3

.15b).

Five stages of the development of porous structure and the schematic diagram of the kinetics of porous oxide growth on the suported Al layer in potentiostatic regime are shown in Figures 3.15c,d. In the first stage, immediately after switching on the voltage a barrier oxide layer starts to grow producing a fast and sharp decrease of the current, very high current in the beginning identifies short-circuting of the anode (sample) with the cathode through electrolyte. Then in the second stage, relatively fine featured pathways are revealed in the outer regions of the barrier oxide prior to any true pore formation, this process featured by an irregular barrier-layer thickening and the distribution of current during pore initiation in the pore-forming electrolytes. Next, in the third stage, further anodizing results in the propagation of individual paths through the barrier oxide with their heads becoming enlarged due to the oxide dissolutin of paths and the formation of a new barrier oxide leading to the gradually increasing current. In the forth stage, a competitive equilibrium between the two chemical reactions takes place, and a steady state pore structure is formed by closely packed cylindrical cells, where each cell contains a pore at the center, and it is separated from the conductive Pt layer by a layer of scalloped hemispherical barrier oxide. Finally, in the fifth stage, the process reaches the Ti inter-layer, where the same 4-stage anodization process takes place but at lower oxidation rate compared to the anodization of Al layer, which ensures a nice distribution of the AAO pores reaching the conductive Pt layer, featured by gradual increase of the current.

The mechanism of the pore nucleation, growth and self-organization was reported previously (O'Sullivan and Wood, 1970) (Figure 3.15c). In this paragraph this process will be reviewed only briefly. Once the anodic potential is applied to the Al film, the non-uniform thickening of the barrier layer takes place at constant current density. The "nuclei" or spots of thicker oxide (a few tens of nm in diameter) increase in number and size until they finally merge, leaving thin areas of oxide between them. Figure 3.15d shows the non-uniform current distribution during this process, with initial concentration at the thickening regions but eventual concentrations at the thin areas which are the precursors of the future steady-state pores. With anodic potential increasing, the pore and cell diameters increase, and a smaller number of major pores grow. The local thickening could be due to easier ions penetration into the Al film at the defects.

The pore dissolution process happening at the pore tips in the oxide/electrolyte interface under applied voltage as explained in Figure 3.16 [START_REF] O'sullivan | [END_REF]. The dissolution of the ionic Al2O3 requires the breaking of Al-O bonds, which can be facilitated by two processes, hydrogen bonding of the outer regions of the barrier layer weakening inter-ionic bonding and the electric field across the oxide-electrolyte interface at the pore base. 16c,d).

In the beginning of the anodization, the nanopores are relatively disordered, however for longer anodization the nanopores tend to merge and form the defect-free domains with hexagonal distribution of cells (Masuda and Fukuda, 1995;Li et al., 1998b). To increase the size of those domains, a two-step anodization technique is typically used (Jessensky et al., 1998). In the first anodization step the Al foil is partially anodized to ensure the "bad" irregular pores merge and self-organize into hexagonal arrangement. The disordered AAO layer is removed by electropolishing or chemical etching leaving the regular hexagonal domain pattern of the shallow pitches on the Al surface, then the second step of anodization is conducted until the entire Al foil is oxidized. High degree of pores ordering, and regularity was achieved using twostep anodization process, although generally only for the thicker Al layer such as foils (Mátéfi-Tempfli et al., 2009;Jessensky et al., 1998;Li et al., 1998b), and just recently even for supported Al thin layers with thickness < 2 µm, a four-step anodization technique was used to improve the nanopores arrangement at a low anodization rate ensured by using a low voltage of 40 V (Son et al., 2013).

To explain the self-organization process using only a model (O'Sullivan and Wood, 1970) based on the field distribution, used to explain the pore propagation and barrier layer formation, is not enough. The hexagonal arrangement of the neighbouring pores was explained by the repulsive interaction between the pores (Jessensky et al., 1998).

To explain the pores self-organization process happening during the stage IV in Figure 3.15c, a steady-state pores growth was considered (see Figure 3.17). As was explained previously (Figures 3.15c,d) the pores penetrate inside the Al layer with balanced oxide dissolution at the oxide/electrolyte interface and oxide growth at the metal/oxide interface (Parkhutik et al., 1992;[START_REF] O'sullivan | [END_REF]. The oxidation is caused [START_REF] O'sullivan | [END_REF] by the migration of oxygen containing ions (O 2-/OH -) from the electrolyte through the oxide layer at the pore base, and the Al 3+ ions are moving in the opposite direction through the oxide layer into the electrolyte at the oxide/electrolyte interface. The injection of Al 3+ ions into the solution is a prerequisite for the porous oxide formation, thus the atomic density of aluminium in oxide layer is two times lower than in the prior to anodization Al layer. Therefore, the expansion during the oxidation process at the metal/oxide interface could result in the mechanical stress, which leads to forces between neighbouring pores. Since the oxidation occurs at the entire pore bottom simultaneously, the material can only expand in one direction, thus the pore walls are pushed upwards. Normally the anodized layer expands less than two times compared to the original Al volume, which is explained by the mobility of Al 3+ ions in the oxide under applied voltage, thus partly the oxidized Al does not contribute to the oxide formation. No oxide formation takes place at the oxide/electrolyte interface during porous oxide growth but all cations reaching the interface are ejected into the electrolyte, this observation can be explained by a variation of the relative transport numbers of Al 3+ and (O 2-/OH -) ions with voltage and electrolyte composition. For the 0.3 M oxalic acid electrolyte the anodization was performed at 30, 40 and 60 V. Moderate voltages of 30 and 40 V showed a higher degree of the hexagonal ordering of cylindrical pores, which authors associated with a moderate expansion of the aluminium during oxidation. With volume contraction or strong expansion during oxide formation, no ordered structures can be achieved. While in the case of contraction no repulsive forces between the pores are expected, large volume expansion may result in structural defects in the alumina and irregular pore's growth. A large volume expansion is also associated with high anodizing voltages and growth rates and therefore with reduced interaction between the neighbouring pores. The AAO templates prepared in different electrolytes using two-step anodization technique shows the best pore ordering when the volume expansion is ~1.2-1.4 times and has porosity around ~10-20% (Jessensky et al., 1998;Li et al., 1998b). Beside the two-step anodization technique there are other techniques used to pattern the Al top surface before anodization such as imprint lithography (Masuda et al., 1997a;Choi et al., 2003), focused ion-beam lithography (Peng et al., 2005;[START_REF] Robinson | [END_REF]Liu et al., 2003), photoresist patterning, interference/holographic lithography (Sun et al., 2002;Krishnan et al., 2007), pattern transfer using nano-sphere lithography (Fournier-Bidoz et al., 2004;Kim et al., 2007), and pattern transfer via Al deposition on the nano-structured substrates (Nishio et al., 2008). Small pitches on the surface of Al serve as nanopores nucleation spots in the following anodization.

After the anodization process is complete, the pores diameter Dpore can be radially enlarged, pore walls smoothed, and barrier oxide layer dissolved (alumina layer between pore base and bottom electrode) using a chemical widening process. Previously, the pores widening by chemical dissolution was found to depend quadratically or linearly on the time that the AAO membrane is immersed in the bath (AlMawlawi et al., 1991;Takahashi & Nagayama, 1978). The pores widening process via chemical etching with controlled widening time is a very powerful technique that enables the simultaneous barrier layer dissolution, smoothing of pore walls and tuning of pore diameters.

Control of Geometric Parameters of AAO Template

The thickness of the anodized layer increases linearly with increasing anodization time and temperature, and the alumina growth rate is proportional to the anodization voltage (Sun et al., 2010;Ohgai et al., 2004;Lee et al., 2007). The anodization time also controls the pores depth. The dependence of the barrier-layer thickness on voltage shows linear increase with a slop of ~1.04 nm/V when Al is immersed in a 0.4 M phosphoric acid and anodized for 1 h at 25 °C (O' Sullivan and Wood, 1970) but it can vary slightly by changing the anodization conditions and electrolyte. The cell size Dcell or inter-pore distance, which is a diameter of the escribed circle of the hexagonal cell increases with increasing anodization voltage at the rate of ~2.5 nm V -1 . The cell-wall thickness is ~0.71 times of the barrier layer thickness for the voltage range of 80-120 V. The pore diameter Dpore = Dcell -2×0.71tbarrier, where tbarrier is a thickness of the barrier layer. The Dpore is also proportional to the forming voltage, but this relationship varies with anodization conditions. Therefore, Al films anodized at different voltages and under the same conditions should have similar porosity PAAO. It can be explained by fact that the cross-sectional area of the pore πDpore 2 /4 is proportional to V 2 , and the number of pores is inversely proportional to V 2 .

The temperature of electrolyte does not affect the template parameters much besides a slight variation of the anodization rate and barrier-layer thickness, and normally is maintained in the range of 0-20 °C. The barrier layer nm/V ratio ζbarrier decreased from 1.14 to 1.04 nm/V at constant voltage when temperature was increased from 20 to 30 °C. Increasing the molarity of the electrolyte from 0.4 to 2.5 M decreases the barrier layer from 87 to 67 nm and decreases ζbarrier from 1.09 to 0.82 nm/V at constant voltage [START_REF] O'sullivan | [END_REF]. A decrease of tbarrier with the increasing electrolyte concentration under applied voltage is caused by the increasing dissolution rate at barrier layer/electrolyte interface. Pore diameters and cell size should not be affected much by the acid concentration and dissolution rates, but depend mainly on the applied voltage, where both Dpore and Dcell are proportional to the applied voltage (Myung et al., 2004;Li et al., 1998a;Sun et al., 2010;Lee et al., 2006;Masuda & Fukuda, 1995;Masuda et al., 1997b;Nielsch et al., 2002;Chu et al., 2005). In order to maintain the nanopores self-ordering when increasing voltage, it is necessary to decrease the pore's base dissolution rate and ζbarrier by increasing the pH level of the electrolyte. The acid aggressiveness decreases in the order sulphuric > oxalic > phosphoric. Typically, three main voltage regimes are used to obtain the desired Dpore and Dcell. For the voltage range of ~20-30 V a sulfuric acid (H2SO4) with lower pH is used to provide faster pore dissolution rate, and for other two regimes of 40-100 V and 120-200 V an oxalic (C2H2O4) and phosphoric (C2H2O4) acids are used to lower the dissolution rate. The change of the Dcell with applied voltage is defined by the cell size nm/V ratio ζcell ~2.5 nm/V (O' Sullivan and Wood, 1970;Masuda et al., 1997a;Myung et al., 2004;Lee et al., 2007) but it can be affected by the purity of films and number of defects.

Since both Dpore and Dcell increases with increasing voltage, it is a big challenge to control PAAO of the AAO template by only changing one of the template parameters (e.g. Dpore, Dcell or ρpore). For instance, decreasing the voltage from 195 to 160 V using phosphoric acid increases PAAO to ~40% (Nielsch et al., 2002;Lee et al., 2006) and increasing voltage from 40 to 150 V using oxalic acid decreases PAAO to ~3 %. With increasing electrolyte concentration, the Dpore can be tuned maintaining the same Dcell, for example PAAO was decreased from 31% to 15% with increasing sulfuric acid concentration from 1.8 to 4.7 M at fixed current density 100 mA/cm 2 (Myung et al., 2004;Ebihara et al., 1982;Parkhutik & Shershulsky, 1992).

A schematic fabrication process of supported AAO templates on a smooth conductive Ti/Pt/Ti multilayer, deposited on top of a solid Si wafers is shown in Figures 3.18a-c. High quality analytical grade (99.99%, unless otherwise specified) chemicals were used in this work as provided, without further purification. The aqueous solutions were prepared with ultra-pure deionized water (VWR Chemicals, France). The as-prepared Al/Ti/Pt/Ti/Si substrate (Figure 3.18a) was exposed to a single step anodization process in 0.3 M oxalic acid (H2C2O4), by applying an anodic potential of 60 V from a Keithley 2400 sourcemeter during ~1000 sec. The anodization process was stopped by the program automatically after the current gradually increased and reached the set limit of 20 mA, which identifies the end of the anodization process and indicates that Experimental Details of Supported AAO Templates Preparation the template's pores reached the conductive Pt layer (Figure 3.18b). To slow down the oxidation process during anodization and to improve the quality of AAO template, the temperature was kept around 2±0.2 °C. The anodization process was followed by a chemical widening of the nanopores and barrier layer dissolution in a 0.5 M sulphuric acid (H2SO4) solution (Merch, Germany) at 40 °C for 60 and 70 min (Figure 3.18c). The resulting AAO film had a thickness tAAO ~1.3-1.4 µm with a nanopores interspacing Dcell ~130-150 nm (the distance from centre to centre of nanopores) and an average Dpore ~70-90 nm, generating a porosity factor PAAO ~25-35 % (Nielsch et al., 2002) and a pores density ρpore ~7×10 9 pores/cm 2 . The data observed by SEM for the geometric parameters of the anodized Al layer before and after widening during 60 and 80 min is summarized in Table 3.7.

Top and cross section view SEM images of the alumina templates after the anodization procedure are shown in Figures 3.18d,e. The values for the inter-pore distance Dcell ~125 nm, pore diameter Dpore ~20 nm, and barrier layer thickness tbarrier ~70 nm are similar to the previously reported values for the anodization of Al foils carried out at 60 V potential (Li et al., 1998a;[START_REF] O'sullivan | [END_REF]Chu et al., 2005). The data obtained by SEM (Figures 3.18d-g) showed that the enlargement time of 60 min results in Dpore~70 nm and Dcell ~130 nm, while after 80 min of the pores widening Dpore and Dcell increase to ~90 and 150 nm, respectively. For the multistep anodization of the thin Al layers (e.g. two-, three-or four-step) it is necessary to know the anodization rate, so that the anodization can be stopped and the oxide layer can be chemically ethced leaving a highly-ordered pattern of pits on the top surface of the non-anodized Al layer. By knowing the concentration of the acid (e.g. 0.3 M oxalic acid), anodization voltage, and anodization surface (here 0.2 cm 2 , calculated from the rubber seal parameters used in the electrochemcial cell see Figure 3.9a), the thickness of the anodized Al layer can be estimated by calculating the area below the graph of the current-time dependence (Figure 3.15b). Figures 3.18d,e show the top view and tilted section view of the anodized supported Al layer. The interpore distance Dcell ~125 nm, pore diameter Dpore ~20 nm, and barrier layer thickness tb ~70 nm, which are similar to the previously reported alumina parameter for the anodization carried out at 60 V potential (Li et al., 1998a;[START_REF] O'sullivan | [END_REF]Chu et al., 2005).

Third Step of Process: Electrochemical Deposition of Vertically Aligned Nanopillar Arrays into Supported Anodic Alumina Templates

The pulsed electrodeposition of CoFe2 nanowire arrays was discussed in detail in Section 3.1. 3 (page 53).

In this paragraph, the fabrication process via an electrodeposition of the metal CoFe2 nanopillars arrays using supported nanoporous alumina is discussed. 20a-c show the experimental variation of the height of CoFe2 nanopillar arrays with the duration of electrodeposition. The tilted section view SEM images of the CoFe2 nanopillars shows that with increasing the electrodeposition time and accumulated charge from ~120 s and 60 mC to ~300 s and 157 mC, the hpillar increases from around ~200 nm to 500 nm.

Forth Step of Process: AAO Template Removal using Chemical Dissolution

The AAO template dissolution process is shown in on the Pt/Ti/Si substrate. The experiments showed that the critical height of nanopillars is ~600 nm, and the nanopillar arrays with height larger than ~600 nm tend to come down after the dissolution of AAO templates.

Fifth Step of Process: RF Magnetron Sputter Deposition of BaTiO3 and Ba0.7Sr0.3TiO3 FE Thin Layers and in situ FM Nanopillars Oxidation

The top-down PVD preparation of the BSTO and the BTO FE layers on the CoFe2 nanopillar arrays is described in this section. To fabricate the BSTO and the BTO layers, a facile radio-frequency (RF) magnetron sputter deposition (sputtering) was used. It is a synthesis technique which allows to fabricate high-quality thin films with the good crystal structure and interface matching. Using the RF magnetron sputtering it is possible to grow films with thickness in the range from 50 nm to 1 µm and at the deposition rates of 40-200 nm/hour. The key point in using the RF magnetron sputtering for the deposition of FE layers on FM metal nanopillar arrays is the possibility of a simultaneous oxidation (in situ) of metal CoFe2 nanopillars into insulator metal oxide CFO nanopillars. In the following paragraphs, the detailed explanation of the BSTO and BTO layers deposition and the general description of sputter deposition technique is presented. 

Principles of RF Magnetron Sputtering Deposition of Perovskite Layers

The RF magnetron sputtering is one of the most commonly used PVD techniques for the growth of perovskite thin films. The schematic illustration of the sputter deposition processing is shown in Figure 3.22. Briefly, the working principle of the magnetron sputtering can be described as a physical vaporization of the surface atoms via transfer originated in the bombardment by energetic particles. The energetic particles are represented by gaseous Ar + ions (Figure 3.22a), which are accelerated in the electric field or radio frequency (RF) magnetic field, so-called dc and RF magnetron sputtering [START_REF] Mattox | Handbook of Physical Vapor Deposition (PVD) Processing[END_REF]. The sputtering of surface particles from the target, facilitated by the bombardment effect (Figure 3.22a), is followed by the particles condensation on the pre-heated sample forming perovskite layers.

For the RF magnetron sputtering, conducted at frequencies above 50 kHz, the ions are not mobile enough to form a dc diode-type discharge and the applied potential is felt through the space between the electrodes. The ionizing collisions in the space between the electrodes is generated by the electrons with sufficient energy, and the plasma is generated throughout the space between the electrodes. The alternating positive-negative potential occurs on the surface, when the RF potential with a large peak-to-peak voltage is capacitively coupled to the electrode. The ions are accelerated to the surface with sufficient energy for sputtering during part of each half-cycle, and during alternative half-cycle, the electrons move towards the surface to prevent any charge build-up. RF frequency is typically in the range of 0.5-30 MHz. RF sputtering is conducted at low gas pressures (<10 -3 mBar). Since the target is capacitively coupled to the gaseous plasma, the sputtering can be performed from the surface of both conductive and insulating targets with a condition that the insulator target covers the whole surface of the metal electrode to avoid a shorting out the capacitance formed by the metal-insulator-sheath-plasma. A major drawback of the RF sputtering of ceramic targets is a poor thermal conductivity, large thermal expansion coefficients, and high brittleness of insulating materials, which can generate large thermal gradients and targets fracturing when high power is applied.

The BaTiO3 (BTO) targets were prepared using solid-state chemistry processing illustrated in Figure 3.23. First, the BaCO3 67.7 g and the TiO2 23.7 g powders (Sigma-Aldrich, St. Louis, MO) were mixed and milled in a centrifuge using agate balls at 200 rpm for 30 minutes. After washing the powders with ethanol, they were pressed into a pellet at the pressure of 100 bar in a hydraulic press, followed by a calcination at 1150 °C for 3 hours at 3 °C /min heating rate. Then the calcinated pellet was milled Experimental Details of BaTiO3 Target Preparation using an ultrasonic pulveriser (Fritsch analysette 3 SPARTAN) for 1 hour, and subsequently pressed into the BTO target in hydraulic press at 4.6 bar/cm 2 . Next, the targets were heated at intermediate temperature of 400 °C for 2 hours to make sure that the organic binder (Optapix) is evaporated before sintering process, and then sintered at 1300 °C for 2 hours. The as-prepared BTO targets had rectangular shape with dimensions ~70×50 mm (top surface ~35 cm 2 ). Finally, two home-made BTO targets were fixed in facing target configuration (90° off-axis geometry) inside the PVD vacuum chamber for the RF magnetron sputtering of the BTO FE layers.

The home-made BaSr0.7Ti0.3O3 targets we used were prepared by Dr. S. Payan and Dr. Q. Simon (ICMCB-CNRS, Université de Bordeaux, France).

The BSTO and BTO thin layers preparation using the RF magnetron sputtering deposition is schematically illustrated in Figure 3.24. The CoFe2 nanopillar arrays having the average height of ~150-500 nm were considered (Figure 3.24a). The BSTO and the BTO thin layers were deposited by the RF magnetron sputtering (Plassys MP700) in facing target configuration (90° off-axis geometry) using two home-made targets (RF power density ~2.1 W/cm 2 ) and reactive Ar/O2 plasma (5 Pa and 1% O2) (Figure 3.24b). Upon deposition, the substrates were kept at 650 °C with a substrateto-plasma distance close to 40 mm. The deposition time was adjusted to fill the internal space of the pillar arrays as well as to obtain the desired BSTO and BTO thin layers with thicknesses ~200 and 600 nm at the top of the nanopillar structure (Figure 3.24c). The CoFe2 nanopillar arrays were transformed into an insulator CoFe2O4 phase in situ during the deposition of BSTO and BTO FE thin layers, thus preserving the nanopillars morphology, reducing the surface roughness and avoiding free spaces and pin-holes. We must note that the initial surface oxidation of the CoFe2 nanopillar can occur during the pre-sputtering step before the actual FE layer deposition. However, since this step is very short 20 min, only ultrathin surface layer can be oxidized, while the bulk of CoFe2 nanopillars is expected to be transformed into CFO mainly during FE film sputtering process that lasts 6-12 hours.

Experimental Details of BaTiO3 and BaSr0.7Ti0.3O3 Thin Layers Preparation

Fifth' Step of Process: Thermal Oxidation of CoFe2 Nanopillar Arrays

Thermal annealing of CoFe2 nanowire arrays was discussed in detail in Section 3.1. 4 (p. 84) After the dissolution of AAO templates using the procedure shown in Figure 3.21, the CoFe2 nanopillar arrays, free-standing on the Pt/Ti/Si substrate (Figure 3.25a), were transformed into the CFO phase using thermal annealing (Figure 3.25b). The CoFe2 nanopillar arrays were placed in a tubular furnace (Carbolite, England) and heated in air at Tanneal ~600 °C for 24 hours at the heating rate of 2 °C/min. 25e,f). This a key point for the preparation of the BSTO-CFO and BTO-CFO (1-3) ME nanostructures, because the surface roughness, change of morphology, and increase of nanopillars diameter will directly affect the microstructure of FE thin layers deposited on the FM nanopillars using RF magnetron sputtering. The tilted section view SEM images showed that hpillar increased from around 200 to 350 nm after thermal oxidation (Figures 3.25g,h). The EDX spectroscopy showed the Fe/Co ratio was maintained at ~2 after thermal treatment (Figures 3.25i). The significant increase of the oxygen K line in the EDX spectrum is assigned the nanopillar arrays oxidation.

Experimental Details of Thermal Oxidation of CoFe2 Nanopillar Arrays

When we consider nanostructures, their properties can differ from the bulk.. Although EDX analyses of the nanopillars indicates that the initial stoichiometry Fe/Co~2 is preserved, the local non-stoichiometry is possible. As was previously shown for CoFe2/CoFe2O4 multilayers, prepared using sputtering of CoFe2 layers and its oxidation into CFO using RF Ar/O2 plasma activation, it is important to investigate local stoichiometry of CFO (Jurca et al., 2003a;[START_REF] Jurca | Growth, structure and morphology of CoFe2/CoFe2O4 multilayers[END_REF]. There is a possibility of presence of lacunar spinel type structures such as γ-Fe2O3 whose structure and cell parameter are close to a lacunar spinel of formula (Co0.33Fe0.66)2O3, wherein a larger oxygen to metal ratio can be observed for γ-Fe2O3. Therefore, TEM observation is needed to control local stoichiometry and affinity of nanopillars after thermal oxidation. Another strategy for the thermal oxidation of CoFe2 nanopillar arrays was also tested, where the thermal oxidation was conducted directly after the pulsed electrodeposition of the CoFe2 nanopillars confined inside the AAO template (Figure 3.26a). However, due to several important drawbacks, discussed below, this strategy was not further pursued in the preparation of vertically aligned multiferroic nanocomposites. The CoFe2 nanopillar arrays were annealed in the furnace at Tanneal ~600 °C for 24 hours at the heating rate of 2 °C/min (Figure 3.26a), followed by the chemical dissolution of the AAO template (Figure 3.26c). The tilted view SEM images of the free-standing CoFe2 nanopillar arrays before and after the thermal oxidation are shown in Figure 3.26d,g. Some parts of the nanopillars were broken and washed away during the AAO template's dissolution. Since during annealing the CoFe2 nanopillars were confined inside the AAO template, the nanopillars diameter was not affected by the oxidation process (see Figures 3.26e,h), whereas their height increased by nearly 2 times from ~600 to 1200 nm after the thermal procedure (Figure 3.26f,i).

Experimental Details of Thermal Oxidation of CoFe2 Nanopillar inside AAO Template

Sixth' Step of Process: Sol-Gel Deposition of Ferroelectric PbZr0.52Ti0.48O3 Thin Layers

Sol-gel deposition of FE layers was discussed in detail in Section 3.1. 2 (p. 60) The bottom-up chemical solution deposition of the PZT FE thin layers on the CFO nanopillar arrays is described in this section. To deposit the PZT thin layers on the nanopillars, a facile, scale-up, and low-cost sol-gel deposition was used. It is a solution based technique which allows to fabricate polycrystalline thin and thick films with high density and large range of thicknesses ranging from 100 nm to 2 µm. The key point in using the sol-gel deposition for the growth of the FE layers on the FM nanopillar arrays is the possibility for the solution to effectively penetrate the highly-packed CFO nanopillar arrays and thus a way to improve the interface quality between the FE layer and the FM pillars. In the following paragraphs, the PZT layers deposition is presented.

The PZT precursors solution used for the deposition of the PZT thin layers was prepared using an inverse-mixing-order route (chelate route) similarly to the preparation of the PZT solution (Figure 3.5, p. 66) used for the deposition of the PZT nanotube arrays described in Section 3.1 (p. 58). A new solution was slightly adjusted for the synthesis of FE layers with a thin film geometry. The second solution preparation is schematically shown in Figure 3.27. The volume of the solvents (i.e. acetic acid and 2-propanol) was reduced from 4.25 mL to 3 mL. In addition to the procedures shown in Figure 3.5 (p. 66), an ethylene glycol 2.5 mL was added into the solution of precursors in the final step. All chemical products used for the synthesis of

Experimental Details of PZT Precursor Solution Preparation

the PZT stock solution with Pb:Zr:Ti composition around 100:52:48 are shown in Table 3.9. The as-prepared solution was stored in a refrigerator for one month. The initial reaction has to be complete before the ethylene glycol is added because the residual zirconium and titanium alkoxides can alcolyze with ethylene glycol and form a condensed solid material. The ethylene glycol was used for several purposes:

(1) a well-suited solvent for both carboxylate and alkoxides; (2) to increase the boiling point of the coating solution and slow down the evaporation of water and organics; (3) to increase the viscosity of the solution thus stabilizing suspended particles better. The comparison between the solvents parameters used in the synthesis of PZT solutions is given in Table 3.10 [START_REF] Lide | CRC Handbook of Chemistry and Physics[END_REF].

Principles of Thermal Treatment and Crystallization of PZT Gel Layers

The one-step technique to crystallize the as-deposited PZT gel layer into the perovskite PZT tubular layers described in Section 3.1 (p. 58) was modified by including an additional thermal treatment called pyrolysis, which is a commonly used for the synthesis of FE thin films (see Figure 3.4c, p. 61). Firstly, before the crystallization the as-deposited PZT gel layer is exposed to the pyrolysis by placing it on a hot-plate, which was pre-heated at 200-400 °C for several minutes to evaporate the organic species and form a PZT amorphous layer. Interestingly no cracking of the films appears during this rapid heating process, because the hot-plate pyrolysis allows the evaporation of organic species to happen before the amorphous network collapses. It was reported that the sol-gel derived PZT layers were amorphous with a short-range order, but after the heat treatment was carried out the development of the mediumrange order and chemical heterogeneity at nanoscale were observed. Then, with increasing temperature the heterogeneity decreased, and above the pyrolysis temperature of 500 °C, the layers crystallized into an intermediate phase, which finally was transformed into the perovskite phase above 600 °C [START_REF] Lakeman | [END_REF]. To crystallize the pyrolyzed amorphous layers into the homogeneous perovskite ceramic counterparts and to simultaneously remove all organic species left in the structure after the pyrolysis, the layers are heated to higher temperatures (500-700 °C) at heating rate ranging from 5-6000 °C/min. In this work, the crystallization of the PbZrTi gel layers into the PZT perovskite layers on the CFO nanopillar arrays was conducted using a combination of the pyrolysis on a hot-plate and thermal crystallization in a conventional furnace. The (1-3) PZT-CFO ME nanocomposites were prepared using sol-gel dip coating deposition. The schematic preparation flow chart is shown in Figure 3.28. The second most common technique for the deposition of the PZT gel layers, a dip coating technique (Figure 3.4, p. 61), was used to deposit PZT gel layers on the vertically aligned CFO nanopillar arrays. Following the PZT gel layers deposition, a two-step crystallization approach is typically used to crystallize the PZT gel into the perovskite ceramic matrix layer using the hot-plate pyrolysis and furnace crystallization (Yi et al., 1988;Kingon & Srinivasan, 2005). CoFe2 nanopillar arrays having an average height of 400 and 500 nm were considered. The transformation of the CoFe2 nanopillars into the vertically aligned CFO nanopillars was conducted using thermal treatment in air at 600 °C for 24 hours at 2 °C/min heating rate (Figure 3.28a), after which the nanopillar height is expected to increase by around 1.5-2 times.

In the first step, a PZT solution was deposited on the CFO nanopillar arrays, followed by the gelation (dehydration) at 150 °C for 5 min using the pre-heated oven (Figures 3.28b,c). After the gelation of the PZT sol, a two-step thermal process was used to crystallize the PZT gel into the perovskite PZT thin layer through a hot-plate pyrolysis and a thermal crystallization in the furnace (Yi et al., 1988;Kingon & Srinivasan, 2005). The pyrolysis was conducted at 300 °C for 5 minutes by placing the sample on the pre-heated hot-plate inside a hood (Figure 3.28d). The exact pyrolysis conditions such as temperature and duration are very important parameters, that affect the film quality (e.g. cracking, crystal orientation) and the resulting phase purity (e.g. presence of pyrochlore) (He et al., 2008). The PZT layers were then crystallized and densified using a thermal annealing at 650 °C for 30 min at 5 °C/min heating rate in air (Figure 3.28e). The resulting the PZT-CFO (1-3) type ME nanocomposites had thickness of 600-1300 nm.

Preparation of PbZr0.52Ti0.48O3-CoFe2O4 Nanocomposites

Based on 3D Interconnected Nanowire Networks

Vertically aligned (1-3) interconnected ME system is based on the three-dimensional (3D) interconnected FM nanowire networks. The 3D interconnected CoFe2 nanowire networks were produced by a pulsed electrochemical deposition within porous polymer membranes, following the same ECD protocol as previously described in Table 3.5 (p. 83). The PbZr0.52Ti048O3 FE layers were deposited on the CoFe2 3D NW networks using a sol-gel dip coating deposition previously explained in detail in Section 3.2 (p. 87).

The metal CoFe2 3D NW networks were transformed into the metal oxide CFO phase

Experimental Details of PZT Thin Layers Preparation

using an in situ thermal oxidation technique, which is a simultaneous oxidation of the CoFe2 phase and crystallization of the PZT amorphous thick layer. An additional ex situ oxidation technique was used to complete the oxidation process of the CoFe2 3D NW networks.

A general fabrication process of the (1-3) magnetoelectric nanowire network system in 5 steps is illustrated in Figure 3.29. In the 1 st processing step, a porous polymer membrane was attached to the Pt/Ti/Si substrate. In the 2 nd step, the polymer template was filled with the metal CoFe2 3D NW network using the pulsed electrodeposition. In the 3 rd step, the hosting polymer template was removed using a chemical dissolution technique leading to the CoFe2 free-standing 3D NW network. In the 4 th step, the PZT FE layer was deposited on the CoFe2 3D NW network using the sol-gel dip coating deposition and thermal crystallization, which simultaneously leads to the in situ oxidation of the CoFe2 phase. Finally, in the 5 th step the oxidation of the CoFe2 3D NW network was completed using a post-annealing ex situ technique.

First Step of Process: Preparation of Polymer Template on Pt/Ti/Si Substrate

Track-etching technology is based on the beaming of polymer films such as polycarbonate with energetic particles or heavy ions generated by nuclear fusion leading to the formation of radiation damage trails, which show up as linear damaged tracks across the irradiated polymer film. These tracks are then chemically etched into the nanopores [START_REF] Fleisher | Nuclear Tracks in Solids: Principles and Applications[END_REF]Ferain and Legras, 2003). The combination of the processing of tracks and their subsequent etching is called track-etching. The randomly arranged nanopores of the track-etched polymer membranes have uniform pore size and shape. The pore size Dpore can be varied in the range of 10 nm -30 µm by changing the conditions of the pores etching (e.g. duration, temperature, solution concentration).

The pores density ρpore (number of tracks per square centimetre) is well defined between 10 3 -10 10 pores/cm 2 by the intensity of an ion beam and rewinding speed of the polymer film. The porosity Ppolymer can be as small as 2-5 %.

Although the commercial polymer track-etched membranes with vertically aligned nanopores (Nucleopore, Poretics, Millipore) are widely used to fabricate the vertically aligned nanowire arrays, the commercial track-etched polymer membranes with 3D interconnected nanopores are still rare (it4ip, Belgium).

Figure 3.30a illustrates the schematic fabrication of polymer membrane using track-etching process. The 25-µm-thick interconnected nanopores network was fabricated via an irradiation of polycarbonate films with the energetic heavy ions at fixed angles of ±25° (PC-2) or angles ranging between -45→+45° (PC-1) with respect to the normal of the film's plane. Then, the 2 nd ion irradiation at the same fixed angles of ±25° (PC-2) or ranging angles between -45→+45° (PC-1) but after 90° in-plane rotation of the polymer film (Figures 3.30b,c). Next, a chemical etching in 0.5 M NaOH at 70°C was done to adjust the nanopore diameters to ~40 and ~230 nm, and to adjust the membrane volumetric porosity Ppolymer around 20% (see Figure 3.30d).

The polycarbonate (PC) polymer membranes, supplied by it4ip (Belgium) were used as the porous host templates for the process development. They featured a thickness tpolymer of 25 µm with a pore diameter Dpore, a pores density ρpore, a porosity Ppolymer and a tilt angle of the irradiation summarized in Table 3.11. On one face of the track-etched polymer membrane a multilayer of Cr/Cu/Au was deposited using electron-beam evaporation technique. 

Second Step of Process: Electrochemical Deposition of CoFe2 3D Nanowire Networks into Supported Polymer Template

Electrodeposition process was already discussed in detail in Section 3.1. 3 (p. 75) The 3D interconnected cylindrical nanochannels of a polymer membrane can be filled with a 3D network of the metal crossed nanowires using electrochemical deposition.

Recently, the fabrication of the 3D interconnected NW networks was reported for the

Experimental Details of CoFe2 3D Nanowire Networks Pulsed Electrodeposition

simple Ni, Co and Cu, for the alloys of NiCox and NiFex, and for the Ni-Cu core-shell and the Co-Cu multilayers networks (Araujo et al., 2015;[START_REF] Vlad | [END_REF]da Câmara Santa Clara Gomes et al., 2016a, 2016b;da Câmara Santa Clara Gomes et al. 2017;Muench et al., 2017). In the present work, the fabrication process via a pulsed electrodeposition of the metallic CoFe2 3D NW networks using supported porous polymer templates is developed. The pulsed electrodeposition technique was previously described in detail for the deposition of the CoFe2 nanowire and nanopillar arrays (see Section 3.1.3, p. 75 and Section 3.2.3, p. 97). The pulsed electrodeposition conditions for the growth of the CoFe2 3D NW network and the geometric parameters such as DNW and hNW are summarized in Table 3.12. NW networks with hNW ~3.5 µm. Figure 3.31d shows the tilted cross section view SEM image of the 3.5-µm-thick CoFe2 NW network with DNW ~230 nm. The estimated deposition rate ~1.2 nm/sec is lower compared to the deposition rate of ~1.6 nm/sec observed for the CoFe2 vertically aligned nanopillar arrays, which can be due to various factors such as the difference between the deposition areas, in the template porosities PAAO and Ppolymer, and the architecture of the cylindrical nanochannels. The top view SEM images of the CoFe2 3D NW networks (Figures 3.31e,f) confirm the values of the NWs diameters ~40 and ~230 nm, respectively, as expected from the morphological features of the track-etched polymer membranes (see Table 3.11).

Third Step of Process: Polymer Template Removal using Chemical Dissolution

After the CoFe2 3D NW networks pulsed electrodeposition, the hosting polymer template was dissolved using two identical dichloromethane CH2Cl2 (Merck, Darmstadt, Germany) chemical bath (see The preparation of the stoichiometric PZT solution with 0.4 M concentration using the inverse-mixing-order route was described in detail in Figure 3.5 (p. 66) with additional modification for the PZT thin layer geometry explained in Section 3.2.7 (p. 107).

The PZT-CFO 3D interconnected ME nanocomposites were prepared using a similar sol-gel dip coating technique as for the preparation of the PZT-CFO nanopillar ME system (see Section 3.2: the 6' processing step). A schematic preparation of the PZT-CFO 3D interconnected ME system is shown in Figure 3.33.

Experimental Details of PZT Thik Layers Deposition

The CoFe2 3D NW networks having an average height of 3.5-10 µm were considered. In the first step, after the chemical dissolution of the polymer template, a PZT sol layer was deposited on the CoFe2 3D NWs using a sol-gel dip coating, followed by the gelation (dehydration) at 150 °C for 5 min using the pre-heated oven (Figure 3.33a). After the gelation of the PZT sol layer, a common two-step crystallization approach was used to crystallize the PZT gel layer into the perovskite PZT thick layer through a hot-plate pyrolysis and a thermal crystallization in the furnace (Yi et al., 1988;Kingon & Srinivasan, 2005). The pyrolysis process was undertaken at 300 °C for 5 minutes by placing the sample on the pre-heated hot-plate inside a hood (Figure 3.33b). Typically, the pyrolysis parameters such as temperature and time affect the quality, the microstructure, the cracking, and the phase purity of the pyrolyzed layer. Next, the PZT layer was crystallized and densified by thermal annealing in a conventional furnace at 650 °C for 30 min at 5 °C/min heating rate (Figure 3.33c), and simultaneously the metal CoFe2 3D NW network was oxidized into the metal oxide CFO phase. To fully oxidize the CoFe2 3D NW network, the network was exposed to another step of ex situ thermal treatment at 600 °C for 12 h (Figure 3.33d). The resulting thickness of the vertically aligned PZT-CFO 3D interconnected ME nanocomposites was ~7 µm for PC-2 3D NW network and 12 µm for PC-1 3D NW network. 

Measurement and Characterization Techniques

The ME nanocomposites were characterized using various techniques for their structural and physical properties. Surface morphology was investigated using a Highresolution Scanning Electron Microscopy (HR-SEM) equipped with an Energy Dispersive X-ray Spectrometer (EDX) to perform elemental analysis. Structural characterization was performed using Transmission Electron Microscopy (STEM-BF).

Crystal structure was characterized using an X-ray diffraction in Grazing Incidence Xray configuration (GI-XRD), an in situ X-ray diffraction (in situ XRD), and a standard powder X-ray diffraction (XRD). Room temperature magnetic properties were investigated using an Alternating Gradient Magnetometer (AGM). Dielectric properties (capacitance and loss tangent) were measured using an impedance analyser. Ferroelectric properties were locally characterized using a Piezo-Response Force Microscopy (PFM). Magnetoelectric voltage coefficient (i.e. magnetoelectric voltage response) was measured using an adjusted Quantum Design Physical Property Measurement System (PPMS). In the next paragraphs, the working principals of the measurement systems are described.

Scanning Electron Microscopy Technique

The Scanning Electron Microscope (SEM) is a device for observation of specimen surfaces. Generally, when the specimen is irradiated with a fine electron beam, secondary electrons are emitted from the specimen surface. Topography of the surface can be observed by scanning of the electron beam over the surface and acquisition of the image detecting secondary electrons. The SEM requires an electron optical system to produce an electron probe, a specimen stage to place the specimen, a secondaryelectron detector to collect secondary electrons, an image display unit, and an operation system. Figure 3.34a shows a basic construction of the SEM, where the electron optical system consists of an electron gun, a condenser lens and an objective lens to produce an electron beam, a scanning coil to scan the electron probe, and other components. The electron optical system (inside the microscope column) and a space surrounding the specimen are kept at vacuum. Three types of electron gun are generally used, the most common is a thermionic emission gum, and other electron guns are the field-emission electron and the Schottkyemission electron gun. In this work, a JEOL 7600F SEM was used, where to deliver ultrahigh resolution combined wide range of electron probe (electron beam) currents (1pA to more than 200nA) Schottky field emission gun was used.

The secondary electron (SE) gun utilizes the Schottky-emission effect that takes place when a high electric field is applied to a heated metal surface. An advantage of the SE gun is that the electron-beam current is highly stable because the emitter, which is placed in an ultrahigh vacuum of about 10 -7 Pa, is kept at a high temperature and nogas absorption occurs.

The SEM generally uses a magnetic lens. When you pass a direct electron current through a coil-wound electric wire, a magnetic field is formed, and a lens action is produced on an electron beam. The main feature of the magnetic lens is that when you change the current passing through the coil, the strength of the lens is also changed. Placing a lens below the electron gun allows you to adjust the diameter of the electron beam. The electron beam from the electron gun is focused by the two-stage lenses, which combines the condenser and objective lenses, and a small electron beam is produced.

The secondary electron detector is used for detecting the secondary electrons emitted from the specimen. The detector is incorporated either in the specimen chamber, or if the SEM is equipped with a strongly excited objective lens for higher resolution, a secondary electron detector is placed above the objective lens and the secondary electrons are detected by utilizing the lens magnetic fields.

Figure 3.34b shows a schematic diagram illustrating various signals emitted from the specimen when the incident electron beam enters the specimen. The SEM uses these signals to observe the specimen surface (or just beneath the surface). When the incident electron beam enters the specimen, secondary electrons are produced from the emission of the valence electrons of the constituent atoms in the specimen. Since the energy of secondary electrons is very small, only those generated at the top surface of the specimen are emitted outside of the specimen. Backscattering electrons are those scattered backwards and emitted out of the specimen, when the incident electrons are scattered in the specimen. Since backscattered electrons have higher energy than secondary electrons, a relatively deep region can be analysed by the backscattering electrons.

The electrons that entered the specimen lose their energy and they are absorbed in the specimen. If a specimen is conductive, the electrons from through the specimen stage, but if a specimen is insulating, the electrons stop in the specimen and the charging occurs. Figure 3.34c shows the schematic illustration of the charging. If some reason causes the number of the electrons exiting from the specimen to be larger than that flowing to the specimen, the specimen is positively charged. The most typical method to prevent the charging is conductive coating of an insulating specimen with a highly-conductive thin metal layers with a thickness ranging from a few to 10 nm (e.g., Au, Pt, Au-Pd, Pt-Pd).

To examine the cross section of the (1-3) ME nanopillar based nanocomposite, the thin layers were first frozen inside liquid nitrogen for 2 minutes, then the layers surfaces were scratched using diamond tip and by pressing on one side of scratch, the samples were broken. Finally, the thin layer samples were fixed on the specimen holder using double sided carbon tape in a way, that the electron beam is irradiated normal to the cross section of thin layers.

To observe the surface of nanotubes or core-shell ME nanocables, AAO porous membranes hosting nanotube and nanocable arrays were chemically dissolved on the double-sided carbon tape (see Figure 3.11, p. 82).

Energy Dispersive X-ray Spectrometer Characterization

When the incident electrons enter a specimen, various electrons and electromagnetic waves are emitted from the specimen surface (Figure 3.34b). Figure 3.34d shows the schematic diagram of the generation of characteristic X-rays. When electrons in the inner shells are emitted from the constituent atoms in the specimen due to the irradiation of the incident electrons, the vacant orbits are filled with outer-shell electrons, and the substance emits X-rays whose energies correspond to the energy difference between the outer-shell electrons and the inner-shell electrons. These X-rays are used for elemental analysis. The X-rays that are emitted by the excitation of atoms and emission of the electrons in K shells are called "K lines", whereas those emitted by the L and M shells are called "L lines" and "M lines", respectively. As the constituent element is heavier, the X-rays energy is higher, therefore high-energy incident electrons are required to excite X-ray from heavy elements.

The EDX is used to analyse X-ray spectra by measuring the energies of the X-rays. The advantage of the EDX is that the X-rays from a wide range of elements are analysed simultaneously. X-ray spectra enable us to perform quantitative analysis that identifies what elements are present in a specimen area irradiated by an electron beam. Three analysis modes are available: Point analysis to obtain a spectrum from a point irradiated with an electron beam, Line analysis to display one-dimensional distribution of elements on a specified line, and Mapping to display two-dimensional distributions of elements in a specified area. Since the intensity of X-rays is proportional to the concentration of the corresponding element, quantitative analysis can be performed. If you try to analyse an insulating specimen without highly-conductive coating, this specimen is analysed with a low accelerating voltage caused by the charging effect, thus, X-rays with high excitation energies cannot be detected, and the accuracy of quantitative analysis is degraded.

Transmission Electron Microscopy Technique

In a conventional TEM (Figure 3.35), a thin specimen is irradiated with an electron beam, and the working principle of the TEM is similarly to the SEM. The TEM requires higher voltage of standard instruments compared to the SEM, typically around 100-200 kV [START_REF] Reimer | Transmission Electron Microscopy: Physics of Image Formation[END_REF]. Electron beams are irradiated in the electron gun by Thermal Electron, Cold Field-or Schottky-emission. A three-, four-step condenser lenses system enables the range of the luminescence aperture and the area of the specimen irradiated. The electron intensity distribution after the sample is displayed with a lens system formed of several lenses, onto a fluorescence screen. The image is recorded through direct illumination of a photoemulsion of a signal plate inside the vacuum, or through a fluorescent screen connected by a fiber-optic plate to a Charge-Coupled camera.

The microscope is also affiliated with a selected-area electron-diffraction (SAED), which gives information about crystal structure and orientation. In terms of the crystal lattice and its defects in crystalline material analysis, integration of electron diffraction and the different imaging modes is a very important characteristic of TEM. With SAED analysis, through changing the excitation of the diffraction or intermediate lens, it is possible to switch modes and to choose the diffraction image from areas 0.1-1 µm in diameter. A STEM operating at an accelerating voltage of 200 kV was used for observation. The STEM detector with bright-field (BF) imaging mode coupled with EDX was used to analyse elemental spectra mapping.

To examine the nanotube and nanocable specimens with TEM, hosting AAO membrane was removed by repeating a few times the dissolution process: (1) chemical dissolution in 5 NaOH solution for 1 min; (2) mixing and agitated during 5 minutes at room temperature with a vortex shaker; (3) the precipitates were centrifuged for 5 minutes and the NaOH solution was poured out; (4) the precipitates were washed with ethanol and distilled water. The above-mentioned steps were repeated until the colloid had a homogeneous grey colour. Finally, the specimens were dispersed in ethanol using an ultrasonic bath and 1-2 drops of these solutions were mounted on a TEM mesh grid.

X-ray Diffractometer Crystal Structure Analysis

X-ray diffraction (XRD) is a technique used to measure the atomic arrangement of specimens [START_REF] Cullity | Elements of X-Ray Diffraction[END_REF][START_REF] Jenkins | Introduction to X-Ray Powder Diffractometry[END_REF]. When a monochromatic X-ray beam hits a specimen, in addition to absorption and other phenomena, we observe Xray scattering with the same wavelength as the incident beam, called coherent X-ray scattering. The coherent scattering of X-rays from a specimen is not evenly distributed in space but is a function of the electron distribution in the specimen. The atomic arrangement in specimens can be ordered like a single crystal or disordered like glass or liquid. As such, the intensity and spatial distributions of the scattered X-rays form a specific diffraction pattern which is the "fingerprint" of the specimen.

There are many theories and equations about the relationship between the diffraction pattern and the material structure. Bragg's law is a simple way to describe the diffraction of X-rays by a crystal. In Figure 3.36a, the incident X-rays hit the crystal planes in an angle Θ, and the reflection angle is also Θ. The diffraction pattern is a delta function when the Bragg condition is satisfied: 𝑛𝜆 = 2𝑑 𝑖 × 𝑠𝑖𝑛𝛩 𝑖 , (3.15) where the wavelength λ is defined by the X-ray tube used, peak positions 2Θi are defined by the lattice spacing di, and peak intensities are defined by the geometrical and elemental structure of the lattice.

For real specimens, the diffraction patterns are different from the theoretical delta functions with discrete relationships between points to continuous distributions with spherical symmetry. The diffraction beams from a single crystal point to discrete directions each corresponding to a family of diffraction planes. The diffraction pattern from a polycrystalline specimen forms a series of diffraction cones if a large number of crystals oriented randomly in the space are covered by the incident X-ray beam. Each diffraction cone corresponds to the diffraction from the same family of crystalline planes in all constituent grains. Polycrystalline materials consist of many crystalline domains, numbering from two to more than a million in the incident beam. In singlephase polycrystalline materials, all of these domains have the same crystal structure with multiple orientations. Polycrystalline materials could also be multiphase materials with more than one kind of crystal blended together. Polycrystalline materials can also be bonded to different materials such as thin films on single crystal substrates. The crystalline domains could be embedded in an amorphous matrix or stressed from a forming operation. Usually, the sample undergoing X-ray analysis has a combination of these effects. Polycrystalline diffraction deals with this range of scattering to determine the constituent phases in a material or the effect of processing conditions on Nonambient temperature measurements of the ME core-shell nanocables were conducted by the in situ X-ray diffraction using a powder diffractometer PANalytical X'Pert Pro Anton Paar HTK1200 (1200 °C) with Co anticatode.

Grazing Incidence X-ray Diffraction Technique

Modern thin-film technology deals with increasingly thinner and more complex layered structures. The analysis of such challenging samples pushes classic diffraction methods to their limits. The Bruker D8 Discover has a winning combination of powerful X-ray sources, dedicated optics, the most sensitive 1-and 2-dimensional detectors, and a tilt stage to assure that no reflections are lost (Figure 3.36b). It directly evaluates the inplane lattice parameters (perpendicular to the sample surface), determines the in-plane crystallite size and measures the in-plane texture and the domain structure. As an added feature, these parameters can be determined as a function of depth.

The crystal structure of the vertically aligned nanopillar arrays and (1-3) ME nanopillar based nanocomposites was characterized using the Bruker D8 Discover diffractometer in grazing incidence X-Ray diffraction configuration (GI-XRD), operating with CuKα radiation (CuKα1 = 1.5406 Å, CuKα2 = 1.5443 Å) and with an incident beam angle of 2°.

Alternating Gradient Magnetometer Measurement of Magnetic Properties

The alternating gradient (field) magnetometer (AGM) is a modification of the wellknown Faraday balance that determines the magnetic moment of a sample by measuring the force exerted on a magnetic dipole by a magnetic field gradient. The principle of the instrument is schematically illustrated in Figure 3.37 [START_REF] Czichos | Springer Handbook of Metrology and Testing[END_REF]. The force is measured by mounting the sample on a piezoelectric bimorph, which creates a voltage proportional to the elastic deformation and, hence, to the force acting on the sample. By driving an alternating current through the gradient coils, with lock-in detection of the piezo voltage and by tuning the frequency of the field gradient to the mechanical resonance of the sample mounted on the piezoelectric element by a glass capillary a very high sensitivity can be achieved that approaches that of a SQUID magnetometer under favourable conditions. The main advantage of the AGM is its relative immunity to external magnetic noise and the resulting high signal-to-noise ratio and short measuring time. A major disadvantage is the difficulty in obtaining an absolute calibration of the magnetic moment because the signal is not only proportional to the sample magnetic moment but also to the Q-factor of the sample-capillary-piezo system, which varies with sample mass and temperature. This problem can be overcome by inserting a small calibration coil close to the sample position. Also, difficulty in obtaining an exact angular orientation of the sample relative to the external magnetic field is a drawback of this instrument. Room temperature magnetic properties of the magnetic and ME specimens were investigated using an alternating gradient magnetometer (PMC MicroMag AGM) with a maximum magnetic field of ±14 kOe.

Impedance Analyser Characterization of Dielectric Properties

The dielectric properties are governed by reorientational motions of molecular dipoles (dipolar relaxation) and motions of electrical charge carriers (electrical conduction), which leads to continuous dielectric dispersion and absorption that is observed in the frequency range of 10 -6 -10 12 Hz. Permittivity describes the interaction of a material with an electric field. The principal equations are shown in Figure 3.39a. Dielectric constant (κ) is equivalent to the complex relative permittivity (εr*) or the complex permittivity (ε*) relative to the Figure 3.37: Alternating (field) gradient magnetometer MicroMag 2900 and principles of the AGM; the gradient field coils are fed with an alternating current with a frequency tuned to the mechanical resonance of the specimen-capillary-piezo system. The specimen and gradient coils are mounted between the pole pieces of an electromagnet permittivity of free space (ε0). The real part of complex relative permittivity (εr') is a measure of how much energy from an external field is stored in a material; εr' > 1 for most solids and liquids. The imaginary part of complex relative permittivity (εr'') is called the loss factor and is a measure of how dissipative or lossy a material is to an external field. The loss factor includes the effects of both dielectric loss and conductivity.

When complex permittivity is drawn as a simple vector diagram as shown in Figure 3.39a, the real and imaginary components are 90° out of phase. The vector sum forms an angle δ with the real axis (εr'). The tangent of this angle, tanδ or loss tangent, is usually used to express the relative "lossiness" of a material. The term "dielectric constant" is often called "permittivity" in technical literature. In this application note, the term permittivity will be used to refer to dielectric constant and complex relative permittivity.

When using an impedance-measuring instrument to measure permittivity, the parallel plate method is usually employed. An overview of the parallel plate method is shown in Figure 3.39b. The parallel plate method, also called the three-terminal method in ASTM D150-98, involves sandwiching a thin sheet of material or liquid between two electrodes to form a capacitor. The measured capacitance is then used to calculate permittivity. In an actual test setup, two electrodes are configured with a test fixture sandwiching dielectric material. The impedance-measuring instrument would measure vector components of capacitance (C) and dissipation (D). In the frequency range below 1 GHz, the dielectric specimen maybe treated as a circuit of lumped parameter components [START_REF] Czichos | Springer Handbook of Metrology and Testing[END_REF]. Because the mathematical manipulations are relatively simple, the lumped parameter circuit approximate equations can always be used when they yield the required accuracy over sufficiently broad frequency range. The equivalent complex impedance Zs of the relaxation circuit shown in Figure 3.39c can be measured to determine the complex capacitance Cs and then the material's relative complex permittivity εr * . In the following discussion complex impedance Zs=Zs'-iZs'' is considered to be a constant proportionality of sinusoidal voltage and current. Parameters shown in bold face indicate complex (vector) quantities. When a capacitor is filled with a dielectric material the resulting capacitance is Cs and the permittivity is defined by

𝜀 𝑟 * (𝜔) = 𝜀 𝑟 ' (𝜔) -𝑖𝜀 𝑟 '' (𝜔) = 𝐶 𝑠 (𝜔) 𝐶 0 , (3.16)
where C0 is the capacitance of the empty cell and ω is the angular frequency (ω=2πf).

If the sinusoidal electric field E(ω)=E0 exp(iωt) is applied to Cs, then the permittivity can be determined by measuring the complex impedance Zs of the circuit.

𝑍 𝑠 (𝜔)

= 𝑖𝜔𝐶 𝑠 , (3.17)

𝜀 𝑟 * (𝜔) = 1 𝑖𝜔𝑍 𝑠 𝐶 0 . ( 3 

.18)

Consistent with the electrical equivalent circuit of the real capacitance Cs' in parallel with a resistance Rs the impedance is given by (3.19) and the direct expressions for εr' and εr'' are

1 𝑍 𝑠 (𝜔) = 1 𝑅 𝑠 + 𝑖𝜔𝐶 𝑠 ′ ,
𝜀 𝑟 ' = 𝐶 𝑠 ' 𝐶 0 , (3.20) 𝜀 𝑟 '' = 1 𝜔𝑅 𝑠 𝐶 0 . ( 3 

.21)

The capacitance of the empty cell C0 (cell constant) is typically determined from the specimen geometry or measurements of standard materials with known permittivity.

In the frequency range of up to about 10 8 Hz, a four terminal (4T) impedance analyser can be employed to measure complex impedance of the capacitance Cs and then the permittivity can be calculated. The 4T methodology refers to the direct phase sensitive measurement of the specimen's current and voltage. The recently developed dielectric instrumentation incorporates into one device a digital synthesizer-generator, sine wave correlators and phase sensitive detectors, capable of automatic impedance measurements from 10 -2 to 10 13 Ω. The broad impedance range also allows a wide capacitance measurement range with resolution approaching 10 -15 F. The instrumentation should be calibrated against appropriate impedance standards. The dielectric samples typically utilize a parallel plate or cylindrical capacitor geometry (Figure 3.39b) having capacitances of about 10 pF to several hundred pF. The standard measurement procedures recommend a three-terminal (3T) cell configuration with a guard electrode (G), which minimizes the effect of the fringing and stray electric fields on the measurements. The optimal method for connecting a 3T circular cell to a 4T impedance analyser is shown in Figure 3.39d.

The high current and voltage terminals should be connected via coaxial cables directly to the unguarded electrode H, while the low current and voltage should be connected to the electrode that is surrounded by the guard electrode. Note that the return current loop of coaxial shields connections S should be short and connected to G at a single common point. The return current loop S is absolutely necessary for accurate impedance measurements, especially above 1 MHz. In a two-terminal configuration (2T) without the guard electrode, the connections S should be simply grounded together.

The permittivity, dielectric loss and the relaxation frequency are temperature dependent. Therefore, it is essential to measure the specimen temperature and to keep it constant (isothermal conditions) during the measurements.

Capacitance-Voltage C(V) curves are important in characterization of the switching properties of ferroelectric thin layers [START_REF] Scott | Ferroelectric Thin Films and Thin Film Devices[END_REF]. Some textbooks suggest that C(V) data are the voltage derivative of the Polarization-Voltage P(V) hysteresis data. In fact, C(V) data and hysteresis data are in general redundant. The reason is that they are carried out at different frequencies. Hysteresis curves are almost always run at 50 Hz (Europe), 60 Hz (USA), or 1 kHz, whereas the C(V) data are run with a very slow linear voltage ramp (whose Fourier transform is of order 0.1 Hz) with a small high frequency "ripple" (few kHz) superimposed. Since the overall characteristic frequency of the C(V) probe is slow, there is time for space charge at interface to respond to it. A subtle comparison of the two values would allow quantitative evaluation of the polarization due to the lattice switching and the polarization due to switched interfacial space charge.

Pt top electrodes having approximate diameters of 300 μm and 600 μm were deposited on the surface of the nanocomposites by rf magnetron sputtering through a shadow mask for the dielectric and magnetoelectric characterizations, followed by the gluing of silver Ag wires with the wire thickness of 50 µm using a commercial Ag paste (see Figure 3.40). The dielectric properties (capacitance and loss tangent) were measured
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as a function of temperature (from 80 K to 400 K), frequency (from 100 Hz to 1 MHz), and bias voltage (with a maximum electric field ±5 V) using a HP 4194A impedance analyser. The effective permittivity and loss tangent of the deposits were calculated as ε = C × t/(ε0 × S) and tanδ = D, using the measured capacitance value C [F], ε0 ≈ 8.854×10 -12 [F/m], the top Pt electrode's surface area S [m 2 ], the total average thickness of the deposit t [m] and the dissipation factor (measured value) D, assuming that the nanocomposite can be considered as a continuous material.

Scanning Probe Microscope Technique

Scanning probe microscope (SPM) was developed to detect small interactions between a scanning probe tip and the specimen's surface under investigation (Li et al., 2015b). Figures 3.41a,b show schematic illustration of an atomic force microscope (AFM) system consisting of four main components: (1) a cantilever that serves as a force sensor; (2) a laser photodiode that measures cantilever deflection; (3) a scanner that moves the sample relative to the cantilever in three dimensions; (4) a data acquisition and control unit. When the cantilever is brought close to the specimen's surface by an actuator in z direction, the interaction between the probe tip and the specimen's surface will attract or repel the cantilever, resulting in a deflection s that is measured by photodiode. If the spring constant kspring of the cantilever is known or calibrated, then the interaction force is given by 𝐹 𝑡𝑖𝑝 𝑠𝑎𝑚𝑝𝑙𝑒 = 𝑘 𝑠𝑝𝑟𝑖𝑛𝑔 × 𝑠. (3.22) Meanwhile the displacement Z of the entire cantilever along the z axis is independently controlled, and the tip-sample distance Dtip is given by 𝐷 𝑡𝑖𝑝 = 𝑍 -𝑠, (3.23) when an appropriate sign convention is adopted, allowing us to measure the tipsample interaction force Ftip-sample as a function of their distance Dtip. Piezoresponse Force Microscopy (PFM) is a technique based on contact mode that maps out the inverse piezoelectric effect on a sample. The sample is electrically stimulated, and the topographic response of the sample is monitored using lock-in techniques. Amplitude and phase information reveal information about the strength and direction of the polarization on the sample.

The imaging mechanism of piezoresponse force microscopy (PFM) is based on the detection of dynamic strain or displacement of the specimen. An ac voltage is applied to the specimen through the conductive probe in contact with the sample, which often serves as the top electrode, with the bottom electrode grounded underneath the specimen (see Figure 3.41c). Since the probe tip is in contact with the specimen's surface, the cantilever is bent upward, and the set point (force exerted by the cantilever to the specimen's surface) is usually fixed by feedback control. Therefore, the et al., 2015b) topography of the specimen's surface can be mapped simultaneously with the surface displacement. The applied electric field will trigger a localized surface vibration of the specimen due to its electromechanical coupling, which in turn induces vibration of the cantilever that can be measured by the photodiode.

The surface displacement induced in PFM are relatively small, in the range of picometers (pm), thus it is necessary to amplify the signal to enhance the sensitivity. This is often achieved by exciting the surface vibration at the cantilever-sample resonance and measuring the resulting displacement using a lock-in amplifier at the driving frequency (Figure 3.41c). The lock-in enables to measure the displacement at the frequency of interest with the noise at the other frequencies filtered, thus enhancing the signal to noise ratio. The relationship between driving and measuring frequencies can be adjusted. When the driving frequency is at the cantilever-sample resonance, the magnitude of the displacement is amplified by orders of magnitude allowing to detect displacement in the pm range.

In order to maintain high sensitivity, it is thus necessary to drive the ac voltage at cantilever-sample resonant frequency. However, during scanning, the resonant frequency often shifts due to changes in contact stiffness, which may be caused by material heterogeneity or topography variation. Thus, the resonant frequency should be tracked during scanning.

In addition to exciting surface vibration of specimens using ac voltage, dc voltage can be applied as well to switch the dipoles of the specimen (Li et al., 2015b). This is often conducted using a sequence of dc voltages in triangular waveform, on top of which ac voltage is simultaneously exerted to excite surface vibration (see Figure 3.41d). For ferroelectric materials, the sequence of dc voltages would switch the dipoles of the specimen when the coercive field is exceeded, and this is referred to as a switching spectroscopy PFM (SS-PFM) [START_REF] Jesse | [END_REF]. Between each dc bias step, the so-called ON state, the voltage is stepped back to OFF state with zero voltage, and the response is usually measured during the OFF state to minimize the electrostatic interactions between the probe and specimen.

DC voltage can also be applied on the desired area of the specimen's surface. While scanning a desired region on the surface, positive and negative voltages can be applied, which changes the specimen's polarization direction, resulting in a change of structure in the specimen. For FE materials, this corresponds to positively and negatively polarized regions, which can be observed on both PFM amplitude and phase mapping.

The surface morphology of the nanotubes and core-shell nanocables was characterized using a Dimension Icon Bruker atomic force microscope in the tapping mode. Silicon
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probes (Nanoscope, PPP-FMR 20, spring constant 0.9365 N m -1 ) were used for the measurements. The working frequency ωAC = 66 kHz was selected.

Piezoelectric Force Microscope Characterization of Microscopic Ferroelectric Properties

Piezoresponse Force Microscopy measurements were performed by the group of Prof. Bernard Nysten at Bio and Soft Matter division of Institute of Condensed Matter and Nanosciences (MICA platform), Université catholique de Louvain, Belgium.

The ferroelectric properties of the PZT nanotubes and core-shell nanocables were investigated by PFM using a Dimension Icon Bruker AFM in contact mode. Pt/Ircoated conductive probes (Bruker, SCM-PIT, nominal spring constant 2.8 N m -1 , nominal tip radius 20 nm) were used for the measurements. A nonmagnetic tip holder was used, the PFM was measured by applying to the bottom Pt layer electrode a small oscillating voltage of amplitude VAC and frequency fAC, and to the PFM tip a static voltage VDC. The working frequency fAC = 300 kHz was selected, and the corresponding VAC = 2 V. The switching spectroscopy-PFM (SS-PFM) curves in which the PFM amplitude and phase of a single PZT nanotube and core-shell PZT-CFO nanocable were measured by ramping DC bias in a triangular waveform from -10 V to 10 V, then back to -10 V.

Magnetoelectric Voltage Response Measurement of Magnetoelectric Properties

To measure direct ME effect in terms of magnetically induced voltage (𝛼 𝐸 = 𝜕𝐸/𝜕𝐻) or charge (𝛼 𝑃 = 𝜕𝑃/𝜕𝐻), it is common to record the dynamic change in voltage or charge induced by the application of a magnetic field (Wang et al., 2010). Generally, there are two characteristic modes for the direct ME effect measurement [START_REF] Wang | Magnetoelectric behavior of BaTiO3 films directly grown on CoFe2O4 ceramics[END_REF]. The first is an active mode ("static measurement method"), such as magnetoresistive (MR) and magnetodielectric (MD) effect, wherein it requires a constant dc test current I passing through the specimen to obtain a change of voltage amplitude induced by a magnetic field or a dc pulse test voltage on the sample to obtain a change of polarization signal induced by a magnetic field in the P(E) loop measurement. Thus, when making ME measurement on multiferroic samples in the
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active mode, i.e., direct measurement of the P(E) loop or permittivity change under magnetic field, the contribution from magnetoresistance and interfacial capacitive effects such as Maxwell-Wagner interfacial polarization effects must be taken into account. On the other hand, the ME effect can be measured using so-called passive mode, where no dc and ac test currents (or dc test voltage) is applied through the sample.

Instead, the ME voltage response induced by a magnetic field applied perpendicular to the thin layer's plane is read directly, normally via lock-in amplifier. Therefore, the magnetoresistive and interfacial capacitive effects appearing in the active mode would not contribute to the ME output signals measured in passive mode.

When measuring the dynamically induced voltage ("dynamic measurement method") in thin layers, which can be considered as capacitors, by applying a small ac magnetic field Hac superimposed on a dc magnetic bias field Hdc and monitoring the voltage (in the open-circuit condition) or the electric charge through a charge amplifier (in the short-circuit condition) across the capacitor with an oscillography or lock-in amplifier , much care has to be taken to distinguish the real ME signal from Faraday effect. This can be done by analysing the difference between the ME effect and electromagnetic induction. The ME voltage has the same or opposite phase as Hac, while the phase of electromotive force is behind or ahead of 90 degrees. If the phase difference between the measured signal and Hac is neither 0° (180°) nor ±90°, it means the measured signal is a mixture of ME voltage and faradaic effect (Ma et al., 2011).

Typically, for dynamic measurements, the ME voltage response Vac, is measured with a phase-sensitive technique using a lock-in amplifier (Buschow, 2011). A dc magnetic bias field Hdc is applied with an electromagnet together with a small constantamplitude Hac, in the range of 1 to 10 Oe, sinusoidal magnetic field using a pair of Helmholtz coils. As the Hdc from the electromagnet is changing, the curve of ME coefficient as a function of this dc field is obtained. This small Hac allows to measure the ME coefficient for different valued of Hdc. Figure 3.42a shows a schematic The ME voltage in the multiferroic nanocomposites containing a magnetostrictive constituent part is associated with the bias magnetic field Hdc. The induced ME voltage, 𝛿𝑉, as a function of dc magnetic field, Hdc, follows the line shape of piezomagnetic coefficient 𝑞 = 𝛿𝜆/𝛿𝐻 𝑑𝑐 (Ma et al., 2011). Thus, the Vac increases with the increase of Hdc until 𝑞 reaches saturation. The frequency dependence of the induced ME voltage shows a flat response before reaching the resonance frequency, where the ME response shows a sharp increase.

Dynamic magnetoelectric measurements of the magnetoelectric voltage response were performed by the group of Prof. Kristiaan Temst and Dr. Vera Lazenka at Instituut voor Kern-en Stralingsfysica, KU Leuven, Belgium. The ME voltage coefficient was measured using an adjusted Quantum Design physical property measurement system (PPMS). The principles of ME voltage measurement were previously described in detail (Lazenka et al., 2012;Dong et al., 2004;Deng et al., 2008). Briefly, the ac magnetic field ( H  = 10 Oe) was generated at a fixed frequency of 1 kHz by sending an ac current (Keithley 6221) through a coil (1290 turns of AWG 36 phosphor bronze wire, with a diameter of 18 mm), which was assembled on the standard sample puck for PPMS electrical transport measurements. The ac voltage induced across the BSTO-CFO capacitor structure ( E  ) in response to a small ac magnetic field was measured with a lock-in amplifier (Stanford Research Systems,SR 830). Additionally, an ac magnetic field H  was superimposed onto the dc magnetic field dc H (up to 4 Tesla) produced by the PPMS-internal superconducting magnet. Both the ac and dc magnetic fields were applied in out-of-plane direction (perpendicular to the nanostructure plane) and in the same direction as the measured ME voltage response E  as shown in Figure 3.42b. The ME coefficient was calculated using the relation

𝛼 𝐸 = 𝛿𝐸 𝛿𝐻 = 𝛿𝑉 𝑡 × 𝛿𝐻 = 𝑉 𝑎𝑐 𝑡 × 𝐻 𝑎𝑐 , (3.27)
where ac V is the magnetically induced ac electric voltage across the sample, and t is the sample thickness.

Details of ME Voltage Response Measurements on Multiferroic Nanocomposites

Chapter 4

Vertically Aligned PZT-CFO Core-Shell Nanocables

We propose to build vertically oriented arrays of PZT-CFO nanocables (NC). In Compared to core-shell BTO-Ni NC arrays (Sallagoity et al., 2015a), the synthesis of PZT-CFO nanocables implies an additional critical step consisting of an in situ thermal oxidation process to reach the final spinel CFO phase. Taking into account the abovementioned temperature-related limitations, the optimal thermal energy required for material crystallization should be thus carefully considered.

In the present work, we study the fabrication of PZT-CFO core-shell NC arrays within commercial AAO membranes with thickness ~50 µm, focusing on the annealing temperature effects. We demonstrated the role of the PZT nanotubes as a diffusion barrier and the benefit of the direct in situ oxidation of the metal CoFe2 nanowires into the metal oxide CFO nanowires during the crystallization of PZT nanotubes with regards to interface control. We took advantage of the flexibility of the combined impregnation-electrodeposition approach to lower the process temperature and to design nanocables with improved microstructure while ensuring a significant improvement in their microstructure and chemical integrity of the two-phase materials, an important concern when seeking enhanced multiferroic properties. Magnetic and Piezoresponse Force Microscopy (PFM) characterizations were conducted to study the magnetic and microscopic ferroelectric properties of the prepared core-shell PZT-CFO nanocable arrays.

PZT Nanotube Arrays Crystallization

HR-SEM investigations were carried out to check PZT 700 and PZT 500 morphology and nanostructuration (Figure 4.2) after the subsequent removal of the AAO template in a 1 M NaOH (aq.) solution using the dissolution process described in Figure 3.11, p. 82. In both cases, bundle of PZT tubular high aspect-ratio nanostructures were observed, driven by strong interactions between their hydrophilic surfaces. The amount of residual AAO (𝜏 Al ) remained on their surfaces after the template removal was estimated from Energy Dispersive X-ray Spectroscopy (EDX) analysis, according to the following equation:

𝜏 Al =
at% Al at% (Pb+Zr+Ti) . ( 4.1)

The measured for the PZT 700 specimen mean value of 𝜏 Al ~3 indicates that after the AAO template complete dissolution process the Al is still present in the specimen annealed at 700 °C. This is supported by the fact that the PZT 700 tubular structures were rough and granular as shown in Compared to BTO, PZT is a complex ternary system, and metastable binary oxides such as PbO, PbO2, ZrO2, TiO2, can be formed during the pyrolysis reaction occurring in the temperature range of 300-400 °C. The volatility of PbO is also a recurring issue. In contrast, it was shown that annealing temperatures up to 700 °C carry enough energy to induce Pb diffusion into AAO through oxygen vacancies (Han et al., 2012). This phenomenon may thus promote crystallized interphases formation of Pb2Al2O5, PbAl12O19 or Al2TiO5 (Figure 4.3a).

Considering the small amount of PZT nanotubes and complex diffusion process, thermogravimetric and XRD analyses did not allow a reliable identification and discrimination of interphases. However, the presence of residual amorphous Al and Alrich crystallized phases were unambiguously detected by HR-SEM. From the microstructural analysis, we can thus deduce that (1) partially crystallized Al-rich interphase is formed under crystallization conditions at 700 °C for 6 h, and (2) the AAO interphase cannot be fully removed using 1 M NaOH (aq.) wet etching conditions. Consequently, the PZT 700 nanostructures revealed in these soft conditions consist in a can be thus explained by the formation of a granular shell made of Al-rich phase. Note that by surface roughness we imply an average estimation based on the SEM image. Dissolution process was then performed in extreme conditions (5 M NaOH under μwave at 160 °C, followed by an ultrasonic dispersion in ethanol) in order to unambiguously evaluate PZT 700 inner nanostructure (see Figure 4.3c). In comparison, PZT 500 structures (prepared using three dip-impregnations) and crystallized at lower temperature (500 °C) have thinner walls and present smooth and uniform surface after the AAO wet etching step (see Figure 4.2c,d). The thickness of the PZT 500 nanotubes, consisting of three tubular layers formed after three subsequent dip-impregnations, was estimated close to 15 nm by STEM-EDX analysis. The mean 𝜏 Al value calculated close to 0.1 indicates that the residual AAO was entirely removed and the formation of Alrich interphase was prevented. As a result, pure PZT 500 tubular structures with smooth outer surfaces were observed (see Figure 4.2d).

Multiple Dip-Impregnation of PZT Nanotubes

Dimensions of FE nanostructures including nanoparticles, nanotubes, nanowires, nanofibers, and nanorods, play a major role on their FE properties (Buessem et al., 1966). Curie temperature, TC, above which FE turns into paraelectric, electric polarization, P, coercive field, Ec, switching rate of polarization, and fatigue show thickness dependence (Shaw et al., 2000). Typically, remanent polarization drops, coercive field increases, Curie temperature decreases, and FE properties vanish when the FE film thickness reaches a specific size called critical thickness below which a spontaneous electric polarization cannot be sustained in a material due to the intrinsic size or depolarizing field effects [START_REF] Fong | [END_REF]Shaw et al., 2000;[START_REF] Kretschmer | [END_REF][START_REF] Batra | Thermodynamic stability of thin ferroelectric films[END_REF][START_REF] Mehta | Depolarization fields in thin ferroelectric films[END_REF]. This change in properties, usually called size effect, can be ascribed to a surface layer associated with the nature of the film-electrode interface for the FE films (Tagantsev & Stolichnov, 1999), or to the intrinsic limits on the stability of the FE phase in FE nanotubes, where the overall energy of the system cannot be further reduced by creation of non-180° domain walls, that are no longer favourable (Bernal et al., 2012). The processing and quality of electrode interface determine the critical film thickness value. Thus, the limit of finitesize thickness at which size effects are observed can be reduced by improving the surface and interfacial boundary conditions. For instance, for FE thin films this can be accomplished by heteroepitaxial strain, surface chemical environment and tuning of ferroelectric-electrode interface. In practical thin films and devices, the absence of critical thickness is possible due to the structural imperfection at the interface and surface.

Theoretical density functional theory (DFT) calculations on the structural, ferroelectric, and electronic properties of ultrathin PbTiO3 nanotubes showed that ferroelectricity can be retained in the nanotube with sidewalls thinner than the critical limit of the thin-film geometry at which the thin-film loses ferroelectricity; this indicated the absence of an intrinsic critical size for ferroelectricity in nanotubes (Shimada et al., 2012). They modelled the PTO nanotubes by rolling up a (100) ultrathin film about the [001] axis with two possible configurations of the outsideinside tube-wall stacking sequence, the PbO/TiO2 (PbO-outside) and the TiO2/PbO (TiO2-inside) layers. The nanotube radius 𝑅 was determined by the number of perovskite unit cells 𝑁 arranged in the circumferential direction, while the tube curvature was 1/𝑅, where the radius 𝑅 is the average of the outside and inside radii, 𝑅 = (𝑅 𝑜𝑢𝑡 + 𝑅 𝑖𝑛 )/2. The highest cohesive energy of 𝐸 𝑐 = 39.25 eV/cell was located at 1 𝑅 = 0.089 Å -1 (𝑁 = 18) for the PbO-outside nanotubes in which the outside-PbO and inside-TiO2 radii are 𝑅 𝑜𝑢𝑡 = 11.89 Å and 𝑅 𝑖𝑛 = 10.17 Å, indicating the stability of the nanotubular structure, while the TiO2-outside case was energetically unfavourable.

The authors explained it by the fact that the antiferrodistortive (AFD) oxygen rotation due to compression in the structure induced by the nanotubular shape involves ferroelectric distortions. Since there is a curvature with respect to the flat thin film geometry, bending deformation is homogeneously applied to the tube sidewall, thus the inside TiO2 layer is subject to relatively high compression. This results in the emergence periodic clockwise and counterclockwise tilting of oxygen atoms in the circumferential direction, namely, of the AFD rotations, whereas the AFD rotations were not found in the TiO2-outside nanotubes, in which the TiO2 layer is subject to tension. The emergence of the AFD displacement plays a central role in stabilizing both the nanotubular structure and FE distortions due to direct AFD-FE coupling; hence, the nanotubes have no intrinsic critical size. It was observed that the FE axial polarization, 𝑃 𝑧 , and AFD oxygen rotation are directly coupled, therefore the polarization increases smoothly as the AFD rotation is enhanced by increasing the curvature (compressing the inner TiO2 layer) for the PbO-outside nanotubes. Further the authors systematically investigated the effect of axial tensile and compressive strains on ferroelectricity in the nanotube. During tension, FE distortions appear purely in the axial directions, and 𝑃 𝑧 increases smoothly due to the increase of tetragonal distortion of the perovskite lattice as well as the enhanced AFD oxygen rotation, while the AFD rotation and FE are directly coupled. On the other hand, under axial compression, the system reverts the FE phase at 𝑢 𝑧𝑧 = -0.05, and a polarization vortex forms due to the spontaneous polarization being aligned in the circumferential direction. In another study the ferroelectric properties of the single-wall PTO nanotubes folded from (110) nanosheets with a specific chirality were reported (Wang et al., 2014b). Similar to the (100) nanotubes, the lowest energy for the (110) nanotubes corresponds to 𝑁 = 18 located at 1 𝑅 = -0.097 Å -1 . Interestingly, the curvature of the O-outside (110) nanotube with the lowest energy is the same as that of the PbO-outside (100) PbTiO3 nanotube. However, the minimum total energy (-0.343 eV/cell) for the (110) nanotube is much lower than that (-0.082 eV/cell) for the (100) nanotube, indicating that the PbTiO3 nanotube rolled from (110) nanosheets is more stable that that from (100). It was reported that the spontaneous polarization of the (110) nanotube existed only in nanotubes with a rolling direction of (𝑚 𝑁𝑇 ,0), and it was one order of higher than that in the (100) PbTiO3 nanotubes. The FE-AFD coupling was claimed to be responsible for the stability of the FE distortion in the nanotubes as well, which gives rise to the axial polarization existed for the O-out nanotubes even though the sidewall was much thinner than the critical thickness for ferroelectricity of the flat thin film.

First-principle ab initio calculations showed that BaTiO3 thin films between two metallic SrRuO3 electrodes lose their FE properties below a critical thickness of about 6-unit cells (~24 Å) (Junquera & Ghosez, 2003). A depolarizing electrostatic field, caused by dipoles at the ferroelectric-metal interfaces, is the reason for the disappearance of the ferroelectric instability. Experimentally observed critical thicknesses for epitaxial ferroelectric films usually are a few unit cells. In the BaTiO3 films, the critical thickness was reported in the range between 4-unit cells [START_REF] Tenne | Ferroelectricity in Ultrathin BaTiO3 Films: Probing the Size Effect by Ultraviolet Raman Spectroscopy[END_REF] and 7-unit cells [START_REF] Wen | Ferroelectric-field-effect-enhanced electroresistance in metal/ferroelectric/semiconductor tunnel junction[END_REF]. For BiFeO3, the ferroelectricity was shown in 4 and 5-unit cells thick films [START_REF] Chu | Ferroelectric size effects in multiferroic BiFeO3 thin films[END_REF][START_REF] Maksymovych | Ultrathin limit and dead-layer effects in local polarization switching of BiFeO3[END_REF]. The ferroelectricity in PbTiO3 was observed in 3-unit cells (~12 Å) using synchrotron Xray diffraction to record the structure of PbTiO3 thin films as a function of temperature for the range of different film thicknesses [START_REF] Fong | [END_REF]. Their method allowed them to distinguish between the centrosymmetric structure, in which there is no net polarization, and the off-centred ferroelectric phase. The critical thickness reported for the PZT thin films grown on STO substrate using scanning probe was 10-unit cells (~40 Å) (Tybell et al., 1999;Nagarajan et al., 2004). Recently, the critical thickness of 1.5-unit cells was reported in PZT ultrathin films grown on bare STO substrate [START_REF] Gao | Possible absence of critical thickness and size effect in ultrathin perovskite ferroelectric films[END_REF]. The stable polarization through-out the film was reported to be significantly suppressed to ~16 and 22 µC cm -2 for the 1.5 and 2.5-unit cells thick films, respectively, dominated by the thickness-dependent depolarization field. The atomic structure showed that the robust covalent Pb-O bonds mainly account for the residual polarization below 3-unit cells in the PZT films. Although the ferroelectricity does not disappear in the ultrathin PTO, BTO and PZT films, the magnitude of polarization is normally progressively decreasing as the critical thickness is approached [START_REF] Lichtensteiger | Ferroelectric and Tetragonality in Ultrathin PbTiO3 Films[END_REF][START_REF] Kim | Critical thickness of ultrathin ferroelectric BaTiO3 films[END_REF]Nagarajan et al., 2004). Some of these values are in good agreement with the theoretical calculations, where the critical thickness was reported to be 3-unit cells for PTO [START_REF] Ghosez | Microscopic model of ferroelectricity in stress-free PbTiO3 ultrathin films[END_REF] and 6-unit cells for BTO (Junquera & Ghosez, 2003).

In this work, in the single-layer PZT nanotubes with sidewalls in the range ~50-100 Å, the nanotubes curvatures (i.e. ) are around 0.0007 Å -1 and 0.001 Å - 1 for the outer radii (𝑅 𝑜𝑢𝑡 = 𝐷 𝑝𝑜𝑟𝑒 /2) ~750 and 500 Å, respectively. According to the previously reported DFT calculations (Shimada et al., 2012), the value of the nanotube curvature is relatively low (<0.05 Å -1 ), thus the AFD oxygen rotation is too small and the inner TiO2 layer is not compressed enough for either the FE axial polarization or the FE circumferential polarization vortex to occur. Therefore, the intrinsic size effects existed in ferroelectric thin films such as a critical volume, required to align the electric dipoles (Shaw et al., 2000), or increasing depolarization field with the decrease of thickness, caused by the incomplete compensation of polarization bound charges at interfaces and leading to the instability of ferroelectricity in ultrathin films and fine particles (Shaw et al., 2000;[START_REF] Batra | Thermodynamic stability of thin ferroelectric films[END_REF][START_REF] Mehta | Depolarization fields in thin ferroelectric films[END_REF], as well as the vapour environments through ionic absorbate at the free surface [START_REF] Fong | Stabilization of Monodomain Polarization in Ultrathin PbTiO3 Films[END_REF] are possible for the as-prepared PZT nanotubes.

In order to avoid critical size effects and to preserve the ferroelectricity in PZT nanotubes, sidewalls were thickened by repeating the sol-gel dip-impregnations three times. respectively. Note that, this SEM observation of the PZT nanotubes wall thickness is just a qualitative estimation due to the non-uniformity in the wall thickness of PZT nanotubes. The wall thickness in the single-layer and three-layer PZT nanotubes is in the range of 5-10 and 10-20 nm, respectively. Therefore, in order to precisely control nanotubes wall thickness, the sol-gel multiple dip-impregnation technique has to be modified. The SEM micrographs from Figures 4.4a,c are of a poor quality due to the charging effect, often observed in non-conductive specimens (for more detail see Figure 3.34c, p. 121).

CoFe2 Nanowire Arrays Electrodeposition within PZT Nanotubes Coated on Pores of AAO Membranes

The metallic CoFe2 NW arrays were grown inside both PZT 700 and PZT 500 -coated AAO membranes using a pulsed electrodeposition process forming a PZT-CoFe2 core-shell nanocable structure, the deposition procedure was described in Section 3.1. 3 (p. 75). However, the properties of electrodeposited PZT-CoFe2 nanocables are discussed in Section 4.4 only for PZT 500 specimen, since the PZT 500 nanotubes have smoother inner and outer surfaces, more uniform wall thickness, and near-zero diffusion with AAO. the defective shape of some pores of AAO membrane, note that this type of defects was observed only for the samples prepared using the commercial membranes with 15 % porosity. An average elemental analysis was provided by EDX (Figure 4.5c) confirming the composition of PbZr1-xTixO3: x = 0.47 for the PZT 500 nanotubes, which is close to the PZT morphotropic phase boundary region with x=0.48. The Fe/Co composition ratio close to 2 was observed in the PZT 500 -CoFe2 nanocables collected on the carbon tape after the AAO membrane dissolution. The Zr/Ti composition ratio in the PZT 500 -CoFe2 remained the same 52/48, but the atomic ratio of Pb has reduced by about 15%, which can be a result of the diffusion process in the PZT/AAO interface.

The ordered arrays of AAO-embedded PZT 500 -CoFe2 nanocables were magnetically characterized to determine the impact of the nanocable architecture on the magnetic properties. For the arrays of metallic CoFe2 nanowires, the magnetocrystalline anisotropy can be neglected and the effective field, Heff, in the saturated state is only determined by magnetostatic contributions, i.e. shape anisotropy and dipolar interaction. It can be thus expressed as [START_REF] Encinas-Oropesa | Dipolar interactions in arrays of nickel nanowires studied by ferromagnetic resonance[END_REF]:

𝐻 eff = 2𝜋𝑀 s -6𝜋𝑀 s 𝑃 NW , (4.2)
where 2𝜋𝑀 𝑠 is the shape anisotropy, 6𝜋𝑀 𝑠 𝑃 𝑁𝑊 is the dipolar interaction field in the saturated state, with PNW is the nanowires packing factor (corresponding to the template porosity, i.e. 15% and 35%, in case the whole cross section of the nanochannel array of the pristine AAO template is completely filled by CoFe2) and 𝑀 𝑠 ~1900 emu cm -3 is the saturation magnetization for CoFe2 [START_REF] Cullity | Introduction to magnetic materials[END_REF]. For comparison, an array of CoFe2 nanowires was prepared using the same electrochemical conditions and porous AAO template. 6b,d,e).

For the CoFe2 NW arrays (Dpore ~100 nm, PAAO ~15%), Figure 4.6a reveals the easy axis of magnetization along out-of-plane direction, which means that uniaxial shape anisotropy along the out-of-plane direction of individual nanowires overcomes the shape anisotropy associated with the infinite NW array behaving as a film, since packing density is low and aspect ratio of the NWs is relatively large (Dmitriiev et al., 2013). As expected, the PZT 500 -CoFe2 nanocables (membrane: Dpore~100 nm, PAAO~15%) (Figure 4.6b) sample is more easily magnetized than the CoFe2 NWs (membrane: Dpore~100 nm, PAAO~15%) sample counterpart (Figure 4.6a). This can be explained by the nanocable morphology, which leads to a packing factor, PNW, of the PZT 500 -CoFe2 system smaller than that of the purely metallic CoFe2 NW arrays. As a result, the interaction field is smaller leading to a higher effective field and stronger uniaxial anisotropy in the core-shell nanocables (Eq. 4.2). By knowing the average wall thickness of the single-layer PZT shells ~5-10 nm and the diameter of CoFe2 cores DNW ~80-90 nm, the average packing factor of the CoFe2 cores can be estimated using Eq. which can be explained by stronger dipolar interactions responsible for the shearing of the hysteresis loop (Zighem et al., 2011). is close to ~0.3, the effective field, Heff, tends to turn to zero (see Eq. 4.2). The magnetic moments saturate almost at the same field in the out-of-plane, OOP, (parallel to nanowire central axis) and in-plane, IP, (perpendicular to nanowire central axis) directions of the applied field. However, for the PZT 500 -CoFe2 NC arrays (membrane: Dpore ~150 nm, PAAO ~35%) consisting of three-layer PZT shells (i.e. using 3 dipimpregnations), the easy axis of magnetization is switched back to the OOP direction of the nanowires due to the increase of PZT shells wall thickness to ~15±5 nm and thus the reduction in CoFe2 cores diameter DNW to ~120±20 (Figure 4.6e). So, the reduction

𝑃 PZT-CF35% ~𝜋 2√3 × ( 120 ± 20 240 ± 20 ) 2 = 0.22 ± 0.12 (4.7)
leads to a similar behaviour as the one observed in CoFe2 NW arrays (membrane: Dpore ~100 nm, PAAO ~15%) grown in the AAO membrane with lower porosity (Figure 4.7a). Therefore, by thickening the PZT nanotubes sidewall the dipolar interaction between CoFe2 nanowires in the PZT-CoFe2 NC arrays was reduced.

CoFe2 Nanowires Thermal Oxidation into CoFe2O4 Phase within PZT Nanotubes

Recently it was reported that the reactivity of amorphous AAO in contact with metallic nanowires increases with increasing temperature, through the so called Kirkendall effect (Qin et al., 2010;Wang et al., 2009;Prasad & Paul, 2007). Our preliminary oxidation tests performed at 600 °C during 24 h in air, corresponding to the usual conditions reported in most papers from literature (Hua et al., 2007;Jung et al., 2005;Chen et al., 2013;Pirouzfar & Ebrahimi, 2014;Pham-Huu et al., 2003), within pure AAO templates showed strong interdiffusion effects between Co, Fe and Al, and formation of an Al-rich interphase between CFO 600 oxidized nanowires and AAO membrane. However, when considering PZT 700 within AAO membranes, the reactivity between AAO and CoFe2 seems to be stabilized due to the PZT shell which acts as an efficient diffusion barrier layer. Mean τAl values for oxidized PZT 700 -CFO 600 nanocables were typically measured between 3.9 and 5.1. The oxidation step is thus followed by a significant increase of residual AAO in comparison with the PZT 700 tubular structures (see 8c,d). As expected, the decrease of both PZT crystallization temperature from 700 to 500 °C and CoFe2 to CFO oxidation temperature from 600 to 500 °C leads to a significant decrease of τAl values (approximatively divided by 5 with respect to PZT 700 -CFO 600 see Figures 4.7c,d). Similarly, the surface of free PZT 500 -CFO 500 nanocables observed by STEM-BF after AAO template etching in 1 M NaOH (aq.) and dispersion in ethanol is smooth and well defined (see Figures 4.8e,f).

Accordingly, no contribution of Al (expected to appear in blue colour on the chemical mapping image) occurs in such optimized annealing conditions. Therefore, from the electron microscopy investigations, it clearly appears that reduction of the crystallization temperature of the PZT shells and oxidation temperature of metallic cores, leads to a significant improvement of both morphological and structural characteristics of the CFO-PZT core-shell assembly.

To further support the latter statements, CoFe2 to CFO oxidation inside preannealed PZT 500 tubular structures consisting of three PZT layers was followed by in situ X-ray diffraction using a PANalytical X'Pert Pro Anton Paar diffractometer with cobalt anticathode (see Figure 4.9). Taking into account the very low quantity of matter inside the AAO template and the strong nanostructuration of the phases (either for PZT shells or for CoFe2 cores), specific preparation techniques were developed in order to accurately and unambiguously determine the structural features of the PZT-CFO nanocables. A PZT multi-dip impregnation process (three successive impregnations with intermediate crystallization steps) was carried out to provide thick enough tubular 110) most intensive peak 44.7° represented by the black dotted line is surrounded by two peaks very close, attributed to PZT and Au (contribution of the Cu/Au bilayer cathode used for electrodeposition). However, the contribution of each phase can be easily discriminated when increasing the temperature. Progressive disappearance of the CoFe2 (110) peak is observed between 20 °C and 500 °C whereas CFO spinel phase starts to crystallize at 300 °C (green marked peaks ( 220), ( 311), ( 400), (511), and (440) at 30.1°, 35.4°, 43.1°, 56.9° and 62.6°, respectively).

This evolution indicates that the metallic CoFe2 and the oxide CFO coexist over a temperature range going from 300 °C to 500 °C. The intensity of spinel CFO peaks increases with temperature while the mid-height width decreases, in good agreement with a gradual increase in the crystallite size within the oxidized cores. Moreover, relative intensities of (220) (30.1°) and (440) (62.6°) peaks are raised meaning a preferential orientation of the CFO phase along (hk0) planes, possibly attributed to the highly anisotropic confinement given by the porous structure of the AAO template. We can then assume that CoFe2 to CFO oxidation should be effective at lower temperature than 600 °C. In addition, PZT 500 crystalline signature is evidenced by the presence of five peaks (marked in red on Figure 4.9) that are attributed to a pseudo-cubic phase of PZT, as confirmed by profile matching using EVA software (Bruker Co.). HRTEM investigation conducted on PZT nanotubes consisting of three tubular layers (not shown), which were prepared using three dip-impregnations, confirmed the high crystallinity of PZT nanoparticles (mean diameter ranging between 5 and 10 nm). This size belongs to the critical range with regards to the alteration of ferroelectricity. However, it was clearly shown in literature that in confined 1-D geometry, the contribution of defects, surface tension, strain induced domain configuration, effective screening of the surfaces charges by chemisorbed hydroxyl groups could locally stabilize a polar state (Kim et al., 2008;[START_REF] Spanier | [END_REF]Hua et al., 2008). The value of mean PZT particle diameter obtained by XRD for the multilayer PZT nanotubes differs from the value obtain by STEM and SEM ~15 nm, which confirms the non-uniformity of PZT walls thickness obtained after three dip-impregnations of PZT coating PZT solution.

Figure 4.10 shows the normalized magnetic hysteresis loops measured at room temperature with the external field applied along OOP (Figure 4.10a) and IP (Figure 4.10b) directions for the PZT 500 -CFO 500 and PZT 500 -CFO 600 NC arrays. The magnetic moments of the PZT-CFO nanocables were normalized by the PZT-CoFe2 maximum value of magnetic moment in the saturation state. For the CoFe2 NW arrays, magnetocrystalline anisotropy can be neglected and the effective anisotropy is entirely magnetostatic, as pointed out previously. In contrast, large coercivity fields and squareness have been achieved in the PZT 500 -CFO 600 NC arrays (see Table 4.1 for Figure 4.9: CoFe2 to CFO NWs in situ oxidation inside PZT NTs followed by in situ X-ray diffraction at different temperatures with an increment of 100 °C. The starting room temperature CoFe2 pattern is represented in black and the final CFO oxidized one is in red (Dpore ~150 nm; PAAO ~35%) details). Such high coercive fields ~1.8 kOe are associated with the magnetocrystalline anisotropy of CFO material (Bozorth, 1955). The results showed that oxidation performed at 600 °C during 24 h under air is followed by a significant decrease of the saturation magnetic moment by a factor of 4 for the magnetic field, H, applied in IP and by a factor of 5 for H applied in OOP. Given that the average volume expansion during oxidation (~1.5) of the nanowires, this reduction of the PZT-CFO nanocables magnetic moment roughly corresponds to a large reduction in the saturation magnetization by a factor ~7. This can be explained by the reduction Table 4.1. Oxidation conditions (temperature and time) for the PZT 500 -CoFe2 nanocables and corresponding magnetic properties (normalized magnetic moment m/ms max , coercivity Hc, and squareness mr/ms in out-of-plane (OOP) and in-plane (IP) directions) for the PZT 500 -CoFe2, PZT 500 -CFO 500 and PZT 500 -CFO 600 nanocable arrays Sample (Fig. in saturation magnetization, Ms, of CFO phase. The obtained results correspond to the expected ratio between the saturation magnetization of CoFe2 (~1900 emu/cm 3 ) and CFO (~ 400 emu/cm 3 ) bulk materials at room temperature [START_REF] Cullity | Introduction to magnetic materials[END_REF]Ojha et al., 2016). A large increase of the coercive field from 141 Oe to 1479 Oe for H applied in OOP, and from 187 Oe to 1804 Oe for H applied in IP was observed as well (see Figure 4.10, red line and Table 4.1). As shown in Figure 4.10 (blue line), oxidation at a lower temperature (500 °C for 24 h) leads to a somewhat smaller reduction in the saturation magnetic moment ~1.9 for the H applied in IP and ~2 for H applied in OOP, and coercive field around 337 Oe for H in IP and 480 Oe for H in OOP.

We probe magnetic properties of the CFO NW arrays (Dpore~100 nm; PAAO~15%) oxidized at 500 °C (hereinafter CFO 500 ) and 600 °C (hereinafter CFO 600 ) for 24 hours ( 11c-h), wherein PZT 500 -CFO 500 and PZT 500 -CFO 600 with single-layer PZT nanotubes in Figure 4.11c,d correspond to Dpore~100 nm and PAAO~15%, PZT 500 -CFO 500 and PZT 500 -CFO 600 with single-layer PZT nanotubes in Figure 4.11e,f correspond to Dpore~150 nm and PAAO~35%, and PZT 500 -CFO 500 and PZT 500 -CFO 600 with three-layer PZT nanotubes in Figures 4.11g,h correspond to Dpore~150 nm and PAAO~35%. All geometric parameters and magnetic properties of the nanowire and nanocable arrays (Figure 4.11) are summarized in Table 4.2. The easy axis of magnetization in OOP direction observed in the CoFe2 NW arrays and PZT 500 -CoFe2 nanocable arrays (Figure 4.5) associated with the uniaxial shape anisotropy along the out-of-plane direction of the individual nanowires, low packing density and relatively large aspect ratio of the nanowires (Dmitriiev et al., 2013) was indicated after the thermal oxidation at 500 °C for 24 hours at 1.5 °C/min heating ramp (see Figures 4.11a,c,e,g). This OOP easy axis in the CFO 500 NW and PZT 500 -CFO 500 NC arrays was attributed to the incomplete thermal oxidation of the metal CoFe2 phase into the metal oxide CFO phase. This also caused relatively small values of coercivity, Hc, (~400-700 Oe) for both CFO 500 nanowires and PZT 500 -CFO 500 nanocables (see Table 4.2). A clear difference in the values of mr/ms in OOP and IP directions for both CFO500 nanowires and PZT 500 -CFO 500 nanocables was observed. However, very close 11d,f,h) oxidized at 600 °C during 24 hours. As compared to the above nanowires and nanocables oxidized at 500 °C the hysteresis loops became more isotropic (looking similar in both OOP and IP directions), and the difference in values of HC and mr/ms for IP and OOP directions was reduced (Table 4.2), thus indicating a dilution of magnetic anisotropy due to the efficient oxidation of the metallic CoFe2 phase into the metal oxide CFO phase after annealing at 600 °C for 24 hours. Since magnetocrystalline anisotropy constant of the CFO K1~2.6-3.5×10 6 erg/cm 3 [START_REF] Tachiki | Origin of magnetocrystalline anisotropy energy in cobalt ferrite[END_REF] is larger than for the CoFe2 K1~10 5 erg/cm 3 (Bozorth, 1937), the magneto-crystalline anisotropy energy dominates in the CFO 600 nanowires and PZT 500 -CFO 600 nanocables, and there is no preferred crystallite orientation along the wire axes. Although large coercive field, Hc, ~1990 Oe and remanence, mr/ms, ~0.55 were achieved for the PZT 500 -CFO 600 nanocables samples (Dpore~150 nm; PAAO~35%) consisting of three-layer PZT nanotubes with (Figure 4.11h) However, we must precise that only 10 % of PZT 500 -CFO 600 samples with threelayer PZT nanotubes showed such strong magnetic properties and other 90% of the PZT 500 -CFO 600 NC arrays, especially ones consisting in single-layer PZT tubes, showed relatively low coercivity, Hc, (~400-700 Oe) and remanence ratio, mr/ms (~0.2-0.3). Such small value of Hc for single-layer PZT nanotubes in PZT 500 -CFO 600 PAAO~15%), consisting of single-layer PZT nanotubes PZT 500 -CFO 500 (c) and PZT 500 -CFO 600 (d) nanocable arrays (Dpore~100 nm; PAAO~15%) and PZT 500 -CFO 500 (e) and PZT 500 -CFO 600 (f) nanocable arrays (Dpore~150 nm; PAAO~35%), and consisting of three-layer PZT nanotubes PZT 500 -CFO 500 (g) and PZT 500 -CFO 600 (h) nanocable arrays (Dpore~150 nm; PAAO~35%) nanocables could be explained by the interdiffusion between AAO, PZT, and CFO through thin single-layer PZT walls increasing the possibility of Al impurities in the CFO nanowires phase. However, higher reproducibility of the PZT 500 -CFO 600 nanocables with large coercivity and remanence were obtained when three-layer PZT nanotubes were used in nanocables.

Summary of magnetic properties of corresponding CFO nanowires and nanofibers prepared using three major techniques (templated electrodeposition, sol-gel infiltration and sol-gel electrospinning) is presented in Table 4.3. The values of coercive fields and remanence observed in our work are comparable to the room temperature values reported in the literature. Macroscopic evidence of ferroelectricity in nano-objects remains challenging, since it is not possible to apply electrodes in the same way for electric characterization, as for thin films (Morrison et al., 2003). It is difficult to compare the values of piezoelectric coefficients to bulk material and thin films, since the measurement performed on a tube geometry has a relatively complicated field distribution and vibrational modes (Scott, 2007b). Although, some attempts were made to measure ferroelectric properties of the PZT nanotubes inside AAO membrane by polishing the membrane and depositing the top aluminium electrodes of ~1 µm thickness using thermal evaporation (Hua et al., 2008), but large leakage currents did not allow to observe a clear hysteresis loop, unless the measurement frequency is increased to 100 kHz, and the leakage current contribution are minimized, then distinct P-E hysteresis loops can be observed (Kim et al., 2008).

Switching of ferroelectric nanotubes is generally provided via an AFM tip [START_REF] Dawber | Physics of ferroelectric thin film oxides[END_REF]. In order to evaluate quantitatively the combination of dij piezoelectric coefficients contributing to the AFM piezo-response, it is necessary to have a theory for piezoelectricity in tubes with arbitrary polarization. The polarization in fine-grained ceramic nanotubes can be along the tube length, z, along the tube wall radius, r, or along the azimuthal direction, Θ, around the tube. Polarization switching in a single nanotube of PZT collected on a metal substrate with a sputtered top contact, was previously reported (Luo et al., 2003). This gave a small circumference around which switching hysteresis could be observed in the piezo-AFM mode. Hence, they measured P(Θ), they correctly described this result as only a ''dij effective,'' since no theory exists as yet to relate the measurement to conventional dij coefficients for the geometry used.

Local probe measurements such as Piezoresponse Force Microscopy (PFM) were used in this work to confirm the polarization switching and microscopic ferroelectric properties of nanocables. PFM measurements were performed by the group of Prof. Bernard Nysten at Bio and Soft Matter division of Institute of Condensed Matter and Nanosciences (MICA platform), Université catholique de Louvain, Belgium.

To collect the nanotubes and nanocables on the platinized Si wafers the AAO membranes hosting the nanotubes and nanocables were chemically dissolved using the same procedure as for TEM observations described in Section 3.4. 3 (p. 123). Figures 4.12a show top-view SEM images of the horizontally positioned PZT 500 nanotubes on the Pt/Ti/Si substrate. The nanotubes outer diameter is ~150 nm, as expected from the morphological features of the porous Synkera-2 membrane (see Table 3.1, p. 60). domains located at the top margin of the PZT 500 -CoFe2 nanocables are mostly polarized downwards, indicated by the darker colour than that in the central area of nanocables.

To further investigate the ferroelectric nature of an individual PZT 500 nanotube, or PZT 500 -CoFe2 and PZT 500 -CFO 600 nanocables, the electromechanical amplitude and phase hysteresis loops were measured using PFM, where a conductive tip served as a top electrode in capacitor geometry while the Pt/Ti/Si substrate acted as the bottom electrode as schematically shown in Figures 4.13a-c. Firstly a three-layer PZT nanotube or nanocables containing three layer PZT shell were identified by the AFM scan in tapping mode, and then the phase and amplitude piezoresponse signals in contact mode were measured in the central region of nanotube or nanocable by applying ac electric field and dc bias voltage with amplitude of 5 V and 6 V and at a frequency of 300 kHz through the conductive tip (Gruverman et al., 1998). (c,f) the PZT 500 -CFO 600 nanocable. (g) Switching spectroscopy PFM (SS-PFM) mode with application of triangular-shaped voltage pulses; (h) SS-PFM measured amplitude (green dots) and phase (red dots) hysteresis loops for the PZT 500 -CFO 600 nanocable around 170° after the bias voltage was increased from -5 to +5 V, and for the PZT 500 -CoFe2 and PZT 500 -CFO 600 nanocables with voltage changing from -6 to +6 V the phase change was around 180°. The domain switching voltages were (+0.4) -(+0.5) V, (-0.9) -(-1.3) V, and (-0.4) -(-1.3) V for the PZT 500 nanotube, PZT 500 -CoFe2 and PZT 500 -CFO 600 nanocables, respectively. The maximal switching voltage shows values, which are in the same order of magnitude with some of the previously reported values measured by PFM for the ferroelectric PZT nanotubes (Luo et al., 2003;Nonnenmann et al., 2009;Nonnenmann et al., 2010) and PZT-CFO (Tang et al., 2017;Xie et al., 2008a), PZT-NFO (Xie et al., 2008b), and PZT -Co (Johnson et al., 2011) nanocables, but at the same time by an order of magnitude lower than in other reports corresponding to the PZT nanotubes (Bernal et al., 2012;Scott et al., 2008) and PZT-CFO core-shell nanocables (Xie et al., 2011).

The PFM amplitude hysteresis show typical butterfly loops for each sample. For the PZT 500 -CoFe2 and PZT 500 -CFO 600 nanocables (Figure 4.13e,f), negative shifts of coercive fields in the phase and amplitude hysteresis loops were observed, which can be attributed to the presence of surface charges at the interface between CoFe2 or CFO 600 nanowires and PZT 500 shells as was previously reported for the case of PZT-LSMO multilayers, PZT films, and PZT nanowires (Wu et al., 2000;Hong et al., 2001;Zhang et al., 2004).

To remove the artefact contributions of surface charge from the piezoresponse, local ferroelectric hysteresis measurement of the individual PZT 500 -CFO 600 nanocable was conducted using switching spectroscopy PFM (SS-PFM) [START_REF] Jesse | [END_REF], in which electromechanical hysteresis loops were collected by measuring the PFM amplitude and phase after applying dc bias with maximal voltage of 6 V in a triangular waveform (see The most probable reason is that the applied bias is not large enough, the experiment must be repeated for wider voltage bias ~10-20 V. Another possibility is that we can have some artefacts contributing to the PFM signal, but most probable reason is not sufficiently large bias voltage.

In a recent review a question "why so many materials exhibit "ferroelectricity" on nanoscale?" was addressed (Vasudevan et al., 2017), where the authors present a list of possible mechanisms that can contribute to electromechanical response and sometimes hysteresis, as well as their typical experimental features (see Figure 4.14). For example, observation of a clockwise hysteresis loop is not a feature of a standard ferroelectric and is strongly suggestive of charge injection or other phenomena. Alternately, formation of electrochemical dipoles is associated with a continuum of states in the contact Kelvin PFM (cKPFM) response, a feature that is absent in standard ferroelectrics with two stable polarization states. Although the existence of non-ferroelectric signal contribution in SPM-type experiments is widely acknowledged, clear guidelines on how to avoid or distinguish them from ferroelectric responses have been described in detail (Vasudevan et al., 2017).

The next step for the characterization of PZT-CFO and PZT-CoFe2 core-shell nanocables would be an investigation of the strain-mediated magnetoelectric coupling by applying different static magnetic fields to the PZT-CFO nanostructures in the outof-plane direction with respect to the substrate and recording the induced change of the PFM phase and amplitude, i.e. phase width, polarization switching voltage and coercivity. The main challenge in this regard is to ensure that the location of the nanocables doesn't change after the AFM identification as well as application of the static magnetic field, meaning that the bonding of the magnetic nanocables to the conductive substrates should be strong enough to resist the mechanical and electrostatic forces from the tip and applied magnetic field. Previously, attempts for the magnetoelectric characterization of the core-shell nanowires using static magnetic field induced change of PFM phase and amplitude (Figure 4.15) were reported for the PZT-CFO and PZT-Co core-shell nanocables (Xie et al., 2011;Johnson et al., 2011).

Figures 4.15a show the schematic of reported scanning probe microscope setup, where an in-plane magnetic field is applied to the PZT-CFO core-shell nanowire Presented in this figure are some characteristic features of the various physical and (electro)chemical processes that can occur in contact AFM when bias is applied, and how they may be separated. From Vasudevan et al., 2017 resulting in the induced variation in PFM phase and amplitude (Figures 4.15b,c). It was reported that after application of external magnetic field of 2000 Oe the maximum PFM amplitude decreased from 3.2 nm to 2.5 nm and the corresponding coercive voltage increased from 17 V to 22 V, confirming the ME coupling in PZT-CFO coreshell nanofiber. Another research group reported the ME coupling characterization of the PZT-Co core-shell nanocables using PFM setup schematically shown in PZT-Co nanocable during collection of the variation of piezoresponse amplitude with voltage results in approximate doubling in d33 over the range 0<H<2 kOe, and the voltage difference between the two minima in the piezoresponse amplitude increase from ~0.4 to 1.1 V for 0<H<2 kOe.

Conclusions

In summary, PZT-CFO core-shell nanocables have been successfully prepared combining the cost-effective dip-impregnation based on sol-gel chemical solution deposition and pulsed electrodeposition processes. The colloid containing Pb, Zr and Ti precursors was prepared using inverted mixing order chelate processing. The pyrolysis and crystallization of the dehydrated PZT tubular layers were carried out in a single heating step at 500 °C. One of the critical points for the preparation of PZT nanotubes to ensure good ferroelectric properties is the nanotube wall thickness. The wall thickness of PZT nanotubes was increased by increasing the number of sol-gel dip-impregnations to three. The thermal treatment required to transform metal CoFe2 phase into the insulating CoFe2O4 spinel phase is a key step with respect to the interdiffusion phenomena between AAO membrane, PZT shells, and CoFe2 nanowires. We demonstrated that PZT nanotubes act as an efficient diffusion barrier between the CoFe2 nanowires and AAO template. We overcame the thermal constraints and demonstrated the benefit of a global lowering of the processing temperature to preserve both architecture and structural integrity of this complex system. Such control of interfaces opens a promising pathway towards low-cost processing of magnetoelectric nanocomposites.

Magnetic properties of the PZT-CoFe2 core-shell nanocables, such as magnetic anisotropy, remanence and coercivity, are affected mainly by the dipolar interaction between the nanowires in highly packed arrays and shape anisotropy of individual nanowires at low packing densities. It was shown that the packing density and corresponding dipolar coupling of the CoFe2 nanowire arrays can be reduced by increasing the surrounding PZT shell thickness. For the PZT 500 -CFO 600 core-shell nanocables (CoFe2 oxidized at 600 °C) the magnetocrystalline anisotropy is dominant leading to the isotropic hysteresis behaviour regardless of the direction of applied magnetic field.

We investigated the local ferroelectric properties of nanotubes and core-shell nanocables by PFM polarization switching. The measured PFM phase change in the PZT nanotube was ~170° while the voltage was switched from -5 to +5 V, as for the PZT-CFO core-shell nanocables the phase variation was ~180° with the voltage changed from -6 to +6 V. To separate ferroelectric polarization from electrostatic interaction between the PFM conductive tip and PZT nanotube, as well as from surface charges trapped in the PZT/CFO interfacial area, switching spectroscopy PFM mode was used for the PZT-CFO core-shell nanocable. The SS-PFM hysteresis was not observed due not large enough window bias voltage. Therefore, in future the experiment will be repeated using wider range of bias voltage.

In general, the limitations of the ME system based on PZT-CFO core-shell nanocable arrays include the inter-diffusion between PZT nanotubes and AAO membrane, non-uniform wall thickness of PZT nanotubes, incomplete oxidation of CoFe2 nanowires at lower temperatures (used to prevent inter-diffusion), and poor reproducibility of the CFO nanowires with large coercivity and squareness ratio. These limitations would make it difficult to obtain good quality ME specimens and challenging to use the PZT-nanotubes based core-shell nanostructures in real device applications.

Chapter 5

Vertically Aligned CFO Nanopillars -Ferroelectric Matrix Nanocomposites

CFO Nanopillars within BSTO And BTO Thin Layers

(1-3) Vertically Aligned Nanostructures

In Figure 5.1 we remind fabrication steps for the BSTO-CFO and BTO-CFO vertically aligned multiferroic nanocomposites. These processes are schematically shown in Figure 3.14, p. 87 and discussed in detail in Section 3.2. Ferromagnetic, ferroelectric and elastic properties of ceramic CFO, BSTO and BTO materials are summarized in Tables 2.3 and 2.4, p. 45. The BaxSr1-xTiO3 solid solution is chosen due to the tunability of both the Curie temperature (𝑇 𝐶 ) and the permittivity values by varying the Ba/Sr ratio, e.g. for the composition 70 atomic % Ba (x ~0.7) 𝑇 𝐶 is close to room temperature [START_REF] Parker | Temperature and thickness dependent permittivity of (Ba,Sr)TiO3 thin films[END_REF] and 𝜀 33 /𝜀 0 of ceramic BSTO ~20,000 (Mitsui, 1970). The BaTiO3 FE material is chosen due to its large piezoelectric coefficient 𝑑 𝑖𝑗 (𝑑 15 = 270 pC/N, 𝑑 31 = -79 pC/N, 𝑑 33 = 191 pC/N) and suitable dielectric properties (𝜀 33 /𝜀 0 ~1350) at room temperature (Mitsui, 1970). The CFO FM material chosen due to the large magnetocrystalline anisotropy constant 𝐾 1 ~2.6 -3.8 × 10 6 erg/cm 3 and magnetostriction coefficient 𝜆 𝑖𝑗𝑘 (𝜆 100 ~-590 × 10 -6 , 𝜆 111 ~120 × 10 -6 ) [START_REF] Folen | part 4b, Magnetic and Other Properties of Oxides and Related Compounds[END_REF].

Compared to the PZT-CFO core-shell NC arrays discussed in Chapter 4, the oxidation of the metal CoFe2 nanopillars into the metal oxide CFO spinel phase requires an additional step of the AAO template dissolution to prevent the interdiffusion between nanopillars and AAO template favoured by the thermal oxidation. The original in situ synthesis of vertically aligned multiferroic nanostructures allows to improve the ordering of the magnetic nanopillars inside the matrix, and to preserve the nanopillar morphology. Indeed, when the oxidation of the free-standing CoFe2 nanopillars was conducted by thermal treatment prior to FE layer deposition, a significant change of the surface roughness morphology of pillars, and an increase of their diameter were found, which could prevent the penetration of FE layer through the ordered pillar arrays. We used different techniques to characterize the electrical and magnetic properties and to quantify the magnetoelectric coefficient of the resulting BSTO-CFO and BTO-CFO multiferroic nanostructures.

Characterization of Vertically Aligned CFO Nanopillar -BSTO Matrix Nanocomposites

A tilted-view cross-section SEM image of the vertically aligned and free-standing CoFe2 nanopillar arrays on Pt/Ti/Si substrate, obtained after removal of the AAO template, is shown in 220), (311), and (444) on the GIXRD spectrum and the (311) peak on powder XRD spectrum (JCPD # 22-1086). Note that the ( 222), ( 440) and ( 511)peaks are not visible in Figure 5.3a because the phases corresponding to CFO and the annealed substrate can hardly be discriminated. The in-plane GIXRD diffraction pattern of the BSTO-CFO nanostructure confirms the crystallization of the BSTO matrix with all peaks corresponding to the perovskite structure. Pt peaks and additional peaks resulting from reactions and associated phase formation during annealing are observed in the XRD pattern of the Pt/Ti/Si substrate.

Figures 5.4a and 5.4b show the normalized magnetic hysteresis loops measured at room temperature with the field applied along the in-plane (perpendicular to pillar axis) and out-of-plane (parallel to pillar axis) directions. The effective magnetic anisotropy in a nanopillar array in the saturated state is determined by different contributions, namely shape anisotropy, dipolar inter-pillar coupling and magnetocrystalline anisotropy [START_REF] Encinas-Oropesa | Dipolar interactions in arrays of nickel nanowires studied by ferromagnetic resonance[END_REF]. For the CoFe2 nanowire array, the magnetocrystalline anisotropy can be neglected and the effective anisotropy is entirely magnetostatic, as pointed out previously (Hua et al., 2007). Figure 5.4a reveals the easy axis of magnetization along the in-plane direction, as shape anisotropy, associated with the infinite array of the vertically aligned nanopillars behaving as a whole film, overcomes the uniaxial shape anisotropy along the out-of-plane direction of the individual nanopillars due to the high packing density and relatively small aspect ratio of the individual nanopillars [START_REF] Dmytriiev | Static and dynamic magnetic properties of densely packed magnetic nanowire arrays[END_REF]. In addition, this causes the coercivity Hc ~ 190 Oe and the remanence-saturation ratio ~0.08 to become relatively small, irrespective of the direction of the applied field. Figure 5.4b shows the magnetic hysteresis curve for the embedded CoFe2O4 nanowire array in the BSTO matrix. The shapes of the hysteresis loops are similar in the in-plane and out-of-plane directions as was previously observed for the case of the PZT-CFO core-shell NC arrays (see Figure 4.11, p. 153). This can be ascribed to the fact that the magneto-crystalline anisotropy energy dominates shape anisotropy in the CFO nanopillar arrays (Zheng et al., 2004), no magnetocrystalline anisotropy is expected between [001] and [100] directions of CFO, and there is no preferred crystallite orientation along the wire axes. Besides, large coercive field (𝐻 𝑐 ~1.7 kOe) and remanence (𝑚 𝑟 /𝑚 𝑠 ~0.44) have been achieved in the BSTO-CFO multiferroic nanostructure. Such high coercive field is associated with the large magnetocrystalline anisotropy 𝐾 1 ~2.6 -3.8 × 10 6 erg/cm 3 (Bozorth et al., 1955). Previously the dependence of coercivity on grain size was reported for the CFO nanoparticles revealing that the maximum value of coercivity could be obtained for the grain size approaching the single-domain critical value [START_REF] Chinnasamy | [END_REF]. Thus, in future work HR-TEM analysis should be conducted to understand the dependence of coercivity on grain size in the CFO nanopillars inside BSTO matrix. The coercive fields for CFO nanowires are comparable to the room temperature values reported in the literature (see Table 4.3, p. 154), thus confirming the efficiency of the in situ oxidation of the CoFe2 nanopillars during the deposition of the BSTO matrix [START_REF] Chinnasamy | [END_REF]. We also found that the experimentally measured magnetic moment of the metal nanopillar array decreased by a factor of 3.15 after the in situ oxidation. Taking into account the approximate oxidation-induced volume expansion (~1.5) of the nanowires, this reduction of the sample's magnetic moment roughly corresponds to a large reduction in the saturation magnetization by a factor 4.7. This result is in good agreement with the expected ratio between the saturation magnetization for the CoFe2 (~1940 emu/cm 3 ) and CFO (~400 emu/cm3) bulk materials at room temperature (Cuilty & Graham, 2009;Ojha et al., 2016). The magnetic moments reduction by a factor of 4-5 after oxidation of the metal CoFe2 NW A macroscopic evidence of ferroelectricity is a prerequisite to expect magnetoelectric coupling in such BSTO-CFO nanostructured composites. However, this remains challenging considering the complexity of these vertically aligned heterostructures. Dielectric investigations were performed, taking the well-behaved BSTO thin film as a reference for the BSTO-CFO nanostructures. Since the geometry of both sets of samples is quite different, only the capacitance and dielectric losses will be compared in the following.

Figure 5.5 shows the thermal variations at three frequencies (10 kHz, 100 kHz, and 1 MHz) of capacitance and dielectric losses for both a pure BSTO thin film (Figure 5.5a and 5.5b) and the BSTO-CFO nanostructure (Figure 5.5c and 5.5d). The pure BSTO thin film on the Pt/Ti/Si substrate, obtained after the chemical dissolution of top AAO template, exhibits a broad C(T) anomaly in a wide range of temperature, corresponding to a diffuse ferroelectric-to-paraelectric transition (Figure 5.5a). This diffuse behaviour is associated with a maximum of the capacitance occurring at lower temperature (250 K) compared to the ceramic counterpart (TC ~310 K for the bulk Ba0.7Sr0.3TiO3), as commonly observed for thin films [START_REF] Parker | Temperature and thickness dependent permittivity of (Ba,Sr)TiO3 thin films[END_REF][START_REF] Tagantsev | Ferroelectric materials for microwave tunable applications[END_REF]. These discrepancies can arise from the microstructure of ferroelectric thin films including small grain size, residual strain and interfacial contributions [START_REF] Tagantsev | Ferroelectric materials for microwave tunable applications[END_REF][START_REF] Lobo | Grain-size effects on diffuse phase transitions of sol-gel prepared barium titanate ceramics[END_REF]. Therefore, the ferroelectric properties of the BSTO thin film are still partially present at room temperature. Over the whole temperature range, the dielectric losses of the BSTO thin film remain below ~0.05 (Figure 5.5b). For the BSTO-CFO nanostructure, the capacitance slightly increases when the temperature is raised from 80 to 200 K, similar to the pure BSTO thin film (see Figure 5.5c and inset). However, the maximum in capacitance associated with the ferroelectric-to-paraelectric transition close to 250 K can only be observed at high frequency ~1 MHz. At lower frequency this maximum is hindered by a strong increase of the apparent capacitance above 200 K. Accordingly, the dielectric losses showed pronounced peaks (Figure 5.5d), whose maximum is shifted to higher temperature as the frequency increases. The relaxation follows an Arrhenius law with an activation energy Ea ~0.45 eV, estimated from a fit over 30 frequencies in the range 1 kHz -200 kHz (Figure 5.6) using the following equation:

𝐸 𝑎 = 𝑠 × 𝑘 𝐵 1.6 × 10 19 = 5199 × 1.38 × 10 -23
1.6 × 10 -19 = 0.45 𝑒𝑉 (5.1)

where 𝑠 = -5199 is a slope of the 𝑙𝑛(𝜔) against 1/𝑇 relation, 𝜔 is a frequency at which the loss tangent was measured, and 𝑘 𝐵 is Boltzmann constant. This thermally activated relaxation process is responsible for an artificial increase of both the capacitance and losses at high temperature. This effect can be ascribed to conduction mechanism of the polycrystalline CFO phase due to electron hopping between multivalent cations like Fe and Co [START_REF] Jonker | Analysis of the semiconducting properties of cobalt ferrite[END_REF][START_REF] George | Finite size effects on the electrical properties of sol-gel synthesized CoFe2O4 powders: deviation from Maxwell-Wagner theory and evidence of surface polarization effects[END_REF], for which an activation energy ~0.4 eV is reported in the literature [START_REF] Jonker | Analysis of the semiconducting properties of cobalt ferrite[END_REF]. Another contribution can be related to charged defects inducing a Maxwell-Wagner type of interfacial polarization in agreement with Koop's two-layer model. Thus, the actual activation energy that we observed may result from several contributions including interactions among charged defects and interfacial accumulation of charges between BSTO and CFO due to the different types of charged defects in both phases. Without a deeper insight into the microscopic defects states based on local spectroscopies (such as EPR), we cannot discuss further the activation energy value and compare it to the literature. Figures 5.5g,h show the thermal variations at three frequencies (10 kHz, 100 kHz, and 1 MHz) of capacitance and dielectric losses for the reference BSTO thin film deposited on the pre-sputtered Pt layer. The reference BSTO thin film exhibits a similar broad C(T) anomaly in a wide range of temperature, corresponding to a diffuse ferroelectric-to-paraelectric transition (Figure 5.5g) as was observed for the BSTO film deposited on the Pt/Ti/Si substrate obtained after top AAO dissolution (Figure 5.5a). However, the maximum of the capacitance occurs at higher temperature (300 K) close to the ceramic counterpart (TC ~310 K for the bulk Ba0.7Sr0.3TiO3) [START_REF] Tagantsev | Ferroelectric materials for microwave tunable applications[END_REF]. In the reference BSTO thin film, a typical behaviour of Ba0.7Sr0.3TiO3 films was observed with maximum in capacitance at high temperature due to cubictetragonal transition and a shoulder at lower temperature due to tetragonalorthorhombic and orthorhombic-rhombohedral transitions [START_REF] Tagantsev | Ferroelectric materials for microwave tunable applications[END_REF]. In addition, there is no intense peak at the transition temperature in the loss tangent curves at low frequencies (Figure 5.5h). The difference between C(T) curves of the BSTO thin films on the pre-treated Pt/Ti/Si (after AAO dissolution) and reference Pt/Si substrates is imposed mainly by the stress relaxation (Shaw et al., 1999). Substrates can strongly affect thin films behaviour, especially stress can impact the structural phase diagram, thus shifting transition temperature. Previously it was reported that "incipient ferroelectric" SrTiO3 (STO), which is generally behaving like a paraelectric material down to 0 K and never becoming a ferroelectric), can be obtained as a classic ferroelectric in highly epitaxially strained STO materials [START_REF] Haeni | Room-temperature ferroelectricity in strained SrTiO3[END_REF]. Strainstress can both act to downshift or upshift the paraelectric-ferroelectric transition The effective permittivity of the BSTO-CFO nanostructures and BSTO thin films was calculated as

𝜀 = 𝐶 × 𝑡 𝑡𝑜𝑡𝑎𝑙 𝜀 0 × 𝑆 , ( 5.2) 
using the capacitance value, 𝐶, [F] measured at 100 kHz frequency of 𝑉 𝑎𝑐 = 0.1 V, 𝜀 0 = 8.854 × 10 -12 [F/m], the top Pt electrode's surface area, 𝑆 [m 2 ], and the total average thickness of the deposit, 𝑡 𝑡𝑜𝑡𝑎𝑙 [m] (see Figure 5.2f), assuming that the nanocomposite can be considered as a continuous material. However, we must precise that this corresponds to an effective permittivity, since the considered experimental thickness, 𝑡 𝑡𝑜𝑡𝑎𝑙 , is not homogeneous and it was measured from the SEM images (±50 nm), therefore only a qualitative comparison with the error bar ~10% is proposed when dealing with 𝜀.

In the low temperature range (𝑇 < 200 K), for which the conductivity contribution can be neglected, the effective permittivity of the BSTO-CFO nanostructure, corresponding to = 0.28 × 10 -6 ) is 𝜀 BSTO-CFO = 0.303 × 10 -9 × (500 ± 50) × 10 -9 8.854 × 10 -12 × 0.28 × 10 -6 ~60 ± 6.

(5.

3)

The effective permittivity of the BSTO thin film obtained after top AAO dissolution (𝑇~200 K), corresponding to = 0.07 × 10 -6 ) is 𝜀 BSTO1 = 0.462 × 10 -9 × (250 ± 50) × 10 -9 8.854 × 10 -12 × 0.07 × 10 -6 ~180 ± 37.

(5.4)

The effective permittivity of the reference BSTO thin film (𝑇~200 K), corresponding to In order to minimize the contribution at low frequency of space charge conductivity, ferroelectricity was probed by performing the capacitance-voltage 𝐶(𝑉) measurements at 1 MHz. The capacitance and dielectric losses measured at 190 K show two maxima with an opening of a hysteresis loop (Figures 5.5e and 5.5f). In ferroelectric thin films, this is due to polarization reversal thus confirming the ferroelectric behaviour of our BSTO-CFO nanostructures. The same experiment performed at 290 K showed the progressive disappearance of the ferroelectric features and dominant paraelectric behaviour of the BSTO-CFO nanostructure in agreement with the diffuse ferroelectricparaelectric transition around 250 K.

Direct measurement of the ME effect was performed to prove the magnetoelectric nature of the vertically aligned BSTO-CFO nanostructures and to provide a macroscopic estimation of the magnetoelectric coupling. Dynamic magnetoelectric measurements of the magnetoelectric voltage response were performed by the group of Prof. Kristiaan Temst and Dr. Vera Lazenka at Instituut voor Kern-en Stralingsfysica, KU Leuven, Belgium. We must note that since the considered experimental thickness, 𝑡 𝑡𝑜𝑡𝑎𝑙 , is not homogeneous and it was measured from the SEM images (±50 nm), the error bar can reach ~10%.

The temperature dependence of the ME voltage coefficient 𝛼 E in the range 10-300 K is shown in Figure 5.7. The maximal value of the ME coefficient ~340±29 mV cm - 1 Oe -1 was observed around 𝑇~250 K. A decrease of the temperature between 250 K and 10 K leads to a reduction of the ME coefficient by ~17 %. The shape of the 𝛼 E (𝑇) curve can be ascribed to the temperature dependence of the dielectric and magnetic properties of the multiferroic nanocomposite. Since the Curie temperature for bulk CFO (TC ~790 K) is much higher than room temperature, the peak in the curve can be In previous works performed on PZT-La0.7M0.3MnO3 (M = Sr, Ca) multilayers and PZT-La1.2Sr1.8Mn2O7 thin films, the highest ME coefficient values were observed around the Curie temperature of the ferromagnetic phase [START_REF] Srinivasan | Magnetoelectric effects in bilayers and multilayers of magnetostrictive and piezoelectric perovskite oxides[END_REF][START_REF] Wu | Observation of magnetoelectric effect in epitaxial ferroelectric film/manganite crystal heterostructures[END_REF].

At room temperature, the ME voltage coefficient of the BSTO-CFO heterostructure displays very small variation (of the order of 1 %) when an external dc magnetic field (up to 4 T) is superimposed on the time-varying field 𝐻 𝑎𝑐 as compared to the measured value in zero static magnetic field (see Figure 5.7 [top-left inset]). The room temperature value of the ME voltage coefficient for the BSTO-CFO nanostructure (~315±29 mV cm -1 Oe -1 ) is much higher than the values from macroscopic measurements reported earlier on (1-3) BFO-CFO composites (Yan et al., 2009;[START_REF] Oh | Quantitative determination of anisotropic magnetoelectric coupling in BiFeO3-CoFe2O4 nanostructures[END_REF][START_REF] Amrillah | Flexible multiferroic bulk heterojunction with giant magnetoelectric coupling via van der waals epitaxy[END_REF], (in the range 20-74 mV cm -1 Oe -1 ) and similar to that reported on (1-3) PZT-CFO composite (~390 mV cm -1 Oe -1 ) [START_REF] Wan | Controllable phase connectivity and magnetoelectric coupling behavior in CoFe2O4-Pb(Zr,Ti)O3 nanostructured films[END_REF]. The dependence of the magnetoelectric properties of such vertically aligned multiferroic heterostructures on geometrical factors and material parameters are discussed in the following paragraphs.

Characterization of Vertically Aligned CFO Nanopillar -BTO Matrix Nanocomposites

Metal CoFe2 nanopillar arrays having an average height of ~200 nm and diameter ~90 nm were considered for the fabrication of two BTO-CFO multiferroic nanostructures, schematically illustrated in Figure 5.8a. The first BTO-CFO nanocomposite consisting of a BTO matrix/layer structure with total thickness (estimated from SEM images) ttotal~550 nm (hereinafter BTO550-CFO200) including the BTO top-layer with thickness, ttop-layer~300 nm and CFO nanopillars arrays embedded into the BTO structure. The second BTO-CFO nanocomposite consisting of the BTO structure with total thickness, ttotal~850 nm (referred to as BTO850-CFO200) including 600-nm-thick BTO top-layer on the top of CFO nanopillar arrays. In Section 5.2 the temperature dependence of the magnetoelectric voltage response of the BSTO-CFO nanocomposite, with similar geometric parameters as the BTO550-CFO200 nanocomposite, revealed that the ME coupling is somehow dependent on the dielectric properties of the BSTO-CFO nanostructure showing the maximum value of ME coefficient at around Curie temperature of the BSTO matrix, 𝑇 C ~250K (see Figure 5.7). However, the room temperature permittivity reported for the ceramic BTO material, 𝜀 BTO ~1350, is lower by an order of magnitude than the one for the ceramic BSTO material, 𝜀 BSTO ~1.5 -2 × 10 4 , (Mitsui, 1970). So, to increase the FE contribution in BTO-CFO nanocomposite, thicker BTO structure was prepared, ttotal~850 nm, while the height of CFO nanopillar arrays remained unchanged hpillar~200 nm. The magnetic properties of the CoFe2 nanopillar arrays and BTO550-CFO200 nanocomposite were analysed by AGM. Figure 5.10 shows the magnetic hysteresis loops measured at room temperature with the field applied along either the in-plane and out-of-plane directions, where the magnetic moments were normalized by their saturation values. An easy axis of magnetization along in-plane direction (perpendicular to pillars axis) observed for the free-standing CoFe2 nanopillar arrays (Figure 5.10a) is less pronounced than the in-plane easy axis observed in the CoFe2 nanopillars used for the BSTO-CFO nanocomposite (see Figure 5.4a) suggesting slightly lower packing density of the CoFe2 nanopillar arrays [START_REF] Dmytriiev | Static and dynamic magnetic properties of densely packed magnetic nanowire arrays[END_REF]. After the in situ oxidation of CoFe2 nanopillar arrays into the CFO phase forming the BTO550-CFO200 nanostructure (Figure 5.10b), the coercivities, 𝐻 c , in OOP and IP Dielectric properties (capacitance and loss tangent) of the BTO850-CFO200 and BTO550-CFO200 nanocomposites were measured as a function of temperature, frequency and applied voltage to confirm the ferroelectricity of BTO-CFO nanocomposites and to study the role of top BTO layer's thickness. The pure BTO thin film with thickness of ~400 nm was used as a reference. For the BTO850-CFO200 nanocomposite (Figure 5.11c), the capacitance smoothly increases when the temperature is raised from 80 to 250 K, similar to the pure BTO thin film (see Figure 5.11a). However, above 250 K the capacitance measured at the frequency of ~10 kHz starts to increase rapidly, whereas the capacitance observed at The magnetic moment is normalized to its value in the saturation state frequencies ~100 kHz and 1 MHz increases only after 350 K. Accordingly, the dielectric losses measured at ~10 kHz showed pronounced peak at ~390 K (Figure 5.11d), whose maximum is supposedly shifted to higher temperature as the frequency increases. For the BTO550-CFO200 nanocomposite (Figure 5.11e), the temperature dependence of capacitance showed similar behaviour as for the BTO850-CFO200, wherein the capacitance measured at three frequencies first slowly increases with increasing temperature, but after temperature overpassed 350 K it starts to increase sharply. The dielectric losses of the BTO550-CFO200 nanocomposite at ~300 K (10 kHz) tan𝛿~0.086 are higher than the losses observed for the BTO850-CFO200 nanocomposites tan𝛿~0.063 at ~300 K (10 kHz). It can be assumed that for thicker BTO structure (ttotal~850 nm) in the BTO850-CFO200 nanocomposite the contribution of low permittivity CFO pillar structure is reduced compared to the BTO550-CFO200 nanocomposite with thinner BTO structure (ttotal~550 nm). 8.854 × 10 -12 × 0.28 × 10 -6 ~70 ± 6.

(5.7)

The effective permittivity of reference BTO thin film (𝑇~200 K) with 𝑡 𝑡𝑜𝑡𝑎𝑙 = 400 ± 50 nm, top Pt contact diameter, 𝐷 = 600 µm (𝑆 = 0.28 × 10 -6 ) is 𝜀 BTO 400 = 0.581 × 10 -9 × (400 ± 50) × 10 -9 8.854 × 10 -12 × 0.28 × 10 -6 ~93 ± 12.

(5.8)

The effective permittivity of the BTO550-CFO200 nanocomposite (𝜀 BTO 550 -CFO 200 ~70 ± 6) (Figure 5.11e) is lower than the one of the pure BTO400 thin film (𝜀 BTO 400 ~93 ± 12) (Figure 5.11a), deposited on the pre-treated Pt/Ti/Si substrate, and lower than the one of BTO850-CFO200 nanocomposite (𝜀 BTO 850 -CFO 200 ~107 ± 6) (Figure 5.11c).

Ferroelectric properties of the BTO-CFO nanocomposites were analysed by conducting the capacitance under applied bias voltage 𝐶(𝑉) measurements at 100 kHz to minimize the contribution at low frequency of space charges and associated conductivity mechanisms. For the BTO850-CFO200 nanocomposite the capacitance and dielectric losses measured at 250 K show two maxima and an opening of a hysteresis loop (Figures 5.12a and 5.12b) indicating polarization reversal in the BTO850-CFO200 nanocomposite. However, when the same measurement was conducted at room temperature, the ferroelectric behaviour of the BTO850-CFO200 nanocomposite could be observed only for 𝐶(𝑉) dependence, whereas the 𝑡𝑎𝑛𝛿(𝑉) dependence shows a progressive interference of space charge. As for the BTO550-CFO200 nanocomposite (Figures 5.12c and 5.12d) when the measurement was performed at 250 K only 𝐶(𝑉) dependence showed a small hysteresis with two maxima, while 𝑡𝑎𝑛𝛿(𝑉) dependence did not show the hysteresis. When the temperature was raised to 300 K, 𝐶(𝑉) hysteresis disappeared due to the large contribution of the space charge. These results show that by increasing the total thickness of BTO structure the dielectric and ferroelectric properties of the BTO-CFO nanostructure can be improved and help to prevent the dissipation of electrical energy through space charges, to overcome barriers in the elastic energies, and to align the polarization in the field direction.

Dynamic magnetoelectric measurements of the magnetoelectric voltage response were performed by the group of Prof. Kristiaan Temst and Dr. Vera Lazenka at Instituut voor Kern-en Stralingsfysica, KU Leuven, Belgium. Direct ME coupling was measured in BTO-CFO nanocomposites as a ME voltage response to ac magnetic field, Hac, as a function of temperature or dc magnetic field, Hdc. We must note that since the considered experimental thickness, 𝑡 𝑡𝑜𝑡𝑎𝑙 , is not homogeneous and it was measured from the SEM images (±50 nm), the error bar can reach ~10%.

The temperature dependence of the magnetoelectric coefficient, 𝛼 E , in the range 10-300 K for the BTO550-CFO200 and BTO850-CFO200 nanocomposites is shown in Figure 5.13a. The ME voltage coefficient of the BTO850-CFO200 nanocomposite increases from ~350±27 mV cm -1 Oe -1 to ~448±27 mV cm -1 Oe -1 with temperature increasing from ~10 K to room temperature. However, the results of dc magnetic field dependence of 𝛼 E for BTO850-CFO200 (Figure 5.13b) showed a slightly larger roomtemperature value without applied dc field 𝛼 E ~463 ± 27 mV cm -1 Oe -1 . This variation can be attributed to the fact that the dc magnetic field measurement (Figure 5.13b) was performed before the temperature scan from ~10 to 300 K (Figure 5.13a). Thus, the contribution of residual stress, formed after BTO deposition at ~650 °C), was present only for 𝐻 𝑑𝑐 dependence measurement (up to 4T), whereas the temperature dependence was performed after the sample was cooled to ~10 K. The BTO550-CFO200 nanostructure with thinner BTO structure at low temperature range shows an increase of 𝛼 E from ~310±34 mV cm -1 Oe -1 to the maximal value ~384±34 mV cm -1 Oe -1 at ~265 K, then the ME coefficient drops to ~362±34 mV cm -1 Oe -1 at ~300 K. The peak in the temperature dependence of ME coefficient was also observed for the BSTO-CFO nanocomposite with similar dimensions (see Figure 5.7). The shape of the 𝛼 E (𝑇) for the BSTO-CFO nanocomposite was ascribed to the temperature variation of the dielectric properties (see Figure 5.5c), where the maximum of capacitance was observed in the same range of temperature. However, the 𝐶(𝑇) dependence of the BTO550-CFO200 nanocomposite did not show any peaks around T ~270 K (Figure

5.11e).

Although the estimated effective permittivity of the BTO850-CFO200 nanocomposite is larger than the permittivity of the BTO550-CFO200 nanocomposite (see Equations 5.6 and 5.7), their ME coefficients were quite similar in the range of T~100-250 K (Figure 5.13a). So, another critical parameter affecting the ME properties in BTO-CFO nanocomposites can be density of interfaces. In a first attempt, we propose in the present work to consider the ratio hpillar/ttotal between the height of FM nanopillars, hpillar, and the total thickness of FE matrix/layer structure, ttotal. The average hpillar/ttotal ratio was decreased from ~0.36 to 0.23 by increasing ttotal from ~550 nm (BTO550-CFO200) to ~850 nm (BTO850-CFO200) while maintaining hpillar~200 nm. Previously, theoretical computations using phenomenological thermodynamic theory were reported for the (1-3) type BTO-CFO thin film nanocomposites (see Figure 2.11, p. 37). It was shown that the maximum value of ME coefficient corresponds to the optimal volume fraction, f, of the CFO nanopillars between ~0.5 and 0.8. Thus, in the following section we analyse the dependence of ME coefficient on the density of interfaces (hpillar/ttotal), CFO At room temperature, the ME voltage coefficients of both BTO-CFO nanocomposites display very small variation (of the order of 1 %) when an external dc magnetic field (up to 4 T) is superimposed on the oscillating field, Hac. The room temperature values of ME voltage coefficient for the BTO850-CFO200 and BTO550-CFO200 nanocomposites (~463±27 and 366±34 mV cm -1 Oe -1 , respectively) are in the same range of magnitudes as measured for the BSTO-CFO nanocomposite (~315±29 mV cm -1 Oe -1 ) (see Figure 5.7).

Investigation of Magnetoelectric Coupling in BSTO-CFO and BTO-CFO Vertically Aligned Multiferroic Nanocomposites

We aim to investigate the dependence of the magnetoelectric properties for BSTO-CFO and BTO-CFO multiferroic nanocomposites on geometrical factors such as density of interfaces, hpillar/ttotal, height of the FM nanopillars, hpillar, and effective permittivity, 𝜀. However, we must precise that the considered experimental parameters, ttotal, hpillar, and ratio hpillar/ttotal allow only a qualitative comparison. As a result, the interpretation relating ME coefficient to these geometrical parameters can only provide some trends. We prepared a set of BSTOx-CFOy and BTOx-CFOy nanostructures, where x ~500-1220 nm is the average total thickness, ttotal, of BSTO and BTO structure, and y ~150-500 nm is the average height, hpillar, of CoFe2 nanopillar arrays before BSTO and BTO deposition. The geometric parameters and physical properties including permittivity, 𝜀, loss tangent, 𝑡𝑎𝑛𝛿, and ME voltage coefficient, 𝛼 E , of the prepared BSTO-CFO and BTO-CFO nanocomposites are summarized in Table 5.1. Schematic illustrations of the prepared CoFe2 nanopillar arrays and BSTO and BTO nanocomposites including their notations and geometric parameters are shown in Figure 5.14 (for details see Table 5.1 15e,g,i,k,m and5.15f,h,j,l,n, respectively. The BSTO550/BTO550-CFO200 and BSTO1220/BTO1220-CFO500 nanocomposites have nearly the same ratio hpillar/ttotal~0.4 as well as the specimens BSTO500/BTO550-CFO150 and BSTO950/BTO950-CFO250, where hpillar/ttotal~0.3. The resulting ME voltage coefficients for the BSTO-CFO and BTO-CFO nanocomposites, summarized in Table 5.1, were plotted as a function of temperature in the range T ~10-300 K (Figure 5.16). The large room temperature α E value ~787±87 and 682±36 mV cm -1 Oe -1 were obtained for the BSTO500-CFO150 and BSTO950-CFO250, respectively with similar ratio hpillar/ttotal ~0.3. However, for the BTO550-CFO150 and BTO950-CFO250 nanocomposites this hpillar/ttotal ratio showed the weakest ME coupling 𝛼 E ~186±18 and 92±5 mV cm -1 Oe -1 , respectively. To analyse the effects that contribute to the ME voltage response in the vertically aligned nanocomposites, the ME voltage response was plotted as a function of hpillar/ttotal ratio (Figure 5.17a), hpillar (Figure 5.17b), and effective permittivity of nanocomposites (Figure 5.17c), estimated from the measured capacitance data and geometric parameters obtained from SEM images. However, we must precise since the considered experimental thickness, 𝑡 𝑡𝑜𝑡𝑎𝑙 , is not homogeneous and it was measured from the SEM images (±50 nm), therefore only a qualitative comparison with the error bar ~10% is proposed when dealing with 𝜀 and 𝛼 E .

The results for 𝛼 E as a function of hpillar/ttotal ratio (Figure 5.17a) show that for the BSTO-CFO system the best two candidates appear to be BSTO500-CFO150 and BSTO950-CFO250 nanocomposites with the ratios hpillar/ttotal close to ~0.3 and 0.26, respectively. However, for the BTO-CFO system the maximum 𝛼 E ~463±27 mV cm -1 Oe -1 was observed for the BTO850-CFO200 nanocomposite with lower hpillar/ttotal~0.2. This could be explained by the fact that the room temperature permittivity of BTO is lower compared to the permittivity of Ba0.7Sr0.3TiO3, therefore the optimal combination between effective permittivity and density of interfaces for the BTO-CFO nanocomposites corresponds to the larger total thickness of BTO structure (i.e. lower hpillar/ttotal~0.2).

The 𝛼 E dependence on the hpillar (Figure 5.17b) showed that for the BSTO-CFO system an increase of hpillar from ~200 to 250 nm in the BSTO850-CFO200 and BSTO950-CFO250 nanocomposites with more or less similar hpillar/ttotal ratio ~0.23-0.26 results in a small increase of 𝛼 E from ~506±30 to 682±36 mV cm -1 Oe -1 , whereas for BTO-CFO system an increase of hpillar from ~150 to 200 nm in the BTO500-CFO150 and BTO550-CFO200 nanocomposites with hpillar/ttotal ratio ~0.3-0.36 results in a large increase of 𝛼 E from ~186±18 to 366±34 mV cm -1 Oe -1 . However, the reverse effect was observed in the BSTO500-CFO150 and BSTO550-CFO200 nanocomposites, and BTO850-CFO200 and BTO950-CFO250 nanocomposites (i.e. 𝛼 E decreases with hpillar increasing), which is possibly due to the variation of residual stresses and their relaxation behaviour in the BTO-CFO and BSTO-CFO nanocomposites. Figure 5.17c shows 𝛼 E as a function of effective permittivity of the BSTO-CFO and BTO-CFO nanocomposites. Herein the dependence is consistent for both BSTO-CFO and BTO-CFO nanostructures. Larger ME effect is observed in the nanocomposites, which are more insulating with larger effective permittivity and lower dielectric losses. However, taking into account that the thickness measurement error ~10% (±50 nm) is relatively large, the quantitative analysis using larger number of samples is required to understand the dependence of 𝛼 E on hpillar and hpillar/ttotal ratio.

In future studies, to further understand the key parameters explaining the different 𝛼 E behaviours for the BTO-CFO and BSTO-CFO nanostructures, we should consider the residual stress effects, as the dominant contributions for the strain-stress mediated ME coupling in piezoelectric-magnetostrictive nanostructures on silicon substrates. Previously, it was shown that the residual stress in the ferroelectric fims can lead to the reduction of permittivity (Shaw et al., 1999). A BSTO film on a silicon subsrate is under a tensile residual stress, σ. The stress in the plane of the film causes a change in the permittivity measured through the film thickness:

1 𝜀 𝑓 = 1 𝜀 𝑢 -4𝑄 12 𝜎, (5.9)
where 𝜀 𝑓 is the permittivity of the stressed film, and 𝜀 𝑢 the permittivity of the unstressed film, 𝑞 12 is the electrostrictive coefficient. Since 𝑞 12 < 0, a residual tensile stress in the film reduces the permittivity. The tensile misfit strain in the films is reported to induce in barium titanate films a transition to a ferroelectric phase in which the polarizaiton axis lies in in-plane direction of the film (Pertsev et al., 1998) The films growth by PVD or CVD techniques requires high temperatures, which may increase a stress in the film before cooling, denoted by σp. After a temperature drop ΔT, the difference in the thermal expansion coefficients of the film and the substrate, ∆𝛢, leads to a strain ∆𝛢∆𝑇. When a voltage is applied across the thickness, the film tends to contract in-plane by a strain quatratic in the electric displacment, 𝑞 12 𝑑 2 , where 𝑑 is the electric displacement. Then the constraint of the substrate demands that both the thermal and electrostrictive strains in the film be accomodated by elastic stress. Thus, the residual stress in the film is 𝜎 = 𝜎 𝑝 + 𝑀 𝑓 (∆𝛢∆𝑇 -𝑞 12 𝑑 2 ), (5.10)

where 𝑀 𝑓 is the biaxial elastic modulus of the film, which is related to Young's modulus 𝑌 𝑓 and Poisson's ratio 𝜈 𝑓 by 𝑀 𝑓 = 𝑌 𝑓 /(1 -𝜈 𝑓 ). For BSTO 𝑀 𝑓 ≈ 200 GPa.

The BSTO film has a larger thermal expansion coefficient than the Si substrate, ∆𝛢 ≈ 6 × 10 -6 /K, so that a temperature reduction ∆𝑇 = 680 K adds to the film a tensile stress of about 800 MPa. The electrostrictive strain 𝑞 12 𝑑 2 is typically below 10 -3 , resulting in an additional tensile stress less than 200 MPa. The magnitude of stress, 𝜎 𝑝 , is affected by the deposition and conditions and is difficult to predict (Shaw et al., 1999).

In the present work besides the biaxial in-plane tensile stress generated in the BSTO and BTO structures by the misfit between the thermal expansion coefficients of BSTO and BTO material and Si substrate, the vertically aligned CFO nanopillar arrays also might contribute to the stress state in FE layers. For the CFO material 𝑀 𝑓CFO = 150/(1 -0.26) ≈ 203 GPa and for the BTO material 𝑀 𝑓BTO = 118/(1 -0.4) ≈ 196 GPa. The BSTO matrix has lower thermal expansion coefficient compared to the CFO phase, by ∆𝛢 ≈ 1.3 × 10 -6 / K, whereas the BTO material posseses lower thermal expansion coefficient than the one of BTO, by ∆𝛢 ≈ 4 × 10 -6 /K, so that a temperature drop of ∆𝑇 = 630 K might induce different magnitude of in-plane stress in BTO-CFO and BSTO-CFO nanocomposites. When the ac magnetic field is applied along CFO nanopillar axis, the nanopillars will contract due to the negative magnetrostriction of CFO material and generate in-plane compressive strain in the constituent piezoelectric structure. Therefore, in addition to the relation between 𝛼 E to the geometric parameters of nanocomposites studied in the present work, the dependence of 𝛼 E on the spontaneous and residual stresses in both phases should be considered carefully.

Characterization of Vertically Aligned CFO Nanopillar -PZT Matrix Nanocomposites

In this section we report the synthesis and characterization of vertically aligned PbZr0.52Ti0.48O3-CoFe2O4 (PZT-CFO) nanocomposites. In 

PbZr0.52Ti0.48O3 Layer Sol-Gel Dip-Coating Deposition on CoFe2O4 Nanopillar Arrays

The CoFe2O4 nanopillar arrays with height of ~500 nm were considered (referred to as CFO500). In Sections 5.1 and 5.2 the CoFe2 nanopillars with height of ~200 nm were considered for the fabrication of BSTO-CFO and BTO-CFO nanostructures. The larger height of CFO nanopillars, hpillar~500 nm was considered to further increase the density of interfaces by increasing the hpillar, while maintaining the experimentally observed optimal ratio hpillar/ttotal~0.3. This could be achieved for the PZT-CFO nanocomposites by using multiple sol-gel dip-impregnations allowing to obtain thicker PZT structures as compared to the BSTO and BTO structures discussed in Sections 5.2 and 5.3. Wherein the relatively low ME voltage coefficient ~211-320 mV cm -1 Oe -1 was obtained for the BSTO1220-CFO500 and BTO1220-CFO500 with large hpillar~500 nm, which could be due to the limited total thickness of BTO and BSTO structures to ~1220 nm and minimum value of hpillar/ttotal~0.4. Permittivity of the ceramic PZT ε33/ε0~800 at room temperature is lower than ε33/ε0~1350 and 1.5-2×10 4 of ceramic BTO and BSTO, respectively (see Table 2.4), but since the piezoelectric coefficient, dij, of ceramic PZT material is larger than dij of ceramic BTO or BSTO materials (see Table 2.4), larger mechanical strain-stress interaction in the PZT-CFO multiferroic nanocomposites is expected. In addition, by further increasing the density of interfaces in PZT-CFO system by increasing both nanopillars height and FE structure total thickness, the enhanced ME coupling can be achieved. Recently extremely high lowfrequency (700 Hz) ME voltage coefficient ~737 V cm -1 Oe -1 was reported for the FeCoSiB/AlN thin-film nanocomposite [START_REF] Greve | Giant magnetoelectric coefficients in (Fe90Co10)78Si12B10-AlN thin film composites[END_REF] due the large piezoelectric constant of AlN material.

Schematic illustration of the fabricated PZT600-CFO500, PZT900-CFO500, and PZT1300-CFO500 nanocomposites is shown in 19b-d. Figure 5.19a shows the SEM images taken at two different magnifications for the PZT600-CFO500 nanocomposite, where the PZT layer penetrates the spacing between highly packed CFO nanopillars forming a two-phase columnar structure consisting of the CFO nanopillars embedded into PZT matrix and continuous PZT top-layer with thickness ttop-layer ~100 nm formed on the top of the CFO nanopillars. The total thickness, ttotal, of the PZT structure and PZT600-CFO500 nanocomposite is ~600 nm, which corresponds to the sum of the CFO nanopillars average height, hpillar~500 nm, and PZT top-layer thickness, ttop-layer~100 nm. The thickness of the PZT structure was controlled by a multiple dip-coating technique. Figures 5.19c,d show the tilted cross-section view SEM images of the PZT900-CFO500 and PZT1300-CFO500 nanocomposites consisting of two and three PZT top-layers, respectively, prepared by two and three subsequent dipcoating depositions. For the PZT900-CFO500 nanostructure the PZT top-layer thickness, ttop-layer, was increased after the second PZT deposition from ~100 to ~400 nm, while for the PZT1300-CFO500 nanocomposite, ttop-layer, was increased after the third deposition from ~400 to 800 nm. The average ratio hpillar/ttotal, was estimated qualitatively from SEM images for the PZT600-CFO500, PZT900-CFO500, and PZT1300-CFO500 nanocomposites ~0.83, 0.55 and 0.38, respectively.

The top-view SEM images of the PZT600-CFO500 nanocomposite at two magnifications (Figure 5 222), ( 400), ( 511) and ( 440) in the powder XRD pattern (Figure 5.20a) and ( 311), ( 440) peaks in GIXRD pattern in Figure 5.20b (JCPD # 22-1086).

The powder X-ray diffraction pattern of the pure PZT thin film and PZT-CFO nanostructure prepared by thermal annealing at 650 °C for 30 min at 5 °C/min heating rate confirm the crystallization of polycrystalline PZT structure with all peaks corresponding to perovskite structure with random crystalline orientation (Figure 5.21a). Pt peaks and additional peaks resulting from reactions and associated phase formation during annealing are observed in the XRD pattern of Pt/Ti/Si substrate. Figure 5.21b illustrates the powder XRD diffraction pattern of the pure PZT film and PZT-CFO nanostructure prepared using quenching at 650 °C for 1 min. The XRD shows that the ultra-fast thermal shock in quenching process leads to the formation of a polycrystalline PZT layer with preferred alignment of PZT grains along (111) crystallographic direction. Previously it was reported that different temperatures of pyrolysis for the PZT films and PZT-CFO multilayers thin-films lead to different crystal orientation (Gong et al., 2004;He et al., 2008). For example, the PZT films and PZT-CFO multilayers pyrolyzed at 450 °C and then crystallized using thermal annealing at 700 °C showed a dominant (100) orientation, whereas the pyrolysis treatment at lower temperatures favoured the (111) orientation of the PZT film.

Figures 5.22a,b,c show the normalized magnetic hysteresis loops measured at room temperature with the field applied along the in-plane (perpendicular to pillar axis) and out-of-plane (parallel to pillar axis) directions. Table 5.2 summarizes the magnetic properties of the CoFe2 and CFO nanopillar arrays and PZT-CFO nanocomposite. For the CoFe2 nanopillar array, the magnetocrystalline anisotropy can be neglected and the effective anisotropy is entirely magnetostatic, as pointed out previously in Figures 5. 4 and 5.10,pp. 167,176. Figure 5.22a shows the easy axis of magnetization along the in-plane direction, as shape anisotropy, associated with the infinite array of the vertically aligned nanopillars behaving as a whole film, overcomes the uniaxial shape anisotropy along the out-of-plane direction of the individual nanopillars. In addition, this causes the coercivity Hc~158 Oe and remanence-saturation ratio mr/ms~0.08 measured in OOP direction become smaller. Figure 5.22b shows the magnetic hysteresis curve for the CoFe2O4 nanopillar array. The shapes of the hysteresis loops are similar in the in-plane and out-of-plane directions. This can be explained by the fact show the thermal variations at three frequencies (10 kHz, 100 kHz, and 1 MHz) of capacitance and dielectric losses for the PZT900-CFO500 nanostructure, respectively. The capacitance slightly increases when the temperature is increased from 80 to 400 K, However, to observe the maximum in capacitance associated with the ferroelectric-to-paraelectric phase transition close to 600 K, the measurements should be conducted above 410 K. The dielectric losses showed pronounced peaks (Figure 5.23b), whose maximum is shifted to higher temperature as the frequency increases which indicates the dielectric relaxation similar to the dielectric relaxation effects observed for the BSTO-CFO nanocomposite (see Figures 5.5c, p. 169).

Effective permittivity of the PZT900-CFO500 nanocomposite capacitors was estimated using Equation (5.2). In the low temperature range (𝑇 < 200 K, 100 kHz), the effective permittivity of PZT900-CFO200 nanostructure corresponding to Figure 5.23a, where 𝑡 𝑡𝑜𝑡𝑎𝑙 = 900 ± 50 nm (Figure 5.23d), top Pt contact diameter, 𝐷 = 600 µm (𝑆 = 0.28 × 10 -6 ) is 𝜀 PZT 900 -CFO 500 = 0.107 × 10 -9 × (900 ± 50) × 10 -9 8.854 × 10 -12 × 0.28 × 10 -6 ~38 ± 2.

(5.11)

In the low temperature range (T <200 K, 100 kHz), for which the conductivity contribution can be neglected, the effective permittivity of the nanostructure (ε33/ε0~38) is lower than the permittivity of the BSTO-CFO and BTO550-CFO200 nanostructures ε33/ε0~60±6 and 70±6, respectively [see Equations (5.3) and (5.7)], indicating the poor dielectric properties and high dielectric losses ~0.2 (300 K, 10 kHz) for the PZT-CFO nanocomposite. We have also considered higher volume fraction of low permittivity of CFO pillar phase hpillar/ttotal~0.55 and the presence of microcracks in the PZT structure, The temperature variation of ME voltage coefficient in the range T~10-300 K for the PZT900-CFO500 nanocomposite is shown in Figure 5.24. The 𝛼 E increases by 23% with temperature increasing from 10 K to 300 K. The maximal value of the ME coefficient ~202±12 mV cm -1 Oe -1 was achieved at room temperature.

At room temperature, the ME voltage coefficient of the PZT900-CFO500 nanostructure shows very small variation (of the order of 1 %) when an external dc magnetic field (up to 4 T) is superimposed on the ac field, Hac, as compared to the measured value in zero static magnetic field (see Figure 5.24(top-left inset)). If we consider similar value of hpillar/ttotal in BSTO-CFO BTO-CFO, and PZT-CFO nanocomposites, then the values of 𝛼 E ~320±13 and 211±9 mV cm -1 Oe -1 corresponding to the BSTO1220-CFO500 and BTO1220-CFO500 nanocomposites, respectively, are quite close to 𝛼 E ~202±12 mV cm -1 Oe -1 of the PZT900-CFO500 nanocomposite. 

Conclusions

In this work, we developed an original and efficient pathway for the synthesis of vertically aligned multiferroic nanocomposites. The method allowed the fabrication of regular, dense and free-standing CoFe2 nanopillar arrays by electrodeposition through an anodic aluminium oxide template supported on a Si substrate. Next, Ba0.70Sr0.30TiO3-CoFe2O4 and BaTiO3-CoFe2O4 multiferroic nanostructures were grown through direct RF sputtering deposition of a ferroelectric film on the pillar structure, with in situ simultaneous oxidation of the ferromagnetic nanopillars, as confirmed by both structural and magnetic characterization. The synthesis approach preserves the morphology of the nanopillars during oxidation, improves the BSTO matrix penetration, and reduces the interface roughness between two constituents. The BSTO500-CFO200 and BTO850-CFO200 multiferroic nanocomposites exhibit strainmediated ME coupling, whose maximum ME coefficients were measured as ~787±87 and 462±27 mV cm -1 Oe -1 at room temperature, respectively. The maximum ME coefficient was observed for a ratio between the nanopillars height and total thickness of the ferroelectric structure corresponding to 0.3 and 0.23 for the BSTO-CFO and BTO-CFO nanocomposites, respectively. Also, larger ME voltage coefficients were obtained for the BSTO-CFO and BTO-CFO with larger average effective permittivity that can be tuned by changing the ratio FE/FM.

The PZT-CFO (1-3) pillar based ME nanostructures have been successfully prepared from CoFe2O4 nanopillar arrays using the sol-gel dip-coating technique. The CFO nanopillars were obtained via an ex situ thermal oxidation of the electrodeposited CoFe2 nanopillar arrays after chemical dissolution of the hosting AAO template. The PZT coating solution prepared using the chelate route was successfully modified by increasing boiling point which allowed to obtain crack-free, smooth, and continuous PZT top-layers on top of the CFO nanopillar arrays and to effectively penetrate and fill the space inside the CFO pillar arrays in spite of the fact that the surface roughness morphology and pillars diameter were strongly affected by the ex situ thermal oxidation prior to the PZT layer deposition. The PZT900-CFO500 multiferroic nanostructure exhibits strain-mediated ME coupling, whose maximum ME coefficients was measured as ~202±12 mV cm -1 Oe -1 at room temperature. The BSTO1220-CFO500 and BTO1220-CFO500 nanostructures with similar ratio between the nanopillars height and total thickness of FE ~0.4 and similar nanopillars height ~500 nm, showed relatively close values of 𝛼 E ~320±13 mV cm -1 Oe -1 and 211±9 mV cm -1 Oe -1 , respectively. Further optimization of the sol-gel synthesis technique to improve microstructural properties and physical performance of the PZT-CFO nanostructures such as in situ oxidation of the CoFe2 nanopillars during PZT layers crystallization. In future experiments, the dielectric and ME measurements will be conducted for the PZT-CFO nanocomposites with increased total thickness of the PZT structure using multiple dip-coating technique.

Chapter 6

PZT-CFO Nanocomposites Based on 3D Interconnected Nanowire Networks

In order to increase the density of interfaces and interfacial area between FE and FM phases and thus to optimize the ME coupling of the FM nanowire to the adjacent FE matrix, original multiferroic nanostructures based on 3D interconnected FM nanowires networks were designed. The 3D interconnected CoFe2 nanowire networks with large heights up to 25 µm and small NW diameters, DNW, of 40 and 230 nm enable to fabricate multiferroic nanostructures with large interfacial areas between magnetostrictive and piezoelectric phases. In Figure 6.1 we remind the preparation steps of the PZT-CFO nanostructures. This process was schematically shown in Figure 3.29, p. 111, and described in detail in Section 3. 3 (p. 110). The CoFe2 3D interconnected NW networks were chosen due to large aspect ratio of nanowires, robustness of self-supported CoFe2 3D NW network, and near-zero clamping effect. The most interesting feature of these 3D nanostructured materials is a significant reduction of the magnetic anisotropy when the magnetic field is applied perpendicular and parallel to the plane of the 3D NW network sample (Araujo et al., 2015). This leads to the tunable anisotropy and microwave absorption properties by adjusting the relative orientation of the nanochannels, pore size and composition of material along the length of the nanowire deposited inside the channels.

The oxidation of free-standing CoFe2 3D interconnected NW networks is critical for the fabrication of PZT-CFO nanocomposites. In order to prepare PZT-CFO nanocomposites an in situ oxidation approach was used to transform the CoFe2 3D NW networks into the CFO phase simultaneously during crystallization of PZT matrix. The sol-gel dip-coating technique was quite efficient in terms of the penetration of PZT solution into the high-density CFO nanopillar arrays (see Section 5.2), therefore similar dip-coating sol-gel technique was used to prepare thicker PZT layers on top of the CFO 3D NW networks. However, the conditions of thermal annealing (650 °C for 30 min at 5 °C/min) used to obtain crack-free PZT top-layers for the PZT-CFO nanopillar based nanocomposites is not efficient enough to complete the oxidation process of metal CoFe2 NWs into the CFO spinel phase. Consequently, in addition to the pyrolysis (at 300 °C for 5 min) and PZT crystallization (650 °C for 30 min t 5 °C/min), a postannealing step (600 °C for 12 hours at 2 °C/min) was added to the process to complete CoFe2 phase oxidation. The efficiency of CoFe2 3D NW networks oxidation and PZT structures crystallization was analysed using XRD and AGM techniques.

Thermal Oxidation of Free-Standing CoFe2 3D NW Networks

In As was previously demonstrated in Chapters 4 and 5, the critical processing step is a thermal oxidation of the CoFe2 metallic phase into the metal oxide CFO insulating phase. Magnetic characterizations have been carried out to confirm the efficiency of oxidation process of CoFe2 3D NW networks. Figures 6.3a and 6.3b show normalized magnetic hysteresis loops measured at ambient temperature with magnetic field applied along the in-plane direction, i.e. parallel to the plane of 3D NW network (exact direction of magnetic field with respect to nanowire axis is not defined). For the metal CoFe2 3D NW networks the magnetocrystalline anisotropy is relatively small compared to the magnetostatic anisotropy as was pointed out previously for the CoFe2 nanopillar and nanowire arrays (see networks associated with large anisotropy constant K1 ~2.6-3.8×10 6 erg/cm 3 and random crystalline orientation of the CFO nanowires. Additionally, the coercivity Hc increased from ~490 Oe to 1.9 kOe for the CoFe2 3D NW network with DNW ~40 nm and from 130 Oe to 2.06 kOe for the CoFe2 3D NW network with DNW ~230 nm, while the ratio mr/ms increased from 0.25 to 0.52 and from 0.05 to 0.58, respectively suggesting that the metal CoFe2 phase is transformed into the oxide CFO phase. However, due to the change of 3D NW networks diameter, roughness, morphology and associated networks deformation after thermal oxidation, the dip-coating deposition of continuous and uniform PZT layers cannot be achieved. Therefore, in the following section to prepare PZT-CFO nanocomposites a simple in situ oxidation of CoFe2 3D NW networks during crystallization of PZT matrix is discussed.

Deposition of PbZr0.52Ti0.48O3 Thick Layers on CoFe2 3D NW Networks

The direct PZT layers deposition on the metal CoFe2 3D NW networks is necessary to avoid an increase of nanowires diameter, surface roughness, and 3D NW networks buckling and deformation (see Figures 6.2e,f,h). Therefore, the CoFe2 3D NW networks were oxidized in situ during crystallization of the PZT thick layers (650 °C for 30 min at 5 °C/min). To complete the oxidation procedure of metal CoFe2 3D NW networks into metal oxide CoFe2O4 phase, a post-annealing treatment (600 °C for 12 hours at 2 °C/min) was conducted after the PZT crystallization step (650 °C for 30 min at 5 °C/min).

As mentioned previously in Section 3.1.2 (p. 60), the thermal treatment determines the evolution of the microstructure and thus the heating process has to be optimized for the desired PZT layer morphology (density, porosity, grain size etc.). In particular the heating rate and pyrolysis temperature play an important role [START_REF] Reaney | Use of transmission electron microscopy for the characterization of rapid thermally annealed, solution-gel, lead zirconate titanate films[END_REF][START_REF] Brooks | Orientation of rapid thermally annealed lead zirconate titanate thin films on (111) Pt substrates[END_REF]. The low heating rate for solvent evaporation is desirable to prevent cracking. The heating rates in the decomposition and crystallization phase are determined specifically for each system. Typically, thermal treatment of the asdeposited and dried PZT gels is divided into two steps: (a) gel pyrolysis, i.e. simultaneous evaporation of solvents and partial decomposition of organic residues, and (b) further thermal treatment at higher temperatures leading to amorphous or crystalline PZT ceramic layers.

In the first step of pyrolysis, a competition between solvent evaporation perpendicular to the substrate and reticulation parallel to the substrate surface (decomposition of the organic residues) results in shrinkage of the layers and formation of microcracks as shown in Figure 6.4 (Gaucher et al., 1992). Therefore, the coating solution was prepared using an ethylene glycol to increase the boiling point. High boiling point allowed us to start the evaporation of the solvents at lower temperatures compared to the reticulation decomposition. Thus, the shrinkage of the PZT layer was dominantly in Z [001] OOP direction (perpendicular to the substrate) and the parallel reticulation shrinkage was delayed to higher temperatures preventing the formation of microcracks.

In the second step of crystallization and densification, four main processes contribute to densification of PZT layers: (1) capillary contraction, as the solvent and reaction organics are removed from the pore spaces within the layer, creating pressures that drive the collapse of the amorphous network; (2) continued condensation reactions, as residual alkoxy (OR) and hydroxyl (OH) groups are removed from the M-O-M backbone; (3) skeletal densification and structural relaxation as the structure approaches the state that would be characteristic of the metastable liquid; and (4) viscous flow, as further structural rearrangement occur at higher temperature. It was reported [START_REF] Schwartz | Chemical solution depositionbasic principles, Solution processing of inorganic materials[END_REF][START_REF] Brinker | Sol-gel science: the physics and chemistry of sol-gel processing[END_REF]) that the processes determining the densification mainly depend on precursor nature and heating rate used during the crystallization. Beyond the overlap between processes such as organic removal and structural collapse, a number of other processes are in competition with one another during higher heat treatment temperatures including densification, nucleation, grain growth, interfacial reactions, formation and consumption of intermediate phases, diffusion of layer constituents into the substrate and the loss of volatile species. During in situ oxidation of metal CoFe2 3D NW networks, the corresponding volume expansion of nanowires inside PZT layers may induce PZT layers cracking. It was reported that the addition of a higher boiling structural modifier delays organic removal, reduces thermodynamic driving force of crystallization, Gaucher et al., 1992) resulting in an increased energy barrier for nucleation, and shift of crystallization to a higher temperature, thus supressing the second nucleation event at the layer surface [START_REF] Schwartz | The effects of hydrolysis conditions, and acid and base additions, on the gel-to-ceramic conversion in sol-gel derived PbTiO3[END_REF]. Nucleation at the substrate interface and layer surface was reported to occur simultaneously [START_REF] Schwartz | Comments on the effects of solution precursor characteristics and thermal processing conditions on the crystallization behavior of sol-gel derived PZT thin films[END_REF]. The nucleation at the substrate occurs first, leading to the growth of columnar grains toward the surface of the film. Subsequently the nucleation at the layer surface occurs with lower nucleation density resulting in large hemispherical grains, that grow toward the substrate and may cause the parallel to substrate shrinkage and formation of microcracks. To prevent the formation of microcracks at the surface of thick layers, high crystallization temperatures and rapid heating can be used to complete the growth of the columnar grains nucleated at the substrate surface before the nucleation at the layer surface takes place.

In the present work to form and crystallize amorphous PZT layers without formation of microcracks at the layer surface, the boiling point of the PZT coating solution was increased by introducing ethylene glycol (see Figure 3.27, p. 108), then short pyrolysis was conducted using pre-heated hot plates (for 5 min), the PZT crystallization was conducted at maximum rate (at 5 °C/min) and finally long postannealing process (for 12 hours) was carried out to complete CoFe2 nanowires oxidation.

Figure 6.5 shows room temperature magnetic hysteresis loop of the CoFe2 3D NW network with DNW ~40 nm and αtilt ~-45°→+45° (Figure 6.5a) and PZT-CFO nanostructure (Figure 6.5b). The magnetic properties of the CoFe2 3D NW network and PZT-CFO nanostructure are summarised in Table 6.1. For the free-standing CoFe2 3D NW network a small anisotropy with easy direction of magnetization along Z [001] OOP direction perpendicular to the plane of CoFe2 NW network was observed, where larger Hc ~636 Oe and mr/ms ~0.38 along OOP direction compared to Hc ~521 Oe and mr/ms ~0.18 along IP direction were obtained (Figure 6.5a). For the PZT-CFO nanostructure this anisotropy disappears (Figures 6.5b) indicating the CoFe2 nanowires oxidation into the CFO phase. The hysteresis loops obtained for the PZT-CFO nanostructure (Figure 6.5) and CFO 3D NW networks, obtained by the thermal annealing of the CoFe2 3D NW networks with similar geometric parameters (DNW ~40 nm and αtilt ~-45°→+45°) (Figure 6.3c), are similar. However, Hc ~1227 Oe and mr/ms ~0.41 for the PZT-CFO nanostructure are slightly lower than Hc ~1900 Oe and mr/ms ~0.52 for the CFO 3D NW networks.

In addition to the magnetic properties measurement to confirm the efficiency of the in situ oxidation of CoFe2 3D NW networks inside PZT layer as well as crystallization of PZT layer, structural XRD characterization was conducted. Figures 6.6a,b show out-of-plane powder XRD and in-plane GIXRD patterns, respectively. The oxidation of the CoFe2 phase into a polycrystalline CFO phase was indicated by XRD via the appearance of CFO peaks ( 220), ( 311) and ( 422) in powder XRD pattern and CFO peaks ( 220), ( 311) and ( 400) in GIXRD pattern (JCPDS # 22-1086). The crystallization of PZT layer was also shown by the appearance of PZT peaks (100), ( 101), ( 111), ( 200), and (211) on both powder XRD and GIXRD patterns. The CoFe2 peak (110) can hardly be separated from the Au (200) and PZT (200) peaks, therefore it is difficult to conclude from the XRD observation if the metal CoFe2 phase oxidation was completely transformed into the CFO phase. In future work, the magnetic properties measurement and XRD analysis will be conducted to confirm the in situ CoFe2 phase oxidation for the PZT-CFO nanostructure prepared using the CoFe2 3D NW networks with larger nanowires diameter DNW ~230. Pb:Zr:Ti ratio of 104:54:46. However, the analysis in this case is more qualitative due to the proximity of excitation energy for Zr L (2.042 keV) and Pt M (2.048 keV) lines in the EDX spectrum.

Conclusions

To summarize, 3D interconnected CoFe2 nanowire networks with two different nanowire diameters were prepared using pulsed electrodeposition growth inside commercial track-etched polymer membranes. Free-standing CoFe2 3D NW networks were obtained after chemical dissolution of polymer membranes. Ex situ thermal oxidation of the free-standing CoFe2 NW network resulted in a change of the NWs diameter, surface irregularity, roughness, buckling and deformation of the 3D NW networks due to the thermal stress and volumetric expansion of nanowires.

Through the optimization of coating solution, pyrolysis and crystallization, it was possible to obtain a crack-free PZT-CFO nanostructure with in situ oxidation of CoFe2 3D NW networks whose nanowire diameter ~230 nm and height ~3.5 µm. However, in order to complete the oxidation of metal CoFe2 nanowires into the CFO phase inside PZT matrix, additional thermal post-annealing step was conducted, which lead to the PZT layer's cracking. Further optimization of thermal treatment should be made in future work.

The PZT layer's cracking results in large leakage currents, thereby dielectric, ferroelectric and ME voltage measurements are not suitable at this stage. Nevertheless, the strain-mediated ME coupling in the PZT-CFO nanocomposites based on 3D CFO nanowire networks can be probed indirectly. For example, a temperature-dependent magnetization measurement technique was previously used to show a distinct drop in the CFO nanopillars magnetization (~15% of magnetization at a 100-Oe external field) around BTO matrix ferroelectric Curie temperature (~390 K) (Zheng et al., 2004). In addition, the ferromagnetic resonance (FMR) measurement can be used to observe voltage-driven shifts in the FMR frequency, reflecting electrically induced change in magnetic anisotropy [START_REF] Benatmane | Voltage-dependent ferromagnetic resonance in epitaxial multiferroic nanocomposites[END_REF][START_REF] Lou | Giant microwave tunability in FeGaB/lead magnesium niobite-lead titanate multiferroic composites[END_REF], or the in-plane and outof-plane magnetic hysteresis loops can be measured under electric field using superconducting quantum interference device (MPMS, Quantum Design) or VSM/AGM magnetometer to measure the magnetic properties and an electrometer (Keithley) to apply the bias voltage [START_REF] Yang | Electric field manipulation of magnetization at room temperature in multiferroic CoFe2O4/Pb(Mg1/3Nb2/3)0.7Ti0.3O3 heterostructures[END_REF].

Chapter 7

Conclusions and Future Work

In summary, this work was focused on vertically aligned multiferroic nanostructures, so called (1-3) connectivity multiferroic nanocomposites. Different architectures have been designed using the combination of electrodeposition, sol-gel and RF sputtering processes. Our main goal was to enhance the magnetoelectric coupling through an accurate control of interfaces thanks to the optimization of both the geometry of the nanostructures and the different synthesis steps required for each process. The possibility of fabrication and characterisation of the vertically aligned multiferroic nanocomposites, ferroelectric thin films, and ferromagnetic nanowire arrays was provided by the unique collaboration and access to the facilities of IMCN, Université catholique de Louvain, Belgium and ICMCB-CNRS, Université de Bordeaux, France in the framework of IDS-FunMat Doctoral School.

First, PZT-CFO core-shell nanocables have been successfully prepared combining the cost-effective dip-impregnation based on sol-gel chemical solution deposition and pulsed electrodeposition processes. One of the critical points for the preparation of PZT nanotubes to ensure good ferroelectric properties is the nanotube wall thickness. The wall thickness of PZT nanotubes was increased by increasing the number of sol-gel dip-impregnations to three. The thermal treatment required to transform metal CoFe2 phase into the insulating CoFe2O4 spinel phase is a key step with respect to the interdiffusion phenomena between AAO membrane, PZT shells, and CoFe2 nanowires. We demonstrated that PZT nanotubes act as an efficient diffusion barrier between the CoFe2 nanowires and AAO template. We overcame the thermal constraints and demonstrated the benefit of a global lowering of the processing temperature to preserve both architecture and structural integrity of this complex system.

Magnetic properties of the PZT-CoFe2 and PZT-CFO core-shell nanocables show that for the PZT-CoFe2 system packing density and corresponding dipolar coupling of CoFe2 nanowire arrays can be reduced by increasing the surrounding PZT nanotube thickness, as for the PZT-CFO core-shell nanocables the magnetocrystalline anisotropy is dominant leading to the isotropic hysteresis behaviour regardless of the direction of applied magnetic field.

We investigated the local ferroelectric properties of nanotubes and core-shell nanocables by PFM polarization switching. The measured PFM phase change in the PZT nanotube was ~170° while the voltage was switched from -5 to +5 V, as for the PZT-CFO core-shell nanocables the phase variation was ~180° with the voltage changed from -6 to +6 V.

We also developed an original and efficient pathway for the synthesis of vertically aligned multiferroic nanocomposites based on electrodeposition and RF sputtering deposition. The method allowed the fabrication of regular, dense, and free-standing CoFe2 nanopillar arrays by electrodeposition through an anodic aluminium oxide template supported on a Si substrate. Next, Ba0.70Sr0.30TiO3-CoFe2O4 and BaTiO3-CoFe2O4 multiferroic nanostructures were obtained through direct RF sputtering deposition of a ferroelectric film on the pillar structure, with in situ simultaneous oxidation of the metallic ferromagnetic nanopillars, as confirmed by both structural and magnetic characterizations. The synthesis approach preserves the morphology of the nanopillars during oxidation, improves the BSTO matrix penetration, and reduces the interface roughness between the two constituents. ME coefficient of different nanocomposites were measured, the highest values were obtained for the BSTO-CFO and BTO-CFO multiferroic nanostructures exhibiting strain-mediated ME coupling of about ~787 and 463 mV cm -1 Oe -1 at room temperature, respectively. In a first attempt, we tried to correlate the ME coefficient to the ratio between nanopillars height and total thickness of the ferroelectric structure and to the effective permittivity of FE component.

The PbZr0.52Ti0.48O3-CoFe2O4 (1-3) nanopillar arrays based ME nanostructures have been successfully prepared from CoFe2O4 nanopillar arrays using sol-gel dipcoating technique. The CFO nanopillars were obtained via an ex situ thermal oxidation of the electrodeposited CoFe2 nanopillar arrays after chemical dissolution of the hosting AAO template. The PZT coating solution, prepared using the chelate route, was successfully modified by increasing boiling point which allowed to obtain crackfree, smooth, and continuous PZT top-layers on top of the CFO nanopillar arrays and to enable efficient penetration and filling of the space inside CFO pillar arrays in spite of the strongly affected surface roughness morphology and pillars diameter by ex situ thermal oxidation. The PZT900-CFO500 multiferroic nanostructures exhibit strainmediated ME coupling, whose maximum magnetoelectric coefficients was measured as ~202 mV cm -1 Oe -1 at room temperature.

Finally, the design of nanocomposite based on 3D interconnected CoFe2 nanowire networks was proposed. The 3D nanowire networks with two different nanowire diameters were prepared using pulsed electrodeposition into porous commercial tracketched polymer membranes. Free-standing CoFe2 3D NW networks were obtained after chemical dissolution of polymer membranes. Ex situ thermal oxidation of the free-standing CoFe2 3D NW networks resulted in a change of the nanowires diameter, surface irregularity, roughness, and deformation of the 3D NW networks due to the thermal stress and volumetric expansion of 3D NW networks. Through the optimization of coating solution, pyrolysis and crystallization, it was possible to obtain a crack-free PZT-CFO nanostructure but with incomplete CoFe2 phase in situ oxidation. In order to complete the oxidation of metallic CoFe2 nanowires into the CFO phase inside PZT matrix, additional thermal post-annealing step was conducted, which led to the PZT layer's cracking.

Further optimization of sol-gel synthesis technique and thermal treatment should be conducted in future work to improve microstructural properties and physical performance of the PZT-CFO nanocomposites. In addition, it is important to optimize the sol-gel deposition of PZT layers in order to make it compatible with in situ oxidation of metallic CoFe2 nanopillar arrays and 3D interconnected nanowire networks during crystallization of PZT layers.

In future experiments, the total thickness of PZT structure should be increased using multiple dip-coating technique in order to obtain the optimal range of density of interfaces and improve their dielectric and ME properties. In addition, another configuration of electrodes can be tested, that is in-plane geometry, which possibly can reduce the contribution of CFO conductivity and space charges relaxation trapped in the interfaces. Also, this electrode geometry is attractive for the ME coefficient measurement in transverse geometry, which is important for multiferroic materials consisting of magnetic phases with negative magnetostriction. The observed large dielectric losses (tanδ ~0.2-0.4) is still one of the main issues. To solve this problem the packing density of magnetic nanopillar arrays should be reduced to improve the penetration of ferroelectric layers using sputter deposition. For the PZT-CFO nanocomposites thermal oxidation of free-standing nanopillar array led to the increase of nanopillars diameter and packing density, thus CoFe2 in situ oxidation approach should be used for sol-gel crystallization of PZT layers.

Larger ME effect was observed for the more insulating nanocomposites with larger value of effective permittivity. However, the measurement error bar of nanostructures thickness and nanopillars height using SEM is too large ~10% (±50 nm), therefore to quantitatively analyze the dependence of magnetoelectric coefficient on nanocomposite's geometric parameters such as nanopillars height and ratio between this heigth and total thickness of ferroelectric phase, TEM measuremet of geometric parameters and a larger number of samples are required.

Additional effects such as residual stress should be considered to properly highlight the key parameters. This could be one of the topics for future studies. Residual stresses in vertically aligned multiferroic nanocomposites can affect the ME coupling and dielectric properties. As a perspective the dependence of ME coupling on the residual stress can be studied on both micro-and macro-scale using TEM evaluation of crystal lattice parameters and free-standing cantilever technique [START_REF] Banerjee | Fabrication of piezodriven, freestanding, all-oxide heteroepitaxial cantilevers on silicon[END_REF], respectively. When we consider nanostructures, their properties can differ from the bulk. For example, the dielectric properties of bulk CFO 𝜀 ~10 could be affected by non-stoichiometry of CFO nanowires, which can affect the global dielectric performance of multiferroic nanocomposite. Thus, in future work to analyse local nonstoichiometry of elements and affinity in nanowires, we should use TEM/EDX technique.

To conduct the surface roughness analysis, AFM technique can be used. For the nanowires surface analysis, they need to be collected on the substrate in horizontal position, whereas for the vertically aligned nanopillar based nanocomposites the AFM can be used directly to scan the top surface of nanocomposite.

The main issue for the PZT-CFO nanocomposites based on 3D interconnected nanowire networks is cracking, which does not allow to conduct dielectric, ferroelectric and ME voltage experiments. In future work, indirect magnetoelectric measurement techniques could be used including the temperature-dependent magnetization measurement technique to show a distinct drop in the CFO nanopillars magnetization (~15% of magnetization at a 100-Oe external field) around ferroelectric layer Curie temperature (Zheng et al., 2004). In addition, the ferromagnetic resonance (FMR) measurement can be conducted to observe voltage-driven shifts in the FMR frequency, reflecting electrically induced change in magnetic anisotropy [START_REF] Benatmane | Voltage-dependent ferromagnetic resonance in epitaxial multiferroic nanocomposites[END_REF][START_REF] Lou | Giant microwave tunability in FeGaB/lead magnesium niobite-lead titanate multiferroic composites[END_REF], or the in-plane and out-of-plane magnetic hysteresis loops can be analyzed under electric field using superconducting quantum interference device (MPMS, Quantum Design) [START_REF] Zavaliche | Electric fieldinduced magnetization switching in epitaxial columnar nanostructures[END_REF] or VSM/AGM magnetometer to measure the magnetic properties and an electrometer (Keithley) to apply the bias voltage [START_REF] Yang | Electric field manipulation of magnetization at room temperature in multiferroic CoFe2O4/Pb(Mg1/3Nb2/3)0.7Ti0.3O3 heterostructures[END_REF].

For future technology applications of magnetoelectric nanocomposites such as magnetic/electric fields sensors, gyrators, actuators and energy harvesting, the vital element is magnetic-to-electric conversion capabilities (i.e. ME susceptibility). Generally, to obtain larger power conversion in piezomagnetic-piezoelectric based multiferroic devices, both the power coupling coefficient and the mechanical quality factor must be large (Palneedi et al., 2016). For these applications the PZT-CFO nanocomposites with larger surface area such as core-shell PZT-CFO nanocables and 3D nanowire networks based nanostructures are more promising. However, for the nanoscale applications such multi-state logic devices, spintronics, MERAM and writing/reading heads, to increase the data storage capacity the device miniaturization is important (Scott, 2007;[START_REF] Bibes | Multiferroics: towards a magnetoelectric memory[END_REF]. Thus, the vertically aligned multiferroic nanocomposites based on vertically aligned nanopillar arrays with relatively nanopillars height are more applicable.
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Figure 1 :

 1 Figure 1: Diagramme des interactions intrinsèques entre les propriétés ferroélectrique et ferromagnétique et des intéractions extrinsèques (assistées par des phénomènes de contraintes/deformations présents aux l'interfaces entre les deux constituants).. Dans un multiferroique magnétoélectrique la coexistence d'au moins deux ordres ferroiques est requis, et le champ magnétique peut contrôler la polarisation ou un champ électrique peut contrôler l'aimantation (flèches vertes)(Spaldin & Fiebig, 2005).

Figure 2 :

 2 Figure 2: Illustrations schématiques des trois types de connectivité adaptées aux composites multiferroiques. (a) hétérostructure horizontale alternant des couches ferroélectriques et magnétiques, (2-2), (b) composite consitué de nanoparticules dans une matrice (0-3) et (c) hétérostructure verticale avec des nanopilliers dans une matrice (1-3).
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 3 Figure 3: Illustrations des trois architectures de nanocomposites magnétoélectriques verticalement alignés. (a) PZT-CFO Coeur-écorce : réseau de nanocables dans une membrane commerciale d'alumine AAO (Synkera Co.) (b) BSTO-CFO, BTO-CFO, et PZT-CFO (1-3): réseau de nanopiliers ferromagnétiques dans une matrice ferroélectrique (c) PZT-CFO (3-3) : réseau de nanofils ferromagnétiques interconnectés dans une matrice ferroélectrique.
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 4 Figure 4: (a) and (b) Micrographies MEB-HR de nanocables PZT 700 -CFO 600 (Dpore ~150 nm; Pmembrane AAO ~35%) après dissolution dans NaOH 1 M. (c) et (d) Micrographies des nanocables PZT 500 -CFO 500 (températures de cristallisation et d'oxydation abaissées de 700°C à 500°C et de 600°C à 500°C, respectivement). (e) Micrographies STEM-BF des nanocables coeur-écorce PZT 700 -CFO 600 après dissolution de la membrane dans NaOH 1M and dispersion dans l'éthanol. (g) nanocables PZT 500 -CFO 500 . (f,h) cartographies élémentaires correspondantes, avec Pb, Fe and Al représentés en rouge, vert, et bleue, respectivement.

Figure 6 :

 6 Figure 6: (a) Suivi de l'oxydation in-situ des nanofils CoFe2 en CFO dans les nanotubes PZT par diffraction des rayons X à différentes températures (pas de 100 °C). Le diffractogramme référence de CoFe2 est représenté en noir et le diffractogramme de CFO (oxydation complète) est représenté en rouge. (b) Cycles d'hystérésis à température ambiante hors plan (parallèlement à l'axe des nanofils) pour un réseau de nanocables PZT 500 -CoFe2 (en vert), PZT 500 -CFO 500 (bleue) et PZT 500 -CFO 600 (rouge).
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 5 Figure 5: Images par microscopie électronique à balayage haute résolution de nanotubes PZT 500 (température de cristallisation 500°C -Dpore ~150 nm, Pmembrane AAO ~35 %) obtenus après (a) une et (b) trois imprégnations sol-gel successives dans la membrane d'alumine AAO. Cycles d'hystérésis à température ambiante dans le plan de la direction facile d'aimantation (trait plein) et hors plan (traits pointillés) pour un réseau de nanocables PZT 500 -CoFe2 constitués de nanotubes PZT obtenus après 1 imprégnation (c) et 3 imprégnations (d)
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 7 Figure 7: Microscopie à Force Piezoélectrique de nanocables PZT 500 -CoFe2: topographie (a), amplitude (b), et phase (c). Le renversement des domaines est illustré par les cycles d'hystérésis en phase (en rouge) and en amplitude (en vert) pour (d) un nanotube PZT 500 (3 imprégnations); (e) un nanocable PZT 500 -CoFe2; (f) un nanocable PZT 500 -CFO 600 .
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 8 Figure 8: (a) Micrographies MEB : réseau de nanopiliers CoFe2. (b,c) nanostructures BSTO-CFO et BTO-CFO -Les films BSTO et BTO sont déposés par pulvérisation cathodique (d,e) Diagrammes de diffraction des rayons X en incidence rasante dans le plan pour un réseau de nanopiliers CoFe2 (bleue), pour les nanostructures BSTO-CFO (d) et BTO-CFO (e) (rouge), le substrat Pt/Ti/Si recuit à ~600 °C est représenté en noir. Cycles d'hystérésis à température ambiante dans le plan (trait plein) and hors plan (traits pointillés) pour un réseau de nanopiliers CoFe2 (f), pour les nanostructures BSTO-CFO (g) et BTO-CFO (h).
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 9 Figure 9: Evolutions de la capacité et des pertes diélectriques en fonction de la température et de la tension pour les nanocomposites BSTO-CFO (a-c) et BTO-CFO (d-f)

Figure 11 :

 11 Figure 11: (a) Micrographie MEB du nanocomposite PZT-CFO obtenu par multi-imprégnation de la couche PZT (b) Diffractogrammes des rayons X d'un film mince de PZT (bleue), du nanocomposite PZT-CFO (rouge) et du substrat Pt/Ti/Si (noir). PZT-CFO : variations thermiques (c) de la capacité et d) et du coefficient magnétoélectrique

Figure 12 :

 12 Figure 12: Micrographies MEB (vues inclinée et de dessus) : (a,b) réseau 3D de nanofils interconnectés CoFe2 3D de diamètre DNW ~230 nm (c,d) ces nanofils après oxydation en CFO par traitement thermique, (e,f) nanostructure PZT-CFO après : i)traitement thermique pour cristalliser la couche PZT, ii) oxydation in situ des nanofils CoFe2, et iii) un recuit supplémentaire. Cycle d'hystérésis à température ambiante dans le plan (trait plein) et hors plan (traits pointillés) pour (g) un réseau 3D de nanofils CoFe2 ( diamètre : DNW ~230 nm) et (h) un réseau 3D de nanofils CFO formés après traitement thermique (ex-situ). (i) Diagrammes de diffraction des rayons en incidence rasante dans le plan pour un réseau de nanofils CoFe2 et le nanocomposite PZT-CFO
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 13 Figure 13: Comparaison entre les valeurs de coefficients magnétoélectriques obtenues au cours de ce travail de thèse (à droite) pour les architectures de connectivité (1-3) BSTO-CFO, BTO-CFO, et PZT-CFO et les valeurs de coefficients magnétoélectriques reportées dans la littérature (à gauche) pour des hétérostructures de diverses connectivités (multicouches (2-2), particules dans une matrice (0-3) et structures verticales constituées de nanopiliers dans une matrice (1-3)
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 2 Figure 2.1: (a) Phase control in ferroics and multiferroics. The electric field E, magnetic field H, and stress σ, control the electric polarization P, magnetization M, and strain ε, respectively. In a ferroic material, P, M, or ε, are spontaneously formed to produce ferromagnetism, ferroelectricity, or ferroelasticity, respectively. In a magnetoelectric multiferroic, the coexistence of at least two ferroic forms of ordering is required and a magnetic field may control P or an electric field may control M (green arrows) (fromSpaldin & Fiebig, 2005). (b) In the ideal case, the magnetization of a ferromagnet in a magnetic field displays the usual hysteresis (blue), and ferroelectrics have a similar response to an electric field (yellow). In principle it is the basis for making a 4-state logic state: (P+ M+), (+-), (-+), (--). FromKhomskii, 2009 
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 23 Figures 2.3 illustrates schematic general hysteresis loop of 𝑀 over 𝐻 with applied field sweeping from zero to positive values, then reversed to negative values and returned to positive values, graphs, for ferrimagnets and ferromagnets. The magnetization 𝑀 saturates above a particular applied field when increasing field results
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 2223 Figure 2.2: Ordering of the magnetic dipoles in (a) antiferromagnetic, (b) ferrimagnetic, (c) ferromagnetic materials
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 2425 Figure 2.4: Slater-Pauling curve which is a plot of magnetic moment measurements of several TM alloys, where the maximum saturation magnetisation was found for Fe65-70Co35-30 alloys with 𝜇 0 𝑀 𝑠 = 2.45 T (𝑀 𝑠 ~ 2.45 × 10 4 4𝜋= 1950 emu/cm 3 )the Slater-Pauling limit.From Sourmail, 2005 
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 26 Figure 2.6: Schematic illustration of a typical ferroelectric hysteresis loop
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 27 Figure 2.7: The centrosymmetric cubic perovskite structure. The small B cation (in green) is at the centre of an octahedron anions (in red). The large A cations (blue) occupy the unit-cell corners
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 28 Figure 2.8: Mechanisms promoting the coexistence of magnetic and electric long-range order. (a) Lonepair ferroelectricity in BiFeO3. Ferroelectricity originates from two Bi 3+ electrons that shift away from the Bi 3+ ion and towards the FeO6 octahedra, giving rise to a spontaneous polarization P along the [111] direction. The lone pair is visualized by the isosurface (red) of the electron localization function of ferroelectric BiFeO3. (b) Geometrically driven ferroelectricity in hexagonal (h-) RMnO3 emerges from a tilt and deformation of MnO5 bipyramids, which displace the rare-earth ions as indicated by the arrows, leading to a spontaneous polarization along the [001] axis. (c) Charge ordering in LuFe2O3 creates alternating layers with Fe 2+ /Fe 3+ ratios of 2:1 and 1:2. This was argued to create a spontaneous polarization between the two layers, which is oriented parallel to the arrow. (d) Mechanisms for spininduced ferroelectricity. Polar displacement is induced by antisymmetric spin exchange interactions (inverse Dzyaloshinskii-Moriya interaction; top panel) as observed, for example, in orthorhombic (o-)RMnO3: the polarization vector is P ∝ eij × (Si × Sj), where eij is the unit vector connecting neighbouring spins and Si,j are the spins at neighbouring sites i and j. Ferroelectricity arises from symmetric spin exchange in Ca3CoMnO6(Choi et al., 2008) shown in the middle panel, with P ∝ Rij(Si • Sj), where Rij denotes the direction along which the magnetostriction occurs. Spin-driven modulations of the chemical bond between magnetic 3d orbitals and ligand 2p orbitals (indicated by grey clouds) yield a spontaneous polarization along the bond direction in delafossites, such as CuFeO2, as expressed by the relation P ∝ (Si • eij)2eij (bottom panel). FromFiebig et al., 2016 

Figure 2 . 9 :

 29 Figure 2.9: Schematic diagrams of the three types of multiferroic composites. (a) Horizontal multilayer heterostructures, which is (2-2) connectivity system, (b) particulate composites, which is (0-3) connectivity system, and (c) vertically aligned heterostructures, which is (1-3) connectivity system.

Figure 2 .

 2 Figure 2.10: Multiferroic BaTiO3-CoFe2O4 nanocomposite: A,C: classical ferroic behavior showing the coexistence of ferroelectric and magnetic order. B: Planar transmission electron micrograph of the sample structure, showing the CoFe2O4 nanopillars embedded in the BaTiO3 matrix. D: Magnetization vs. temperature response of the system, showing a change in the magnetic response of the system with the onset of ferroelectric order (red symbols) compared with the signal from a simple multilayered structure showing negligible change in magnetism. FromZheng et al., 2004 

Figure 2 . 11 :

 211 Figure 2.11: Phenomenological thermodynamic simulation of ME coupling in the (1-3) BTO-CFO thinfilm nanocomposites. (a) Dependence of magnetoelectric coefficient, αE33, on the volume fraction, m V, of magnetostrictive CFO phase at room temperature for (2-2) and (1-3) BTO-CFO thin-film nanocomposites and bulk composites (from Liu et al., 2006). (b) Dependence of the magnetoelectric coefficient 𝛼 𝐸 on the volume fraction, 𝑓 𝑚 , of CFO phase, where 𝑢 𝑚 𝑝 is defined as in-plane misfit strain of BTO film (from Wu et al., 2014). (c) Effect of volume fraction, 𝑓, of CFO phase of the magnetoelectric coefficient, 𝛼 𝐸33 (from Jian et al., 2018). Phase-field simulation of magnetoelectric polarization response in BTO-CFO (1-3) thin-film nanocomposite. (d) Dependence of magnetic field induced electric polarization 𝛥𝑃 3 തതത * on the film thickness, h (volume fraction of CFO f = 0.35 and substrate strains 𝜀 11 𝑠 = 𝜀 22 𝑠 = -0.005). (e) Dependence of the magnetic field induced 𝛥𝑃 3 തതത * on the substrate strains (volume fraction of CFO f = 0.35, nanopillar diameter Dpillar = 42.8 nm, interpillar distance Dint = 64 nm and two different pillar heights hpillar 16 and 48 nm) (from Zhang et al., 2007). (f) Dependence of the magnetic field induced electric polarization, 𝛥𝑃 3 തതത , on the film thickness, h. From Chen et al., 2011

Figure 2 .

 2 Figure 2.12: (a) SEM image of the CoFe2O4-PZT composite thin film. (b) P-E hysteresis loops of the CoFe2O4-PZT composite thin film. FromWan et al., 2005 

Figure 2 .

 2 Figure 2.13: (a) Room temperature P-E hysteresis loops of pure PZT and ZPT-CFO nanocomposite. (b) The transverse (top) and longitudinal magnetoelectric coefficients of the nanocomposite. The insets depict the field orientation relative to the sample for the respective measurements. (Reprinted from McDannald et al., 2013). (c) Ferroelectric P-E hysteresis behaviour of PZT-CFO nanocomposite. (d) Transverse magnetoelectric coefficient versus dc bias field (top curve) showing the superposition of remnant magnetoelectric coupling and 180° phase shift between positive and negative DC bias field and versus frequency (down curve) showing monotonic increase in magnetoelectric coupling with increasing frequency. (from McDannaldet al., 2017) 

Figure 2 .

 2 Figure 2.14: (a) A cross-section SEM image of the BTO-CFO nanocomposite. (b) Ferroelectric P-E hysteresis loop and in-plane magnetic hysteresis loop of the BTO-CFO horizontal nanocomposite. (c)The magnetoelectric response of the BTO-CFO nanocomposite when the in-plane magnetic field, δH, at 1 kHz with a bias magnetic field of 100 Oe. The in-plane and out-of-plane in (d) represents the measurement modes with the magnetic field parallel and perpendicular to the surface of the nanocomposite, respectively. (from[START_REF] Zhang | Enhancement in magnetoelectric response in CoFe2O4-BaTiO3 heterostructure[END_REF] 

Figure 2 .

 2 Figure 2.15: (a) HR-TEM image from a cross section of BTO-BFO×15 superlattices near a surface; (b) XRD 2θ-ω scan with superlattice fringes. (c) Temperature-dependent magnetoelectric coefficient of superlattice BTO-CFO×15. From Lorenz et al., 2017

  . Figures 2.17a,b show dc magnetic field and temperature dependence of cobalt ferrite magnetostriction constant, respectively.

Figure 2 .

 2 17c shows temperature dependence of magnetocrystalline anisotropy constant of cobalt ferrite.

Figure 2 .

 2 Figure 2.16: Two subsells of a unit cell of the spinel structure. From[START_REF] Smit | Physical Properties of Ferrites[END_REF] 

Figure 2 . 17 :

 217 Figure 2.17: Magnetic properties of bulk cobalt ferrite material. (a) Magnetostriction of cobalt ferrite without (a) and (b) with magnetic anneal (from Bozorth et al., 1955); (b) CoFe2O4 saturation magnetostriction as function of temperature of polycrystalline specimen (from Murphy & Rao, 1985); (c) CoxFe3-xO4 effective magnetic anisotropy constant as a funtion of temperature (fromPeriklina et al., 1984).

Figure 2 . 18 :Figure 2 .

 2182 Figure 2.18: Crystal structure of the perovskite ferroelectric BaTiO3. (A) High temperature, paraelectric, cubic phase. (B and C) Room temperature, ferroelectric, tetragonal phases, showing up and down polarization variants. The atomic displacements are scaled to be clearly visible. From[START_REF] Ahn | Ferroelectricity at the Nanoscale: Local Polarization in Oxide Thin Films and Heterostructures[END_REF] 

Figure 2 .

 2 20a. The most extensively studied and technologically important solid solution is PbZr1-xTixO3 (PZT). The standard phase diagram is reproduced in Figure 2.20b.

  .

Figure 2 .

 2 Figure 2.20: (a) Critical temperature vs concentration phase diagram of Sr1-xBaxTiO3, deduced from xray and neutron-diffraction studies (from Menoret et al., 2002). (b) PZT phase diagram. From Nohedaet al., 1999et al., , after Jaffe et al., 1971 
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 31 Figure 3.1: General illustration of the three geometrical designs for the vertically aligned magnetoelectric nanocomposites. (a) PbZr0.52Ti0.48O3-CoFe2O4 core-shell nanocable array embedded into the commercial AAO membrane (Synkera Co.) (b) Ba0.7Sr0.3TiO3-CoFe2O4, BaTiO3-CoFe2O4 and PbZr0.52Ti0.48O3-CoFe2O4 (1-3) nanocomposites, based on the ferromagnetic nanopillar array, fabricated on the metallized Si sub (c) PbZr0.52Ti0.48O3-CoFe2O4 (3-3) nanocomposite, based on 3D interconnected ferromagnetic nanowire network, fabricated on the metallized Si wafer

Figure 3 . 2 : 4 )

 324 Figure 3.2: Three-step schematic fabrication of the PbZr0.52Ti0.48O3-CoFe2O4 core-shell nanocable array using porous membrane. (1) Commercial anodic aluminium oxide (AAO) membrane (Synkera Co.) (2) Sol-gel deposition of the PbZr0.52Ti0.48O3 nanotube array (3) CoFe2 nanowire array pulsed electrodeposition into the PbZr0.52Ti0.48O3-coated AAO membrane using Cr/Au pre-deposited working electrode (4) Thermal oxidation of the PbZr0.52Ti0.48O3-CoFe2 nanocable array to fabricate PbZr0.52Ti0.48O3-CoFe2O4 phase

Figure 3 . 3 :

 33 Figure 3.3: Top view SEM images of the two commercial aluminium oxide templates Synkera-1 (a) and Synkera-2 (b) used for the synthesis of core-shell nanocable arrays

Figure 3 . 4 :

 34 Figure 3.4: Flow chart of a typical chemical solution deposition process. It shows schematically the different processing steps starting with solution synthesis (a), followed by deposition (b), and crystallization (c) (from[START_REF] Schneller | Chemical Solution Deposition of Functional Oxide Thin Films[END_REF] 

Figure 3 .

 3 Figure 3.5 illustrates a flow chart for the synthesis of a stock solution containing Pb, Zr and Ti precursors with 0.4 M concentration using inverse-mixing-order chelate route described earlier(Assink & Schwartz, 1993). This PZT solution was used for the solgel deposition of PZT NT arrays. The reagents and the solvents were selected in accordance with next requirements: (a) High metal content; (b) High solubility of compounds in solvents; (b) Thermal decomposition without evaporation; (c) Chemical compatibility between compounds; (d) Suitable boiling point, surface tension, viscosity of solvent; (e) High concentration of components in solution.Lead(II) acetate trihydrate, Pb(CH3COO)2•3H2O, zirconium(IV) propoxide, Zr(C3H7O)4 (70% in 1-propanol), and titanium(IV) isopropoxide, Ti[(CH3)2CHO]4 (97%), were used as metal precursors. The acetic acid (99.85%) and 2-propanol (anhydrous, 99.5%) were used as solvents. The lead acetate was dissolved in acetic acid with 10% mole excess to compensate the PbO loss during heat treatment. All used chemical products were purchased from Sigma-Aldrich, MO, USA. The mass of lead acetate precursor with 0.4 M concentration was estimated as:

Figure 3 . 5 :

 35 Figure 3.5: Flow chart diagram for the inverted mixing order synthesis of the PbZrTi solution used for the deposition of PbZr0.52Ti0.48O3 nanotube arrays

Figure 3 . 6 :

 36 Figure3.6: Portion of a thin layer of thickness, t, bonded to a thicker substrate and containing a crack of length, c, which extends along the length of the layer to form a crack pattern with the extension of other cracks (from[START_REF] Schneller | Chemical Solution Deposition of Functional Oxide Thin Films[END_REF] 

Figure 3 . 7 :

 37 Figure 3.7: Schematic illustration of the different nucleation events which can take place during crystallization of amorphous CSD thin layers. (a) Homogeneous nucleation, (b) heterogeneous nucleation events at the interface, and (c) heterogeneous nucleation events at seeds. From Schneller et al., 2013

Figure 3 . 8 :

 38 Figure 3.8: Schematic fabrication of the vertically aligned PZT nanotube array: (a) PZT solution (0.4 M) dip impregnation into porous AAO membranes (b)PZT-coated membrane dehydration (H2O evaporation) in a preheated oven at 100 °C (c) Single-step processing of the PZT 500 and PZT 700 nanotube arrays, where the PZT gel layer is heated directly to the crystallization temperature of 500 and 700 °C for 6 hours, respectively, leading to initial evaporation of organics (pyrolysis) at lower temperature (300-400 °C), followed by crystallization at higher temperature (500-700 °C)

Figure 3 .

 3 Figure 3.9: (a) The construction diagram of a typical electrolytic cell with temperature controlling features (from Mátefi-Tempfli, 2008) (b) Schematic of the "3-electrodes" potentiostatic electrochemical deposition setup (from Antohe, 2012)

  pores. The volume of the deposited material or the nanowires height in our case can be monitored by measuring the accumulated charge (Q) during the electrodeposition as 𝑄 = 𝑧 × 𝐹 × 𝑁 𝑝 × 𝑉 𝑝 𝑉 𝑀 , (3.11) where z = 2 for the divalent Co 2+ and Fe 2+ ions, F is the Faraday constant, VM is molar volume of Co and Fe, Vp is the volume of the deposited nanowires, and Np is the number of pores. The nanowire's volume and the pores number are estimated as

Figure 3 .

 3 10a shows the typical plating current as a function of time for the pulsed electrodeposition of the vertically aligned CoFe2 nanowire arrays. Figure 3.10b shows the titled section view of the CoFe2 nanowiress inside the Synkera-1 membrane (Figure 3.10c) after the electrodeposition.

Figure 3 .

 3 Figure 3.10: (a) Typical cathodic current plot for the electrodeposition of the CoFe2 nanowire arrays shown in (b,d,e); Tilted section (b) and top (c) views SEM images of the Synkera membranes after electrochemical deposition of the CoFe2 nanowire arrays; (d,e) Top view SEM images of the CoFe2 nanowire arrays after alumina membrane's chemical dissolution; (f) EDX spectrum for the as-deposited CoFe2 nanowire arrays

Figure 3 .

 3 Figure 3.11: Illustration of the alumina membrane chemical dissolution procedure. (a) Alumina membrane containing electrodeposited CoFe2 nanowires arrays was glued to conductive carbon tape pasted on Si substrates; (b) A drop of 1 M NaOH solution was placed on top of the AAO membrane for 10 min, and then resorbed with pipette; (c) Three drops of H2O were placed on top of the membrane to for 5 min to wash the sample; (d) The alumina membrane was placed in a pre-heated oven at 45 °C for 30 min to dry water; (e) The whole procedure was repeated several times, and then the CoFe2 nanopillars were analysed by SEM and EDX

  is a nanowire diameter hNW is a nanowire arrays height Dcell is a cell size of AAO membrane or inter-wire distance

  .12d). The sample was washed with distilled water again and finally the membrane was dried in air (Figure 3.12e,f). Figures 3.12g,h show the top view SEM image of the alumina membrane after the partial (g) and full (h) electrode etching procedures. Two regions on the membrane's surface can be distinguished in Figure 3.12g, one region with an unetched Au layer on the left side of the image, and the second region with fully etched electrode and exposed AAO membrane on the right side.

Figure 3 . 12 :

 312 Figure 3.12: Flow chart of the alumina membrane working electrode chemical etching process. (a) Alumina membranes hosting PZT-CoFe2 nanocable arrays was placed on clean, flat Teflon part in a way that the bilayer Au/Cr is facing upwards; and a drop of KI/I2 solution was placed on top of the electrode covering the whole layer surface for 10 min to etch Au layer, and subsequently resorbed via a pipette; (b) Drop of distilled water was placed on the electrode for 5 min three times to clean the surface; (c) the membranes were dried in a pre-heated at 45 °C oven for 30 min; (d,e) Similar procedure as (a-c) was reproduced but replacing the KI/I2 solution with commercial chromium etchant to remove Cr adhesive layer; (g,h) Top view SEM images of the alumina membrane's surface after electrode etching procedure with two distinctive regions of partially (g) and fully etched regions (h).

Figure 3 .

 3 Figure 3.13 Vertically aligned PZT-CFO nanocable arrays fabrication using thermal oxidation of PZT-CoFe2 nanocables. (a) Pulsed electrodeposition of PZT-CoFe2 nanocable arrays inside porous alumina membrane, (b) Bilayer Cr/Au (10nm/2µm) electrode chemical etching process (see Figure 3.12), (c)PZT-CFO 500 and PZT-CFO 600 nanocable arrays formation using in situ thermal annealing of the electrodeposited PZT-CoFe2 nanocable arrays inside alumina membrane at 500 or 600 °C for 24 hours, respectively (d) Alumina membranes attaching on the SiO2/Si wafer using conductive carbon tape, followed by the membrane's dissolution process (see Figure3.11)

Figure 3 . 14 :

 314 Figure 3.14: Schematic fabrication of the vertically aligned magnetoelectric nanocomposites based of ferromagnetic CoFe2O4 nanopillars. (1) Sputter deposition of the Al/Ti/Pt/Ti multilayer (~1 µm/5nm/50nm/5nm) on the SiO2/Si wafer; (2) Top Al/Ti bilayer anodization & widening process to form porous AAO template on the Pt/Ti/SiO2/Si substrate; (3) Pulsed electrodeposition growth of CoFe2 nanopillar array; (4) Chemical dissolution of the hosting AAO template; (5) RF magnetron sputtering of the Ba0.7Sr0.3TiO3 or the BaTiO3 matrix layer on the CoFe2 nanopillar arrays, which are simultaneously in situ oxidized into CoFe2O4 phase; (5') Thermal oxidation of the free-standing CoFe2 nanopillar array in a furnace; (6') Sol-gel dip coating deposition of the PbZr0.52Ti0.48O3 matrix layer on the CoFe2O4 nanopillar array

Figure 3 .

 3 16a shows the oxide before the voltage is applied as a simple NaCl structure. The voltage effectively polarizes the oxide bonds (Figure 3.16b) and at the barrier layer surface the Al-O bonds increase in length, as the field is pulling the O 2-ions into the oxide and pushing the Al 3+ ions into the electrolyte solution.

Figure 3 .

 3 Figure 3.15: (a) Anodization setup integrated into the electrolytic cell shown in Figure 3.7a (from Antohe, 2012), (b) Typical anodization current curve for a complete oxidation in oxalic acid of an Al(1µm)/Ti(5nm) bilayer at 60 V.(c,d) Five current stages can be noticed during the anodization process, leading to an alumina thickness around 1.3 µm (fromParkhutik & Shershulsky, 1992;[START_REF] O'sullivan | [END_REF] 

Figure 3 .

 3 Figure 3.16: Schematic representation of the field-assisted dissolution of Al2O3 (a) before polarization, (b) after polarization, (c) removal of Al 3+ and O 2-ions, and (d) the remaining oxide (from O'Sullivan[START_REF] O'sullivan | [END_REF] 

Figure 3 . 17 :

 317 Figure3.17: Expansion of the alumina during anodic oxidation. On the left the level of the unoxidized metal surface is depicted, reproduced (fromJessensky et al., 1998) 

Figure 3 .

 3 Figure 3.18: Schematic illustration of the formation of porous alumina template. (a) Sputtering deposition of the Al/Ti/Pt/Ti multilayer on the SiO2/Si wafer, (b) Anodization of the Al/Ti bilayer, (c) Chemical dissolution of the barrier layer at the pore base and the pores chemical widening. (d,e) Top and section view SEM images of the anodized Al film, (f,g) Top and section view SEM images of the alumina pores after the chemical widening process

  The pulsed electrodeposition technique was previously described in detail for the deposition of the CoFe2 nanowire arrays in Section 3.1 (p. 58). Briefly, to fabricate the vertically aligned CoFe2 nanopillar arrays on top of the conductive Pt layer with the optimized aspect ratio, nanopillars diameter Dpillar and inter-spacing between nanopillars Dpillar, a standard three-electrode potentiostatic configuration using a PAR 263A Potentiostat/Galvanostat and a Pt foil as a counter electrode was used (see Figure 3.9b). The three-electrode setup includes: (1) the Pt-coated Si substrate at the bottom of the pores serving as a working electrode: (2) Pt foil as counter electrode: (3) Ag/AgCl reference electrode. The height of the CoFe2 nanopillars hpillar was easily controlled in the range of ~200-500 nm by varying the charge-controlled electrodeposition duration. The growing process of the CoFe2 nanopillar array was investigated by monitoring a time dependence of the cathodic current (Figure 3.19a). Two stages of the electrodeposition were observed: (1) a sharp increase of the cathodic current to ~1 mA due to a change of the ion concentration in the solution; (2) a decrease to the current of ~0.25 mA due to a moving of the ions from the solution into the pores. The electrodeposition duration of 180 sec leads to the CoFe2 nanopillar arrays with hpillar ~350 nm (Figures 3.19b,c). Figure 3.19c shows a tilted section view SEM image of the free-standing CoFe2 nanopillar array after the AAO template removal. Both ordering and uniformity in Dpillar ~90 nm of the CoFe2 nanopillars are shown on the

Figure 3 .

 3 Figure 3.19: (a) The CoFe2 electrodeposition current-time curve, (b) A cross section view SEM image of the nanoporous alumina host, partially field with electrodeposited CoFe2 nanopillars, (c-e) Tilted section view and top view SEM images of the CoFe2 nanopillar array after the template removal, (f) EDX spectrum obtained from the free-standing CoFe2 nanopillars

Figure 3 .

 3 21. Once the electrodeposition was complete, the alumina template was dissolved in a 2 M of sodium hydroxide solution NaOH (Merch, Germany) at room temperature during 20 minutes (Figures 3.21a-e) and washed using distilled and ultra-pure deionized water (Figures 3.21f,g), thus leading to a free-standing and vertically aligned CoFe2 nanopillar arrays

Figure 3 . 20 :

 320 Figure 3.20: Tilted view SEM images of the CoFe2 nanopillar arrays developed on the Pt/Ti/SiO2/Si substrate using electrodeposition process into the anodic alumina template. The fine adjustment of the nanopillars height can be noticed. (a-c) SEM images of the CoFe2 nanopillar arrays with pillar heights of ~200, 250 and 350 nm, respectively

Figure 3 . 21 :

 321 Figure 3.21: Flow chart of the chemical dissolution procedure for the anodic alumina templates. (a-e) Dissolution of the templates hosting CoFe2 nanopillar arrays using 2 M NaOH solutions for 5 min (a), 4 min (b), 3 min (c), 2 min (d) and 1 min (e), (f) Washing of the free-standing CoFe2 nanopillar arrays using the distilled water three times for 5 min in each bath and (g) using the deionized water for 30 min. (h) Drying of the CoFe2 nanopillar arrays in air

Figure 3 . 22 :

 322 Figure 3.22: Sketch of sputter deposition processing. (a) Gaseous Ar + ions are accelerated towards the ceramic target. (b) Particles are generated from the target's surface being sputtered via the Ar + ions bombardment. (c) Particles are transferred towards the substrate and are condensed on the nanopillar array and on the bottom Pt electrode forming a ceramic perovskite matrix layer

Figure 3 .

 3 Figure 3.23: Flow diagram for the solid-state chemistry route used to elaborate the ceramic perovskite BTO targets used for the rf magnetron sputtering deposition of the BTO matrix layers on the vertically aligned magnetic nanopillar arrays

Figure 3 . 24 :

 324 Figure 3.24: Schematic illustration of the vertically aligned Ba0.7Sr0.3TiO3-CoFe2O4 and BaTiO3-CoFe2O4 nanocomposites preparation using RF magnetron sputter deposition of ferroelectric matrix layer on the vertically aligned CoFe2 nanopillar array (a), (b) Vacuum chamber with two Ba0.7Sr0.3TiO3 or BaTiO3 targets in facing target configuration (90° off-axis geometry) at 40 mm distance from the substrate, (c) Formed Ba0.7Sr0.3TiO3-CoFe2O4 and BaTiO3-CoFe2O4 multiferroic nanostructures with in situ oxidation of the CoFe2 nanopillar array

Figures 3 .

 3 25c,d show the top view SEM images of the CoFe2 and CFO nanopillar arrays, respectively. The diameter of nanopillars Dpillar increased after the thermal annealing from ~90 to 120 nm. The tilted view SEM images of the nanopillars arrays before and after annealing revealed a significant change of the surface roughness morphology of the pillars (see Figures 3.

Figure 3 .

 3 Figure 3.25: (a-b) Schematic fabrication of the CoFe2O4 nanopillar arrays using ex situ thermal oxidation of CoFe2 nanopillar arrays. (a) Dissolution of the anodic alumina template, hosting nanopillar arrays in 2 M NaOH, (b) Annealing of the free-standing CoFe2 nanopillar arrays in air at 600 °C for 24 hours. Top view (c, d), tilted top view (e,f) and tilted section view (g,h) of the as-deposited CoFe2 nanopillar arrays (c,e,g) and the annealed nanopillar arrays (d,f,h), respectively. (i) EDX spectra of the corresponding CoFe2 and CFO nanopillar arrays

Figure 3 .

 3 Figure 3.26: (a-c) Flow chart of the in situ thermal oxidation CoFe2 nanopillar arrays: (a) Pulsed electrodeposition of the CoFe2 nanopillar array into the anodic alumina template, (b) Thermal annealing of the CoFe2 nanopillar array inside the templates at 600 °C for 24 hours, (c) Template dissolution in 2 M NaOH; Tilted (d), top (e), and (f) section view SEM images of the as-prepared CoFe2 nanopillars; Tilted (g), top (h), and (i) section view SEM images of the thermally oxidized nanopillar arrays.

Figure 3 . 27 :

 327 Figure 3.27: Flow chart diagram for the inverse-mixing-order route synthesis of the PZT solution used for the deposition of the PZT matrix layers

Figure 3 . 28 :

 328 Figure 3.28: Schematic representation of the vertically aligned PZT-CFO nanocomposites preparation using a sol-gel dip coating technique. (a) Vertically aligned CFO nanopillar array prepared via pulsed electrodeposition and thermal oxidation technique (see 5'processign step), (b) Dip coating of the PZT sol layer on the CFO nanopillar array in 0.4 M PZT sol for 1 min, (c) Excess PZT sol blotting with the absorbent paper and gelation in the pre-heated oven at 150 °C for 5 min, (d,e) Two-step PZT gel crystallization approach with hot-plate pyrolysis at 300 °C for 5 min and thermal crystallization in furnace at 650 °C for 30 min

Figure 3 . 29 :

 329 Figure 3.29: Fabrication of the 3D PbZr0.52Ti0.48O3-CoFe2O4 multiferroic nanocomposite. (a) Manual transfer of the commercial polymer membrane onto the Pt/Ti/Si substrate, (b) Pulsed electrochemical deposition of the 3D interconnected CoFe2 nanowire network inside a polymer membrane, (c) Chemical dissolution of the polymer membranes in a dichloromethane solution, (d) Sol-gel dip coating deposition of the PbZr0.52Ti0.48O3 matrix layer on the CoFe2O4 interconnected nanowire network

DNW

  is a diameter of nanowires HNW is a height of CoFe2 3D nanowire network

Figure 3 .

 3 Figure 3.30: (a) Schematic fabrication of the trach-etched polycarbonate membranes (from it4ip, Belgium). (b) Heavy ions irradiation direction with respect to the film's plane, (c) Polycarbonate membrane with 3D nanochannel tracks network after heavy ion beam irradiation, (d) The membranes with Dpore~40 and 230 nm after chemical etching of the tracks

Figure 3 .

 3 31c shows the tilted cross section view SEM image of the 5-µm-thick CoFe2 3D NW network with DNW ~40 nm. The pulsed electrodeposition duration of 3500 sec leads to the CoFe2 3D

Figure 3 .

 3 Figure 3.31: (a,b) Cathodic current plots for the electrodeposition of the CoFe2 3D nanowire networks with nanowire diameters of ~40 and 230 nm, respectively. Tilted cross section view (c,d) and top view (e,f) on the as-deposited 40 nm and 230 nm diameter CoFe2 3D NW networks, respectively

Figure 3 . 32 :

 332 Figure 3.32: Flow chart of the polymer membrane chemical dissolution process. (a) Immersing of the polymer membrane hosting CoFe2 3D interconnected nanowire network into a vessel containing dichloromethane solution for 10 min, (b) Immersing in the 2 nd dichloromethane solution for 5 min, (c) Drying of the CoFe2 interconnected nanowire network in air for 20 min

Figure 3 . 3

 33 32). The sample was kept in the first bath for 10 minutes (Figure 3.32a), then in the second bath 5 minutes (Figure 3.32b), next the sample was dried in air leading to the free-standing CoFe2 3D NW network on Pt/Ti/Si substrate (Figure deposition of FE layers was discussed in detail in Section 3.1.2 (p. 60) and Section3.2.7 (p. 107) 

Figure 3 . 33 :

 333 Figure 3.33: Schematic illustration of the preparation of the PbZr0.52Ti0.48O3-CoFe2O4 3D interconnected ME nanocomposite using a sol-gel dip coating technique. (a) Dip coating of the PZT solution layer on the CoFe2 3D nanowire network in 0.4 M PZT sol for 1 min and dehydration in the pre-heated oven at 150 °C for 5 min, (b,c) Two-step PZT thick layer crystallization with a hot-plate pyrolysis at 300 °C for 5 min (b) and a thermal crystallization in furnace at 650 °C for 30 min (c). (e) Ex situ oxidation of the CoFe2 3D nanowire network embedded into the PZT layer using post-annealing at 600 °C for 12 h at 2 °C/min

Figure 3 .

 3 Figure 3.34: (a) Basic construction of a SEM, (b) emission of various electron and electromagnetic waves from the specimen, (c) electric flow in a nonconductive specimen, (d) principle of the generation of characteristic X-rays.

Figure 3 . 35 :

 335 Figure 3.35: Schematic electron beam path for a TEM

Figure 3 .

 3 Figure 3.36 (a) The incident X-rays and reflected X-rays make an angle of Θi symmetric to the normal of the crystal plane. (b) the principle of the Grazing Incidence X-ray diffraction and the GI-XRD illustration

Figure 3 .

 3 Figure 3.39: (a) Definition of relative complex permittivity (εr*), (b) parallel plate method, (c) equivalent electrical circuit of a dielectric material, (d) a 3T cell to an 4T impedance analyser. H and L are the high and low potential electrodes respectively; G is the guard electrode; S are the return current loops of coaxial shield connection (from[START_REF] Czichos | Springer Handbook of Metrology and Testing[END_REF] 

Figure 3 .

 3 Figure 3.40 Sputtering of the top Pt contacts and pasting of the Ag wires for the dielectric characterization

Figure 3 . 41 :

 341 Figure 3.41: Configurations of a typical SPM systems. (a) Contact Mode AFM. The probe is a microfabricated cantilever with a sharp tip. Tip and sample are in perpetual contact during the rasterscan. Detector signal is a measure of cantilever deflection in z. In feedback mode, output signal usually adjusts the z position of the scanner to maintain a deflection setpoint. (b) Tapping Mode AFM. The probe is a microfabricated cantilever with a sharp tip. A drive signal, applied to the "tapping piezo," mechanically oscillates the probe at or near its resonance frequency (usually the fundamental resonance). Detector signal is cantilever oscillation amplitude, or phase (relative to drive signal). In feedback mode, output signal usually adjusts the z position of the scanner to maintain an (rms) amplitude setpoint. (c) Configuration of a typical PFM setup. (d) Voltage profile for dc manipulation, triangular wave (from Liet al., 2015b) 

Figure 3 .

 3 Figure 3.42: (a) Schematic experimental set-up for the measurement of the cross-sectional magnetoelectric coefficient with the dynamic method (from Buschow, 2011). (b) Schematic illustration of ME measurement used in this work

Figure 4 .

 4 1 we remind the main steps for the fabrication of core-shell PZT-CFO NC arrays. The full fabrication process was schematically illustrated in Figure 3.2, p. 59.

Figure 4 . 1 :

 41 Figure 4.1: Schematic illustration of fabrication process of the core-shell PbZr0.52Ti0.48O3-CoFe2O4 nanocable arrays by sol-gel dip-impregnation of PZT nanotubes into a commercial AAO membrane, pulsed electrodeposition of CoFe2 nanowires arrays into PZT nanotubes, and their thermal oxidation into CoFe2O4 phase nanowires

Figure 4 .

 4 2a,b.

Figure 4 . 2 :Figure 4 . 3 :

 4243 Figure 4.2: HR-SEM micrographs showing bundles of PZT 700 (a) and PZT 500 (c) tubular structures (DNT ~150 nm, PAAO ~35%) after the AAO template removal. (b) and (d) Corresponding higher magnification images. The pronounced granular aspect of the PZT 700 structures can be observed in panel (b)

Figure 4 . 4

 44 shows the top view SEM images of the PZT 500 NT arrays consisting of one (Figures 4.4a,b), and three (Figures 4.4c,d) PZT tubular layers fabricated using multiple dip-impregnations of coating solution into AAO membranes (Dpore ~150 nm, PAAO ~35 %) with pores length around 50 µm. SEM observation revealed an average wall thickness of the single-layer and three-layer PZT 500 nanotubes ~5 and 15 nm,

Figure 4 . 4 :

 44 Figure 4.4: HRSEM images of free-standing PZT 500 nanotubular structures (Dpore ~150 nm, PAAO ~35 %) prepared using (a,b) one and (c,d) three consequent sol-gel dip-impregnations in AAO membranes. The PZT nanotubes were collected on the carbon tape after the hosting AAO membrane was dissolved in the concentrated NaOH solution using the AAO dissolution procedure shown in Figure 3.11, p. 82

Figure 4 .

 4 5a shows the tilted top view SEM image of the PZT 500 -CoFe2 nanocables after the partial dissolution of the AAO membrane showing an average height of the PZT 500 -CoFe2 nanocables ~10 µm. The filling of the PZT 500 was homogeneous and the CoFe2 growth was stopped after 3000 seconds when the deposited nanowires height, hNW, was about 10 μm. After the AAO membrane was fully dissolved, as expected two distinct phases are thus clearly evidenced (see Figure4.5b) the PZT nanotubes region (light grey) and the electrochemically-grown metallic CoFe2 solid cores (white). The observed nanocable with branches on it's right side in the middle of SEM image reveals

Figure 4 .

 4 Figure 4.5: (a) Tilted top view SEM image of the PZT500-CoFe2 nanocables after partial dissolution of the alumina (Dpore ~150 nm, PAAO ~35%). (b) Top view SEM images of the PZT 500°C -CoFe2 C arrays after full AAO dissolution, top segment of the PZT 500 nanotubes (unfilled with CoFe2) can be distinguished by their transparent look and the PZT 500 -CoFe2 nanocables can be found by their bright colour. (c) EDX spectra of the crystallized PZT 500 NTs inside AAO (red) and PZT-CoFe2 nanocables after AAO dissolution (blue)

Figure 4 .

 4 6 shows the normalized magnetic hysteresis loops measured at room temperature using alternating gradient magnetometer (AGM) with the field applied along the in-plane (perpendicular to NW axis) and out-of-plane (parallel to the revolution axis of nanowires) for the AAO-embedded CoFe2 NW arrays (Figure4.6a,c) and three samples of PZT 500 -CoFe2 NC arrays (Figures 4.

  In contrast, Figure4.6c shows that the higher packing value of CoFe2 NWs (membrane: Dpore~150 nm, PAAO~35%) results in out-of-plane easy direction of magnetization for the

Figures 4 .

 4 6d shows almost isotropic magnetic behaviour of the PZT 500 -CoFe2 NC arrays (Dpore ~150 nm, PAAO ~35%), consisting of single-layer PZT shells. Since the packing factor of CoFe2 cores 𝑃 PZT-CF35% ~𝜋 2√3 × (

Figure 4 . 6 :

 46 Figure 4.6: Room temperature hysteresis loops along in-plane (solid line) and out-of-plane (dashed line) directions for a vertically aligned CoFe2 nanowire array (a,c) and the PZT 500 -CoFe2 multiferroic nanocable arrays consisting of single-layer (b,d) and three-layer PZT nanotubes (d).

Figures 4 .

 4 7a,b show HR-SEM images of oxidized PZT 700 -CFO 600 nanocables after chemical dissolution of the AAO template, revealing that the core/shell morphology has been maintained after the CoFe2 oxidation process.

Figures 4 .

 4 2a,b).In other words, diffusion between the PZT shell and AAO template is enhanced during the second thermal treatment for converting the CoFe2 into CoFe2O4 at 600 °C.Bright field (BF) STEM experiments coupled with EDX compositional mapping were performed on the PZT 700 -CFO 600 nanocables following two different protocols for the sample preparation (Figure 4.8). The elementary analysis evidences atomic diffusion of Pb inside the AAO template (Figure 4.8b) and the presence of Al-rich crystallized interphase on the surface of single free nanocables obtained after NaOH etching (Figures 4.

Figure 4 .

 4 Figure 4.7: (a) and (b) HR-SEM micrographs at different magnifications, showing the dense arrays of PZT 700 -CFO 600 NCs (Dpore ~150 nm; PAAO ~35%) after the AAO template etching in 1 M NaOH. (c) and (d) Micrographs at different magnifications acquired from the PZT 500 -CFO 500 nanocables prepared in similar conditions

Figure 4 .

 4 Figure 4.8: (a) STEM-BF micrograph of the PZT 700 -CFO 600 core-shell architecture (Dpore ~150 nm; PAAO ~35%) within the AAO template after grinding and dispersion in ethanol. (c) The same sample after AAO etching in 1 M NaOH and dispersion in ethanol. (e) The PZT 500 -CFO 500 system after template etching and dispersion in ethanol. (b, d and f) Corresponding chemical mapping, with Pb, Fe and Al represented in red, green and blue, respectively

Figure 4 . 10 :

 410 Figure 4.10: Room temperature hysteresis loops along out-of-plane (parallel to NWs axis) (a) and inplane (perpendicular to NWs axis) (b) directions for the vertically aligned PZT 500 -CoFe2 nanocable arrays (green line), the PZT 500 -CFO 500 (blue line) and PZT 500 -CFO 600 (red line) nanocable arrays (Dpore ~150 nm; PAAO ~35%). The magnetic moments are normalized to the maximal value in the saturation state for the same direction of applied field

Figures 4 .

 4 11a,b), and PZT-CFO NC arrays (Figures 4.

  values of mr/ms in OOP and IP ~0.36 and 0.27, respectively were observed for the PZT 500 -CFO 500 NC arrays (Dpore~150 nm; PAAO~35%) consisting of single-layer PZT nanotubes (Figure4.11e). Such a small difference between two values is not due to the full oxidation of CoFe2 NWs at 500 °C but rather associated with the nanowires packing factor, PNW, ~30% resulting in Heff going towards zero (see Equation 4.2). Figures 4.11b,d,f,h show the magnetic hysteresis loops for the CFO 600 nanowires (Figure 4.11b) and PZT 500 -CFO 600 nanocables (Figures 4.

Figure 4 . 11 :

 411 Figure 4.11: Room temperature hysteresis loops along in-plane (solid line) and out-of-plane (dashed line) directions for the vertically aligned CFO 500 (a) and CFO 600 (b) nanowire arrays (Dpore~100 nm; PAAO~15%), consisting of single-layer PZT nanotubes PZT 500 -CFO 500 (c) and PZT 500 -CFO 600 (d)nanocable arrays (Dpore~100 nm; PAAO~15%) and PZT 500 -CFO 500 (e) and PZT 500 -CFO 600 (f) nanocable arrays (Dpore~150 nm; PAAO~35%), and consisting of three-layer PZT nanotubes PZT 500 -CFO 500 (g) and PZT 500 -CFO 600 (h) nanocable arrays (Dpore~150 nm; PAAO~35%)

Figures 4 .

 4 12b,c show tapping mode AFM topography (b) and phase (c) scans for the PZT 500 nanotube with outer diameter ~150 nm for an area of 2 × 2 µm 2 . Figures 4.12d,e,f show tapping mode AFM topography (d), amplitude error (e), and phase (f) images taken on the PZT 500 -CoFe2 nanocables with outer diameter ~150 nm for an area of 5.5 × 5.5 µm 2 . The three-layer PZT nanotubes and PZT-CoFe2 and PZT-CFO core-shell nanocables consisting of three-layer PZT shells were considered for the PFM characterization. The ferroelectric properties of the PZT 500 -CoFe2 nanocables were studied by Piezoresponse Force Microscopy (PFM) in contact mode.Figures 4.12g,h,i show PFM topography (g), amplitude (h), and phase (i) images of the corresponding PZT 500 -CoFe2 nanocables. The phase image (Figure 4.12i) implies that the ferroelectric

Figure 4 .

 4 Figure 4.12: (a) HRSEM images of the three-layer PZT 500 nanotube collected on the platinized Si substrate after AAO membrane dissolution. Tapping mode AFM topography (b) and phase (c) images corresponding to the PZT 500 nanotube. Tapping mode AFM topography (d), amplitude error (e), and phase (f) of the PZT 500 -CoFe2 nanocables. PFM topography (g), amplitude (h), and phase (i) of the PZT 500 -CoFe2 nanocables.

Figures 4 .

 4 13d-f show the out-of-plane phase (red line) and amplitude (green line) hysteresis loops measured in the central region of the PZT 500 nanotube (d), the PZT 500 -CoFe2 nanocable (e), and the PZT 500 -CFO 600 nanocable (f). The phase variation in the PZT 500 nanotube was

Figure 4 . 13 :

 413 Figure 4.13: Schematic of localized ferroelectric characterization and domain switching shown by infield phase (red line) and amplitude (green line) hysteresis loops for (a,d) the three-layer PZT 500 nanotube; (b,e) the PZT 500 -CoFe2 nanocable; (c,f) the PZT 500 -CFO 600 nanocable. (g) Switching spectroscopy PFM (SS-PFM) mode with application of triangular-shaped voltage pulses; (h) SS-PFM measured amplitude (green dots) and phase (red dots) hysteresis loops for the PZT 500 -CFO 600 nanocable

Figure 4 .

 4 13g). The location of the measurement was the same as for the hysteresis loops measured in Figure 4.13c. The SS-PFM amplitude (green dots) and phase (red dots) hysteresis loops are shown in Figure 4.13h. The phase coercivity shift observed in Figure 4.13f was not identified in the SS-PFM phase hysteresis (Figure 4.13h).

Figure 4 . 14 :

 414 Figure 4.14: Differentiating the different mechanisms from tip bias-induced experiments. Presented in this figure are some characteristic features of the various physical and (electro)chemical processes that can occur in contact AFM when bias is applied, and how they may be separated. From Vasudevan et al., 2017

Figure 4 .

 4 15d. Hdc was applied along the axis of the nanowire, z, and alternately in plane of the substrate while a waveform comprising switching (VSW) and probing (Vp) components were applied directly to the electrically contacted Co core, which is a different measurement principle as for the ME characterization shown in Figure 4.15a.

Figure 4 .

 4 15e shows that the application of an H-field perpendicular to the axis of the

Figure 4 . 15 :

 415 Figure 4.15: The magnetoelectric characterization of the core-shell nanowires: (a) The schematic scanning probe microscopy setup used for the ME measurements of the PZT-CFO nanofibers. The switching characteristics of piezoresponse in a PZT-CFO core-shell nanofibers before and after the application of external magnetic field by variable field module; (b) Phase-voltage hysteresis loop, (c) Amplitude-voltage butterfly loop (from Xie et al., 2011). (d) Schematic illustration of the magnetoelectric PZT-Co core-shell NW, electrode configuration, and probing geometry. Inset: scanning electron micrograph of an electrically contacted core-shell NW, (e) Piezoresponse amplitude, plotted as functions of voltage applied across the shell, at selected values of applied magnetic field, H, as denoted in the legend, for Co-core, PbZr0.52Ti0.48O3 NW (fromJohnson et al., 2011) 

Figure 5 .

 5 2a. Both ordering and uniformity in diameter of the CoFe2 nanopillars can be seen on the top-view and tilted-view SEM images (Figure 5.2b,c).The nanopillars height is ~200 nm and diameter is ~90 nm, as expected from the morphological features of the porous AAO template. A tilted-view SEM image (Figure 5.2d) of the BSTO-CFO nanostructure shows that the BSTO matrix penetrates the spacing between the pillars to form the two-phase columnar structure made of the CFO pillars coated by the BSTO shells (schematically represented in Figure 5.2d). In addition to the 200-nm-thick BSTO coverage of nanopillars, a continuous BSTO layer of thickness ~250 nm is also formed at the top of the CFO nanopillars (Figure 5.2f) with a rather high surface roughness (Figures 5.2e

  ). Note that by surface roughness we imply an average estimation based on the SEM image. To improve the roughness analysis, AFM technique can be used for nanopillars horizontally positioned on substrate. The total thickness of the BSTO-CFO nanostructure is about 500 nm as schematically illustrated in Figure5.2f, which is larger than the sum of the initial CoFe2 nanopillars height ~200 nm and the BSTO top-layer thickness ~250 nm indicating the volume expansion of the nanopillars. Similar volume expansion was

Figure 5 . 1

 51 Figure 5.1 Sketch of the fabrication process of the vertically aligned Ba0.7Sr0.3TiO3-CoFe2O4 and BaTiO3 -CoFe2O4 by RF magnetron sputtering of the FE layers on the metal CoFe2 nanopillar arrays

Figure 5 . 2 :

 52 Figure 5.2: (a,b,c) Tilted-view and top-view SEM images of the vertically aligned CoFe2 nanopillar array. (d,e) SEM images of the samples corresponding to a tilted-view and a top-view on the BSTO-CFO nanostructure (f) Schematic illustration of cross-section view of the CoFe2 nanopillar array and BSTO-CFO nanocomposite with dimensions (nanopillars height, hpillar, and diameter, Dpillar, inter-pillar distance, Dcell, total thickness of nanocomposite, ttotal, and thickness of the BSTO top layer above CFO nanopillars, ttop-layer). (g,h) SEM images of the samples corresponding to a tilted-view and a top-view on the BSTO thin film. (i) EDX spectra of the vertically aligned CoFe2 nanopillar arrays (red), and the BSTO-CFO nanostructure (green)

Figure 5 . 3 :

 53 Figure 5.3: In-plane GI-XRD (a) and out-of-plane powder XRD (b) patterns of the vertically aligned CoFe2 nanopillar arrays (blue), the BSTO-CFO nanostructure (red), and the Pt/Ti/Si substrate annealed at ~600 °C (black)

Figure 5 . 4 :

 54 Figure 5.4: Room temperature hysteresis loops along in-plane (solid line) and out-of-plane (dashed line) directions for a vertically aligned CoFe2 nanopillar array (a) and the BSTO-CFO multiferroic nanostructure (b). The magnetic moment is normalized to its value in the saturation state

Figure 5 . 5 :

 55 Figure 5.5: Capacitance and dielectric losses as a function of temperature for the BSTO thin film with thickness ~250 nm grown on the Pt/Ti/Si substrate, obtained after top Al layer anodization and its chemical dissoltuion (a, b), and the BSTO-CFO nanostructure capacitor (c, d), capacitance and dielectric losses (e, f) as a function of bias voltage for the BSTO-CFO nanostructure at two distinct temperatures, T = 190 K and T = 290 K. Capacitance and dielectric lossed as a function of temperature for the BSTO thin film deposited on the Si wafer platinized using magnetron sputtering (g,h)

Figure 5 . 6 :

 56 Figure 5.6: Temperature dependence of loss tangent for the BSTO-CFO nanostructure in the range 80 K -400 K, the inset plot is the temperature dependent natural logarithm of frequency obtained from the peak points of loss tangent in the frequency range 1 kHz -200 kHz

  Figure 5.5c, where 𝑡 𝑡𝑜𝑡𝑎𝑙 = 500 ± 50 nm (Figure 5.2d), top Pt contact diameter, 𝐷 = 600 µm (or area,

Figure 5 .

 5 5a, where 𝑡 𝑡𝑜𝑡𝑎𝑙 = 250 ± 50 nm (Figure 5.2g), top Pt contact diameter, 𝐷 = 300 µm (or area, 𝑆 = 3.14×(0.3×10 -3 ) 2 4

Figure 5 .

 5 5g, with 𝑡 𝑡𝑜𝑡𝑎𝑙 = 300 ± 50 nm, top Pt contact diameter, 𝐷 = 300 µm (or area, effective permittivity of the BSTO-CFO nanostructure ( 𝜀 BSTO-CFO ~60 ) (Figure5.5c) is lower than the one of the pure BSTO thin film (𝜀 BSTO1 ~180) (Figure5.5a), deposited on the pre-treated Pt/Ti/Si substrate, which is lower than the one of reference BSTO thin film (𝜀 BSTO2 ~1070) (Figure5.5g), deposited on the high-quality Pt/Si substrate. This indicates the additional contribution of the low permittivity CFO phase and residual stress effects imposed by substrates.

Figure 5 . 7 :

 57 Figure 5.7: Temperature dependence of the ME voltage coefficient for the BSTO-CFO nanostructure. Schematic illustration of ME measurement and room-temperature variation with external dc magnetic field are shown in the bottom-right and top-left inset, respectively

A

  tilted-view SEM image (Figures 5.8b-f) of the BTO-CFO nanostructures shows that the BTO matrix penetrates the spacing between the CFO nanopillars to form the two-phase columnar structure made of the CFO pillars coated by the BTO shells (Figures 5.8c,f). The total thickness of the BTO550-CFO200 and BTO850-CFO200 nanostructures were about 550 and 850 nm, respectively (Figures 5.8c and 5.8e), which are larger than the sum of the CoFe2 nanopillars height (hpillar~200 nm) and the thickness of BTO top-layers (ttop-layer~300 and 600 nm) indicating the volume expansion of the nanopillars. Similar volume expansion was previously for the BSTO-CFO structure (see Figures 5.2a,d). The observed microstructure of the BTO550-CFO200 nanocomposite (Figure 5.8c) is rather similar to the microstructure of the BSTO-CFO nanocomposite discussed in Section 5.2 (see Figure 5.2d). Only a shift of all XRD peaks corresponding to the perovskite BTO phase with respect to the XRD peaks of BSTO phase was observed, which is expected due to the difference in lattice parameters of the ceramic BTO and BSTO materials (for BTO a=b=3.99 Å, c=4.03 Å, and for BSTO c=3.96 Å). An average chemical analysis was provided by EDX analysis

Figure 5

 5 Figure 5.8: (a) Schematic illustration of dimensions for the discussed CoFe2 nanopillar arrays and BTO-CFO multiferroic nanocomposites. SEM images of the tilted cross section view of (b,c) BTO550-CFO200 and (d,e,f) BTO850-CFO200 nanocomposites at different magnifications

Figure 5 . 9 :

 59 Figure 5.9: In-plane GI-XRD and out-of-plane powder XRD patterns of the vertically aligned CoFe2 nanopillar arrays (blue), the BTO-CFO nanocomposite (red), and the Pt/Ti/Si substrate annealed at ~600 °C (black), respectively

Figure 5 .

 5 11 illustrates the temperature dependence in the range ~80-410 K of capacitance and dielectric losses (at three frequencies 10 kHz, 100 kHz, and 1 MHz) for the pure BTO thin film (Figures 5.11a,b), the BTO850-CFO200 (Figure 5.11c,d) and BTO550-CFO200 (Figure 5.11e,f) nanocomposites. The pure BTO thin film was deposited on the Pt/Ti/Si substrate that was obtained after chemical dissolution of AAO template resulting in similar interface quality between substrates and FE film and between substrate and the BTO-CFO nanocomposites. The BTO film demonstrates a smoothly increasing capacitance with an increase of temperature (Figure 5.11a). However, the maximum in capacitance associated with the phase transition was not observed in this range of temperatures. The dielectric losses of the BTO thin film stay below ~0.02 for the temperature ranging between 80 and 410 K (Figure 5.11b).

Figure 5 . 10 :

 510 Figure 5.10: Room temperature hysteresis loops along in-plane (solid line) and out-of-plane (dashed line) directions for a vertically aligned CoFe2 nanopillar array (a) and the BTO-CFO multiferroic nanostructure (b). The magnetic moment is normalized to its value in the saturation state

Figure 5 . 11 :

 511 Figure 5.11: Capacitance and dielectric losses as a function of temperature for the BTO thin layer (a,b) with thickness ~400 nm deposited on the Pt/Ti/Si substrate obtained after anodization and dissolution of the Al layer, and the BTO850-CFO200 (c, d) and BTO550-CFO200 (e, f) nanostructure capacitors

Figure 5 .

 5 Figure 5.12: Capacitance (a,c) and dielectric losses (b,d) as a function of bias voltage for the BTO850-CFO200 (a,b) and BTO550-CFO200 (c,d) nanostructures at two distinct temperatures, T = 250 K and T = 300K

Figure 5 .

 5 Figure 5.13: (a) Temperature dependence of the ME voltage coefficient for the BTO550-CFO200 (red) and BTO850-CFO200 (green) nanocomposites. (b) Room-temperature variation with external dc magnetic field of the ME voltage coefficient for the BTO550-CFO200 (red) and BTO850-CFO200 (green) nanocomposites

  ). Figures 5.15a-b show the tilted cross-section view SEM images of the free-sanding and vertically aligned CoFe2 nanopillar arrays used for the fabrication of BSTO-CFO and BTO-CFO nanostructures. Tilted view SEM images on the fabricated BSTO-CFO and BTO-CFO nanocomposites are shown in Figures 5.

Figure 5 . 14 :

 514 Figure 5.14: Schematic illustration of the prepared CFO nanopillar arrays and corresponding BSTOx-CFOy and BTOx-CFOy nanostructures including their notations (placed above sketches) and geometric parameters (on sides), where x is the total thickness of BSTO and BTO structure (equivalent to the thickness of nanocomposite), and y is the CoFe2 pillars height before BSTO and BTO deposition

Figure 5 . 15 :

 515 Figure 5.15: Tilted cross-section view SEM images of the vertically aligned CoFe2 nanopillar arrays with average height, hpillar, of (a) ~150 nm, (b) ~200 nm, (c) ~250 nm, and (d) 500 nm. (e-n) SEM images of the specimens corresponding to a tilted cross-section view on (e) BSTO500-CFO150, (f) BTO500-CFO150, (g) BSTO550-CFO200, (h) BTO550-CFO200, (i) BSTO850-CFO200, (j) BTO850-CFO200, (k) BSTO950-CFO250, (l) BTO950-CFO250, (m) BSTO1220-CFO500, (n) BTO1220-CFO500, for details see Table 5.1 and Figure 5.14

Figure 5 . 16 :

 516 Figure 5.16: Temperature dependence of ME voltage coefficients for the BSTO-CFO and BTO-CFO nanocomposites, where the total thickness of the BSTO and BTO structure, ttotal, varies between ~500 and 1220 nm, and the height of CoFe2 nanopillars, hpillar, is in the range ~150-500 nm. Solid lines and a triangle corresponds to the results for BSTO-CFO nanocomposites, while broken lines and squares correspond to the results obtained for BTO-CFO nanocomposites. Same colours correspond to the same ratio ttotal/hpillar.

Figure 5 . 17 :

 517 Figure 5.17: Dependence of ME voltage coefficient on (a) ratio between the height of CoFe2 nanopillars, hpillar, and the total thickness of the BSTO and BTO structure, ttotal, (b) hpillar, and (c) effective permittivity of BSTO-CFO and BTO-CFO nanocomposites, estimated from measured capacitance values using Equation (5.2). The numbers indicated next to symbols indicate the total thickness of the BSTO and BTO structure, equivalent to the thickness of BSTO-CFO and BTO-CFO nanocomposites

Figure 5 .

 5 18 we remind the fabrication steps of the PZT-CFO vertically aligned multiferroic nanocomposites. These processes were schematically shown in Figures 3.14 and 3.28 (pp. 87, 109). The PbZr1-xTixO3 material is chosen due to the large piezoelectric coefficient dij (d15 = 494 pC/N, d31 = -93.5 pC/N, d33 = 223 pC/N) and suitable permittivity ε33/ε0 = 800 at x=0.48 corresponding to the morphotropic phase boundary (MPB)[START_REF] Jaffe | Piezoelectric Ceramics[END_REF].Compared to the BSTO-CFO and BTO-CFO nanocomposites discussed in Sections 5.2-5.3, an oxidation of the CoFe2 nanopillars arrays into the CFO spinel phase cannot be implemented in situ, i.e. during crystallization of the PZT layer. Therefore, the preparation of PZT-CFO nanostructures implies an additional step of ex situ thermal oxidation of the CoFe2 nanopillars. This prevents the interdiffusion during thermal oxidation between nanopillars and hosting template, but on the other hand leads to a change of the surface roughness and increase of the diameter, Dpillar, of free-standing CFO nanopillar arrays as shown in Figure3.25, p. 105. We characterize dielectric and magnetic properties and quantify the magnetoelectric coefficient of the fabricated PZT-CFO nanocomposite using similar techniques as for BSTO-CFO and BTO-CFO multiferroic nanostructures discussed in Sections 5.2-5.3.

Figure 5 . 18 :

 518 Figure 5.18: Schematic representation of the fabrication process of the vertically aligned PbZr0.52Ti0.48O3-CoFe2O4 by thermal oxidation of the metal CoFe2 nanopillars into the metal oxide CoFe2O4 and sol-gel dip-coating deposition of FE PbZr0.52Ti0.48O3 layer on the insulating CoFe2O4 nanopillar arrays

  Figure 5.19a. Tilted cross-section SEM images of the corresponding PZT-CFO nanostructures are shown in Figures 5.

  .19e) confirm the formation of continuous PZT layer. The average chemical elemental analysis was provided by EDX technique (Figure 5.19f) confirming a value of the Fe/Co ratio close to 2 and Pb:Zr:Ti ratio ~111:59:41. A small deviation from the expected Pb:Zr:Ti ratio of 100:52:48 could be caused by the similar excitation energies of Zr L (2.042 eV) and Pt M (2.048) lines in EDX spectrum.The critical step to achieve PZT-CFO nanostructure without cracking while avoiding formation of pyrochlore phase is clearly the thermal crystallization process of PZT layers. Structural characterizations have been conducted to probe the oxidation efficiency of CoFe2 nanopillar arrays and the crystallization of pyrolyzed amorphous

Figure 5 .

 5 Figure 5.19: (a) Schematic illustration of the PZT-CFO nanocomposites with notations and geometric parameters, every sample was prepared using CFO nanopillar arrays with height, hpillar, of ~500 nm. Tilted-view (b-d) and top-view (e) SEM images of the (a) PZT600 -CFO500, (b) PZT900 -CFO500, and (c) PZT1300-CFO500 nanostructures with three different thickness obtained by a multi-dip coating technique. (f) EDX spectra of the PZT-CFO nanostructure

Figure 5 .

 5 Figure 5.20: Out-of-plane powder XRD (a) and in-plane GIXRD (b) patterns of the vertically aligned CoFe2 nanopillar arrays (blue), the CoFe2O4 nanopillar arrays (red), and the Pt/Ti/Si substrate annealed at ~600 °C (black)

Figure 5 . 22 :

 522 Figure 5.22: Room temperature hysteresis loops along in-plane (solid line) and out-of-plane (dashed line) directions for a vertically aligned CoFe2 nanopillar arrays (a), CoFe2O4 nanopillar arrays (b), and the PZT-CFO multiferroic nanostructure (c). The magnetic moment is normalized to its value in the saturation state

Figure 5 . 23 :

 523 Figure 5.23: Capacitance and dielectric losses as a function of temperature for the PZT-CFO nanostructure with the 300-nm-thick PZT layer formed above the 500-nm-long CFO nanopillars

Figure 5 . 24 :

 524 Figure 5.24: Temperature dependence of the ME voltage coefficient for the PZT400-CFO500 nanostructure. Room-temperature variation with external dc magnetic field is shown in the top-left inset

Figure 6 . 1 :

 61 Figure 6.1: Brief illustration of the preparation of PbZr0.52Ti0.48O3-CoFe2O4 ME system based on 3D interconnected NW network by sol-gel dip coating deposition and crystallization of the PZT thick layer and in situ oxidation of the CoFe2 NW network followed by the thermal post-annealing to complete the metal CoFe2 NW network oxidation into the CoFe2O4 phase

Figure 6 . 2 :

 62 Figure 6.2: Schematic illustration of the CoFe2 and CFO 3D interconnected nanowire networks before (a) and after the (b) thermal oxidation, respectively. Tilted cross-section view SEM micrographs of the CoFe2 3D NW networks grown into the (c) PC-1 (DNW ~45 nm, αtilt is a range of angles from -45° to +45° to the film's normal) and (d) PC-2 (DNW ~230 nm, αtilt is a fixed angle 25° to the film's normal) polymer membranes. Tilted view SEM images of the 3D NW networks shown in (c), (d) after the thermal oxidation at 600 °C for 24 h indicating the change of the NWs surface roughness morphology, NW network buckling and increase of NWs diameter (e,f). HRSEM images on the top view of the CoFe2 NW network shown in (d) before and after the thermal annealing (g,h). EDX spectra of the CoFe2 (red) and CFO (green) 3D NW networks

  ,d, respectively. An increase of the hNW from ~5 µm to 7.5 µm and DNW from ~40 to 60 nm by ~1.5 times was observed confirming the volume expansion of the CoFe2 network (Figure6.2e). The CoFe2 3D NW networks shown in Figure6.2d demonstrate an increase of the DNW from ~230 to 370 nm after thermal oxidation as well as an increase of the surface irregularity of nanowires, and 3D NW network buckling due to thermal stresses (Figures 6.2f). The ordering and uniform DNW~230 nm for the CoFe2 3D NW network are shown on the top-view SEM image (Figure6.2g). However, Figure6.2h shows that the thermal oxidation of CoFe2 3D NW network results in the change of nanowires diameter and morphology, increase of surface roughness, disordering, and network's deformation. Note that by surface roughness we imply an average estimation based on the SEM image. An average elemental analysis of the CoFe2 and CFO 3D NW networks was provided by EDX characterization (Figure6.2i) confirming the values of Fe/Co ratio around 2 both before and after thermal oxidation.

Figures 4 .

 4 6a, 5.4a, 5.10a and 5.22a). However, Figure6.3a shows the absence of easy direction of magnetization for the CoFe2 3D NW networks with DNW ~40 nm and αtilt ~-45°→+45°, which is in contrast with the easy directions of magnetization along IP and OOP observed for the high packing density arrays of free-standing CoFe2 nanopillars (see Figure 5.4a, p. 167) and low packing density of CoFe2 nanowires embedded into AAO membrane (Figure 4.6a, p. 146), respectively. Whereas for the CoFe2 3D NW network with DNW ~230 nm and αtilt ~25°, the easy axis of magnetization along the out-of-plane direction is observed (Figure 6.3b) as the angle between NWs axis and Z [001] OOP direction of magnetization ~25°<45°, while the average angles along X [100] and Y [010] IP directions > 45°. Figures 6.3c,d show the magnetic hysteresis loops of the CFO 3D NW networks obtained after thermal oxidation (600 °C for 24 hours at 2 °C/min) of the CoFe2 3D NW networks corresponding to Figures 6.3a,b, respectively. The shapes of the hysteresis loops are similar in the in-plane and out-of-plane directions as was previously observed for the CFO nanopillar arrays (Figures 5.4b, 5.10b and 5.22b, pp. 167, 176 and 191) and CFO NW arrays surrounded by PZT nanotubes (see Figure 4.11, p. 153), indicating the dominant magnetocrystalline anisotropy in the CFO 3D NW
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 63 Figure 6.3: Room temperature magnetic loops along in-plane (solid line) and out-of-plane (dashed line) directions for the 3D interconnected CoFe2 nanowire networks with (a) NWs diameter DNW ~40 nm and tilt angle with respect to Z [001] out-of-plane direction αtilt ~-45°→+45° and (b) DNW ~230 nm and αtilt ~25°. (c,d) Magnetic hysteresis loops of the CFO 3D interconnected NW networks formed by a thermal treatment at 600 °C for 24 hours using 2 °C/min heating rate of the corresponding CoFe2 3D NW networks (a) and (b), respectively

Figure 6 . 4 :

 64 Figure 6.4: Schematic description of the successive steps during drying of sols of equal concentration from MOD (a) and sol-gel (b) process explaining the formation of cracks for too concentrated sols in sol-gel (fromGaucher et al., 1992) 
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 65 Figure 6.5: Room temperature hysteresis loops along in-plane (solid line) and out-of-plane (dashed line) directions for the 3D interconnected CoFe2 with DNW ~40 nm and αtilt ~-45°→+45° (a), and (b) the corresponding PZT-CFO nanostructure prepared using the pyrolysis at 300 °C for 5 min, thermal crystallization at 650 °C for 30 min at 5 °C/min and post-annealing at 600 °C for 12 hours at 2 °C/min
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 67 Figure 6.7: Tilted view SEM images on (a) 3D interconnected CoFe2 nanowire network with DNW ~230 nm and αtilt ~25°, (b) corresponding PZT-CoFe2 3D nanostructure after sol-gel dip-coating deposition and dehydration of PZT sol, (c,d) PZT-CFO nanostructure after simultaneous PZT crystallization and in situ oxidation of CoFe2 3D NW network at 650 °C for 30 min at 5 °C/min heating rate, (e) PZT-CFO nanostructure after post-annealing at 600 °C for 12 hours at 2 °C/min heating rate. (f) Top view SEM micrograph on the corresponding post-annealed at 600 °C for 12 hours at 2 °C/min PZT-CFO 3D nanostructure shown in (e). (g) EDX analysis spectra for the CoFe2 3D NW network (red) and the PZT-CFO 3D nanostructure (green)
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 2 Figure 2.1: (a) Phase control in ferroics and multiferroics. The electric field E, magnetic field H, and stress σ, control the electric polarization P, magnetization M, and strain ε, respectively. In a ferroic material, P, M, or ε, are spontaneously formed to produce ferromagnetism, ferroelectricity, or ferroelasticity, respectively. In a multiferroic, the coexistence of at least two ferroic forms of ordering leads to additional interactions. In a magnetoelectric multiferroic, a magnetic field may control P or an electric field may control M (pink arrows) (fromSpaldin & Fiebig, 2005). (b) In the ideal case, the magnetization of a ferromagnet in a magnetic field displays the usual hysteresis (blue), and ferroelectrics have a similar response to an electric field (yellow). In principle it is the basis for making a 4-state logic state: (P+ M+), (+-), (-+), (--). FromKhomskii, 2009........................................................................... 8 
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  where the voltage is detected via lock-in amplifier. The corresponding ME

	𝜕𝐸 is a ME voltage generated in response to the applied ac magnetic field 𝜕𝐻 𝑎𝑐 . The
	non-standard technical charge unit is [C m -2 Oe -1 ]. The corresponding ME coefficient,
	𝛼 𝑖𝑗 𝑃 , is expressed as a charge unit 𝛼 𝑖𝑗 𝑃 = 𝜕𝑃/𝜕𝐻 𝑎𝑐 , where 𝜕𝑃 is a change of polarization
	induced by ac magnetic field 𝜕𝐻 𝑎𝑐 , which is directly represented by the time-integrated
	current per unit area. The modulated charges instead of voltages could be measured
	using a high-impedance charge amplifier. This makes the amplified signal independent
	of film thickness but proportional to electrode area, and the charge noise corresponds
	to a voltage noise of ∆𝑄/𝐶 𝑠 (𝐶 𝑠 -sample capacitance). The 𝛼 𝑖𝑗 𝑃 could be expressed as
	a voltage unit 𝛼 𝑖𝑗 𝐸 using the relationship 𝛼 𝑖𝑗 𝑃 = 𝜀 0 𝜀 𝑖𝑗 𝛼 𝑖𝑗 𝐸 , where 𝜀 𝑖𝑗 is the permittivity of
	a specimen. Thus, to convert the determined technical unit the value of permittivity of
	the specimen is required: 1
	coefficient, 𝛼 𝑖𝑗 𝐸 , expressed as a voltage unit is determined as 𝛼 𝑖𝑗 𝐸 = 𝜕𝐸/𝜕𝐻 𝑎𝑐 , where

Table 2 .1: Room-temperature αme in

 2 

			particulate nanostructured composites	
	Component phases	Hdc	fac	αme mV	Note	Ref.
		Oe	Hz	cm -1 Oe -1		
	0.9PbZr0.52Ti0.48O3-	100	1000	140	Longitudinal, (3-0)	Islam et al.,
	0.1NiFe1.9Mn0.1O4				compos.	2006
	(bulk)					
	PbZr0.52Ti0.48O3	250	1000	3070	Transverse, (3-0)	McDannald et
	(matrix)-CoFe2O4				compos., sol-gel	al., 2017
	(nanoparticles)					
	PbZr0.52Ti0.48O3-	450	1000	549	Longitudinal, (3-0)	McDannald et
	CoFe2O4				compos., PLD	al., 2013
	BiFeO3-CoFe2O4	2900	PFM a	338 a	Transverse, (3-0)	Li et al., 2015a
					compos., PLD	
	0.69PbZr0.52Ti0.48O3	2000	1000	220	3-0 compos., sol-gel	Wan et al.,
	-0.31CoFe2O4					2005
	BTO-Co/100 BTO	500	50000	170	Longitudinal, (3-0)	Park et al.,
					compos., RF sputtering	2008
	NCZF/0.8PZT-	2600	1000	150	Transverse, (3-0)	Park et al.,
	0.2PZN				compos., AD	2009
	Polycrystalline	500	PFM a	102 a	Transverse, PLD	Yan et al.,
	65%					2013
	CFO:BFO/Pt/					
	TiO2/SiO2/Si					
	La0.6Ca0.4MnO3-	5000	20000	29.8	(3-0) compos., CSD	Cheng et al.,
	Bi0.6Nd0.4TiO3					2012
	0.65PbZr0.52Ti0.48O3	2500	194	16	Longitudinal, 3-0	Ryu et al.,
	-0.35NiFe2O4				compos., PLD	2006
	NCZF-(Ni0.6Cu0.2Zn0.					

Table 2 .2: Room

 2 -temperature αme in (2-2) type thin-film horizontal magnetoelectric nanocomposites Component phases

		Hdc	fac	αme mV	Note	Ref.
		Oe	Hz	cm -1 Oe -1		
	Metglas/PMN-PT	8	1000	52000	Longitudinal, (2-1)	Wang et al.,
	(fiber)/Metglas (bulk)				composite a	2011b
	Ir0.3Mn0.7/FeCoSiB/AlN 0	700	430000	Transverse, All-film,	Lage et al., 2014
					Sputtering	
	(BaTiO3-BiFeO3)×15	0	1000	55000	Longitudinal, SLs,	Lorenz et al.,
					PLD	2017
	Pb(Zr,Ti)O3/Metglas	22	1000	7000	Transverse, FoS, GSV	Palneedi et al.,
	(bulk foil)				deposition with laser	2017a
					annealing	
	Pb(Zr0.52Ti0.48)O3/LaNi	10	1000	3200	Transverse, CSD	Palneedi et al.,
	O3/HfO2/Ni (bulk foil)					2017b
	FeCoSiB/AlN	6	100	3100	Transverse, All-film,	Greve et al., 2010
			(753)	(737000)	Sputtering	
	Pb(Zr0.52Ti0.48)O3/Pt/Ni	86	1000	772	Transverse, FoS, sol-	Feng et al., 2015
	(bulk foil)				gel	
	(La0.7Sr0.3MnO3/	500-	1000	35-300	Longitudinal and	Martinez et al.,
	Ba0.7Sr0.3TiO3)m	100			transverse, PLD	2012
	2 μm Py/80 μm PZT/2	50	100	240	Longitudinal,	Stognij et al.,
	μm Py multilayers				sputtering	2013
	Pb(Zr0.52Ti0.48)O3/CoFe	600	1000	155	Transverse, FoS, sol-	Wang et al.,
	2O4 (bulk ceramic)				gel	2013b
	CFO/BTO	100	1000	104	Longitudinal, PLD	Zhang et al., 2008
	BTO/Ni (bulk foil)	87	1000	90	Transverse, FoS, CSD	Liang et al., 2014
	NFO/BTO	100	1000	79	Longitudinal, PLD	Deng et al., 2008
	CFO/PZT	6000	1000	70	Longitudinal, sol-gel	He et al., 2009
	PZT film/ CFO	600	1000	60	Transverse, FoS, sol-	Wang et al., 2013
	ceramic				gel	
	300 μm	35	100	60	Transverse, doctor	Srinivasan et al.,
	La0.7Sr0.3MnO3/PZT			(120 K)	blade	2002
	BTO/Metglas/Metglas	20	20	55	Transverse, PLD	Wang et al.,
	foil					2011a
	BTO/CFO (bulk	730	1000	38	Transverse, FoS, PLD	Wang et al., 2008
	ceramic)					
	BTO/NFO	100	1000	37	Longitudinal, PLD	Deng et al., 2008
	Ni0.8Zn0.2Fe2O4/Pb(Zr0.6	0	1000	15	Longitudinal, All-film,	Ryu et al., 2007
	Ti0.4)O3				PLD	
	15 μm NFO/15 μm	2000	194	18	Longitudinal, tape	Patil et al., 2011
	BTO multilayers				casting	
	NFO/BTO	100	1000	12	Longitudinal, PLD	Deng et al., 2007
	La0.7Sr0.3MnO3/Pb(Zr0.5	4000	1000	4	Longitudinal, All-film,	Ma et al., 2007a
	2Ti0.48)O3				PLD	
	BFO/Ni foil	1	200	3.5	Transvers, PLD	Yan et al., 2012
	a The (2-1) type phase connectivity leads to a significantly enhanced α by magnifying the induced voltage
	FeCoSiB -(Fe90Co10)78Si12B10; SLs -superlattices; FoS -film-on-substrate; GSV -granule stray in
	vacuum; CSD -chemical solution deposition			
	Hdc -applied dc magnetic field; fac -frequency of the applied ac magnetic field Hac	

Table 2 . 4 :

 24 Room temperature dielectric and electromechanical properties of bulk oxide ferroelectric materials (from[START_REF] Mitsui | Ferroelectrics and Related Substances[END_REF] 

	Compound	a=b, c	TC
		Å	

Table 2 . 5 :

 25 Room-temperature αme in (1-3) type bulk and thin-film vertical magnetoelectric nanocomposites Component phases

		Hdc	fac	αme	Note	Ref.
		Oe	Hz	mV cm -1 Oe -1		
	PZT-TDE (bulk)	1500	100	500	Longitudinal,	Ma et al.,
					Casting, 1-3 bulk	2007b
					compos.	
	CoFe2O4(core)-	2000	PFM a	29500 a	Transverse,	Xie et al.,
	PZT(shell)				Electrospinning,	2011
	nanofiber				Core-shell nanofiber	
	BFO(pillars)-	2000	PFM a	11000 a	Longitudinal, PLD	Amrillah et
	CFO (matrix)					al., 2017
	on mica					
	25% CFO:PZT/	0	10000	390	Transverse, PLD	Wan et al.,
	Pt/Ti/SiO2/Si					2007
	BFO(pillars)-	-	-	74	Longitudinal, PLD	Amrillah et
	CFO (matrix)					al., 2017
	on mica					
	BFO(matrix)/	6000	1000	60	Transvers, PLD	Oh et al.,
	CFO(pillars)					2010
	35% CFO:BFO/	100	-	20	Transvers, PLD	Yan et al.,
	SRO/STO(001)					2009
	35% CFO:BFO/	100	-	16	Longitudinal,	Yan et al.,
	SRO/STO(001)				PLD	2010
	a					

Table 3 . 1 :

 31 Geometric parameters of the commercial AAO membranes

	Membrane	Thickness	Pore diameter	Interpore	Pore density	Porosity
		tAAO, µm	Dpore, nm	distance	ρpore, pores cm -2	PAAO, %
				Dcell, nm		
	Synkera-1	49±1	100±10	240±20	2×10 9	15
	Synkera-2	48±1	150±10	240±20	2×10 9	35
	3					

.1.2 Second Step of Process: Sol-Gel Deposition of PbZr0.52Ti0.48O3 Tubular Layers

  

Table 3 . 2 .

 32 Reagents and solvents used for the preparation of the stock solution for PZT nanotubes arrays

	Chemicals	Quantities
	PZT nanotube arrays:		
	Lead acetate	Pb(CH3CO2)2 • 3H2O	1.669 g
	Acetic acid	CH3COOH	4.25 mL
	Zirconium n-propoxide	Zr(C3H7O)4	0.9733 mL
	Titanium isopropoxide	Ti[(CH3)2CHO]4	0.5625 mL
	2-Propanol	CH3CH2CH2OH	4.25 mL
	Distilled water	H2O	0.288 mL
	hydrolysis and condensation reactions, followed by the final stirring during ~20 min.
	All chemical products used for the synthesis of PZT stock solution with Pb:Zr:Ti

composition around 110:52:48 are shown in Table

3

.2. The final solution was stored in a refrigerator for one month.

Table 3 . 3 :

 33 Summary of electrochemical solution parameters for electrodeposition of metal alloy magnetic thin films[START_REF] Gamburg | Theory and Practice of Metal Electrodeposition[END_REF] 

	Ni-Fe Permalloy		Fe-Co-Ni		Fe-Co
	FeSO4 or	0.01 mol/l	FeSO4 or	0.01-0.02 mol/l	FeSO4 or	0.2-0.25 mol/l
	FeCl2		FeCl2		FeCl2	
	NiSO4 or	0.50 mol/l	NiSO4 or	0.12-0.15 mol/l	CoSO4 or	0.1-0.15 mol/l
	NiCl2		NiCl2		CoCl2	
	H3BO3	0.4 mol/l	CoSO4 or	0.1-0.15 mol/l	H3BO3	0.4 mol/l
			CoCl2			
	-	-	H3BO3	0.4 mol/l	-	-
	-	-	NH4SO4 or	0.3-0.45 mol/l	-	-
			NH4Cl			
	pH 2.5-3	-	pH 2.5-3	-	pH 2-2.5	-
	CD 4-6	-	CD 3-4	-	CD 3-5	-
	mA/cm 2		mA/cm 2		mA/cm 2	
	CD is a current density				

Table 3 . 4 :

 34 A summary of the synthesis studies of vertically aligned CoxFe1-x nanowire arrays prepared using pulsed electrodeposition technique

	x in	Electrolyte	pH Electrodeposition	DNW	hNW	Dcell	Ref.
	Cox	composition		pulse voltage E	nm	µm	nm	
	Fe1-x			(or current I) and				
				pulse time t				
	40	CoSO4 • 7H2O	3	E1 = 18/18 V;	30	2	100	Ramazani
		(52.971 g/l)		E2 = 0 V;				et al., 2014
		FeSO4 • 7H2O		toff = 10 -400 ms				
		(32.551 g/l)						
		H3BO3 (40 g/l)						
		C6H8O6 (1 g/l)						

Table 3 . 5 .

 35 Pulsed electrodeposition process parameters and geometric parameters of the as-deposited CoFe2 nanowire arrays within thick AAO commercial templates with thickness of ~50 µm

	Sample	Electrolyte composition	pH	Electrodeposition pulse	DNW	hNW
				voltage E (or current I)	(nm)	(µm)
				and pulse time t		

Table 3 . 6 :

 36 Al/Ti/Pt/Ti multilayer sputter deposition parameters

	Steps	Thickness	Power (RF) &	Duration,	Ar pressure,	T, °C
		(nm)	current (dc)	seconds	mT	
	Wafer cleaning	-	RF: 80 W	60	5	15
	Surface activation	-	RF: 60 W	30	5	15
	Ti layer	5	DC: 1A/0.1A	30/120	10	15
	Pt layer	50	DC:	30/300	10	15
			0.5A/0.1A			
	Ti layer	5	DC: 1A/0.1A	30/120	10	15
	Al layer	1000	DC: 2 A/1.5A	30/600	10	3

Table 3 . 7 .

 37 Geometric parameters of the as-prepared alumina templates Sample tAAO µm

		Dpore	Dcell	tbarrier	ρpore	PAAO	Voltage	Widen.
		nm	nm	nm	pores/	%	V	time
					cm 2			min
	Al/Ti/Pt 1.3±0.1	20±5	125±10 70±10	7×10 9	10	60	-
	Al/Ti/Pt 1.3±0.1	70±10	130±10 30±10	7×10 9	25	60	60
	Al/Ti/Pt 1.3±0.1	90±10	150±10	-	6×10 9	35	60	70
	tAAO is a thickness of AAO template					
	Dpore is a pore diameter							
	Dcell is a pore interspacing						
	tbarrier is a thickness of barrier layer					
	ρpore is a pores density							
	PAAO is a porosity of AAO template					

Table 3 .

 3 

	Chemicals	Quantities
	PZT matrix layer:		
	Lead acetate	Pb(CH3CO2)2 • 3H2O	1.669 g
	Acetic acid	CH3COOH	3 mL
	Zirconium propoxide	Zr(C3H7O)4	0.9733 mL
	Titanium isopropoxide	Ti[(CH3)2CHO]4	0.5625 mL
	2-Propanol	CH3CH2CH2OH	3 mL
	Ethylene glycol	OHCH2CH2OH	2.5 mL
	Distilled water	H2O	0.288 mL

9: Reagents and solvents used for the preparation of stock solution for the PZT matrix layers

Table 3 .10:

 3 Comparison of solvents used in the present sol-gel processing[START_REF] Lide | CRC Handbook of Chemistry and Physics[END_REF] 

	Solvent	Surface	Viscosity	Boiling	Vapor
		tension	25 °C	point	pressure
		25 °C	mPa s	°C	100 °C
		mN/m			mmHg
	Acetic acid	27.10	1.056	117.9	400
	(CH3COOH)				
	2-propanol	20.93	2.038	82.3	1500
	(CH3CH2CH2OH)				
	Water (H2O)	71.99	0.890	100	760
	Ethylene glycol	47.99	16.1	197.3	50
	(OHCH2CH2OH)				

Table 3 .11:

 3 Geometric parameters of commercial track-etched polycarbonate membranes Polymer membrane

		Thickness	Pore diameter	Pore density	Porosity	Tracks tilt
		tpolymer	Dpore	ρpore	Ppolymer	angle αtilt to
		µm	nm	pores cm -2	%	film's normal
	PC-1	25	40±5	10 8	20±5	range between -45°→+45°
	PC-2	25	230±10	10 7	20±5	fixed to 25°

Table 3 .12:

 3 Pulsed electrodeposition processing and geometric parameters of the fabricated CoFe2 3D nanowire networks within track-etched commercial polymer membranes with thickness of ~25 µm

	Sample	Polymer	Electrolyte	pH	Electrodeposition	DNW	hNW
		membrane	composition		pulse voltage E	nm	µm
					(or current I) and		
					pulse time t		
		PC-1	CoSO4 • 7H2O				
			(0.1 M)				
	CoFe2		FeSO4 • 7H2O				
		PC-2	(0.14 M)				
			H3BO3 (0.16 M)				

4.10)

  

		T	Time	ms/ms max	ms/ms max	Hc	HC	mr/ms	mr/ms
		°C	h	OOP	IP	OOP	IP	OOP	IP
				µemu	µemu	Oe	Oe		
	PZT 500 -CoFe2	-	-	1	1	141	187	0.07	0.04
	(green line)								
	PZT 500 -CFO	500	24	0.42	0.53	337	480	0.28	0.11
	(blue line)								
	PZT 500 -CFO	600	24	0.20	0.25	1479	1804	0.47	0.50
	(red line)								

Table 4 . 2 :

 42 Effects of oxidation conditions on magnetic properties of the CoFe2 nanowire arrays deposited into AAO membranes Sample (Figure 4.11)

		Dpore	PAAO	# PZT	Tox,	Time,	HC	HC	mr/ms	mr/ms
		nm	%	layers	°C	h	OOP	IP	OOP	IP
							Oe	Oe	
	CFO 500	100	15	0	500 24	423	764	0.60	0.24
	CFO 600	100	15		600 24	588	773	0.31	0.27
	PZT 500 -CFO 500 100	15	1	500 24	355	573	0.48	0.14
	PZT 500 -CFO 600 100	15		600 24	355	389	0.31	0.16
	PZT 500 -CFO 500 150	35	1	500 24	662	716	0.36	0.27
	PZT 500 -CFO 600 150	35		600 24	515	611	0.20	0.22
	PZT 500 -CFO 500 150	35	3	500 24	432	483	0.45	0.10
	PZT 500 -CFO 600 150	35		600 24	1722	1989	0.55	0.52

Table 4 . 3 :

 43 Magnetic properties of CFO 1D nanowires and nanofibers prepared using various techniques

	CFO 1D materials	Tox,	Time,	Dpore,	Hc max ,	Mr/Ms max	Reference
	preparation	°C	h	nm	Oe		
		600 24	150	1804	0.50	This work (PZT 500 -
	Electrodeposition &	600 24	150	1989	0.55	CFO 600 nanocables)
	oxidation inside AAO membrane	500	12 24	200	630 845	-	Carlier et al., 2006
		620 30	100	1900	0.48	Hua et al., 2007
		600 2	60	1600	-	Jung et al., 2005
		600 10	80	1100	-	Yuan et al., 2009
	Sol-gel deposition & crystallization inside AAO membrane	600 -500 10 550 600 2 600 5	150 40 50 20 30	1050 1405 1800 1400 1495 1280	---0.49 0.42	Pirouzfar et al., 2014 Ji et al., 2003 Pham-Huu et al., 2003 Wu et al., 2011
		600 700	4	-	1123 1207	0.33 0.37	Cheng et al., 2011
		450			1802		
		550	2	-	1523	-	Jing et al., 2016
	Nanofibers	650			1430		
	electrospinning & crystallization	700 800	1	-	1162 1098	-	Lu et al., 2014
		500 600	3	-	1117 1185	0.44 0.47	Sangmanee & Maensiri, 2009
		400 0.5	-	1370	-	Xiang et al., 2013

Ferroelectric Characterization of PZT 500 Nanotubes, Core-Shell PZT 500 -CoFe2 and PZT 500 -CFO 600 Nanocables

  

Table 5 . 1 :

 51 Average geometric parameters of BSTO-CFO and BTO-CFO nanocomposites and corresponding room temperature dielectric and magnetoelectric properties (the largest ε33/ε0 and 𝛼 𝐸 are

	in bold)							
	Composites	CoFe2	FE	ttotal	hpillar/	ε33/ε0	tanδ	αE
		hpillar	ttop-layer	nm	ttotal	100 kHz	100 kHz	mV cm -1
		nm	nm					Oe -1
	BSTO500-CFO150	150	300	500	0.3	97±11	0.05	787±87
	BSTO950-CFO250	250	600	950	0.26	163±8	0.09	682±36
	BSTO850-CFO200	200	600	850	0.23	75±4	0.08	506±30
	BSTO550-CFO200	200	300	550	0.36	57±5	0.03	315±29
	BSTO1220-CFO500 500	600	1220	0.41	48±2	0.34	320±13
	BTO850-CFO200	200	600	850	0.23	112±7	0.05	463±27
	BTO550-CFO200	200	300	550	0.36	50±5	0.04	366±34
	BTO1220-CFO500	500	600	1220	0.41	50±2	0.04	211±9
	BTO500-CFO150	150	300	500	0.3	46±4	0.05	186±18
	BTO950-CFO250	250	600	950	0.26	42±2	0.06	92±5

Table 5 . 2 :

 52 Effects of thermal oxidation and PZT layer deposition on magnetic properties of the free-

	standing CoFe2 nanopillar array				
	Sample	Tox,	Time,	HC	HC	mr/ms	mr/ms
		°C	h	OOP,	IP,	OOP	IP
				Oe	Oe		
	CoFe2	-	-	158	294	0.09	0.32
	CFO	600 24	1997	1470	0.46	0.44
	PZT-CFO	650 0.5	2428	2203	0.55	0.54

Table 3

 3 Figures 6.2a,b we remind the ex situ oxidation process of free-standing CoFe2 3D NW networks into the CFO phase. Tilted view SEM images of the CoFe2 3D NW networks with nanowire diameters, DNW, of ~40 and 230 nm, respectively are show in Figures 6.2c,d. The geometric parameters used for electrodeposition of 3D NW networks polymer membranes are summarized in

.11 (p. 112). Figures 6.2c and 6.2d shown the average heights of CoFe2 3D NW networks, hNW, ~5 and 3.5 µm, respectively. Figures 6.2e,f show the tilted view SEM images of the CFO 3D NW networks obtained after the thermal oxidation of the corresponding CoFe2 NW networks in Figures 6.2c

Table 6 . 1 :

 61 Effects of the in situ oxidation conditions on magnetic properties of the 3D interconnected CoFe2 NW network with DNW ~40 nm and αtilt ~-45°→+45° and corresponding PZT-CFO nanostructure

	Sample	Tox, °C	Time, min	Heating rate,	HC	HC	mr/ms	mr/ms
	(Figure 6.5)			°C/min	OOP,	IP,	OOP	IP
					Oe	Oe		
	3D CoFe2	-	-	-	636	521	0.38	0.18
	PZT-CFO	300+650+600	5+30+720	5+2	1227	1074	0.41	0.38

  . (b) Dependence of the magnetoelectric coefficient 𝛼 𝐸 on the volume fraction, 𝑓 𝑚 , of CFO phase, where 𝑢 𝑚 𝑝 is defined as in-plane misfit strain of BTO film (from Wu et al., 2014). (c) Effect of volume fraction, 𝑓, of CFO phase of the magnetoelectric coefficient, 𝛼 𝐸33 (from Jian et al., 2018). (d) Dependence of magnetic field induced electric polarization 𝛥𝑃 3 തതത * on the film thickness, h. (e) Dependence of the magnetic field induced 𝛥𝑃 3 തതത * on the substrate strains (from Zhang et al., 2007). (f) Dependence of the magnetic field induced electric polarization, 𝛥𝑃 3 തതത , on the film thickness, h. From Chen et al., 2011 ......................................................................................... 37 Figure 2.12: (a) SEM image of the CoFe2O4-PZT composite thin film. (b) P-E hysteresis loops of the CoFe2O4-PZT composite thin film. From Wan et al., 2005 .................................................................. 40
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	FMR -Ferromagnetic resonance
	FRAM -Ferroelectric Random-Access Memory
	GI-XRD -Grazing Incidence X-ray configuration
	h -Height
	𝐻 -Magnetic field
	𝐻 eff -Effective magnetic field
	HR-SEM -High-Resolution Scanning Electron Microscopy
	HR-TEM -High-Resolution Transmission Electron Microscopy
	I -Electric current
	K1 -Magnetocrystalline anisotropy constant
	L -Length
	LAMO -La1-xAxMnO3 (A = Ca, Se, Ba, Co)
	LAO -LaAlO3
	m -Magnetic moment
	𝑀 -Magnetization
	MBE -Molecular beam epitaxy
	MD -Magnetodielectric
	ME -Magnetoelectric
	MERAM -Magnetoelectric random-access memory
	MFM -Magnetic Force Microscopy
	MPB -Morphotropic phase boundary
	MPMS -Magnetic property measurement system
	MR -Magnetoresistive
	𝑛 -Volume concentration
	Np -Number of pores
	NC -Nanocable
	NFO -NiFe2O4
	NT -Nanotube
	NW -Nanowire
	𝑃 -Polarization
	PAAO -Porosity
	PNW -Packing factor
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