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Ferroelectric materials have attracted an emerging attention due to their capability of converting external electric excitation into other accessible energy forms such as mechanical force, heat (electrocaloric effect), and magnetoelectric field and vice versa. Thanks to their flexibility, light weight, relatively low mechanical strength, ease of processability into large-area films, polymers materials which possess ferroelectric behavior have been booming recently. Amongst all the ferroelectric polymers, specific interests have been given to PVDF-based copolymers and terpolymers due to their high electromechanical response. P(VDF-TrFE) copolymer has been extensively and fully investigated from the physico-chemical aspect, which are frequently employed in non-volatile memory, sensor and actuator devices, owing to its large ferroelectricity and piezoelectric coefficient. Aiming at improving the global electrostrictive properties, bulk defects were introduced into the PVDF-based copolymer whereby micrometersized ferroelectric domains broke into nano-sized crystal domains. Its ferro-paraelectric transition behavior consequently depended on the external excitation frequency. Therefore, P(VDF-TrFE-CTFE) terpolymer is more likely to be defined as a ferroelectric polymer with a relaxor behavior, exhibiting the outstanding electrostrictive response upon the electric excitation. The electromechanical behavior is closely related to several physical and electric parameters such as dielectric permittivity 𝜀 ′ and mechanical strength 𝑌, all of which heavily rely on the polymer microstructure. This thesis aims to systematically determine how these variables influence the electromechanical behavior of the as-cast terpolymers by means of temperature annealing treatment and plasticization approaches. Additionally, inkjet printed sensors and electronic devices over flexible substrates are of significant interest due to its less production complexity, high throughput and cost-effective characteristics. During this work, inkjet printing technology is considered to be employed for manufacturing flexible large-area sensor networks. The feasibility and maneuverability of the P(VDF-TrFE) copolymer and terpolymer were carefully carried out for a piezoelectric force sensor implementation.

Firstly the influence of the polymer processing on the microstructure-electromechanical properties of the P(VDF-TrFE-CTFE) terpolymers were investigated. The variations of the Curie transition and melting regions were investigated as a function of the annealing temperature and time duration. Crystallinity fraction was shown to increase monotonically with the increase of the annealing temperature. It is not the case for the melting temperature for the corresponding terpolymers which exhibits a two stepwise decrease with a cross point at 90 ℃. Annealing above 90 ℃ caused crystal stacks thickening and a narrow distribution of crystal size. This was evidenced by a remarkably decrease of the FWHM values from ca. 15 ℃ to around 8 ℃. With the help of Atomic Force Microscopy profiles, worm-like crystal nanodomains were observed in terpolymers. Coarse and loose bumpy-like topographic morphology witnessed for the pristine was due to the heterogeneous morphology and flat-on oriented crystal lamellae. Regular needlelike nanometer-sized crystallites and distinct phase boundary suggested the edge-on oriented crystal lamellae in intermediate terpolymers induced by temperature annealing process. Additionally, the dielectric behaviors were studied with the help of broadband dielectric vi spectroscopy and reliably linked to the fraction of interphase region. Electric breakdown failure was examined by applying a high field to the films. Increasing crystal content enhanced the electric breakdown strength. Electromechanical response was finally evaluated with a bilaminar unimorph cantilever beam bender. The tip displacement 𝛿 and transverse strain 𝑠 31 for each annealed terpolymer followed a quadratic-type variation with the applied electric field. 𝛿 maximized at a 37.6% crystal content whilst 𝑆 31 values showed an exponential decay function of increase of crystal fraction.

Besides the electromechanical properties, the dynamics of semi-crystalline (P(VDF-TrFE-CTFE) terpolymers were fully investigated as a function of temperature and frequency, by means of broadband dielectric spectroscopy (BDS) technique. Four types of relaxation regimes were observed over the full dielectric spectroscopy, namely 𝛽 (second) relaxation in the sub-glass state, 𝛼 (segmental dynamics) in the rubbery state, the Curie transition and space charge carrier motions at high temperatures. Constrained segmental dynamics were observed in the terpolymer containing the higher crystal fraction for which a narrow relaxation time distribution was found. These results indicate an increasing average size of the cooperative rearranging region over the crystalline fraction. A decrease of the strength index values also implied a more fragile behavior for terpolymers with a higher degree of crystallinity. An exceptional increase in dielectric strength Δ𝜀 𝛼 was found as the crystallinity increased. This behavior could be explained by an enhanced interphase region (rigid amorphous phase). The Curie transition showed an accelerating relaxation rate for a more fragile terpolymer. Moreover, a motion of the space charge carrier ions was observed in the higher temperature range. Finally, there was evidence that the segmental dynamics in the amorphous phase was responsible for the motion of the space charge carrier ions.

In addition, dielectric and electromechanical response of DEHP-plasticized terpolymer blend were several orders of magnitude enhancement compared to the neat one. An interpretation of this fundamental trend is given on a molecular level by means of BDS technique. In contrast to the negative influence of recrystallization on molecular mobility, introduction of DEHP tends to accelerate the relaxation time and monotonically lower the glass transition temperature, with a rather good consistency with the Fox model. In this case, charge carrier ions translational motion was consequently accelerated and transferred across the phase boundary of the mobile and rigid amorphous phase where the ions piled, rising a huge local interfacial polarization. Therefore, addition of the DEHP plasticizer eventually led to larger dielectric permittivity at low frequency due to the enhancement of interfacial polarization (MWS) and its relaxation peak drifted towards the higher frequency by almost one decade, compared with pure terpolymer matrix.

Inkjet printed electromechanical devices based on terpolymers are an alternative way to fabricate force sensor networks. The ink jettable parameters were firstly adapted to the rheological behavior of the polymer solution ink. The inkjet printing protocol for ferroelectric P(VDF-TrFE) copolymer and electrostrictive P(VDF-TrFE-CTFE) terpolymer were then carefully optimized. The piezoelectric copolymer force sensor has to be poled prior to its calibration or its application as an impact force sensor device. A large remnant polarization 𝑃 𝑟 is obtained, resulting in the excellent piezoelectric behavior. Inversely, a force sensor device made vii with an electrostrictive terpolymer is neither necessary to be poled and nor exhibit large remnant polarization. In this regard, an indispensable electric field bias is compulsory to induce the polarization. It is remarkable that for a given electromechanical performance the bias electric field for an electrostrictive terpolymer is much lower than the corresponding poling electric field for a copolymer. It is also observed that the properties equivalent to the corresponding ferroelectric copolymer can be obtained for a bias electric field as low as 7.5V/μ𝑚. These results show definitely the feasibility of low cost printed terpolymer electromechanical devices with performances comparable to the ferroelectric copolymer once at the expense of only a fairly low electric field bias. These findings are rather promising for the moment, although future work goes to the fully printed and multi-stack structured large area polymer electronic device networks with the aim of the enhanced mechanical energy density.
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Chapter I Force Sensor and Inkjet Printing Functional Layers: the-state-of-the-art

I Introduction

Force sensing element plays an important role in the fields where the response has to be reacted in real world. Thanks to the nature even small living creatures are capable of perceiving the external wide range scale magnitude of force owing to their large numbers of mechanoreceptors. So are human beings which respond to an external stimulus and react with corresponding manipulation with the help of force sensing system embedded in our skins.

Inspired by the nature, extensive researches have been carried out by pioneers to understand the underlying working principles and further fabricate several sensor prototypes depending on the potential end implementation so far. In parallel the stimuli output actuators which behaves the reversible functionality than force sensors are also being addressed, mostly known as the artificial muscle. Recently, specific characteristic demands such as sensitivity (nN), accuracy, power-toweight to some pitch quality are required [1,2], to fulfill the requirements in application fields of robotics [3,4], electrotextiles [5][6][7], minimally invasive surgery [8,9] in clinical treatment and so forth, which literally act as a driving force to the sensor technologies.

In this chapter the author provides an overview of force sensor technology, concerning the fundamental consideration of a force sensor design and its working principle, accompanying with the description of advantages and demerits of each concept and the state of the art of force sensor researches all walks of life, with the primary emphasis on piezoelectricity based force sensor as basic principle employed in our present mechanical sensor device.

II Force Sensor Mode (Transduction Principles) II. 1 General Overview

A sensor is defined as a device that is able to respond to some kinds of input physical stimulus and convert this stimulus into unique output signals, compatible with signal processing circuits which ensure the signal readability. Here it should be noted that the physical sensory inputs are not only confined as mechanical stimulations, but also heat change (pyroelectric) [10], chemical oxidation-reduction [11], phototronics (ZnO) [12] and so forth. Compared with these sensory input stimulations, force sensor is more likely to function in a contact sensing mode. For example, the complex mechanical force such as the vibration is usually characterized with specific frequency, amplitude and phase as the identified information. The sensory components, acted as an intrinsic sensor, should be embedded or attached to the vibration body seamlessly in order to in situ or real-time monitor the mechanical information carried by the vibration, in particular in field of microelectronic packaging industry [13]. Such intrinsic force sensors were also utilized in field of nondestructive component detection or noncontact interface, for instance acceleration and motion control. On the other hand, extrinsic sensors appear to be mounted the contact interface sites and engage with touching incident. On basis of these purposes, force sensors are designed taking into consideration of "the values" and give rise to some key specific interests of sensor characteristics, declared as sensitivity, accuracy, resolution, response time, full-scale application span, etc to evaluate the sensor performance. And these characteristics strongly determine the selectivity of sensing materials by the physical nature or configuration of a sensor, which in turn affect the reliability of the sensor performance. For instance, the MEMS cantilever force sensor harnessed for Atomic Force Microscopy (AFM) profile acquisition can measure the finest atomic scale force of several nanoNewton while the reliability of mechanical structure of an aircraft or space station can also be manifested by the giant measurement scope of force sensors. The force simulations, behaving similarly to the heat, optic, electric and magnetic stimuli, carry the information as an example of mechanical vibration mentioned previously. It should be noted that the sensors family were categorized according to these external simulations and so as for the force sensors. The latter ones mainly are the acceleration, torque and pressure sensors. Normally, the feedback signal reflects the characteristics of the force applied, but sometimes this is not necessary. In such circumstance, Force sensors could be classified as two groups, quantitative sensor and qualitative one [1]. The Quantitative sensors give the full information in term of the electric signal output in most cases whereas the qualitative sensors function as the output signal surpassed the predetermined percolation threshold values, for example, the haptic sensing device mounted on touch screen portables where the accurate force values were not indispensable [14].

Moreover, a constant force applied is barely routine, far less than the varying frequency and amplitude coexisted. And recently force sensors do not serve the sensory device solely, but they usually coupled with the thermal and humidity [15][16][17]. A rather good examples of tactile sensing system of human fingertips presents the force and thermal perceptible capability simultaneously.

As motivated by human skin, specific interest is given to the humanoid robotic gears, such as medical treatment, rehabilitation involving prosthetic limbs and implantation of artificial organs. More recently, anthropomorphic robot arms for surgical operation were developed which can perceive the biomechanics and tissue disease [18][19][20].

Since a sensor is a converter capable of transforming the nonelectric energy into an electric signal, one even multiple transformation or change steps were required prior to an electric signal output. This converting process can be direct or indirect. The passive sensors are defined as a direct convertor which can generate the induced charges underlying specific physic effects such as pyroelectric, photoelectric and piezoelectric sensors and do not rely on the external power supply. Nonetheless, the active force sensors perform with the requirements of external power alimentation as a necessity. The inherent parameter of the sensors was modified in response to the external excitation. And these physical properties can be subsequently switched to the readable electrical signal. The output electric signal is supposed to be the values which are encoded in an algorithmic approach. The data processing part will be discussed later on. For example, a strain gauge force sensor can measure the tensile strength based on the resistance-modulate behavior. The resistance of sensors changed upon the sensor deformation and led to the variation feedback of electric current of external power source. Apart from active force sensor based on resistance, the sensors in response to the force excitation rely other transduction principles such as capacitive, resonant frequency, optical and electromagnetic methods. In following chapter, the most commonly employed transduction principles in force sensor systems were described. Meanwhile, the state of the art of each method was also summarized.

II. 2 Piezoresistive Effect Based Sensor (active sensor)

Generally, electric resistance is determined by the materials in nature and its dimension regardless the flow of charges in conductive materials. When a mechanical stimuli was applied upon the conductive material, its dimension changes and assists to counteract the geometric deformation apparently. And its electric resistance varied due to the change of flow of charge which is responsible for the variation of specific of resistance [1]. Having the quite similar behavior as cardiovascular circulation of human body, blood flow was blocked and weakened if there occurs an aneurysm [21]. Charge flow was to some patch modified upon the deformation of a conductor induced by external force application. Subsequently, the electric resistance variation Δ𝑅 can be detected being related to the applied force according to a piezoresistive or elastoresistive effects [22,23]:

Δ𝑅 𝑅 = ∑ 𝑑 𝑖 𝑇 𝑖 = ∑ 𝑑 𝑖 𝑌 𝑖 𝑠 𝑖 I.1
where 𝑅 and Δ𝑅 are the original resistivity of resistor and variation of specific resistance respectively; 𝑑 𝑖 is assigned to piezoresistive coefficient and 𝑇 𝑖 represents the external force (stress) applied. 𝑌 𝑖 and 𝑠 𝑖 are the Young's modulus of piezoresistor and strain induced by stress for each component, respectively. Piezoresistive effect of monolithic metal wire was firstly reported in year 1895 and later was used for force sensor since the giant piezoresistive effect in silicon and germanium was discovered in year 1954 [24]. Materials for force induced resistor were classified in nature as metal, semiconductor and elastic polymers. Piezoresistive effect could be employed to fabricate the force sensor depending on a functional relationship between the induced strain (or geometric deformation) and applied force.

The performance of a piezoresistive sensor can be determined by the sensitivity, referring to the variation of the specific resistance to the force induced strain 𝑠 𝑖 and also rely on the shape of piezoresistor. It has been reported that the gauge factor ( Δ𝑅 𝑅 /𝑠 𝑖 ) of metallic filaments as a piezresistor ranges from 2 to 6. For example, Copper (Cu) and Nickel (Ni) alloy presented a constant sensitivity value of 2 over wide range of strain within limited temperature range, while platinum alloys possess a higher sensitivity of ~5 under rather high temperature environment.

Silicon, a typical representative of semi-conductive materials shows ultrahigh sensitivity up to 150 [25]. Higher sensitivity gives better accuracy in theory only in case of good design concept.

Aiming to obtain good sensitivity, a strain gauge like alloys piezoresistor were designed firstly in 1938 and has been fundamental sensing elements for many applications involving pressure sensor, load cells and torque sensor, etc. As presented in plastic backing and is quite long in longitudinal while short in transverse direction. The elastic backing is electrically orthogonal with piezoresistor and carries the force, the scope of which scaled strongly depending on the tensile strength behaviors of elastic backing materials thanks to the constant Young's modulus upon the elongation before reaching the yield state. The strain gauge force sensors were stuck to the object and ensure absence of displacement between sensor and object. Since alloys have been used for the piezoresistor, there rises a challenge that the temperature would change the resistance values of a fabricated pieoresistor force sensor. And the variation of resistance upon force can be precisely evaluated by quarter Wheatstone bridge circuit [26,27]: Force F was applied upon its free end perpendicular to beam in-plane. The range of gauge force is associated with size and shape of cantilever for a given beam material. The electrodes a and b were connected to the Wheatstone bridge circuit for measurement.

Compared to a stretch mode along with the longitudinal direction, milliNewton (mN) force can be measured more precisely by a cantilever beam mode with the help of piezoresistive force sensor mounted. The basic structure of force sensor system is presented in Figure I. 3. A high sensitive piezoresistor with its end was mounted onto a cantilever beam. In order to ensure good adhesion, varying materials deposition methods were carefully chosen. When a force is applied normal to the beam, the longitudinal length of piezoresistor is forced to be enhanced because of a stretch mode. Meanwhile, the length was compressed as cantilever bean was tilt due to an upturn applying force. By optimizing the beam materials (plastic, ceramic, Al, etc) and dimension thereof, wide range of force values can be measured. Hansu Birol et al. [28] introduced a cantilever force sensor with a single belt resistor attached as sensing element. 200 𝜇𝑚-thick dielectric ceramic thin-layer was coated on the Alumina substrate in a Low-temperature co-fired circuits (LTCC) method. Such cantilever force sensor has a sensitivity of hundreds of millinowton scale. Riadh Lakhmi et al. [29] further developed a millinewton force sensor based on Hansu Birol's cantilever force sensor. The glass-ceramic ink was chosen as a beam materials which was firstly screen-printed on the Al2O3 substrate. Piezoresistor inks was then printed on the beam and followed a sintering process at 850 ℃. The pieozresistive strain gauge was finalized by an etching step to the screen-printed shape-integrated piezoresistors. The novel fabricated sensor turns out to possess a greatly enhanced sensitivity of several millinewton (mN), with detectable force range of 0.1-4.3 mN.

Another screen-printed millinewton piezoresistive force sensors were fabricated in a simple and low cost way by Xinyu Liu et al [30]. The manufacturing process and the sensor prototypes were presented in Figure I. 4. The conductive carbon inks was printed onto the paper based hydrophobic cantilever beams. The novel MEMS force sensor can be folded into 3D dimension with high stiffness and anisotropic responses but lightweight. The force sensor was used to measure the mechanical behavior of soft materials such as polymers also demonstrated a surprisingly high sensitivity. The tunability of the sensitivity was closely dependent upon the dimension of paper beams which can be shaped arbitrarily. However, its drawbacks narrowed its application filed since the resonant frequency is quite lower to the kilo-scale Hertz of siliconbased cantilever beams. High force sensitivity can be also achieved by using an ultrathin strain gauge piezoresistive force sensor. M. Gel and I. Shimoyama proposed an ultrathin piezoresistor based on the submicrometer-thick cantilever beam using a micromachining technology [31]. The multilayer cantilever beam consists of self-sensing silicon piezresistive cantilever and insulator backing materials. A piconewton force was applied by using a piezoelectric actuator and the resistance of the self-sensing beam was monitored by lock-in amplifier, corresponding to nanometer scaled displacement. Such ultrathin cantilever beam sensor was potentially used for biomedical application. R. Mukhopadhyay et al [32] also developed a feasibility of the piezoresistive cantilever force biosensor. The commercially available cantilever beam, with a piezoresistive sensor in-built embedded, was functionalized with 12-nucleotide ss-DNA sensor (S) probes by a robust inkjet printing technology. The cantilever sensor assay can measure the nanomechanical response of the DNA hybridization process according to a drift electric voltage of the embedded piezoresistor (see quarter Wheatstone bridge circuit).

Multiple-axial force sensor were designed and fabricated based on the piezoresistor by Lucia Beccai et al. [19]. The piezoresistors consists of four-axial p-type silicon based resistor units which are perpendicular each other in a cross-shape. Each with its one end was tethered to a high aspect-ratio cross-shape flexible element equipped with a 525 𝜇m high silicon mesa as presented [19] (a). Intact 3D piezoresistive force sensor prototype where the strain gauge mounted onto the Ti-foil cantilever beam. The schematics also show two rotational degrees of freedom of the device for eliminating cross-talk [33].

normal force and high sensitivity of 0.032 ± 0.001 N -1 was achieved. Finally, elastic polyurethane polymer has been used to micro-force senor packaging to obtain a smart interface in biomechanical measurement. Kai Kristiansen et al [33] proposed a novel 3D sensor device for AFM profiles. The piezoresistor consisted of a probe centrally located in a spring shaped like a symmetric cross, corresponding to four symmetrical Ti-foil cantilevers having a common probe tip as shown in Figure I. 5b. The four piezoresistive strain gauge elements were placed close to the clamps of the fixed ends of the spring cantilever beam and are able to simultaneously and linearly measure both normal (out-of-plane) and lateral (in-plane) forces orthogonally with wide force range of <1 nN, ~10 𝜇𝑚 and ~1mN for micro-, meso-and macroscale force sensor, respectively. The force sensor was examined by measuring the storage modulus of cross-linked polymer P(dimethylsiloxane) (PDMS) and the measured storage values was consistent with the values found by other characteristic technique.

Besides, other models have also been reported using the piezoresistive rubber force sensor transduction method. Liyun Guan et al. [34] developed a novel force sensor mode. The feasibility and realization of stretchable sensor based on conductive ionic liquids deposited onto two horizontal rubber fibers have been investigated. The ionic liquid wetted amid the rubber fibers shows the strain dependence of specific resistance, which making it possibility to act as a high sensitive force sensor even down to 1% strain. Subsequently, the qualitative force sensors were adapted to monitor the human-motion to diagnose the Parkinson's disease and potentially could serve the sport aspect. A piezoresisitor tactile force sensor array involving cross-sectional warp and weft yarn metallic wires (rows and columns) were reported by Makoto Shimojo et al. [35].

The metallic cables were stitched into conductive rubber which separated the cables at their cross point. The tactile force sensor array textile, attached to the humanoid robotics, were calibrated and showed rather good performance in response to pressure/force in the range of 0-200 kPa. However, the readout resistance signal was 1 millisecond (ms) phase delay to the applying force, while this must be due to the viscoelasticity of the rubber in nature.

II. 3 Capacitive Sensor (active sensor)

Capacitor generally consists of two conductive electrodes which are isolated by insulators such as flexible silicone, dielectric polymers or commonly-used millimeter-scale air gap layer.

And it can be recharged and stock a quantity of changes on which its capacitive performance is strongly dependent. For a given capacitor, the capacitance value is described as a function of variables, those are, the gap width between two adjacent electrodes 𝑑, total effective electrode area A, dielectric constant of insulator 𝜀 𝑖 and number of capacitor elements 𝑛, etc [1,36]:

𝐶 𝐼 = 𝑓(𝑡 𝑖 , 𝐴 𝑖 , 𝜀 𝑖 , 𝑛)

I. 3
In most cases, the electrodes of capacitive force sensors are in parallel dimension whatever plate or cylinder shaped. A capacitance of an absolutely parallel-plate capacitor can be termed as

𝐶 𝑝 = 4𝜋𝜀 𝑟 𝜀 0 𝐴 𝑡
, where 𝜀 𝑟 is the relative permittivity of space filler amid the both electrodes and 𝜀 0 is permittivity in vacuum; 𝑡 represents the distance between two electrode plates; here the electrode edge effect is negligible since the overlapping area of electrode 𝐴 ≫ 𝑡 2 . The distance 𝑡 between the electrodes is usually lower, as the inverse relation between capacitance and gap between electrodes is highly non-linear and the sensitivity drops significantly with larger gaps.

An applied force which is normal or lateral can cause somewhat variation or displacement of conductive electrodes and the capacitor responds with a change in its capacitance. The schematics of capacitor on each status were presented in Figure I. 6. Such capacitance drift makes a capacitor element possible to be employed as a force sensor in theory. Technically, the normal force tends to alter the distance between the parallel electrode plates while the tangential force changes the overlapping electrode surface area. The force sensing principle will be described following. The force induced changes of capacitance value were usually not measured directly. Instead, the displacement or deflection of capacitor conductive plate caused by applying force gives the capacitive contrast of the electric elements, which is eventually converted into an electric signal in a much more accessible measurement mode, that is, output voltage 𝑉 𝑜𝑢𝑡 = 𝑉 𝑟𝑒𝑓 ∑ ∆𝐶 𝑃

𝐶 𝑝

, where 𝑉 𝑟𝑒𝑓 is the voltage supply for capacitance measurement [37]. It has also been well-known that capacitance and gap between electrodes is highly non-linear and the sensitivity drops significantly with larger gaps. However, induced capacitance is more likely to be linearly dependent on in-plane force.

Self-capacitance force sensing devices were designed as a qualitative tactile touch force sensor with only one conductive plate serving into the capacitance measurement circuit. The naked or metallic plate exposing to the surroundings were taken another electrode. When a conductive object touches the capacitive force sensor, the capacitance difference relative to the ground values was measured. Such capacitor is easy to design and fabricate, although their drawbacks are pronounced, such as nonstable reference capacitance value, non-directional electric field leakage, tremendous parasitic noise, etc. More capacitive force sensor modalities were based on the mutual capacitor. Lucie Viry et al. [38] proposed a simple capacitive 3D force sensor prototype. The force sensor consists of the sole shared top electrode and four metallic square bottom electrodes which were arranged similar to the square individually, having the identical distance mutually. The electrodes were both embedded into the flexible PDMS micrometer layer and was separated by both 150 𝜇𝑚 air gap and fluorosilicone dielectric insulators stacks. The out-of-plane component 𝐹 𝑥 of the three-axial applying force was evaluated readily according to a conventional approach (Figure I. 7a) while the on plane components 𝐹 𝑥 and 𝐹 𝑦 caused a horizontal slip of top electrode and yielded a variation of overlapping area of top and bottom parallel-plates which gave rise to the capacitance discrepancies. As expected, the nonlinear plot of normalized capacitance variation against normal component of applying force values was obtained, the segment of which presented a strong force dependence of sensitivity. An excellent linear relationship between tangential force and the force induced capacitance change was observed although a somewhat initial force need to be applied in order to overcome the static force due to capacitor structure. Rachid Bekhti et al [39] reported a compact and cost-effective 3D force sensor based on the almost the similar concept as Lucie Viry's except an optimal space filler materials as presented in Figure I. 7b. The reliability of the three-axial force sensor was realized by applying a low-magnitude force of different directions. A good linearity of capacitance to versus force applied was a result according to standard linear least-squares method. In addition, the sensitivity and sensor resolution smoothly depended on the dielectric behavior of the insulator layer. Keekyoung Kim et al. [40] reported a capacitive strategy to the monolithic MEMS-based microgripper with integrated force feedback along two axes. The motions of gripper arm, with movable one, were handled by V-beam electrod-thermal actuator in millionmeter sensitivity. The contact force of micrograpper was monitored by the longitudinal capacitive force sensor with comb-like parallel-plate metallic electrodes while gripping force was measured by an altitudinal comb-like force sensor. After sensor calibration using a precision microbalance, the resolution of contact force between the microgripper and substrate is turned out to reach a high level of 39.5 nN with seconds. Meanwhile, the gripping arm in altitudinal direction was also calibrated. Finally, the feasibility of microgripper implementation on micromanipulation of micrometer-sized porcine cells was presented and the validation experiments resulted in a high level of sensitivity of nanonewton (nN) force scale. Xu et al. [41] designed and fabricated a microgripper with dualaxis force sensing ability based on a comb tooth like capacitive force sensors. Compliant rotatory and linear guiding flexures were the basic working principle of such microgripper. The sensors proposed were capable of gripping force sensing and environmental interaction ability upon each orthogonal force direction. Prior to practical implementation, its performance and effectiveness were verified by precisely calibrated. Feasibility of the developed gripper device are validated through the experimental investigations on gripping a human hair eventually. 

II. 4 Piezoelectric Effect Based Sensor (passive sensor)

In previously section (PVDF-based polymers), we summarized that piezoelectric effect has been used to describe the phenomenon which possesses an electric and mechanical transduction method in many material kinds. This coupling effect was firstly found for the natural crystal such as quartz and potassium sodium tartrate tetrahydrate, the latter also known as Rochelle salt. These materials are able to yield the internal electric displacement or surface charge in response to the external applied mechanical stress. Over the decades, ceramics, polymers and liquid crystals have been successively unveiled and presented rather strong electromechanical transduction behavior due to a large piezoelectric effect, which is also defined as the well-known inversely piezoelectric coupling effect if a material is mechanically actuated under the application of the electric field 𝐸.

The materials which coupled with electric field are likely to serve as an actuator potentially.

Likewise, the piezoelectric effect confers materials the possibility of design and fabrication of a force or pressure sensor. And the sensing elements are in theory passive. That means the external power supply is not mandatory to operate the function of the piezoelectric force sensor, rather than the elements based on the piezoresistive and capacitive transduction methods [1,2,15]. This passive feature makes the force sensor reliability and high efficiency due to no depletion of ponderous power supply system. This gives tremendous advantages to miniaturize the microelectromechanical system such as portable and wearable equipment.

In most cases, piezoelectric force sensor is capacitor-like transducer with sensing layers sandwiched between two conductive electrodes. The mechanically induced electric displacement (charge or voltage changes) can be measured in two accessible ways: real-time output current 𝐼 and voltage 𝑉. The latter in correlation with applied force 𝐹 can be given as following expression [14,21]:

𝑉 = 𝑄 𝐶 ≈ 𝑑 𝑖𝑗 𝑡 4𝜋𝜀 0 𝜀 𝑟 𝐴 𝐹 1. 4
where 𝑄 is the charges yield; C is the capacitance of parallel-plate piezoelectric device; 𝑑 𝑖𝑗 represents the piezoelectric coefficient along or normal to the piezoelectric force sensor in-plane; 𝑡 and 𝐴 are the respective thickness and overlapping surface area of electrodes of a capacitor. For a given material, the sensitivity of piezoelectric force sensor is determined by 𝑡 𝜀 𝑟 ⁄ cluster.

Aiming at achieving high sensitivity, the layer thickness value 𝑡 should be desirable thick which highly relies on the fabrication process. In some cases, force sensor was used at limited place where small size of force sensor was demanded such as tactile sensing of robotic fingertips. 𝜀 𝑟 is wanted large enough, originating from the dielectric material in nature. The indicative parameter, piezoelectric coefficient 𝑑 𝑖𝑗 , contributes much to the sensitivity and must be as large as possible.

Previous section described that when a stress was subjected to the piezoelectric materials in thickness mode (𝑑 33 ), the short circuit leakage current 𝐼 is simplified as 𝐼 = 𝑑 33 𝑌𝐴 𝜕𝑆 1 𝜕𝑡 [42]. The output current is detectable if the differential of the mechanical strain of capacitor like force sensor is not equal to 0. So the piezoelectric force sensor only functions when there is a dynamic force. If the applying force maintains constant value, the charge or current returns to the reference value of zero.

To ensure high sensitivity, specific interest has been given to the materials with high 𝑑 33 and 𝜀 𝑟 . Crystals, semiconductive compound have been widely used as a sensing material due to high dielectric permittivity and piezoelectric coefficient 𝑑 33 value [43][44][45][46]. The first piezoelectric force sensor was based on quartz crystals element. Because of its stiffness and high Young's modulus, the quartz crystal sensing element was used where large strength of force applied. However, dielectric and piezoelectric behavior of quartz were not so high enough that high force sensitivity could not be achieved. Thus, ceramic perovskite has attracted much attention, in particular Lead Zirconate Titanate (PZT) which has a utmost large dielectric constant of ca. 10 4 at room temperature [47]. Moreover, this output signal (I or V) has always been quite small value with nanoampere (nA) or microampere (mA) for certain microelectromechanical device. Therefore, electric amplifier was aligned with sensing elements optionally so as to improve the linearity, reliability and high signal-to-noise ratio.

A large number of force or pressure sensor prototypes based on perovskite ceramics were proposed. Canan Dagdeviren et al. [47] introduced a conformal amplified force sensor array using PZT ferroelectric ceramics integrated with a construction of silicon metal oxide semiconductor field effect transistors (MOSFETs) on the flexible elastomer silicone. PZT sensing layers were connected to the gate of transistor which allows feedback signal processing. The piezoelectric pressure sensor was employed to measure the subtle changes in arterial pressure using devices mounted on the skin which is valuable for monitoring vital signs in emergency care, detecting the early onset of cardiovascular disease and continuously assessing health status. Ultrathin inorganic [47]; figure in middle showing the large area of lesion of human skin with (lower) or without (upper) a mounted biomechanical force sensor device; a small lesion spot mounted with or without a nanoribbon force sensor system [48]. piezoelectric and semiconductor materials on elastomer substrates enable amplified, low hysteresis measurements of pressure on the skin, with high levels of sensitivity (~0.005 Pa) and fast response times (~0.1 ms). Recently, the same authors [48] proposed a series of materials and design concepts that allows for in vivo measurements of viscoelasticity in the near-surface regions of the epidermis through the use of ultrathin, stretchable networks of mechanical actuators and sensors constructed with nanoribbons of PZT ceramics. Soft, reversible lamination onto the skin enables rapid, quantitative assessment of vis-coelastic moduli, with the ability for spatial mapping. The newly fabricated force sensor systems can provide precise and reproducible evaluation of mechanic behavior for wide range of bottom materials and conditions. Applications in vitro with mock and ex-vivo skin preparations under varying conditions and in vivo on human subjects, collected at various locations over all main regions of body, under both nor-mal conditions and following administration of pharmacological and cosmetic (moisturizing) agents, demonstrate the capabilities. Experimental validation for biomechanical inspection was extended to the general organs of living bodies, exhibiting the broad applicability and adaptability to all parts of body. The schematic representations and experimental photographics were shown in Figure I. 9.

The supports of force sensor have not always been flat and stiff in reality. Although large amount of outperformed force sensor prototypes were constructed using the stiff PZT sensing elements, there rises challenges if the supports of the sensing system have the more complex surface characteristics, such as human fingertips. Deformation of the supports also might cause dysfunction of the sensing elements during in case of motion, even though the soft and flexible polymer foils were used as a force sensor substrate. Thanks to its flexibility, fast response and ease of processibility, PVDF-based fluorinated polymers enable to give special advantages in flexible force sensor implementation and can be compatible with signal processing integrated circuit. Deok-Ho Kim et al. [49] presented a superelastic alloy (NiTi) microgripper with integrated electromagnetic actuator. Ability to measure the millionnewton (mN) scale force was realized by an integrated PVDF piezoelectric force sensor. The beam of the microgripper with one end for manipulation of the object, was connected an electromagnetic actuator and operated by compliant configuration. Biocompatible Parylene layers PVDF force sensing elements were mounted to the beam tips, which gives the microgripper capability of manipulation of biological cell. Prior to the integration of the microgripper, the actuator and force sensor system were calibrated and high sensitivity of hundreds of millinewton (mN) was achieved consequently. Ravinder S. Dahiya et al. [50] reported a piezoelectric tactile force sensor integrated with oxide semiconductor FET using P(VDF-TrFE) copolymer as gate insulator layers. This device was electromechanically coupled with tactile force via an integrated field effect transistor which served as a signal-modulator as shown in Figure I. 10. The compact tactile force sensor could be embedded in soft and compliant elastomers for human-machine interface sensing elements. 

II. 5 Summary

In this section we described the three mainly available transduction methods functioning on the force feedback sensor device and reviewed the state of the art progress of these conversion forms on the microscale newton characterizing in microelectromechanical, microelectronics, biological and medical device application fields as summarized in Table 1 1. However, specific characteristics upon the sensor device were demanded to fulfill the harsh requirement, such as high sensitivity, fast response, flexibility, reliability and ease of manufacturing, etc. Thus, the printing technologies have been adapted, aiding and revolutionizing the burgeoning field of flexible/bendable sensor devices. In this current study, inkjet printing, one of the emerging and promising sensor manufacturing techniques was employed. Next section will give an overview of inkjet printing technology and its printing counterparts.

III Printed Electronics Technologies

Printing is defined as a reproduction process in which printing ink is applied to a printing substrate in order to transmit information (patterns, graphics, texts, etc) in repeatable forms using an image-carrying medium. This sophisticated technique has been extensively developed for the media products and packaging industries over more than one hundred years. Recent years saw a specific interest given to the printed electronic devices as well as force sensor, which raised the challenges and problems for manufacturing and fabricating field. Due to its simplified processing procedures, fast prototyping, low volume materials using, ease of pattern transferring principle, printing technologies provides an alternative manufacturing route to low-cost and large area printed electronic devices and transducers, such as organic thin film solar cell [51,52], transistor [53,54], sensors [55,56], light emitting diodes [57] and RFID tags [58,59]. On one hand, printing electronics simulated the specific demanding in advancement of bandwidth of information carrier materials, paving the way to explore large area multifunctional printed electronic devices, seemingly depending on the aim of end applications. This could also give the numerous possibilities and complimentary materials for their deposition. On the other hand, various printing techniques have also offered a plenty of opportunities and roadmap for a selected functional materials such as unique flatbed patterns, 2D and 3D micromaching electronic devices. Fortunately, a number of printing technologies have been developed to deposit a wide range of materials on versatile substrate which are ubiquitously non-planar and flexible.

Generally, for a typical process of printing electronics, printed material was firstly treated and modulated with digital information, and then delivered upon the desired position on the substrate by various printing technologies. According to the materials transferring process, printing techniques could be classified into two main groups: contact and non-contact printing. In a contact printing technique, digitalized materials carrier or distributor system was in physical contact with the flexible substrate to afford the realization of materials transportation. Several prevalent printing technologies with regard to the contact principles involve the gravure printing, flexographic printing, lithography/offset printing, microcontact, etc [51,60,61].

The distinctive feature of gravure printing technology is that the information elements are engraved on the surface of the functional inks delivery system like the rotary metallic cylinder by employing the electromechanical gear. The information inks were then trapped in the engraved microcells and reproduced to the substrate as presented in Figure I. 11b. Fast and high throughput production are highlighted for gravure printing in a roll-to-roll (R2R) extended streamline mode [62]. However, the main limitation is also manifested. Engraved module is forced to be compressed against the auxiliary rotary cylinder and might give damage to the substrate and engraved information carrier, resulting in low resolution and incomplete patterns. Inversely, flexographic printing technologies employed an embossed information carrier layer [60,63]. This relief elastomer (e.g. rubber and PDMS) layer is usually prepared by the lithographic etching method. When the printing proceeds, an auxiliary ink delivery system is engraved microcell arrays allowing a reliable transfer of the functional inks to the digital embossment on the cylinder surface. Last printing step shares the similar ink delivery system with the gravure printing technology and schematic representation is presented in Figure I. 11a. Such printing technology is compatible with a wide range of the inks and therefore results in the uniform thin ink layers, offering the improved pattern reliability and sharp edges than gravure printing features. Moreover, lithography technology is also a robust and deeply developed printing technique [51,64]. The pattern to print is transfer to the plate cylinder by complex and successive surface micromachining technologies, which also rise out of the pristine printing plate. Meanwhile, blank ink spots were offset by orthogonal aqueous dampening solution or waterless silicone system.

Besides as stated classic contact printing technologies, some emerging inks transfer techniques such as micro-contact [36], nano-imprinting [65] and transfer printing [66] technique are developed for the future trend of successfully and fully flexible printed electronic device. Gear-like ink transfer system was zoomed. Adapted from the illustration provided by the literature [60].

The non-contact printing processes could be explained by two means. The first one which differs from the contact printing technologies describes that the inks delivery system does not touch with the substrate. The most popular and matured non-contact printing technique is screenprinting. In Figure I. 12, the basic principle of this printing is based on a screen stencil, allowing viscous or colloidal inks pass through, whatever in a flatbed or high throughput sheet-to-sheet or roll-to-roll processes. Ink poured inside the stencil was squeegeed and forced to transfer through the screen to the beneath substrate supports. This printing technique also deals with high viscosity ink solution, making it very step-consuming and expensive for maintenance and clean. Additionally, although less capital was invested into the screen stencil printing, the print quality and characteristics were closely depending on a plenty of factors during pre-patterned and printing step, such as high resolution screen pattern, mesh size of stencil, printing force and speed, etc. The second one is an emerging direct patterning technology. The materials are deposited through a print head which is able to transpose the digital information into program controlled human-machine interface platform. This direct patterning also gives possibility of drop-ondemand materials deposition, affording more complicated and miniaturized electric devices. Amongst all the direct patterning techniques, contact free inkjet printing has undergone the rapid development in printed electronics. Such technique uniquely copes with liquid ink solution, firstly transported and stocked in the microchamber. Ink solutions, often as a train of droplets, were expelled out of printing nozzle by thermal or electromechanical actuators at precisely controlled location. The droplets then detached with nozzle orifice and hit the substrate in a stable trajectory. A successful inkjet printed pattern was the result of compatibilization of ink rheological parameters with drop ejection system and wettable substrate. Having described each printing techniques, it is a critical issue to develop the printed materials in terms of excellent specific rheological behavior and physical nature point of view.

Potentially printable materials employed in printing process can be divided into three large group of families involving conductor, semiconductor and dielectric insulator based ink solutions. Each family can be categorized as ink solutions and suspensions, depending on the printing technologies and low-cost and long life-time of printed electronics. Single compound ink formulations are not always suitable for printing manipulations. Hence, chemical and physical modifications of the ink formulations have been made in order to fulfill the requirement of stability and high quality of printing patterns. For example, cosolvent system is able to minimize the coffee-ring effect in the printed patterns, which is the common problematic issue in the ink solution-based printing technologies. Besides, hybrid ink materials have also been developed in an attempt to compensate the dwarfed electrical property. Printed electronic circuits using carbon nanotubes (CNTs) doped PEDOT:PSS inks presented the orders of magnitude increasing electrical conductivity.

Amongst the different printing technique as stated above, inkjet printing technology is carefully selected as the main materials deposition method because this technique has been highlighted as a high throughput, cost-effective, low materials wastage and step-saving printing approach. Hence, the forthcoming part will give an overview of this robust and rapid prototyping technology in terms of ejection principle, ink physics, drop morphology, drying dynamics and versatile substrate.

IV Inkjet Printing Technologies

In previous section, the advantages of non-contact inkjet printing technology have been highlighted. High reliability and reproducibility make this printing technique compatible with wide range of materials to deposit. Up to date, many researchers have reported prominent contribution in printed sensor and electronics over large flexible substrate by inkjet printing technique. In the framework of this thesis, we employed this advanced materials deposition approach to achieve our desirable sensor application.

A successful inkjet printed pattern relies on the combination of physico-chemical properties of ink solution, corresponding characteristics of drop formation system and wettability of the substrate. Several successive process steps can be highlighted during printing and without any perfect patterns could be impossible.

IV. 1 Ink Ejection

Stable and reliable ink ejection is a quite crucial specific interest for inkjet printing technologies. According to the print head technologies, inkjet printing process can be divided into two main families, continuous inkjet printing (CIJ) and drop-on-demand (DoD) printing, both of which used different types of transduction principle. 

IV.1.1 Continuous Inkjet Printing

Through a number of transduction principles can be used for droplet formation in continuous inkjet mode, the inks were delivered from the reservoir and expelled out of the nozzle by a continuous and regular electric driven mechanical actuation. The ink flow filament breaks into a stream of droplets at the nozzle boundary at very high frequency actuation. The droplet morphology which was closely consistent with Rayleigh-Tomotika instability in theory evolves during the flying trajectory [67]. As depicted in Figure I. 14, the completely metamorphic drop formation travelling through the first parallel plate where drops were charged selectively corresponding to the pattern to print. The charged droplets were deflected under an electrostatic filed and were caught by the suspended gutter beneath the substrate. Uncharged droplets continue to hit the wanted location. Continuous drop ejection enable the high throughput manufacturing and the application field where high-volume production and long distance droplet travel riding were needed, could benefit. However, relatively high printing quality and resolution could not be guaranteed because of the long flying trajectory of the ink droplets between printhead and substrate.

Figure I. 14 Process flow of continuous inkjet printing technique, using a piezoelectric crystal electromechanical actuator. Adapted from illustration provided by Brian Derby [68].

IV.1.2 Drop-on-demand (DoD) Inkjet Printing

Drop-on-demand inkjet printing technique does not need continuous ink ejection, only where there is the pattern information carried upon the requirement. The motion of dynamic printhead should be either three-axial direction, or compensated by the movement of substrate platform in certain direction. The commercially available inkjet printing system was based on different transduction principles in the scenario of ink ejection (recall Figure I. 3) up to now and the most widely used transduction methods are thermal and piezoelectric. Figure I. 15a present the configuration of a thermal actuator inducer ink ejection nozzle. A heating resistor mounted close to the nozzle was heated by electric imaging signal and triggered the vaporization of the volatile solvent into bubbles subsequently. This leads to jump of the gas pressure in the capillary tube, resulting in the ink ejection. In case of piezoelectric actuation mechanism (in Figure I. 15b), the capillary, serving as an ink reservoir, was surrounded by a tubular piezoelectric ceramics actuator.

When the electric impulse was applied, the actuator was mechanically deformed, leading to the positive pressure propagating through the ink reservoir chamber. The impressible inks, rather than reflowing back due to the mitral valve, are accelerated and flow out of the nozzle orifice at high ejection frequency. The ink vacancy is refilled by aspiration of reservoir via applying a negative pressure successively. The printhead based on the thermal actuator is of great simplicity and cost efficiency. High vapor pressure solvent to create the bubbles under low temperature atmosphere limits the manipulation of the wide range of fluids. The field where high precise ink volume demanded could not be benefitted such as commercially desktop and domestic printer. In piezoelectric printing system, piezoelectric actuators behind nozzles are used instead of the heating elements.

Piezoelectric inkjet printing is more sophisticated, reliable and reproducible, popular employed either in industrial areas or academic researches. Piezoelectric actuation behavior could be readily controlled by the electric signal impulse whereby the drop quantity and velocity could be precisely modulated for a given ink solution. Besides, DoD printing operates at typical acoustic frequencies in the wide range of 1~20 kHz and generates in order of decimal picoliter droplets. Although pulse amplitude and width contribute much to the drop ejection, the printable droplet morphology is more likely linked to the rheological and physico-chemical properties of the ink solutions. In this present work, lab scale piezoelectric ink ejection mode is harnessed and detailed description of piezoelectric actuation process will be discussed.

IV.1.3 Piezoelectric DoD Inkjet Printing Process

Understanding the piezoelectric actuation in response to the electric pulse is an essential step to master the emerging inkjet printing technology. Figure I. 16 depicted the main four steps of actuation processes of a certain nozzle for the cross-section of the nozzle device during droplet formation and ejection. The printhead unite including a nozzle consists of the core tubular capillary ink reservoir chamber and shape-adaptable piezoelectric actuator. The initial stage sees free deformation on the piezoelectric actuator with absence of rectangular voltage (Figure I. 16a).

And the piezoelectric element is contracted upwards under applied unipolar voltage in figure 5b, during which the ink fluid was aspirated by the negative pressure induced by the contraction of piezoelectric element. Subsequently, the voltage is switched off and the piezoelectric element relaxes to its normal status, applying the pressure wave which propagates through the ink reservoir chamber to the nozzle. In this regard, the inks fluid near the nozzle orifice is squeezed and jetted in a quantity-modulated mode as presented in It should also be noted that before the next cycle, the ejection pause, so-called echo time 𝑡 𝑑𝑒𝑐ℎ𝑜 was inserted between the piezoelectric element two actuating processes. The ink ejection is in equilibrium due to the overwhelming the surface energy of the inks meniscus against the amount of transferred kinetic energy [69]. In practical printing system, the moderate voltage is frequently applied to the piezoelectric element and give rise to a contraction mode to avoid residual unwanted and excessive inks fluid ejection whereby the negative pressure (10~12 mbar)

propagates through to the capillary to overcome the transferred kinetic energy of the ink fluid in the orifice [70]. The period of printing cycle relies on the frequency of applied information signal to the piezoelectric element up to decimal kilohertz (~10 kHz).

In fact, both geometric numbers of nozzle and voltage pulse contribute to the drop formation, as well as the droplet velocity, volume, etc. Mostly used applied voltage are unipolar or bipolar rectangular waves, which characterizes the pulse amplitude and width, highly accessible by using the computer-controlled modulator. The larger voltage pulse amplitude and longer width, the more the droplet volume [71,72]. To sum up, the printable droplet formation is the fruit in combination of the printer system and physico-chemical properties of ink solution as well as rheological behaviors.

IV. 2 Ink Jettability

It is rather crucial to build the roadmap of parameter-to-morphology relationship for the drop formation during the inkjet printing, first and foremost. And extensive research has always been focused on this issue from physics and fluid mechanics point of view [73][74][75]. Generation of printable drop formation is a quite complex process, although the inertial, viscous and surface tension forces are identified as the key essential parameters seamlessly linking to the drop formation. The behavior of drops can be described by the Navier-Stokes equations and this can be simplified by evaluation of several dimensionless numbers grouping, some of which are Reynolds (𝑅𝑒), Weber (𝑊𝑒), Capillary (𝐶𝑎), Ohnesorge (𝑂ℎ) numbers involvement. These dimensionless constant numbers, derived from ink density 𝜌 (g ml -3 ), surface tension 𝜎 (mN m -1 ) of the droplet, velocity 𝜈 (m s -1 ) and viscosity 𝜂 (mPa s) of the high shear rate fluid at outlet of the orifice with diameter equivalent to 𝑑 (m), are expressed by Fromm's numerical stimulation with the following constitutive equations [75,76] Specific physical criterions necessitate to meet the requirement. 𝑅𝑒 number defines the inertial force overwhelming the viscous force of the ink solutions, highly depending on the velocity and rheological behaviors of ink fluids. Interfacial behavior of ink fluid at nozzle meniscus or interaction with the surroundings during the falling are also carefully considered.

Besides, inertial force should outnumber the capillary force value to enable the realization of the drop falling. For this reason, the surface tension 𝜎 of the inks, strongly associated with solvent physics is taken into account. To overcome the ink liquid/air surface tension barrier at the nozzle, a considerably initial velocity of the drop expelled from the nozzle, is conferred to the drops. The minimal velocity needed for the drop ejection is described as equation I.9 [77]:

𝜈 𝑚𝑖𝑛 = √4𝜎 𝜌𝑑 ⁄ I. 9
Once the ink drop leaves the orifice, it flies freely upwards, during which the drop formation evolves upon the time elapses. The morphological behaviors of the droplets are monitored by a stroboscopic vision system mounted on the inkjet printer which should be synchronized with voltage waveform.

Fromm [77] also proposed that the physic mechanism involved in the stable and printable This gauge value is independent of ink fluid velocity and the empirical value Z > 2 was suggested for the limits of printable and stable drop generation by numerical simulation. Derby extended the limits of the printable benchmarks to a broader range of 10>Z>1. The lower the value, the harder the generation of stable droplet and the higher, the more incident of the ink satellites. Feasible Z value should land between the Z number scales. Up to days, some authors have attempted to define the jettable range using Z number as 4<Z<14 [78] and 0.67< Z<50 [79]. Recently, Subramanian et al extended the wider Z number range of 1< Z<60 based on gold nanoparticle hydrophobic ink solutions [80]. These inconsistencies are highly ink dependent and suggested that Z number alone cannot define the jettability of inks. Solely considering the drop morphology, Kim proposed to define a qualitative printability windows based on the two ink fluid mechanic parameters 𝐶𝑎 and 𝑊𝑒 which are plotted in a two-dimensional coordinate system [81].

Systematic design and exploration of jettable inks were conducted by Subramanian group taking nanoparticle based inks as an example. The two relevant dimensionless constant 𝑊𝑒 and 𝐶𝑎 number pertinent to the drop formation were plotted by engineering the inks rheology, acoustic, jettability, etc with various hydrophobic solvents in Figure I. 17a. In the low 𝑊𝑒 number region I and II, the ejection pillar was subjected to not enough inertial force to form the stable droplets. So there is only a small perturbation in the meniscus. In high 𝐶𝑎 number region III, long filament attached to the nozzle occurs prior to the ligament pinch-off, resulting in Figure 1. 17 (a) Capillary number (Ca)-Weber number two dimension coordinated space of the printability hydrophobic solvents based nanoparticle ink solutions. The hatched area defines the jettable bounds and within the polygon each data point represents jettable inks. Schemes inside the hatched area demonstrate the tailored drop morphology whereas outside the hatched area the drop ejection cannot give printable drop formation. (b) Inappropriate jetting condition causes the inks only a small perturbation in the meniscus. (c) Relatively inviscid fluid presenting wavelike instability of ink pillar, giving rising to satellites droplets. [80] instability of droplet formation. Due to the large viscous force of inks, large inertial force driven drop ejection undergoes wavelike instability in the liquid thread at pinch-off, leading to multiple breakups and spraying behavior in 𝐶𝑎-𝑊𝑒 region IV.

IV. 3 Drop Impact

Once generation of the printable droplets, there followed the falling and impact on the beneath substrate as an elapsed time. Along with three important mentioned dimensionless grouping numbers, gravitational force would be firstly considered. Note, however, universally printable droplet characteristics of low density and surface tension, high speed and small diameter size, gravity effects are typically not important. Thus, inertial and viscous forces continue to be the predominated elements. As the droplets start to collide with the substrate, it undergoes a sequence of five successive impact-driven phases, namely, kinematic, spreading, relaxation, wetting and equilibrium, accompanying with variations of the fluid shapes, maximum spreading diameter ratio to be a the representative 𝛽 * (𝛽 * =𝐷 * 𝐷 0 ⁄ , 𝐷 0 and 𝐷 * are droplet diameter before impact and real-time diameter of wetting contact line), as time elapsed as shown in Figure I. 18a.

During the five successive phase, two main regime forces were proposed, impact force and capillary force. This has been largely predicted by the experimental observation and numerical simulation in the literatures [82][83][84]. One of well-known model developed by Pasandideh-Fard et al. [85,[START_REF] Park | Single drop impaction on a solid surface[END_REF] described that the spreading factor 𝛽 * has closely relationship with the three main forces, by using the advancing contact angle mode to calculate capillary effect, namely surface tension:

𝛽 * = ( 𝑊𝑒+12 3(1-cos 𝜃)+4𝑊𝑒/√𝑅𝑒 ) 1 2 ⁄ I.11
here 𝜃 is advancing contact angle during the ink-substrate collision incidence.

But this is not the case in some conditions. For instance, Sungjune Jung et al [82] proposed an experimental measurements to investigate the dynamic behavior of liquid drops of diethyl phthalate and glycerol-water mixture using the DoD inkjet printing technique on the smooth ITOcoated glass surface. The spreading diameter during the kinematic phase, followed very simply in timescale mode (Figure I. 18b), regardless the ink velocity and surface properties of the support.

Instead, the ink velocity and the dimensionless numbers of the inks play a crucial role in the wetting phases. So is the surface wettability which has a significant influence to the 𝛽 * value during the wetting phase where capillary force mainly functions. The increasing trend plot over the whole window corresponds to the drop impact scenario on the wettable substrate (𝛽 * < 𝛽 ∞ ) while the remaining one represents the spreading factor changes with time elapsed in case of non-wettable substrate. The predominated phenomena for the spreading angle occur with time proceeding after the drop collision with substrate. (b) photographics in initial stage (0~10 ms) of the drop impacting on the ITO-coated glass substrate as time proceeds. Adapted from the illustration reported by Jung et al. [82].

IV .4 Flexible Substrate and Surface Treatment

It is well-known that liquid materials can be deposited onto versatile substrates, including silicon wafer [START_REF] Park | Control of colloidal particle deposit patterns within picoliter droplets ejected by ink-jet printing[END_REF], glass plates [START_REF] Tekin | Inkjet printing of luminescent CdTe nanocrystal-polymer composites[END_REF][START_REF] Sirringhaus | High-resolution inkjet printing of all-polymer transistor circuits[END_REF], metallic layers [START_REF] Pabst | All inkjet-printed piezoelectric polymer actuators: Characterization and applications for micropumps in lab-on-a-chip systems[END_REF] and plastic supports [36], either in planar or 3D mode etc. Emerging interests have been given to the flexible substrate, providing supports for the large area manufacturing technologies. To meet the requirements of printed electronic device, dimensional stability, thermal and chemical resistance, low coefficent of thermal expansion (CTE), good barrier properties for moisture and gase necessitate for th e Table I 

𝛾 𝑔𝑠 = 𝛾 𝑠𝑙 + 𝛾 𝑔𝑙 cos 𝜃 I. 12
Surface tension of ink liquid or support are ofter measured by Owens-Wendt-Kaelble (OWK) method accroding to the contact angle (principle and measurement shown in Appendix: Surface Energy Measurement). A good wettability goes to the fact that the liquid drop contact angle on the substrate is necessarily far less than 90° and substrate's surface tension must exceed the liquid ink's surface tension by 2-10 mN/m. Many have reported the feasibility of the methods mainly from ink solution and substrate treatement aspects. A main stretagic approach to enhance the surface wettability of the ink droplet with the flexible support is to improve the surface tension of the substrate by surface engineering.

Corona discharge and plasma treatment are frequently used to make surface ionized temporarily, which is adequate to improve the surface energy for printability. However, challenges are rised that these usually cause the physical damage to the support being treated, for example, layer breakdown and thus dysfunction of printed electronic devices. A nondistructive, robust and compatible UV-ozone treatement was adapted for the brittle and fragile supports [START_REF] Fu | Effect of UV-ozone treatment on poly (dimethylsiloxane) membranes: surface characterization and gas separation performance[END_REF][START_REF] Baunack | A study of UV/ozone cleaning procedure for silicon surfaces[END_REF]. The basic mechanism is a photochemical oxidation process, introducing the hydrophilic hydroxyl group (-OH) onto the treated surface. In parallel, chemical treatment is also employed for surface clean and modification according to chemical functionalization. Simaite et al. [START_REF] Simaite | Hybrid PVDF/PVDF-graft-PEGMA membranes for improved interface strength and lifetime of PEDOT: PSS/PVDF/ionic liquid actuators[END_REF] reported a surface enigeering approach to an ionic liquid actuator, using argon-plasma-induced surface polymerization of poly-(ethylene glycol) monomethyl ether methacrylate (PEGMA) in order to improve the wetting properties of hydrophobic PVDF membrane. After treatment, good wettability and adhesion of water-based PEDOT:PSS electrodes to the PVDF was achieved. 

IV. 5 Dropped Ink Drying

Once deposited onto the substrate, the inkjet droplets start to dry, namely the occurrence of the solvent evaporation. During this process, the ink concentration gradually increases and eventually the ink material patterns remain on the substrate. It has been shown that pattern morphologies and distribution are strongly depending on the drying process [START_REF] Shen | Minimal size of coffee ring structure[END_REF][START_REF] Sun | Recent Advances in Controlling the Depositing Morphologies of Inkjet Droplets[END_REF]. Therefore, controlling drying process is an essence in producing the wanted inkjet patterns, otherwise undesirable, incomplete and unwanted location of material deposition. And the performance and the lifetime of electronic devices critically rely on the morphology of printed patterns. Most common pattern morphology obtained is the coffee-ring like stain if the evaporation of solvent of ink solutions naturely takes place. Here we ascribe this specific stain to the several physics phenomena. Due to the lose of solvent volume in the initial stage of evaporation, the contact angle decreases and the contact line is pined on the substrate instead of contact radius receding according to the experimentation on evapration behaivor of many kinds ink droplets. Deegan [START_REF] Deegan | Capillary flow as the cause of ring stains from dried liquid drops[END_REF][START_REF] Deegan | Contact line deposits in an evaporating drop[END_REF] proposed a unexplored force driven by outward capillary flow which is mainly responsible for the ring-like pattern as presented in Figure I. 21. This convective flow is caused by thermal gradients between the edge and the interior of the drying drop. The inks losing at edge was replenished by liquid from the interior, resulting in an outward flow carrying the dispersed materials to the edge. But his ourward flow can be conteracted by an inward maragoni flow which is driven by the surface tension contrasts between the edge and the center.

In order to obtain uniform film patterns. Measures have been taken to overcome the capillary flow through enigeering the evaporating conditions and ink physics aspects. For example, a fast initial evaporation rate could allow the dispersed materials to diffuse way from the phase surface and causes the accumulation of the suspended particles near the liquid-air interface, whereas a lower rate could probaly induce the coffee-ring stain [START_REF] Narayanan | Dynamical self-assembly of nanocrystal superlattices during colloidal droplet evaporation by in situ small angle X-ray scattering[END_REF] although Subramanian [100] reported water-based ink solution does not follow this rule, where outward marangoni flow is not that importantly considered. On top of that, cosolvent systems with addition of a minor solvent with high boiling point into the dominant solvent was also proposed to solve the problematic coffeering like stain. The convective flow was counterbalanced or enhanced by the Marangoni flow depending on the cosolvent physics, in particular surface tension. The water dominated cosolvent system for colloidal inks was reported by Jungho Park et al. [START_REF] Park | Control of colloidal particle deposit patterns within picoliter droplets ejected by ink-jet printing[END_REF]. Uniformity and well distribution of silica microspheres pattern was achieved by enigeering the amount of the drying control agents in terms of boiling point and surface tension. H. Minemawari [101] also showed that organic single crystal film for thin-film transistor application was sucessfully inkjet printed on silicon-wafer using antisolvent crystallization based on cosolvent system.

V Fluorinated Electrostrictive Polymers

Electroactive materials (EAs), that perform electromechanical coupling effect, capable of responding with a geometric change upon the external electric excitation[102, 103], are promising and could be potentially employed in plenty of application fields, such as smart materials for artificial muscles[104], electromechanical sensors and actuators[105], medical imaging, acoustic transducer, specific polymers with high electric energy density for hybrid vehicles and high energy weapon systems [106]. Compared with the conventional piezoelectric ceramics, withstanding a rigid and high mechanical strength low field-induced strain, brittleness, heavy weight, the electroactive polymer has attracted a great deal of interests whatever in academia and industrial areas, thanks to its polymer nature of their flexibility, light weight, relatively low mechanical strength, processability, ease of processing into large-area films, and the possibility to be molded into a desirable dimension [107,108]. Recently, emerging researches have been carried on the fluorinated polymer since ferroelectricity origin of PVDF polymer was explained firstly by Lovinger [109] in terms of structures and different levels from the molecular chains and chains conformations. PVDF is a semi-crystalline polymer with its crystal phase limited to 50-60% where the ferroelectric behavior originated from. Generally, the mostly common molecular conformation consisted of four main crystal forms, 𝛼, 𝛿, 𝛾, and 𝛽, depending on the dipole orientation which in detail are depicted in Figure I. 22 where the unite cell of crystal lattice were also presented. The PVDF films with different crystal form strongly depended on the polymer processing methodologies. For instance, the 𝛼 form can be obtained by cooling from the polymer melt while 𝛾 has a TTTG + TTTG -chain conformation and often obtained by solutioncasting from polar solvents at temperature below 100 ℃ or annealing at high temperature. The dipole moments cancel out in the 𝛼 form, then as nonpolar form while 𝛿, 𝛾, and 𝛽 forms are ferrelectric. In order to obtain preferential ferroelectric 𝛽 form with piezoelectricity, PVDF films must be mechanically stretched for circular times and poled under high electric field at high temperature. Thus the complexity of processing makes PVDF less potentially used in the practical implementation, let alone its low field-induced strain and weak electromechanical coupling behavior. during which a large lattice constant along the molecular chain but a small unit cell dimension of all Trans conformation switched to a significant shortened lattice constant with an expansion of unit cell dimension. The differences in crystal unit cell aroused the macroscopic strain when there is a ferro-paraelectric phase transition. This phase transition are reversible under at a relatively low poling electric field ( < 70 MV m -1 ) [112]. P(VDF-TrFE) copolymer benefited a jump dielectric permittivity and piezoelectricity due to the enhanced ferroelectricity in the crystal phase. Furthermore, large polarizability should also depend on the orientation of dipole moments because the orientational polarization is more important than electronic and atomic polarizations in the crystals [113]. When the c-axis of the crystal form is parallel to the external electric field, all the dipole moments will distribute in a plane perpendicular to the electric field, reaching a maximal dipolar polarization, and thus high ferroelectric behavior. The favored crystal orientation also strongly depended on the processing condition [113,114], which in turns affected the dielectric constant and a large strain. However, the large strain induced by such a transition is always accompanied with a relative large hysteresis due to the large energy barrier during the dipole orientations. Such scenario certainly undermined the development of out-performed electromechanical devices.

Recently, e-beam irradiated P(VDF-TrFE) copolymer unimorph demonstrated rather high tip displacement, providing novel concepts of designing materials with high electromechanical response [115,116]. Inspiring from this method, chemical defects were introduced into molecular backbone by copolymerization of bulk-like ternary CTFE monomer and as a consequence, submicro crystal size broke into sporadic nano-sized crystallites [117,118]. Due to presence of CTFE, 𝛽 -form ferroelectric domains with all-Trans (Tm, m>3) conformation in copolymers transformed into non-polar 𝛼 -form paraelectric crystallites and less-ordered 𝛾 (T3G + T3G -) ferroelectric phase. Hence interactions between neighboring crystallites were weakened. And spontaneous polarizations of the sporadic nano-sized crystallites in terpolymer were relatively 

VI Objective of This Work

Force sensors are playing an important role in industrial fields where sensing, detection, signal processing and reactive feedback necessitate in real world. Over the time, numbers of force sensors have been designed and fabricated to fuifull the requirements of the fast response, wide gauge range, accuracy, reliability, sensitivity and resolution, even environmental-friendly merits.

Herein, we introduced the fundemental issues and working principles of force sensor system and then summarized state-of-the-art of the emerging nano-and microNewton force sensors for high precise measurement in imaging, medical and biological applications. Among these commonly employed transduction methods, special attention has been emphasized on the piezoelectric effect of polymer materials, which presents high sensivity, wide scope of polymer candidate and free power consumption whenby making passive force sensor possible upon the requirements.

Studies have shown that the electronic devices involving force sensor, solar cell, OFET, eluminescent-LED and packaging objective, have been successfully printed by conventional technologies reviewed in the latter part of this chapter. We particularly described the revival inkjet printing technology, as a non-contact inks deposition technique to easily fabricate the dynamic force sensor. The jettability condition was firstly explored by engineering the printer system and inks system and it was found that the three dimensonless grouping numbers strictly determined the printable window and were based on the intrinsic physical forces, namely inertial force, capillary force and viscous force. And phases undergone during the impact and wetting process of droplet were analyzed and surface property of the support was declared as the critical essence for wettability. In this regard, the flexible substrate and surface treatment strategies were collected. Drop drying process on the support was focused finally. And we also proposed the measures taken to enigeer the flows inside the drying drop so as to yield uniform and even distribution film layers.

The electromechanical behavior is closely related to several physical and electric parameters such as dielectric permittivity and mechanical properties, all of which heavily rely on the polymer microstructure. This thesis aims to systematically determine how these variables influence the electromechanical behavior of the as-cast terpolymers by means of temperature annealing recrystallization and plasticization approaches. Additionally, inkjet printed sensors and electronic devices over large area flexible substrates are of significant interest due to its less production complexity, high throughput and cost-effectiveness. During this work, inkjet printing technology was considered to be employed for manufacturing flexible large-area sensor networks. The feasibility and maneuverability of the P(VDF-TrFE) copolymer and terpolymer were carefully carried out for a piezoelectric force sensor implementation.
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Chapter II

Control of Recrystallization and its Effect on Electromechanical Performances of Electrostrictive P(VDF-TrFE-CTFE) Terpolymer

I Introduction

Electromechanical coupling effect has been paid the increasing attention due to ability to realize conversion between electrical excitation and mechanical response, and vice versa. Electrostrictive mechanism in combination with electrostatic force was responsible for such coupling effect [1][2][3]. Thanks to its ease of processibility, flexibility, relatively large-induced strain and fast response to external stimulus, it is of great probability to employ electroactive polymers as rather good candidate for actuator like biomimetic assemblies and microelectromechanical system (MEMS) in large throughput implementation. In practical point of view, pure polymer like polyamide, polyimide [4], polyurethane elastomer [5,6] exhibited weak electrostrictive response. To overcome the drawbacks, novel fluorinated ferroelectrics copolymer were developed and possessed out-performed in-plane electrostrictive properties at relatively low induced electric field [7][8][9]. Recently, e-beam irradiated poly(vinylidene fluoridetrifluoroethylene) (P(VDF-TrFE)) copolymer unimorph demonstrated rather high tip displacement, providing novel concepts of designing materials with high electromechanical response [10,11]. Inspiring from this method, chemical defects were introduced into molecular backbone by copolymerization of bulk-like ternary CTFE monomer and as a consequence, submicro crystal size broke into sporadic nano-sized crystallites [12,13]. Due to presence of CTFE, 𝛽-form ferroelectric domains with all-Trans (Tm, m>3) conformation in copolymers transformed into non-polar 𝛼-form paraelectric crystallites and less-ordered 𝛾 (T3G + T3G -) ferroelectric phase.

Hence interaction between neighboring crystallites was weakened. And spontaneous polarization of the sporadic nano-sized crystallites in terpolymer was relatively independent and the dipole moment of each nano-sized crystallite was randomly distributed. Terpolymer exhibited diffusion phase transition frequently when subjected to the external stimulus. Such diffusion phase transitions in chain conformation were responsible for high electrostrictive behavior.

One of the obvious drawbacks for fluorinated polymer is that relatively high electric field should be applied to generate high strain or mechanical deformation, although applied electric field is order of magnitude decreasing comparable with the non-fluorinated electrostrictive polymers which presented an equivalent electrostrictive deformation under very high electric field supply. It is well recognized that electrostrictive strain 𝑠 is quadratic correlation with induced electric field 𝐸, being positively proportional to dielectric constant 𝜀 ′ [14,15]. Extensive studies aiming at increase of dielectric constant were carried out for decades. Conductive metalligand [16] or nano-sized carbon homologous particles like carbon back [17], carbon nanotube [18,19] and graphene nanosheets [20] were embedded into the terpolymer matrix in an attempt to enhance dielectric property. But the most embarrassed fact is that filler volume fraction should not reach the percolation threshold. Nanocomposite concept turns out to be an efficient way to augment dielectric behavior but unfortunately at the expense of reinforced elastic mechanical properties. Such high Young's modulus was an adverse effect contribution to electromechanical behavior. In order to at least maintain mechanical properties, organic additive macromolecules like conductive polyaniline were doped and resulted in a large electrostrictive behavior at lower electric field due to significantly enhanced dielectric permittivity 𝜀 ′ [21,22]. Recently, our study found that plasticized terpolymer exhibited thousand-fold increase of dielectric permittivity and thus 28-fold increase of the electrostrictive strain [23]. This chemically doped terpolymer was utilized to fabricate micro-pump device [24], showing a rather good candidate for MEMS system application.

In addition to chemical modification of fluorinated polymers, crystallographic parameters should not be neglected when considering the intrinsic origins. In fact, electromechanical properties were significantly dependent upon the crystal size, degree of crystallinity and its morphology. Such parameters were highly determined by processing condition. Various film processes like conventional casting, hot-press and spin-coating were employed to control the crystallographic parameters [25][26][27]. Moreover, for a typical solution casting process, freestanding macromolecules in dilute polar solution underwent crystallization process when volatile solvent evaporated slowly. Its molecular chain folded back and forth into crystal lamellae by thermodynamic driving force. Due to bulk defects existing in P(VDF-TrFE-CTFE) backbone, much less fraction of crystallinity was obtained. And as temperature approaching to super-cooled liquid region (SLR) above sub-vitreous state, crystallization takes place in amorphous matrix. Therefore, isothermal crystallization process was subjected to freshly-prepared pristine films in order to enhance crystallinity fraction. In addition, flat-on orientation crystal lamellae accounted for most fraction of crystal lamellae in pristine bulk films, with its 𝑐-axis parallel to the external electric field. Terpolymer films show the minimal dipole polarization rather the edge-on orientation lamellae [25,28] and thus low dielectric permittivity were obtained. On this point, one could deduce that both of crystallinity form and crystal orientation determine the dielectric properties of as-casted terpolymers.

As-stated, large electrostrictive strain was highly dependent on the relaxor ferroelectric behavior. What concerns us most is to picture the relationship between terpolymer microstructure and electrostrictive behavior. By controlling the terpolymer morphology, that is, microstructure, there is a possibility to fully understand the electrostrictive response. In present contribution, P(VDF-TrFE-CTFE) terpolymer with composition of 61.7/30.4/7.9 (mole ratio) was employed as representative to investigate the relaxor behavior and electrostrictive properties. Terpolymer samples with different morphology and crystallinity fraction were prepared by isothermal crystallization at given temperature. Their thermal properties and films morphology were monitored by Differential Scanning Calorimetry (DSC) and Atomic Force Microscopy (AFM) pattern. In addition, evolution of crystallization impact to dielectric constant and relaxor ferroelectric behavior were addressed. Electrostrictive behavior was characterized by out-of-plane transverse strain in unimorph cantilever beam mode.

II Experimental Section

II. 1 Materials and Sample Elaboration

P(VDF-TrFE-CTFE) terpolymers studied in this current work with chemical composition of VDF/TrFE/CTFE=61.7/30.4/7.9 (mole ratio) was by courtesy of Piezotech S.A.S (Arkema, France) which was synthesized by a suspension polymerization. All the solvents as-stated were purchased from Sigma-Aldrich and used as received. The 14% (wt) terpolymer solution were prepared by dispersing 7.0 g P(VDF-TrFE-CTFE) terpolymer grains in 80 ℃ Meth Ethyl Ketone (MEK) and stirred vigorously. The color-less transparent solution was then cooled down to the room temperature and stocked in refrigerator at -4 ℃ to be harnessed. Prior to deposition of the terpolymer solution, glass plate was successively rinsed by ethanol and acetone. The fresh glass plate was then coated with a thin layer of lecithin molecules, on which the polymer solution was applied by slow solution casting of 14 wt% homogeneous terpolymer solution via an Elcometer 3700 doctor blade film applicator. As the films to be of solid during the solvent evaporation, fresh polymer deposit with plate was moved to a vacuum chamber for 2 hours at room temperature 55 Film E and Film F were obtained under thermal treatment of Film A in 90 ℃ oven for 1 hour and 2 hours respectively. Median-crystallized Film G was elaborated from Film A in a programming control treatment at 110 ℃ for 2 hours. Crystallized Film H was finalized by temperature annealing Film A for 2 hours at 120 ℃. In addition, a melt-recrystallized sample Film I, heated up to 140 ℃ and held the temperature for 2 hours, then quenched in the air, was also compared for surface microstructure investigation. Fully temperature annealed Film I were finalized by deeply annealing Film A 120 ℃ overnight (12h). All as-cast resulting films were apparently homogeneous and slightly translucent for crystalized films.

The annealing time dependence of isothermal crystallization was also conducted in order to investigate the complementary crystallizing kinetics. In addition to the previous annealing process at 90 ℃ , for 2 h, freshly renamed Film K, the 1, 4 and 10 h isothermal treatment were performed and denoted as Film J, Film L and Film M.

II. 2 Device Fabrication and Characterization Techniques

II.2.1 Differential Scanning Calorimetry (DSC)

Thermal behaviors of as-treated dielectric terpolymer films were monitored with DSC 131 Setaram Evo equipped with liquid nitrogen cooling accessory. Prior to thermal record, temperature was calibrated with alumina standard specimen and the baseline was carried out in the temperature range from 203K to 473K, running with the empty cell. Each specimen with normalized mass heating upon the identical phase program was heated in the rate of 10 ℃ min -1 under nitrogen flow rate of 1.5 bars. Each thermogram trace was analyzed by Calisto software package. Parameterized glass transition region ( 𝑇 𝑔 ) was designated by the midpoint of the transition region, Curie transition temperature (𝑇 𝐶 ) and bulk polymers melting region were also summarized in Table II. 1.

II.2.2 Atomic Force Microscopy (AFM)

The morphological characteristics of the as-casted thin films were characterized by atomic force microscopy. Prior to AFM pattern acquisition, 1mm×1mm rectangular shaped thin films were bonded to the silicon wafer surface via conductive glue. AFM images were acquired in air at room temperature on a Nanoscope IIIa Multimode (Digital Instruments/VEECO, CA). Tapping mode was performed in a scan rate of 1 Hz.

II.2.3 Mechanical Strength Properties

Mechanical Properties (Young's Modulus) were obtained by a non-conventional uniaxial strength tensile measurement described elsewhere [24]. The deformation and strain rate of sample 40mm normalized length of films was considered into data acquisition. A frequency of 100 mHz sinusoidal signal was applied to the precisely controlled 𝑌-axis motor and 1% maximal sinusoidal strain was set while the loading-unloading cycles, by which average Young's modulus of films were determined via slope of stress versus strain curves.

II.2.4 Dielectric Properties

Dielectric spectroscopy measurements were carried out with Solartron 1260 (UK) impedance-analyzer equipped with Model 129610A LHe LN2 Cryostat System. As-casted dielectric terpolymers circular film plates in diameter of 20 mm were metalized by sputtering gold on both surfaces through a shadow mask. The metal/polymer/metal parallel plate capacitor was clamped between electrodes sample holder. Dielectric spectra data acquisition were conducted in probe frequency range from 10 -1 to 10 6 Hz at AC 1 bias Voltage under ambient temperature. Real and imaginary parts of complex permittivity for each as-deposited films were obtained.

II.2.5 Electric Breakdown Strength

Electrical breakdown strength was performed by home-made equipment. Circular capacitor samples with 10 mm diameter gold sputtered on both sides were clamped with a needle-like copper electrode. A DC voltage was applied in a ramp rate of 500 V/s via voltage amplifier governed by a functional generator. The voltage were recorded where capacitors were deliberately mechanical damaged induced by electrical current. In order to avoid air discharging and ionization, specimens and needle-like electrodes were immersed into silicon oil during the 

II.2.6 Field-induced Electrostrictive Strain

Transverse strain of as-prepared films were carried out in a protocol with experiment set-up via bending test based on unimorph cantilever beam theory described elsewhere [9]. First of all, sample precursor for electromechanical evaluation was fabricated by sputtering Au electrode via designed shadow mask as shown in where weak regime at lower temperature could be attributed to ferro-paraelectric transition, namely Curie transition while the remarkably strong peaks at high temperature were due to the fusion of the crystalline phase present in the annealed samples. For the pristine film A, a broader and less intense peak appeared at 47.4 ℃, the highest Curie temperature 𝑇 𝐶 amongst the samples. Intriguingly, as annealing temperature increased, Curie transition region exhibited obvious diffusion towards the lower temperature as shown in Figure II. 7c. It should be also noted that 𝑇 𝑐 for various sample demonstrated two stepwise diminution. When the samples were annealed at temperature below 80 ℃, 𝑇 𝑐 underwent strikingly decrease from 47.4 ℃ for the pristine to 33.9 ℃ for sample annealed at 80 ℃ , showing strong temperature dependent, followed by a quite moderate diffusion to 31.6 ℃ for 110 ℃ annealing protocol. Intriguingly, film annealed at 120 ℃ had an exceptional increase to 33.3 ℃, suggesting these existed crystal phase transition process, e.g. melting-crystallization process. Further, Film I, annealed for a longer time duration showed considerable elevation of 𝑇 𝑐 to 34.0 ℃ except the enthalpy of Curie transition. Such result was in rather good agreement with the 𝑇 𝑐 values that were found for the hot-pressed terpolymer films (not shown here). It is mostly possible that the unusual increase in 𝑇 𝑐 here was attributable to the melt-crystallization process. A predominant 𝛼 crystal phase yielded during the recrystallization from melting state [29]. And the reorganization and phase transition of unstable molecular chain conformation occurred to large extent, for instance, loosely packaging density, ferroelectric defects and head-to head/tail-to-tail (HHTT) linkage etc [25,29]. Finally, higher energy excitation was needed to surmount the Curie phase transition.

In general, Curie transition was associated with phase transition, closely referring to the change in molecular chain conformation in crystal phase. So, decrease of 𝑇 𝑐 with increasing 𝑇 𝑎 was most probably due to the collapse of ferroelectric domain in crystal phase. Ferro-paraelectric transition barriers have been greatly reduced because of defect (ternary CTFE) incorporation to that of copolymer. Consequently, 𝛾 crystal form with 𝛼 anti-ferroelectric were predominated in the crystal lamellae. 𝛾 phase has the same unite cell as the 𝛼 phase, but its joint dipoles rotated 180° to the c-axis. We hypothesize that Film A possessed the largest 𝑇 𝑐 value which is ascribed to the more 𝛾 crystal phase density formed during the solvent loss. The solvent evaporating and annealing at room temperature facilitate the amorphous phase to crystallize into 𝛾 crystal phase and remove the hexagonal phase defects driven by molecular chain thermodynamic force just below the 𝑇 𝑐 temperature. This assumption could be manifested by the largest enthalpy of Curie transition 𝛥𝐻 𝐶 value detected for Film A as 4.4 J g -1 . However, the samples annealed at temperature far from 𝑇 𝑐 showed a sharp decrease in 𝛥𝐻 𝐶 values in two stepwise, suggesting a diminished 𝛿 crystal phase content in the samples. During the annealing at temperature higher than 𝑇 𝑐 , the ferroelectric 𝛾 phase with 𝑇 𝑚 𝐺 + 𝑇 𝑚 𝐺 -(m> 3) chain conformation generated in solvent evaporation tended to become anti-ferroelectric, that is, amid the adjacent Trans dipoles switched 180° in order to accommodate the large chlorine atom substitution and relieve the steric congestion [30]. This would lead to a less net dipole moment. Therefore the enthalpy of Curie transition were greatly decreased from 4.4 J g -1 to ca. 3.6 J g -1 (70% of original pristine Film A) for terpolymer films, carried out annealing treatment at 80 ℃ for 2h, in accordance with the cross point of Curie transition temperature in Figure II. 7c. Besides, their transition enthalpy followed the similar compressing trend in a moderate rate. It was thus expected that a relatively low 𝛥𝐻 𝐶 was obtained for the terpolymer Film I annealed at 110 ℃ with 3.3 J g -1 . This suggested that the Trans conformation in the single sequence slowly rotated to the gauch sequence during the annealing process at temperature below 110 ℃. It should be noted that the single curie transition peak was observed in the DSC curve and this implied the terpolymers had the same thermallyinduced paraelectric phase. However, terpolymer films which underwent melt-recrystallization process, possessed the lowest 𝛥𝐻 𝐶 value amongst especially for Film I, having a 2.8 J g -1 Curie transition enthalpy. This might be due to the dominant paraelectric phase resulting in films carried by the melt-recrystallization process. Nonetheless, melting regions exhibited quite disparities. As listed in Table II. 1, the heat of fusion values were gradually increasing as a function of annealing temperature 𝑇 𝑎 . This indicated the higher 𝑇 𝑎 favored the out-performed crystallization kinetics, that is, acceleration of molecular chain folding back and forth into the crystal lattice. For the better comparison, the crystallinity degree 𝜒 𝐶 induced by isothermal annealing could be deduced from the DSC thermograms by 𝜒 𝑐 = 𝛥𝐻 𝑓 𝛥𝐻 0 𝑓 ⁄ × 100%, where 𝐻 𝑓 is fusion of enthalpy for annealed terpolymers. 𝛥𝐻 0 𝑓 is the melting enthalpy of 100% perfect crystal terpolymer films and for terpolymer studied currently, 𝛥𝐻 0 𝑓 value of full crystal films was reported as ca. 42 J g -1 [27]. The degree of crystallinity were then calculated in Table II. 1.

The crystallinity value as found for pristine Film H was greatly augmented from 30.8% to 43.2%

for terpolymer annealed at 120 ℃, reaching to 95.4% of fully crystallized Film I. When the process time duration was expanded to 12h, hardly distinct increase was observed in degree of crystallinity for Film I, only by 2.1% comparable with Film H. Enhancement of crystalline fraction by isothermal annealing process would trigger the crystal lamellae thickening process. As shown in Figure II. 6 endothermic curves, melting temperature 𝑇 𝑚 exhibited quite diffuse characteristic when annealing temperature was higher than 100 ℃. Figure II. 7e plotted the 𝑇 𝑚 as a function of annealing temperature and saw a two stepwise increase in 𝑇 𝑚 between R.T and 120 ℃. No distinct increase was observed between pristine film A and Film D annealed at 80 ℃ at which less than 1℃ increment was obtained. This indicated that low temperature annealing process (𝑇 𝑎 ≤80℃) seems not to trigger the crystal lamellae thickening process, but reorganize the molecular chain conformation and reduce the crystalline packaging defects. However, annealing at temperature larger than 80℃ tended to make the 𝑇 𝑚 shift towards the higher temperature. This can be associated with the high crystallinity and crystalline size induced by molecular chain rearrangement thermodynamically. In order to analyze the crystal size distribution, full width at half maximal temperature (FWHM) values of melting peak regions a less dependence, decreasing only from 17.7 ℃ for pristine Film A to 15.9 ℃ for Film D, respectively. Large FWHM values indicated the large distribution of crystal size, implying the terpolymer films were strongly heterogeneous in crystalline phase. It is interesting that higher temperature intended to obtain a less heterogeneous terpolymer according to a sharp decrease in the FWHM values from 14.1 ℃ to 7.99 ℃ as annealing temperature rise to 120℃. This reflects much more homogeneous crystal size distributed in the amorphous region. In addition, the coherent lengths (𝑙) of crystal nanodomains, being inversely proportional to the FWHM values [31], were increasing, also a sign of enlargement of crystal size for terpolymer annealed at higher temperature.

The results as stated showed that Curie transition and melting transition were strongly driven by thermodynamics behavior of each phase in polymer annealing process. For better understanding the correlation between annealing temperature and Curie and melting transition properties was introduced. This relations were perfectly presented by several ferroelectric polymers, such as P(VDF-TrFE [26,31].
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Annealing effects on the phase transition behaviors of the as-cast terpolymer are readily understood by the Gibbs free energy diagram [32,33]. The free egnery 𝐺 𝑖 at pressure P and 
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III.1.2 Temperature Dependence of Isothermal Crystallization

Annealing process results in previous section showed the annealing temperature at 90 the evolution of crystallinity showed the expected sigmoidal shape. This behavior has been reported for many semi-crystalline polymers when undergoing the cold-crystallization [34][35][36].

℃
The multiple stepwise characteristics of the crystallization were proposed during the coldcrystallization. In The entangled molecular chain folded into crystal lamella rather quickly as the partial reason of a loose crystal lamellae packaging. As time duration increasing larger than 2h, 𝜈 decreased orders of magnitude.

The final degree of crystallinity with 𝜒 𝑐 value of 44.5% for the 10h annealing was slightly higher than that of the terpolymer annealed for 4h, reaching a constant value. As expected, Curie transition enthalpy was decayed in an exponential rate as a function of the annealing time from T C

[C]
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4.4 J g -1 to 3.09 J g -1 for pristine Film A and Film M, respectively. On top of that, Curie transition temperature 𝑇 𝐶 shared the similar trend with Curie transition enthalpy, seen a markedly slump at the initial stage. The 𝑇 𝐶 stabilized after a 4h annealing process and reached to 31.17 ℃ eventually.

This suggested there existed a thermodynamic equilibrium as the annealing time elapsing.

Concerning the melting peak region, FWHM values decreased by only 3.3 ℃ comparable between the pristine Film A and Film M. The heterogeneity of the crystal phase was not altered by the longer time annealing time duration. Note that the crystallinity fraction of Film M was quite close to the fully crystallized Film I and we could assume that annealing at 90 ℃ could only improve the degree of crystallinity, irrespective of the time duration. The crystal size narrowing and loose lamellae thickening would not tend to occur. Both processes only took place when the annealing temperature was higher than 90 ℃. This results was in rather good agreement with findings in the isochronal annealing process. 

III. 2 Surface Topography

The physico-chemical properties involving the thermal transition behavior are correlated with the polymer microstructure closely, which should be necessarily and fully understood. The surface morphology and microstructure were revealed by AFM technique in a tapping mode. The worm-like crystal nanodomains were well stacked as presented in each AFM pattern, where also showed quite disparities. The pristine Film A, without performing isothermal crystallization process, had coarse and loose bumpy-like topographic morphology, where the amorphous phase and crystal phase interaction were indiscernible. Instead, intermediate crystallized Film E showed the pronounced needle-like crystal domains with less than approximately 100 nm length and 20 nm width. The crystal size of P(VDF-TrFE-CTFE) was largely reduced in comparable to its ferroelectric counterpart P(VDF-TrFE) [12,37,38]. Besides, the edge of the phase interaction was clarified and a densification of the crystalline phase was also revealed by AFM profiles. These phenomena suggested the somewhat different microstructure between the pristine Film A and the annealed Film E. In contrast to the pristine Film A, the size of crystal nanodomains in median crystalized Film E was evenly distributed. The Film E pattern presented the similar surface morphology as the pristine Film A. Its surface topography was relatively smooth without any delicate crystal microstructure and the interfacial domains between the crystalline and amorphous phase blurred. Considering that Film I was annealed at 120 ℃, rather close to the melting point, melt-recrystallization to some extent occurred during the annealing process.

According to Park's studies [25,39] 

III. 3 Dielectric Permittivity and Breakdown Strength

III.3.1 Dielectric Behavior under a Low Electric Field

It is well documented that the crystal morphology and microstructure strongly depend upon its dielectric properties. The terpolymers with various annealing protocol were selected for dielectric property characterization regarding to the fraction of crystallinity. The dielectric properties of P(VDF-TrFE-CTFE) terpolymers under various annealed condition were investigated by using broadband dielectric spectroscopy (BDS). An overview of real part (𝜀 ′ ) and dielectric loss tan 𝛿 of complex permittivity temperature dependent for the representative Film G with 41.3 % degree of crystallinity were plotted in Figure II. 12a and b. The real permittivity spectra saw two distinct anomalies over the temperature range window which is in good accordance with our previous study [40]. And the values underwent slightly increase from ca. [41] reported that the significant increase of real permittivity were observed when the temperature was above the glass transition temperature 𝑇 𝑔-𝑃𝑉𝐷𝐹 of BOPVDF films (-39 ℃ at 1 Hz). A remarkable increase of 𝜀 ′ near 𝑇 𝑔-𝑃𝑉𝐷𝐹 was ascribed to the polarization of the dipoles in amorphous phase, rather than in rigid crystal phase.

As a result, the contribution of dipole polarization in crystal phase to the sum of polarization can be neglected. In fact, more than 55% amorphous interphase was found in order to further explain this phenomenon. The interphase with its molecular chain stemming from the crystal lamellae were composed of the head-to-head and tail-to-tail (HHTT) molecular stacks, forming more or less oriented crystallites. In this case, dipole polarization were enhanced when the amorphous phase was in super-cooled liquid region.

However these results were confined under the strict condition of a low electric field (0.0167V/ 𝜇𝑚 ). With the same measurement condition, considerable increment of 𝜀 ′ were 69 observed. For instance, 𝜀 ′ was found as ca. 5 at 0.1Hz and -70 ℃ far below the 𝑇 𝑔 whereas the value reached to ca. 26.6 at 15 ℃. The rest spectra for the selected frequency featured similarly, suggesting that comparative contribution originated from the amorphous phase in sum of the dipole polarization. As the temperature was elevated to around 30 ℃, 𝜀 ′ significantly surged at frequency below 100 kHz rather than in a moderate rate increase of 𝜀 ′ at 1 MHz frequency. For example, 𝜀 ′ was changed from 22.1 at 15 ℃ to 52.2 at 43 ℃ and 100 Hz. This several folds augmentation could be assigned to the dipole polarization in the crystal lamellae phase. Dipoles (a) switch in 𝛾 crystal form (T3G + T3G -) were activated owing to the elevated temperature, giving rise to the strong dipole polarization. The ferro-paraelectric peaks upon the temperature were highly frequency dependent, indicating a characteristic relaxor ferroelectric behavior. And the temperature dependence of 𝜀 ′ spectra for 0.1 Hz, 1 Hz and 10 Hz frequency showed the abnormal increase, comparable with 𝜀 ′ at frequency ≥100 Hz. Such result was most probably attributable to the DC conduction effects. Further evidence could be found by dielectric loss Tan 𝛿 spectra.

The ferro-paraelectric transition peaks overlapped with DC conduction behavior for 0.1 Hz, 1 Hz and 10 Hz as temperature above 45 ℃, showing a remarkable diffusion to the higher temperature.

These transition peaks appeared at 34.4 ℃ at 100 Hz and 41.5 ℃ at 1 MHz. The two featured stepwise increase in dielectric permittivity behaviors implied that dipoles in crystalline and amorphous were both the contributing factors to the dipole polarization.

Figure II. 12c plotted the isochronal broadband dielectric permittivity 𝜀 ′ at 100 Hz against the selected films regarding the overall degree of crystallinity 𝜒 𝐶 . At first glance, the 𝜀 ′ spectra featured the common trend as the representative Film G. At temperature far below the glass transition, 𝜀 ′ illustrated the identical values, whereas an enhanced intensity at higher temperature.

It is interesting to note that an increasing peak amplitude against the fraction of crystallinity was observed over the whole dielectric spectroscopy, in particular in the glass transition region.

Normally pending a typical crystallization process, crystal lamellae formed, accompanying with consumption of amorphous phase. This will lead to a fewer dipoles in amorphous phase, showing a decreasing dipole polarization. In our present case, the relatively high dielectric permittivity 𝜀 ′ near the glass transition region were found for the terpolymers containing the higher degree of crystallinity. In fact, the previous studies [45] reported dielectric strength Δ𝜀 demonstrated exceptionally enhanced behavior with increase of crystallinity fraction compared to the typical semi-crystalline polymers, such as poly(pentamethylene terephthalate) (PPT) [35], poly(L-lactic acid) (PLLA) [46,47], and poly(ethylene terephthalate) (PET) [48,49]. This is most possibly due to the enhanced interphase. The so-called interphase was amorphous in structure, although its molecular chain more or less orientated and constrained regarding the molecular mobility. Last but not least, AFM patterns in Figure II. 11 revealed that an edge-on crystal lamellae orientation was dominated for annealed terpolymer, which favored to the c-axis of oriented interphase perpendicular to the film normal direction. Taking this into account, more dipoles aligned to the applied external electric bias and the dipole polarization of the amorphous interphase were consequently enhanced.

High temperature also saw a distinct difference against the degree of crystallinity. The dielectric spectra in each case, linked to the Curie transition in crystal phase, peaked at around 46 ℃ for 100 Hz, then underwent a gradual decrease as temperature increasing. This was an ubiquitous behavior for the ferroelectric polymers because the molecular chain conformatio n in ferroelectric crystal phase switched to the paraelectric phase, in accordance with the endothermic peaks of the DSC curves. The thermal induced paraelectric crystal phase showed the relatively lower dipole moment. Additionally, an increasing intensity of the dielectric peaks was enhanced with an increase in crystallinity fraction, suggesting the enhanced dipole orientation.

The 𝜀 ′ peak value significantly increased from 36.7 to 56.7 for the pristine Film A and fully crystallized Film I, respectively. In previous section, AFM profiles illustrated the two typical crystal orientation, flat-on and edge-on crystal in annealed terpolymers. It has also been established the crystal orientation has ananisotropic influence on the dielectric behavior for the PVDF-based polymers [28]. For the sake of better investigation concerning crystal orientation, broadband dielectric permittivity against frequency at room temperature (25℃ ) was plotted in Figure II. 13a, showing typical frequency dependent. The 𝜀 ′ values gradually decreased until at 10 5 Hz, followed by an abrupt decline. This relaxation could be attributed to the glass transition region. Dielectric permittivity values at 0.1Hz and 1 kHz for the annealed terpolymers were plotted against the fraction of crystallinity in Figure II. 13b. The 𝜀 ′ values increased in a quasilinear relationship with increase in the overall crystallinity. It is also worth noticing that 𝜀 ′ values varied at 1 kHz mainly due to the dipole polarization, which was closely associated with crystal lamellae orientation in the annealed terpolymers. During the isothermal crystallization at higher temperature, the fraction of the edge-on orientation crystal lamellae was enhanced where the dipole moments were in parallel to the electric field, instead of the pristine Film A where the flaton orientation crystal lamellae were dominant. Therefore, large dielectric permittivity 𝜀 ′ were obtained for the higher degree of crystal content in annealed terpolymer. 

III.3.2 Breakdown Strength under High Electric Field

High dielectric polymeric material with high electric breakdown strength 𝐸 𝑏 was desired in application areas where a high electric field was applied, for instance, electric vehicle, medical device and high energy weapon system. In order to investigate the influence of annealing process on 𝐸 𝑏 values, the electric breakdown failure was performed at very high electric field. The 60 μm thickness of the specimens were normalized in order to eliminate the discrepancy of electric field distribution in the polymers. The 20 replicate breakdown manipulations ensured to fulfill the failure statistics, which could be described by a two-parameter exponential Weibull function as follows:

𝑃(𝐸) = 1 -exp [-(𝐸 𝜆 ⁄ ) 𝑘 ] II. 2
Where 𝑃(𝐸) reads the breakdown probability of the P(VDF-TrFE-CTFE) as-cast films at DC electric breakdown strength 𝐸. λ is the scale parameter reflecting the electric breakdown strength 𝐸 𝑏 where 63.2% probability of the electric failure occurred; 𝑘 is the slope parameter that evaluates the data scattering. that the electric resistivity between the polymer chain was much larger than along them [50].

Thus processed terpolymers, comsisting of the more well-ordered molecular chain stacks, favored the higher values of breakdown strength. Inversely, a terpolymer with more amorphous phase possessed the lower electric resistivity, resulting in a lower breakdown strength value. In addition, previous section revealed that the terpolymer constituted of the sandwich-like multiple phases, that is to say, the crystal, interphase and amorphous phase. Because of a large interfacial domain, one should not neglect the interfacial scattering effects to the accumulative charge carrier ions near the interphase. The charge carrier ions, introduced during the polymer synthesis strongly enhanced the conductivity of the annealed terpolymers [45]. However, the more or less oriented interphase fraction increased during the crystallization process as revealed. And it is likely that the enhanced interphase retarded the ions transportation through the interphase and reduced the ions conduction in the annealed terpolymers. 

ln(ln(1/1-P(E)))

Electric Field (MV/m) (a) , where 𝜀 0 is the permittivity in vacuum, 𝑌 is Young's modulus, d is the real-time thickness during the manipulation and d0 is the initial thickness of terpolymer sheet [51]. For simplicity, Stark-Garton electromechanical model could be written as follows:

𝐸 𝑏 = 0.6 ( 𝑌 𝜀 0 𝜀 𝑟 ′ ) 1 2

II. 3

where 𝜀 𝑟 ′ is the dielectric permittivity of the polymers at the breakdown electric field [52]. The estimation of electric breakdown strength against degree of crystallinity were also plotted in II. 3). It should be noted that the Stark-Garton model overestimated the electric breakdown strength. This was commonly observed for PET [53], PP [54], PVDF-based polymers such as P(VDF-HFP) and polymer blends thereof [52,55]. These higher modeling values were due to the assumption of the linear stain-stress behavior during field-induced dimensional change. Its plasticity was neglected near the occurrence of electric breakdown failure. Many polymeric materials would not follow the linear strain-stress correlation. Therefore, one should consider elastic-plastic deformation of the semi-crystalline polymer during the breakdown failure because of the physical viscoelasticity in nature. Taking consideration of the elastic-plastic behavior of the polymers, Zhou [55] developed a new model to estimate the breakdown strength,

𝐸 𝑏 = √ 2𝐾 𝜀 𝑟 ′ 𝜀 0 ( 𝑁 2 ) 𝑁 2 exp (- 𝑁 2
). Here 𝑁 is dimensionless within the range of 0.1 to 0.6, K parameter varies with yield strength where the values equals to Young's modulus as N coefficient is 1. Consequently, the estimated breakdown strength according to the new compensation law were in excellent consistent with the measured 𝐸 𝑏 values.

III. 4 Electromechanical Properties

III.4.1 Mechanical Behaviors

A large modulus of elasticity was associated with a high breakdown strength while a low Young's modulus would also determine the field-induced electrostrictive response. In our previous study [23,56], a several-folds increase in field-induced electrostrictive behavior of the PVDF-based terpolymer was handled to obtain by adding the DEHP molecules into terpolymer matrix, owing to a significant decrease in the mechanical strength of the terpolymer blends. The strain-stress curves of various annealed terpolymer films were obtained by a non-conventional tensile strength equipment (see Figure II. 3 in experimental section). A maximal 1% elongation rate was subjected to the tensile strength test before reaching to the yield point. In order to have a good consistency with the evaluation of electrostrictive response during the forth-coming manipulation, 0.1 Hz sinusoidal stimulus signal was applied to the precisely controlled unidirectional motor. The representative mechanical strain-stress curves of the annealed terpolymers were plotted in Figure II. 15a. The Young's modulus values were extrapolated from the slope of the linear fit to the mechanical strain-stress curves. Figure II. 15b then plotted the Young's modulus as a function of degree of crystallinity. Before reaching the saturation of overall crystallinity, monotonic increase in Young's modulus ( 𝑌 ) against the degree of crystallinity (𝜒 𝑐 ) were observed from 64.9 MPa for pristine to 182.5 MPa for fully crystallized one. The relationship between 𝑌 values and 𝜒 𝑐 followed a sigmoidal growth compensation law which has also been reported for many polymers [57]. A decrease in 𝑌 values for the plasticizer doped terpolmer blends was explained by enhancement of molecular chain mobility. These results were caused by an expansion of molecular chain and free volume for molecular movement [58]. Inversely in our case during the isothermal annealing process, the rigid crystal phase and interphase were enhanced, accompanying with a thermodynamic equilibrium due to the molecular chain relaxing. Meanwhile, molecular chain in amorphous phase was also densified. This caused a confined free volume in semicrystalline terpolymer [49,59,60]. Young's modulus dependent upon the sum of degree of crystal and interphase were eventually established. 

III.4.2 Electromechanical Behaviors

Electromechanical properties for various annealed terpolymer were performed according to electrostrictive behavior. In order to realize a sufficient field-induced strain, the thickness of the The tip displacement values exhibited a distinct saddle shape, maximized at 2.89 mm for the mediate Film E with crystal content of 37.6%. In a molecular level, the external high electric filed (e.g. 10 MV/m) induced a reversible molecular chain conformation from TG + TG -and T3G + T3G -(less-ordered ferroelectric phase) to the all-Trans (well-ordered ferroelectric phase) chain conformation, resulting in the electrostrictive deformation macroscopically [60]. This rationalized that the electrostrictive capability was reliably contingent upon the dielectric behaviors of the annealed terpolymers.

Previous reports described that for a dielectric polymeric material, the intrinsic electrostrictive effect dominated the electrostriction effects, which can be simplified as Eq. ( 5) [61,62]:

𝑆 3𝑖 = 𝑆 𝐸 + 𝑆 𝑀 ≈ 𝑄 • 𝜀 0 2 • (𝜀 ′ -1) 2 • 𝐸 2 = 𝑀 3𝑖 • 𝐸 2 (5) 
where 𝑆 𝑀 is the mechanical strain due to the electrostatic strain also known as Maxwell effect; 𝑆 𝐸 is the intrinsic electrostriction originating from the dipolar interaction; 𝑄 and 𝑀 3𝑖 are the intrinsic and global electrostrictive coefficient, respectively. 𝑄 was caused by the electrical field-induced polarization in the material matrix, of which the value is proportional to

1 𝜀 0 𝜀 ′ 1 𝑌
. Thus, 𝑀 3𝑖 can be rewritten as

𝑀 3𝑖 = 𝑘 𝜀 0 •(𝜀 ′ -1) 2 𝜀 ′ •𝑌
, where 𝑘 is a constant. Following the equation 5, the figure of merits of the global electrostrictive coefficient were dielectric constant 𝜀 ′ and Young' modulus.

For the dielectric terpolymer with its 𝜀 ′ ≫ 1 , the transverse strain 𝑆 3𝑖 was qualitatively simplified to be proportional to the 𝜀 ′ /𝑌. The predicted values of 𝜀 ′ /𝑌 as a function of degree of crystallinity were plotted in Figure II. 18 and followed an exponentially decayed fitting trend. The measured transverse strain values against crystal content was highly agreeing with the estimated decreasing trend as presented in Figure II. 17b. Intriguingly, pristine film featured the largest electrostrictive strain amongst, more than 4 folds larger over the fully crystallized Film I performing the lowest electrostrictive strain of 0.059% at given 20 MV/m electric field. It should be noted that the Young's modulus value for Film I was remarkably increased by 3 times higher than that of pristine film whereas the contributing dielectric constant factor expanded by only 50% from 26.9 to 40.6. The bilaminar beams responded a much lower transverse strain as expected.

The tip displacement values were reliably determined by the beam configuration, in current case of bilaminar structure according to the Eq (2). This is reflected by the maximal value behavior vs.

crystal content in terpolymers undergoing the temperature annealing process in the Figure II. 17a, in which the tip displacement maximized for the terpolymer Film E with 37.6% crystal content.

The Film E with transverse strain of 0.097% was twice higher than the deeply processed Film I due to a relatively lower Young's modulus. The 

E [MV/m]

induced by field for Film E intended to yield a large deflection of bilaminar beam in case of that the Young's modulus was satisfactorily high enough. Given the reliability of dielectric permittivity and mechanical strength, it was convincing that terpolymer with a largest degree of crystallinity was not envisaged to the largest transverse deformation. The resulting transverse strain 𝑆 31 was a trade-off between dielectric properties and mechanical tensile strength of the terpolymer upon the thermal processing. From an applicable point of view where tip displacement acted as an indicator, the performance of bilaminar cantilever beam, one of the applicable system structure, should be evaluated by seriously taking the passive support into account. Large transverse strain terpolymer membrane, possessing a very low tensile strength imparted a weak bending force to the bilaminar beam device, causing a small tip displacement. This resulting bending behavior was also shared by the deeply thermal treated terpolymer, it was although due to the insignificant electrostrictive elongation strain along the cantilever beams. The decreasing apparent electrostrictive coefficient 𝑀 31 values were displayed in Table II. 4 which expectedly followed the exponential decay decrease (not show here), rising from 𝑀 31 ~𝜀′ 𝑌 . Thus in order to yield an outstanding electrostrictive behavior, relative dielectric constant 𝜀 ′ and elastic Young's modulus ratio should be seriously considered by properly engineering terpolymer.

Previously, the conductive carbon materials were employed as fillers so as to enhance dielectric properties on the expense of the enhanced mechanical strength simultaneously before reaching its percolation threshold [17]. To overcome the embarrassed case, plasticizer additive was helpful to tune the electromechanical behavior by greatly enhancing its dielectric constant and moderately decreasing the elastic Young's modulus [23], which is capable of leading us towards the high electromechanical response of a polymeric matrix. The transverse strain in response to the higher frequency of applied electric field compressed because of a decrease of the electrostrictive coefficient with increasing frequency (not shown), which mainly triggered by the slumping response in its dielectric constant 𝜀 ′ and rising Young's modulus, being in excellent agreement with our previous report [63].

Besides, in an attempt to fully picture the relation between the microstructure and electromechanical behavior, elastic free mechanical energy density 𝐸 𝜇 were calculated in Table II. 

Crystallinity (%)

Surprisingly, it was found that the 𝐸 𝜇 values over degree of crystallinity followed a quasi-linear decreasing correlation. The pristine terpolymer film exhibited the highest 𝐸 𝜇 output of 102.1 J m -3 amongst due to its largest field-induced transverse strain. In contrary, the fully crystallized terpolymer with a high Young's modulus and dielectric constant afforded a lowest elastic mechanical energy density of 25.45 J m -3 . Thus, the high dielectric and mechanical behavior did not lead to the large mechanical energy output in case of current terpolymers tested. The 𝐸 𝜇 results presented here consisted with high electrostrictive behavior, concerning the design concept of terpolymer actuators which were strongly determined by both two contributing factors----𝜀 ′ and Y. As-stated, electroactive polymers should be properly engineered to obtain the best application performance. Through analyzing the P(VDF-TrFE-CTFE) films electromachnical behavior and free mechanical energy upon the electric field via bilaminar cantilever bending beam, the mechanical energy density and bending displacement profiles were expected to allow a guide to the demanding sensor or actuator system realized via the terpolymer materials. 

IV Conclusions

The purpose of the current study is to provide as much as information on the electromechanical properties of relaxor ferroelectric P(VDF-TrFE-CTFE) terpolymers. Its behaviors, strongly depending upon the morphological microstructure, were systematically investigated in terms of thermal behavior, dielectric property, electric breakdown strength and field-induced electrostrictive response. Firstly in DSC thermograms, two stepwise variation were observed in both Curie transition and melting regions for isochronally processed terpolymers against annealing temperature variable for 2h. Equivalently annealing temperature 𝑇 𝛼 below the Curie transition 𝑇 𝑐 , that is, pristine terpolymer, increased its 𝑇 𝑐 and thus ferroelectric crystal phase while the decreases in 𝑇 𝑐 and Curie transition enthalpy were observed for the terpolymer annealed in hexagonal phase (𝑇 𝑐 < 80 ℃ ≤ 𝑇 𝑎 ) This was strongly attributed to the reduced 𝛿 ferroelectric phase involved in crystal lamellae caused by the thermal treatment. No distinct variation were observed for the terpolymers annealed at temperature above 80℃ due to the thermodynamic equilibrium. The crystallinity fraction increased monotonically upon the increase in annealing temperature. It is not the case for the melting temperature for corresponding terpolymers characterizing in an inverse fashion where saw a two stepwise decrease with the cross point at 90 ℃ . Annealing above 90 ℃ caused the loose crystal stacks thickening and reduction of the distribution of crystal size. This was reflected by a remarkably decreasing FWHM values from ca.

15 ℃ to around 8 ℃. The coarse and loose bumpy-like topographic profile for the pristine also manifested the inhomogeneous microstructure and flat-on dominant crystal orientation. The regular needle-like nanocrystallites and distinct interfacial boundary suggested the existence of edge-on crystal orientation lamellae in intermediate and full terpolymers induced by isothermal crystallization.

Two dielectric anomalies as a function of temperature were strongly associated with two typical transitions where the peak at low temperature was ascribed to the glass transition in amorphous phase while the higher should be attributed to the Curie transition in crystal lamellae. Both regimes gave the contribution to the dielectric behavior at room temperature. An increase intensity of dielectric peak located at glass transition region was strongly due to the enrichment of the amorphous interphase where the molecular chain conformation was more or less oriented.

This assumed to be one of the reason that the electric breakdown strength 𝐸 𝑏 of terpolymer with high crystal fraction were enhanced.

The finding disclosed for the electromechanical behavior shows that terpolymer with a largest degree of crystallinity was not envisaged to the largest transverse deformation. Pristine terpolymer beam gave the largest field-induced strain output and elastic mechanical energy density whilst out-performed tip displacement maximized for terpolymer beam having median crystal fraction. From material engineering point of view, the prominent transverse strain was a trade-off between dielectric properties and mechanical tensile strength of the terpolymer. On the other hand from an implementation point of view, structure of actuator devices should be carefully considered, along with terpolymer microstructure.

Chapter III

Influence of the Crystallization on the Molecular Mobility and Ionic DC Conductivity Behaviors of Relaxor Ferroelectric P(VDF-TrFE-CTFE) Terpolymers

The dynamics of semi-crystalline poly(vinylidene fluoride-trifluoroethylenechlorotrifluoroethylene) (P(VDF-TrFE-CTFE)) terpolymers were fully investigated as a function of temperature and frequency, by means of broadband dielectric spectroscopy. Four types of relaxation regimes were observed over the full dielectric spectroscopy, namely 𝛽 (second) relaxation in the sub-glass state, 𝛼 (segmental dynamics) in the rubbery state, the Curie transition and space charge carrier motion at high temperatures. Constrained segmental dynamics were observed in the terpolymer containing the highest crystallinity fraction for which a narrow relaxation time distribution was found. These results indicate a decreasing average size of the cooperative rearranging region over the crystalline fraction. A decrease of the strength index values also implied a more fragile behavior for terpolymers with a higher degree of crystallinity.

An exceptional increase in dielectric strength Δ𝜀 𝛼 was found as the crystallinity increased. This behavior could be explained by an enhanced interphase (rigid amorphous phase). The Curie transition showed an accelerating relaxation rate for a more fragile terpolymer. Moreover, a motion of the space charge carrier ions was observed in the higher temperature range. Finally, there was evidence that the segmental dynamics in the amorphous phase was responsible for the motion of the space charge carrier ions.

I Introduction

Ferroelectric materials have been paid increasing attention due to their capability of converting external electric stimulus into other mainly available energy forms such as mechanical force [1,2], heat (electrocaloric effect) [3][4][5], and magnetoelectric fields [6,7] and vice versa.

Recently, ferroelectric polymers have attracted great interest thanks to their flexibility, light weight, relatively low mechanical strength, ease of processability into large-area films, and the ability to be molded into a desirable dimension. However, compared with polyamide (PA) and polyimide (PI) ferroelectric polymers [8,9], PVDF and fluorinated copolymers exhibit a high dielectric constant, a low dissipation factor, as well as rapid and excellent electromechanical responses [10,11].

With rapid development of demands for power electronics like portable devices, wireless sensors, medical equipment and nonvolatile memory, novel PVDF-based ferroelectric polymers have been designed and synthesized. In parallel, new chemical and physical methods were developed to enhance their dielectric behavior and storage energy density. And thus by adding an amine cross-linker or photo-initiator, films of thermal and photo-induced cross-linked poly(vinylidene fluoride-trifluoroethylene) P(VDF-TrFE) copolymers were obtained with a greatly enhanced storage energy density and reduced dielectric losses [12,13], paving the way towards the high performance ferroelectric polymers. On the other hand, a variety of facile processes such as solution casting, hot-pressing, uniaxial or biaxial stretching and spin-coating [14,15] were employed to fabricate polymer films with tunable dielectric properties by the control of the crystal forms and the film morphology.

Intrinsically, for most semi-crystalline polymers such as PVDF-based polymers, their physico-chemical properties are significantly dependent upon the crystallographic behavior [16,17]. Theoretically, when the temperature surpasses the glass transition temperature ( 𝑇 𝑔 ), crystallization occurs, during which the molecular chain in the amorphous phase folds back and forth to form crystal lamellae. Furthermore, in PVDF-based polymers, the crystal forms are categorized into different crystal phases with regard to the Trans (T) or Gauche (G) chain conformation. The crystallization process determines which crystal form is favored during molecular chain rearrangement [18,19]. For a solution-cast film [20], the c-axis of the crystal lamellae (flat-on) is normal to the film plane, with its dipole moments perpendicular to the external applied electric field. This crystal form shows weak polarization in bulk-like films. However, in the case of nanometer-thick films with a nano-confinement effect [21], edge-on crystal lamellae (with the c-axis parallel to the film plane ) were forced to be predominant and thus their dielectric polarization response was maximized. Diffractogram profiles provide us with a massive amount of information on crystallography such as the overall crystallinity, the crystal size and lattice parameters. In parallel, the molecular mobility and crystallization behavior remain key research interests upon the crystallization process.

Generally, the dynamic mechanical analysis (DMA) technique is employed to track changes or fluctuations in molecular chain conformation regardless of the chemical composition.

Nonetheless, dynamic mechanical spectra were confined within a small range of mechanical frequency due to the experimental manipulation limit. Thanks to the fact that most semicrystalline polymers are isolating materials, polymers are better for dielectric measurements over a large scale of electric frequency and atmospheric temperature. In particular, polymeric materials containing functional groups or atoms such as fluorine and chlorine are rather sensitive to external electric fields, and changes in molecular chain conformation or long-term/short-term chain motion have been detected. This could lead to pronounced high-resolution broadband dielectric spectroscopy (BDS). By using the BDS technique, PVDF-based random copolymers were investigated and their segmental 𝛼-relaxation process within a super-cooled liquid region and 𝛽-relaxation process in the sub-glass state were fully understood. Also, the ferroelectric-paraelectric phase transition point (Curie point) was located over the isochronal dielectric loss spectra and did not shift with the frequency, showing a typical ferroelectric behavior [22,23]. Due to its high dielectric constant and low loss dissipation factor, the ferroelectric copolymer showed considerable shape deformation upon the application of an electric field. However, the high energy beam-irradiated copolymer P(VDF-TrFE) displayed a slim hysteresis loop rather than a large displacement-electric (D-E) loop. Its Curie temperature was greatly reduced and was highly frequency-dependent, showing a relaxor ferroelectric behavior as revealed by the BDS technique. Inspired by the introduction of defects to PVDFbased copolymers according to the high energy beam, the CTFE monomer was copolymerized into the P(VDF-TrFE) backbone. Relatively large crystalline phases in the copolymer broke into ergodic nanoscale crystallites concomitant with an all-Trans β (Tm, m > 3 ) ferroelectric transforming into a nonpolar paraelectric crystalline 𝛼 phase (TG + TG -) and metastable 𝛿 (T3G + T3G -) ferroelectric phase. The directions of their dipole moment were randomly orientated and separately distributed in the nonpolar amorphous phase. Therefore, interactions between crystallite nanodomains and the amorphous phase were greatly weakened accordingly. Such an evolution was responsible for a much higher electrostrictive response comparable to the ferroelectric copolymers according to our previous study [24].

On the basis of studies on poly(vinylidene fluoride-trifluoroethylene-chlorotrifluoroethylene) (P(VDF-TrFE-CTFE)) terpolymers, a rather high dielectric constant ( 𝜀 ′ > 50 ), a large electrostrictive strain and a high storage energy density, were demonstrated making it a rather good candidate for sensor and actuator implementation. Note that the crystallinity decreased a lot when incorporating bulk ternary monomer into P(VDF-CTFE) and thus its pristine film had a very low overall crystallinity, exhibiting less ferroelectricity. Consequently, (non)-isothermal crystallization at high temperature within a large scale range was subjected to the pristine terpolymer films. It has been reported that the microstructure and electromechanical properties of the P(VDF-TrFE-CFE) terpolymer significantly depend upon the film-forming process and correlation between the process and properties have also been revealed [25]. Thus, it was interesting to understand the influence of the crystallinity on the molecular mobility, the Curie transition and the space charge carrier motion behavior within a full temperature range since these scenarios have a crucial impact on dielectric and electromechanical behaviors.

In this work, the BDS technique was employed to monitor molecular mobility based on the overall crystallinity, where four typical relaxation modes were detected: segmental dynamics, socalled α-relaxation appearing at temperatures within the super-cooled liquid region; a secondary relaxation concerning the local molecular motion, designated as β-relaxation in the sub-glass state.

The Curie transition, assigned to the dipolar reorientation in the crystal lamella merged with segmental relaxation at higher temperature. Moreover, the relaxation behavior associated with parameters change in amorphous phase was also investigated. Finally, the relaxation of charge carrier ions at high temperature was analyzed by the imaginary part of complex electric modulus spectra.

II Experimental Section

II. 1 Materials and Isothermal Crystallization

The P(VDF-TrFE-CTFE) terpolymer studied in the current work had the following chemical composition: VDF/TrFE/CTFE=61.7/30.4/7.9 (mole ratio), and was graciously provided by Piezotech S.A.S (Arkema Group, France). It was synthesized by suspension polymerization engineering. The pristine film was denominated pristine Film A and was prepared by slow solution casting from 14 wt% terpolymer solution on a glass plate, without post annealing, giving an average thickness of ca. 60 𝝁𝒎 . Post annealed specimens were intimately prepared by annealing the pristine film at 70 ℃ in an oven for 12h; these were designated as Film B. Those kept at 80 ℃ for 2H were called Film C, and the specimens denoted Film D and Film E were prepared by annealing pristine Film A at 90 ℃ in the oven for 1h and 2h, respectively. The intermediately crystallized Film F was obtained by isothermally annealing pristine Film A at 110 ℃ for 2h. Fully crystalized films were finalized by a deep annealing of pristine Film A at 120 ℃ overnight and were called Film G.

The overall degree of crystallinity of each crystallized film was obtained by the first DSC heating ramp (10 ℃ min -1 ), as the integral of the melting region divided by the fusion of enthalpy for hypothetically 100% crystallinity in terpolymers (~42 J g -1 ) [25]. The overall crystallinity fraction of the as-treated terpolymer films ranged between 30.83% (Film A) and 45.28% (Film G) (see Table III. 1). And each terpolymer film thickness was normalized to ca. 60𝜇𝑚 in order to ensure an even electric field distribution. All as-cast films were homogeneous and the crystalized films were slightly translucent.

II. 2 Device Fabrication and Characterization Techniques

II.2.1 Dielectric Data Acquisition.

Broadband dielectric relaxation spectroscopy was carried out on a Solartron 1260 impedance-analyzer equipped with Model 129610A LHe LN2 Cryostat temperature-controlled system. The as-deposited dielectric terpolymer circular films with a diameter of 20 mm were metalized by sputtering gold on both surfaces through a shadow mask. The metal/terpolymer/metal parallel capacitors were sandwiched between two polished copper electrodes mounted on the sample holders. The samples were then exposed to the evaporated nitrogen stream from the liquid nitrogen dewar by which temperature control was performed with a precision of ±0.1K. Dielectric data acquisition was conducted with frequency sweeping from 10 -1 to 10 6 Hz at a low bias voltage (1 V). Isothermal broadband dielectric measurements were carried out within an extended temperature (T) range of 203 K (-70 ℃) ≤T≤373 K (100 ℃). The capacitor-like sample was cooled down to 203 K with a moderate cooling rate so as to eschew a thermodynamical non-equilibrium of molecular chain entanglement during the cooling step. Then the dielectric measurements were triggered isothermally in 5K intervals. The real and imaginary parts of the permittivity frequency-dependent dielectric data were collected by the Solartron software package.

II.2.2 Dielectric Data Analysis

To picture the quantitative relaxation time distribution and dielectric strength ( Δ𝜀 ), isothermal dielectric spectroscopy data were analyzed by the phenomenological Havriliak-Negami (HN) equation [26]. All the dielectric data were fitted with the Winfit software package (Novocontrol, Germany). For the sum of superimposed dielectric spectra, the HN equation reads:

𝜀 * = 𝜀 ∞ + ∑ Δ𝜀 𝑗 [1+(𝑖𝜔𝜏 𝐻𝑁𝑗 ) 𝛼 𝐻𝑁 ] 𝛽 𝐻𝑁 𝑗 -𝑖 ( 𝜎 𝜀 0 𝜔 ) 𝑠 III. 1
where 𝜀 0 is the dielectric permittivity in vacuum; 𝜀 ∞ represents the dielectric constant at infinite frequency, much higher than the relaxation rate within the limited frequency scale; Δ𝜀 𝑗 is the respective dielectric strength of relaxation at an index above which appears the dielectric relaxation process; 𝜏 𝐻𝑁𝑗 denotes the average characteristic relaxation time of each process; 𝛼 𝐻𝑁 , 𝛽 𝐻𝑁 (0 < 𝛼 𝐻𝑁 < 1, 0 < 𝛼 𝐻𝑁 𝛽 𝐻𝑁 ≤ 1) are the shape parameters which describe respectively the symmetry, asymmetry and broadness of the corresponding spectra over the spectral window. The right hand expression cluster denotes the conductive effects on the dielectric measurements where 𝜎 is the sample conductivity mainly contributing to the imaginary spectra at high temperature and low frequency. s (0< 𝑠 ≤ 1) is the conductive fitting parameter that describes the Ohmic effects of the direct current (DC) conductivity. Empirically, for 𝛽 𝐻𝑁 = 1, the Havriliak-Negami equation deduce to the Debye relaxation model as a Cole-Cole equation. Fitting parameters characteristic of the relaxation time 𝜏 𝐻𝑁 , 𝛼 𝐻𝑁 and 𝛽 𝐻𝑁 are extrapolated and 𝜏 𝐻𝑁 is related to modelindependent relaxation time 𝜏 𝑚𝑎𝑥 = 1 2𝜋𝑓 𝑚𝑎𝑥 ⁄ which corresponds to the peak position of the maximum dielectric loss calculated according to equation III.2.

𝜏 𝑚𝑎𝑥 = 𝜏 𝐻𝑁 [𝑠𝑖𝑛 𝛼 𝐻𝑁 𝛽 𝐻𝑁 𝜋 2(𝛽 𝐻𝑁 +1) ] 1 𝛼 𝐻𝑁 ⁄ [𝑠𝑖𝑛 𝛼 𝐻𝑁 𝜋 2(𝛽 𝐻𝑁 +1) ] -1 𝛼 𝐻𝑁 ⁄ III. 2

III Results and Discussions

III. 1 Broadband Dielectric loss spectra and Tan 𝜹

III.1.1 Dielectric Loss Spectra

It is well-documented that dielectric spectroscopy originates from the amorphous phase of semi-crystalline structures rather than the rigid crystalline phase where the relaxation is shielded by the entangled crystal lamellae. These lamellae show no dielectric relaxation. However, molecular dynamics in semi-crystalline polymers are determined by the proportion of the crystalline vs. amorphous phase [27][28][29]. The dielectric loss spectra recorded in the available frequency range at temperature from -70 ℃ to 100 ℃ were presented in a logarithmic plot in Figure III. 1. In all cases dielectric spectra shared the similar relaxation trend. At low temperature, the broad and less intense dielectric anomaly was visible, which is associated with relaxation in sub-glass state. The relaxation peak shifted towards the high frequency with its relaxation strength enhanced and shape altered. On top of that, the relaxation strength of the dielectric spectra at relatively low frequency was increased several orders of magnitude. This could be due to the occurrence of interfacial polarization and conductivity linked to the charge carrier ions. Besides, three dimensional relaxation spectra were also drawn, allowing us to distribute and identify the dielectric characteristics. semicrystalline Film C with 36.40% crystallinity. The dielectric loss (𝜀′′) showed three distinctive relaxation anomalies over the temperature range which was in agreement with our previous study [23] where, at low temperature, a broad and less intense 𝛽 relaxation regime was associated with the local motion of fluorinated dipoles in a short molecular chain sequence. As the temperature increased, the 𝛽 relaxation regimes superposed with the segmental 𝛼 relaxation, showing considerable complexity for this scenario where multicomponent relaxation modes contributed to the sum of dielectric loss spectra covered by the glass transition region. This was followed by a modest increase in dielectric loss, identified as a strong 𝛼 relaxation anomaly versus temperature [30,31]. The relaxation, associated with the structural dynamics mode within the Super-cooled Liquid Region (SLR), accelerated its shift towards higher temperature and overlapped with the relaxation at higher frequency. The lower temperature dependence of the relaxation regime located at a temperature around 33℃ was unambiguously attributed to the Curie transition in agreement with evidence established from DSC endothermic and dielectric spectra [23]. The DC conductivity that dominated at high temperature [32] overlapped with the Maxwell-Wagner- Moreover, isochronal dielectric loss spectra at a given frequency of 2511Hz obtained through isothermal dielectric spectroscopy are plotted in Figure III 3 for the as-processed films of varying crystallinity. A more intense relaxation associated with the Curie transition regimes shifted the spectra towards a lower temperature comparable with that of the pristine film with a 𝑇 𝐶 of 42.9 ℃. This frequency-dependent relaxation was assigned to the dipolar reorientation in the crystal lamella [33,34].

III.1.2 Dielectric Relaxation Behavior

The Curie transition is associated with the conversion of the ferroelectric phase, comprised of a predominant 𝛿 phase with T3G + T3G -chain comformation which only exists below the Curie transition point, to the paraelectric 𝛼 (TG + TG -) phase for as-casted PVDF-based copolymers and terpolymers. However, the terpolymers exhibited a surpressed Curie transiton temperature within the range of 30-50 ℃ rather than very high Curie temperatre for copolymers. In our case, the pristine film A underwent crystallization at ambiant temperature below the Curie temperature during which the ferroelectric 𝛿 phase was maximized with an even lower overall crystallinity.

As the annealing temperature (70-120 ℃) was raised far beyond the Curie point, the low amount of the ferroelectric phase would engage in the Curie transition whereas the overall crystallinity would increase a lot. Consequently, the Curie transition in the less ferroelectric phase of the crystal lamellae was ignited at lower temperature in accordance with KAP's study [35]. Such results rationalize a lower temperature shift trend regarding the ferroelectric-paraelectric conversion. Quantified parameters concerning the Curie transition will be presented in the section Influence of segmental dynamics on the Curie transition behavior.

Nevertheless, it was observed that the less intense 𝛼 relaxation modes located on the left shouder of the Curie mode showed an enhanced shift towards the higher temperature with an increased crystallinity. This implied an increasing restriction of the molecular mobility in the amorphous phase which was due to the evolution of a three-phase microstructure, i.e., an amorphours-interphase-crystal phase of the crystalline polymer. Details will be discussed in the section Segmental dynamics of semicrystalline terpolymers. Note that an enlarged intensity of the 𝛼 relaxation peaks was observed as the degree of crystallinity increased, and these results were in accordance with recent studies of relaxor ferroelectric polymer films [36].

Generally, non-relaxor ferroelectric glassy polymers such as poly(ethylene terephthalate) (PET) [37], poly(pentamethylene terephthalate) (PPT) [38], poly(lactic acid) (PLA) [39] etc. have exhibited inversely compressed relaxation amplitudes. It is thus reasonable to assume that an enhanced 𝛼 relaxation is closely correlated with the Curie transition. Additionally, a high temperature gave an abrupt increase of the relaxation peak which was attributed to the charge carrier ion motions through the interphase of the amorphous and crystal phases in the semicrystalline terpolymers. Details of each relaxation regime are given in the up-coming section. 

III. 2 Segmental Dynamics of Semicrystalline Terpolymers

As stated in the previous section, multiple anomalies were distinctly observed when analyzing the molecular dynamics in a broad range of temperature and frequency. The α relaxation interacting with neighboring β relaxation and the Curie transition showed considerable 
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complexity. As presented in Figure III. 2a, the β relaxation located at much higher frequency and low temperature merged with the main α relaxation at higher frequency. In order to fully picture the segmental dynamics, dielectric losses at low temperature (above 𝑇 𝑔 ) were compared. At this point, the relaxation at high frequency showed a much lower contribution to the main dielectric loss as can be seen in the representative spectroscopy results in Figure III. 2.

It is well-known that when amorphous polymers or metallic materials are put through a thermal annealing process above the glass transition, crystallization tends to take place and molecular chains fold back and forth into well-ordered crystal lamellae [40][41][42] Normally pending a typical crystallization process for non-ferrelectric bulk polymers, crystal lamella form comcomitantly with the consumption of relaxing segments in the armophous phase,

showing the apparently dwarfed relaxation peaks. This was not the case for our present results which displayed abnormally enhanced peak intensities. Note that the relaxation position in Figure III. 4a shifted towards lower frequencies as the crystal phase increased. In fact, many authors have argued that the consumption of the amorphous phase led to the formation of the more constrained segmental relaxation phase. Their coherent length (CL), corresponding to the average size of crystal (polar) domains, was greatly increased with the enhancement of the crystalline fraction [35,36].

More recently, Zhu's group [43] found, by a combination of calculation and computer simulation, that the enhanced dielectric property was due to the microstructure of the oriented amorphous interphases. At least a 55% interphase (rigid or constrained amorphous phase) in which the molecular chains directly stemmed from the crystalline basal planes, accounted for the whole amorphous phase in a film of biaxially oriented PVDF. The crystalline fraction densified due to high temperature annealing, accompanied by an increment of the interphase layer. It was likely that the large amount of interphase layers exerted a significant influence on the molecular mobility of the whole amorphous phase. In this case, the entire amorphous phase showed more constrained behaviors. Such that the constrained relaxation phases gave rise to a prolonged fluctuation in process time comparable with the mobile amorphous phase as the crystallization proceeded [44,45].

Peak position shifts in Figure III. 4a correlated with the constraining amorphous phase, showing a slowing down of the relaxation rate which was consistent with the intensively studied polymers, i.e., PET, poly(butylene terephthalate) (PBT), poly(L-lactic acid) (PLLA), and 100 polycarbonate (PC) [37][38][39]46]. Such results were in rather good agreement with a higher temperature shift trend of isochronal segmental relaxation as shown in Figure III. 4a. Moreover, Figure III. 4b displays dual normalized dielectric spectra and small variations were found for the relaxation peak shape as a function of the crystallinity fraction. Such results implied that the size of the amorphous phase or coherent length values became more homogeneous and smaller with an increasd crystallinity. A narrower relaxation time distribution also provided evidence of a reduced average size of the Cooperative Rearranging Region (CRR) introduced by Adam and Gibbs [47]. This led to an increased interaction between the amorphous phase and the crystal lamellae in the terpolymer. E. Dargent [48,49] has reported a similar finding: that a constrained size of the CRR near the glass transition temperature correlated with a decrease of the interspherulitic amorphous phase according to a DSC method developped by Donth [50,51].

In an attempt to clarify the effect of isothermal crystallization on the segmental relaxation, dielectric loss 𝜀 ′′ spectra were fitted to the well-known phenomenological HN equation.

Estimated breadth shape parameters 𝛼 𝐻𝑁 increased with the temperature from 0.22±0.03 (248K) to 0.56± 0.04 (288K) for a representative moderately crystallized terpolymer with a crystalline fraction of 36.40%. This similar trend was shared by PLLA polymers [45]. As shown in Figure III. 4b, 𝛼 𝐻𝑁 increased upon the evolution of the crystallization range from 0.20 ± 0.02 (𝜒 𝑐 =30.83%) to 0.31±0.02 (𝜒 𝑐 =45.28%). A decrease of the relaxation time distribution has already been observed in different polymeric systems [52] and has been related to the variation of the CRR values as mentioned above. Reduced CRR size values only occur if the number of neighboring repeating units (for polymeric systems) participating in the relaxation process near the glass transition temperature 𝑇 𝑔 decreases. Indeed, the PVDF-based terpolymers became more constrained as the crystallization evolved. Moreover, symmetric 𝛽 𝐻𝑁 parameters have also been deduced and exhibited a relatively narrow distribution within the defined temperature range. During the crystallization process for semicrystalline polymers, the amplitude of the segmental relaxation peaks decays as the crystallization proceeds [53]. Nevertheless, as depicted in Figure III. 4a, the presence of a relatively high crystallinity tends to induce a larger relaxation strength, which is quite suprising. These results were somewhat contrary to the segmental dynamics of non-ferroelectric semicrystalline polymers which presented a decreasing trend of peak intensity with the evolution of the crystallization. However, the present findings are in rather 
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good accordance with results on a homological P(VDF-TrFE-CFE) relaxor ferroelectric terpolymer, showing a larger relaxation strength as the crystalline fraction increased [36].

Isothermal dielectric losses (recall Figure . III. 4) also showed an identical trend with regard to the α relaxation anomaly. The dielectric strength Δε, an indicator of the relaxation intensity, was introduced in order to quantify the extent of crystallinity effects. Generally, the dielectric strength can be predicted by the Onsager/Kirkwood/Fröhlich theory [54], expressed as follows: showed a common increase, as a general behavior in accordance with a study on semi-crystalline polymers [45,52] while completely amorphous polymers showed a decreasing behavior. 
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III. 3 Influence of segmental dynamics on the Curie transition behavior

In order to trace the two regimes, the characteristic HN relaxation times were extrapolated which allowed us to quantitatively picture the molecular mobility and influence of the isothermal crystallization annealing on the molecular dynamics. Then, the characteristic relaxation times 𝜏 𝛼 were plotted against the reciprocal of the temperature in a logarithmic function in Figure III. 7.

Plots of the 𝛼 anomaly relaxation time 𝜏 𝛼 as a function of 1 𝑇 ⁄ exhibited the usual curvature of cooperative processes. Instead, 𝛼 regime plots (relaxation ranging between 245K and 285K) were split as the temperature approached to the cross point with subglass regimes. This scenario was not seen at higher temperature. Terpolymers with higher crystallinity afforded long relaxation times as 𝜏 𝛼 for 𝜒 𝑐 =45.28% was almost one decade larger than for terpolymers with minimal crystallinity. This is indicative of a significant slowing down of the relaxation rate. The temperature (T> 𝑇 𝑔 ) dependence of the segmental relaxation times 𝜏 𝛼 (𝑇) are well described over several decades by the Vogel-Fulcher-Tammann (VFT) equation, which reads [53,58]:

𝜏 𝛼 (𝑇) = 𝜏 ∞ 𝑒𝑥𝑝 ( 𝐵 𝑇-𝑇 0 ) III. 4
where 𝜏 ∞ is a pre-exponential factor, 𝑇 0 is the so-called Vogel temperature where the characteristic relaxation time is infinitely great and the molecular chain motion is frozen; B is related to the apparent activation energy of the 𝛼 relaxation and can be rewritten as 𝐷𝑇 0 . Here, 𝐷 denotes the strength index parameter providing a way to classify glass formers according to the degree of deviation to the Arrhenius-type equation induced by varying the cooperative rearranging region [59]. Meanwhile, the pre-exponential factor 𝜏 ∞ -relaxation time at infinite temperature displayed a drastic shift of several orders of magnitude towards the higher values depending on the crystallinity. The values were in rather good agreement with reported findings [36] as presented for many other polymeric systems. And the estimated glass transition temperature 𝑇 𝑔.𝑑𝑖𝑒𝑙 at which 𝜏 𝛼 is equal to 100s was replaced, which was consistent with the glass transition found by DMA and DSC in our previous study [23,31]. It should be emphasized that these values were powerful indicators for evaluating the influence of the crystallinity on the molecular mobility.

As shown in Table III. 1, the Vogel temperature and the estimated 𝑇 𝑔.𝑑𝑖𝑒𝑙 both followed the similar increasing trend. As documented previously, a large number of semi-crystalline polymers present similar phenomena, e.g., poly(methyl methacrylate) (PMMA) [62], PVDF and blends thereof [63], network polymers [64], PC [65] and poly(bisphenol A carbonate) (PBAC) [66] etc.

The enhanced 𝑇 0 and 𝑇 𝑔.𝑑𝑖𝑒𝑙 were equivalent to the constrained molecular mobility, and the results were in rather good agreement with the slowing down of the relaxation rate. Some reports have attributed this effect to the increasing rigid amorphous phase. The RAP is still amorphous but constrained with its molecular chain partially folded in the crystal lamella. As a consequence, the 𝛼 relaxation in the whole amorphous phase became disturbed due to the number of molecular units participating in the relaxation. This led to a decrease of the average size of the cooperative rearranging region [48,49,67].

JF Mano proposed an increase of the RAP layer as the crystallinity fraction increased [45]. Note that more than 55% of the rigid amorphous phase accounted for the whole amorphous phase in the PVDF films [43], why it is understandable that a large amount of constrained amorphous material existed in the PVDF-based terpolymer. This might rationalize the slowing down of the relaxation rate depending on the degree of crystallization. Considering that the terpolymer has a relative low crystallinity [25,68], even in fully crystallized PVDF-based copolymers (𝜒 𝑐 >60%) [21], the influence of the rigid interphase layer on the segmental relaxation is concomitant with the restriction on the conformational mobility of this phase. In addition, two amorphous phase modes would be verified by a plot of the normalized relaxation strength as a function of the crystalline fraction. However, in the case of our relaxor ferroelectric terpolymer, the extraction of the 𝛼 relaxation part seemed inaccessible. 

(c)

Otherwise, the Curie relaxation mode would show a diffusion phase transition upon the heating process. It is well-documented that the Curie transition is associated with dipolar reorientations in the crystal lamellae phase. The introduction of CTFE bulk monomers, acting as defects, disturbed the tight packing of molecular chains in the crystal phase, resulting in an expansion of inter-chain spacing and the termination of crystal growth. Submicron-sized P(VDF-TrFE) crystal grains consequently broke into ~10 nm sized crystal domains [69,70]. As the crystal domain reduced in size, interactions between each crystal nanodomain became dwarfed.

Its transition temperature at low frequency shifted towards the lower temperature (~310K in the present work) to a large extent comparable with that of P(VDF-TrFE) copolymers (>373K [71,72]), showing relaxor ferroelectric behavior.

Characteristic relaxation times of the Curie transition were extrapolated and plotted against the reciprocal of the temperature 1/𝑇 as presented in the inset of Figure III. 7b. In each case, 𝜏 𝐶 versus the reciprocal of the temperature exhibited a quasi-linear correlation and followed an Arrhenius-type behavior. By the slope of the linear fitted curve, we could calculate the apparent activation energy of the Curie transition, listed in Table III. 1. The enthalpies of the Curie transition relaxation were an order of magnitude higher than those of the segmental relaxation. This was consistent with the fact that the ferroelectric-paraelectric transition occurred in a shielded crystal phase with a large activation energy barrier in accordance with previous investigations.

C. Ang reported that an increase of the amorphous content resulted in the suppression of the Curie relaxation mode [73]. Intriguingly, the Curie transition relaxation times were in our cases activated upon the increase of the crystalline content, in rather good agreement with the isochronal dielectric loss profile shifting towards lower temperatures depending on the crystallinity, cf. Figure III. 3. This means that a higher crystallinity favors an enhanced relaxation rate of the Curie transition regime.

In addition, one should note that the two concurrent relaxation modes merged at high frequency. On this point, segmental relaxation processes tended to affect the Curie transition mode at higher frequency. The merging temperature 𝑇 𝑚𝑒 of the two relaxation regimes is summarized in Table III. 1. The merging temperature at high frequency tended to decrease when increasing the crystallinity with a large distribution ( ∆𝑇 ≈ 8 𝐾 ). According to our previous investigation, the amorphous phase showed a reduced average size of CRR to a large extent, by the fact that the segmental dynamics in the amorphous phase could affect the Curie transition mode. This rationalized the lower temperature where the Curie transition modes were activated by segmental dynamics in mobile and constrained amorphous phases. 

Strength Index D=B/T0

Degree of Crystallinity [%]

higher degree of crystallinity which was in rather good agreement with the decrease of the average size of the CRR in the amorphous phase as mentioned in the section Segmental Dynamics of Semicrystalline Terpolymers. When it comes to the 𝑇 𝑔.𝑑𝑖𝑒𝑙 /𝑇 0 values determined by VTF fitting parameters, as was the case of for the pristine terpolymer, 𝑇 𝑔.𝑑𝑖𝑒𝑙 /𝑇 0 was estimated at ~1.089 and thus 𝐷 was calculated as ~1.89. This is slightly higher than the experimental value of 1.61 as extrapolated from 𝐵/𝑇 0 . However, it was acceptable within the experimental uncertainty.

III. 4 Sub-glass 𝜷-relaxation mode

The 𝛽-relaxation regime has been identified as a broader and less intense typical relaxation mode at higher frequency or lower temperature. This phenomenological relaxation arose from localized dipole fluctuations. The 𝛽 regime correlates with the twisting motion of the C-C backbone for terpolymer because no free and flexible side-groups on studied in the present work. This means that the effects originated from the local motion of rather short sequences comparable to the segmental dynamics [59,76] [45,52,77], suggesting the existence of a small energy barrier between the pristine terpolymer and its crystallized counterparts. Such results also imply that a local motion below 𝑇 𝑔 changes the relaxation dynamics, giving rise to the thermodynamic stability as the crystallization evolves. Hence, it is reasonable to assume that the evolution of 𝛽 relaxation parameters is linked to the constrained molecular segmental dynamics in the amorphous phase. Moreover, the width of 𝛼 𝐻𝑁 , independent of the temperature in the glass state, was around 0.20±0.02 and showed a rather good symmetry (𝛽 𝐻𝑁 =1.00) as presented in Table III. 2.

Driven by the origins of two typical relaxation modes in P(VDF-TrFE-CTFE) terpolymers, a

Johari-Goldstein (J-G)-like secondary relaxation, taken as the precursor of the 𝛼 relaxation process, was transferred to the segmental structure relaxation as the temperature approached 𝑇 𝑔.𝑑𝑖𝑒𝑙 . Ngai reported on a separation of the 𝛼and 𝛽-relaxations near the regulated 𝑇 𝑔 [78,79]: 

III. 5 Mobility of Space Charges during High-Temperature processing

Ohmic conductivity effects at high temperature were several orders of magnitude higher than that in sub-glass state as shown in Generally, the charge carrier mobility has an influence on the conductivity relaxation modes in two typical mechanisms: one is termed as a proton-hopping theory and describes the charge motion trapped in the pendant H-bonds such as polymeric systems functionalized with hydroxyl, amide and amine groups [80,81]. This mechanism functions without the pre-requisite of molecular mobility whereas another mode, the so-called Grotthuss mechanism, significantly depends upon the molecular diffusion process. Considering that there are no free protons in the P(VDF-TrFE-CTFE) terpolymer, the DC conductivity was ascribed to charge carrier motion in our case, i.e., ion transportation driven by the segmental dynamics in the amorphous phase [82]. Such ions were probably impurities which were introduced during the suspension polymerization process.

Due to conductivity of the amorphous phase in terpolymer films, free charge carrier ions, transferring through the conductive amorphous phase, piled up near the interfaces of the amorphous-crystal boundary, could give rise to interfacial polarization. The acquisition of DC conductivity relaxation times could not been extrapolated by dielectric loss spectra by fitting the HN equation at low frequency over high temperature. Instead, we introduced the electric modulus 𝑀 * in order to erase the main conductivity at low frequency. By using 𝑀 * , the influence of the dipolar polarization and electrode polarization at low frequency was minimized, while the motion of the charge carrier ions was emphasized at high temperature:

𝑀 * = 𝑀 ′ + 𝑖𝑀 ′′ = 1 𝜀 * = 𝑖𝜀 0 𝜔 𝜎 * = 𝜀 ′ 𝜀 ′ 2 +𝜀 ′′ 2 + 𝑖 𝜀 ′′ 𝜀 ′ 2 +𝜀 ′′ 2 III.6
electric modulus loss spectra as a function of temperature for each case were depicted in Figure III. 9, sharing a very similar trend. 10a and b, conductivity peaks were found to be highly temperature dependent for the representative Film F (𝜒 𝑐 =39.8%). It was also clearly observed that a characteristic plateau emerged expectedly as a function of frequency with an increase in temperature. Correspondingly, peaks of the fractional part of the imaginary electric modulus 𝑀 ′′ moved to higher frequency as the temperature increased (no distinct peaks shown between 203 K and 303 K), indicating an enhanced motion of the charge carrier ions. [s cm
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Film F  C =39.80% III. 2). As already stated, the terpolymer with the higher crystallinity had a significant interphase content, showed more fragile behavior and a constrained relaxation mobility. Fully crystallized terpolymers had a large Vogel temperature (𝑇 𝑉 ) which was in rather good agreement with the fact that the conductivity relaxation rate significantly depended upon the segmental molecular mobility in the amorphous phase [83]. When considering the constrained amorphous phase as the intermediate place for the diffusion of space charge carrier ions, it is reasonable to assume that with the evolution of the crystallization, transportation of the charge carrier ions was likely to be hindered in the interphase rather than continue towards the interface of the amorphous-crystal phase. 

IV Conclusions

The purpose of the current study was to provide as much information as possible on frequency and temperature dependence of the dielectric relaxation behavior of semi-crystalline P(VDF-TrFE-CTFE) terpolymers. In order to evaluate the relaxation map, terpolymers containing different fractions of crystallinity were prepared by an isothermal crystallization process. Firstly, a slowing down of the segmental relaxation rate was found in the terpolymer with the highest crystallinity. The size of the Cooperative Rearranging Region in the amorphous phase declined.

The decrease of the strength index 𝐷 indicated that the crystallized terpolymer had become more fragile with higher degree of crystallinity. However, a large interphase region led to an increase in dielectric strength as opposed to the non-ferroelectric polymer. Such a phenomenon was ascribed to the enhanced fraction of the interphase which was more or less orientated.

The Curie relaxation was accelerated by increasing the amounts of crystalline lamellae, which had a great influence on the segmental relaxation. Secondly, sub-glass 𝛽 relaxation processes were also constrained and followed an Arrhenius-type mode. Considering the chemical composition of terpolymers, it is reasonable to assume that the 𝛽 relaxation processes correlated with the segmental relaxation. Finally, the mobility of the space charge at high temperature was analyzed by an electric modulus method. A VFT-type mode revealed the DC conductivity vs. the relaxation at several temperatures, and suggested that segmental dynamics in the amorphous mode were responsible for the motion of the space charge carrier ions. A dielectric relaxation 300 310 320 330 340 350 360 370 380
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map provided a full picture of the dielectric behavior based on frequency and temperature. The results gave us an idea of the implementation of a point of view for the electromechanical system. The correlation of these behaviors with electromechanical properties is currently being studied.

I Introduction

Fluorinated polymer, a family of the electroactive polymer, which responds to the external electric excitation by a significantly dimensional change in its geometric shapes, attracts an increasing attention for many decades, due to the rapid development of the needs for a wide range of advanced electromechanical device applications, including wireless mobile devices, hybrid power vehicles, high energy weapon system and medical monitoring devices, etc. However, ferroelectric fluorinated polymers also suffered some strategic issues, for instance, limited shape change in defined direction, dwarf elastic energy density and thus low load capacity application, etc. And actions have already been carried out to tackle these challenges. In previous chapter, we reviewed the main strategies being employed to improve the electric field-induced strain 𝑠 𝑖𝑗 , electric energy density 𝑈 = ∫ 𝐸𝑑𝐷 and elastic mechanical energy density 𝐸 𝜇 , which the latter can be read as 𝐸 𝜇 = 1 2 ⁄ 𝑌𝑆 𝑖𝑗 2 . Briefly, the 𝐸 𝜇 value consists in the two contributing factors, Young's modulus 𝑌 and defined field-induced strain 𝑆 𝑖𝑗 . For an electrostrictive polymer materials, the figure of merit of the electrostrictive strain 𝑆 𝑖𝑗 can be reliably determined by the factor 𝑘

(𝜀 ′ -1) 2 𝜀 ′ •𝑌
, where 𝜀 ′ is the relative dielectric constant of the electrostrictive polymers. In case of electrostrictive P(VDF-TrFE-CTFE) or P(VDF-TrFE-CFE) terpolymers with their 𝜀 ′ ≫1, the figure of merit of electrostrictive strain can be simplified as 𝜀 ′ 𝑌 ⁄ . And the electrical and mechanical energy can both benefit from the polymer materials with high dielectric permittivity.

Based on this conception in mind, Lu et al [1] synthesized a family of PVDF-based terpolymers with high and tunable dielectric permittivity relying on a copolymerization reaction approach.

They disclosed that the dielectric permittivity heavenly depends on the ternary CTFE composition. Zhang group [2,3] has also reported an environmental friendly and controllable P(VDF-CTFE) hydrogenation en route to the synthesize P(VDF-CTFE-TrFE) via a transitionmetal complex mediated radical chain transfer reaction. These chemical approaches are limited to revolutionarily improve the dielectric permittivity. Doping with the filler is an alternative fashion to achieve this destination. Generally, fillers employed for doping are the family of materials either with high energy density or enormous dielectric constant. Li et al [4] report high-energydensity polymer nanocomposites based on surface-functionalized TiO2 nanocrystals as dopants in P(VDF-TrFE-CTFE) matrix. High dielectric performance in the nanocomposites is realized via the large enhancement in polarization response at high electric fields and changes in polymer microstructure induced by the nanofillers. Our group recently proposed a terpolymer nanocomposite with carbon black as a dopant and showed a several-fold increase of dielectric constant with low dielectric loss. Besides, the out-performance electric energy density material were also obtained by incorporation of ultra-thin boron nitride nanosheets into terpolymer matrix due to the remarkable improvements in electric breakdown strength based on the underlying mechanism 𝑈 = 1 2 ⁄ 𝜀 0 𝜀 ′ 𝐸 2 . However, there always rises the compatible challenges involving 125 the affinity between inorganic fillers and terpolymer matrix and then an unwanted increase in mechanical strength, both of which attracted the extensive research attentions. The problems in inorganic organic hybrid composite could be addressed via an all-organic blend system. Zhang et al [5] firstly reported an ultra-high-dielectric-constant conductive polymer copperphthalocyanine (CuPc) doped terpolymer composite, the feasibility of the doping was successfully manifested by high strain and high elastic energy density under low applied electric fields. Wang et al [6] further developed Zhang's proposition and improved the incompatibility of CuPc in terpolymer matrix.

Although the key issue of compatibility was solved, undesirable increase of mechanical strength and a percolative all-organic composite were yielded.

More recently, our research group [7,8] proposed a facile and efficient approach via doping a small molecule plasticizer in the terpolymer matrix. The resulting composite blends characterized a several-fold surge of dielectric constant and elastic mechanical energy density as shown in 

II Experimental Section

II. 1 Materials and Elaboration

P(VDF-TrFE-CTFE) terpolymer powder with molar composition ratio of VDF/TrFE/CTFE=61.7:30.4:7.9 were purchased from Piezotech S.A.S (Arkema Group, France) which was synthesized by a suspension polymerization with molecular weight of <𝑀 𝑊 >=22,600 g mol -1 . Prior to use, no further purification was carried out. Commercial Di-2-ethylhexyl phthalate (DEHP) and organic solvents were all purchased from Sigma-Aldrich and used as received. The physico-chemical characteristics of DEHP plasticizer were listed in Table IV. 1. The transparent terpolymer solution were prepared by solubilizing the terpolymer powder in Meth Ethyl Ketone (MEK) solvent in a concentration of 14% (mass fraction). Pristine Film A was prepared by solution-casting on a polished and acetone (reagent grade)-rinsed glass support from the well-prepared MEK transparent solution. The tailor-made film thickness was normalized by a doctor blade film applicator. Afterwards, the fresh terpolymer deposition then moved to a sealed chamber equipped with the ventilating system, allowing the airborne dust impurities Freshly-made bulk terpolymer films were dried for 48h over vacuum at room temperature. Subsequently, bulk as-casted pristine films were followed by 2h annealing in a 80℃

(𝑇 𝑎 =𝑇 𝑔 +105 K, 𝑇 𝑔.𝑏𝑢𝑙𝑘 =ca. 248 K) oven. Then the variety of series 5%, 10% and 15% (mass fraction) plasticizer to the terpolymer residual were dissolved in the neat terpolymer solution and mixed thoroughly. The modified terpolymer blends were obtained by film casting of the corresponding polymer solution. The average thickness of as-casted terpolymer films was approximately 50±5 𝜇𝑚. For the dielectric spectroscopy measurement, the 10 nm-thick Auelectrode layer was sputtered on both sides of circular terpolymers film plates in a diameter of 20 mm with the aid of a plastic shadow mask. It should be noted that metal electrode layer would influence the dielectric behavior in terms of thickness, metal type and oxidized byproduct [11],

etc, especially when investigating the ultrathin films [12]. Bulk polymer exploited in this current contribution made this issue far less significance. The metal/terpolymer/metal parallel plate capacitors were prepared for broadband dielectric spectroscopy measurement.

II. 2 Methods and Techniques

II.2.1 Characterization Technique

Before characterization, terpolymer films were merged into absolute ethanol to rinse the free surface DEHP leaching from the terpolymer blends. After that, solvent-free terpolymer blends were obtained under ultrahigh vacuum for mechanical and dielectric characterization. Nonconventional assembly was established to evaluate the plasticizing effects on mechanical strength Young's modulus properties and part of this study has been reported in our previous contribution [8,13]. The terpolymer film belts with the effective 50 mm in length, 10 mm in width were clamped and drawn through the controlled Newport platform by a functional generator. A triangular signal was input to the unidirectional motor and the samples were stretched at maximal 1% elongation at a tensile rate of 30 mm/min. The strain-stress data acquisition was recorded by LabVIEW software (National Instrument, Austin US) and the slopes of linear fit to the strainstress curves were taken as Young's modulus for terpolymers pristine and blends. The surface morphology and microstructure profiles of the pristine and terpolymer blends were characterized by atomic force microscopy (AFM). Prior to AFM patterns acquisition, 10×10 mm 2 rectangular terpolymer samples were bonded to the freshly-cleaned silicon wafer via a conductive glue. AFM images were acquired in air at room temperature using a Nanoscope IIIa Multimode (Digital Instruments/VEECO, CA) with a tapping mode in a scan rate of 1 Hz. The thermal behaviors of neat and DEHP doped terpolymer blends were performed by Differential Scanning Calorimetry (DSC) technique with the help of DSC 131 Setaram Evo equipped with a liquid nitrogen cryostat accessory. A normalized 18 mg amount of each specimen were placed in an aluminum pan and was heated with a wide temperature range from 203K (-70 ℃) to 473K (200 ℃) in a ramp rate of 10 K/min under a nitrogen purge of 1.5 bars. Prior to DSC thermogram trace collection, the temperature and enthalpy were calibrated using an alumina standard. The baseline curve was also performed by running with the empty sample cell as blank. Each thermogram trace was analyzed by Calisto software package. The glass transition (𝑇 𝑔 ) was designated by the midpoint of the glass transition region. And Curie transition temperature ( 𝑇 𝐶 ) and melting regions of neat and terpolymers blends were also tabulated.

II.2.2 Device Fabrication and Characterization

Dielectric Data Acquisition. Broadband dielectric relaxation spectroscopy was carried out on a Solartron 1260 impedance-analyzer equipped with Model 129610A LHe LN2 Cryostat temperature-controlled system. The as-deposited dielectric terpolymer circular films with a diameter of 20 mm were metalized by sputtering gold on both surfaces through a shadow mask.

The metal/terpolymer/metal parallel capacitors were sandwiched between two polished copper electrodes mounted on the sample holders. The samples were then exposed to the evaporated nitrogen stream from the liquid nitrogen dewar by which temperature control was performed with a precision of ±0.1K. Dielectric data acquisition was conducted with frequency sweeping from 10 -1 to 10 6 Hz at a low bias voltage (1 V). Isothermal broadband dielectric measurements were carried out within an extended temperature (T) range of 203K ≤T≤373K. The capacitor-like sample was cooled down to 203K in a moderate cooling rate so as to eschew a thermodynamical non-equilibrium of molecular chain entanglement during the cooling step. Then the dielectric measurements were triggered isothermally in 5K intervals. The real and imaginary parts of the permittivity frequency-dependent dielectric data were collected by the Solartron software package.

Dielectric Data Analysis. To picture the quantitative relaxation time distribution and dielectric strength Δ𝜀 , isothermal dielectric spectroscopy data were analyzed by the phenomenological Havriliak-Negami (HN) equation [14]. All the dielectric data were fitted with the Winfit32 software package (Novocontrol, Germany). For the sum of superimposed dielectric spectra, the HN equation reads:

𝜀 * = 𝜀 ∞ + ∑ Δ𝜀 𝑗 [1+(𝑖𝜔𝜏 𝐻𝑁𝑗 ) 𝛼 𝐻𝑁 ] 𝛽 𝐻𝑁 𝑗 + 𝑖 ( 𝜎 𝜀 0 𝜔 ) 𝑠 IV. 1
where 𝜀 0 is the dielectric permittivity in vacuum; 𝜀 ∞ represents the dielectric constant at infinite frequency, much higher than the relaxation rate within the limited frequency scale; Δ𝜀 𝑗 is the respective dielectric strength of relaxation at an index above which appears the dielectric relaxation process; 𝜏 𝐻𝑁𝑗 denotes the average characteristic relaxation time of each process; 𝛼 𝐻𝑁 , 𝛽 𝐻𝑁 (0 < 𝛼 𝐻𝑁 < 1, 0 < 𝛼 𝐻𝑁 𝛽 𝐻𝑁 ≤ 1) are the shape parameters which describe respectively the symmetry, asymmetry and broadness of the corresponding spectra over the spectral window. The right hand expression cluster denotes the conductive effects on the dielectric measurements where 𝜎 is the sample conductivity mainly contributing to the imaginary spectra at high temperature and low frequency. S (0< 𝑠 ≤ 1) is the conductive fitting parameter that describes the Ohmic effects 

III Results and Discussions

III. 1 Miscibility and Effects of plasticizer on thermal behaviors of terpolymers

The influence of the varying mass fraction of DEHP molecules on thermal transition behaviors of P(VDF-TrFE-CTFE) was examined by DSC traces. Firstly, the thermogram traces of pristine and DEHP modified terpolymer blends were demonstrated over a wide temperature range in Figure IV. 2. During the DSC heating ramps owing to its molecular chain nature comprising of double carbon bonds backbone with pendant free groups, the obscure changes of enthalpy appearing at approximately -22.9 ℃ can be attributed to the glass transition temperature for the plasticizer-free pristine film, in accordance with the value in our previous study. And it has widely been recognized that the glass transition temperature 𝑇 𝑔 anomaly is the most important criteria of the miscibility of the polymer blends [9,15,16]. This is also an indicative parameter of the plasticizing effects since the plasticizer in theory results in enhanced flexibility of macromolecular chain in terpolymers. Not surprisingly, the single glass transition values were revealed for each case of pristine and DEHP loaded terpolymer matrix. Otherwise, the multiphase transition would be observed referring to the macro-phase of the DEHP agglomeration. The plasticizing effects on the segmental relaxation of the molecules near glass transition were availably disclosed by other techniques latter on. And it should be also noted that no endothermic peaks appeared at around -50 ℃, below which the solid DEHP was supposed to start melting. All these phenomena lead to a conclusion, that is, the excellent miscibility of each components between terpolymer host and DEHP molecules.

However, the broad and moderate thermal peaks at lower temperature and the strong enthalpy flow regimes at higher, the both two endothermic peaks saw the distinct characteristics. The intensive peaks located at higher temperature were unambiguously ascribed to the melting regions of the terpolymer matrices, showing a reduction of the peaks' temperature, assigned to the melting point 𝑇 𝑚 as increase in mass fraction of the DEHP load. As listed in Table IV. 2, the 𝑇 𝑚 values in case of plasticizer-free terpolymers appeared at 126.1 ℃. With the addition of DEHP of a 10% mass fraction, melting peaks constantly shifted toward the lower temperature at 119.8 ℃. The previous study revealed that the diffusion of 𝑇 𝑚 values was related to the change in crystal phase stacking and size growing, rather than the growth of crystalline fraction of the semicrystalline polymers [17][18][19]. In current case, the crystalline fraction was calculated by

modified expression 𝜒 𝑐 = 1 1-𝜆 𝛥𝐻 𝑓 𝛥𝐻 0 𝑓 ⁄ × 100%
, where 𝜆 is the mass fraction of DEHP plasticizer load. 𝐻 𝑓 is the fusion of enthalpy for terpolymer samples; 𝛥𝐻 0 𝑓 is the enthalpy of hypothetically 100% crystal terpolymer film and for terpolymers studied currently, 𝛥𝐻 0 𝑓 value of 130 full crystal film was reported as ca. 42 J g -1 [20]. Within the measurement uncertainty, no distinct variation of crystalline fraction (maximal 1.3% gap) was observed for the pristine and DEHP modified blends. In this case, the origin of diffusion of 𝑇 𝑚 values due to the fraction of crystallites was ruled out. It is often assumed that the melting temperature is connected to the imperfect crystal and crystal size. For a typical solution-cast process, the crystallization of 131 DEHP was only and evenly distributed in the amorphous phase of PVC polymers [21]. In current study, the presence of DEHP molecules was not likely to reduce the fraction of crystallinity in terpolymer blends but to raise a diminution and broadening distribution of the crystallite size. The melting regions also demonstrated the broadening peaks with the addition of DEHP, which has intensively acknowledged that is strongly dependent upon the degree of heterogeneity of the crystal phase rose from DEHP molecules in terpolymer blends. The thermal data were collected in heating ramp of 10 •min -1 from -70 ℃ up to 200 ℃, followed by a cooling down process where the melt-recrystallization occurred in a cooling rate of 10 ℃ •min -1 . However, the weak endothermic peaks, which could be assigned to Curie transition appearing at lower temperature, moved slightly to the higher temperature against the addition of DEHP molecules with a limited expansion from 33.4 ℃ of neat terpolymer to 35.8 ℃ of saturated 15% DEHP load terpolymer. It should be noted that the weak peak was clearly associated with the ferro-paraelectric phase transition of the crystal phase in terpolymers. In Chapter III, we carefully observed a depression of Curie transition temperature in reverse contrast to the present results and inferred that this was certainly due to the compressed amorphous phase. The presence of DEHP molecules was likely to act as a lubricant between the molecular sheets uniquely for an amorphization blend. A progressive increase of Curie transition corroborated the hypothesis and consisted with the established observation. In this case, a slightly more less-ordered chain conformation was introduced into the orthorhombic phase, resulting in a higher content of ferroelectric phase. The elevated enthalpy of Curie transition experimentally provided the further evidence of this assumption and was also satisfactorily reflected by a continuous increase in Curie transition temperature 𝑇 𝐶 .

The influence of DEHP molecules on non-isothermal melt-recrystallization behaviors of terpolymers blends were revealed and illustrated in Figure IV. 2b. Two endothermic peaks were observed covering the melt-crystallization process. In order to identify the peaks attribution, several controversial interpretations were involved: (1) Crystallite size and chain packing. Two or more crystallite size were created as the temperature declining. This can be ruled out by running the second successive heating run of the DSC curve, seeing a single broad peak covering the range of melting temperature regions (not shown here). ( 2) Polymorphism. Multiple crystal phases of the different polymorphisms were presumably formed during the cooling process.

However, ferroelectric crystal phase were erased at raised temperature (ca. 90 ℃) since the indiscernible net dipole moment of the paraelectric crystal phase (TG + TG -) were predominant in terpolymer blends. The absence of polymorphic transitions at increasing temperature indeed contradicted with the multiplicity of the melting peaks. (3) Differences of CTFE defects fraction. The crystallization of loose crystal lamellae containing less CTFE bulk ternary was responsible for the intensive endothermic peak, located at higher temperature, while the massive CTFE ternary defects crystallized into the crystal sheets at lower temperature. And one can assume that a small variation of enthalpy was expected. The results led to a consistent conclusion that the two stepwise stages of melt-recrystallization toke place during the non-isothermal cooling.

As illustrated in Figure IV 2b (cooling), the peak temperature (𝑇 𝑐1 ) of melt-recrystallization regimes appeared a clear dispersion by almost 10 ℃ towards the lower temperature as a function of mass fraction of DEHP load. Several observations could be employed to interpret these phenomena. It has been confirmed that addition of plasticizer could enhance the molecular mobility and favor its transportation to the crystallization sites in the polymer melt-recrystallization [22]. During the initial stage of nucleation and growth of the crystallites, even though the formation of the crystalline nuclei aroused a strict molecules mobility, the presence of DEHP plasticizer might delay the immobilization of molecular chains transfer rising from nuclei and extended the crystallization induction period. In other words, the propagation of crystal stacks in the terpolymers amorphous phase were significantly reduced in case of DEHP terpolymer blends. Therefore, there appeared the detaining crystallization region, reflected as a peak shift in DSC curves upon cooling. The less intense peak satellites also had a large dispersion drift to the depressed temperature from ca. fraction were calculated by the fusion of enthalpy upon the reheating ramp. Consequently, the effects of DEHP were not pronounced in a non-isothermal crystallization processing since the degree of crystallinity was gently compressed by only 3% as increase in plasticizer mass fraction, in sharp contrast to an isothermal crystallization process at 80℃ for 2h where a slight expansion of crystallinity fraction observed for terpolymer blends over the pristine. In addition, the effect of plasticizer on ferro-paraelectric phase transition in cooling was also compared. Curie transition during cooling (𝑇 𝑐𝑐 ) at 24.7 ℃ of the pristine remained the similar value with that of 15% DEHP load terpolymer blend at 25.6 ℃. We inferred that that the influence of the plasticizer molecules on para-ferroelectric phase transition was not discerned by using DSC technique. This Curie transition behavior of the ferroelectric polymer during the material forming and processing were an essential issue to the practical importance since the non-isothermal polymer processing were currently predominant in industrial area.

III. 2 Surface Morphology

In order to further manifest the miscibility of the PVDF-based terpolymers, the surface topological and microstructure of the pristine and DEHP modified blends were revealed by the AFM pattern profiles. As seen in Figure IV. 4, the surface characteristics of the samples in current study were presented in a phase mode, allowing to give the contrast phase properties. The bright worm and bumpy like parts, routinely referring to the crystal phase were densely stacked for the pristine annealed at 80 ℃ for 2h, resembling the surface morphological behaviors of preceding terpolymers in Chapter II as well as the crystal nanodomain size, gauging ca.150 nm length and 30 nm width. Note that the blurred interphase contrast displayed and such imperfect patterns suffered small crystallite size and preferred crystal orientation. And the crystal nanodomains were evolved in the terpolymers blends, exemplified by the low mass fraction of 5% DEHP content where the surface morphology was altered enormously. Although the worm and bumpy like crystal domain were retained consequently, the variation of the size was discerned.

More interestingly, topological microstructure characterized a loosely packed crystal nanodomains. The sharp contrast between crystal and amorphous phases was clearly observed where the dark amorphous region considerably accounted in the profiles. We inferred this phenomenon was attributed to the dispersion of DEHP molecules in the amorphous region in the terpolymer blends, even for 15% DEHP load terpolymer blends where demonstrated the less packed crystal and sharp contrast interphase. Besides, the edge-on crystal orientation seen in the pristine was perfectly maintained in DEHP modified terpolymer blends according to the previous patterns in Chapter II. This was further verified by the melt-recrystallization patterns, obtained via 10% DEHP terpolymer blends heated at 150℃ for 2 min and then recrystallized. The surface topographies of melt-recrystallization was relatively smooth, absent from distinctive threadlike crystal domains and phase contrast. On basis of this surface microstructure referred to a flat-on crystal orientation with c-axis perpendicular to the supports rising from the melt-recrystallization process.

As a whole, it is observed that no macro-phase or phase separation was patterned with addition of DEHP molecules by the AFM phase profiles, reflecting rather good miscibility and compatibility between the compositions. The DEHP doping in the terpolymer simply modified the densification of the crystal lamellae packing and discerned interphase region characteristics rather than gave rise to the microphase separation within the limited DEHP concentration range. 

III. 3 Tensile Test

The figure of merit of electrostrictive strain was certainly revealed in Chapter II when we analyzed the electrostrictive response to the thermal crystallization processing of neat terpolymers. A moderate Young's modulus consequently favored the large electric field-induced deformation, accompanying with the excellent free elastic mechanical energy density. However, the small molecules dispersing into the polymer materials, acted as a plasticizer, allowing the mechanical behavior of neat matrix declining. In current characterization, the plasticization effects on the mechanical behavior was manifested by the mechanical tensile strength versus strain and was performed by the ultrahigh precisely powered motor which is powered via a triangular wave form.

The samples were uniaxially stretched in a rate of 30 mm/min, reaching to 1% strain of 50 mm effective length. The strain-stress mechanical curves were plotted in 

III. 4 Influence of DEHP Plasticizer on Molecular Mobility

In the previous section, studies have been dedicated to evaluate the effects of crystallinity on molecular mobility and electromechanical properties. The more fragile P(VDF-TrFE-CTFE) terpolymers were acquired thanks to the growth of degree of crystallinity. Because of the enhancement of crystal lamellae and interphase, dielectric permittivity increased by all most 2 folds, albeit on the expense of drastic increase in mechanical Young's modulus. The constrained terpolymers presented a decayed trend of field-induced transverse strain and depressed elastic mechanical energy density (recall the electromechanical behavior in Chapter II). In an attempt to overcome this undesired performances and side-effects from a practical point of view, in particular within the research field of miniaturized sensors and actuators, several modification approaches had been introduced, exemplified by a plasticized blend system [23,24]. The excellent electromechanical performance was strongly attributed to by the multiple folds improvement of dielectric response of the DEHP plasticized terpolymers [7,8]. On basis of these positive results, it is of significant interest to understand the dielectric behavior of terpolymer blends with presence of plasticizer. Therefore, the dielectric diffusion behaviors were preferred to be discussed in this current study since the absolute electromechanical properties, by the orders of magnitude, were enhanced in our previous reports [8].

Aiming at that, broadband dielectric spectroscopy technique was employed to track the trace of change in dielectric properties to the additives. 

DEHP Content [%]

overview of the temperature and frequency dependence of real part of complex permittivity 𝜀 𝑖 ′ (a1, c1), dielectric loss 𝜀 𝑖 ′′ (a2, c2) and dielectric loss angle Tan δ (a3, c3) respectively, comparing between the pristine (a) and representative 10% DEHP load blend (c) which were fabricated under the identical cold-crystallization. Firstly, several dielectric anomalies were observed for the real part of complex permittivity of both pristine and 10% DEHP terpolymer blend as a function of both temperature and frequency. Towards the higher frequency whatever the temperature (isothermal) witnessed a progressive decreasing in dielectric permittivity values, in particular for the higher temperature regimes, where the dielectric values slumped from approximately 5000 to around 10 at frequency of 1MHz. On the other hand, a larger diminution by several orders of magnitude was observed from ca. 10000 to the similar level as pristine for 10% DEHP modified terpolymer blend. This abrupt variation was exclusively interpreted by the both decreasing effects of ions translational behavior and interfacial polarization which will be discussed later on. At isochronal broadband dielectric spectra level, the distinct contrast of dielectric constant was observed for the higher temperature in dielectric constant map of 10% DEHP load terpolymer blend comparable with the pristine. The lower frequency saw the large difference rather than the higher frequency where an overlapping of Curie relaxation and conductivity occurred. These modified characteristics could be more clearly reflected by the dielectric losses and loss angle Tan δ spectra.

As a whole, three distinctive dielectric relaxation anomalies over the temperature window in (c2) because the DC conductivity (or MWS) and Curie transition were superposed, with an abrupt increasing amplitude of relaxation strength. In case of the median frequency range, β relaxation in glassy state, α segmental relaxation in super-cooled liquid region and Curie transition were clearly identified. This suggests that DEHP molecules favored the significant influence on the dielectric behavior at lower frequency range instead of the higher.

Correspondingly, the relaxation behavior was also visualized by dielectric loss angle tan δ. For both the pristine and 10% DEHP modified terpolymers, ions conductivity effects were dominant at lower frequency and higher temperature, where Maxwell-Wagner-Sillars (MWS) interfacial polarization superimposing with ions conductivity contribution and obscured. and 280 K, as well as range between 300 K and 340 K. The relaxation anomaly occurred at higher temperature, which has been identified as Curie transition [25], dispersed progressively towards the higher temperature, from 310.4 K for the pristine drift to 314.1K for 15% DEHP modified terpolymer blend, consisting with the diffusing behavior monitored by the DSC thermal curves. Previous investigation unveiled that Curie transition, associated with ferro-paraelectric phase transition, were likely to be activated by the lower ferroelectric crystal phase owing to the isothermal crystallization. In case of DEHP load terpolymer blends, Curie transition forcibly moved to the higher temperature range, implying a somewhat constraint behavior of the ferroparaelectric phase transition as DEHP plasticizer doping. An amount of differences and severalfolds expansion were discerned in the isochronal dielectric loss spectra at higher temperature, where the charge carrier ion motion and interfacial polarization were of significant responsibility rising from the addition of DEHP molecules. However, the less intensive peaks appearing at lower temperature range were certainly attributed to the 𝛼 relaxation associated with the glass transition region, showing analogous position and amplitude characteristics. For the sake of essentially comparison, dielectric loss angle tan 𝛿 for terpolymers against the temperature were plotted as Figure IV. 8b. The loss tan 𝛿 peaks moved toward lower temperature by near 5 K 141 variation as the concentration of DEHP loaded increasing, although the peak drift were occasionally low referring to the literatures. Notwithstanding, this results implied that the glass transition in amorphous phase were affected more or less. Besides, no differences were witnessed for the dielectric strength for both 𝜀 ′′ and Tan 𝛿 spectra. It is reasonable to infer that the dipole polarization in the amorphous phase was altered. Last but not least, relaxation linked to the local motion of molecules in glassy state of the terpolymer and blends thereof shared the similar trend in terms of position and strength. 

III.4.1 Segmental Relaxation -𝜶 Process

It is well-documented that by the addition of a plasticizer to the polymer matrix, the blend polymers showed the glass transition temperature declining, for instance the PEO oligomer doped PLA polymer blend system [26,27]. These changes were mostly revealed by thermal or mechanical methods. Sparse researches have been handled to trace the underlying dynamics according to the molecular mobility point of view. Bao et al. [28] reported a novel DEP plasticized cellulose composite and observed a significant decrease of glass transition temperature in the terpolymer blends with the help of broadband dielectric spectroscopy analysis. The diminishing glass transition temperature was interpreted by a molecular level interaction between the molecules of the additive and polymer matrix. And research efforts have also been addressed

to the intensively-examined plasticized PVC resins by the same technique [29,30]. To best of our knowledge, broadband dielectric relaxation studies at least have rarely carried out to the plasticized PVDF-based dielectric polymer system. The DEHP, a family of phthalate plasticizer, has a similar chemistry with its homological phenyl plasticizer DEP, but is capped with the longer alkyl molecular chain. Thus comparable with DEP having melting point at -4℃, DEHP has a lower glass transition temperature at -76.3 ℃ and melting temperature at -55℃. [10] These temperatures are rather good compatible with that of PVDF based dielectric polymers, most of which possessed the glass transition temperature far below ambient temperature but much higher than the melting point of the small molecules which is qualified acting as a plasticizer. At this level, the primary relaxation 𝛼 𝐷𝐸𝐻𝑃 ′′ of DEHP if existing was not likely to be present individually on the dielectric spectroscopy but mingled with the relaxation process of polymer matrix within the studied temperature range. The intact relaxation peaks appearing at intermediate frequency, were ambiguously identified and attributed to the segmental relaxation of the molecular chain, linking to the glass transition region in terpolymer blends. The primary relaxation peaks for both systems featured the similar drift rapidly towards the higher frequency with increase in temperature. For the sake of good comparison, dielectric loss spectroscopy for pristine and each DEHP doped terpolymer blends at given temperature (253 K) were then plotted against the logarithmic frequency (𝑓) in Figure IV 10a. The evolution behavior of dielectric peaks certainly depended upon the mass fraction of DEHP load before reaching the saturation of plasticizing effect, that is, with no more than 10% concentration. It is clearly revealed that the main relaxation peaks diffused to the high frequency by more than a half decade, accompanying with a moderate enhancement of the relaxation strength. As-sated in previous investigation (recall Chapter III), intramolecular cooperativity or interaction is well-acknowledged as the origin of the main primary α relaxation, which described a long sequence of molecular chain backbone that was, the dipole involved in the molecular relaxation dynamics upon the variation of temperature surroundings. Generally, semi-crystalline polymers comprise amorphous phase and stiff crystal lamellae. The relaxation dynamics only originate from the randomly oriented molecular chains, dwelling in amorphous phase rather than the latter part where the 𝛼 relaxation processes were shielded by the well-ordered crystal lamellae.

The peak shift towards the higher frequency with increase in DEHP concentration suggested an activated behavior in the amorphous phase, a phenomenon as opposed to the constrained behavior, revealed in Chapter III. It has also been described that the acceleration behaviors of dielectric relaxation in amorphous phase were testified in many polymer systems with addition of small molecules or oligomers, i.e. cellulose/water [31], cellulose/DEP [28] lithium ionomers/PEG [32],

P(VDF-TrFE)/PEO [33], TMBPA-PC/TEHP [34], etc. Those modification in polymer blends were reported by an interpretation of an effect of plasticization. Notwithstanding, this effect exhibited the large variances, heavily relying on the neat polymer matrices. For instance, DEP doped cellulose system witnessed a significant decrease in glass transition temperature by around 80 K with 20 wt% DEP addition, instead, only approximately 12.7 K loss was found for polyacrylic resin/DEP plasticized system [35] over the 𝑇 𝑔 values of the neat polymers. It is thus interesting to understand the origins behind these differences. Note that the cellulose molecules contained a large amount of H-bond functional groups pendant on the ring-like backbone and the Van der Waals force was predominant in the contribution to the influence on the molecular interaction. The disparities of plasticization effects implied that the segmental relaxation of amorphous phase was closely correlated to the intermolecular cooperativity, which strongly depended on the chemical structure of the backbone molecular chain, as reported by Ngai et al. [36]. Regarding the nature of the plasticizer molecules, the interaction between the soft alkyl segment of DEHP plasticizer molecules and VDF terpolymer backbone was somewhat disturbed the intermolecular cooperativity of the terpolymer molecule chain in amorphous phase, by an indicative of the relaxation acceleration near the glass-rubber transition temperature (253 K) in It is also worth mentioning that the amplitude of intact dielectric relaxation peaks were slightly enhanced with increasing the DEHP mass fraction as seen in Figure IV. 10 (a). This phenomenon can be explained by introducing a three phase mode microstructure of the semicrystalline terpolymer materials. In Chapter III, the enhancement of the dielectric relaxation regimes was effectively ascribed to the enrichment of constrained amorphous interphase, aroused by the cold-crystallization in crystal lamellae region. On the basis of the exploration of the dielectric relaxation strength, the third layer, which was widely declaimed by many researchers [37][38][39], was identified. This amorphous layer, so-called interphase sandwiched between the amorphous phase and well-ordered crystal lamella, consists of the less-ordered molecular chain entanglement which stemmed from the neighboring ordered crystal lamellae, with its end embedded into the loosely packing and randomly orientated amorphous phase [38,40]. Therefore, the interphase was in structure amorphous phase but rigid and more or less oriented. Considering at least 55% of constrained amorphous region accounted for the whole amorphous phase in PVDF-based polymer [38,41], it is reasonable to assume that the interphase part had a strong effect on the molecular mobility. In previous study, P(VDF-TrFE-CTFE) terpolymer with the more fraction of crystallinity exhibited an enhanced dielectric relaxation strenghth due to the increasing amorphous interphase layer, and as a consequence, an intensified behavior in segmental relaxation was clearly observed. The equal trend witnessed in Figure IV. 10(a) was most possibly due to this assumption. Indeed, the crystalline fraction of the DEHP doped terpolymer blends were not undergoing a declining phenomenon, but a limited increment with addition of 15 wt% DEHP concentration verified via thermal analysis (recall Table IV. 2). This change in fraction of crystallinity counteracted the adverse influence of consumption of amorphous phase on the dielectric strength.

Subsequently, at lower frequency saw enormously dielectric relaxation strength for the terpolymer with the addition of DEHP molecules except the pristine terpolymer specimen as shown in Figure IV. 10a. The left wing of structural relaxation spectra were covered by the abrupt increase in dielectric losses which were unambiguous the effects of ions DC conductivity contribution. This is certainly confirmed via extrapolating the slope of the dielectric loss spectra-𝑘 values for DEHP doped terpolymer blends, as ions DC conductivity only accounted for the dielectric relaxation at low frequency range if 𝑘 was equal to -1 sharp. And the influence of the DEHP on conductivity will be discussed later on. Moreover, one could not neglect the discernible analysis techniques [42,43]. In present study, the contribution of the crystalline phase to the cooperative length has been ruled out since the crystallinity fraction for each DEHP doped blends remains equivalent. The narrow relaxation distribution reflected the structural inhomogeneity of the systems induced by DEHP molecules.

In Chapter III, the remarkable differences in relaxation shape of dielectric loss spectra was only available on the left wing of segmental relaxation spectra (Figure III 4b). In current case, it is surprising to note that the dielectric losses split were more likely to appear at higher frequency at given temperature, showing a quite asymmetric behavior compared with the pristine terpolymer, absent of DEHP molecules. In order to quantitatively investigate, dielectric loss 𝜀 ′′ spectra were fitted to the HN function. The estimated breadth parameter 𝛼 𝐻𝑁 values increased with the addition of DEHP concentration from 0.20±0.02 of the pristine to 0.29±0.02 of 15% DEHP load, concomitant with decrease of symmetric parameters from around 1.00 (symmetric) to ca. 0.68, in agreement with the values extrapolated previously. These asymmetrically experimental phenomena could not be described exclusively by an ideal Debye-like dielectric loss response. Therefore, Kohlrausch-Williams-Watts (KWW) equation 𝜙 𝛼 (𝑡) = exp [-(𝑡 𝜏 𝛼 ⁄ ) 𝛽 𝐾𝑊𝑊 ] was then employed to characterize stretched exponential behavior of the relaxation time distribution, where 𝛽 𝐾𝑊𝑊 parameter was to describe the distribution of the relaxation time and can be empirically obtained from the HN fitting parameters via the following equation [44,45]:

𝛽 𝐾𝑊𝑊 = (𝛼 𝐻𝑁 𝛽 𝐻𝑁 ) 1 1.23 ⁄ IV. 3
The 𝛽 𝐾𝑊𝑊 parameters respectively were calculated as 0.27 and 0.38 for pristine and system with representative 15% DEHP doped terpolymer blend. A higher stretched exponential value 𝛽 𝐾𝑊𝑊 implied a narrow distribution of relaxation time, which is in good consistency with experimental dielectric relaxation spectra near glass transition temperature region.

In order to quantitatively investigate the DEHP plasticizing effect on segmental dynamics regime of terpolymer, the temperature dependence of the characteristic relaxation times for each to split, depending on the addition of DEHP mass fraction as the temperature approaches to the dielectric defined glass transition temperature of the neat terpolymer which was marked by a vertical dash line in the figure and the changes in cooperative process near the glass transition region were clearly manifested instead of higher temperature. At comparatively low temperature, the relaxation times of DEHP doped terpolymer blends favored to be accelerated over the pristine one. This scenario was found inversely for the isothermal crystallized terpolymers underdoing a slowing down of relaxation times. According to the Adam and Gibbs theory [46], discrepancies in relaxation processes of the polymer systems originated from the changes in cooperatively conformational arrangement. In general, the cooperatively conformational arrangement relates to the thermodynamic variables such as temperature 𝑇 as intramolecular reason proposed by Donth [47,48], which is known that cooperative length increases when the temperature decreases from the crossover temperature (rubbery-glassy transition). On the other hand, cooperatively conformational arrangement could be affected by structural changes in the material assigned to the intermolecular aspect. Both actions are to induce the fluctuations in the glass transition region. The cold-crystallization, nanoparticle filler, drawn/reorientation, doped plasticizer and chemically cross-linked processing approaches were reported to alter the cooperative length. For example, Bao et al [28] reported that a jump of relaxation rate with increase of DEP load concentration was due to the breakdown of the intermolecular H-bonded for Cellulose/DEP plasticized system, which was also seen in a PLA/ATBC plasticized system [49].

Near the glass transition temperature, curvature-like temperature dependence of the structural relaxation times 𝜏 𝛼 (𝑇) were satisfactorily described by Vogel-Fulcher-Tammann (VFT) function as applied in last chapter and VFT fitting parameters were then summarized in Table IV. 4. One can observe that the pre-exponential factor 𝜏 ∞ -relaxation times at infinite temperature of pristine terpolymer was in agreement with previous study on P(VDF-TrFE-CTFE) dynamics and also results for a large amount of semicrystalline polymer materials [50]. However, one decade shift towards the lower relaxation time occurred to the 15% DEHP load terpolymer blend. Vogel temperature 𝑇 0 where the relaxation times were infinite high also underwent a drastic decreasing from 230.9 K to 201.2 K. And estimated glass transition temperature 𝑇 𝑔.𝑑𝑖𝑒𝑙 defined by dielectric approach with relaxation time 𝜏 𝛼 equal to 100 s were extrapolated by VFT approach. In case of pristine terpolymer, the estimated 𝑇 𝑔.𝑑𝑖𝑒𝑙 was reliable according to the previous dielectric, DMA and DSC study [51,52]. The expected variation of estimated glass transition temperatures 𝑇 𝑔.𝐹𝑜𝑥 were also predicted with well-known Fox law (equation IV. 4): K diminution in 𝑇 𝑔.𝑑𝑖𝑒𝑙 against 30 K reduction of 𝑇 0 . In this case, the Vogel temperature is a rather sensitive parameter to evaluate the DEHP plasticizing effect on terpolymers. Note that the Fox estimated temperatures 𝑇 𝑔.𝐹𝑜𝑥 exhibited a slight deviation from the dielectric estimated temperature 𝑇 𝑔.𝑑𝑖𝑒𝑙 defined by the dielectric relaxation spectra and this negative 𝑇 𝑔.𝑑𝑖𝑒𝑙 deviation from the Fox equation has been reported in the literature [53]. The specific interaction or excess free volume formation of terpolymer blends were considered to interpret this consequence.

Glass transition temperature 𝑇 𝑔 of PVDF-based terpolymer, i.e. P(VDF-TrFE-CFE/CTFE), have been revealed by many authors and strongly determined by the chemical composition of each individual monomer. Our group reported [52] that the 𝑇 𝑔 of P(VDF-TrFE-CFE) with the mole ratio of 55.8/35/9.2% at 252 K and frequency of 1 Hz with the help of DMA measurement technique. Wang et al group [54] synthesized a series of P(VDF-TrFE-CTFE) terpolymer with variation of CTFE content range between 26.4% and 7.1% and reported the glass transition temperature varied between approximately 223 K and 245 K at 1 Hz thanks to the equivalent DMA measurement. Li Junjun et al [4] obtained a type of P(VDF-TrFE-CTFE) with 78.8/5.4/15.8% by copolymerization and subsequent dechlorination reactions and then observed the a 𝑇 𝑔 value of 245.5 K at 1Hz. Glass transition temperature can be also predicted by BDS technique, for instance, Zhang et al [51] disclosed that a P(VDF-TrFE-CFE) with molar ratio of 63/37/7.5% behaved the dielectric defined 𝑇 𝑔 of 251.2 K as structural relaxation time 𝜏 equal to 100 s. It is normally concluded that all the established 𝑇 𝑔 values of terpolymers somewhat consisted with the underlying 𝑇 𝑔.𝑑𝑖𝑒𝑙 value estimated in this current work for the control pristine terpolymer. In a DEHP doped terpolymer blend system, good solubility of DEHP in the bulk terpolymer matrix is most possibly attributed to the long alkyl chain, characterizing very high hydrophobicity. Meanwhile, the interaction parameter 𝜒 between plasticizer molecules and P(VDF-TrFE-CTFE) terpolymer chain can be estimated by means of Hildebrand solubility parameters which were only based on hydrocarbon type solvents or additives, rather than the hydrogen-bonding (H-bonding) type. But it could be negligible since the H-bonding probability (𝛿 ℎ of Hansen parameter) is only 3.1 and was not major contribution to the solubility parameter of DEHP molecules. Subsequently, the interaction parameter 𝜒 12 could be estimated by the following expression:

𝜒 12 = 𝑉 𝑅𝑇 (𝛿 1 -𝛿 2 ) 2 IV. 5
where V is the total volume of the terpolymer blends, 𝛿 1 and 𝛿 2 are solubility parameters of DEHP and terpolymer matrix as 16.2 (𝑀𝑃𝑎) 1 2 [55] and 14.3 (𝑀𝑃𝑎) 1 2 [56], respectively. Note that the solubility parameters of both components were close to each other and thus DEHP had a good interaction with the P(VDF-TrFE-CTFE) molecular chain in amorphous phase. On the other hand, relatively bulk phenyl ring capping in another end of DEHP molecules are likely to reduce the density of molecule coils within the amorphous phase and thus increase the free volume of segmental relaxation of the terpolymer chain, giving rise to the molecule chain dynamics. As expected, 𝑇 𝑔 values were suppressed with addition of DEHP plasticizer. Dlubek et al. [57]reported a new approach to evaluate glass transition temperature of a PVC/DBP plasticized polymer blends thanks to the combined dilatometer and positron annihilation lifetime spectroscopy techniques. They inferred that with increase in DBP concentration, decrease in 𝑇 𝑔 values of doped PVC blends indeed caused by increase of specific free volume and molecular chain mobility in amorphous phase. Instead, the constrained molecular chain induced by forming properly rigid amorphous phase in semi-crystalline polymer observed the smaller specific free volume and high 𝑇 𝑔 values [58]. Inversely, the DEHP doped terpolymer blends were not the case as the constrained amorphous phase. As presented in Figure IV. 12, the addition of plasticizer weakens the main dispersion interaction between neighboring chains and eliminates the intermolecular hindrance. In this case, it is reasonable to assume that the addition of DEHP in PVDF-based terpolymer favored an increase specific free volume of segmental molecular chain. This intermolecular hindrance correlated to the geometrical restriction imposed by the modification such as confinement rising from the nanofillers which in turn could be released by the addition of DEHP molecules. The latter led to decreasing the cooperatively rearranging regions length scale [49].

In addition, it is interesting to note the negative deviation between the dielectric defined temperature 𝑇 𝑔.𝑑𝑖𝑒𝑙 and 𝑇 𝑔.𝐹𝑜𝑥 prediction. The researchers previously revealed that the estimation of glass transition temperatures 𝑇 𝑔.𝐹𝑜𝑥 had good accordance with DMA or DSC method in the plasticized polymer system where hydrogen-bonding was absent, i.e. PLA/TA(ATBC) [49], PVC/DEHP [10,29], PVC/DBP [57] plasticizing systems etc. However, it has been reported previously in H-bonding rich polymer systems, i.e. cellulose, starch, and chitosan, appeared a poor consistency between 𝑇 𝑔.𝐹𝑜𝑥 and measured glass transition temperature (BDS, DMA, DSC. etc). Liu et al. [59] reported a hydrophilic polyols plasticized starch biopolymer system and mainly addressed the glass transition temperature 𝑇 𝑔 behaviors. The addition of polyols significantly decreased the 𝑇 𝑔 values of pure starch and only showed an approximately equally good fit to the "modified Fox equation". The third component, water was employed to adjust the interaction strength between the polyols oligomer and bulk starch domains of the amorphous phase, based on the concept of the competitive interactions between starch-plasticizer pair and plasticize-water pair. The competitive interactions highly depended on the concentration/type of the plasticizer moelcules. Bao et al [28] also found the experimental DMA glass transition showed a poor approximation to the Fox equation due to the strong hydrogen-bonding probability of the cellulose molecules. Water was also considered as a H-bonding rich plasticizer to polymer system, e.g. PLA [60] and cellulose [31], etc. In current study, H-bonding effects could be ruled out. The negative deviation of dielectric 𝑇 𝑔 is observed from the Fox function which fulfills the 𝑇 𝑔 -composition relationship of full amorphous polymer matrix. However, the terpolymer blends consisted of the considerable amount of crystalline phase (~40%) which enables the concentration values of terpolymer matrix taken for calculation of Fox temperature differ from the local concentration values [61,62]. The estimated Fox temperatures with subtraction of crystalline phase were also plotted with mass fraction of DEHP and appeared a better approach to the dielectric glass transition temperature. in amorphous phase after subtraction of crystalline phase (■) for pristine and plasticized terpolymer blend systems as a function of DEHP concentration.

III.4.2 Strength & Fragility Index

Previous Chapter III pointed that the strength index parameter D is indicative of degree of deviation from Arrhenius-type relations defining the logarithmic relaxation time of the structural relaxation mode against the reciprocal of temperature near the glass transition region. The strength behavior of the polymer systems could be altered readily by the two kind conditions, thermodynamic and geometric contribution. A fragile polymer glass former can be obtained via isothermal crystallization since the 𝐷 value is lowering progressively [25]. On basis of the VTF function, this fragile behavior in polymer can also be derived directly from the steep index m (also so-called fragility index) by following expression:

𝑚 = 𝑑 log 𝜏 𝑔 𝑑(𝑇 𝑔 𝑇 ⁄ ) |𝑇 = 𝑇 𝑔 = 𝐷𝑇 0 𝑇 𝑔 ln10(𝑇 𝑔 -𝑇 0 ) 2 IV. 6
The fragility index values reportedly range from 16 if the strength index parameter 𝐷 of the glass former is enormously large, being up to maximal 200 when the temperature dependence of relaxation behavior is markedly far from Arrhenius-type correlation. The strong behavior of the polymer is acknowledged to be induced by dynamic inhomogeneity. 

III.4.3 Plasticizing Effect on the Sub-glass Relaxation Process-𝜷 Relaxation

𝛽 relaxation regimes generally characterize with a broader and less intense relaxation mode in sub-glass state of the glass former polymers at higher frequency over the dielectric spectroscopy. Some of this phenomenological relaxation evidently originated from the reorientation of side group such as methyl and phenyl pendants on the structural molecular backbone [45,63,64]. On the other hand, some secondary 𝛽 relaxations evolve from the local motion of short length scale of repeated unites from the main molecular chain, either in a twisting mode with the certain angle or in an oscillation mode [65,66]. And addition of DEHP molecules is likely to alter the relaxation rate at temperature approaching the glass transition region, hence it is interesting to identify the influence of DEHP molecules on the terpolymer in a secondary relaxation mode.  15DEHP
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k-1 (s=0.34) linear relationship and satisfactorily followed the Arrhenius-type correlation, 𝜏 𝛽 = 𝜏 0 exp (-𝐸 𝐴 𝑅𝑇 ⁄ ), where 𝜏 0 is pre-exponential factor, 𝐸 𝐴 represents apparent activation energy and 𝑅 is ideal gas constant. Note that the shape parameters for DEHP plasticized terpolymer blends were well maintained over the pristine terpolymer, and the rather good agreement with a broad and symmetric secondary relaxation was unambiguous. The shape parameters and calculated 𝐸 𝛽 were tabulated in Table IV. 5. The calculated 𝐸 𝐴 value was 39.1±1.2 kJ mol -1 for the pristine terpolymer, being consistent with the value found for crystallized terpolymer in previous section. Surprisingly, the 𝐸 𝐴 values were compressed with increase in the DEHP molecules concentration, which implies that the secondary relaxation is indeed thermally activated. This also suggested the energy barrier of the local motion of terpolymer molecular chain was likely to be changed. On the other hand, we can also infer that the plasticization effect on the local motion dynamics was corroborated since the moderate decrease in 𝐸 𝐴 values. It is interesting to investigate the origin of this local motion of the secondary process. Many researchers argue that the secondary relaxation is identified to involve motions of only small part of molecule structure, for example, the reorientation of side functional pendent on the backbone or small molecular unites such as methyl group [68]. Besides, the relaxation involved in local short sequence of the molecular chain was also the potential reason of a secondary process.

However, Johari and Goldstein [69][70][71] found a universal secondary relaxation occurred in small molecule glass formers, which were composed of rigid backbone such as phenyl and ring-like element in organic molecules. Researchers have attributed this secondary relaxation to the fluctuation of the whole molecule instead of the relaxation regarding to the intramolecular reason.

In case of present terpolymer studies, since the absence of flexible side group pendants on the C-C backboned molecular chain, it is reasonable to speculate the 𝛽 relaxation process was the (a)

fluctuation of rather short sequences, comparable with the cooperative segmental relaxation.

Indeed, secondary relaxation mode in terpolymers has the very similar origins with structural relaxation, but involving over a short molecular length scale. We inferred that a Johari-Goldstein (J-G) like 𝛽 relaxation, taken as the precursor of the 𝛼 relaxation process, was transferred to the main segmental relaxation as the temperature approached glass transition region. As stated in polymer system the influence of charge carrier motion on the electric conductivity behaviors were governed by two well-known approaches, proton-hopping theory and vehicle mechanism. In pure isothermal crystallized terpolymers, DC conductivity behavior was intimately associated with the motion of free ions charge carriers, which was thermally activated by the segmental relaxation in the amorphous region whatever the constrained or mobile.

In DEHP doped terpolymer blend system, given that the conductivity behaviors increased enormously, it is interesting to insight into its origin. In order to precisely describe the translational motion behaviors of the free charge carriers in the DEHP modified terpolymer, an alternative approach of dielectric modulus 𝑀 * spectra were instead employed since the dielectric modulus transformation derived from the dielectric spectra enabled to compress and minimize the electrode polarization at low frequency. The conductivity behavior was then emphasized with the help of imaginary part of dielectric modulus spectra, being plotted as a function of temperature and frequency in Figure IV. 18. The quick drift towards the higher frequency occurred for the conductivity processes (marked as 𝜎 process) in both spectra as temperature proceeded. In case of 10% DEHP terpolymer blend, the constrained segmental relaxation process kinked with the conductivity process at higher temperature. The fractional isothermal dielectric modulus spectra against frequency correlated with occurrence of conductivity relaxation for pristine and relaxation trend was observed for the 𝑀 ′′ spectra of the pristine terpolymer in according with previous study. In case of modified terpolymer, a faster shift towards the higher frequency occurred to the isothermal 𝑀 ′′ spectrum in contrast with pristine spectrum, suggesting the enhancement of the translational motion of charge carriers. In order to trace the conductivity behavior, the DC conductivity relaxation times 𝜏 𝑐𝑜𝑛 had been reliably determined by the reciprocal values of angular frequency (𝜔) of electric modulus peaks, namely, 𝜏 𝑐𝑜𝑛 =1 (2𝜋𝑓 𝑚𝑎𝑥 ) ⁄ .

Temperature dependence of logarithmic relaxation times 𝜏 𝑐𝑜𝑛 for each terpolymer system was compared in Figure IV. 20, featuring the large discrepancies. As illustrated, conductivity relaxation time 𝜏 𝑐𝑜𝑛 of the pristine terpolymer was described as a curvature type correlation and was satisfactorily fitted to a single VFT power law. Similar fitting was observed to the 5% DEHP doped terpolymer blend. This is, however not the case for the terpolymer blends with 10% and 15% DEHP. The both plots could not be fitted with a single power law, either VFT or Arrhenius-type correlation. Instead, the two compensations, VFT-type relaxation and Arrhenius-type were decoupled at 338 K and 343 K, respectively, below which the relaxation processes were assigned to the overlapping relaxation spectra of the primary relaxation, conductivity and Curie phase transition, examined via the three dimensional electric modulus spectra in Figure IV. 18b. The VFT fitting parameters of the respective conductivity relaxation were then tabulated in Table IV.

6. Not surprisingly, the Vogel temperature of conductivity relaxation 𝑇 0 𝜎 were 230±1.3 K and 203±1.5 K for the pristine and 15% DEHP doped terpolymer blend, appearing quite close to the Vogel temperature 𝑇 0 𝛼 found for the mobile amorphous phase. Herein, it is reasonable to assume that the conduction process is controlled by the segmental molecular mobility of the terpolymer chain, which is highly consistent with the previous study.

Figure IV. 20 Temperature dependence of the conductivity relaxation times 𝜏 𝑐𝑜𝑛 for the pristine (■), 5% (•), 10% (▲) and 15% (▼) DEHP doped terpolymer blends. Dashed curvature lines are VFT fitting to the logarithmic conductivity relaxation times while linear lines represent the Arrhenius type fitting. The temperature at which Arrhenius type separated with VFT fits were visible for 10% DEHP and 15% DEHP plasticized terpolymers at 338 K and 343 K, respectively.

It is evident that the DC conductivity relaxation behavior was attributed to the translational motion of ions charge carrier, since in practice no polymer electrolytes or ionomers was present in DEHP doped terpolymer blends. It was acknowledged that In salt-containing PEO-based plasticized polymer system the electric conductivity was enhanced several orders of magnitude at ambient temperature, in concomitant with lowering the glass transition temperature [73]. The VFT excellent conductivity behavior was mostly possible due to a decrease in the grain-boundary resistance. Recent studies on polymer-based ionomers have revealed that the conductivity behavior was also strongly dependent upon the ions concentration and ions mobility [74,75]. In this present work, free cations and anions were introduced during the polymerization process and the addition of the DEHP molecules. The free ions transferred in amorphous intermedium, at which the loose packing molecules mobility was accelerated by the DEHP plasticizer, accumulated near the interface between amorphous region and crystalline wall, where the latter had much higher electrical resistance [76]. On the other hand, in our previous statement the DEHP plasticizer molecule itself has a relatively high conductivity (~10 -12 -10 -9 S cm -1 ) over the ions-free polymer (~10 -16 -10 -15 S cm -1 ). The DEHP molecules were easy to be charged and polarized even under a low electric bias. As plasticized terpolymer blends were subjected to the electric field, charges were injected into the materials. The DEHP molecules acting as the charge carriers facilitated ions transportation to the phase boundary, resulting in high local space charge density, giving rise to the interfacial polarization. On the other hand, the remaining charges diffused towards the anode electrode ready for discharging and an expected high electric conductivity was then observed [77,78]. 

III. 6 Interfacial polarization and primary relaxation in constrained amorphous phase

In previous section, the DC conductivity behavior at higher temperature-low frequency range had been addressed, causing an abrupt surge of dielectric loss arising from the motion of ions charge carriers. We also unveiled the acceleration of translational motion of space charge carrier in DEHP doped terpolymer blends. Because of the multiphase microstructure, the semicrystalline terpolymer shows the essence of structural inhomogeneity, which gives rise to the unevenly distribution of free charge carrier in terpolymer matrices, particularly at the interfacial boundary adjacent to the crystal lamellae [53,79]. The charged crystal lamellae, acting as the macroscopic dipoles, are locally polarized since applying electric filed. Therefore, the polarization of macro-dipoles tremendously contributed to the dielectric spectra. This was reliably evidenced by a drastic enhancement of dielectric permittivity occurring at lower frequency than that of matrix segmental relaxation with the assistance of the real complex permittivity spectra, which was referred to the Maxwell-Wagner-Sillars (MWS) interfacial polarization. The relaxation region and strength of the MWS process acknowledgedly depend upon the contrast between the ions DC conductivity and dipolar polarization (orientationa l polarization) of the polymer matrix. However, it is rather embarrassed that the MWS process was obscured by ions DC conductivity due to the ions translational motion. In order to eliminate the Notwithstanding for 10% DEHP doped terpolymer blend the MWS process characterized a progressive increase in dielectric strength and peak frequency, the 𝛼 ′ process, which presented the remained relaxation strength initially, moved towards the higher frequency with a great enhancement of its relaxation strength, indicating the considerable plasticization effect. The relaxation behaviors of both regimes were consistent with the established findings [81][82][83]. In order to evaluate the influence of DEHP concentration on both processes, the dielectric modulus for each studies terpolymer, pristine and DEHP doped, were compared in Figure IV. 24.

At given temperature of 348 K, the relaxation peak frequency of MWS processes for DEHP doped terpolymer blends drifted almost one decade towards the higher value. The similar trend simultaneously appeared for the constrained 𝛼 ′ process. In addition, one should not neglect the discernible compression of the relaxation strength of the MWS process instead of the enhancement of the amplitude of constrained 𝛼 ′ relaxation process, in strength of MWS is indicative of declining the phase contrast and improving the compatibility in anisotropic system, in other word, reducing the degree of the microphase separation [84]. In our case, with addition of DEHP molecules, the hypothesis that the constrained amorphous regions developed to behave similarly as the mobile amorphous phase, arose. This assumption was confirmed by the enhancement of peak intensity of the constrained 𝛼 ′ process. The plasticizing effect on the constrained/rigid amorphous phase was also reported in small molecules or oligomers doped P(VDF-CTFE) copolymer and PVDF blends [33,41]. Based on the interpretation of the 𝑇 𝑔.𝑑𝑖𝑒𝑙 𝛼 depression in mobile amorphous phase, the intermolecular interaction of the macromolecules weakened because of the substitution by the competitive interaction between DEHP molecules and macromolecular chains thanks to the excellent solubility of DEHP molecules with the terpolymer matrix. This led to a decreasing average length of cooperativity and increasing molecular free volume [85]. On the other hand, more than 50% of interphase accounting for the whole amorphous phase in terpolymer [38],

allowed the plasticizing contribution as strong enough to jeopardize the estimated glass transition temperature 𝑇 𝑔.𝑑𝑖𝑒𝑙 𝛼 ′

. Since the constrained amorphous phase was somewhat "mobile and free", translational motion of the charge carriers in the interphase accelerated. According to the fact that the dipole relaxation governed the transportation of space free charges, the charges accumulating behavior was as expected altered. This hypothesis was in turn confirmed by the relaxation behavior of the MWS process. 

IV Conclusions

Several-fold improvements in the dielectric constant and electromechanical response of the all-organic polymer blends were readily achieved by simply adding commonly-used DEHP phtalate plasticizer into pure terpolymer matrix reported in our previous study. Around maximal 60 times increase in permittivity on expense of a half loss of the Young's modulus and mechanical energy density of plasticized terpolymer blends demonstrated 20 times higher over the pristine terpolymer. In this current chapter, an interpretation of this fundamental trend is given on a molecular level by means of broadband dielectric spectroscopy technique and thermal analysis. The main conclusions about this chapter are summarized as listed here:

First of all, AFM patterns were employed to evaluate the morphology structure and miscibility of the DEHP molecules load terpolymer blends. The regular surface morphology 

MWS

manifested the absence of phase separation of the excellent miscibility of DEHP molecules in terpolymer. The bumpy-like crystal domains were however loosely packed, the size of which were likely to be somewhat intensified via addition of the plasticizer DEHP molecules, implying much inhomogeneity of size distribution over the pristine terpolymer matrix. And this was also evident by the DSC measurement technique which manifested that the addition of DEHP tended to suppress the growth of crystal phase and eventually lead to the smaller, but this was not the case for the overall crystallinity while undergoing an averaging fashion. Due to the presence of DEHP, the melting points of plasticized blends were dropped by the maximal 6 ℃ which also affected the non-isothermal recrystallization during the cooling. The recrystallization favored a retarded process eventually.

Influence of the plasticizer on molecule mobility covering a wide range of temperature was monitored by BDS technique by which the single segmental structure relaxation loss was first revealed. This manifested the good miscible behavior, due most probably to the compatible solubility parameters between both. The presence of the DEHP plasticizer expanded the specific free volume of the molecular chain, accelerated the relaxation rate of the structural relaxation process in rigid and mobile amorphous phase and enhanced dynamic heterogeneity near the glass transition region as well, as opposed to the results found in Chapter III; the estimated glass transition 𝑇 𝑔.𝑑𝑖𝑒𝑙 slumped down from 246.7 K to 229 K and closely followed the Fox mode against the DEHP content; an increased strength indices implied the less fragility of the modified polymer blends. 𝛽 secondary relaxation process was also identified and activated by almost 25% high in glassy state. Furthermore, the ions conductivity of plasticized blend system was improved by around one order of magnitude higher. With the help of dielectric modulus spectra, the dynamic behavior of the translational charge carrier motions were carefully characterized at low frequency and high temperature. The curvature type was fitted to the motion behavior of ions charge carrier and fitting; and the ions conductivity behavior for plasticized blend was governed by structural relaxation in amorphous phase.

Finally, interfacial polarization was verified as a great dielectric strength mode which is usually assigned to the predominant dielectric relaxation process at low frequency and high temperature. After removal of the conductivity contributing part, although the MWS relaxation strength remained unaltered for the pure and plasticized blends, the relaxation had the peak drifted towards the high frequency by almost maximal one decade for terpolymers with 10% and 15% DEHP plasticizer content. Such results account for the several orders of magnitude enhancement of the dielectric properties in experimental measurement. On top of that, plasticizing effects for constrained amorphous phase were also identified.

Chapter V Enhanced Inkjet Printed Pseudopiezoelectric Force Sensors based on Electrostrictive P(VDF-TrFE-CTFE) Terpolymer and Ferroelectric P(VDF-TrFE) Copolymer

I Introduction

A sensor is defined as a device that is capable of responding to some kinds of input physical excitations and converting these excitation into output electrical signals, compatible with signal processing circuits which ensure the signal readability. In particular, force sensor elements intend to switch the mechanical stress into readable output electrical signal with the conformal characteristics, involving frequency of excitation, phase and strength, etc. Accurately gauging and monitoring the mini-and large scale force stimuli, sometime in-situ could benefit the potential applications in fields of smart packaging [1], biological micromanipulation [2], acoustic transducer [3] and medical robot devices [4], etc. Meanwhile, challenges have also been rose in order to meet the specific needs in design and fabrication of the force sensor devices. For example, embedded sensors into the industrial microelectronics and flying objects are preferentially small but durability and flexibility, while the sensors for atomic force and microscale end-use demand the high sensitivity and reliability. Currently, sensors fabrication technology was booming thanks to the increasing development of large area printed polymer electronics. Simplified processing steps, reduced materials wastage, low fabrication cost and simple patterning techniques make the printing technology quite attractive. Generally, conventional approaches appear to apply the sensing material layers in a solution-processable ink transfer technique such as roll-to-roll gravure printing, screen printing, etc [5][6][7]. There is problematic of precise deposition of materials in a solution state. Inkjet printing technologies is an attractive method to overcome these drawbacks and benefit a minimizing quantity of material depletion [8][9][10]. On top of that, precisely controlled thickness of the sensing layer allows a highly performed sensitivity under low electric supply. In this present study, the inkjet printing protocol was optimized prior to the application of the patterned ferroelectric and electrostrictive sensing polymer layers on the flexible polyimide foils. The characteristics of morphology and dielectric features were then exploited and consequently, the dynamic impact force sensor piezoelectric behaviors of both inkjet printed force sensors were evaluated.

II Working Principle and Theoretical Consideration

Electromechanical coupling effect that has been revealed, is a common feature in ferroelectric and electrostrictive polymers. Their dimension changes in response to the external physical excitation such as electric field and dynamic impact force, give rise to the variation of the electrical displacement in combined underlying mechanisms of piezoelectric, electrostrictive and electrostatic effects. For ferroelectric polymer materials in a thickness mode, the tensor interactions between mechanical stress, strain, electric field and displacement can be written in the constitutive equations as follows [11,12]:

𝑆 33 = 𝑠 33 𝐸 𝑇 33 + 𝑑 33 𝐸 33 V. 1 𝐷 33 = 𝑑 33 𝑇 33 + 𝜀 33 𝑇 𝐸 33 V. 2
where 𝑆 33 is mechanical strain out-of-plane of the polymer unimorph; 𝑠 33 𝐸 is elastic compliance;

𝑇 33 is mechanical stress along the thickness direction; 𝑑 33 is piezoelectric coefficient; 𝐸 33 is electric field along the thickness direction; 𝜀 33 𝑇 is dielectric constant under 𝐸 33 and 𝐷 33 is electric displacement. Under an out-of-plane electric field 𝐸 , the dipoles aligning with the electric excitation results in a large polarization within a ferroelectric polymer, and thus a huge remnant polarization even though the electric excitation is switched off as presented in Figure V. 1a [13].

Likewise, when an dynamic force was applied to a capacitor-like ferroelectric device, the geometric change caused a variation in its capacitance, therefore accompanying with an altering electrical displacement 𝐷 . This gave rise to an electric leakage current to be read out by a supplementary circuit. In this circumstance, it is possible to gauge the applied dynamic force by measuring the electric current output. However, relaxor ferroelectric material has a very slim 𝐷-𝐸 hysteresis loop and thus hardly detected remnant polarization (Figure V. 1b) [14,15]. Since the electrostrictive effect predominates the origins of thickness contraction of terpolymer in response to the applied electric field, equation V. 1 and V. 2 can be rewritten as the constitutive expression [16,17]: V. 4

𝑆 33 =
where 𝑀 33 is global electrostrictive coefficient across the thickness orientation. The cluster 2𝑀 33 𝐸 33 equivalent to the 𝑑 33 factor is so-called pseudo-piezoelectric coefficient under electric field. Large polarization can also be induced with the help of electric field application for the relaxor ferroelectric terpolymers. In a similar mechanism to the ferroelectrics thickness deformation yields a change in electric displacement with a short-circuit leakage current 𝐼 [18,19]:

𝐼 = 𝐴 • 𝜕𝐷 33 𝜕𝑡 V. 5
where 𝐴 is the electrode area covering relaxor ferroelectric terpolymer and 𝑡 is electrical displacement variation within a limited time. Equation V. 5 can be rewritten by a substitution of equation V. 𝜕𝑡 was limited since the thickness change maintains within the restrictive scope. Hence, the short circuit current 𝐼 can be simplified as [20][21][22]:

𝐼 = 𝐴 • [2𝑀 33 𝐸 3 𝑌 𝜕𝑆 33 𝜕𝑡 ] V. 7
The short circuit current is closely related to the pseudo-piezoelectric coefficient 2𝑀 33 𝐸 3 of the relaxor ferroelectric terpolymer and strain derivative As motivated by using the theoretical model, outperformed ferroelectric P(VDF-TrFE) copolymer and relaxor electrostrictive P(VDF-TrFE-CTFE) terpolymer are employed as sensing materials of a parallel panel capacitor-like impact force sensor thanks to its high dielectric permittivity, low loss and excellent (pseudo)-piezoelectric coefficient which are expected to allow to achieve the outperformed electromechanical coupling phenomenon and elastic energy density. In addition, less rigid and low Young's modulus would benefit the large geometric deformation and its changing rate, in favor of an electric response to the mechanical excitation.

III Experimental Section

III. 1 Chemicals and Materials

Commercially passive and thermally resistant 50 𝜇𝑚 -thick Polyimide foils (Dupont TM Kapton @ HN, USA) served as the flexible substrate for inkjet printed dynamic force sensors [23].

Prior to the device fabrication, Kapton films were successively rinsed with acetone, ethanol and isopropanol to ensure the fouling and discretion free of the reproducible and wettable surface of the flexible foils. Afterwards, in order to realize the excellent adhesion between the environmentally resistant substrate and inert metal electrode and, as well as solid sensing polymer layers, fresh Kapton film was subjected to the corona discharge plasma exposure by which the surface energy of plastic substrate were greatly improved. Then the surface tension of substrate in this way matched with the surface properties of non-parasitic elements.

The sensing layer polymer, P(VDF-TrFE) copolymer with molar ratio of 55:44/VDF:TrFE and P(VDF-TrFE-CTFE) terpolymer with a molar ratio of 61.0:30.1:8.9/VDF:TrFE:CTFE were purchased from the Piezotech S.A.S (Arkema, France) and used without further purification. The analytical grade solvents mentioned in the following substrate pretreatment and device fabrication were unexceptionally obtained from Sigma-Aldrich and harnessed as received. The two kinds of P(VDF-TrFE) and P(VDF-TrFE-CTFE) solution inks formula in 1 wt% concentration were prepared by dissolving the polymer granules in triethyl phosphate (TEP). Besides, the 10 wt% DEHP of total polymer residual modified terpolymer inks was also developed.

III. 2 Inkjet Printing Process and Device Fabrication

Freshly rinsed PI substrate films were firstly introduced into a conventional oven for 20 min at 150 ℃. After heat stabilized, the substrate was subjected to the corona discharge exposure, and thus ink wettability and adhesion effect between the printed components were improved.

Secondly, the patterned circular bottom Au electrode was sputtered using a customized shadow mask with a surface area of 78.54 mm 2 . The thickness of the deposited could be precisely controlled through modulating the time and current of exposure application and was estimated as ~40 nm-thick. Prior to polymer deposition, the solution was filtered with a Teflon filter with 1 𝜇𝑚-size customized pore. DEHP doped terpolymer inks without filter operation were also inkjet printed as a control process The circular sensing polymer layer in 15 mm diameter was successively deposited on bottom metal electrode in rather good alignment using a specified droplet volume of 50 picoliter Dimatrix cartridge (SE-128 AA) [24] mounted on PiXDRO LP50 inkjet printer (Meyer Burger Technologies, Switzerland). In the meantime, PI substrate was continuously heated at 90 ℃ to favor the vaporization dynamics of the solvent possessing a high boiling point. Concretely, the printing protocol was opted to deposit the uniform and homogeneous polymer layers using jettable droplets with the stable morphology and 1m s -1 falling velocity, firing frequency 1 kHz under optimized equilibrium ink pressure of 21.7 mbar.

The print head was powered by a voltage of 120 Voltage, with a pulse width of 6 𝜇𝑠 raising, 8 𝜇𝑠 dwelling and 4 𝜇𝑠 falling steps for the ink droplet ejection protocol. In order to obtain the desirable sensing layer with the thickness of approximately 10 𝜇𝑚 , multiple repetitions of printing batch were employed. The freshly deposited polymer layers were dried over several minutes, subsequently moved into a conventional oven and followed by a tempering process at 140 ℃ for copolymer, at 110 ℃ for terpolymer overnight under vacuum to remove the solvent residual. This also allowed to enhance the degree of crystallinity and thus ferroelectricity. The force sensor was finalized by sputtering the custom-sized Au top electrode, similar to the bottom electrode.

III. 3 Characterization

Ferroelectric properties were characterized firstly. The two electrodes of the printed sensor were connected to the 20 kV AC high-voltage amplifier (Trek, New York) and the current amplifier (Stanford Research Systems. CA). In case of printed copolymer sensors, a 100 mHz sinusoidal wave was then applied upon the out-of-plane direction of the printed sensor with a maximum potential of 70 V/𝜇𝑚 from 20 V/𝜇𝑚 in an increment of 10 V/𝜇𝑚 since the printed sensors appeared electrical failure under an electric field slightly higher than 70 V/𝜇𝑚. During each Current-Voltage cycle measurement, induced short-circuit current channel (peak-to-peak) was maintained to be stable. The polarization was obtained after extraction of leakage current which is contributed by conduction in materials.

Capacitance (C) and dielectric behaviors of copolymer sensors were checked by broadband dielectric spectroscopy before and after poling process, manipulated with the same specimens as in polarization process. The frequency range during the C and 𝜀 𝑟 measurement was from 0.1 Hz to 1MHz. The sensors to characterize were selected according to a normal performance of dielectric spectroscopy; otherwise, both electrodes of the capacitor-like sensors were most probably interconnected during the Au deposition.

Piezoelectric property in response to the dynamic impact force was investigated subsequently.

The well-prepared sensors with the top electrode stamped by Teflon belt were mounted manually on the large and thick PMMA panel via cyanoacrylate adhesive. The dynamic force impulse was applied upon the top of the printed sensors using an impact hammer (Dytran Instruments, Inc. CA), with a sensitivity of 1V/44.48N (100 mV/lbf) and measurement gauge of 0~4448 N scope.

The applied force signal and readout current response of the sensors were recorded thanks to the Agilent oscilloscope. Afterwards, charges was obtained by integration of current curves with time and plotted against impact force pulse curve.

The sensitivity of the printed sensors in response to the sweep signal with frequencies range between 100 and 1000 Hz (covering the frequency range of a typical impulse force) of applied impact force were also investigated. In a typical experimental setup, the printed polymer sensors mounted to the free end of vibrator (LDS, Brüel & Kjaer, UK), were stuck with the standard mass weight of 10 g on the top Au electrode of the printed sensors. The sensor was short-circuit connected and consequently, the induced current in response to the force was recorded by oscilloscope. Meanwhile, a MEMS-piezoelectric accelerometer (Brüel & Kjaer) with concurrently stuck onto the experiment setup panel in order to monitor the in situ acceleration of the experimental assemblies.

In case of relaxor ferroelectric terpolymer, owing to a very slim hysteresis 𝐷-𝐸 loop and poor remnant polarization, impact force application could not yield the vast change in its electric displacement. The impact force-induced charges would be reasonably ignored. Instead, so-called pseudo-piezoelectric 𝑑 33𝑒𝑞 coefficient could be determined under applied electric field. A maximum of 240 V DC voltages was applied to the force sensor in across section in two stepwised increments of 5 V below 30 V and 30 V intervals above 30 V up to the maximum voltage value. 𝑑 33𝑒𝑞 coefficient under respective electric field was extracted subsequently.

The electromechanical response of the printed terpolymer sensors were also characterized in terms of electric field-induced strain and displacement in thickness direction. Capacitor-like PIbased printed flexible sensor devices, with sensing layer thickness of approximately 10 𝜇𝑚 were metallized with the help of shadow mask and a 100 mHz frequency sinusoidal AC voltage was applied upon the printed sensor devices. The displacement was recorded by using the OFV-5000

Vibrometer equipped with OFV-50x Sensor head (Polytec GmbH, Germany). A reflective paper was placed on the center of top electrode in order to measure the displacement in-situ.

IV Result and Discussion

IV. 1 Design and Inkjet Printing of Two Types of Force Sensors

Continuous material deposition was realized by DOD inkjet printing technology in this current work. The individual ink droplet was generated by piezoelectric MEMS-modulated inkjet nozzle with the orifice dimension of 50 𝜇𝑚 diameter. The desirable and patterned images of the polymer materials were printed by precisely controlled ink formula deposition on the demanded location. It has been well-recognized that the steady ink stream and normalized droplet size were responsible for the tailored application of polymer solution inks, otherwise, vacant and incomplete polymer solution patterns were yielded and thus affected the uniformity of the polymer residual layers. The printable ink formulation and microfluidic dynamics strongly determined the morphology and reproducibility of the droplets, in terms of viscosity 𝜂, useful physic constants such as Reynolds (𝑅𝑒) and Weber (𝑊𝑒) numbers, etc. (see the-state-of-the-art Chapter I). The feasible solvent is the main factor reliably determining the printability of the polymer solution inks, rather than the polymer solute itself [25]. It has also been reported that the candidate solvents used successfully for dissolving the PVDF-based polymer involve Methyl Ethyl Ketone (MEK) [26,27], DMF [28,29], and TEP [30], with sharp contrast of boiling points.

Solvent evaporation to large extent, that is, vapor pressure occurred to the organic solvents owning a relatively low boiling point. This might on the other hand lead to severe problems, for instance, shrinking volume of the falling droplets, interruption of continuous ink ejection, nozzle clogging, etc. Otherwise, polymer solution deposited onto the substrate, successively evaporated for a quite long time span in case of solvent use with very high boiling point. There is a remarkable trade-off between customized ink ejection and highly efficient evaporation.

Continuous single droplet was also a consequence of maneuverable viscosity of polymer ink solution, which would heavily adapt to the fluidic viscosity range of the nozzle during the operation of ink ejection. Table V. 1 summarized the physical specifications of the cartridge nozzle and two extensively-used solvent kinds, MEK and TEP, behaving a strong contrast of vaporization parameters. MEK is too much volatile to be employed as a jettable solvent, instead of TEP which characterizes an adaptable vapor pressure. TEP is also a solvent with very high quality which means the macromolecular chain can be stretched readily and does not favor to precipitate before reaching the very high critical polymeric concentration in an extensional fluidic flow [31,32]. Afterwards copolymer and terpolymer inks were prepared in selected TEP solvent.

And the viscosity of both polymer inks was measured as 2.16 cP and 3.26 cP, respectively, which were adapted to the nozzle characteristic nicely. Note that the measured surface tension of 32.7 mN m -1 and 33.4 mN m -1 for copolymer and terpolymer inks were in preferentially consistent with the referred value of pure TEP solvent and wettability of both inks were as expected almost the same than TEP solvent. [36].

In order to yield a printable droplet, it is an essence to understand the jettability mechanism.

A successful ink droplet was closely related to the jet pulse waves and physico-chemical properties of the ink formula. The common dimensionless numbers, including Reynolds (𝑅𝑒), Weber (𝑊𝑒), Capillary (𝐶𝑎) and 𝑍 numbers, relevant to the droplet formation dynamics were governed by inertial force, viscosity, surface free energy, etc, of which were presented as follows [37][38][39][40]: where 𝜎, 𝜌 and 𝜂 symbolize surface tension, density and viscosity of the ink formula. 𝜈 is the initial velocity of high shear rate ink flow pumped out of the nozzle with a diameter of 𝑑.

However, when piezoelectric-driven actuator is triggered by the voltage pulse waveform, polymer solution ink is then expelled out of the nozzle with a largely initial velocity. Its behavior during inkjet printing process presents the characteristics matching with the viscoelastic fluidic jets, according to the ejection behaviors of a Newtonian fluid ink [41,42]. In order to verify the Newtonian behavior of ink ejection, the morphologies of droplets were analyzed as time processed. As shown in Figure V. 2, the series of photographic snapshots of ink solution were taken during the ink ejection with the help of stroboscopic video camera. The droplet formation maintained through a short and thick ink filament attached to the nozzle at the initial stage of ejection. The filament extended and thinned as the time elapsing. In several microseconds, the droplet detached when there was an occurrence of abrupt collapse of liquid ink ligament from the nozzle. The elongational tails remained attached to the heading bulk droplet through the thinning ink filament.

Alongside jettability of polymer solution inks regarding to the solvent aspect, it is also interesting to optimize the waveform of voltage pulse and ink chamber pressure for the various solvent system. The stable ejecting highly depends on the firing dwelling time for a given solvent system, which has to be matched to the superposition of the pressure wave propagation inside the ink reservoir chamber. The pressure is of the key issue which reliably determined the droplet volume and viscosity within the matched dwelling time. In the current study, we also printed pure water, pure solvent based cyclopentanone inks and water-based silver nanoparticle inks on PI support and found a significant difference in the droplet velocity. The scarce train of satellites behind the bulk droplets were observed for both copolymer and terpolymer solution inks which successively retracted into the heading bulk droplet bead during the tine of flight at 260 𝜇𝑠. The fusion of satellites with the heading droplet was acknowledged due to the surface tension, viscosity and density of the solution inks. [43] This scenario was very similar to the ejection behavior of pure TEP solvent, which suggested that the Newtonian behavior of TEP solvent sustained after the addition of a small quantity of high molecular weight polymer. However, this Newtonian behavior, that is, rare satellites accompanied with the primary droplets, is not seen any more if the polymer concentration reached its critical concentration threshold. In fact the concentration played a key parameter in the physics behavior of polymer solution inks. The disintegration of ligament was not likely to occur at relatively high polymer concentration, which corresponds to a typical Non-Newtonian behavior, having long tail of inks behind the primary bulk droplet [44]. In this circumstance thus a train of bead-line yielded because surface tension of polymer solution inks was too weak to retract the free elongational ink flow. In this present study, the engineered copolymer and terpolymer inks exhibited the Newtonian behavior in a concentration of 1wt% and thus the viscosity measured at low shear rates were allowed to calculate the dimensionless parameters, 𝑅𝑒, 𝑊𝑒, etc.

Figure V. 3 Optimal diagram of bipolar voltage pulse waveform for inkjet printing

The drop volume (size) and droplet velocity strongly differ from system to system. However, all ink systems have the similar behavior as if the pulse waves applied for the piezoelectric nozzle are kept unaltered. The droplets ejection intend to occur during the positive trapezoidal pulse (𝑡 𝑑𝑤𝑒𝑙𝑙 ), as shown in Figure V. 3. The droplet size could be determined by the time duration of the steady wave stage. The longer 𝑡 𝑑𝑤𝑒𝑙𝑙 , the larger the droplet size. And the rising ramp time span and falling ramp time spans were thought to be as short as possible because the longer ramp times would disturb the droplet formation and thus yield undesirable and inhomogeneous drop volume. Negative wave pulse (𝑡 𝑒𝑐ℎ𝑜 ) was set in order to counteract the residual deformation waves whereby unwanted excessive liquid flows were sustained in the orifice right after the droplet ejection.

In fact, the inks physics, ink pressure, nozzle orifice diameters and voltage waveform pulse affected the droplet physics. The droplet velocity and volume were monitored via a stroboscopic vision system mounted on the inkjet printer. Table V. 2 marked the inkjet printing protocol which was optimally yielding the inkjet printable droplets. The generated drop velocity and size for both polymer solution inks were quite similar. However, the present drop velocity appeared to be t rise t echo t fall t dwell
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Negative Echo Time 0.87±0.05 for copolymer inks, exhibiting the deviation far from the given calibration value of velocity specification as ~8 m s -1 . The reasons for this behavior are unclear. The physical constants of the inkjet printing criterion were calculated according to equation V. 8-11. Since the parameters except viscosity did not vary from pure solvent based ink to the polymer solution inks, rheological behaviors of inks could be regarded as a key parameter for determining the jettability.

The derived Z value is indicative of jettability where low Z value reflected that the satellites may yield in parallel with the main inks droplet [8,45]. In case of copolymer inks possessing relatively low viscosity, a high Z value of 61.54 appeared to be out of the reported printability limits of 1<Z<60 [44] previously although the rheological properties and printing protocol presently satisfied the requirement of a stable inkjet printing, whereas a higher viscosity of terpolymer inks demonstrated that Z value of 42. 22 matched nicely to the defined printable limits and thus as expected a very stable jetting droplet was observed. It should also be noted that pure TEP solvent based inks presented rather matched printability under the optimal printing protocol even though the Z values reached as high as 91.04, being out of the defined printable window previously [39,44,46,47]. This results suggested that pure TEP solvent and TEP based polymer solution inks were robust and extended parameter range of printability for the inkjet printing technology as well.

Besides, there raises the new challenges once the polymer ejection was deposited onto the substrate support. When the polymer solution drops on the substrate start to dry, the concentration of either the polymer solute or suspended particulate matters gradually increase during the solvent loss and then images are patterned until the solvent-free status of the polymer deposition. If the solvent drying process is not nicely controlled, well-known issues such as the coffee ring effect and unwanted inhomogeneous thickness inkjet printed films would occur. Although some researchers fabricated the functional devices with the help of this effect [48][49][50][51], uneven topological behavior of printed films have an enormously deleterious influence on the performance and lifetime of printed electronic and electroluminescent devices [52]. This issue also matters in our present inkjet printing process when the ink droplets drying. A quick and large portion of ink deposition results in a significantly uneven thickness distribution, giving rise to the topological wrinkles and uptilted inkjet printed electronics consequently. Hence it is interesting to deeply investigate the compatibility between the ejected materials and substrates, of which the wettability is playing a vital role. The aforementioned coffee ring effect is an ubiquitous phenomenon even though there was the excellent wettability [53]. In particular in case of present inkjet printing fabrication, a strong contrast of wettability between the corona treated PI foil and Au electrode exists. The evaporation rate of drying droplet rim exceeded the rate in the droplet center and thus this gave rise to the plenty of the solvent losing at the driplet edge near the contact line. It has also been wellacknowledged that the contact line of the drying drop is pinned so that the losing liquid must be replenished by outward capillary liquid flow from the interior to the pinning contact line. This convective flow carried dispersed polymers or nanoparticles and piled up at the contact ring line, being responsible for the coffee ring effect. This outward flow was however balanced by the inward Marangoni flow to the droplet interior center, driven by surface tension gradient between the periphery and the interior of the drying droplet. Several strategies have been developed to overcome the coffee ring effect such as ink formulation consideration, surfactant additives [54,55] and baking condition [56]. The main approch is to engineer the inward Marangoni flow by a cosolvent strategy, with one minor component having a higher boiling point and a lower surface tension [57][58][59]. This strategy functioned very well for the printing patterns in some litteratures [60,61]. For consideration of sensor device application, additives into the foromulation was ruled out. Thanks to control of the printing drop-spacing and baking temperature, the coffee-ring effect was minimized with a single-solvent inkjet printing solution ink system. Subramanian et al. [62] reported a perfect morphology of inkjet printed PEDOT:PSS lines under the controlled printing and temperature coudition in terms of drop spacing, firing frequency and substrate temperature and they also provided the explanation from the geometric point of view. Drop spacing, distance between the adjacent droplets center, corresponds to the pattern resolution. Decreasing the drop spacing is equivalent to an increase in the pattern resolution. For the compact inkjet printer employed in this current work, the low resultion was compensated by a large quantity of ink solution deposition in order to fully cover the printing patterns. Large portion of ink deposition prolongs the time duration of solvent evaporation serving as the main side-effect of a low printing resolution. This negative effect would exagerate during the second repetetion of inkjet printing process, leading to an severe coffee ring effect pattern. The best strategy is that as follows: in a certain drop spacing the ink droplet merges with the adjacent pinned beads and in parallel, the printed layer dries nearly when the upcoming repetation of printing application is to lanch. As motivated in this case, the baking temperature would play a vital role during the pinned droplets drying. In the printing trials, substrate temperture was set to 70 ℃ and 90 ℃. Baking time of 70

℃ appeared almost 3 times longer than that of 90 ℃ baked. Decreasing the substrate temperature signifcantly undermined the evaporation rate at periphery of the landed drop more than the center.

Hence, coffee ring effect was effectively minimized because of the weakening outward convective ink flow. In this regard, the liquid drop maintained on the substrate before next droplet The following statement, the sensor behaivor to the dynamic impact force would be carefully characterized and several complementary parameters were jointly performed as well. showed the discrepancies over spin coating at low frequency instead of medium and high 𝑓 as presented in Figure V. 12b. In previous section Chapter IV, we revealed the high dielectric amplitude at low frequency was satisfactorily ascribed to the interfacial polarization. The surprisingly high dielectric loss for inkjet printed sensor implied an evolution of such relaxation over spin coated one. The evidence was further provided that a shift of peak by more than one decade towards the high frequency occurred to the dielectric modulus spectra of inkjet printed Inkjet Printing Spin Coating M''der

IV. 2 Ferroelectric Characteristics of Inkjet Printed Sensors

IV. 3 Electromechanical Coupling Behavior of Printed Electrostrictive Terpolymer

The studies in Chapter II showed that the electromechanical coupling behavior of the bulk terpolymers was performed via tip displacement of the unimorph cantilever beam. This is due to the thickness electrostrictive compression under electric field, which was expected to allow the discrepancies of geometric deformation over the both sides of bilaminar cantilever beam. In this current investigation, the deformation behavior of the inkjet printed terpolymers were investigated at the electrode center in a free mode with no fixation clip under an electric field supply up to 100 V/ 𝜇𝑚 at maximum, where the electric breakdown for the 10% DEHP plasticized printed terpolymers occurred sometimes. The reduced breakdown strength values were manifested in our previous study due to the DEHP dopant [65]. For the sake of noticeable comparison, the electric field was normalized as 100 V/𝜇𝑚. By using a laser interferometer, electric field-induced displacement of each kind of inkjet printed terpolymer devices was characterized and was then plotted versus the electric field as shown in Figure V. 13. The three investigated inkjet printed terpolymers exhibited the "butterfly" displacement in response to the electric field. In a moderate electric field below 60 V/𝜇𝑚, the three kinds shared the similar trend strength and the filtered printed terpolymer was slightly out-performed. This feature is not the case at high electric field where the 10% DEHP modified inkjet printed terpolymers appeared at maximum ca. 6 𝜇𝑚, almost three-fold higher than the pure one. In previous study, we suggested that the apparent electrostrictive strain of the terpolymer originated from both intrinsic electrostrictive effect and Maxwell effect [66,67]:

𝑆 33 = 𝑆 𝐸 + 𝑆 𝑀 = 𝑄(𝜀 𝑟 -1) 2 𝜀 0 2 𝐸 2 + 1 2 𝜀 𝑟 𝜀 0 𝑌 𝐸 2 (1 + 2𝜈)=𝑀 33 𝐸 2 V.12
where 𝜈 is poisson ratio of the terpolymer material. The displacement of flexible capacitor-like device in a free mode is much more complex than the neat terpolymer films without a passive support. The contribution of passive PI substrate must be considered when analyzing the displacement in current case. Therefore, the quantitative evaluation of the apparent electrostrictive coefficient 𝑀 33 seems not accessible. At a low electric field, the strain caused by electroactive terpolymer layer could not overcome the persistence of the passive PI substrate and only field-induced strain in printed terpolymer layer occurred rather than the whole sensor device. However, the response of pure and PTFE filtered DEHP modified terpolymer sensor devices both behaved the very slim hysteresis loops, suggesting very weak electromechanical losses. The low losses of pure terpolymer sensor device were in good agreement with the established results [68]. Surprisingly, large hysteresis loop was observed for the 10% DEHP plasticized inkjet printed sensor device. It is interesting to highlight the strong contrast between both. And this is explained by the fact that the amount of DEHP was absorbed by the micrometer-sized pore of the PTFE filter networks, making the trace remnant of DEHP molecules in the terpolymer ink. This can also be evident by a slump down dielectric behavior for filtered terpolymer sensor device, comparable with the plasticized one.

IV. 4 Piezoelectric Behavior of Ferroelectric Inkjet Printed Sensor

Piezoelectric properties of a single ferroelectric force sensor were investigated with varying dynamic force application. Prior to evaluation of force sensor performance, the sensitivity of the force sensor was characterized firstly. Different frequency of the dynamic force was conducted upon the top of sensor surface where the force was applied by using a frequency-modulated 𝜕𝑡 in cross-section mode [67]. The mechanical strain does not always align with mechanical excitation because of the viscoelasticity of the polymer nature [69].

Investigation of piezoelectric behaviors for copolymer dynamic sensor vs. applied force was also carried out at fixed frequency of 400 Hz. Note that the output current in 205 current output and consequently, the charge yield of 4.77 nC was obtained according to the integration of output current curve versus the time elapsing. It was also worth noticing that common features of charge yield in shape and peak involved, were shared with the applied force impulse record and this indicated the fact that the yielding charge aligned simultaneously with the force applied. Hence, the piezoelectric coefficient 𝑑 33 , defined as charge yield ratio to the applying force, was calculated as 18.7 pC N -1 , quite close to the values (~20 pC N -1 ) found in the literature [6,63,70]. Varying force was then applied to the inkjet printed ferroelectric sensor within the force value range between 50 N and 305 N. The charge yield in response to such dynamic force applying was plotted in Figure V. 17b and was linear fitting with a slope of 18.9 pC N -1 . Note that the frequencies of applying forces were estimated at approximately 300 Hz which was not located within the proposed resonance scope (150~250 Hz). The replicate measurements were subsequently carried out with a batch of six sensors and the variation of 𝑑 33 values among the individual sensor was negligible. In fact, a good reproducibility also implied the reliability and homogeneity of the inkjet printing technology. 

IV. 5 Pseudo-piezoelectric Behavior of Electrostrictive Terpolymer

As motivated by the 𝐷 -𝐸 hysteresis loop behavior from the theoretical consideration point of view, the large electric polarization of the electrostrictive terpolymer could be induced under the bias electric field 𝐸 . And so-called pseudo-piezoelectric coefficient 𝑑 33𝑒𝑞 was linearly dependent on the external bias electric field 𝐸 33 across the thickness. In order to validate such hypothesis, impact force excitations upon the inkjet printed sensors based on the electrostrictive terpolymer were characterized under varying electric field up to 33.33V/𝜇𝑚, corresponding to a bias DC voltage supply of 300V as presented in Figure V. 19. The representatives of the output current and charge yield in response to the force excitation under a bias DC voltage of 10 V and 90 V were plotted in Figure V. 20. And the current and charge output curves in shape appeared quiet similar to the current and charge response of a printed ferroelectric sensor. It is interesting that terpolymer sensor under 90 V bias voltage presented the charge yield of 4.27 nC, nearly 9 times higher than the charge response of 0.46 nC under 10 V bias voltage supply although a similar impact force excitation (185.4 N) was applied under both bias voltage. Note that 9 times higher bias voltage resulted in nearly 9 folds charge yield response and thus it was reasonable to assume that the pseudo-piezoelectric coefficient 𝑑 33𝑒𝑞 enormously benefited from the bias voltage supply. Individual 𝑑 33𝑒𝑞 at each bias voltage supply was subsequently obtained and increased monotonically with the increment of electric field, which can be satisfactorily described with a quasi-linear compensation law as shown in The key parameters playing the important roles in determination of the electromechanical properties were also compared with extensively investigated PZT ceramics in Table IV. 4. The high stiffness and heavy weight density of piezoelectric PZT ceramics with high cost limited its applications such as bendable and wireless wearable electronics, although PZT possessed a piezoelectric coefficient 𝑑 33 as high as hundred orders, comparable with two polymer candidates.

A high 𝑑 33𝑒𝑞 value of 81.64 pC N -1 for terpolymer was however considerably competitive to a 𝑑 33 value of PZT ceramics only with a bias 33.33 V/𝜇𝑚 supply, which was far below its electric failure breakdown strength. It should be also noted that in Figure V. 21 at 7.5V/𝜇𝑚 bias electric field appeared the cross point between the electric field dependence of 𝑑 33𝑒𝑞 and invariable 𝑑 33 value of 18.9 pC N -1 .Such a low bias electric field compulsory for the electrostrictive terpolymer sensors gave rise to the equal piezoelectric coefficient value to the ferroelectric force sensors, equivalent to a 67.5 V bias voltage supply for a 9 𝜇𝑚-thick inkjet printed force sensor, though such a bias voltage value was still relatively high for the wireless portable electronics and human safety reasons. In the perspective work, before sensor device fabrication, polymer ink formulation and inkjet printing protocol should be optimized in order to fulfill the requirement of printing less than 2 𝜇𝑚-thick piezoelectric impact force sensor. 

V Conclusions

Printed electromechanical devices based on terpolymers are an alternative approach en route to fabricate piezoelectric force sensor networks. In this current chapter, the ink jettable parameters were firstly adapted to the polymer solution ink physics. The inkjet printing protocol for the ferroelectric P(VDF-TrFE) copolymer and electrostrictive P(VDF-TrFE-CTFE) terpolymer were then optimized. A piezoelectric copolymer force sensor has to be poled prior to its calibration or its use as an impact force sensor application. A large remnant polarization 𝑃 𝑟 is obtained resulting in the excellent piezoelectric coefficient. Inversely, a force sensor device made with an electrostrictive terpolymer do not exhibits any remnant polarization. In this regard, an indispensable electric field bias is compulsory. It is remarkable that for a given electromechanical performance the bias electric field for an electrostrictive terpolymer is much lower than the corresponding poling electric field for a copolymer. It is also observed that properties equivalent to the corresponding ferroelectric copolymer can be obtained for a bias as low as 7.5V/μ𝑚.

These results show definitely the feasibility of low-cost inkjet printed terpolymer electromechanical devices with performances comparable to the ferroelectric copolymer once at the expense of only a fairly low electric field bias. These findings are rather promising for the moment, although future work goes to the all printed and multi-stack structured electronic devices with the aim at the enhanced mechanical energy density.

VI. 1 Conclusions

Ferroelectric materials have been paid emerging attraction due to their capability of converting external electric stimulus into other mainly available energy forms such as mechanical force, heat (electrocaloric effect), and magnetoelectric fields and vice versa. In particular, ferroelectric polymers have attracted great interests thanks to their flexibility, light weight, relatively low mechanical strength, ease of processability into large-area films, and the ability to be molded into a desirable dimension. Amongst those ferroelectric polymers, PVDF and the piezo-copolymers exhibit a high dielectric constant, a low dissipation factor, as well as rapid and excellent electromechanical response. Recently, e-beam irradiated poly(vinylidene fluoridetrifluoroethylene), P(VDF-TrFE) copolymer unimorph demonstrated rather high tip displacement [10], providing novel concepts of designing materials with maximal electric fieldinduced strain of 7% in thickness mode and high elastic free mechanical energy density 𝐸 𝜇 .

Inspiring from this method, chemical defects were introduced into molecular backbone by copolymerization of bulk-like ternary CTFE monomer and as a consequence, sub-micro crystal size broke into sporadic nano-sized crystallites. Due to presence of CTFE, 𝛽-form ferroelectric domains with all-Trans (𝑇 𝑚 , m>3) conformation in copolymers transformed into non-polar 𝛼form paraelectric crystallites and less-ordered γ (T3G + T3G -) ferroelectric phase. Hence interaction between neighboring crystallites was weakened. And spontaneous polarizations of the sporadic nano-sized crystallites in terpolymer were relatively independent and the dipole moment of each nano-sized crystallites were randomly distributed. Terpolymer exhibited diffusion phase transition frequently when subjected to the external electric stimulus. In this case, Terpolymers are ferroelectric with relaxor behaviors. Such diffusion ferro-paraelectric phase transition was responsible for the outstanding electrostrictive behavior.

In fact, two terms, Young's modulus (𝑌) and dielectric constant at working condition (𝜀 𝑟 ) as revealed are the crucial essences governing the performance of the electromechanical properties in ferroelectric and relaxor PVDF-based polymers. In an attempt to enhancement the electromechanical behavior, the roadmap to manufacture the high performance terpolymer film were widely developed, such as spin-coating, cast, hot-pressing and stretching, etc. However, there still lacks the correlation of electromechanical properties with 𝑌 and 𝜀 𝑟 of the terpolymer depending on the material processing. The current studies focused on the properties linked to the microstructure of terpolymer via processing and the molecular mobility in wide range of frequency and temperature were investigated by broadband dielectric spectroscopy technique.

Besides, tremendous enhancement of 𝜀 𝑟 and electrostricitive response were explained from molecule dynamics aspects. Finally, the electromechanical behavior were evaluated via the inkjet printed copolymer and terpolymer force sensors. The main conclusions of this thesis were briefly summarized:

1 Chapter II tends to provide as much as information on electromechanical properties of relaxor ferroelectric P(VDF-TrFE-CTFE) terpolymers. Its behaviors, strongly depending upon the terpolymer annealing effect, were systematically investigated in terms of thermal transition, dielectric property, electric breakdown strength and electrostriction response. Firstly in DSC thermograms, two stepwise variations were observed in both Curie transition and melting regions for isochronally annealed terpolymer from pristine film to fully crystallized film for 2h. Two dielectric anomalies as function of temperature were strongly associated with two typical transitions where the peak at low temperature was ascribed to glass transition region in amorphous phase while the higher should be attributed to the Curie transition in crystal lamellae.

Both regimes gave partial contribution to the dielectric permittivity at room temperature. An increase intensity of dielectric peak located at glass transition region was strongly due to enhancement of interphase where molecular chain more or less oriented. Electric breakdown strength 𝐸 𝑏 was strongly depended upon the dielectric and mechanical behaviors. Higher degree of crystallinity was in favor of high 𝐸 𝑏 values, for instance, maximal 340.4±38 MV/m for 45.3%

as largest crystallinity content. Conductivity decreasing in higher crystal content films and charge carrier ion scattered by oriented interphase rationalized the high electric strength values. Finally, electromechanical response was evaluated by electrostrictive properties via an unimorph cantilever beam bend measurement. Although tip displacement 𝐷 and transverse strain 𝑆 31 for each annealed terpolymer followed quadratic-type with applied electric field, 𝐷 maximized at 39.3% crystal content and 𝑆 31 showed an exponential decay with increase of degree of crystallinity. In order to generate out-performed electrostrictive behavior, relative dielectric constant 𝜀 ′ and elastic Young's modulus ratio should be seriously considered. The investigation were finalized by comparison of elastic free mechanical energy density 𝐸 𝜇 . The decreasing 𝐸 𝜇 values versus increment of crystal content were a result of electric permittivity 𝜀 ′ and Young's modulus combined factor. That is to say, one needs to compromise these two factors when the electroactive polymers were designed to practical implementation.

2

The purpose of Chapter III was focusing on frequency and temperature dependence of the dielectric relaxation behavior of semi-crystalline P(VDF-TrFE-CTFE) terpolymers. In order to evaluate the relaxation map, terpolymers containing different fractions of crystallinity were prepared by an isothermal crystallization process. Firstly, a slowing down of the segmental relaxation rate was found in the terpolymer with the highest crystallinity. The size of the cooperative rearranging region in the amorphous phase declined. The decrease of the strength index 𝐷 indicated that the crystallized terpolymer had become more fragile with higher degree of crystallinity. However, a large interphase region led to an increase in dielectric strength as opposed to the non-ferroelectric polymer. Such a phenomenon was ascribed to the enhanced fraction of the interphase which was more or less well-orientated.

The Curie relaxation was accelerated by increasing the amounts of crystalline lamellae, which had a great influence on the segmental relaxation. Secondly, sub-glass 𝛽 relaxation processes were also constrained and followed an Arrhenius-type mode. Considering the chemical composition of terpolymers, it is reasonable to assume that the 𝛽 relaxation processes correlated with the segmental relaxation. Finally, the mobility of the space charge at high temperature was analyzed by an electric modulus method. A VFT-type mode revealed the DC conductivity vs. the relaxation at several temperatures, and suggested that segmental dynamics in the amorphous mode were responsible for the motion of the space charge carrier ions. A dielectric relaxation map provided a full picture of the dielectric behavior based on frequency and temperature. The results gave us an idea of the implementation of a point of view for the electromechanical system. The correlation of these behaviors with electromechanical properties is currently being studied.

3 Several folds improvements in the dielectric behavior and electromechanical response of the all-organic polymer blends were achieved by simply adding commonly used DEHP phalate plasticizer into pure terpolymer matrix reported in our previous study. Around maximal 60 times increase in permittivity on expense of half losses of the Young's modulus, mechanical energy density of plasticized terpolymer blends demonstrated 20 times higher over the pristine terpolymer. In current Chapter IV, an interpretation of this fundamental trend is given on a molecular level by means of broadband dielectric spectroscopy technique. The main conclusions about this chapter are summarized as listed here:

First of all, AFM patterns were employed to evaluate the morphology structure and miscibility of the DEHP molecules load terpolymer blends. The regular surface morphology manifested the absence of phase separation of the excellent miscibility of DEHP molecules in terpolymer. The bumpy-like crystal domains were however loosely packed, the size of which were likely to be somewhat intensified via addition of the plasticizer DEHP molecules, implying much inhomogeneity of size distribution over the pristine terpolymer matrix. And this was also evident by the DSC measurement technique which manifested that the addition of DEHP tends to suppress the growth of crystal phase and eventually leads to the smaller, but this is not the case for the crystallinity while undergoing a slightly increasing fashion. Due to the presence of DEHP, the melting points of plasticized were dropped by the maximal 6 ℃ which also affected the nonisothermal crystallization during the cooling. The crystallization favored a retarded process eventually.

Influence of the plasticizer on molecule mobility covering wide range of temperature was monitored by BDS technique by which the single segmental structure dielectric relaxation loss was first revealed. This manifested the good miscible behavior, due most probably to the compatible solubility parameters between both. The presence of the DEHP plasticizer expanded the specific free volume of the molecular chain and accelerated the relaxation rate of the structural process, enhanced dynamic heterogeneity near the glass transition region as well, as opposed to the results found in Chapter III; the estimated glass transition 𝑇 𝑔.𝑑𝑖𝑒𝑙 slumped down from 246.7 K to 229 K and closely followed the Fox mode against the DEHP content; an increased strength indices implied the less fragility of the modified polymer blends. 𝛽-secondary relaxation process was also identified and activated by almost 25% high in glassy state.

Furthermore, the ions conductivity of plasticized blend system was improved by around one decade higher. With the help of dielectric modulus spectra, the dynamic behavior of the translational charge carrier motions were carefully characterized at low frequency and high temperature. The curvature type was fitted to the motion behavior of ions charge carrier and fitting; and the ions conductivity behavior for plasticized blend was governed by structural relaxation in amorphous phase.

Finally, interfacial polarization was verified as a great dielectric strength mode which is usually assigned to the predominant relaxation process at low frequency at high temperature. After removal of the conductivity part, although the MWS relaxation strength remained unaltered for the pure and plasticized blends, the relaxation had the peak drifted towards the high frequency by almost maximal one decade for terpolymers with 10% and 15% DEHP plasticizer content.

Such results account for the several orders of magnitude enhancement of the dielectric properties in experimental measurement. On top of that, plasticizing effects for constrained amorphous phase were also identified.

4

In Chapter V, inkjet printed electromechanical devices based on terpolymers are reported as an alternative way to fabricate piezoelectric and electrostricitve force sensor networks. In this current chapter, the ink jettable parameters were firstly adapted to the polymer solution ink physics. The inkjet printing protocol for ferroelectric P(VDF-TrFE) copolymer and electrostrictive P(VDF-TrFE-CTFE) terpolymer were then optimized. A piezoelectric copolymer force sensor has to be poled prior to its calibration or its use as an impact force sensor application.

A large remnant polarization 𝑃 𝑟 is obtained resulting in the excellent piezoelectric coefficient.

Inversely, a force sensor device made with an electrostrictive terpolymer do not exhibits any remnant polarization. In this regard, an indispensable electric field bias is compulsory. It is remarkable that for a given electromechanical performance the bias electric field for an electrostrictive terpolymer is much lower than the corresponding poling electric field for a copolymer. It is also observed that properties equivalent to the corresponding ferroelectric copolymer can be obtained for a bias as low as 7.5V/μ𝑚. These results show definitely the feasibility of low-cost inkjet printed terpolymer electromechanical devices with performances comparable to the ferroelectric copolymer once at the expense of only a fairly low electric field bias. These findings are rather promising for the moment, although future work goes to the all printed and multi-stack structured electronic devices with the aim at the enhanced mechanical energy density.

VI. 2 Future Work and Perspectives

Based on the results in this current thesis, the concepts of a possibly high dielectric constant and moderate reduced Young's modulus are adopted to enhance the electromechanical coupling factor and the elastic energy density for relaxor ferroelectric terpolymers. Here we only investigated these two factors linked to the microstructure via film solution-casting method by which a bulk terpolymer is thus obtained. The pure but nanoscale thin layers exhibit wellrecognized differences of microstructure, as well as ferroelectric and dielectric behaviors because of existence of the nanoconfinement effect in PVDF-based copolymer. Thus it is worthy to investigate the electromechanical coupling performance of nanoscale thin terpolymer films. To realize this strategy, spin-coating method was recommended to elaborate the nanoscale thin films.

And its dielectric relaxation and relaxor behavior are to be characterized over wide range of frequency of a low bias electric voltage and temperature in order to estimate properties from microstructure origins in nanoscale thin layer.

Secondly, DEHP is manifested as a good plasticizer for terpolymer matrix, allowing to strongly improve dielectric constant, compress the mechanical strength and thus enhance the electromechanical behavior. We have already explained the origins of this phenomenon and ascribed to the modification of free volume and molecular dynamics, mostly due to the interfacial polarization. Nevertheless, plasticizer DEHP is declared to be toxic and regarded as the carcinogenic health threat. And small DEHP molecules are facile to leach from the plasticized polymer matrix and thus are limited to be employed in low risk posed applications. To reach the environmental-friendly requirements, proper plasticizer with high plasticizing effect and low leaching from the matrix is encouraged to be investigated for terpolymer matrix. Alternatively, approaches to modify the electromechanical properties are also planned.

Metallized force sensors with sensing polymer layers were successfully fabricated via inkjet printing technology. And the results show the terpolymer electromechanical devices with performances comparable to the ferroelectric copolymer at the expense of only a low electric field bias. However, the deficiencies were faced and possible measures are forcibly taken to develop the inkjet printing technique and enhance the performance of products in the near future:

1, the challenge is the discrete fabrication due to the metallization of gold electrodes and this could increase the step complexity and high cost final products. To avoid metallization and overcome discrete printing, printable ink materials such as water-based nanoparticle silver inks and organic PEDOT:PSS inks are to be employed as electrode materials; 2, solvent based polymer solution inks are volatile and less eco-friendly. Water-based electroactive polymer inks will be developed to fulfill the rheological requirement of the inkjet printing technology; 3, polymer sensing layers' structure can be optimized to obtain the best electromechanical properties with less polymer material supply, such as multi-stacked sensing layer device. 
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Figure I. 1

 1 Figure I. 1 Schematic of a force system comprising sensing component array and signal processing circuit for readout.

  Figure I. 2 Schematic of piezoresistive force sensor based on a strain gauge, showing the alloy wires bond to the plastic backing. Force normally was applied in aligned with longitudinal direction (a). Quarter wheatstone bridge circuit for precisely measuring resistance of the strain.

  temperature, metal resister could generate current induced heat flow which might change the electric behavior of piezoresistor and plastic backing. Therefore in practical application, specific temperature compensation circuit was used to counteract the negative influence of the thermal flow to the sensitivity of force sensor.

Figure I. 3 A

 3 Figure I. 3 A schematic diagram of cantilever beam with strain gauge piezoresistor mounted.Force F was applied upon its free end perpendicular to beam in-plane. The range of gauge force is associated with size and shape of cantilever for a given beam material. The electrodes a and b were connected to the Wheatstone bridge circuit for measurement.

Figure I. 4

 4 Figure I. 4 Schematic of cantilever beam integrated with the piezoresistor. (a) Fabrication process of paper based piezoresistive cantilever force sensor using a screen printing technique. (b) A diagram of paper cantilever beam mounted with a silver metalized carbon piezoresistor. (c) Dimensions of printed cantilever force sensor array.

  Figure I. 5 Scanning electronic microscopy (SEM) graphic of a four-axial piezoresistive force sensor tethered on flexible platform[19] (a). Intact 3D piezoresistive force sensor prototype where the strain gauge mounted onto the Ti-foil cantilever beam. The schematics also show two rotational degrees of freedom of the device for eliminating cross-talk[33].

Figure I. 6

 6 Figure I. 6 Parallel-plate capacitor with insulator gap sandwiched by two conductive electrodes (a); gap between two electrodes was compressed by ∆𝑑 due to an applying normal force 𝐹 𝑛𝑜𝑟𝑚𝑎𝑙 (b); ∆𝑆 𝐴 surface area variation when a lateral force 𝐹 𝑙𝑎𝑡𝑒𝑟𝑎𝑙 is applied to a plate capacitor (c).

Figure I. 7

 7 Figure I. 7 (a) Diagram of capacitive force sensor structure and monolithically fabricated element with cross-sectional view [38]. (b) Simplified illustration of three-axial capacitive force sensor and the components in reality.

Figure I. 8

 8 Figure I. 8 Schematics and microscopies of MEMS-based capacitive force sensors. (a) and (b) Microgripper with dual-axial force sensor using two orthogonal comb-like electrode capacitors; (c) photographic of developed microtweezer bearing the compliant rotatory structure and linear guiding flexure joint with two comb-like capacitive force sensors. Adapted from the illustration provided by literature [40, 41].

Figure I. 9

 9 Figure I. 9 (a) Photographic of encapsulated PZT piezoelectric force sensing elements device wrapped on a cylindrical support. Square-like force sensor array was collectively integrated with silicon metal oxide semiconductor field effect transistor. (b) Photographics of representative application of the piezoelectric force sensor mounted on human wrist and neck for monitoring the

Figure I. 10

 10 Figure I. 10 Schematic (a), microscopy (b) and photographic (c) of tactile piezoelectric force sensor integrated with metal oxide semiconductor field effect transistor.

Figure I. 11

 11 Figure I. 11 Schematics of typical flexographic printing (a) and gravure printing technologies (b).Gear-like ink transfer system was zoomed. Adapted from the illustration provided by the literature[60].

Figure I. 12

 12 Figure I. 12 Schematic of a flatbed screen printing process. Inks poured on the upper side of stencil, beneath which was placed the substrate. The inks (red) were squeegeed to pass through blanket mesh which carriers the pattern information. Figure adapted from the illustration provided in the literature [60].

  Figure I. 13 summarized the diagram of continuous and drop-on-demand types of droplet ejection and the most commonly adopted transduction methods. CIJ and DoD printing technologies can further be subdivided into several items, critically depending on the ink ejection and droplet positioning methods. These methods are adapted for the arbitrary geometry of the printhead and the nozzles which can yield microscale diameter of drops equivalent to the volume of ~100 picoliter.

Figure I. 13

 13 Figure I. 13 Road-mapping of two main kinds of inkjet printing technologies

Figure I. 15

 15 Figure I. 15 Two main kinds of transduction principles for drop-on-demand inkjet printing ejection: thermal (a) and piezoelectric actuation (b).Figure adapted from illustration provided by Khan [60].

  Figure I. 16c. The ink fluid motion at orifice is accelerated up to 10 5 g [60] , resulting in the falling small amount of ink fluid in an initial velocity as shown in Figure I. 16d. Afterwards, the falling drops morphology evolves in a much complex mechanism which will be discussed later on.

Figure I. 16

 16 Figure I. 16 Schematic diagrams of the piezoelectric printhead, (a) the ink-filled reservoir chamber and piezoelectric element prior to the imaging signal applied; (b) piezoelectric buckling induced by electric information; (c) high fluid pressure in the chamber as the displacement piezoelectric element recovered; (d) droplet left the nozzle orifice. Adapted from illustration provided by Khan [60].

  drop morphology can be explained by one single fluid mechanics parameter 𝑍;

Figure I. 18

 18 Figure I. 18 (a) Diagram illustration of the maximum spreading factor 𝛽 versus time evolution 𝜏.The increasing trend plot over the whole window corresponds to the drop impact scenario on the wettable substrate (𝛽 * < 𝛽 ∞ ) while the remaining one represents the spreading factor changes with time elapsed in case of non-wettable substrate. The predominated phenomena for the spreading angle occur with time proceeding after the drop collision with substrate. (b) photographics in initial stage (0~10 ms) of the drop impacting on the ITO-coated glass substrate as time proceeds. Adapted from the illustration reported by Jung et al.[82].

Figure I. 19

 19 Figure I. 19 Scheme illustration of droplet wetted on the support in equilbrim state. Contact angle 𝜃 describes thermodynamic equilibrium between the three phases: the liquid phase (𝑙), the solid phase (𝑠), and the gas or vapor phase (𝑔).

Further

  work has been focus on the inkjet printable conducting polymer artificial muscles using the similar strategy as presented in Figure I. 20.

Figure I. 20

 20 Figure I. 20 Schematic illustration of the DoD inkjet printing water-based PEDOT:PSS solution on PVDF-graft-PEG membrane (a). SEM image of the cross-section of the inkjet printed actuator based on the surface grafting polymerization treatment (b). Adapted from the illustration provided in the literature [94].

Figure I. 21

 21 Figure I. 21 Schematics of the contact line and two driving flows along with most ubiquitous obtained patterns morphologies including coffee-ring. Yellow curvature arrow represents the outward capillary flow while the red one is the inward Marangoni flow.

Figure I. 22

 22 Figure I. 22 Unit cell of (A) 𝛼, (B) 𝛿, (C) 𝛾, and (D) 𝛽 forms of PVDF crystals viewed along the c-axes and schematic chain conformations for (E) TGTG′ (𝛼/𝛿), (F) TTTGTTTG′ (𝛾), and (G) alltrans (𝛽) rotational sequences. Red, cyan, and blue spheres represent F (fluorine), C (Carbon), and H (Hydrogen) atoms. The projections of dipole directions are indicated by green arrows. Graphics adapted from the illustration in the literature [110].

  Figure I. 23 Schematic diagrams of the comparison of hysteresis loops and microscopic crystalline structures for ferroelectric polymer (a and c) and relaxor ferroelectric terpolymers (b and d)

Figure II. 1

 1 Figure II. 1 Processing flow schematics of preparation of terpolymer solution, film coating application and isothermal crystallization process

Figure II. 2

 2 Figure II. 2 Schematic diagram of temperature annealing process program profiles A schematic diagram of temperature annealing recrystallization process profiles were supplementarily depicted in Figure II. 2. Terpolymer films thickness in each case was normalized set to ca.60 𝜇m in order to eliminate the disparities of electric field distribution in thickness mode.

  Figure II. 3 A schematic representation of measurement setups for mechanical strength properties

Figure II. 4

 4 Figure II. 4 (a) Schematic representations of cantilever beam precursor multi-view for bending measurement, (b) configuration of cantilever beam and bending measurement setups

Figure II. 4 .where

 4 For cantilever beam assembly, sample precursor was bonded to 100 𝜇𝑚-thick passive polystyrene (PS) substrate film (Young's modulus, 4.5 GPa) via 25𝜇𝑚-thick self-adhesive layer (3M Scotch ATG 924). In an attempt to optimization of bonding, multilayer was laminated by D&K 4468H laminator for 20min at room temperature. The well-prepared samples were clipped on the aluminum scaffold. Laser sensor were then subjected to monitor unimorph tip displacement induced by external electric field perpendicular to the longitudinal direction as shown in Figure II. 5. Combining mechanical strength behavior, tip displacement (𝛿) reads, 𝐿, 𝑡 is unimorph length and thickness related to its dimension, 𝜆 represents the Young's modulus ratio of electric active polymers to elastic PS substrate (100 um-thickness); 𝜉 symbolizes the aspect ratio of thickness of dissipative substrate to the electric active layer, respectively, 𝑆 31 donates terpolymer transverse train.

Figure II. 5

 5 Figure II. 5 Schematic illustration of aluminum scaffold attached with cantilever beam sample holder

Figure II. 6

 6 Figure II. 6 DSC thermogram traces of respective as-casted terpolymer films at various isothermal annealing temperature: pristine as-casted film (R.T.) (Film A), 60 ℃ for 12h (Film B), 70 ℃ for 12h (Film C), 80℃ for 2h (Film D), 90 ℃ for 2h (Film E), 100℃ for 2h (Film F), 110℃ for 2h (Film G), 120 ℃ for 2H (Film H). Fully crystallized terpolymer Film I, with annealed at 120℃ for 12h was also shown in the Figure. Vertical dash line in figure left marks the melting

  Figure II. 7 Plots of the degree of crystallinity (a), ∆𝐻 𝑐 enthalpy of Curie transition (b), Curie transition temperature (c) and plots of ratio of heat of fusion ∆𝐻 𝑚,𝑖 for respective annealed terpolymer to the fusion of enthalpy ∆𝐻 𝑚 of fully crystallized Film I (d), temperature values of melting peaks (𝑇 𝑚 ) (e) and full width at high maximal values (FWHM) of melting peak regions (f) on DSC heating curves over the temperature ramp.

  Figure II. 8 The solution casting films annealed in the hexagonal phase. 𝑇 𝐶-𝐴 and 𝑇 𝑚-𝐴 are the phase transition temperature and the melting temperature, respectively, of the original SC film.𝑇 𝑚 were likely to be constant. This indicated the free energy of 𝐺 𝑝-𝑎 would not shift downward referring to the unchanged 𝑇 𝑚 . Only a decreasing trend of Curie transition 𝑇 𝐶 was observed.According to the Gibbs free energy scheme in Figure II. 8, the downward drift of 𝐺 𝑓 and 𝐺 𝑝 were both supposed to occur, resulting in an decrement of 𝑇 𝐶-𝐴 . And free energy of paraelectric phase 𝐺 𝑝-𝐴 of pristine Film A was compressed to 𝐺 𝑝-𝑎 for annealed terpolymer as annealing temperature 𝑇 𝑎 large than 90 ℃, definitely being 𝑇 𝑎 > 𝑇 𝑐 . This gave rise to an increasing melting temperature from 𝑇 𝑚-𝐴 to 𝑇 𝑚-𝑎 for pristine and annealed terpolymer respectively. Reduced Curie transition point to 𝑇 𝑐-𝑎 was due to the combination of both downward shift of ferroelectric free

  Figure. Their degree of crystallinity𝜒 𝑐 , Curie transition enthalpy Δ𝐻 𝐶 and Curie point 𝑇 𝑐 were plotted as function annealing time duration at given 90 ℃ as Figure II. 10. Time dependence of

Figure II. 8 ,

 8 the initial stage saw a mild crystallization rate previous to the nucleation, during which only densification of the crystal domains by the parallel arrangement of the molecular chain. And the nucleation then occurs, leading to an acceleration of crystallization rate 𝜈. As presented in Figure II. 10a, the crystallinity fraction underwent a remarkable high 𝜈.

Figure II. 9

 9 Figure II. 9 The DSC thermogram curves of the terpolymer annealed at 90 ℃ for various time duration for neat and 10h processing terpolymer.

Figure II. 10

 10 Figure II. 10 DSC thermogram curves of isochronal annealed terpolymer films, the vertical dash line designated as melting temperature of original Film A and inset figure showed normalized melting peak regions, which saw a distinct disparity. Dot plots of degree of crystallinity 𝜒 𝐶 (a), Curie transition enthalpy ∆𝐻 𝑐 (b) and Curie transition temperature 𝑇 𝐶 (c) as a function of annealing time period at 90 ℃.

Figure II. 11

 11 Figure II. 11 demonstrated the AFM tapping mode patterns of the pristine Film A (Figure II. 11A), intermediate annealed Film E (Figure II. 11B) and fully crystallized Film I, respectively.

  Figure II. 11 Surface topography (phase mode) of the AFM patterns for the isothermal crystallized P(VDF-TrFE-CTFE) terpolymer representatives of the pristine P(VDF-TrFE-CTFE) Film A (A), intermediate annealed Film E (B), fully crystallized Film I (C) and a schematic representation of flat-on and edge-on crystal lamellae orientation to the substrate (D).

5 at - 70 ℃

 70 to less than 10 at -30 ℃ and 0.1Hz. Then a weak anomaly appeared as the temperature proceeded. This less intense and diffuse behavior below 0 ℃ marked by black rectangle should be attributable to the glass transition. The structural ( 𝛼 ) relaxation mode associated with glass transition temperature (𝑇 𝑔 ) of the representative Film G was unambiguously presented by the dielectric loss tan 𝛿 spectra. The structural relaxation was identified as the relaxation peak at -25.7 ℃ and 0.1 Hz and showed a normal and rapid drift towards the high temperature with increasing frequency. This relaxation shift was also reflected upon the real part of permittivity as shown in Figure II. 12a. Recently, Yang

Figure II. 12

 12 Figure II. 12 Isochronal real part (a) of permittivity (𝜀 ′ ) and dielectric loss tan 𝛿 (b) spectra at different temperature for the representative terpolymer with 41.3% crystal fraction. Temperature dependence of real permittivity 𝜀 ′ of annealed terpolymer containing various crystallinity fraction at given frequency of 100 Hz were also plotted (c). The rectangles in figure a marked the two phase transitions over temperature at various frequency, blue for glass transition and red for Curie transition.

Figure II. 2

 2 Figure II. 2 Dielectric permittivity of P(VDF-TrFE-CTFE) terpolymers under various annealing condition as function of logarithmic frequency (a) and real permittivity at selected frequency (0.1Hz and 1k Hz) against degree of crystallinity 𝜒 𝐶 (b).

  Weibull probability fitting for each annealed terpolymer films electric breakdown strength values were presented in Figure II. 14a. The 𝐸 𝑏 values for each terpolymer film at 63.2% probability breakdown and fitting parameters with estimated errors were summarized in Table II. 3. Obviously, 𝐸 𝑏 values significantly depended upon the degree of crystallinity for the terpolymer films. And the electric breakdown strength versus the fraction of crystallinity was depicted with the bar chart in Figure II. 14b. The 𝐸 𝑏 value was greatly elevated from 223.9±17 MV/m for the pristine terpolymer to 340.4±38 MV/m for fully crystallized Film I, indicating that polymer morphology and microstructure were the contributing factors. It has also been well recognized

Figure

  Figure II. 3 (a)Weibull distribution probability of the breakdown strength 𝐸 𝑏 for each annealed terpolymer film; (b)experimentally measured 𝐸 𝑏 as a function of degree of crystallinity in bar chart; half right circles were estimated electric breakdown strength values as a function of the degree of crystallinity.

Figure

  Figure II. 14b (𝜀 𝑟 ′ , 𝑌 values see TableII. 3). It should be noted that the Stark-Garton model

Figure II. 4

 4 Figure II. 4 Mechanical behavior of annealed P(VDF-TrFE-CTFE) terpolymers: strain-stress curves in a sinusoidal functional mode (a), degree of crystallinity dependence of Young's modulus for the annealed films (b). The dash line was the sigmoidal growth fitting to the 𝑌 values.

  terpolymer membrane must be in the range of a few microns under high tension of voltage supply.Under a limited voltage supply, electrostrictive strain of the electroactive membranes were exaggerated via bending test based on a unimorph cantilever beam theory. The field-induced strain in in-plane mode propagates through the passive PET foil, resulting in a deflection response of the bilaminar beam. Normalized sample shape, dimension and assembling structure of unimorph beams were schemed in experimental section (recall Figure II. 3). Then beam samples were clamped and mounted to an aluminum sample holder. Afterwards, a full cycle electric field of sinusoidal signal up to maximal 25 MV/m was applied to the cantilever bilaminar beam in a frequency of 0.1 Hz. The vertical displacement 𝛿 of the sample tip (beam curvature was negligible because the displacement was limited within 3 mm) were collected by a laser via Labview data acquisition software package. Then the transverse strain 𝑆 31 along the beam direction were extrapolated via Eq. (2). Both values were quadratic function of increase in electric field as plotted in Figure II. 16. It is interesting to investigate the origins since each response curve against electric field quite well following the quadratic relationship. The 𝛿 and transverse strain at given electric field 20 MV m -1 as a function of crystal content were schemed in the bar chart Figure II. 17

  .

Figure II. 5

 5 Figure II. 5 Tip displacement (a) and transverse stain (b) curves versus electric field for selected temperature annealing terpolymers; vertical (dash) line marks the electric field of 20 MV/m.

2 𝜆 2

 22 𝜉 4 +2𝜆𝜉(2+3𝜉+2𝜉 2 )+1 cluster term, reliably depends on the tunable Young's modulus ratio of electroactive polymer to the passive PET foil, being due to the terpolymer processing currently. A considerably remained tensile strain

Figure II. 6

 6 Figure II. 6 Electromechanical response obtained by cantilever beam unimorph, (a) tip displacement and (b) transverse strain bar charts upon the 20 MV/m electric field as a function of degree of crystallinity of each annealed polymer unimorph. Red solid line is the peak fit to the saddle shape distribution of the 𝛿 values and dash dot line is the exponential decay fit to the transverse strain values.

Figure

  Figure II. 7 (a) 𝜀 ′ /𝑌, simplified electrostrictive coefficient parameter plotted against degree of crystallinity; (b) free elastic electric energy density over the degree of crystallinity.

  4 according to 𝐸 𝜇 = 𝑌𝑆 312 2 ⁄ and also plotted against the crystal fraction in Figure II. 18b.

Figure III. 1

 1 Figure III. 1 isothermal dielectric loss spectra for each as-casted polymer thin films in a temperature range from -70 ℃ to 100 ℃ in step of 5 ℃ interval. Lines are guides to the eyes.

Figure III. 2

 2 Figure III. 2 shows an overview of the temperature and frequency dependence of the dielectric loss 𝜀 𝐶 ′′ (a) and dielectric loss angle Tan 𝛿 (b) for the representative as-processed

  Figure III. 2 Frequency and temperature dependence of the dielectric loss (a) and dielectric loss angle Tan𝛿 (b) for the representative as-processed Film C with a crystal fraction of 36.40 wt%.

Figure III. 3

 3 Figure III. 3 Isochronal dielectric loss spectra picked up from isothermal dielectric relaxation

  . What concerns us most is the influence of the crytallization kinetics on the segmental dynamics. Respective isothermal dielectric losses (𝜀 𝐷 ′′ ) were plotted versus the broadband frequency (𝑓) at a given temperaure (248K) in Figure III. 4a. This graph shows significant disparity. A clear evolution of the peak intensity and position depended closely upon the degree of crystallinity revealed by DSC.

Figure III. 4

 4 Figure III. 4 (a) The dielectric loss fraction as a function of frequency for isothermally crystallized films at 248 K. The vertical line denotes the relaxation peak position (frequency) for pristine terpolymer films and the dashed curve marks the shift trend of the relaxation position for each processed material; (b) normalized dielectric loss spectra as a function of frequency for isothermally crystallized terpolymers at 248 K.

  𝑂𝑛𝑠𝑎𝑔𝑒𝑟 𝑔 𝜇 2 𝑁 𝑃 𝑘 𝐵 𝑇𝑉 ⁄ III. 3 where the Onsager factor 𝐹 𝑂𝑛𝑠𝑎𝑔𝑒𝑟 ≈ 1 . Clearly, the dielectric strength is the number of contributing dipoles 𝑁 𝑃 or the angular extension of the dependent fluctuations, albeit proportional to the reciprocal temperature. The obtained fitting Δ𝜀 𝛼 values versus the degree of crystallinity at two given temperatures were plotted in Figure III. 5. For many non-relaxor ferroelectric polymers, the values of dielectric strength Δε show the linearly decreasing trend with an increase in crystallinity fraction due to consumption of the amorphous phase. The extract Δ𝜀 𝛼 of the α relaxation was compared with the dielectric strength extrapolated from its polymer counterpart with a fully amorphous phase. The ratio Δ𝜀 𝑅 = Δ𝜀 𝛼 Δ𝜀 𝑎𝑚,𝛼 ⁄ versus crystallinity fraction showed a large deviation from the slope equal to 1. This means that not the whole amorphous fraction contributed to the segmental dynamics and the rigid amorphous phase (RAP) was revealed as a consequence [55-57]. Intriguingly, the increasing trend of the Δ𝜀 𝛼 values demonstrated a complexity, implying that not only the consumption of the amorphous fraction led to such results. This was mostly due to the large amount (more than 55%) of rigid amorphous phase in the PVDF-based polymers [43]. A schematic diagram of microstructure of semi-crystalline polymer was depicted in Figure III. 6. As presented, the constrained amorphous molecular chains stemmed directly from the non-relaxation crystal lamellae, forming a more or less oriented amorphous interphase. Thus, the dielectric relaxation response was enhanced as a consequence. A larger interphase layer associated with an increasing crystallinity fraction led to enhanced dielectric strength. Moreover, the Curie relaxation spectra overlapping with segmental relaxation combined with enhanced rigid amorphous phase might explain the abnormal scenario with regard to Δ𝜀 𝛼 . Δ𝜀 𝛼 values in each treated terpolymer are plotted in Figure III. 5b as a function of temperature. In all cases, Δ𝜀 𝛼 103

Figure III. 5 (

 5 Figure III. 5 (a) Dielectric strength 𝛥𝜀 as a function of the degree of crystallinity for as-treated semi-crystalline terpolymers at 248K (open circles) and 268K (open squares); (b) the temperature dependence of the dielectric strength 𝛥𝜀 for as-prepared terpolymers. The solid lines are linearly fitted to the 𝛥𝜀 values at 248K and 268K, respectively.

Figure III. 6 A

 6 Figure III. 6 A schematic diagram of crystal-rigid-mobile amorphous phase mode for PVDFbased polymer. Crystal: molecular chain well-ordered crystal phase; RAP: Rigid amorphous phase being oriented; MAP: mobile amorphous phase region whose molecular chains were randomly oriented.

Figure III. 7

 7 Figure III. 7 (a) Temperature dependence of all relaxation anomalies for as-treated semicrystalline terpolymers regarding the amount of crystallinity: filled symbols (for instance, ■, •, ▲…) represent the Curie transition; open symbols (□, ○, △...) denote the 𝛼 relaxation regimes; half-filled symbols (◨, ◑, ◮… ) correspond to sub-glass relaxation processes. (b) Highlighted Curie relaxation time 𝜏 𝐶 and (c) secondary relaxation times versus the reciprocal of temperature.

Figure III. 8

 8 Figure III. 8 Strength index 𝐷 = 𝐵 𝑇 0⁄ as a function of the degree of crystallinity for each processed terpolymer.

Figure III. 8

 8 Figure III. 8 shows a plot of the index as a function of the degree of crystallinity. The strength indices 𝐷 for the crystallized terpolymers followed a decreasing trend, indicating that their behavior went towards a more fragile character according to the Angell law[74, 75]. An increase in the fragile behavior reflects a more homogeneous amorphous phase in the terpolymer with a

  . Multiple 𝛽 relaxation components were decomposed when fitted to the HN equation. Given the non-instrumental role of the two shoulder components herein, current work would address the dominated relaxation component. By fitting to the HN equation, characteristic relaxation times 𝜏 𝛽 were extrapolated and their values versus the reciprocal of the temperature (1 𝑇 ⁄ ) were plotted as shown in the full relaxation map of Figure III. 7c. The dependence of 𝜏 𝛽 on the reciprocal of the temperature showed a quasi-linear correlation which is well described by an Arrhenius-type law, 𝜏 𝛽 = 𝜏 ∞ 𝑒𝑥𝑝(-𝐸 𝐴 𝑅𝑇 ⁄ ), where 𝜏 ∞ is the preexponential factor; 𝐸 𝐴 denotes the apparent activation energy and R is the ideal gas constant. A lower 𝐸 𝐴 was observed for the pristine terpolymer at ca. 16.34±1 kJ mol -1 , cf.

  the logarithmic 𝜏 𝛼 (𝑇 𝑔 ) 𝜏 𝛽 (𝑇 𝑔 ) ⁄ had a linear dependence upon the magnitude of the 𝛽 𝐾𝑊𝑊 parameter derived from the KWW function which could be expressed as 𝜙(𝑡) = 𝜏(0)𝑒𝑥𝑝[-(𝜏 𝜏 𝐾𝑊𝑊 ⁄ ) 𝛽 𝐾𝑊𝑊 ] (0 < 𝛽 𝐾𝑊𝑊 < 1).

Figure III. 2 .

 2 Values of real conductivity were calculated according to the complex conductivity (𝜎 * = 𝜎 ′ + 𝑖𝜎 ′′ ) as a function of the frequency in Figure III. 10a. Two distinctive regions were observed as the temperature proceeded. At lower frequency and low temperature, the conductivity curves was less dependent upon the frequency increasing. This is reportedly ascribed to charge carrier transportation which leads to a main contribution in the dielectric loss spectra. The conductivity depended strongly upon the higher frequency which corresponded to a typical capacitive behavior. DC conductivity values for representative curve at 1Hz showed a VFT-type mode as a function of the reciprocal of the temperature as shown in inset of Figure III. 10a.

Figure III. 9

 9 Figure III. 9 Imaginary part of dielectric modulus spectroscopies as function of frequency and temperature for each as-cast terpolymer film

Figure III. 10

 10 Figure III. 10 (a) The isothermal real part of the conductivity versus the full frequency scale for temperatures ranging from 203K to 373K for the as-treated terpolymer Film F; (b) the imaginary part of the electric modulus demonstrating a the shift towards higher frequency for the representative Film F. The lines are guides to the eye.

Figure

  Figure III. 11 Temperature-dependence of the relaxation time upon crystallization evolution as obtained from 𝑀 ′′ maxima. The lines correspond to VFT-type fitting curves.

  Figure IV. 1. This also accompanied with a tremendous enhancement of the electromechanical coupling effect except a slight slump down trend of electric breakdown strength and mechanical strength Y.

Figure IV. 1

 1 Figure IV. 1 (a) electric field-induced transverse strain for the pure and 10% DEHP modified tepolymers under 0.1 Hz sinusoidal signal controlled tensile mode; (b) elastic mechanical energy density for pure and 10% DEHP modified terpolymers as a function of external electric field. Adapted from the graphics from the literature[8].

  of the direct current (DC) conductivity. Empirically, for 𝛽 𝐻𝑁 = 1, the Havriliak-Negami equation deduce to the Debye relaxation model as a Cole-Cole equation. Fitting parameters characteristic of the relaxation time 𝜏 𝐻𝑁 , 𝛼 𝐻𝑁 and 𝛽 𝐻𝑁 are extrapolated and 𝜏 𝐻𝑁 is related to modelindependent relaxation time 𝜏 𝑚𝑎𝑥 = 1 2𝜋𝑓 𝑚𝑎𝑥 ⁄ which corresponds to the peak position of the maximum dielectric loss, calculated according to equation 4. 2.

Figure IV. 2

 2 Figure IV. 2 DSC thermogram traces of heating (a) and cooling ramp (b) for the pristine and various DEHP doped terpolymer blends. Solid vertical line and dashed vertical line denote the melting and melt-recrystallization peak of the neat terpolymer, respectively.

77 . 4 ℃

 774 Figure IV. 3 Melt-recrystallization parameters upon DSC cooling as a function of mass fraction of DEHP plasticizer load, (a) the temperature (𝑇 𝑐1 ) of intensive melt-recrystallization peaks, (b)

Figure IV. 4

 4 Figure IV. 4 Surface topography patterns (phase mode) of the isothermal crystallized neat terpolymer (A) and DEHP doped terpolymer blends, 5% (B), 10% (C) and 15% (D). Scale bar is marked in the profiles. The pattern of the neat sample undergoing melt-recrystallization showed smoothly topographic features in figure E.

  Figure IV. 5(a). The strainstress curves satisfactorily fallowed a linear correlation in a stretch rate of 1% and the mechanical Young's modulus was given by the slope of the data curves. The efficacy of the DEHP molecules appeared significantly based on the pronounced slope of the data curves reduction. The derivative values of the curves were dotted in the Figure IV. 5(b) and slump down. The Young's Modulus, found at 107.35 MPa for pristine one in accordance with established value in Chapter II decreased to 60.95 MPa for 5% DEHP load, followed by a mild depression as the addition of DEHP reaching to 10% mass fraction. A Young's modulus of 34.23 MPa for 15% DEHP load represented the enormous modification in the mechanical behavior. And the strength valuesagainst DEHP mass fraction could follow an exponential decay decrease. However, the mechanical behavior of terpolymer blends with more than 15% DEHP was not conducted, considering that the possibility of unwanted phase separation occurred.

Figure IV. 5

 5 Figure IV. 5 Strain-stress mechanical strength curves of the pristine (□) and 5% DEHP (◯), 10% DEHP (△), 15% DEHP (▽) terpolymer blends (a). Solid lines are linear fits to the curves. (b) Y modulus values of the strain-stress curves as a function of mass fraction of DHEP load for pristine and terpolymer blends. Dash line is the exponential decay fit to the Y modulus values.

  Figure IV. 6 and Figure IV. 7 displayed the

7 Figure IV. 6

 76 Figure IV. 6 Frequency and temperature dependence of real part of complex permittivity (a1), dielectric loss (a2) and dielectric loss angle Tan 𝛿 spectroscopy (a3) for the pristine terpolymer. The various relaxation processes, i.e. the 𝛽 , 𝛼 relaxation, Curie transition and ions DC conductivity were successively indicated in order of temperature increasing.

Figure IV. 7

 7 Figure IV. 7 Dielectric permittivity (c1), dielectric loss spectra (c2) and dielectric loss angle tan 𝛿 (c3) as a function of frequency and temperature for the representative 10% DEHP doped terpolymer blend. Plasticizing effects were also examined by the isochronal dielectric spectroscopy. Dielectric loss spectra, picked up from isothermal dielectric spectroscopy were plotted as a function of temperature at given frequency of 1581 Hz for the pristine and modified terpolymer blends with addition of various DEHP mass fraction, as shown in Figure IV. 8a. The dielectric loss spectra demonstrated the two discernible relaxation anomalies, respectively appearing at between 240K

Figure

  Figure IV. 8 (a) Isochronal dielectric loss spectra for pristine terpolymer and each plasticized film picked up from the isothermal BDS measurement over the temperature range between 203 and 373K at 1581 Hz (pristine, open square; 5% DEHP loaded, open circle; 10% DEHP loaded,

Figure IV. 9

 9 Figure IV. 9 Fraction of isothermal dielectric loss spectra as a function of logarithmic frequency at temperature range between 248 K and 293 K for pristine (a) and 10% DEHP modified terpolymer (b). The lines are guide to the eyes.

Figure IV. 10

 10 Figure IV. 10 (a).

Figure IV. 10

 10 Figure IV. 10 (a) A comparison of the fractional dielectric loss spectra as a function of logarithmic frequency for pristine and modified terpolymer with various DEHP mass fraction at given temperature 253 K. Dashed vertical line denotes the peak position of the pristine terpolymer and curvature arrow oriented to the diffusion of the peak position for the DEHP doped terpolymer blends; a schematic of slope equal to -1 was depicted referring to the 100% contribution of ions DC conductivity. (b) dual normalized dielectric loss spectra against the logarithmic frequency at given 253 K; vertical line marked the normalized frequency below which the dielectric loss diverged obviously.

  studied sample was extrapolated by the structural dielectric regimes fitting to Havriliak-Negami (HN) function. The characteristic logarithmic relaxation times were then plotted against the reciprocal of the temperature 1 𝑇 ⁄ individually in Figure IV. 11 within temperature range between 253 K (1 𝑇 ⁄ =3.95) and 290 K (1 𝑇 ⁄ =3.45). The relaxation time in any case increased orders of magnitude against temperature variation. Note that the relaxation times of 𝛼 process 𝜏 𝛼 are likely

Figure IV. 11

 11 Figure IV. 11 Temperature dependence of structural relaxation times 𝜏 𝛼 and secondary relaxation times 𝜏 𝛽 plotted as a function of the reciprocal of temperature 1 𝑇 ⁄ regarding the pristine and

Figure

  Figure IV. 13 plotted the estimated glass transition temperature 𝑇 𝑔.𝐹𝑜𝑥 against DEHP concentration in together with estimated 𝑇 𝑔.𝑑𝑖𝑒𝑙 and Vogel temperature 𝑇 0 . The Vogel temperature 𝑇 0 and 𝑇 𝑔.𝑑𝑖𝑒𝑙 shared the same decreasing characteristic upon the addition the DEHP molecules, suggesting the enhanced molecular mobility in amorphous phase. As seen in Figure IV. 13, the decreasing behavior in Vogel temperature was strongly dependent upon the DEHP concentration over that of estimated 𝑇 𝑔.𝑑𝑖𝑒𝑙 and the slope of latter was twice lower than the former, around 16.8

Figure IV. 12

 12 Figure IV. 12 Schematic representation of the three-phase model of plasticizer-free semicrystalline polymer and microstructure of DEHP plasticized terpolymer blend. Color filled rectangle presents each possible phase of semi-crystalline polymer. Dash circle highlighted the

Figure IV. 14

 14 Figure IV. 14 Strength indices 𝐷 = 𝐵/𝑇 0 (•) and fragility indices 𝑚 (■) values as a function of DEHP concentration for control pristine and DEHP doped terpolymer blends. Solid line and dash line were the exponential fit to the fragility and strength index values. although the estimated 𝐷 value via equation III.5 in Chapter III was slightly larger. As expected, the fragility indices 𝑚 were compressed from 183.3 for pristine to 101.8 for 15% DEHP terpolymer blend.

  Figure IV. 15 (b)., the abrupt ridge at low frequency and temperature above 228 K was most possibly due to electrode polarization and undistributed process (most probably interfacial polarization) since the slope of dielectric loss extrapolated via conductive HN function was 0.34 (recall equation IV.1 in experimental section) [67], less than 1 which in theory corresponded to the full conductive contribution in Figure IV. 15.

Figure IV. 15

 15 Figure IV. 15 Fractional isothemral dielectric loss as a function of logarithmic frequency with temperature range between 203 K and 233 K for pristine (a) and terpolymer with 15% DEHP mass fraction (b), respectively. 𝑘 is the slope of the fractional dielectric loss spectroscopy at 233 K and low frequency. Lines are fits to the Havriliak-Negami function.

Figure IV. 16

 16 Figure IV. 16 Temperature dependence of 𝛽 relaxation map plotted as a function of the reciprocal of temperature for the pristine and DEHP doped terpolymer blends (a); Dielectric loss spectra (𝑃𝑒𝑟𝑚𝑖𝑡𝑡𝑖𝑣𝑖𝑡𝑦 ′′ ) as a function of frequency in the temperature region of 𝛽 relaxation at 238 K for representative 15% DEHP load terpolymer blend (b), dash line denotes the conductivity fitting component of the dielectric loss spectrum, here s=0.34 indicating the presence of interfacial polarization effect; dotted solid line was an individual HN fit to the measured dielectric loss spectrum.

Figure IV. 18

 18 Figure IV. 18 Dielectric modulus spectra as a function of full temperature and frequency range for pristine (a) and representative modified terpolymer blends with 10% DEHP (b). The respective relaxation process was marked: 𝜎 , conductivity at high temperature; 𝛼 ′ represents segmental relaxation of constrained amorphous phase; Curie process refers to the transition in crystal lamellae defects; 𝛼 relaxation is segmental relaxation in mobile amorphous phase; 𝛽 is secondary relaxation in subglass state of the terpolymer.

  Figure IV. 19 Fractional isothermal dielectric modulus as a function of frequency with temperature range between 313 K and 373 for pristine terpolymer (a) between 278 K and 373 K for modified terpolymer with 10% DEHP concentration (b).

Figure IV. 21

 21 Figure IV. 21 Isothermal real 𝜀 ′ (green square) and imaginary 𝜀 ′′ (red circle) part of dielectric spectra, corresponding derivative dielectric loss 𝜀 𝑑𝑒𝑟 ′′ (blue upper triangle) and electric modulus 𝑀 ′′ (wine filled ball) against the logarithmic frequency at temperature 343 K for the pristine (a); 𝜀 ′ (blue diamond), 𝜀 ′′ (purple triangle), 𝜀 𝑑𝑒𝑟 ′′ (green hexagon) and 𝑀 ′′ (dark cyan filled ball) for 15% DEHP doped terpolymer blend (b).

where

  conduction effects from the whole dielectric loss spectra, we resorted to the derivative dielectric loss (𝜀 𝑑𝑒𝑟 ′′ ) according to the Karmers-Kronig transformation[68, 80]:𝜔is the angular frequency. The picked up isothermal dielectric representative of the and 15% DEHP doped terpolymer blend along with derivative dielectric loss 𝜀 𝑑𝑒𝑟 ′′ spectra as a function of frequency at 343 K (70 ℃) were plotted in Figure IV 21. The MWS, the one maintaining strong dielectric strength in lower frequency was disclosed with a broad and weak relaxation strength at intermediate-frequency, which the latter probably arose due to the dielectric manifestation of segmental relaxation in constrained amorphous phase (𝛼 ′ ). For the sake of clear presentation, the dielectric relaxation processes were eventually resolved with the help of the dielectric modulus 𝑀 ′′ formalism calculated by using dielectric loss derivatives (recall equation 4.8). As expected, the two intact relaxation peaks were discernible at low frequency for both the pristine and 15% DEHP doped terpolymer blend, assigned to the MWS interfacial polarization and 𝛼 ′ process in order of increase in frequency. Being benefit from the derivative electric modulus spectra, the respective relaxation processes were depicted as a function of frequency and temperature for the pristine and DEHP doped terpolymer blends in Figure IV. 22. The low frequency-high temperature spectra characterized with two curvature-type relaxation processes, representing very fast shift towards the high variables. Note that with increase in the addition of DEHP plasticizer content, the relaxation strength of the 𝛼 ′ processes were significantly intensified, eventually resulting in a vague relaxation process display between both MWS and 𝛼 ′ regimes. In order to have a better visibility, the isothermal electric modulus spectra of the representative terpolymer systems were picked up from the dual variables graphics in Figure IV. 23. As a whole, the typical and intensive relaxation assigned to MWS strongly depended upon the frequency for the pristine and DEHP modified terpolymer blend. A shift towards high frequency but less intense improvement in relaxation strength occurred to the broad constrained 𝛼 ′ dielectric relaxation regimes.

Figure IV. 22

 22 Figure IV. 22 Conductivity-free dielectric modulus derivative spectra 𝑀 𝑑𝑒𝑟 ′′ for pristine (a), 5% DEHP (b), 10% DEHP (c) and 15% DEHP (d) as a function of frequency and temperature, the respective processes were marked by interfacial polarization (MWS), constrained structural relaxation ( 𝛼 ′ ), Curie transition (Curie), segmental relaxation in amorphous phase ( 𝛼 ) and secondary relaxation (𝛽) in order of increase in temperature.

Figure IV. 23

 23 Figure IV. 23 Electric modulus spectra plotted as a function of frequency over temperature range between ambient temperature of 298K and 373K which derived from Karmers-Konig function for the pristine (top) and 10% DEHP load terpolymer blend (bottom). The spectra appeared the two distinctive relaxation regimes, being attributed to the interfacial polarization and primary 𝛼relaxation (𝛼 ′ ).Aiming at quantitative evaluation of DEHP plasticization effect to the 𝛼 ′ relaxation behavior, the peaks defined by electric modulus spectra were reliably described with Davidson-Cole formalism:

Figure IV. 24 A

 24 Figure IV. 24 A comparison of dielectric modulus 𝑀 ′′ with variation of addition of DEHP content for the pristine and plasticized terpolymer systems as a function of logarithmic frequency at 348 K. 𝑀 ′′ here was calculated using dielectric loss derivatives deduced from the Kramer-Kronig transformation.

  the terpolymer microstructure into consideration, it is worthy to note the relaxation behaviors of the constrained amorphous phase in Figure IV. 25, which in theory obstructs the transportation of space charges (recall the Chapter III), differ largely between the pristine and DEHP doped terpolymer blends, in particular at relatively low temperature. This observation was in rather good agreement with the relaxation process assigned to segmental relaxation in mobile amorphous phase. The plausible reason for this result was due to the presence of DEHP molecules in this constrained amorphous phase, enabling the terpolymer molecular chain less affinity and weak interaction. In this case, we inferred an equivalent plasticization mechanism as comparing with plasticizing effect in mobile amorphous phase. Then one could readily find a VFT-type correlation between the relaxation time and temperature. The fitting parameters and estimated glass transition temperature 𝑇 𝑔.𝑑𝑖𝑒𝑙 𝛼 ′ as the relaxation time was equal to 100 s were summarized in TableIV. 7. As expected, the suppression of Vogel temperature 𝑇 0 𝛼 ′ occurred to the DEHP doped terpolymer blends which witnessed a monotonic decrease with the DEHP concentration. The pristine terpolymer with estimated glass transition temperature 𝑇 𝑔.𝑑𝑖𝑒𝑙 𝛼 ′ of 301.8 K accordingly appeared the decreasing trend by almost 25 K upon the DEHP concentration.

Figure IV. 25

 25 Figure IV. 25 Temperature dependence of relaxation time of the MWS processes (open symbols) and structural relaxation process of constrained amorphous phase 𝛼 ′ (filled symbols) as a function of temperature for the pristine and DEHP doped blends. Dash lines in right graphic were the VFT fits to the curvature 𝛼 ′ processes.

Figure IV. 26

 26 Figure IV. 26 Full dielectric relaxation map of the pristine and DEHP doped terpolymer blend systems, presenting all the relaxation processes covering the large scale of temperature range. Each process was designated as MWS (filled symbols), 𝛼 ′ (left filled symbols), 𝛼 (× symbols) occurring in super-cooled liquid region and 𝛽 (open symbols) in sub-glass state of the terpolymer material in the order of temperature proceeding. Solid vertical line and dash line were assigned to the the reciprocal of estimated glass transition temperature 𝑇 𝑔.𝑑𝑖𝑒𝑙 𝛼 ′
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 33 across the thickness direction.

Figure V. 1

 1 Figure V. 1 Schematics of displacement (D)-electric field (E) hysteresis loops for ferroelectric copolymer (P(VDF-TrFE)) (a) and relaxor ferroelectric terpolymer (P(VDF-TrFE-CTFE)) (b). Ferroelectric polymers exhibited fat hysteresis loop as well as a large remnant polarization (𝑃 𝑟 ) whereas relaxor one presented a narrow 𝐷-𝐸 hysteresis loop with a trace of remnant dipole polarization.

Figure V. 2

 2 Figure V. 2 Snapshot graphics showing the droplet morphology evolution against time elapsing. 1% weight solution of P(VDF-TrFE-CTFE) in low volatile TEP solvent. The polymer solution droplet detached to the nozzle through inks liquid filament as time elapse beyond 260 𝜇𝑠. Green horizontal lines marked the position of same altitude of the stroboscopic snapshots.

Figure V. 4

 4 Figure V. 4 Schematic representations of layer by layer configuration of the inkjet printed force

Figure V. 6

 6 Figure V. 6 Water contact angle on the PI foil substrate as a function of UV-Ozone treatement time. Error bars are covered by the data symbols.

Figure V. 7 Figure V. 9

 79 Figure V. 7 Optical photographics of inkjet printed terpolymer films on plasma treated Kapton substrate depending on the varying print speed at same pattern resolution of 2000×2000 (dpi, dots per inch). (a)-(c) void and imcomplete terpolymer deposit layer upon 75 mm/s print speed; (d)-(f) colorful interplay strips due to the thickness discapancies of the polymer layer at 40 mm/s printed speed; (g)-(h) strip-free and optically homogeneous topology at 30 mm/s print speed; (i) the monolithically inkjet pritined force sensor array. Honrozital bar is respectively marked as the scale at bottom right.

Ferroelectric properties of inkjet

  printed force sensors were characterized by displacementbipolar electric field hysteresis loop measurement. High electric fields up to 70 V/ 𝜇𝑚 with increment of 10 V/𝜇𝑚 from 20 V/𝜇𝑚 were applied to the inkjet printed sensors in order to align the dipoles flipping with the normalized direction. The output of short-circuit current maintained stable during each poling cycle. The displacement of ferroelectric P(VDF-TrFE) copolymer sensor under altering electric field as presented in Figure V. 10 showed a typical polarization curve as a ferroelectric material. The polarization reached its saturation state under a maximal poling electric field of around 70 V/𝜇𝑚, otherwise an electric field of 80 V/𝜇𝑚 usually caused an electrical breakdown failure. The remanent polarization 𝑃 𝑟 without an electric field supply and the coercive field appeared averaging at around 65 mC m -2 and 45 V/𝜇𝑚, respectively, which were closely to the values reported for a pressure-sensor based on P(VDF-TrFE) copolymer[63, 64].Excellent reproducibility was manifested by the 𝐷-𝐸 hysteresis loop measurement on the batch fabrication, suggesting the high uniformity of sensor thickness and homogeneity via the inkjet printing technology. The 𝐷-𝐸 hysteresis loop behaviors of the relaxor ferroelectric P(VDF-TrFE-CTFE) terpolymer in the meantime were performed and incomplete hysteresis loop was obtained. This indicated considerable losses during the capacitor discharge.

Figure V. 10

 10 Figure V. 10 Polarization-Electric hysteresis loop measurements as a function of electric field with increasing poling electric field. Capacitance 𝐶𝑝 at low bias voltage (~0.1 V/𝜇𝑚) as a function of broadband frequency 𝑓 was also measured by using an impedance analyzer for both poled ferroelectric copolymer sensor sand relaxor terpolymer sensors. The representative spectra of the logarithmic 𝑓 dependence of 𝐶𝑝 value were plotted in Figure V. 11a. The mean value of 𝐶𝑝 of ferroelectric copolymer fell very limited as a function of the frequency range, with a plateau appearing at 0.72±0.03 nF at medium 𝑓. The values found for the inkjet printed copolymer sensors were close to the 𝐶𝑝 values for the custom-sized sensors which were fabricated by spin coating and screen-printing ink deposition methodologies. Regarding to the relaxor ferroelectric terpolymer, capacitance surprisingly

Figure V. 12 A

 12 Figure V. 12 A comparison of inkjet printing and spin coating solution-process protocols with respect to broadband dielectric spectroscopy (a) and dielectric loss derivative 𝜀 𝑑𝑒𝑟 ′′ with dielectric modulus 𝑀 𝑑𝑒𝑟 ′′ spectroscopy as a function of logarithmic frequency.sensors. This might be due to a unique polymer ink deposition via inkjet printing technology, different to a conventional solution process in a continuous way (recall Figure V. 7). Scalloped or uniform patterns emerged more than bulging or overflow inks deposition so that the each pinned droplets dried individually. This led to the relatively isolated crystal domains which demonstrated a continuous polymer microstructure in non-optimized inkjet printing protocol. Each relatively isolated microstructure serving as the micro-capacitors would benefit the strong boundary interaction, that is, the MWS interfacial polarization.

Figure V. 13

 13 Figure V. 13 In-situ electric field-induced displacement by 2 cycles of the bipolar sinusoidal AC voltage up to 100 V/𝜇𝑚 for various inkjet printed terpolymers. Hollow rectangle (□) symbolizes the printed terpolymer based on the pure terpolymer inks; triangle (△) represents 10% DEHP modified inks passed through the PTFE filter; circle (◯) denotes the 10% DEHP modified inkjet printed terpolymer without the filter operation.

  vibrator. The acceleration of z axis was in-situ monitored by a MEMS-accelerometer stuck close to the inkjet printed sensor on the polycarbonate (PC) panel which was mounted on a z axis end free of a vibrator as depicted in Figure V 14. The real-time force applied was defined by the normalized weight mass multiplying with the acceleration values of the z axis variation and could be modulated by the amplitude and frequency of an input signal. The sinusoidal signal with frequency of 100 up to 1000 Hz with increment of 100 Hz was applied to the vibrator. A representative output current of ferroelectric force sensor in response to the applied force at given frequency of 400 Hz was illustrated as Figure V. 15a. Note that the simultaneous output current in response to the applied force wave characterized a quasi-sinusoidal feedback signal. There was a clear phase shift between the applied force signal and the generated current. This phase drift was clearly visible in equation V.7 since the output current was proportional to the time derivative of the mechanical strain 𝜕𝑆 33

  Figure V. 14 Schematic diagram of experimental setup for the sensitivity measurement of the inkjet printed ferroelectric force sensor.

Figure V. 15 A

 15 Figure V. 15 A representative output current in response to a given applied force of 400 Hz sinusoidal signal (a); output current 𝐼 against varying dynamical force application for a single ferroelectric copolymer sensor at fixed 400 Hz (b).

  . The applied force impulse waveform was monitored to be a Gaussian shape-like mechanical excitation signal as presented in Figure V. 17a. The force peak appeared at 5.76 Volts, corresponding to the force value of 255.78 N force excitation. The readout current and charge response of the printed ferroelectric sensors to such a force application were also illustrated. In the Figure V. 17b saw an incidence of the sinusoidal

Figure V. 16 Figure V. 17 A

 1617 Figure V. 16 Sensitivity of the ferroelectric dynamic force sensor against force applying with a varying frequency range between 100 Hz and 1000 Hz. Solid curve is a peak fit by the Lorentz function.

Figure V. 18

 18 Figure V. 18 Schematic representation of the experimental configuration for impact force applying upon the inkjet printed ferroelectric P(VDF-TrFE) copolymer sensor devices.

Figure V. 21 .

 21 𝑑 33𝑒𝑞 value under 33.33 V/𝜇𝑚 equivalent to a 300V bias voltage supply reached a very high value of 81.64 pC N -1 , nearly 4 times larger than that of the printed ferroelectric force sensors. Considering that the terpolymer films possess a electric breakdown strength as high as ca. 300 V/𝜇𝑚 in previous study, very high 𝑑 33𝑒𝑞 value for the relaxor force sensors based on electrostrictive terpolymers would be expected.So was a greatly enhanced sensitivity under a high bias electric supply.

Figure V. 19

 19 Figure V. 19 A schematic diagram of force impulse applying upon the relaxor inkjet printed sensor based on electrostrictive terpolymer and data acquisition circuit.

Figure V. 20

 20 Figure V. 20 Representative readout current and integrated charge yield in response to an equal dynamic force applying under different bias electric field of 10V/9 𝜇𝑚 (a) and 90V/9 𝜇𝑚 (b).



  Figure V. 21 Pseudo-piezoelectric coefficient 𝑑 33𝑒𝑞 as a function of the bias electric field 𝐸. Dash line is the linear fit and horizontal solid line is assigned to the electrically independent of measured piezoelectric coefficient 𝑑 33 of inkjet printed ferroelectric copolymer force sensors.
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 1729310411512615824122513261427152816291341936213714015425657458606627638656569127176787980962973894679234579 Figure I. 1 Schematic of a force system comprising sensing component array and signal processing circuit for readout. .....................................................................................................................................................7 Figure I. 2 Schematic of piezoresistive force sensor based on a strain gauge, showing the alloy wires bond to the plastic backing. Force normally was applied in aligned with longitudinal direction (a). Quarter wheatstone bridge circuit for precisely measuring resistance of the strain ....................................................9 Figure I. 3 A schematic diagram of cantilever beam with strain gauge piezoresistor mounted. Force F was applied upon its free end perpendicular to beam in-plane. The range of force measured is associated with size and shape of cantilever for a given beam materials ..............................................................................10 Figure I. 4 Schematic of cantilever beam integrated with the piezoresistor. (a) Fabrication process of paper based piezoresistive cantilever force sensor using a screen printing technique. (b) A diagram of paper cantilever beam mounted with a silver metalized carbon piezoresistor. (c) Dimensions of printed cantilever force sensor array. ........................................................................................................................................11 Figure I. 5 Scanning electronic microscopy (SEM) graphic of a four-axial piezoresistive force sensor tethered on flexible platform[19] (a). Intact 3D piezoresistive force sensor prototype where the strain gauge mounted onto the Ti-foil cantilever beam. The schematics also show two rotational degrees of freedom of the device for eliminating cross-talk [34]. .................................................................................12 Figure I. 6 Parallel-plate capacitor with insulator gap sandwiched by two conductive electrodes (a); gap between two electrodes was compressed by ∆d due to an applying normal force Fnormal (b); ∆SA surface area variation when a lateral force Flateral is applied to a plate capacitor (c).............................................14 Figure I. 7 (a) Diagram of capacitive force sensor structure and monolithically fabricated element with cross-sectional view [39]. (b) Simplified illustration of three-axial capacitive force sensor and the components in reality. ..................................................................................................................................15 Figure I. 8 Schematics and microscopies of MEMS-based capacitive force sensors. (a) and (b) Microgripper with dual-axial force sensor using two orthogonal comb-like electrode capacitors; (c) photographic of developed microtweezer bearing the compliant rotatory structure and linear guiding flexure joint with two comb-like capacitive force sensors. Adapted from the illustration provided by literature [41, 42]. .........................................................................................................................................16 Figure I. 9 (a) Photographic of encapsulated PZT piezoelectric force sensing elements device wrapped on a cylindrical support. Square-like force sensor array was collectively integrated with silicon metal oxide semiconductor field effect transistor. (b) Photographics of representative application of the piezoelectric force sensor mounted on human wrist and neck for monitoring the transient blood pressure waves. (c) Schematic illustration in tilted overview of soft tissue biomechanic force sensor. (d) Schematics of force sensor system in leftmost graphic [48]; figure in middle showing the large area of lesion of human skin with (lower) or without (upper) a mounted biomechanical force sensor device; a small lesion spot mounted with or without a nanoribbon force sensor system [49]. ..............................................................................18 Figure I. 10 Schematic (a), microscopy (b) and photographic (c) of tactile piezoelectric force sensor integrated with metal oxide semiconductor field effect transistor. ...............................................................20 Figure I. 11 Schematics of typical flexographic printing (a) and gravure printing technologies (b). Gearlike ink transfer system was zoomed. Adapted from the illustration provided by the literature [61]. .........24

  

  

  

  

  

  

  

Table I .

 I 1 Comparison of force sensor technologies based on three mainly reviewed transduction principles

. 2 Comparison of the flexible polymer foil substrate. Adapted from review by Khan [55].

  

	flexible support candidates. Among these flexible substrates, plastic foils have been widely
	employed as a passive, bendable, transparent and lost-cost support for large area printed
	electronic devices. Here summarized the most used plastic foil for printed electronics in Table I. 2.
	Excellent wettable substrate faciliates the inks droplet spreading on the flexible substrate and
	then uniformity and adhesion of the inks residual. Otherwise the delamination between printed
	electronic elements and flexible occurs when printed systems are bended, leading to the short life
	cycle and even dysfunction. A quantitative parameter contact angle 𝜃 was introduced to describe
	the surface wettability of the supports. When the droplet impacts on the support, wetting process
	occurs depending on its surface properties, such as surface tension, roughness, homogeneity,
	porosity, etc. The equilibrium can be schemed in Figure I. 19. The relationship of driven forces,
	namely surface tension, between each inferface of gas vapor, solid support and ink liquid can be
	describe by:						
	Properties	PET	PAcryl.	PEN	PC	PS	PI
	𝑇𝑔 (℃)	70	105	120	145	203	270
	𝑇𝑚 ((℃)	115	175	268	115-160	180-220 250-320
	CTE (ppm/(℃)	33	79	20	75	54	8-20
	Transparency %	90	>90	88	92	89	35-60
	Water Ab. %	0.6	0.2	0.4	0.25	1.4	2-3
	Tensile Stren. GPa 2-2.7	2.4-3.4	0.1-0.5	2.6	nul	2.5
	Solvent Resist.	good	good	good	poor	poor	good
	Surface Roug.	poor	fair	poor	good	good	good
	Geometry Stab.	good	good	good	fair	fair	fair
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Table II .

 II 1 Thermal parameters of Curie transition region and melting peak region for isothermally annealed terpolymer at various temperature for fixed 2h annealing time duration (from room temperature to 120 ℃ )

	Acronym	Tg	∆C p TC	∆H c	∆H m	Crystallinity Melting region (℃)
		℃	(mW)	℃	(J g -1 )	(J g -1 )	𝜒 𝐶	𝑇 𝑚	FWHM
	Pristine Film A	-26.98 0.14 47.4	4.4	12.9	30.8	125.4	17.7
	60C12H Film B --	--	41.8	3.7	13.6	32.3	126.0	14.4
	70C12H Film C --	--	37.7	3.2	14.7	35.1	125.7	14.5
	80C2H Film D -22.96 0.23 33.9	3.6	15.3	36.4	126.1	15.9
	90C2H Film E	-21.70 0.06 34.4	3.4	16.5	39.3	126.8	14.1
	100C2H Film F --	--	32.3	2.7	16.7	39.8	125.7	10.3
	110C2H Film G -24.39 0.18 31.6	3.3	17.4	41.3	129.4	9.57
	120C2H Film H --	--	33.3	3.2	18.1	43.2	129.4	8.41
	120C12H Film I -23.79 0.07 34.0	2.8	19.0	45.3	130.2	7.99

Table II .

 II 2 Thermal data collection of Curie transition region and melting peak region of terpolymer annealed at fixed temperature for various time period at given temperature of 90 ℃.

	Acronym	Tg	∆𝐶 𝑝	𝑇 𝐶	∆𝐻 𝑐	∆𝐻 𝑚	Crystallinity Melting region(℃)
		℃	(mW)	℃	(J g -1 )	(J g -1 )	𝜒 𝐶 (%)	𝑇 𝑚	FWHM
	90C1H Film J	-22.37 0.12 36.05	3.67	15.81	37.6	125.8	17.4
	90C2H Film K	-21.70	0.06 34.42	3.41	16.5	39.3	126.8	14.2
	90C4H Film L	~	~	31.67	3.57	17.75	42.3	125.3	13.9
	90C10H Film M ~	~	31.17	3.09	18.68	44.5	126.5	14.4

  10 -1 10 0 10 1 10 2 10 3 10 4 10 5 10 6

		30.8%	35.1%	(b)
	40	36.4% 39.3%	37.6% 41.3%
		45.3%	
	30		
			
	20		
	10		
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Table II .

 II 3 Electric breakdown values 𝐸 𝑏 , Weibull fitting parameters ( 𝑘 ) and the average thickness of the measured films with estimate errors for the isothermally annealed terpolymers

	Acronyms	Film A	Film C	Film D	Film J	Film F	Film G	Film I
	Crystallinity (𝜒 𝑐 ) 30.8	35.1	36.4	37.6	39.3	41.3	45.3
	Thickness(𝜇𝑚)	66 ±5 a	57 ±4	59±3	66±4	65±3	61 ± 3	58 ±5
	𝐸 𝑏 (MV/m)	223.9±17 271.1±26 273.4±23 249.7±30 244.4±21 291.3±32 340.4±18
	Weibull (𝑘)	3.6±0.2 b 7.5±0.5	4.2±0.4	4.7±0.2	6.5±0.3	9.2±0.4	5.8±0.3
		1						
		0						
		-1				30.8%	
						35.1%	
		-2				36.4% 37.6%	
						39.3%	
		-3				41.3% 45.3%	
			100	200	300	400		

Note: a, the error bars were related to the standard deviation of the average values. b the propagation of error extrapolated from the Weibull fitting was used to determine the uncertainty of shape parameter 𝑘.

Table II .

 II 4 Data collections of the transverse strain (𝑆 31 ), Young's modulus (𝑌), free mechanical energy density (𝐸 𝜇 ), fitted global electrostrictive coefficient (𝑀 31 ) for each temperature treated terpolymer membrane.

	Processed	𝜒 𝐶	𝛿	𝑆 31 [%] at	Y	𝐸 𝜇	a 𝑀 31 •E-	𝜀 ′
	Polymers	(%)	(mm)	20 MV/m	(MPa)	𝐽 𝑚 -3	18 (𝑚 2 𝑉 -2 ) a	(0.1 Hz)
	Film A SC NON	30.8	1.38	0.177	64.90 102.1	4.55	26.9
	Film C 70C12H	35.1	2.68	0.128	112.9 92.34	3.36	31.7
	Film D 80C2H	36.4	2.36	0.101	128.6 64.92	2.57	32.9
	Film E 90C1H	37.6	2.89	0.097	146.1 68.32	2.53	35.6
	Film F 90C2H	39.3	2.41	0.076	152.8 44.01	1.94	36.7
	Film G 110C2H	41.3	2.12	0.083	156.6 54.35	1.98	37.5
	Film I 120C12H	45.3	1.60	0.053	182.5 25.45	1.34	40.6

Note: vacuum permittivity, 𝜀 0 =8.854187×10 -12 F m -1 ; a, apparent electrostrictive coefficient extrapolated from the quadratic fitting curves.

  Fragile glass formers show the largest deviations from the Arrhenius law corresponding to small D values (𝐷 ≤ 10)[60], while the glass formers show a quite strong behavior if the D value is very high (𝐷 ∞ or 𝑇 0 = 0)[61]. Extremely, the temperature dependence of the relaxation time 𝜏 𝛼 closely obeys the Arrhenian relationship as 𝐷 ≥100. And the ratio of the dielectric glass transition temperature to the Vogel temperature 𝑇 𝑔.𝑑𝑖𝑒𝑙 /𝑇 0 has a linear relationship The VFT fitting parameters are summarized in TableIII. 1.

	with the strength index 𝐷:			
	𝑇 𝑔.𝑑𝑖𝑒𝑙 /𝑇 0 = 1 + 𝐷/(2.303 log	𝜏 𝑔 𝜏 0	)	III. 5
	where log 𝜏 𝑔 𝜏 0 ⁄ is around 17.			

Table III .

 III 1 Degree of crystallinity (𝜒 𝑐 ), VTF fitting parameters, VFT temperature (𝑇 0 ), glass transition temperature (𝑇 𝑔.𝑑𝑖𝑒𝑙 ) defined for a relaxation time 𝜏 𝛼 of 100s, merging temperature 𝑇 𝑚𝑒 and the activation energy 𝐸 𝐶 of the Curie transition.Last but not least, in TableIII. 1, B values (activation energy of the 𝛼 relaxation) exhibited the usual decreasing trend as the crystallinity increased. In order to describe the change in fragile behavior, the strength index D was introduced. The strength index, 𝐷 = 𝐵/𝑇 0 is generally used as a quantitative evaluation of the fragile extent in glassy materials or super-cooled liquids and

		𝜒 𝑐		Segmental Dynamics		Curie Transition Region
	Films	(%)	𝜏 ∞ (s)	B(K)	𝑇 0 (K)	𝑇 𝑔.𝑑𝑖𝑒𝑙 (𝐾) 𝑇 𝑚𝑒 (K) 𝐸 𝐶 (kJ mol -1 )
	Film A	30.83	1.04×10 -9	360.5	229.0	243.5	316.4	948.38
	Film B	35.07	2.98×10 -9	314.6	230.9	244.0	317.9	691.97
	Film C	36.40	3.76×10 -9	291.4	232.1	244.1	312.5	977.47
	Film D	38.59	9.91×10 -9	251.9	233.4	244.1	313.1	1270.71
	Film E	39.19	1.75×10 -8	219.2	234.9	244.3	309.9	1908.15
	Film F	39.80	2.75×10 -8	196.2	236.9	246.1	309.6	2196.39
	Film G	45.28	4.02×10 -8	173.8	238.7	247.2	308.9	3295.92

  Table III. 2 Crystallinity dependence of the Havriliak-Negami fitting parameters and the apparent activation energy 𝐸 𝛽 for a terpolymer in the sub-glass state.

	Films	𝜒 𝑐 (%)	𝛼 𝐻𝑁	𝛽 𝐻𝑁	𝜏 ∞ (s)	𝐸 𝛽 (kJ mol -1 )
	Film A	30.83	0.20±0.02	0.98±0.02	1.58±0.13 ×10 -11	16.34±0.9
	Film B	35.07	0.21±0.02	0.98±0.02	2.46±0.21 ×10 -12	21.83±1.2
	Film C	36.40	0.21±0.03	1.00	3.81±0.08 ×10 -14	30.44±2.3
	Film D	38.59	0.19±0.02	0.99±0.01	1.36±0.17 ×10 -13	27.50±4.8
	Film E	39.19	0.20±0.01	0.97±0.03	8.39±0.23 ×10 -14	28.32±3.4
	Film F	39.80	0.19±0.02	1.00	1.46±0.18 ×10 -15	36.56±4.3
	Film G	45.28	0.21±0.03	0.98±0.02	4.67±0.27 ×10 -16	35.46±3.9

Table IV

 IV 

	. 1 Summary of DEHP physico-chemical properties
	Acronym	Properties and Formula
	Chemical structure	
	CAS number	117-81-7
	Formula	C24H38O4
	Molecular Weight (g• mol⁻¹)	390.56
	Density (g• mL -1 )	0.986
	Melting point	-55 ℃ (218 K)
	Boiling point	385 ℃ (658 K)
	Glass transition temperature (K) -76.3 ℃ (196.8 K) [9, 10]
	Appearance	Transparent, Oily liquid
	minimized.	

  The full width at high maximal (FWHM) values underwent a moderate increase from 15.2 ℃ for pristine to 19.7 ℃ for terpolymer with 10% DEHP loading as shown in Table IV 2. This provided the indicative information of inhomogeneous crystallites in blends. The 15% DEHP blends possessed the near 𝑇 𝑚 and remained FWHM values, since the mass fraction of DEHP load was excessive, of which characteristics of peak regimes were summarized in Table IV. 2.

Table IV .

 IV 2 Temperature and enthalpy parameters concerning Curie transition regimes and melting region monitored by a DSC heating ramp

	Acronym	Tg	∆𝐶 𝑝	TC	∆𝐻 𝐶	∆𝐻 𝑚	𝜒 𝐶	Melting region(℃)
		℃	(mW)	℃	(J/g)	(J/g)	%	𝑇 𝑚	𝑇 𝑜𝑛𝑠𝑒𝑡	FWHM
	Pristine Film A	-22.98 0.15	33.4	3.5	15.3	36.4 126.1 110.5	15.2
	5%DEHP Film B	--	--	33.5	3.5	15.2	36.1 122.7 105.4	18.7
	10%DEHP Film C	--	--	34.1	3.6	15.8	37.6 119.8 104.3	19.7
	15%DEHP Film D	--	--	35.8	3.7	15.8	37.7 120.4 102.7	19.3
	Table IV. 3 Corresponding temperature and enthalpy parameters collection in a cooling ramp of
	DSC measurement.								
	Acronym	𝑇 𝐶𝐶	𝑇 𝑜𝑛𝑠𝑒𝑡	∆𝐻 𝐶𝐶	∆𝐻 𝐶	𝜒 𝐶𝐶	Crystallization
		℃	℃	(J/g)	(J/g)	%	𝑇 𝑐1	𝑇 𝑜𝑛𝑠𝑒𝑡	𝑇 𝑐2
	Pristine Film A	24.7	34.7	-2.7		17.36	41.33	102.8	106.7	77.4
	5%DEHP Film B	25.1	35.3	-2.6		16.75	39.88	100.2	103.7	68.3
	10%DEHP Film C 24.9	37.7	-2.4		16.83	40.07	98.2	102.2	65.4
	15%DEHP Film D 25.6	35.3	-2.2		15.97	38.02	97.1	101.6	65.0

Table IV .

 IV 4 The VFT fitting parameters, estimated dielectric glass transition temperature at structural relaxation time 𝜏 𝛼 (𝑇) equal to 100 s and strength indices values, estimated glass transition temperature thanks to the Fox glass transition temperature 𝑇 𝑔.𝐹𝑜𝑥 law.

	Acronyms	𝜏 ∞ (s)	𝐵 0	𝑇 0	𝑇 𝑔.𝑑𝑖𝑒𝑙	D=	𝑇 𝑔.𝐹𝑜𝑥 (K) 𝑇 𝑔.𝐹𝑜𝑥 ′	(K)	𝑚
			(K)	(K)	(t=100 s)	𝐵/𝑇 0			
	Pristine	2.13×10 -10 422.8 231.0 246.7±3.8 1.83	246.7±3.8 246.7±3.8 183.3
	P(VDF-TrFE-	2.91×10 -11 674.9 217.3 240.6±5	3.11	243.6±3.9 242.0±4.1 129.5
	CTFE)/DEHP5%								
	P(VDF-TrFE-								
	CTFE)/DEHP10%								

Table IV .

 IV 5 Havrialia-Negami function fitting parameters to the dielectric loss spectra of the pristine and DEHP modified terpolymer blends and apparent activation energy in sub-glass state.

	Acronyms	𝛼 𝐻𝑁	𝛽 𝐻𝑁	𝜏 ∞ (s)	𝐸 𝛽 (kJ mol-1)
	Pristine	0.20±0.01	1.00	3.64±0.93 ×10 -12	39.1±1.2
	P(VDF-TrFE-	0.19±0.02	0.96±0.04	8.76±1.42 ×10 -12	35.8±0.9
	CTFE)/DEHP5%				
	P(VDF-TrFE-	0.18±0.02	1.00	1.23±0.15 ×10 -11	31.8±1.5
	CTFE)/DEHP10%				
	P(VDF-TrFE-	0.19±0.01	0.99±0.01	2.14±0.26 ×10 -12	30.3±0.6
	CTFE)/DEHP15%				

Table IV .

 IV 6 The VFT-type fitting parameters for conductivity relaxation processes for pristine and DEHP doped terpolymer blends: Vogel temperature 𝑇 0 𝜎 , VFT apparent activation energy 𝐵 0

					𝜎
	and pre-exponential factor 𝜏 0 𝜎 .			
	Acronyms	𝜏 0 𝜎 (s)	𝐵 0 𝜎 (K)	𝑇 0 𝜎 (K)	b 𝑇 0 𝛼 (t=100s)
	Pristine	1.68×10 -7	1308.3±28.2	230.4±3.1	231.0±2.4
	P(VDF-TrFE-	2.82×10 -8	1474.7±15.4	216.4±5.3	217.3±1.9
	CTFE)/DEHP5%				
	P(VDF-TrFE-	1.98×10 -8	1560.3±26.1	210.2±2.4	209.7±1.4
	CTFE)/DEHP10%				
	P(VDF-TrFE-	1.58×10 -8	1632.3±33.5	203.2±3.6	201.2±2.6
	CTFE)/DEHP15%				

Note: b, Vogel temperature obtained by VFT fitting to the segmental relaxation time against temperature in amorphous phase for isothermal crystallized terpolymers (recall Chapter III. IV.

1) 

Table IV .

 IV 7 VFT fitting parameters and estimated glass transition temperature 𝑇 𝑔.𝑑𝑖𝑒𝑙

							𝛼 ′	, strength
	indices or fragility values for pristine and DEHP plasticized blends.		
	Acronyms	𝜏 ∞ 𝛼 ′ (s)	𝐵 0 𝛼 ′ (K)	𝑇 0 𝛼 ′ (K)	𝑇 𝑔.𝑑𝑖𝑒𝑙 𝛼 ′		𝐷 𝛼 ′ =𝐵/𝑇 0	𝐷 a
					(t=100s)		Calcul.
	Pristine	1.03×10 -7 1030.4±37.4 252.0±2.7	301.8±1.5	4.09	7.74
	P(VDF-TrFE-	6.03×10 -7 813.1±21.6	250.7±1.3	293.7±2.1	3.24	6.71
	CTFE)/DEHP5%						
	P(VDF-TrFE-	7.97×10 -7 858.9±18.9	239.3±3.6	285.4±1.9	3.50	7.54
	CTFE)/DEHP10%						
	P(VDF-TrFE-	4.44×10 -7 1039.2±28.4 222.9±1.9	276.9±0.8	4.65	9.48
	CTFE)/DEHP15%						
			𝛼 ′	𝑇 0 𝛼 ′ ⁄ =1+𝐷/ (2.303 𝑙𝑜𝑔	𝜏 𝑔 𝜏 0	).

a Note: values calculated from the equation: 𝑇 𝑔.𝑑𝑖𝑒𝑙

Table V .

 V 1 Physic properties of Dimatix cartridge, solvents and polymer solution inks in TEP

	Physical parameters	Dimatix Cartridge	MEK	TEP	Copolymer	Terpolymer
		range [33]	[34]	[35]	Inks (1%)	inks (1% )
	Viscosity (mPa s)	8-20	0.43	1.46	2.16 a	3.26 b
	Surface Tension (mNm -1 ) 28-33	24.6	30.6±3.0 32.7	33.4
	Density (g cm -3 )	>1	0.805 1.072	1.081	1.082
	Boiling point (℃)	--	79.6	215	As TEP	As TEP
	Pressure vapor (Pa)	low	10500 100	As TEP	As TEP
	Nozzle dimension (𝜇𝑚)	50				

a, b Note: values measured by Brookfield viscometer according to

ASTM D 1824ASTM D -1995 

Table V .

 V 2 Optimal inkjet printing protocol used for generating a printable droplet formation of copolymer and terpolymer solution inks in this present study

			dimension	Copolymer	Terpolymer	Note
				inks	inks	
	Ink Pressure		mBar	-21.7	-21.9	
	Number of active		25	20	
	nozzles					
	Wave	𝑡 𝑟𝑖𝑠𝑒	𝜇𝑠	8	8	
	form	𝑡 𝑑𝑤𝑒𝑙𝑙	𝜇𝑠	7	6	
		𝑡 𝑓𝑎𝑙𝑙	𝜇𝑠	4	4	
	Firing frequency	Hz	1000	1000	
	Nozzle Temperature	℃	70	70	
	Droplet velocity	m s -1	0.87±0.05	0.77±0.02	
	Droplet size		picoliter	49.8±2.1	52.1±1.8	Referred	to
						Printed
	Substrate temperature	℃	90	90	
	Number of printed		5	5	
	layers					
	Thickness		𝜇𝑚	10	11	measured
	Thickness per layer	𝜇𝑚	2	2.2	
	Reynolds Re		dimensionless	2351.2	1277.82	calculated
	Weber We		dimensionless	1514.2	960.99	calculated
	Ohnesorge Oh		dimensionless	0.01655	0.02426	calculated
	Z=1/Oh		dimensionless	61.54	42.22	calculated

Table V .

 V 3 Surface tension properties of the pristine, plasma treated PI and Au sputtered PI substrate. Surface tension of the printed copolymer and terpolymer patterns were also compared with fluorinated fluid phobic Teflon films. Data listed here were also measured by Owens-Wendt-Kaelble method.

	Acronyms	PI pristine PI Plasma Au on PI Copolymer Terpolymer PTFE film
	Surface tension	59.24	71.38	55.12	39.4	58.01	24.55
	(mN m -1 )						
	Dispersive	43.29	47.05	45.93	35.23	54.75	20.29
	component						
	mN m -1						
	Polar component	15.95	24.33	9.19	4.17	3.26	4.26
	mN m -1						
	Note	50 𝜇𝑚 -	50 𝜇𝑚 -	~40 nm-	Inkjet	Inkjet	1 mm-thick
		thick	thick	thick	printed	printed	

Table V .

 V 4 A comparison of electromechanical properties of the sensing layer polymers in this present work and mostly investigated PZT ceramics

	Acronyms	Printed	Printed	PZT Ceramics
		Copolymer	Terpolymer	
	Young's modulus @ R.T	a 3.3 GPa	182 MPa	b 60.0 GPa
	Density (g cm -3 )	1.78 [71]	~1.3 [72]	~7.80 [73]
	Dielectric Permittivity	10.8 (1000 Hz)	44.5 (1000 Hz)	1200
	Dielectric Strength (V 𝜇𝑚 -1 )	≤80 [74]	269 [65]	64 [75]
	𝑃 𝑟 (mC m -2 )	65 mC m -2	--	--
	𝑃 𝑠 at 70 V/𝜇𝑚 (mC m -2 )	72 mC m -2	--	--
	Capacitance of sensor (nF)	0.68	3.08	--
	(@1000 Hz, 78.59 mm 2 )			
	Piezoelectric coefficient	~18.9	18.9@7.5V/𝜇𝑚	223 [76]
	(pC N -1 )		81.64@33.33V/𝜇𝑚	
	c Powder Cost (€ g -1 )	7	9	15.2

Note: a, data value provided by reference

[15]

; b, value provided by the reference

[76]

, c, Price referred to the Powder indicative Price List

[77] 

  Equivalently annealing temperature below its Curie transition point 𝑇 𝑐 for pristine terpolymer increased its 𝑇 𝑐 and ferroelectric crystal phase in crystal lamellae while decreasing 𝑇 𝑐 and Curie transition enthalpy observed for terpolymer annealed in hexagonal phase (𝑇 𝑐 < 80 ℃ ≤ 𝑇 𝑎 ) were strongly attributed to less 𝛿 ferroelectric phase were involved in crystal lamellae. No distinct variation both in two values were seen for terpolymer annealed at temperature above 80 ℃ because of thermodynamic equilibrium. Melting regions inversely quite differed. Crystallinity fraction increased monotonically upon increase of annealing temperature. It is not the case for melting temperature for corresponding terpolymers where saw a two stepwise decrease with cross point at 90 ℃ . Annealing above 90 ℃ caused loose crystal stacks thickening and narrow

distribution of crystal size. This was evidenced by a remarkably decreasing in FWHM values from ca. 15 ℃ to around 8 ℃. Surface crystal morphology and microstructure were patterned by AFM techniques. Worm-like crystal nanodomains were observed in terpolymers. Coarse and loose bumpy-like topographic morphology observed for pristine was due to heterogeneous behavior and flat-on dominated orientated crystal lamellae. Regular needle-like nanocrystallites and distinct interfacial boundary suggested the edge-on crystal orientation lamellae in intermediate terpolymers induced by isothermal crystallization.

  The water and probe liquid diiomethane were dropped onto the substrate to measure and 10 replica measurement of water and diiomethane liquid contact angel were recorded for each substrate. And surface free energy were then calculated in Table A.1.Table A.1 Contact angel of water and diiomethane probe on various substrate and induced surface free energy. , average values; b, 21.8 mN m -1 dispersive and 51 mN m -1 polar components of the surface free energy of water; c, 50.8 mN m -1 dispersive components of diiomethane probe.

	component and equation A.2 can be simplified as √𝜎 𝑠 𝐷 =	𝜎 𝑑 (cos 𝜃+1) 2√𝜎 𝑑 𝐷	. For that reason,
	diiomethane is used as a polar liquid probe which has a 𝜎 𝑑 𝐷 of 50.8 mN/m of total surface energy of
	50.8 mN/m.				
	Supports	a Contact angel (°)	Surface Energy Components
		b Water	c Diiomethane	Dispersive (mN m -1 ) Polar (mN m -1 )
	PI substrate	51.13	32.20	43.29	15.95
	Treated PI	32.24	22.35	47.06	24.33
	Au electrode layer	62.35	25.61	45.93	9.19
	Printed copolymer	80.66	66.04	35.23	4.17
	Printed terpolymer	72.33	63.30	54.75	3.26
	Note: a				
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Appendix: Surface Energy Measurement

Owens-Wendt-Kaelble Method

Owens-Wendt-Kaelble method consists in determining the dispersive 𝜎 𝑠𝑜𝑙𝑖𝑑 𝐷 and polar 𝜎 𝑠𝑜𝑙𝑖𝑑 𝑃 components of the surface free energy 𝜎 𝑠𝑜𝑙𝑖𝑑 𝑇 of a solid materials on the basis of the Betholt hypothesis. This hypothesis described that the interaction between both of the two substances was equal to the geometric mean of intermolecular interactions of each substance. The surface free energy of a solid materials usually relates to the contact angel of a liquid probe with expression:

Where 𝜎 𝑙𝑖𝑞𝑢𝑖𝑑 𝑇 is the total surface free energy of the probe liquid; 𝜃 is the contact angel which varies upon the liquid probe; 𝜎 𝑙𝑖𝑞𝑢𝑖𝑑 𝐷 is the dispersive component while 𝜎 𝑙𝑖𝑞𝑢𝑖𝑑 𝑝 is the polar part.

The polar component is defined as the sum of the polar, hydrogen, inductive and acid-base interactions.

To determine the surface free energy of the solid surface, a bipolar liquid, commonly used water and polar probe liquid are used whose dispersive and polar components are known. The roots of the constitutive equations A.1 can be obtained by the expressions:

Where 𝜎 𝑠 𝐷 and 𝜎 𝑠 𝑃 are dispersive and polar components of the surface free energy of a solid material. For the sake of simple measurement, the second liquid probe has only dispersive 
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