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Introduction

Cemented carbides have been used in the cutting tools industry since the 1920's thanks to their exceptional hardness and wear resistance. Manufactured by the conventional powder metallurgy route, cemented carbides are made of tungsten carbide which provides a high hardness and of a binder, cobalt in most case, which compensates for the brittle properties of WC by its ductility.

Co is the most versatile binder because it provides excellent wetting on the tungsten carbide grains, and has superior mechanical properties than other metallic alloys.

Nevertheless, in 2013, Co has been classified as a potentially carcinogenic material by the European Commission REACH. Cobalt is not only toxic but also expensive, limited in resource, and important price fluctuations have been observed for the last decade.

Therefore, extensive research has been performed to substitute Co by alternative binders.

With similar mechanical, physical properties and affinity to C and W, nickel and iron are the best candidates for an efficient binder in cemented carbides. They are also magnetic metals and have similar mechanical properties as cobalt.

Although research has been conducted for a long time on the effect of the binder on final mechanical properties, there is still a lack of knowledge regarding the effect of the binder composition on sintering and grain growth of cemented carbides. The present study discusses the effect of binder composition on sintering of cemented carbides and on WC grain growth. For this purpose, different binder compositions WC-20vol%M (M= Fe, Ni or Co) and different C/W ratio are considered in order to look at the influence of both the nature of the binder and the carbon content. The alloys are processed by the powder metallurgy route at Sandvik, Stockholm (Sweden) and Secotools, Fagersta (Sweden) and the experimental work is done at SIMaP laboratory, Grenoble (France).

The first chapter provides backgrounds on the subject with a literature review.

Thermodynamic calculations for the 3 systems studied are presented, as well as properties and intrinsic parameters of the tungsten carbide and binder phases. The powder metallurgy process is explained in details, and the sintering described using microscopic and macroscopic approaches. At last, grain growth mechanisms are described and explained from former studies. The effect of carbon content and binder nature already investigated in previous works are presented and detailed.

The second chapter establishes the experimental conditions used for all the experiments presented in this study. Composition of the alloys is chosen with the help of thermodynamic phase diagram and sample preparation with thermal cycle is described.

Characterization techniques as thermogravimetric method, dilatometry and microstructural characterization used in this study are presented as well as the image analysis technique chosen for the quantitative analysis of the microstructure.

The third chapter is dedicated to the study of the debinding. Although debinding is not directly the topic investigated in this study, it remains a very important stage for the understanding of the sintering. The influence of the binder nature and carbon content are measured from thermogravimetric experiments, with a certain interest for WC-Fe alloys, since iron oxide is reduced at higher temperature than nickel and cobalt oxides. Different alternative thermal cycles are tested, and carbon content checked to have an idea of the decarburization caused by the oxide reduction. Suitable thermal cycle is then chosen for the following experiments.

Shrinkage and microstructure evolution during sintering are investigated in the fourth chapter. First, final microstructures are checked, in order to validate the final compositions and the phases in presence. In addition, thermal analyses are done in order to check the melting temperatures predicted by thermodynamic calculations. Shrinkage is investigated using dilatometric experiments and the influence of binder nature and carbon content are discussed. Then microstructure evolution during sintering is qualitatively and quantitatively characterized, with regards on the effect of binder composition and carbon content. At last, shrinkage mechanisms are discussed from both dilatometry and microstructure studies. Effect of parameters such as interface energy and solubility are investigated.

In the last chapter, grain growth during the liquid phase sintering is investigating from microstructural observations. Several experiments are conducted in order to study the influence of sintering time and temperature on WC final grain size. Microstructure evolution with sintering time are investigated and WC grain size evolution is determined using intercept length technique, in order to examine the effect of binder nature and carbon content on WC grain growth. In addition, 3D morphology of the WC grains is studied from microstructure after dissolution of the binder, providing information on surface roughness. Grain growth mechanisms involved during sintering of cemented carbides are discussed based on these results and observations, and on literature data.

I. Bibliography 1. Cemented carbides A. History of cemented carbides and alternative binders

After First World War, researches have been conducted to find a substitute to the very costly diamond tools used in the cutting tools industry [1]. Thanks to its high hardness property, WC ceramic showed an interest as a substitute. To reduce the brittleness of WC ceramic, several ductile metals were candidates as binders, with iron and nickel at first. It is with cobalt binder that the first tungsten carbide based cemented carbide alloy was designed by Karl Schöter in Berlin-Lichtenberg following a proposal by Dr. Franz Skaupy [2]. It is after WW2 with Congo crisis and limited availability of cobalt than first FeNi alloys have shown interest [3], although they were never commercialized.

For almost a century, researches have been conducted to improve cemented carbide mechanical properties and diversify the applications. In order to reach good mechanical properties, initial powder composition has been changed by adding carbide phases as grain growth inhibitor (TiC, VC, Cr3C2). Another field of interest was to reduce the size of the initial WC powder in order to reach very fine final microstructure that is mostly required in the case of high precision tools (drilling and milling tools). The manufacturing process has been reconsidered, with new sintering process (sinter-HIP, gradient sintering, spark-plasma sintering) and finishing steps (CVD coating, grinding, blasting).

Finally, complex tools with reinforced parts can be obtained by creating a composition gradient in the material during the sintering process [4] [5]. Despite the considerable efforts to optimize and improve cemented carbide mechanical properties, Co remains the most suitable binder to manufacture efficient inserts for drilling or cutting tools.

For the last 10 years, the interest of alternative binders has risen, since the new regulation on cobalt use in Europe (REACH). Surveys and studies on health risk have shown the toxicity of cobalt fine particles if inhaled [6] [7]. In addition, the increased demand of cobalt from electric vehicle industry will increase the price of cobalt and its scarcity in the following years [START_REF] Norgren | Trends in the P/M hard metal industry[END_REF]. For these reasons one of the main topic in the cemented carbides field is the development of new tungsten carbide alloys with substitution or partial substitution of cobalt.

B. Thermodynamic approach of WC-M system Thermodynamic calculations can predict information about composition, phases and equilibrium of multicomponent systems. Some data on cemented carbides with alternative binders can be found in the literature [START_REF] Uhrenius | A Thermodynamic Evaluation of Carbide Solubilities in the Fe-Mo-C, Fe-W-C, and Fe-Mo-W-C Systems at 1000°C[END_REF] [START_REF] Fernandes | Cemented carbide phase diagrams: A review[END_REF], b) the W-C-Co equilibrium phase diagram, calculated at 10 wt.%Co [START_REF] Zhong | Fe-W-C thermodynamics and in situ preparation of tungsten carbide-reinforced iron-based surface composites by solid-phase diffusion[END_REF] and c) the W-C-Ni equilibrium phase diagram, calculated at 10 wt.%Ni [START_REF] Fernandes | Cemented carbide phase diagrams: A review[END_REF] . The solid symbol (point) on the composition axis represent the stochiometric composition (5,5wt.% C) [START_REF] Fernandes | Cemented carbide phase diagrams: A review[END_REF] a) b) c)

Whatever the binder composition, the targeted final composition of the material to get the suitable properties is WC+FCC (BCC for WC-Fe) phases. We can introduce the term "carbon window", which is the two phase domain WC +FCC. Decreasing the carbon content leads to the precipitation of M6C (η phase), which tends to decrease the toughness of the material [START_REF] García | Cemented carbide microstructures : a review[END_REF]. If the carbon content is increased above the WC+FCC limit, free carbon as graphite precipitates, which decreases the mechanical properties. These two domains at each side of the "carbon window" must be avoided because they weaken the material.

The carbon contents that limit the "carbon window" depend on the temperature binder composition and content. Another way to define the desired area of the phase diagram is the "projected carbon window". This domain is defined and denoted a and b in the Figure I-1 [START_REF] Fernandes | Cemented carbide phase diagrams: A review[END_REF]. They represent the global C composition limits of the (WC + liquid) domain with the (WC + liquid + M6C) domain and of the (WC + FCC) domain with the (WC + FCC + graphite) domain.

-If carbon content is lower than a), above the peritectic temperature, the liquid can be in equilibrium with WC and η-phase. If the carbon content is below the peritectic point, after cooling, η-phase subsists and at lower temperature, transforms in η'-phase. If the carbon content is settled between the peritectic point and a, the liquid theoretically solidifies in FCC-binder. However, some η-phase can subsist from the WC-liquid-η-phase mixture and the final phase composition is more certainly WC-FCC-binder-η.

-If carbon content is between a) and b), above the peritectic temperature, the liquid is in equilibrium with WC. If the alloy is cooled down not too fast, the liquid solidifies in FCC-binder.

-If carbon content is higher than b) but below the eutectic composition, above the eutectic temperature, the liquid is in equilibrium with WC. When the alloy is cooled down, the liquid solidifies in FCC-binder + graphite.

-If carbon content is higher than the eutectic composition, above the eutectic temperature, the liquid is in equilibrium with WC and graphite. When the alloy is cooled down, the liquid solidifies in FCC-binder+graphite and graphite subsists.

This new definition of the desired area takes into account the temperature variation during a thermal cycle and is more relevant because it defines the real initial composition needed to reach a FCC+WC structure after heating and cooling during the sintering process. It can be noticed that the stoichiometric composition of WC-Co alloys stands in the "projected carbon window" [START_REF] Uhrenius | On the composition of Fe-Ni-Co-WC-based cemented carbides[END_REF], in contrast with WC-Ni alloys and WC-Fe alloys,

where the stoichiometric composition of WC is below or above the "projected carbon window". In addition, the "projected carbon window" in the case of WC-Fe alloy is significantly narrow, almost inexistent.

Eutectic and peritectic temperatures of the alloys depending on the binder nature are summarized in Table I-1.

Table I-1: Eutectic and peritectic temperature of the alloys established from latest data

In comparison with the melting temperature of the pure elements, the eutectic and peritectic temperatures of the WC-M alloys are inferior. In addition, iron which has the highest melting temperature (1538 °C) among the three binders has also the lowest eutectic and peritectic temperatures (1267°C and 1138°C for WC-Fe) and the opposite for Ni.

C. WC phase

Cemented carbides are composites made of a hard refractory carbide embedded in a ductile metal binder matrix. The major carbide in the W-C system used in cemented carbides is tungsten carbides (WC). W is an early transition metal (Group VI) with important refractory characteristics [START_REF] Upadhyaya | Materials science of cemented carbides -an overview[END_REF]. WC is a stoichiometric phase, with a high melting point (2776°C), and high thermal and chemical stability [START_REF] García | Cemented carbide microstructures : a review[END_REF]. Because of its composite nature (metal and ceramic), it combines mechanical and electronic properties, as high hardness and strength with good thermal and electrical properties. WC has a hexagonal crystallographic structure, with W atoms at the position (0, 0, 0) and C atoms at the position (2/3, 1/3, 1/2) in the unit cell (Figure I-3.a). The lattice parameters of WC carbide are a= 2.906 Å and c=2.837 Å [START_REF] Lay | Structure and role of the interfacial layers in VC-rich WC-Co cermets[END_REF].

In equilibrium with binder phase, grains adopt prismatic and basal (0001) facets (Figure I-3.b). Table I-2 summarizes the physical properties of W, C and WC phases.

Solubility of metallic elements such as Fe, Co and Ni can be neglected. 

D. Binder phase

Metal binder in cemented carbides provides high toughness of the final composite by compensating for the hardness and brittleness of WC phase [START_REF] Da Silva | The role of the binder phase in the WC-Co sintering[END_REF] . The choice of transition metal (Group VIII) such as Co, Fe or Ni, has been done because of the good wettability and solubility of W and C elements in the metals and their mechanical properties.

Both iron and nickel metals have been investigated as candidates to replace cobalt, since they are the closest transition metals from cobalt in the periodic table and by consequence have a similar affinity with carbon and tungsten [START_REF] Fernandes | Cemented carbide phase diagrams: A review[END_REF]. 

Cobalt binder

Cobalt is a ferromagnetic metal with a HCP structure as the most stable phase at room temperature. It undergoes a phase transition from HCP into FCC structure at 450 °C [2] and becomes paramagnetic at 1115°C, the Curie temperature.

In WC-Co alloys, Co-FCC structure is usually stabilized at room temperature due to W and C in solution and to mechanical stress resulting from different thermal dilatation coefficients between cobalt and carbide. The solubility of W and C in Co is high but also strongly varies depending on the temperature [START_REF] Lavergne | Mechanism of solid-state dissolution of WC in Co-based solutions[END_REF].

Nickel binder

Nickel is a ferromagnetic metal with a Curie temperature of 355°C and has a FCC structure stable at all temperatures. It has a good corrosion resistance and is less expensive than cobalt [START_REF] Mohammadpour | Effect of cobalt replacement by nickel on functionally graded cemented carbonitrides[END_REF]. The higher vapor pressure of nickel (ten times that of cobalt) [START_REF]Nickel in Hardmetals[END_REF] at sintering temperature causes considerable loss of the nickel binder. Therefore the control of the the working pressure is necessary during sintering. In WC-Ni alloys, tungsten solubility in nickel is significantly larger than in cobalt [START_REF] Walbrühl | Diffusion modeling in cemented carbides: Solubility assessment for Co, Fe and Ni binder systems[END_REF].

Iron binder

Iron is a ferromagnetic metal with a Curie temperature of 770°C and has a BCC crystal structure, also known as α-Fe (ferrite) at room temperature. α-Fe dissolves only a small concentration of carbon. At 912°C, α-Fe undergoes a phase transition from BCC to FCC, also called γ-Fe (austenite) [START_REF] Fernandes | Cemented carbide phase diagrams: A review[END_REF]. The temperature of the phase transition varies as a function of the carbon content. γ-Fe phase is nonmagnetic and can dissolve considerably more carbon than the magnetic BCC structure.

In WC-Fe alloys, iron is present with a FCC structure above 850°C for W-rich alloys and above 720°C for C-rich alloys. Another characteristic of Fe is the ability to induce martensitic transformation during cooling, especially when other austenitic elements like Ni or Mn are present. Stabilizing the martensitic phase depends on the chemical composition of the alloys, which determines important properties such as martensitic starting temperature (Ms) [START_REF] Uhrenius | On the composition of Fe-Ni-Co-WC-based cemented carbides[END_REF]. Capdevila's model aims at providing the Ms temperature depending on the composition of the alloy but some precaution must be taken concerning the validity of this model [START_REF] Liu | Alternative Binder Phases for WC Cemented Carbides[END_REF]. In addition, iron forms a ternary eutectic melt in the WC-Fe system at only 1143°C [START_REF] Antoni-Zdziobek | About one stable and three metastable eutectic microconstituents in the Fe-W-C system[END_REF]. However, it can dissolve much lower quantity of W and higher quantity of C than cobalt at the corresponding eutectic and peritectic temperatures [START_REF] Walbrühl | Diffusion modeling in cemented carbides: Solubility assessment for Co, Fe and Ni binder systems[END_REF].

Sintering of cemented carbides

A. Powder metallurgy process

Cemented carbides are made from carbide and metal powders by classical powder metallurgy process, which consists in the consolidation of powder under heat treatment below the melting temperature of the main constituent of the powder [23] [24].

The initial raw materials are raw powders produced by different manufacturing routes.

WC powder is most commonly manufactured by carburization of tungsten metal powder extracted from both scheelite (CaWO4) and wolframite (Fe,Mn(WO4)) minerals. Binder powder, for instance cobalt, is extracted from copper or nickel ores and produced by hydrometallurgical process or is made of recycled cemented carbides, due to the scarcity of cobalt. The parameters taken into account in the selection of the initial powder are the size, the morphology and the amount of oxygen, directly linked to the oxidation of the powder.

Once selected, the raw material powders are mixed together in appropriate amounts with approximately 2 wt% of lubricant [START_REF] Andrén | Microstructures of cemented carbides[END_REF]. The function of this polymer lubricant (most of the time polyethylene glycol) is to reduce the friction between the powder and the mould and to increase the compact strength during the production process.

The powders are mixted and milled with milling bodies and alcohol. Alcohol is added to prevent oxidation and to minimize temperature rise during the milling process [2]. After several hours of milling, the mixture is spray dried in order to remove alcohol and granulate the powder into nearly spherical and uniform particles. This step is necessary for a good flowability of the powder into the mould.

Then the milled powders are pressed to the desired shape and the powder compacts (green bodies) are sintered in a furnace. The material presents approximately 20% of linear shrinkage in all direction during sintering. 

𝑀𝑂 𝑥 + 𝑥𝐻 2 ↔ 𝑀 + 𝑥𝐻 2 𝑂 (1) 
After debinding, the furnace is purged by vacuum or Ar depending on the furnace and sintering proceeds. Between 500 and 750 °C, W oxides are reduced by carbon, which causes decarburization of the alloy, according to the global reaction (usually several steps).

𝑊𝑂 𝑥 + 𝑥𝐶 ↔ 𝑊 + 𝑥𝐶𝑂 (2) 
The carbon monoxide is pumped away and the temperature rose until the sintering temperature, which is carefully chosen to be just above the eutectic temperature of the alloy. After sintering, cemented carbides are dense and have the final required shape.

Additional finishing steps can be added for specific purposes (coating, grinding). The challenging aspect of sintering is the control of the carbon balance along the heating, when chemical reactions between the atmosphere and alloy occur. In order to prevent this carbon loss, extra graphite is added in the initial mixture. Under the capillary driving forces the liquid flows into the porosity and a primary rearrangement occurs which reduces the porosity and creates a more compact packing, in the contiguity of solid state sintering. Also, smaller grains dissolve preferentially [START_REF] Upadhyaya | Materials science of cemented carbides -an overview[END_REF] and the dissolved W and C atoms precipitate on the bigger grains, which leads to a coarsening of WC grains. This dissolution/precipitation mechanism leads to a secondary rearrangement which give rise to a solid skeleton of hard material in equilibrium with the liquid and to a complete densification. The shrinkage and the densification of the alloy in liquid phase are also driven by the reduction of the interfacial energy.

Shrinkage and microstructure evolution of WC-Co alloys during solid state and liquid phase sintering strongly depend on initial powder size, milling and sintering conditions, binder and carbon content [START_REF] Petersson | Modelling WC-Co sintering shrinkage-Effect of carbide grain size and cobalt content[END_REF]. The effect of binder nature on the shrinkage of cemented carbides has been investigated

for Ni-Co binders [START_REF] Su | Effects of Ni on the microstructures and properties of WC-6Co cemented carbides fabricated by WC-6(Co, Ni) composite powders[END_REF]. Grain growth of solid particles in a liquid is usually described by Ostwald ripening i.e dissolution of the smallest grains, followed by diffusion of solute species in the liquid and uniform precipitation on bigger grains, driven by reducing the total interface energy of the system. It can be modelled by the LSW theory (Lifshitz and Slyozov [START_REF] Lifshitz | The kinetics of precipitation from supersaturated solid solutions[END_REF] , and Wagner [START_REF] Wagner | Theory of the aging of precipitates by dissolution/reprecipitation (Ostwald ripening)[END_REF]) assuming a population of spherical particles dispersed in a liquid binder. The limiting process can be either solute diffusion or dissolution/re-precipitation reaction [START_REF] Warren | Microstructureal Development During the Liquid-Phase Sintering of Cemented Carbides[END_REF].

If diffusion is the limiting step, the average diameter of the particles 𝐷 ̅ is given as a function of time t:

𝐷 ̅ 3 -𝐷 ̅ 0 3 = 𝐾 𝑑 𝑡 (3) 
Where 𝐷 0 ̅̅̅ is the initial average diameter and 𝐾 𝑑 is a kinetic constant. If interface reaction is the limiting process:

𝐷 ̅ 2 -𝐷 ̅ 0 2 = 𝐾 𝑟 𝑡 (4) 
Where 𝐾 𝑟 is a kinetic constant. From theory, the evolution of the particle size distribution is shown to be self-similar, i.e the distribution of the reduced particle size 𝐷 𝐷 ̅ is invariant with time.

Assuming Equation ( 3) is fulfilled, Kd has been measured by several authors for WC-Co alloys and is summarized in Figure I-9. The values are significantly lower than the theoretical value calculated by Warren and Waldron (1.10 -18 m 3 /s) [START_REF] Warren | Microstructureal Development During the Liquid-Phase Sintering of Cemented Carbides[END_REF]. Therefore, diffusion in the liquid is not the limiting step of the process. Moreover, the evolution of the particle size distribution is usually not self-similar as predicted by LSW theory, and abnormal grain growth is often observed, i.e a population of large grains grows faster than the average. Therefore, uniform precipitation at the particle surface is also not the limiting step of the process.

In the case of faceted grains as WC in WC-Co alloys, the precipitation of the species is not uniform all around the surface but has to overcome an energy barrier for the nucleation at the surface or on existing defects [START_REF] Park | Abnormal Growth of Faceted ( WC ) Grains in a ( Co ) Liquid Matrix[END_REF]. So grain growth may be limited in this case by In the case of cemented carbides, WC particles are not surrounded by liquid binder but WC/WC grain boundaries are also present. Grain growth needs a cooperative migration of phase boundaries and grain boundaries. As introduced by Warren [START_REF] Warren | Microstructureal Development During the Liquid-Phase Sintering of Cemented Carbides[END_REF] and discussed by Missiaen and Lay [START_REF] Lay | Comprehensive Hard Materials-Hardmetals Ceramics Super Hard Materials-1.03 Microstructure and Morphology of Hardmetals[END_REF], grain boundaries and phase boundaries can either impede or enhance grain growth, depending on their relative mobility and on the fractional area of grain boundaries on the particle surface, i.e the contiguity.

Whatever the mechanisms involved in the grain growth of tungsten carbides, the contribution of each of them strongly depends on the materials and sintering parameters.

The addition of small amount of secondary carbides in the initial mixture usually has an inhibiting effect on WC grain growth, due both to the segregation of the inhibitor at the WC grain boundary and phase boundary [START_REF] Hayashi | Effects of Addition Carbides on the Grain Size of WC-Co Alloy[END_REF] [39] [START_REF] Lay | Structure and role of the interfacial layers in VC-rich WC-Co cermets[END_REF].

The initial particle size distribution strongly influences the final WC grain size distribution, with more important grain growth in the case of very fine population in the initial powder [36] [40]. Experimental results on the subject have been confirmed by numerical modelling which also emphasizes the significant contribution of the 2D nucleation mechanism in the WC grain growth [START_REF] Bonvalet | Modelling of prismatic grain growth in cemented carbides[END_REF].

As discussed previously, the proportion of liquid and solid phase during the sintering has an influence on the fractional area of contacts between WC grains, and it has been shown that the final grain size depends on the contiguity of the WC phase [START_REF] Pellan | Effect of Binder Composition on WC Grain Growth in Cemented Carbides[END_REF].

Finally, the composition of the binder strongly influences the mechanisms involved, since solubility parameter and interface energies depend on the nature and composition of the binder. It is well known that carbon content in WC-Co alloys influences the size [START_REF] Rees | A study of the factors controlling grain size in sintered hard-metal[END_REF] and the shape of the final WC grains, with bigger and flatter grains in case of carbon rich alloys [44] [45]. Considering the binder nature, several studies [START_REF] Wittmann | WC grain growth and grain growth inhibition in nickel and iron binder hardmetals[END_REF] showed a more important For the 3 binders, 3 different carbon contents are targeted:

-'2 phase' : carbon composition inside the 2-phase domain (WC+FCC).

-'3 phase C-rich' : carbon composition in the C-rich side near the 2-phase domain (WC+FCC+Graphite).

-'3 phase W-rich': carbon composition in the W-rich side near the 2-phase domain (WC+FCC+M6C).

The targets for 2 phase alloys are the middle of the carbon window at 1000°C.

For the 3 phase C-rich and W-rich alloys, the amounts of graphite and η phase are set to 0.28 vol% for C phase and 5.3 vol% for η phase in the 3 phase domains.

The targeted compositions are summarized in Table II-2. Thermodynamic calculation can also provide information about the equilibirum composition of each phase depending on the total composition and temperature, i.e the solubility of elements in the phase. Solubility of W and C elements in FCC and liquid phase are presented for the 9 alloys in Table II For a proper comparison of the shrinkage of the different alloys, the mass of powder and the relative density of the compact have to be the same whatever the binder nature and carbon content. In this study, we chose a relative density of 55% excluding PEG and a powder mass of 3 g. The suitable pressure to be applied to reach 55% green density can be extracted from compressibility curves. 

𝜌 𝑟 = 𝜌(ℎ) 𝜌 𝑡ℎ (5) 
with

𝜌 ℎ = 𝑚 (𝑊𝐶-𝑀) ℎ𝜋𝑟² (6) 
and m(WC-M), the WC-M alloy mass excluding PEG and ρth the theoretical density, measured on hot pressed samples under isostatic pressure (Table II-7). Once the appropriate pressure σ is extracted from compressibility curves, 3 g of powders are compacted to form a dense pellet of 8 mm width.

Calculation of the force is made according to the following relation:

𝐹 = 𝜎𝑆 = 𝜎𝜋𝑅² (7) 
with F the applied force, σ the uniaxial pressure, S the surface and R the sample radius. Before sintering, vacuum cycles are done in the chamber. By alternating vacuum cycles and pure gas flow, the chamber is cleaned of undesired elements, especially O.

Sintering starts by debinding which is performed under He/H2 atmosphere with a slow heating rate (1°C/min) until 400°C. The temperature is held at 400°C for 1h in order to remove the lubricant and reduce the oxide. Then the temperature is increased from 400°C to 1450°C under flowing Ar with a heating rate of 10°C/min and held at 1450°C for 0.5h.

Cooling is done at 30°C/min under Ar.

Experimental characterization techniques

A. Thermogravimetric and thermal analysis methods

At the beginning of sintering, polymer lubricant has to be removed from the material ("debinding") and metallic oxides reduced. These steps are very important to be studied because they have direct impact on the shrinkage of the material in the first stage of sintering. Both debinding and oxide reduction can be characterized by the measurement of the weight loss of the sample during the thermal cycle. This measurement can be done by thermo gravimetric analysis method (TGA).

TG signal (% or mg) and DTG signal (mg/min or %/min) are measured during sintering.

With this experiment, two significant mass losses can be assigned to debinding and oxide reduction.

Because information provided by thermodynamic calculation is not always accurate, it is important to measure experimentally the characteristic temperatures of the alloys considered in this study. Differential Thermal Analysis (DTA) is the measurement of the temperature difference between a substance and a thermally inert reference material, during a thermal cycle.

Heat flow rate signal (DSC signal, µV) is measured during sintering. This signal is internally calculated from the temperature difference between the sample and the reference material. With this technique, melting or solidification temperature can be identified by respectively endothermic or exothermic peaks. Knowing the initial density ρ0 of the prepared compact (compression), the relative density over time can be computed as follows assuming an isotropic shrinkage:

𝜌 𝑟 = 𝜌 0 (1- 𝜀 100 ) 3 (9) 
In this study, experiments are carried out in a SETARAM TMA92 [START_REF] Da Silva | The role of the binder phase in the WC-Co sintering[END_REF][START_REF] Lavergne | Mechanism of solid-state dissolution of WC in Co-based solutions[END_REF][START_REF] Mohammadpour | Effect of cobalt replacement by nickel on functionally graded cemented carbonitrides[END_REF] dilatometer. The dilatometer is composed of a furnace with a graphite resistor which enables thermal cycles from the ambient temperature to 1600°C. The furnace is isolated from the sample chamber by an alumina tube. A thermocouple measures the temperature of the chamber during the test and regulates the heating unit. A pushrod is in contact with the top of the sample and measures the dimensional variation of the compact during the thermal cycle.

A coil fixed to the pushrod allows to apply a charge on the compact during the test. Here, a minimum charge (5 g) is applied to avoid any shift of the specimen and to measure the SEM experiments have been conducted using SEM-FEG Zeiss Ultra 55. After sintering in the dilatometry furnace, a vertical section of the specimen is cut using a diamond wire or diamond disk. Then the surface is prepared by subsequent polishing steps from 40 µm to 1 µm using diamond sheets. In the case of porous samples, material is preliminary polished from 40 µm to 9 µm, then embedded in epoxy resin and polished again from 9

µm to 1 µm. SEM images were acquired on the prepared sample in the backscattered mode. The accelerating voltage was fixed at 10 kV to limit the penetration depth of the electrons. To get statistical results for the quantitative analysis, a uniform sampling was done on sections, and ten 2048 x 1536 pixels pictures were taken at x3000 magnification.

Morphology of the WC grains can also be observed by SEM after removing the binder phase. Sintered alloys have been boiled for 24h in mixture of hydrochloric acid and water to remove the metallic binder then observed in SEM.

In order to have closer look to the WC/binder interfaces and WC/WC grain boundaries, TEM experiments are performed on thin specimens of material. Two different TEM equipments have been used in order to have in the first time information about crystal orientation and in a second time chemical analysis on the different phases and interfaces.

The first step is done using the JEOL 4000EX microscope and the second one using the FEG JEOL 2100F microscope in STEM mode.

The crystal structure, lattice parameter and phases of a material was be determined by using XRD technique with PANalytical X'Pert PRO MPD XRD equipment. The main purpose of this characterization technique in this study is to identify eta phase in the microstructure, especially in the case of 2 phase alloys where decarburization has to be avoided.

D. Image analysis technique

In cemented carbides, intercept length measurement is one of the method conventionally used to characterize the WC grain size distribution in the 2D microstructure [44][31].

In this study, the choice has been done to characterize the microstructure with SEM images rather than EBSD images because of the large number of alloys and heat treatment considered, since EBSD cartography is more time consuming than SEM acquisition.

In this context, image analysis method by intercept length is convenient since the measurement of intercept length is directly done from a phase with no need for grain 

WC phase Binder phase

When a porous microstructure from an interrupted test is analysed, regular thresholding is not enough to properly split the binder phase from the WC phase. Indeed in the case of WC grains in contact with pores, the border of the WC grains can be darker (halo effect) because of the penetration depth of the electron into the epoxy resin. From the binary images, the remaining area fraction 𝐴 𝐴 (𝑂 𝑙 (𝑋)) of phase X after morphological opening with a linear segment of size l can be measured and the cumulative distribution G(l) is calculated:

𝐺(𝑙) = 𝐴 𝐴 (𝑋)-𝐴 𝐴 (𝑂 𝑙 (𝑋)) 𝐴 𝐴 (𝑋) (10) 
G(l) is the area fraction or equivalently an estimate of the volume fraction of phase X in which a segment smaller than l can be included. 

Pores phase WC phase Binder phase

Figure II-16: Functional scheme of the morphological opening with a linear segment of size l (corresponding to an erosion/dilation step i) on WC phase

The distribution density is the derivative of G:

𝑔(𝑙) = 𝑑𝐺 𝑑𝑙
where g(l)dl represents the area fraction or an estimate of the volume fraction of phase X in which a segment with length between l and l+dl can be included. Since the total volume is changing because of the shrinkage of the material, it is more relevant, especially for X being the pore phase, to report the volume fraction to the total solid volume, which remains unchanged.

𝑔′(𝑙) = 𝑑𝐺 𝑑𝑙 𝑉 𝑉 (𝑋) 1-𝑉 𝑉 (𝑝𝑜𝑟𝑒𝑠) (11) 
Vv(X) is the volume fraction of phase X and Vv(pores) the volume fraction of the pores.

g'(l) is then proportionnal to the actual volume of phase X in the corresponding size class.

The volume-weighted average intercept length can be computed from the distribution density: With this image analysis method, if grain growth is normal, the intercept length distribution is representative of 3D grain size distribution and l90/ l50 is constant for a constant volume fraction of WC phase.

𝑙 ̅ = ∑ 𝑙 𝑖 𝑔(𝑙 𝑖 )∆𝑙 (12) 
Because of the porosity of the materials in the interrupted tests, metallographic preparation is difficult. Pore volume fraction and binder volume fraction in the solid volume have then to be checked before trusting the size distribution analysis [START_REF] Chabretou | Quantitative analysis of the effect of the binder phase composition on grain growth in WC-Co sintered materials[END_REF] 

𝑀𝑂 𝑥 + 𝑥𝐻 2 ↔ 𝑀 + 𝑥𝐻 2 𝑂 (13) 
The associated mass loss is less than 0.2% of the total mass.

The biggest peak around 300°C is related to the debinding step: the mass loss due to PEG removal corresponds to approximately 2% of the total mass. During this step lubricant is decomposed by H2 into CO, CO2, H2O, CH4.

Cobalt reduction

Debinbing W reduction

The last main contribution to the mass loss comes from the reduction of the W oxide around 600°C (Figure III-1). Because Ar atmosphere is used at this stage of the heating, C

is the reductive agent and the reaction leads to the decarburization of the sample.

𝑊𝑂 𝑥 + 𝑥𝐶 ↔ 𝑊 + 𝑥𝐶𝑂 (14) 
If a little quantity of metal oxide remains from the debinding step, it will be reduced by WC or C from the sample at higher temperature, close to the W reduction. Both following reactions might occur:

𝑀𝑒𝑂 + 𝐶 ↔ 𝑀𝑒 + 𝐶𝑂 ( 15 
)
𝑀𝑒𝑂 + 𝑊𝐶 ↔ 𝑀𝑒 + 𝑊 + 𝐶𝑂 (16) 
Extra carbon amount is added into the mixture during the powder preparation to prevent the decarburization caused by W oxide reduction.

Influence of binder nature

In this study, we are investigating the influence of binder nature on the debinding and oxide reduction of cemented carbides. Previous work carried out by Angseryd [START_REF] Angseryd | Study of the chemical reactions during debinding of cemented carbide[END_REF] shows that the chemical composition, the WC initial particle size, the heating rate and the atmosphere are the four parameters influencing the debinding starting temperature. Indeed, the binder can have a catalytic effect on the debinding process and this effect is related to the presence of metallic surface. In this assumption, Ni has a better catalytic effect than Co followed by Fe, maybe explained by the earlier reduction of the Ni metallic oxide, followed by Co, then Fe.

Therefore, the oxide reduction investigation should contribute to the good understanding of the debinding process depending on the binder nature. 

Oxides reduction

For WC-Co and WC-Ni alloys, the metal binder is reduced around 200°C, which is characterized by a small drop of the TG curves before the PEG removal.

In the case of WC-Fe alloys (Figure III-2), no peak at low temperature corresponding to the oxide reduction is detected. Nevertheless, there is a sharp peak around 600-700°C after the PEG removal for WC-Fe alloys. This temperature nearly corresponds to the W oxide reduction temperature, but the peak is significantly sharper in comparison with the others WC-M alloys curves. The first assumption is to associate this peak to the Fe reduction. In order to establish the stability of the different metal oxides, Gibbs energies for oxidation of the different metallic elements are calculated.

Table III-1 summarizes the enthalpy of formation and entropy used for the calculation of Gibbs free energies: Kinetic effects may also explain this delay in the reaction.

∆ 𝑅 𝐺 °(𝑇) = ∆ 𝑅 𝐻 °-𝑇∆ 𝑅 𝑆 ° (17) 
In the case of Fe oxide, the reduction condition is fulfilled whatever the temperature for P(H2)/P(H2O) >10 3 . Nevertheless the reduction of Fe starts around 680°C (Figure III-2).

Although the O pressure in the furnace is assumed to be around 10 3 , P(H2)/P(H2O) is more probably closer to 1 in the surrounding area of the oxide. For P(H2)/P(H2O) >1, Fe is supposed to be reduced around 620°C by H2 and 700°C by C.

𝐹𝑒 3 𝑂 4 + 4𝐶 ↔ 3𝐹𝑒 + 4𝐶𝑂 𝑜𝑟 𝐹𝑒𝑂 + 𝐶 ↔ 𝐹𝑒 + 𝐶𝑂 (18) 
In the case of classical debinding step, the furnace is held under H2 atmosphere until 400°C. Therefore iron oxide is reduced by carbon, leading to decarburization of the materials.

Since the C loss due to Fe oxide reduction is not anticipated during powder preparation, a solution could be to rise the debinding temperature from 400°C to 600°C in order to reduce Fe by H2 rather than C.

2 additional tests have been run with a debinding temperature of 500 °C and 600°C with a holding time of 1h (Figure III-6). In addition, chemical analyses have been done in order to check the final carbon and oxygen content of the alloys (Table III-3). From chemical analyses Table III-3, it can be noticed than carbon content after sintering is higher as debinding temperature increases. In addition, a higher amount of oxygen is eliminated for debinding at 600°C than 400°C, which is in accordance with the mass loss From qualitative analysis, no significant difference in WC grain size or binder distribution can be observed. Nevertheless, final density is higher in the case of the alloy debinded at 600°C than 400°C (98,2% rather than 97,6%).

From TGA experiments, SEM observations and chemical analysis, one can conclude that less decarburation and better final density is achieved for WC-Fe alloys debinded at 600°C rather than 400°C. Despite these results on the debinding temperature and the oxide reduction efficiency, the debinding temperature is kept at 400°C for all of the alloys investigated in this study. For WC-Co alloys, the total mass loss is higher for the 3 phase W-rich and 2 phase alloys than 3 phase C-rich alloys (Figure III-9). In comparison with Fe and Ni binder, where the mass loss corresponding to the debinding is around 2.25 wt%, the mass loss for WC-Co 2 phase and 3 phase W-rich alloys is around 2.4 wt%. A superior amount of PEG in the initial powder mixture is a reasonable explanation to the higher mass loss during debinding step.

Influence of the carbon content

Unlike the binder nature, carbon content does not have a significant effect on the debinding starting temperature regardless of the binder nature.

Oxides reduction

In WC-Co alloys, the mass loss related to the cobalt reduction at 200°C is more important for the 3 phase C-rich alloy. The W reduction around 500°C happens sooner in this alloy (Figure III-9), as expected since C is the reducing agent for the reaction. In the case of WC-Fe alloys the reduction of iron oxide occurring around 600°C is influenced by the carbon content (Figure III-8). Indeed, the iron reduction temperature decreases with increasing carbon content. Since carbon is the reducing agent for this reaction, reduction of iron oxide is more favourable in WC-Fe 3 phase C-rich than 2 phase and 3 phase W-rich alloys.

Unlike Co and Fe binders, no significant differences are observed between the WC-Ni IV. Shrinkage and microstructure evolution during sintering 1. Microstructure and phase identification after sintering One of the main purpose of this study is to analyse the influence of the binder composition on the shrinkage and microstructure evolution of WC-M alloys. In order to have a relevant comparison of the alloys regarding the binder and carbon content, it is necessary to control the composition after sintering, especially the carbon balance. Microstructural observations as well as XRD measurements are done in order to check the different phases in presence in the material after sintering. Table IV II-3), the composition of this alloys is at the limit between the 3 phase W-rich and the 2 phase domain, which could explain why the phase is not detected by the XRD measurement. In the case of WC-Co alloys, only the 3°C/min heating rate has been done, because at this rate, no decarburization has been noticed in comparison with the phase diagrams.

The results obtained during cooling were also not reliable due to the high cooling rate and to the decarburization at high temperatures and they will not be presented here.

DTA curves for the 9 alloys are presented in From DTA experiments, a sintering temperature of 1450°C is appropriate for the liquid phase sintering of the 9 alloys, whatever the binder nature and carbon content. These results on solidus temperatures are consistent with the DTA results discussed in §IV.2. Indeed, the temperature measured by dilatometry experiment are in most cases lower by 15-20°C than the eutectic and peritectic temperatures calculated from thermodynamic data, which may be due to a shift between the sample and the thermocouple in the dilatometer.

From both DTA and dilatometric experiments, we can conclude that the DTA and dilatometry solidus temperature rather fit to the eutectic and peritectic temperatures calculated from thermodynamic data. Regarding the final density (Table IV-5), WC-Fe alloys are in the three cases the less dense. The first explanation for the swelling could be a liquid exudation at the edge of the compact above the melting temperature. Some additional tests have been run with carburized plates (ceramics plates with carbon deposits) since liquid metals do not wet carbon, but swelling remains.

The second explanation could be the volume expansion due to the formation of the liquid in the materials. Although the liquid molar volume is usually larger than the solid one, this effect has never been reported in the literature to explain swelling during liquid phase The hypothesis to explain the swelling is that an enrichment of the binder in W tends to increase the binder lattice parameter. Maritzen [START_REF] Maritzen | Lattice Parameters and Saturation Magnetization of Co-W-C Alloys[END_REF] established a formula which directly links the lattice parameter of the binder to W and C dissolved in the binder. 𝑎 = 0,35430 + 0,000369𝑋 𝑊 + 0,000763𝑋 𝐶 -0,000108 𝑋 𝑊 𝑋 𝐶 𝑋 𝑊 + 𝑋 𝐶 [START_REF]Nickel in Hardmetals[END_REF] Where Xw and Xc are respectively the W and C atomic percent solubility in the binder.

From this formula, increase of the lattice volume of binder then of the total volume of the material can be estimated and compared to the swelling observed on the shrinkage curves in following an Arrhenius variation:

1 𝜂 ∝ 1 𝑘𝑇 𝑒𝑥𝑝 (- 𝑄 𝑘𝑇 ) (21) 
The shrinkage rate then scales as:

-𝑇 𝑑𝜀 𝑑𝑡 ∝ 𝜎 𝑘 𝑒𝑥𝑝 (- 𝑄 𝑘𝑇 ) (22) 
The apparent sintering stress and the apparent viscosity depend on the microstructure which varies during sintering. As a first approximation, we will assume that variation is mainly due to the Arrhenius term.

Following Gille [START_REF] Gille | Submicron and ultrafine grain hardmetals for microdrills and metal cutting inserts[END_REF], activation energies Q are estimated from the slope of the function

ln (-𝑇 𝑑𝜀 𝑑𝑡 ) = 𝑓 ( 1 𝑇 
).

Arrhenius curves, 𝑓 (

), plotted from shrinkage results for the three binders are shown in ) is stalling at high temperature due to the decrease of the sintering stress (decrease of interface curvature)

and to the increase of the viscosity (increase of diffusion distances).

Therefore only the linear part of the curves at low temperature was considered for the calculation of the activation energy. These results reveal that the activation energy is in average superior for iron binder than cobalt and nickel binders.

In order to find the mechanisms involved in the process of densification, experimental Regarding the activation energies, no clear difference can be established between the three binders, neither for diffusion at grain boundaries nor in the volume.

One assumption is considering the densification as a combination of several mechanisms.

For WC-Ni and WC-Co, since the activation energy has a value between the activation energies for diffusion at binder grain boundaries and in the binder volume, we can assume that shrinkage mechanism is a combination of both diffusion at grain boundaries and in the binder volume.

For WC-Fe alloys, the activation energy is similar to the activation energy for diffusion in the binder volume, so in this case diffusion in the binder volume would to be the main mechanism for the shrinkage. 1150°C, 1280°C and 1320°C. They are chosen to study the early stage of the solid state sintering, the rearrangement step and the last stage of the solid state sintering. As seen previously in the shrinkage study, the steps will not be identified at the same temperature for all the alloys depending on the binder nature and carbon content.

To rely on the quantitative analysis results, porosity and binder content measured by image analysis have to be similar to the one measured geometrically after interrupted test and calculated by thermodynamics (approximately 20 vol% for the binder fraction). The porosity values measured from image analysis on the final compacts powder are systematically lower by ≈5-10 % than the absolute values estimated from geometrical measurement (Table IV- The intercept length distributions for WC phase are summarized in Annexe 3, since in this study we want to investigate the effect of the binder on the shrinkage, and the WC phase evolution is similar during sintering whatever binder and carbon content. For WC-Fe 3 phase C-rich, a finer intercept length distribution is observed at 1150°C which remains almost the same between 1150°C and 1320°C. This can be explained by the presence of the liquid as soon as 1150°C (Table IV-3). A small amount of large pores is observed at 1150°C, which are gradually eliminated between 1150°C and 1320°C. The bad spreading at the early stage of the solid state sintering in the case of WC-Fe alloys may be due to:

phase alloys

-A coarser initial iron raw powder -A unefficient milling of the powder mixture -Impurity in the powder, such as a metallic element forming a stable surface oxide, which would be reduced at higher temperature.

-Chemical effect of the iron binder itself (interfacial energy, diffusion coefficient,…)

In order to check these hypotheses, 2 new WC-Fe 2 phase alloys are prepared by changing the milling conditions and the initial binder raw powder. Results of this study are presented in Annexe 4.

The results show that even with finer iron powder or better milling conditions, shrinkage of WC-Fe alloys is still delayed to higher temperature compared to WC-Ni and WC-Co alloys, with a similar WC grain size distribution. In addition, microstructure of WC-Fe alloys with the fine powder is comparable to the WC-Co and WC-Ni alloys. Despite the finer microstructure, the binder grains still exhibit a spheroidal shape with a large wetting angle.

Regarding the impurity in the initial powder, it has been seen in the literature that small amount of metallic element, as Ti for instance, can be responsible for the late shrinkage of cemented carbides [48] [54]. Indeed, Ti may forms stable oxides at the surface of W grains, which delays spreading of the binder and then shrinkage to higher temperature since titanium oxide is not reduced before1200°C. Nevertheless from chemical analysis on sintered alloys, only traces of metals such as Cr and Ti are detected, and the amounts are similar for the different binders.

From these results, it can be concluded that it is most probably the chemical nature of the binder which is responsible for the delayed shrinkage with iron binder. Indeed, the large apparent wetting angle between WC and binder grains is responsible for the bad spreading of the iron. One assumption that could explain the delayed shrinkage of WC-Fe is the bad spreading of the iron binder on WC grains compared to nickel and cobalt binder.

Therefore, morphological effect of the initial raw powder can be neglected.

Effect of carbon content

Regarding the effect of carbon content, a better spreading of the binder is observed in the case of W-rich compared to C-rich alloys, especially in WC-Ni and WC-Co alloys, with spreading of the binder into fine intergranulars spacings. This is correlated to an earlier shrinkage in solid state sintering with W-rich alloys compared to C-rich alloys, whatever the binder. Calculations led by Gren using density functional theory on interface energies in cemented carbides indicate better spreading of nickel binder on WC grains than cobalt and then iron [START_REF] Gren | Presentation KTH meeting: Atomic-scale modelling of interfaces in cemented carbides : wetting and strength[END_REF]. Indeed, surface, interface and grain boundaries energies can be estimated depending on the binder nature and carbon content of the alloys (Table IV -13).

From these calculations, the metal and tungsten carbide surface energies are superior in the case of Fe than Co then Ni, and the interface energies are similar for the three binders. Considering that adsorption equilibrium is reached at the different surfaces/interfaces, binder spreading should be slightly promoted on the WC surface and WC/WC grain boundaries for Ni alloys rather than Co then Fe. Moreover, decreasing the C/W ratio should promote spreading on the WC surface and at the grain boundaries as well.

Other explanations on the effect of the carbon content on the spreading on the WC surface have been given by Bounhoure [START_REF] Bounhoure | Discussion of nonconventional effects in solid-state sintering of cemented carbides[END_REF], suggesting that a lower interface energy is due to the paramagnetic state, whereas the interface energy is higher in the ferromagnetic state.

Indeed the transition from the ferromagnetic to the paramagnetic state occurs earlier in W rich alloys. However, our results show that the effect of carbon content is similar for the three binders, with an earlier binder spreading for W-rich alloys. Iron, nickel and cobalt have different Curie temperature (TC(Co)=1121°C, TC(Ni)=358°C, TC(Fe)=770°C)), so nickel and iron are in the paramagnetic state at the beginning of solid state sintering.

We can conclude that the magnetic state of the binder is not responsible for the earlier spreading in W-rich alloys during solid state sintering which is rather due to a chemical effect.

A second explanation put forward by Bounhoure [START_REF] Bounhoure | Discussion of nonconventional effects in solid-state sintering of cemented carbides[END_REF] in WC-Co alloys is about the recrystallization of new grains in the binder having special orientations and low interface energy with the WC phase [START_REF] Bounhoure | Discussion of nonconventional effects in solid-state sintering of cemented carbides[END_REF]. Indeed, during solid state sintering, dissolution of W and C atoms in the binder near to WC/Co interfaces induces elastic stress in the binder. This elastic stress is then relaxed by recrystallization of cobalt grains with equilibrium composition and low interface energy at the interface between WC and Co. The difference in elastic energy across the grain boundary in the binder is then the driving force for further grain boundary migration. The recrystallization is easier in the case of W-rich alloys since W solubility is higher in the binder than for the C-rich alloys, and the number of oriented grains has been shown to be larger in this case, which could explain the better spreading. Same investigation has to be done for Ni and Fe binder. Mass balance is done by using a general representation of the geometry including stereological parameters of the microstructure. Assuming a perfect wetting of WC grains by the solid binder, the shrinkage rate is expressed as:

𝜀̇= 8𝐷 𝑉 𝛾Ω 𝑅𝑇 𝐺(𝐷) (23) 
where DV is the average volume self-diffusion coefficient in the binder,  is the surface energy,  the molar volume of the binder, R the gas constant and T the temperature. G(D) is a function of the microstructure which varies with the density D and which scales with the inverse of the cube of WC particle size. As a first approximation, by taking a scaling factor equal to 1 and a particle size of 1 µm and by neglecting the C/W effect, an order of magnitude of the shrinkage rate can be obtained. The results are summarized for a calculation at 1100°C for the 3 binders (Table IV -14). ) in this temperature range for WC-Co and WC-Ni 2-phase alloys, whereas it is much smaller for WC-Fe 2-phase alloys. For WC-Co and WC-Ni alloys, experimental solid state sintering kinetics are then consistent with a mechanism of spreading of the binder into the pore controlled by volume diffusion, whereas an additional effect seems to limit the kinetics for WC-Fe alloys at low temperature. Since the model assumes a perfect wetting of WC grains by the binder, limitation could come from a negative spreading parameter for the Fe binder at low temperature, i.e. to a larger value of the metal surface energy and/or of the phase boundary energy. The curvature of the binder surface would then be not so high or the surface could even become convex, slowering or even impeding spreading of the binder into the porosity. This assumption is confirmed by previous microstructural analysis, showing a large wetting angle at the interface between Fe and WC and a convex binder surface with the WC grains.

Binder DV [m 2 .s -1 ] [52] γ [J.m -2 ] [57] Ω [m 3 ] 𝜺̇ [𝒔 -𝟏 ] Fe 1.9 10 -15 3.1 7.14 10 -6 2.4 10 -5 Co 2.7 10 -15 2.7 6.70 10 -6 3.4 10 
However, the results are consistent with the activation energies calculated in §IV. With the relative temperature, the time spent in the liquid phase during the sintering is the same for all the alloys whatever the binder nature. 1 µm 1 µm

1 µm 1 µm 1 µm 1 µm a) 1450°C 1450°C b) 1450°C c) d) e) f)
From quantitative analysis and qualitative observations, WC-Ni alloys present the biggest WC grains, followed by WC-Co then WC-Fe, regardless of carbon content. This trend has already been observed with the sintering temperature of 1450°C, with bigger final WC grains in the case of WC-Ni then WC-Co, then WC-Fe.

To conclude, WC grain growth is more significant in the case of Ni than Co then Fe, whatever the carbon content and the sintering temperature. For the following study on the influence of sintering time on final microstructure, the reference 1450°C temperature is used as sintering temperature.

B. Influence of sintering time on final microstructure

The aim of this work is to characterize WC grain growth kinetics of the alloys as a function of the binder nature and carbon content during isothermal heating. In this study, three different holding times are chosen: 0,5h, 4h and 8h. Thermal cycles used for this study are Chemical analysis after sintering have been done on 2 phase alloys in order to check the final carbon balance (Table V-2). From the systematic study of intercept length in the WC phase and in addition to the qualitative observation of SEM images, grain growth is inhibited for WC-Fe alloys for all carbon content, and no significant WC grain growth occurs for Ni and Co binder with low carbon content. On the contrary, grain growth is enhanced and the abnormal character of grain growth increases when the carbon content increases, especially in the case of the Ni binder.

WC grain morphology and interface

A. WC grain morphology

Whereas quantitative information about size distribution in the WC phase can be extracted from 2D image analysis, it is more difficult to evaluate the morphology of the grains with this technique. Observation of the microstructure after dissolution of the binder provides qualitative information about grain shapes and interface roughness. As described previously, sintered samples of material are boiled for 24h in mixture of water and hydrochloric acid. SEM images of the material after chemical attack are shown in The presence of steps depending on the total carbon balance exhibits the influence of carbon content on the grain growth mechanisms of WC-M alloys and on the final WC grain shape.

These observations combined to the evolution of the grain size during liquid phase sintering provide information about grain growth mechanisms involved as the function of the binder composition. 

WC/WC grain boundaries

Investigation on WC/WC grain boundaries is relevant for the study of WC grain growth in cemented carbides since it has been seen that grain boundaries can either impede or enhance the grain growth. As already discussed in the bibliography chapter, segregation of atoms at grain boundaries may act as a grain growth inhibitor. While it was established that about 0.5 monolayer of Co segregates in the boundaries [START_REF] Henjered | Quantitative microanalysis of carbide/carbide interfaces in WC-Co-base cemented carbides[END_REF],some recent works claim the presence of nanometer films of Co at WC/WC grain boundaries in WC-Co alloys for low carbon content [START_REF] Konyashin | Wettability of tungsten carbide by liquid binders in WC-Co cemented carbides: Is it complete for all carbon contents?[END_REF].

Studies of the WC/WC grain boundaries were conducted using STEM EDS chemical analysis. The major aim of this work is to investigated the composition of the grain boundaries in order to identify potential binder thin layer or segregation. Different WC/WC grain boundaries are investigated.

Although random grain boundaries configurations represent approximately 80% of the total WC grain boundaries [START_REF] Pellan | Development of grain boundaries and phase boundaries in WCCo cemented carbides[END_REF], some special grain boundaries configurations can be  Calculation of the segregation layer thickness Thickness of the segregation layer at WC/WC grain boundaries can be estimated from EDX cartography [START_REF] Gu | Composition and chemical width of ultrathin amorphous films at grain boundaries in silicon nitride[END_REF]. Calculation technique of the film thickness is detailed in Annexe 6.

For all alloys except WC-Fe 3 phase W-rich, STEM/EDS maps were acquired using a beam size of 0.7 nm with a pixel size in the map about 0.7 nm. For WC-Fe 3 phase W-rich alloy, beam size of 1 nm with a pixel size about 1.4 nm were used. The calculated thickness is divided by the distance between planes for a given crystallographic structure in order to obtain the approximated number of atomic layer of binder at the WC/WC grain boundaries (Figure V-28). In the case of iron alloys, both FCC and BCC iron have been considered since iron is FCC at temperature above around 900°C and BCC below. Carbon content has a strong influence on grain growth of cemented carbides, as already observed with WC-Co alloys. A significant WC grain growth is observed for C-rich alloys with Co and even more with Ni binder, whereas the microstructure evolution is much slower in the case of W-rich alloys. Concerning the effect of the metallic binder, no significant grain growth is noticed for WC-Fe compositions, whatever the C content. Grain growth is enhanced with the Co binder and even more with Ni binder, especially for Crich compositions. Interpretation of the effect of the C/W ratio and of the nature of the metallic binder is proposed below.

As seen in the literature analysis §I, grain growth in the case of faceted particles is usually controlled by the nucleation or by the lateral growth of new layers at the particle surface.

Analysis of the WC morphology after sintering indicates that the presence of steps is related to the carbon content. With carbon content below the stoichiometric WC, triangular terraces are observed on the basal planes, suggesting that 2D nucleation of new layers is much more rapid than the lateral growth of these layers. On the other hand, the absence of steps suggests than lateral growth does not limit the kinetics for C-rich alloys.

Several assumptions explaining this morphology as a function of the carbon content are considered. First of all, the presence of precipitates (as for instance W2C) at the edge of the steps could inhibited the lateral growth. Nevertheless, such precipitates on WC steps have not been observed yet.

The second assumption is about the WC/binder phase boundary energy as a function of the carbon content. Petisme [START_REF] Johansson | A computational study of special grain boundaries in WC-Co cemented carbides[END_REF] calculated WC/Co phase boundaries values for different carbon contents(graphite limit and η limit), basal and prismatic planes (( 0001 The third assumption could be that a stable monolayer of cubic WC could inhibit the lateral growth of the step. Indeed, Lay [START_REF] Lay | Morphology of WC grains in WC-Co alloys[END_REF] already observed WC cubic layer at WC/interface. In addition, Fransson [START_REF] Fransson | A computational study of thin films in WC-Co cemented carbides: Vacancies and vibrations[END_REF] estimated the stability of this WC cubic monolayer in WC-Co alloys from calculation depending on the carbon content and concluded that the cubic layer is more stable for W-rich than C-rich alloys. Such a layer could impede the lateral growth of the terraces and then explain why steps are visible only in the case of W-rich alloys.

In the case of WC-Ni C-rich alloys, the more rounded grain corners suggest than 2D nucleation and lateral growth do not limit grain growth kinetics anymore and that precipitation tends to become uniform at the particle interface. It can then be assumed that precipitation first occurs on rounded edge surfaces followed by atomic redistribution 

𝑙 3 -𝑙 0 3 = 𝐾 𝑑 𝑡 (24) 
For spheres of identical sizes, the mean intercept length is 2/3 of the sphere diameter D.

Here the mean intercept length is evaluated from the WC phase, where WC grains are not separated, and the relation becomes:

𝑙 = 2 3(1 -𝐶) 𝐷 ( 25 
)
where C is the contiguity [START_REF] Deshmukh | A study of microstructural development during liquid-phase sintering of WC-Co alloys[END_REF]. For a size distribution, l is multiplied by a constant Kw which increases with the width of the grain size distribution [START_REF] Han | Analysis of the proportionality constant correlating the mean intercept length to the average grain size[END_REF].

𝑙 = 2 3(1 -𝐶) 𝐾 𝑊 𝐷 (26) 
For a fixed volume fraction of binder, C is more or less fixed and for a normal grain growth, Kw is fixed and l ≈ D (C≈0.5-0.6 for 20vol% binder).

Results of Equation ( 24 In addition, theoretical growth rate constant is calculated using parameters extracted from literature [START_REF] Warren | Microstructureal Development During the Liquid-Phase Sintering of Cemented Carbides[END_REF]:

𝐾 𝐷 = 8 9 𝛾 𝑆𝐿 𝛺²𝐷𝐶 0 𝑅𝑇 (27) 
The experimental KD extracted from Figure V-32 are summarized and compared to the theoretical values calculated in Table V-3. It can be concluded from comparison between experimental and theoretical results that the experimental grain growth constant is the same order of magnitude than the value calculated by the LSW theory for diffusion-limited grain growth, which supports the interpretation.

In addition, the thickness of segregated binder at the grain boundaries is different for the three binders. However, this effect is difficult to relate to grain growth kinetics. First, a literature review on cemented carbides, sintering process and WC grain growth was proposed. The alloys composition and experimental techniques were then described, especially microstructural characterization. SEM in addition to image analysis technique was used to provide qualitative and quantitative information on the phase distribution evolution during solid state sintering, on the WC grain size evolution during liquid phase sintering and on the final WC grains morphology. Moreover, WC/M interfaces and WC/WC grain boundaries were characterized using TEM techniques.

Before investigating the shrinkage, study of the debinding has been led. Indeed, although debinding of WC-Co alloys is well understood, it is not the case for other binders such as nickel or iron. Removal of the PEG and reduction of the oxides were investigated. Unlike cobalt and nickel which are reduced around 200°C, iron is reduced at higher temperature, above the usual debinding temperature (400°C). Different thermal cycles were investigated with higher debinding temperatures (500°C and 600°C) in order to study the influence of the debinding cycle on final microstructure and composition on WC-Fe alloys.

Although slight decarburization occurs when debinding is set at 400°C, no difference in final microstructure has been observed depending on the debinding temperature.

The final microstructure of materials sintered at 1450°C and XRD measurement for the 9 alloys were consistent with the phase compositions predicted by Thermo-Calc™. Also DTA experiments confirm the melting temperature predicted by Thermo-Calc™ for the different alloys.

Shrinkage during sintering has been investigated by systematic dilatometric experiments.

As already observed in previous works on WC-Co, shrinkage occurs earlier for W-rich alloys than C-rich alloys for the three binders. In addition, swelling occurring at the beginning of the liquid phase sintering of WC-Co and WC-Ni 2 phase alloys has been studied and may be attributed to the dissolution of W in the FCC solid binder during the melting step, although the calculated effect on the lattice parameter is significantly lower than the experimentally observed swelling. Regarding the influence of the binder nature, solid state sintering is delayed to higher temperature for WC-Fe in comparison to WC-Co and WC-Ni alloys. In addition, microstructural observation exhibited a good spreading of Co and Ni binder into the porosity at the early stage of solid state sintering, whereas Fe hardly spreads until liquid phase sintering. Better spreading is also exhibited for W-rich alloys compared to C-rich alloys.

From shrinkage results correlated with microstructural observations and quantitative analyses on interrupted tests, it has been concluded that the good shrinkage of WC-Ni and WC-Co until 1200°c is due to the efficient spreading of the binder into the small porosity.

The lower spreading efficiency of WC-Ni at higher temperature compared to WC-Co is probably due to the lower amount of fine pores left at this temperature compared to WC-Co alloys and explain the decrease of the shrinkage rate from 1200°C. For WC-Fe alloys, the delayed shrinkage could be attributed to the bad spreading of the binder, which after several assumptions is thought to be due to the chemical nature of the binder (high surface and interface energy) rather than to a different powder morphology or contamination of the initial powder. Regarding the effect of carbon content, the earlier shrinkage in solid state sintering is correlated to the earlier spreading of the binder into fine intergranular spacings with W-rich alloys compared to C-rich alloys, whatever the binder.

Shrinkage mechanisms were then discussed from experimental results and theoretical models. From dilatometric and microstructural investigations, particle rearrangement induced by spreading of the binder is considered as the main densification mechanism of the solid state sintering of cemented carbides.

Spreading is enhanced for a lower surface and interface energy of the binder, both of which depend on the chemical nature of the binder and on the carbon content. From DFT calculation of surface/interface energies, binder spreading should be slightly promoted on the WC surface and into WC/WC grain boundaries for Ni alloys rather than Co and even more than Fe. The same calculations show that decreasing the C/W ratio should promote spreading on the WC surface in agreement with observations and at the grain boundaries as well.

In addition, spreading of the binder into the porosity could also be enhanced by a mechanism of recrystallization of binder grains with low interface energy with WC, which was put forward previously for WC-Co materials. This recrystallization would be driven by the elastic energy associated to dissolution of W at the interface, and would be enhanced in W-rich compared to C-rich alloys as well as in WC-Ni and WC-Co compared to WC-Fe alloys, due to the higher W solubility. It would then bring a consistent explanation of the effect of both C content and binder nature on the spreading and consequent shrinkage efficiency.

From a previous model and experimental shrinkage results, mass transport for the spreadingassisted shrinkage is consistent with volume diffusion of the binder atoms to the pores in the case of WC-Ni and WC-Co, assuming a perfect wetting of WC grains by the binder. On the contrary, experimental shrinkage rates are much lower than predicted by the model for WC-Fe alloys at low temperatures, which could be due to a higher surface and interface energy for the Fe binder and by consequence to a possibly negative spreading parameter.

WC grain growth during liquid phase sintering was then analysed. Systematic study of intercept lengths in the WC phase as a function of the sintering time and temperature was performed in addition to the qualitative observation of SEM images. Whatever the sintering temperature and carbon content, grain growth is always enhanced in the case of WC-Ni alloys compared to WC-Co and then WC-Fe. Regarding the sintering time, grain growth is inhibited for WC-Fe alloys for all carbon content, and no significant WC grain growth occurs for Ni and Co binder with low carbon content. On the contrary, grain growth is enhanced and the abnormal character of grain growth increases when the carbon content increases, especially in the case of a Ni binder.

Morphology of the final WC grains as well as WC/binder interfaces and WC/WC grain boundaries were then investigated using SEM, TEM and STEM analyses. In the case of W-rich alloys, WC grains present steps on the basal plane at the interface with the binder, unlike the C-rich alloys which exhibit smooth interface and rounded edges in case of WC-Ni alloys. In addition, segregation of the metallic binder of about 1 to 2 atomic layer for WC-Fe alloys and 0.5 to 1 atomic layer for WC-Ni and WC-Co was found at WC/WC grain boundaries whatever the carbon content.

Grain growth kinetics and mechanisms were analysed and discussed from both 2D and 3D microstructure analyses.

Carbon content has a strong influence on grain growth of cemented carbides, with a significant WC grain growth observed for C-rich whereas the microstructure evolution is much slower in the case of W-rich alloys. Analysis of the WC morphology after sintering indicates that the roughness of WC surface is related to the carbon content. With carbon content below the stoichiometric WC, triangular terraces are observed on the basal planes, suggesting that 2D nucleation of new layers is much more rapid than the lateral growth of these layers. On the other hand, the absence of steps suggests than lateral growth does not limit the kinetics for C-rich alloys. This more difficult lateral growth of atomic layers could be explained by:

-The presence of precipitates at the edge of the steps (W2C for instance) in the case of W-rich alloys, but such precipitates were not identified on the microstructure after cooling -The presence of a stable monolayer of cubic WC at the interface between basal facets of WC grains and binder.

-The difficulty to precipitate the C-terminated prismatic facets at the edge of the growing layers on basal planes for W-rich alloys, due to the relatively high energy of theses facets and to the lower C solute content in the liquid for W-rich alloys

Regarding the influence of the binder nature, in the case of WC-Ni C-rich alloys, the more rounded grain corners suggest that 2D nucleation and lateral growth do not limit grain growth kinetics anymore but that precipitation tends to become uniform at the particle interface. Precipitation first occurs on rounded edge surface followed by atomic redistribution by fast surface diffusion on the flat surfaces. This phenomenon could be explained by a lower anisotropy of interface energy in the case of Ni, compared to the Co and even more to the Fe binder, yielding to a more spheroidal equilibrium grain shape.

Comparison between experimental and theoretical approach of grain growth kinetics Using Maritzen formula eq [START_REF]Nickel in Hardmetals[END_REF] and solubility calculation summarized §II, the lattice parameter is drawn as a function of the sintering temperature (Figure 2). From dilatometry results with the standard heating cycle (Figure 2), shrinkage occurs earlier in the solid state sintering for WC-Fe 2 phase alloys milled in Secotools than for the one milled in Sandvik. Nevertheless, little difference is observed between the WC-Fe 2 phase with finer iron powder and WC-Fe 2 phase with coarser powder, both milled in Secotools.

One can conclude the initial iron raw powder does not have a significant effect on the final shrinkage, whereas milling condition has an impact on the beginning of the solid state sintering. In addition, WC-Fe with the finer powder milled in Secotools presents a larger total shrinkage and a better density in comparison to the reference alloy (Table 2). Interrupted sintering tests at 1150°C and 1280°C were conducted and SEM images of the materials after sintering are summarized in Figure 3. Result of the image analysis on binder, pore and WC phase at 1150°C and 1280°C are presented in Figure 4. From microstructure and image analysis, the binder phase is slightly coarser in the case of WC-Fe reference alloys at 1150°C, but the shape of the binder clusters is spheroidal for the three alloys. Porosity cannot be compared at 1150°C since pore volume fraction in image analysis for WC-Fe 2 phase is too low compare with what it is expected geometrically. At 1280°C, binder intercept length distribution is similar for the three alloys, whereas porosity is finer in the case of WC-Fe alloys milled at Secotools. In addition, WC-Fe 2 phase reference presents larger amount of big WC intercept length in comparison to the alloys milled at Secotools. This results are consistent with dilatometry results, since the alloys milled at Secotools have finer WC grains and /or a better dispersed binder phase and as a consequence shrink slightly earlier than WC-Fe reference alloy.

Regarding these results, it is important to compare the WC-Fe 2 phase alloy with finer powder to WC-Co and WC-Ni in order to check if the size of the initial iron raw powder may explain the difference in shrinkage and microstructure observed previously or the difference in binder dispersion. From microstructure observation and image analysis done at 1150°C (Figure 6 and Figure 7), WC grain size distribution is similar for WC-Co, WC-Ni and WC-Fe alloys, whereas binder is slightly finer in the case of WC-Fe alloy. Therefore, the significant difference in shrinkage cannot be explained by a difference in spreading kinetics due to a difference in WC grains size or in the size of the binder clusters after milling, since they are slightly finer in the case of WC-Fe than WC-Co and WC-Ni.

However, Fe cluster shape is spheroidal whatever the milling condition or the initial raw powder size, suggesting a larger wetting angle between WC and Fe.

It can be concluded that initial coarser raw powder is not responsible for the delayed solid state sintering of WC-Fe alloys. Chemical effect of iron on the shrinkage (higher surface and interface energy) has to be considered rather than morphological effect (spreading kinetics). milling step of the TEM thin foil and has to be deducted of the binder total amount. Chemical analysis of the binder are also performed in binder grains.

In this study, no correction of the analyses measured by STEM/EDS was performed.

Indeed, when the foil thickness increases, an absorption coefficient should be applied.

This correction is tricky because it needs an accurate value of the foil thickness that is not easy to determine. Possibly the film width determined in this study is underestimated.

However, the comparison between alloys should be valuable as thin foils thicknesses and analysis conditions were similar for all alloys.

Moreover, correction of the Cliff-Lorimer factors should be considered. The binder analyses were compared with composition calculated by Thermo-Calc TM at 1000°C, which is usually admitted to be found after specimen cooling (Table 1). A good agreement was found, so no further correction was applied. With V(WC) and V(metal) the unit cell volume of respectively WC and metal phase, n the number of atoms per unit cell and l1, l2 and t geometrical parameters illustrated in Figure 1. Carbon atoms are neglected as the analysis of this element is not accurate by STEM/EDS.

Moreover, the rate measured by EDS after removing the extra amount of binder due to the pollution can be expressed as:

Thickness of the binder layer can be infered as follow:

𝑒 = 𝑟𝑙 1
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  Figure I-1. Isothermal sections of W-C-M (M=Fe, Co or Ni) at 1000°C, 1200°C and 1100°C respectively are shown in Figure I-2.

Figure I- 1 :

 1 Figure I-1: Vertical section of a) the W-C-Fe equilibrium phase diagram, calculated at 10 wt.%Fe[START_REF] Fernandes | Cemented carbide phase diagrams: A review[END_REF], b) the W-C-Co equilibrium phase diagram, calculated at 10 wt.%Co[START_REF] Zhong | Fe-W-C thermodynamics and in situ preparation of tungsten carbide-reinforced iron-based surface composites by solid-phase diffusion[END_REF] and c) the W-C-Ni equilibrium phase diagram, calculated at 10 wt.%Ni[START_REF] Fernandes | Cemented carbide phase diagrams: A review[END_REF] . The solid symbol (point) on the composition axis represent the stochiometric composition (5,5wt.% C)[START_REF] Fernandes | Cemented carbide phase diagrams: A review[END_REF] 

  Figure I-1 and Figure I-2, it can be concluded that iron has the narrowest "carbon window" whereas nickel has the broadest.

Figure I- 2 :

 2 Figure I-2: Isothermal sections of the binder metal rich corner for the systems: a) W-Fe-C, b) W-Ni-C and c) W-Co-C.The dotted lines represent the theoretical WC-binder metal[START_REF] Fernandes | Cemented carbide phase diagrams: A review[END_REF] 

Figure I- 3

 3 Figure I-3: a) Unit cell of WC crystal structure, b) WC grains morphology in presence of binder

Figure I- 4 :

 4 Figure I-4: Typical thermal cycle for sintering of cemented carbides[START_REF] Andrén | Microstructures of cemented carbides[END_REF] 

B.

  Solid state and liquid phase sintering Classical sintering process of cemented carbides can be split into 2 major stages: solid state sintering and liquid phase sintering. The contribution of solid state sintering increases as WC particle size decreases and represents typically 70-80 % of the total shrinkage for micrometric particles. Initial sintering stage takes place at low temperature when the organic binder (or lubricant) is removed and the metallic oxides are reduced. Then as the temperature increases, solid binder wets the WC grains and solid state sintering can begin. During this stage, the binder spreads into the porosity of the WC grains by volume diffusion and induces particle rearrangement and shrinkage [28]. The driving force is the reduction in surface free energy. The material shrinks and creates large compact clusters by eliminating the smallest porosity first. Binder spreading and clusters rearrangement create a WC-M continuous network, leaving some large porosity between the clusters. This mechanism is illustrated in Figure I-5.

Figure I- 5 :

 5 Figure I-5: Description of microstructure evolution during liquid phase and solid state sintering in cemented carbides
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 1 Figure I-7.a and Figure I-7.b exhibit respectively microstructure evolution of WC-Co alloy and shrinkage with different carbon contents.Bounhoure[START_REF] Bounhoure | Discussion of nonconventional effects in solid-state sintering of cemented carbides[END_REF] explained the earlier shrinkage in the solid state sintering of W-rich alloys by the better spreading of Co binder on WC grains. As discussed by the author, a -good spreading can be achieved if the interface energy is low enough, which is the case when Co adopts special orientation relationships at WC basal facets, especially in the case of W-rich alloys.

Figure I- 7

 7 Figure I-7:a) SEM images of the WC-Co C-rich and WC-Co W-rich alloys and b) shrinkage and shrinkage rate of WC-Co C-rich and WC-Co W-rich alloys sintered with 3°C/min heating rate[START_REF] Bounhoure | Effect of C content on the microstructure evolution during early solid state sintering of WC-Co alloys[END_REF] 

  Figure I-8 summarizes shrinkage curves for different binder compositions.

Figure I- 8 :

 8 Figure I-8: Dilatometric plots of WC-6(Co,Ni) compacts. Sintering was processed through vacuum sintering at 1450°C. (Powders were compacted under the pressure of 250 MPa to form a cylinder of 6mm in diameter and 7,5mm in height,dewaxed at 400°C and pre-sintered at 800°C )[START_REF] Su | Effects of Ni on the microstructures and properties of WC-6Co cemented carbides fabricated by WC-6(Co, Ni) composite powders[END_REF] 

Figure I- 9 :

 9 Figure I-9: Kinetic constant from literature[START_REF] Lay | Comprehensive Hard Materials-Hardmetals Ceramics Super Hard Materials-1.03 Microstructure and Morphology of Hardmetals[END_REF] 

  2D-nucleation or nucleation on defects. After nucleation, lateral growth of the nucleus must occur and grain growth may be limited either by the nucleation step or by lateral growth, leading to different surface aspects of the final grains (Figure I-10).

Figure I- 10 :

 10 Figure I-10: Grain growth controlled by a) nucleation step or b) lateral growth

Figure I- 11 :

 11 Figure I-11: Schematic diagram showing growth and dissolution rates of grains as a function of the driving force for spherical (dashed line) and faceted (solid line) grains with segments of singular (flat) interfaces [37]

  grain growth with Ni binder than with Co and Fe binder (in C-rich alloys)(Figure I-12).

Figure I- 12 :

 12 Figure I-12: SEM microstructures of a)WC-10 wt%Fe C-rich sintered at 1350°C for 1h b) WC-10 wt%Co C-rich sintered at1400°C for 1h and c) WC-10 wt%Ni C-rich sintered at 1480°C for 1h[START_REF] Kang | Microstructural Evolution During Sintering with Control of the Interface Structure[END_REF] 

Figure II- 1 :

 1 Figure II-1: a) Fe, b) Co, c) Ni and d) WC raw powders SEM images

  Milling step is proceeded by ball milling with cylindrical milling bodies, for approximately 43 h in ethanol. Then the mills are spray-dried to remove the alcohol and granulated in final particles with approximately 5 to 30 µm diameter size. Microstructures of the milled powders are presented in Figure II-2 and binder distribution among the WC particles before the sintering process can be observed from these images.

Figure II- 2 :

 2 Figure II-2: a) WC-Fe, b) WC-Co, c) WC-Ni powders after milling and agglomeration by PEG

Figure II- 3 : 3 Figure II- 4 : 3 Figure II- 5 :

 33435 Figure II-3: Phase diagram of WC-20vol%Fe TCFE9. Dashed red lines indicate the carbon composition of the 3 sintered alloys as summarized in TableII-3

  These compositions are indicated by dotted red lines on the equilibrium phase diagrams in Figure II-3, Figure II-4 and Figure II-5.

Figure II- 6 :

 6 Figure II-6: a) Pellet before (left) and after (right) sintering and b) c) Cylindrical die system for 8 mm diameter pellet

Figure II- 7 :

 7 Figure II-7: Compressibility curves of a) WC-Co alloys, b) WC-Ni alloys and c) WC-Fe alloys

3 .

 3 Thermal cycle for sintering In most experiments presented in this study, a classical thermal cycle illustrated in Figure II-8 is used for sintering. Heating and cooling rate are controlled, as well as the atmosphere. Ar and He/H2 gases maintain a controlled atmosphere in order to avoid oxidation and carbon loss during the heating.

Figure II- 8 :

 8 Figure II-8: Thermal cycle for sintering

Figure II- 9 :

 9 Figure II-9: Schematic of a) TGA and b) DTA SETARAM equipments (courtesy of Mathilde Labonne)

  shrinkage during the test. The equipment is illustrated in Figure II-10. In order to avoid the bonding between the sample and the pushrod, alumina plates are disposed on both sides of the sample (top and bottom).

Figure II- 10 :

 10 Figure II-10: Schematic of SETARAM dilatometer (courtesy of Mathilde Labonne)

  separation (Figure II-11). Nevertheless, this technique does not provide quantitative information on the WC grain size distribution but allows a comparison of the WC intercept length distribution between the different alloys and the microstructure evolution during the sintering.

Figure II- 11 :

 11 Figure II-11: Intercept length measurement on 2D microstructure of WC-Co 3 phase C-rich obtained by SEM

Figure II- 12 :

 12 Figure II-12: Schematic on sample for SEM imaging and image size

Figure II- 13 :

 13 Figure II-13: Image processing of WC-Co alloys sintered at 1450°C. a) initial SEM image, b) binary image of the binder phase in red and c) binary image of the WC phase in red.

For

  this reason, opening and closing steps were considered first to remove the halo created around the WC grains. Nevertheless this darker WC phase is hardly distinguishable from the fine binder phase observable between the WC grains (Figure II-14). For this reason, simple opening or closing steps are not relevant.

Figure II- 14 :Figure II- 15 :

 1415 Figure II-14: Schematic on difference in grey level in 2D microstructure

  Figure II-16 illustrates the evolution of the cumulative distribution as the size of the structuring element l is increased. Phase X is represented in red and the pixel left at each steps can be associated to the remaining area fraction 𝐴 𝐴 (𝑂 𝑙 (𝑋)).

  l) measurement on the WC phase, l90 and l50 which respectively represent the value of intercept length at 50% and 90% of the distribution are extracted (Figure. The ratio l90/ l50 will be used as an indicator for abnormal grain growth (see §IV).

Figure II- 17 :

 17 Figure II-17: Schematic of a) volume fraction and b) cumulative volume fraction distribution of intercept lengths. The volume-weighted average intercept length (mean intercept lentght) l90 and l50 are also schematically represented.
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 1 General description of mass loss The different steps of mass loss are identified on Figure III-1 for WC-Co 2 phase alloy. Observation are consistent with the literature [27] [26](see §I.2).

Figure III- 1 :

 1 Figure III-1: TGA curves of WC-Co 2phase alloy

  Figure III-2, Figure III-3 and Figure III-4 summarize mass loss and mass loss rate curves for the 9 alloys, plotted by carbon content.

Figure

  Figure III-2: a) Mass loss and b) mass loss rate of 2 phase alloys

  In this study, the industrial He-4%H2 gas used for the experiments does not contain more than 10ppm of O, which represents approximately a ratio of H2/H2O close 10 3 . This equilibrium is also plotted in Ellingham diagram in Figure III-5.

Figure III- 5

 5 Figure III-5: Ellingham diagram

Figure III- 6 :

 6 Figure III-6: Mass loss and mass loss rate for WC-Fe 2phase with different debinding temperatures versus the temperatureWhen the debinding temperature is increased, the mass loss related to the Fe reduction around 700°C decreases, until it disappeared for the debinding at 600°C. With a debinding step until 600°C, the Fe oxide is reduced around 500°C-600°C.

  observed in Figure III-6. SEM images of WC-Fe 2 phase material sintered at 1450°C after debinding at 400°C and 600°C are shown Figure III-7.

Figure III- 7 :

 7 Figure III-7: SEM microstructure of WC-Fe 2phase middle sintered at 1450°C debinded at a)400°C and b)600°C

Figure III- 8 Figure

 8 Figure III-8: a) Mass loss and b) mass loss rate of WC-Fe alloys

  alloys regarding the carbon content (Figure III-10).

  No significant decarburization is observed for WC-Co and WC-Ni alloys. For WC-Fe alloy, the decarburization is more important but the final composition is still in the 2 phase field according to the equilibrium phase diagram (FigureII-3). Nevertheless, as mentioned previously in the case of WC-Fe 2 phase alloys, the "projected carbon window" is almost inexistent, which means η phase will form either at the sintering temperature or during cooling.XRD measurements on sintered material reveal the presence of η phase (Fe3W3C) in WC-Fe 2 phase and 3 phase W-rich alloy (Figure IV-1.a). In the case of WC-Ni alloys, η phase is only detected in W-rich alloy (Figure IV-1.c), whereas XRD pattern does not indicate the presence of η phase in WC-Co 3 phase W-rich (Figure IV-1.b). According to the equilibrium phase diagram (Figure II.4) and chemical analysis (Table

Figure IV- 1 :

 1 Figure IV-1: XRD pattern of a) WC-Fe, b) WC-Co and c) WC-Ni alloys sintered at 1450°C

Figure IV- 2 :Figure IV- 3 :

 23 Figure IV-2: SEM microstructure (x3000) of WC-Fe a) 3 phase W-rich, b) 2 phase and c) 3 phase C-rich alloys, WC-Co d) 3 phase W-rich, e) 2 phase and f) 3 phase C-rich alloys, and WC-Ni g) 3 phase W-rich, h) 2 phase and i) 3 phase C-rich alloyssintered at 1450°C for 0.5h

WC-Fe 3 Figure IV- 4 :

 34 Figure IV-4: Volume fraction per unit solid volume for a) WC-M (M=Co, Ni & Fe) 2 phase b) WC-M (M=Co, Ni & Fe) 3 phase C-rich c) WC-M (M=Co, Ni & Fe) 3 phase W-rich sintered at 1450°C for 30 min

  Figure IV-6 to Figure IV-8 and the measured solidus temperatures are reported in Table IV-3 together with the thermodynamic predictions.

Figure IV- 6 :

 6 Figure IV-6: DTA curves for WC-Fe alloys sintered at 1450°C with 10°C/min heating rate

Figure IV- 7 :

 7 Figure IV-7: DTA curves for WC-Co alloys sintered at 1450°C with 3°C/min heating rate

Figure IV- 8 :

 8 Figure IV-8: DTA curves for WC-Ni alloys sintered at 1450°C with 10°C/min heating rate

3 .

 3 Shrinkage study A. General description of shrinkage during sintering Shrinkage of cemented carbides occurs in two major stages: solid state sintering and liquid phase sintering. Figure IV-9 represents the shrinkage and shrinkage rate of WC-Co 2 phase and 3 phase W-rich alloys.Shrinkage starts around 900°C, which corresponds to the first stage of solid state sintering. This step is characterized by a slow shrinkage, with a broad peak on the shrinkage rate curve (peak 1). The sharp acceleration of the shrinkage occurring at higher temperature marks the beginning of the liquid phase sintering stage (peak 3).Acceleration of the shrinkage is due to the sudden apparition of the liquid above the solidus temperature. Swelling of the material usually occurs simultaneously, characterized by a sharp positive peak on the shrinkage rate curve (peak 2). FigureIV-9.b shows a composition which does not exhibit swelling. An explanation for the swelling is proposed later.

Figure IV- 9 :

 9 Figure IV-9: Shrinkage and shrinkage rate curves from dilatometry measurement of a) WC-Co 2 phase and b) 3 phase Wrich alloys

Figure IV- 10 :

 10 Figure IV-10: Shrinkage and shrinkage rate of a) 2 phase middle, b) 3 phase C-rich, c) 3 phase W-rich for different binders versus the temperature

Figure IV- 11 :

 11 Figure IV-11: Enlarged dilatometry curves of WC-M (M=Co, Ni or Fe) a) 2 phase b) 3 phase C-rich and c) 3 phase W-rich alloys depending on the temperature

  sintering. It is more likely that the volume expansion at the liquid formation is compensated by a redistribution in the neighbouring porosity if the sample is still porous enough. This redistribution could be more difficult at high heating rate so dilatometry tests at different heating rate have been run. Results are summarized in Figure 

Figure IV- 12

 12 Figure IV-12: a) Shrinkage and b) shrinkage rate of WC-Co 2phase with different heating speed depending on the temperatureThere is no amplification of swelling when heating rate is increased. Therefore, the volume expansion due to liquid formation is probably not the explanation of swelling.

Figure IV- 14 :Figure IV- 15 :

 1415 Figure IV-14: Composition of the FCC phase as function of the temperature in a) WC-Co 2 phase and b) WC-Ni 2 phase alloys. Dashed blue lines indicates the limit temperature of the WC+FCC+liquid domain. Additional tests have been run in order to check this effect. For a given composition and alloy, samples have been heated and hold for 1h in the 3phase domain (WC+ FCC binder + liquid). The aim is to highlight the diffusion phenomenon during the isothermal holding. The targeted temperatures are 1350°C for WC-Co 2 phase and 1410°C WC-Ni 2 phase (identified in Figure IV-13).

  Figure IV-16: Dilatometry curves of a) WC-Fe, b) WC-Co, c) WC-Ni for different carbon contents depending on the temperature

Figure IV- 17 ,

 17 Figure IV-17, Figure IV-18 and Figure IV-19. Activation energies estimated from the curves are summarized inTable IV-6, Table IV-7 and Table IV-8.

Figure IV- 17 : 17 WC

 1717 Figure IV-17: Arrhenius plot for WC-Fe alloys, with a) the entire curve and b) part of the curve considered in the slope estimation. Solidus temperatures are indicated by a cross.

Figure IV- 18 : 18 WCFigure IV- 19 :

 181819 Figure IV-18: Arrhenius plot for WC-Co alloys, with a) the entire curve and b) part of the curve considered in the slope estimation. Solidus temperatures are indicated by a cross.

8 :

 8 Activation energies of WC-Ni alloys deduced from Arrhenius plotted Figure IV-19 WC-Ni 3 phase W-rich WC-Ni 2 phase WC-Ni 3 phase C-rich Q (975-1155°C) [kJ/mol] 210
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 4 Microstructure evolution during sintering A. Qualitative and quantitative analysis of the microstructure Although dilatometry experiments provide information on the shrinkage of the material during sintering, these results are not sufficient to characterise the particle rearrangement and the microstructure evolution occurring in the material. For this purpose, interrupted dilatometry tests are done and qualitative and quantitative analyses of the microstructure are conducted on partially sintered samples. The choice of the temperatures for the tests is based on the results of dilatometry and are as follows:

  Figure IV-28.

Figure IV- 20 :Figure IV- 21 :

 2021 Figure IV-20: SEM images of WC-Fe, WC-Co and WC-Ni 2 phase at 1150°C (a-c), at 1280°C (d-f), at 1320°C (g-i)

Figure IV- 22 :Figure IV- 24 :

 2224 Figure IV-22: Volume fraction per unit solid volume of binder and pore phase for WC-Fe 2 phase (a-b), WC-Co 2 phase (cd), WC-Ni 2 phase (e-f) at 1150°C, 1280°C, and 1320°C

Figure IV- 25 :Figure IV- 27 :Figure

 2527 Figure IV-25: Volume fraction per unit solid volume of binder and pore phase for WC-Fe 3 phase C-rich (a-b), WC-Co 3 phase C-rich (c-d), WC-Ni 3 phase C-rich (e-f) at 1150°C, 1280°C, and 1320°C

Figure IV- 29

 29 Figure IV-29: a) Microstructure of WC-M (M=Fe, Co and Ni) 2 phase alloys sintered at 1150°C. b) Schematic illustrating the wetting angle between WC grains and binder grains

5 .

 5 Discussion of shrinkage mechanisms Agreement between the shrinkage and microstructural evolution has been established previously, showing a better shrinkage for W-rich alloys and an earlier shrinkage in the case of Co and Ni compared to Fe, which are correlated to a better spreading of the binder into the porosity. The aim of this part is to examine different mechanisms involved during sintering by using previous experimental work and observations and discuss them from theoretical models. A. Interface energies and spreading parameters From dilatometric and microstructural investigations, spreading of the binder can be considered as a major driving force for the solid state sintering of cemented carbides. Numerous works have correlated the earlier shrinkage during the solid state sintering to the spreading of the binder on WC grains [29][24][55][56]. Surface spreading and grain boundary infiltration (Figure IV-30) are important parameters which are function of surface and interface energies (Table IV-12).

  Figure IV-30: Spreading parameters involved during sintering of cemented carbides

  Regarding the carbon content, almost all the surface and interface energies are superior in case of C-rich alloys compared with W-rich alloys.

Figure IV- 31 :

 31 Figure IV-31: Mechanisms of Co recrystallization induced by the dissolution of W and C. a) Strained crystalline lattice because of a higher solute concentration near the interface. b) Nucleation of a solute-saturated spherical Co cap to relaxthe excess elastic energy[START_REF] Bounhoure | Discussion of nonconventional effects in solid-state sintering of cemented carbides[END_REF] 

Figure IV- 32 :

 32 Figure IV-32: C and W solubility in the solid binder as a function of the temperature for 2 phase alloys (Table II.4 to Table II.6)

Figure IV- 35 :

 35 Figure IV-35: Schematic of spreading by volume diffusion in the binder

5 From 1 %

 51 Figure IV-9, the experimental shrinkage rate can be estimated to be around 0.

  3.D, showing that diffusion in the binder volume is most probably one of the mechanism controlling the shrinkage. Spreading of the binder into the pores critically depends on the recrystallization induced by the dissolution of W and C into the binder (Figure IV-36). The recrystallized grains would take an appropriate orientation to decrease the interface energy with WC and the spreading parameter could locally become positive. As already discussed for WC-Co alloys, better shrinkage of W-rich alloys compared to C-rich alloys can be attributed to the better W solubility in the binder. The same argument can be used while considering the binder nature, since W solubility is higher in the case of WC-Ni than WC-Co than WC-Fe alloys. Then recrystallization should be favoured in the case of WC-Ni alloys in comparison with WC-Co and WC-Fe. Regarding the shrinkage during solid state sintering, WC-Co and WC-Ni have similar shrinkage whereas WC-Fe shrinkage is delayed to higher temperature. Since W solubility is very low in the case of WC-Fe alloys, one assumption is that a minimum W solubility value exists for the recrystallization mechanism to occur. This could explain why WC-Fe shrinkage is delayed in comparison to WC-Ni and WC-Co alloys regarding the significant difference in W solubility. TEM observations on interrupted tests on WC-Ni and WC-Fe alloys have to be done in order to check this assumption.

Figure IV- 36 :- 1 -

 361 Figure IV-36: Mechanisms of binder recrystallization induced by the dissolution of W and C. a) Strained crystalline lattice because of a higher solute concentration near the interface. b) Nucleation of a solute-saturated spherical binder grain to relax the excess elastic energy. c) Grain boundary migration

Figure V- 1 :Figure V- 2 :TperitFigure V- 4 :Figure V- 6 :

 1246 Figure V-1: Phase diagram for 20vol% of a) iron binder, b) nickel binder and c) cobalt binder with in red dotted lines the relative sintering temperature and in black dotted the reference temperature

  illustrated in Figure V-8. SEM images and image analysis for WC-Fe, WC-Ni and WC-Co alloys are presented from Figure V-9 to Figure V-14. Mean intercept length and l90/l50 are summarized in Figure V-15.

Figure V- 8 :Figure V- 10 :Figure V- 11 :1450°CFigure V- 12 :Figure V- 13 :Figure V- 14 :Figure V- 15 :

 8101112131415 Figure V-8: Thermal cycle for 0.5h, 4h and 8h sintering

Figure V- 16 ,

 16 Figure V-16, Figure V-17 and Figure V-18.

Figure V- 16 :

 16 Figure V-16: WC grains morphology in a) WC-Fe 3 phase W-rich, b) WC-Co 3 phase W-rich and c) WC-Ni 3 phase W-rich alloys sintered at 1450°C for 30 min after chemical etching

Figure V- 19 :

 19 Figure V-19: Interfaces between WC and binder grains in a) WC-Ni, b) WC-Co, c) WC-Fe 3 phase W-rich alloys sintered at 1450°C for 0.5h

  found. Their geometries are represented in Figure V-21.

Figure V- 21 :

 21 Figure V-21: Geometry of the four most common types of WC/WC special grain boundaries in WC-Co. a) 90°/[10-10] with (10-10)1,2 habit plane b) 30°/[0001] boundary with a (0001)1,2 habit plane c) 30°/[0001] boundary with a (2-1-10)1(10-10)2 habit plane and d) 90°/[2-1-10] boundary with a (0001)1(01-10)2 habit plane [28]. The 90°/[10-10] boundaries are twist boundaries with (10-10)1,2 habit plane, also called 'Σ2' grain boundaries as the coincidence index Σ is equal to 2 in approximation of (c/a)²=1 instead of 0.95. Since this configuration represents almost 15% of the total WC grain boundaries in the materials, Σ2 are investigated in this study in addition to random grain boundary configurations. If segregation is present at grain boundaries, it is interesting to look if a special configuration is involved more than another.

Figure V- 28 : 3 .

 283 Figure V-28: Number of atomic layer at WC/WC grain boundaries

Figure V- 29 :

 29 Figure V-29: Morphology and 2D microstructure of WC-M (M=Fe, Co or Ni) for 3 carbon contents sintered at 1450°C for 0.5h

  ), (10-10)S and (10-10)T) and plane terminations (C or W) (Figure V-30). From the calculations, difference in phase boundary energy of the prismatic planes between C and W terminations is more important in case of WC-Co W-rich than C-rich alloys and the Cterminated phase boundaries would be relatively less stable. This difference could explain why the lateral growth rate is slower for W-rich alloys than C-rich, and the presence of steps on the basal planes for W-rich alloys (Figure V-30.a). In addition, the low C solubility in the binder would tend to decrease even more the lateral growth rate for W-rich alloys by making precipitation of the C-termination even more difficult.

Figure V- 30

 30 Figure V-30: a) WC equilibrium grain shape in WC-Co cemented carbides with steps on basal plane. b) The two WC prismatic plane types (S and T). Large (small) atoms are W (C). The dashed lines mark the primitive cell [62].

  by fast surface diffusion on the flat surfaces (Figure V-31). These rounded edges are hardly visible in WC-Co C-rich alloys and practically inexistent with WC-Fe 3 phase C-rich alloys. It can be assumed that the anisotropy of interface energy is lower in the case of Ni, compared to Co and even more to the Fe binder, so that the equilibrium grain shape contains rounded parts instead of facets. This trend is visible if the lateral growth of the different layers is rapid enough, i.e for C-rich alloys.

Figure V- 31 :

 31 Figure V-31: Schematic illustration of grain growth by 1. bulk diffusion of species through liquid phase then 2.uniformprecipitation on rounded WC edges, followed by 3.surface diffusion

  ) are plotted in Figure V-32. Only 3 phase C-rich alloys are considered here since no significant grain growth has been observed for 2 phase and 3 phase W-rich alloys.

Figure V- 32

 32 Figure V-32:l 3 -l0 3 plotted for WC-M (M=Fe, Co and Ni) C-rich alloys

[ 52 ]

 52 . KD' constant which take into consideration the contiguity (≈0.5)[START_REF] Warren | Microstructureal Development During the Liquid-Phase Sintering of Cemented Carbides[END_REF] and binder volume fraction (20vol%)[START_REF] Voorhees | Ostwald Ripening during Liquid Phase Sintering Effect of Volume Fraction on Coarsening Kinetics[END_REF] can be estimated from KD. WC-Ni 3 phase C-rich alloys give the slower deviation between the experimental and theoretical kinetic constants, with less than one order of magnitude, in comparison to WC-Co and WC-Fe 3 phase C-rich alloys. With the assumption that precipitation occurs only on rounded edge surface for WC-Ni 3 phase C-rich alloys, the theoretical kinetic constant should be divided by the area fraction of rounded interfaces, which could explain the discrepancy (a factor of 5 approximately).

Figure V- 33

 33 Figure V-33 summarizes the limiting mechanisms of the grain growth as function of carbon content and binder nature from previous discussion and the grain growth rate extracted from experimental results.

Figure V- 33 :

 33 Figure V-33: Assumption on WC grain growth limiting mechanisms and grain growth rate regarding binder nature and carbon content

Appendix 2 :

 2 confirmed the mechanism of quasi uniform precipitation on WC grain edges in the case of WC-Ni C-rich alloys. As a perspective, additional experiments should be done to confirm the mechanisms put forward in this work to explain the effect of the C/W ratio and of the binder nature on solid state spreading and sintering of WC-M alloys. Although recrystallized cobalt grains with low interface energy with WC have already been observed in WC-Co alloys, TEM investigations are needed to confirm or not the presence of such grains in WC-Fe and WC-Ni alloys in relation with the carbon content. In addition, DFT calculations of surface and interface energies for the different binders and for different C/W ratio still need to be assessed and validated before drawing firm conclusions on the spreading efficiency as a function of the composition. Improvement of these models (temperature dependency, magnetic effect) could help the understanding of the shrinkage mechanisms even more. Last, the main goal of this study was to characterize the sintering of cemented carbides with pure new alternative binders. Knowledge and assumptions on shrinkage and grain growth mechanisms put forward on pure binder in this thesis should serve the research on new multicomponent Fe-Ni-Co binders which are used in practice in the industry to ensure optimal mechanical properties. Binder lattice parameter evolution during sintering of WC-Co 2 phase alloy One of the hypothesis to explain the swelling is that W enrichment of the binder tends to increase the binder lattice parameter. Binder lattice parameter was measured by XRD analysis on the materials sintered at 1280°C, 1410°C or 1350°C depending on the binder nature, and at 1450°C. The results for the WC-Co 2phase are presented in Figure 1.

Figure 1 :

 1 Figure 1: XRD patterns for WC-Co 2 phase at different sintering temperature

Figure 2 :Figure 1 :Figure 3 :

 213 Figure 2: Lattice parameter of Co depending on the sintering temperature

Figure 2 :

 2 Figure 2: a) Shrinkage and b) shrinkage rate of WC-Fe 2 phase alloys

Figure 3 :

 3 Figure 3: SEM images on interrupted tests at 1150°C and 1280°C for WC-Fe 2 phase alloys

Figure 4 :

 4 Figure 4: Volume fraction per unit solid of volume for binder phase at a) 1150°C and b) 1280°C, pore phase at c) 1150°C and d) 1280°C and WC phase at e) 1150°C and f) 1280°C.

Figure 5

 5 Figure 5 summarizes shrinkage and shrinkage rate curves for all the 2 phase alloys.

Figure 5 :

 5 Figure 5: a) Shrinkage and b) shrinkage rate of WC-M 2 phase alloys (M=Ni, Co or Fe)

Figure 6 :

 6 Figure 6: SEM images on interrupted tests at 1150°C for WC-M 2 phase alloys (M=Co, Ni or Fe)

Figure 2 :Figure 3 :Figure 5 andFigure 4 :Figure 5 :Figure 6 :

 235456 Figure 2: Experimental WC + Fe diffraction pattern with [-12-10]WC zone axis in a) WC-Fe 3phase W-rich b) WC-Fe 2phase and c) WC-Fe 3phase C-rich alloys

  The amount of W (W) and binder (M) atoms in the box can be expressed as number of atoms into the selected volume:

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

Table I -

 I 

		Molar volume	Molar mass	Density	Melting temperature
		[cm 3 /mol]	[g/mol]	[kg/cm 3 ]	[°C]
	Co	6.67	58.93	8.90	1495
	Fe	7.09	55.85	7.87	1538
	Ni	6.59	58.69	8.90	1455

3: Physical properties of Co, Fe and Ni elements

Table II -1: Initial powders size and morphology Powders Fe Co Ni WC Primary particle size [µm] (µstructural observations)

 II 

		1-5	1-3	0.5-3	2-6
	Particle size [µm] (datasheet)	<10	D95 <14	2.2-2.8 (Fisher)	D90 =8.8
	Fabrication route	Pulverisation	Precipitation-reduction	Carbonyl gas refining process	Carburization

wt%] C [wt%] Co [wt%] Fe [wt%] Ni [wt%] WC-Fe

  

	Table II-3: Alloys composition measurement of materials sintered at 1410°C for WC-Co and WC-Fe and 1450°C for WC-Ni
	Alloys	Phase field W [2 phase Mill IFP561 82.9	5.55	0.21	11	<0.1
		3 phase W-rich JFP159	83.2	5.3	0.21	10.95	<0.1
		3 phase C-rich IFP157	82	5.93	<0.2	11.58	<0.1
		2 phase	IFP299	83.1	5.36	11.46	<0.01	<0.001
	WC-Co	3 phase W-rich IFP297	83.1	5.22	11.2	<0.01	<0.001
		3 phase C-rich IFP139	82.6	5.6	11.71	0.019	<0.001
		2 phase	IFP557	82.3	5.25	0.27	<0.1	11.27
	WC-Ni	3 phase W-rich JFP163	83.2	4.98	<0.2	<0.1	10.7
		3 phase C-rich JFP161	82.1	5.49	<0.2	<0.1	11.6

  -5, TableII-6 and Table II-4.

WC-Fe 3 phase W-rich WC-Fe 2 phase WC-Fe 3 phase C-rich

  

	Table II-4: Solubility of W and C in Fe binder FCC phase or liquid phase (indicated by italic front) from TCFE9 Thermo-
	Calc™ data base						
	Temperature [°C]	sw(Fe) [at%] sc(Fe) [at%]	sw(Fe) [at%]	sc(Fe) [at%] sw(Fe) [at%]	sc(Fe) [at%]
	1000	1.04	2.12	0.48	4.426	0.32	6.74
	1150	2.02	3.47	1.269	5.152	1.59	17.6
	1280	6.87	12	6.869	11.967	2.89	19.0
	1320	8.16	12.3	8.16	12.258	3.4	19.5
	1450	13.6	13.3	11.328	14.41	5.42	21
	Table II-5: Solubility of W and C in Co binder FCC phase or liquid phase (indicated by italic front) from TCFE9 Thermo-
	Calc™ data base						

WC-Co 3 phase W-rich WC-Co 2 phase WC-Co 3 phase C-rich

  

	Temperature [°C]	sw(Co) [at%] sc(Co) [at%] sw(Co) [at%]	sc(Co) [at%]	sw(Co) [at%] sc(Co) [at%]
	1000	5.82	0.30	3.45	0.391	0.45	1.22
	1150	8.73	0.71	4.29	1.29	1.89	2.64
	1280	9.53	1.34	5.33	2.40	3.2	3.94
	1320	9.73	1.6	5.68	2.77	4.84	11.8
	1450	14.11	7.97	11.6	9.08	6.64	13.3
	Table II-6: Solubility of W and C in Ni binder FCC phase or liquid phase (indicated by italic front) from TCFE9 Thermo-
	Calc™ data base						

WC-Ni 3 phase W-rich WC-Ni 2 phase WC-Ni 3 phase C-rich

  

	2. Sample preparation					
	8 mm diameter cylindrical compacts of powder are used as specimen for the
	characterization of the materials. These green bodies are used in almost all the
	characterization techniques performed in this study. Figure II-6.a shows the compact of
	powder before and after classical sintering process.			
	Temperature [°C]	sw(Ni) [at%]	sc(Ni) [at%] sw(Ni) [at%] sc(Ni) [at%] sw(Ni) [at%] sc(Ni) [at%]
	1000	12.74	0.23	8.57	0.540	5.34	1.43
	1150	13	0.45	8.94	0.985	5.96	2.2
	1280	13.2	0.74	9.35	1.47	6.48	2.97
	1320	13.2	0.85	9.49	1.64	6.63	3.22
	1450	14.7	5.4	13.13	5.99	7.375	9.93

Table II -

 II 7: Density measurement of hot pressed materials at 1410°C for WC-Co and WC-Fe and 1450°C for WC-Ni

			WC-Fe			WC-Co			WC-Ni	
	Alloys	2-phase	3-phase	2-phase	3-phase	2-phase	3-phase
			C-rich	W-rich		C-rich	W-rich		C-rich W-rich
	ρ [g/cm 3 ]	14.1	13.72	14.2	14.21	14.19	14.51	14.44	14.22	14.67

Table III -

 III 

	Species	∆H° 298K [kJ/mol]	S° 298K [J/mole.K]
	(O2)	0	205
	<W>	0	32.6
	<WO3>	-842.87	75.9
	<WO2>	-589.73	50.5
	{H2O}	-285.8	69.9
	(H2O)	-241.8	188.7
	(H2)	0	130.6
	(CH4)	-74.85	186.2
	(CO)	-110.54	197.6
	(CO2)	-393.5	213.7
	Cgraphite	0	5.74
	<Co>	0	30
	<CoO>	-238.91	52.9
	<Ni>	0	29.9
	<NiO>	-240.58	38.1
	<Fe>	0	27.3
	<FeO>	-264.43	58.8
	<Fe3O4>	-1116.71	151.5

1: Enthalpy of formation and free entropy of species involved during oxides reduction of WC-M (M=Fe, Co and Ni) alloys

[47] 

All the Gibbs free energies depending on the temperature are calculated (Table

III-

2) and plotted on Ellingham diagram in Figure III-5.

Table III -

 III 2: Calculation of Gibbs free energy for the oxidation reactions of metals

	Equilibrium reaction	∆𝑮°𝟏[ 𝒌𝑱/𝒎𝒐𝒍]
	𝟐𝑭𝒆 + 𝑶 𝟐 ↔ 𝟐𝑭𝒆𝑶	-528.86 + 0.142𝑇
	𝟑/𝟐𝑭𝒆 + 𝑶 𝟐 ↔ 𝟏/𝟐𝑭𝒆 𝟑 𝑶 𝟒	-558.35 + 0.170𝑇
	𝟐𝑪𝒐 + 𝑶 𝟐 ↔ 𝟐𝑪𝒐𝑶	-477.82 + 0.157𝑇
	𝟐𝑵𝒊 + 𝑶 𝟐 ↔ 𝟐𝑵𝒊𝑶	-481.82 + 0.188𝑇
	𝟐𝑪 + 𝑶 𝟐 ↔ 𝟐𝑪𝑶	-221 -0.179𝑇
	𝟐/𝟑𝑾 + 𝑶 𝟐 ↔ 𝟐/𝟑𝑾𝑶 𝟑	-562 + 0.176𝑇
	𝑾 + 𝑶 𝟐 ↔ 𝑾𝑶 𝟐	-589.73 + 0.187𝑇

Table III -

 III 

	Alloys	Debinding temp. [°C]	After debinding C (wt%) O (wt%)	After sintering at 1450°C C (wt%) O (wt%)
	WC-Fe 2phase	400°C 600°C	5.64 5.58	0.32 0.15	5.51 5.56	0.001 0.002

3: Chemical analysis of WC-Fe 2 phase middle alloy after debinding and sintering

  -1 summarizes final carbon compositions on 2 phase alloys sintered in the dilatometer at SIMaP and industrial furnaces at Sandvik.

Table IV -

 IV 1: Final C composition on WC-M 2 phase alloys sintered at 1450°C and 1410°C in dilatometer and industrial furnace

	Alloys	Sintering conditions	C [wt%]
	WC-Fe 2 phase	1450°C in dilatometer furnace	5.51
		1410°C in industrial furnace	5.55
	WC-Co 2 phase	1450°C in dilatometer furnace	5.38
		1410°C in industrial furnace	5.36
	WC-Ni 2 phase	1450°C in dilatometer furnace	5.27
		1450°C in industrial furnace	5.25

Table IV -

 IV 2: Mean intercept length and l90/l50 for WC-Co, WC-Ni and WC-Fe alloys sintered at 1450°C calculated by image analysis

	Alloys		WC-Fe			WC-Co			WC-Ni	
		3-phase	2-phase	3-phase	3-phase	2-phase	3-phase	3-phase	2-phase	3-phase
		W-rich		C-rich	W-rich		C-rich	W-rich		C-rich
	𝒍 ̅ [µm]	2.3	2.6	3	2.6	3.1	2.8	3.1	3.4	3.5
	l90/l50	2.4	2.2	2.2	2.3	2.4	2.4	2.3	2.3	2.4

  Table IV-6, Table IV-7 and Table IV-8.

	It should be noticed that the function 𝑓 ( 1 𝑇	) rapidly increases as the solidus temperature is
	approached and this part of the curve should not be considered. On the other hand, as the
	solidus temperature is high enough in some case (Figure IV-19), 𝑓 ( 1 𝑇

Table IV -

 IV 

		Co	Ni	Fe ɣ	Fe α
	Q diffvol [kJ/mol]	260	275	255	250
	Q diff GB [kJ/mol]	117	108		128

9: Activation energies for diffusion at binder grain boundary and in the binder volume of pure binders Co, Ni, Fe

[23]

[START_REF] Guiraldenq | Diffusion dans les métaux[END_REF] 

Table IV -

 IV 

10 and Table IV-11 summarizes the pore volume fraction and binder volume fraction in the solid respectively, measured on SEM microstructure by image analysis. Table IV-10 also summarizes the porosity geometrically measured on the final compact of powder.

Table IV -

 IV 

			Vol pores at 1150°C [%]	Vol pores at 1280°C [%]	Vol pores at 1320°C [%]
	Alloys	Phase field	Image	Geometrical	Image	Geometrical	Image	Geometrical
			analysis	measurement	Analysis	measurement	Analysis	measurement
		2 phase	28	41	11	19	0	4
	WC-Fe	3 phase W-rich	28	42	8	21	8	2
		3 phase C-rich	7	6	2	4	2	1
		2 phase	36	40	17	22	6	12
	WC-Co	3 phase W-rich	29	42	9	19	5	17
		3 phase C-rich	38	42	15	21	3	3
		2 phase	36	40	13	25	9	18
	WC-Ni	3 phase W-rich	32	40	11	27	14	19
		3 phase C-rich	42	-	20	30	9	15

10: Pore volume fraction measured on SEM microstructure and estimated from geometrical measurement on final compact sintered at different sintering temperatures.

Table IV -

 IV 11: Binder volume fraction with respect to the total volume of solid measured by image analysis on SEM images at different sintering temperatures.

	Alloys	Phase field	Binder vol/solid at 1150°C [%]	Binder vol/solid at 1280°C [%]	Binder vol/solid at 1320°C [%]	Binder vol/solid at 1450°C [%]
		2 phase	30	16	15	19
	WC-Fe	3 phase W-rich	24	23	22	24
		3 phase C-rich	19	16	15	20
		2 phase	20	23	19	18
	WC-Co	3 phase W-rich	23	27	25	18
		3 phase C-rich	21	15	16	23
		2 phase	27	22	23	19
	WC-Ni	3 phase W-rich	22	20	24	21
		3 phase C-rich	36	21	22	18

Table IV -

 IV 

12: The different interface energies in WC-M (M=Fe, Co or Ni) materials

Symbol Metal (Fe, Co or Ni) surface energy 𝜎 𝑀 WC surface energy

  

		𝜎 𝑊 𝐶
	Phase boundary energy	γ 𝑊 𝐶 /𝑀
	Grain boundary energy	γ 𝑊 𝐶 /WC
	Since interface energy depends on binder chemical nature, difference in binder nature
	and composition should have an effect on the spreading, then on the shrinkage.

Table IV -

 IV 13: Comparison of interface and grain boundary energies depending on binder nature and carbon content and chemical surface composition considered, calculated by DFT[START_REF] Gren | Presentation KTH meeting: Atomic-scale modelling of interfaces in cemented carbides : wetting and strength[END_REF] 

		Surface	Comparison Fe/Co/Ni	Comparison C content
	σM		σM (Ni) < σM (Co) < σM (Fe)	-
	σWC	Clean Adsorbed/substitued	-σWC (Ni) < σWC (Co) < σWC (Fe)	σWC (W) < σWC (C)
	γWC/M	Clean Adsorbed/substitued	--	γWC/M (W)< γWC/M (C) γWC/M (W)< γWC/M (C)
	γWC/WC	Clean Adsorbed/substitued	-γWC/WC (Fe)< γWC/WC (Co)< γWC/WC (Ni)	γWC/WC (W)< γWC/WC (C) γWC/WC (W)< γWC/WC (C)
	SS		SS(Fe)< SS(Co)< SS(Ni)	SS(C)< SS(W)
	SGB		SGB(Fe)< SGB(Co)< SGB(Ni)	SGB(C)< SGB(W)

Table IV -

 IV 14: Physical parameters of the different binders and approximate calculation of the shrinkage rate at 1100°C, resulting from solid state spreading of the binder with a WC particle size of 1 µm.

Table V -

 V 2: Final carbon and oxygen content of 2phase alloys sintered at 1450°C during 0.5h and 4h

	Alloys	Sintering conditions	C [wt%]	O [wt%]
	WC-Fe 2 phase	0.5h at 1450°C 4h at 1450°C	5.51 5.44	<0.001
	WC-Co 2 phase	0.5h at 1450°C 4h at 1450°C	5.38 5.32	<0.001
	WC-Ni 2 phase	0.5h at 1450°C 4h at 1450°C	5.27 5.20	<0.001
	A slight decarburization is detected (approximately 0.07 wt% C) whatever the binder
	nature.			

Table V -

 V 3: Experimental and theoretical grain growth constants for WC-M (M=Fe, Co or Ni) 3 phase C-rich alloy

						Grain growth rate [µm 3 /s]
	Alloys	Temp.[°C]	γS/L [J/m²] [57][67]	Co [mol/m 3 ]	DW/M [m²/s] [68] [52]	Theorectical constant	Experimental constant
						KD	K'D	K'D
	WC-Fe 3 phase C-rich	1450	1.2	7530	3× 10 -9	0.07	0.2	-
	WC-Co 3 phase C-rich	1450	1.2	8468	3× 10 -9	0.074 0.22	0.0016
	WC-Ni 3 phase C-rich	1450	1.2	9218	3.4 × 10 -9	0.092 0.27	0.04
	For calculation of the kinetic constant, interfacial energy values are estimated to be about
	20vol% less than the solid interfacial energy values [67] and the solid interfacial energy
	values calculated by Gren are considered [57]. Solubility of W in the binder (Co) is
	calculated using Thermo-Calc™ and diffusion coefficient from DICTRA™ calculation [68]

Table 1 :

 1 Lattice parameters for WC-Co 2phase middle depending on the sintering temperature

		Co fcc	Co hcp	
	Lattice parameter	a [Å]	a [Å]	c [Å]
	1450°C	3,56554	2,51755	4,15975
	1350°C	3,56554	2,51755	4,15975
	1280°C	3,56554	2,51755	4,13895

Table 1 :

 1 WC-Fe 2 phase alloys features

	Alloys	WC-Fe 2 phase	WC-Fe 2 phase-Seco	WC-Fe_Umi 2 phase -Seco
	Initial raw powder	Coarse	Coarse	Fine
	Milling conditions	Milled in Sandvik Milled in Secotools	Milled in Secotools

Table 2 :

 2 Final relative density of WC-Fe 2 phase alloys sintered at 1450°C for 0.5h

	Alloys	WC-Fe 2 phase	WC-Fe 2 phase-Seco	WC-Fe_Umi 2 phase-Seco
	Final relative density [%]	97,5%	98,4%	99,3%

Table 1 :

 1 Comparison of the experimental (exp) W/M ratio in the binder with the value at the equilibrium at 1000°C for WC-Ni,W and WC-Fe,W.

	W/M (%)	WC-Ni,W	WC-Fe,W
	exp	16-17	0.9-1.3
	1000°C (Thermocalc TM )	14.6	1.1

The colour gradient observed in some cases across the grain boundary indicates that the grain boundary is tilted. Therefore in this case, the thickness of the binder layer is overestimated. WC intercept length distributions are presented in Figure 1, Figure 2 and Figure 3.

For WC-Co and WC-Ni, as temperature increases, the distribution tends to shift to bigger intercept length, with more big grains and less small grains, probably due both to dissolution to fine particule and to grain growth.

For WC-Fe alloy, we can see in the distribution that at 1280°C, the fraction of big intercept in the WC phase is more important for 2 phase and 3 phase W-rich alloys which is actually due to the absence of binder films between the grains (Fig. chap IV). The big intercepts correspond to WC grains agglomerates, but not big WC grains. It is confirmed at higher temperature, where iron is well distributed between WC grains. In the case of WC-Fe 3 phase C-rich alloys, the distribution does not evolved as temperature increases. It can be explain by the fact that at 1150°C according to the equilibrium phase diagram, the binder is already liquid.

To conclude, the evolution of WC grain size during the sintering is almost the same for the Details are summarized in Table 1 and microstructure of the two iron powders used are shown in Figure 1. 

Appendix 5: Epitaxy between WC and binder grains

Systematic study of diffraction patterns using TEM allows to identify epitaxy between different phases.

In the case of WC-Fe alloys, it was observed that the BCC iron very frequently has an epitaxy relationship with a prismatic plane of WC grains (misfit < 1.4% in the plane), whatever the carbon content (one example is given Figure 1). Figure 2 Thickness of the segregation at WC/WC grain boundaries can be estimated from STEM/EDS cartographies. Indeed, the atomic composition can directly be correlated to the thickness of the binder layer regarding the geometry of the analysed area. For all alloys except WC-Fe 3 phase W-rich, STEM/EDS maps were acquired using a beam size of 0.7 nm, a magnification of 500 000 and a size map of 512x512 pixels so the pixel size in the map was about 0.7 nm. For WC-Fe 3 phase W-rich, a beam size of 1 nm, a magnification of 400 000 and a map size of 256x256 pixels were used so the pixel size was about 1.4 nm.

Owing to the resolution of the map, segregation in the boundary can be detected but film width smaller than 1 nm cannot be directly inferred from the map. In addition, WC boxes close to the boundary are analysed at each side of the boundary in order to check the composition of the bulk (dashed red squares). Chemical analysis on WC grains gives a slight amount of binder, which is not expected since there is no solubility of the binder in WC. This pollution is due to re deposition of the binder during the ion beam Once the thickness of the layer is calculated, the number of binder atomic layer can be estimated by divided per the distance between atomic planes.