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GENERAL INTRODUCTION

Ni-based single crystal (SX) superalloys are heat-resistant structural materials mainly used for blades and vanes of gas turbine systems such as aero-engines (Figure i(a)) and power generators (Figure i(b)) [1][2][3][4].

Modern civil aero-engines are designed with large high by-pass ratio turbofan and small/light core section to maximize efficiency. Simultaneously, turbine inlet temperature (TIT) of combustion gas is increasing to improve the thermal efficiency of the gas turbine systems. To meet the requirement of increasing the thermal efficiency of gas turbine systems, the first stages of low-pressure turbine (LPT) blades (Figures ii andiii) are expected to be replaced from conventionally cast or directionally solidified superalloys to SX superalloys in a very near future. Furthermore, the geometrical designs of the components are becoming more complex to ensure better aerodynamic properties. Either in application of SX superalloys for large LPT blades or geometrically complex designed components, introduction of minor plastic deformation (PD) may occur during different stages of the component production, such as the cooling process after solidification and the demolding process [5,6]. This PD can also be a result of manipulation shocks or thermal shock by differences in local cooling rate for larges blades during solution heat treatment [7]. PD during cooling from solidification increases the risk of recrystallization risk during subsequent solution treatment step [8][9][10]. Various types of pre-straining after full heat treatment have also been studied to mimic complex temperature/stress operating condition of turbine blades [11][12][13][14][15]. On the other hand, researches on the consequences of production originated unintentional deformation on the mechanical properties of Ni-based SX superalloy are limited at this point. In the turbine blade foundry of Safran Aircraft Engines, manipulation related deformation that can induce unexpected microstructure evolution was reported and this naturally decreases production yield. However, the effect of PD introduced during different stages of turbine blade production is not well known and questions still remain whether such components are serviceable or not with respect to creep and fatigue design criteria. Comprehensive scientific research is hence necessary to understand the actual behavior of the material with irregular microstructure created during production.

To understand the effect of PD during production, microstructure and mechanical properties of the firstgeneration Ni-based SX superalloy AM1, one of the most practical alloys used in Safran engines, after different pre-deformations and heat-treatment procedures were examined. The additional supersolvus rejuvenation heattreatment was applied to the SX superalloy with different tensile plastic damage before aging treatments to verify rejuvenation capability. In addition, effect of pre-deformation and rejuvenation capability were similarly evaluated in the third-generation Ni-based SX superalloy CMSX-4 Plus, which is a possible candidate for noncooled LPT blades.

This thesis manuscript is divided into the following chapters to present and discuss the effect of predeformation on the mechanical properties of Ni-based SX superalloys.

 et les turbines à gaz industrielles [1][2][3][4]. Ils sont constitués d'une matrice désordonnée γ (soluté de Ni) durci par une forte fraction volumique (60 à 70 %) de précipités γ′ (Ni3Al : réseau de type L12). L'interface cohérente γ/γ′ limite le mouvement des dislocations, ce qui permet aux superalliages base-Ni de présenter des propriétés mécaniques plus élevées que l'alliage monophasé γ ou γ′ [2,5]. En général, des traitements thermiques de mise en solution et de revenu sont appliqués aux superalliages coulés pour optimiser leur microstructure qui présente des propriétés supérieures à haute température.

Afin d'améliorer l'efficacité thermique des turbines à gaz, les superalliages coulés conventionnels ou à solidification dirigée employés de nos jours dans les premiers étages d'aubes de turbines basse pression seront remplacés par des superalliages monocristallins dans un futur proche. De plus, les profils aérodynamiques des pièces se complexifient afin de garantir de meilleures propriétés aérodynamiques.

Une faible déformation plastique peut être introduite dans une pièce monocristalline au cours de différentes étapes de la production, lors du refroidissement après solidification ou lors du démoulage [6,7]. Cette déformation plastique peut également être le résultat de chocs de manipulation ou de chocs thermiques dus à des différences de vitesse de refroidissement locales lors de mise en solution [8]. Une déformation plastique inattendue peut se produire plus fréquemment dans les grandes aubes de turbine et/ou les aubes de turbine ayant des profils aérodynamiques complexes.

Certaines études se sont focalisées par le passé sur l'effet de la déformation plastique sur l'évolution de la microstructure γ/γ′ au cours des vieillissements suivants cette déformation [9][10][11][12]. En raison de la relaxation des contraintes internes introduites par la déformation plastique, une évolution de la microstructure semblable à celle d'une mise en radeaux [9][10][11] et/ou la précipitation en phase TCP (topologically closed packed) [12] peuvent se produire pendant le vieillissement. Par ailleurs, une seule étude s'est focalisée sur l'effet des contraintes résiduelles introduites dans une aube de turbine au cours des processus de production, contraintes résiduelles qui provoquent une évolution de la microstructure et une relaxation des contraintes internes [8].

Les études sur l'impact d'une déformation plastique en cours de production sur la durabilité du matériau sont ainsi très limitées.

Une étude préalable à ce travail de thèse a reproduit une déformation accidentelle de pièces monocristallines en cours de production via l'introduction d'une faible déformation plastique à température ambiante entre la mise en solution et les traitements de revenu. Des essais de fluage sur le superalliage monocristallin AM1 prédéformé ont montré une réduction de la durée de vie en fluage, en particulier à des températures supérieures à 950 °C. Néanmoins, les mécanismes exacts conduisant à une recristallisation et à la chute de la durée de vie en fluage n'ont pas été déterminés. Par conséquent, certaines questions sont à éclaircir :

 Comment la microstructure évolue-t-elle au cours des traitements de revenu après la pré-déformation ?

 Comment la microstructure dégradée affecte-t-elle la durabilité à haute température de l'AM1 et d'autres superalliages monocristallins base-Ni de compositions chimiques différentes, dans des conditions de fluage différentes ?

 Quelles sont les causes et les origines de la recristallisation au cours de la déformation par fluage ?

 Comment d'autres trajets de pré-déformation peuvent-ils affecter la microstructure et les propriétés mécaniques des superalliages monocristallins ? (Pré-déformation à des températures plus élevées, à différents étapes comme après un traitement thermique complet).

D'un point de vue industriel :

 Les matériaux pré-déformés sont-ils utilisables pour les conditions de service des turboréacteurs ?

 Existe-t-il un moyen de réutiliser les matériaux pré-déformés ?

L'objectif de ces travaux de thèse est d'obtenir une compréhension plus détaillée des questions mentionnées ci-dessus. Une étude complète sur l'effet de la déformation liée aux questions de production n'a jamais été réalisée ailleurs. En outre, le concept de traitement thermique de restauration est appliqué aux matériaux prédéformés pour démontrer la possibilité de les remettre en production/en service. Le traitement de régénération (deuxième mise en solution) des superalliages monocristallins avec déformation plastique par traction est également un sujet nouveau.

Cast Ni-based superalloys for turbine blade application

Ni-base superalloys have superior high temperature properties such as creep, fatigue, thermomechanical fatigue, oxidation resistance, corrosion resistance [2,3,13]. By taking advantage of these characteristics, they are mainly applied for hot section materials of various gas turbine systems such as aero-engines, gas turbine engines for ships, and land-based power generating gas turbines. Modern gas turbines are using Brayton thermal cycle for the conversion of thermal energy to mechanical energy and the most effective way to improve thermal efficiency in the system is to increase turbine inlet temperature (TIT) of combustion gas. Nowadays, the TIT of the newest military jet-engine Pratt & Whitney's F135 is reaching 1982 °C (3600 °F) [14] which is above the melting point of many structural metals. Some components are using ceramic matrix composites (CMC) which has properties capable of application at much higher temperatures. However, Ni-based superalloys are still the first choice for the turbine blade applications due to their robustness and maturity in processing operations. Turbine blade, especially one in the high-pressure turbine (HPT) section just after combustion chamber, is a rotating component in the turbine that is exposed at the highest temperature and mechanical loads during operation. Advanced thermal barrier coatings, internal cooling gas, and external gas film cooling protects the turbine blades from exceeding durable temperature (Figure 1.1). In order to improve specific fuel consumption of gas turbines, not only to increase TIT, but also decreasing amount of cooling air are important. High performance cast superalloys have been developed to answer this demand of increasing temperature capability on structural materials. 

Blade alloy development

Ni-base superalloys for turbine blade applications are composed of disordered γ (Ni solute) matrix and coherent cubic γ′ (Ni3Al: L12 type lattice) precipitates (Figure 1.2). Coherent γ/γ′ interfaces interfere with the dislocation movement, which enables the Ni-base superalloys to exhibit higher creep performance than either γ or γ′ single phase alloy [2,5]. Creep properties are considered as one of the most important properties that determines elongation of the turbine rotor blade after the operation under centrifugal forces. Because turbine blades with excessive creep deformation will be eliminated during engine maintenance, creep properties can be critical for operation lifetime of the turbine blade. Commercial SX-specialized superalloys started from the 1 st generation PWA1480 (Alloy 454) developed in 1970s [18], AM1, CMSX-2, and SRR99, followed by the 2 nd generation which contains around 3wt% of Re such as PWA1484, CMSX-4, and Rene N5 [19,20]. Further increase in temperature capability was achieved by 5-6wt% Re containing 3 rd generation alloys such as Rene N6, CMSX-10, and TMS-75 [21,22]. Increasing the content of strengthening elements (Re and W) has inverse effect to the stability of γ/γ´ equilibrium, which can result in alloy strength degradation by undesirable intermetallic precipitations known as topologically close-packed (TCP) phase [23][24][25]. To improve phase stability with increased amount of strengthening elements, Ru was added in 4th generation alloys such as TMS-138, MX-4/PWA1497, and MC-NG [26]. The 5th generation alloy TMS-196 improved creep temperature capability by adjusting composition to control the lattice misfit and microstructural behavior [27]. To overcome lower oxidation resistance of strength-focused 3rd and 4th generation superalloys, TMS-238 has increased Cr content to have comparable oxidation resistance as 2nd generation alloys, achieving the best compromise between creep and environmental resistance [28].

Recent alloy design studies are adding new platinum group metals such as Ir (phase stabilizer in place of Ru) and Pt (increasing γ′ volume fraction at ultra-high temperature above 1200°C) [29][30][31][32]. Re-free new 1st generation alloys RenéN500 and TMS-1700/MGA1700 or low-Re content 3rd generation CMSX-4 Plus were also developed to decrease alloy cost [33][34][35]. List of various SX superalloys are presented in Table 1.1.

Ni-based SX superalloys have one of most complicated alloy systems that consist of up to 19 elements in the chemical composition [2,3]. This is related to the severe operating condition of the component and complex strengthening mechanism that realizes the demand. Table 1.2 explains basic functions of each alloying elements in the superalloys. Superalloy turbine blades are nowadays produced by the investment lost-wax casting that enables to obtain hollow aerofoils with complicated but high-precision form. This formability is essential to the design of turbine blades with good aerodynamic properties. This casting method also helped to control the solidification process that is important to eliminate grain boundaries. After pouring the melt from crucible into the mold, the casting is moved from heating chamber to the cooling chamber at a controlled withdrawal rate. In other words, moving speed of solid/liquid interface and temperature gradient at the interface are controlled so that the crystals can continue to grow in one direction, so called directional solidification.

In the directional solidification, either grain-selector or SX seed are used to determine original grain to grow and to obtain SX casting products. The pig-tail-shaped spiral grain-selector is popularly used for SX turbine blade casting because it is relatively easier to build a casting mold. During the directional solidification, grains will be eliminated as the angle of the pig-tail spiral changes, and eventually only the crystal in <001> preferential growth direction reaches the main cavity of the casting mold (Figure 1.5). Advantage of SX seed is that the crystal growth direction can be determined, and hence, this is applied for very complex or large component, or to control secondary orientation of the cast product.

Practically, the Bridgman-Stockberger casting method (high-rate solidification) that consists of baffle, radiation cooling chamber, and water-coolant chill plate for creating temperature gradient, is selected for turbine blade casting (Figure 1.6(a)). A possible alternative is liquid metal cooling (LMC) method using direct contact of liquid metal with the mold that enables faster cooling and higher temperature gradient compared to the Bridgman method (Figure 1.6(b)). The LMC cast SX product has better metallurgical characteristics and capable of casting bigger components compared to the Bridgman cast product. However, the process cost makes the Bridgman method more popular choice in foundry for aero-engine turbine blades. After the solution treatment, at least two aging treatments are generally applied to the SX superalloys. Because most of the γ′ precipitates have already formed during the cooling of the solution treatment, aging treatments intend to modify microstructure characteristics [45,46]. The first aging treatment is performed at the range of 1000-1170 °C that affects precipitate size and morphology. It is generally operated at the temperature with the highest (or intended) absolute γ/γ′ lattice misfit to form cuboidal γ′ precipitates in the γ matrix channels. The γ/γ′ lattice misfit (δ), difference of lattice parameter between γ (αγ) and γ′ (αγ′) phases, is defined as δ = 2(αγ′αγ)/(αγ′+αγ). The cuboidal precipitates can be achieved if the absolute lattice misfit range at the aging temperature is 0.1% < |δ| < 0.5%. Size of the precipitates are typically set to 0.3-0.5 μm in cube edge length, which is ideal for various mechanical properties (tensile/compressive loading and fatigue) of [001] oriented material at wide range of temperatures (Figure 1.9(a)) [39,44,[47][48][49]. The secondary aging treatment between 700-900 °C is applied to control the γ′ volume fraction (from 40-50% at first aging temperature to 60-70%)

and to have thin γ matrix channels. This volume fraction is known to have best creep performance and thinner matrix channel prevents the accumulation of dislocations during deformation (Figure 1.9(b)) [5].

C) Porosity and hot-isostatic pressing (HIP)

The microsegregation is an issue in the directional coarsening that has chemical composition gradient in the One solution for the S-pore issue is to apply hot-isostatic pressing (HIP). In the HIP process, materials are exposed in high temperature and isostatic gas pressure to densify and to reduce the porosity. This process effectively improves fatigue life of SX superalloys by the reduction of S-pores [53][54][55][56]. [52]. H-pores in CMSX-10 nucleated at the eutectic/matrix interface (c) [57] and spherical one in the matrix (d) [58].

During subsequent homogenizing solution heat treatment, dissolution of eutectics and differences in interdiffusion rates of alloying elements cause Kirkendall-Frenkel effect [59] leading to the nucleation and growth of homogenization-pores (H-pores, Figures 1.10(c, d)) [50,57]. Very fast Al diffusion from eutectics and migration of vacancies to the interface of dissolving eutectic in exchange generate the H-pores. Therefore, volume fraction of H-pores correlates with the volume fraction of non-equilibrium γ/γ′-eutectic in as-cast state [57]. Compared to the S-pores, size of the H-pore is relatively smaller and has minor effect on the fatigue life of the SX superalloys. Nonetheless, all types of pores affect crack initiation at the beginning of creep failure.

If SX superalloys are cast by LMC method, higher temperature gradient at the solidification front (thinner mushy zone) compared to the Bridgman method reduces dendritic segregation. Because of mild segregation and very fine dendritic structure can be created in LMC, both the S-pores and eutectics are less and smaller, or even they can be eliminated from as-cast structure. Ordered L12 γ′ precipitates contribute to material's strength in two different ways. First way is the precipitation being obstacles for deformation that proceeds by coupled dislocations shearing smaller particles and by Orowan loops by-passing larger particles [60][61][62]. These processes are determined by precipitate distribution and size [62]. Second is the intrinsic characteristics of deformation in L12 structure and the interaction with alloying elements distributing in Al site, such as Ta and Ti. Because of secondary element exists in ordered structure, full dislocation in FCC structure is equivalent to Burger's vector of 1/2❬110❭ in L12, which forms anti-phase boundary (APB) with two neighboring planes with higher bonding energy. This increases energy required for nucleation and movement of dislocation in γ′ phase compared to γ phase. To decrease activation energy, dislocations split into pairs that first one proceeds with APB formation and trailing one restores ordered structure (b1 in Figure 1.11(b)). If the deformation proceeds with dislocations with Burger's vector 1/3❬112❭ or 1/6❬112❭, different types of stacking faults are created which also requires formation energy higher than that in FCC (b2 and b3 in Figure 1.11(b)). Higher bonding energy of the system and requirement of paired dislocation movement are contributing to the strengthening of γ′ phase. To improve shear resistance of the superalloys, Ta and Ti fraction in their composition is considered since these alloying elements increase APB energy of the γ′ phase by replacing Al site. 

2. 2. Tensile deformation

Ni-based superalloys are known for temperature anomaly that yield stress increases with increasing temperature, typically up to 750-800 °C [48,49,[63][64][65][66]. Example of PWA1480 SX superalloy exhibiting temperature anomaly is shown in Figure 1.12(a). This is owing to another feature of alloy with L12 intermetallic structure [64]. At higher-temperature, thermally activated cross-slip of dislocation from {111} slip plane onto {100} occurs in order to decrease APB energy. In this Kear-Wilsdorf locking mechanism, dislocations are locked on the {100} plane that cannot move without trailing pair dislocation [67]. Figures 1.12(b) and 1.12(c) are dislocations observed in PWA1480 after yielding at 20 °C and 705 °C, respectively. Although the yield stresses were similar for these temperatures, more homogeneous and higher density of dislocation is present in Figure 1.12(c) which is result of the thermally activated mechanism. At the higher temperatures, dislocations are by-passing γ/γ′ interfaces (at 982 °C in Figure 1.12(d)) and their density increases with formation of dislocation networks (at 1093 °C in Figure 1.12(e)).

2. 3. Creep

When the deformation strain rate is very small, strengthening mechanism of superalloys totally changes and yield strength drastically decreases. In low-temperature/high-stress creep, deformation is mainly driven by dislocation glide on the active slip systems. In high-temperature/low-stress condition, diffusion and dislocation climb become main rate controlling processes. Creep properties of SX superalloys are sensitive to the temperature/stress conditions. Creep characteristics of ❬001❭ oriented SX are mainly introduced here.

A) High-temperature/low-stress creep

Creep of SX superalloys at high temperatures (>1000 °C) is typically called as "rafting" regime because of microstructure evolution that occurs at the early stage of deformation [68]. The "rafting" word is used to describe directional coarsening of γ' phase as shown in Figure 1 At the transition period from secondary to tertiary creep stages, dislocations shearing from γ/γ' interface into γ' phase occurs [69,70]. This further enhances coarsening of γ'-rafts (Figure 1.13(e)), but also make rafts into disrupted wavy form. Associated with dislocation climb, vacancy transportation become active. Creep void nucleates and grows, which typically called deformation-pores (D-pores) [51,58,[START_REF] Le Graverend | Ex-situ X-ray tomography characterization of porosity during high-temperature creep in a Ni-based single-crystal superalloy: Toward understanding what is damage[END_REF][START_REF] Buck | A quantitative metallographic assessment of the evolution of porosity during processing and creep in single crystal Ni-base super alloys[END_REF]. Growth of creep voids and crack propagation from the voids occur at the very steep tertiary stage and become source of creep failure [START_REF] Ai | Creep fracture mechanisms in single crystal superalloys[END_REF][START_REF] Reed | Damage accumulation during creep deformation of a single crystal superalloy at 1150 °C[END_REF][START_REF] Epishin | Mechanisms of high-temperature creep of nickel-based superalloys under low applied stresses[END_REF].

At intermediate temperature/stress condition, directional coarsening also occurs but it does not develop with primary creep stage, and sometimes, the primary creep stage does not appear. Instead, creep curve consists of very short and small primary stage followed by monotonic increasing creep rate until rupture [START_REF] Ghosh | Creep deformation of single crystal superalloys-modelling the crystallographic anisotropy[END_REF][START_REF] Epishin | Evolution of the γ/γ′ microstructure during hightemperature creep of a nickel-base superalloy[END_REF][START_REF] Epishin | Kinetics of the topological inversion of the γ/γ′microstructure during creep of a nickel-based superalloy[END_REF].

Increasing creep strain correlates to increase in dislocation density. Because γ' volume fraction is higher than 50% at the intermediate temperatures 850-1000 °C, evolution of the rafted microstructure leads to topologically inverted structure [START_REF] Epishin | Kinetics of the topological inversion of the γ/γ′microstructure during creep of a nickel-based superalloy[END_REF]. Topological inversion is the state that γ' phase become matrix by having volume fraction superior to γ phase. It appears that γ' phase is covering isolated γ phase, but in three dimensions, both phases are connected all over the volume in very complex mesh-like structure. It has been recently

proposed that dislocation shearing in the γ' phase with γ phase solute transportation as the mechanism of evolution into this complex structure (Figure 1.17) [START_REF] Antonov | Plasticity assisted redistribution of solutes leading to topological inversion during creep of superalloys[END_REF]. B) Low-temperature/high-stress creep At lower temperatures where diffusion is relatively less active, and with higher stresses, very large primary creep strain is introduced to SX superalloy. Due to higher stress, deformation in this condition is driven by slip and hence strongly dependent on specimen's crystallographic alignment [START_REF] Mackay | The influence of orientation on the stress rupture properties of nickel-base superalloy single crystals[END_REF][START_REF] Rae | On the primary creep of CMSX-4 superalloy single crystals[END_REF]. Otherwise, stacking fault ribbons developed in ❬112❭{111} slip system can shear through γ/γ' interface, leading to large primary strain [START_REF] Rae | Primary creep in single crystal superalloys: Origins, mechanisms and effects[END_REF]. Transition from primary to secondary creep is result of a lattice rotation with increasing creep strain which leads to favored activity of ❬110❭{111} system compared to ❬112❭{111}. Because shearing by ❬112❭{111} slip system is associated with stacking faults, primary creep is very sensitive to the chemistry and γ' precipitate size of the alloy [START_REF] Caron | Creep Deformation Anisotropy in Single Crystal Superalloys[END_REF][START_REF] Yuan | Creep deformation of a sixth generation Ni-base single crystal superalloy at 800°C[END_REF][START_REF] Diologent | On the creep behavior at 1033K of new generation single-crystal superalloys[END_REF]. generally determined by the size and position of the largest pore located in the specimen's loaded volume [55,[START_REF] Cervellon | VHCF life evolution after microstructure degradation of a Ni-based single crystal superalloy[END_REF][START_REF] Bortoluci Ormastroni | HCF and VHCF life sensitivity to solution heat treatment of a third-generation Ni-based single crystal superalloy[END_REF][START_REF] Cervellon | Crack initiation mechanisms during very high cycle fatigue of Ni-based single crystal superalloys at high temperature[END_REF][START_REF] Bortoluci Ormastroni | Tensile, low cycle fatigue and very high cycle fatigue characterizations of advanced single crystal nickel-based superalloys[END_REF]. This is due to a higher stress concentration in the vicinity of pore that activates shearing of γ/γ' microstructure by slip bands [START_REF] Cervellon | Crack initiation mechanisms during very high cycle fatigue of Ni-based single crystal superalloys at high temperature[END_REF]. The largest pores tend to be S-pores located in the interdendritic area [50,51]. On the other hand, VHCF life at positive stress ratio condition (R > 0) is affected by the γ/γ' microstructure and intrinsic creep strength of Ni-based SX superalloys [55,[START_REF] Cervellon | VHCF life evolution after microstructure degradation of a Ni-based single crystal superalloy[END_REF]. Overaged and coarsened microstructures are known to have lower creep durability and lower yield stress especially at higher stress or with higher strain rate [46,[START_REF] Cervellon | VHCF life evolution after microstructure degradation of a Ni-based single crystal superalloy[END_REF]. Therefore, since specimen is in tensile loading during all period of positive stress ratio condition with very fast strain rate (in the order of 10 2 /s), creep damages such as microstructure coarsening and cracks initiating from creep voids take place in the VHCF regime (Figure 1.21).

3. Pre-straining effect

Previous efforts on pre-straining effects were made to understand recrystallization risks of SX superalloys during solution treatment, to understand γ'-rafting mechanisms, and to create pre-rafting microstructure for demonstrating complex operating condition of the turbine blades. Rejuvenation heat treatment procedure for microstructure restoration after creep is also introduced in this section.

1.3.1. Pre-straining before solution treatment PD during solidification process is known to increase the risk of recrystallization during subsequent solution heat treatment [START_REF] Bürgel | Recrystallization in single crystals of nickel base superalloys[END_REF][START_REF] Cox | Recrystallisation of single crystal superalloy CMSX-4[END_REF][START_REF] Li | Influence of deformation temperature on recrystallization in a Ni-based single crystal superalloy[END_REF][START_REF] Li | Experimental investigation on recrystallization mechanism of a Ni-base single crystal superalloy[END_REF][START_REF] Mathur | Nucleation of recrystallisation in castings of single crystal Ni-based superalloys[END_REF][START_REF] Tian | Recrystallization of a single crystal Ni-base superalloy in ⟨011⟩ and ⟨111⟩ orientations[END_REF]. Therefore, the motivation of pre-straining in as-cast SX material is to understand the recrystallization mechanism during solution treatment. In these studies, PD was introduced in a wide range of temperatures from room temperature (RT) to 1250 °C by tensile, compression, indentation, and grit-blasting to mimic thermomechanical plastic strains introduced during solidification and demolding processes.

Recrystallization probability increases with increasing applied plastic strain, increasing deformation temperature, and increasing subsequent aging temperature/time (Figure 1.22) [START_REF] Cox | Recrystallisation of single crystal superalloy CMSX-4[END_REF][START_REF] Li | Experimental investigation on recrystallization mechanism of a Ni-base single crystal superalloy[END_REF]. Higher recrystallization sensitivity after deformation at higher temperature is due to the higher dislocation density compared to the deformation at RT (Figure 1.23) [START_REF] Cox | Recrystallisation of single crystal superalloy CMSX-4[END_REF]. In these cases, the recrystallization is activated by the dislocations introduced by PD and it starts from free surface [START_REF] Bürgel | Recrystallization in single crystals of nickel base superalloys[END_REF][START_REF] Mathur | Nucleation of recrystallisation in castings of single crystal Ni-based superalloys[END_REF][START_REF] Tian | Recrystallization of a single crystal Ni-base superalloy in ⟨011⟩ and ⟨111⟩ orientations[END_REF] or primary dendrite core [START_REF] Li | Experimental investigation on recrystallization mechanism of a Ni-base single crystal superalloy[END_REF][START_REF] Zhonglin | Role of as-cast dendritic microstructure in recrystallization of a Ni-based single crystal superalloy[END_REF] (Figure 1.24).

Especially at temperatures near solvus, introduced dislocations become diffusion path and enhance dissolution of γ′ phase and consequently recrystallization. Because the volume fraction of γ′ phase is lower in the primary and secondary dendrite arms, the dissolution triggered recrystallization starts from these areas. 1.3.2. Microstructure behavior after pre-straining Some studies have been focusing on the effect of PD on the γ/γ′ microstructure evolution during subsequent aging treatments [9][10][11][12][START_REF] Strunz | In situ observation of morphological changes of γ′ precipitates in a pre-deformed single-crystal Ni-base superalloy[END_REF]. In these studies, PD was applied at RT or at higher temperatures up to 1050 °C after solution and aging treatments. If PD is introduced after aging treatments, subsequent exposure at high temperature (>1000 °C) accelerates microstructure evolution to decrease internal elastic strain [9,12]. During aging, microstructure shows anisotropic coarsening similar to the γ′-rafting, which means that the coarsening direction is dependent on the type of deformation, tensile or compressive, and distribution of dislocations (Figure 1.25(a-c)) [9][10][11][START_REF] Véron | Strain induced directional coarsening in Ni based superalloys[END_REF]. If tensile PD is applied at RT, PD proceeds by γ/γ′ shearing with practically no dislocation introduced outside of the slip bands. Therefore, microstructure coarsens only in the vicinity of slip bands, the region with intense elastic strain, and creates the band of coarsened microstructure (Figure 1.25(a, d)) [9,11]. Liu et al. showed that if the applied plastic strain exceeds a certain magnitude, even aging at 1000 °C can trigger recrystallization [11]. Recrystallization at the deformation bands introduced during out-of-phase thermomechanical fatigue tests is a similar case that dislocation density at the band exceeding tolerance for recrystallization to be triggered during heating sequence above 850 °C [START_REF] Moverare | Deformation and damage mechanisms during thermalmechanical fatigue of a single-crystal superalloy[END_REF][START_REF] Segersäll | Deformation and Damage Mechanisms during Thermomechanical Fatigue of a Single-Crystal Superalloy in the <001> and <011> Directions[END_REF][START_REF] Segersäll | Thermal-mechanical fatigue behaviour of a new single crystal superalloy: Effects of Si and Re alloying[END_REF]. On the other hand, aging at 1080 °C after higher temperature (900 °C) pre-straining resulted in typical N-type rafting structure (Figure 1.25(c)) [9,10]. This behavior is well known from many experiments that intended to obtain pre-rafted microstructure [START_REF] Véron | Strain induced directional coarsening in nickel based superalloys: Investigation on kinetics using the small angle neutron scattering (SANS) technique[END_REF][START_REF] Giraud | Effect of the Prior Microstructure Degradation on the High Temperature/Low Stress Non-Isothermal Creep Behavior of CMSX-4® Ni-Based Single Crystal Superalloy[END_REF]. In the study by Strunz et al., compressive pre-strain of 2% was applied at RT, 700 °C, and 950 °C to a Ni-based SX superalloy and aging at 950-1050 °C was subsequently applied. γ′-rafting was detected on a specimen with PD at 950 °C plus aging at 1050 °C for 6.5 h and not in a specimen pre-deformed at RT [START_REF] Strunz | In situ observation of morphological changes of γ′ precipitates in a pre-deformed single-crystal Ni-base superalloy[END_REF]. Moreover, TCP phase can precipitate in pre-deformed material during aging treatments [12,[START_REF] Utada | Creep Property and Phase Stability of Sulfur-Doped Ni-Base Single-Crystal Superalloys and Effectiveness of CaO Desulfurization[END_REF].

Mechanical properties of pre-deformed superalloys

The mechanical behavior of polycrystalline [START_REF] Dyson | The effect of room temperature pre-strain on grain boundary cavitation in Nimonic 80A[END_REF][START_REF] Loveday | Prestrain-induced particle microcracking and creep cavitation in IN597[END_REF][START_REF] Shiozawa | Studies of nucleation mechanisms and the role of residual stresses in the grain boundary cavitation of a superalloy[END_REF][START_REF] Zhang | Prestraining effect on creep behaviour of nickel base C263 superalloy[END_REF][START_REF] Stöcker | Effect of precipitation condition, prestrain and temperature on the fatigue behaviour of wrought nickel-based superalloys in the VHCF range[END_REF][START_REF] Pandey | Prior deformation effects on creep and fracture in inconel alloy X-750[END_REF] and SX [START_REF] Cervellon | VHCF life evolution after microstructure degradation of a Ni-based single crystal superalloy[END_REF][START_REF] Giraud | Effect of the Prior Microstructure Degradation on the High Temperature/Low Stress Non-Isothermal Creep Behavior of CMSX-4® Ni-Based Single Crystal Superalloy[END_REF][START_REF] Ott | Dependence of the high-temperature low-cycle fatigue behaviour of the monocrystalline nickel-base superalloys CMSX-4 and CMSX-6 on the γ/γ′-morphology[END_REF][START_REF] Drew | Single Crystal Superalloys: The transition from Primary to Secondary Creep[END_REF][START_REF] Epishin | Creep damage of single-crystal nickel base superalloys: mechanisms and effect on low cycle fatigue[END_REF][START_REF] Su | Effect of pre-compressive treatment on creep behavior of a ⟨011⟩oriented single-crystal Ni-based superalloy[END_REF][START_REF] Long | Effect of pre-straining treatment on high temperature creep behavior of Ni-based single crystal superalloys[END_REF] Ni-based superalloys with a prior PD has also been studied. In these studies, plastic strain was applied after full heat-treatment including solution and aging treatments either by RT tensile PD or high-temperature creep deformation. Pre-strained at RT and strain is labeled next to each curve. An example of cavities widely distributed in grain boundaries of the creep tested specimen with 9.5% pre-strain (b). [START_REF] Pandey | Prior deformation effects on creep and fracture in inconel alloy X-750[END_REF] The objectives of previous studies on pre-strained SX superalloys were mainly to evaluate the mechanical properties of pre-rafted SX superalloys. Therefore, prior PD was intended to obtain an anisotropic γ′-rafted microstructure. It was originally aimed at understanding the advantage of the γ′-rafting on the mechanical properties [47,[START_REF] Ott | Dependence of the high-temperature low-cycle fatigue behaviour of the monocrystalline nickel-base superalloys CMSX-4 and CMSX-6 on the γ/γ′-morphology[END_REF][START_REF] Tetzlaff | Enhanccement of the high-temperature tensile creep strength of monocrystalline nickel-base superalloys by pre-rafting in compression[END_REF][START_REF] Mughrabi | New microstructural concepts to optimize the high-temperature strength of γ′-hardened monocrystalline nickel-based superalloys[END_REF]. In recent studies, pre-rafting is introduced for understanding the interaction of different temperature and loading conditions that may occur during service conditions of gas turbines 

In polycrystalline

Rejuvenation treatment

Rejuvenation is a process to restore microstructural characteristics of a turbine component after geometrical refurbishment processes. The process was first established for polycrystalline turbine components [START_REF] Vandrunen | Rejuvenation of Used Turbine Blades by Hot Isostatic Pressing[END_REF][START_REF] Liburdi | Guidelines for Reliable Extension of Turbine Blade Life[END_REF][START_REF] Dennison | An assessment of hot isostatic pressing and reheat treatment for the regeneration of creep properties of superalloys[END_REF][START_REF] James | Review of rejuvenation process for nickel base superalloys[END_REF] and has been continuously developed for SX application [START_REF] Rettberg | Rejuvenation of nickel-based superalloys GTD444(DS) and René N5(SX)[END_REF][START_REF] Rettberg | Rejuvenation of Ni-base Superalloys GTD444 and René N5[END_REF][START_REF] Yao | Effect of rejuvenation heat treatments on gamma prime distributions in a Ni based superalloy for power plant applications[END_REF][START_REF] Shi | Rejuvenation Heat Treatment of the Second-Generation Single-Crystal Superalloy DD6[END_REF][START_REF] Ruttert | Rejuvenation of creep resistance of a Ni-base single-crystal superalloy by hot isostatic pressing[END_REF][START_REF] Ruttert | Rejuvenation of Single-Crystal Ni-Base Superalloy Turbine Blades: Unlimited Service Life?[END_REF][START_REF] Horst | On the rejuvenation of crept Ni-Base single crystal superalloys (SX) by hot isostatic pressing (HIP)[END_REF][START_REF] Pal | Effect of Rejuvenation Heat Treatment and Aging on the Microstructural Evolution in Rene N5 Single Crystal Ni Base Superalloy Blades[END_REF]. The technique is usually a combination of near solution heat treatment and HIP, trying to avoid possible recrystallization during such a process. A turbine blade suffers from internal microstructural damages during long-duration high-temperature exposure and creep loading under operation [14][15][16][17][18]. Over-aging precipitation coarsening, creep void formation, precipitation of brittle TCP phase, and changes in carbide types are the main damages in SX superalloys [START_REF] Epishin | Creep damage of single-crystal nickel base superalloys: mechanisms and effect on low cycle fatigue[END_REF][START_REF] Komenda | Growth of pores during the creep of a single crystal nickel-base superalloy[END_REF][START_REF] Simonetti | Role and behaviour of μ phase during deformation of a nickel-based single crystal superalloy[END_REF][START_REF] Liu | Formation of carbides and their effects on stress rupture of a Ni-base single crystal superalloy[END_REF]. Additionally, changes in grain-boundaries occur in polycrystalline alloys. The types of damage and the changes of microstructure differs depending on the area of the component due to the variety of temperature/stress conditions. An example of serviced microstructure in a turbine blade is shown in Figure 1.29 [START_REF] Von Grossmann | Measurement of service-induced internal elastic strains in a single-crystal nickel-based turbine blade with convergent-beam electron diffraction[END_REF]. Generally, over-aged coarsening decreases creep resistance under low-temperature/high-stress conditions, and creep void formation occurs and become a failure source under high-temperature/low-stress conditions. Rejuvenation that refurbishes bulk mechanical properties of SX superalloy is an effective process to extend service life of a turbine component as shown in Figure 1.30 [START_REF] Rettberg | Rejuvenation of Ni-base Superalloys GTD444 and René N5[END_REF].

The main idea of re-heating up to solvus temperature is to dissolve γ′ precipitates into γ phase and to regenerate nearly optimal γ matrix and γ′ cuboids by following precipitation aging treatments just like original solution + aging treatments. As shown in Figure 1.31, microstructure of SX superalloy CMSX-4 can be restored by rejuvenation heat treatment after over-age coarsening at 1050 °C for 1000 h [START_REF] Yao | Effect of rejuvenation heat treatments on gamma prime distributions in a Ni based superalloy for power plant applications[END_REF][START_REF] Yao | Microstructural evolution in a nickel based superalloy for power plant applications as a consequence of high temperature degradation and rejuvenation heat treatments[END_REF]. During re-solution stage, dislocations introduced during deformation will be annihilated or rearranged since there are almost no remaining γ/γ′ interfaces that block movement of dislocations and due to the very high temperature that enhances diffusion for rearrangement. Dissolution of TCP phase [START_REF] Shi | Rejuvenation Heat Treatment of the Second-Generation Single-Crystal Superalloy DD6[END_REF][START_REF] Pal | Effect of Rejuvenation Heat Treatment and Aging on the Microstructural Evolution in Rene N5 Single Crystal Ni Base Superalloy Blades[END_REF] and partial decomposition of carbides [START_REF] Rettberg | Rejuvenation of nickel-based superalloys GTD444(DS) and René N5(SX)[END_REF][START_REF] Rettberg | Rejuvenation of Ni-base Superalloys GTD444 and René N5[END_REF] also occur during re-solution with higher solubility of γ phase at such high temperature.

When precipitation aging treatments are applied, γ′ phase precipitates and grows from γ phase as normal aging treatment. This rejuvenation heat treatment is known to effectively extend creep life of SX superalloys (Figure 1.32) [START_REF] Ruttert | Rejuvenation of creep resistance of a Ni-base single-crystal superalloy by hot isostatic pressing[END_REF][START_REF] Horst | On the rejuvenation of crept Ni-Base single crystal superalloys (SX) by hot isostatic pressing (HIP)[END_REF] and extended service life can be achieved if the process is applied before the accumulation of microstructural damages [START_REF] Rettberg | Rejuvenation of Ni-base Superalloys GTD444 and René N5[END_REF][START_REF] Ruttert | Rejuvenation of Single-Crystal Ni-Base Superalloy Turbine Blades: Unlimited Service Life?[END_REF][START_REF] Horst | On the rejuvenation of crept Ni-Base single crystal superalloys (SX) by hot isostatic pressing (HIP)[END_REF], which mainly occur during creep acceleration stage after slower creep rate period. Figure 1.33 shows the accumulation of creep damage that is exposed after second creep loading on the rejuvenated SX samples. Faster coarsening was observed after second creep loading in the sample with 5.0% creep strain during first creep loading [START_REF] Horst | On the rejuvenation of crept Ni-Base single crystal superalloys (SX) by hot isostatic pressing (HIP)[END_REF]. Re-solution treatment can only restore over-aged precipitates into original form, but creep voids cannot be eliminated. Creep voids in damage concentrating area can limit high cycle fatigue life of SX component [55,[START_REF] Lamm | The Effect of Casting Conditions on the High-Cycle Fatigue Properties of the Single-Crystal Nickel-Base Superalloy PWA 1483[END_REF] as well as creep life [54,[START_REF] Ai | Creep fracture mechanisms in single crystal superalloys[END_REF][START_REF] Komenda | Growth of pores during the creep of a single crystal nickel-base superalloy[END_REF][START_REF] Moss | Creep deformation and crack growth behavior of a single-crystal nickel-base superalloy[END_REF]. Since HIP procedure is known for its advantage of increasing mechanical properties of superalloys by densifying and removing casting voids [54,55], this method is also useful for solving creep void issue if it is applied in the refurbishment process. Therefore, ideally, HIP treatment is processed at the rejuvenation temperature so that precipitate restoration can proceed simultaneously.

Example of SX superalloy after creep deformation followed by rejuvenation treatment consist of re-solution and HIP is shown in Figure 1.34. . This section provides review of the previous results that have been performed in advance to the PhD research. In the following chapters, results in this section will be discussed together with the main experimental results of this dissertation. By electron backscatter diffraction (EBSD) characterizations after plastic deformation and two aging treatments, neither measurable lattice rotation nor localized recrystallization have been observed (Figure 1.39).

The misorientation profiles are also plotted in Figure 1.39 across γ′ coarsened bands both within a primary dendrite arm and within an interdendritic spacing. Rotation angles in the range 0.5-0.6° are corresponding to the angular resolution of the EBSD technique within the applied setup.  What is the condition in which the recrystallization occurs?

 How can other pre-deformation situation affect microstructure and mechanical properties of SX superalloys? (Pre-deformation at higher-temperatures, different stages like after full heat treatment.)

From an industrial point of view,  Are pre-deformed materials not worthy for engine operation?

 Is there any way to re-use pre-deformed materials?

The aim of this thesis research is to obtain deeper understanding about the questions mentioned above. To achieve this goal, two Ni-based SX superalloys, AM1 and CMSX-4 Plus, are used in the experiments. These alloys have many different features related to their chemical composition. Therefore, comparison of these two materials not only help understanding the scientific questions, but also gives a suggestion for the real-life application. Different preparation procedures are applied for AM1 to consider variety of possible situations that pre-deformation can be introduced to the material. Comprehensive study on the effect of production issue related deformation have never been performed elsewhere. Furthermore, concept of rejuvenation treatment is applied to the pre-deformed materials for demonstrating possibility of having pre-deformed materials back into production/operation. Re-solution treatment of SX superalloys with tensile plastic deformation is also a novel topic. Des essais de fatigue gigacylique (VHCF) ont été effectués sur l'AM1, à l'air, à 1000 °C sur une machine à fatigue ultrasonore fonctionnant à 20 kHz [5]. Pour l'éprouvette de l'essai VHCF, une pré-déformation en traction a d'abord été appliquée sur une éprouvette lisse avec une conception spécifique, puis l'éprouvette a été usinée à nouveau pour obtenir une éprouvette de type diabolo. Les essais ont été effectués dans des conditions alternées (R = -1) et avec charge moyenne appliquée (R = 0,5) avec diverses amplitudes de contraintes appliquées.

CHAPTER 2 EXPERIMENTAL PROCEDURES

Après les traitements thermiques et les essais mécaniques, les microstructures des éprouvettes ont été observées au microscope électronique à balayage avec canon à effet de champ. L'orientation des échantillons a été analysée par diffraction des électrons rétrodiffusés (EBSD).

1. Materials

In this study, two kinds of Ni-based superalloys were studied: the AM1 first generation single crystal (SX)

superalloy [1,2] and the CMSX-4Plus third generation SX superalloy [3]. Their nominal compositions are given in Table 4.1. SX bars with a 14 mm diameter were casted by the Bridgman method in the foundry at Safran Aircraft Engines, Gennvilliers. Single crystals were in form of bars when received. They were solution treated at Safran Aircraft Engines using industrial furnaces. specimen that covers all geometry must be machined first to be able to introduce a controlled plastic deformation using an extensometer. After a plastic strain is introduced in the middle of the gauge section, this tensile testing specimen was machined to have geometry suitable for VHCF test. 

3. Tensile plastic deformation (pre-deformation)

A plastic strain was introduced in the specimens by tensile plastic deformation at room-temperature to mimic the possible PD during processing of turbine components. Before tensile pre-deformation, surface of specimens' gauge section was mechanically polished using SiC abrasive paper grades from P320 to P4000

(grid size 42.5 μm to 5 μm in the Federation of European Producers of Abrasives (FEPA) standards) along longitudinal direction to remove residual stresses and scratches inherited from previous machining operations.

Total depth of removed surface layer was between 0.1 to 0.05 mm after P4000 grade. This surface layer extraction is to avoid effect of residual stresses during pre-defamation and to avoid surface recrystallization during heat treatments. Plastic strain was introduced into a specimen with strain rate of 5.0×10 -4 /s using electromechanical testing machine Instron 8562 (Figure 2.3). Strain was measured by extensometer positioned onto the specimen surface after applying initial tensile load of 100 N. Pre-deformation at 750 °C and 950 °C was performed using resistive heating furnace installed on the same testing machine. Temperature controllers were connected to thermocouples at the top and the bottom sides of the specimen grips. The furnace was stabilized for at least 30 min with an initial load of 100 N before attaching extensometer. Tensile deformation was paused as the specimen reached their plastic regime and then the tensile test was resumed until determined displacement to reach its target plastic strain. PD of AM1 at 950 °C was also conducted continuously from beginning to the target strain to avoid stress relaxation during pausing period. After specimen reaches target strain, load was decreased to zero immediately by manual control for avoiding stress relaxation. 

4. Heat treatment

After the pre-deformation, gauge section of specimens was cut into pieces for microstructure analysis after different aging conditions. At least one cut surface of the pieces is along either ( 100) or ( 110) plane so that γ′ length on <001> direction can always be measured. The piece was placed in alumina crucible (Figure 2.4)

when it was inserted into resistive furnace for heat treatments. The specimen for creep test or fatigue test was directly inserted into the furnace. 

6. Very high cycle fatigue tests

VHCF tests were performed on AM1 in air at 1000 °C using an ultrasonic fatigue machine working in the 20 ± 0.5 kHz frequency range. Specimen surface was mechanically polished prior to VHCF tests up to a mirror finish using 1 µm diamond suspension to remove residual stresses and to avoid any surface scratches that may lead to geometry-induced failure. During the experiment, specimen was induction heated and the temperature of the specimen center was controlled by a dual-wavelength infrared pyrometer. The specimen was held at 1000 °C for at least 35 min before starting the test in an aim to stabilize the emissivity from surface oxide.

Tests were performed in fully reversed (R = -1) and positive (R = 0.5) ratio conditions with various applied stresses. Detail of the apparatus design and specific methods are explained in the reference [5,7]. electron detector were mainly used for characterization of specimens in this study. The appearance of the specimens was observed using the optical microscope. The FEG-SEM was operated at 25kV with work distance of 10-25 mm for microstructural observations. Heat-treated pieces were mounted into conductive resin and creep specimens were cut in plane of longitudinal direction. These specimens were mechanically polished down to 1-µm diamond powder spray and then the polished surface was chemically etched using aqua regia for 8-10 s at around 4 °C to reveal its γ/γ′ microstructure by selectively removing γ′ phase.

Electron backscatter diffraction (EBSD) scans were performed on creep ruptured and interrupted specimens using JEOL JSM-6100 SEM equipped with EDAX forward scatter detector controlled by TSL OIM software.

Specimens for the EBSD analysis were prepared by mechanical polishing down to 1-µm diamond powder spray followed by electrochemical polishing using Struers LectroPol-5 system operated at 45 V for 6 s with a solution of perchloric acid, 2-butoxyethanol, and methanol (Struers electrolyte A3) kept at room temperature and flow level of 14 (Figure 2.11). La déformation plastique par traction selon l'orientation ❬001❭ à des températures inférieures à 750 °C introduit des bandes de glissement le long des plans cristallins {111} dans un superalliage monocristallin. Au cours du traitement thermique de revenu à 1100 °C, les précipités γ′ évoluent plus rapidement à proximité des bandes de glissement que dans les zones éloignées de la bande. L'évolution de la microstructure a été influencée par la déformation élastique locale autour des bandes de glissement [3]. Elle a montré une morphologie similaire à la mise en radeaux γ′ dans les superalliages base-Ni, dans des directions parallèle et transversale à l'axe de chargement. Dans la bande à microstructure grossière, des dislocations interfaciales γ/γ′ sont observées.

L'image de contraste de diffraction dans l'axe du faisceau [START_REF] Strunz | In situ observation of morphological changes of γ′ precipitates in a pre-deformed single-crystal Ni-base superalloy[END_REF] a montré que la majorité des dislocations sont distribuées dans la matrice γ et que ce sont des dislocations de type 1/2❬101❭{111}.

Un léger grossissement directionnel a été observé après une pré-déformation à 950 °C et les traitements thermiques de revenu suivants. La relaxation des déformations de cohérence a été provoquée par des dislocations interfaciales introduites pendant la pré-déformation par le mécanisme de contournement [4,5].

Comme la déformation plastique était distribuée uniformément, l'évolution de la microstructure a été observée dans toute la section de l'éprouvette. L'amplitude de la coalescence orientée a diminué et a été perturbée par l'augmentation de la déformation plastique. La réduction de la taille des radeaux avec l'augmentation de la déformation plastique dans le matériau pré-déformé à 950 °C est probablement due à la plus grande densité de dislocations stockée dans la matrice γ pendant la déformation plastique. Les dislocations interfaciales ont ralenti le grossissement des précipitations au cours des traitements de revenu. L'échantillon AM1 pré-déformé à 950 °C avec une déformation plastique plus grande (2,17 %) a présenté une recristallisation après le traitement de restauration à une température sub-solvus (à 1280 °C). La recristallisation a commencé à la surface de l'échantillon (assistée par l'oxydation) et le cristal originel est resté intact dans les espaces interdendritiques. Cette recristallisation est provoquée par la dissolution des précipités γ′ assistée par les dislocations stockées. Si la déformation macroscopique est de même amplitude, la densité des dislocations stockées augmente à mesure que la température de déformation augmente [6]. Par conséquent, le risque de recristallisation au cours de la restauration est plus faible si la pré-déformation a été appliquée à une température plus basse.

1. Introduction

This chapter focuses on the microstructure evolution that was observed in the pre-deformed material from the precedent results. PD was introduced to various Ni-based SX superalloys at RT and higher-temperatures to understand the effect of different pre-straining procedures. From an industrial point of view, rejuvenation treatment for microstructure restoration was tested to the pre-deformed materials at different conditions.

2. Tensile pre-deformation of experimental materials

Typical tensile curves of pre-deformation (plastic strain ~0.8 %) are shown in In the as-solutioned state, AM1 has higher yield strength compared to CMSX-4 Plus at RT which is consistent with the tensile properties after full heat-treatment [8]. The highest yield stress of AM1 after aging treatments (AM1-HT1-RTPD) is a result of optimized size, shape, and volume fraction of γ′ precipitates [8][9][10]. Young's modulus and yield strength at 0.05% plastic strain are shown in Table 3.1. Specimens with higher or lower plastic strain were obtained by simply interrupting tensile deformation later or earlier. Appearances of cylindrical specimens after pre-deformation are shown in Figure 3.2 with the density of observable slip bands in the determined section labeled. These images were obtained by an optical microscope.

Although C4P-RTPD has the lowest plastic strain, it has the highest density of observable slip bands of all.

This analysis presents a trend of increasing yield strength with decreasing density of observable slip bands in the cylindrical surface. Higher yield strength means that the resistance to the precipitation shearing is higher, which suggests that more energy is required for the activation of a slip system and to form a slip band. Because slip bands are strongly marked in AM1-HT1-RTPD compared to others, that the local slip on each single band is suggested to be higher. In other words, when the materials are deformed at RT (i.e. within the γ′-shearing regime) and have equivalent macro strain, material with lower yield strength has a greater number of slip bands introduced but slip on each band is less. This is confirmed by microstructures shown in Figure 3.3. In AM1-RTPD, slip band is visible only in surface layer where deformation is more pronounced by free surface intersection. On the other hand, deformation band was observed in the cylindrical center of AM1-HT1-RTPD. of first stage aging. The coarsening rate is not dependent on the magnitude of introduced strain, which confirms that the magnitude of the strain changes the number of slip bands introduced in the specimen's gauge section, but probably magnitude of slip on each band is weakly affected. Coarsening direction of precipitate was similar to previous study on the effect of RT plastic deformation and subsequent aging (1080 °C for 20 h) introduced after all heat treatment procedures [1]. The effect of second aging treatment has less impact on the evolution of γ′ precipitate. Since volume fraction of γ′ phase is higher at 870 °C, width of γ phase matrix channel has become thinner making overall γ′ size bigger (Figure 3.8(b)). The volume fractions of γ′ phase in AM1 are ~50% at 1100 °C and 60-70% at 870 °C (Figure 3.9(a)) [12][13][14]. Data plotted for dendrite and interdendritic area of both materials were provided by J. Cormier and L. Despres (internal characterizations at Institut Pprime). Data from the work by Royer et al. [12] are plotted in (a). 

2. Aging treatments at different temperatures

Different aging treatments (at 950°C for 5 h, standard condition for AM1 at 1100°C for 5 h, and standard condition for CMSX-4 Plus at 1165°C for 6 h) were applied to AM1 with pre-deformation (~0.8%) and microstructures are shown in Figure 3.10. In a higher magnification image, dislocation networks are observed at γ/γ′ interfaces after standard first stage aging (white arrows in Figure 3.10(h)). This indicates that plastic activity in the matrix around slip band had occurred during this first stage at 1100 °C to relax local stress, thus, precipitate size was mostly determined at this stage (Figure 3.8). The octagonal dislocation network seen in this interface is similar to that developed during high temperature/low stress creep of SX superalloy [15].

After aging at 950 °C for 5 h, the band traces become apparent in the higher magnification, but the precipitate size is not clearly different from others outside the band. Still, the band is distinguishable from others because some precipitates are coalesced as indicated by ovals in Figure 3.10(g) and less refection of electrons in this area appears as darker image contrast. Dislocation grooves have not yet appeared after aging at 950°C for 5h.

The microstructure coarsened area was difficult to distinguish in AM1 with aging condition of CMSX-4 Plus.

For this generation of alloy with low content of refractory elements, plasticity is very active and effect of PD can spread to larger area. Also, the lower γ′ volume fraction at higher temperature facilitates recovery of dislocations by climb activity. These made it difficult to locate the band after aging at 1165 °C for 6 h.

Precipitate scale image after aging at 1165 °C for 6 h in Figure 3.10(f) shows thick and connected γ phase, some coalesced and elongated γ′ precipitates, and tertiary γ′ in the matrix. Dislocation grooves are found in the interface of γ matrix and secondary γ′ precipitates (white arrows in Figure 3.10(i)). Thick γ matrix is a result of very low volume fraction of γ′ phase at 1165°C (~35%) [12,14]. The secondary aging treatment in both HT1 and HT2 are adjusting volume fraction of the γ′ precipitates and they do not contribute so much to the precipitation coarsening. Different shapes (horizontal/vertical preferential direction and tilted oval) are presented to show that two types of microstructure coarsened bands were observed at the former slip plane during aging treatments. When either N-type or P-type directional coarsening dominantly appears, major precipitate length (90° of RTPD + Aging 1 in Figure 3.12) is much longer than other directions and has a large deviation of their size expressed as error bar.

Microstructures of AM1 after

Standard HT1 was applied to AM1 with PD at RT after 5 h at 950 °C and observed microstructures are presented in Figure 3.15. This treatment was intended to see effect of lower temperature aging on the dislocation movement during subsequent standard aging treatments. Dislocation traces appeared after aging at 1100 °C for 5 h (Figure 3.15(c)) and their quantity decreased after aging at 870 °C for 16 h (Figure 3.15(d))

similarly to the standard HT1 without additional treatment at 950 °C. This suggests that additional aging has almost no effect in microstructural behavior nor dislocation structure. Remaining elastic strain around former slip band was similarly released during aging at 1100 °C. Deeply-etched microstructure of AM1 in the microstructure coarsening band is presented in Figure 3.16. This image was obtained by observation from ~(100) plane, but slightly tilted so that (001) plane of the precipitates can be observed. Interfacial dislocation traces parallel to ⟨010⟩ direction in the (001) face of the precipitates are probably the misfit dislocations that decreases elastic strain between two phases (Figure 3.16 A).

Dislocation traces appearing as 45° tilt are 60° mixed [START_REF] Strunz | In situ observation of morphological changes of γ′ precipitates in a pre-deformed single-crystal Ni-base superalloy[END_REF] dislocations that are in the process of gliding into exposure with very small or no stress, and the dislocations migrate within the distance of 5 μm from the lowangle boundaries [20]. The source of dislocations in Figure 3.17 can be such emission from slip band created by APB shearing of 1/2⟨110⟩ pair dislocations during tensile pre-deformation. However, the microstructure coarsened band appearing as dislocation band in the STEM image has homogeneous density within its width.

Dislocation source is not clearly identified like in the case of emission from low-angle boundaries [20]. This implies that formation of dislocations in the microstructure coarsened band is driven by the internal elastic strain that locally exists in the vicinity of the slip band. It also means that precipitate coarsening proceeds by the mechanism similar to other Ni-based superalloys with very high γ/γ′ interfacial misfit strain, under nonloading thermal exposure [18,19].

By comparing the SEM images of pre-deformed AM1 after first (Figure 3.9) and second (Figure 3.10) aging treatments, number of dislocation grooves decreased after secondary stage. The number of dislocation grooves intersecting a line drawn toward [001] direction was counted for both conditions, after the first and the secondary aging treatments, and the dislocation spacings are 100 nm and 132 nm, respectively. Dislocation spacing of 96 nm was similarly obtained by counting intersection of dislocation line and [001] intercepting line in Figure 3.17(a), which is comparable to the value obtained from SEM image after PD and first stage aging. Most of dislocations in Figure 3.17 are in the matrix and overall density is assumed to be higher.

Therefore, it is unrealistic to think that dislocations had just disappeared after secondary aging. It is more reasonable to assume that the dislocation structure was mostly constructed during the first stage aging treatment and it had not changed drastically during secondary stage, which is in accordance with the fact that precipitate shapes were maintained and only their size increased due to the increasing volume fraction of γ′ phase. If dislocation had more mobility, directional coarsening and construction of dislocation network should have proceeded further [18]. There are two possible reasons for a smaller number of dislocation grooves observed by SEM after secondary aging: 1) Increase in precipitate size during secondary aging means γ/γ′ interface moves toward γ matrix side.

If the interfacial dislocations are kept at the same position, those dislocations formally at the interface will be pushed inside the γ′ precipitates as the interface moves to the matrix side (Figure 3.18(c1)). Isolated dislocations within the precipitates could not be observed in this experimental method, the combination of deep γ′-etching and SEM. However, STEM image shows that dislocations are not found in the γ′ precipitates (Figure 3.17) and this case is unlikely to occur. 2) Since misfit dislocations are reducing interfacial misfit strain, they are more stable at the interface. While the specimen is aged at 870 °C, the γ/γ′ interface slowly moves at the speed that interfacial dislocations can follow (Figure 3.18(c2)). As seen from irregular interface in Figure 3.10(d), coarsened precipitates had decreased their coherency with the matrix, which suggests the possible existence of dislocations at the interface [26,27]. During cooling from secondary aging at 870 °C, volume fraction does not drastically change. Swelling mechanism in the interfacial dislocation does not take place like in the case for the first stage at 1100 °C [25], consequently, number of dislocation grooves had decreased after secondary aging treatment. This AM1 alloy naturally has a lattice misfit close to zero at temperatures below 900°C [12,28]. Coarser precipitate with longer edge length decreases the absolute misfit. For example, in the rafted structure of AM1, misfit in (200) reflected direction is zero [12,28]. If so, small amount of interfacial dislocations is required for misfit strain relaxation. Therefore, it is still possible that interfacial dislocations actually disappear during secondary aging treatment and only dislocations in the matrix were observed in STEM analysis.

In Figure 3.11, dislocation grooves are mainly observed at the former cubic corners that had become rounded.

To have the lowest interfacial strain energy, cubic precipitates' ideal shape is tetrakaidecahedron having {111} facet on the cubic corners when complete dislocation network is formed [15,29]. It is well known that Ni-Al superalloy with higher misfit forms cubic precipitates with sharp edges and misfit strain is highest at the corners [12,30]. During long term annealing or very short creep at higher temperature and lower stress, dislocation networks first form at these corners [19,22,26,31]. This type of dislocation grooves was visible after full heat treatment because dislocation assisted dissolution was more prominent at the corners [31].

According to the comparison between microstructures of pre-deformed AM1 (in this study) and previous studies, it can be said that irregular microstructure evolution observed in pre-deformed AM1 after aging treatments are similar to that observed in long term aged Ni-based superalloys. The difference is such microstructure and dislocation evolution in the vicinity of the former slip band occurred in a very short period of time compared to the other studies. Again, microstructure evolution is just accelerated by internal elastic strain inherited from the prior PD. In addition, precipitate morphology is similar to the K465 with prolonged aging [26] when there are preferential coalescence direction shown in Figure 3.10(e) and length distribution of "RTPD + Aging 1" in Figure 3.12. This suggests that the microstructure coarsened band showing Figure If PD was applied to the full aged specimen and then first stage at 1100 °C for 5 h is applied again, much thicker microstructure coarsened band was observed (Figure 3.19). In the thicker band, directional coarsening of γ′ precipitates was much more pronounced compared to the PD applied to solutioned specimen. Regardless of the band thickness, dislocation network structures were similar. This experimental procedure and coarsening behaviors were similar to the research of Sakaguchi et al. using CMSX-4 [3]. As explained previously, specimen after HT1 has higher yield strength and strongly marked slip bands that create strong elastic field in their vicinity. The very thick microstructure coarsened band is created by relaxation of very large elastic field introduced during PD. However, it should be noted that scale of precipitation coarsening is different for predeformation applied in as-solutioned state and in fully heat-treated state. Although coarsening occurred in fully heat-treated specimen with pre-deformation and another aging at 1100 °C, shorter edge length (width of elongated precipitate) has not changed drastically (Figure 3.19(e), ~0.4 μm). While microstructure evolution of as-solutioned specimen with pre-deformation starts from ~0.2 μm (Figure 3.5(a)) to have shorter edge length ~0.4 μm.

3. 4. Microstructures of AM1 after higher-temperature pre-deformation

In the tensile deformation of Ni-based SX superalloys, the material deforms by shearing of γ´ precipitate at low temperature (< 800 °C) and by the dislocation by-passing in the γ/γ´ interface at higher temperatures [1,7].

The microstructure evolution during heat-treatments is driven by the dislocations and local elastic strain energy introduced by the pre-deformation [3,32,33]. Therefore, existence of any kind of influence due to different deformation temperatures can easily be predicted but has never been compared. For the sake of clarification, specimens with different deformation temperatures (750 °C and 950 °C) were prepared as presented in earlier section of this chapter, and aging treatments were applied to these specimens.

Microstructures of AM1 specimens after PD (plastic strain ~0.8 %) at high temperatures are shown in Figure 3.20. In the specimen's bulk, all conditions showed similar morphology to the AM1 with PD at RT. Precipitates in Figures 3.20 AM1-PD750 presented higher yielding stress compared to AM1-HT1-RTPD, however, AM1-PD750 did not show clear slip band before aging treatments like in AM1-HT1-RTPD. This is contradicting to the statement mentioned earlier that higher energy is stored in one slip band when yield strength is higher. The effect of precipitate size must be discussed to explain this difference. At around 750 °C, Kear-Wilsdorf lock is formed by cross-slip of APB from {111} to {100} plane, creating yield stress anomaly in the high γ′ volume fraction

Ni-based superalloys [34]. On the other hand, AM1-HT1-RTPD improved yield strength by increasing precipitate size that creates strong coupling of APB which leads to higher resistant to the precipitate sharing [35]. Pure resistance of precipitate shearing was lower in AM1-PD750 because of smaller precipitate size, but overall yield strength and hardening degree were higher than AM1-HT1-RTPD because of the cross-slip activation in cubic plane [35,36]. Since higher energy is required for the introduction of a slip band, AM1-HT1-RTPD accumulated more strain in a slip band which enabled to observe the band before subsequent aging treatments. Because of lower APB energy at higher temperature, dislocation should be widely distributed in AM1-PD750 and thus, γ′ precipitates away from the emphasized band also affected by internal strain that formed dislocation network during aging treatments [37]. Going back to the tensile curve of full heat treated AM1 at 750 °C in Figure 1.44(a), yield strength of AM1 after HT1 is similar to (or slightly lower than) the as-solutioned state shown in Figure 3.1. This also supports the fact that precipitate size is not an essential factor for determining yield stress at 750 °C. Moreover, PD at 950 °C after HT1 (Figure 1.44(b)) and PD at 950 °C after solution (Figure 3.1) have almost the same deformation behavior near yielding, which means that precipitation size is not important for tensile behavior at 950 °C as well. Temperature sensitivity of tensile strength on the precipitate morphologies were studied by Pessah-Simonetti et al. and it appears strongest at the room temperature [38].

After PD at 950 °C and following aging treatments, precipitates are no longer cuboidal and they showed no sign of the band like affected ones like for the other two pre-deformation temperatures (Figure 3.22(b, c)). The γ′ precipitates after PD at 950 °C and aging treatments tend to coarsen in the transverse direction to the predeformation direction (Figures 3.22(e, f)), which can be called "pre-rafted" structure. The pre-rafting is attributed to the deformation mechanism that proceeds by dislocations introduced on the γ matrix side of γ/γ′ interface and its inhomogeneous distribution between horizontal and vertical channels [2]. Relaxation of γ/γ′ misfit strain by rearrangement of introduced dislocations during aging treatments is the main driving force of the pre-rafting. Such coarsening mechanism is similar to the γ′-rafting of Ni-based superalloys during creep deformation [4,5].

Directional coarsening during aging treatment at above 1000 °C in the specimens with pre-deformation at elevated temperatures is in accordance with studies by Véron and Bastie [39] and Sakaguchi and Okazaki [11].

Moreover, this pre-rafted microstructure is very similar to the rafted microstructure observed in the core of the service-ready SX turbine blade for power-generation gas turbines [40]. The microstructure of this turbine blade was successfully solution treated but exhibited rafted structure after aging treatments without any external load.

In the study by Pierret et al., plastic strain introduced during cooling from solution treatment (due to the thermal contraction mismatch between the surface and the bulk of the components) was suspected as the origin of γ′rafts in the turbine blade [40].

AM1 specimens with different plastic strains, 0.36% and 2.17%, were prepared and their microstructures are presented in Figures 3. 23 In the specimen with PD at 950 °C, precipitate size (specifically in horizontal ⟨100⟩ direction) decreased when plastic strain increased from 0.36% to 0.87%. Since tensile PD at 950 °C is driven by dislocation by-passing and piling-up at the matrix side of γ/γ′ interface, plastic strain is homogeneously distributed [41]. Difference from PD at RT is that higher dislocation density should be accumulated at the γ side of the γ/γ′ interface during deformation at 950 °C resulting in a microstructure homogeneously disturbed after aging treatments [1,6,37].

And amount of stored dislocations should increase as magnitude of plastic strain increases.

Misfit dislocations were observed after 3 h at 1100 °C on the specimen with 0.36% plastic strain (Figure 3.23(c)), and they were similar to the ones observed on the specimen after PD at RT. This is an evidence that precipitation coarsening in γ′-rafting style and construction of dislocation networks are proceeding by the same mechanism to those reported in many studies. Interfacial dislocations after 5 h at 1100 °C on the specimen with 2.17% plastic strain (Figure 3.24(c)) were in form of networks but not clear compared to that in the specimen with 0.36% strain. Disturbed precipitate shape and decreased amount of pronounced interfacial dislocation traces in 2.17% strain specimen are obviously caused by higher dislocation density. Increased dislocation density filling-up the γ-matrix, especially at the γ/γ′ interfaces, is a possible reason of suppressing precipitation coarsening and observed shorter horizontal length in 2.17% specimen. Trend of increasing plastic strain with more disturbed microstructure is indirectly indicating that dislocation migration is anisotropic at the beginning (preferably in the vertical channels) and then it migrates in both horizontal and vertical matrix channels as plastic strain increases [2].

Although the macro plastic strain is just around 1%, the pre-deformation paused at yield point (AM1-PD950(B)) may store much higher dislocation density during stress relaxation and creep at holding time.

Lower flow stress of AM1-PD950(B) in Figure 3.1 also supports that dislocations introduced during the holding decreased resistance to the tensile pre-deformation. Microstructure after aging treatment showed dislocation network similar to (A) type with 2.17% plastic strain, meaning that the basic mechanism is the same. Round and homogeneous precipitate size distribution in Figures 3. 25 with 2.17% strain is an indication that (B) type pre-deformation introduced higher dislocation density than (A) type.

The decreased mobility of γ/γ′ interfaces by an increased interfacial dislocation density is also suggested in the study by Yang et al. that presented decreasing precipitation coarsening rate with formation of interfacial dislocation walls [26]. Similar coarsening suppression was also demonstrated in the elastic domain aging of Ni-Al binary system with very small misfit [42]. In CMSX-4 pre-deformed at 900 °C, precipitate size after aging at 1080 °C / 20 h increased as applied plastic strain increase from 0.05 to 0.2% [11]. However, precipitate sizes are comparable for specimens with plastic strain between 0.2 and 1.5% [11]. Once the misfit is relaxed by a given dislocation density (by creep strain or plastic strain), γ′-rafting can then proceed without application of external stress [43]. This is a reasonable explanation for comparable precipitate size after pre-deformation of CMSX-4 at 900 °C with plastic strain between 0.2 and 1.5% [11]. The results on pre-deformed CMSX-4

were not deeply discussed in the article [11], but there is still a possibility that interfacial dislocations prevented the precipitation coarsening once they reached sufficient amount. Another study demonstrated that overheating at the primary creep stage of non-isothermal creep condition can improve the creep life by increasing effective γ/γ′ lattice mismatch [44]. In this case, early formation of the finer γ/γ′ interfacial dislocation network (by higher absolute lattice mismatch) possibly suppressed microstructure evolution during following creep loading.

Strain induced microstructure evolution is discussed in many forged alloys; however, the objectives are mainly on precipitation of new grain, grain size, and recrystallization morphologies [45]. In other case, grain boundary is responsible for strain induced γ′ precipitation of solutioned Udimet 720, which occurred during hightemperature deformation above 1100 °C followed by stress relaxation annealing [46]. With lower volume fraction of γ′ phase and lower γ/γ′ misfit, these results cannot be adopted for the discussion of the present research. Mrozowski et al. investigated precipitate size of AD730 TM in dwell fatigue condition and dwelling of 300 s during maximum stress presented smaller precipitate size compared to the fatigue without dwelling time [47]. This case can be explained by the γ/γ′ interfacial misfit strain. Fatigue tests were performed in elastic regime at 750 °C and therefore, there is a possibility that interfacial dislocation development during dwelling and prevented precipitation growth. Another study on the γ′ dissolution kinetics of CMSX-4 after creep prestraining showed that the dissolution kinetics increases as accumulated plastic strain increases [48]. However, Chapter 3: Microstructure evolution after pre-deformation, and rejuvenation treatment 87 heat treatment temperature for this dissolution is different from the aging temperature in the present study and the mechanism cannot be applied. Overall, plastic strain dependence on γ′ size has not been discussed deeply in very small strain (~1%) and the case without recrystallization.

5. Effect of chemical compositions on the microstructure evolution behavior

To understand the effect of chemical composition, plastic strain of about 0.8% was applied to CMSX-4 Plus, high-misfit Re-containing alloy, by tensile deformation and then the heat treatments were performed similarly to AM1. ). Similarly to AM1, slip bands were only observed at the surface regions in the specimen just after pre-deformation. After aging treatments, bands were pronounced by microstructure evolution. Compared to AM1, more and thinner microstructure coarsened bands were observed in former {111} slip planes of CMSX-4 Plus (lower magnification images are presented in the following section). Indeed, precipitates inside the microstructure coarsened band are bigger than that of AM1 for HT2 conditions.

Dislocation traces at the γ/γ´ interfaces were observed both after the first stage (Figure 3.28(h)) and after full heat treatments (Figure 3.28(i)). In the specimens after HT1 condition, microstructure evolution was not so drastic like HT2, but disturbed precipitates with interfacial dislocation traces were observed (Figure 3.29).

RIM-X results on the precipitate size in the microstructure coarsened band are presented in Figure 3.30.

Although the precipitates are heavily coarsened after first stage at 1165 °C (Figure 3.30(a)), precipitates tend to maintain rectangular shape in the observed plane, and secondary stage was just to increase volume fraction of γ′ phase. Precipitate shape after HT1 also showed rectangular shape and not a directional coarsening feature. There are two major differences in microstructure evolution behavior between AM1 and CMSX-4 Plus, precipitate size/shape and interfacial dislocation structures. Regardless of aging conditions, γ′ precipitates in AM1 showed anisotropic coarsening during first stage aging treatment that seems to be driven by the mechanism similar to the γ′-rafting. Formation of [010] edge misfit dislocations and dislocation networks were both observed after first aging stage. In CMSX-4 Plus, coarsening anisotropy was not so pronounced, and coalescence of nearby precipitates seemed to be more prominent. Dislocations after HT2 of CMSX-4 Plus in Chemical composition of CMSX-4 Plus suggests that this alloy has lower APB energy of γ′ precipitates; thus, the resistance to shearing is lower than for AM1 [8]. Main alloying elements contributing the APB energy of the precipitates are Ti and Ta which substitutes to Al in the L12 ordered structure [49,50]. Also, this type of alloy with higher Re content is known to have lower yield strength at lower temperatures [8,49,51,52]. Like the relationship between as-solutioned AM1 and fully heat treated AM1, after ~0.8% pre-deformation, CMSX-4 Plus with lower shearing resistance has higher number of slip bands compared to AM1. Higher number of the microstructure coarsened bands observed in CMSX-4 Plus after HT2 is in accordance with Figure 3.

2
showing CMSX-4 Plus with higher density of observable slip bands.

The precipitate coarsening in the band of CMSX-4 Plus proceeds by coalescence of nearby precipitates, instead of the γ′-rafting-like anisotropic growth [19]. Similar precipitation coarsening that starts from vanishment of γ channels during over-aging of Re-containing alloys were reported [53,54]. However, the interfacial dislocation density is much higher after shorter aging in this study with pre-deformation. Indeed, the enhanced precipitation coarsening and interfacial dislocation development in pre-deformed CMSX-4 Plus were triggered by elastic strain introduced during pre-deformation. It is suggested that, because elastic strain introduced in one single band was very small, microstructure evolution did not proceed with strong anisotropic behavior.

In with γ/γ′ interfaces, but it was slower that dislocations were kept in γ′ side of the interface. Another possibility is that coherency misfit is still present after secondary stage, at least partly, in the microstructure coarsened band of pre-deformed CMSX-4 Plus. This may be attributed to the significantly higher misfit of CMSX-4 Plus compared to AM1 at the first aging temperature which can be predicted from their compositions [18,55,56].

The discussions made above are describing characteristics of typical type of the microstructure coarsened bands. When a slip band has relatively higher strain, the microstructure affected region appears as thicker band as compared in Figure 3.31. Two images in Figure 3.31 were obtained after the same procedures, PD at RT and then aging at 1165°C for 6h. Figure 3.31(a) shows large area affected by the pre-deformation, whereas 3. 6. Rejuvenation treatment on the pre-deformed materials

In the previous experimental results, pre-deformation applied between solution and aging treatment was found to have huge impact on the creep properties of AM1 SX superalloy. This is clearly due to the microstructure evolution caused by pre-deformation. The concept of rejuvenation heat treatment that dissolves γ′ precipitates and restores microstructure can be effective to erase detrimental effect of pre-deformation and/or prior creepinduced microstructure degradation [57][58][59][60][61][62][63][64][65][66]. From a scientific point of view, damage quantity and type that prevent component from successful microstructure evolution are not clearly discussed for SX superalloys.

Rejuvenation treatment on AM1 specimens with different deformation procedures can help understanding the limit of the rejuvenation. From an industrial point of view, this is a very important study for improving yield rate of the turbine blade foundry. ). This is because of initial sub-grain boundaries inherited from casting process, and this kind of sub-boundaries are observed typically in the interdendritic area of Ni-based SX superalloys. Predeformation introducing higher local strain in the interdendritic area is another possibility of incomplete microstructure restoration [67]. RIM-X analyses on the rejuvenated microstructures are shown in Figure 3.36 and precipitate sizes after the rejuvenation at 1290 °C are equivalent to the ones obtained for the original material. Considering all the results, rejuvenation treatment should be applied to AM1 at 1290 °C for 20 min to restore the optimal microstructure. In addition, microstructure was successfully restored in AM1 with PD at surface which was similarly seen in another study about the impact of PD on the recrystallization sensitivity during solution treatment [68]. Specimen that was paused after reaching the yield stress (Figure 3 Dendritic structure is observed in low-mag images of the specimens without recrystallization and the contrast is strongly emphasized. The contrast difference remains in wider area when the rejuvenation temperature is lower (at 1280°C, Figure 3.34(e)), the plastic strain applied at RT is higher (Figure 3.35(h)), or if the specimens are pre-deformed at 950 °C (Figure 3.37(a, b)). The brighter area corresponds to interdendritic area with noncubic precipitates and the darker area has ideal cubic precipitates. Such contrast is created because the higher surface fraction of matrix lies on (010) observation plane and decreases reflection from edges, leads to darker contrast. Those listed above contain large areas that had not been restored completely. The unrestored area had decreased when the rejuvenation treatment was extended to 1 h (Figure 3.39(a)).

Stepwise heating-up to solution temperature with longer heating time can reduce internal strain gradually and can be an option for specimens with larger plastic strain. other studies [59,61,63] and they are plotted in Figure 3.43 with the results in this study. According to the result from this study, PD at high temperature (at 950 °C) can cause recrystallization during rejuvenation treatment. Similar relationship of recrystallization sensitivity after high-temperature PD (especially at PD temperature between 900-1000 °C) with subsequent annealing above 1280 °C on a SX superalloy has been reported in the study for understanding recrystallization during solution treatment [6,69,70]. Since deformation at 950 °C is driven by dislocation by-passing at γ/γ′ interface [1], plastic strain is macroscopically homogeneous. However, a higher dislocation density than PD at RT should be accumulated at the γ side of the γ/γ′ interfaces that enhances microstructure evolution in all areas during aging. Dislocation filling up in the matrix and the γ/γ′ interface is probably the source of recrystallization occurring during rejuvenation treatment.

In other studies about rejuvenation after creep deformation at 950 °C, microstructure was restored without recrystallization even with much higher plastic strain (up to 5%, Figure 3.43) [62,63]. In these studies, typical directionally coarsened microstructures were observed before rejuvenation treatment and the precipitate size is obviously larger compared to the ones observed in the present study. Meanwhile, compressive plastic deformation at 980 °C is reported to introduce stacking faults into γ′ precipitates during deformation and it may facilitate recrystallization during solution treatment [62,63]. However, such sub-structure is unlikely to appear neither during creep deformation with lower applied stress nor during tensile deformation with lower strain rates. In Rene N5 after creep at 950 °C, recrystallization was reported in the vicinity of carbides which may have different morphology compared to carbon-free superalloys [59,60]. These are the indications that dislocation types, distribution, and quantity determined by the active deformation mechanisms have different reordering and annihilating behavior during dissolution of γ′ phase, and the magnitude of plastic strain cannot be a simple indicator for boundary condition. Further experiments on the rejuvenation treatment and microstructure analyses are necessary to clearly identify the precise condition that activates recrystallization.

7. Summary

Plastic deformation was introduced to AM1 and CMSX-4 Plus Ni-based single crystal superalloys and subsequent aging treatments were applied to mimic the industrial process that causes creep life debit shown in the Chapter 1. Microstructural behaviors with different pre-deformation and heat treatment combinations were analyzed in this chapter to understand how precipitate morphologies evolved during the processes.

The followings main are results have been obtained from microstructure analyses after pre-deformation at room-temperature:

 From the quantitative analysis on the γ′ precipitate size evolution during aging treatments, precipitate evolution is shown to mainly occur during aging treatment at higher temperature (above 1100 °C), in both AM1 and CMSX-4 Plus. It was also the same regardless of the temperature at which pre-deformation was applied. Precipitate size evolution after the secondary aging is due to the adjustment of precipitate size for equilibrated γ′ volume fraction at 870 °C.

 Because AM1 has higher resistance to γ′ shearing at room temperature, higher internal strain is assumed to be stored in a single band compared to CMSX-4 Plus that showed higher density of slip bands after room temperature tensile deformation for the same pre-strain magnitude. Microstructure evolution in AM1 in the vicinity of the slip band was more anisotropic and showed similar characteristic to the directional coarsening, or γ′-rafting. Lower stored energy of a slip band in CMSX-4 Plus showed less anisotropy and evolved precipitates in the vicinity of the band were closer to cuboidal.

 STEM analysis after full heat treatment of pre-deformed AM1 showed that dislocations in the microstructure coarsened band are mainly of 1/2⟨101⟩{111} type, which favors climb and glide when exposed at high temperature like 1100 °C. This is similar microstructure evolution mechanism that occurs during prolonged high temperature exposure or creep loading at high temperature (≥ 1000 °C) and low stress (≤ 150 MPa) conditions.

Pre-deformation at higher temperatures (at 750 °C and 950 °C) was introduced to AM1 between solution and aging treatments and obtained microstructures were compared with the same alloy pre-deformed at roomtemperature.

 Microstructure evolved differently during aging treatments after a plastic deformation introduced either in precipitate shearing regime (≤ 750 °C) or in the γ/γ′ interface dislocation by-passing regime (950 °C).

Mild directional coarsening (pre-rafting) was observed after pre-deformation at 950 °C with subsequent aging treatments. The magnitude of directional coarsening decreased and become sluggish as plastic strain introduced at 950 °C increases.

 Decreased size of pre-rafts with increasing plastic strain in pre-deformation at 950 °C is probably due to the higher dislocation density stored in the γ matrix during plastic deformation. The interfacial dislocations suppressed precipitation coarsening during aging treatments.

Rejuvenation treatment has been introduced after pre-deformation at different temperatures for demonstrating microstructure restoration, and also to understand how different dislocation structures affect the microstructure at close-to-solvus and supersolvus temperatures.

 Rejuvenation treatment successfully restored microstructure of AM1 after room-temperature plastic deformation with plastic strain below 1.86% or plastic deformation at 950 °C with plastic strain below 0.87%. It was also successful for CMSX-4 Plus with plastic strain of 0.79%. Suitable rejuvenation conditions are at 1290 °C for 20 min for AM1 and at 1330 °C for 1 h for CMSX-4 Plus.

 Recrystallization occurred in the specimen with higher strain (2.17%) during rejuvenation treatment at sub-solvus temperature (1280 °C). It is triggered by dissolution of γ′ through densely stored dislocations.

The risk for recrystallization during rejuvenation is smaller if pre-deformation was applied at lower temperature. 

1. Introduction

Creep properties of the pre-deformed materials at different temperature/stress conditions are presented in this chapter using AM1 and CMSX-4 Plus SX superalloys, without and with pre-deformation. Mechanism of creep life debit caused by pre-deformation and situations causing intense creep damage localization are discussed. A list of specimens and their history is shown in Table 4.1. The same creep testing rig was used for each testing condition to limit scatter. system parallel to the fracture surface was observed. In order to discuss the mechanism that activates the recrystallization, creep interrupted specimens were also analyzed using EBSD. Misorientation profiles along the gauge section of two interrupted test specimens were also obtained by EBSD analyses and shown in Figure 4.17. Higher bulk misorientation was observed at the center of the specimen after creep test at 1050 °C / 140 MPa for 105 h compared to the specimen after 71 h creep at 950 °C / 300 MPa.

Misorientation jumps of 3-9° in Figure 4.17 Strong elastic fields exist around slip bands after PD and this is the main reason for the microstructure evolution with the formation of γ/γ′ interfacial dislocations [28]. Simultaneously, dislocation climb and associated dislocation pipe diffusion of vacancies into a preferential site occur during high-temperature aging treatment. This is supported by the STEM image in Figure 3.17 that shows mobile dislocations that can facilitate vacancy transportation by dislocation climb. High internal elastic strain can also decrease the critical radius for void nucleation since the formation of voids helps the local stress relaxation. Therefore, D-pore type voids are assumed to nucleate/grow with the same mechanism as common D-pore nucleation/growth during creep deformation which was originally proposed by Epishin and Link [1,20]. In this study, D-pore nucleation/growth were only resulting from the residual internal strain (introduced by a PD prior to the aging treatments) and not by the application of an external macroscopic stress. As presented in Figure 4.31, large voids are mainly found in the interdendritic area where a higher density of defects such as sub-grain boundaries, remaining γ/γ′ eutectic pools, and S/H-pores are already existing. Slip system activation may occur with higher frequency from those defects [29]. In the slip band introduced on the same plane of existing S/H-pores, those pores also grow rapidly in the direction of the bands for stress relaxation (Figure 4.36(a)). Interaction of slip bands and sub-grain-boundaries may also assist void nucleation and growth. Topological inversion regime is representing creep deformation at 950 °C for AM1 and 1050 °C for CMSX-4

Plus (γ′ volume fraction >50%) that has no primary stage and continuously increasing creep rate.

A) γ′-rafting regime (volume fraction ~50%)

In the first step of creep deformation at 1050 °C / 140 MPa, γ′-rafts are slightly tilted toward former slip plane in the microstructure coarsened bands (schematically shown in Figure 4.37(a)) which is due to the inhomogeneous precipitate shape that caused misoriented interfacial strain between the precipitates and the matrix. The inclined γ′-rafts have a faster coarsening rate during the secondary creep stage as presented in At the same time, dodecahedral D-pore type void growth assisted by the bands is observed as presented in The main differences in the creep deformation and damage mechanisms between both creep temperatures can be explained from EBSD analyses as well. As presented in Figure 4.16, the microstructure coarsened band after creep at 950 °C / 300 MPa has crystal lattice misorientation, which did not occur at 1050 °C/140 MPa.

The KAM map and the misorientation profile suggest that the band has higher dislocation density and higher local plastic strain compared to the outside. As larger strain in the band is contributing to the total creep strain of the specimen, it explains why the strain rate at 950 °C / 300 MPa is faster for all the creep deformation periods of the specimen with PD (AM1-RTPD-HT1). The conjecture of local lattice misorientation contributing to the overall creep strain is also supported by the misorientation profile along the gauge section shown in Figure 4.17. Misorientation along the gauge section is smaller (or comparable) in Figure 4.17(b) than in Figure 4.17 This leads the specimen with PD to behave like a composite material with a two-scale failure mechanism consisting of a typical precipitate coarsening "matrix" (outside the bands and occupying most of the volume) and rotating plates "fibers" (the microstructure coarsened bands). On the other hand, the absence of lattice rotation in the bands during creep tests at 1050 °C / 140 MPa means no kinematical contribution of the bands to the overall strain, overall explaining the flat secondary creep stage.

Another interpretation resulting from the differences in misorientation profiles is a very strong damage localization in creep at 1050 °C / 140 MPa compared to that at 950 °C / 300 MPa. The internal diffusion rate, determined by the material's chemistry, creep temperature, and the initial dislocations in the bands, is important to discuss the tendency of strain localization. At high temperature (AM1 at 1050 °C in the present case), the faster diffusion helps all the steps from microstructure coarsening, the formation of the γ′ rafts connected along {111} planes, climb of dislocations with vacancy transportation, void growth, and recrystallization at the end.

These processes can easily localize to the place with the best preference which should be a larger void created during heat treatment. At the lower temperature (AM1 at 950 °C in the present case), the capability of internal transportation is less because of a lower diffusion rate. Hence, strain accumulation in the bands, shown as lattice misorientation in However, the effect of pre-deformation with this aging treatment conditions was not clear from the obtained results.

From above all, it can be concluded that the damage processes in pre-deformed material is strongly time dependent. The microstructure coarsened bands are affecting diffusion involved creep damage kinetics, and this effect become dominant as temperature increases. Moreover, it was shown in comparison of AM1 with different creep loading at the same temperature (1050 °C / 140 or 200 MPa) that higher stress decreases the creep life gap between pre-deformed and non-pre-deformed materials. When the applied creep load becomes bigger, residual internal strain related to the band becomes relatively smaller, and contribution of thermally activated process becomes smaller. In other words, the impact of pre-deformation on the creep life of SX superalloys becomes smaller as applied stress increases. of pre-deformed specimens at 850 °C / 500 MPa showed higher creep rate during all period after primary stage and decreased ductility (Figure 4.40). At 750 °C / 800 MPa, creep strain rate after secondary stage was similar for all specimens, however, pre-deformed specimens failed at smaller total strain (Figure 1.40(d)). In both conditions at lower temperatures, the pre-deformed specimens showed shorter duration of primary creep and smaller magnitude of primary creep strain compared to the original materials. The original AM1-HT1 performed similarly to other first generation superalloys [33][34][35]. In the similar creep condition, dislocations fill up matrix during primary and secondary stage, forms dislocation network that surrounds γ′ precipitates, and then precipitates are sheared by dislocations during the tertiary creep stage [34,35]. Although temperature is not so high, microstructure after creep rupture shows that both precipitation Creep life of 4P-RTPD-HT2 at the lowest tested temperature 850 °C / 650 MPa was much shorter than the reference result (Figure 4.50). This is probably a result of the effect of crystal orientation which is by far the dominant factor compared to the initial microstructural characteristics in these creep conditions [37,38]. The yield strength of this 4P-RTPD-HT2 specimen during pre-deformation was one of the lowest among all specimens (this specimen was machined from SX plate and exact misorientation is not available), which supports an assumption that the specimen was not perfectly aligned to [001] crystallographic orientation. 

Ni-based SX superalloys with lower yield strength (generally the alloys of newer generations [39,40]) has shown to have higher density of slip bands after tensile deformation (Figure 3.2). When pre-deformed CMSX-4 Plus and AM1 with the same macro strain are compared, CMSX-4 Plus stores less internal elastic strain during pre-deformation and experiences less effect on the strengthen mechanism at lower temperature creep.

Yet, when it is tested with lower stress for longer duration and contribution of thermally activated mechanism increases, creep life gap between pre-deformed and non-pre-deformed materials may appear. The creep life at ultra-high temperatures can be partly explained by volume fraction of γ′ phase [41,42]. γ′ volume fraction was measured for AM1-RTPD-HT1 ( 

3. Examination of damage localization using different material histories and test conditions

As presented in Table 4 This mild γ′-rafting is assumed to continue after applying creep load at 1050 °C to have the microstructure shown in Figure 4.61(a). During creep deformation, this specimen showed very small primary creep strain compared to other three specimens. Decreased primary creep strain by interfacial dislocations introduced during pre-straining was also reported by Drew et al. [36]. This suggests that the plasticity involved during directional coarsening is not so active, resulting in degraded γ′-raft ( Similarly, very short creep life of AM1-PD950-HT1 in this higher stress creep at 850 °C / 500 MPa can be explained from microstructures both before and after the creep test. This is like the pre-rafted CMSX-2 with very high density of particle shearing dislocations [34], or like AM3 with very slow cooling from the solution treatment temperature that exhibits irregular and larger precipitates [33]. As discussed previously in the Chapter 3, existence of dislocations in γ matrix after full aging treatments is predicted. Creep curve of AM1-PD950-HT1 in Figure 4.59 does not have primary creep stage and creep rate is accelerating from the beginning.

Therefore, dislocation shearing assumed to start at very early stage of creep deformation and easily transitioned into the failure. Despite decreased creep life, AM1-PD950-HT1 maintained its ductility at similar level to AM1-HT1 meaning that this deformation occurred homogenously in the gauge section.

From a practical point of view, the rejuvenation treatment was successfully demonstrated, and this is a very useful process to put pre-deformed component back into production line. However, some remarks can be made from the experimental results. As presented in Figures 3.34 idea for the first one is pre-deformation between first aging (at 1100 °C for 5 h) and second aging (at 870 °C for 16 h). The second one is pre-deformation after full heat treatment and another aging treatment at the same condition as the first aging treatment at 1100 °C for 5 h. The third one is full heat treatment followed by predeformation, and another full heat treatment at the end.

In AM1-A1-RTPD-A2, band traces were observed in low-mag image ( 

Thermal cycling creep tests

Summary

The objective of this chapter was to understand the effect of different types of pre-deformation on the creep To examine different cases that causes fatal damage localization, different preparation methods were applied, and creep tests were performed to those specimens. Procedures were: 1) pre-deformation at 950 °C between solution and aging treatments, 2) pre-deformation after solution followed by rejuvenation and aging treatments,

3) pre-deformation after full heat treatment, 4) pre-deformation between first and second aging treatment, 5) pre-deformation after full heat treatment followed by another first aging treatment. Thermal cycling creep tests were also performed to gain a deeper understanding of creep damage localizing situation.

 Creep deformation proceeded homogeneously within the specimens with the mild pre-rafted microstructure which was obtained after pre-deformation at 950 °C with subsequent aging treatments.

Creep properties of this specimen at 1050 °C / 140 MPa was comparable to the reference without predeformation. However, the pre-rafted microstructure showed very poor creep life at 850 °C / 500 MPa, in a good agreement with previous literatures.

 Whatever the creep conditions, both AM1 and CMSX-4 Plus specimens with additional rejuvenation treatment showed equivalent properties to the reference materials without pre-deformation. Within this context, this chapter aims to investigate the influence of microstructural defects induced by a prior PD on the VHCF lifetime and to improve the understanding of fracture mechanisms in the VHCF regime at 1000 °C both in fully reversed (R = -1) and with the application of high mean stress (R = 0.5). Because predeformation can be introduced to a turbine blade during production [6], and since high cycle fatigue properties have been imposed as turbine airfoil design criteria by the airworthiness authorities (FAA, EASA), evaluating fatigue properties of pre-deformed material is an essential matter. Rejuvenation heat treatment, which has been demonstrated to restore microstructure and creep life after pre-deformation, is also tested in this chapter to evaluate its efficiency in restoring VHCF life.

2. VHCF tests results

VHCF tests were performed on pre-deformed AM1 at 1000 °C with stress ratio of R = -1 (Figure 5.1) and R = 0.5 (Figure 5.2). Under fully reversed condition (R = -1), both AM1-RTPD-HT1 and AM1-RTPD-Rejuv-HT1 have a similar lifetime compared to the reference "AM1 Bridgman" which was taken from the previous research and was processed with standard heat treatments (same as HT1) without prior deformation [7]. In the tests with a positive stress ratio of R = 0.5, AM1-RTPD-Rejuv-HT1 performed similarly to the reference AM1-HT1. AM1-RTPD-HT1 exhibited a shorter lifetime at a higher maximum stress condition of σmax = 551 MPa, with a debit in fatigue life of nearly one decade. At lower stress condition of σmax = 413 MPa, a similar life to the reference was however obtained after pre-deformation. The only exception to these trends with a failure starting from the surface was the test performed with the conditions of 1000 °C, f = 20 kHz, R = 0.5, and σmax = 551 MPa (Figure 5.4(a)). Mode I cracks are initiating from the surface of the specimen at locations with an external normal to the specimen's gauge surface of <110> type, as indicated by black arrows in Figures 5.4(a,b). Apart from the cracks, line traces transverse to the specimen's longitudinal direction were observed at the same locations as the mode I cracks (white arrows in 

3. Fractographic observations

Effect of pre-deformation in fully reversed condition R = -1

In the previous chapter, stereological analyses were performed on void/pore size and counts in AM1-RTPD-HT1. Increase in void size and density induced by pre-deformation before aging treatments has been evidenced.

Since void/pore size is the most important factor controlling the VHCF durability in the Ni-based SX superalloys under fully reversed condition [7,9], the pre-deformed material having a lifetime similar to nonpre-deformed material seems contradictory.

Recalling that both reference and AM1-RTPD-HT1 are produced by the Bridgman SX casting method with similar casting parameters, primary dendrite arm spacings, S-pores, and eutectics are assumed to be comparable in these materials in the as-solutioned state. Thus, the probability of having a critical S-pore within the gauge center section of the VHCF specimens are equivalent. In comparison, specimens prepared by LMC or with HIP methods have far better VHCF lives, due to smaller S-pores or absence of remaining S-pores, respectively [7]. In the previous chapter, counts and size distribution of larger voids are not so different among two materials, AM1-HT1 and AM1-RTPD-HT1. Moreover, it has already been shown that increased void size by over-aging did not affect the VHCF life of CMSX-4 tested under similar testing conditions [1]. An increased number of smaller voids by pre-deformation is not an essential factor controlling the VHCF life of Ni-based SX superalloys under fully reversed conditions, in good agreement with a previous analysis by Cervellon et al.

[1]. The fracture surface of all AM1-RTPD-HT1 specimens after VHCF tests exhibited either {111} plane or pattern of the microstructure coarsened band. Moreover, in the fully reversed VHCF conditions, multiple Spores were exposed on the fracture surface with the surrounding rough zone and were connected to microstructure coarsened bands. These imply that, although pre-deformation may not affect the initiation of the fatal crack and overall durability in these conditions, the microstructure coarsened bands and pores lying on the bands remained as preferable damaging sites that assists crack propagation up to the final fracture. By increasing the duration of VHCF tests at R = -1 (tests in excess of 10 10 cycles), an effect of pre-deformation on VHCF life might be observed, resulting from a longer time to allow sufficient microstructure evolution within the coarsened bands.

Compared to previous studies performed at Institut Pprime during which it was almost impossible to identify secondary cracks outside of the main crack initiation site of specimen tested at R = -1 [1,[7][8][9][10][11], several pores triggering recrystallization like in Figure 5.6(c) were observed in the same specimen. Those pores were mostly connected to the microstructure coarsened band. The γ/γ′ microstructure around this pore and the recrystallized area is coarser compared to the other areas. The micro shearing is suggested to be starting from the pore that creates a local intense strain field. This accelerates the microstructure evolution and activates the recrystallization once it reaches a certain amount of plastic deformation. This mechanism has been presented by Cervellon et al. in the same VHCF conditions [8]. In the non-pre-deformed specimen, S-pore with surrounding recrystallized area was only present at the fracture surface [7]. Therefore, the number of cycles required to initiate a fatal crack is the same regardless of pre-deformation; however, the number of potential primary crack initiating pore is possibly higher in the pre-deformed material, due to these coarsened bands.

5. 6. Enhanced shearing and recrystallization at positive stress ratio condition, R = 0.5

It has been shown in a previous study from Cervellon et al. that the γ/γ′ microstructure (morphology and size) controls the VHCF life at 1000 °C of Ni-based SX superalloys when high mean stress is superimposed to the alternating stress [1,11]. As the material is exposed at high-temperature and tensile stress for all testing periods, creep damage is also taking place [11,12]. At a very high strain rate in the tensile deformation, a degraded γ/γ′ microstructure is known to have lower yield stress compared to the optimal cuboidal microstructure [1,[13][14][15][16].

In the present study, a higher dislocation density in the microstructure coarsened band was observed both inside which has recrystallized grains at its tip. This suggests that recrystallization is causing crack initiation at the surface, but it is not necessary for cracks to further propagate. Crack tip plasticity shown as slip bands in Figure 5.8(a, c) is typical of mode I crack [19,20] and it is enough to ensure further crack propagation. 

7. VHCF life restoration by rejuvenation heat treatment

Like creep properties presented in the previous chapter, rejuvenation treatment after pre-deformation successfully restored VHCF properties in all conditions tested in this study. It was especially effective in the positive stress ratio condition where pre-deformation leads to a debit in VHCF lifetime at higher maximum stress. This result supports the fact that the coarsened microstructure affects fatigue life when high mean stress is applied at high temperatures [1]. On the other hand, the results under fully reversed condition suggest that one of the risks using a rejuvenation treatment, namely, further S-pore growth by additional high-temperature re-solution treatment and stress relaxation, is not an issue since no impact on VHCF life is observed after rejuvenation. Indeed, the risk of recrystallization during the rejuvenation remains and it can cause severe VHCF life debit. Since the rejuvenation condition is properly determined in Chapter 3, the effectiveness of the rejuvenation treatment is successfully demonstrated in VHCF behavior in addition to the creep properties.

8. Summary

Fatigue properties of AM1 Ni-based single crystal superalloy with prior plastic deformation applied between solution and aging treatment has been tested in the very high cycle domain at 1000 °C using an ultrasonic fatigue machine. The main conclusions established in this study are:

 VHCF lifetime and primary crack initiation in fully reversed (R = -1) conditions were not affected by either the microstructure coarsened band or the increased density of smaller pores in pre-deformed 

Microstructure evolution after pre-deformation

Analyses of microstructural behaviors after pre-deformation were the main subject of Chapter 3. Tensile plastic deformation was introduced to AM1 at room-temperature, 750 °C, and 950 °C, and to CMSX-4 Plus at roomtemperature. Aging treatments were applied subsequently and microstructures of obtained specimens were analyzed.

Regardless of the material and pre-deformation temperature, faster microstructure evolution similar to directional coarsening was triggered by the residual elastic strain introduced by the pre-deformation. Predeformation at temperatures below 750 °C proceeded by precipitation shearing mechanism and the microstructure evolution occurred locally at the vicinity of former slip band during aging treatment at 1100 °C.

1/2❬101❭{111} type dislocations were mainly observed in the γ matrix of the microstructure coarsened band after the aging heat treatments.

Dislocation by-passing was the deformation mechanism at 950 °C and the microstructure evolution occurred homogeneously in the gauge section, resulting in a mild γ′-rafted structure. The magnitude of directional coarsening decreased and become sluggish as plastic strain increases. The decreased size of pre-rafts with increasing plastic strain in pre-deformation at 950 °C is probably due to the higher dislocation density stored in the γ matrix during plastic deformation. The interfacial dislocations suppressed precipitation coarsening during aging treatments.

The microstructure of CMSX-4 Plus evolved in the vicinity of slip bands after aging treatments. However, it was less anisotropic compared to that of AM1 after room-temperature pre-deformation. Overall, the predeformation effect on the material's microstructure was minor in CMSX-4 Plus. Because yield stress of CMSX-4 Plus is lower than that of AM1, lower strain energy was stored in a single slip band during predeformation. CMSX-4 Plus presented a higher density of slip bands after room temperature tensile deformation for the same macroscopic pre-strain magnitude. Therefore, internal elastic and plastic energy stored on each Results of VHCF tests are summarized in Tables A. 13 and A.14. 
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  Figure i. (a) LEAP-1A turbofan engine powering Airbus A320neo developed by CFM International (50/50 joint venture between GE Aviation and Safran Aircraft Engines). (b) M701 JAC land-based power generating gas turbine developed by Mitsubishi Hitachi Power Systems (MHPS).

Figure

  Figure ii. Cutaway model of LEAP-1A turbofan engine showing different sections of gas turbine system.
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 11 Figure 1.1. Schematic illustration of cooling path of a turbine blade (a) [3] and HPT blade with thermal barrier coatings overlaid on the aerofoil section (b).

Figure 1 . 2 .

 12 Figure 1.2. Typical microstructure of Ni-based SX superalloy consist of disordered γ phase matrix and cuboidal γ´ phase coherent precipitate (a). Elemental distribution maps of the area indicated by dashed rectangle in (a) obtained by energy-dispersive X-ray spectrometry (EDS) (b). [15]

Figure 1 . 3 .

 13 Figure 1.3. The history of improvement in temperature capability of turbine blade alloys. [16] Figure 1.3 presents the history of increasing temperature capability of the blade alloys [16]. The turbine blade alloys have been developed first from cast and wrought Nimonic alloys such as Nimonic 80A and 90, and they were used in early turbo jet engines in the 1940s. After development of vacuum induction melting (VIM) and precision lost-wax casting methods, improved quality of casting product enabled the application of

Figure 1 . 4 .

 14 Figure 1.4. Ni-base superalloy turbine blades solidified as (a) equiaxed morphology, (b) columnar grains, (c) single crystal, (d) an enlarged view of the single crystal blade showing detailed dendritic structure calculated using CAFD solidification software. [17] 1. 1. 2. Ni-based single crystal superalloy
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 1516 Figure 1.5. (a) Spiral grain-selector. (b1-d1) Grain textures at different heights of the spiral. (b2-d2)❬001❭ pole figures at various heights corresponds to (b1-d1).[17] 

Figure 1 . 7 .

 17 Figure 1.7. Pseudo-binary phase diagram of (Ni+X)-(Al+Y) system at 1000 °C (a), Y is a substitutional element for an Al site in γ′ and X is an element for an Ni site [41]. Schematic phase diagram used for alloy design having the composition range with 65% γ′ volume fraction (b) [42].
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 1819 Figure 1.8. Optical micrograph of as-cast structure showing the evolved dendritic structure with the eutectics in the interdendtiric areas (a). EPMA (electron probe microanalysis) composition map of Al (scale in wt%) for as-cast experimental alloys showing increasing segregation of Al with increasing Re content (b). [43]

  liquid/solid interface region, or the mushy zone. In this zone, local concentration of elements with lower melting point creates the trapped melt between solidified dendrite arms. Due to the solidification shrinkage of the trapped liquid with no more melt supply, cavitation forms in the inter-dendritic area known as solidification-pores (S-pores, Figures 1.10(a, b)) [50-52]. S-pores in the Bridgman-processed SX superalloys generally have a size of 100-150 μm and their size is a critical parameter for determining fatigue properties.
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 110 Figure 1.10. Formation of S-pore in the interdendritic area during cooling (L: liquid, S: solid) in cross section (a) and 3D rendering (b) obtained by in-situ microtomography[52]. H-pores in CMSX-10 nucleated at the eutectic/matrix interface (c)[57] and spherical one in the matrix (d)[58].
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 111 Figure 1.11.Unit cell arrangement of ordered L12 structure Ni3Al γ′ phase (a) and its projection in[START_REF] Shiozawa | Studies of nucleation mechanisms and the role of residual stresses in the grain boundary cavitation of a superalloy[END_REF] direction (b)[4].
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 112 Figure 1.12. Effect of temperature and precipitation size on 0.2% offset yield strength of oriented <001> PWA1480 (a) [49]. Dislocations observed after tensile tests on PWA1480 at 20 °C (b), 705 °C (c), 982 °C (d), and 1093 °C (e), g = <200> [63].

. 13 .

 13 The original cuboidal structure coarsens transverse to the loading direction after the primary creep stage for negative misfit alloys. The formation of γ'raft first start by dislocation glide and climb in γ channels (Figure 1.14(b)) and dislocation density increases with formation of networks as deformation proceeds (Figure 1.14(c)). During steady secondary stage, fine networks of dislocations are formed, and matrix channels disappear (Figures 1.13(d) and 1.14(a)). Because lattice misfit creates interfacial strain, local stresses are modified to have anisotropic coherency stresses when external stress is applied (Figure 1.15). Dislocations are preferentially introduced in the vertical channel which exhibits higher elastic strain field at the primary creep stage. This accelerates solute exchange by dislocation pipe diffusion and coarsens γ' precipitates in horizontal direction, ultimately creates plate-like structure perpendicular to the loading axis. Because more dislocations are introduced to relax interfacial strain, alloy with higher absolute misfit generally forms finer dislocation networks (compare TMS-75(+Ru) and TMS-138 in Figure 1.14). The rafted structure with finer dislocation networks has been proved to increase the creep resistance of superalloys in lower stress condition by effectively hindering mobile dislocations from bypassing the γ' precipitates (Figure 1.16).
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 1131141151161 Figure 1.13. Typical creep curve of CMSX-4 at 1100 °C / 117 MPa (a). Microstructures were obtained from interrupted specimens at primary creep (b), transition from primary to secondary (c), middle of steady state creep, and after rupture far from rupture surface (d). [75]
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 1 18 and 1.19 are examples of low-temperature creep behavior in relation to the specimen's longitudinal orientation. When the specimen is oriented with small Schmid factor of highly stressed ❬112❭{111} slip system, ❬110❭{111} become only active slip system during the primary creep stage which is the case for N specimen in Figure1.19.
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 1119124 Figure 1.18. (a) Schmid factor contours for ❬112❭{111} slip systems. (b) Creep lives of MarM200 SX specimen tested at 750 °C / 689 MPa, creep duration in h associated with orientation. [83]

  In the recent article by Cervellon et al., fatigue crack initiation mechanism in VHCF (>> 10 7 ) under fully reversed conditions at 1000 °C has been proposed[START_REF] Cervellon | Crack initiation mechanisms during very high cycle fatigue of Ni-based single crystal superalloys at high temperature[END_REF]. It was described that stress concentration near a large S-pore induces localized intense shearing of γ' precipitates and then activates recrystallization and associated interacting solute segregation at dislocations[START_REF] Antonov | Plasticity assisted redistribution of solutes leading to topological inversion during creep of superalloys[END_REF][START_REF] Cervellon | Crack initiation mechanisms during very high cycle fatigue of Ni-based single crystal superalloys at high temperature[END_REF][START_REF] Kontis | The effect of chromium and cobalt segregation at dislocations on nickel-based superalloys[END_REF]. Local crack propagation threshold decreases as recrystallization proceeds, which corresponds to the "rough zone" observed in a fractography of a fatigue failed specimen (Figure1.20).
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 120121 Figure 1.20. (a) Longitudinal section of crack initiating pore in CMSX-4 Plus specimen tested at 1000 °C with alternating stress of 210 MPa, failed at 4.7 × 10 7 cycles. (b) ECCI of the rectangle in (a). (c) magnified image of rectangle in (b). (d) Inverse pole figure (IPF) map and (e) grain reference orientation deviation (GROD) map at the crack initiation site of the same specimen. [91]
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 122123124 Figure 1.22. Recrystallization sensitivity of as-cast CMSX-4. (a) Applied plastic strain vs. subsequent annealing temperature. (b) Deformation temperature vs. subsequent annealing temperature on specimen with 4% applied plastic strain. [95]

  Ni-based superalloys, PD applied at RT creates decohesion and increases residual stress of nearby grains. Thus, creep life of the pre-deformed material decreases due to the grain boundary cavitation and particle (carbide in grain boundary) cracking enhanced by the residual stresses (Figure 1.26(b)) [109-112,114]. Creep life and ductility of polycrystalline superalloy decreases with increasing pre-strain (Figure 1.26(a)) [112,114]. In the work by Stöcker et al., tensile pre-deformation at RT decreased subsequent VHCF lifetime of Nimonic alloys because of surface roughness [113].
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 125126 Figure 1.25. Scanning electron microscope (SEM) images of CMSX-4 specimens with 0.8% plastic strain applied by tensile deformation at RT (a), 700 °C (b), and 900 °C (c) after subsequent aging at 1080 °C for 20h. (d) Schematic illustration of the compatibility stress build up in the slipped and the un-slipped region in the specimen deformed at RT. [9]

[ 89 ,

 89 [START_REF] Giraud | Effect of the Prior Microstructure Degradation on the High Temperature/Low Stress Non-Isothermal Creep Behavior of CMSX-4® Ni-Based Single Crystal Superalloy[END_REF][START_REF] Epishin | Creep damage of single-crystal nickel base superalloys: mechanisms and effect on low cycle fatigue[END_REF]. With the same motivation, the study by Long et al. investigated effect of creep-type pre-straining at 750 °C on the Ni-based SX superalloy's creep properties at 1100 °C / 137 MPa and 750 °C / 750 MPa[START_REF] Long | Effect of pre-straining treatment on high temperature creep behavior of Ni-based single crystal superalloys[END_REF].The initial dislocation structure decreased creep life at 1100 °C / 137 MPa with TCP phase precipitation during creep of Re-containing SX superalloy (Figure1.27(a))[START_REF] Long | Effect of pre-straining treatment on high temperature creep behavior of Ni-based single crystal superalloys[END_REF]. Creep life of Re-free alloy at 750 °C / 750 MPa also decreased with absence of primary creep stage (Figure1.27(b))[START_REF] Long | Effect of pre-straining treatment on high temperature creep behavior of Ni-based single crystal superalloys[END_REF], which is consistent with the study by Drew et al[START_REF] Drew | Single Crystal Superalloys: The transition from Primary to Secondary Creep[END_REF]. In the study by Drew et al. in CMSX-4 at 750 °C / 750 MPa, γ/γ′ interfacial dislocations and dislocations in γ channels inherited from prior creep at 950 °C interrupted stacking fault in shorter segment of two precipitates (Figure1.28(b, c)); therefore, primary creep strain was smaller in pre-strained material (Figure1.28(a))[START_REF] Drew | Single Crystal Superalloys: The transition from Primary to Secondary Creep[END_REF].
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 127 Figure 1.27. Creep curves of Re-containing second generation (a) and Re-free first generation (b) Nibased SX superalloys with different temperature/load histories. Creep test performed at 1100 °C / 137 MPa with prior straining of 750 °C / 750 MPa for 1 h (a). Creep test performed at 750 °C / 750 MPa were interrupted at 2 h and 100 h and resumed for 1095 h and 523 h until rupture, respectively (b). [119]
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 128 Figure 1.28. Creep curves of CMSX-4 from two stage tests (a). TEM images after creep test at 750 °C / 750 MPa interrupted at 1% creep strain on CMSX-4 without pre-strain (b) and CMSX-4with prior 1% creep strain introduced at 950 °C / 485 MPa (c).[START_REF] Drew | Single Crystal Superalloys: The transition from Primary to Secondary Creep[END_REF] 
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 1291 Figure 1.29. Schematic drawing of the cross-section with SEM images of the typical microstructures for different positions after an accelerated simulation mission endurance test (ASMET). [137]
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 131132 Figure 1.31. SEM images of the CMSX-4 samples after different heat treatment conditions. Rafted microstructure was obtained by aging at 1050 °C for 1000 h. [138]
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 133134 Figure 1.33. Microstructures of ERBO/1 SX superalloy at different stages. Initial microstructure in a dendritic region is on the top. 6 images on the left and 6 images on the right are after creep test (950 °C / 350MPa) interrupted at 0.6% and 5.0% strain, respectively. After creep interrupting test, samples are treated by HIP Rejuvenation and applied creep load again at the same condition until they reach 2.0% strain, then interrupted.[START_REF] Horst | On the rejuvenation of crept Ni-Base single crystal superalloys (SX) by hot isostatic pressing (HIP)[END_REF] 

Figure 1 . 35 .

 135 Figure 1.35. Turbine blade's cross section 5 mm above platform (a) and image of sliced surface with observed position labeled A-C (b).Microstructures were observed after solution (SHT) and full (FHT) heat treatment (scale is 5 µm). Plastic deformation must have been introduced between solution and aging in order to have microstructure evolution in FHT specimens.[8] 

Figure 1 . 36 .

 136 Figure 1.36. Observed areas D-G are labeled on the image of the blade root cross-section after full heat treatment. [8] 1.4.1. Microstructure after pre-deformation and following aging treatments

Figure 1 . 37 .

 137 Figure 1.37. Temperature-time diagram of plastic deformation and heat-treatment procedures of AM1 performed in the precedent research.

Figure 1 . 38 .

 138 Figure 1.38. Microstructure of AM1 Ni-based SX superalloy. Typical γ/γ′ structure (a), and evolution of γ′ phase can be observed in the band-shaped affected zone in lower (b) and higher magnifications (c).

Figure 1 . 39 . 1 . 4 . 2 .

 139142 Figure 1.39. IPF (coded along tensile axis) superimposed to Image Quality maps in a primary dendrite arm (a) and in an interdendritic spacing (b) of AM1 alloy after solution treatment + 0.8% PD + 1100 °C / 5 h / quenched in air + 870 °C / 16 h / quenched in air. Misorientation profiles (white arrows) are presented above each map. 1.4.2. Creep properties of pre-deformed AM1 SX superalloy

Figure 1 . 40 .

 140 Figure 1.40. Creep curves without PD and with PD of about 0.3% and about 0.8% at (a) 1050 °C / 140 MPa, (b) 950 °C / 300 MPa, (c) 850 °C / 500 MPa, and (d) 750 °C / 800 MPa.

Figure 1 . 41 .

 141 Figure 1.41. Observed images of specimens' fracture surfaces after the creep rupture tests.

Figure 1 . 42 .

 142 Figure 1.42. (a) Crack initiation and cavitation along coarsened microstructure in the band. (b) Inverse Pole Figure color-coded orientation maps referring to the tensile direction after creep rupture test at 1050 °C / 140 MPa / PD=0.74%.

Figure 1 . 43 .

 143 Figure 1.43. Atom probe reconstruction at the γ/γ′ interface of a rafted γ′ precipitate in the immediate vicinity of a recrystallized band after creep rupture test on pre-deformed AM1 specimen at 1050 °C / 140 MPa showing a dislocation within the γ′ phase (a). The dislocation and the γ/γ′ interface are shown with an iso-compositional surface at 8.0 at% Cr. (b) is a detail of the atom probe reconstruction from (a), showing the position of the cylindrical region of interest focusing on an interfacial dislocation groove within the γ′ precipitate. (c) and (d) are 1D concentration profiles perpendicular to the dislocation denoted by the red arrow (1) in (a) and to the interfacial dislocation groove denoted by red arrow (2) in (b), respectively. Error bars are shown as lines filled with color and correspond to the 2σ counting error.

Figure 1 . 44 .Figure 1 . 45 .

 144145 Figure 1.44. Results of high-temperature tensile tests at 750 °C (a) and 950ׄ °C (b) on the specimens without and with pre-deformation. Strain rate = 3×10 -4 /s

Figure 1 . 46 .

 146 Figure 1.46. Results of high-temperature low cycle fatigue tests at 950 °C on the AM1 specimens without and with pre-deformation. R = -1, frequency = 0.5 Hz. Reference data are taken from [141].

2. 2 .

 2 Specimen preparationSpecimens used for pre-deformation and creep tests were machined from these SX bars (crystal disorientation from <001> within 10°) and SX plate by electron discharge machining followed by turning. Specimens have 14 mm gauge length and 4.0 mm diameter, which are similar to specimens used in previous studies at Institut Pprime (Figure2.1)[4].

Figure 2 . 1 .

 21 Figure 2.1. Tensile loading testing specimen A tensile specimen was newly designed to apply pre-deformation for VHCF testing specimen. Designed geometry is shown in Figure 2.2(a) and the VHCF specimen used in other studies at Institut Pprime [5] is presented in Figure 2.2(b). Because the VHCF specimen does not have parallel gauge length, tensile testing

Figure 2 . 2 .

 22 Figure 2.2. Geometries of cylindrical gauge specimen for tensile pre-deformation (a) and hourglassshaped specimen for VHCF tests (b). Dotted lines in (a) are showing geometry of VHCF specimen in (b).

Figure 2 . 3 .

 23 Figure 2.3. The electromechanical testing machine Instron 8562.

Figure 2 .

 2 5 shows resistive furnaces used in this study for heat treatments.Temperature was controlled by equipped controller and actual temperature inside the furnace was monitored by calibrated thermocouple placed in the center of the furnace, about 30mm from the bottom. Heat treatment conditions for all studied materials are listed on Table2.2. Finally, naming list of specimens used in this study is listed on Table 2.3. Examples of specimens' thermal history are shown in Figure 2.6.

Figure 2 . 4 .

 24 Figure 2.4. Piece after pre-deformation placed inside the alumina crucible.

Figure 2 . 5 .

 25 Figure 2.5. Resistive heat treatment furnaces used for heat treatments in air.

1 CMSX- 4 2 Figure 2 . 6 .

 14226 Figure 2.6. Examples of thermal history of specimens used in this study. (a) AM1-RTPD-HT1, (b) AM1-PD750/PD950-HT1, and (c) AM1-RTPD-Rejuv-HT1.2. 5. Creep tests

Figure 2 . 7 .Figure 2 . 8 .

 2728 Figure 2.7. Creep testing specimen with S-type thermocouple welded in accordance with TMF Code of Practice [6].

Figure 2 . 9 .

 29 Figure 2.9. Temperature history diagram of a single cycle in the TC creep tests with applied stress of 120 MPa.

Figure 2 . 10 .

 210 Figure 2.10. VHCF ultrasonic testing machine

Figure 2 . 11 .

 211 Figure 2.11. Struers LectroPol-5 system with electrochemical polishing parameters shown in on the screen.

Le superalliage monocristallin CMSX- 4

 4 Plus a également été pré-déformé à température ambiante et les traitements thermiques de revenu ont été appliqués pour comparer son comportement microstructural avec celui de l'AM1. En effet, après les traitements de revenu, les précipités γ′ dans les bandes à microstructure grossière de CMSX-4 Plus étaient plus grossiers que les précipités loin de ces bandes de glissement. Des dislocations interfaciales ont également été observées dans le CMSX-4 Plus après le premier revenu. La densité de dislocations visibles sur les images MEB a diminué dans l'AM1 après le deuxième revenu, alors qu'elles étaient encore observables dans CMSX-4 Plus. Les précipités dans la bande de CMSX-4 Plus étaient moins anisotropes que ceux dans les bandes de pré-déformation pour l'AM1. Globalement, l'effet de pré-déformation sur la microstructure du matériau était mineur pour le CMSX-4 Plus Ce phénomène est dû aux caractéristiques de déformation des matériaux au cours de la pré-déformation. Comme l'AM1 a une plus grande résistance au cisaillement des précipités γ′ à température ambiante, on en déduit qu'une contrainte interne plus élevée est stockée sur chaque bande de glissement. En outre, le CMSX-4 Plus présente une plus grande densité de bandes de glissement après une déformation en traction à température ambiante pour la même amplitude de prédéformation que l'AM1. En d'autres termes, l'AM1 transporte un glissement plus élevé sur chaque bande de glissement comparativement au CMSX-4 Plus. Par conséquent, l'énergie de déformation élastique et plastique stockée dans une bande de glissement étant plus faible pour le CMSX-4 Plus, cela réduit l'effet de la prédéformation sur sa microstructure.Le traitement thermique de restauration a été appliqué à l'AM1 pré-déformé à différentes températures (ambiante, 750 °C et 950 °C) pour démontrer son efficacité sur la microstructure. Il a également été testé pour le CMSX-4 Plus pré-déformé à température ambiante. En outre, le traitement de restauration contribue à comprendre comment les différentes structures de dislocations affectent la microstructure à des températures proches de la température de solvus et en conditions supersolvus Le traitement thermique de restauration a permis de régénérer la microstructure de l'AM1 après une déformation plastique à température ambiante inférieure à 1,86 % ou une déformation plastique à 950 °C inférieure à 0,87 %. Il a également fonctionné avec succès pour CMSX-4 Plus avec une déformation plastique de 0,79 %. Les conditions de restauration appropriées sont de 20 min à 1290 °C pour l'AM1 et de 1 h à 1330 °C pour le CMSX-4 Plus. Ces deux conditions sont légèrement inférieures aux (dernières) températures de traitement de mise en solution car les matériaux ont déjà été homogénéisés et la solvus globale est plus basse.

Figure 3 . 1 .

 31 The highest tensile strength at 750 °C and decreased tensile strength at 950 °C of as-solutioned AM1 compared to RT are common characteristics that can be explained by γ/γ′ misfit and deformation processes in a Ni-based superalloy consisting of the FCC disordered matrix and ordered L12 structure [1,2,7]. Tensile curve of AM1 at 950 °C is showing mild transition from elastic regime to plastic regime meaning that plastic deformation had occurred by typical dislocation by-passing mechanism of Ni-based superalloys. Two separated curves shown in Figure 3.1 are PD at 950 °C paused at yield point for about 1 min and resumed until the target plastic strain (curve labeled as AM1-PD950(B)). Dotted line shows stress relaxation and creep deformation occurring during the pause.

Figure 3 . 1 .

 31 Figure 3.1. Tensile curves of pre-deformation applied to as-solutioned AM1 at RT (AM1-RTPD), at 750 °C (AM1-PD750), at 950 °C (AM1-PD950), and at RT after aging treatments Type-1 (AM1-HT1-RTPD), and applied to as-solutioned CMSX-4 Plus at RT (C4P-RTPD). Stress relaxation and creep during pause of tensile deformation are expressed as dashed line for AM1 pre-deformed at 950 °C (AM1-PD950(B)).

Figure 3 . 2 .

 32 Figure 3.2. Appearance of cylindrical specimens after pre-defamation. Applied plastic strain and density of visible slip bands within the length shown by a box are labeled.

Figure 3 . 3 .

 33 Figure 3.3. Microstructure of AM1 specimens after pre-deformation at RT, without any subsequent aging treatments.

3. 3 .Figures 3 .6 and 3 . 7 .

 3337 Figures 3.6 and 3.7. Similar to the microstructures after first stage aging, the bands appeared clearly after 1 h in first stage treatment. Size of γ′ precipitation in an area out of the band (i.e. without effect of the PD) after second stage treatment is nearly the same to that of after first stage. Width of the affected bands had not changed significantly in between first and second stage. By recalling to EBSD-IPF maps shown in Figure 1.39, the microstructure coarsened band after two aging treatments has neither measurable lattice rotation, nor recrystallization.

Figure 3 . 4 .

 34 Figure 3.4. Microstructures of pre-deformed specimen after solution treatment, in (110) plane without aging and after 5 min to 5 h of the first stage aging treatment at 1100 °C.

Figure 3 . 5 .

 35 Figure 3.5. Microstructures of pre-deformed specimen after solution treatment, in (110) plane without aging and after 5 min to 5 h of the first stage aging treatment at 1100 °C, in higher magnification.

Figure 3 . 6 .

 36 Figure 3.6. Microstructures of pre-deformed specimen after solution treatment, in (110) plane after 5 min to 5h of the first stage aging treatment at 1100 °C followed by the second stage aging treatment at 870 °C for 16 h.

Figure 3 . 7 .

 37 Figure 3.7. Microstructures of pre-deformed specimen after solution treatment, in (110) plane after 5 min to 5 h of the first stage aging treatment at 1100 °C followed by the second stage aging treatment at 870 °C for 16 h, in higher magnification.

Figure 3 . 8 .

 38 Figure 3.8. Evolution of γ′ precipitate maximum edge length as a function of aging time at 1100 °C without (a) and with (b) second aging at 870 °C for 16 h.

Figure 3 . 9 .

 39 Figure 3.9. Volume fraction of γ′ phase as a function of temperature for AM1 (a) and CMSX-4 Plus (b).Data plotted for dendrite and interdendritic area of both materials were provided by J. Cormier and L. Despres (internal characterizations at Institut Pprime). Data from the work by Royer et al.[12] are plotted in (a).

  t (h)Outside the band 0.3% PD, within the band 0.8% PD, within the band Outside the band 0.3% PD, within the band 0.8% PD, within the band

  PD at RT with full aging treatments in two conditions (AM1 type and CMSX-4 Plus type) are shown in Figure 3.11. Traces of interfacial dislocations were still observed in the band after both conditions (Figure 3.11(g, h)), but their quantity had decreased from the microstructures after first stage aging treatment (Figure 3.11 (h, i)). After HT2 (CMSX-4 Plus type treatment), almost all area presented directional coarsening like structure as shown in Figure 3.11(c). The bands were distinguishable because of very large γ′ precipitates in Figure 3.11(f) that formed by eliminating thinner channels during large volume fraction increase from 1165 °C to 870 °C.

Figure 3 .

 3 11(e) is area with less effect of PD, but this area has large γ′ precipitates and thick γ matrix with secondary γ′ precipitated during cooling from very high temperature aging at 1165 °C.

Figure 3 . 10 .

 310 Figure 3.10. Microstructure of AM1 with PD at RT (~0.8%) followed by different aging treatments. Aging conditions are at 950 °C for 5 h (a, d, g), standard for AM1 at 1100 °C for 5 h (b, e, h), and standard for CMSX-4 Plus at 1165 °C for 6h (c, f, i). Dotted lines are indicating microstructure coarsened band. (g-f) are magnified image of rectangles in (d-i), respectively. Ovals in (g) are showing coalesced precipitates. White arrows in (h, i) are pointing at dislocation traces at the γ/γ′ interfaces. Precipitate size in different directions are measured for the images in Figures 3.10and 3.11 by the rotational

  and 3.11 by the rotational intercept method (RIM) using in-house RIM-X software developed by Caccuri et al.[16,17]. Results of RIM analyses in Figure3.12 give the values different from Figure3.8, especially for specimens with PD. RIM method measures through all width within the image and this also counts thin edge length of irregular γ′ precipitates observed after PD and aging treatments. Therefore, error bars are a better representation for the distribution of the precipitate size. Figures 3.13 and 3.14 are showing average size for all the angles intercepted in this measurement that represents both precipitate size and shape. If the precipitate is cuboidal, rose diagram presents near square shape with 45° rotation (Figure 3.13(a)). When a rose diagram has one preferential direction (90°/270° in Figure 3.13(b) and 0°/180° in Figure 3.14(c)), it means the precipitates in the analyzed image have tendency of either N-type or P-type directional coarsening. Figures 3.13(c) and 3.14(b) are showing oval with 45° rotation, which means precipitates are elongated in both horizontal and vertical (❬100❭ and ❬001❭) directions equally.

Figure 3 . 11 .

 311 Figure 3.11. Microstructure of AM1 with PD at RT (~0.8%) followed by different aging treatments. Aging conditions are standard for AM1 at 1100 °C for 5 h + 870 °C for 16 h (a, d, g), and standard for CMSX-4 Plus at 1165 °C for 6 h + 870 °C for 20 h (b, c, e, f, h). Dotted lines are indicating microstructure coarsened band. (c, f, g, h) are magnified image of rectangles in (b, c, d, f), respectively. White arrows are pointing at dislocation traces at the γ/γ′ interfaces.

Figure 3 . 12 .

 312 Figure 3.12. Result of RIM analysis using RIM-X software on AM1 with PD at RT. Average size of γ′ precipitate is shown as solid bars and error bars are standard deviation.

Figure 3 . 13 .

 313 Figure 3.13. Rose diagram of γ′ precipitate size obtained by RIM-X analyses on AM1 with PD at RT followed by aging treatments of standard AM1 condition (HT1). At 1100 °C for 5 h for aging 1 and at 870 °C for 16 h for aging 2. Concentric scale in nm.

Figure 3 . 14 .′Figure 3 . 15 .

 314315 Figure 3.14. Rose diagram of γ′ precipitate size obtained by RIM-X analyses on AM1 with PD at RT followed by aging treatments of standard CMSX-4 Plus condition (HT2). At 1165 °C for 6 h for aging 1 and at 870 °C for 20 h for aging 2. Concentric scale in nm.

[

  Figure 3.17. Majority of the dislocations decreases their contrast in the image obtained by two-beam condition shown in Figure 3.17(b). These dislocations are determined to be on {111} system that are in γ matrix and are mobile by glide and climb (also indicated as B in Figure 3.16). Ram et al. reported [101] and [010] dislocations

Figure 3 . 16 .

 316 Figure 3.16. Dislocation structure in deep-etched microstructure of AM1 after PD at RT followed by aging treatment at 1100 °C for 5 h.

Figure 3 . 17 .

 317 Figure 3.17. Diffraction contrast images of AM1-RTPD-HT1 (PD at RT + 5 h / 1100 °C + 16 h / 870 °C), obtained by low-angle annular dark-field scanning transmission electron microscopy (LAADF-STEM). Images are provided by M. Heczko and A. Egan of Center for Electron Microscopy and Analysis (CEMAS), The Ohio State University. Dislocation grooves appears in the γ′ deeply-etched specimen because of enriching γ-element (specifically Cr and Co) along the dislocation lines [21-24]. Moreover, drastic increase in γ′ volume fraction during cooling process is necessary for swelling of γ′ between dislocation lines and to project the solute-segregated dislocations [24,25]. Therefore, aging temperatures should be above 1000 °C to have sufficient transition of volume fraction change during cooling in air. These are the mechanisms by which dislocation traces were observed in this experiment after first aging treatment at 1100 °C and Figures 3.18(a, b) are schematic explanation of the mechanism.

Figure 3 . 18 .

 318 Figure 3.18. Schematic illustration of the mechanism that exposes dislocation traces during SEM observation of deeply etched AM1 specimens.

  Exposure at 1100°C for 5h (b) Rapid cooling from 1100°C to RT, swelling of γ′ between dislocations (c1) Network interfacial dislocations are trapped inside γ′ as interface moves toward γ matrix side at 870°C (c2) Interfacial dislocations move along γ/γ′ interface as volume fraction changes at 870°C

  3.13(b) type size distribution should have lower local elastic strain compared to the other type shown in Figure 3.13(c).

  Figure 3.13(b) type bands have relatively smaller width (< 5µm) and longer maximum precipitate length compared to the other type. Faster formation of more dense dislocation network is predicted in the thicker band (> 5µm) which originally has higher local elastic strain before aging treatment, which resulted in shorter maximum precipitate length [26].

Figure 3 . 19 .

 319 Figure 3.19. Microstructure of AM1-HT1-RTPD followed by additional aging at 1100 °C for 5 h. White arrows are indicating γ/γ′ interfacial dislocation networks.

  Figures 3.21 and 3.22, respectively. AM1-PD750 showed similar precipitation coarsening seen in AM1-RTPD, in both parallel and perpendicular to the tensile direction with development of the γ/γ´ interfacial dislocation structures (Figure3.21(g)). Precipitates outside the emphasized band in Figure3.21(a) also showed the γ/γ´ interfacial dislocation structures and cubic shaped precipitates had decreased compared to the specimen with the same aging history after PD at RT. After the secondary aging treatment, the density of dislocation traces decreased (Figure3.22(g)).

Figure 3 . 20 .

 320 Figure 3.20. Microstructures of AM1 after PD at 750 °C (a, d), 950 °C with continuous deformation (b, e), and 950 °C with paused deformation (c, f).

Figure 3 . 21 .

 321 Figure 3.21. Microstructures of AM1 after PD at 750 °C (a, d, g), 950 °C with continuous deformation (b, e, h), and 950 °C with paused deformation (c, f, i), followed by the first stage aging treatment (1100 °C / 5 h). White arrows are indicating traces of γ/γ′ interfacial dislocations.

Figure 3 . 22 .

 322 Figure 3.22. Microstructures of AM1 after PD at 750 °C (a, d, g), 950 °C with continuous deformation (b, e, h), and 950 °C with paused deformation (c, f, i), by the standard aging treatments (1100 °C / 5 h + 870 °C / 16 h). Dotted lines are showing microstructure coarsened band and white arrows are indicating traces of γ/γ′ interfacial dislocations.

  and 3.24, respectively. Microstructure of four different specimens were analyzed using RIM-X and their average precipitate lengths are presented in Figures 3.25 and 3.26. It can be observed from microstructure and quantitative measurements shown as rose diagrams in Figures 3.26(a, b) that pre-rafts became shorter and disturbed as plastic strain increases from 0.36% to 0.87%. Precipitates in the specimens with 0.87% and 2.17% strain presented similar size profile for all directions (Figures 3.25

  and 3.26(b, c)). Comparing RIM analyses of two deformation types (AM1-PD950(A) and (B)), continuous tensile deformation (A) results in longer precipitates whereas the paused one (B) results in round edged smaller precipitates, and shorter error bars in the Figure 3.25 represents homogeneous size distribution than others.

Figure 3 . 23 .

 323 Figure 3.23. Microstructures of AM1 with PD at 950 °C (plastic strain = 0.36%) followed by aging treatments labeled on the top. Area fraction of γ′ phase in (a) and (b) are 51.2% and 58.5%, respectively. White arrows are indicating traces of γ/γ′ interfacial dislocations.

Figure 3 . 24 .

 324 Figure 3.24. Microstructures of AM1 with PD at 950 °C (plastic strain = 2.17%) followed by aging treatments labeled on the top. Area fraction of γ′ phase in (a) and (b) are 45.0% and 58.7%, respectively. White arrows are indicating traces of γ/γ′ interfacial dislocations.

Figure 3 . 25 .

 325 Figure 3.25. Result of RIM analysis using RIM-X software on AM1 specimens pre-deformed at 950 °C. Average size of γ′ precipitate is shown as solid bars and error bars are standard deviation.

Figure 3 . 26 .

 326 Figure 3.26. Rose diagrams of γ′ precipitate size obtained by RIM-X analyses on AM1 with PD at 950°C followed by aging treatments of standard AM1 condition (HT1, 1100 °C / 5 h + 870 °C / 16 h). (a-c) were deformed continuously and (d) was paused at yielding point as shown in Figure 3.1. Concentric scale in nm.

  and 3.26(d) compared to type (A)

Figure 3 .

 3 Figure 3.27 shows the typical microstructures of CMSX-4 Plus outside the microstructure coarsened band, in the dendrite cores. Because the first aging stage was at higher temperature and for longer duration, γ′ precipitate size of CMSX-4 Plus after standard treatments (HT2) is much larger than AM1-type heat treatment (HT1). The precipitate sizes either after HT1 (Figure 3.27(f)) or HT2 (Figure 3.27(c)) are smaller compared to that of AM1 after the same conditions (Figures 3.13(a) and 3.14(a)). Lower internal diffusivity of CMSX-4 Plus linked to its alloy chemistry is a reason for this difference. RIM-X results in Figures 3.27(c, f) are showing precipitates in both conditions have cubic shape with equivalent length in both horizontal and vertical directions if they are not affected by the pre-deformation.

Figure 3 . 27 .Figures 3 .

 3273 Figure 3.27. Typical microstructure of CMSX-4 Plus in the primary dendrite arms after aging treatments labeled to each image (a, b, d, e). (c) and (f) are rose diagrams of average γ′ precipitate size obtained by RIM-X analyses on images (b) and (e). Concentric scale of the rose diagrams is in nm.

Figure 3 . 28 .

 328 Figure 3.28. Microstructure of CMSX-4 Plus with PD at RT (~0.8%) (a, d, g) followed by first (b, e, h) and second (c, f, i) aging treatments for standard CMSX-4 Plus conditions (HT2). Dotted lines are indicating microstructure coarsened band and white arrows in (h, i) are pointing at dislocation traces at the γ/γ′ interfaces.

Figure 3 . 29 .

 329 Figure 3.29. Microstructure of CMSX-4 Plus with PD at RT (~0.8%) followed by first (a, c, e) and second (b, d, f) aging treatments for standard AM1 conditions (HT1). Dotted lines are indicating microstructure coarsened band and white arrows in (h, i) are pointing at dislocation traces at the γ/γ′ interface.

Figure 3 . 30 .

 330 Figure 3.30. Rose diagrams of average γ′ precipitate size obtained by RIM-X analyses on CMSX-4 Plus with PD at RT followed by different aging treatments. Concentric scale of the rose diagrams is in nm.

  1165 °C / 6 h + 870 °C / 20 h (4P-RTPD-HT2) (c) 1100 °C / 5 h + 870 °C / 16 h (4P-RTPD-HT1)

Figure 3 .Figure 3 .

 33 Figure 3.28(i) has finer network structure whereas a majority of dislocations after first aging treatment in theFigure 3.28(h) is parallel to neighboring ones. The parallel dislocations are possibly [010] edge dislocations which was similarly observed in AM1. On the other hand, [011] type and those gliding into edge dislocations were mainly observed for CMSX-4 Plus after 1100 °C / 5 h (first stage HT1). Indeed, these analyses are only done by SEM observations on deeply-etched specimens and TEM observations are necessary to define exact types.

  comparison with AM1, there are several possible reasons of CMSX-4 Plus having clear interfacial dislocations in deeply-etched samples even after secondary aging treatment. First, dislocation traces appeared after first stage both at 1100 °C and 1165 °C can be explained like for AM1 at 1100 °C. Rapid cooling creates dislocation grooves by swelling of γ′ phase. From Figure3.9, volume fraction of γ′ phase in CMSX-4 Plus at 1165 °C and that in AM1 at 1100 °C are similar, and so as at 870 °C. Thus, change in volume fraction from first stage to second stage can be assumed as (almost) the same. If dislocations are trapped inside the γ′ phase during second aging treatment, interfacial dislocation traces should not be observed for CMSX-4 Plus specimen as well. If interfacial dislocations moved along γ/γ′ interfaces, considering lower internal diffusivity of CMSX-4 Plus, swelling is difficult to occur during cooling from 870 °C and interfacial dislocations should look similar to the case of AM1. One of the remaining possibilities is that the interfacial dislocations moved

Figure 3 .

 3 Figure 3.31(b) has clear contrast between the band and area not affected. Precipitate scale microstructures from the same tensile specimen as Figure 3.31(b) are shown in Figure 3.32. Precipitates in Figure 3.32 have anisotropic growth compared to the those observed in Figure 3.28. Besides the precipitate shape, interfacial dislocations were still observed both after first (parallel type dislocation lines) and secondary (network type dislocations) aging stages.

Figure 3 . 31 .

 331 Figure 3.31. Microstructure of CMSX-4 Plus with PD at RT (~0.8%) followed by first aging at 1165 °C for 6 h. Two images are taken from different tensile specimens. Plastic strains are 0.79% (a) and 0.71% (b).

Figure 3 . 32 .

 332 Figure 3.32. Microstructure of CMSX-4 Plus with PD at RT (~0.8%) followed by first (a) and second (b) aging treatments for standard CMSX-4 Plus conditions (HT2). Images are taken from specimen with 0.71% plastic strain (same tensile specimen with Figure 3.31(b)).

3. 6 . 1 .

 61 Determination of rejuvenation treatment conditions Temperature history diagram is shown in Figure 3.33. Rejuvenation treatment was inserted between predeformation and the aging treatment. Rejuvenation temperatures for AM1 were at 1270 °C, 1275 °C, 1280 °C, and 1290 °C for 20 min and for CMSX-4 Plus were at 1310 °C, 1320 °C, 1325 °C, 1330 °C, and 1335 °C for 20 min and 1 h. Microstructures of AM1 with PD at RT after rejuvenation treatment and aging treatments are shown in Figures 3.34 and 3.35. Low magnification images with rejuvenation temperatures below 1280°C (Figures 3.34(a, c) and 3.35(d-f)) showed line traces that correspond to the former slip plane which clearly appears when aging treatments are directly applied (Figures 3.35(a-c)). When the rejuvenation temperature is far below from solvus temperature, severe precipitation coarsening occurs which can be described as very high temperature aging (Figure 3.34(b)). Slip plane traces are still present after rejuvenation at 1280 °C when the specimen has been submitted to higher plastic strain (Figure 3.35(e)) or PD was applied after HT1 (Figure 3.35(f)). These remaining slip line traces are also an indication of incomplete solutioning, which disappeared when rejuvenation was performed at 1290 °C. Interdendritic area is always not displaying ideal γ′ cuboidal structure (Figure 3.34(g, i)

Figure 3 . 33 .

 333 Figure 3.33. Temperature history diagram for AM1 with rejuvenation treatment after pre-deformation.

Figure 3 . 34 .Figure 3 . 35 .

 334335 Figure 3.34. Microstructures of AM1 with PD at RT (strain = 0.87%) followed by rejuvenation treatment and standard aging treatments (HT1). Rejuvenation temperatures are labeled on the left and duration was 20 min.

Figure 3 . 36 .

 336 Figure 3.36. Result of RIM analysis using RIM-X software on AM1 with PD at RT followed by different rejuvenation temperatures. Standard aging treatments (1100 °C / 5 h + 870 °C / 16 h) were applied subsequently. Average size of γ′ precipitate is shown as solid bars and error bars are standard deviation.Rejuvenation treatment at 1290 °C for 20 min on the AM1 with PD at 950 °C was also succeeded when the applied plastic strain was below 1% (Figure3.37). On the other hand, recrystallization was observed in the specimens with higher plastic strain (= 2.17%) introduced at 950 °C, after rejuvenation at lower temperature of 1280 °C (Figure3.37(c)). Recrystallization is confirmed to occur in the primary dendrite arms because grains in that region have cuboidal γ′ precipitates that sharing a different orientation with respect to the original (010) cutting surface of the specimen (Figure3.38). Recrystallized grains are connected to the specimen

  .1(B)) had its microstructure fully recrystallized during the rejuvenation at 1290 °C, including the interdendritic area (Figure 3.39(b)).

Figure 3 . 37 .

 337 Figure 3.37. Low magnification images of AM1 with PD at 950°C followed by rejuvenation and aging treatments. Arrows in (c, f) are pointing at recrystallized grains.

Figure 3 . 38 .

 338 Figure 3.38. Grain boundaries between original crystal and recrystallized grain in AM1 specimens with PD at 950 °C, after rejuvenation at 1280 °C (a) and 1290 °C (b) for 20 min, followed by aging treatments (HT1).
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 339 Figure 3.39. Low magnification images of AM1 with pre-deformation at 950 °C, deformed by continuous (a) and paused (b) procedure. Followed by rejuvenation at 1290 °C for 1 h in (a) and 20 min in (b) and aging treatments (HT1).

Figure 3 .

 3 40 is an example of the contrast border after rejuvenation and subsequent aging on the specimen with PD at 950 °C.

Figure 3 . 40 .

 340 Figure 3.40. Microstructure of AM1 after PD at 950 °C with plastic strain of 0.87% followed by rejuvenation at 1290 °C for 20 min and two aging treatments. Dotted line indicates border between full-resorted dendrite arm and interdendritic area. Results of rejuvenation tests on CMSX-4 Plus pre-deformed at RT are shown in Figures 3.41 and 3.42. Similarly to AM1, rejuvenation temperature below γ′ solvus at 1310 °C did not help but instead, degraded the microstructure with severe precipitate coarsening (Figure 3.41(b)). Slip plane traces were not visible after rejuvenation at 1325 °C. However, precipitates in the interdendritic areas are still coarse which indicates that the rejuvenation temperature is not yet optimal (Figures 3.41(c, d)). Microstructure is restored both in primary dendrite arms and in the interdendritic areas after rejuvenation at 1330 °C (Figures 3.42(b, c)), and the homogeneity improved after rejuvenation at 1335 °C (Figures 3.42(d-f)). In these specimens with successful restoration of internal microstructures, surface recrystallization was observed for both specimens rejuvenated at 1330 °C and 1335 °C (arrows in Figure 3.42). Oxidation can help the recrystallization by dissolution of γ′precipitates at the γ′-depleted layer. However, the recrystallization only occurred at the former cylindrical surface side (see arrows in Figure3.42). Plastic strain is locally higher at the specimen surface since it acts as free surface during PD and locally higher stored energy probably activated recrystallization when the
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 341 Figure 3.41. Microstructure of CMSX-4 Plus after PD at RT. (a) is for comparison with other images, only first aging treatment of HT2 applied. (b-c) are with rejuvenation treatment and subsequent HT2 aging treatments.
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 342 Figure 3.42. Microstructure of CMSX-4 Plus after PD at RT with rejuvenation treatment and subsequent HT2 aging treatments. Arrows are indicating surface recrystallization at the cylindrical surface.

Figure 3 . 43 .

 343 Figure 3.43. Relationship between deformation temperature and plastic strain before rejuvenation treatment for different alloys. Filled plots are showing successful rejuvenation. Plastic strain values adopted from other studies[59,61,63] are introduced by creep.

  d'endommagement induit par la diffusion s'en retrouvent ralentis, voire, supprimés. Par contre, le cisaillement de la microstructure par activation du glissement devient un facteur dominant dans les mécanismes de déformation du fluage. Comme indiqué dans le chapitre précédent, la microstructure de l'AM1 a été largement affectée par la pré-déformation par rapport à celle sur CMSX-4 Plus en raison de la différence d'énergie de déformation élastique accumulée sur charque bande de glissement. La cohérence entre la matrice γ et les précipités γ′ dans les bandes à microstructure grossière est éliminée par l'évolution de la microstructure au cours du traitement thermique de revenu après la pré-déformation, en particulier sur l'AM1. Cela conduit à une réduction de la résistance au cisaillement des précipités γ′ dans l'AM1. Par conséquent, les propriétés en fluage de l'AM1 à des températures inférieures à 950 °C sont plus sensibles à la pré-déformation par rapport à celle du CMSX-4 Plus.Pour évaluer les différents cas de localisation l'endommagement, différentes méthodes de préparation/prédéformation ont été appliquées. Les procédures ont été : 1) pré-déformation à 950 °C entre les traitements de mise en solution et de revenu, 2) pré-déformation après mise en solution suivie de traitements de restauration et de revenu, 3) pré-déformation après traitement thermique complet, 4) pré-déformation entre les deux traitements de revenu, 5) pré-déformation après traitement thermique complet suivie d'un autre traitement de revenu primaire, 6) pré-déformation après traitement thermique complet suivie d'un autre traitement thermique complet. Des essais de fluage isotherme ont été réalisés sur ces matériaux. Des essais de fluage en cycle thermique ont également été effectués pour mieux comprendre les processus de localisation de l'endommagement fluage.En raison de la légère mise en radeaux induite par la pré-déformation à 950°C suivie des revenus, la déformation par fluage a opéré de manière homogène dans les éprouvettes (i.e. pas/peu de localisation). Les propriétés en fluage de cette éprouvette à 1050 °C / 140 MPa sont comparables à celles de la référence sans pré-déformation. Par contre, cette mise en radeaux préalable induit une très faible durée de vie en fluage à 850 °C / 500 MPa. La microstructure de l'AM1 pré-dégradée (légèrement mise en radeaux/bandes avec précipités grossis) est défavorable aux conditions de fluage avec une charge appliquée plus élevée. L'introduction d'une pré-déformation à température ambiante pour l'AM1 à différents étapes de « préparation » a moins d'impact sur leur durée de vie en fluage à 1050 °C / 140 MPa. Par contre, si l'échantillon avec la prédéformation introduite après un traitement thermique complet a subi un revenu supplémentaire à 1100 °C pendant 5 h, une localisation de l'endommagement de fluage est à nouveau observée avec une rupture planaire proche d'un plan {111}, mais sans que cela n'implique une chute de la durée de vie en fluage. La structure de dislocation développée au cours du revenu à haute température par la relaxation des contraintes internes est une raison possible pour ce mode de rupture spécifique. La pré-déformation entre les traitements thermiques de mise en solution et de revenus est donc la procédure de « préparation » la plus néfaste parmi toutes celles étudiées et analysées.La pré-déformation n'a pas affecté les propriétés de fluage de l'AM1 et du CMSX-4 Plus lors d'essais de fluage cyclés thermiquement. Les transitions fréquentes et rapides de la fraction volumique de γ′ ont lieu pendant le cycle thermique (1050 °C → 1110 °C → 1050 °C → 1160 °C). Les dislocations peuvent ainsi facilement pénétrer dans la phase γ′ pendant cette transition de température[2,3]. Ainsi, la structure initiale déformation ne contribue plus à la localisation des dommages activés thermiquement (inclinaison du mise en radeaux par exemple).Les éprouvettes d'AM1 et CMSX-4 Plus ayant reçu un traitement thermique de restauration supplémentaire après la pré-déformation, présentent des propriétés de fluage équivalentes aux matériaux d'origine sans prédéformation. Ceci est dû au choix de traitement de restauration appropriées qui ont été déterminées dans le chapitre précédent. Si la pré-déformation est appliquée après les traitements de revenu, elle peut diminuer la ductilité de fluage et affecter les mécanismes de rupture en fonction de l'historique thermique du matériau. Le traitement de restauration est étape efficace pour restaurer des propriétés acceptables en vue des conditions de service.
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 21 Creep results on AM1-RTPD-HT1 at higher temperatures (1050 °C, 950 °C) Some creep test results presented in this section are reproduced from the previous results so that the same creep rig is used for the same testing conditions. Figures 4.1-4.5 are the results of creep tests performed on AM1 without and with pre-deformation (AM1-HT1 and AM1-RTPD-HT1) at 1050 °C / 140 MPa, 1050 °C / 200 MPa, and 950 °C / 300 MPa. In general, PD between solution and aging treatments (AM1-RTPD-HT1) results in a huge creep life debit, decreased ductility, and planar fracture surface parallel to {111} slip plane in most of the creep conditions as presented in Chapter 1 (Figures 1.40 and 1.41). These creep properties of the specimen with PD are different from typical creep deformation characteristics described in the literature [4-7].The pre-deformation most drastically affected the creep conditions within the "γ′-rafting regime" (T > 1000 °C).At 1050 °C / 140 MPa, very early onset of tertiary creep stage occurred on the specimen with a prior PD and it failed with very low ductility (Figure4.1). The pre-deformed specimen in this condition showed the largest creep life and ductility debit of all conditions for AM1 (creep life and ductility reduced to 1/3 from the reference material). Two interrupted creep tests (Figure4.2) were performed to characterize microstructures just after the primary creep stage (25 h, creep strain = 0.24 %) and at the beginning of the tertiary creep stage (105 h, creep strain = 1.09 %). The creep strain rate during the primary stage until the beginning of the secondary stage is similar for all specimens (Figure4.2). Although the creep strain at the minimum creep rate is different, the primary stage can be considered as equivalent for all specimens because the specimens without PD and with PD interrupted at 0.24 % creep strain have very similar strain profile (Figure 4.5(a)). Specimens with PD show a short secondary creep stage, as suggested by their higher minimum creep rate in Figure 4.5(a). A different stress level of 200 MPa was also applied at the same temperature of 1050 °C (Figure 4.3). Earlier onset of tertiary creep stage, decreased ductility, and planar fracture surface of a pre-deformed specimen are similar to the test at 1050 °C /140 MPa. However, the magnitude of creep life debit becomes smaller at 1050 °C / 200 MPa.
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 4142 Figure 4.1. Creep curves of AM1 specimens without and with pre-deformation tested at 1050 °C / 140MPa.
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 43 Figure 4.3. Creep curves of AM1 specimens without and with pre-deformation tested at 1050 °C / 200 MPa. Creep curves at 950 °C / 300 MPa are showing an increasing creep rate for almost all the test duration (Figure 4.4). Such increasing creep rate, or softening, after very short primary creep is common in this intermediate creep temperature/intermediate stress as a result of the γ/γ′ topological inversion [5,8-10]. The differences after introducing PD are that a specimen with PD has a higher creep strain rate after reaching a minimum creep rate and it has failed at lower strain (Figures 4.4and 4.5(b)). More specifically, the specimen interrupted within

  and 4.5(b)). More specifically, the specimen interrupted within the accelerating stage (71 h, creep strain = 6.65 %) shows a higher creep rate for all the periods.
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 44 Figure 4.4. Creep curves of AM1 specimens without and with pre-deformation tested at 950 °C / 300MPa.

Figure 4 . 5 .

 45 Figure 4.5. Creep strain rate vs. creep strain for creep tests on AM1 without and with pre-deformation, tested at 1050 °C / 140 MPa (a) and 950 °C / 300 MPa (b).
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 22 Microstructure characterizations on AM1 after creep tests at higher temperatures (1050 °C, 950 °C) SEM and EBSD techniques were used for microstructure characterization on crept specimens. This section analyzes microstructures after isothermal creep tests at temperatures of 1050 °C and 950 °C which is considered as a higher temperature creep. Longitudinal cross-sections of crept specimens prepared for SEM observations (mechanical polishing + etching) are shown in Figure 4.6. A) AM1 without PD Creep ruptured specimens without pre-deformation have typical ductile failure involving a necking in the rupture area (Figures 4.6(a, c, e)) [11-14]. They also show cracks initiated from creep voids located in the interdendritic area and crack propagation along the γ/γ′ interfaces of disordered raft structure (Figure 4.7). At fracture characteristics of AM-HT1 were similar for 140 MPa and 200 MPa. Coalescence of creep voids occurred in the creep test at 950 °C / 300 MPa (Figure 4.7(b)). In addition, γ/γ′ eutectics pools remaining after the heat treatment sequence were found in the interdendritic area of all specimens, including the ones with PD.

Figure 4 . 6 .

 46 Figure 4.6. Longitudinal cross-sections of AM1-HT1 (a, c, e) and AM1-RTPD-HT1 (b, d, f) tested at 1050 °C / 140 MPa (a, b), 1050 °C / 200 MPa (c, d), and 950 °C / 300 MPa prepared for microstructure observations. Arrows are pointing at the traces of the microstructure coarsened bands.
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 4748 Figure 4.7. Typical creep voids and crack propagation of AM1-HT1 (without PD) after creep rupture tests at 1050 °C / 140 MPa (a) and 950 °C / 300 MPa (b).
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 48 Figure 4.8. Low-magnification images of AM1-RTPD-HT1 after creep tests at 1050 °C / 140 MPa.

Figure 4 . 9 .

 49 Figure 4.9. Precipitation scale microstructures of AM1-RTPD-HT1 after creep rupture test at 1050 °C / 140 MPa. In (a), dotted lines are showing microstructure coarsened bands and arrows are indicating direction of sliding. (b) is a magnified image of the area surrounded by the rectangle in (a). Arrows in (b) are pointing at recrystallized grain boundaries.

Figure 4 .

 4 Figure 4.9(b).
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 410 Figure 4.10. Precipitation scale microstructures of AM1-RTPD-HT1 after creep tests at 1050 °C / 140 MPa, interrupted at 25 h (a) and at 105 h (c-d). Dotted lines in (a, b) show the regions of the microstructure coarsened bands. (d) is a magnified image of the area surrounded by the rectangle in (b). Arrow in (b) indicates a very wide connected plane of the γ phase along the band. Arrows in (c) point out possible grain boundaries in the γ′ phase. Arrows in (d) are pointing at dislocation traces in the γ′ phase.
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 411 Figure 4.11. Different voids observed in AM1-RTPD-HT1 after creep test at 1050 °C/140 MPa, interrupted at 105 h, at low (a, b) and high (c, d) magnifications. Dotted lines in (a, b) indicate direction of the microstructure coarsened bands and dotted lines in (c, d) show the regions of the bands. C) AM1 with PD at 1050 °C / 200 MPa
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 412 Figure 4.12. Microstructures of AM1-RTPD-HT1 after creep rupture test at 1050 °C / 200 MPa. Lines in (a) and dotted lines in (b, c) are showing microstructure coarsened bands. Ovals in (b) are areas with recrystallized grains. Arrows in (c) are indicating shearing plane in the microstructure coarsened band. D) AM1 with PD at 950 °C / 300 MPa
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 413 Figure 4.13. Microstructures of AM1-RTPD-HT1 after creep rupture test at 950 °C / 300 MPa (creep life 103 h). Dotted lines show the regions of the microstructure coarsened band. Arrows in (b) are indicating direction of sliding. Arrows in (c) are indicating shearing plane in the microstructure coarsened band.
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 414 Figure 4.14. Microstructures of AM1-RTPD-HT1 after creep test at 950 °C / 300 MPa, interrupted at 71 h. (b) and (e) are magnified images of the area surrounded by the rectangle in (a) and (d), respectively. Dotted lines show the regions of the microstructure coarsened band. Black arrows are indicating dislocation traces in γ′ phase and white arrows are pointing at voids nucleating from γ/γ′ interface.
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 415 Figure 4.15. BSE image (a) and IPF color-coded orientation maps referring to the tensile direction (b) after creep rupture test on AM1-RTPD-HT1 at 950 °C / 300 MPa.
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 23 Local lattice misorientation in the microstructure coarsened band From the microstructure characterizations (Figures 1.42 and 4.15), recrystallization along the major band

Figure 4 . 16 .

 416 Figure 4.16. PF color-coded orientation maps referring to the tensile direction with image quality (IQ) map after creep interrupted tests (a, b). KAM map in the same scanning areas (c, d). Misorientation profile from [001] direction following arrows of (a) and (b) are shown in (e) and (f), respectively. Creep tests on AM1-RTPD-HT1 were at 1050 °C/ 140 MPa and interrupted at 105 h with creep strain = 1.09% (a, c, e), and 950 °C / 300 MPa and interrupted at 71 h with creep strain = 6.79% (b, d, f). IPF maps, kernel average orientation (KAM) maps, and misorientation profiles of the creep interrupted specimens tested at 950 °C / 300 MPa and 1050 °C / 140 MPa were obtained by EBSD analyses and are shown in Figure 4.16. In both creep conditions, recrystallization was not observed, even at the beginning of the tertiary creep stage (i.e. increasing creep rate). This supports the fact that the traces observed in Figures 4.10(c, d) and

  (b) correspond to a local lattice misorientation presented in Figure 4.14(f).
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 417 Figure 4.17. Misorientation angle profile from the [001] direction, analyzed from threaded (head) section to gauge section in the longitudinal tensile direction of creep specimens. Creep tests on AM1-RTPD-HT1 were at 1050 °C / 140 MPa and interrupted at 105 h (a), and 950 °C / 300 MPa and interrupted at 71 h (b).
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 24 Creep results on 4P-RTPD-HT1 and 4P-RTPD-HT2 at higher temperatures (1150 °C, 1050 °C) CMSX-4 Plus without PD has creep deformation characteristics similar to AM1 but for different temperature range and they are generally 100 °C higher than that of AM1. This is mainly due to a high-Re content and higher γ′ volume fraction in CMSX-4 Plus compared to AM1 (Figure3.9). Because of these general , the impact of pre-deformation appeared differently in CMSX-4 Plus and AM1. In comparison with higher temperature creep of AM1 at 1050 °C and 950 °C, creep tests at 1150 °C and 1050 °C are categorized as higher temperature for CMSX-4 Plus. Creep curves of CMSX-4 Plus specimens tested at 1150 °C / 110 MPa and at 1050 °C / 200 MPa are presented in Figures 4.18and 4.19, respectively.
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 418 Figure 4.18. Creep curves of CMSX-4 Plus without and with PD tested at 1150 °C / 110 MPa.

Figure 4 . 19 .

 419 Figure 4.19. Creep curves of CMSX-4 Plus without and with PD tested at 1050 °C / 200 MPa. Creep tests above 1150 °C showed huge life debits induced by pre-deformation at RT with either CMSX-4 Plus-type (HT2) or AM1-type (HT1) subsequent heat treatments (Figure 4.18). In these conditions, fracture surface is affected by {111} slip plane of plastic deformation as can be seen from low-magnification images in Figures 4.20(b, d). The largest debit was observed in the γ′-rafting regime condition at 1150 °C / 110 MPa with very early onset of tertiary creep stage, as similarly observed in creep at 1050 °C for AM1. Aging treatment conditions did not affect creep life at 1150 °C / 110 MPa. However, although it has planar fracture surface on {111} plane, the ductility of 4P-RTPD-HT1 was similar to non-deformed 4P-HT1, whereas 4P-
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 420 Figure 4.20. Longitudinal cross sections of CMSX-4 Plus creep specimens tested at 1150 °C / 110 MPa prepared for microstructure observations.
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 421 Figure 4.21. Longitudinal cross sections of CMSX-4 Plus creep specimens tested at 1050 °C / 200 MPa prepared for microstructure observations.
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 25 Microstructure characterizations of CMSX-4 Plus after creep tests at higher temperatures (1150 °C and 1050 °C) A) CMSX-4 Plus at 1150 °C / 110 MPa 4P-HT2 has typical post-creep microstructure with γ′-rafting (Figure 4.22(d)), crack propagation from internal creep voids (Figure 4.22(a, c)), and heavily disturbed microstructure near fracture surface with recrystallization (Figure 4.22(b)). Plate shaped TCP precipitates on {111} plane were observed in the dendrite core of 4P-HT2, but their quantity was minor and should not have strong impact on creep failure mechanisms.

Figure 4 . 22 .

 422 Figure 4.22. Microstructures of 4P-HT2 (without pre-deformation) after creep rupture test at 1150 °C / 110 MPa. Near fracture surface (a, b), typical creep void with crack propagation (c), and γ′rafted structure with TCP phase (d).
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 423 Figure 4.23. Microstructures of 4P-RTPD-HT2 after creep rupture test at 1150 °C / 110 MPa. (b), (c), and (d) are magnified images of the area surrounded by the rectangle in (a) and (c). Dotted lines are indicating microstructure coarsened bands.

Figure 4 . 24 .

 424 Figure 4.24. Microstructure coarsened band with void observed at 2 mm away from fracture plane in 4P-RTPD-HT2 after creep rupture test at 1150 °C / 110 MPa. Microstructure shearing are indicated by small arrows. Larger arrows are direction of sliding.
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 425 Figure 4.25. Microstructure coarsened band at 5 mm away from fracture plane in 4P-RTPD-HT2 after creep rupture test at 1150 °C / 110 MPa. Arrows in magnified image are pointing at dislocation traces entering from γ/γ′ interface into γ′ phase (b).
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 4264 Figure 4.26. Result of EBSD analysis on 4P-RTPD-HT2 after creep test at 1150 °C / 110 MPa. (a) IQ + IPF map, (b) SEM + GROD map, and (c) KAM map. Misorientation profiles (d-g) are obtained from line analysis following arrows in (a). Dotted line in (a) is showing microstructure coarsened band with almost no misorientation. By EBSD analysis performed on 4P-RTPD-HT2 after creep rupture test at 1150 °C / 110 MPa, recrystallization from the void on the band was confirmed (Figure 4.26(a)). GROD map (Figure 4.26(b)), KAM map (Figure 4.26(c)) and misorientation profiles (Figure 4.26(d-g)) in the same area shows almost no misorientation in the area outside the main band. When misorientation is < 10° (line profile in Figures 4.26(d, f)), KAM map has arc-shaped areas that resemble to AM1 in Figure 4.33(d) at 950 °C / 300 MPa. Recrystallization has not spread throughout the band in this observation, and the magnitude of the misorientation is increasing toward the void
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 427 Figure 4.27. Microstructures of 4P-HT1 (a) and 4P-RTPD-HT1 (b-d) after creep rupture test at 1150 °C / 110 MPa, (a, c) are BSE and (b, d) are SEI. White arrow in (a) is TCP precipitate in {111} plane and black arrows in (a) are TCP precipitate in creep voids. Dotted lines in (b) are showing the microstructure coarsened bands. White arrows in (d) are grain boundaries and black arrow is a TCP precipitate nucleated at grain boundary.

Figures 4 .

 4 Figures 4.28and 4.29 are microstructures after creep tests at 1050 °C / 200 MPa on 4P-HT2 and 4P-RTPD-HT2, respectively. As shown in creep curves and appearance of specimens in Figures 4.20 and 4.21, creep properties and fracture types are similar for these specimens. Typical crack propagation from interdendritic creep voids and their coalescence leading to a failure is observed in Figure 4.28. γ′-rafting structure in the interdendritic area of 4P-HT2 was disturbed with presence of dislocation traces as shown in Figure 4.28(c). In lower magnification images (Figures 4.28(a) and 4.29(a)), pre-deformed specimen has larger creep voids that connected to the microstructure coarsened bands. When the bands are intersecting at the interdendritic area, crack initiation without creep voids (or tip of crack imitated from creep void) was observed (Figure 4.29(b, c)). In the microstructure coarsened bands, γ/γ′ structure was not monotonically inclined like AM1 or CMSX-4 Plus at 1150 °C. Irregular shape was observed mainly at intersection of the bands and there were not big difference when this particularly disturbed area (Figure 4.29(c)) is compared with interdendritic area in 4P-HT2 (Figure 4.28(c)).
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 428 Figure 4.28. Microstructures of 4P-HT2 after creep rupture test at 1050 °C / 200 MPa. Lowmagnification image showing fracture surface (a), interdendritic area 3 mm away from fracture surface (b), and the same area at higher magnification (c).
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 429 Figure 4.29. Microstructures of 4P-RTPD-HT2 after creep rupture test at 1050 °C / 200 MPa. (a) is lowmagnification image showing fracture surface and the microstructure coarsened band indicated by dotted lines. (b) is interdendritic area 3 mm away from fracture surface with crack initiation. (c) is interdendritic area at the intersection of two bands. Although the creep deformation type of CMSX-4 Plus at 1050 °C / 200 MPa can be categorized as similar to that of AM1 at 950 °C / 300 MPa, effect of pre-deformation appeared differently. This is also confirmed in the EBSD analysis presented in Figure 4.30 which was obtained at 2 mm away from the fracture surface of 4P-RTPD-HT2 tested at 1050 °C / 200 MPa. More than 8 different bands were analyzed for this specimen and none of them presented recrystallized grain, even near the cracks initiated from creep voids (Figure 4.30(b)).In GROD map shown in Figure4.30(c), misoriented regions from average orientation are highlighted. It is certain that local strain (local lattice rotation) is higher in the microstructure coarsened bands, but it is widely spread toward area outside the band. Misorientation profiles of two bands inFigures 4.30(d, e) show that the misorientation between the band and the bulk is 10° at maximum. This is similar magnitude to the AM1 at 950 °C / 300 MPa (Figure 4.16(f)), but arc-shaped misoriented area (like Figures 4.16(d) and 4.26(c)) was not observed.
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 430 Figure 4.30. IQ map (a), IPF color-coded orientation maps referring to the tensile direction (b), and IQ + GROD map (c) on 4P-RTPD-HT2 after creep test at 1050 °C / 200 MPa obtained at 1 mm away from fracture surface. Misorientation profiles (d, e) are obtained from line analysis following arrows in (b).
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 26 Void nucleation and growth during heat treatment and creepA) Stereological analyses of voids According to the microstructure characterizations, cavitation was observed in the bands with the occurrence of recrystallized grains close to pores. Moreover, void nucleation and coarsening along the former slip plane were observed in the creep test interrupted specimens. Histograms were obtained by analyzing lowmagnification images from different stages to verify the processes and origin of void nucleation, void growth, and recrystallization. Five images with the resolution of 1280 px × 970 px (1 px corresponds to 1.07 µm, total area of 5.42 mm 2 ) were taken from the center of the creep specimens' gauge section by FEG-SEM operated at lower magnification (examples of analyzed images are in Figures 4.8and 4.31(a, b)). Microstructures of the specimen after solution treatment (As-solutioned), specimen without PD after aging treatments (AM1-HT1), and predeformed specimen before creep test (AM1-RTPD-HT1) were also taken for this analysis. Because of resolution limitation, voids with an area smaller than 10 µm 2 were not included in the histogram of void size distribution. This resolution is enough for the analyses since fully heat-treated Ni-based SX superalloys processed by the Bridgman method generally have a mean void diameter of around 8 µm [11-13,19].
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 431 Figure 4.31. Examples of low-magnification images used in the image analyses (all before creep test). (c) is enlarged image in (b). Dotted lines are the microstructure coarsened bands. Black edge/white arrows, white edge/gray arrows, and white edge/black arrows in (c) are indicating examples of voids in the microstructure coarsened bands, voids outside the bands, and eutectics, respectively. Histograms of all voids observed in the images are shown in Figure 4.32. Because void size in Ni-based SX superalloy normally follows a log-normal distribution [20,21], logarithmic void size is used for the horizontal axis of this histogram. The voids located within the microstructure coarsened bands and voids outside the bands are counted separately and histograms of voids in the bands are presented in Figure 4.33. A clearly higher density of voids is observed within the bands, according to the percentages of these voids among all the void population shown in Figure 4.33. In these analyses, micropores shown in Figure 4.14(b) (see white arrows) are not counted due to the limitation of image resolution in this low magnification. AM1-RTPD-HT1 is showing bimodal size distribution (see arrows in Figure 4.32(c)) and has by far more voids compared to the original AM1-HT1 (Figure 4.32(b)) meaning that PD enhances void nucleation during aging treatments. In the logarithmic scale, size distribution is following a normal distribution. Therefore, the median (comparable to mean of logarithmic values) of void size at different stages are compared in Figure 4.34 to analyze the trend of void growth. Increasing void size, or void coarsening, as a function of creep time in Figure 4.34 is in good agreement with other studies regarding void growth during creep deformation [12,13,20]. Because most of the voids in Figure 4.32 are also counted in Figure 4.33, and especially large ones (examples shown in Figures 4.11(b) and 4.13(a)) are always counted in Figure 4.33, the band is confirmed to be preferred void nucleation and growth site. The decrease in void size after creep rupture shown in Figure 4.34 is because the largest poresare separated since they are mostly located in the fracture surface and they are hence no longer counted as voids. Also, the area farther from the gauge center had to be observed for ruptured specimens in order to have the same total observation area to the interrupted specimens.
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 432 Figure 4.32. Histograms of void count vs. void size in a logarithmic scale of µm 2 obtained by image analyses along a longitudinal section of AM1 specimens. The total count of voids is labeled in the figures. Arrows in (c) are indicating two peaks of a bimodal distribution.

Figure 4 . 33 .

 433 Figure 4.33. Histograms of counts of voids in the microstructure coarsened bands vs. void size in a logarithmic scale of µm 2 obtained by image analyses along longitudinal sections of AM1 specimen. The total void count and percentage of voids in the band are labeled in the figures.

Figure 4 . 34 .

 434 Figure 4.34. The median of void size in µm 2 is plotted as a function of creep time at creep conditions of 1050 °C / 140 MPa (a) and 950 °C / 300 MPa (b). Three lines are for all voids, voids in the microstructure coarsened bands, and voids found outside the bands.B) Void nucleation and growth mechanism

Figure 4 . 35 .

 435 Figure 4.35. Schematic illustration of microstructures after room-temperature tensile PD (a) and after aging treatments (b). (c) is a magnification of (b) showing vacancy transportation through γ/γ′ interfacial dislocations that enhances D-pore type void growth. As shown in the literature review, strong chemical segregation in a Ni-based SX superalloy creates S-pores and H-pores [24-26]. These S-pores and H-pores are the voids counted for the histogram in Figure 4.32(a), i.e. the microstructure before the pre-deformation. The slight increase in the number of voids counted from assolutioned (Figure 4.32(a)) to AM1-HT1 (Figure 4.32(b)) is possibly due to a coarsening of smaller voids into

Figure 4 .Figure 4 .

 44 Figure 4.36 presents various types of voids found before and after creep tests. Figures 4.36(a, b) represent an example of S-pore and H-pore, respectively. Faceted voids lying in the microstructure coarsened band in Figure 4.36(c) are very similar to the pores observed in the specimen after creep interrupted tests (Figure 4.36(d, e)). This dodecahedral crystallographic void is a typical D-pore that usually nucleates and grows in the other SX superalloys by vacancy transportation during high-temperature/low-stress creep loading or very long-term annealing [13,20,25,27]. The D-pore nucleation appears as the first peak of bimodal void size distribution at the early stage (~1 % creep strain) of high-temperature/low-stress creep [20]. Size of D-pore type void inFigure 4.36 is consistent with a very high void count under 100 µm 2 in Figure 4.32(c), more specifically the first peak (on the left) of the bimodal distribution. Therefore, the introduction of PD strongly enhances D-pore type void nucleation during aging treatment without any external loading.

Figure 4 . 36 .

 436 Figure 4.36. Examples of different voids found in AM1-RTPD-HT1 before creep test (a-c). AM1-RTPD-HT1 after creep test at 1050 °C / 140 MPa interrupted at 105 h, middle of gauge section (d), and 1 mm from specimen thread toward gauge section (e). Dotted lines are indicating the direction of the microstructure coarsened bands.

Figure 4 .

 4 35(c) represents the void nucleation and growth mechanism in these experiments.
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 27 Localized shearing and damage accumulation mechanisms during high temperature creep Considering all microstructural analyses performed on AM1 and CMSX-4 Plus, creep rupture mechanisms of Ni-based SX superalloys with pre-deformation between solution and aging treatments are discussed in this section with schematic illustrations. Creep mechanisms are separated into two regimes, rafting and topological inversion. These cannot be strictly divided, but separated for convenience in this discussion. Rafting regime represents creep temperature at which the volume fraction of γ′ phase is close to 50% and creep stages consists of primary stage, secondary stable stage, and tertiary stage (1050 °C for AM1 and 1150 °C for CMSX-4 Plus).

Figure 4 .

 4 Figure 4.10(b). Native dislocations that formed during aging treatments are contributing to the faster coarsening and further inclination of γ′-rafts until being almost parallel to the former slip plane (Figure 4.37(b1)). Certain amount of {111} system dislocations have been already stored in the matrix (Figure 3.17) and this can enhance local γ′ shearing during early stages of the creep deformation (Figure 4.25). If this kind of dislocations cutting into γ′ phase is facilitated, γ element transportation in the {111} plane is assisted by PARIS (Plasticity Assisted Redistribution of Interacting Solutes) mechanism [16,30-32] (Figure 5.37(b2)) and it extends γ phase in the same {111} plane like in Figures 4.10and 4.23. This is also evidenced by EDS analyses

  and 4.23. This is also evidenced by EDS analyses on the non-recrystallized band with thick and continuous γ′-raft sandwiched by γ phase (being boundary of the band). This γ phase in the non-recrystallized band has very strong segregation of Al, Cr, and Co and very high density of dislocations confirmed by ECCI.

Figure 4 . 37 .

 437 Figure 4.37. Schematic illustration of γ′-raft inclination mechanism in the microstructure coarsened band during higher temperature creep (AM1-RTPD-HT1 at 950-1050 °C or 4P-RTPD-HT2 at 1150 °C / 110 MPa in the present case). Another case is when slip band is created by local sliding as shown in Figures 4.13 and 4.24). This slip plane has higher dislocation density and assists diffusion, which also creates long and connected γ phase by the same PARIS effect (Figure 4.37(c)). Slip band type was not observed in the AM1 specimen tested at 1050 °C / 140 MPa, but present in AM1 at 1050 °C / 200 MPa and CMSX-4 Plus at 1150 °C / 110 MPa that have shorter creep life. Two different types in Figures 4.37(b, c) are representing difference in contribution of stress and temperature on activation of dislocation motion. During creep of AM1 at 1050 °C / 140 MPa, secondary creep stage is extremely flat (almost no strain increment for more than 200 h) that thermally activated dislocation motion and accumulation are necessary to trigger tertiary stage (i.e. mainly time dependent process). Instead, creep tests on AM1 at 1050 °C / 200 MPa and CMSX-4 Plus at 1150 °C / 110 MPa have secondary stage with slow but progressive strain accumulation. The contribution of stress on the dislocation motion is higher in these conditions that can trigger local slip in existence of initial dislocation structure (inside the microstructure coarsened band) created by pre-deformation.

  and 4.25) and higher dislocation density suggested by KAM map (Figure 4.16(c)) are evidences that microstructural damage accumulation is faster in the inclined γ′-rafts than outside the bands. Such thick and connected γ′-rafts help vacancy transportation toward existing voids for growth or nucleation of new D-pore type voids (Figures 4.11

  , 4.36(d) and 4.38(a)). Once void (including S/H/D-pores) in the microstructure coarsened band have grown and reached a size close to the width of the bands, voids have preferential growth direction toward the plane of the bands.

Figure 4 .

 4 11(d) is the example of a void size determined by the width of the band. Former S-pore type voids shown inFigures 4.11(b, 

( a )

 a Completion of γ′-rafting and small inclination of γ′-rafts inside the band (b-1) <110>{111} type dislocation entering from γ/γ′ into γ′-phase is selectively enhanced by native dislocations formed during aging treatments (b-2) Solute element segregation in shearing dislocations assists γ-phase to grow into long and connected structure parallel to the band (c) Intense shearing within the band creates plane with very high dislocation density, assisting segregation of solute elements and creates long and connected structure γ′ γ c) also have their growth direction affected by the bands. Void in Figure 4.36(c) is also showing growth in {111} plane (note that observation is in ~(101) plane). Anisotropic void growth suggests that vacancies are supplied from the band of inclined and coarsened rafts. This anisotropic growth direction is lying on the {111} plane which is schematically shown in Figure 4.38(b). Subsequently, during the very last stages of creep deformation, the enlarged voids are inducing stress concentration in their vicinity, leading to an increase of the local dislocation density. The energy barrier for recrystallization is reduced by the faster diffusion along dislocation lines and stored energy surrounding voids. This triggers γ′ dissolution and dynamic recrystallization along the band in the very last stages of creep deformation just prior to failure (Figure 4.38(c)) [60]. In the creep deformation with higher stress assisted damage contribution (4P-RTPD-HT2 at 1150 °C / 110 MPa), recrystallization starting from void is similarly shown with increasing misorientation of the band toward void (Figure 4.26). Finally, generated grain boundaries will slide (Figure 4.9(a) and 4.27(b)) and become crack propagation route, resulting in macroscopically (apparent) planar creep failure with very low overall ductility (Figure 4.38(d)).

Figure 4 . 38 .

 438 Figure 4.38. Schematic illustration of creep damage acceleration and failure mechanism on SX superalloy with PD at high temperature/low applied stress (AM1-RTPD-HT1 at 1050 °C or 4P-RTPD-HT2 at 1150 °C / 110 MPa in the present case).During creep at the same condition on CMSX-4 Plus but having different heat treatments (4P-HT1 and 4P-RTPD-HT1), the most striking difference is that the pre-deformed specimen has very short creep life (equivalent to 4P-RTPD-HT2) but ductility had not decreased (Figure4.18). The observed differences in specimens with different heat treatments are initial precipitate size and unexpected TCP precipitation during short test that lasted only about 32 h in 4P-RTPD-HT1. However, the reason for different creep properties cannot be clearly stated from the results.

( a )B)

 a Completion of inclined γ′-rafting and faster coarsening in the band under high-temperature creep loading (b) Void growth in former slip plane (c) Increasing stress concentration in the vicinity of a void and dynamic recrystallization in the slip plane (d) Grain-boundary sliding and crack propagation along former slip plane γ′ γ Topological inversion regime (volume fraction >50%) Some damage contributing factors are different between creep of AM1-RTPD-HT1 at 1050 °C / 140 MPa and 950 °C / 300 MPa, and they are more apparent for CMSX-4 Plus at 1150 °C / 110 MPa and 1050 °C / 200 MPa. The inclined γ′-raft structure also forms in the bands (Figure 4.39(a)) after a certain period of creep loading at 950 °C / 300 MPa with possibly the same mechanism presented in Figure 4.37. Instead of very fast coarsening and formation of connected γ′-rafts as observed at 1050 °C / 140 MPa, topological inversion in the bands is the main event that proceeds during creep deformation at 950 °C / 300 MPa. Micropore nucleating from the γ/γ′ interfaces shown in Figure 4.14(b) is a direct indication that creep damages and creep deformation is driven by the same mechanism as for SX superalloys without PD. Large creep voids near the fracture surface in Figure 4.13(a) are showing crack propagation similar to Figure 4.7(b) which also supports the fact that creep damage mechanisms of AM1-RTPD-HT1 proceeding in this condition are similar to that operating in the original material AM1-HT1. The pore shown in Figure 4.14(d) is an example of multiple voids coalescence and growth.

Figure 4 .

 4 Figure 4.14(c). Because precipitate coarsening is sluggish as compared to creep at 1050 °C / 140 MPa, the diffusion path for vacancies' concentration is not completely connected to the voids existing before creep tests. Therefore, multiple void nucleation/growth/coalescence mechanisms play a role in the creep deformation at 950 °C / 300 MPa. The very last stage of failure should be grain-boundary sliding and crack propagation throughout recrystallized grains generated by stress concentration near enlarged voids (Figure 4.39(d)), as for creep tests at 1050 °C.

Figure 4 . 39 .

 439 Figure 4.39. Schematic illustration of creep damage acceleration and failure mechanism on SX superalloy with PD at intermediate temperature/medium applied stress (AM1-RTPD-HT1 at 950 °C / 300 MPa in the present case).

  (a) Completion of inclined γ′-rafting and void growth (b) Creep void nucleation caused by microstructure coarsening and topological inversion (c) Void coalescence and increasing stress concentration cause dynamic recrystallization (d) Grain-boundary sliding and crack propagation along former slip plane

  (a), but overall creep strain is by far larger at 950 °C / 300 MPa (Figures 4.2 and 4.4). Lattice rotation is a common characteristic of high-temperature creep deformation especially for specimens whose orientation is far from [001] and[START_REF] Shiozawa | Studies of nucleation mechanisms and the role of residual stresses in the grain boundary cavitation of a superalloy[END_REF] [40,61,62]. Therefore, creep damage mechanisms inside the band during creep at 950 °C / 300 MPa is similar to the microstructure without an effect of pre-deformation but accelerated by the locally disordered microstructure with a higher dislocation density from the beginning of the creep test.

Figure 4 .

 4 16(b, d), is necessary to increase dislocations density and to create diffusion paths for void nucleation/growth. This damaging event occurs in widely distributed areas in the bands, and therefore, damage accumulation is less localized compared to the creep at 1050 °C. Because damage can easily be stored in the most critical region, creep tests at 1050 °C has very good reproducibility regardless of macro plastic strain introduced during pre-deformation. On the other hand, when the contribution of internal strain accumulation is necessary to trigger the failure, creep life is possibly determined by the initial local plastic strain from pre-deformation. Local plastic and elastic strains in one single slip band cannot be controlled in tensile PD. This is possibly a reason for a larger scatter in creep life and minimum strain rate during creep tests at 950 °C/300 MPa (Figures 4.4

  and 4.5(b)). 4P-RTPD-HT2 at 1050 °C / 200 MPa did not show strong impact of pre-deformation in terms of creep life. This is different from AM1 at 950 °C that has similar deformation behavior to CMSX-4 Plus at 1050 °C if pre-deformation was not introduced. These differences between AM1 at 950 °C and CMSX-4 Plus at 1050 °C can be explained by the intrinsic creep behavior of CMSX-4 Plus at 1050 °C and the microstructure before creep tests. Dislocation networks and precipitate edges observed in the microstructure of CMSX-4 Plus (Figure 3.28) are the main difference when it is compared with that of AM1 (Figures 3.10 and 3.11). As discussed in the previous chapter, this is suggesting the higher magnitude of γ/γ′ interfacial coherency is remaining in CMSX-4 Plus after pre-deformation and heat treatments, which blocks dislocations entering into γ′ phase during creep deformation. It is worth recalling that CMSX-4 Plus has lower yield stress compared to AM1. This led to higher density of slip bands (with smaller elastic strain energy for each band) accumulated in CMSX-4 Plus at the same macro plastic strain. Because CMSX-4 Plus has smaller elastic energy in slip bands and higher absolute lattice misfit at the aging temperature, γ/γ′ interfacial coherency in the microstructure coarsened band was retained at higher magnitude compared to AM1. Creep curve of CMSX-4 Plus at 1050 °C / 200 MPa shows almost no primary stage and gradually increases strain rate. Although γ′-rafts are observed in creep ruptured microstructure (Figures 4.28

  and 4.29), rafting may not start immediately in this creep condition. Instead, relatively good creep properties of this alloy among other SX superalloys are possibly owing to slower internal diffusion that retards γ′-rafting even at 1050 °C. With high volume fraction of γ′ phase at 1050 °C, creep deformation is more in the domain of topological inversion[9] which is suggested by the fact that damage is spreading over longer distances (EBSD results in Figure4.30). Magnitude of γ′-rafting and microstructure coarsening were not so different between inside and outside of the band within the 4P-RTPD-HT2 specimen after the creep test at 1050 °C / 200 MPa. Since thermally activated damaging processes are slow for this material, and high magnitude of γ/γ′ interfacial coherency is retained in the band, creep damage was not localized at 1050 °C / 200 MPa. In addition, smaller initial precipitate size of HT1 specimens is a possible reason of creep properties better than HT2 processed specimens.
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 28 Effect of pre-deformation at RT on creep properties at lower temperatures A) AM1 at 850 °C / 500 MPa and 750 °C / 800 MPa Results of creep rupture tests on AM1-RTPD-HT1 at 850 °C / 500 MPa are shown in Figure 4.40. Readers can refer to the Figure 1.40(d) for the results at 750 °C / 800 MPa since additional test was not performed. Creep

Figure 4 . 40 .

 440 Figure 4.40. Creep curves of AM1 specimens without and with pre-deformation, tested at 850 °C / 500 MPa.

Figure 4 . 41 .

 441 Figure 4.41. Cracks from creep voids near fracture surface of AM1-RTPD-HT1 specimen after creep rupture test at 850 °C / 500 MPa.

Figures 4. 41

 41 Figures 4.41and 4.42 are voids and cracks observed in AM1-RTPD-HT1 specimen after the creep rupture test

  Figures 4.41and 4.42 are voids and cracks observed in AM1-RTPD-HT1 specimen after the creep rupture test at 850 °C / 500 MPa. Cracks in Figure 4. 41 is lying on the band of {111} fracture surface. Disturbed structure is observed at the crack tip in Figure 4. 41(b), but recrystallization was not confirmed in this specimen. Other examples of a crack propagating from a coarsened void lying on the intersection of two different bands are indicated by arrows in Figure 4. 42(a). Microstructure outside the band is similar to that of a specimen without pre-deformation consisting of γ-channel and γ′-particles, but less developed compared to that of AM1-HT1 after creep rupture because of shorter creep time. γ′ precipitates inside the band have further coarsened along

  coarsening and void formation took place during deformation (Figure 4.42). Coarsened precipitates on AM1-RTPF-HT1 before creep have round edges that suggest dislocations migrating in the matrix side of γ/γ′ interface. STEM observation have proven that already decent amount of dislocations existing in the γ matrix of the microstructure coarsened band. Therefore, dislocation penetration/shearing into the γ′ precipitates are enhanced locally in the band by these native dislocations. In the meantime, crystallographic creep void growth and cracks initiating from this void (Figure 4.42(a)) suggests that faster internal diffusion is also involved in the creep damage localization to the band like the case for creep at higher temperatures, resulting decreased creep life.

Figure 4 . 42 .

 442 Figure 4.42. Microstructure of AM1-RTPD-HT1 specimen after creep rupture test at 850 °C / 500 MPa. Dotted lines in (a) are showing microstructure coarsened band. Precipitate scale image inside the band is shown in white rectangle, (b) and an area surrounded by dotted line is showing microstructure shearing. Black arrows are indicating cracks initiating from the void.

Figure 4 . 43 .

 443 Figure 4.43. IPF color-coded orientation maps referring to the tensile direction (a) and KAM map (b) on AM1-RTPD-HT1 after creep test at 850 °C / 500 MPa. Misorientation profile in (c) is obtained from line analysis following white arrow.

Figure 4 . 44 . 4

 4444 Figure 4.44. IQ map (a) and IPF color-coded orientation maps referring to the tensile direction (b) on AM1-RTPD-HT1 after creep test at 750 °C / 800 MPa obtained at the fracture surface. As proposed by Drew et al. and explained in the Chapter 1, interfacial dislocation network developed by prestraining can become "walls" for stacking fault penetration that consequently decrease primary creep strain during creep of CMSX-4 at 750 °C / 750 MPa [36]. Lower primary creep strain in AM1-RTPD-HT1 can be explained by a similar mechanism. Although clear difference was not found from EBSD analyses, the decrease in creep life after the secondary creep stage and fracture surfaces of {111} plane are suggesting that damage localization is still present for the pre-deformed material. Indeed, facilitated microstructure shearing inside the microstructure coarsened band is the most reasonable cause of creep life debit at 750 °C / 750 MPa.

Figure 4 . 45 .

 445 Figure 4.45. Creep curves of CMSX-4 Plus without and with pre-deformation tested at 950 °C / 390 MPa.

Figure 4 . 46 .

 446 Figure 4.46. Longitudinal cross sections of CMSX-4 Plus creep specimens tested at 950 °C / 390 MPa prepared for microstructure observations. Fracture surface (Figure 4.47(a)), microstructure shearing (Figure 4.47(b)), and crack propagation from creep void (Figure 4.47(c)) in 4P-RTPD-HT2 were not necessarily related to the microstructure coarsened bands. γ/γ′ microstructure inside the band has faster coarsening rate compared to the outside of the band (Figure 4.47(d)), but overall, γ/γ′ microstructure was not so different from that of 4P-HT2 (Figure 4.48).

Figure 4 . 47 .

 447 Figure 4.47. Microstructures of 4P-RTPD-HT2 after creep tests at 950 °C / 390 MPa. Near fracture surface (a), microstructure shearing (shown by dotted lines) inside the microstructure coarsened band near fracture surface (b), and crack initiating from creep void observed at 3 mm away from fracture surface (c). Typical microstructure observed in the creep interrupted specimen is shown in (d). Dotted lines in (a, c, d) are indicating the microstructure coarsened bands.

Figure 4 . 48 .

 448 Figure 4.48. Microstructures of 4P-HT2 after creep rupture test at 950 °C / 390 MPa. (a) is lowmagnification image showing fracture surface and (b) is typical microstructure 3 mm away from fracture surface.

Figure 4 . 49 .

 449 Figure 4.49. SEM image + IPF color-coded orientation maps referring to the tensile direction (a) and IQ + GROD map (b) on 4P-RTPD-HT2 after creep test at 950 °C / 390 MPa. Dotted lines are drawn on the center of the microstructure coarsened bands.

Figure 4 . 50 .

 450 Figure 4.50. Creep curves of CMSX-4 Plus without and with pre-deformation tested at 850 °C / 650 MPa.
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 29 Ultra-high temperature creep (≥ 1200 °C) At the ultra-high temperature creep condition of 1200 °C / 80 MPa for AM1 in Figure 4.51, pre-deformation effect showed a trend similar to the creep at 1050 °C for all creep stages except that creep ductility was not affected. 4P-RTPD-HT2 showed earlier tertiary stage, shorter creep life, and slightly decreased ductility from 4P-HT2 at 1250 °C / 60 MPa (Figure 4.52).

Figure 4 . 51 .

 451 Figure 4.51. Creep curves of AM1 without and with pre-deformation tested at 1200 °C / 80 MPa.

Figure 4 . 52 .

 452 Figure 4.52. Creep curves of CMSX-4 Plus tested at 1250 °C / 60 MPa.

Figure 4 . 53 .

 453 Figure 4.53. Longitudinal cross sections of AM1 creep specimens tested at 1200 °C / 80 MPa prepared for microstructure observations.

Figure 4 . 54 .

 454 Figure 4.54. Longitudinal cross sections of CMSX-4 Plus creep specimens tested at 1250 °C / 60 MPa prepared for microstructure observations. Both AM1 at 1200 °C / 80 MPa and CMSX-4 Plus at 1250 °C / 60 MPa have shown creep fracture morphologies affected by the microstructure coarsened band (Figures 4.53and 4.54). The fracture started from

  and 4.54). The fracture started from the former {111} plane, but it showed more capability of plastic flow compared to the creep at 1050 °C for AM1 and at 1150 °C for CMSX-4 Plus.

Figure 4 .

 4 Figure 4.55(a) is the area with deep crack connected to the fracture surface of AM1-RTPD-HT1 and Figure 4.55(b) is a precipitation scale image of the band which is extending from the deep crack. Grain boundaries are clearly visible within γ′ precipitates and they were filling all width of the band. Near fracture surface of 4P-HT2, microstructure was distorted with recrystallized grains due to a large plastic deformation and extremely high temperature (Figure 4.56). In the microstructure of 4P-RTPD-HT2, deep crack was observed like for AM1 (Figure 4.57(a)). The band connected to this deep crack has voids and inclined γ′-rafting elongated along the band (Figure 4.57(b)).Figure 4.57(c) is an example of recrystallization within the same

Figure 4 .

 4 57(c) is an example of recrystallization within the same band, obtained near the fracture surface. As can be seen from low-mag image in Figure4.54(b) and higher magnification in Figure4.57(d), sliding occurred at the microstructure bands.It is obvious that initial dislocations in the microstructure coarsened band caused damage localization and affected creep life of both materials. However, AM1-RTPD-HT1 showed ductility and tertiary creep stage similar to the non-pre-deformed one. With very short creep duration, the overall difference of the creep properties is not large in AM1. On the other hand, 4P-RTPD-HT2 has early initiation of the tertiary stage, slower creep rate acceleration, and lower ductility compared to 4P-HT2.

Figure 4 . 55 .

 455 Figure 4.55. Microstructures of AM1-RTPD-HT1 specimen after creep rupture test at 1200 °C / 80 MPa. Recrystallization (b) is observed inside the microstructure coarsened band near the fracture surface (a).

Figure 4 . 56 .

 456 Figure 4.56. Microstructures of 4P-HT2 specimen after creep rupture test at 1250 °C / 60 MPa. (b) is taken from dendrite core in the area near the fracture surface (a).

Figure 4 .

 4 55(b)), 4P-HT2 (Figure 4.56(b)), and 4P-RTPD-HT2 (Figure 4.57(c)) and values were 38%, 30%, and 48%, respectively. According to Figure 3.9, γ′ volume fraction of AM1 at 1200 °C and CMSX-4 Plus at 1250 °C are 35-40% and 30-35%, respectively. AM1-RTPD-HT1 and 4P-HT2 after creep rupture tests have reasonable value to Figure 3.9. These two specimens have their microstructure stabilized at the exposed temperature. However, 4P-RTPD-HT2 has much higher value of γ′ volume fraction at this temperature.Tertiary creep stage is assumed to be activated when the γ′ volume fraction reduced to certain value that accepts faster deformation because of no γ′ strengthening contribution[43]. Since 4P-RTPD-HT2 had not reached equilibrated volume fraction, pre-deformation should have accelerated damaging mechanisms at the band.Damage localization (faster strain accumulation) at the band is a reason for lower ductility at failure and slower creep acceleration at tertiary creep stage. Overall, creep damaging mechanisms for pre-deformed material at ultra-high temperature creep conditions follow the relationship (diffusion dependent damage is accelerated at the band) that have been presented above.

Figure 4 . 57 .

 457 Figure 4.57. Microstructures of 4P-RTPD-HT2 specimen after creep rupture test at 1250 °C / 60 MPa. (b) Voids and cracks on the main band, area is indicated by arrow in (a). (c) Precipitation scale image showing recrystallized grains. (d) Intersection of the bands and cylindrical surface. Dotted lines are showing microstructure coarsened bands.
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 31 Pre-deformation at higher temperature and rejuvenation effect In the Chapter 3, γ/γ′ pre-rafted microstructure of AM1-PD950-HT1 (pre-deformation at 950 °C) was discussed. Creep tests were performed at 1050 °C / 140 MPa (Figure 4.58) and 850 °C / 500 MPa (Figure 4.59) on the specimen with the same microstructure shown in Figure 3.22(e). Rejuvenated specimens (AM1-RTPD-Rejuv-HT1) were also tested in the same two conditions. Rejuvenation condition for creep specimens was at 1290 °C for 20 min. CMSX-4 Plus with pre-deformation was also rejuvenated at 1330 °C for 1 h and tested at 1150 °C / 110 MPa. Additional rejuvenation treatment is shown to be very effective to restore original creep properties of AM1 for both creep testing conditions (Figure 4.58). This is clearly owing to restored microstructure by rejuvenation after pre-deformation (Figure 3.34(h-j)). Specimen with pre-deformation at 950 °C (AM1-PD950-HT1) also performed well at 1050 °C with smaller primary creep strain (Figure 4.58). However, it showed very poor creep durability at 850 °C (Figure 4.59), even shorter than the specimen pre-deformed at RT (AM1-RTPD-HT1). Rejuvenation of CMSX-4 Plus was demonstrated to be applicable by 4P-RTPD-Rejuv-HT2 creep tested at 1150 °C / 110 MPa (Figure 4.18). Other curves shown in Figures 4.58

  and 4.59 are explained and discussed later in this section.

Figure 4 . 58 .Figure 4 . 59 .

 458459 Figure 4.58. Creep curves of AM1 specimens with various preparation conditions tested at 1050 °C / 140 MPa

Figure 4 .

 4 61(a)) and decreased creep life compared to AM1-HT1. Although it was not well developed like in Figure 4.61(b), this homogeneous microstructure helped avoiding very intense localized damage accumulation in the microstructure coarsened band that was observed in AM1-RTPD-HT1 at the same creep condition 1050 °C / 140 MPa.

Figure 4 . 60 .

 460 Figure 4.60. Longitudinal cross sections of specimens with various preparation conditions tested at 1050 °C / 140 MPa, prepared for microstructure observations. Arrows are pointing at the microstructure coarsened bands observed by SEM.

Figure 4 . 61 .

 461 Figure 4.61. Typical microstructure of AM1-PD950-HT1 (a, c) and AM1-RTPD-Rejuv-HT1 (b, d) specimens after creep test at 1050 °C / 140 MPa (a, b) and at 850 °C / 500 MPa (c, d). All observations were made at least 3 mm away from fracture surface

  and 3.41, pronounced microstructure coarsening can occur if the rejuvenation temperature is too low and dissolution of γ′ phase is incomplete. This is a result of very high-temperature annealing (where diffusion and plasticity are extremely active) leading to a very fast microstructure evolution during rejuvenation treatment. Because creep life of SX superalloys can be significantly reduced[4,33], this situation is much worse compared to the one without rejuvenation. Another risk is a surface recrystallization which has been observed in rejuvenated specimens AM1-RTPD-Rejuv-HT1 tested at 850 °C / 500 MPa (Figure4.62(a)) and 4P-RTPD-Rejuv-HT2 tested at 1150 °C / 110 MPa (Figure4.62(b)). Plastic strain is locally higher at the specimen surface since it acts as free surface during PD and locally higher stored energy can activate recrystallization. The rejuvenation treatment was performed in air and this can also assist the surface recrystallization by Al-depletion and γ′ dissolution. Although it did not give huge debit in the creep tests of cylindrical specimen, it may have an impact for actual turbine component that has thin aerodynamic profiles.

Figure 4 . 62 .

 462 Figure 4.62. Surface recrystallization (pointed by arrows) of rejuvenated specimens AM1-RTPD-Rejuv-HT1 (a) and 4P-RTPD-HT2 (b) tested at 850 °C / 500 MPa and 1150 °C / 110 MPa, respectively. 4.3.2. Pre-deformation after aging treatment Pre-deformation was applied at different stages of preparation procedures to understand how the introduced local strain can affect creep performance. AM1-HT1-RTPD is a specimen with pre-deformation applied at RT after full aging treatment HT1. AM1-HT1-RTPD specimens showed relatively good creep properties for all creep conditions, 1050 °C / 140 MPa (Figure 4.58), 950 °C / 300 MPa (Figure 4.63), and 850 °C / 500 MPa (Figure 4.59).
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 463 Figure 4.63. Creep curves of AM1 specimens with various preparation conditions tested at 950 °C / 300 MPa

Figure 4 . 64 .

 464 Figure 4.64. Microstructure of AM1-HT1-RTPD specimen after creep rupture test at 1050 °C / 140 MPa. Area near cylindrical surface with major recrystallized band that has voids and cracks (a). Interface of inclined and horizontal rafts (b).
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 465 Figure 4.65. IQ + IPF color-coded orientation maps referring to the tensile direction (a), IPF map (b), and KAM map (b) on AM1-HT1-RTPD after creep test at 1050 °C / 140 MPa. Analysis was made on the same band shown in the Figure 4.65(a).

Figure 4 . 66 .

 466 Figure 4.66. Area near fracture surface of AM1-HT1-RTPD after creep rupture test at 950 °C / 300 MPa.

  are AM1-A1-RTPD-A2, AM1-HT1-RTPD-A1, and AM1-HT1-RTPD-HT1. An

Figure 4 .

 4 60(d)) but they are much thinner compared to AM1-HT1-RTPD and creep life was not affected (Figure 4.58). Void nucleation and coarsening at the intersection of the bands were also the case in this specimen (Figure 4.67(b)). Despite damaging sites were selectively appearing inside the band, fracture surface was not influenced by the microstructure coarsened bands. Near fracture surface, almost all γ′-rafts are irregularly deformed and bands are difficult to locate (Figure 4.67(a)). Cuboidal microstructure was not affected drastically by the secondary aging at 870 °C for 16 h, however, it possibly contributed to reduce internal elastic strain to suppress heavy microstructure evolution of the band observed in Figure 4.64(b).

Figure 4 . 67 .

 467 Figure 4.67. Microstructure of AM1-A1-RTPD-A2 specimen after creep rupture test at 1050 °C / 140 MPa. Area near the fracture surface (a) and 1 mm away from the fracture surface (b). Dotted lines are showing the microstructure coarsened bands. Characteristic planar fracture surface of former slip plane (Figure 4.60(e)) appeared in AM1-HT1-RTPD-A1 with low ductility but maintained creep life at 1050 °C / 140 MPa. In Figure 4.60(e), very thick microstructure coarsened bands are identified. These bands were inherited from the microstructure before creep test (Figures 3.19 and 3.35(c)). Multiple creep voids and cracks were observed in the band of the fracture plane (Figure 4.68(a)). In the same band, very long and connected inclined γ phase was observed with very high density of dislocation traces and recrystallized grain boundaries (Figure 4.69(b)). Coarsening mechanism inside the band and failure mechanism with decreased ductility seem similar to what have been discussed earlier in this chapter. In the microstructure before the creep tests, AM1-HT1-RTPD-A1 has clearly coarser precipitates inside the band (Figure 3.19) compared to that in AM1-RTPD-HT1 (Figure 3.11(d)). This means that the γ′ precipitate size is not an important factor here during creep at 1050 °C / 140 MPa. Dislocation structure evolution was discussed in the previous chapter and the evolution mechanism is possibly similar to typical one during the γ′rafting process at high temperature/low stress creep. But the precipitate size scale had not been considered deeply. In AM1-RTPD-HT1, precipitates are very fine before applying aging treatment that not only the dislocation climb/glide occur in the matrix, but also distributed site of those dislocations are later taken over

Figure 4 . 68 .Figure 4 .

 4684 Figure 4.68. Microstructure of AM1-HT1-RTPD-A1 specimen after creep rupture test at 1050 °C / 140 MPa. Area near the fracture surface (a) and magnified image of the same band highlighted by the dotted lines (b). Combination of full heat treatment + pre-deformation + additional aging treatment was also evaluated by creep tests at 950 °C / 300 MPa (AM1-HT1-RTPD-A1, Figure 4.63) and 850 °C / 500 MPa (AM1-HT1-RTPD-HT1, Figure 4.59). Slight decrease in creep life and retained ductility were observed for both tests in comparison with AM1-HT1 without pre-deformation. Probably the coarsened microstructure is the reason for small creep life debit, but damage localization with {111} fracture was avoided in these specimens. Detailed analyses are necessary for determining the exact effect of pre-deformation. However, it is clear that PD at RT between solution and aging treatments is the most detrimental one for these creep conditions as well. Again, dislocation structure development and void nucleation/growth from as-solutioned microstructure are important processes for accelerating creep damaging mechanisms that drastically decreases creep properties of the material.

Figure 4 .

 4 Figure 4.69 shows thermal cycling creep (1050 °C / 15 min → 1110 °C / 1 min → 1050 °C / 15 min → 1160 °C / 15 min, 120 MPa) results on AM1 and CMSX-4 Plus without and with PD between solution and aging

Figure 4 .

 4 Figure 4.70 is longitudinal cross sections of specimens after SEM sample preparation. Both specimens have traces of microstructure coarsened band. However, they are not linked to the morphology of the fracture surface.

Figure 4 . 69 .

 469 Figure 4.69. Result of thermal cycling creep tests on AM1 and CMSX-4 Plus consist of 1050 °C for 15 min → 1105 °C for 1 min → 1050 °C for 15 min → 1160 °C for 1 min with applied stress of 120 MPa.

Figure 4 . 70 .

 470 Figure 4.70. Longitudinal cross sections of AM1 and CMSX-4 Plus creep specimens tested in thermal cycling creep tests, prepared for microstructure observations. In microstructures of both AM1-RTPD-HT1 and 4P-RTPD-HT2, the microstructure coarsened bands were possible to locate as indicated by dotted lines in Figures 4.71and 4.72. However, all areas near the fracture

  and 4.72. However, all areas near the fracture surface presented disturbed microstructure and wide distribution of creep voids. In CMSX-4 Plus, TCP phases connected to creep voids were observed and this probably became an initiation site of crack propagation.During thermal cycling of Ni-based SX superalloys, rapid transition of γ′ volume fraction moves γ/γ′ interface back-and-forth and accelerates dislocation shearing into γ′ phase[2,3,46]. Such creep conditions can erase prior microstructure degradation, which is the microstructure coarsened band created by a combination of pre-deformation at RT and subsequent aging treatments. Therefore, the pre-deformation did not accelerate damaging process in the creep loading with non-isothermal temperature condition.

Figure 4 . 71 .

 471 Figure 4.71. Microstructure of AM1-RTPD-HT1 specimen after thermal cycling creep test, observed at 0.5 mm away from the fracture surface and the microstructure coarsened bands are shown by the dotted lines.

Figure 4 . 72 .

 472 Figure 4.72. Microstructure of 4P-RTPD-HT2 specimen after thermal cycling creep test. Observed at 2 mm away from the fracture surface (a). BSE image taken near the fracture surface (b). The microstructure coarsened bands are indicated by dotted lines.

  présence d'une pré-déformation plastique ont été étudiées à 1000 °C en utilisant une machine de fatigue ultrasonique fonctionnant à 20 kHz. La pré-déformation a été appliquée entre les traitements thermiques de mise en solution et de revenu pour le matériau (AM1-RTPD-HT1).Le matériau pré-déformé n'a pas montré de chute de la durée de vie dans des conditions fatigue pure (R = -1).Dans le chapitre précédent, l'augmentation du nombre de pores de déformation (D-pores) a été explorée comme conséquence de la pré-déformation et des traitements de revenu suivants. Les ruptures par fatigue ont été provoquées par les pores de solidification (S-pores) et ces petits D-pores n'ont pas affecté la durée de vie en VHCF. Ce résultat est en accord avec les études précédentes qui montrent qu'un traitement thermique prolongé n'affecte pas la durée de vie du VHCF en condition de fatigue pure[1]. Des observations fractographiques et microstructurales sur des matériaux pré-déformés ont montré de multiples pores de solidification présentent les premiers stades d'amorçage de fissures associé à une recristallisation locale autour d'eux. Ce mécanisme a également été proposé pour l'amorçage des fissures de fatigue.[2]. Par conséquent, le mécanisme de rupture par fatigue dans cette condition peut être déterminé comme le même que celui rapporté dans les études précédentes[2,3]. Sous charge moyenne appliquée, la pré-déformation réduit la durée de vie du VHCF dans des conditions de charge moyenne élevé (R = 0,5, σmax = 551 MPa). La recristallisation de surface et l'amorçage de fissures de surface en mode I à partir de la zone recristallisée ont été observés dans le spécimen pré-déformé. La rupture en fatigue par des fissures de mode I a été observée uniquement dans l'AM1-RTPD-HT1. Toutes les autres éprouvettes (AM1-HT1 et AM1-RTPD-Rejuv-HT1) présentaient des fissures de fatigue s'amorçant à partir de pores internes comme dans l'étude précédente[1,4]. Les bandes à microstructure grossière sur les plans {111} facilitent le cisaillement de la microstructure sous forte charge moyenne en fatigue ultrasonore. Cela a conduit à relief de surface très marqué sur les génératrices de normales <110> des échantillons de par le glissement sur les plans {111} débouchant en surface. Cette plus forte rugosité de la surface locale a conduit en une concentration locale des contraintes et à l'augmentation de la densité de dislocations. La recristallisation de la surface a été activée dans cette zone de concentration des contraintes. Des fissures s'amorcent alors en mode I à partir de la zone recristallisée, ce qui a conduit à la rupture pour une très faible durée de vie comparativement aux échantillons sans pré-déformation.Les échantillons avec un traitement thermique de restauration additionnelle après la pré-déformation ont également été préparés pour les tests VHCF. Le traitement de restauration permet restaurer la durée de vie en fatigue gigacylique à fort rapport de charge. Cette restauration ne présente aucun impact sur la durée de vie quelles que soient les conditions testées dans cette étude. L'efficacité du traitement de restauration a été démontrée sur les propriétés en fatigue gigacylique.

5. 1 .

 1 IntroductionIt has been shown in the previous chapter that if a PD is introduced in a Ni-based SX superalloy after the solution heat treatment, γ/γ' microstructure evolution, growth of S-pores[2,3] and H-pores[2,4], and nucleation of D-pores[5] are all enhanced along with introduced slip bands during aging treatments. Moreover, during creep loading at high temperature (≥ 950 °C), faster microstructure coarsening along the former slip band accelerates creep damage accumulation at nucleated and enlarged pores, ultimately leading to faster creep failure. During creep test at lower temperatures with higher applied stresses (e.g. 850 °C / 500 MPa), γ/γ' microstructure shearing from creep void was observed locally in the microstructure coarsened band.Considering these microstructure evolution and high-temperature behaviors of pre-deformed AM1 Ni-based SX superalloy, coarsened pores lying in the microstructure coarsened band with lower resistance to shearing may decrease the high temperature fatigue life of the material.

Fracture

  surfaces of AM1-RTPD-HT1 are shown inFigures 5.3(a) and5.4(a). The fracture plane parallel to the {111} slip system appeared in all specimens. At R = -1 conditions, the fatal crack started from S-pore close to the cylindrical surface and it was surrounded by the rough zone (Figure5.3(b)) regardless of applied stress and lifetime up to ~10 9 cycles. This observation is consistent with previous results from the literature[7]. Also, traces of the microstructure coarsened band were apparent in all AM1-RTPD-HT1 specimens tested at R = -1 (see white arrows in Figures5.3(b, c)). In AM1-RTPD-HT1 tested with R = -1 and σa = 209 MPa, multiple and isolated S-pores having features similar to the main crack initiating pore (i.e. presence of a rough zone) were observed on the fracture surface (Figure5.3(c)). Multiple S-pores were exposed in the fracture surface of specimens failed at lower stresses as well. Aside from one exception, all fatigue specimens after R = 0.5 and maximum stress lower than 600 MPa also presented an internal crack initiation feature with the major fracture plane lying on {111} plane, in good agreement with the previous studies[1,7].

Figure 5 . 1 .

 51 Figure 5.1. Results of VHCF tests at 1000 °C / f = 20 kHz / R = -1 in S-N diagram. The alternating stress is plotted as a function of the number of cycles to failure. Data for Bridgman in (a) are taken from the reference [7].

Figure 5 . 2 .

 52 Figure 5.2. Results of VHCF tests at 1000 °C / f = 20 kHz / R = 0.5 in S-N diagram. The maximum stress is plotted as a function of the number of cycles to failure

Figures 5 .

 5 Figures 5.4(b, c)) which is mentioned above. In the same specimen viewed from other direction, slip marks parallel to the {111} plane were observed on the surface (black arrows in Figure 5.4(c)). Such slip traces are similar to the ones previously observed at the surface of the specimen just after pre-deformation or after creep tests at temperatures above 950 °C. The transverse line traces and {111} slip bands also appeared on the surface of AM1-HT1 (R = 0.5 and σmax = 582 MPa) and AM1-RTPD-Rejuv-HT1 (R = 0.5 and σmax = 573 MPa), but the number of slip bands was by far lower compared to AM1-RTPD-HT1. Surface cracks were also observed in those specimens at the intersection of two slip bands, however, the failure came from an internal crack initiation site (i.e. an S-pore).

Figure 5 . 3 .

 53 Figure 5.3. (a) Fractography of VHCF specimen (AM1-RTPD-HT1) tested at 1000 °C, f = 20 kHz. R = -1, σa = 209 MPa. (b) Magnified image showing the main crack initiation site indicated by a black arrow and the rough zone indicated by the dotted line. (c) Magnified image showing another solidification pore on the fracture surface. White arrows are indicating microstructure coarsened bands.

Figure 5 . 4 .

 54 Figure 5.4. (a) Fractography of VHCF specimen (AM1-RTPD-HT1) tested at 1000 °C, f = 20 kHz, R = 0.5, σmax = 551 MPa. (b, c) Appearances of the same specimen. Arrows in (a) are failure initiating sites from the cylindrical surface. Black arrows in (b) are surface cracks and the microstructure of crack A is presented in Figures 5.7 and 5.8. Black arrows in (c) are {111} slip traces appearing on the cylindrical surface. White arrows in (b, c) are line traces transverse to the loading direction.

Figure 5 . 5 .

 55 Figure 5.5. Precipitate scale microstructure observed in longitudinal cross section of AM1-RTPD-HT1 VHCF specimens after tests at 1000 °C, f = 20 kHz. (a) R = -1, σa = 209 MPa, failed at 9.8 × 10 7 cycles, (b) R = 0.5, σmax = 551 MPa, Nf = 1.0 × 10 6 cycles and magnified image of precipitates inside the band is on the bottom right. Arrows are indicating dislocation traces in the γ′ phase. (c) R = 0.5, σmax = 551 MPa, Nf = 1.0 × 10 6 cycles, microstructure close to the specimen's surface. Dotted lines are indicating the microstructure coarsened bands.

Figure 5 . 6 .

 56 Figure 5.6. Microstructure observed along longitudinal cut of AM1-RTPD-HT1 specimen tested at 1000 °C, f = 20 kHz, R = -1, σa = 209 MPa. (a) The area near the fracture surface with Spore exhibiting the rough zone indicated by the dotted curve. (b) Magnification of the rectangle in (a) showing microstructure shearing in between dotted lines. (c) S-pore inside the specimen and evolved microstructure with crack propagation are surrounded by the dotted curve. (d) IPF map of the area around the crack in (c) superimposed on forward scatter detector signal. Arrows are showing recrystallized grains along the crack path.

Figure 5 . 7 .

 57 Figure 5.7. Microstructure observed along longitudinal cross-section of AM1-RTPD-HT1 specimen tested at 1000 °C, f = 20 kHz, R = 0.5, σmax = 551 MPa. (a) The area including cylindrical surface and dotted lines are indicating the microstructure coarsened bands. (b) Merged IPF + IQ maps at the surface layer indicated by the rectangle in (a). (c) Backscatter electron image of the area indicated by the rectangle in (b).

Figure 5 . 8 .

 58 Figure 5.8. Microstructure observed along longitudinal cross-section of AM1-RTPD-HT1 specimen tested at 1000 °C, f = 20 kHz, R = 0.5, σmax = 551 MPa, failed at 1.0 × 10 6 cycles. (a, b) Secondary electron images showing γ/γ′ microstructure. (c, d) IPF maps at the same area as (a, b). (a, c) and (b, d) are corresponding to the cracks indicated as A and B in Figure 7(a), respectively.

(

  Figure 5.5(b)) and especially at the surface layer (Figure 5.5(c)). In addition, during creep at 850 °C / 500 MPa (Figure 4.42), 950 °C / 300 MPa (Figure 4.13), or 1050 °C / 200 MPa (Figure 4.12), microstructure shearing occurred much more frequently inside the microstructure coarsened band. Therefore, fatigue damage mechanisms can proceed faster inside the microstructure coarsened bands when the creep damage is active,and the VHCF life of pre-deformed AM1 may decrease at high mean stress conditions. Furthermore, initial dislocations introduced by a combination of pre-deformation and subsequent aging treatments can enhance dislocation penetration from the matrix into the precipitates that accelerate the damaging processes.The shorter VHCF lifetime of AM1-RTPD-HT1 compared to AM1-HT1 at the conditions R = 0.5 / σmax = 551 MPa is clearly the consequence of pre-deformation. However, unlike other specimens that exhibited internal crack initiation, AM1-RTPD-HT1 presented multiple cracks from the surface and did not have an internal crack from the creep void. This is because fatigue loading time (~ 50 s) was so short that the γ′-rafting and creep void growth did not have sufficient time to occur (Figure 5.5(b)). The unique feature of this specimen is a greater number of the {111} slip band traces shown in Figure 5.4 compared to that in AM1-HT1, despite the fact that the test duration of AM1-RTPD-HT1 was by far shorter. With a very high density of dislocations at the surface layer shown in Figure 5.7(b), and high density of the slip band traces on the surface, the surface condition can be determined as the key in the fatigue failure of this specimen. The average spacing between transverse traces in Figure 5.4(b) is 66 μm and that of cracks observed in Figure 5.7(a) is 71 μm if the recrystallized area in the middle of Figure 5.7(b) is counted as a "close-to-initiated-crack". Recrystallized layers in Figure 5.7(b) are located at two cracks in the right and left of the figure and the possible crack initiation site in the middle. These three points are observed as the transverse traces at lower magnification. Therefore, the surface recrystallizations in the pre-deformed specimen are linked to the transverse traces. Recalling that the transverse band traces are observed along generatrices of ~ <110> type forall specimens tested at R = 0.5 / σmax = 550-600 MPa, they formed as consequences of preferential slip accumulation and stress concentration created by the alternating stress, and possibly because of elastic anisotropy of SX specimen[17,18]. In the pre-deformed material, stress concentration can be strongly enhanced because of the surface roughness at the intersection of slip traces and transverse traces, accordingly, triggering surface recrystallization.The recrystallized layer in Figure5.7(b) is limited to only one-grain thickness. Two deeper cracks in Figure5.7(b) and the largest one in Figure5.8(c) do not have recrystallized grains up to their crack tips. In the same two cracks observed in Figure5.7(b), the recrystallized layer below the surface along the crack path has a depth of ~10 μm. This recrystallization depth is the same as the depth of the crack shown in Figure5.8(d) 

Figure 5 .

 5 Figure 5.9 schematically represents the crack initiation mechanism that occurred in AM1-RTPD-HT1 at 1000 °C, f = 20 kHz, R = 0.5, σmax = 551 MPa. The microstructure coarsened bands lying on {111} plane facilitates shearing (see microstructure in Figure 5.5(c) and schematic illustration in Figure 5.9(b)). This consequently leads to {111} slip traces at the specimens' surface as observed in Figure 5.4(c). Slip trace intersection with the specimen's <110> generatrices leads to a greater stress concentration due to the creation of a locally greater roughness resulting from slip accumulation (Figures 5.9(b, c)). The deformed layer is created underneath the stress concentration area and a high density of dislocations is accumulated at the transverse trace (Figure5.9(d)). Recrystallization is subsequently triggered at the surface layer (Figure5.9(e)), which can be assisted by oxidation (there is also 45 min of soak before the test for emissivity stabilization) leading to an Al depletion and very local γ′ dissolution[21,22]. Finally, mode I crack starts at the recrystallized area and propagates like other typical fatigue mode I cracks (Figure5.9(f)). Bifurcation to a mode II crack propagation can be reached once these mode I micro-cracks become long enough (see fracture surface in Figure5.4(a)).

Figure 5 . 9 .

 59 Figure 5.9. Schematic illustration of the crack initiation mechanisms in pre-deformed Ni-based SX superalloys at high temperature and high applied mean stress VHCF test.

  Deformed layer is formed at the stress concentrated area with high density of dislocation at the transverse trace (e) Recrystallization occurs at the transverse trace (f) Mode I crack initiation and propagation starts at the recrystallized area was aimed to understand the effects of pre-deformation introduced during the production of the Ni-based single crystal superalloys. Plastic deformation was introduced to the first-generation AM1 and the third-generation CMSX-4 Plus single crystal superalloys to mimic possible issues occurring during cooling operations and subsequent heat treatment sequences. Mechanical tests such as isothermal creep tests, thermal cycling creep tests, and very high cycle fatigue tests were performed on pre-deformed superalloy specimens In Chapter 1, the fundamentals of Ni-based single crystal superalloys were introduced with studies related to the pre-straining of single crystal superalloys. The literature on the effect of plastic deformation between the processing of turbine blade material, specifically a pre-deformation between solution and aging treatment, was limited. Preceding experiments showed that this pre-deformation drastically decreases creep properties of AM1 single crystal superalloy. The mechanism of the creep life debit became the major question to investigate in this thesis research. Basic experimental procedures were presented in Chapter 2.

  test results are summarized in TableA.12.

  une pré-déformation plastique au cours des traitements thermiques sur les propriétés mécaniques des superalliages base Ni pour l'application d'aubes de turbine Les superalliages monocristallins base Ni sont utilisés pour la conception des aubes de turbines en raison de leur excellente durabilité à haute température. Lors de la production d'une aube de turbine, une déformation plastique (DP) inattendue peut être introduite dans le matériau. Dans cette étude, les matériaux monocristallins ont été pré-déformés entre les traitements thermiques de mise en solution et de revenu pour simuler la DP pouvant être rencontrée lors des étapes de production. Des tests mécaniques sur les matériaux pré-déformés ont été effectués pour comprendre l'effet de cette DP. Au cours des traitements thermiques de revenu du superalliage monocristallin AM1 pré-déformé, un grossissement des précipités γ′ plus rapide et une nucléation accélérée de pores ont été observés à proximité des bandes de glissement introduites lors de la DP à température ambiante. Au cours de la déformation par fluage de l'AM1 pré-déformé dans des conditions de haute température/basse contrainte (≥ 950 °C), les bandes à microstructure grossière sont des sites préférentiels d'accumulation du dommage de fluage induit par diffusion, induisant de la recristallisation et une réduction drastique des propriétés de fluage. Dans des conditions de basse température/haute contrainte (≤ 850 °C), le cisaillement de la microstructure est facilité dans les bandes à microstructure grossière et il réduit également les propriétés de fluage. La recristallisation n'est pas été observée dans des ces conditions de fluage à basse température car les mécanismes diffusifs sont ralentis. Ces résultats ont été confirmés via des essais de fluage sur des matériaux pré-déformés suivant différent chemin de pré-déformation (température, position de la DP dans le cycle thermique…). Le superalliage monocristallin CMSX-4 Plus a été testé de manière similaire à l'AM1 pour comprendre l'effet de la composition chimique. L'effet de la DP sur la microstructure de l'alliage est plus limité pour cet alliage par rapport à celui sur l'AM1. Par conséquent, la pré-déformation n'a pas montré de chute de la durée de vie pour le CMSX-4 Plus à des températures inférieures à 1050 °C. Par contre, pendant le fluage de CMSX-4 Plus à 1150 °C, la pré-déformation a montré un impact spectaculaire sur la durée de vie et la ductilité via les mêmes mécanismes que ceux observés pour l'AM1 à 1050 °C. Afin de régénérer les propriétés des superalliages monocristallins pré-déformés, un traitement thermique de restauration a été ajouté après la DP. Le traitement de restauration a permis de restaurer la microstructure après la DP à température ambiante avec succès, et les propriétés de fluage des matériaux restaurés sont équivalentes à celles de l'AM1 et du CMSX-4 Plus vierges de pré-déformation.Mots-clés: Alliages réfractaires, Déformations (mécanique), Durée de vie (ingénierie), Matériaux-Détérioration, Matériaux-Effets des hautes températures, Matériaux-Fluage, Métaux-Traitement thermique, Microstructure (physique), Nickel-Alliages, Plasticité, Superalliages monocristallins base Ni, Pré-déformation, Pores, Restauration, VHCFEffect of a prior plastic deformation during heat treatments on the mechanical properties of Ni-based superalloys for turbine blade applicationNi-based single crystal (SX) superalloys are used for turbine blade applications because of their high-temperature durability. During the production of a turbine blade, unexpected plastic deformation (PD) can be introduced to the material. In this study, SX materials were pre-deformed in between solution and aging heat treatments to mimic PD during production. Mechanical tests on the pre-deformed materials have been performed to understand the effect of the prior PD. During aging treatments of pre-deformed AM1 SX superalloy, faster coarsening of γ′ precipitates and enhanced void nucleation were observed in the vicinity of slip bands which were introduced by PD at room-temperature. During creep deformation of pre-deformed AM1 at high temperature/low stress conditions (≥ 950 °C), the microstructure coarsened bands act as diffusion induced creep damage accumulating paths, further triggering recrystallization and resulting in drastic reduction of creep properties. At low temperature/high stress conditions (≤ 850 °C), microstructure shearing was facilitated in the microstructure coarsened band and it decreased creep properties. Recrystallization was not observed at lower temperature creep because the diffusion damage was suppressed. These relationships have been explained by creep tests on pre-deformed materials prepared by different pre-deformation temperatures and heat treatment procedures. CMSX-4 Plus SX superalloy was tested similarly to AM1 to understand the effect of the chemical composition. Effect of pre-deformation on alloy's microstructure was mild in CMSX-4 Plus compared to that in AM1. Therefore, the predeformation did no exhibit large creep life debit in CMSX-4 Plus at temperatures lower than 1050 °C. However, during creep of CMSX-4 Plus at 1150 °C, pre-deformation presented huge impact on creep life and ductility by the same mechanisms as the ones observed for AM1 at 1050 °C. In order to restore properties of pre-deformed SX superalloys, rejuvenation heat treatment was added after PD. Rejuvenation treatment successfully restored microstructure after PD at room-temperature, and creep properties of rejuvenated specimens were shown to be equivalent to that of original AM1 and CMSX-4 Plus without PD. Keywords: Heat resistant alloys, Deformations (Mechanics), Service life (Engineering), Materials-Deterioration, Materials at high temperatures, Materials-Creep, Meatal-Heat treatment, Microstructure, Nickel alloys, Plasticity, Nibased single crystal superalloy, Pre-deformation, Voids, Rejuvenation, VHCF

  

  

  

  

  

  

  Basic experimental procedures are presented. Material preparation, heat treatments, specimen geometries, tensile test for pre-deformation, creep tests, very high cycle fatigue tests, and microstructure characterization methods are introduced. Effect of different pre-deformations on the microstructural behavior during subsequent heat treatments are presented. Pre-deformation was applied from room-temperature up to 950 °C on AM1 and microstructures are compared. Different microstructure evolution in AM1 and CMSX-4 Plus are discussed with their intrinsic properties came from chemical compositions. Rejuvenation treatment conditions are determined for both alloys. Creep properties of the pre-deformed materials at different temperature/stress conditions are examined. Mechanism of creep life debit caused by pre-deformation is presented. Situations causing intense creep damage localization is discussed.
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Chapter 1: Literatures related to this research is reviewed in this chapter. Production procedures, general mechanical properties of the Ni-based SX superalloys, other researches on pre-straining effects, basics of 3 rejuvenation treatment, and precedent experimental results before thesis research are introduced.  Chapter 2:  Chapter 3:  Chapter 4:  Chapter 5: Very high cycle properties of pre-deformed AM1 are presented with unique microstructural features caused by pre-deformation. Damaging mechanisms are discussed in accordance with the previous chapter.

 Concluding remarks and perspectives are presented at the end.

Table 1 .

 1 1 List of Ni-based SX superalloys

	Superalloys	Co	Cr	Mo	W	Al	Ti Nominal composition (w t %, Ni bal.) Nb Ta Hf	Re	C	B	Others	Gen	Development
	PWA1480	5.0	10.0	-	4.0	5.0		1.5	-	12.0	-	-	-	-	-		P&W
	Rene N4	8.0	9.0	2.0	6.0	3.7		4.2	0.5	4.0	-	-	-	-	-		GE
	CMSX-2	4.6	8.0	0.6	8.0	5.6		1.0	-	9.0	-	-	-	-	-		Cannon Muskegon
	TMS-6	-	9.2	-	8.7	5.3		-	-	10.4	-	-	-	-	-		NIMS
	AM1	6.7	7.6	2.0	5.6	5.2		1.2	-	8.0	0.05	-	-	-	-		ONERA/Snecma
	MC2	5.0	8.0	2.0	8.0	5.0		1.5	-	5.0	-	-	-	-	-	1st	ONERA
	SRR99	15.0	10.0	3.0	-	5.5		4.0	-	-	-	-	-	-	-		Rolls-Royce
	MDSC-7M	4.5	10.0	0.7	6.0	5.4		2.0	-	5.4	-	0.1	-	-	-		M&C/CRIEPI
	Rene N500	7.5	6.0	1.6	6.25	6.25	-	-	6.5	0.2	-	0.04	0.004	-		GE
	CMSX-7	10.0	6.0	0.6	9.0	5.7		0.8	-	9.0	0.2	-	-	-	-		Cannon Muskegon
	TMS-1700/MGA1700	-	9.0	0.6	7.6	5.4		-	-	10.0	-	-	-	-	-		NIMS/MHI
	PWA1484	10.0	5.0	2.0	6.0	5.6		-	-	8.7	-	3.0	-	-	-		P&W
	Rene N5	8.0	7.0	2.0	5.0	6.2		-	-	7.0	0.2	3.0	-	-	-		GE
	CMSX-4	9.0	6.5	0.6	6.0	5.6		1.0	-	6.5	0.1	3.0	-	-	-		Cannon Muskegon
	TMS-82+ YH 61	7.8 1.0	4.9 7.1	1.9 0.8	8.7 8.8	5.3 5.1		0.5 -	-0.8	6.0 8.9	0.1 0.26	2.4 1.4	-0.07	-0.02	--	2nd	NIMS/Toshiba Hitachi
	Rene N515	7.5	6.0	2.0	6.25	6.25	-	0.1	6.5	0.6	1.5	0.035 0.004	-		GE
	CMSX-8	10.0	5.4	0.6	8.0	5.7		0.7	-	8.0	0.2	1.5	-	-	-		Cannon Muskegon
	TMS-286	-	9.0	-	8.0	5.4		-	2.3	5.8	-	1.2	-	-	0.15Si		NIMS
	Rene N6	12.5	4.2	1.4	6.0	5.75	-	-	7.2	0.15	5.4	0.05	0.004	0.01Y		GE
	CMSX-10	3.0	2.0	0.4	5.0	5.7		0.2	0.1	8.0	0.03	6.0	-	-	-		Cannon Muskegon
	CMSX-10N	3.1	1.7	0.5	5.5	5.9		0.1	0.1	8.5	-	6.8	-	-	-	3rd	Cannon Muskegon
	TMS-75	12.0	3.0	2.0	6.0	5.0		-	-	6.0	0.1	5.0	-	-	-		NIMS
	CMSX-4 Plus	10.0	3.5	0.6	6.0	5.7		0.85	-	8.0	0.1	4.8	-	-	-		Cannon Muskegon
	MX-4/PWA1497	16.5	2.0	2.0	6.0	5.6		-	-	8.3	0.15	6.0	-	-	3.0 Ru		GE/P&W/NASA
	MC-NG TMS-138	< 0.2 5.8	4.0 3.2	1.0 2.8	5.0 5.9	6.0 5.9		0.5 -	--	5.0 5.6	0.1 0.1	4.0 5.0	--	--	4.0 Ru 2.0 Ru	4th	ONERA NIMS/IHI
	TMS-138A	5.8	3.2	2.8	5.6	5.7		-	-	5.6	0.1	5.8	-	-	3.6 Ru		NIMS
	TMS-196	5.6	4.6	2.4	5.0	5.6		-	-	5.6	0.1	6.4	-	-	5.0 Ru	5th	NIMS
	TMS-238 TMS-238MoIr	6.5 6.2	4.6 4.4	1.1 3.1	4.0 3.8	5.9 5.3		--	--	7.6 7.2	0.1 0.1	6.4 6.1	--	--	5.0 Ru 4.7Ru, 5.8Ir	6th	NIMS NIMS
	TROPEA	9.0	6.5	0.6	6.0	5.6		1.0	-	9.0	0.1	1.0	-	-	2.0Pt	-	Pprime/Safran

A) Casting and solidification
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	RÉSUMÉ : LES PROCÉDURES EXPÉRIMENTALES
	Deux superalliages monocristallins à base de Ni sont utilisés dans cette étude : le superalliage monocristallin
	de première génération AM1 [1,2] et le superalliage monocristallin de troisième génération CMSX-4 Plus [3].
	Les barreaux monocristallins (désorientation de <001> moins de 10°) ont subi une mise en solution chez Safran
	Aircraft Engines.
	Les barreaux monocristallins ont été usinés pour obtenir des éprouvettes d'une longueur de 14 mm et un
	diamètre de 4,0 mm [4], géométrie employée pour les pré-déformations et pour les essais de fluage. Avant la
	pré-déformation, la section utile de ces éprouvettes a été polie mécaniquement pour éliminer les contraintes
	résiduelles et les rayures héritées de l'usinage, et pour éviter la recristallisation de la surface lors des traitements
	thermiques ultérieurs. La pré-déformation a été introduite via une déformation en traction sous une vitesse de
	déformation de 5.0×10 -4 /s à l'ambiante et à 750 °C et 950 °C. Les mêmes procédures ont été utilisées pour la
	pré-déformation à température ambiante du CMSX-4 Plus. Les éprouvettes pré-déformées ont été traitées
	thermiquement dans un four résistif dans l'air.
	Des essais de fluage traction et des essais de fluage interrompus ont été réalisés sur l'AM1 et le CMSX-4 Plus
	sans et avec pré-déformation. Avant les essais de fluage, la surface de la section utile de l'éprouvette a été polie
	à nouveau et un thermocouple de type S a été soudé au milieu de la section utile. Ce thermocouple a été utilisé
	pour contrôler la température de l'essai de fluage. Un four à chauffage radiatif a été utilisé pour les essais de
	fluage. Des essais de fluage cyclés thermiquement ont aussi été réalisés en utilisant le même banc d'essai.

Table 2
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		.1 Chemical composition of alloys used in this research (wt.%, Ni bal.)
		Cr Co	W	Mo Ta Al	Ti	Hf	Re	Disorientation from <001>
	AM1	7.6 6.7 5.6	2.0 8.0 5.2 1.2 0.05		0-10°
	CMSX-4Plus 3.5 10	6.0	0.6 8.0 5.7 0.85 0.1	4.8	6-10°

Table 2 .
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2. Heat treatment conditions applied to the studied materials (AQ: air quench) Solution treatment for AM1 1300 °C / 3 h (cooling rate greater than 300 °C/min) Solution treatment for CMSX-4 Plus 1313 °C / 2 h → 1318 °C / 2 h → 1324 °C / 6 h → 1335 °C / 6 h / AQ Aging treatments Type-1 (HT1) 1100 °C / 5 h / AQ + 870 °C / 16 h / AQ Aging treatments Type-2 (HT2) 1165 °C / 6 h / AQ + 870 °C / 20 h / AQ

Table 2 .
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3. Naming list of main specimens used in the experiments

Table 2 .
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		1050 °C / 200 MPa	
		950 °C / 300 MPa	
		850 °C / 500 MPa	Setra SF 2400 (serial no. 39)
	CMSX-4 Plus	1250 °C / 60 MPa	Setra SF 2400 (serial no. 35)
		1150 °C / 110 MPa	
		1050 °C / 200 MPa	
		950 °C / 390 MPa	
		850 °C / 650 MPa	Setra SF 2400 (serial no. 39)

4. List of isothermal creep tests performed in this study Alloys Creep test conditions Testing frame AM1 1200 °C / 80 MPa Setra SF 2400 (serial no. 35) 1050 °C / 140 MPa Non-isothermal creep tests were performed on AM1 and CMSX-4 Plus using same Setra SF 2400 (serial no. 35) creep testing frame. Creep loading was kept constant to have initial applied stress of 120 MPa for all testing period. Thermal cycling condition is presented in Figure 2.9.
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RÉSUMÉ : ÉVOLUTION DE LA MICROSTRUCTURE APRÈS LA PRÉ-DÉFORMATION, ET TRAITEMENT THERMIQUE DE RESTAURATION Ce chapitre se concentre sur l'évolution de la microstructure des matériaux pré-déformés lors des traitements thermiques de revenu suivants. la déformation provoquée par le contournement des dislocations aux interfaces γ/γ'. Ce sont les mécanismes de déformation par traction typiques des superalliages base-Ni à forte fraction volumique γ′ [1,2].

Table 3 .

 3 1. Tensile properties of pre-deformation applied to AM1 and CMSX-4 Plus specimens

	Alloy	Specimen	Young's modulus (GPa)	Yield stress /0.05% (MPa)
		AM1-RTPD	155	997
		AM1-PD750	122	1155
	AM1			
		AM1-PD950	114	735
		AM1-HT1-RTPD	146	1094
	CMSX-4 Plus	C4P-RTPD	167	833

  3. 6. 2. Effects of deformation methods on the rejuvenation capabilityMicrostructures and creep properties (creep test results are presented in following chapter) were restored by rejuvenation treatment without HIP. Rejuvenation treatment is known to effectively restore creep damaged Nibased SX superalloys[59][60][61][62][63], however, this study is the first one to show the possibility of rejuvenating SX superalloys with tensile PD at low temperature (i.e. highly localized plasticity). Although recrystallization is always a risk for rejuvenation, research on the condition which may cause recrystallization is not available. To discuss rejuvenation capability, some rejuvenation results on crept Ni-based SX superalloys are taken from
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		.1 List of specimen history used for mechanical tests
	Alloy	Specimen	history
		AM1-HT1	Solution + 1100 °C / 5 h + 870 °C / 16h
		AM1-RTPD-HT1	Solution + PD at RT + 1100 °C / 5 h + 870 °C / 16h
		AM1-PD950-HT1	Solution + PD at 950 °C + 1100 °C / 5 h + 870 °C / 16h
		AM1-RTPD-Rejuv-HT1 Solution + PD at RT + 1290 °C / 20 min + 1100 °C / 5 h + 870 °C / 16h
	AM1		
		AM1-HT1-RTPD	Solution + 1100 °C / 5 h + 870 °C / 16h + PD at RT
		AM1-AT1-RTPD-AT2	Solution + 1100 °C / 5 h + PD at RT + 870 °C / 16h
		AM1-HT1-RTPD-A1	Solution + 1100 °C / 5 h + 870 °C / 16h + PD at RT + 1100 °C / 5 h
		AM1-HT1-RTPD-HT1	Solution + 1100 °C / 5 h + 870 °C / 16h + PD at RT + 1100 °C / 5 h + 870 °C / 16h
		4P-HT1	Solution + 1100 °C / 5 h + 870 °C / 16h
		4P-HT2	Solution + 1165 °C / 6 h + 870 °C / 20h
	CMSX-4 Plus	4P-RTPD-HT1	Solution + PD at RT + 1100 °C / 5 h + 870 °C / 16h
		4P-RTPD-HT2	Solution + PD at RT + 1165 °C / 6 h + 870 °C / 20h
		4P-RTPD-Rejuv-HT2	Solution + PD at RT + 1330 °C / 1 h + 1165 °C / 6 h + 870 °C / 20h
	4. 2. Creep damaging mechanisms of SX superalloys with pre-deformation at RT

After the precedent experiments, a detailed mechanism of early creep failure caused by PD during HT processes become a major remaining question. Recrystallization observed after failure was assumed to be the mechanism responsible for earlier onset of tertiary creep and shorter time to failure. This section analyzes isothermal creep test results on AM1 SX superalloy with pre-deformation introduced between solution and aging heat treatments. To understand the effect of alloy composition on the creep durability and rejuvenation capability of the pre-deformed specimen, similar tests were conducted on high-Re containing Ni-based SX superalloy CMSX-4 Plus. Step-by-step creep failure scenarios for different creep conditions and effects of alloy composition are discussed.

  .1, different preparation methods were applied to AM1 and creep tests were performed at 1050 °C / 140 MPa, 950 °C / 300 MPa, and 850 °C / 500 MPa. This section analyzes effect of different material histories on the creep behavior of Ni-based SX superalloys. Results are discussed in comparison with the previous chapter and the previous section. Thermal cycling creep test results are also discussed here to further understand effect of pre-deformation between heat treatments.

  If a plastic deformation is introduced in as-solutioned AM1 at room-temperature, it decreases isothermal creep properties in all test conditions performed: 1200 °C / 80 MPa, 1050 °C / 140 MPa, 1050 °C / 200 MPa, 950 °C / 300 MPa, 850 °C / 500 MPa, and 750 °C / 800 MPa. Same processes were applied to CMSX-4 Plus and creep tests were performed at 1250 °C / 60 MPa, 1150 °C / 110 MPa, 1050 °C / 200 MPa, 950 °C / 390 MPa, and 850 °C / 500 MPa. Pre-deformation decreased creep life of CMSX-4 Plus at higher temperatures (≥ 1150 °C), but not strongly affected the creep properties at lower temperatures (≤ 1050 °C). Followings are the mechanisms behind creep life debits. During aging heat treatments, γ/γ′ microstructure coarsens around slip bands which has been explained in the Chapter 3. Simultaneously, deformation-pore nucleation and growth of pores are enhanced in the vicinity of slip planes by vacancy transportation associated with dislocation climb.  At 1050 °C and 950 °C for AM1 and at 1150 °C for CMSX-4 Plus, microstructure coarsened bands evolve into the inclined γ′-rafted structure during creep deformation by facilitated shearing of {111} dislocations in γ′ phase. The rapid damage accumulation in inclined γ′-rafting accelerates creep void nucleation and growth, leading to a stress concentration around voids that further triggers recrystallization in the bands in the very last stages of creep deformation, resulting in earlier failure featuring a very planar fracture surface.

properties of Ni-based single crystal superalloys. Creep rupture tests were performed on AM1 and CMSX-4 Plus single crystal superalloys having microstructures presented in the previous chapter. Important remarks made in this chapter are summarized.  In AM1, creep damage localization is much higher at 1050 °C / 140 MPa compared to 950 °C / 300 MPa. Since vacancies' transportation and condensation are the roots of damage localization, a higher creep temperature favors this diffusion-controlled damaging process. Because those thermally activated processes are slower in CMSX-4 Plus, creep damage at 1050 °C / 200 MPa and 950 °C / 390 MPa did not present drastic localization and impact of pre-deformation was not pronounced.  As creep temperature decreases or applied load increases, diffusion induced damaging process is suppressed and microstructure shearing by slip activation become dominant factor that determines creep life. Because coherency between γ matrix and γ′ precipitates in the band is lost by microstructure evolution during aging treatment after pre-deformation, creep life of AM1 is more sensitive to the pre-deformation compared to CMSX-4 Plus.



  Introduction of a room-temperature pre-deformation to AM1 at different preparation stages did not gave drastic impact on creep life at 1050 °C / 140 MPa. However, when specimen with pre-deformation after full heat treatment was aged with additional treatment at 1100 °C for 5 h, localized damage inside the band created planar {111} fracture surface without creep life debit. Dislocation structure developed during high temperature aging by stress relaxation is a possible reason for this unique fracture characteristic. Pre-deformation did not affect the creep properties of both AM1 and CMSX-4 Plus in non-isothermal creep condition. Damage localization did not occur in thermal cycling condition which has frequent and rapid transition of γ′ volume fraction. Because thermally activated damage localization is caused by initial dislocation structure, this does not contribute to the damaging process when dislocations can easily enter the γ′ phase.
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Precipitate scale images of the microstructure coarsened band are shown in Figure 5.5. γ′ precipitates in the specimen tested at R = -1 / σa = 209 MPa had coarsened more than the ones in the specimen tested in R = 0.5 which is simply because the overall duration of this test was longer. Although microstructure evolution had not proceeded much, dislocation traces were observed in the microstructure coarsened band of the specimen tested with R = 0.5 / σmax = 551 MPa (magnified image in Figure 5.5(b)), whereas they were not observed in R = -1 / σa = 209 MPa. Close to the specimen's surface, microstructure coarsening proceeded much faster inside the band with shear traces. Intermetallic phases other than γ matrix and γ′ precipitates (i.e. TCP phases) were not observed in these specimens. AM1 is indeed known to be an alloy with a very stable microstructure without TCP precipitation after over 400 h of creep test at 1050 °C (see Chapter 4). In this IPF map, three surface recrystallization areas are observed. Two areas on the right and left are associated with initiated cracks and one located in the middle is a potential third crack initiation site. A darker area in an image quality (IQ) map is corresponding to an area with a higher dislocation density that decreases the quality of diffraction. In Figure 5.7(b), dark areas and lines are observed in the surface layer of the specimen with a thickness of ~30 μm. The bands with disturbed microstructure like the one shown in Figure 5.5(c) are observed in this layer. In the crack shown in Figure 5.7(c), oxide and the γ′-depleted zone were observed all along the crack path and up to the tip.

Other cracks marked as A and B in Figure 5.7(a) are presented in Figure 5.8 with higher magnification and IPF maps. These cracks have a greater opening (> 3µm) and crack tips were not filled with oxides when they are compared with the one in Figure 5.7(c) having a smaller opening (~1 μm). The crack on the right in Figure 5.7(b) is also of the same type with a large opening and without an oxide layer at the crack tip. Recrystallized grain was not observed around crack A with the largest opening ( material. Fractographic and microstructural observations on pre-deformed material showed multiple pores presenting the primary process of crack initiation associated with local recrystallization around them.

 Pre-deformation decreased the VHCF lifetime by more than a decade at a positive stress ratio (R = 0.5) and high mean stress condition. The microstructure coarsened band in the pre-deformed material facilitated γ/γ′ microstructure shearing at a very high strain rate in the ultrasonic fatigue test, resulting in {111} slip traces appearing on the specimens' surface. The accumulated slip along <110>-type generatrices of the specimens led to a locally higher density of dislocations and stress concentration, hence triggering surface recrystallization. Mode I surface cracks were initiated from the recrystallized area, leading to the earlier failure compared to the specimen without pre-deformation.

 Rejuvenation treatment can restore VHCF lifetime at a positive stress ratio condition and does not affect fatigue life in all the other conditions tested in this study.

slip band was smaller for CMSX-4 Plus which resulted in less effect of pre-deformation on its microstructure. The pre-deformation effect becomes negligible for creep properties of CMSX-4 Plus when the shearing of {111} slip system is dominant, whereas creep life debit remained in AM1. This is because the strengthening mechanisms of AM1 are mostly relying on the shear resistance of cuboidal γ′ precipitates. Pre-deformation causes γ′ precipitate coarsening that leads to disruption of the cubic structure and decrease in interfacial coherency, hence directly affecting shear resistance. As for the same mechanism, creep life at 850 °C / 500 MPa had drastically reduced in AM1 pre-deformed at 950 °C that has "pre-rafted" γ/γ′ structure. Moreover, pre-deformation at different stages (such as after full heat treatment, between first and second aging, and after full heat treatment with additional aging at 1100 °C) did not impact the creep life of AM1. However, when additional aging at 1100 °C was applied after the pre-deformation of a fully treated specimen, a ruptured specimen presented a planar fracture surface on the {111} plane. This implies that the dislocation structure formed during aging at 1100 °C is causing the inclination of γ′-rafts during creep loading.

Creep damaging mechanisms after pre-deformation

During thermal cycling creep at temperatures above 1000 °C, neither thermally activated damage localization nor stress-induced microstructure shearing damages involves in creep damaging mechanisms. Therefore, creep life debit was not observed in the thermal cycling creep tests of the pre-deformed materials.

Very high cycle fatigue

Fatigue tests in the very high cycle domain were performed on pre-deformed AM1 and results were discussed in Chapter 5. Pre-deformed material has a VHCF lifetime in a fully reversed fatigue condition comparable to the original material. Although the pre-deformation causes void nucleation and growth during aging treatment, it did not change time to initiate fatal crack from a solidification pore. Multiple pores were observed in fractography of pre-deformed specimens that suggest that the number of possible initiation sites may have increased due to the enhanced void growth mechanism.

With the high mean stress, microstructure shearing becomes the main damage source, and hence, the VHCF lifetime decreased in the pre-deformed material. Slip bands at the specimen's surface increased the surface roughness, which led to the local stress concentration and accumulation of high density of dislocations near the surface. Surface recrystallization was triggered at this stress concentrated area. Mode I surface cracks initiated from the recrystallized area, leading to the failure at a very short lifetime compared to the specimen without pre-deformation.

Rejuvenation after pre-deformation

The microstructure of both AM1 and CMSX-4 Plus was successfully restored by additional rejuvenation treatment applied after pre-deformation at room-temperature. Rejuvenated specimens of both AM1 and CMSX-4 Plus showed mechanical properties (creep and VHCF) comparable to the original material without pre-deformation. The applicability of rejuvenation treatment to unintentionally deformed Ni-based single crystal superalloy components has been demonstrated.

Perspectives

After all these conclusions, there are still some missing points that can be deepened in future research works.

The development of dislocation structures was discussed using deeply-etched SEM images and one STEM diffraction contrast image on AM1 specimen after pre-deformation and aging treatment. These are very big clues for discussing how the initial microstructure affected microstructure evolution and damaging mechanism during subsequent creep tests. However, as discussed in the main chapters, a sequential explanation of dislocation structure development remains unknown. The difference between two alloys, AM1 and CMSX-4 Plus, is another interesting topic. High-temperature in-situ TEM/STEM analyses are possible ways to understand dislocation behavior during aging treatments after pre-deformation. These understandings should help to develop a model to predict pre-deformed material's mechanical properties. This would give suggestions to material composition design for new alloys and defect tolerance design for an application.

The effect of pre-deformation on the mechanical properties of bulk material was studied in this research. In the experiments, the surface condition effect was eliminated by mechanical polishing. Considering the application, the surface condition is an important topic to study. The microstructure coarsened band is considered as a diffusion path. Therefore, oxidation/corrosion can be accelerated at the intersection of the band and the material's surface. The adhesiveness of the turbine blade coating system can also be affected by the band (formation of irregularly deep secondary reaction zone).

In the rejuvenation experiments, recrystallization occurred in the specimens pre-deformed at 950 °C even at a smaller magnitude of plastic strain compared to the other superalloys after creep straining. Macro strain is generally used to evaluate rejuvenation capability in other studies. Instead, rejuvenation capability should be discussed with micromechanics that strongly relates to how the material is "damaged" locally at the scale of γ/γ′ structure and how the recrystallization is triggered at subsolvus temperatures. Types and migrating sites of dislocations should affect the γ′ dissolution path and they may change recrystallization sensitivities at elevated temperatures.

APPENDIX Test results

Creep test results of AM1 SX superalloy are summarized in Tables A.1-A.6.