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Résumé

Les élastomères thermoplastiques (TPE) sont faits de copolymères à blocs segmentés formant des domaines mous et durs séparés, ces derniers pouvant être vitreux ou cristallins. Ces matériaux sont largement utilisés dans l'industrie depuis les années 60 pour leurs bonnes propriétés mécaniques, leur comportement caoutchoutique, leur résistance chimique et leur facilité de mise en oeuvre. Ils peuvent être mis en forme par extrusion-moulage par injection ou compression, afin de former des éléments de tableaux de bord, des gaines de câbles ou encore servir d'adjuvants pour le bitume. Cependant, le lien précis entre les conditions de procédé et la structure finale, ainsi que la relation structure-propriétés elle-même, restent encore mal compris. L'objectif de cette thèse est d'apporter une meilleure compréhension concernant les TPE semicristallins, avec une attention particulière aux questions suivantes. Quels sont les effets de l'architecture de la chaîne et des conditions de mise en oeuvre sur la cinétique de cristallisation et la morphologie du réseau semicristallin qui en résulte ? Quels sont les paramètres pertinents qui contrôlent le module au plateau caoutchoutique dans les TPE (renforcement) ? Comment la cristallisation induite sous écoulement influence-t-elle les propriétés rhéologiques de ces matériaux ?

Pour répondre à ces questions, nous proposons de combiner une étude expérimentale avec une approche numérique. Les expériences ont été menées sur des copolymères multiblocs polybutylene terephthalate (PBT)-polytetrahydrofuran (PTHF), consistant en des caractérisations structurales (diffusion de rayonnement et microscopie à force atomique) ainsi que des mesures rhéologiques. Des simulations en dynamique moléculaire ont été réalisées en utilisant un modèle gros-grains basé sur celui de Kremer-Grest et modifié afin de décrire correctement les propriétés physiques des segments mous et durs, incluant notamment la cristallisation de ceux-ci.

Nous avons d'abord mis en évidence la forte dépendance de la structure multiphasique des TPE aux conditions de mise en forme. La comparaison d'échantillons élaborés par pression à chaud ou par évaporation de solvant a révélé le rôle clé de la mobilité de la chaîne pour la morphologie résultante, et ceci à différentes échelles. À l'échelle mésoscopique, les domaines cristallins répartis dans une matrice de segments mous peuvent s'organiser en de longs rubans réguliers quand la mobilité de chaîne est élevée, ou bien en de petits nodules formant une structure en collier de perles lorsque celle-ci est faible. À des échelles inférieures, nous avons montré que la direction préférentielle de croissance des cristallites était elle aussi dépendante de la mobilité moléculaire. L'étude de la cristallisation au repos de ces matériaux a mis en avant une cinétique de cristallisation bimodale avec une première étape d'agrégation durant laquelle se forment des crystallites isolées, qui vont ensuite interagir entre elles via le réseau de segments mous enchevêtrés, jusqu'au phénomène de gélation qui est suivi par une seconde étape de cristallisation entravée par ce dernier, consistant principalement en la formation de cristaux plus petits et moins stables thermiquement. Il a été montré que l'augmentation de la rigidité de chaîne (en réduisant la taille du segment mou) favorisait considérablement la séparation de phase, menant alors à une gélation plus rapide.

Un modèle de TPE semi-cristallins a été développé pour la simulation en dynamique moléculaire gros-grains et adapté au cas spécifique étudié ici en utilisant des lois d'échelles classiques pour tenir iii compte des différences de propriétés physiques entre le PBT et le PTHF (densité et rigidité de chaîne). Des simulations en conditions non-isothermes ont confirmé l'impact de la longueur des segments mous sur la cinétique de cristallisation. Le rôle de la séparation de phase a été clairement mis en évidence, devenant le facteur limitant lorsqu'on augmente le nombre de blocs dans la chaîne. Les analyses structurales sur les morphologies résultant de la simulation ont montrées un bon accord quantitatif avec l'expérience (distance entre les domaines cristallins similaire).

L'étude des propriétés linéaires des TPE a été focalisée sur le renforcement dans l'état caoutchoutique (i.e., l'augmentation du module au plateau due à la présence de cristaux). Nous avons montré que ce renforcement est principalement contrôlé par deux paramètres : la fraction volumique en cristaux ainsi que la largeur des cristallites, comme décrit par le modèle topologique développé par G.P. Baeza. Nous avons combiné ces études expérimentales avec des simulations en dynamique moléculaire qui ont confirmé quantitativement la prédiction du modèle.

Pour finir, les propriétés d'écoulement des fondus de TPE sollicités à hautes déformations (intéressantes du point de vue industriel pour la production) ont fait l'object d'études expérimentales en conditions d'écoulement continu et oscillatoire à haute amplitude, montrant dans les deux cas une importante accélération de la cristallisation sous l'effet du cisaillement. Celle-ci a été expliquée grâce aux simulations numériques montrant le rôle clé de l'alignement des chaînes dans ce procédé, ainsi que par le développement d'un modèle rhéologique prédisant l'évolution des propriétés d'écoulement durant le début de la cristallisation induite par cisaillement.
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General introduction

Context

Polymers constitute an attractive class of materials for their low cost and weight, versatile mechanical properties and relative durability. However, their success, described by a significant increase of the production over the past 60 years, leads to substantial environmental problems. One of the main issue concerns waste disposal management, especially in the case of rubbers. Indeed, conventional elastomers, also called thermoset elastomers, are characterized by the formation of a network structure in which chains are covalently bonded by cross-linking segments. This type of molecular structure makes them difficult to recycle or reuse contrary to thermoplastic materials in which the absence of permanent links between the chains favors their melt flow behavior and makes them good candidates to recycling and reprocessing.

The search for alternatives is thus motivated by these important concerns. Combining the rubberlike mechanical properties with the reversible character of thermoplastics is the main challenge of a class of materials called thermoplastic elastomer (TPE). In this type of elastomers, usually consisting in segmented block copolymers, the colavent bonds are replaced with physical interactions, providing both elasticity and thermoreversibility. In addition to their good recycling properties, the thermoreversible nature of the topological nodes also gives a certain ease of processability to TPE, which can be elaborated by melt processing. Therefore, they are extensively used in the industry since the 60s for various applications using extrusion or injection-molding. The use of such processing methods can take advantage of a deep understanding of the rheological properties of the material. However, the rather empirical philosophy usually employed in the studies about TPE results in a lack of precise understanding. Indeed, the works in this field often consist in modifying the polymer chain and simply observing the consequences on the resulting properties, without providing precise physical explanations, generalization of the observed trends or modeling attempts. As a consequence, the precise structure-properties relationships in such materials are still elusive. In addition, it is noteworthy that the complex structure of TPE is likely to depend on the processing conditions, which is rarely discussed in the academic literature.

Objectives

As above-mentioned, the literature about TPE, essentially based on empirical considerations, lacks fine understanding of the structure-properties relationships. Therefore, the main goal of this thesis work is to propose a better comprehension of the structuration mechanisms in segmented blocks copolymers leading to the multiscale morphology of TPE, and the link with their linear and nonlinear rheological and mechanical properties. In particular, we will focus on the following questions.

What are the effects of chain architecture and processing conditions on crystallization kinetics and resulting structure? What are the relevant parameters controlling the rubbery modulus in TPE and is it possible to model the reinforcement due to the presence of crystallites? How does the flow influence the rheological properties of such materials, in particular considering the effect of flow-induced crystallization? One of the aims of this work will also consist in providing new tools or modeling attempts, either based on theoretical or numerical approaches, in order to enhance the understanding of the structure-properties links.

This thesis work was carried out at the "Matériaux Ingénierie et Sciences" (MATEIS) laboratory in Lyon and funded by a ministerial grant provided by the French ministry of higher studies and research. It took place in the "Polymères, verres et matériaux hétérogènes" (PVMH) team, whose main area of research concerns the structure-properties links in both amorphous and semicrystalline polymers.

Scientific content

In order to answer these questions, we propose to combine an experimental study with a numerical approach. While experiments can easily be used to characterize the macroscopic mechanical properties and structure down to a certain length scale, it is very difficult to get information on the precise conformation of each polymer chain in the sample, yet of great interest to elaborate structure-properties relationships. We believe molecular dynamics simulations can provide such information and enable more systematic analysis with a finer control of the polymer chain architecture. Experiments were carried out on industrially relevant TPE made of polybutylene terephthalate (PBT)-polytetrahydrofuran (PTHF) multiblock copolymers, mainly consisting in structural characterizations (scattering techniques and scanning probe microscopy), calorimetric and rheological measurements. Coarse-grained molecular dynamics simulations were performed to support and extend the experimental results.

The first chapter of the manuscript provides a state of the art concerning the present field of study.

Beginning with generalities about TPE materials, we then present the large class of segmented block copolymers made of different chemistries and characterized by their particular microphase separation behavior. Then, the literature related to their thermomechanical properties in relation with the polymer chain architecture and chemistry is reported. A particular focus on the effect of the presence of crystals on the rubbery plateau modulus is presented, and the different attempts to model the reinforcement in either TPE, semicrystalline homopolymers or nanocomposites are discussed. The last section deals with molecular dynamics (MD) simulations of polymers. Starting from generalities about the numerical technique, this part aims at presenting the different available approaches to model copolymers and semicrystalline systems.

Chapter 2 details the composition of the TPE used in the experimental studies, as well as the methods employed for the samples' preparation. The elaboration of a numerical coarse-grained molecular dynamics model for such materials is subsequently presented.

The following of the manuscript presents our results and discussions. They are organized in seven chapters grouped in three parts. The first part is devoted to the analysis of nanostructuration in semicrystalline TPE. The microstructure at room temperature is analyzed in Chapter 3 on the basis of calorimetry, X-ray scattering and atomic force microscopy measurements. The effect of the processing conditions and chain mobility are discussed. A general picture describing the meso and nanoscale structure is finally proposed. Chapter 4 focuses on the mechanisms involved in the processes leading to the microstructures depicted in the previous chapter. It aims at linking chain structure, crystallization kinetics and gelation in semicrystalline segmented block copolymers. The main goal of Chapter 5 is to bring a more systematic approach of the study of nanostructuration processes in such systems using molecular dynamics simulations. The discussion is centered on the link between the copolymer chain architecture, tuned in terms of blocks' length and number, and the competition between microphase separation and crystallization.

After this extensive study of the segmented copolymers' morphology, the second part deals with the linear mechanical properties in the rubbery state. Chapter 6 consists in the identification of the relevant parameters controlling the reinforcement, i.e. the increase of the plateau modulus due to crystallization. With the aim of generalizing the trends observed in different types of TPE, the chapter begins with a small review gathering the observations coming from different studies in the literature. Then, on the basis of topological considerations, two main structural parameters involved in the increase of the modulus are highlighted and studied separately: the volume fraction and width of the crystallites. Further investigations concerning the relationship between the reinforcement at large volume fractions and the chains conformations are then discussed in Chapter 7 on the basis of molecular analysis performed in molecular dynamics simulations.

The last part is dedicated to the flow properties of such materials in the molten state, and more precisely to the consequences of high shear strain and flow-induced crystallization on the rheological properties of the melt. In Chapter 8, these questions are analyzed in the simple, model case of startup of shear flow. The variations of the material's viscosity under such conditions is rationalized by the development of a theoretical model based on the evolution of the dynamics of the soft segment in the copolymer. Analysis of the modifications of chains conformations in similar systems modeled in molecular dynamics simulations supplements this work, facilitating the understanding of the flow-induced crystallization mechanisms in these systems. Chapter 9 concerns similar aspects in large amplitude oscillatory shear conditions. In addition to the analysis of the crystallization kinetics' acceleration due to the flow, this chapter aims at revealing the relationship between the evolution of the nano and mesoscale structure and the nonlinear viscoelastic behavior of the material.

A general conclusion closes the manuscript, recapitulating the main results of the different chapters. Further works, consisting in new experiments and numerical simulations are finally suggested as a possible extension of this study.

1 Bibliography -State of the art 

Generalities about thermoplastic elastomers

Thermoplastic elastomer (TPE) are polymeric materials which have elastic and rubbery properties characterized by a low modulus and a high extension at break at room temperature and exhibit the flow behavior of a polymer melt at elevated temperature. They are usually made of segmented block copolymers, meaning that the polymer chains are made of two types of blocks called soft segment (SS) and hard segment (HS) [1,2]. The former are made of a low-T g polymer, having thus rubbery properties at room temperature. In contrast, the latter is made of more rigid chains, characterized by a higher T g , responsible for their glassy state at room temperature. The elastomeric properties of these materials come from the combination of the large content of soft polymer in the chain, providing its high mobility and flexibility, and the additional physical interactions between the HS. In fact, the phase separation between SS and HS (described in details in Section 1.2.2) is the origin of the physical nodes, which act like thermoreversible crosslinks and provide elasticity to the material by reducing the fluctuations of the chains (illustrated in Figure 1.1). Depending on the chemistry of the HS, the physical nodes can result from two types of interactions. They can simply consist in glassy aggregates of HS, or they can be crystallites in the case of semicrystalline HS. This will be detailed in Section 1. The origin of thermoplastic polymers having such elastic properties started in the 1930s, with the development of PVC-rubber blends which can be considered as the precursors of TPE [1]. Afterwards, the invention of diisocyanate polyaddition reaction opened new possibilities to design TPE, going from a strategy based on the plasticization of rigid polymers (blending) to the development of segmented copolymers. During the following decades, segmented polyurethanes were synthesized and can be considered as the first TPE as we know them today. The major advances in this field occurred during the 1960s. New block copolymerization techniques enabled the development of three main categories of TPE: the well-known styrene-butadiene and styrene-isoprene block copolymers, the copoly(ether-esters) and the polyolefin blends and copolymers. It is only during the 1970s and 1980s that polyamide based TPE were introduced. At the same time, thermoplastic vulcanizates (TPV), made of a blend of an elastomer and a thermoplastic [3], were also produced for the first time and are still very much studied currently [4].

Nowadays, TPE are used in a very wide variety of fields and applications. They can be found in the car industry as dashboards elements or other miscellaneous automotive parts [1], in the wire and cable field as electrical insulators [5], in the road industry as bitumen modifiers [6,7], or even as solid polymer electrolytes promising much better properties in terms of electrochemical stability, processibility, flammability and mechanical stiffness compared to the currently used liquid electrolytes in batteries [8]. Many other examples of daily consumer goods made of TPE can also be found [1]. One can note the recent fast growing of the TPE market and the estimations for the coming years predicting a continuous increase of their use (see Figure 1.2, data from 2015).

Figure 1.2: TPE market volume in Europe (Kilo Tons). Reproduced from ref [9].

One of the most interesting particularity of TPE is that they combine two a priori antagonist properties of thermoplastic and elastomers resulting from the presence of thermoreversible nodes:

(i) an elastic behavior similar to that of vulcanized (i.e. chemically crosslinked) conventional elastomers,

(ii) the ability to be processed as thermoplastic polymers, i.e. by melt processing [10].

The latter makes these materials very easy to process compared to vulcanized elastomers using extrusion, injection molding, blow molding or compression molding [2]. The use of such industrial processes has several advantages: low costs, short fabrication times, no compounding and a possibility to reuse scrap [1]. On the other hand, they require more elevated temperature (compared to the processing of elastomers) for the melting.

It is quite common in the literature to find studies about TPE prepared using such techniques. Injection and compression molding are often used to produce samples with particular shapes for mechanical testing (see for instance [11][12][13]). Extrusion is also of great interest when studying the effect of uniaxial orientation on the material's structure [14][15][16][17]. However, when dealing with structural characterization, especially through scanning probe microscopy, most of the studies are performed on samples elaborated by solvent-casting (SC) which provide a better (smoother and more regular) surface for such analysis (see for example [18][19][20][21]). Other methods like spin casting and spin coating are also quite common in this case [22].

Segmented block copolymers 1.2.1 Chemistry

As described above, a TPE is made of the association of two polymer chains A and B having different properties -an elastomer having a low glass transition temperature and a more rigid chain characterized by a high T g or a semicrystalline nature -whose ends are covalently bonded, forming segmented block copolymers of general formula -(AB) y -A. This definition, albeit inexact since other materials than block copolymers can be considerd as TPE considering their thermomechanical properties (see the ionomers, TPV and blends mentioned in the following), provides a general description of the chemical nature and structure of the components of a TPE. However, the wide range of possible chemical compositions of the blocks, combined with different topological configurations or chain architectures, makes it insufficient to precisely describe the large variety of TPE. For instance, linear block copolymers consist in a sequence of successive blocks in the polymer chain, repeated a certain number of times. The number of blocks is adjustable, leading to diblocks, triblocks or multiblocks. The chains can also be connected to a common branch point, forming a star polymer with a certain number of arms. A graft (or branched) copolymer, consisting in a backbone of A units carrying several arms of B units connected at different branch points is also another possible chain structure. These different kinds of architectures are represented in Figure 1.3.

Figure 1.3: Schematic representation of block copolymer architectures. Reproduced from ref [1].

Block copolymers are usually prepared by controlled polymerization methods leading to well-defined chains. Anionic and cationic polymerizations are typically used to generate styrene-butadienestyrene (SBS) and styrene-isoprene-styrene (SIS) triblock copolymers respectively with low polydispersity (I p < 1.05). Living radical polymerization consisting in a dynamic equilibrium between a small fraction of growing free radicals and a large majority of dormant species can also be used to obtain well-defined TPE chains [1]. TPE made of block polyolefins are rather prepared by polymerization with Ziegler-Natta catalyst while polyaddition is commonly used to generate thermoplastic polyurethanes (TPU). Other methods leading to less well-defined chains (typically I p > 1.5) are often employed for the industrial synthesis of TPE. Esterification and polycondensation is used for polyamide-based elastomers while polyether-esters are synthesized through transesterification methods. TPV, particular blends of elastomers and thermoplastics, are obtained from dynamic vulcanization consisting in a premixing step of the elastomer and thermoplastic in the molten state, followed by the cross-linking of the elastomer during the continuous mixing process. As for ionomers, they can either be prepared by copolymerization of a functionalized monomer with an olefinic unsaturated monomer for instance or by direct functionalization of a polymer chain. To sum up, the different TPE chemistries can be classified in the following three categories.

(i) Amorphous-amorphous styrenic block copolymers, including SBS [23][24][25][26] and SIS [27][28][29][30] triblocks.

(ii) Most common semicrystalline multiblock copolymers:

-polyurethane elastomers (TPU) [31][32][33][34][35][36][37][38][39][40][41][42],

-poly(ether-ester) elastomers (PBT-PTHF [43][44][45][46] or PET-PEO [47]),

-poly(ether-amide) elastomers (T4T-PTHF [48,49], T6T-PTHF [50], T6A6T-PTHF [51], T6T6T-PTHF [11] TΦT-PTHF [52,53] and PA12-PTHF [54]),

-polyolefin elastomers (PCHE-PE [55,56] PEP-PP [57] PEP-PEE [58,59] PEP-PS [60,61] PB-PBE [START_REF] Lellinger | Shear induced crystallization in poly( -caprolactone): effect of shear rate[END_REF]).

(iii) Other various hard-soft block copolymers, including both amorphous-amorphous (PB-PI, silicone-urea [63,64], PEO-PS [65]) and semicrystalline systems (PB-PLLA, PEO-PCL, PEO-PLLA, PCL-PLLA [66], PDMS-PMMA [START_REF] Vatankhah-Varnosfaderani | Chameleon-like elastomers with molecularly encoded strain-adaptive stiffening and coloration[END_REF]).

One should remind the existence of two other classes of TPE: blends of hard polymers and elastomers, including TPV [3], and the whole class of supramolecular polymers, including ionomers, hydrogen bonds based systems, vitrimers, . . . , which are not developed here since the section focuses only on segmented block copolymers.

Nanostructuration

The properties of block copolymers essentially come from their ability to form organized structures at the nanoscale (typically a few nm scale). This nanostructuration, consisting in the formation of specific patterns of phase separated domains, is often referred to as "microphase separation". The latter term is used in opposition to "macrophase separation" which can occur in blends but is impossible for copolymers due to the presence of covalent bonds between the blocks. The driving force being at the origin of this phenomenon is the chemical incompatibility between the two types of blocks, which is quantified by the Flory-Huggins interaction parameter:

χ AB = z k B T 1 2 (E AA + E BB ) -E AB (1.1)
where E AA , E BB and E AB are the three interaction energies (absolute values) between each pair of unit types and z is the number of nearest neighbor "units" (or "monomers", or "sites" in the lattice theory of polymer blends). This interaction parameter represents the free energy cost of contacts between A and B monomers (in thermal energy units k B T and per monomer). In the case of two chemically different polymer unit, χ AB typically has a positive value, indicating repulsion between the two species. The latter is more or less significant, depending of the values of the interactions energies, and decreases when increasing the temperature. This enthalpic force, driving the system towards phase separation, is counterbalanced by entropic forces originating from the difference in terms of number of spacial configurations between an ordered and a disordered state. Indeed, microphase separation requires the chains to adopt particular conformations, reducing their entropy and thus generating a restoring force tending to limit the phase separation. The theory of microphase separation in diblock copolymers developed by Leibler consists in the appropriate evaluation of the resulting free energy change ∆G between a disordered state and a periodic microphase structure [START_REF] Leibler | Theory of Microphase Separation in Block Copolymers[END_REF]. Such a calculation leads to the determination of the equilibrium patterns presented in Figure 1.4, depending on the interaction parameter value χ AB (and thus on temperature T ), chain length N and volume fraction ν A . Reproduced from ref [START_REF] Bates | Block Copolymers-Designer Soft Materials[END_REF].

Actually, while the microphase separation and ordering processes in amorphous diblocks and triblocks are well understood with clear conclusions in both experimental [START_REF] Bates | Block Copolymers-Designer Soft Materials[END_REF][START_REF] Krause | Microphase Separation in Diblock and Triblock Copolymers of Styrene and α-Methylstyrene[END_REF] and theoretical [START_REF] Leibler | Theory of Microphase Separation in Block Copolymers[END_REF][START_REF] Meier | Theory of Block Copolymers. I. Domain Formation in A-B Block Copolymers[END_REF][START_REF] Helfand | Block Copolymer Theory. III. Statistical Mechanics of the Microdomain Structure[END_REF] approaches, the situation becomes more complex when increasing the number of blocks in the chains. Theoretical works show that multiblock copolymers can present the same types of phases as in diblocks [START_REF] Dobrynin | Computer-Aided Comparative Investigation of Architecture Influence on Block Copolymer Phase Diagrams[END_REF][START_REF] Matsen | Stable and Unstable Phases of a Linear Multiblock Copolymer Melt[END_REF]. Nevertheless, structural characterizations also show that changing the number of blocks can be a useful tool to tune the phase diagram [10,[START_REF] Lee | Sustainable Poly(lactide-b-butadiene) Multiblock Copolymers with Enhanced Mechanical Properties[END_REF][START_REF] Lee | Structure, and Properties of Alternating and Random Poly(styreneb-butadiene) Multiblock Copolymers[END_REF][START_REF] Spontak | Perfectly-Alternating Linear (AB)n Multiblock Copolymers: Effect of Molecular Design on Morphology and Properties[END_REF] and the microphase separation transition (MST) (or order-disorder transition (ODT)) [12,[START_REF] Wu | Consequences of Block Number on the Order-Disorder Transition and Viscoelastic Properties of Linear (AB)n Multiblock Copolymers[END_REF][START_REF] Zhang | Evolution of Microphase Separation with Variations of Segments of Sequence-Controlled Multiblock Copolymers[END_REF]. In addition to the three parameters cited above for diblocks (χ AB , N and ν A ), this transition is also known to depend on a fourth parameter: the number of blocks m [START_REF] Spontak | Perfectly-Alternating Linear (AB)n Multiblock Copolymers: Effect of Molecular Design on Morphology and Properties[END_REF][START_REF] Zhang | Evolution of Microphase Separation with Variations of Segments of Sequence-Controlled Multiblock Copolymers[END_REF]. Nevertheless, it is difficult to state about the role of this parameter from experimental studies only, in which both the number of blocks and the chain length often change simultaneously. In addition, the number of blocks (and more generally the fact that the blocks are covalently bonded to each other) is sometimes deliberately omitted by considering a segmented block copolymer as a binary blend of soft and hard chains, allowing to apply the classic Flory-Huggins theory of mixing in polymer blends [7]. If such an approximation can be accepted when the chains only contain a few blocks, dealing with multiblock copolymers obviously requires a more complete theory. Therefore, similar theories based on the evaluation of the enthalpy and entropy change on demixing have been developed to account for the impact of m. One can cite for instance the work of Krause presenting a simple modified version of the Flory-Huggins theory considering the junction of two consecutive blocks (surfaces between microphases) [START_REF] Krause | Zeroth Approximation Including Surface Free Energies[END_REF]. In fact, including an additional entropy decrease caused by the immobilization of the A and B units which are linked at the interface between two blocks, Krause determined the following prediction for free energy change on microphase separation:

∆G Krause k B T = -N r ν A ν B χ AB 1 - 2 z -N 0 ln (ν ν A A ν ν B B ) +2N 0 (m -1) ∆S dis k B -N 0 ln (m -1) (1.2)
where N r is the total number of sites or units (lattice theory of polymers), ν A and ν B the volumes fractions of A and B units respectively, χ AB the Flory interaction parameter, z the number of nearest neighbors (coordination number), N 0 the number of chains, m the number of blocks per chain and ∆S dis the entropy loss when one segment of a chain is immobilized. The disorientation entropy per segment ∆S dis can be evaluated using the approach of Flory to calculate the entropy of fusion [START_REF] Flory | Principles of Polymer Chemistry[END_REF] based on the value of the coordination number z:

∆S dis = k B (ln (z -1) -1) .

(1.

3)

The latter model enables to predict the MST characterized by a negative free energy of demixing: ∆G Krause < 0. As one may have expected from entropic considerations, increasing the number of blocks increases the free energy of demixing, reducing the tendency to phase separate. This dependence of the MST on the number of blocks in the chains has also been proposed on the basis of experimental measurements. The work of Gaymans et al. shows a significant difference in the rheological behavior of polyether-diamide multiblocks compared to triblocks (dumbbells).

While the former exhibit a classic (almost Maxwellian) polymer melt rheological behavior, indicating the absence of cluster formation (Figure 1.5a), the latter behaves like a gelled melt, showing a low plateau modulus at low frequency suggesting that hard blocks are still associated in the melt (Figure 1.5b) [START_REF] Arun | The melt rheological behavior of AB, ABA, BAB, and (AB)n block copolymers with monodisperse aramide segments[END_REF]. It is noteworthy to mention that, just as the number of blocks modifies the thermodynamics of such systems, other chain architecture parameters like the grafting density in comb and star block copolymers are known to modify the phase diagram compared to linear polymers [START_REF] Dobrynin | Computer-Aided Comparative Investigation of Architecture Influence on Block Copolymer Phase Diagrams[END_REF][START_REF] Benoit | Scattering Theory and Properties of Block Copolymers with Various Architectures in the Homogeneous Bulk State[END_REF], going from a lamellar or cylinder structure for weakly branched copolymers to a pearl necklace morphology for densely grafted ones [START_REF] Borisov | Amphiphilic Graft Copolymer in a Selective Solvent: Intramolecular Structures and Conformational Transitions[END_REF].

The full understanding of these ordering mechanisms becomes even more intricate when dealing with semicrystalline multiblock copolymers. The thermal behavior of such systems becomes quite complex with several phase transitions: glass transition of each block, melting/crystallization of each crystallizable block and MST. The morphologies obtained after crystallization are highly dependent on the relative values of these phase transitions temperatures [START_REF] Panthani | Crystallization and Mechanical Properties of Poly(l-lactide)-Based Rubbery/Semicrystalline Multiblock Copolymers[END_REF] and driving forces of each transition. In fact, different types of self-assembly behaviors resulting in the competition between MST, glass transition and crystallization can be observed in semicrystalline block copolymers [18,[START_REF] Loo | Modes of Crystallization in Block Copolymer Microdomains: Breakout, Templated, and Confined[END_REF], as illustrated in Figure 1.6. When the melting point of the crystallizable block exceeds the MST temperature, the crystallization can proceed from the homogeneous melt [START_REF] Rangarajan | Morphology of Semicrystalline Block Copolymers of Ethylene-(Ethylene-aJf-propylene)[END_REF]. In this case, crystallization can even induce the phase separation [START_REF] Koo | Structure and Properties of Semicrystalline-Rubbery Multiblock Copolymers[END_REF]. On the contrary, when the microphase separation transition occurs above the melting point, ordering happens before crystallization. If the glass transition of the amorphous segment is higher than the crystallization temperature of the other block, then the crystallization is forced to occur betweeen the hard glassy domains ("confined crystallization") [65,[START_REF] Ho | Crystallization-Induced Undulated Morphology in Polystyrene-b-Poly(l-lactide) Block Copolymer[END_REF][START_REF] Ho | Crystallization and Melting Behavior of Poly( -caprolactone) under Physical Confinement[END_REF][START_REF] Schmalz | Synthesis and Characterization of ABC Triblock Copolymers with Two Different Crystalline End Blocks: Influence of Confinement on Crystallization Behavior and Morphology[END_REF][START_REF] Myers | Crystallization of Defect-Free Polyethylene within Block Copolymer Mesophases[END_REF]. However, this is not the case for TPE. Thus, crystallization can reorder the melt morphology if the segregation strength is too weak ("breakout crystallization") [START_REF] Loo | Modes of Crystallization in Block Copolymer Microdomains: Breakout, Templated, and Confined[END_REF].

A crystallization restricted to the phase separated domains ("templated crystallization") requires a higher segregation strength [START_REF] Nojima | Size dependence of crystallization within spherical microdomain structures[END_REF][START_REF] Quiram | Crystallization of Asymmetric Diblock Copolymers from Microphase-Separated Melts[END_REF]. Reproduced from ref [START_REF] Loo | Modes of Crystallization in Block Copolymer Microdomains: Breakout, Templated, and Confined[END_REF].

The study of the structure resulting from the nanostructuration after MST and potential crystallization of the hard block has been the object of many works in the field of TPE made of segmented copolymers. Such structural characterization can be performed using two principal classes of techniques: microscopy and scattering. Microscopy has the advantage of giving a direct visualization of the structure. However, observing the structure of TPE in microscopy is not straightforward. The classic tools of material science such as scanning electron microscopy (SEM) are not welladapted to these segmented copolymers for two main reasons: the rather weak contrast between the two organic phases and the length scale of the phase separation (occurring at a few nanometers). However, one can find particular cases in which this technique can provide interesting information about the nanostructure, requiring a very specific sample preparation using UV irradiation for the crosslinking of one phase and acid etching of the other phase, leading to a higher electronic con-trast [START_REF] Black | Thickness-Dependence of Block Copolymer Coarsening Kinetics[END_REF]. Other examples of the use of SEM to study the structure of TPE concern higher length scales, looking for instance at the formation of micrometric domains like spherulites in the case of semicrystalline blocks [START_REF] Aneja | A systematic series of model PTMO based segmented polyurethanes reinvestigated using atomic force microscopy[END_REF]. Transmission electron microscopy (TEM) performed on annealed thin films obtained from dilute solutions or microtomed bulk samples faces the same difficulty of poor electronic contrast. Nevertheless, this technique is more suitable to the length scale of interest for such materials, revealing for instance the presence of very thin (2 to 3 nm width) ribbon-like crystallites in poly(ether-esters) multiblock copolymers [START_REF] Cella | Morphology of Segmented Polyester and Thermoplastic Elastomers[END_REF]. High resolution images can reveal the presence of long periods about 10 nm in similar systems [8,[START_REF] Jikei | Synthesis and properties of poly(ether sulfone)-poly(tetrahydrofuran) multiblock copolymers[END_REF]. Enhancing the contrast between the phases is often necessary to observe the domains and is usually achieved using staining agents (typically metal oxides vapors) [99,[START_REF] Fleury | Structure and Properties of Hexa-and Undecablock Terpolymers with Hierarchical Molecular Architectures[END_REF]. A good alternative to electronic microscopy in the case of TPE is scanning probe microscopy (SPM), and especially AFM. This technique provides additional insights into the surface's properties and material's structure on the basis of the measurement of highly localized interaction forces between a sharp tip and the sample [START_REF] Michler | Electron Microscopy of Polymers[END_REF]. The basic function of AFM is to provide high resolution topographical images of the surface's sample. Resolutions up to the nanometer scale can easily be obtained using tips having a radius of curvature typically comprised between 5 and 10 nm. While the basic "contact mode" can only provide information about the height map of the surface, the "non-contact" or "tapping mode" can also inform of other surface's properties. This dynamic mode makes use of an additional oscillation of the probe. The oscillation of the tip is modified by the interaction with the surface, resulting in a phase shift of the vibration with respect to free oscillation. This perturbation is mainly affected by the hardness (or rigidity) of the surface as well as adhesion forces, making the phase signal a good tool to probe morphological structures of heterogeneous systems such as phase separated segmented block copolymers. Phase images obtained on such microtomed of SC samples provide very clear visualizations of their structure made of hard crystallites in a soft matrix. Usual observations reveal ribbon-like crystallites, with two short dimensions about 5 to 10 nm corresponding to the HS length and stacking, and a long-axis whose length can reach 100 to 1000 nm (see Figure 1.7a). The strong difference of length between the two directions of stacking is usually attributed to a higher crystallization rate in the H-bonding direction compared to the van der Waals interactions bonding the chains in the width direction [START_REF] Gaymans | Segmented copolymers with monodisperse crystallizable hard segments: Novel semicrystalline materials[END_REF]. The schematic of Figure 1.8 illustrates this morphology made of crystalline ribbons with two non-equivalent stacking directions. This explanation is supported by the strong impact of annealing, characterized by an increase of the ribbons' width as shown in Figure 1.7b. This effect thus suggests a strong dependence of the morphology of TPE with the processing conditions. AFM is also useful to characterize to arrangements of these ribbon-like crystallites at larger length scales. While some copolymers lead to a disordered and intermingled organization of the crystallites [START_REF] Versteegen | Properties and Morphology of Segmented Copoly(ether urea)s withUniform Hard Segments[END_REF], other cases reveal virtually aligned ribbons in the radial growth direction of the spherulites [START_REF] Aneja | A systematic series of model PTMO based segmented polyurethanes reinvestigated using atomic force microscopy[END_REF][START_REF] Cao | Influence of soft block and film thickness on confined morphology of poly(ether-mb -amide) multiblock copolymers[END_REF]. The latter can also be observed using polarized optical microscopy (POM) [18,[START_REF] Müller | Progress in Understanding of Polymer Crystallization, chapter 13 Crystallization in Block Copolymers with More than One Crystallizable Block[END_REF], which is useful to follow their growth along time and analyze the crystallization kinetics [START_REF] Zhu | The Morphology of Semicrystalline Segmented Poly(ether ester) Thermoplastic Elastomers[END_REF][START_REF] Zhu | The Crystallization Behavior and the Mechanical Properties of Segmented Poly(ether ester) Thermoplastic Elastomers[END_REF].

Figure 1.8: Schematic illustration of HS stacking in a semicrystalline segmented block copolymer morphology. Reproduced from ref [START_REF] Schneider | Structural studies of crystalline MDI-based polyurethanes[END_REF].

In addition to microscopy techniques, small angle X-ray scattering (SAXS) and small angle neutron scattering (SANS) can be very useful to analyze the structuration of the material at length scales ranging from one to a few hundreds of nanometers. Indeed, the difference of chemistry and density between the soft and hard (potentially crystalline) domains is usually sufficient to have a contrast, i.e. a difference of scattering length densities (∆ρ 2 ), required to obtain the scattering pattern of the biphasic system. One should note that the scattering length densities for X-rays and neutrons are nonidentical, leading to different contrasts depending on the scattering technique.

The main output of small angle scattering for these type of segmented copolymers is the repeat distance (long period) between the phase separated domains, often denoted d * = 2π/d * . Given the ribbon-like geometry of the crystallites, one can expect the presence of two long periods in width and crystallite thickness directions. However, as pointed out by Gaymans, the scattering patterns of such ribbon-like structures often exhibit only one long period corresponding to an average of the values in both directions [START_REF] Gaymans | Segmented copolymers with monodisperse crystallizable hard segments: Novel semicrystalline materials[END_REF], especially since the crystallites are not neatly stacked but form a more disordered ensemble of tangled ribbons as shown in Figure 1.7a. The presence of higher-order peaks (2q * , 3q * , . . . ), often reveals the lamellar nature of the morphology of alternating copolymers [65,[START_REF] Wu | Consequences of Block Number on the Order-Disorder Transition and Viscoelastic Properties of Linear (AB)n Multiblock Copolymers[END_REF][START_REF] Rangarajan | Morphology of Semicrystalline Block Copolymers of Ethylene-(Ethylene-aJf-propylene)[END_REF][START_REF] Quiram | Crystallization of Asymmetric Diblock Copolymers from Microphase-Separated Melts[END_REF]. Temperature-controlled SAXS can also be used to follow the structuration from the melt upon cooling or structural evolution upon heating. While the long period is found to decrease upon cooling, showing the densification of the network of crystallites due to the creation of new ribbons [21,[START_REF] Husken | Hydrophilic segmented block copolymers based on poly(ethylene oxide) and monodisperse amide segments[END_REF], the coherent scattering usually disappears in the melt, suggesting a loss of ordering [START_REF] Versteegen | Properties and Morphology of Segmented Copoly(ether urea)s withUniform Hard Segments[END_REF]. Nevertheless, some studies also show that remaining phase separation in the melt is possible when the interaction parameter is high enough. The SAXS intensity of T4T-PTHF systems revealed the presence of clusters above the melting temperature, probably due to the strong H-bonds formation between ester-amide groups [START_REF] Baeza | Multiscale Organization of Thermoplastic Elastomers with Varying Content of Hard Segments[END_REF]. Most studies focus on the changes in the long period when modifying the chain architectures, showing the correlation between domain spacing d * and SS length [START_REF] Koo | Structure and Properties of Semicrystalline-Rubbery Multiblock Copolymers[END_REF][START_REF] Koo | Microstructure and Mechanical Properties of Semicrystalline-Rubbery-Semicrystalline Triblock Copolymers[END_REF]. The effect of the block sequence regularity has also been studied, revealing smaller domain spacing for alternating copolymers compared to random ones [START_REF] Lee | Structure, and Properties of Alternating and Random Poly(styreneb-butadiene) Multiblock Copolymers[END_REF]. While segmentation (increase of the number of blocks at constant total chain length, thus reducing the SS molecular weight) results in a clear decrease of d * [START_REF] Spontak | Perfectly-Alternating Linear (AB)n Multiblock Copolymers: Effect of Molecular Design on Morphology and Properties[END_REF][START_REF] Zhang | Evolution of Microphase Separation with Variations of Segments of Sequence-Controlled Multiblock Copolymers[END_REF], adding more blocks in the chain (increasing the total length at the same time) was found to have not significant impact on the long period [START_REF] Lee | Sustainable Poly(lactide-b-butadiene) Multiblock Copolymers with Enhanced Mechanical Properties[END_REF], at least for large numbers of blocks (a small increase can be observed in the transition from diblocks to triblocks) [START_REF] Wu | Consequences of Block Number on the Order-Disorder Transition and Viscoelastic Properties of Linear (AB)n Multiblock Copolymers[END_REF]. Further analysis of the form factor can also provide interesting information about the geometry of the crystallites, in particular their lateral dimensions, thickness (or height) H and width W [16,[START_REF] Baeza | Multiscale Organization of Thermoplastic Elastomers with Varying Content of Hard Segments[END_REF][START_REF] Odarchenko | Primary Chemical Sequence Ultimately Determines Crystal Thickness in Segmented All-Aliphatic Copolymers[END_REF]. One can also estimate the cross-section of the ribbons H × W from the value of the long period and crystalline volume fraction [START_REF] Baeza | Multiscale Organization of Thermoplastic Elastomers with Varying Content of Hard Segments[END_REF]. Using geometrical considerations and assuming a particular arrangement of the crystallites as shown in Figure 1.9, one can get the following relationship:

Φ = µHW d * 2 (1.4)
where H is the height of the crystallite, corresponding to the crystalline stem length. µ equals either 3 or 1 depending on the local organization of the ribbons (respectively isotropic or aligned along their long axis as in Figure 1.9). Other crystalline network geometries can also be considered instead of this square lattice. For instance, Sijbrandi et al. proposed a hexagonal packing of the crystallites leading to a slightly different expression linking Φ, d * , H, and W [16]. Combining the different characterization techniques described above, other parameters concerning both the chain architecture and elaboration conditions have been found to influence the resulting morphology. The chemical composition of the SS can have an impact of the HS domains' size. In fact, changing the chemistry of the SS modifies the compatibility between the two blocks. A lower compatibility will increase the proportion of phase separated HS and reduce the part of dissolved HS in the soft phase [START_REF] Choi | Influence of soft segment composition on phaseseparated microstructure of polydimethylsiloxane-based segmented polyurethane copolymers[END_REF]. Other works showed the impact of the HS polydispersity on the crystallization. As one may have expected, increasing the polydispersity leads to lower crystallinity and higher variations of the crystallite's thickness [50]. The strong dependence of these materials' morphology to the processing conditions is also often reported in literature, especially when dealing with solvent-based processing methods. For instance, solvent vapor treatment was found to significantly improve the structure's regularity and alignment of the domains in a microphase separated block copolymer film [START_REF] Kim | Solvent-induced ordering in thin film diblock copolymer/homopolymer mixtures[END_REF]. The morphology resulting from SC of such materials was also found to be very sensitive to the evaporation conditions, especially the temperature determining the evaporation rate, lower temperature (thus slower evaporation) leading to thinner domains [START_REF] Liang | Lamellar orientation in thin films of symmetric semicrytalline polystyrene-b-poly (ethylene-co-butene) block copolymers: Effects of molar mass, temperature of solvent evaporation, and annealing[END_REF].

Even the thickness of the film, mainly controlled by the concentration of the solution used for SC is of primary importance for the final morphology, since crystallization can be completely suppressed in the case of very thin film (ca. 10 nm) [START_REF] Li | Influence of interfacial constraints on the morphology of asymmetric crystalline-amorphous diblock copolymer films[END_REF]. However, although numerous similar examples of such processing conditions dependence of the morphology of semicrystalline block copolymers can be found in the literature (see the thorough work of He et al. [18]), it is still difficult to bring out a general trend clarifying the impact of each processing parameter on the final structure.

Thermomechanical properties 1.3.1 Dynamic properties and phase transitions

Because of their rather complex chain structure including two chemically different polymers (motifs) in the same chain, combined with the semicrystalline nature of the blocks, segmented block copolymers exhibit a quite rich thermomechanical behavior whose different phase transitions can be discussed as a function of the chain structure. In addition to purely calorimetric characterizations provided by differential scanning calorimetry (DSC), dynamic mechanical analysis (DMA) is probably the most suitable experimental method to study the thermomechanical properties of polymers. Such analysis often consists in measuring the evolution of the complex modulus (storage and loss moduli, respectively noted G , G ) at constant frequency and as a function of temperature. This type of measurement is usually performed applying a sinusoidal deformation with a low strain amplitude in order to characterize the behavior of the material resulting from the chains fluctuations near their equilibrium configuration (linear mechanical properties). Figure 1.10 shows a typical behavior for a poly(ether-amide) copolymer obtained in DMA (temperature sweep). At very low temperature, the material is in the glassy state and has a high storage modulus (around 1 GPa) which is quasi-independent of the HS chemistry and content [START_REF] Gaymans | Segmented copolymers with monodisperse crystallizable hard segments: Novel semicrystalline materials[END_REF]. This glassy plateau ends with a drop of storage modulus and a maximum of loss modulus due to the glass transition of the SS. The glass transition temperature T SS g is essentially controlled by the chain stiffness, which depends on several parameters of the block copolymer. The chemical structure of the SS, driving the intramolecular interactions, will of course influence the value of T SS g . Let us consider for instance two polymers commonly used as SS in TPE: PTHF and PEO. Both chemistries present strong dipole interactions due to the ether group but its higher concentration in PEO explains the larger glass transition temperature compared to PTHF. The molecular weight of the SS also impacts the value of T SS g . Indeed, decreasing the SS length and thus the distance between network points increases the chain stiffness, leading to a higher T SS g . This evolution can be compared to what happens in chemically crosslinked polymers. The effect of an increase of the crosslink density on the glass transition temperature is usually described by the empirical equation of Nielsen, predicting an increase of T g inversely proportional to the molecular weight between crosslinks [START_REF] Krevelen | Properties of Polymers[END_REF]. It has been shown that the behavior in segmented copolymers is similar and can be described by the same trend in TPE [START_REF] Lee | Sustainable Poly(lactide-b-butadiene) Multiblock Copolymers with Enhanced Mechanical Properties[END_REF][START_REF] Zhang | Evolution of Microphase Separation with Variations of Segments of Sequence-Controlled Multiblock Copolymers[END_REF][START_REF] Van Der Schuur | Segmented block copolymers based on poly(propylene oxide) and monodisperse polyamide-6,T segments[END_REF]. The presence of dissolved HS in the SS phase can also modifies T SS g , which is well-described by the Fox equation [39,[START_REF] Lee | Structure, and Properties of Alternating and Random Poly(styreneb-butadiene) Multiblock Copolymers[END_REF][START_REF] Van Der Schuur | Segmented block copolymers based on poly(propylene oxide) and monodisperse polyamide-6,T segments[END_REF]:

1 T SS g = w SS T SS g,0 + w HS T HS g,0 (1.5)
where w SS , w HS , T SS g,0 and T HS g,0 are the weight fractions and glass transitions of neat SS and HS respectively. The latter effect is often very weak in TPE made of segmented copolymers since the blocks are chosen for their relatively strong incompatibility leading to MST and reducing the probability of dissolved HS in the SS phase. However, it has been observed that the HS molecular weight distribution can also impact the fraction dissolved in the soft phase. In fact, a polydisperse HS distribution is known to lead to a higher HS concentration in the soft phase and thus a higher T SS g compared to monodisperse HS [START_REF] Van Der Schuur | Segmented block copolymers based on poly(propylene oxide) and monodisperse polyamide-6,T segments[END_REF]. Finally, the polydispersity of the SS has also been found to slightly increase the value of T SS g [50].

At higher temperatures, the TPE can either exhibit a plateau modulus in the case of amorphous SS or another transition due to the melting of SS occurring at T SS m . In the latter case, the presence of SS crystallites increases the modulus between T SS g and T SS m , and the plateau modulus is shifted to temperatures higher than T SS m . This melting temperature depends on both the chemistry and the molecular weight of the SS, the latter impacting the crystallite size [START_REF] Gaymans | Segmented copolymers with monodisperse crystallizable hard segments: Novel semicrystalline materials[END_REF]. One can note that T SS m is often around room temperature. Therefore, the properties at room temperature can be markedly different whether T SS m is above (for instance in the case of PEO, PHA or PCL SS) or below room temperature (PTHF). It has been reported that the crystallization of the soft phase is highly dependent on the SS length. For instance, it has been found that PTHF SS crystallize only for molecular weight great than ca. 1.5 kg.mol -1 [11,13,20,45,52,53,[START_REF] Odarchenko | Primary Chemical Sequence Ultimately Determines Crystal Thickness in Segmented All-Aliphatic Copolymers[END_REF][START_REF] Niesten | Tensile and elastic properties of segmented copolyetheresteramides with uniform aramid units[END_REF]. The following plateau modulus (also called "rubber plateau") is due to the presence of both entanglements in the soft phase and HS crystallites. The latter, acting like physical crosslinks between the SS but also as dispersed hard fillers in a soft matrix, are at the origin of the reinforcement of the material (i.e. the increase of the plateau modulus value compared to the neat soft polymer) which is discussed in details in Section 1.3.2. The temperature dependence of the rubber plateau is known to be attributed to a gradual melting of the crystallites, usually evidenced in DSC by a broad endothermic peak of melting [START_REF] Eisenbach | New insights in the structure and properties of segmented polyurethane elastomers from non-hydrogen bond forming model systems[END_REF]. This decrease is much more pronounced in systems having a highly polydisperse HS molecular weight distribution, leading to a broad range of crystallite sizes [START_REF] Biemond | Segmented Block Copolymers with Monodisperse Hard Segments: The Influence of H-Bonding on Various Properties[END_REF]. On the contrary, the effect is quasi-nonexistent in monodisperse HS systems, as shown in Figure 1.10. Even more counter-intuitive, some works revealed a slight increase of the rubbery modulus with temperature, reminding the entropic elasticity in ideal crosslinked elastomers [52,[START_REF] Van Der Schuur | Influence of morphology on the properties of segmented block copolymers[END_REF]. If an amorphous HS phase is present, then the system can exhibit a second glass transition at T HS g . This transition is more pronounced in the case of low HS-SS compatibility (low dissolved HS content) and low crystallinity (important amorphous HS phase). Finally, the plateau ends at the flow temperature corresponding to the melting of the HS crystallites at T HS m . This flow temperature is known to decrease when decreasing the HS content [11,13,52,52,[START_REF] Nie | Thermodynamics of strain-induced crystallization of random copolymers[END_REF]. This phenomenon is explained by the solvent effect theory of Flory [START_REF] Flory | Theory of Crystallization in Copolymers[END_REF] described by the following expression:

1 T HS m - 1 T HS m,0 = N A k B ∆H HS m,0 V HS V SS ϕ SS -χ AB ϕ 2 SS (1.6)
where T HS m,0 and ∆H HS m,0 are the theoretical melting temperature and heat of fusion of the neat hard polymer, V HS and V SS the molar volume of the HS and SS, χ AB is the Flory interaction parameter and ϕ SS is the volume fraction of diluent SS.

The HS crystallinity is also very dependent on the chain structure. It obviously depends on the chemical nature of the HS. While polyurethanes with HMDI or piperazine-BDO HS present relatively high crystallinity (75 wt. % for the latter) [START_REF] Eisenbach | New insights in the structure and properties of segmented polyurethane elastomers from non-hydrogen bond forming model systems[END_REF], MDI-based polyurethanes often exhibit very low crystallinity in comparison (20 wt. % of the HS) [START_REF] Das | Structure-property relationships and melt rheology of segmented, non-chain extended polyureas: Effect of soft segment molecular weight[END_REF]. The effect of polydispersity is also important, as shown on polyamide-based multiblock copolymers, whose HS crystallinity drops from 92 to 71 wt. % when increasing the polydispersity index from 1.0 to 1.2 [50]. Different methods can be used to quantify the crystallinity in TPE, as in semicrystalline polymers in general. Wide angle X-ray scattering (WAXS) is usually a good method, especially for high crystallinities [START_REF] Rangarajan | Morphology of Semicrystalline Block Copolymers of Ethylene-(Ethylene-aJf-propylene)[END_REF][START_REF] Koo | Structure and Properties of Semicrystalline-Rubbery Multiblock Copolymers[END_REF][START_REF] Koo | Microstructure and Mechanical Properties of Semicrystalline-Rubbery-Semicrystalline Triblock Copolymers[END_REF], however the relatively low HS concentration and their short block's length often makes the coherent scattering peaks difficult to distinguish from the broad amorphous peak [START_REF] Gaymans | Segmented copolymers with monodisperse crystallizable hard segments: Novel semicrystalline materials[END_REF]. DSC remains the usual method to determine crystallinity in segmented copolymers, even if in some situations, the calculation of crystallinity from the endothermic peak is not possible: for instance when the theoretical heat of fusion of the 100 % crystalline material is unknown [START_REF] Van Der Schuur | Segmented block copolymers based on poly(propylene oxide) and monodisperse polyamide-6,T segments[END_REF], or when exothermic mixing energies resulting from a strong SS-HS interaction modify the endotherm of fusion [START_REF] Husken | Hydrophilic segmented block copolymers based on poly(ethylene oxide) and monodisperse amide segments[END_REF]. Fast scanning calorimetry methods can also be used to understand the effect of the cooling rate on crystallization, revealing that very fast rates (greater than 800 °C.s -1 ) are required to maintain poly(ether-esteramide) copolymers completely amorphous [49]. Fourier-transform infrared spectroscopy (FTIR) can be an alternative method to DSC when specific bands corresponding to the crystalline packing are present [16,21,50,[START_REF] Husken | Hydrophilic segmented block copolymers based on poly(ethylene oxide) and monodisperse amide segments[END_REF][START_REF] Lee | Domain and Segment Orientation Behavior of PBS-PTMG Segmented Block Copolymers[END_REF]. Some works also report other less common methods for the determination of crystallinity, based on density [START_REF] Rangarajan | Morphology of Semicrystalline Block Copolymers of Ethylene-(Ethylene-aJf-propylene)[END_REF][START_REF] Séguéla | Structural and mechanical properties of a polyethylene-based thermoplastic elastomer[END_REF], POM [START_REF] Zhu | The Crystallization Behavior and the Mechanical Properties of Segmented Poly(ether ester) Thermoplastic Elastomers[END_REF] or even SAXS measurements [43]. While POM is often used to study the crystallization kinetics, this method is not always suitable for segmented block copolymers which do not always present a spherulitic growth of the crystal (especially when the HS content is low), required to evaluate the crystallization rate [START_REF] Gaymans | Segmented copolymers with monodisperse crystallizable hard segments: Novel semicrystalline materials[END_REF]. Isothermal DSC measurements is feasible, but once again, the often low HS concentrations is a limiting factor to extract accurate results from the crystallization peak. Thus, nonisothermal DSC is often employed, and the kinetics analysis is based on the interpretation of the super-cooling value (i.e. the temperature difference between the melting peak and the onset of crystallization: T HS m -T HS c ). Low values, often observed for copolymers with short monodisperse HS indicate high crystallization rates (usually attributed to the ease of ordering of such segments) [11,21,52], while increasing polydispersity undoubtedly leads to larger super-cooling values and thus lower rates of crystallization [50]. Above T HS m , one can also study the melt flow behavior of segmented copolymers using rheological characterizations. The melt rheological behavior of high-molecular weight segmented block copolymers is generally quite similar to that of homopolymers [START_REF] Gaymans | Segmented copolymers with monodisperse crystallizable hard segments: Novel semicrystalline materials[END_REF]. In fact, this is the case when the temperature is above the MST temperature (T M ST ), but the rheological behavior in the terminal zone becomes highly impacted when MST occurs [START_REF] Fleury | Structure and Properties of Hexa-and Undecablock Terpolymers with Hierarchical Molecular Architectures[END_REF]. This is clearly illustrated in Figure 1.11. While the melt flow behavior of a low-T M ST copolymer is quasi-Maxwellian, with G ∼ ω 2 and G ∼ ω 1 (see Figure 1.11a), the frequency response of a high-T M ST copolymer in the molten state is significantly different (Figure 1.11b). First, the crossover of G and G is postponed to much longer times, meaning that the terminal relaxation is strongly slowed down. Second, the slopes of both G and G in the flow region are much lower than the ones of an ideal Maxwell behavior: G ∼ G ∼ ω 1/2 . In addition, one can notice the failure of TTS in Figure 1.11b, indicating the system is not behaving like a simple homopolymer. This reminds of the discussion in Section 1.2.2 about nanostructuration concerning the dependence of the melt microphase separation behavior on the number of blocks in the copolymer chain (see Figure 1.5), well-evidenced by rheological characterizations on multiblock copolymers compared to diblocks and triblocks. Stress relaxation experiments on the latter revealed that it is possible to break this structure under strain, leading to a lower viscosity followed by a rapid thickening characteristic of the reformation of the clusters, illustrating the thixotropic behavior of the melt [START_REF] Arun | The melt rheological behavior of AB, ABA, BAB, and (AB)n block copolymers with monodisperse aramide segments[END_REF].

Figure 1.12: Cole-cole representation (storage modulus as a function of loss modulus) in a SBS block copolymer at various temperatures. Reproduced from ref [23].

The strong dependence of the complex modulus in the terminal zone (flow region) on the microphase separation demonstrated above is often used to determine the MST temperature T M ST . In fact, it was shown that the Cole-Cole plots, i.e. the representations of G (ω) as a function of G (ω) are dependent on temperature below T M ST but not above, all falling onto a single curve [23,27,58] whatever the temperature when T > T M ST . Therefore, T M ST can be estimated from the onset of temperature dependence, i.e. the temperature corresponding to the deviation from this single curve as shown in Figure 1.12.

One should note that the rheological behavior of such systems becomes even more complex in the nonlinear regime. Indeed, different types of effects due to the high shear flow are likely to modify the microstructure in both amorphous and semicrystalline segmented block copolymers. Flow-induced alignment of chain blocks [START_REF] Koo | Microstructure and Mechanical Properties of Semicrystalline-Rubbery-Semicrystalline Triblock Copolymers[END_REF], orientation of preexisting [26] domains or even modification of the crystallization behavior [65,[START_REF] Ho | Crystallization-Induced Undulated Morphology in Polystyrene-b-Poly(l-lactide) Block Copolymer[END_REF][START_REF] Malek | Linear and nonlinear rheological behavior and crystallization of semicrystalline poly(styrene)-poly(l-lactide) block copolymers[END_REF] are known to happen in such systems and impact the flow properties. These effects and more specifically flow-induced crystallization (FIC) will be discussed in depth in the introductions of Chapters 8 and 9.

Rubbery state and reinforcement

TPE made of segmented copolymers carrying soft (rubber) and hard (semicrystalline) blocks can be considered as a soft matrix filled with crystallites whose main effect on the mechanical properties is an increase of the modulus. We talk about "reinforcement", defined as the ratio of the modulus of the TPE and the modulus of the neat matrix. In the case of entangled polymers, it is usual to define the reinforcement χ as the ratio of the plateau moduli:

χ = G N G 0 N (1.7)
where G N and G 0 N are the plateau moduli of the TPE and neat rubber polymer respectively. This phenomenon is not specific to semicrystalline TPE but also concerns all semicrystalline polymers as well as nanocomposites materials [START_REF] Heinrich | Reinforcement of elastomers[END_REF]. Thus, the definition of χ must be extended to the general case as the ratio between the modulus of the composite and the modulus of the neat matrix. One of the most famous model of reinforcement for nanocomposites made of a liquid-like or rubber matrix filled with hard nanoparticles (suspension of rigid spherical inclusions) is the well-known Einstein-Smallwood equation, predicting an increase of the viscosity due to hydrodynamic effects:

χ = 1 + 2.5Φ (1.8)
where Φ is the volume fraction of fillers [START_REF] Smallwood | Limiting Law of the Reinforcement of Rubber[END_REF]. This equation, valid only at low concentrations, has been extended to account for particles interactions, leading to the Guth-Gold model [START_REF] Guth | Theory of filler reinforcement[END_REF] including an additional quadratic term:

χ = 1 + 2.5Φ + 14.1Φ 2 .
(1.9)

Nanocomposites filled with non-spherical particles require a further modification of the model. The use of rod-like particles can be accounted by including the aspect ratio of the fibers r a in the model [START_REF] Guth | Theory of filler reinforcement[END_REF][START_REF] Mullins | Stress softening in rubber vulcanizates. Part I. Use of a strain amplification factor to describe the elastic behavior of filler-reinforced vulcanized rubber[END_REF][START_REF] Treloar | The physics of rubber elasticity[END_REF]:

χ = 1 + 0.67r a Φ + 1.62r 2 a Φ 2 . (1.10)
Even with the latter corrections, these hydrodynamic considerations are not sufficient to fully describe the modulus of nanocomposites. Indeed, while the reinforcement is well predicted at low volume fractions (typically Φ < 10 %) these models fail for higher filler contents for which the experimental reinforcement is higher than the prediction. This deviation is known to be due to the combination of several effects. First, the presence of hard particles (fillers or crystallites) is likely to affect the dynamics of the soft phase. Several works have suggested the presence of a glassy phase at the interphase separating the filler and the unperturbed matrix [START_REF] Kraus | Reinforcement of elastomers by carbon black[END_REF][START_REF] Merabia | A microscopic model for the reinforcement and the nonlinear behavior of filled elastomers and thermoplastic elastomers (Payne and Mullins effects)[END_REF][START_REF] Merabia | Unique plastic and recovery behavior of nanofilled elastomers and thermoplastic elastomers (Payne and Mullins effects)[END_REF]. In spite of a lack of consensus concerning the glassy nature of this interphase, a loss in the segmental mobility of the rubber bounded (chemically or physically) to the particle is unequivocal [START_REF] Bailey | Dynamics of polymer segments, polymer chains, and nanoparticles in polymer nanocomposite melts: A review[END_REF]. The resulting increase of the glass transition temperature (or broadening of the segmental relaxation) is thus a possible explanation of the higher reinforcement. Also, the immobilization of part of rubber in the vicinity of the filler is likely to lead to higher hydrodynamic reinforcement which can be taken into account by an increase of the effective volume fraction of fillers. The presence of such an immobilized phase, often refereed as bound rubber or occluded rubber [START_REF] Vilgis | Reinforcement of polymer nano-composites: theory, experiments and applications[END_REF][START_REF] Mujtaba | Mechanical Properties and Cross-Link Density of Styrene-Butadiene Model Composites Containing Fillers with Bimodal Particle Size Distribution[END_REF], can be easily identified by solvent extraction [START_REF] Medalia | Effective degree of immobilization of rubber occluded within carbon black aggregates[END_REF].

The other contribution known to have a important effect on the plateau modulus of such nanocomposites is the formation of a hard network, i.e. a percolating solid phase including the filler particles [START_REF] Mujtaba | Mechanical Properties and Cross-Link Density of Styrene-Butadiene Model Composites Containing Fillers with Bimodal Particle Size Distribution[END_REF]. This percolation, typically occurring around Φ ≈ 15 % results in a strong and sharp increase of the modulus. Far from being composed of fillers only, this network also comes from the presence of the immobilized matrix increasing the fraction of solid material able to participate in such a percolating hard phase [START_REF] Mujtaba | Mechanical Properties and Cross-Link Density of Styrene-Butadiene Model Composites Containing Fillers with Bimodal Particle Size Distribution[END_REF]. In addition, it is well-known from the mechanical point of view that the aspect ratio of the fillers will have an impact on the volume fraction required to percolate. 1-dimensional (nanotubes) or 2-dimensional (clays) fillers with large aspect ratio will obviously lead to a filler network at a low filler content [START_REF] Boonstra | Role of particulate fillers in elastomer reinforcement: a review[END_REF][START_REF] Bokobza | Natural Rubber Nanocomposites: A Review[END_REF].

An illustration of the role of bound rubber and particle network in the reinforcement of nanocomposites is the presence of the Payne effect [START_REF] Payne | The dynamic properties of carbon black-loaded natural rubber vulcanizates. Part I[END_REF]. This phenomenon is observed when looking at the evolution of the plateau modulus with strain amplitude and filler volume fraction. It is characterized by a strain-softening described by the Kraus model [START_REF] Kraus | Mechanical losses in carbon-black-filled rubbers[END_REF], occurring at smaller deformations when increasing the filler content. This effect is usually interpreted as the disruption of the filler network, and a possible detachment of the bound rubber from the particles. Figure 1.13 summarizes the different contributions to the plateau modulus of nanocomposites, explaining the difference of apparent reinforcement between small and large deformations. While at low strain the filler network is still intact, larger strains will break the continuous path of hard phase, leading to a smaller reinforcement originating only from hydrodynamic effect an occluded rubber.

(a) G(γ). Reproduced from ref [START_REF] Roland | Reinforcement of Elastomers[END_REF].

(b) Reinforcement. Reproduced from ref [START_REF] Mujtaba | Mechanical Properties and Cross-Link Density of Styrene-Butadiene Model Composites Containing Fillers with Bimodal Particle Size Distribution[END_REF]. The above-presented approach has the advantage of providing physical meaning to the observed reinforcement in nanocomposites. However, while the hydrodynamic effects are fully understood and described by well-established equations, the role of bound or occluded rubber and filler network remains more difficult to formalize, resulting in a lack of models taking these effects into consideration for the calculation of reinforcement. Nevertheless, other types of models -more phenomenological and less based on physical explanation -can be constructed to describe the reinforcement of composite materials. They consists in simplifying the system to a two-phase model (hard/soft) in which average stresses and strains are calculated as a function of the arrangements of each phase. These micromechanical models, using composite theory (rules of mixture), aim at providing the modulus of a composite E as a function of the moduli of its hard and soft phases, E h and E s respectively. The simplest cases corresponding to the parallel and series arrangements, respectively denoted the upper bound of Voigt and lower bound of Reuss, are given by the following equations:

E = Φ h E h + Φ s E s (1.11a) E = E h E s Φ s E h + Φ h E s (1.11b)
where Φ h and Φ s are the volume fraction of the hard and soft phases respectively. These bounds represent the limit cases of highest and lowest reinforcements to be expected in a composite material. Further refining of this two-phase approach generally consist in combining series and parallel models to build more complex micromechanical models giving a more accurate prediction of the composite's modulus [START_REF] Ahmed | A review of particulate reinforcement theories and for polymer composites[END_REF]. One can cite the well-know series-parallel model of Takayanagi originally developed for the modeling of semicrystalline polymers' moduli:

E = Λ (1 -Ψ) E s + ΨE h + 1 -Λ E h -1
(1.12)

where Λ and Ψ are the state of parallel and series coupling between the hard (crystalline) and soft (amorphous) phases [START_REF] Takayanagi | Application of equivalent model method to dynamic rheo-optical properties of crystalline polymer[END_REF]. The main problem with this type of model is the determination of values for these coupling parameters, whose physical meaning is hard to interpret (apart from the fact that their product ΛΨ is equal to the volume fraction of the hard phase). A more recent example introducing a coupling parameter allowing different deformations in the soft and hard phases in a parallel arrangement has been proposed by Humbert et al. [START_REF] Humbert | A re-examination of the elastic modulus dependence on crystallinity in semi-crystalline polymers[END_REF]. Even though the determination of the coupling parameter is still arbitrary (fitting parameter), this intermediate case between the lower and upper bounds has the advantage of using a single coupling parameter whose physical meaning can be understood as the stress concentration in the hard phase. One can also find a similar approach to establish a mechanical model for the calculation of the complex modulus G * (T ) in an amorphous butadiene-styrene block copolymer as a function of the modulus of each phase. The material is made of different domains consisting in alternating layers of soft and hard phases, forming lamellar planes oriented perpendicular or parallel with respect to the direction of deformation, resulting in a particular combination of the upper and lower bounds, constructed from the measurement of G * (T ) on neat polybutadiene and polystyrene [START_REF] Khasilov | Viscoelastic Properties of a Butadien-Styrene Block and Copolymer. A mechanical model[END_REF]. The Halpin-Tsai model is another famous example taking into account the shape and orientation of the crystallites. It is based on a filler geometry parameter (aspect ratio) whose precise physical meaning in the case of semicrystalline polymers remains elusive [START_REF] Halpin | Moduli of Crystalline Polymers Employing Composite Theory[END_REF][START_REF] Halpin | The Halpin-Tsai Equations: A Review[END_REF]. In the case of segmented copolymers forming ribbon-like crystallites, the interpretation of the aspect ratio could seem more meaningful. For instance, Gaymans et al. found that the evolution of the reinforcement in T6T6T-PPO multiblock copolymers with the volume fraction of crystallites can be well described by this model using an aspect ratio of 1000 (see Figure 1.14). The latter value seems in quite good agreement with TEM analysis, albeit overestimated when comparing with AFM images [START_REF] Van Der Schuur | Segmented block copolymers based on poly(propylene oxide) and monodisperse polyamide-6,T segments[END_REF]. To complete this effect of the particles' geometry on the reinforcement, one has to consider the opposite case of platelets particles, having two dimensions larger than the third one (in comparison to fibers having only one dimension much larger than the other two). It has been shown that such 2D (hard) particles, randomly dispersed in a soft matrix and not interacting with each other, provide a larger reinforcement than 1D fibers at equal volume fraction [START_REF] Van Es | Polymer-clay nanocomposites[END_REF]. Figure 1.15 illustrates this effect, presenting the reinforcement of such particles in a unidirectional composite (Figure 1.15a) and the result of the calculation for a composite with 3D-randomly oriented ellipsoids (Figure 1.15b).

Apart from these purely mechanical outlook, other approaches based on chain topology can be found in the literature to describe the reinforcement in semicrystalline polymers. It is generally accepted that the mechanical properties of semicrystalline polymers, including their stiffness, are ruled by the presence of amorphous chains connecting the different crystallites, namely chain entanglements and tie molecules [START_REF] Séguéla | Critical review of the molecular topology of semicrystalline polymers: The origin and assessment of intercrystalline tie molecules and chain entanglements[END_REF]. The presence of entanglements is not surprising for polymer chains longer than the critical mass 2M e required to have an entangled melt since during the crystallization process, the entanglements present in the molten phase are repelled in the amorphous phase by the growing crystals. Therefore, two chains involved in the same entanglement taking part in two different crystallites result in the formation of an intercrystalline molecular connection (see the illustration of Figure 1.16a). The formation of tie chains is also quite easy to understand by simply considering the difference of length scales between the average radius of gyration of a polymer molecule in the melt R 2

g 1/2 ≈ l k N 1/2
k / √ 6 (random coil conformation at equilibrium) and the thickness of the crystalline lamellae H. While the former can reach several tens of nanometers for long enough chains (hundreds of kg.mol -1 ), the latter is typically about 10 nm for polyethylene, indicating that several lamellae can form within the sphere of gyration of a unique chain, leading to the formation of tie strands between them (see the comparison of lamellae thickness and radius of gyration in Figures 1.16a and 1.16b. These considerations have lead to the development of topological models for the reinforcement in semicrystalline polymers, mainly based on the fraction of tie molecules in the intercrystalline amorphous layer. Such models can be constructed as an extension of the Takayanagi model, including series and parallel associations of crystalline, isotropic amorphous and taut tie molecules phases [START_REF] Peterlin | Drawing and annealing of fibrous material[END_REF]. Another strategy to account for the role of tie chains is to consider the stretching of a macromolecular network and modify the theory of rubber elasticity (G = νk B T where ν is the density of elastically active chain) to account for the non-Gaussian character of the taut tie molecules:

G = νk B T × F (Φ, N e ) (1.13) 
where F (Φ, N e ) is a function describing the straining of the amorphous phase and the non-Gaussian behavior of the taut tie chains [START_REF] Krigbaum | A theoretical treatment of the modulus of semi-crystalline polymers[END_REF]. It depends on both the crystallinity Φ and the length of the elastically active chains N e which controls the probability of occurrence of tie molecules (lower probability for higher N e ).

The case of TPE made of semicrystalline segmented copolymers, of primary interest in our case, has also been extensively studied in the literature, but in a more empirical way. Indeed, very few works aim at analyzing the reinforcement as a function of the volume fraction of crystallites, but rather as a function of the HS content in the chain, leading to a certain lack of understanding. The first part of Chapter 6, consisting in a short review gathering experimental data of the reinforcement observed in different TPE, aims at filling this gap. Nevertheless, some studies try to unveil a general behavior for the evolution of the modulus as a function of the crystalline content. An empirical relationship has notably been proposed by Wegner et al. and later took over by Gaymans, showing the exponential trend of the reinforcement with the volume fraction of crystallites Φ:

χ = E h E s Φ (1.14)
where E h and E s are the moduli of the crystalline and amorphous phases respectively [START_REF] Zhu | The Crystallization Behavior and the Mechanical Properties of Segmented Poly(ether ester) Thermoplastic Elastomers[END_REF][START_REF] Niesten | Tensile and elastic properties of segmented copolyetheresteramides with uniform aramid units[END_REF]. This exponential growth of the plateau modulus with Φ has also been confirmed in a more recent study on T4T-PTHF multiblock copolymers in which the author also proposed an empirical exponential expression for the reinforcement:

χ = exp (AΦ) (1.15)
where A is a free parameter for fitting. The analogy with Equation (1.14) would predict A = ln (E h /E s ). Figure 1.17 shows a comparison of the experimental reinforcement measured in T4T-PTHF TPE with different models. The fit (dashed line on Figure 1.17) based on Equation (1.15) leads to a value of A equal to 18.3, revealing an important discrepancy with Equation (1.14) since the modulus of the crystalline phase is unlikely to be exp(18.3) higher than the modulus of the soft phase. One can also compare the evolution of the reinforcement with other models described above. While the empirical approaches like this exponential trend and the modified Guth-Gold model for fibers (Equation (1.10)) with an aspect ratio r a = 19 are found to reasonably fit the data, the classic Guth-Gold model for spherical inclusions (Equation (1.9)) is predicting a much too low reinforcement (by at least one order of magnitude), even for small Φ. One can also note the questionable meaning of the constant value for r a on the whole Φ range in the fit using Equation (1.10). Indeed, increasing the HS content is expected to impact both the length and width of the crystallites, necessarily changing their aspect ratio. Thus, the main assessment resulting from Figure 1.17 is a fundamental discrepancy between the reinforcement mechanisms in TPE compared to nanocomposites. Even at low volume fractions in crystallites, the usual models based on hydrodynamic considerations presented above failed to describe the reinforcement in TPE. Another innovative approach seems required. The main difference between nanocomposites and TPE, likely to explain this failing, is the fact that the crystallites are covalently linked to the rubber phase. Therefore, one could be tempted to use the Leibler's sticky reptation model in analogy to the behavior of supramolecular polymers for which the increase of plateau modulus comes from the presence of 1-coordinated stickers along the chain [START_REF] Leibler | Dynamics of Reversible Networks[END_REF]. In such supramolecular systems, the plateau modulus can be obtained from the density of elastically active chains between topological nodes made of both entanglements and associated stickers. In the case of TPE, the latter is directly related to the molecular weight of the SS M SS , and the resulting reinforcement is:

χ = 1 Me + 1 M SS 1 Me (1.16)
where M e is the molecular weight between entanglements. However, the use of Equation (1.16) is found to completely fail to predict the experimental reinforcement in TPE, even at low crystallinities. In fact, considering the TPE as a supramolecular network with zero-volume nodes resulting from the association of 1-coordinated stickers does not represent the actual microstructure of the crystallites characterized by a high functionality and a given volume. A more structure-based approach, taking these topological considerations into account, is presented in the following. Reproduced from ref [START_REF] Baeza | The Reinforcement Effect in Well-Defined Segmented Copolymers: Counting the Topological Constraints at the Mesoscopic Scale[END_REF].

The topological approach to describe the reinforcement in TPE recently proposed by Baeza is based on entropic elasticity in the complex microstructure above-mentioned [START_REF] Baeza | The Reinforcement Effect in Well-Defined Segmented Copolymers: Counting the Topological Constraints at the Mesoscopic Scale[END_REF]. The model is constructed in analogy to the classic interpretation of entropic elasticity in polymer networks, originating from the suppression of chain fluctuations due to topological constraints. First, let us recall the well-known case of the plateau modulus calculation in an entangled network of linear chains. Figure 1.18a illustrates the topological constraints present in an entangled linear polymer. Considering a polymer chain, one can define a characteristic length representing the distance between two consecutive entanglements: the tube diameter d T . The volume V e , defined as the volume of a sphere of diameter d T , contains P e entanglement strands belonging to different chains. It is important for the following to stress that these P e entanglements are not connected together since they are separated by distances smaller than d T . Assuming the material behaves like an affine network, the free energy change for a uniaxial deformation λ at constant volume V e is:

∆F = 1 2 P e k B T λ 2 + 2 λ -3 (1.17)
resulting in a shear modulus:

G 0 N = 1 V e ∂∆F ∂λ λ - 1 λ 2 = P e k B T V e = ν 0 k B T (1.18)
where ν 0 is the number density of entanglement strands [START_REF] Treloar | The physics of rubber elasticity[END_REF][START_REF] Rubinstein | Polymer Physics[END_REF].

In analogy to the previous case of an entangled polymer, let us now consider the topological constraints in the entangled matrix surrounding a crystallite in a TPE. The situation is represented in Figure 1.18b. Considering the same spherical volume V e centered on a crystallite, one can count the topological constraints consisting in P e entanglements covalently linked to N ce strands branched on the crystalline HS stems inscribed inside the sphere. In this case, the affine network model seems irrelevant since the macroscopic deformation λ will not affect independently each polymer strand which are all connected together due to the presence of the crystallite. Thus, one can imagine a cooperative behavior between entanglements and crystalline stems. Assuming an infinite rigidity of the crystal phase, the solicitation of one entanglement strand will in fact affect the N ce polymer strands connected to it. Therefore, the entropy change upon deformation per elastically active strand is N ce times greater than the one of a independent entanglement strand, leading to a total free energy change equal to N ce ∆F , where ∆F is defined in Equation (1.17). This result can be accounted by considering a local densification of the polymer network resulting in an effective (fictive) entanglement density:

ν x = N ce ν 0 . (1.19)
Then, the total strand density of the whole material (unmodified matrix far from the crystals + modified matrix close to the crystallites) can be evaluated using a simple volumetric ponderation:

ν tot = ν x Φ + ν 0 (1 -Φ) (1.20)
where Φ is the volume fraction of crystallites in the TPE, resulting in:

ν tot = ν 0 (1 + (N ce -1) Φ) . (1.21)
Considering the plateau modulus of the TPE:

G N = ν tot k B T (1.22)
and the previous definition of reinforcement given in Equation (1.7), one gets:

χ = ν tot ν 0 = 1 + (N ce -1) Φ (1.23)
which is the main result of this topological model, predicting the reinfoircement to be a function of two parameters: the volume fraction of crystallites Φ and the functionality N ce of the crystallites at a length scale smaller than d T . The second parameter depends on the geometry and dimensions of the crystallites. In the case of ribbon-like crystallites (as it is often the case for segmented copolymers) whose width W is smaller than the tube diameter d T , N ce can be simply evaluated as represented in Figure 1.19:

N ce = d T W ab (1.24)
where a and b are the lattice parameters of the crystallite.

Using geometrical considerations about the crystallites arrangement in space as presented in Section 1. be easily determined experimentally) and H, a and b which depends on the chain structure and chemistry:

N ce = d T d * 2 µHab Φ. (1.25)
Considering in addition that N ce 1, one can get the following expression for the reinforcement:

χ ≈ 1 + d T d * 2 µHab Φ 2 (1.26)
reminding the second order polynomial law of Φ presented above (Guth-Gold model and derivations) but including a meaningful prefactor instead of an free parameter.

The efficiency of this topological model to describe the increase of the rubbery plateau modulus in T4T-PTHF copolymers when increasing the crystalline volume fraction is presented in Figure 1.17. The prediction, resulting from structural characterizations based on DSC and SAXS were used in Figure 1.17. Contrary to classic hydrodynamic approach for nanocomposites (Guth-Gold model), the topological model seem to be in good agreement with the mechanical measurements up to a volume fraction in crystals of ca. 10 %. Above this value, additional effects already mentioned for nanocomposites, such as the the presence of a modified soft phase (occluded rubber) near the crystals, as well as the formation of a hard network (percolation of a hard phase made of both crystallites and occluded rubber), are likely to explain the deviation. The modification of the soft phase segmental relaxation when increasing the HS content in TPE has already been evidenced by dielectric spectroscopy experiments revealing an increase of the characteristic time, synonymous of a higher glass transition temperature (see Supporting Information of ref [START_REF] Baeza | The Reinforcement Effect in Well-Defined Segmented Copolymers: Counting the Topological Constraints at the Mesoscopic Scale[END_REF]), confirming the presence of a hardened confined SS phase [START_REF] Kim | Comparison of properties of thermoplastic polyurethane elastomers with two different soft segments[END_REF]. An attempt to explain the higher modulus observed in this case has been proposed as an extension of this topological model, taking into account the free energy change of confined SS between the crystallites resulting in an increase in the plateau modulus [START_REF] Baeza | The Reinforcement Effect in Well-Defined Segmented Copolymers: Counting the Topological Constraints at the Mesoscopic Scale[END_REF].

High deformations in the rubbery state

The whole part above discussing the reinforcement effect in the rubbery state is focused only on the linear elasticity. However, an important part of the works about the mechanical properties of TPE concerns the large strain behavior, often studied using uniaxial tension. The stress-strain curve resulting from a tensile gives an overview of the global mechanical behavior on a large range of deformations, in particular conditions defined by the applied strain rate and temperature. At small strains, the segmented copolymer has a linear elastic behavior and one can easily extract the Young's modulus corresponding to the slope of the curve. The latter is known to increase with the HS content, and more precisely follow the variations with the volume fraction of crystals described in the previous section. The ratio of Young's modulus over shear modulus E/G is often found to be close to 3, confirming the incompressibility of such elastomers: G = E 2(1+ν) with a Poisson ratio ν = 0.5 [51,[START_REF] Niesten | Tensile and elastic properties of segmented copolyetheresteramides with uniform aramid units[END_REF]. At higher strains, these materials are known to present a yield behavior. The yield point corresponds to the onset of plastic (permanent) deformation explained by a breakup of the percolation morphology consisting of a hybrid network made of both crystallites and bridging soft phase (tie molecules). This yield point has been found to be concomitant with a macroscopic necking behavior, especially for high HS content [START_REF] Das | Structure-property relationships and melt rheology of segmented, non-chain extended polyureas: Effect of soft segment molecular weight[END_REF]. It has been shown that yield stress and strain vary with the HS content in the copolymer chain: increasing the latter leads to higher yield stress and lower yield strain [11,51,[START_REF] Niesten | Tensile and elastic properties of segmented copolyetheresteramides with uniform aramid units[END_REF]. The effect of polydispersity has also been evidenced, showing that polydisperse HS systems result in lower yield stresses explained by a lower crystallites' resistance to shearing [50]. Higher temperatures are also known to decrease both the yield stress, in agreement with Eyring relationship [51], and the yield strain due to an increase in the ease of shearing the HS crystallites. The mechanical behavior above the yield point is very dependent on whether strain-hardening can occur or not. In the latter case, a strong strain-softening is usually seen in spite of the orientation effects, and explained by the shortening of the HS ribbons which can be observed using several techniques such as AFM [START_REF] Das | Structure-property relationships and melt rheology of segmented, non-chain extended polyureas: Effect of soft segment molecular weight[END_REF][START_REF] Sauer | Crystalline morphologies in segmented copolymers with hard segments of uniform length[END_REF], SAXS [17,33,44,45,56,[START_REF] Lee | Domain and Segment Orientation Behavior of PBS-PTMG Segmented Block Copolymers[END_REF][START_REF] Séguéla | Structural and mechanical properties of a polyethylene-based thermoplastic elastomer[END_REF][START_REF] Laity | A review of small-angle scattering models for random segmented poly(ether-urethane) copolymers[END_REF], WAXS [15,22,54,[START_REF] Koo | Structure and Properties of Semicrystalline-Rubbery Multiblock Copolymers[END_REF][START_REF] Odarchenko | Primary Chemical Sequence Ultimately Determines Crystal Thickness in Segmented All-Aliphatic Copolymers[END_REF], birefringence [20,46] or infrared-dichroism [24,33,[START_REF] Versteegen | Properties and Morphology of Segmented Copoly(ether urea)s withUniform Hard Segments[END_REF][START_REF] Lee | Domain and Segment Orientation Behavior of PBS-PTMG Segmented Block Copolymers[END_REF]. This well-admitted and well-documented scenario based on orientation and subsequent breakup of the HS crystallites is represented in the schematics of Figure 1.20. The strain-hardening effect is mainly attributed to the strain-induced crystallization of the SS. Even if its melting point is below room temperature, we know the melting temperature can be increased under orientation, as it is the case in crosslinked natural rubber [START_REF] Candau | Characteristic time of strain induced crystallization of crosslinked natural rubber[END_REF][START_REF] Candau | Strain-Induced Crystallization of Natural Rubber and Cross-Link Densities Heterogeneities[END_REF]. For instance, while the melting temperature of a 2 kg.mol -1 PTHF in a copolymer is ca. 0 °C when unoriented, it can reach 40 °C when stretched [START_REF] Niesten | Tensile and elastic properties of segmented copolyetheresteramides with uniform aramid units[END_REF]. This effect is observed for elongation ratio λ > 3 [START_REF] Versteegen | Properties and Morphology of Segmented Copoly(ether urea)s withUniform Hard Segments[END_REF][START_REF] Das | Structure-property relationships and melt rheology of segmented, non-chain extended polyureas: Effect of soft segment molecular weight[END_REF][START_REF] Husken | Segmented blockcopolymers with uniform amide segments[END_REF] and is clearly enhanced for higher molecular weights [11,51,[START_REF] Niesten | Tensile and elastic properties of segmented copolyetheresteramides with uniform aramid units[END_REF].

Finally, the rupture behavior has also been the topic of several studies, both experimental and theoretical. A general trend usually observed concerning the relationship between chain structure and fracture is the increase of the engineering fracture stress σ eng r and decrease of engineering fracture strain ε eng r when increasing the HS content. However, the true fracture stress σ true r = σ eng r (1 + ε eng r ) has been found to be quasi-independent on HS content and polydispersity, but highly dependent on the total molecular weight of the chain [50,[START_REF] Niesten | Tensile and elastic properties of segmented copolyetheresteramides with uniform aramid units[END_REF][START_REF] Arun | Structure and Properties of Mono-, Di-, Tri-and Multiblock Segmented Copolymers with Diamide Hard Segments[END_REF]. One should note the particularly high fracture strains usually observed in the case of short monodisperse HS (λ r ≈ 16 [35,[START_REF] Versteegen | Properties and Morphology of Segmented Copoly(ether urea)s withUniform Hard Segments[END_REF][START_REF] Niesten | Tensile and elastic properties of segmented copolyetheresteramides with uniform aramid units[END_REF][START_REF] Das | Structure-property relationships and melt rheology of segmented, non-chain extended polyureas: Effect of soft segment molecular weight[END_REF] compared to crosslinked elastomers usually breaking around λ r ≈ 7). This result suggests that the HS ribbons are easily sheared, allowing a higher maximum elongation than achievable in a rubber made of classic crosslinks. The true fracture stress is also obviously increasing thanks to the strain-hardening due to the strain-induced crystallization of the SS [11]. Concerning the effect of temperature, it has been demonstrated that increasing it results in lower fracture strain. This can be interpreted considering the fact that the absence of strain-hardening reduces the stabilization of the deformation and thus leads to a decrease of the fracture stress [START_REF] Gaymans | Segmented copolymers with monodisperse crystallizable hard segments: Novel semicrystalline materials[END_REF].

This transition towards a brittle behavior with increasing temperature has also been the object of theoretical considerations. Modeling the TPE as a transient network, whose HS association is ruled by Eyring kinetics and in which the failure is attributed to a loss of connectivity, Aime et al. were able to describe the correct stress and temperature dependence of failure strain [START_REF] Aime | A model for failure in thermoplastic elastomers based on Eyring kinetics and network connectivity[END_REF].

Molecular dynamics simulations of polymers 1.4.1 Computational materials science

Computer simulations are an interesting complement to conventional experiments in order to investigate the properties of various materials. They constitute additional tools to study the structure, interactions and dynamic properties from the molecular point of view. They often provide new information with high accuracy which cannot be easily obtained through other methods.

Modeling materials with computer simulations is a tricky task due to the wide range of length scales which have to be considered for a full characterization. Polymers are a good example of such complex materials having different length scales, ranging from a few Angström for the atomic scale, to several micrometers when dealing with the network, through a few nanometers to hundreds of nanometers for the monomer and chain lengths. In addition, these length scales are linked to particular time scales also spread on a wide range of order of magnitude: a few femtoseconds for atomic bond vibrations, several picoseconds for local conformation changes (β relaxation) to nanoseconds for segmental (α) relaxation, and microseconds to milliseconds for chain relaxation (Rouse process and reptation). As a consequence, several simulation techniques are required to embrace the whole range of characterization [START_REF] Kremer | Computer Simulations for Macromolecular Science[END_REF][START_REF] Maurel | Simulations multi-échelles de matériaux polymères[END_REF].

Approaches based on quantum mechanics provide a good description of the atomic length and time scales, accounting for electronic effects. These ab initio methods consist in solving the Schrödinger equation and are limited to systems containing a few hundreds of atoms.

Molecular simulations, such as molecular dynamics (MD) and Monte Carlo (MC) enable to model bigger systems containing hundreds of thousands of atoms. Typically reachable length and time scales are the nanometer and the nanosecond. While the principle of the MC method lies in minimizing the energy of a static system, MD consist in solving the equations of motion, providing a route to the dynamical properties of the system. Electronic effects are not taken into account in these methods. An atom is no longer represented as a nucleus and an electronic part, but as a single entity. Interatomic interactions are specified by potentials which have been determined from quantum mechanical calculations. Coarse-graining can also be used to reach slightly bigger scales by representing groups of atoms as a single bead, thus reducing the total number of beads required to model the same volume of material compared to the previous "all atoms" approach. For instance, CH 2 and CH 3 units can be represented by single "united atoms" interacting through more approximate potentials. More approximate models can even group the atoms at the length scale of the monomer or the Kuhn monomer [START_REF] Maurel | Simulations multi-échelles de matériaux polymères[END_REF][START_REF] Allen | Computer Simulation of Liquids[END_REF].

At very large length scales (above the millimeter), methods based on continuums mechanics (such as finite elements), based on constitutive equations, are used to study the macroscopic behavior of a material having a particular geometry. Time scales can reach several seconds.

In between, mesoscopic methods are used to describe large systems keeping a discrete representation of the material. dissipative particle dynamics (DPD) simulations can model systems containing a high number of particles over a time scale of several microseconds.

Generalities about molecular dynamics

MD is used to simulate the evolution over time of a system containing several bodies (or beads), which could represent atoms or groups of atoms as mentioned above. The method is based on a numerical step-by-step resolution of the equations of motion established from Newton's law:

m d 2 r dt 2 = f (1.27)
where m is the mass of the body and r its position vector. The force f applied on this body is deduced from the definition of the potential U :

f = ∇U. (1.28)
The integration of the equations is performed after defining several constraints. Boundary conditions are specified as well as the statistical ensemble defining the thermodynamical parameters which are kept constant during the simulation. Therefore, the reliability of the results obtained with this method depends on three keypoints:

-the potentials defining the bodies and their interactions, -the integration algorithm, -the design constraints.

Defining the potentials is of primary importance since the bodies themselves are defined by their interactions in MD. The potentials definition can be obtained from electronic calculations (ab initio method) or from molecular mechanics, leading to empirical potentials whose free parameters are adjusted to fit quantum mechanics results or known experimental physical properties [START_REF] Allen | Computer Simulation of Liquids[END_REF]. Generic model can also be built with model potential whose parameters values are not designed for a particular molecule or atom type. This type of model cannot provide quantitative results but only qualitative ones. In addition, the potentials will differ according to the level of coarse-graining. Indeed, all-atom models require the explicit definition of the interactions between every atom, contrary to united-atom or monomer coarse-grained (CG) models. Coarse-graining is often used to simulate a large number of molecules keeping a reasonable calculation time due to the fewer number of particles and interactions. The methods to build CG models will be developed in Section 1.4.4.

Potentials can be classified into different categories according to the type of interaction they model. Bonded potentials refer to strong interactions between bonded bodies, such as covalent bonds between two atoms. Weaker interactions such as van der Walls bonds are defined by nonbonded potentials. A simple example of weak intermolecular interaction is the Lennard-Jones (LJ) potential:

U LJ (r) = 4ε σ r 12 -σ r 6 for r ≤ r c 0 (or U LJ (r c ) if shifted) for r > r c (1.29)
where ε is the depth of the potential well, σ the distance at which the potential is zero and r c is the cutoff radius. For distances greater than r c , the potential can be shifted to maintain the continuity. One should note the isotropic character of the LJ potential. Modeling directional physical interactions such as hydrogen bonds can require the use of other potentials.

Potentials also differ according to the number of interacting bodies they concern: one can differentiate pair potentials from many-bodies potentials. For instance, embedded atom method (EAM) potential is a function of the electronic density and is mainly used for metals. 3-bodies and 4-bodies potentials can also be found to model covalent bond with control of the bond angle and dihedral angle.

In MD simulations, the equations of motion are numerically solved using an integration algorithm based on finite difference method providing a discrete solution at regular intervals defined by the timestep δt. The choices of both the algorithm and the timestep are important to ensure the stability of the solution. The timestep must be significantly smaller than the shortest relaxation time of the system, usually related to interatomic vibrations. Thus, a common value for δt ranges between 0.1 and 2 fs [START_REF] Maurel | Simulations multi-échelles de matériaux polymères[END_REF].

The integration of Newton's equation is usually performed using the Verlet algorithm providing a good stability. Several -but mostly equivalent -methods of this algorithm can be found in the litterature [START_REF] Allen | Computer Simulation of Liquids[END_REF]. The original one, also called "velocity Verlet" algorithm, may be written:

r(t + δt) = r(t) + δtv(t) + 1 2 δt 2 a(t) (1.30a) v(t + δt) = v(t) + 1 2 δt 2 (a(t) + a(t + δt)) (1.30b)
where v = dr dt and a = d 2 r dt 2 . After evaluating the coordinates at t + δt from the position, velocity and acceleration at t (Equation (1.30a)), the forces are computed from the potentials at the new coordinates using Equation (1.28), and the acceleration at t + δt is deduced from Equation (1.27). Then, Equation (1.30b) gives the new velocity value. In practice, the version of the algorithm used in MD calculations is slightly different from that, making use of a mid-step velocity v(t + 1 2 δt), but the main idea remains the same [START_REF] Allen | Computer Simulation of Liquids[END_REF].

After having defined the potentials and chosen an integration algorithm, several design constraints must be set up to perform the simulation. First, the statistical ensemble in which the simulation is carried out has to be specified. It defines the exchanges between the system and the outside. An isolated system would correspond to the microcanonical ensemble (NVE), in which the number of particles, volume and energy, are kept constant during the experiment. The canonical ensemble (NVT) corresponds to the control of the temperature of the system. This could be achieved by velocity rescaling using a numerical thermostat. Several ways can be used to rescale the velocities in order to reach the desired temperature:

-adding a friction term to the equations of motion (Nosé-Hoover thermostat), -controlling the distribution of velocities (Andersen thermostat), -applying friction and random force (Langevin thermostat), -connecting the system to a numerical heat bath (Berendsen thermostat).

It is quite frequent to control both the temperature and the pressure in the simulation box. In this case, the simulation is carried out in the isothermal-isobaric ensemble (NPT) and a barostat is added to the system [START_REF] Allen | Computer Simulation of Liquids[END_REF].

Other external perturbations can be added to the simulation, like external forces, adding or removal particles, deformation of the box. . . The simulation is then performed in a nonequilibrium ensemble: this is nonequilibrium molecular dynamics (NEMD) [START_REF] Allen | Computer Simulation of Liquids[END_REF].

Boundary conditions are also required to run the simulation. While fixed boundaries, or walls modeled with a repulsive potential can be used to mark boundaries of the simulation box, it is common to use periodic boundary conditions. This is particularly useful for bulk simulation of the material (no surface effect even with a small number of bodies). The simulation box is then surrounded with replicas of itself. Attention must be paid in case of long molecules or long range potentials to avoid artifacts [START_REF] Maurel | Simulations multi-échelles de matériaux polymères[END_REF][START_REF] Allen | Computer Simulation of Liquids[END_REF].

Polymer simulations: static and dynamic properties analysis

The analysis of polymer modeling requires the use of different tools which can be very useful to interpret the configurations resulting from simulation, establishing relationships with polymer physics. Most of them consist in analyzing the static and dynamic properties of the chains. We propose to quickly describe them in this short section, considering a system of n c chains made of N beads each.

The analysis of the conformations of polymer chains is mainly based on the calculation of the mean square internal distance (MSID) between beads separated by n bonds in the chain:

R 2 (n) = 1 n c nc i=1   1 N -n N -n j=1 (r i,j -r i,j+n ) 2   , ( 1.31) 
whose expression can be simplified when dealing with the mean square end-to-end distance

R 2 (N ) = 1 n c nc i=1 (r i,N -r i,1 ) 2 . (1.32)
The mean square radius of gyration, providing information on the volume occupied by a polymer chain, is given by

R 2 g (N ) = 1 n c N nc i=1 N j=1 (r i,j -r i,c.m. ) 2 , ( 1.33) 
where r i,c.m. gives the center of mass of the chain i

r i,c.m. = 1 N N j=1 r i,j . (1.34) 
An important characteristic of long polymer chains is the fact that they can be entangled, forming a transient network whose topological nodes restrict the degree of freedom of the chains to a reptation motion well described by the tube theory [START_REF] Rubinstein | Polymer Physics[END_REF][START_REF] Doi | The theory of polymer dynamics[END_REF]. Primitive path analysis (PPA) [START_REF] Kröger | Shortest multiple disconnected path for the analysis of entanglements in two-and threedimensional polymeric systems[END_REF][START_REF] Everaers | Rheology and Microscopic Topology of Entangled Polymeric Liquids[END_REF][START_REF] Everaers | Topological versus rheological entanglement length in primitive-path analysis protocols, tube models, and slip-link models[END_REF], consisting in analyzing the shortest path between the endpoints of the original chain into which its contour can be contracted without crossing any obstacle, can provide information about these entanglements. Two main methods have been developed to get the primitive path from the simulation's configuration. The first one consists in performing an MD simulation while removing the intrachain excluded volume interactions and keeping the interchain excluded-volume interactions, after having fixed the chain extremities in space. Minimizing the energy of the system by slowly cooling down the temperature towards zero, the bonds springs tend to stretch the chain between the entanglements, resulting in the shortest path between them. The second method is based on topological considerations and uses geometrical operations to delineate the entanglements. The primitive path is described as a random walk whose Kuhn length is the tube diameter d T . The entanglement strand length N e and the number of entanglements per chain Z = N/N e are obtained from the number of beads belonging to the Kuhn segment of the primitive path. This type of analysis is particularly useful for the interpretation of the dynamic properties of entangled polymers described below.

The analysis of the dynamics of the systems can be performed by following the evolution over time t of the following quantities [START_REF] Hsu | Static and dynamic properties of large polymer melts in equilibrium[END_REF][START_REF] Jabbari-Farouji | Static and dynamic scaling behavior of a polymer melt model with triple-well bending potential[END_REF]:

-the mean square displacement (MSD) of a bead

g 1 (t) = 1 n c N nc i=1 N j=1 [r i,j (t) -r i,j (0)] 2 , ( 1.35) 
-the MSD of a bead with respect to the center of mass of the chain it belongs to

g 2 (t) = 1 n c N nc i=1 N j=1 ([r i,j (t) -r i,c.m. (t)] -[r i,j (0) -r i,c.m. (t)]) 2 , ( 1.36) 
-and the MSD of the center of mass of the chain itself

g 3 (t) = 1 n c nc i=1 [r i,c.m. (t) -r i,c.m. (0)] 2 .
(1.37)

The reptation model [START_REF] Rubinstein | Polymer Physics[END_REF][START_REF] Kremer | Dynamics of entangled linear polymer melts: A molecular-dynamics simulation[END_REF] predicts the following power laws for the evolution over time of these three functions:

g 1 (t) ∼              t 1 t < τ k t 1/2 τ k < t < τ e t 1/4 τ e < t < τ R t 1/2 τ R < t < τ d t 1 t > τ d g 2 (t) ∼              t 1 t < τ k t 1/2 τ k < t < τ e t 1/4 τ e < t < τ R t 1/2 τ R < t < τ d t 0 t > τ d g 3 (t) ∼      t 1 t < τ e t 1/2 τ e < t < τ R t 1 t > τ R (1.38)
where τ k , τ e , τ R and τ d are the Kuhn monomer relaxation time, Rouse time of an entanglement strand, Rouse relaxation time of the whole chain and reptation (or disentanglement) time respectively. These scaling predictions are related to the different motion regimes occurring at different time scales and length scales: motion inside the Kuhn monomer, Rouse relaxation of the entanglement strand, Rouse-like behavior of the chain along the tube, diffusion of the chain along the tube, and finally overall diffusion of the chain.

Coarse-grained modeling of homopolymers

As mentioned previously, coarse-graining is useful to provide more efficient simulations of a large number of molecules, or macromolecules such as polymer chains despite of a less accurate definition of the material at the atomic scale. Two different strategies can be considered to build relevant CG models.

The first one consists in extracting the CG potentials from all-atom simulations. This can be done using Boltzmann inversion methods [START_REF] Allen | Computer Simulation of Liquids[END_REF][START_REF] Reith | Deriving Effective Mesoscale Potentials from Atomistic Simulations[END_REF]. First, the level of coarse-graining is chosen to build beads, each one containing the same number of atoms. Then, pair correlation functions of these beads are calculated. For polymers, it is usual to compute the three following radial distribution function (RDF) g(r):

-g bond (r) between two consecutive beads in the chain, -g bend (θ) between three consecutive beads in the chain, -g nb (r) between two nonbonded beads, which will be used to determine:

-V bond (r) the bonding potential between two consecutive beads in the chain, -V bend (θ) the angular between three consecutive beads in the chain, -V nb (r) the pair potential between two nonbonded beads, respectively [START_REF] Maurel | Prediction of structural and thermomechanical properties of polymers from multiscale simulations[END_REF].

To do so, the Boltzmann inverse of g(r) is calculated, providing a free energy which is a first approximation V 0 for the CG potential:

V 0 (r) = -k B T ln (g(r)) . (1.39)
Using this first approximation of the CG potential, a simulation is run and the corresponding RDF g 0 (r) is calculated. In most cases, the result will differ from the target g(r), apart for very dilute systems [START_REF] Allen | Computer Simulation of Liquids[END_REF][START_REF] Reith | Deriving Effective Mesoscale Potentials from Atomistic Simulations[END_REF]. Thus, the potential is adjusted by adding a term -k B T ln g(r)

g 0 (r)
in order to compensate this difference. These steps are repeated until having a good matching between the simulation and the target. This iterative Boltzmann inversion (IBI) procedure is described by Equation (1.40) [START_REF] Allen | Computer Simulation of Liquids[END_REF][START_REF] Reith | Deriving Effective Mesoscale Potentials from Atomistic Simulations[END_REF].

V n+1 (r) = V n (r) -k B T ln g(r) g n (r) (1.40)
The other way to build a CG model of polymer is to use a generic set of potentials, not particularly designed to simulate one specific polymer, but rather to reproduce the general behavior of polymers. The parameters can then be adjusted in order to match some target physical properties (as explained below). Such models are often based on a the use of a LJ potential (see Equation (1.29)) and are expressed in the LJ unit system: energy, length, time and mass units are given by ε u , σ u , τ u and m u respectively (where

τ u = m u σ 2 u /ε u ).
One of the most common CG generic approach for polymers is the Kremer-Grest (KG) bead-spring model [START_REF] Kremer | Dynamics of entangled linear polymer melts: A molecular-dynamics simulation[END_REF][START_REF] Grest | Molecular dynamics simulation for polymers in the presence of a heat bath[END_REF][START_REF] Kremer | Molecular dynamics (MD) and simulations for polymers[END_REF] originally developed to study the static and dynamic properties of amorphous polymer melts. In this model, any two beads (or "monomers") interact with each other due to a Weeks-Chandler-Anderson (WCA) potential, consisting of a purely repulsive LJ potential:

U W CA (r) =    4ε σ r 12 -σ r 6 + 1 4 for r ≤ 2 1/6 σ 0 for r > 2 1/6 σ (1.41)
where ε is the depth of the potential well and σ the distance at which the potential is ε . Nearest neighbors along the chains are also linked with nonlinear springs modeled by a finitely extensible nonlinear elastic (FENE) potential:

U F EN E (r) =    -1 2 kR 2 0 ln 1 -r R 0 2 for r ≤ R 0 ∞ for r > R 0 (1.42)
where k is the attractive force strength and R 0 the maximum length of the spring.

Usually, the KG model is set using the following parameters proposed by its authors:

σ = 1 σ u , ε = 1 ε u , k = 30 ε u .σ -2 u and R 0 = 1.5 σ u . The mass of a bead is m b = 1 m u .
This force field has been widely used to study the generic properties of amorphous polymers and has shown its ability to describe the behavior of polymer melts. The expected static properties of ideal chains -polymers in the melt are supposed to obey random walk statistics -are verified [START_REF] Kremer | Dynamics of entangled linear polymer melts: A molecular-dynamics simulation[END_REF]. The mean square end-to-end distance R 2 (N ) defined in Equation (1.32) and the mean square radius of gyration R 2 g (N ) defined in Equation (1.33) have been found to grow as linear functions of the chain length N , in agreement with polymer physics theory. The ratio R 2 (N ) / R 2 g (N ) = 6 for ideal chains is also obtained in the simulations. The distribution of chains' end-to-end vectors slightly deviates from the ideal Gaussian statistics for random walks, as expected because of the self-avoidance nature of these modeled chains [START_REF] Kremer | Dynamics of entangled linear polymer melts: A molecular-dynamics simulation[END_REF].

In addition, it has been demonstrated that the model leads to realistic dynamics. The motion of monomers in short chains undergoing Rouse relaxation is well reproduced in the simulation, showing the theoretical t 1/2 power law for the MSD defined in Equation (1.35) of the beads [START_REF] Kremer | Dynamics of entangled linear polymer melts: A molecular-dynamics simulation[END_REF][START_REF] Grest | Molecular dynamics simulation for polymers in the presence of a heat bath[END_REF]. The dynamics of longer chains, undergoing reptation described by the tube model [START_REF] Rubinstein | Polymer Physics[END_REF][START_REF] Doi | The theory of polymer dynamics[END_REF] are also well described in the simulations [START_REF] Kremer | Dynamics of entangled linear polymer melts: A molecular-dynamics simulation[END_REF][START_REF] Kremer | Molecular dynamics (MD) and simulations for polymers[END_REF]. The analysis of the motion of the monomers reveals the successive theoretical power laws corresponding to the different dynamic regimes and relaxations occurring in the chain (see Section 1.4.3 for details). PPA showed that the time scales (relaxation times) and length scales (mean square distances of motion) observed in the simulations are in good agreement with the theory [START_REF] Kremer | Dynamics of entangled linear polymer melts: A molecular-dynamics simulation[END_REF].

Since the development of this model by Kremer and Grest, several modifications have been proposed to improve the model. The main adjustment has been introduced by Faller and Müller-Plathe and consists in adding a bending potential, acting on three consecutive beads in the chain, in order to control the chain stiffness [START_REF] Faller | Local chain ordering in amorphous polymer melts : influence of chainstiffness[END_REF]:

U bend (θ) = k θ (1 -cos θ) (1.43)
It has been demonstrated that this new version of the model leads to static and dynamic properties which are in good agreement with the previous work of Kremer and Grest [START_REF] Hsu | Static and dynamic properties of large polymer melts in equilibrium[END_REF][START_REF] Faller | Local chain ordering in amorphous polymer melts : influence of chainstiffness[END_REF]. The chain conformations -investigated from the MSID defined by Equation (1.31) -have been found to follow the theoretical freely rotating chain (FRC) prediction and the end-to-end distance is quite well described by the Gaussian statistics. The evolution along time of the MSD also matches the theoretical predictions of polymer dynamics [START_REF] Hsu | Static and dynamic properties of large polymer melts in equilibrium[END_REF].

This improvement, allowing to adjust the local stiffness of the chain, has enabled to adapt the generic KG model to simulate real polymers melts. Recent works of Everaers et al. [START_REF] Everaers | Kremer-Grest Models for Commodity Polymer Melts: Linking Theory, Experiment, and Simulation at the Kuhn Scale[END_REF] have presented the Kuhn scale as a "natural scale" to build computational models of polymer melts being consistent with both experiments and theory. Their strategy consist in adjusting the chain rigidity by changing the single parameter k θ of Equation (1.43) in order to match two physical parameters of the target real polymer and the KG model:

-the "Kuhn number" -defined as the number of Kuhn segments per Kuhn volume

n k = ρ k l 3 k
where ρ k is the number density of Kuhn segments and l k the Kuhn length -as a dimensionless measure of density, -and the number of Kuhn segments per chain N k as a dimensionless measure of chain length.

Studying a large range of polymer species having different chain rigidities, the authors demonstrate the role of the Kuhn scale in controlling the universal polymer properties at larger time scales and length scales. In particular, they have shown the importance of the number of Kuhn segments between entanglements N k,e to describe the dynamics of a system. Flexible polymers (i.e. having a very short Kuhn length) are very close to the ideal case of an infinite number of Kuhn segments per entanglement strand whereas stiffer polymers (i.e. with a longer Kuhn length) only have a limited number of Kuhn segments per entanglement strand, leading to a deviation from the ideal theoretical predictions [START_REF] Svaneborg | Characteristic Time and Length Scales in Melts of Kremer-Grest Bead-Spring Polymers with Wormlike Bending Stiffness[END_REF].

An important question in the field of polymer modeling concerns the generation of the system: how to build well equilibrated chains in an efficient way? And how to evaluate the quality of the equilibration? The second question has been settle by Auhl et al. who state that it is required to examine the chain conformation on all its scales [START_REF] Auhl | Equilibration of long chain polymer melts in computer simulations[END_REF]. Indeed, they have shown that the considerations about the statistics of the chain end-to-end distance or radius of gyration are insufficient to conclude on the equilibration of the system. Instead, they recommend to use the prediction of a FRC model as a target function for the MSID:

R 2 (n) = nl 2 b 1 + cos θ 1 -cos θ - 2 cos θ (1 -cos θ n ) n (1 -cos θ ) 2 (1.44)
Auhl et al. also showed that standard chain generation method consisting in adding excluded volume interactions in predefined random walks is not efficient to reach equilibrium. Indeed, the quick introduction of the potential creates important chain distortions on large length scales which require a long equilibration duration in the range of the disentanglement time τ d to disappear via reptation dynamics. Different methods have been proposed to solve this problem. First, the randomly generated Gaussian chains can be rearranged by reducing the density fluctuations ("prepacking") before introducing the excluded volume interactions [START_REF] Auhl | Equilibration of long chain polymer melts in computer simulations[END_REF][START_REF] Svaneborg | Multiscale approach to equilibrating model polymer melts[END_REF]. Secondly, the latter can be gradually added in the simulation (in a "quasi-static" manner) to avoid chain distortions. This will considerably reduce the required time to reach equilibrium [START_REF] Auhl | Equilibration of long chain polymer melts in computer simulations[END_REF]. Other methods to make the equilibration faster consist in coupling MD and MC simulations to use "rebridging" algorithms, such as the double-bridging method [START_REF] Auhl | Equilibration of long chain polymer melts in computer simulations[END_REF][START_REF] Karayiannis | A Novel Monte Carlo Scheme for the Rapid Equilibration of Atomistic Model Polymer Systems of Precisely Defined Molecular Architecture[END_REF]. Reinsertion methods or hierarchical strategies, consisting in a sequence of equilibration and grains refining, starting with a low resolution representation gradually refined and equilibrated to reach a well-equilibrated system with the desired level of microscopic details [START_REF] Zhang | Equilibration of High Molecular Weight Polymer Melts: A Hierarchical Strategy[END_REF].

In the equilibration methods presented above, polymer generation and equilibration are separated in two different steps. Random walks are first generated, without nonbonded interactions which are added in a second time when the equilibration can start. Another strategy, firstly proposed by Gao et al. lies in the fact that including both bonded and nonbonded interactions from the start of the polymerization in a monomer bath enables the chains to relax at all length scales at the same time as they grow. The generated self and mutually avoiding random walks are thus expected to have conformations closer to the equilibrium state of a melt [START_REF] Gao | An efficient method of generating dense polymer model melts by computer simulation[END_REF]. This method has then been extended by Perez et al. who developed their radical-like polymerisation algorithm (RLP) algorithm [START_REF] Perez | Polymer chain generation for coarse-grained models using radical-like polymerization[END_REF][START_REF] Mahaud | Polymer Chain Generation for Coarse-Grained Models Using Radical-Like Polymerization[END_REF].

Copolymers modeling

The CG approaches to model homopolymers presented above can be extended to copolymer systems by introducing multiple species into the simulation. For instance, diblock copolymers can be represented using a KG approach including two types of units, A and B. All the beads are bonded by a single attractive FENE potential while nonbonded interactions are modeled by a repulsive WCA potential whose parameters ε ij and σ ij depend on the two interacting beads types i, j ∈ {A, B}. Introducing a difference in the repulsive interaction strength between like (ε AA and ε BB ) and unlike beads (ε AB ) results in a driving force for phase separation, quantified by the positive value of the Flory-Huggins parameter defined in Equation (1.1). Such a model is thus able to reproduce the thermodynamic properties of mixing of binary blends or block copolymers by adjusting the energy parameter ε ij [START_REF] Grest | Efficient continuum model for simulating polymer blends and copolymers[END_REF]. Usually, cross-interactions (A and B units interacting together) can be set from the Lorentz-Berthelot combining rules:

σ AB = σ AA + σ BB 2 (1.45a) ε AB = ε AA ε BB . (1.45b)
Similar approaches have been used to model segmented copolymers made of hard (high T g ) and soft (low T g ) units forming phase separated glassy and rubbery domains. Those can be obtained by setting predefined regions for each type of beads [START_REF] Davris | A coarse-grained molecular dynamics study of segmental structure and mobility in capped crosslinked copolymer films[END_REF][START_REF] Makke | Influence of Tie and Loop Molecules on the Mechanical Properties of Lamellar Block Copolymers[END_REF] or by adjusting the temperature and the interaction strength to induce the phase separation from a homogeneous melt [64,[START_REF] Yildirim | Multiscale Modeling of the Morphology and Properties of Segmented Silicone-Urea Copolymers[END_REF][START_REF] Cui | Thermomechanical properties and deformation of coarse-grained models of hard-soft block copolymers[END_REF][START_REF] Sethuraman | Segmental dynamics in lamellar phases of tapered copolymers[END_REF].

The latter strategy has been employed to simulate amorphous TPE made of SBS and SIS triblock copolymers [START_REF] Parker | Nonlinear Mechanics of Triblock Copolymer Elastomers: From Molecular Simulations to Network Models[END_REF].

Different strategies can be employed to model the phase separation between the hard and soft blocks. Glassy and rubbery regions can be predefined to generate a perfect lamellar structure [START_REF] Makke | Influence of Tie and Loop Molecules on the Mechanical Properties of Lamellar Block Copolymers[END_REF].

Guiding patterns are also very common to generate a thin block copolymer film whose organization is driven by the underlayer [START_REF] Lawson | Coarse grained molecular dynamics model of block copolymer directed self-assembly[END_REF][START_REF] Peters | Simulation study of the effect of molar mass dispersity on domain interfacial roughness in lamellae forming block copolymers for directed self-assembly[END_REF].

On the contrary, several works aim at studying the phase separation process itself without any artificial guide for the blocks. The simulations performed in these studies are able to reproduce the changes of morphologies due to the chain structure. The different phase morphologies predicted by the theory for diblocks [START_REF] Bates | Block Copolymers-Designer Soft Materials[END_REF] can be well reproduced in the simulations of triblocks [START_REF] Yildirim | Multiscale Modeling of the Morphology and Properties of Segmented Silicone-Urea Copolymers[END_REF] and even tetrablock copolymers [START_REF] Li | Phase manipulation of topologically engineered AB-type multi-block copolymers[END_REF], evidencing the presence of spherical, cylindrical, gyroid and lamellar hard phases when increasing the hard segments content. Graft copolymers have also been studied in MD simulations, revealing the transition from a pearl structure to a necklace of intramolecular starlike micelles [START_REF] Kosǒvan | Amphiphilic Graft Copolymers in Selective Solvents: Molecular Dynamics Simulations and Scaling Theory[END_REF] or to a cylindrical structure [START_REF] Li | Phase manipulation of topologically engineered AB-type multi-block copolymers[END_REF], depending on the spacer length between grafted arms.

The morphologies of copolymers can also be modified by introducing nanoparticles in the system. It has been shown that attractive interactions between one of the blocks and the nanoparticles can lead to double gyroid or cylindrical structures [START_REF] Li | Phase manipulation of topologically engineered AB-type multi-block copolymers[END_REF]. Depending on the affinities between the different components of the nanocomposites, nanoparticles can also be well dispersed in the soft phase, not influencing the bicontinuous network formed by the hard and soft phases [64].

MD simulations of block copolymers evidence the role of the interaction energies between the blocks, mainly controlled by the depth of the LJ potentials between each pair of beads ε AA , ε BB , and ε AB , on the MST [START_REF] Cui | Thermomechanical properties and deformation of coarse-grained models of hard-soft block copolymers[END_REF][START_REF] Lawson | Coarse grained molecular dynamics model of block copolymer directed self-assembly[END_REF][START_REF] Lyubimov | PRISM Theory Study of Amphiphilic Block Copolymer Solutions with Varying Copolymer Sequence and Composition[END_REF]. These studies provide systems ranging from homogeneous melts to highly phase separated structures in agreement with the Flory-Huggins theory (see Equation (1.1)).

Modyfing the interaction energies between the blocks can also be used to model the influence of an implicit solvent. Changing the energy parameter of the LJ potentials is thus a way to adjust the affinity of the solvent with each block. Then, the resulting conformations of the chains, as well as the whole morphology, can be tuned according to the selectivity of the solvent [START_REF] Kosǒvan | Amphiphilic Graft Copolymers in Selective Solvents: Molecular Dynamics Simulations and Scaling Theory[END_REF][START_REF] Lyubimov | PRISM Theory Study of Amphiphilic Block Copolymer Solutions with Varying Copolymer Sequence and Composition[END_REF]. The effect of chain length on the MST has been confirmed using MD too. Simulations are in good agreement with the theory predicting a higher degree of phase separation for long chains [START_REF] Sethuraman | Segmental dynamics in lamellar phases of tapered copolymers[END_REF][START_REF] Lawson | Coarse grained molecular dynamics model of block copolymer directed self-assembly[END_REF].

MD is a great tool to study the complex chain topology in segmented copolymers. Indeed, while the phase separation results in the formation of hard nodules acting as physical crosslinks, the SS connected to these nodes can have several configurations acting differently in terms of reinforcement and mechanical properties. One can classify the amorphous segments into four categories: not connected, dangling end if it is connected to a hard node at only one extremity, loop if both its extremities are connected to the same node and tie if it is bridging two different hard nodes [START_REF] Makke | Influence of Tie and Loop Molecules on the Mechanical Properties of Lamellar Block Copolymers[END_REF][START_REF] Li | Phase manipulation of topologically engineered AB-type multi-block copolymers[END_REF].

The topological analysis of these configurations can thus be interesting to understand the structureproperties relationship in such materials [START_REF] Makke | Influence of Tie and Loop Molecules on the Mechanical Properties of Lamellar Block Copolymers[END_REF].

Apart from the structural aspects, MD simulations of copolymers, have to be realistic in terms of thermal properties. This is especially the case for segmented copolymers whose hard and soft blocks must have distinct glass transition temperatures. It has been shown that the latter is mainly driven by the interaction energy between nonbonded beads with a relation of proportionality: T B g ∝ ε BB [START_REF] Parker | Nonlinear Mechanics of Triblock Copolymer Elastomers: From Molecular Simulations to Network Models[END_REF]. More interestingly, an effect on the glass transition of the SS T A g can be detected while increasing the interaction energy of the hard beads ε BB due to the higher phase separation [START_REF] Cui | Thermomechanical properties and deformation of coarse-grained models of hard-soft block copolymers[END_REF].

The dynamics of the copolymers can also be probed in MD. The slowdown of the dynamics due to the phase separation is clearly shown in simulations [START_REF] Sethuraman | Segmental dynamics in lamellar phases of tapered copolymers[END_REF]. In addition, tapered diblock copolymers (intermediate state between a random copolymer and a well-defined diblock) have been investigated, revealing the impact of tapering on the segmental dynamics of the chains: the slowdown of the dynamics in tapered copolymers is found to be less pronounced than in classic diblocks [START_REF] Sethuraman | Segmental dynamics in lamellar phases of tapered copolymers[END_REF].

Semicrystalline polymers modeling

Coarse-grained molecular dynamics (CGMD) simulations are not only dedicated to amorphous polymers but can also be useful to study semicrystalline systems. In this section, we describe different CG approaches to model semicrystalline polymers, typical methodologies to analyze the semicrystalline structures and some important results concerning the crystallization process. Similarly to the CG approaches for amorphous polymers, the CG models for semicrystalline polymers can be elaborated either to match the behavior of a specific polymer species or to describe the generic behavior of semicrystalline polymers.

The model developed by Rutledge et al. has been designed to describe the behavior of polyethylene (PE) chains [START_REF] Yi | Molecular simulation of crystal nucleation in n-octane melts[END_REF][START_REF] Yi | Molecular simulation of bundle-like crystal nucleation from n-eicosane melts[END_REF][START_REF] Yi | Molecular Dynamics Simulation of Homogeneous Crystal Nucleation in Polyethylene[END_REF]. It is based on united atoms of CH 2 and CH 3 units subject to a force field including four potentials. In addition to the classic harmonic bond potential and LJ potential for intermolecular interactions, the model includes a harmonic angle-bending potential as well as a torsion potential which ensure the polymer chain to crystallize by forming the correct molecular geometry. These potentials have been calibrated from experimental data and quantum mechanics calculations on alkanes.

The Shinoda-DeVane-Klein (SDK) model is another approach to simulate PE molecules [START_REF] Shinoda | Multi-property fitting and parameterization of a coarse grained model for aqueous surfactants[END_REF]. The level of coarse-graining is a bit higher compared to the model of Rutledge et al. since each bead represents a CH 2 -CH 2 -CH 2 or a CH 2 -CH 2 -CH 3 unit. The force field is also a bit simpler as it does not include the dihedral potential. The model has originally been calibrated to describe the properties of short alkanes for the purpose of modeling surfactants. However, recent works from Hall et al. have demonstrated its ability to describe the crystallization of long PE chains [START_REF] Hall | Polymer nucleation under high-driving force, long-chain conditions: Heat release and the separation of time scales[END_REF][START_REF] Hall | A coarse-grain model for entangled polyethylene melts and polyethylene crystallization[END_REF][START_REF] Hall | Divining the shape of nascent polymer crystal nuclei[END_REF][START_REF] Hall | Monodisperse Polymer Melts Crystallize via Structurally Polydisperse Nanoscale Clusters: Insights from Polyethylene[END_REF].

Another polymer-specific semicrystalline model established using a systematic coarse-graining procedure from fully atomistic simulations of polyvinyl alcohol (PVA) is the coarse-grained polyvinyl alcohol (CG-PVA) developed by Meyer et al. [START_REF] Meyer | Formation of chain-folded structures in supercooled polymer melts[END_REF][START_REF] Meyer | Formation of Chain-Folded Structures in Supercooled Polymer Melts Examined by MD Simulations[END_REF][START_REF] Luo | Coding coarse grained polymer model for LAMMPS and its application to polymer crystallization[END_REF]. In this case, each bead embodies a whole monomer subject to a force field similar to the previous example and determined from Boltzmann inversion as explained in Section 1.4.4.

Generic CG models for semicrystalline polymers are less common in the literature. They are based on the use of a KG-like model, including only the bond (FENE) and LJ potentials whose parameters are adjusted in order to make the crystallization energetically favorable. A simple way to do it has been proposed by Hoy et al. consisting in equalizing the bond length l b with the equilibrium distance between nonbonded beads r eq in order to promote regular packing of the beads. This strategy has proved its efficiency to make crystalline structures [START_REF] Hoy | Simple model for chain packing and crystallization of soft colloidal polymers[END_REF]. However, this simple condition has a major drawback concerning the conformations of the chains. Indeed, making r eq equal to l b leads to unrealistic bond angles being close to 120 °(using the following convention: 0 °stands for two successive bond vectors pointing in the same direction and 180 °corresponds to the vectors pointing in opposite directions). This means that the Kuhn length is much smaller than the size of a bead in the model, making impossible to match the real Kuhn length as detailed in Section 1.4.4 for generic models applied to specific polymer species. Another solution to build a semicrystalline model of polymer from the generic KG CG approach is to adjust the value of r eq , keeping the ratio req l b greater than 1, in such a way that the energy of a perfect crystalline structure is minimized. This has been done in a work of Morthomas et al. in which the authors have determined the optimal set of parameters leading to a stable body-centered orthorhombic structure [START_REF] Morthomas | Crystallization of finite-extensible nonlinear elastic Lennard-Jones coarse-grained polymers[END_REF]. This method has demonstrated its ability to model semicrystalline polymers with realistic morphologies such as folded chains, ties, and loop molecules [START_REF] Zhai | Crystallization and Molecular Topology of Linear Semicrystalline Polymers: Simulation of Uni-and Bimodal Molecular Weight Distribution Systems[END_REF][START_REF] Zhai | Disentangling and Lamellar Thickening of Linear Polymers during Crystallization: Simulation of Bimodal and Unimodal Molecular Weight Distribution Systems[END_REF].

One should note that, in spite of a relatively high number of studies on semicrystalline homopolymers and amorphous copolymers in the litterature, only very few examples of simulations of copolymers including a semicrystalline block can be found apart from a segmented silicon-urea copolymer simulated in MD [START_REF] Yildirim | Multiscale Modeling of the Morphology and Properties of Segmented Silicone-Urea Copolymers[END_REF] and some MC simulations [START_REF] Nie | Thermodynamics of strain-induced crystallization of random copolymers[END_REF][START_REF] Kundu | Effect of block asymmetry on the crystallization of double crystalline diblock copolymers[END_REF].

Simulating semicrystalline polymers in CGMD is a powerful way to access to the structure at the molecular scale and the chain conformations since the output contains the trajectories of every particle in the simulation box. Therefore, structural analysis tools are required to analyze the results. One of the main interesting quantities when dealing with semicrystalline models is the degree of crystallinity. Its determination requires the ability to distinguish crystalline beadsmeaning beads belonging to a crystalline cluster -from amorphous ones. For that purpose, one has to determine the local regular arrangements of the chains. This can be done using the tensor order parameter (or nematic tensor) which quantifies the degree of molecular orientation:

Q αβ = 1 N bonds N bonds i=1 u (i) α u (i) β - 1 3 δ αβ (1.46)
where u (i) is a unit vector along the axis of bond i, N bonds being the total number of bonds. α and β denote the Cartesian coordinates x, y and z. δ αβ = 1 if α = β and δ αβ = 0 if α = β. The largest absolute eigenvalue of this tensor, called scalar order parameter, is a good quantitative indicator of chain alignment:

S = 1 2 3 cos 2 θ -1 (1.47)
where θ is the bond angle. Its value ranges between -0.5 for a perfect oblate orientation and 1 for an ideal prolate alignment of the bonds [START_REF] Andrienko | Introduction to liquid crystals[END_REF][START_REF] Mottram | Introduction to Q-tensor theory[END_REF]. The idea used by Jabbari-Farouji et al. consists in dividing the simulation box into cubic regions large enough to contain several beads to be able to evaluate the order parameter inside, but small enough to obtain a precise mapping of the degree of ordering in the whole volume [START_REF] Jabbari-Farouji | Correlation of structure and mechanical response in solid-like polymers[END_REF]. Then, one can set a threshold on the scalar order value to determine if a region is ordered enough to be considered as crystalline or amorphous. A final clustering step is performed to define and index the different crystallites.

Another strategy can be based on the local misorientation ∆O between two neighboring beads [START_REF] Morthomas | Crystallization of finite-extensible nonlinear elastic Lennard-Jones coarse-grained polymers[END_REF]:

∆O(i, j) = min ( O(i) + O(j) , O(i) -O(j) ) (1.48)
where O(i) is a unit vector indicating the orientation of the chain at the location of the bead i:

O(i) = r i+1 -r i-1 r i+1 -r i-1 (1.49)
where r i is the position vector of bead i. The algorithm works in the following way. First, the neighbors of each bead are listed. Then, the misorientation between each pair of neighboring beads is calculated. If the value of ∆O is lower than a predefined threshold, the local region is considered as crystalline. An agglomerative hierarchical clustering algorithm is then used to build the clusters in a bottom-up way. A threshold value on the cluster size is also very common because very small crystallites are not stable in time and thus must not be considered as crystalline. A typical value for this threshold is chosen between 20 [START_REF] Moyassari | Molecular dynamics simulation of linear polyethylene blends: Effect of molar mass bimodality on topological characteristics and mechanical behavior[END_REF][START_REF] Moyassari | Molecular Dynamics Simulations of Short-Chain Branched Bimodal Polyethylene: Topological Characteristics and Mechanical Behavior[END_REF] and 50 [START_REF] Zhai | Crystallization and Molecular Topology of Linear Semicrystalline Polymers: Simulation of Uni-and Bimodal Molecular Weight Distribution Systems[END_REF][START_REF] Zhai | Disentangling and Lamellar Thickening of Linear Polymers during Crystallization: Simulation of Bimodal and Unimodal Molecular Weight Distribution Systems[END_REF] beads.

In addition to the degree of crystallinity itself, identifying and indexing the crystallites is useful to analyse the chain topology of the amorphous phase. By analogy with the topological analysis of the SS connected to glassy nodes in segmented copolymers (described in Section 1.4.5), one can classify the amorphous segments into different categories according to their connectivity with the crystals: fully amorphous for a chain which is not involved in any crystal, dangling end for an amorphous segment having only one connection to a crystal, loop if the segment is connected twice to the same crystallite and tie if it bridges two different crystallites (see the schematic in Figure 1.16a). Recent studies investigated the relationship between molecular weight distribution, chain topology and mechanical properties. Jabbari-Farouji et al. demonstrated that the mechanical response at intermediate and high strains is mainly controlled by two interpenetrated networks of entanglements and tie chains [START_REF] Jabbari-Farouji | Correlation of structure and mechanical response in solid-like polymers[END_REF][START_REF] Jabbari-Farouji | Plastic Deformation Mechanisms of Semicrystalline and Amorphous Polymers[END_REF][START_REF] Jabbari-Farouji | Role of the Intercrystalline Tie Chains Network in the Mechanical Response of Semicrystalline Polymers[END_REF]. Other works on bimodal molecular weight distributed systems clearly stated that increasing the fraction of long chains favors the formation of ties and loops [START_REF] Zhai | Crystallization and Molecular Topology of Linear Semicrystalline Polymers: Simulation of Uni-and Bimodal Molecular Weight Distribution Systems[END_REF]. The consequences of this bimodality on the mechanical properties has also been evidenced: adding long chains enhances the strain hardening and provides a greater toughness to the system which can be attributed to a higher concentration of ties and entanglements [START_REF] Moyassari | Molecular dynamics simulation of linear polyethylene blends: Effect of molar mass bimodality on topological characteristics and mechanical behavior[END_REF][START_REF] Moyassari | Molecular Dynamics Simulations of Short-Chain Branched Bimodal Polyethylene: Topological Characteristics and Mechanical Behavior[END_REF].

Crystallization kinetics are also of great interest when dealing with semicrystalline polymers and MD simulations can be useful to study the nucleation and growth processes. Indeed, the analysis of the mean first-passage time (MFPT) of the maximum nucleus size can provide the critical nucleus size (i.e. the minimum size for a crystal to be stable) as well as the typical induction time [START_REF] Yi | Molecular simulation of crystal nucleation in n-octane melts[END_REF][START_REF] Yi | Molecular simulation of bundle-like crystal nucleation from n-eicosane melts[END_REF][START_REF] Yi | Molecular Dynamics Simulation of Homogeneous Crystal Nucleation in Polyethylene[END_REF]. MD simulations reveal that the growth of the crystal mainly proceeds through a cooperative slidingin process of the chains segments on the lateral surface [START_REF] Anwar | Crystallization mechanism in melts of short n-alkane chains[END_REF][START_REF] Anwar | Crystallization of polyethylene: A molecular dynamics simulation study of the nucleation and growth mechanisms[END_REF]. Other studies concern the link between chain architecture complexity and crystallization. Studying star polymers with various numbers of star arms, it has been shown that increasing the molecular complexity by adding more arms reduces the final degree of crystallinity, and even completely inhibit the crystallization above a certain amount of arms, due to slower relaxations and increased interfacial interaction [START_REF] Giuntoli | Influence of polymer topology on crystallization in thin films[END_REF]. The effect of chain stiffness on the competition between crystallization and glass formation has also been studied, revealing the following three distinct regimes [START_REF] Nguyen | Effect of chain stiffness on the competition between crystallization and glass-formation in model unentangled polymers[END_REF]. At very low chain stiffness (as in the model of Hoy et al. [START_REF] Hoy | Simple model for chain packing and crystallization of soft colloidal polymers[END_REF]), the beads tend to occupy the sites of close-packed crystallites while the flexible chains retain their random-walk-like conformation. On the contrary, very high stiffness promoting rodlike molecules leads to highly aligned (nematic) structures. In between, the competition between random-walk-like and nematic chain ordering suppresses crystallization in favor of glass-formation.

Flow-induced crystallization of polymers is a typical example of study investigated through NEMD techniques. Simulations of semicrystalline polymers under extensional flow have revealed the mechanisms of formation of the shish-kebab crystalline structure [START_REF] Dukovski | Langevin dynamics simulations of early stage shish-kebab crystallization of polymers in extensional flow[END_REF]. The acceleration of the crystallization kinetics is also well-reproduced in these types of simulations. Such studies demonstrate that both nucleation and growth rate increase with the flow rate when the latter exceed a certain threshold (and are constant below this value) [START_REF] Nicholson | Molecular simulation of flow-enhanced nucleation in n-eicosane melts under steady shear and uniaxial extension[END_REF]. The analysis of the induction time, following a decreasing power law with the flow rate [START_REF] Anwar | Molecular dynamics simulations of crystal nucleation in entangled polymer melts under start-up shear conditions[END_REF], is also in good agreement with theory and experiments (see the introduction of Chapter 8). 

Thermoplastic elastomers for experiments

Thermoplastic elastomers for experiments 2.1.1 Composition

The materials studied within the framework of this thesis are three segmented block copolymers provided by DSM, The Netherlands. They can be described by their general formula -(AB) y -A where A and B respectively stand for soft segment (SS) and hard segment (HS). Denoted HS30, HS40 and HS65, they all have the same chemistry but different HS contents X HS : they contain respectively 30, 40 and 65 wt. % of polybutylene terephthalate (PBT). The HS are connected by 2 kg.mol -1 (HS30 and HS40) or 1 kg.mol -1 polytetrahydrofuran (PTHF) SS (HS65). The total chain molecular weight and polydispersity index measured through size-exclusion chromatography (SEC) are M n = 25 kg.mol -1 and I p = 2. Further details such as the average molecular weight of polybutylene terephthalate (PBT) segments M HS and their average number in the chains y can be deduced from:

M n = ( y + 1) M SS + y M HS (2.1a) y M HS = X HS M n (2.1b)
where M SS is the average molecular weight of polytetrahydrofuran (PTHF) segments. The detailled information about the chain structures are provided in Figure 2.1 and Table 2.1. 
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These copolymers have been produced via melt transesterification and subsequently polycondensation of dimethyl terephthalate (DMT), 1,4-butanediol (BDO) and polytetramethylene oxide (PTMO) (also called PTHF) of various molecular weights (1 and 2 kg.mol -1 in the present work). Tetrabutyl titanate (TBT) is used as a catalyst and the polyether is protected against oxidation during polymerization by 1,3,5-trimethyl-2,4,6-tris(3,5-di-tert-butyl-4-hydroxybenzyl) benzene. The polycondensation is performed at a temperature of 250 °C under vacuum, with a typical polymerization time of 200 min. Some details on the chemical route can be found in ref [1]. After polymerization, the materials are extruded as strands and pelletized. The so-formed granules are subsequently dried at 100 and 140 °C respectively, and used as such to prepare samples for the present study.

For comparison with neat soft chains, an additional neat PTHF sample, synthesized by Ashwinikumar Sharma and Prof. Charles-André Fustin (UC, Belgium) is also used in this study. The molecular weight distribution of this material is close to the segmented copolymers presented above: M n = 20 kg.mol -1 and I p = 2.

Sample preparation

The samples used in this work are mainly thermoplastic elastomer (TPE) films prepared through the different following processes illustrated in Figure 2.2.

-Drop-casting (DC) is performed by preparing a solution of TPE in hexafluoroisopropanol (HFIP) at low polymer concentration (1 wt. %). A small quantity of this mixture is then dropped onto a mica substrate. After a few minutes of evaporation at room temperature, this process results in a very thin film (thickness < 100 µm).

-Solvent-casting (SC) is conducted by preparing 10 wt. % solution of TPE in HFIP and subsequent evaporation at room temperature in a mold covered with a drilled sheet of aluminium foil under a hood for 48 h. The so-obtained films are then dried in a vacuum oven at 30 °C for an additional 48 h to remove the remaining solvent, finally resulting in ca. 500 µm thick films. Thermogravimetric analysis (TGA) presented in Appendix A.1 reveals the possibility of a very slight solvent trapping in these samples after this process.

-Hot-pressing (HP) consists in melting the TPE in a Teflon mold placed in a hot press with the following cycle. A preheating step of 3 min for temperature equilibration inside the mold is followed by 5 min of pressing at 10 bar, ended by a cooling of the mold in air at room temperature. Two types of samples denoted hot-pressing (thick) (HP + ) and hotpressing (thin) (HP -) are produced by using respectively 1.5 and 0.5 mm thick molds heated respectively at 220, 240 and 250 °C and 190, 210 and 240 °C for HS30, HS40 and HS65. These values have been chosen so that the materials are processed in similar conditions regarding the temperature relatively to their melting point (about T m + 30 °C). 

Numerical modeling of semicrystalline TPE

In addition to the experimental studies on the PBT-PTHF TPE samples presented above, coarsegrained molecular dynamics (CGMD) simulations have been used to study the structure and properties of semicrystalline TPE. A coarse-grained (CG) model of segmented copolymers having semicrystalline blocks has been built on the basis of previous works dedicated to the modeling of semicrystalline homopolymers [2][3][4]. In the following, the general force field used to model the intramolecular and intermolecular interactions is described in Section 2.2.1. Then, Section 2.2.2 details the strategy we employed to model a segmented copolymer, taking into account the differences of physical properties between SS and HS. The application of the model to the specific case of PBT-PTHF copolymer is finally presented in Section 2.2.3.

Potentials

The force field defining the interactions in this semicrystalline copolymer model is based on the same potential as the homopolymer model of Morthomas et al. [2]. The weak interactions between nonbonded beads separated by a distance r are given by a Lennard-Jones (LJ) potential U LJ (r) defined in Equation (1.29). The cutoff radius r c is fixed to 2.5σ. The bonds between neighbors in the chain separated by a distance l are modeled by the combination of a finitely extensible nonlinear elastic (FENE) (attractive) potential U F EN E (l) defined in Equation (1.42) and a Weeks-Chandler-Anderson (WCA) (repulsive) potential U W CA (l) defined in Equation (1.41):

U bond (l) = U F EN E (l) + U W CA (l). (2.2)
The parameters defining these potentials are chosen in a careful way which is described in the Sections 2.2.2 and 2.2.3 below. In the following, physical quantities related to the simulations are expressed in the LJ unit system: ε u , σ u , τ u and m u respectively standing for energy, length, time and mass units (see Section 1.4.4).

Copolymer model

Modeling block copolymer chains requires using two types of beads, corresponding to the two types of blocks (SS and HS). This involves using two types of bonds (U SS bond and U HS bond ), and three types of weak interactions (U SS LJ , U HS LJ and U SS-HS LJ ), defined by a total of 14 parameters. Two additional parameters have to be considered, the bead mass m b and the number of beads per segment N b , resulting in a total of 18 parameters. Since we wish the HS to be able to crystallize, the parameters for U HS bond and U HS LJ were directly set to the values found by Morthomas et al. [2]. Then, corresponding parameters for SS must be determined relatively to the HS ones by taking into account the differences of chain rigidity, length, density and interaction strength between the two types of blocks. This has been achieved in the same vein as the work of Everaers et al. who adapted the Kremer-Grest (KG) model to specific polymers by tuning the chain stiffness [5].

The density can be expressed as chain length per unit volume. This quantity, expressed as the bond length l b divided by the volume of a bead V b in the model, is wished to match with the ratio of the Kuhn length l k over the volume occupied by a Kuhn monomer

V k : l b V b ≡ l k V k .
The volume occupied by a Kuhn monomer can be expressed as a function of the Kuhn molecular mass and the specific mass: V k = M k ρ . Also, the volume of a bead is related to the bond length in one direction and depends on the equilibrium distance between the non-bonded bodies in the two directions perpendicular to the axis of the chain: V b ∝ l b σ 2 . Combining these three relations leads to Equation (2.4a) which can be used to fix the density of each type of block to a target value.

The chain stiffness is usually expressed as the Flory's characteristic ratio

C ∞ = <R 2 > N b l 2 b
(ratio between the mean square end-to-end distance of the actual chain and the one resulting from a random walk) [6]. The freely rotating chain (FRC) model, which seems quite relevant in this case since all torsion angles are equally probable (no torsion potential in our model), provides the relation between C ∞ and the bond angle θ: C ∞ = 1+ cos θ 1-cos θ . As a consequence, the stiffness of the chain can be tuned by modifying the bond angle θ, which is usually achieved by adding a bending potential [5,7,8]. However, we chose another way to tune the stiffness which does not require any additional potential, and consists in changing the ratio between the equilibrium distance between nonbonded beads r eq and the bond length l b [2]. Indeed, the bond angle is related to this ratio according to: cos θ 2 = req 2l b . Because we have already fixed σ in the LJ potential (i.e. r eq ) to control the density, we can only change l b to modify the angle. To do that, one can modify the minimum position of the bond potential by changing σ in the WCA part. In order to predict the effect of such a change on the chain stiffness, one can use the previous relation between r eq , l b and θ to express the total potential U tot = U LJ + U bond as a function of the bond length l b (keeping the bond angle θ constant), or in return, as a function of the bond angle θ (keeping the bond length l b constant). That way, the mean bond angle and bond length can be predicted using the partition function:

cos θ = π 0 cos θ sin θ exp -Utot(θ) k B T dθ π 0 sin θ exp -Utot(θ) k B T dθ (2.3a) l b = +∞ 0 l exp -Utot(l) k B T dl +∞ 0 exp -Utot(l) k B T dl .
(2.3b) By using Equations (2.3a) and (2.3b), one can then find the optimal values of the bond potential parameters which lead to the target stiffness (expressed as Kuhn length l k ) which must be compared with the product l b C ∞ in the simulation. This is the meaning of Equation (2.4b).

The value of C ∞ is also related to the number of beads included in a Kuhn monomer:

C ∞ = N b N k .
Since the number of Kuhn monomers N k can be simply expressed from the ratio between the mass of a segment M S (standing for M SS or M HS ) and the Kuhn molar mass M k , one can obtain the total number of beads in a segment N b as shown in Equation (2.4c). Following the same idea, the mass of a bead m b can be defined from Equation (2.4d).

Finally, the interaction strength between the beads is controlled by the depth of the LJ potential ε. It is estimated from the solubility parameter δ of the polymer. Indeed, the latter is related to the square root of the interaction energy per volume unit which is described by Equation (2.4e). These five considerations constitute the following system of Equations (2.4), which need to be solved to determine the simulation parameters corresponding to specific polymer properties: 

1 σ 2 ≡ l k ρ M k (2.4a) l b C ∞ (θ) ≡ l k (2.4b) N b ≡ C ∞ (θ) M S M k (2.4c) m b C ∞ (θ) ≡ M k (2.4d) ε ≡ δ 2 V b . ( 2 

PBT-PTHF systems

For our studies, we want to apply the model to the specific case of PBT-PTHF copolymers whose target properties are provided in Tables 2.2 and 2.3. One can note that some properties of PTHF and PBT are estimated from values concerning polymers of close chemistry (respectively PEO and PET) because of the lack of data in the literature. As mentioned before, the HS parameters were fixed to the values determined by Morthomas et al. [2]. Only the size of the segment N HS b was adjusted according to Equation (2.4c) (see Table 2.4). Then the corresponding SS parameters were determined so that the ratios between the HS and SS physical properties comply with the five scaling Equations (2.4). Bonds parameters k SS , R SS 0 and ε SS were fixed to their classic values, leaving only one degree of freedom for varying the product l b C ∞ in Equation (2.4b) which was controlled by adjusting σ SS . This method results in a 5-equations system with 5 unkowns: m SS b , N SS b , ε SS , σ SS and σ SS . All parameters calculations have been performed at a temperature of 4 ε u /k B , resulting in the numerical values presented in Table 2.5. As explained above, the parameters values for cross-interactions ε HS-SS and σ HS-SS are deduced from Equations (1.45a) and (1.45b). Different series of PBT-PTHF block copolymers have been built for molecular dynamics (MD) simulations within the scope of this thesis. The different types of generated chains (pentablock, dumbbells and neat polymers) are described in the related chapters (5, 7 and 8). ρ HS (1) 

l HS k (2) M HS k (3)
δ HS (4) M HS [g cm -3 ]

[nm] [g mol -1 ] [MPa 1/2 ] [g mol -1 ] 1. 28 1.5 285 22.4 970 (1) data for amorphous PBT from ref [9]. (2) data for a similar chemistry (PET) from ref [10]. (3) deduced from the Kuhn length. (4) averaged data from ref [11]. 

ρ SS (1) l SS k (2) M SS k (3) δ SS (4) M SS [g cm -3 ] [nm] [g mol -1 ] [MPa 1/2 ] [g mol -1 ] 0.98
1.0 118 17.5 130-3000 (1) data for amorphous PTHF from ref [12]. (2) data for a similar chemistry (PEO) from ref [10]. (3) deduced from the Kuhn length. (4) averaged data from ref [11]. The content of this chapter has been published in: Nébouy, M.; de Almeida, A.; Brottet, S. and Baeza, G. P. Process-Oriented Structure Tuning of PBT/PTHF Thermoplastic Elastomers. Macromolecules, 51( 16):6291-6302, 2018.

m HS b N HS b ε HS σ HS k HS R HS 0 ε HS σ HS [m u ] [-] [ε u ] [σ u ] [ε u σ -2 u ] [σ u ] [ε u ] [σ u ] 1.0 21 1.0 1.89 30 1.5 1.0 1.05
m SS b N SS b ε SS σ SS k SS R SS 0 ε SS σ SS [m u ] [-] [ε u ] [σ u ] [ε u σ -2 u ] [σ u ] [ε u ] [σ u ] 0.

Introduction

Thermoplastic elastomer (TPE), like other block copolymers (and polymeric materials in general), are known to be highly sensitive to the processing conditions [1][2][3][4], meaning that their structure and properties can be easily tuned by changing the process. Nevertheless, in spite of an intense research activity aiming at understanding their structure-properties relationship, the impact of the processing conditions on the morphology of these semicrystalline copolymers still remains elusive, albeit highly relevant for the production at an industrial scale.

Once synthesized, commercial TPE are most often stored as extruded granules that one may then use as raw materials for the design of final products through extrusion, injection, hot-pressing (HP) or solvent-based methods. While the process impact seems overall well-established, it appears however that only a few academic studies have tackled this major issue in a systematic way [5,6]. Very often, TPE characterizations are actually limited to a dual study containing on the one hand, thermomechanical characterizations such as dynamic temperature sweeps or tensile tests, and on the other hand, microscopy, scattering and calorimetry data -barely correlated with the properties. Many articles propose for example, to study the impact of the hard segment (HS) fraction along the copolymer chains leading routinely to higher crystalline content, melting point and plateau modulus [7][8][9][10][11][12].

Besides, it is worth to note that this class of materials is particularly well-adapted to the use of atomic force microscopy (AFM) whereas electronic techniques (transmission electron microscopy (TEM), scanning electron microscopy (SEM)) are preferred for nanocomposites because of their enhanced electronic contrast [13]. However, while it is true that many AFM images realized from various TPE can be found in the literature [12,14,15], the lack of a systematic characterization of the processing impact still limits our fundamental understanding of the network formation. For instance, one can remark the extensive use of spin-coating, drop-casting (DC) and solvent-casting (SC) [11,[16][17][18][19][20], probably due to capacity of these preparation methods to lead to clear-cut crystallites easily observable with AFM. On the contrary, HP samples, being undoubtedly the most relevant for industrial applications, are only scarcely investigated [21]. Both kinds of processes are in consequence too rarely confronted for a given chemical composition [5,6].

Following the idea of a systematic structural characterization, we also observed that X-ray scattering experiments (wide angle X-ray scattering (WAXS) and small angle X-ray scattering (SAXS)) as well as microscopy investigations were often performed on the top view of film-shaped samples [7,21,22]. Strikingly, while both solvent-methods and melt-processing routes undoubtedly generate anisotropic mechanical solicitations, we realized that probing the TPE from different directions, and in particular along the side view of the films, was completely ignored in the academic literature. The latter effects, leading likely to orthotropic morphologies, are yet well-known for nanocomposites [23,24], requiring therefore a deeper work for the description of the structureproperties relationship in TPE.

In order to address the qualitative impact of the processing methods and the anisotropic morphologies they may induce in film-like samples, we propose in this work a systematic study of the TPE structure based on a complementary set of experimental techniques. By means of differential scanning calorimetry (DSC), AFM, SAXS and coupled WAXS in both reflection and transmission investigations, we give new insights on both the hard phase structure and the resulting copolymers conformations. After having presented the materials and experimental methods in Section 3.2, the results of experiments performed on TPE processed through various methods are detailed in Section 3.3. Based on these experimental evidences, we finally discuss the connections between the hard phase morphology and the resulting chains topology in Section 3.4.

Materials and methods

Materials

The materials used within the scope of this chapter are the three polybutylene terephthalate (PBT)-polytetrahydrofuran (PTHF) segmented copolymers HS30, HS40 and HS65 presented in Section 2.1.1, elaborated through the different processes detailed in Section 2.1.2 leading to four series of samples: drop-casting (DC), solvent-casting (SC), hot-pressing (thick) (HP + ) and hotpressing (thin) (HP -) samples. It should be noted that all the following experiments were performed on the center part of these films to avoid any possible edge effect (due to a temperature gradient in HP for instance).

DSC

DSC thermograms are recorded on a Q200 apparatus (TA, USA) under nitrogen flow. The samples are first heated from -100 to 250 °C ("first heating") and maintained at this temperature for 5 min. They are subsequently cooled down to -100 °C ("first cooling") and finally heated up again to 250 °C ("second heating"). Both heating and cooling rates are fixed to 10 °C.min -1 .

AFM

AFM phase images are obtained on a Dimension 3100 equipped with a Nanoscope V scanning probe controller (Bruker, USA) using tapping mode. All the experiments are performed in air and at room temperature using a PPP-NCH noncontact tip (Nanosensors, Switzerland) having a resonance frequency around 330 kHz, a radius of curvature smaller than 7 nm and a nominal spring constant of 42 N.m -1 . Topology images are also recorded on a Dimension Icon (Bruker, USA) using Peak-Force QNM mode with identical conditions apart from using a ScanAsyst-Air probe (Bruker, USA) having a lower nominal spring constant (0.4 N.m -1 ).

Direct imaging of the top surface of the samples (denoted "Top" in the following) is performed on DC, SC and hot-pressing (thin) (HP -) samples. In addition, the bulk side view (denoted "Side") is also probed on SC and HP -microtomed samples. Microtomy is done at -80 °C (i.e. below the PTHF glass transition temperature) orthogonal to the main plane of the film. The images represent a surface of 500 × 500 nm 2 for a resolution of 512 × 512 pixels.

Small angle scattering

SAXS measurements are performed on the ID02 beamline at ESRF (Grenoble, France). The X-ray beam has a rectangular section of 100 × 200 µm and a wavelength of 1.1 Å. Two sample-detector distances, 1 m (SAXS) and 10 m (ultra small angle X-ray scattering (USAXS)), are used to obtain information over 3 decades in scattering vector q. The samples are placed in front of the beam so that their main plane is orthogonal to it ("Top" configuration).

Small angle neutron scattering (SANS) measurements are also performed on the PACE beamline at Laboratoire Léon Brillouin (CEA, Saclay, France). Three configurations (sample-detector distance/wavelength) are combined to measure the scattering intensity over 3 decades in q: 4.7 m/13 Å, 4.7 m/4.6 Å and 1 m/4.6 Å. The samples are placed in front of the beam so that their main plane is orthogonal to it ("Top" configuration).

The data treatment for both SAXS and SANS experiments is performed by normalizing the scattering intensity by the sample's thickness and transmission as well as subtracting appropriately the empty beam background.

Wide angle scattering

WAXS in transmission (WAXS-T) measurements are performed using a RU-H3R anode (Rigaku, Germany), a Xenocs (France) optical collimator, JJ X-ray (Danemark) slits and a Quad-RO CCD camera (Princeton Intruments, USA). The sample-detector distance is equal to 3 cm, and the wavelength is fixed to 1.54 Å. The samples are oriented in two directions so that the beam is either orthogonal to the main plane of the film ("Top" configuration) or to the side of a stack of 10 films ("Side" configuration).

WAXS in reflection (WAXS-R) is conducted on a D8 Advance diffractomerter (Bruker, USA), using a 2θ configuration with a wavelength of 1.54 Å. The beam is directed onto the surface of the sample ("Top" configuration). Additionally, HS65-hot-pressing (thick) (HP + ) sample has been polished to half of its thickness prior to being remeasured with the aim to eliminate any possible skin effect.

Results

Thermal behavior

A quick and reliable way of emphasizing structural changes in semicrystalline polymers lies in performing DSC temperature ramps. Figures 3.1 and 3.2 show the corresponding thermograms for the three copolymers processed through HP (HP + and HP -) and SC. While Figure 3.1 focuses on the first heating and subsequent cooling for the whole set of samples, Figures 3.2a and 3.2b detail the effect of thermal history by overlapping to the latter the second heating and cooling steps for HP + and SC samples respectively. For all the samples, the glass transition of the PTHF soft segment (SS) is detected around T SS g = -60 °C (similar to neat PTHF [22]). At such temperatures, the SS are partly crystalline in HS30 and HS40 as evidenced by the endothermic peak detected at T SS m = 0 °C, whereas this transition is not observed in HS65 due to their limited length preventing most likely their folding as suggested in previous works showing the impossibility for PTHF segments shorter than ca. 1.5 kg.mol -1 to crystallize [9,10,25,26]. Here, it is worth noting that no impact of the processing is detected on the transitions associated with the PTHF.

At higher temperatures, one can detect the melting of PBT crystallites around T HS m = 180, 196 and 207 °C for HS30, HS40 and HS65 respectively. Interestingly, while similar melting points are observed for the three types of materials, HP + samples systematically exhibit an additional exothermic event (T X ) right after the crystals melting (T HS m ). We believe that the latter is related to the air-quenching procedure that we used, letting no chance for the TPE chains to reach a true equilibrium state due to the rapid cooling. This interpretation is further qualitatively supported by a similar experiment conducted on a sample crystallized under flow (as describe in Chapter 8), revealing a huge exothermic peak immediately after the HS melting that we assign to the stretchto-coil transition of the chains (see Appendix A.2). Besides, Figure 3.1 shows the corresponding thermograms during the cooling step performed after spending 5 min at 250 °C. One can see the important shift (+ 28 °C in average) on the PBT crystallization temperature (T HS c ) and a significant narrowing of the corresponding exothermic peak when SC is used with respect to HP + . These results evidence unambiguously that the TPE "memory" has not been erased during the equilibration step in the molten state at 250 °C. This effect is believed to come from the persistence of the phase separation above the melting point, further demonstrated through the presence of an elastic (albeit weak) plateau detected from rheological experiments (see Appendix A.3). Then, while it is true that small differences are also observed between HP + and HP -samples, their nonsystematic character (see for instance HS30 and HS40) suggests only slight changes in their respective microstructures. Conversely, the above-mentioned flow-induced crystallized sample shows the same shift in T HS c as the SC one, confirming the strong impact of the processing method up to the molecular organization level (see Appendix A.2). Comparing HP and SC samples demonstrates therefore the crucial role of the processing route on the phases morphology and consequently on the polymer network topology. Even more interestingly, these differences seem to persist after annealing the TPE above their melting point (at ca. T HS m + 50 °C). In fact, while a full DSC thermal cycle is seen to erase the nonequilibrated fraction of the material (observed at T X for HP + samples) it does not play any significant role in the HS crystallization peaks, which keep in both cases the shape and position they had during the first cycle (see Figures 3.2a and 3.2b). The latter observation thus corroborates the remaining mesoscopic phase separation above T HS m , in good agreement with some other works [22], highlighting once again the great importance of the initial processing. For the sake of clarity, all the characteristic phase transitions for the first and second cycles observed in Figure 3.1 are reported in Table 3.1. As one may have anticipated, these results emphasize that the degree of crystallinity is strongly dependent on the chains composition. More surprisingly, it is barely affected by the processing method or the thermal history. (1) Degree of crystallinity calculated from the theoretical melting enthalpy of fully crystallized PBT ∆H ∞ = 145.5 J.g -1 . (2) Volume fraction in crystallites calculated from X c and the density of the various phases: 0.98, 1.28 and 1.40 g.cm -3 respectively for amorphous PTHF, amorphous PBT and crystalline PBT.

T HS c X c (1) Φ (2) X c (1) Φ (2) [-] [°C] [°C] [-] [-] [-] [-] HS30-

Microscopy

Motivated by the pronounced impact of the processing conditions on the PBT thermal transitions (particularly on T HS c ), we present in Figure 3.3 series of AFM images representing the submicrometric structure of HS40 TPE processed through DC, SC and HP -. Very often, authors deliberately choose to observe TPE processed through DC because it engenders well-defined objects and a flat surface, ideal for this kind of measurements. However, it is worth to mention that DC cannot be used to produce bulk samples (thickness < 100 µm), preventing any relevant mechanical tests for industrial materials, or any tentative of structure-properties relationship description. Therefore, in order to clearly illustrate the major structural differences generated by the processing conditions, we performed systematically our AFM measurements from both top and side directions emphasizing notably that the DC structures are not representative of the operative TPE morphologies. For the sake of completeness and although phase measurements are the most common for these materials, we also performed topology measurements (see experimental details in Section 3.2.3) presented in Figure 3.4, providing a different point of view regarding the crystallites morphology.

In Figure 3.3, the three columns refer to the processing conditions (DC, SC and HP -) while the rows refer to the viewpoint (top and side views). Limiting first our observations to the first row shows a striking effect of the process conditions in agreement with our expectations from DSC results. In fact, well-defined, thin, and independent ribbons being most likely entangled are seen when DC is used. In contrast, slightly thicker but quite branched structures are observed in SC samples (similarly as in PTHF-based thermoplastic polyurethanes) [27]. Finally much thicker and aligned ribbons are detected for HP -TPE. Besides, the second row exhibits completely different patterns (DC could not be observed in side-view for obvious reasons). While a continuous network made of thin strands forming regular cells is observed for SC samples, coarser zones based on series of disk-shaped objects are observed in the HP -ones. Lastly, topological measurements unambiguously confirm the information provided by the phase contrast, i.e. the presence of well-defined and thin "entangled" ribbons in DC samples, a branched network based on thin strands when SC is used, and the presence of much larger "parallel" crystallites in HP -TPE. Interestingly, in addition to the 

Small angle scattering

To support the microscopy results, more quantitative data obtained from scattering measurements are presented in Figure 3.5, confirming the qualitative impact of the processing route on the TPE multiscale structure. As a matter of fact, while a clear correlation length d * = 2π/q * ≈ 35 ± 4 nm is at first sight observed to be almost unchanged in the three HP + samples, it significantly decreases from 19 to 11 nm in their SC counterparts when the HS content is raised from 30 to 65 wt. %. These two trends are illustrated in Figure 3.5b, following respectively d * HP + ∼ Φ -0.14 and d * SC ∼ Φ -0.44 . The former result corroborates therefore the presence of repulsive (ribbon-like) objects becoming thicker and thicker when the HS content is increased in HP + samples. Indeed, the distance between the centers of mass of adjacent ribbons d * being almost constant with increasing the crystal fraction implies the coarsening of the objects rather than the apparition of new crystallites which would have made further decrease d * . In contrast, the result concerning SC samples rather supports the opposite picture, suggesting the presence of a tridimensional network made of "unchanged" elongated objects getting closer and closer while increasing the HS content. In particular, the exponent 0.44 (close to 0.5) reminds of the columnar objects (of constant radii) getting closer in the plane orthogonal to their long axis. Although this global picture is undoubtedly not fully representative of the SC samples because of its 2D nature, we believe that it can be used as a simplified viewpoint helping at understanding fundamental differences between the two kinds of samples. 3.1). For HP + and SC samples, the d * values are extracted from the apparent structure factors presented in Appendix A.4.1. For HP -samples, they are directly deduced from the position of the peak. The solid lines are power laws fitted on HP + and SC data.

In order to be more quantitative, we performed series of fitting on both HP + and SC data (see the black solid lines in Figure 3.5a). To do so, we used a simplified model based on polydisperse spheres interacting with each other through a repulsive square well potential (or "square shoulder"). All the details concerning the corresponding form and apparent structure factors (respectively denoted P (q) and S app (q)) as well as the information relative to the potentials are provided in Appendix A.4.1. While we know from AFM that the scattering objects are far from being spherical, this simplification presents the great asset to make emerge several trends at small lengthscale. (i) The mean radius of the smallest scattering objects in the HP + samples is significantly bigger than in their SC counterparts: respectively RHP + = 4.11 ± 0.40 nm vs. RSC = 2.65 ± 0.30 nm. (ii) The HP + crystallites seem to present a sub-structuration, i.e. the aggregation of small nodules in a necklace fashion as seen in Appendix A.4.1 Figure A.5b. (iii) Calculating the apparent structure factors supports both the unchanged and decreasing intercrystallites distance observed in HP + and SC samples as mentioned above. (iv) The repulsive potential is found systematically stronger in the SC samples than in the HP + ones, suggesting a higher degree of organization as one may have anticipated from the tridimensional networks observed in AFM. (We refer the reader to the extensive discussion at the end of the chapter where SAXS results are confronted to the rest of the experimental characterization).

As one can see, these simulated curves do not fit the experimental data at larger lengthscale (q q * ) because of their simplified character and the usual low-q upturn standing for the presence of bigger structures like fractal networks for instance. Interestingly, the slope of the scattering intensity I (q q * ) for the three HP samples is identical (2.02 ± 0.13) whereas it grows gradually from 0.81, 2.18 and 2.67 when the HS content is increased from 30, 40 and 65 wt. % respectively in SC samples. While it seems difficult at first sight to assign these "fractal dimensions" to well-defined structure, this observation highlights once again the qualitative impact of the processing on the samples structure.

Besides, Figure 3.5 also includes SANS intensities measured on HP -samples that we rescaled on the SAXS measurements by calculating the relative contrasts existing between the PBT crystalline domains and the amorphous PTHF phase, both in X-ray and neutrons scattering (see Appendix A.5). Remarkably, HS30 and HS40 exhibit quasi-identical structural patterns regardless of their thickness (HP + and HP -overlapping in Figure 3.5a), in good agreement with DSC results showing close crystallization peaks. However, HS65-HP -presents a more pronounced scattering peak shifted at higher q (d * HP -= 21 nm, d * HP + = 29 nm and d * SC = 9 nm) synonymous of a finer mesoscale structure (intermediate case between HP + and SC). Therefore, the above discussion about the difference between SC and HP + is also valid for the comparison of SC and HP -samples, at least in the case of HS30 and HS40. Indeed, the necklace structure obtained from the SAXS analysis on the HP + curves appears also on the AFM phase images of HP -(Figures 3.3c and 3.3f).

Lastly, we want to point that all the samples follow a decreasing power law of exponent -4 in the high-q range (q q * ), independently of the HS content or processing route (see Appendix A.5). This observation unambiguously confirms the presence of a systematic sharp phase separation (smooth interface) between the HS crystallites and the soft background as evidenced by AFM. While it may appear trivial at first sight, we remind the reader that it is far to be always the case in TPE. Particularly at low crystalline ratio, that exponent was observed to be 2.6 and 2.1 respectively at Φ = 7.2 and 3.5 vol. % in T4T-PTHF TPE [22], indicating the relative softness of the corresponding ribbons made of monomeric HS. We believe indeed that the systematic high exponent observed in the present work mainly comes from the longer PBT segments (ca. 10 nm for HS40, see Figure 2.1 and Table 2.1) resulting in a significant stiffening of the crystallites, including in HS30 which contains only 6 vol. % in crystallites.

Wide angle scattering

Once the mesoscale structure well understood from AFM and scattering measurements, going deeper into the structural characterization requires to collect information at the nanoscale, i.e. on the atomic arrangement within the crystallites. This kind of information may indeed provide a global picture for the crystallites orientation leading possibly to a description of the copolymer topology, of utmost interest for the description of the structure-properties relationship [28]. Because it is clear from the AFM images that the different samples present anisotropic structures, we performed two kinds of WAXS experiments, probing the samples' top view both in transmission (WAXS-T) and reflection (WAXS-R) in order to promote selectively the different diffraction planes. Reflection enhances molecular stacks coplanar with the sample's plane whereas orthogonal ones will be mostly seen in transmission. These results are presented in Figure 3.6 where the diffraction peaks appear, as expected, systematically stronger with increasing the HS content.

Beyond the impact of the chain composition, combining WAXS-T and WAXS-R allows to probe in details the preferential orientations in the TPE (Figures 3.6a and 3.6d). First, WAXS-T experiments performed on HP + samples (Figure 3.6b) reveal clearly the presence of several reticular planes: (001), (01 1), (010), ( 111), (100) and (1 03) [29]. The wide peak centered on 14 nm -1 stands for the usual amorphous halo, for which the relative intensity decreases with increasing the HS content. WAXS-R (Figure 3.6e) then provides the same qualitative information, i.e. Bragg peaks situated at similar diffraction angles, corresponding therefore to the same reticular planes, apart from ( 101) and (011) which become visible. More interestingly, by comparing these two figures, it strikingly appears that the shape of the diffractograms, and the relative intensities of the diffraction peaks are systematically impacted by the detection technique. In fact, while WAXS-T promotes the observation of the (010) planes (orthogonal to the HP + film), WAXS-R is clearly more sensitive to the (100) ones (coplanar with the film). This major difference is understood as a preferential growth of the crystallites in the plane parallel to the film, synonymous of a high degree of orthotropy in HP + samples. In addition, HS65-HP + was further polished over half of its thickness and measured again in order to avoid any doubts on a possible skin-effect perturbing WAXS-R experiments (Figure 3.6e).

Second, analog experiments performed on SC samples are presented in Figure 3.6c and 3.6f, showing here again the emergence of the same scattering peaks regardless of the WAXS apparatus configuration. For these materials, the opposite scenario is observed, i.e. while the (100) signal is the most intense in WAXS-T, the (010) is henceforth promoted in WAXS-R. As in the previous case, these measurements confirm the crystallite's growth along a preferential direction, being nevertheless, perpendicular to the one observed for HP samples (see Section 3.4).

Beyond the fine characterization made possible through WAXS-T and WAXS-R, we want to insist here on the complementarity of those two techniques to reveal the orthotropy of the samples' microstructures. To further check the robustness of these experiments, we propose below a complementary analysis using only WAXS-T and consisting in the comparison of the top-view results with additional tests performed on a stack of narrow HS65 films probed from the side view (Figure 3.7a).

As one may have expected from the above results, all the top-view WAXS-T 2D patterns presented in Figure 3.7b appear isotropic due to the bidimensionnal organization of both the HP + and SC crystallites which are oriented in the plane coplanar to the film. However, analog experiments performed from the side-view reveal the anisotropic character of both kinds of samples, evidenced in Figure 3.7c showing the equatorial and polar azimuthal integrations. On the one hand, HP + sample shows a similar intensity profile as for the top-view one when the 2D-pattern is integrated at the equator (strong (010)), whilst on the other hand it exhibits a strong (100) peak at the poles.

On the other hand, SC sample gives an opposite picture, showing a strong (100) peak along the equator whereas the scattering of the (010) planes dominates in the polar direction. These differences will be further discussed in Section 3.4. To sum up, the whole WAXS analysis (Figures 3.6 and 3.7) provides us with a quite simple, albeit simplified, conclusion: both HP and SC preparation routes lead to anisotropic structures, originating however from two different preferential molecular stacking. Starting from this general statement, we discuss with more accuracy the whole set of results in the following part.

Discussions

For the sake of clarity, the different results concerning the comparison of structures in HP and SC TPE are summarized in the schematic representation presented in Figure 3.8 showing the HS crystallites organization in both types of samples. Here, H, W and d * respectively represent the height (or thickness) of the crystallites, their corresponding width and the intercrystallites distance.

In Figure 3.8a, we first represent the HP samples structure where we highlight the presence of crystallites separated by a relative large distance as evidenced by SAXS experiments (ca. 35 nm, see Figure 3.5). Their main orientation is indicated by AFM, showing the presence of thick ribbons spread coplanarly to the sample's film (Figure 3.3c and 3.4c). These two techniques further suggest the presence of "imperfections" along the ribbons (Figure 3.3c and Figure A.5b in Appendix A.4.1) which make them looking like necklaces more than well-defined parallelepipedic objects. Besides, their inner structure is determined by WAXS, revealing the preferential stacking of the HS along the crystal direction [010], the latter being most likely at the origin of the crystallites length L [22].

In a more quantitative way, one can also estimate the thickness of the crystallites by mean of a simple image analysis resulting in H HS40-HP AF M = 11 ± 2 nm (from Figure 3.3c and Appendix A.6). Interestingly, by coupling this result with a simple geometrical representation (see Figure 1.9 and Equation (1.4) in Section 1.3.2), one can further calculate the corresponding width of the ribbons defined as W SAXS = Φd * 2 /H ≈ 13 nm, i.e. suggesting a quasi-square basis for the HP crystallites (11 × 13 nm 2 ). This result is further supported qualitatively by Figure 3.3f exhibiting disk-like (i.e. isotropic) objects along the films' side-view as well as quantitatively by the SAXS fitting procedure giving H HS40-HP AF M ≈ W SAXS ≈ 2 RHP . Also, one can remark that the so-determined values of H and W are comparable with the average length of the HS (≈ 10 nm in HS40) that one can estimate from the chain composition (Figure 2.1). We assign the slight discrepancies to the resolution of the AFM experiment and in particular to the tip radius (< 7 nm, see Section 3.2.3), likely to overestimate the objects' size when plotting their profile (see Appendix A.6). Lastly, although it is impossible to discriminate H and W from AFM because of its limited resolution, we justify our representation in Figure 3.8a -where the (100) stacks are coplanar with the film's plane -from the dual WAXS-T WAXS-R study presented in Figure 3.6 and 3.7.

Contrary to the previous case, we represent the SC samples structure through thinner and branched crystallites in Figure 3.8b. Correlating SAXS and AFM in the same manner as above gives H HS40-SC AF M = 5 ± 1 nm (from Figure 3.3b and Appendix A.6) and W SAXS = 3.4 nm (ca. 6 HS units along W ), suggesting a slight deviation from the square-basis character observed in HP samples.

Here again, the SAXS data fits provide an equivalent radius in good agreement with the crystallites dimensions since H HS40-SC AF M ≈ 2 RSC . This time, the preferential HS stacking direction is clearly identified as [START_REF] Fleury | Structure and Properties of Hexa-and Undecablock Terpolymers with Hierarchical Molecular Architectures[END_REF] (and not [010]) from WAXS, raising in consequence fundamental questions on the thermodynamic most stable configuration of the crystallites. In light of our experimental results, we propose below a scenario describing the network formation in both HP and SC samples.

Starting from the well-dispersed TPE chains in hexafluoroisopropanol (HFIP) seems to be the easiest way to address this complex problem. In this case, one can assume a perfect equilibrium at the beginning of the solvent evaporation and reasonably believe that the polymers have completely "forgotten" their thermo-mechanical history. In this situation, the macromolecules benefit from a large mobility and will eventually interact with each other, stacking in the most stable energetic configuration along with the solvent evaporation. At the latest stage, the crystalline network is similar to the structure we show in Figure 3.8b, made of chains close to their thermodynamic equilibrium. Related to this point, one can also imagine that the high mobility of the HS confer them the possibility to aggregate quickly with their nearest neighbors, resulting in a high degree of nucleation responsible for the thinner section of the SC crystallites (i.e. lower W ). At a smaller lengthscale, the SC procedure leading to a preferential stacking along [START_REF] Fleury | Structure and Properties of Hexa-and Undecablock Terpolymers with Hierarchical Molecular Architectures[END_REF] suggests therefore that this direction must be the most stable crystalline configuration -adopted by the PBT segments when no additional constraints are interfering. This direction corresponds in fact to the coplanar configuration of the PBT aromatic rings forming π-π interactions likely to promote the stability of the structure albeit rather weak (0.5 kJ.mol -1 ) [30] (Figure 3.8c).

Contrary to the SC samples, the HP TPE seem to "remember" their thermomechanical history (and possibly synthesis route). This is particularly evidenced from DSC experiments (Figures 3.1 and 3.2, showing a shift of the crystallization peak when changing the processing conditions, even after complete melting of the samples) and rheological tests (Appendix A.3), which reveal notably the presence of an elastic plateau at low frequency while the temperature is maintained above the melting point. The main difference between SC and HP networks resides then unambiguously in the initial state of the molecules prior to the crystallization onset. While in SC materials, the chains are expected to crystallize from a well dispersed state, the HP TPE contain amorphous PBT-rich domains that will rearrange locally to form the crystallites network from a predefined template. Note that this preexisting pattern (amorphous-amorphous phase separation) has already been characterized recently through SAXS in similar TPE melts [22]. Because of these different environments (PBT HS dispersed either in HFIP or molten PTHF), we believe that the intermolecular interactions must be different in the two kinds of samples at the earliest stages of the crystallization, explaining qualitatively the difference in growth direction from [START_REF] Fleury | Structure and Properties of Hexa-and Undecablock Terpolymers with Hierarchical Molecular Architectures[END_REF] in SC to [010] in HP samples.

Then, one could wonder about the relationship between such highly different structures and the corresponding chains conformations. It is at first important to remind the reader that the crystalline ratio measured from DSC was found to be similar in both SC and HP versions of a given TPE. This number is comprised between 1/4 and 1/3 of the total amount of crystallizable HS (let us take 1/3 in the following), regardless of the chemical composition of the chains (Table 3.1). This important point necessarily implies that thicker crystallites (larger H) would correspond to fewer HS involved into the crystal phase. In other words, one would rather expect 1/3 of fully crystallized HS in HP samples (because the HS length is similar to H in this case), whereas a greater number of HS could be partially crystallized in their SC counterparts. Quantitatively, this can be expressed as:

X HP c = n HP HS δ HP HS ≈ X SC c = n SC HS δ SC HS (3.1)
with X i c , n i HS and δ i HS corresponding respectively for the degree of crystallinity, the fraction of HS involved in the crystal phase, and the crystalline weight fraction of a single HS involved in a crystallite (i standing for the processing route). As mentioned above, one can then approximate a full crystallization of the HS in the HP samples, i.e. δ HP HS ≈ 1, whereas the corresponding value in SC samples is most likely close to δ SC HS ≈ 1/2 (we remind the reader that H HS40-SC AF M = 5 ± 1 nm to be compared with 10 nm). We therefore obtain:

n HP HS /n SC HS ≈ δ SC HS /δ HP HS ≈ 1/2.
Because n HP HS must be equal to 1/3 from DSC, our simple albeit plausible model results in n SC HS = 2/3. In the same context, we want to highlight that the existence of branching points strongly suggested by AFM experiments (Figure 3.3b) must satisfy δ HS < 1. The latter is indeed synonymous of multi-functional crystallites, i.e. able to split as illustrated in Figure3.9b (see "Branching"). While the origin of this phenomenon remains unclear at the molecular level, its observation in the SC samples only, strengthen our interpretation of the network topology in both types of samples. This somehow extrapolated scenario is illustrated in Figure 3.9, highlighting the unavoidable consequences on d * for both kinds of samples, in good agreement with SAXS and AFM results. In that representation, one can evaluate the SS end-to-end distance: length of a rigid PBT segment can be estimated about 10 nm. Confronting these crude estimations to the experimental intercrystallite distance allows then to validate semi-quantitatively our scenario.

R 2 SS 1/2 = l SS k M SS M SS k 1/2 ≈ 5 nm
Finally, regarding the pronounced orthotropic character of the HP samples, we believe that it originates from the amorphous phase separation persisting above T m , i.e. when the material is placed between the hot plates. At rest, one can easily imagine the presence of a co-continuous network made of a branched hard phase at the equilibrium within the soft background, that will tend to orient when compression stress is applied. In fact, the rheological tests in Appendix A.3 strongly suggest that even far above the melting point, the TPE chains cannot relax fully the stress indicating somehow their ability to be oriented for time scales shorter than 10 s. Despite the lack of data at lower frequencies (torque issues), one can assume here that the HP samples exhibit the same behavior over a longer time range (up to ca. 300 s) -relevant to explain the orientation of the hard domains along the HP processing. Based on this scenario, one can thus rationalize the orientation of the crystallites at room temperature from the pre-orientation of the hard domains above T m . In a more speculative way, we believe that explaining the anisotropy in the SC samples would unavoidably lie on invoking the preferential direction for the solvent evaporation (bottom-top, Figure 2.2b). In fact, the SC materials present long ribbon-like crystallites oriented coplanarly with respect to the TPE films, connected with each other through thinner orthogonal branches (Figure 3.8b). In this context, we believe that a possible mechanism could consist in successive crystallization steps starting from the air-solvent interface, resulting in the formation of a layered-structure during the evaporation.

Conclusions

By using a complementary set of experimental techniques, we have studied in a systematic way the multi-scale structure of three commercially available TPE made of PBT-PTHF segmented block copolymers. In particular, we have unambiguously shown by means of SAXS and AFM that the processing conditions had a dramatic impact on the crystallites network forming ribbons being either thick and coplanar, or thin and 3D-branched, when hot-pressing or solvent-casting were respectively employed. More surprisingly, and despite of these important morphological changes, DSC always suggested a similar crystalline content regardless of the processing routes as well as a pronounced "memory effect" giving even more weight to the initial production method. At the molecular level, we have evidenced the preferential stacking direction of the PBT HS making further emerge the pronounced orthotropy of the crystalline networks. Then, beyond evidencing the versatility of such materials, our work further warns the TPE users community against the excessive use of drop-or solvent-casting aiming at revealing well-defined structures through AFM. As a matter of fact, although this technique might be of a great help to check some aspects of the TPE molecular architecture, it is far from producing materials having a morphology representative of commercial goods -and must in consequence be avoided to correlate structure and properties in an industrial context. We finally believe that this complete structural description will serve as a basis for the development of analytical models describing both linear and non-linear mechanical properties.

4 Crystallization kinetics at rest: impact of the chain rigidity 

Introduction

In the previous chapter, we showed the strong impact of the processing conditions on the resulting multiphasic structure of semicrystalline thermoplastic elastomer (TPE). In particular, we revealed that the mobility of the chains in the polymer melt or solution prior to crystallization was key to explain the difference in terms of final semicrystalline structure. We showed that hot-pressing (HP) in particular conditions -temperature, processing time and mold thickness, likely to control the cooling and crystallization kinetics -lead to a metastable structure characterized by "kinetically trapped" soft segment (SS) conformations, contrary to the solvent-casting (SC). However, the study was only focused on the resulting (post-process) microstructure, setting the network formation and crystallization kinetics aside. We thus propose here a more systematic analysis of these questions studied under controlled isothermic crystallization conditions.

Crystallization and gelation kinetics of TPE have been the topic of several works in the past aiming at extracting structural information at various length scales. The former has indeed been extensively studied in many articles among which the empirical Avrami model [1,2] and its derived forms [3][4][5], describing the crystallization from a characteristic rate k and a nucleation-growth mode n, have become references. The latter has been investigated in a more rational way by Winter et al. who discussed the network's morphology close to the gel point [6,7], rheologically defined as the time at which the loss factor become independent of frequency. In this framework, a relevant example of such kinetics investigation lies on the network growth in neat polybutylene terephthalate (PBT), crystallizing in a triclinic lattice [8]. While short chains (23 kg.mol -1 ), characterized by a high mobility at long range were observed to crystallize quickly in a spherulitic way (n > 3) [9], longer ones (115 kg.mol -1 ) were restricted to a much slower formation of lamellae (n < 2) [10]. Trends similar to the latter case were observed in TPE where the hard segment (HS) association seemed to be delayed for longer copolymer chains [11,12], longer or more polydisperse HS [13,14], as well as softer chains (i.e. lower HS content) [15], all these parameters further lowering the crystallites' content [16].

In this study, we propose to combine rheology and differential scanning calorimetry (DSC) experiments under isothermal and nonisothermal conditions in order to clarify the mechanisms of crystallization in PBT-polytetrahydrofuran (PTHF) segmented block copolymers. The chapter is organized as follows. After a quick description of the materials, we provide all the experimental details in Section 4.2. We then present successively the results coming from isothermal rheology and calorimetry in Sections 4.3.1 and 4.3.2. We further complete our study with post-crystallization temperature ramp tests that we describe in Section 4.3.3. Finally, we discuss our results from both experimental and theoretical point of views in Section 4.4.

Materials and methods

Materials

The materials investigated in this chapter are the three HP + PBT-PTHF TPE presented in Chapter 2. For the sake of clarity, we report here the characteristic thermal behavior of these materials after an isotherm crystallization at 140 °C, 170 °C and 190 °C for respectively HS30, HS40 and HS65. The corresponding DSC thermograms are shown in Figure 4.1. Table 4.1 contains their crystallization and melting temperatures (T c and T m ) as well as the Hoffman-Weeks extrapolation T m,∞ (see Appendix A.12 for the determination of the latter). Both T c and T m are found to be similar to the values reported in our previous work of Chapter 3 on nonisothermally crystallized samples. 
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[-] HS30 (1) Data obtained from the DSC thermograms of Figure 4.1. (2) Data extrapolated from the Hoffman-Weeks equation (see Appendix A.12).

Rheometry

Rheological measurements were all performed in a strain-controlled ARES rheometer (Rheometric Scientific, USA) equipped with a 2kFRTN1 transducer using Invar parallel plates of 10 mm diameter. A nitrogen convection oven allowed maintaining inert atmosphere with a temperature control better than 1 °C. Time sweep experiments (Figure 4.2) consisted in heating up the samples above their melting point and cooling them down to T iso (temperature at which the isothermal time sweep is performed) at ca. 40 -50 °C.min -1 (see Appendix A.7 for temperature profiles). Typical strain amplitude and frequency were respectively set to 3-5 % (linear regime) and 10 rad.s-1. The gap, being about 1 mm, was adjusted along the experiment to avoid strong (negative) normal forces caused by the sample contraction during the crystallization. In addition, dynamic temperature sweep experiments (Figure 4.9b) were performed on the HS30 sample right after its isothermal crystallization for 4, 17, 25 and 70 min spent at 140 °C.

DSC

DSC experiments were performed on a Q8500 apparatus (PerkinElmer, USA) under nitrogen flow of 20 mL.min -1 . HP + samples of about 10 to 15 mg were first heated to 250 °C for 5 min in order to ensure complete melting. They were subsequently cooled down quickly (50 °C.min -1 ) at T iso and maintained to that temperature for crystallization. The time required to reach the equilibrium had been estimated from the rheological experiments, corresponding to a saturation of the storage modulus G (t) = G (∞). We also systematically verified that no exothermic event occurred after this time. The heat flow was recorded during the isothermal crystallization and used to quantify the crystallization kinetics.

Once the crystallization completed, the samples were heated again up from T iso to 250 °C at a fixed heating rate of 10 °C.min -1 in order to melt the so-formed crystallites, providing additional information on their morphology. The corresponding degree of crystallinity (i.e. the weight fraction in crystallites) is calculated from X c = ∆H m /∆H * m , where ∆H m is the experimental melting enthalpy and ∆H * m = 145.5 J.g -1 is the theoretical enthalpy of a perfect PBT crystal [17].

Results

Linear rheology along crystallization

To probe the crystallite's network building along with time, we performed series of time sweep experiments in the linear regime starting from T > T HS m,∞ down to T iso , at which the samples were isothermally crystallized. In Figure 4.2, we present the evolution of the storage modulus as a function of time G (t), at different T iso , for the three TPE. HS30, HS40 and HS65 are respectively crystallized between 100-155 °C, 135-180 °C and 170-195 °C, corresponding to the following ∆T = T HS m,∞ -T iso ranges: 32-87 °C, 25-70 °C and 17-42 °C. The temperature is stabilized at T iso after ca. 4 min explaining the trend of G (t) between 10 and 100 s corresponding in reality to a temperature ramp (see Appendix A.7). Following this well-controlled thermal history, the modulus exhibits then systematically a sigmoid-like shape, unambiguously related to the PBT segments association, i.e. the formation of an elastic network spanning the whole material. In fact, Figure 4.3a evidences the typical transition from liquid-like (G < G ) to solid-like (G > G ) behavior after a few minutes spent at T iso . Besides, while increasing ∆T is found to accelerate the crystallization in an expected manner, it further provides the TPE with a (linearly) growing steady-state storage modulus G (∞) as shown in Figure 4.2d. In particular, the ratio G (∞, T min iso )/G (∞, T max iso ) is found to be close to 10 for the three TPE, suggesting that T iso impacts significantly the amount of crystallites at equilibrium (this will be discussed below on the basis of DSC measurements). Indeed, despite a higher temperature, the sole soft-phase can hardly be thought of being responsible of one order of magnitude loss on the storage modulus. These considerations on the reinforcement effects will be further discussed in Chapters 6 and 7. For the sake of completeness, we provide in Appendix A.8, frequency sweeps experiments performed prior and subsequently to the crystallization procedure for each TPE at a given T iso , evidencing further the gelation mechanism.

Remarkably, a closer look at the data reveals a double-S shape for HS40 regardless of T iso . The latter, actually discernable in HS65 too, suggests that the elastic network made of soft-strand-bridged crystallites (as shown in Chapter 3) is built through two successive steps, most likely related with the concomitant crystallites growth and soft strands' rearrangement. This scenario is further supported by series of semiempirical fits that we performed on the HS40 and HS65 data sets by using a two-mode exponential rise function reminding the well-known Avrami model (see Figure 4.2 and Appendix A.9). Note that in spite of the apparent single-S shape of the HS30 data, we are convinced on the presence of a two-mode building process similarly as in HS40 and HS65 as evidenced later in the chapter (see Figures 4.8a Once the gelation undoubtedly identified, we were then interested in quantifying its characteristic time t gel , often chosen as the G -G crossover position [18,19] (see Figure 4.3a). The more robust definition of t gel proposed by Winter et al. lying on the independence of the loss factor tan(δ) = G /G with frequency [18][19][20] is compared with the crossover method in Appendix A.11 showing a remarkable agreement. Based on this encouraging result and on the fact that multiwave experiments were hardly feasible on the large range of temperatures and different chain structures treated in this work, we decided to define the gelation as the G -G crossover position in the following. As one may have expected from classic thermodynamics [18], t gel is found to decrease exponentially with ∆T for the three TPE (see Figure 4.3b):

t gel (∆T ) = t gel (0) exp (-A∆T ) (4.1)
where t gel (0) is the extrapolation of the gelation time at the melting point and A is a coefficient inversely proportional to some activation energy, normalized by the Boltzmann constant k B . The evolution of t gel as a function of the temperature and the chain composition is discussed together with the crystallization kinetics in Section 4.4.

Crystallization kinetics probed though isothermal DSC

Motivated by the reproducibility and the apparent robustness of our rheological experiments, we propose in this section to study the crystallization kinetics through isothermal DSC experiments at the same T iso values as in the previous section. The link between the rheology and calorimetry will be discussed in Section 4.4. Direct correlation between the characteristic times is also provided in Appendix A. 16.

In Figure 4.4a, we present the exothermic transition corresponding to the crystallization in HS65 under isothermal conditions at T iso = 175 and 180 °C. Corresponding data for HS30 and HS40 are provided in Appendix A.14. The relative degree of crystallization along time, Y (t) was calculated from the area under the exotherm from point A (assumed to be the crystallization onset) up to a given time t. The latter was subsequently normalized by the total exotherm area (from A to B) [15,[21][22][23] as expressed in the following expression:

Y (t) = X c (t) X c (∞) = t 0 dH dt dt ∞ 0 dH dt dt (4.2)
where dH/dt is the heat flow. Here, it is worth mentioning that the point A is found to be T iso -dependent and is preceded by a short-time period necessary for the temperature equilibration. As expected, the exothermic heat flow is first increasing from A until reaching a maximum (synonymous of a maximum in crystallization rate), before falling and becoming zero at B, marking the end of the crystallization process. At higher T iso , the crystallization maximum is delayed to longer times with the exotherms exhibiting flatter profiles (see 4.4b), at first sight in concordance with the results from our rheology study.

For most of the experiments performed on the three TPE, the point B was found at the same heat flow level as point A (see e.g. T iso = 180 °C in Figure 4.4a), allowing thus a straightforward determination of the crystallization ratio through Equation (4.2). However, for the lowest values of T iso , (see e.g. T iso = 175 °C), the point B was found significantly higher than the point A, resulting in an uncompleted exotherm. In order to get rid of these experimental limitations, unambiguously related to the time needed by the sample to reach a thermal equilibrium, we decided to fit the exotherms at short time with a polynomial of degree 4 (dashed line) and extrapolated them to "negative" times. The latter procedure, schematized in Figure 4.4a, allowed to evaluate the actual position of A, opening the way to a reliable determination of Y (t) regardless of T iso .

On the basis of the above-mentioned procedure and in analogy with Figure 4.2, we present in Figure 4.5 the evolution of the crystallinity ratio with time for the three TPE at various T iso . As one may have anticipated from the shape of the endotherms in Figure 4.4, Y (t) always exhibits a sigmoidal shape with faster crystallization kinetics observed when ∆T is increased, i.e. when decreasing T iso . This usual trend has been reported many times for PBT-based polymers [9,10,21,24,25] explaining qualitatively the raise of the modulus over time observed in Figure 4.2. Nevertheless, one should remark that the variations of the crystallization rate with temperature always exhibit a maximum due to the competition between nucleation (enhanced at low temperature) and growth (enhanced at high temperature). Therefore, our results essentially show the effect on nucleation (at least in the ∆T range used here). The opposite trend (slower crystallization kinetics for lower temperature) would probably occur at much larger ∆T values (i.e. lower T iso ), difficult to investigate due to the rapid crystallization of the PBT segments requiring fast cooling rates to prevent any crystallization above T iso .

The relative degree of crystallinity as a function of time during isothermal processes is generally described by the Avrami model:

Y (t) = X c (t) X c (∞) = 1 -exp (-kt n ) (4.3)
where k and n are the Avrami rate and nucleation-growth mode constants giving information on the involved crystallization mechanisms. While the former provides information on the crystallization rate constant the latter informs about the nucleation type (sporadic or predetermined) and the crystal growth geometry (e.g. spheres, rods or lamellae) [3,26]. These parameters are usually determined by plotting the double-logarithm linearization of Equation (4.3):

log (-ln [1 -Y (t)]) = log(k) + n log(t) (4.4)
as a function of log(t), n and log(k) becoming respectively the slope and intercept of the linear curve.

In Figure 4.6a, we provide the representation of such Avrami plots for the sample HS65 at different T iso (similar data for HS30 and HS40 are presented in Appendix A.15). Interestingly, after a first linear regime observed at short times, the DSC data systematically show a break in slope at later stages (particularly visible at low T iso ), suggesting once again the presence of different mechanisms along the crystallization and limiting therefore the use of Equation 4.4 to a restricted time range. This deviation from the theoretical Avrami model has been observed in the literature for many different semicrystalline polymers [3-5, 15, 21, 27] and has been treated according to two different logics. While in some cases [9,10,15] the authors simply mention that the Avrami model is well adapted for short times only, without going further into a possible physical explanation, other studies aim at developing more complex models providing a quantification of the crystallization during the whole process [3][4][5]. In particular, the model proposed by successive Avrami-type crystallization events seems well adapted in our case [5]. It is formalized through Equations (4.5a) and (4.5b) where k p and k s are respectively the rates of the primary and the secondary crystallization, n p and n s the corresponding nucleation-growth modes, and t p,end the time for which the crystallization switches from the primary mode to the secondary one (i.e the position of the "break in slope" in Figure 4.6a).

Y(t) = X c (t) / X c (∞) [-] t [min]
Y(t) = X c (t) / X c (∞) [-] t [min]
Y p (t) = X c (t) X c (t p,end ) = t 0 dH dt dt t p,end 0 dH dt dt = 1 -exp (-k p t np ) (4.5a) Y s (t) = X c (t) -X c (t p,end ) X c (∞) -X c (t p,end ) = t t p,end dH dt dt ∞ t p,end dH dt dt = 1 -exp (-k s (t -t p,end ) ns ) (4.5b)
The analysis of the primary and secondary crystallization kinetics of HS65 The thermal dependence of the overall crystallization rate through the reciprocal crystallization half-time t -1 1/2 as a function of ∆T . The latter results are found to fit well with a single mode exponential function as already shown in the literature for both TPE [21,22,28] and neat PBT [9,28]. More interestingly, while almost identical t -1 1/2 (∆T ) are found for HS30 and HS40, much faster crystallization kinetics are observed for HS65. The latter finding suggests therefore that the molecular weight of the SS, rather than the HS fraction (or length), is the critical parameter controlling the phase transitions kinetics and by extension, the topology of the network.

Looking at the primary and secondary crystallization modeling, one can note the n p values are never integers and appear to be almost independent of T iso (or ∆T ). However, it seems to depend on the chain composition since HS65 has a significantly higher n p (mean value of 1.83) than HS30 and HS40 for which similar values are found (1.35 and 1.37 respectively). One can also notice the good agreement with the overall crystallization characterized by n, shwoing similar trends. Because these values systematically fall into the same range (between 1 and 2), the nucleation and growth mode of the PBT primary crystallization is assumed to be similar in the three copolymers. Indeed, according to the Avrami model, these values indicate a sporadic nucleation accompanied with a lamellar growth mode [3,26] as previously evidenced in the study of Chapter 3 from both small angle X-ray scattering (SAXS) and atomic force microscopy (AFM) experiments. Also, this type of structure has already been observed in the literature for comparable systems based on PTHF SS [29,30]. The work of Zhu and Wegner notably reports n = 1.5 in a TPE having a composition close to HS65 sample (72 wt. % of PBT HS of ca. 3 kg.mol -1 connected through PTHF units of Results Sample . This quasi-1D crystal growth (n s ≈ 1) is generally attributed to lamellae thickening and stacking, crystallites impingement (crystallization between the lamellae), or reduction of crystalline imperfections when the primary crystallization occurred in a spherulitic growth mode [25,33,34]. Nevertheless, for different growth modes, it can also correspond to the development of needles of finite dimensions [26]. In our case, the transition from a primary to a secondary regime of crystallization seen on the Avrami plots seem to correspond to the two-step growth of the modulus observed in rheology. Combining the isothermal crystallization kinetics analysis in DSC with the evolution of the rheological behavior over time demonstrates that the secondary crystallization starts after gelation has occurred. We thus believe that this secondary process is, in this case of segmented copolymers, related with the formation of small ribbon pieces or lamellar-like objects (also called "baby ribbons" [35]) subsequently to the gelation, limiting in consequence a good arrangement of the HS.
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Moreover, one can obtain additional details on the crystallization kinetics processes by analyzing t -1 p,1/2 and t -1 s,1/2 (having a meaning of "crystallization rate" expressed in min -1 ) rather than the k p and k s parameters expressed in min -np and min -ns respectively, thus making their interpretation intricate, in particular because of the variations of n. As clearly evidenced in Figure 4.7, the crystallization rates of overall, primary and secondary crystallizations increase exponentially with ∆T :

t -1 1/2 (∆T ) = t -1 1/2 (0) exp (A∆T ) (4.6)
where t 1/2 (0) is the extrapolation of the crystallization half-time at the melting point and A is a coefficient inversely proportional to some activation energy, normalized by the Boltzmann constant k B . The overlapping of the crystallization rates of HS30 and HS40 at similar ∆T values reveals that, in spite of their different chemical composition, these copolymers are characterized by identical crystallization kinetics. On the contrary, the process seems much faster in HS65. These results complete the qualitative difference in terms of n values between HS30 and HS40 from one side and HS65 one another side. The presence of two regimes also further supports the rheological study developed in Section 4.3.1 in a quantitative way, corroborating the two-step nature of the network building for which we propose a deeper characterization through a nonisothermal procedure in the next section.

Subsequent melting of the crystallites network built at T iso

The melting of the crystallites network was studied subsequently to the isothermal crystallization at T iso by heating up again the samples to 250 °C at 10 °C.min -1 in order to (indirectly) probe the structural characteristics of the so-formed objects. The corresponding DSC thermograms are presented in Figure 4.8. At first sight, three endothermic peaks are observed regardless of the TPE composition, described in ascending order of temperature:

(i) A minor transition at T II , for which the position is found to evolve steadily with the isothermal crystallization temperature T iso .

(ii) A large-amplitude melting endotherm at T I moving according to the Hoffman-Weeks plots provided in Appendix A.12 [28,36].

(iii) A modest endotherm situated at a higher temperature T III for which the amplitude seems to increase with lowering T iso . This event is sometimes observed in the literature and is believed to originate from a possible melting and recrystallization of endotherms I and II [21,23]. On the basis of these results and in agreement with the literature on polypropylene [23] and neat PBT [37,38] it is clear that the major endotherm located at T I is related to the melting of the main population of crystallites formed at early stages of the isothermal crystallization. In addition, the minor endotherm appearing at T II must indicate the presence of a second population of smaller crystals, likely to come from the crystallization of constrained HS. Finally, we tentatively attribute the endotherm observed at T III to the melting of few crystallites eventually reformed during the heating scan as suggested in ref [23,37,38]. It is worth mentioning that the mechanism and extent of recrystallization process during the heating scan depends greatly on the stability of the two populations of crystallites formed at T iso and on the heating rate used for the melting.

More quantitatively, while the melting temperature T I is observed at around 180 °C, 195 °C and 210 °C respectively for HS30, HS40 and HS65, it was reported to be significantly higher (221 °C) in spherulitic PBT [37]. In the same way, the total weight fraction in crystallites X c (∞) in TPE, extracted from the peaks at T I and T II , appears lower than the corresponding value in neat PBT. As a matter of fact, the maximal values of X c (∞) reported for HS30, HS40 and HS65 are respectively 7.5 wt. %, 15 wt. % and 23 wt. % (see Figure 4.8d), clearly lower than the 47 wt. % reported for the homopolymer [9]. As one may have anticipated, it therefore appears that both the melting temperature T I and the crystallite content X c (∞) increase monotonically with the fraction of PBT in the chains. That trend may be understood by seeing the SS as structural defects, limiting the growth of the crystallites: fewer HS can associate and spherulitic growth is not enabled [39]. Overall, all the above mentioned arguments most likely explain the experimental results showing that the effective fraction of crystallized PBT units varies roughly between 1/4 in HS30 to 1/3 in HS40 and HS65.

Beyond this static analysis, the quasi-fixed position of T I further indicates the unchanged section of the largest crystallites when varying T iso for the three TPE. On the contrary, T iso is found to have a strong impact on the secondary structures, melting systematically right above their temperature of formation (T iso ). To further investigate the metastable nature of these crystallites, we propose below to perform similar experiments with the particularity to stop the crystallization at different stages, allowing to probe the successive states of the network building. The results are presented in Figure 4.9a where new HS30 samples were crystallized for 4, 17, 25 and 70 min at T iso = 140 °C (see the arrows in Figure 4.3a for the corresponding time sweep curves). Strikingly, while a first and massive peak grows from the early stages of the crystallization at T I , this experiment unambiguously reveals a delay in the appearance of the second endotherm at T II , confirming their different physical origins. One could thus be tempted to simply associate the formation of these two distinct populations of crystallites (I and II) to the two steps observed in the kinetics analysis (primary and secondary crystallizations), as sometimes proposed in the litterature [21]. However, one should notice the situation is a bit more complex when looking at Figure 4.9a. While the apparition of T II is clearly delayed and can be attributed to the secondary crystallization only, it is not so simple for T I and the primary crystallization. Indeed, the endotherm at T I continues to grow after T II becomes visible, unambiguously indicating that the growth of the main population of crystallites (I) is not stopped at the beginning of secondary crystallization. In addition, the fact that the position of T I does not evolve while the peak area increases corroborates the quasi-1D growth of the ribbons related to the n value close to 1 and clearly evidenced in Chapteré3. Moreover, the corresponding rheological temperature sweeps presented in Figure 4.9b confirms the presence of two populations of crystallites by exhibiting two successive falls of the storage modulus at T II and T I as already observed in homopolymers [40]. This important result, supporting the isothermal analysis performed through the use of both rheology G (t) and calorimetry X c (t), reinforces the idea of a bimodal network's formation. Nevertheless, in spite of this important progress, several questions still remain on the concomitance of the two processes as well as on a clear picture describing the interactions between adjacent crystallites. Based on the rich set of experimental results developed here, we propose therefore to address these complex issues in the following discussion.

Discussions

In this section, we aim at comparing all our experimental measurements with the trends generally observed in PBT based homopolymers and copolymers. The discussion is centered on the influence of the PBT chain's architecture on both its crystallization and the gelation process.

Overall crystallization kinetics of PBT

As evidenced all along in the previous section, the chain composition as well as the temperature are found to play a major role on the HS crystallization kinetics. As a matter of fact, the crystallization rate was systematically found to slowdown exponentially with increasing T iso , being further delayed when decreasing the PBT content within the chain from 65 to 30 wt. % (see Figure 4.7).

Remarkably, same kinetics were however observed for HS30 and HS40. Besides, the Avrami analysis resulted in identifying a lamellar or ribbon-like growth of the crystallites (1 < n < 2) in the three TPE. While this important characteristic is quite far from what was observed in a neat PBT of similar molecular weight (23 kg.mo -1 ) characterized by a spherulitic growth (3 < n < 4) [9], it is however rather close to the behavior of much longer PBT chains, (115 kg.mo -1 ) exhibiting a lamellar growth [10].

Hence, to compare in a suitable way these different datasets, we built master curves describing the relative crystallinity as a function of the normalized time, t/t a , on the basis of the work by Winter [18] and Nojima [11]. In this context, the overall relative crystallinity becomes independent of the temperature and can be expressed as:

Y (t) = X c (t) X c (∞) = 1 -exp (-(t/t a ) n ) (4.7)
with t a = k -1/n , being the Avrami time corresponding to the stage at which the relative crystallinity has reached 63 % of its maximal value. Because n and k were found to vary with both T iso and the TPE composition, t a was calculated for each specific case and reported in Appendix A.13 for clarity. Then, a similar procedure was applied for the neat PBT with the raw parameters (k and n) extracted from the work of Wu et al. [9] and Kulshreshtha et al. [10], respectively for spherulitic and lamellar growth modes. (Note that t a may have been replaced by t 1/2 , providing unchanged conclusions). The results corresponding to the whole set of PBT architectures are presented in Figure 4.10. As expected, they emphasize a faster crystallization of the spherulitic PBT made of short chains, followed by its lamellar long chain counterpart, and at last the TPE. Here, the sped up kinetics of the short PBT is assigned to the enhanced mobility of the chains allowing the crystal to grow in three dimensions whereas the long PBT's sluggish dynamics are believed to restrict its crystallization along two directions. Moreover, the addition of PTHF segments, diluting somehow the hard units in TPE, is thus expected to further slowdown their association from a statistic point of view. Beyond these basic considerations, the HS65 TPE exhibits strikingly quasi-identical crystallization kinetics than the long neat PBT. This indicates therefore that the lengthening of the chain or its interruption by SS result in a similar crystallization delay, as well as a similar growth mode, in spite of a different maximal content in crystals. This important observation suggests also that the average length of the amorphous interphase in neat PBT must be comparable with the SS one's in the HS65 TPE, i.e. close to 1 kg.mol -1 . Following this idea, one can then apprehend the additional delay observed in both HS30 and HS40 TPE based on their longer SS made of 2 kg.mol -1 PTHF. In fact, a SS having a larger molecular weight than the "natural" interphase in neat PBT would ineluctably perturb the chain folding and therefore slowdown the crystallization kinetics. Finally, because in this representation HS30 and HS40 exhibit indistinguishable crystallization kinetics, we believe that the length of the SS dominates the network building mechanisms over the HS concentration.

Chain composition and gelation mechanism

Because we showed that the network topology was most likely different between HS65 on one side and HS30 and HS40 on the other side, we propose here to focus on the structure-properties relationship along the crystallization of the TPE through the investigation of the gelation mechanisms.

As described by Winter et al. [18,19] the crystallization can be characterized by two concomitant processes:

(i) the radial growth of aggregates and fibrous strands that are responsible for the formation of the interconnected-chains network (gelation, see Figure 4.3a for instance), (ii) the inner crystallization of the so-formed aggregates, i.e. their ordering over time, mainly responsible for the increase of the crystalline fraction within the material.

Here, it is convenient to quantify these two processes through t gel and t a . It allows then to establish the dominating process by analyzing either the variation of the ratio t gel /t a or the corresponding crystalline fraction at the gelation point Y (t gel ) = X c (t gel )/X c (∞) as a function of ∆T . The corresponding results are presented in Figure 4.11 for HS30 and HS65 emphasizing the strong impact of the chain composition on the gelation/crystallization kinetics.

In HS30, the ratio t gel /t a is always larger than 1 and quickly drops when ∆T increases (Figure 4.11a). This trend unambiguously indicates that the growth of crystallinity is predominant over the gelation, i.e. that the crystallites are rather formed locally and have time to grow before interacting significantly with each other, for instance through the entanglements of the soft phase. The pronounced fall of t gel /t a is understood as the increase in the nucleation kinetics (and the slow down of the growth), leading to a higher fraction of small ribbons not contributing much to the formation of a network during the early stages of crystallization. 16in [18]).

therefore not assigned to a growing crystal phase but rather to a rearrangement, or equilibration of the so-formed network. Finally, we believe that the presence of a maximum on G right after t gel , only visible in HS30, (see Figure 4.3a) and Appendix A.10) is another signature of this structural reorganization at constant crystal fraction.

Despite a similar trend of t gel /t a in HS65, the corresponding values are significantly smaller than in HS30, passing even below 1 at ∆T = 32 °C (Figure 4.11a). Moreover, Y (t gel ) is found to strongly decrease with increasing ∆T (Figure 4.11b), suggesting that the nascent crystallites have, in this case, the possibility to interact with each other earlier, forming a gel, and keep on growing significantly at longer time. It is worth to note that while the theoretical predictions of Winter et al. [18] (based on the exponential decrease of t a and t gel with ∆T ) are found to be in good agreement with our experimental values for HS30, it is not the case for HS65. In the latter, we believe that the very different chain architecture (PBT homopolymer vs. TPE) and the thermal instabilities of the rheology experiment at short time are at the origin of this mismatch. In fact, the undershoot of the temperature (detected in Appendix A.7) is likely to accelerate (nonisothermally) the gelation of the TPE, which results in an underestimation of Y (t gel ) from Figure 4.5c.

All the above-mentioned trends appear even clearer when the storage modulus (from rheology) is plotted against the relative crystalline ratio (from DSC) as proposed in Figure 4.12. This graph notably highlights that for a given ∆T (= 44 ± 2 °C), the chain composition impacts dramatically the relative position of the gel point, i.e. the relative fraction of crystal leading to the formation of a physical network. It passes indeed from Y (t gel ) = 0.86 to 0.57 and 0.25 respectively for HS30, HS40 and HS65 (see arrows in Figure 4.12). However, it is striking to note that the absolute value of X c (t gel ) = Y (t gel ) × X c (∞) is found to be almost identical for the three TPE, corresponding to 5.8, 6.7 and 5.2 wt. % in crystallites. (X c (∞) values are extracted from Figure 4.8d). This unexpected result evidences in consequence the unchanged character of the gelation origin, regardless of the chain composition. It suggests by extension, that the HS content impacts thus mainly:

(i) the time required for the HS to find partners to aggregate with, obviously related with their number density, (ii) the possibility for the crystallites to access extra levels of interaction at the latest stages of the crystallization (once the material is gelified). The quasi-identical values of X c (t gel ) in the three TPE suggest that the mechanisms of crystallization at early stages, are qualitatively the same. This hypothesis is remarkably supported by the similar storage and loss moduli at the gel point G (Y (t gel )) = G (Y (t gel )) in the three TPE. They correspond to 6.4 10 4 , 7.4 10 4 and 1.3 10 4 Pa respectively for HS30, HS40 and HS65, corroborating the idea of similar structures at the gel points in all our materials. We believe that the slightly lower value reported for HS65 is due to the lower ∆T used for the experiment, 42 °C instead of 45 °C for HS40 and 47 °C for HS30). For the sake of completeness we also provide a similar comparison at ∆T = 37 °C in Appendix A.16.

To summarize, while the gelation happens at the end of the crystallization in HS30, additional interactions are formed at later stages in HS40, and even more in HS65. Since it occurs at roughly 6 wt. %, the gelation is undoubtedly assigned to the formation of small crystallites spanning homogenously the whole TPE. At this point, they are connected with each other through the "usual" polymers entanglements (M n >> M e ≈ 1.4 kg.mol-1) [41]. At later stages, the crystallites have then the possibility to further grow and get closer which makes possible their interconnection through a single (unentangled) strand or "bridge". This transition was recently predicted at ca. 15 vol. % (12 wt. %) in crystallites, allowing to describe the static reinforcement in similar (T4T-PTHF) segmented copolymers [42]. This major issue will be discussed in details in Chapter 6.

Conclusions

In conclusion, we have addressed jointly the crystallization and gelation kinetics of three industrially relevant PBT-PTHF segmented copolymers by using rheology and calorimetry techniques resolved in both time and temperature. As one may have anticipated, increasing the chain rigidity (i.e. the HS content) is found to increase significantly the phase separation kinetics, leading notably to an earlier gelation in HS-rich TPE. However, observing the same data as a function of the crystallization advancement (and not time) strongly suggests the presence of similar mechanisms in the whole set of TPE. At the earliest stage, the HS start to aggregate to form small crystallites that will then interact with each other through the soft phase entanglements network resulting into the gelation of the system. After the gelation, the crystallites keep on growing up to different levels according to the chain rigidity, the higher the HS content, the greater the reinforcement. Finally, they will start to interact with each other via shorter polymer strands, possibly down to a single SS, limiting dramatically the mobility of residual HS which will thus aggregate into metastable crystallites during a second crystallization step. This scenario was evidenced through multiple experiments that we schematically represent in Figure 4.13 for more clarity. While in the Figures 4.13a and 4.13c, "p" and "s" refer respectively to the primary ("natural") and secondary ("hindered") crystallizations of the HS, Figures 4.13b Beyond their practical interest for industrial applications, we are convinced that these observations are likely to bring new fundamental evidences allowing to understand the evolution of the chains topology during the crystallization of polymers. For example, we believe that the high content in HS and the resulting fast kinetics in HS65 generate a high amount of straight SS bridges at the latest stages of its crystallization. In this case, the too short SS (1 kg.mol -1 ) do not have the possibility to bend (nor to crystallize) resulting in the formation of tie molecules in "crystallitesoft phase -crystallite" sandwiches being probably highly reinforcing. On the contrary, the slower association of more distant HS leading to a delayed gelation, limits the intercrystallites' interaction to the SS entanglements. In this situation, longer SS (2 kg.mol -1 ) preserve their ability to bend (crystallizing at low temperatures) and form entanglements with their surrounding counterparts.

architecture on crystallization kinetics and structure 

Introduction

As shown in Section 1.3.1, thermoplastic elastomer (TPE) are known to have a complex thermal and structuring behavior, notably due to the presence of different phase transitions, originating from one or the other block, or both. The situation is even more complex when the segmented copolymer includes a semicrystalline segment. Depending on the relative values of the different phase transitions, a competition or cooperation can occur between microphase separation transition (MST) and crystallization [1]. In addition, experimental research often faces the limits of structural characterization techniques, unable to capture the precise chains conformations at the molecular level. As shown in Chapters 3 and4, experiments can bring useful information on the phase separation, crystallization and network structure at the ribbon scale. They are however limited to investigate the network at a smaller scale, in particular concerning the topology of the chains inside the soft phase, forcing to make assumptions about it. Also, the empirical nature of most experimental studies about TPE and their non-systematic character makes their interpretation difficult from a fundamental point of view. For instance, the conclusions of studies focusing on the consequences of adding additional blocks in the chain on the MST are not always very clear since both the number of blocks and the chain length change simultaneously. While increasing the chain length promotes the phase separation at higher temperatures, increasing the number of blocks tends to lower the MST temperature [2] (see also Section 1.2.2). Therefore, numerical simulation appears to be a useful additional tool to provide a more systematic approach and precise structural analysis at the molecular level. In particular, molecular dynamics (MD) seems to be relevant to study dynamic processes such as MST and crystallization.

A good compromise between computational efficiency and reliable structural and topological information can be achieved by using a simple coarse-grained molecular dynamics (CGMD) modeling. In order to have a correct description of the chains' conformations in an amorphous homopolymer, it is required that such a model matches the real polymer at the Kuhn scale length, by taking into account the density, rigidity and chain length [3]. As above-mentioned, TPE are made of segmented copolymers with two types of blocks (hard segment (HS) and soft segment (SS)), each one having specific chain rigidity, density, interaction strength and ability to crystallize. Therefore, it seems essential that these four criteria are taken into account to correctly describe the TPE morphology and thermomechanical behavior. Generally, CGMD simulations of block copolymers concern amorphous systems, with glassy and rubbery domains [4]. These can be obtained by defining several regions containing each type of blocks [5], or by starting from a homogeneous melt which will phase separate when decreasing the temperature [6][7][8][9]. It has been demonstrated that such models can provide a good description of the nonlinear tensile response of amorphous thermoplastic elastomers like SIS (Styrene-Isoprene) or SBS (Styrene-Butadiene) triblock copolymers [10]. Similar numerical models have been used to study the MST and the resulting patterns for directed self-assembly systems [11][12][13]. Molecular dynamics simulations also demonstrated the key role of the copolymer architecture on the resulting morphology in solvent: the influence of the SS length [14] and grafting [15] have notably been investigated. Single chain in mean field (SCMF) simulations have led to similar conclusions [16]. Besides, a recent study has shown the modification of the chains' conformations when adding associating groups to the copolymer resulting in the formation of intramolecular loops [17]. Apart from that, no molecular dynamics model describing the morphology and phase transitions in crystallizable segmented block copolymers has been reported to our knowledge.

Nevertheless, several coarse-grained (CG) models enable the simulation of semicrystalline homopolymers. As detailled in Section 1.4.6, some of them are directly derived from atomistic simulations using a systematic coarse-graining procedure [18][19][20][21] while another approach consists in using a generic CG model, such as the well-known Kremer-Grest (KG) bead-spring model [22,23], and modifying its parameters in order to obtain an energetically favorable crystalline structure [24,25]. While the simplest form of the latter method does not provide any relevant chains' conforma-tions and results in a coarse crystallization [24], a more useful model consisting in increasing the ratio between the nonbonded equilibration distance and the bond length req l b has been found to lead to a stable body-centered orthorhombic structure [25]. This force field has demonstrated its ability to model semicrystalline polymers with realistic morphologies such as folded chains, tie and loop molecules [26,27]. In the present work, we aim at modeling the structuring behavior of semicrystalline TPE using a force field derived from this semicrystalline homopolymer model, slightly modified to account for the different physical properties of each segment. The full detailed elaboration of the model has already been presented in Section 2.2.

The present chapter is organized as follows: after explaining the different methods and modeling aspects in Section 5.2, we present and discuss the results in the three following parts. First, results concerning the properties of the neat soft and hard homopolymers are presented in Section 5.3. Then, Section 5.4 details how the chain architecture influences the crystallization kinetics. Finally, the resulting morphologies are presented in Section 5.5 and the relationship with the copolymer architecture is discussed. Section 5.6 is devoted to concluding remarks.

Materials and methods

Modeled systems

The MD simulations of polybutylene terephthalate (PBT)-polytetrahydrofuran (PTHF) segmented copolymers are performed using the CG model established in Section 2.2. Although real TPE are made of multiblock copolymers with 7 or 8 HS per chain in average, we restricted our simulations to the case of shorter chains to limit the computing time: pentablock copolymers (containing 3 SS 2 HS) and dumbbells (triblock copolymers with 1 SS and 2 HS). The HS length was fixed to 21 beads, corresponding to a molar mass of 970 g.mol -1 . For each copolymer type, 7 samples were made with different SS lengths (between 5 and 114 beads) corresponding to molecular weights ranging from 130 to 3000 g.mol -1 . In the following, they are denoted SSN SS b where N SS b is replaced by the number of beads per SS. The limit case of 0 bead per SS is also treated as a neat HS of 42 beads (denoted neat HS42), namely twice the length of a HS. Neat hard and soft polymer chains of 100 beads are also created and denoted respectively neat HS100 and neat SS100. The number of chains in each box is fixed to 500. The different chain architectures are detailed in Figure 5.1 and Table 5.1. 

Simulation procedures

All the MD simulations are performed using the classic large-scale atomic/molecular massively parallel simulator (LAMMPS) code [28]. The copolymer chains are built using the radical-like polymerisation algorithm (RLP) algorithm previously developed to build homopolymers [29,30]. The simulation is performed in the NPT ensemble, using periodic boundary conditions, at P = 0.5 ε u /σ 3 u and T = 4 ε u /k B . It starts from a bath containing two types of loner beads (SS and HS types). 500 beads are randomly chosen to become radicals which will try to find a loner in their vicinity to bind to. The radical is then transferred to the new extremity of the molecule while the old one becomes an inner monomer. This procedure is repeated until the chain reached its target size, building the different blocks in a stepwise manner. A short delay of 5 τ u is introduced between each growth step so that the chain can relax all through its growth. At the end of this process, the remaining loner beads are removed and the system is equilibrated during 2 × 10 5 τ u .

Once the copolymer melt is generated and equilibrated, cooling ramps are performed until T = 0.01 ε u /k B at two different rates: 5 × 10 -5 τ -1 u and 5 × 10 -6 τ -1 u for the study of glass transition and non-isothermal crystallization respectively.

In order to improve the statistics of the simulations, the whole equilibration and cooling ramp have been repeated on one system (pentablock SS76) replicated 8 times in space (2 times in each direction). This new system has been equilibrated during 5 × 10 5 τ u at T = 4 ε u /k B in order to get different (new) initial configurations in the whole box before starting the cooling ramp. A comparison with the results obtained on the small system is provided in Appendix A.17, showing the good reliability of these results.

Post-treatment analysis

Post-treatment analysis is performed right after equilibration or during the cooling ramp. In order to look at the chain conformations in the molten state, the mean square internal distance (MSID) R 2 (n) is computed at T = 4 ε u /k B . In addition, an entanglement analysis is performed using the Z1 code of Kröger et al. which uses geometrical considerations to extract the primitive path of a dense polymer melt [31][32][33][34]. This algorithm is used to compute the molecular weight between entanglements M e .

The study of crystallization during the cooling ramp is performed using the algorithm recently developed by Morthomas et al. to detect the crystallites in the simulation box and estimate their size [25]. Based on the instability of small crystalline clusters [26], a threshold of 50 beads has been set so that every cluster smaller than this size is considered as amorphous. The algorithm also provides the detailed topology of the amorphous segments and classifies them as dangling ends, ties and loops as explained in Section 1.4.6. This analysis is performed every 0.1 ε u /k B during the slow cooling process. The MSID of different types of segments is also computed during this ramp.

Finally, the morphology of the multiphasic material is studied using the radial distribution function (RDF) computed with the Ovito software [35]. In order to analyze the phase separation process, the RDF of HS beads is computed during the cooling ramp (having removed the SS beads from the box to keep the hard phase only). The resulting morphology after crystallization of the hard segments is also analyzed by computing the RDF on the crystallized HS beads only, at a fixed temperature T = 1 ε u /k B .

Influence of chain rigidity on conformational and thermal properties

The main difference between the two types of blocks constituting the copolymers is their chain stiffness. Considering the potentials parameters values, a freely rotating chain (FRC) model predicts a C ∞ value of 6.19 for the HS and 4.47 for the SS at the reference temperature

T = 4 ε u /k B . Figure 5.2a shows the normalized MSID C(n) = R 2 (n) /(nl 2 b )
which is expected to tend to these values for high n. Indeed, the graph shows C(100) ≈ 5.9 for the HS and C(100) ≈ 4.2 for the SS. Moreover, one can see that the full FRC prediction given by Equation (5.1) is in good agreement with the effective C(n) curve. This indicates that the Kuhn lengths of our modeled systems are well controlled. , in good agreement with the available data: 1080 -1420 g.mol -1 for PTHF [36] and 1160 g.mol -1 for PBT [37]. One can note that the numbers of Kuhn segments per entanglement strand are also qualitatively consistent with the data concerning similar chemistries, PEO and PET, for which N k,e equals respectively 14.7 and 5.5 [38]. Such a result is of primary importance for a good modeling of the mechanical properties, in particular the plateau modulus. [39] (see also Chapters 3 and 4). The model is expected to reproduce (at least in a qualitative way) this thermal behavior with the four phase transitions occurring at different temperatures. Indeed, the glass transition temperature is expected to be related to the chain stiffness C ∞ and the interaction energy ε, which have been both carefully adjusted for each block. Empirical models predict a linear dependence of the glass transition temperature with the cohesive energy per flexible unit E coh [40]. Considering a Kuhn segment containing C ∞ beads whose interaction energy is ε consequently leads to E coh ∝ C ∞ ε. Given the present parameters values, this quantity should be 3 times larger for HS compared to SS. In order to check the resulting difference of T g between the two modeled polymer chains, one needs to follow the evolution of the volume per bead during a quick cooling ramp (see Section 5.2.2 for details). One can note that the glass transition temperature is expected to be rate-dependent (which is not studied here) because of its second-order nature, contrary to the melting/crystallization process. The results for both neat polymer chains are shown in Figure 5.2b. The glass transition temperature is extracted from the break in slope position, giving T SS g = 0.46 ε u /k B and T HS g = 1.5 ε u /k B . This seems to be in good agreement with the previous estimation of cohesive energy in HS being 3 times higher than the SS one. The crystallization temperature is also expected to be affected by both the chain mobility (which depends on the chain stiffness C ∞ ) and the driving force related to the interaction energy ε. The crystallization can be observed in a slower cooling process (see Section 5.2.2 for details) and T c can be taken as the temperature at which the time derivative of enthalpy is maximum. Figure 5.2c gives T SS c = 0.9 ε u /k B and T HS c = 2.0 ε u /k B . These values are in qualitative agreement with previous works reporting that the isothermal crystallization of neat HS can start at ca. 2.3 ε u /k B [25][26][27]. As expected, the model leads to four distinct temperatures which qualitatively match the reality. A simple mapping of these results with the real temperatures cited above indicates that the room temperature -usual operating temperature for TPE -should be around 1 ε u /k B .

C(n) = R 2 (n) /(nl 2 b ) = 1 + cos θ 1 -cos θ - 2 cos θ (1 -cos θ n ) n (1 -cos θ ) 2 ( 

Copolymer architecture drives phase separation and crystallization

In the previous part, we showed how the chain rigidity controls the conformation of the neat polymer chains. Thus, changing the copolymer morphology should impact the chain conformation. Figure 5.3 provides the MSID of both copolymer types evidencing that modifying the chain architecture -either by changing the SS length or the number of segments -enables to tune the chain stiffness between the two extreme cases corresponding to neat HS and neat SS. Indeed, the global rigidity of the chain increases when decreasing the SS length, i.e. when increasing the HS fraction. However, it is clear that the MSID of the copolymer does not follow a classic FRC model whose bond length and bond angle were taken as the averaged values of each neat polymer. In fact, the MSID curves are non monotonic, which is not related to any lack of equilibration but rather to the alternation of two rigidities in the copolymer chain (see the convergence of MSID over equilibration in Appendix A.18). In particular, one can notice the pronounced higher rigidity at the extremities of the dumbbells -ending with HS -compared to pentablocks whose ends are made of SS. As explained in Section 5.2.2, the non-isothermal crystallization of the copolymers is studied during a cooling ramp starting from the melt and ending in the SS glassy state. The rate (5 × 10 -6 τ -1 u ) has been adjusted so that the crystallization can easily occur within a reasonable time. The phase transitions can be observed by looking at the evolution with temperature of the time derivative of enthalpy. The so-called thermograms of all copolymers are plotted in Figure 5.4. All the curves exhibit a peak between T = 1.5 and 2 ε u /k B corresponding to the HS crystallization. Its position can be taken as the crystallization temperature T HS c . One can note the decreasing amplitude of the peak when increasing the SS length. This is due to the fact that the area under the peak is proportional to the degree of crystallinity of the whole system. Therefore, lowering the HS fraction obviously leads to smaller degree of crystallinity. A second peak corresponding to the SS crystallization can be observed at lower temperatures for the systems containing the highest fraction of SS (see the second peak at 1.2 ε u /k B for pentablock SS114 on inset of Figure 5.4a).

These results come together with the crystal analysis described in Section 5.2.3. The algorithm quantifies the number of crystallized beads, distinguishing HS and SS, from which we can extract the relative fractions of crystallized HS and SS: ϕ HS and ϕ SS . Their evolution with temperature is represented in Figure 5.5 for both pentablock copolymers and dumbbells. The crystallinity remains zero down to a temperature close to T HS c determined on the thermograms. Then ϕ HS starts to increase up to a pseudo-plateau ranging between 70 and 90 % for temperatures below 1 ε u /k B . One can note the good agreement between this value and experimental data obtained for multiblock copolymers made of short and monodisperse HS [41]. The increase of ϕ SS is much slower and leads to lower relative crystalline fractions (between 10 and 30 % for temperatures below 0.5 ε u /k B ). This will be commented further.

An interesting result is the evolution of the HS crystallization temperature when changing the chain architecture. Figure 5.4a shows that increasing the SS length in pentablock copolymers tends to lower the value of T HS c . In fact, the crystallization temperature ranges from ca. 1.6 ε u /k B for SS114 up to 1.9 ε u /k B for SS5. It is even higher for neat HS42 (T HS c = 2.0 ε u /k B ). This is also clear in Figure 5.5a when looking at the onset of the ϕ HS upturn which is postponed to lower temperatures when increasing the SS length. On the contrary, the crystallization kinetics of HS in the pentablock copolymer tends to the one of neat HS when decreasing the SS length. These results are consistent with the previous experimental study presented in Chapter 4 revealing that sufficiently short SS in PBT-PTHF segmented block copolymers resulted in similar kinetics as for neat PBT. However, one can notice that this dependence on SS length is not present for dumbbells. T HS c ranges between 1.9 and 2 ε u /k B whatever the SS length (see Figure 5.4b) and the onset of the crystallinity increase is always at 2 ε u /k B (see Figure 5.5b). In other words, the HS crystallization is only impacted in the multiblock systems, not in the dumbbells (given the fixed HS length). In fact, it seems that the SS crystallization is initiated by the HS one. This is not surprising since the lattice parameters of both crystalline phases are very close. This is a consequence of the very similar Lennard-Jones (LJ) σ parameters for both SS and HS interactions (see tables 2.4 and 2.5) and the way we choose the value for cross-interactions (see Lorentz rule in Equation 1.45a), promoting the SS crystallization from the HS crystalline walls. This is quite clear when looking at the snapshots of Figure 5.10 showing the crystalline structures only. There is no isolated SS crystallite: all of them are attached to their HS counterparts. However, we know from experimental studies that the real crystalline structures of PBT and PTHF have different lattice parameters preventing this promoted SS crystallization [42,43]. This artifact, generated by the choice of the potentials, should not affect the following results owing to the relatively low crystalline SS fractions. Focussing on the understanding of the HS crystallization kinetics, we propose below to follow the evolution of the systems during the cooling ramp above the crystallization point, namely between 3 and 2 ε u /k B . We know from scattering [41] and rheology experiments (see Appendix A.26) performed on such segmented copolymers that a remaining phase separation is expected in the molten state, likely to play a major role on the crystallization kinetics and resulting network topology. The ordering process while cooling can be monitored by following the RDF of the HS beads. Its evolution with temperature is represented in Figure 5.6 for two couples of comparable systems having the same HS fraction and same chain length, but different numbers of blocks: (a) pentablock SS19 versus dumbbell SS57 (x HS = 42 %) and (b) pentablock SS38 versus dumbbell SS114 (x HS = 27 %). At high temperature (T = 3 ε u /k B ), the RDF curve is almost completely flat in the high-r range (for distances greater than the cutoff radius 2.5σ), suggesting there is no structuring at long distances. When decreasing the temperature, the shape of the RDF changes. A correlation peak progressively grows, which is the sign of structuring at this lengthscale. The HS start to form domains, separated from the SS by a distance r ≈ 30 σ u . It can be noted that this happens at temperatures higher than T HS c , meaning that the phase separation occurs before crystallization. Comparing then the pentablocks and the dumbbells clearly evidences that the phase separation occurs at higher temperatures in the latter. Therefore, an increase of the number of blocks seems to significantly delay the phase separation process, in good agreement with experimental studies comparing in a systematic way the melt structure in multiblock and triblock copolymers [44].

We propose to rationalize these differences between triblocks and pentablocks using the Krause theory [2] whose Equation (1.2) describes the free energy change on microphase separation of multiblocks copolymers based on the lattice theory of polymers (see Section 1.2.2 for details). This model can be used to determine the MST temperature defined as the temperature at which the free energy change is zero. This temperature depends on the chain length (N r /N 0 ), fractions of A and B units (ν A and ν B ), interaction strengths (χ AB ) and the number of blocks m. In our case, the comparison between pentablock SS19 and dumbbell SS57 -or pentablock SS38 and dumbbell SS57 -involves only the change of the parameter m. The application of this model to our systems is presented in Figure 5.7 where we can see the evolution of the free energy change on microphase separation with temperature for the four systems listed above (see Appendix A. 19 for details concerning the application of the Krause model to our systems). Although we do not claim to determine the absolute values of the MST temperatures from this graph, we note the consistent order of magnitude for the four values: 1.5, 2.1, 2.7 and 3.8 ε u /k B for pentablocks SS19, SS38, dumbbells SS57 and SS114 respectively. Moreover, the differences in terms of MST temperatures qualitatively match with the phase separation kinetics observed on the RDF (Figure 5.6). During the cooling, the transition between a flat g(r) to a well-defined correlation peak occurs first in the dumbbells, SS114 prior to SS57, and then in the pentablocks, SS38 and finally SS19 (same order as the predicted MST temperatures). Basically, increasing the number of blocks makes the phase separation more difficult. In other words, the phase separation occurs at lower temperatures when increasing the number of blocks. Comparisons for two couples of systems at iso-HS fractions (x HS = 42 % for pentablock SS19 and dumbbell SS57, x HS = 27 % for pentablock SS38 and dumbbell SS114). The dotted line shows the limit between the one-phase (∆G > 0) and phase-separated (∆G < 0) states.

Once shown the differences in terms of phase separation between dumbbells and pentablocks, we can now try to explain the different crystallization kinetics observed for both types of system. We have previously observed that all the dumbbells crystallize at T HS c = 2 ε u /k B , which is also the crystallization temperature of the neat HS system. On the contrary, the pentablocks have a lower crystallization temperature, which further decreases when increasing the SS length. Looking at the RDF and using the simple thermodynamic model of Krause, we have found that dumbbells phase separate at higher temperatures compared to pentablocks. In fact, we have demonstrated the dumbbells are already well phase-separated at T = 2 ε u /k B , whereas it is not the case for pentablocks. With this picture in mind, one may assume that the crystallization temperature is driven by the phase separation. In the case of pentablocks, the system is not enough phase-separated to crystallize when reaching the crystallization temperature of the neat HS (T HS c = 2 ε u /k B ). It requires a lower temperature, favoring the HS gathering, to subsequently crystallize. On the contrary, since dumbbells are already well phase-separated when reaching the crystallization temperature of the neat HS, they crystallize immediately. However, Krause theory predicts that increasing the SS length from 19 beads to 38 beads will increase the MST temperature (see Figure 5.7), while the simulation exhibits a decrease on the crystallization temperature (see Figure 5.5a). In fact, increasing the SS length decreases the HS fraction in the system and thus, the probability for a HS to find a pair. Therefore, the system requires a high level of phase separation to crystallize. On the contrary, a system with very short SS does not require such a high degree of phase separation to crystallize because of the high HS fraction. Even though the phase separation is difficult in such a system -low MST temperature because of the low SS fraction -it can easily crystallize due to the high probability for a HS to find another one even at high temperatures. In this way, it appears that the phase separation is not the critical parameter for the HS crystallization which is mainly driven by the probability for a HS to find a pair in its vicinity. Therefore, one can expect the crystallization to be controlled by the local HS number density:

ρ HS n,lc = ρ HS n 1 l c l 0 g(r)dr (5.2)
where ρ HS n is the global HS density defined as the ratio between the number of HS beads and the volume of the box, g(r) is the RDF of HS beads and l c is a cutoff radius defining the vicinity of a HS bead. Equation (5.2) has been used to obtain the evolution of the local HS number density before and at the crystallization onset for all the systems. A cutoff radius L = 2.5 σ u was used in order to take into account the nearest neighbors only (see RDF of HS beads in Appendix A.20 for the choice of l c ). In the case of neat HS, the number density being about 0.24 σ -3 u , this cutoff radius encompass 4 3 πL 3 ρ HS n -1 = 15 neighboring beads. Figure 5.8 represents the evolution of the relative HS crystalline fraction with this local HS number density on a temperature range going from 3 to 1.5 ε u /k B . While the global HS densities of all these systems are widely distributed (ranging from 0.03 σ -3 u for pentablock SS114 to 0.23 σ -3 u for dumbbell SS5), the onset of crystallization always occurs at the same local HS density: 0.14 ± 0.02 σ -3 u . The fact that the crystallization onset occurs at an almost constant local HS density independently of the chain architecture shows that crystallization is mostly driven by the probability for a HS to find a pair.

Impact of chain architecture on morphology and network topology after crystallization

Apart from kinetics, the copolymer architecture is also found to impact the final crystallinity, as evidenced on Figure 5.5. Modifying the SS length appears to affect the HS crystallinity reached at low temperature: systems with longer SS reach a higher relative crystallinity of both hard and soft segments. ϕ HS goes from 70 % for neat HS polymer chain to more than 90 % for copolymers with the longest SS. The increase is even slightly more pronounced for dumbbell systems, going from 65 % to more than 95 % (probably due to the higher mobility of the HS located on the chain ends). This result is not intuitive. In fact, one could expect that decreasing the HS content would lead to smaller relative HS crystalline fractions due to the reduced probability for a HS to find a pair. However, looking at the topology of the amorphous phase can help to understand this result. As explained in section 5.2.3, amorphous segments surrounding the crystals can be classified in three categories: dangling ends, loops and ties. Figure 5.9 represents the numbers of each type of amorphous segments per crystallized segment for all the systems at T = 1 ε u /k B . It should be read as the tendency for amorphous segments to preferentially form loops (N L ), ties (N T ) or dangling ends (N DE ). Interestingly, while the number of ties per crystallized segment remains almost independent of the chain architecture (N T ranging between 0.3 and 0.4), the number of loops per crystallized segment significantly increases when increasing the SS length (by a factor 2 when comparing the extreme SS sizes). Then, the higher relative HS crystallinty observed when increasing the SS length can be explained by a higher ability to form loops. Furthermore, we can see their number increasing more quickly for N SS b > 38 beads. This size corresponds to 1 kg.mol -1 , which remarkably matches the experimental litterature regarding the minimal size for a PTHF segment to fold, being between 1 and 2 kg.mol -1 [45,46] (see Appendix A.21 for additional analysis of the MSID in SS loops). This ability to fold has also an impact on the relative SS crystallinity ϕ SS . One can see in Figure 5.5 that the final value of ϕ SS reached at low temperature is almost constant for the systems having a SS length smaller than 38 beads (ϕ SS = 0.22 for pentablocks and 0.11 for dumbbells). However, when N SS b exceeds this value, ϕ SS increases quite significantly, by a factor 1.5 for pentablock SS114 and a factor 2 for dumbbell SS114. This effect is once again consistent with the experimental results obtained in Chapters 3 and 4 showing that PTHF blocks only crystallize when their molecular weight exceeds 1 kg.mol -1 . The crystals arrangement in the box and its dependence on the chain architecture is also interesting to analyze because it can be easily compared with experiments such as scattering or microscopy as performed in Chapter 3. For that purpose, the RDF of the crystalline HS beads have been computed at T = 1 ε u /k B for all systems and are represented in Figure 5.10. The curves present a maximum corresponding to the correlation length d * between aggregated domains corresponding here to the HS crystallites -one can note that d * is much smaller than the box length (last point of each curve in Figure 5.10), meaning that finite size effects are negligible here (see also Appendix A.22 for more information on finite size effects). This distance (d * ≈ 30 σ u ) is very close to the correlation length observed at higher temperature for systems being phase-separated but still amorphous (see Figure 5.6). This corroborates the idea of a crystallization occuring in a pre-ordered melt whose morphology is preserved after crystallization (see Section 5.4). Moreover, one can note the slight but significant change on the correlation length when varying the SS length. As one could have expected, decreasing the SS length leads to closer crystallites, i.e. a smaller value of d * . A comparison with experiments can be done on pentablock SS76 system, which has the same blocks sizes (but fewer blocks) as the HS30 PBT-PTHF segmented copolymer sample studied with X-ray scattering and atomic force microscopy (AFM) at room temperature in Chapter 3. Converting the correlation length d * = 34 σ u from LJ units to standard units -using Equation 2.4b -gives a distance between the crystals about 8 nm. Experimentally, it was found that such a system elaborated through hotpressing crystallizes forming long ribbons spaced by a distance being approximately 38 nm. These ribbons, not perfectly regular, are actually formed of smaller crystals, forming a necklace structure with crystalline nodules spaced by a distance of 10 nm. Considering the relatively small size of the simulation box, it is reasonable to guess that the larger lengthscale (distance between ribbons) is not accessible with the simulation. However, it seems that the smaller lengthscale (distance between the nodules) matches quite well with the experiments, reinforcing the consistency of the CG model presented here (see Appendix A.23 for a comparison with AFM imaging). In addition, the shape of the crystals, almost isotropic for pentablocks (see snapshot in Figure 5.10), is in good agreement with the nodules observed in experiments. Interestingly, dumbbells are found to form a different structure, with much longer crystallites having one preferential direction of growth. This can be verified looking at the snapshots of Figure 5.10 representing the crystals of a pentablock and a dumbbell system having the same HS fraction. Quantitatively, we also show in Appendix A.24 that pentablocks tend to form more, albeit smaller, crystallites than triblocks. This change from a necklace structure to regular ribbons reminds of the behavior observed in the experimental study of Chapter 3 in which a unique PBT-PTHF copolymer was found to exhibit these two types of structure whether it was elaborated through hot-pressing or solvent-casting. This difference was attributed to a much higher mobility of the chains in the solvent compared to the melt. It is possible to explain the difference observed here between the pentablocks (forming nodules) and the dumbbells (forming long ribbons) using the same argument. The mobility of the HS in dumbbells is increased for two reasons: first, the shorter diffusion time of the whole chain because of the smaller chain length compared to pentablocks and second, the higher mobility of blocks located on chain ends.

Conclusions

By adapting a generic CG model originally designed for semicrystalline homopolymers to the specific case of PBT-PTHF TPE, we have implemented a molecular dynamics simulation of semicrystalline segmented block copolymers for the first time to our knowledge. We have demonstrated the key role of the chain architecture in the crystallization process, corroborating the insights from experimental studies. Based on the fact that the crystallization process is controlled by the probability for a HS to find a pair, we have studied the impact of both the number of blocks and the SS length on the crystallization kinetics. Consistently with thermodynamics predictions, reducing the number of blocks has been found to promote the microphase separation, increasing this probability and thus enhancing the crystallization. When the phase separation is weaker because of a higher number of blocks in the chain, we have evidenced the decrease of the crystallization temperature when increasing the SS length. On the other hand, increasing the SS length has been found to lead to a higher final relative HS crystallinity, explained by an enhanced ability to form loops. Considerations on the HS mobility has enabled explaining the different crystalline arrangements observed in pentablocks and dumbbells. The resulting morphologies obtained after crystallization have revealed a good agreement with structural experimental characterizations, reinforcing the relevance of the model. We believe the development of this CG model can serve as a basis for further investigations of the static and dynamic properties of TPE.

In the following chapters, we will focus on the linear mechanical properties of TPE. In particular, we will investigate the origin of the reinforcement in such materials and try to understand what are the key structural parameters which control the rubbery plateau modulus. The kind of information concerning the semicrystalline structures in TPE and chain topologies obtained here will thus be of primary importance to understand the complex structure-properties relationship in these materials. The content of this chapter has been published in: Nébouy, M.; Louhichi, A. and Baeza, G. P. Volume fraction and width of ribbon-like crystallites control the rubbery modulus of segmented block copolymers. J. Polym. Eng., in press, 2019.

Part

Introduction

The linear mechanical properties of thermoplastic elastomer (TPE) are mainly characterized by their plateau modulus in the rubbery state resulting from the crystallization of hard segment (HS) forming thermoreversible crosslinks. The control of the reinforcement, i.e. the adjustment of the storage modulus level, and the prediction of its value based on structural characterizations of the microphase separated domains inside the material is of primary importance for industrial applications. Indeed, the plateau modulus value is a determinant factor to tune the rigidity of the material and adapt it to the desired application (wire sheaths, car elements, seals, grips, . . . ).

The literature contains numerous examples of investigations of such physical properties in semicrystalline TPE. In particular, the link between the thermomechanical properties and the chain's architecture has been the subject of several studies. One can cite the thorough work of Gaymans who evidenced notably the deleterious effect of the HS polydispersity on the crystallites formation and viscoelastic properties [1]. However, it seems that most of the literature in the domain is based on an empirical philosophy, consisting in modifying the TPE chains and observing the consequences on the mechanics and phase transitions, without a deep understanding of the structure-properties relationship. For example, although it is usually of great importance in semicrystalline homopolymers, the detailed geometry of the ribbon-like crystallites is often forgotten in TPE (not always though [2]), limiting the structural characterization to the intercrystallites distance (periodicity), easily accessible from small angle X-ray scattering (SAXS). In addition, the conformation of the soft segment (SS), yet of utmost importance in amorphous polymers, is frequently eluded while it could evolve to a great extent as a function of the HS content (X HS ), and crystalline (weight or volume) fraction (denoted respectively X c and Φ below). In particular, one could wonder about the alignment of the SS close to the HS crystallites similarly as in polymer brushes [3,4] or about their modified conformation originating from the sudden growth of hard ribbons [5][6][7]. We believe that the lack of knowledge in this field comes from the fact that most studies investigate the physical properties of TPE as a function of X HS [8][9][10][11] (known from the synthesis), i.e. without considering the microstructure of the material quantitatively. In fact, it is impossible to know a priori which fraction of HS will contribute to the crystalline phase, or will be dissolved in the SS matrix, making the link between X HS and the physical properties, purely empirical. In the field of semicrystalline homopolymers, authors can study the mechanical properties as function of X c [12,13], which is a first step towards the understanding in our opinion since the density of the crystallized phase is similar to its amorphous counterpart (typically 15 % higher), resulting in the very coarse approximation X c ≈ Φ. It makes more sense to us, simply because the origin of mechanical properties is known to come from the materials' structure, e.g. the presence of topological constraints or possible hydrodynamic effects, both being related to Φ. However, one needs to be careful when dealing with TPE because the use of different chemical motifs in HS and SS unavoidably results into a larger difference of density between the hard crystallites and the soft phase, leading to X c Φ. Indeed, the hard phase is usually found to be 30 to 50 % denser than the soft one (see Section 6.3 and ref [14]) making any representation of mechanical properties as a function of X c irrelevant from a structural point of view.

In this chapter, we propose therefore to investigate the mechanics systematically as a function of the volume fraction in crystallites, giving as many details as possible on the geometry of the network they form and the resulting constraint on the soft phase. The goal is to compare the recent topological model developed by Baeza, proposing a prediction of the reinforcement χ in TPE [7], to a wide variety of materials' formulations. Although it is not expected to give full satisfaction because of its simplicity, it has the merit to point the parameters of interest and describe quantitatively their impact on the rubbery plateau modulus. One of the main points of interest in this study is the determination of the influence of the crystallite's width on the reinforcement. In fact, while this model predicts a higher reinforcement for thick crystallites (see Section 1.3.2), another study based on a fiber composite model indicates that a higher aspect ratio leads to a higher modulus (at fixed volume fraction in crystallites) [15]. We thus expect the present work to settle the question of the role of crystallite's width. This study is organized as follows. After the material and methods described in Section 6.2, we present in Section 6.3 a quick review of the reinforcement as a function of the volume fraction in crystallites making emerge a general trend and a few exceptions. We then compare in Section 6.4 the topological model to the rheological experiments performed on isothermally crystallized TPE studied in Chapter 4. Finally, Section 6.5 is focused on the study of the influence of the ribbons' width independently of the volume fraction of crystals, in series of TPE having the same crystalline content but different crystallites' geometries.

Materials and methods

Materials

Section 6.3 is a small review on different types of semicrystalline TPE (different chemistries) whose data come from different studies. The details on their compositions can be found in the references mentioned in Section 6.3.

In Section 6.4, we characterize the thermomechanical properties of the three polybutylene terephthalate (PBT)-polytetrahydrofuran (PTHF) segmented copolymers HS30, HS40 and HS65 (see Section 2.1.1) prepared through isothermal crystallization at different temperatures T iso as described in Chapter 4. Section 6.5 is dedicated to the study of the same TPE prepared through two different process: hot-pressing (thick) (HP + ) and solvent-casting (SC). The detailed experimental conditions of these methods are presented in Section 2.1.2.

Dynamic mechanical analysis (DMA)

Dynamic temperature sweeps were conducted on a Q800 DMA apparatus (TA, USA) under nitrogen flow. Rectangle-shaped samples (ca. 6 mm long × 5 mm wide × 0.5 mm thick for SC samples and 1.5 mm thick for HP + samples) were held in tensile clamps and first cooled at -120 °C. After 5 min of equilibration, they were heated up to 150 degree C at a rate of 10 °C.min -1 . A sinusoidal tensile strain (1 Hz, 0.05 % strain amplitude) superposed to a static tension was applied on the sample. The static force is adjusted to keep the ratio static force / driven force equal to 1.5.

Influence of crystalline volume fraction in various TPE

As mentioned before, one of the greatest assets of TPE resides in their architecture modularity. In other words, tuning the ratio between HS and SS allows making the TPE harder or softer according to our needs. However, increasing the content in HS does not necessarily mean increasing the content in crystallites to the same extent. In order to highlight the different behaviors of various TPE, we have reviewed a dozen of articles in which the content of HS was systematically increased and where calorimetry data was accessible to extract the degree of crystallinity X c and then the volume fraction in crystals Φ. These results, together with the corresponding (shear) plateau modulus G N are provided in Table 6.1 with appropriate citations. The degree of crystallinity is calculated from the melting enthalpy of the TPE ∆H m and the melting enthlapy of an hypothetical neat HS crystal, ∆H * m , being approximately equal to 150 J.g -1 for T4T, T6T6, T6A6T and urea [14].

The volume fraction in crystallites is then deduced from:

Φ = X c /d(cHS) (1 -X c )/d(SS) + X c /d(cHS) (6.1)
where d(cHS) and d(SS) are the densities of the crystalline HS and amorphous SS domains, the values for crystalline PBT and amorphous PTHF being respectively equal to 1.40 [16] and 0.98 g.cm -3 [17]. (Values of Φ for T6T-PPO were directly available from ref [15] and values for PBT-PTHF were taken from Chapters 3 and 4.) The reinforcement χ has been calculated from its definition of Equation (1.7), i.e. the ratio of the plateau modulus of the TPE G N and the plateau modulus of the neat soft polymer G 0

N : χ = G N G 0 N .
Note that G N and G 0 N were extracted from temperature or frequency sweep experiments not necessarily performed under the same conditions (frequency, strain, temperature). Also, the properties of the neat soft chains were not often reported in the references obliging us to assign theoretical or previously measured values of G 0 N to calculate the reinforcement in each series of samples. For example, G 0 N for pure P P O and PTHF was set to 1.2 [18] and 1.9 MPa [7], respectively. As a consequence, and to keep the data self-consistent, we estimate the error bar on the whole set of data presented in Table 6.1 to be ±50 %. (1) Assuming X c = 0.5X HS .

(2) Assuming X c = X HS .

In Figure 6.1, we show Φ as a function of X HS for the TPE reported in Table 6.1. It evidences the accessible values for (Φ, X HS ) and its approximate limits: Φ max = 0.8X HS and Φ min = 0.2X HS .

As one may have anticipated, the upper limit close to 80 % confirms that it is impossible for the HS to fully crystallize, regardless of the chemistry or the length of the blocks. However, it is clear that these two parameters, as well as the polydispersity on M HS play an important role on the resulting amount of crystallites [1]. For example, monodisperse and short HS forming H-bonds like T4T, T6T, or TΦT (orange, blue, and red in Figure 6.1) seem to crystallize significantly more than softer PBT and PBS (green in Figure 6.1), in agreement with previous trends [1,26]. Figure 6.2 represents the evolution of the reinforcement χ as a function of Φ. At first sight, we remark that most of the points fall onto a reasonably scattered "mastercurve". This suggests therefore that the reinforcement in TPE is mainly governed by the content in crystallites rather than other parameters such as the chemical structure of the segments they contain -just like in amorphous polymers where the molecular weight between entanglements is responsible for the rubbery modulus regardless of the chemical motif. The black line represented in Figure 6.2, defined by the empirical relation (1.15) (χ = exp (AΦ) with A being an arbitrary factor equal to 18.38 from ref [7]), seems to reasonably describe the global evolution of the data, at least up to Φ = 0.25.

Although it is true that most TPE follow this general trend, some copolymer formulations exhibit a higher reinforcement that cannot be ignored. This is notably the case of all the points marked with circles (Figure 6.2) in which M SS is smaller than M e . We believe that in these cases, the mechanisms of reinforcement differ from classic entropic elasticity, and that topological arguments become irrelevant to explain the mechanical properties. This is actually discussed in ref [7] where the author makes the hypothesis of a modified soft phase being confined between the hard crystallites for Φ > 15 %, corresponding to M SS < M e . This mechanical properties' modification of the polymer in the vicinity of the hard phase is also commonly admitted in the nanocomposites field, albeit not fully understood, involving the role of occluded and bound rubber to explain the higher reinforcement compared to purely hydrodynamic effects [27,28]. This modified rubber is often considered to take part in the percolation of the hard phase leading to a sharp increase of the modulus with the volume fraction of fillers [29]. One can also imagine a similar situation in TPE with the formation of a continuous "hard path" made of both crystallites and hardened SS phase. In the case of TPE, the change in SS conformation initiated by the limited space between crystallites was evoked to rationalize the increase of the plateau modulus above the simple topological predictions. Beyond that, other authors have found that too short SS (M SS < 650 g.mol -1 ) could not lead to the formation of a continuous soft phase within the material [30] (equivalent to a poor phase separation [31]) synonymous of a continuous hard network made of amorphous and crystalline HS responsible for the high elastic moduli of the TPE. Here we want to insist on the fact that although these materials are segmented block copolymers, they must not be called TPE in the sense that they do not have rubber-like properties at room temperature. They are generally much harder and very brittle because of the absence of SS entanglements (see for example the comparison between multiblock and dumbbell segmented copolymers in the thesis of A. Sharma [32]). As a matter of fact, when M SS /M e approaches 1, the soft phase tend to disentangle, changing the whole mechanical behavior of the polymer. Another striking evidence of this transition is the impossibility of the PTHF SS to crystallize (i.e. bend on itself) when its molecular weight falls below ca. 1500 g.mol -1 as shown in Chapter 3 and ref [10].

For a given polymer's architecture -(AB) y -A (A and B respectively standing for SS and HS), it is in- teresting to discuss the relations existing between M SS , M HS , M n , y and X HS . The relations (2.1a) and (2.1b) established in Chapter 2 give:

M SS = y y + 1 M HS 1 X HS -1 . ( 6.2) 
(One should note the average character of this relation: both the molecular weight of the chain and the segments themselves often follow a Flory distribution with a non-negligible polydispersity.)

Not surprisingly, the SS molecular weight is inversely proportional to the HS content. This expression is interesting since it can provide a limit on the HS content for the transition between rubber-like properties of entangled TPE (M SS /M e > 1) and a brittle behavior (M SS /M e < 1), given the number of HS and their length. For instance, for T4T-PTHF of ref [7,14] having 7 HS per chain of M HS = 384 g.mol -1 , taking M P T HF e = 1.42 kg.mol -1 [33], Equation (6.2) suggests that the transition between entangled and unentangled SS occurs at X HS ≈ 17 %, in very good agreement with the modulus divergence described in ref [7]. For higher HS content, the nature of the SS is likely to play a major role because of conformational changes induced by the limited volume between HS crystallites. In fact, the key idea is to compare the end-to-end distance of the SS at equilibrium R 2 SS 1/2 with the distance between the walls of two neighboring crystallites. When the latter becomes smaller than R 2 SS 1/2 , one can expect the SS to adopt an out-of-equilibrium conformation providing the TPE with a higher modulus. Therefore, we assume that increasing the SS rigidity, and thus increasing R 2 SS 1/2 , must enhance this perturbation of the SS by the crystalline phase, thus resulting in a stronger reinforcement. However, this hypothesis has not been tested so far and could be part of an interesting perspective work.

Apart from too short SS (and too short chains), it seems therefore, that the modulus enhancement with Φ can be approximated with an exponential function, as previously suggested (empirically) long ago by Wegner [34]. This important result does not, however, consider directly the structure of the crystallites, i.e. their periodicity, width, and length. To do so, one can use the topological model proposed by Baeza [7] which actually predicts a power law χ ∼ Φ 2 up to 15 vol % (see Section 1.3.2). This is the strategy we adopted in the two following sections, aiming to test the two main predictions of this model: the variation of the reinforcement with the volume fraction Φ on the one hand, and the effect of the crystallites' width W on the other hand. Specific experiments were thus designed to study the effect of Φ in Section 6.4 and W (independently of Φ) in Section 6.5.

Reinforcement in isothermally crystallized PBT-PTHF TPE

After having demonstrated the crucial role of the volume fraction of crystallites on the reinforcement in various types of TPE, we would like to go further in the understanding of the precise link between structure and plateau modulus in such materials. For that purpose, we propose to focus on isothermally crystallized PBT-PTHF TPE whose plateau modulus has been reached at the end of dynamic time sweeps G (∞) performed at different temperatures T iso presented in Chapter 4 (see for instance Figure 4.2). The corresponding degree of crystallinity X c (∞) was also obtained from calorimetry measurements (see Section 4.3.3 for details). In addition, the structure of the so-obtained materials was characterized through SAXS presented and analyzed in Appendix A.4.2. We found that in spite of their different molecular chain structures, the three isothermally crystallized TPE HS30, HS40 and HS65 contained ribbon-like crystallites characterized by almost constant thickness and long period whatever the sample (radius of the polydisperse sphere form factor R varying between 3.79 and 4.20 nm and long period d * comprised between 23.2 and 24.7 nm). 8d. These plots shown in Chapter 4 reveal quasi-linear trends between temperature, rubbery plateau modulus and crystalline fraction before an eventual saturation for the lowest values of T iso (see in particular HS40). One can note that, while HS30 and HS40 exhibit a quite similar behavior, a much steeper slope is observed for HS65, undoubtedly related with the confinement of the SS as suggested above (Section 6.3) for high crystalline volume fractions.

More quantitatively, Figure 6.3b represents the reinforcement χ as a function of the volume fraction in crystallites Φ. Fitting the data with the empirical relation (1.15) (solid line in Figure 6.3b) used in the previous section leads to a value of the only fitting parameter A = 16.97, in rather good agreement with the previous study on various kinds of TPE (14 < A < 22) and the original value of 18.38 for T4T-PTHF segmented copolymers [7]. This result therefore encourages a possible quasi-universal behavior of the reinforcement in segmented block copolymers that one can describe from the morphology of the hard phase they contain.

To go further into the rationalization of the material's hardening through topological arguments, one can try to apply the theory proposed by Baeza to explain the reinforcement in TPE [7]. It was shown in Section 1.3.2 that, within the framework of this model, the reinforcement can be expressed as a function of two main parameters: the volume fraction in crystals Φ and the number of crystalline stems included in a volume occupied by one entanglement in the soft chain N ce , leading to Equation (1.23): χ = 1 + (N ce -1) Φ. Then, making some hypothesis on the geometry of the crystallites, the latter can be expressed as a function of structural parameters related to the crystals such as the volume fraction Φ, the thickness of the crystallites H, the average distance between them d * and their local arrangement (µ = 1 or 3 respectively for aligned or isotropically distributed ribbons), leading to a new equation of the reinforcement (1.26) reported here for the sake of clarity:

χ ≈ 1 + d T d * 2 µHab Φ 2
where d T is the tube diameter of the soft polymer, whose value for PTHF is d T = 4.4 nm [7].

Fitting the SAXS measurements performed on the three isothermally crystallized TPE (see Appendix A.4.2), one can get the following information about the structure. The average distance between the crystallites, obtained from the width of the square-well potential used to fit the SAXS intensity is d * = 23.5 nm. The average radius of the polydisperse sphere form factor can also be used to estimate the thickness of the crystallites, giving H = 2 R = 8 nm. As mentioned above, these two parameters were found to be almost independent on the TPE's chain structure, justifying the use of a single average value for each parameter. The isotropic character of the samples is in favor of a value of 3 for µ. The primitive cell's dimensions of crystalline PBT are known to be a ≈ b ≈ 0.5 nm [16]. Using this set of parameters, one can evaluate Equation (1.26) (dashed line in Figure 6.3b). The topological model is found to remarkably follow the empirical exponential trend up to a volume fraction Φ equal to ca. 12 %. Above this value, confinement of the SS leading to a hardening of the soft phase is likely to drastically increase the static modulus, as suggested in the previous section and in the original article about the topological the model [7].

However, one can note that the points corresponding to the three materials HS30, HS40 and HS65 samples do not perfectly collapse on a single mastercurve (either the topological model or the empirical exponential). Indeed, one could be tempted to fit these three datasets separately. These variations around the global trend ruled by Φ may be related to the different temperature used for each measurement, potentially leading to a slight change of the d T value, not taken into account here. In addition, a possible dependence of the crystallites' width with the temperature of isothermal crystallization is also worth considering to explain the deviations. According to the conclusions of Chapter 3, we know that the crystallites' width is highly dependent on the mobility of the chains (the higher the mobility, the thinner the ribbons which are formed). Decreasing the temperature can thus leads to not only higher crystalline fractions Φ but also wider crystallites (increase in W ), explaining the above-mentioned variations. Indeed, one can expect -from the topological model of reinforcement [7] -the crystallites' width to be key in controlling the plateau modulus of TPE. Therefore, a further investigation of the role of this parameter in a more systematic and controlled way seems required to fully explain the origin of reinforcement. The next section is thus focused on the relationship between plateau modulus and size of the crystallites.

Role of crystallites' width in HP + and SC PBT-PTHF TPE

The topological model, described in its general form in Equations (1.23):

χ = 1 + (N ce -1) Φ
and (1.24):

N ce = d T W ab ,
highlights the influence of a parameter which has not been discussed in the previous sections: the width of the crystallites W [7]. Indeed, assuming that the number of crystalline stems belonging to a crystallite and contained in a sphere of diameter d T (tube diameter) is large enough (N ce 1), one can obtain this simplified expression for the reinforcement:

χ -1 ∝ ΦW. (6.3)
Therefore, it should be interesting to study the evolution of reinforcement when varying the crystallites' width W at fixed volume fraction in crystals Φ. Although preparing such samples may sound challenging from an experimental point of view, we showed in Chapter 3 that using different processing routes, namely HP + and SC in hexafluoroisopropanol (HFIP), it was possible to obtain PBT-PTHF films with different crystalline network morphologies (ribbon-like crystallites of various width) but containing the same amount of crystallites at ±1 vol % (see Table 3.1). In particular, we showed that HP + was leading to much larger crystallites than SC, by a factor comprised between 2 and 4. This peculiar behavior was observed for three different compositions of TPE: X HS = 30 %, 40 %, and 65 %, respectively corresponding to Φ = 5, 8, and 16 vol % in crystallites. In Figure 6.4a, we present dynamic temperature sweeps performed on these six samples revealing the usual trend for the storage modulus E (T ) from the glassy to the rubbery regime. As above mentioned, the melting of PTHF (around 0 -10 °C) is not seen in the TPE containing 16 vol % in crystallites because of too short SS (M SS = 1 kg.mol -1 ). While it is clear that increasing Φ provides the material with a higher reinforcement, the most interesting feature resides in the systematic higher values measured on HP + samples in spite of identical (if not slightly smaller) Φ. Based on SAXS (Appendix A.4.1) and atomic force microscopy (AFM) (Appendix A.6), we actually estimated the average section H × W of the crystallites for Φ = 8 vol % (blue curves in Figure 6.4a) to be 11 × 13 nm 2 and 5 × 3.4 nm 2 , respectively for HP + and SC samples (see Chapter 3). Besides, assuming that ribbons are organized in a square basis, one can also estimate the average cross-section of the crystallites in all the TPE using Equation 1.4: HW = Φd * 2 , where d * is the intercrystallites distance, easily measurable with SAXS (see Appendix A.4.1). These results are gathered in Table 6.2 highlighting the strong difference in section between the ribbons observed in HP + and SC samples. Based on such simple calculations, one can then compare the experimental reinforcement in both types of samples with theoretical predictions from our topological model.

On one side, the reduced reinforcement

χ -1 = E N E 0 N -1, (6.4) 
obtained from DMA measurements at 120 °C providing E N and assuming E 0 N = 3G 0 N = 5.7 MPa, is 2.6, 2.0, and 3.5 higher in HP + than in SC samples, respectively for Φ = 0.05, 0.08, and 0.16. (1) Using Equation (1.4). (2) Assuming H = W .

This high temperature was chosen to eliminate both the crystalline PTHF and the glassy PBT phases contributing to the storage modulus in the present experimental conditions up to 30 °C and 80 °C respectively (see Figure 6.4a). Note that the corresponding melting and glass transition temperatures are usually observed in DSC close to 0 °C, and 60 °C, this shift being due to the relatively high heating rate.

On the other side, the corresponding theoretical values considering crystalline hard domains within an amorphous soft phase, calculated from:

χ HP -1 χ SC -1 = W HP W SC (6.5)
gives 2.3, 3.2, and 3.2, in reasonable good agreement (at least qualitatively) with the experimental results. The comparison between experiments and theory is presented in Figure 6.4b where all the error bars are estimated to ±20 % approximately. This estimation of the error comes from: the dispersion of the measured modulus at 120 °C when repeating the experiment and the estimation of d * and Φ, respectively ranging for HS65 between 35 -40 nm and 0.045 -0.055. Interestingly, it seems that the reinforcement observed in the rubbery state slightly propagates down to the glassy regime for the three TPE. It reminds us of what has been observed in nanocomposites loaded with the same filler fraction and a growing molecular weight of the polymer forming the matrix [35]. The authors assigned this phenomenon to conformationnal changes in the interfacial polymer layer (chain packing, stretching and bridging), in line with what we could expect when W is changed in TPE (above-mentionned SS confinement effect). Using the reinforcement in the glassy regime could therefore be used to validate what happens in the rubbery state, opening perspectives for future works.

Conclusions

We have discussed the increase of the rubbery modulus (reinforcement χ) in segmented block copolymers as a function of their chain composition. Rather than the HS concentration X HS , we have first evidenced that the volume fraction in crystallites Φ was the dominant parameter, and that a global tendency (χ = exp(AΦ)) could be observed regardless of the chemical nature of the different segments. We however found a strong deviation from this global trend when the molecular weight of the chains (M n ) or of the SS (M SS ) was too low, preventing the formation of a continuous and soft entangled network in the TPE (M SS < M e ). In this particular case, a poor phase separation was observed, rigidifying significantly the polymers which could not show in consequence rubber-like properties. A further investigation of the reinforcement in isothermally crystallized TPE whose structures has been characterized by SAXS measurements and analysis helped to validate the topological model recently proposed by Baeza, at least for low volume fraction in crystallites.

It also evidenced the general exponential trend with the volume fraction of crystals Φ (black line in Figure 6.5). Finally, we have tested the dependence of the elastic modulus on the morphology of the crystalline network by measuring three couples of TPE containing the same amount of crystallites, characterized however by different cross-sections (or width W ). Experimentally, we found that the wider the crystallites, the higher the rigidity of the TPE (illustrated by the vertical arrows in Figure 6.5), again in remarkable good agreement with our theoretical model predicting χ-1 ∝ ΦW . To summarize, we believe that the present work strongly supports the topological approach developed recently to describe the increase of the rubbery plateau modulus in semicrystalline TPE. By probing both the impact of the volume fraction and the width of the crystallites, our experiments have shown that these two parameters dominate, if not fully control, the elastic modulus of TPE at low crystalline contents, in line with the model. The higher the volume fraction and width of the crystallites, the higher the reinforcement. Also, it is worth to stress that the "intuitive" con-clusion coming from nanocomposites' physics, predicting a higher reinforcement for long ribbons (i.e. having a high aspect ratio) does not hold anymore in the case of TPE in which the increase of modulus comes from topological constraints on the chains. Nevertheless, the behavior at higher volume fractions seem to make emerge similar mechanisms as in nanocomposites, such as the presence of a harder SS phase near the crystallites and a possible percolation explaining the stronger reinforcement. Although not fully understood yet, we believe the trends highlighted in this study allow to move away from the empiricism usually governing the development of segmented block copolymers and other semicrystalline materials. 

Introduction

In Chapter 6, we presented the experimental analysis of the plateau modulus in thermoplastic elastomer (TPE). The study was mainly based on the theory of Baeza [1] which predicts an increase in the plateau modulus originating from the densification of topological nodes due to the presence of crystals. The model involves two parameters controlling the reinforcement: N ce representing the number of crystallized hard segment (HS) connecting the entanglements located in the vicinity of a crystallite and Φ which quantifies the fraction of the material in which this densification is effective. For details, the reader can refer to more detailed explanations about the model and its hypothesis in Section 1.3.2.

The aim of Chapter 6 was to verify the predictions of this topological model. In particular, we tried to highlight the role of two independent parameters controlling the increase of the plateau modulus in semicrystalline TPE: the width W and volume fraction Φ of the crystallites. However, it is difficult (albeit possible, see Section 6.5) to vary these two parameters independently in experiments. In fact, it is even difficult to get a reliable measurement of W since it requires an analysis of the scattering pattern obtained in small angle X-ray scattering (SAXS) combined with several hypothesis on the crystallites' geometry and arrangement. In addition, other potentially useful information concerning the chain topology and especially the role of the soft segment (SS) between the crystalline nodes cannot be obtained experimentally.

Therefore, we propose here a complementary analysis of the reinforcement in semicrystalline segmented copolymers in molecular dynamics (MD). Using the polybutylene terephthalate (PBT)polytetrahydrofuran (PTHF) copolymer coarse-grained molecular dynamics (CGMD) modeling developed and presented in Chapter 5, we simulated several dumbbell TPE having different HS contents as described in Section 7.2.1. The whole study consists in analyzing the relationship between their linear mechanical properties in the rubbery state (plateau modulus) (see Section 7.2.2) and their structure and network topology (see Section 7.2.3). After presenting some preliminary results about the structure of the crystallites in Section 7.3.1, we investigate the evolution of the relaxation modulus of crystallized copolymers having different HS contents in Section 7.3.2. The analysis of the reinforcement effect in relation to the model of Baeza is presented in Section 7.3.3. Finally, the deviation from the prediction of the model at high crystallinity is discussed by analyzing the chain topology and crystalline network in Section 7.3.4.

Materials and methods

Systems

The modeled systems are triblock (HS-SS-HS) copolymers (also called dumbbells) containing:

N = 2N HS + N SS (7.1)
beads per chain, where N HS and N SS are respectively the number of beads in HS and SS. The interactions between the beads are defined according to coarse-grained (CG) model of segmented copolymers established in Section 2.2.

Several dumbbells having different HS contents x HS were built using a radical-like polymerization algorithm at T = 4 ε u /k B in order to investigate the evolution of the plateau modulus as a function of the crystalline fraction. For that purpose, the number of beads per HS N HS was varied from 0 to 20, and the number of SS beads N SS was also adjusted so that the number of entanglements in the whole chain N/N e is kept constant (4.7 entanglements per chain at T = 4 ε u /k B ). These variations result in a HS content range 0 < x HS < 21.1 nb. % or 0 < X HS < 31.7 wt. % The number of beads per entanglement strand in the copolymer was estimated as an average of the values for neat HS The detailed values of the structural parameters of the chains are provided in Table 7.1. The number of beads N are also converted to molecular weights M using the following relations:

M HS = N HS M HS k C HS ∞ and M SS = N SS M SS k C SS ∞ (7.3)
where (1) Estimated using Equation (7.2).

M HS k = 285 g.mol -1 , M SS k = 118 g.mol -1 , C HS ∞ = 6.

Simulation procedures

All the MD simulations are performed using the classic large-scale atomic/molecular massively parallel simulator (LAMMPS) code [2]. The copolymer chains are built using the radical-like polymerisation algorithm (RLP) algorithm previously developed to build homopolymers [3,4]. The simulation is performed in the NPT ensemble, using periodic boundary conditions, at constant pressure P = 0.5 ε u /σ 3 u . Once polymerized at T = 4 ε u /k B , each system was equilibrated at this temperature during 2 × 10 5 τ u . Then, the simulation box was cooled down to T = 1.5 ε u /k B at a rate of 5 × 10 -6 τ -1 u and then equilibrated again during 7.5 × 10 5 τ u . At this temperature, most of the systems crystallize and reach a stable state before the end of the equilibration process. Systems containing a very low HS fraction (x HS ≤ 8 %) were undercooled at a lower temperature (1.2 ε u /k B for N HS = 8 and 0.8 ε u /k B for N HS = 6) in order to promote as much as possible the microphase separation between SS and HS (required for crystallization, see Section 7.3.1) before the equilibration step at 1.5 ε u /k B . The resulting simulation boxes containing amourphous SS and semicrystalline HS are shown in Figure 7.1.

After equilibration and crystallization at T = 1.5 ε u /k B , the shear modulus was computed on the resulting semicrystalline system using the Green-Kubo (GK) method [5,6] linking the relaxation 

G(t) = V k B T σ αβ (t)σ αβ (0) α =β (7.4)
where V is the volume of the simulation box, T the temperature and σ αβ the shear stress where α and β denote the Cartesian coordinates x, y and z. This method has the advantage of providing the relaxation modulus of a system without applying any strain to the box, the stress originating only from thermal fluctuations.

Post-treatment analysis

While the mechanical characterization (relaxation modulus) had to be computed during the simulation (time-dependent quantity), the structural parameters were evaluated a posteriori and averaged on several trajectories exported during the run at T = 1.5ε u /k B . The crystallinity Φ was obtained using the hierarchical clustering algorithm based on local misorientation of the chains described in Chapter 5. In addition, the algorithm provides the number of distinct crystallites n c and crystalline stems n cS . It is also used to measure the average stem length, actually corresponding to the crystal thickness H. Finally, the topology of the amorphous segments (dangling ends, loops and ties) was deduced from this analysis (see Chapter 5 for details).

Moreover, an analysis of entanglements was performed using the primitive path analysis (PPA) algorithm of Kröger [7] (see Section 1.4.3). It provided the entanglement length (number of beads between entanglements N e ) of each crystallized sample at T = 1.5 ε u /k B as well as an estimation of the tube diameter defined by

d T = R 2 (N e ) 1/2 .
The radial distribution function (RDF) of the crystalline beads has been computed in each crystallized sample in order to get information on the structure of the crystallites.

The mean square internal distance (MSID) of the chains, defined by Equation (1.31), has also been calculated. In particular, the MSID of the SS was obtained after removing the HS from the simulation box in order to investigate their particular conformation and its evolution with the crystalline content.

Results and discussions 7.3.1 Preliminary results

Before investigating the linear dynamic properties of the semicrystalline systems, we present some results concerning the generated crystalline structures. The presence of crystals and their distribution inside the simulation box is illustrated in Figure 7. The plot of Φ (H HS ) reveals a quasi-linear relationship between the two quantities for high enough X HS , reminding what was seen experimentally in most systems investigated in the small review of Section 6.3. One can note the threshold value around 10 wt. %, corresponding to the minimum HS content to observe the presence of crystallites. Actually, this observation is likely to be related to the microphase separation transition (MST) of the system. As shown and discussed in Chapter 5, phase separation between SS and HS is required in our systems to enable the crystallization of the latter. This can be verified using the theory of MST in block copolymers developed by Krause [8] (see also Section 1.2.2). Figure 7.4 shows the estimation of the free energy of microphase separation in all the systems. The crystallization temperature being fixed at T = 1.5 ε u /k B , it is clear that the system having the lowest value of X HS requires a higher undercooling to induce phase separation. One should note that in spite of an undershoot of temperature (intentionally added for that purpose, see Section 7.2.2), this system did not crystallize at all.

Apart from the crystallinity itself, it is interesting to look at the size and geometry of the crystallites. A simple way to do it is to count the number of crystalline stems per crystal N cc , whose average value is a function the total number of crystalline stems n cS and the number of crystallites n c : N cc = n cS /n c . Then, the average area of a crystallite L × W (length × width) is directly related to this number, accounting for the dimensions of the crystalline cell a = 1.975 σ u and b = 3.42 σ u [9] and its multiplicity m = 2: LW = N cc ×ab/m. Looking at the shape of the crystals (see the snapshots in Figure 7.2) reveals a quasi-isotropic shape (or square shape), justifying the approximation L ≈ W . This result is used to determine the values of the average crystallites' width W , represented in Figure 7.3b as a function of the HS content X HS . One can see that increasing the latter (or the block length N HS ) also impacts the crystallites' width. Contrary to the volume fraction in crystals, W follows a non-monotonic evolution with X HS , probably originating from a possible coalescence at high fractions (discussed in Section 7.3.4). 

Relaxation modulus

The GK analysis described in Section 7.2.2 provides the relaxation modulus G(t) of each copolymer system. The results plotted in Figure 7.5 correspond to the semicrystalline systems at T = 1.5 ε u /k B (after crystallization). One can see the continuous evolution of the relaxation profile between the different systems, ranging from a liquid-like neat SS to a solid-like elastomer. Indeed, two main impacts on the relaxation modulus can be noted when increasing the HS content:

(i) a delay of the terminal relaxation time, (ii) an increase of the plateau modulus.

The first effect illustrates the slowdown of the chain's dynamics when forming interactions with other chains, similarly as in supramolecular systems [10], as suggested in the hypothesis of the rheological model developped in Chapter 8. Going from N HS = 0 to 9, i.e. increasing the volume fraction of crystals from Φ = 0 to 3.8 % is enough to multiply the terminal relaxation time of the system by a factor greater than 10. At higher crystalline fractions, the terminal relaxation time quickly diverges, in agreement with the rheological description of crystallizing TPE proposed in Chapter 8. The second effect is the expected reinforcement which will be analyzed in details in Section 7.3.3. In order to quantify it, the plateau modulus G N is extracted by fitting the terminal relaxation with a simple exponential decrease: where τ d is the terminal relaxation time (see dotted lines in Figure 7.5).

G(t) = G N exp (-t/τ d ) (7.5)

Reinforcement

The reinforcement has been defined in Equation (1.7) as the ratio of the plateau modulus of the TPE G N and the plateau modulus of the neat soft polymer G 0 N :

χ = G N G 0 N .
These values are taken from the fits of the flow region on the relaxation modulus using Equation 7.5. The evolution of the reinforcement with the volume fraction of crystallites Φ determined in Section 7.3.1 is presented in Figure 7.6. Error bars correspond to the standard deviation calculated from the reinforcements coming from the relaxation moduli in the three possible directions: xy, yz and xz. As a first attempt, one can compare the effective reinforcement obtained from this method to the classic hydrodynamic effect predicted by the Guth-Gold model defined by Equation (1.9). As expected, the corresponding dashed line in Figures 7.6a and 7.6b predicts a much too loo reinforcement, not only at high crystalline volume fractions, but also at very low contents, contrary to the case of nanocomposites for which this relation holds at low Φ. A further step would be to use a similar polynomial expression but with adjustable coefficients to fit the data points. We mentioned in Section 1.3.2 how the modified version of the Guth-Gold model for fiber-reinforced composites, defined by Equation 1.10, can be used to extract the aspect ratio of the particles responsible for the higher reinforcement. However, fitting the present data with this expression leads to the determination of an aspect ratio r a = 19. Looking at the shape of the crystallites represented in Figure 7.2, it is clear that this equation is not relevant to describe the reinforcement in our systems. Indeed, the crystals consist of small nodules, mostly isotropic, whose length never exceed twice their thickness 1 < r a < 2. Actually, the plot in Figure 7.6b reveals the linear relation between the logarithm of the reinforcement and the volume fraction of crystals, making emerge the exponential trend of χ as a function of Φ, defined in Equation (1.15) and already reported in the past [11,12]. The latter relation has been used to fit the data points (see the black solid line in Figure 7.6). In addition to the relatively good description of the global trend, one can note the remarkably good agreement of the fitting parameter A = 18.2 with the previous value initially proposed by Baeza for T4T-PTHF segmented copolymers (18.38) [1] and also found to reasonably fit the behavior of a dozen of different TPE. This result supports the conclusion of Chapter 6 about the generic behavior concerning reinforcement in this class of materials.

Apart from this empirical good agreement between simulation and experiment, it is also interesting to check the validity of the theoretical model of Baeza whose Equations (1.23) and (1.24), based Green-Kubo method exp(AΦ), A=18.2 1 + 2.5Φ + 14.1Φ 2 1 + 0.67r a Φ + 1.62r a 2 Φ 2 , r a =19

(a) χ = f (Φ). Green-Kubo method AΦ, A=18.2 ln(1 + 2.5Φ + 14.1Φ 2 ) ln(1 + 0.67r a Φ + 1.62r a 2 Φ 2 ), r a =19

(b) ln (χ) = f (Φ). The latter remark causes N ce becoming independent of W in the case of large lamellar (2D) crystals. If the tube diameter d T is taken as a constant value depending only on the physical characteristics of the SS, the model results in a linear relation between the reinforcement and the crystalline volume fraction, χ ∼ Φ, which seems really far from reality. This is illustrated in Figure 7.8 in which the triangles represent the application of the topological model (Equation (1.23)) using the tube diameter of neat PTHF (N HS = 0) for the calculation of N ce via (7.6). One can see the important discrepancy between the result of the simulation and this prediction. Indeed, this modeling leads to a linear evolution of the reinforcement χ as a function of the volume fraction Φ which deviate from the simulation for Φ > 0.05. The fact that the effective reinforcement obtained in the simulations does not follow a linear trend with Φ indicates that N ce cannot be a constant. Since this number is directly related to only one physical parameter, the tube diameter d T , it seems logical to investigate the variations of the latter between the different systems. We know from the study presented in Chapter 5 that increasing the HS content in the TPE increases the stiffness of the copolymer chain. This effect is obviously accentuated by the crystallization of these blocks. Therefore, one could expect the tube diameter to be an increasing function of the crystallized HS content. Extracting the primitive path directly on the crystallized systems enabled the determination of d T as a function of Φ. Figure 7.9, representing these data, confirms the previous hypothesis by revealing an almost linear relationship between d T and Φ.

Using the actual value of d T for each system, one can reevaluate the reinforcement predicted by the topological model, represented by the squares in Figure 7.8. While the prediction at low Φ remains almost unchanged (d T (TPE) ≈ d T (PTHF) when Φ → 0), the model at higher volume fractions seems more satisfying when accounting for the larger tube diameter in the TPE (squares in Figure 7.8) compared to the neat PTHF (triangles in Figure 7.8). However, one can remark that the actual reinforcement is still higher than the prediction for the largest crystalline contents (Φ > 0.08). The origin of this discrepancy is the topic of the next section.

Behavior at high crystallinity

In the previous section, we have shown that the reinforcement in TPE compared to a neat soft polymer can be quite well understood from a topological point of view, using a model based on entropic elasticity accounting from the densification of the elastic network due to the presence of crystals. It has been shown that the main Equation (1.23) bring a good prediction of the plateau modulus value for relatively low crystallinity, on condition of knowing well the structure in terms of crystalline fraction (Φ) and connectivity at a length scale smaller than d T (N ce ). However, it has been clear that the model deviates from the effective reinforcement when the fraction in crystallites becomes too high (typically Φ > 0.08). This observation had already been reported in the experimental study of Chapter 6, showing a sharper increase of the plateau modulus of TPE at high crystallinities. Even though the mechanisms of reinforcement in nanocomposites are different, a similar transition is also known to occur between low and high volume fractions of fillers [13]. Identical observations are also reported concerning the reinforcement in semicrystalline homopolymers [14]. In the case of TPE, Baeza proposed to explain this higher reinforcement on the basis of the confinement of the soft phase when the volume fraction of the hard one becomes too large. Starting from the fact that the presence of many large crystallites inevitably leads to a strong reduction of the soft domains size, he assumed that the SS present in such materials must be "compressed" between crystalline walls (i.e. their end-to-end vector must be smaller than in the equilibrium state), causing an increase of their free energy resulting in a higher modulus [1]. Concerning nanocomposites, even though there is no physical model predicting the evolution of the plateau modulus on the whole range of filler volume fractions, the mechanisms of reinforcement are quite well identified as detailed in Section 1.3.2. Actually, while the reinforcement at low Φ is quite well described by hydrodynamic effects only, the presence of occluded and bound rubber is assumed to explain the behavior at high Φ [15]. Such modified rubber is known to be far from its equilibrium state, thus increasing the effective fraction of hard phase in the composite and participating to the formation of a filler network and its percolation through the material [16,17]. Finally, the studies about reinforcement in semicrystalline homopolymers often report the role of tie molecules in the determination of the material's modulus [18] and their stretching at high degree of crystallinity, causing an increase of the entropy change upon deformation, resulting in a higher modulus [19]. Although these three approaches may seem quite different at first sight, one should note an important common feature: they all involve the presence of an out-of-equilibrium "soft" phase ("compressed" SS, occluded and bound rubber or taut tie molecules) to explain the stronger reinforcement at high hard phase fractions. Therefore, it seems relevant to investigate the evolution with crystallinity of the chains conformations in TPE to understand the origin of the sharp modulus increase at high crystalline contents. While this can hardly be performed using classic experiments due to the limited techniques providing information on the chains conformations, we want to take advantage of the present MD study to analyze the precise conformation and topology of the SS attached to the crystals.

As mentioned in Chapter 6, the perturbation of the soft phase due to the presence of crystallites is likely to occur when the free space between them becomes smaller than the equilibrium end-to-end distance of SS. We propose thus to evaluate these two quantities in each system for a system- atic comparison. To this aim, the RDF of the crystalline HS beads has been computed in each simulation box and plotted in Figure 7.10. Each g(r) curve is characterized by a structural peak whose position is the "long period" d * . As shown in Chapter 5, this measure corresponds to the average distance between the centers of mass of the crystallites. The positions of the long periods for the different systems are indicated by the arrows in Figure 7.10. One can see a relatively broad dispersion between the systems, with values ranging from 30 to 45 σ u . The evolution of d * when increasing the crystalline fraction is not monotonic. While the long period first decreases when increasing the HS content (and crystalline fraction Φ), we can observe the opposite trend at higher fractions. In fact, the minimum distance between the centers of mass of the crystallites is reached for N HS = 11, corresponding to the system having the greatest number of distinct crystallites n c (see Figure 7.11 representing the number of crystallites n c in each system as a function of Φ). The first decrease of the long period when increasing the HS content can be explain by the formation of new crystallites (increase of n c ) while the following increase results from a decrease of n c (the latter will be discussed below). Since we are interested in the confinement of the SS in between the crystallites, the relevant quantity to measure is the distance separating two neighboring crystalline walls. This value is nothing else than the difference between the long period and the crystallite thickness: d * -H, plotted in Figure 7.12 (triangles). Although the evolution of d * -H as a function of Φ is not exactly monotonic, the global trend shows a decrease of the average soft phase thickness when increasing the crystalline volume fraction. One can then compare this soft phase thickness with the mean square end-to-end distance of the SS to evaluate the degree of confinement. This equilibrium end-to-end distance of the SS is also represented in Figure 7.12 (circles). One can note the slight decrease of its value when increasing the HS content. This is simply due to the reduction of the SS length N SS when increasing the HS size, as described in the definition of the systems (see Section 7.2.1). While the free space between crystallites is larger than the equilibrium end-to-end distance of SS at low volume fractions, a quite clear transition occurs for Φ comprised between 0.05 and 0.08, going from R 2 (N SS )

1/2 < d * -H ("free" SS) to R 2 (N SS ) 1/2 > d * -H (confined SS)
. This result suggests that the presence of crystals is likely to affect the SS conformations for Φ greater than this threshold value. Lines are guides to the eye.

〈R 2 (N SS )〉 1/2 [σ u ] d * -H [σ u ] Φ [-] d * -H 〈R 2 (N SS )〉 1/2
The effect of this confinement on the SS conformations can be observed by looking at their MSID in the crystallized TPE R 2 (n) T P E . More precisely, it has to be compared to the MSID of the same SS chains at equilibrium R 2 (n) eq , without the influence of the HS crystallites (i.e. in neat SS chains). One can thus define the elongation ratio of the segments λ(n) as the ratio between these two average distances between two beads separated by n bonds:

λ(n) = R 2 (n) 1/2 T P E / R 2 (n) 1/2 eq . ( 7.7) 
A value of 1 for λ indicates that the chain is in its equilibrium conformation, λ < 1 corresponds to compression and λ > 1 means that it is stretched. This quantity is represented in Figure 7.13 for each dumbbell system as a function of n ranging from 1 to N SS -1, representing the stretching of the SS at all length scales, from the bond to the whole SS. As expected, the curves are close to the equilibrium state when the crystalline content is low: λ(n) ≈ 1 whatever n for N HS = 8. However, the curve of λ(n) becomes less flat and reaches values greater than 1 at higher crystalline contents. The stretching ratio, albeit low (λ does not exceed 1.07), clearly increases when increasing the HS content (and thus the crystalline volume fraction), meaning that the SS conformation is actually modified by the presence of crystallites. The stretching is particularly pronounced at two length scales: n ≈ 20 corresponding roughly to the size of an entanglement strand N SS e at T = 1.5 ε u /k B (see Section 7.2.1), and n = N SS -1 indicating an elongation propagating to the whole SS length scale. This kind of curves for λ(n) reminds the shape of the MSID of a non-equilibrated polymer melt [20], supporting the idea of out-of-equilibrium SS in our case, possibly responsible for the higher reinforcement at high Φ.

Nevertheless, MD simulations enables us to go further in the investigation of the hardening at high Φ. In particular, one can be interested in the evolution of the chain topology of the amorphous segments. Indeed, on the basis of other studies aiming at establishing relationships between the semicrystalline structure and the chain topology [18,[21][22][23], one can expect to make emerge the role of "elastically active chains" on the plateau modulus. Such chains can consist of tie segments or entangled loops (see the definitions in Section 1.4.6). Figure 7.14 provides the evolutions of the normalized number of dangling ends N DE , loops N L and ties N T , defined as the number of segments per crystallized stem. These numbers are thus comprised between 0 and 2 since a crystallized stem can be linked to a maximum of two amorphous segments. While the number of dangling ends is decreasing on the full range of crystalline volume fraction, the tendency to form loops and ties evolve in a non monotonic way. Actually, the number of ties drastically increases first, while the number of loops remains almost constant, until a value of Φ close to 0.08. Then, the number of ties per crystallized segment stop increasing and slowly decreases while the number of loops shows a sharp increase. Thus, once again, a transition is observed around the crystalline fraction above which the reinforcement model of Baeza starts to deviate from the experiment. One could be tempted to explain the higher reinforcement for Φ > 0.08 by an increase of the elastically active chains. However, in this range of volume fractions, the numbers of dangling ends is almost constant, and the increase of the number of loops is compensated by the decrease of the ties. In addition, there is no increase of the density of entanglements (it is even the opposite as shown above with the increase of the tube diameter when increasing the crystallinity). Therefore, we can conclude that the stronger reinforcement at high Φ has another origin than a simple increase of the elastically active chains.

Even if we did not manage to explain the stronger reinforcement at high Φ based on counting the elastically active chains, we can wonder what is the meaning of the transition observed on the evolution of the ties and loops segments, occurring at the exact crystalline volume fraction corresponding to the change in the reinforcement behavior (Φ = 0.08). A decrease of the number of ties, concomitant with an increase of the number of loops, occurring while the volume fraction of crystals is increasing, can be the signature of coalescence between the crystals. Indeed, when two crystallites are merged to form only one big crystal, all the ties which were bridging those two crystals instantly become loops from the topological point of view. This hypothesis is confirmed by the evolution of the number of distinct crystallites n c previously presented in Figure 7.11. As mentioned at the beginning of this section, increasing the volume fraction of crystals results first in an increase of n c and then (for Φ > 0.08) in a decrease of this number. Corroborated by the evolution of the average size of the crystals presented in Section 7.3.1 (see in particular Figure 7.3b), it is clear that coalescence of the crystals is happening.

To sum up the above analysis, the evolution of the structure of the TPE when increasing the HS content (and thus the volume fraction in crystallites Φ) is schematically represented in Figure 7.15. At low volume fractions (Φ < 0.05), a few number of small crystallites are formed. They do not interact with each other: the numbers of ties and loops stay low due to the large distance between the crystals. Then, when the crystalline content reaches intermediate values (0.05 < Φ < 0.08), new crystallites are formed, reducing the distance between them and allowing the formation of a large number of tie segments. Finally, at larger crystalline fractions (Φ > 0.08), the coalescence of the crystallites, leads to a decrease of the number of ties and and increase of the number of loops, which can be entangled and thus elastically active. We believe this mechanism may be part of the reason for the change in the reinforcement behavior occurring around Φ = 0.08 as observed in Section 7.3.3 (deviation between the actual modulus of the TPE and the topological model validated at low Φ). Indeed, such phenomenon is likely to promote percolation, even partially (no complete percolation of the crystalline phase was observed in our systems). We want to stress that this conclusion is not in contradiction with the previous explanation based on the confinement of the soft phase between crystalline walls. In fact, we showed that the coalescence results in the transformation of ties in potentially entangled loops, likely to modify the conformation of these SS towards out-of-equilibrium situations. In particular, on can wonder about the modification of the mobility of these out-of-equilibrium soft phase. On the basis of literature showing an increase of the glass transition of the occluded rubber in nanocomposites [24], it would be interesting to investigate the local dynamics of those confined SS, which are likely to play a role in the percolation of a hard phase composed on both HS crystallites and hardened SS. This, however, has not been tested yet and could consist in a further work taking advantage of the possibilities provided by MD simulations. 

Conclusions

By the use of a CG model of semicrystalline segmented (triblock) copolymers in MD simulations, combined with structural analysis tools and dynamic mechanical characterizations, we studied the evolution of plateau modulus in TPE when varying the HS content. We showed that the reinforcement followed the empirical exponential trend already observed in experiments in the past with a very good agreement on the fitting parameter suggesting a generic behavior for all types of TPE being described by the same mastercurve. In addition, this work supported a theoretical model based on the local densification of topological nodes near the crystallites. The latter proved its efficiency to predict the reinforcement in our system at low crystallinity on the basis of average structural dimensions of the semicrystalline network. In particular, it highlighted the role of the volume fraction and the connectivity of the crystallites.

A deviation between the actual modulus of the TPE and this topological model of reinforcement was observed at higher volume fractions, as already raised in the past. The present MD study brought insightful hints concerning the confinement of the SS between crystalline walls, reminding similar effects observed in nanocomposites (occluded rubber) or in semicrystalline homopolymers (taut tie chains). The analysis of the SS conformations confirmed the out-of-equilibrium state of these segments, likely to explain the stronger reinforcement at high crystalline fractions. In addition, a concomitant coalescence of the crystallites was observed for the highest crystalline contents. These two effects are believed to participate in the formation of a percolating hard network composed of both a HS crystalline phase and a modified, hardened, SS phase, which could be investigated in more details in a further work, for instance by analyzing the local dynamics of the chains in the simulation boxes.

Part III

About the rheological behavior at high shear strain: flow properties of the melt

Introduction

The understanding of the rheological properties of segmented block copolymers carrying semicrystalline segments is a major challenge for the thermoplastic elastomer (TPE) industry using melt flow processes to build different kinds of pieces and objects from these materials. In particular, the knowledge of crystallization kinetics and its impact on the flow properties is required to have a reliable control of the industrial process. In Chapter 4, we presented an extensive study of the crystallization kinetics at rest of such materials, revealing the bimodal nature of the crystallization. However, the industrial processing such as extrusion or injection are very far from quiescent conditions, and are likely to modify the crystallization kinetics itself. Indeed, many studies have emphasized the possibility to favor the formation of crystallites by applying a macroscopic stress on the material. A well-known example is the strain-induced crystallization of the vulcanized natural rubber (NR) occurring at room temperature under tension [1]. In this case, the chain strands located between crosslinks become progressively aligned and subsequently stretched along the solicitation direction, giving rise to small crystallites, being notably of interest to limit the cracks propagation in tires [2]. Once the stress is removed, these (small) crystallites tend however to disappear because of the spontaneous inverse stretch-to-coil transition making the material fully amorphous at rest (and room temperature). In this example, it is worth to note that the NR crystallization can occur even at very low strain rate because of the presence of permanent crosslinks which fully block the diffusion, and thus the relaxation, of the whole chain. In the case of (thermoplastic) semicrystalline polymers, this phenomenon is rather called flow-induced crystallization (FIC) [3] and has been evidenced upon the application of both tensile and shear strain [4] on supercooled homopolymers, i.e. for T c < T < T m (T c and T m referring for the crystallization and melting temperatures). Note that apart from applying a steady shear, many works also revealed flow induced alignment happening under large amplitude oscillatory shear (LAOS) [5]. Actually, the LAOS counterpart of the present study is the subject of the next chapter.

The strong difference between the strain-induced crystallization in crosslinked NR and the FIC occurring from entangled polymer melts resides in the dependence on the strain rate. In fact, while in the former case the terminal relaxation time of the chain (τ d ) is infinite, leading to a straininduced crystallization even at very low strain rate, it strongly depends on the chemical nature (τ d ∼ ζl 2 k /N k,e ) and on the molecular weight of the polymer in the latter (τ d ∼ N 3 k ), ζ, l k , N k,e and N k standing respectively for the monomeric friction coefficient, the Kuhn length, the number of Kuhn segments between two entanglements and the the total number of Kuhn monomers in the chain. As above-mentioned, FIC is expected to occur when the chain, is perturbed from its Gaussian conformation. In startup flow experiments, the alignment of the chain is generally admitted for reptation Weissenberg number satisfying Wi d = τ d γ > 1, i.e. when the experimental time 1/ γ becomes shorter than the terminal relaxation time of the chain τ d . At higher shear rates, the chain blobs are then considered to be stretched when the Rouse Weissenberg number satisfies the same criterion Wi R = τ R γ > 1, with τ R = τ d /(3Z), Z being the number of entanglements per chain [6,7]. While one may have expected the latter condition to be fulfilled to enhance FIC, experimental works have shown that stretching the chains was not necessary to promote FIC, and that much more modest shear rates were actually sufficient to promote the crystallization in supercooled homopolymers. In fact, the acceleration of the crystallization under shear is commonly attributed to an enhancement of the nucleation [3,[8][9][10][11][12][13][14], the latter being usually considered as the consequence of the chains orientation [15]. Several models attempting to link the nucleation rate to the mechanical solicitation have actually been developed to describe this phenomenon. They are based on three different approaches according to the parameter -stress, strain rate or conformational parameter -chosen to describe the effect of chain alignment on the nucleation process. An overview of these different choices can be found in ref [14] and [16]. Numerical simulations, mainly based on nonequilibrium molecular dynamics (NEMD) [17][18][19] or dynamic Monte Carlo (MC) [20][21][22] approaches, support these experimental and theoretical results, revealing the link between nucleation rate and shear rate.

That being said, it seems reasonable to think that the condition enabling FIC roughly corresponds to Wi d > 1. However, establishing such a criterion is not simple. Although it is well-admitted that comparing τ d with 1/ γ is key [3,[23][24][25][26], the precise choice of the relaxation time fails to win unanimous support. In some studies, τ d is taken at the crossover of the storage (G ) and loss moduli (G ) [34] while others prefer considering the onset of the terminal zone as the region satisfying G ∼ ω 2 and G ∼ ω. Besides, some authors state that FIC is governed by the chain retraction time [27]. The situation becomes even more complex if one considers branching and polydispersity [15] as it is generally the case in industrial polymers. In fact, several articles show that even a small fraction of long chains (i.e. veryfing τ d > 1/ γ) is enough to induce the nucleation under shear [11,12,23] suggesting thus strongly that FIC is mainly driven by the longest relaxation time of the system.

In this chapter we investigate FIC in industrially relevant segmented block copolymers. The enhancing of structuring due to flow in similar systems has already been evidenced in the past for amorphous-amorphous thermoplastic polyurethanes [28] as well as for semicrystalline segmented copolymers [29] and explained on the basis of phase diagram changes. In our system, only a minor part of the chain (the hard segment (HS)) has the possibility to crystallize. While this structure may be thought as an extra difficulty to rationalize the rheological behavior (in comparison with homopolymers), we believe on the contrary that it is likely to simplify the analysis because of the fewer degrees of freedom to be considered for the crystallites' geometry. As a matter of fact, we showed in Chapter 3 that TPE chains of architecture -(AB) y -A with y ≥ 6 are well-known to form long ribbon-like (1D) crystallites having a quasi-squared section fixed by the length of the HS. In the present work, we propose to extend the well-known Doi-Edwards (DE) model [30,31] to describe the rheology of these materials subjected to FIC. The article is organized as follows: after the description of the materials and methods in Section 8.2.1, we present preliminary data on neat polytetrahydrofuran (PTHF) and polybutylene terephthalate (PBT)-PTHF segmented copolymer in Section 8.3, supported by a molecular dynamics (MD) investigation of the dynamics of segmented copolymers, that we then use in Section 8.4 to build our model in a consistent way. In this section, we first calculate usual DE predictions for the TPE at different shear rates which subsequently serve as a basis for predicting the FIC. Once the model experimentally validated through series of stress relaxations experiments, we confront it to data measured at different temperatures, emphasizing the influence of the HS-soft segment (SS) phase separation in the melt from the beginning of the shearing procedure. Finally, we demonstrate the crucial role of chain alignment in the FIC process through an analysis of the chains conformations in NEMD simulations reproducing the startup flow conditions.

Materials and methods

Materials

We investigate the rheological properties of a unique linear segmented block copolymer, called HS30 and prepared through hot-pressing (HP) (see Chapter 2 for details on the material and processing route). The structural parameters of the copolymer are reported here as a reminder. The chains have a number average molecular weight M n = 25 kg.mol -1 and polydispersity I p = 2. The chains contain y = 7.7 HS in average, with an ending SS at each end. The PBT HS and PTHF SS have average molecular weights of M HS = 970 g.mol -1 and M SS = 2000 g.mol -1 respectively, resulting in a mass fraction in HS X HS = 30 wt. %, among which roughly 1/4 is found to crystallize under quiescent conditions (see Chapter 4).

Neat PTHF of M n = 20 kg.mol -1 was also measured and taken as a reference for the rheological behavior of the TPE. The molecular weight between entanglements of PTHF was reported to be M e = 1.42 kg.mol -1 [32] and its glass transition temperature T P T HF g = -60 °C [33]. The viscosity of neat PTHF is expected to be slightly lower than the HS30 one because of a remaining phase separation of the HS above the melting point in the latter (as suggested in Chapter 3 and Appendix A.3).

Modeled systems

The experiments were supported by coarse-grained molecular dynamics (CGMD) simulations performed using the semicrystalline copolymer model presented in Chapter 2. The system used in the simulations presented here is the pentablock SS76 defined in Chapter 5, made of three SS of 76 beads (corresponding to 2000 g.mol -1 ) separated by two HS of 21 beads (namely 970 g.mol -1 ) each. In spite of a fewer number of blocks, the segments' lengths are the same as in the real HS30 system (see Section 8.2.1). A neat SS polymer chain, called neat SS270 hereafter, having the same number of beads as the pentablock (N = 270) has also been modeled. The main characteristic lengths of both chains (total length N , Kuhn length C ∞ obtained from the mean square internal distance (MSID) curve, and entanglement length N e determined using the primitive path analysis (PPA) algorithm of Kröger [34]) are provided in Table 8.1. These dimensions (number of beads) are also expressed in terms of numbers of Kuhn segments N k for the total length and N k,e for the entanglement length. 
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Rheometry

Small amplitude oscillatory shear (SAOS) experiments on neat PTHF were conducted in a straincontrolled ARES rheometer equipped with a 2kFRTN1 transducer (Rheometric Scientific, USA) using invar plates of diameter 10 mm (sample thickness ≈ 0.8 mm) and a nitrogen oven with temperature control better than 1 °C. The strain amplitude γ 0 was adapted according to the temperature so that the material remained systematically in the linear regime (typically 1 to 10 % was used). Dynamic frequency sweep experiments were performed from 100 to 0.1 rad.s -1 , starting from 80 °C and decreasing the temperature progressively (10 °C steps) down to -50 °C.

The lienar viscoelastic behavior of HS30 was also characterized on the same rheometer. The sample was first molten at 210 °C and then cooled down quickly at the temperature of interest (140 °C).

The temperature profiles are shown in Appendix A.7. To avoid any discussion on the crystallization likely to modify the viscoelastic response of the TPE along with the time, only one point (one frequency) was measured exactly 4 min after the beginning of the cooling procedure (in consistency with the startup flow experiments described below). The whole experiment was then repeated at different frequencies (see the four (G , G ) data points in Figure 8.1a).

Startup flow experiments on both neat PTHF and HS30 were performed using the same rheometer equipped with a cone-partitioned plate (CPP) fixture consisting in a top plate of diameter 6 mm, surrounded by a non-measuring ring of inner and outer diameters being respectively 6.2 and 15 mm, leaving a gap between the inner shaft and the outer partition of 0.1 mm. The bottom part of the setup was made of a truncated cone characterized by a large diameter ( 15 mm), a 51 µm truncation and an angle of 0.1 rad (see ref [35] for details). The sample was loaded in the rheometer and heated up to 210 °C to be shaped. It was then cooled down to the temperature of interest while the gap was adjusted manually in order to obtain 51 µm at the beginning of the shearing process which was started exactly 4 min after starting the cooling step. The shear rate was varied between 2.5 and 80 s -1 (Section 8.4.2). The experiments were eventually stopped at determined values of strain and the stress relaxation was measured (Section 8.4.4). Temperature was also varied between 135 and 155 °C keeping all the other experimental parameters fixed (Section 8.4.5).

Simulation procedures and analysis

All the MD simulations are performed using the classic large-scale atomic/molecular massively parallel simulator (LAMMPS) code [36]. The copolymer chains are built using the radical-like polymerisation algorithm (RLP) algorithm previously developed to build homopolymers [37,38].

The simulation is performed in the NPT ensemble, using periodic boundary conditions, at constant pressure P = 0.5 ε u /σ 3 u . Once polymerized, both systems (neat SS270 and pentablock SS76) were equilibrated at T = 4 ε u /k B during 2 × 10 5 τ u before a longer equilibration of 2 × 10 6 τ u for the analysis of dynamic properties of the melts. The mean square displacement (MSD) of the beads g 1 , with respect to the center of mass of the chain g 2 and displacement of the center of mass itself g 3 were calculated during a 2 × 10 6 τ u long run (see Section 1.4.3 for details on the MSD functions). In addition, the relaxation modulus G(t) was computed using the Green-Kubo (GK) method described in Section 7.2.2. The systems were also cooled down to T = 2.5 ε u /k B at 5 × 10 -6 τ -1 u and the same analysis of the dynamics was performed.

Pentablock SS76 was also cooled down to T = 1.9 ε u /k B , at the same rate of 5 × 10 -6 τ -1 u , i.e. right above the crystallization temperature determined in Chapter 5. NEMD simulations of startup flow were then performed, consisting in deforming the box in the xy direction at different shear rates γ = 10 -1 , 10 -2 , 10 -3 , 10 -4 and 10 -5 τ -1 u using Lees-Edwards periodic boundary conditions. The evolution of the system without any mechanical solicitation ( γ = 0) was also performed to follow the slow crystallization in quiescent conditions. Several parameters of the system were monitored all throughout the simulation. The shear stress σ xy was recorded on each timestep and subsequently averaged to get the accurate evolution of the transient viscosity η + = σ xy / γ over time (as recommended in ref [39]). The nematic order Q and the scalar order parameter S defined in Equations (1.46) and (1.47) were evaluated at regular intervals to quantify the degree of chain alignment. The crystallinity Φ was also computed all throughout the simulation runs using the hierarchical clustering algorithm based on local misorientation of the chains described in Chapter 5.

Linear properties in the molten state 8.3.1 Experimental mastercurves on neat PTHF and HS30 TPE

Applying the constitutive equations describing the rheology of entangled polymer melts to more complex systems is not an easy task. As a matter of fact, changing the chains conformation or adding supramolecular groups within the polymer are two examples that significantly complicate the situation. The case of a semicrystalline polymer is even more difficult in the sense that the polymer state cannot be conserved a long time below T m , limiting the use of the time-temperature superposition (TTS) and therefore the building of mastercurves (also due to technical limitations at high frequency). This difficulty has also the consequence to limit the modeling of the rheological properties of semicrystalline polymers in the molten state because of the lack of information at times typically shorter than τ d . In fact, fitting empirically the whole G , G mastercurves with a generalized Maxwell model is notably of a great interest to calculate the linear envelope or to predict the nonlinear behavior in startup flow (see Section 8.4) -two common tools that rheologists working with semicrystalline polymers cannot thus take advantage of. Because it is our case in the present study, we propose below to re-build a meaningful mastercurve for HS30 that we will then use to predict its nonlinear rheological properties.

The first step consists in measuring accurately the mastercurve for the neat PTHF. This was already performed in the past [40] and repeated in this study. The result is plotted in Figure 8.1a as "PTHF" (black symbols) well matching our previous data. The shift factor evolution with the temperature, described by a Williams-Landel-Ferry (WLF) law, is provided in Figure 8.1b. As expected, by fitting subsequently the mastercurve with a 12-modes Maxwell model (using Reptate software), and using the corresponding multi-modes version of the DE model as specified in Section 8.4.2, we could satisfyingly predict the steady shear viscosity (Figure 8.1c). The evolution of transient and steady state viscosity with shear rate is also provided in Appendix A.25. While no particular attention was paid on the time the PTHF spent into the rheometer, an extreme care was brought to the HS30 measurements. As explained in Section 8.2.3, the measurement was performed at 140 °C after exactly 4 min from the beginning of the cooling procedure starting from 210 °C. This methodology was also used for the nonlinear measurements to insure a perfect match in terms of thermal history. Four single point SAOS measurements were thus performed from ω = 0.5 rad.s -1 up to 100 rad.s -1 and reported in Figure 8.1a as "HS30" (green symbols). Although their molecular weight are similar, it clearly appears that the viscosity of HS30 is significantly higher than the neat PTHF one, suggesting that a phase separation between HS and SS is remaining in the molten state. This was actually evidenced in ref [33] in which the number of HS in such amorphous domains was estimated to 18 for a similar system. In addition, we also showed in Appendix A.3 that PBT-PTHF segmented copolymer exhibited an elastic plateau (around G = 10 -100 Pa) at very low frequency, confirming the presence of a structuration in the melt. For the sake of completeness, the presence of this elastic plateau at very low frequency has been checked through creep experiments (and corresponding inversion) presented in Appendix A.26.

At this point, the question concerns therefore the way one should complete the mastercurve for HS30. Because it is made of 70 wt % of PTHF and has a similar molecular weight, we decided to keep the general trend of the PTHF mastercurve and to shift it to match the HS30 measurements. This could reasonably be done in two different ways:

(i) The first method consists in a simple horizontal shift resulting in an increase of viscosity by a factor 6. This could remind the well-known sticky reptation model of Leibler [41] predicting a strong increase of the terminal relaxation time due to the association of stickers on and only a weak effect on the plateau modulus when the molecular weight between stickers (M SS in our case) is larger than the entanglement mass M e [42]. However, fitting the resulting mastercurve and using the DE model to calculate σ(t) is found to underestimate the experimental data measured from HS30 (Figure 8.1c), concluding that this transformation is not satisfying. In addition, with such a method, it is not possible to obtain a good overlap of the linear data, pointing out that a more complex shift has to be used. Actually, by taking into consideration the above-mentioned phase separation, one could have expected this mismatch since it should also result in an increase of free energy, and therefore, of plateau modulus.

(ii) Following this logic, the second way to reasonably shift the mastercurve is to use both horizontal and vertical shift factors. (This is actually routinely done to build mastercurves from measurements performed at different temperatures.) To do so, we started from the nonlinear data (Figure 8.1c) actually showing a factor 8 between the steady shear viscosity of the PTHF and the HS30 one. We then chose the best combination of shift factors allowing an overlap of the SAOS data, so that their product gives 8, finally resulting in a horizontal and a vertical shift of 4 and 2 respectively (dark green curve in Figure 8.1a). Note here that using the PTHF mastercurve to describe the TPE suggests a similar distribution of relaxation times in both polymers, albeit not following the same temperature dependence (discussed in Section 8.4.5).

While the latter procedure may look hand-wavy to certain readers, we want to insist on the fact that increasing the plateau modulus when passing from the homopolymer to the TPE must be real. In fact, increasing the plateau by a factor 2 would result in ca. 4 vol. % of HS rich domains according to our study about reinforcement (χ ≈ exp (AΦ) with A ≈ 18 as shown in Chapters 6 and 7). Calculating then the corresponding number of HS within these domains using Equation (1.23): χ = 1 + (N ce -1) Φ would give ca. N ce = 26 units, in agreement with small angle X-ray scattering (SAXS) measurements performed in the melt on similar systems (N ce = 18 in ref [33]). Although we do not claim the exactitude of these numbers, we want to highlight the fact that the orders of magnitude are coherent and fully justify the way we build the HS30 mastercurve.

Dynamics of neat SS and pentablock copolymer from MD simulations

As demonstrated above, the precise determination of the linear rheological properties of a molten TPE is not an easy task due to the copolymer nature of the chains and the microphase separation. It is even more complex when considering the material below T m . The metastable and time-evolving state of the melt put a stop to the determination of long-time viscoelastic properties. Yet, on the basis of a few SAOS measurements on HS30 at the temperature of interest, we showed in the previous section that the linear viscoelastic properties of the molten TPE are quite close to the ones of a neat PTHF polymer. In particular, we proposed a method to estimate the mastercurve of the copolymer from the measurements on neat PTHF consisting in a simple horizontal and vertical shift. The main argument to justify this procedure was based on the phase separation of HS and SS in the molten state, lying on other rheological measurements at higher temperatures (Appendices A.3 and A.26). Using MD simulations of a similar copolymer and neat soft polymer, we propose here an alternative justification of this reasoning.

Since we are interested in the influence of phase separated amorphous domains, the dynamic properties of both systems were studied at temperatures high enough to prevent crystallization. The MSD and relaxation modulus were thus evaluated at T = 4 ε u /k B and T = 2.5 ε u /k B , i.e. above and below the microphase separation transition (MST) temperature. The relaxation moduli are plotted in Figure 8.2, together with snapshots of the pentablock SS76 simulation boxes at both temperatures, illustrating the difference between the quite homogeneous copolymer and phase separated melt. The curves are typical of an entangled polymer melt exhibiting the Rouse behavior G ∼ t 1/2 at relatively short times, followed by a short rubbery plateau ending with the terminal relaxation around t ≈ 10 4 τ u . While the G(t) curves of both polymers quasi-overlap at T = 4 ε u /k B , one can note the horizontal shift of the terminal relaxation at T = 2.5 ε u /k B , along with a slight vertical shift of the plateau modulus, reminding what we saw experimentally in Section 8.3.1. The precise determination of the shift factors is difficult to estimate on the G(t) curves due to a lack of statistics in the terminal relaxation zone. This requires a more accurate analysis of the dynamics based on the analysis of the MSD, as presented in the following. In addition, we want to stress that we do not expect to find the exact same shifts as in the previous rheological experiments since the phase separations states are not necessarily similar. We know that T c < T < T M ST in both cases, but we do not claim that T = 2.5 ε u /k B exactly corresponds to T = 140 °C. The dynamics at very high temperature (T = 4 ε u /k B ) of both systems are obtained from the MSD presented in Figure 8.3. Since the copolymer melt is roughly homogeneous in this case, the characteristic relaxation times can be determined from classic polymer physics theory. As evidenced on the plots, the MSD of each system follows the theoretical regimes of an entangled polymer melt, i.e. power laws with exponents close to the prediction of the reptation model [43,44] (see also Section 1.4.3). The break in slope transitions, corresponding to characteristic length scales on the MSD axis, occur at particular times characteristic of the different relaxation processes [45,46]. The values of the Kuhn monomer relaxation time τ k , Rouse time of an entanglement strand τ e , Rouse time τ R of the whole chain and terminal relaxation time τ d are listed in Table 8.2.

As expected, adding a small fraction of HS in the polymer chain does not modify the dynamic 10 -1 10 0 10 1 10 2 10 3 10 4 10 5 10 Table 8.2: Relaxation times obtained from MSD analysis at
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9.3 10 -1 1.1 10 2 1.0 10 3 2.2 10 4 Pentablock SS76 1.1 10 0 9.8 10 1 8.8 10 2 2.1 10 4 behavior at high temperature (T = 4 ε u /k B ). Indeed, when the system is sufficiently homogeneous (no phase separation between HS and SS), the relaxation times of pentablock SS76 and neat SS270 are very similar, as shown in Table 8.2. In addition, Table 8.3 highlights the rather good agreement with the scaling laws predicted by the tube model [43,47]:

τ e = τ k N 2 k,e (8.1a) τ R = τ k N 2 k (8.1b) τ d = τ k N 3 k /N k,e . (8.1c) 
Table 8.3: Theoretical scaling predictions of the relaxation times at When considering the microphase separated pentablock copolymer at lower temperature (T = 2.5 ε u /k B ), one cannot apply anymore the theoretical relations for classic polymer dynamics. However, the MSD curves shown in Figure 8.4 can still provide an estimation of τ d . Indeed, the terminal relaxation is expected to precede the free diffusion of the center of mass of the chains, characterized by g 1 ∼ g 3 ∼ t 1 and g 2 ∼ t 0 . The latter relation, easy to identify on the plots at long times, was used to estimate the value of τ d in both neat SS270 and pentablock SS76 (see the dotted line on Figures 8.4a and 8.4b). Contrary to the homogeneous copolymer melt at T = 4 ε u /k B whose dynamics were very similar to the ones of neat PTHF, the terminal relaxation time of the phase separated pentablock at T = 2.5 ε u /k B (τ d ≈ 4 × 10 5 τ u ) is approximately 4 times longer than the one of neat PTHF (τ d ≈ 10 5 τ u ). This horizontal shift, also detected on the relaxation modulus (Figure 8.2b), is in good agreement with the experimental estimation of the mastercurve of HS30
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in the molten state. The vertical shift is less pronounced on the simulation, albeit still visible in the plot of G(t). To conclude, the results of these MD simulations support (at least qualitatively) the previous assumptions about the role of the phase separation on the dynamic properties of HS30 and justify the shifting procedure proposed in Section 8.3.1. 

Flow-induced crystallization in startup shear flow 8.4.1 Crystallization at rest in SAOS

For the sake of comparison between FIC and quiescent crystallization of HS30, we present in Figure 8.5 the evolution over time of G and G (at ω = 2.5 rad.s -1 , γ 0 =10 % and T = 140 °C). The sample thermal history at the beginning of the experiment was exactly the same as for startup flow measurements (4 min waiting since the beginning of the cooling step from 250 °to 140 °). As expected, this data reveals the liquid-to-gel transition and the subsequent consolidation of the crystallites' network as exhaustively discussed in Chapter 4. A small overshoot of the loss modulus is observed at the very end of the process, possibly related with the reorganization of certain HS that may have crystallized in a peculiar way ("secondary crystallization", see Chapter 2), allowing the TPE to partially relax the stress. 

Startup flow experiments and classic DE model

The evolution of the stress (σ = η + γ) over time during the startup flow tests is presented in Figure 8.6. The qualitative behavior is the same for all shear rates: it starts with a transient regime leading to a steady state (viscosity plateau), followed by a sudden increase of the viscosity attributed to the HS crystallization. For each curve, the last point corresponds to the failure of the sample, resulting in a sharp drop of viscosity (not shown). For the sake of comparison, the linear dynamic time sweep experiment presented in Figure 8.5 is also plotted in Figure 8.6 through the evolution of the complex modulus |G * | = |η * |ω (ω = 2.5 rad.s -1 ). The latter is found to be very close to the steady state stress at γ = 2.5 s -1 (σ ≈ |G * | ≈ 10 4 Pa), highlighting the validity of the Cox-Merz rule [48]. However, the steady shear is found to make diverge the mechanical behavior much sooner than its oscillatory counterpart (40 s vs. 100 s respectively), evidencing the FIC effect. [Pa] ( ) As above-discussed, the enhancement of the crystallization kinetics is usually assigned to the alignment of the chains due to shear, promoting the nucleation. The condition to have chain alignment, i.e. Wi d > 1, is thus expected to be fulfilled in Figure 8.6. However, using the usual G -G crossover to define the terminal relaxation time in Figure 8.1a results in 1/τ d ≈ 500 s -1 , being far above the shear rate applied in our experiment ( γ = 2.5 s -1 ). This observation means consequently that longer relaxation times must exist in the system. This is supported by the non-Maxwellian flow behavior exhibited by the TPE at low frequency as shown in Appendix A.3. From a structural point of view, we believe that this behavior originates from the remaining phase separation in the melt, likely to generate branched structures having a relaxation time much longer than the single copolymer chains. Taking into account these considerations, we believe that the FIC process can be described by the picture represented in Figure 8.7. The phase separation remaining in the melt creates physical nodes made of amorphous HS aggregates (Figure 8.7a) that makes the alignment of the chains easier, even at shear rates lower than 1/τ d (Figure 8.7b). The nucleation is thus enhanced, particularly inside these PBT-rich regions, and the HS crystallites start to grow, connecting progressively all the copolymer chains through ribbon-like structures (Figure 8.7c), leading ultimately to the TPE gelation and solidification.
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LVE DE model

Beyond the simple presence of FIC, Fig 8.6 clearly reveals the acceleration of the process with increasing the shear rate from 2.5 to 80 s -1 ( γ << 1/τ d in any case). To quantify this effect, we propose here to make use of an "induction time" t ind , defined as the position of the crossover between the steady state and divergent regimes of the viscosity. In Figures 8.8, we plot this parameter as a function of the shear rate which makes emerge the proportional character between t ind and 1/ γ, or in other words the presence of a critical strain at which the copolymer crystallizes regardless of the shear rate such as γ ind = γt ind ≈ 100. This peculiar result is discussed in the next section. As mentioned in Section 8.3.1, the linear measurements performed on the neat PTHF, subsequently rescaled to match with the HS30 G and G (Figure 8.1a), are used as inputs to predict the evolution of the transient viscosity during startup flow. This operation is performed by using the well-known DE model [30] whose main equations are presented below as a reminder. The model requires two input parameters, the reptation time τ d and the plateau modulus G N which can be extracted from the mastercurve. The evolution of the shear stress can be then calculated through the following integral over past time:

σ xy (t) = 6G N t -∞ µ t, t Q DE xy γ t, t dt . (8.2)
This relation is composed of two parts. First, the shear component of the DE deformation tensor Q DE xy (γ), representing the stress generated by the molecular spring for a given shear strain γ:

Q DE xy (γ) = 1 2γ 1 0 1 + u 2 γ 2 -1 u 4 (γ 4 + 4γ 2 ) -2u 2 γ 2 + 1 du. ( 8.3) 
(Note that although other damping functions have been proposed in the past [49,50], including to model flow-induced crystallization [51], Equation (8.3) was found to give optimal results in our case.) The shear strain occurring between time t and t is simply the integral of the shear rate κ over time:

γ t, t = t t κ t dt . (8.4)
In the case of startup flow, the shear rate is suddenly applied at time t = 0, resulting in the following expression:

κ(t) = 0 for t < 0 γ for t ≥ 0. (8.5) 
The second part of the integral in Equation 8.2 is the memory function µ t, t which quantifies the fraction of molecular springs born at t and still active, i.e. non-relaxed, at time t. The lifetime of the molecular springs is described by a distribution of rates p 2 /τ d as shown in the following equation:

µ t, t = 8 π 2 1 τ d (t ) p:odd exp   -p 2 t -t τ d   . ( 8.6) 
The latter, actually corresponding to the different "reptation modes", is appropriate in the case of a monodisperse system (I p = 1). However, both materials studied in the present article -neat PTHF and HS30 -are polydisperse (I p ≈ 2), resulting thus into a broadened relaxation spectrum of the memory function. The values of τ d (from the G and G crossover) and G N are consequently no longer sufficient to describe correctly the memory function. Instead, one must consider the full relaxation spectrum, accessible through the fit of the mastercurves with a multi-modal Maxwell model, as performed in Section 8.3.1. That way, a series of (τ i , G i ) can serve as inputs for a multi-mode DE model, such as presented in Equations (8.7), (8.8) and (8.9) (see also [35,51] and supplementary material of ref [52]):

σ xy (t) = i σ i (t) (8.7 
)

σ i (t) = 6G i t -∞ µ i t, t Q DE xy γ t, t dt (8.8) µ i t, t = 8 π 2 1 τ di p:odd exp   -p 2 t -t τ di   . ( 8.9) 
By using this model with the 12 modes determined in Section 8.3.1, one can predict accurately the stress evolution in startup flow for the different shear rates presented in Figure 8.6. In fact, the transient viscosities are quite well described by the model, comforting the assumptions concerning the linear data made in Section 8.3.1 to build the mastercurve. Also, the shear thinning (see red-dashed and solid black lines) correctly matches with the measurements, except for γ = 80 s -1 , at which shear banding is likely to occur. Moreover, the multi-modal approach is found to give excellent predictions for the neat PTHF, whose only visible discrepancies happen (again) for the highest shear rates (see Appendix A.25). At longer times, one can easily understand the deviation between the measurements and the DE prediction because of crystallization. The model must therefore be extended to take into account the evolution of the material's structure over time, this is precisely the object of the following section.

Modified DE model for flow-induced crystallization

In the previous section, we have shown that the transient and steady state viscosities of the TPE in the molten state can be predicted by a multi-mode DE model. However, the shear-induced crystallization resulting into a strong increase of the viscosity was obviously not taken into account.

In fact, the DE model describes the evolution of the viscosity for a non-time-dependent material, meaning that τ di and G i remain constant in the Equations 8.8 and 8.9.

In the case of a crystallizing TPE, the spectrum of relaxation times will evolve with time in a way that is described below. For that reason, we need to slightly modify the memory function expressed in Equation 8.9, without changing the DE deformation tensor. This kind of modification is quite common in the case of time-dependent phenomena implying a time-dependent diffusion time. In their convective constraint release (CCR) theory [53][54][55], Marrucci and Ianniruberto notably made use of a time-dependent effective diffusion time τ di (t ) and proposed the following modification for the memory function:

µ i t, t = 8 π 2 1 τ di (t ) p:odd exp -p 2 t t dt ) τ di (t ) . ( 8.10) 
In our case, the modification of the DE model will consist in quantifying the evolution of the mean diffusion time due to the crystallization process. The increase of the relaxation time due to crystallization has already been demonstrated from an experimental point of view [56]. Also, the work of Boutahar et al. [57] suggested that the increase of the relaxation time due to the formation of crystals could be modelled by empirical equations originally developed to describe its dependence to the filler content in filled polymers [58,59]. We propose below an original and more quantitative approach based on the chains topology.

During the crystallization, physical links are formed between the chains which will slow down their dynamics. This is the main idea of the sticky reptation theory [41] introduced by Leibler, Rubinstein and Colby to describe the dynamics of supramolecular systems. In this model, polymer chains have a certain number of stickers which can be associated or not. The probability to find an associated sticker in a chain depends on their concentration and on their kinetics of association and dissociation (i.e. their lifetime). We postulate that in the case of a crystallizing system, one can carry out a similar approach, keeping in mind that once a HS has been attached to another, it will not detach because of the crystalline nature of the link, i.e. its great functionality. Actually, we make the (reasonable) assumption that the stickers have an infinite lifetime in this work, considering consequently that a chain can reptate only if all its stickers are dissociated. This choice is the same as what Gonzalez did in his theoretical prediction of the viscosity of ionomer gels [60]. Although Leibler, Rubinstein and Colby demonstrated a few years later that this consideration was not relevant in the case of supramolecular systems, we believe that it stands in the case of a crystallizing system (made of undissociable stickers). Following the idea of Gonzalez, and considering a polymer carrying f stickers per chain, each one having a probability P to be associated, the mean effective diffusion time of the chains becomes:

τ di (t) = τ di (0) P 0 (t) (8.11) 
with τ di (0) being the initial value of the relaxation time τ di and P 0 the probability that the chain is not connected to any sticker. The assumption of an infinite lifetime for associated HS leads to a simple expression of this probability:

P 0 (t) = (1 -P (t)) f (8.12)
where f is the number of associable stickers in the chain.

Based on the work presented in Chapter 4, we know that the fraction of crystallized HS, i.e. active stickers, can be described with an Avrami relation [61] such as:

P (t) = X c (t) X c (∞) = 1 -exp (-kt n ) (8.13)
where X c (t) is the number of crystallized HS at time t, X c (∞) is the maximum number of crystallized HS (reached at the end of the crystallization process), and k and n are respectively the rate and growth mode of the crystallization.

Besides, because we know that the crystallization process never leads to a situation in which all the HS are associated, the evaluation of the number of associable stickers within a chain f must be different from the real number of HS it contains y. The average value of the latter parameter is estimated to be 7.7 (see Chapter 2) allowing to calculate the true number of associable sticker in a chain through f = y Xc(∞) X HS in which X HS stands for the total number of HS within the material. Note that the ratio X c (∞)/X HS has been found to be close to 1/4 (for HS30) in Chapters 3 and 4, leading to f ≈ 1.9 (kept fixed in the present work). Combining Equations (8.11), (8.12) and (8.13) leads to the following time-dependent relation of the effective diffusion time:

τ di (t) = τ di (0) exp (f kt n ). (8.14) 
Equation (8.14) describes the time-dependence of the effective diffusion time during crystallization, involving the number of stickers (number of associable HS) per chain f , as well as the Avrami parameters k and n. However, the effect of shear on the crystallization rate is not taken into consideration. Several works on FIC of polymers have shown a dependence of the induction time being inversely proportional to the shear rate [15] or close to this [START_REF] Lellinger | Shear induced crystallization in poly( -caprolactone): effect of shear rate[END_REF]. In addition, theoretical models describing FIC, like the one of Eder and Janeschitz-Kriegl [8] or Coppola et al. [3], also predict similar results (see also [14] and [16] for an overview of the different approaches generally used to link the nucleation rate and mechanical solicitation). In our case, this behavior has been confirmed in Figure 8.8 where the plot of the induction time t ind versus the shear rate γ shows a power law dependence with exponent -1, suggesting that the crystallization rate k 1/n should be a linear function of γ. Moreover, we know that the crystallization also occurs at rest -with more sluggish kinetics -as shown in Figure 8.5 and 8.6. For these reasons, the Avrami rate constant k must be expressed as:

k = α γn + β. ( 8.15) 
That way, we obtain the following expression for the effective diffusion time:

τ di (t) = τ di (0) exp [(α γn + β) f t n ] . ( 8.16) 
The modified model is now made of Equations (8.7), (8.8) and (8.10) where each τ di follows the evolution predicted by Equation (8.16). It includes three free parameters (α, β and n) which were adjusted to fit the whole set of experimental data. The result is shown in Figure 8.9. Despite the deviation of the model for the highest shear rate -probably due to shear banding as mentioned in the previous section -the resulting predictions are found to fit remarkably well the experiments. The fitting procedure was performed by dichotomy on each parameter, starting with n (controlling the shape of the viscosity divergence), then β (adjustment of the kinetic at rest) and finally α (adjusting the evolution of the kinetic with the shear rate). The target precision was three digits on n and only two for α and β. Taking f = 1.9 as estimated above, the following values of the free parameters were found:

α = 5.3 × 10 -4 , β = 5.8 × 10 -4 s -n with n = 1.35.
Although it is difficult to relate rigorously the Avrami exponent n to the crystallites geometry because of the biphasic nature of our material (the nucleation is not occurring randomly in the material), we believe that its value close to 1 suggests a quasi-one dimensional crystal growth. This result is consistent with Chapter 3 about the TPE's structure presenting ribbon-like crystal and additional atomic force microscopy (AFM) images obtained on flow-induced crystallized samples (see Appendix A.27). It is also in very good agreement with the study of the quiescent crystallization presented in Chapter 4. In the latter, we showed that the crystallization occurs in a bimodal fashion which can be described by two successive Avrami-like processes. The growth mode parameter found in this study was comprised between 1.3 and 1.5 for primary crystallization and between 1.1 and 1.2 for the secondary process (for different temperatures ranging from 110 to 150 °C, including 140 °C). Since the present rheological model for FIC is not taking into account the bimodal nature of the process, the value of 1.35 found here seems in very good agreement with the previous results. Also, it is worth to remark that the value of β, i.e. the extrapolation of the crystallization rate at zero shear rate estimated in this work, matches remarkably well the value of the quiescent (primary) crystallization rate k p determined in Chapter 4 (see Table 8.4 below). As a matter of fact, while the former is found to be k = 5.8 × 10 -4 s -n with n = 1.35, the latter was estimated to k p = 5.8 × 10 -4 s -np with n p = 1.3, highlighting once again the consistency with our previous work. While this study is focused on the evolution of the shear stress during FIC, other recent works have demonstrated much stronger effects on the primary normal stress growth due to crystallization [63]. For that reason, we also calculated the normal stress evolution with our model and reported the results in Appendix A. 28 showing a good agreement between experimental data and theory.

Stress relaxation after flow-induced crystallization

In order to go further in checking the validity of the model presented in the previous section, we performed a series of relaxation tests after different durations of shear t 1 ranging from 2 to 95 s, keeping the shear rate and the temperature fixed to 2.5 s -1 and 140 °C respectively. Figure 8.10a shows the evolution of the stress as a function of the shearing time, followed by the stress relaxation. Because each test is performed on a different sample (highly dependent on the thermomechanical history), the reproducibility is not perfect and we get a dispersion on the measured steady state stresses. To get rid of this problem and for the consistency of the results, the data where rescaled so that the beginning of the relaxation matches with the reference curve. The detailed procedure of data treatment is explained in Appendix A.29. For clarity, the relaxation profiles are plotted in Figure 8.10b with the origin of time taken as the end of shearing procedure t 1 . They all exhibit a sigmoidal shape, i.e. an exponential decrease followed by a pseudo-plateau. When increasing t 1 , the relaxation becomes slower and leads to a higher plateau, emphasizing the liquid-to-solid transition of the material. In order to quantify this effect in terms of relaxation time, we fitted the relaxation stresses with a simple Maxwell model:

σ(t) = A exp - t τ (8.17)
The fits, presented on the same graph, are performed only at short times because of the timedependence of the material, so that the obtained characteristic time is representative of the state of the material at t 1 . In Figure 8.10c, we represent the evolution of the corresponding relaxation time τ as a function of t 1 , exhibiting an exponential profile in remarkably good agreement with the model proposed in the previous section. Indeed, using Equation (8.14) with the values of the parameters determined previously (f = 1.9, α = 5.3 × 10 -4 , β = 5.8 × 10 -4 s -n , i.e. f k = 4.6 × 10 -3 s -n at γ = 2.5 s -1 and n = 1.35), and adjusting the value of the initial time τ d (0), one can well reproduce the evolution of τ with t 1 .

For the sake of completeness, we also provide the reader with additional fits performed on a larger timescale with stretched exponential functions in Appendix A.30. Using this alternative method, a good agreement with our model is found for a slightly different value of n (1.45), providing an estimation of its error bar. Overall, the relaxation tests support one of the main ingredient of our model, i.e. a relaxation time increasing in an exponential way along with the shear procedure. Note that this agreement is quantitative and fully justify the assumptions made in Section 8.4.3 to obtain Equations (8.14), (8.15) and (8.16). 

Effect of the temperature on flow-induced crystallization

In this section, we address the impact of the temperature on the FIC of HS30 by reproducing the startup flow experiments performed at 140 °C and 2. (0) (where T ref = 140 °C) in order to match the evolution of the steady state viscosity with the temperature η T . For the modified model, the value of n is fixed to 1.35 (previously determined for startup flow at 140 °C) and the crystallization rate k is adjusted to fit the increase of viscosity for each temperature (a dichotomy method with a precision of two digits was used). The results are presented in Figure 8.11, showing unambiguously two expected effects: (i) the increase of the steady shear viscosity (or the corresponding stress at a given shear rate) with decreasing the temperature, and (ii) the earlier divergence of the viscosity synonymous of a quicker crystallization process. Interestingly, although the first observation is qualitatively expected, i.e. the viscosity of the polymer melt should increase with diminishing the temperature, one may have expected it to follow the WLF equation. In this temperature range (T > T g + 100 °C), the latter expression is comparable to an Arrhenius law:

η T η T ref = exp E a N A k B 1 T - 1 T ref (8.18)
where η T /η T ref is the relative steady shear viscosity and E a is an apparent activation energy usually close to 50 kJ/mol -1 for homogeneous polymer melts. In our particular case, the relative steady shear viscosity of HS30 η T /η T ref , roughly corresponding to τ T d (0)/τ

T ref d
(0) (extracted from the fits in Figure 8.11), could have therefore been expected to exhibit the same temperature dependence as the neat PTHF shift factor a T (Figure 8.1b). By representing both parameters in Figure 8.12, we actually show that the temperature dependence of the former is far stronger, confirming thus that the copolymer chains diffusion is hindered by the presence of phase separated domains. In fact, while the apparent activation energy for the neat PTHF is found around 33 kJ/mol -1 , the corresponding value for HS30 is close to 116 kJ/mol -1 , i.e. more than twice as much as one could have expected in the absence of phase separation. Also, the acceleration of the FIC at lower temperature could have been anticipated. The interest of applying our model in this case resides in the decorrelation of the temperature effect on the quiescent crystallization on one side and of the chains alignment on the other side. While the former aspect has been already treated for this polymer in Chapter 4, the latter must be correlated with the phase separation. In fact, as presented in Figure 8.12, we believe that the phase separation is playing a similar role as the crystallites nuclei, i.e. limit the chains diffusion, thus making them easier to align under stress. The fits presented in Figure 8.11 make it possible to extract new values of k (crystallization speed) that one can then compare with the corresponding values for quiescent crystallization (see k p values in Table 8.4 obtained through the study of Chapter 4). Note that because we performed the experiments without varying the shear rate in this section, the detailed values of α and β could not be calculated (as done in Section 8.4.3). The value of n was systematically fixed to 1.35, in excellent agreement with the values found for the quiescent crystallization, confirming the 1D nature of the crystallites (so-called "ribbons"), dictated by the architecture of the copolymer. The crystallization rates in both startup flow and quiescent conditions are compared by plotting the evolution of k 1/n and k 1/np p versus the temperature in Figure 8.13. The ratio k 1/n /k 1/np p , quantifying the acceleration caused by the alignment of the chains, and their subsequent stretching at long time, is found systematically larger than 1. As one may have anticipated, this acceleration is larger at lower temperatures, because of a more pronounced phase separation. Once again, this result illustrates the crucial role of the chains conformation from the earliest stages of the crystallization. 

Numerical simulations evidence the role of chain alignement

The scenario of FIC proposed in Section 8.4.2 (see Figure 8.7), was based on the assumption that the enhancement of the nucleation kinetics comes from the alignment of the chains under the shear flow. In order to validate this relationship, we propose to use NEMD simulations of pentablock SS76 subjected to shear flow at T = 1.9 ε u /k B , following the evolution of both the crystallinity Φ and nematic tensor Q. The evolution of the transient viscosity η + = σ xy / γ over time is shown in Figure 8.14a. One can see the beginning of the curves all collapse onto a unique linear viscoelastic envelope. This increase of viscosity is followed by a decrease (making appear a stress overshoot) leading to a steady state plateau. This evolution is consistent with the experimental curves, apart from the viscosity divergence occurring at long times which is not seen in the simulations. When plotting the evolution of viscosity as a function of strain (Figure 8.14b), the position of the peak appears to be a constant value, γ = 2, independent of the shear rate. This is known to be the signature of chain alignment [47]. This can be verified by analyzing the order tensor Q, and more specifically its largest eigenvalue (scalar order parameter S shown in Figure 8.15). While the system remains completely isotropic at rest (S ≈ 0 for γ = 0), an increase of the degree of chain orientation S is seen when a shear flow is applied. Increasing the shear rate is found to lead to higher degrees of orientations at long times. It is also interesting to look at the evolution of the shear component of the order tensor Q xy . According to the DE model, the shear stress is expected to be directly related to this quantity (see Section 8.4.2). Figure 8.16 shows that Q xy (t) exhibit a well-defined peak occurring at the same strain (γ = 2) as the stress overshoot, confirming the origin of the latter coming from chain alignment. Moreover, Figure 8.16b shows the good matching between the simulation and the theoretical prediction of the DE model. At very high shear rates ( γ > τ -1 e ≈ 10 -2 τ u ) -meaning that chains do not have the time to relax at a length scale smaller than the entanglement strand -the actual shear component of the order tensor Q xy tends to the theoretical expression proposed in the DE model Q DE xy .

Figure 8.17 illustrates the evolution of the volume fraction in crystallites Φ during the startup flow simulations. It is clear that increasing the shear rate leads to a quicker crystallization kinetics (sooner upturn of the curve in Figure 8.17a). At very high shear rates ( γ > 10 -2 τ u ), one can note the crystallinity evolution is not monotonic. The initial sharp crystallization is actually followed by a decrease of crystallinity, probably due to the destruction of crystallites under the shear flow. Such problems have already been reported in previous work using the same potentials to simulate semicrystalline homopolymers suggesting that the too soft interactions between crystallnie beads (originating from the Lennard-Jones (LJ) potential) was responsible for the weakness of the crystallites [64]. The latter is likely to explain the absence of viscosity divergence at long times. However, Figure 8.17b clearly shows that the very first stage of crystallization always occurs at the same amount of strain approximately equal to 2, corresponding to the maximum chain alignment in the direction of the shear flow. Therefore, the origin of the FIC coming from an enhanced alignment of the chains due to the flow is well-supported by the present simulations. 

Conclusions

By combining the DE model and the Avrami equation, we have proposed a quantitative modeling of the FIC occurring over startup flow experiments. The first step consists in the production of linear frequency sweeps data for the semicrystalline polymer that we rebuild from its purely amorphous counterpart. This method is made possible due to the peculiar nature of the chains we use, i.e. a segmented block-copolymer in which only the HS are able to crystallize. MD simulations focusing on the dynamical properties of both chains supported the assumptions made in this context. From these linear rheological data, it is then possible to calculate the transient and steady shear viscosity of the polymer at T c < T < T m through the DE model considering a multi-modal approach. The divergence of the viscosity at long time is then implemented by modifying the memory function such that the terminal relaxation time of the chain becomes a growing function of the time. A key point is the transition from the volume fraction in crystallites to the rheological properties of the material that we achieve by considering the TPE chains as supramolecular polymers, i.e. assuming that the HS play the role of stickers. Following this logic, the growing number of active stickers over time implies therefore an increase of the relaxation time of the system. This idea, at the basis of our model, is then completed by assuming that the association of the HS is irreversible due to the crystalline nature and large functionality of the topological nodes they form.

Beyond the successful fitting of the σ(t) data, applying our model at various shear rates (and fixed temperature) allows extracting physical parameters that are found to be in good agreement with previous experiments addressing the quiescent crystallization. In particular, while it is clear that a higher shear rate accelerates the crystallization (k = α γn + β), the sole contribution of the temperature can be extracted from the model and extrapolated to low shear rates, matching remarkably well the "zero-shear crystallization kinetics" (k ≈ β). In addition, the crystallites growth mode parameter n extracted from our model is also found to match well with its quiescent (primary) crystallization counterpart n p . Both values are actually close to 1.3 -1.4, suggesting the formation of ribbon-like crystallites, a fixed microstructure apparently controlled by the chain architecture.

The exponential growth of the relaxation time τ d over time is then validated through series of stress relaxation tests performed immediately after the startup flow procedure that we stopped at different stages. The latter observation, together with additional experiments realized at different temperatures, finally suggest that our model is robust and could be eventually adapted to other kinds of polymers. In fact, while we treated only the case of segmented block copolymers in this work, one could imagine extending our ideas to semicrystalline homopolymers. As a matter of fact, we believe that applying this theory in the reverse direction, i.e. using the rheological data to probe the crystallites formation (α, β, n), is likely to provide original insights on the structure-properties relationship of complex biphasic polymers.

Finally, the MD simulations helped corroborating the hypothesis concerning the early stages of FIC. Analyzing the degree of orientation of the chains under shear flow revealed an increase of the nucleation rate originating from an enhancement of chain alignment. However, the early breakup of the crystallites under strain limits the analysis of the simulation. Thus, an improvement of the force field in order to have stronger (more realistic) crystallites would be of great interest for further works.

9 Flow-induced crystallization in large amplitude oscillatory shear 

Introduction

Understanding the rheological properties of thermoplastic elastomer (TPE) in different flow conditions is undoubtedly an important challenge since these materials are largely processed using melt flow techniques. The behavior of these semicrystalline segmented block copolymers is quite complex due to the microphase separation between the hard segment (HS) and soft segment (SS) occurring even at high temperatures. Moreover, such high shear conditions are favorable to chain alignment leading to the flow-induced crystallization (FIC) of the HS, making the rheological behavior even more complex. This mechanism has been studied in the ideal case of startup shear flow in the previous chapter, revealing the origin of the enhanced nucleation thanks to molecular dynamics (MD) simulations and the impact of crystallization on the material's viscosity. In particular, a rheological modeling of the viscosity divergence due to FIC was proposed, consisting in a modification of the well-known Doi-Edwards (DE) model including time-dependent dynamic properties. In the present chapter, we would like to expand the predictions of our model to the case of oscillatory shear.

The response of materials to large amplitude oscillatory shear (LAOS) has been the subject of several studies trying to go beyond the usual determination of storage and loss moduli as defined in the linear regime. Several methods have been developed to analyze the complex stress response in such conditions. These can be based on a simple analysis of dimensionless stress-strain or stress-rate plots (called Bowditch-Lissajous representations) [1,2]. More quantitative approaches have also been developed with the aim of providing a rigorous framework for the interpretation of these plots. Most of them are based on a particular way to decompose the stress response. Fourier-transform (FT)-rheology consists in analyzing the stress as a superposition of different harmonics and makes the link with the classic storage and loss moduli defined in linear viscoelasticity (first harmonic) [3]. Another strategy relies on a stress decomposition into an elastic and a viscous contribution obtained thanks to symmetrical considerations on the stress signal [4]. Finally, Ewoldt et al. proposed an alternative describing the types of nonlinearities on the basis of Chebychev polynomial series [5]. In spite of this apparent variety of methods to describe the rheological behavior of materials in LAOS, it is commonly admitted that these three approaches are equivalent from the mathematical point of view and lack of physical meaning [6]. Nowadays, there is no definitive framework to characterize and systematically interpret the different types of nonlinearities from a physical point of view.

LAOS is commonly presented in the literature as a powerful tool to modify the microstructure in ordered polymer materials, in particular by promoting the alignment of chains or domains. The orientation of the microphase separated structure was already analyzed in the case of diblock [7] and triblock [8] amorphous copolymers. Semicrystalline block copolymers were also studied above their melting temperature, avoiding the crystallization and focusing on the alignment of the phase separated domains [9]. These rheological analysis are often coupled with X-ray techniques to investigate the evolution of the structure under LAOS. For instance, it has been shown that LAOS was an effective means of inducing layer alignment in smectic side-group liquid crystalline polymers [10]. However, the case of FIC of segmented copolymers in LAOS flow has never been treated.

After having presented both the experimental and predicted rheological results in Sections 9.3.1 and 9.3.2 as well as the structural evolution over time of the material all through the oscillatory shear experiment in Section 9.3.3, we discuss the impact of the mechanical solicitation on the crystallization and gelation kinetics in Section 9.4.1. The analysis of the nonlinear behavior of the material is discussed in Sections 9.4.2 and 9.4.3, in which we notably propose a scenario providing physical explanations to the observed intracycle nonlinearities and describing the structural evolution of the copolymer under LAOS.

Materials and methods

Materials

The material studied here is the same polybutylene terephthalate (PBT)-polytetrahydrofuran (PTHF) segmented block copolymer as in Chapter 8, HS30 prepared though hot-pressing (HP) (see Chapter 2 for details on the material and processing route). The number average molecular weight of the chains is M n = 25 kg.mol -1 with a polydispersity I p = 2. The chains contain y = 7.7 HS in average, and y + 1 SS. The PBT and PTHF segments have average molecular weights of M HS = 970 g.mol -1 and M SS = 2000 g.mol -1 respectively, resulting in a mass fraction in HS X HS = 30 wt. %, among which roughly 1/4 is found to crystallize under quiescent conditions (see Chapter 4).

Rheometry

Rheological experiments were conducted in a strain-controlled ARES rheometer equipped with a 2kFRTN1 transducer (Rheometric Scientific, USA). Dynamic time sweeps in LAOS were performed using a cone-partitioned plate (CPP) fixture consisting in a top plate of diameter 6 mm, surrounded by a non-measuring ring. The gap between the inner plate and the outer partition is 0.1 mm. A truncated cone is used as a bottom geometry, characterized by a large diameter, a 51 µm truncation and an angle of 0.1 rad. A homemade acquisition and signal processing system connected to the rheometer's outputs was used to record the raw deflection and torque which were analyzed via FT-rheology in real-time.

The sample was loaded in the rheometer and heated up to 210 °C to be shaped. It was then cooled down to 140 °C (i.e. between T c and T m ), see Chapter 3) while the gap was adjusted manually in order to obtain 51 µm when starting the oscillatory shear exactly 4 min after the beginning of the cooling step. Two series of tests were performed. The first one at fixed frequency (ω = 2.5 rad.s -1 ) while the strain amplitude was varied from γ max = 10 % to 300 %. The second consisted in keeping the strain amplitude at γ max = 100 % and varying the frequency from ω = 0.5 rad.s -1 to 50 rad.s -1 . In addition, the time sweep at ω = 2.5 rad.s -1 and γ max = 200 % was repeated 6 times, on 6 different samples, and stopped at different stages (45 s, 65 s, 90 s, 120 s, 200 s, 220 s). Once the strain back to zero, the samples, respectively denoted A, B, C, D, E and F, were then quenched within the rheometer with cold water in order to conserve the structural signature induced by the LAOS flow as much as possible. Note that the cooling is not fast enough to completely stop the crystallization during this quenching procedure.

Small and wide scattering

The six samples A, B, C, D, E and F, quenched after LAOS time sweeps, were analyzed in 2D small angle X-ray scattering (SAXS) and wide angle X-ray scattering (WAXS) at room temperature. The experiments were performed on the X-ray platform at L2C, Montpellier (France), equipped with a Xenocs (France) X-ray scattering device and a Pilatus 300K (Dectris, Switzerland) 2D-detector. The wavelength was fixed at 1.54 Å. The SAXS configuration was obtained by setting the sampledetector distance at 1.8 m, while the latter was reduced to 77 mm for WAXS experiments. The samples were positioned so that the beam (700 × 700 µm 2 ) always hit the same region situated at ca. 2 mm from the center of the disk-shaped samples. The samples were oriented in such a way that the shear flow direction is oriented in the west-east axis, and the radial direction corresponds to the north-south axis. Two azimuthal integrations were performed on the SAXS 2D patterns, designated as "North" and "West" in the following and corresponding to angle ranges of 70 °to 110 °and 160 °to 200 °respectively. The data treatment for both SAXS and WAXS experiments was performed by normalizing the scattering intensity by the transmission as well as subtracting appropriately the empty beam background. The intensity was not normalized by the sample's thickness (> 50 µm) which could not be precisely determined due to the conical shape of the samples. The samples were however not distinguishable to the naked eye suggesting no significant thickness normalization error when plotting the scattering intensity.

Theoretical modeling

We present here an adaptation for LAOS of our previous model, defined in the previous chapter (see Section 8.4.3), describing the rheological behavior of TPE crystallizing under startup of shear flow. The main part of the model remains the same. The total stress σ xy is still defined by Equation (8.7) as a sum of several Maxwell modes, each component σ i being calculated in Equation (8.8) as the integral of the DE alignment tensor depicted in Equation (8.3) weighted by the memory function defined in Equation (8.10).

The expressions of strain and strain rate (Equations (8.4) and (8.5)) must be redefined for the oscillatory shear: γ t, t = γ max sin ωt -sin ωt .

(9.1)

The dependence of the crystallization rate k on the shear rate has to be modified as well since the latter is no longer constant but oscillating between positive and negative values. We thus make the arbitrary choice to replace the constant shear rate in Equation (8.15) by the root mean square (RMS) shear rate:

k = α ωγ max √ 2 n + β (9.2)
where α, β and n are the three parameters of our model controlling the sensibility to FIC, the quiescent crystallization rate and the nucleation-growth mode respectively. These parameters are expected to be functions of the material and temperature. Since both these variables are the same as in our study in startup flow, we will directly use the values of these parameters determined in Chapter 8: α = 5.3 × 10 -4 , β = 5.8 × 10 -4 s -n and n = 1.35. This new Equation (9.2) leads to the following evolution of the relaxation times τ di , previously expressed in Equation (8.16):

τ di (t) = τ di (0) exp α ωγ max √ 2 n + β f t n (9.3)
where f is the number of associable HS in the chain, estimated at 1.9 in Chapter 8. The rheological inputs for the model are exactly the same as in Section 8.3.1 (shifted mastercurve of PTHF presented in Figure 8.1a) since the material and the environmental conditions remain the same (HS30 at 140 °C).

Results

Fourier-transform analysis

The outputs of the LAOS time sweeps are the raw time-dependent strain and stress signals, respectively γ(t) and σ(t). We present these raw data in Appendix A.31, as stress-strain or stress-rate curves (Bowditch-Lissajous plots). While these representations can provide qualitative information on the nonlinear behavior of the material under LAOS conditions, a more quantitative analysis can be conducted using FT-rheology, consisting in studying separately the different harmonics of the stress:

σ (t) = γ max n:odd |G * n | (ω, γ max ) sin (nωt + δ n ) (9.4)
where |G * n | (ω, γ max ) represent the amplitude and δ n the phase lag of the n th harmonic [5]. One can note that only odd harmonics are allowed due to the symmetric behavior of the material in both directions of shear. In practice, we only analyze the two first non-zero harmonics which are usually sufficient to properly reconstruct the stress. The first one, G * 1 , corresponds to the classic complex modulus describing the viscoelastic behavior in linear conditions while the second, G * 3 , provides information about the nonlinearities. Another common way of analyzing LAOS data consist in decomposing the stress in a superposition of an elastic stress σ e and a viscous stress σ v [4]:

σ (t) = σ e (t) + σ v (t) . (9.5)
One can make the link between FT-rheology and this stress decomposition by decoupling the elastic and viscous parts G n and G n in each harmonic, leading to the following expressions of elastic and viscous stresses:

σ e (t) = γ max n:odd G n (ω, γ max ) sin nωt (9.6a) σ v (t) = γ max n:odd G n (ω, γ max ) cos nωt (9.6b)
where G 1 and G 1 correspond to the well-known storage and loss moduli in linear viscoelasticity. The evolution of the first harmonic of the moduli is shown in Figure 9.1. The curves are very similar to the previous rheological study of the crystallization under small amplitude oscillatory shear (SAOS), equivalent to quiescent conditions (see Chapter 4). At the beginning of the test, the material has a liquid-like behavior G 1 < G 1 followed by an increase of both the storage and loss moduli. The sharper increase of the former leads to the gelation (occurring at time t gel , evidenced with the dotted lines in the graphs) and G 1 becomes larger than G 1 . Then, the final increase leads to a steady-state modulus G (∞), showing the end of the crystallization process. Eventually, for high strains or strain rates, the sample breaks and the modulus drops (not shown on the plots which stop at the breaking point). The effects of the strain amplitude γ max and frequency ω can be observed separately in Figures 9.1a and 9.1b respectively. There is no doubt that an increase of either γ max or ω accelerates the crystallization in both cases. However, some differences must be highlighted between the two series of tests, notably concerning the values of the dynamic moduli at the beginning and at the end of the tests. For instance, while the final steady-state modulus G (∞) is always the same when changing ω, it is clear that an increase of γ max decreases its value. On the contrary, the initial modulus G (0) seems to be insensitive to γ max but highly depends on ω. These observations can be explained considering the state of the sample in both cases. At the beginning of the test, the material has liquid-like behavior, and can easily relax the stress (no effect of γ max ) but exhibit a strong dependence on ω since we are probing the properties of the material in the flow region. At the end of the test, the material's structure is completely different due to crystallization and gelation. It behaves like a gel (no strong effect of ω on the modulus) whose Results structure can be modified at large strains (shear thinning, see also Section 9.4.2).

As explained before, the single first harmonic G * 1 is insufficient to describe the whole stress evolution. In fact, one can consider that all the nonlinear effects are contained into the third harmonic G * 3 . Thus, a good way to estimate the degree of nonlinearity is to calculate the ratio of the third and first harmonics |G * 3 |/|G * 1 |, often designated as the nonlinearity parameter in the literature [2,[7][8][9]. Its evolution over time is provided in Figure 9.2. One can see that, apart from the measurement at ω = 2.5 rad.s -1 and γ max = 10 % for which |G * 3 |/|G * 1 | remains close to zero during the whole time sweep, all the tests are performed in the nonlinear regime. Indeed, the nonlinearity parameter, starting from a low value at the beginning of the test, exhibit a global increase under LAOS. Yet, the evolution of |G * 3 |/|G * 1 | is not completely monotonic. In fact, apart from the experiments at high frequencies (ω ≥ 10 rad.s -1 ), all the curves pass through a maximum before increasing again at the end. Remarkably, this maximum does not correspond to the gelation (marked with dotted lines on the graphs), but systematically occurs just before the gel point. Although |G * 3 |/|G * 1 | provides a quantitative degree of nonlinearity, it does not give any information on its nature. A further analysis of the intracycle nonlinearities consists in separating them on the basis of their elastic or viscous origin. It can be done by calculating the scaled third order elastic and viscous coefficients -G 3 /G 1 and G 3 /G 1 . Ewoldt et al. proposed an interpretation of these two quantities based on their sign [5]. The elastic coefficient indicates the presence of strain stiffening (if -G 3 /G 1 > 0) or strain softening (if -G 3 /G 1 < 0). Similarly, the viscous one quantifies the degree of shear thickening (G 3 /G 1 > 0) or shear thinning (G 3 /G 1 < 0). Figure 9.3 shows the evolution of these two scaled coefficients for the two series of tests. This approach reveals that the previous maximum seen on the nonlinearity parameter was in fact due to a maximum of strain stiffening and shear thinning. It also clarifies the nature of the final nonlinearity increase which seems to originates from shear thickening. These evolutions will be discussed in details in Section 9.4.3. 

Model predictions

In Chapter 8, we showed that the rheological behavior of TPE crystallizing under startup of shear flow can be described by a modified DE model coupled with a slowdown of the chains' dynamics due to the linkage of HS forming crystallites. After having seen the experimental results showing the behavior of crystallizing TPE under LAOS flow, we present here the predictions of our rheological model in which the necessary modifications were accounted to match the present case of oscillatory shear flow (see Section 9.2.4). Figure 9.4 shows the prediction of the first harmonic G * 1 . Qualitatively, the evolution of the modulus is in good agreement with the experiment on several points: -the general shape of the curves, starting from a liquid-like behavior, followed by a sharp increase of modulus along with the gelation followed by a solid-like behavior, -the acceleration of the crystallization kinetics when increasing either γ max or ω, -the dependence of the value of G (0) on ω but not on γ max (liquid-like behavior),

-the dependence of the value of G (∞) on γ max but not on ω (gel-like behavior).

A more quantitative comparison between the experimental results and the predictions of the model will be presented in Sections 9.4.1 and 9.4.2. 9.5b for which the signal is very weak), we can note once again a qualitative agreement with experiments on some points. Indeed, the model is able to reproduce the general increase of the nonlinearity parameter during the LAOS time sweep. The transition between linear and nonlinear conditions is also consistent with experiments (between 10 and 50 % strain). The maximum of strain stiffening is even visible at high strains (γ max ≥ 150 %) or very low frequency (ω = 0.5 rad.s -1 ). The shear thickening behavior occurring at the end of the crystallization is also well reproduced. 

TPE's structure evolution during LAOS

In order to follow the evolution of the structure over time during the LAOS time sweep, the experiment at 2.5 rad.s -1 and 200 % was repeated on six samples and stopped after different durations before being quenched and then analyzed in SAXS. Figure 9.7 shows the evolution of the rheological parameters during the test and the instants at which the oscillatory shear was stopped. Sample A was quenched in the liquid state. B was stopped at the onset of the increase of the modulus and C during the sharp increase. D corresponds to the gelation and both E and F are taken on the final steady-state.

The SAXS intensities obtained for all the samples are represented in Figure 9.8. The 2D-SAXS patterns show a peak coming from the structure factor and corresponding to the long period (average distance between crystallites). One can notice the slight increase of this peak when going further in the LAOS time sweep. A clearer effect is the anisotropy of the scattering pattern which can be seen in sample D and is very pronounced in samples E and F. One can see it directly on the 2D-patterns or by comparing the North and West integrations. While the curves are well superposed for the samples extracted before t gel (A, B and C), the peak becomes stronger in the west-east direction for longer LAOS durations, suggesting an alignment of the crystals in the radial direction.

In addition, the comparison of the full I(q) curves provided in Appendix A.32 reveals that the Porod regime (high-q range) is the same in the six samples. This result suggests the presence of a similar volume fraction in scattering objects (crystalline or amorphous HS rich domains) regardless of the shearing time, once the samples being cooled down. Also, we provide in Appendix A.33 their 2D-WAXS patterns counterparts and the corresponding integrated intensities that reveal an increase of the diffraction peaks with the shear duration (E and F in particular). These two important results confirm that in spite of a similar degree of phase separation observed at room temperature, a higher LAOS duration enhances the HS crystallization at 140 °C. Nevertheless, fully isotropic WAXS patterns and similar relative intensities of all the peaks do not support any particular orientation of the reticular planes beyond the crystallites radial distribution evidenced through SAXS. 

Discussions

Gelation and crystallization kinetics

In Sections 9.3.1 and 9.3.2, we have shown that the kinetics of crystallization can be accelerated by increasing both the strain amplitude and the frequency of the LAOS time sweep. In Chapter 8, we also showed that the FIC kinetics was mainly controlled by the shear rate γ. This is consistent with the present observation since in the case of an oscillatory shear flow, the quantity ωγ max represents the maximum shear rate. Therefore, it seems relevant to look at the evolution of the gelation time t gel (defined as the position of the crossover of G 1 and G 1 , see Figure 9.1) as a function of ωγ max , as represented in Figure 9.9a. It is clear that the decrease of the gelation time scales with the inverse maximum shear rate: t gel ∼ (ωγ max ) -1 . This behavior is typical of FIC conditions characterized by an enhanced nucleation due to an increase of chain alignment [11]. It reminds what has been observed for the induction time in startup flow in Chapter 8. This regime is often associated to the range of shear rates exceeding the inverse reptation time (Weissenberg number Wi = γτ d greater than 1) even if FIC can also appear at lower shear rates, especially in polydisperse or complex systems having longer relaxation times [12][13][14][15] (a) Shear rate dependence. Experimental gelation times versus simulated ones. The dotted line is a linear law with a slope equal to 1. Two series of data are represented on the graphs: frequency fixed at 2.5 rad.s -1 (circles) and maximum strain fixed at 100 % (squares).

Steady-state modulus and intercycle nonlinearities

The final value of the storage modulus G 1 (∞) obtained experimentally is in good agreement with the previous quiescent crystallization experiments monitored in SAOS presented in Chapter 4.

While increasing the frequency does not change significantly its value (Figure 9.1b), increasing the strain amplitude leads to lower final steady-state modulus (Figure 9.1a). This decrease scales with γ -1 max (Figure 9.10a), which is typical of shear thinning due to disentanglements (increase of M e ). This intercycle nonlinearity is also reported as strain thinning in ref [2]. We can thus expect a correlation between the imposed strain and the degree of orientation. However, the final structure should not vary with the frequency since the final steady-state modulus value does not depend on that parameter (gel-like behavior).

One can note the important discrepancy of the model concerning the values of G 1 (∞) (Figure 9.10b). In fact, we do not expect the model to match the real modulus at the end of the crystallization since it has been constructed to describe the viscosity increase at the beginning of the crystallization only (see Chapter 8). The apparent final modulus value obtained with the model is nothing else but the G i value of the quickest relaxation mode taken in input. We remind the reader that the final modulus is rather determined by the geometry and fraction of crystallites as shown and studied in Chapters 6 and 7.

Intracycle nonlinearities and structure

We have previously shown in Figure 9.2 that during a LAOS time sweep, the degree of nonlinearity, quantified by the relative intensity of the third harmonic, starts from a value near zero (especially at low strains and low frequencies) corresponding to the linear regime an then increases (nonlinear regime) at the onset of viscosity increase. The nonlinearity parameter reaches a maximum, decreases and then exhibit a second increase particularly pronounced at low frequencies. At high frequencies, the nonlinearity parameter continuously increases and reaches a plateau. Interpretations of similar trends for amorphous block copolymers have already been reported in the literature. A typical curve for the nonlinearity parameter consists in an increase due to the microphase separation enhanced by the flow, followed by a decrease associated to the reorganization and orientation of the domains [7]. More precisely, it has been shown that the kinetics of orientation can be described by a stretched exponential decrease of the relative third harmonic [2,8,9]. In the present case of semicrystalline block copolymers, the situation is a bit more complex, and requires a more accurate study of the nonlinear regime. In particular, the second increase of the nonlinearity index cannot be simply interpreted since it has never been reported in previous works about LAOS on amorphous block copolymers. That is the reason why we completed the analysis of the intracycle nonlinearities by using the rigorous desciption of Ewoldt et al. based on the scaled third order elastic and viscous coefficients presented in Section 9.3.1. Using this approach, we propose below a scenario describing the evolution of the copolymer's structure during the experiment. (II) The material becomes increasingly strain stiffening -G 3 /G 1 > 0 and shear thinning G 3 /G 1 < 0 until reaching a maximum.

(III) The modulus increases very quickly until G becomes higher than G (gelation) while both the strain stiffening and shear thinning decrease.

(IV) The modulus reaches a plateau. The strain stiffening stabilizes at an intermediate value while the material becomes shear thickening G 3 /G 1 > 0.

Then, combining the evolution of the rheological parameters (Figure 9.11) with the results obtained from structural characterizations (Section 9.3.3), we propose the following interpretations also illustrated in Figure 9.12:

(I) Linear viscoelastic liquid. At the beginning of the test, the material has been cooled from 210 °C down to 140 °C for 4 min and is not yet subjected to FIC. Thus, no HS crystallites are formed at this stage and the rheological behavior remains typical of a polymer melt.

(II) Reversible chain orientation. The presence of HS rich clusters, slowing down the terminal relaxation of the chains, makes the alignment of the chains more likely. The increase of the strain stiffening parameter concomitant with the increase of shear thinning can be explained by this alignment of the polymer chains in the direction of the flow. Since the SAXS patterns are completely isotropic in this time range (see samples A and B in Section 9.3.3), it seems logical that this orientation of the chain is not permanent. This reversible character of the chain orientation can be simply explained by the fast chain relaxation (the material still behave like a viscoelastic liquid).

(III) Crystallization and dynamics' slowdown. The alignment of the copolymer chains is known to promote the HS association. The resulting strong crystallization explains the sharp increase of the modulus in this zone, as already reported in our study of the quiescent crystallization in Chapter 4. The slowdown of the chains' dynamics can easily be related to this crystallization of the HS. As it was proposed in Chapter 8, one can model the increase of the terminal relaxation time of such a system by considering a polymer chain carrying a certain number of stickers which are able to permanently link to other chains. Thereby, the oscillatory orientation of the chains along the flow direction becomes more difficult because of their much slower dynamics. The strain stiffening and shear thinning behaviors are thus decreased. The SAXS patterns are still isotropic at this stage (C) since the crystallites have not grown enough in the radial direction yet to create a strong anisotropy.

(IV) Gelation After gelation, the mobility of the chain is highly reduced and the chains cannot follow the orientation anymore. The material keeps a remaining orientation of the chains along the flow direction, clearly visible in the anisotropic SAXS patterns (D, E and F) revealing the orientation of the crystallites in the perpendicular direction (i.e. in the radial direction). We believe the intermediate strain stiffening remaining at the end of the time sweep is representative of the permanent chains' orientation fixed after gelation. In addition, the final shear thickening behavior is also in good agreement with the structural observations. Indeed, while shear thinning is usually associated with an alignment in the direction of the flow, it seems reasonable to think that the growth of the crystallites in the direction perpendicular to the flow will lead to the opposite nonlinear behavior (i.e. shear thickening). The general behavior depicted above is a good description of what happened at intermediate frequency (ω = 2.5 rad.s -1 ) and strain amplitude (γ max = 100 %). The combination of the analysis of the nonlinearities with the structural charaterization in SAXS enable us to understand the evolution of the copolymer structure all through the LAOS experiment. Nevertheless, the two series of tests (variation in ω and variation in γ max ) showed that the behavior can be slightly different when considering a broader range of oscillatory shear conditions. In particular, one should note some interesting effects when going to:

-High strains (see Figure 9.3a). The shear thickening in region (IV) is less pronounced (or even missing for the highest strain amplitude) because high strains cause the premature failure of the network.

-High frequencies (see Figure 9.3b). The strain stiffening and shear thinning in region (II) are less pronounced (or even missing for ω ≥ 10 rad.s -1 ) due to the fact that the chains do not have the time to follow the oscillating flow. In addition, the higher shear rates leads to a quicker crystallization, making the slowdown of the chains' dynamics earlier.

Conclusions

The rheological behavior of a semicrystalline segmented block copolymer (PBT-PTHF) crystallizing under LAOS flow has been studied. It has been showed that high oscillatory shear rates, obtained either by increasing the strain amplitude or the frequency, have a similar effect as steady shear rates on the crystallization kinetics. In particular, the evolution of the induction time has been found to follow the same power law. We also demonstrated that a careful analysis of the third order moduli G 3 and G 3 can bring interesting insights on the evolution of the material's structure under oscillatory shear. The interpretations of intracycle nonlinear effects are well-correlated with structural characterizations and a four-step scenario describing the evolution of the structure during the whole experiment has been proposed: at the beginning, the molten copolymer behave like a viscoelastic liquid subjected to reversible chain orientation. The latter tends to favor HS crystallization, therefore increasing the terminal relaxation time of the chains. This slowdown of the dynamics considerably modifies the nonlinear behavior of the material since chain orientation becomes too difficult. Finally, the gelation, fixing the flow-oriented chains in place, favors a radial growth of the crystallites, drastically increasing the dissipation under flow.

We also extended our rheological model, originally constructed to describe the FIC of segmented block copolymers in startup flow (see Chapter 8). We have shown that using the same Avrami parameters leads to conclusive results concerning the crystallization kinetics in LAOS. However, we want to point out the limit of the DE constitutive equation for polymer melts which is part of the model. Indeed, in this theory, the only mechanism of stress relaxation is the reptation (diffusion of the chains within the tube). However, several additional relaxation mechanisms such as constraint release (CR), contour length fluctuations (CLF) and convective constraint release (CCR) [16], or other effects like chain stretch [17,18], are known to considerably modify the nonlinear rheological behavior of polymer melts. Nevertheless, the choice here was to assume that all these effects are of much less importance compared to the slowdown of the dynamics due to crystallization.

The main objective of this thesis work was to bring new insight on the complex structure-properties relationships in thermoplastic elastomer (TPE) materials. We aimed at providing a better understanding on the links between the chain architecture of a semicrystalline segmented block copolymer, the processing conditions, its ordering mechanisms leading to a microphase separated structure, its linear mechanical behavior and flow properties. For that purpose, we used a complementary set of both experimental and numerical techniques, combining structural characterization (scanning probe microscopy and scattering techniques), rheological measurements and coarse-grained molecular dynamics simulations.

We first studied the morphology at room temperature of industrially relevant TPE and the impact of the processing conditions on the final crystalline network structure (Chapter 3). We evidenced the formation of ribbon-like crystallites and the orthotropic character of the TPE films, with the crystallites' long axis mainly oriented in the plane coplanar to the film. This result is likely to be related to the anisotropy of the processes themselves, either using hot-pressing (HP) or solventcasting (SC). However, in spite of similar crystallinities for both types of processing routes, the materials were found to present very different crystalline network geometries. While HP was found to lead to linear and irregular ribbons made of a succession of small nodules (almost forming a pearl necklace structure), SC samples were characterized by the presence of a higher number of thin, well-defined and branched ribbons. Moreover, a precise analysis of the crystalline structure revealed a different main crystalline growth direction when changing the processing route. We explained these differences at the mesoscale and nanoscale lengths by the enhanced chain mobility in the solvent compared to the polymer melt.

The transition from the melt state to the semicrystalline structure presented above has been described by studying the crystallization and gelation kinetics of these TPE through combined rheological and calorimetric measurements (Chapter 4). Two main outcomes emerged from this study. On the one hand, the chain rigidity has been identified as a key parameter controlling the crystallization kinetics of the hard segment (HS). Increasing it by reducing the soft segment (SS) length (and thus increasing the HS content) was found to significantly enhance the phase separation, therefore leading to a quicker gelation process. On the other hand, similar mechanisms of crystallization were found to occur whatever the HS content. We revealed the bimodal nature of the crystallization kinetics consisting in a primary aggregation during which small crystallites are first formed, followed by a secondary (or hindered) growth occurring after gelation.

The dependence of ordering kinetics and resulting morphology on the copolymer chain structure has also been investigated through molecular dynamics (MD) simulations (Chapter 5). To this aim, a coarse-grained molecular dynamics (CGMD) model was developed to simulate the behavior of semicrystalline segmented copolymer chains. We adapted a preexisting coarse-grained (CG) model of semicrystalline homopolymers to the specific chemistry of our PBT-PTHF systems, using classic scaling rules to account for the differences in terms of physical properties of each segment: density, local chain stiffness and interaction energy (Chapter 2). The simulations confirmed the impact of the soft segment length on the cristallization kinetics observed experimentally. We clearly evidenced the role of phase separation which becomes the limiting step for crystallization when increasing the number of blocks in the chain, in good agreement with statistical modeling of phase separation in multiblock copolymers. In addition, the resulting morphologies were found to quantitatively match with experiments, revealing the formation of small nodules separated by a distance comparable to the experimental measurements.

Once the morphology of these TPE was well-characterized, we were interested in the mechanical properties resulting from this nanoscale and mesoscale ordering. In analogy with nanocomposites, we focused the study on the characterization of reinforcement, i.e. the evolution of the storage plateau modulus as a function of the fraction and geometry of crystallites. Combining the results of a large number of experimental studies found in the literature, it was shown that all the semicrystalline segmented copolymers followed the same general trend, regardless of the chain chemistry. While hydrodynamic effects are usually sufficient to explain the reinforcement at low volume fractions of fillers in nanocomposites, TPE clearly exhibit a stronger reinforcement (even at low crystalline content), well-described by an exponential evolution as a function of the volume fraction on the whole range of crystallinity. A precise analysis of the material's structure enabled to compare the effective modulus in isothermally crystallized TPE with a topological model accounting for the high connectivity of the soft segments to the physical nodes formed by the crystals. A quite good agreement up to 10 vol. % was found. Taking advantage of the process-oriented tuning effect observed previously, the impact of crystallite's width on the reinforcement was studied independently of the volume fraction effect. As expected from the topological model prediction, a linear relationship was found between modulus and crystallite's width (Chapter 6). A complementary study was performed using our CGMD model to analyze the evolution of the plateau modulus in a more systematical way, with a fine control and measurement of both the volume fraction and width of the crystallites (Chapter 7), confirming the good prediction of the topological model up to 10 vol. %. The simulations also revealed the presence of larger crystallites at higher volume fractions, probably resulting from the coalescence of smaller crystallites and likely to form a continuous path of hard phase made of both crystalline and confined or occluded soft polymer, explaining the much higher reinforcement.

Eventually, the study of the mechanical behavior of molten TPE under high shear conditions enabled us to describe the flow properties of such materials in industrially relevant conditions for production. An important impact of the flow-induced crystallization (FIC) was observed in both startup shear (Chapter 8) and large amplitude oscillatory shear conditions (Chapter 9), explained by chain alignment clearly evidenced in MD simulations. It was shown that the evolution of the rheological properties in such conditions can be predicted by a model we elaborated, describing the viscosity divergence under FIC based on the slowdown of the SS dynamics when forming physical associations between the chains. Indeed, the segmented copolymer is modeled as a soft chain carrying associative blocks able to link to each-others, similar to a supramolecular system, but whose stickers have an infinite lifetime. In spite of the questionable validity of this viewpoint outside of the very early stages of crystallization, it appeared to be in good agreement with experiments and provided a reasonably good and quantitative description of the crystallization kinetics' acceleration under flow.

Perspectives

Although we believe the studies presented here provide interesting results and an improved understanding of the structure-properties relationships in TPE made of semicrystalline segmented copolymers, they also bring out new questions and other perspectives for further works.

First, we have shown using different indirect methods that the microphase separation occuring in the materials of the present study is likely to remain in the molten state (temperature above the melting point). For instance, this was suggested by the "memory effect" observed in the thermal behavior of materials processed in different ways, or by rheological characterization of the melt behavior at very long times using creep. The MD simulations were also able to evidence this phase separation and its impact on the dynamics of the chains. However, no direct experimental evidence of this phenomenon has been provided in our work. Therefore, it could be interesting to reveal it by performing temperature-controlled small angle X-ray scattering measurements at various temperatures and thus distinguish microphase separation transition from crystallization.

Then, the second improvement concerns the CGMD modeling of semicrystalline TPE. Although it has been found to be in good agreement with experiments on particular points (structure, phase separation and crystallization kinetics), its behavior at large strains is still a problem. Indeed, even if we showed a clear acceleration of the crystallization kinetics under high shear flow, the simulation was never able to reproduce the divergence of viscosity observed in experiments. We believe this limitation results from an intrinsic problem of the CG potentials which lead to the formation of "weak crystallites" whose cohesive energy is too low compared to reality. Thus, a significant challenge would be to modify the force field in order to increase the cohesion of the crystals without changing the characteristics of the amorphous phase. Some ideas have already been considered to reinforce the crystallites. One consists in a arbitrary change of the depth of the nonbonded interactions inside the crystalline phase only. However, this strategy presents at least two major inconveniences. First, the application of such a criterion to the system requires the knowledge of the crystalline nature of each monomer at every timestep, which is probably quite demanding in terms of computing resources. Second, such changes in the potentials during the simulations modify the total energy of an isolated system, thus violate the first principle of thermodynamics, which is hardly satisfactory. Another strategy would be to use an additional potential to add stronger nonbonded interactions scattered along the polymer chains, in the same vein as the effect of hydrogen bonds or other dipole interaction forces locally increasing the interaction energy between regularly packed chains. The well potential would require to be very localized in space so that the interactions take place only inside the regular arrangements made by the crystalline beads and not in the disordered amorphous phase. This idea still has to be tested.

In addition, we think that the complete understanding of the reinforcement effect on the whole range of crystallinity is not yet achieved. However, we believe such MD modeling as proposed here are interesting tools to obtain information experiments cannot provide. In particular, a further analysis of the dynamics of the chains, and especially the soft chains in the vicinity of the crystallites could be of great interest to understand the stronger reinforcement at high crystalline fractions. For instance, a local analysis of the mean square displacement of the monomers, performed on individual cells dividing the simulation box in several regions, could be a great method to identify the slowdown of the soft chains' dynamics in the confined soft phase. Then, one could try to identify the formation of a continuous path made of both crystallites and such occluded rubber to verify the role of percolation in the stronger reinforcement regime.

Finally, we believe it should be relevant to make the most of numerical simulations to investigate the effects of other chain architectures (for instance combs or stars) which are now easy to build in MD using the CG modeling proposed in this thesis work for linear semicrystalline segmented copolymers. In particular, one could expect to enhance the processability of the TPE by reducing the viscosity of the melt, keeping the elastic properties of the rubber at room temperature (along the same lines as supramolecular systems).

A Supporting Information

A.1 Thermogravimetric analysis (TGA) showing a potential solvent trapping in solvent-casting (SC) samples

In order to check to possibility of solvent trapping in the SC samples, we performed TGA on both HS30-hot-pressing (HP) and HS30-SC samples. The TGA thermograms were recorded on a TG 209 F3 apparatus (Netzsch, DE) under nitrogen flow. The samples were heated from 35 °C (after an isotherm of 5 min) to 700 °C at 20 °C.min -1 . The results are presented in Figure S1 showing that both samples see their mass dropping around 430 °C which seems reasonable because of their identical chemical structure. However, an additional loss of mass is present in the case of the SC sample. It occurs around 80 °C and is about 0.5 wt. %. This could be the indication of the presence of a small amount of solvent (hexafluoroisopropanol (HFIP)) trapped into the glassy polybutylene terephthalate (PBT) phase (T P BT g ≈ 60 °C) in spite of the post-treatment realized in the vacuum oven at room temperature (see Section 2.1.2). A.2 Flow-induced crystallization sample investigated through differential scanning calorimetry (DSC)

DSC thermograms presented in Figure 3.1 revealed an exothermic event immediately after the PBT crystallites melting in hot-pressing (thick) (HP + ) samples. This was attributed to a non-equilibrium state of the chains due to the relatively quick cooling step subsequent to the hot-pressing. In order to support this result, we repeated the DSC test on a HS40-HP + sample quenched during a strain-induced crystallization procedure. The latter consisted in a startup of shear flow experiment I performed with a cone partitioned plate geometry, at T = 170 °C (between T m and T c ), and a shear rate of γ = 10 s -1 . The sample was directly quenched in the rheometer with water at σ ≈ 10 5 Pa, (see Figure A.2a).

The Figure A.2b shows the 2-cycles thermogram obtained for the so-prepared sample. Here, the strong exothermic event denoted T X occurring just after the melting of PBT crystallites (∆H = 19 J.g -1 ) is undoubtedly assigned to the relaxation of the stretched copolymer chains, supporting qualitatively the scenario described in Chapter 3. Interestingly, comparing this data with the sample at rest (Figure 3.1), results in a similar degree of crystallinity extracted from the 1 st cooling or 2 nd heating (both close to 12 wt. %). However, when looking at the position of the crystallization peak, (around 150 °C), one can notice a shift of about +30 °C with respect to the HS40-HP + sample (T c = 120 °C). This higher crystallization temperature reminds the result obtained for the SC samples, bringing out once again the "memory" effect present in such materials. 

A.3 Linear viscoelastic behavior of the melt at low frequency

The difference in terms of crystallization temperature between HP and SC samples is explained in Chapter 3 through the existence of different hard segment (HS)/soft segment (SS) phase separated structures persisting in the molten state. In Figure A.3, we confirm this hypothesis via a dynamic frequency sweep performed on an ARES rheometer (TA Instruments, USA) showing a non-Maxwellian behavior at low frequency. As a matter of fact, even 50 °C above the melting point, the thermoplastic elastomer (TPE) exhibits an elastic plateau of about G = 10 Pa, unveiling a preexisting order in the amorphous material. Note that we checked the validity of the torque recorded by the rheometer for frequencies higher than 1 rad.s -1 . Below this limit, the data are questionable due to the limited sensitivity of the transducer (shaded zone in Figure A.3). -The volume fraction of scattering objects Φ is based on the crystalline ratio extracted from DSC experiments along the first heating step (see Table 3.1 and Tables A.1 and A.2). While it is clear that these assumptions do not allow to extract the true nature of the crystalline network (particularly at large lengthscale), they have the great merit to highlight quantitatively the impact of both the chain composition and the processing route at small lengthscale. In particular, they unambiguously reveal the following trends:

(i) The mean radius of the scattering objects in the HP samples is significantly bigger than in their SC counterparts: respectively 4.11 ± 0.4 nm and 2.65 ± 0.3 nm (see Tables A.1 and A.2). It is worth to note that these values are in remarkable agreement with the atomic force microscopy (AFM) estimations from both a qualitative and a quantitative point of view (see discussion on the network topology, 2 R ≈ H).

(ii) The aggregation of crystalline sub-elements in the HP samples' crystallites (constructive interferences at 10 nm, see Figure A.5b) that one can also distinguish in the AFM images (Figure 3.3c). Qualitatively, the strong discrepancies in terms of apparent structure factors between HP and SC samples highlight the different internal morphology of the crystallites (see Figure A.5b). This can notably be put in parallel with the DSC results showing a strong effect of the processing route on the crystallization temperatures. "Imperfect" crystals would indeed lead to lower T c , i.e. when passing from continuous parallelepipedic to necklace geometries (see the scheme in Figure 3.8a).

(iii) The intercrystallites distance decreases when the HS content is raised in SC samples (19, 13 and 11 nm for HS30, HS40 and HS65 respectively) whereas it is not significantly impacted in HP samples (≈ 35 ± 4 nm). While, this point is already quite clear when looking at Figure 3.5a, the apparent structure factor representation makes it even more convincing.

(iv) The repulsive energy existing between the crystallites is much higher in SC samples than in their HP counterparts (ca. 10 times stronger, see the "Well depth" in Tables A.1 and A.2). This result confirms the higher degree of organization at the mesoscale suggested by the AFM micrographs when SC is used. 6). At first sight, those results clearly exhibit shorter correlation lengths between the crystallites when the samples are prepared according to the former route. In fact, the peak around 0.2 nm -1 shifts systematically toward higher q and becomes narrower. To go further, we then quantified the difference in structuration through the use of the fitting procedure previously presented (Appendix A.4.1). The fitting parameters are presented in Table A. (i) The average size of the smallest objects required to fit the data R is similar to the one found in HP samples (4.03 vs. 4.2 nm respectively). It is however significantly higher than in the SC TPE (2.7 nm). This unchanged parameter is representative of the ribbon-like crystallites' section.

(ii) The square well potential used to model the structure factor is (in average) three times deeper for samples crystallized at high temperatures than in their HP counterparts (0.162 k B T vs. 0.057 k B T ). The corresponding value for SC samples remains much higher, close to 0.615 k B T . This clearly indicates that the slow crystallization at high temperature enhances the structuration of the TPE with respect to a sudden quenching in air. The use of solvent remains nevertheless the best way to form well defined patterns.

(iii) Related with the precedent result, the average intercrystallites distance (2 R × Well width) is shorter in isothermally crystallized samples than in the HP ones (23.5 vs. 33.1 nm). It remains however significantly larger than in SC samples (11.8 nm), in agreement with the two precedent results.

In conclusion, it appears that crystallizing the TPE at high temperature rather than using a sudden cooling ramp in air makes the nanostructuration more pronounced. From our analysis, it seems that the so-obtained materials are characterized by an intermediate structure between the HP and the SC ones, explainable from a thermodynamic point of view through the chain mobility. While in SC samples the isolated chains in solvent can rearrange slowly, they are more constrained in a melt at high temperature (between T m and T c ) and have no chance to form well-defined patterns when the samples are quickly cooled down at room temperature. For comparison, we also reported the corresponding data obtained on HP samples (dashed black lines stand for the models).

A.5 Discussion on the absolute intensity measured by SAXS and small angle neutron scattering (SANS)

Important information on the multi-scale structure of the TPE have been collected by means of SAXS and SANS following the methods described in Section 3.2.4 (see also the results in Figure 3.5). We report below in Figure A.7a the "non-shifted" absolute intensity (in cm -1 ) as a function of the scattering vector I(q) for the three TPE measured in SAXS. While it is clear that the three samples contain different amount of crystallites (from DSC), they all exhibit surprisingly very similar intensities in the so-called Porod regime, i.e. in the high-q range. Because in this region one should expect the intensity to be proportional to the volume fraction in scattering object [1], we propose to discuss in this section a few arguments aiming at understanding this peculiar behavior. Also, we report in Figure A.7b the raw SANS signal that we re-normalized to the SAXS data. The procedure is briefly described below. 

A.5.1 High-q scattering intensity

As mentioned above, one should have expected the three SAXS patterns to differ at high-q because of the different amount of crystallites (i.e. scattering objects) present within the materials. How-ever, the usual proportionality between the volume fraction in scattering specie and the intensity at high-q values breaks in case of materials made of more than two phases (i.e. more than a single contrast). In fact, DSC experiments (Figure 3.1 and Table 3.1) show that roughly 1/3 of the HS are able to gather to form crystallites (regardless of the TPE), suggesting in consequence that 2/3 of them are either isolated in the polytetrahydrofuran (PTHF) soft matrix or form amorphous PBT-rich domains. This morphology is thus expected to generate a scattering intensity lying on contrast distributions that we tentatively estimate in the following.

In order to be as quantitative as possible, we calculated, from the mass density and the chemical compositions of the different phases (crystalline and amorphous PBT as well as amorphous PTHF), the X-ray contrasts that one could have expected in the ideal biphasic cases. The numerical values are reported in the Table A.5. We remind that the contrast between two phases is expressed as ∆ρ 2 e = (ρ e (1) -ρ e (2)) 2 with ρ e (1) and ρ e (2) being the scattering length densities of the two phases present in the scattering system. The latter are then calculated through ρ e (j) = be v i Z i N i , with b e the scattering length of the electron (2.85 10 -13 cm), v the molecular volume of the specie making the jth phase, Z i the atomic number of the ith atom and N i the number of ith atoms in the molecular volume. Their values are reported in Table A.4. As expected from the densities and chemical natures, the dominant X-rays contrast is the one between crystalline PBT and PTHF (∆ρ 2 e (PTHF/c-PBT)). This value is notably ten times higher than the contrast between both kinds of PBT (∆ρ 2 e (a-PBT/c-PBT)). We also remark that the contrast between an eventual pure amorphous PBT domain and PTHF (∆ρ 2 e (PTHF/a-PBT)) is roughly half of it, contributing therefore much less to the scattering intensity. Consequently, the main message from Table A.5 is that the signals measured in Then, since we know the degree of crystallinity of each sample, we propose to calculate the theoretical contrast between the PBT crystallites and the above-mentioned effective amorphous background A. By considering an unlikely homogeneous blend, we approximate the scattering length density of the PBT/PTHF amorphous phase such as:

ρ e (A) ≈ V (a-PBT) V (A) ρ e (a-PBT) + 1 - V (a-PBT) V (A) ρ e (PTHF) (A.1) with V (a-PBT) V (A)
representing the volume fraction of PBT in the amorphous background defined as:

V (a-PBT) V (A) = V (a-PBT) V (a-PBT) + V (PTHF) = X HS -Xc d(a-PBT) X HS -Xc d(a-PBT) + 1-X HS d(PTHF) (A.2)
where X HS and X c respectively stand for the weight fraction of PBT in the chain and the degree of crystallinity. The densities of the three ideal phases are d(PTHF) = 0.98, d(a-PBT) = 1.28 and d(c-PBT) = 1.40 g.cm -3 [2,3]. The resulting values of ρ e (A) and the corresponding contrasts with the crystalline phase in each TPE are reported in the Table A.6. Interestingly, it appears that the contrast between the crystalline domains of PBT and the amorphous background ∆ρ 2 e (A/c-PBT) drops with increasing the HS content within the material. This is due to the fact that the fraction in amorphous PBT continuously increases with respect to the PTHF one, making the so-called background denser at higher HS content. Because this trend is opposite to the fraction in scattering objects (i.e. crystalline domains), it becomes then interesting to make the product of both parameters giving an information on the relative intensity that one should observe at high-q.

The latter values are reported in the last column of Table A .6 showing that the scattering intensity should vary less than a factor 2 when the crystallites volume fraction is increased from 6 to 19 vol. % (i.e., multiplied by a factor 3.2). While they cannot rationalize fully the unchanged high-q intensity observed in the three TPE, our arguments (lying on a heavier amorphous background at high HS content) seem therefore to explain partly this phenomenon. We believe that the remaining discrepancy has to do with the presence of pure PBT amorphous domains within the PTHF, i.e. the presence of a third phase that one can hardly estimate from simple SAXS measurements.

In order to check quantitatively our assumptions concerning the absolute intensity in the high-q range, we used a simple power law I(q) = Bq -4 to fit the HS30-HP + data (Figure A.7a). In the latter, the prefactor B is related with the volume fraction in scattering objects and the X-ray contrast through B = Φ∆ρ 2 e (A/c-PBT)V 0 , where V 0 is the volume of the scattering objects giving directly the typical dimension of the crystallite. Considering for simplicity spherical objects, we obtain a radius R = 1.7 nm, in reasonably good agreement (albeit slightly smaller) with the fit parameters reported in Table A.1.

A.5.2 SANS to SAXS rescaling

In order to compare both SANS and SAXS experiments in terms of absolute intensity (Figures 3.5 and A.7b one has to take into account the different contrast nature between the two techniques. We remind the reader that the SAXS signal is driven by the difference in electronic density whereas SANS depends on the nucleus density [4]. The SANS contrast is calculated through ∆ρ 
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[nm] HS40-hot-pressing (thin) (HP -) 11 ± 2 36 ± 6 HS40-SC 5 ± 1 13 ± 3 A.8 Frequency sweeps from the melt to the solid state

In addition to the time sweeps presented in Figure 4.2, a systematic frequency analysis was performed at every T iso . For the sake of repeatability, the measurements were systematically started 4 min after the beginning of the temperature drop from T > T m . We present in Figure A.11 the results in terms of G (ω) for the three different TPE emphasizing the transition from a non-Maxwellian viscoelastic liquid at high temperature, to an elastic solid at lower ones. While the former reveals the presence of a very soft network (10 to 100 Pa), the latter is the signature of the strong crystallites appearing at longer stages (or lower temperatures). At 240 °C, corresponding measurement performed on the three TPE reveal equivalent viscoelastic properties regardless of the chain composition. The resulting viscosity is found to be close to 100 Pa.s. In comparison, a neat PTHF of ca. 20 kg.mol -1 (similar to the TPE) was found to have a viscosity at 240 °C close to 39 Pa.s [5] in agreement with the presence of additional friction caused by the HS. A.9 Details on fitting the evolution of storage modulus during isothermal time sweeps

The data presented in Figure 4.2 were fit with a double stretched rising exponential function:

G (t) = A 0 + A 1 (1 -exp (-k 1 t n 1 )) + A 2 (1 -exp (-k 2 t n 2 )) (A.3)
The graphical results are plotted in Figure A.12. The whole set of parameters is reported in Table A.10. Note that the second mode was necessary for HS40 only. The half-times of the modulus growth described by Equation (A.3) are: Apart from the enhanced crystallization kinetics at lower T iso , these data reveal a singular behavior in the HS30 sample. Indeed, while HS40 and HS65 exhibit purely monotonic evolution of G (t), a clear peak is observed in HS30 right after the gelation time standing most likely for a reorganization of the polymer network accessible thanks to the relative softness of that material. 
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A.11 Methods for the determination of gelation time

By measuring series of multiwaves experiments along the cooling phase, we show below that the crossover time at 10 rad.s -1 (G = G ) is a good approximation for the gelation time t gel . The latter is often defined in the literature as the time required by the system to exhibit a flat loss factor as a function of the frequency (tan(δ) independent of ω). As a matter of fact, we show in Figure A.14a (T iso = 140 °C) that it is easy to extract that quantity (dotted line) and repeat the same experiment for all the values of T iso on the three copolymers. In T iso [°C] flat tan(δ) G ' = G '' at 10 rad.s -1 (b) Gelation times. A.12 Determination of the equilibrium melting temperature

The equilibrium melting temperature of the PBT crystallites T HS m,∞ in the three copolymers can be extracted from the Hoffman-Weeks equation [6], by linear extrapolation of the function T m = f (T iso ) (see Figure A.15). The slopes are 0.17, 0.11 and 0.9 and the equilibrium melting point are found to be 187, 205 and 212 °C respectively for HS30, HS40 and HS65. A. 13 Avrami time dependence to temperature

The Avrami time t a dependence with temperature is given in Figure A.16. As for t gel , t a decreases exponentially when ∆T increases. The data are fitted using an exponential expression: t a (∆T ) = t a (0) exp (-A∆T ) (A.5)

where t a (0) is the extrapolation of the Avrami time at the melting point. 

A.14 Exotherms during isothermal crystallization in DSC

The isothermal crystallization exotherms of HS30 and HS40 corresponding to the Figure 4.3b are presented in Figure A.17. As observed for HS65, the exothermic heat flow is first increasing until reaching a maximum (synonymous of a maximum in crystallization rate), before to fall and becoming nil at a certain point, marking the end of the crystallization process. At higher T iso , the crystallization maximum is delayed to longer times with the exotherms exhibiting flatter profiles. 

A.16 Correlation between DSC and rheology

In order to correlate the characteristic times obtained from both rheology (t 1,1/2 ) and DSC (t p,1/2 ), we report in Following the gelation through the crossover between G and G is another way to characterize the correlations between the raise of the modulus and the crystallization ratio. In A.17 Replicated pentablock SS76 for statistics

The pentablock SS76 system (500 chains) has been replicated as mentionned in Section 5. A.19 Details on the application of the Krause theory for microphase separation

In Section 5.4, we apply the Krause model [7] to our systems (pentablocks SS19, SS38, dumbbells SS57 and SS114) in order to get an approximate value of the microphase separation transition temperature and its variation with the copolymer architecture. We explain below the details of the calculations and the assumptions which are made.

For the sake of clarity, the main equation of the Krause model (Equation (1.2)) is reported here:

∆G Krause k B T = -N r ν A ν B χ AB 1 - 2 z -N 0 ln (ν ν A A ν ν B B )
+2N 0 (m -1) ∆S dis k B -N 0 ln (m -1)

In this equation, N r stands for the number of sites defined in the lattice theory. We choose to define a site as a bead. That way, N r simply is the number of beads in the system. N 0 being the number of chains, we have the relation A reasonable value for the coordination number of the lattice z is usually between 4 and 12. Here, we take z = 8, in agreement with the choices made by Krause et. al [7]. The disorientation entropy per segment is obtained using the approach of Flory [8] to calculate the entropy of fusion given in Equation (1.3): ∆S dis = k B (ln (z -1) -1).

The Flory interaction parameter, given by Equation (1.1) is determined using the interaction strengths of the Lennard-Jones (LJ) potentials: χ AB = z k B T (0.5 (ε AA + ε BB ) -ε AB ).

The number of blocks m is set to 3 for dumbbells and 5 for pentablocks.

A.20 RDF for the calculation of local HS density

The calculation of the local HS number density is performed according to Equation (5.2) in Chapter 5. This equation involves averaging the RDF of HS beads on a certain range defined by a cutoff radius l c . The value of l must be taken so that the average is performed on the nearest neighbors only. For that purpose, one can consider the RDF of HS beads plotted in Figure A. 26 showing a first peak at 1 σ u corresponding to the covalent bond length and a second one around 2 σ u corresponding to the equilibrium length between non-bonded beads r eq = 2 1/6 σ HS . Thus, taking l = 2.5 σ u seems to be a reasonable choice for the calculation of the local density. 

A.21 Conformation of SS belonging to loops

In Section 5.5, we dealt with the minimum SS length required to have foldings, i.e. so that the segment can turn back in space. This critical length can be verified in the simulation by looking at the precise conformations of the loop segments made of SS beads. Figure A.27 represents the MSID computed on the SS beads belonging to loops only. The calculation is performed in pentablock systems at T = 1 ε u /k B , temperature at which the HS are already well crystallized while the SS are still mainly amorphous. The conformation of the SS loops is compared with the MSID of neat SS. As expected, the curves corresponding to SS loops are always below the MSID of neat SS. However, while the MSID is purely increasing with n for small SS, it becomes non-monotonic for long SS. Such MSID curves having a maximum are characteristic of folded chains for which the extremities are very close to each other. The critical SS length remarkably matches the experiments with a transition from non-folded to folded segments between 38 and 57 beads, i.e. between 1 and 1.5 kg.mol -1 . 

A.22 Insignificance of finite size effects

In order to check whether finite size effects can be excluded in the simulations, we compare the box dimensions with two characteristic lengths of the systems: the end-to-end distance R 2 1/2 and the average distance between crystallites d * . The data are reported into Table A.11 for each copolymer and homopolymers. We can see that for each system, the characteristic lengths are always smaller than the box size (by a factor 3 for R 2 1/2 and a factor 2 for d * ). This means that a chain cannot see itself through the periodic boundary and a single crystallite cannot cross the whole box. Therefore, we can conclude that finite size effects are negligible. 

A.23 Comparison of modeled and experimental TPE structures

In Chapter 5, we mention the good agreement between simulation and experiment concerning the morphology of the crystalline structures. This is illustrated here through Figure A.28 evidencing the similar shape (nodules) of the crystallites obtained through AFM and the ones resulting from the molecular dynamics (MD) simulations. The length scales are also in good agreement with very similar distances separating the crystalline nodules. The method for AFM imaging is identical to the procedure described in Section 3.2.3. 

A.24 Comparison of crystallites in pentablocks and dumbbells

The algorithm used to compute the crystallinity of the system (mentioned in Section 5.2.3) also provides the size of each crystallite (i.e. the average number of beads in a crystalline cluster). The numbers and average sizes of crystallites have been calculated for all the copolymers at T = 1 ε u /k B and are presented in Table A.12. The results clearly show a difference of structures between pentablocks and dumbbells. While pentablocks tend to form a high quantity of small crystals, dumbbells produce fewer big crystallites. This can be related to the higher degree of undercooling in dumbbells which exhibit higher crystallization temperatures than pentablocks. In addition, Figure A.29 provides the distribution of crystallites sizes for the larger system (pentablock SS76 replicated). It is clear that the system is mainly composed of small crystallites (less than 1000 beads) but also contains a few very large crystals, probably due to coalescence. ). This discrepancy, also commented in the main text, is probably due to shear banding since the steady shear stress reach a saturation value instead of increasing when increasing the shear rate. Also, one can note the good prediction of the stress overshoot due to chain alignment occurring at γ ≈ 2 when the shear rate becomes high enough (W d > 1). The critical corresponding value of the shear rate (around 5 s -1 ) is in quite good agreement with the linear data providing a value of τ d ≈ 20 s at 30 °C, keeping in mind the polydispersity of the sample and thus the broad distribution of the relaxation spectrum. The evolution of the compliance with time shows unambiguously a plateau at long time, resulting in a plateau on G at low frequency. This evidences the elastic behavior of the material at very low frequency while no crystallite remains at this temperature. This result is consistent with the fact that part of the phase separation (between amorphous HS and amorphous SS) remains in the molten state. Also, one can note the good agreement between the complex modulus extracted from creep and the direct measurement at high frequency, reinforcing the validity of our measurements.

A.27 Comparison in AFM of the structures obtained after hotpressing and flow-induced crystallization acrshort AFM phase images of HS30 samples were obtained on a Dimension 3100 equipped with a Nanoscope V scanning probe controller (Bruker, USA) using tapping mode. The experiment was performed in air and at room temperature using a noncontact PPP-NCH tip (Nanosensors, Switzerland) with resonance frequency around 330 kHz, a radius of curvature smaller than 7 nm, and a nominal spring constant of 42 N.m -1 . Two types of samples were imaged: a first one processed using HP (see Chapter 2 for details) and a second one crystallized under shear flow (flow-induced crystallization (FIC) described in Chapter 8) at 9 s -1 and 140 °C. The flow was stopped after 30 s and the sample was quenched with water to stop the evolution of the structure. Both samples were directly observed on their top surface, i.e. the plane of the sample which was in contact with the mold for HP or with the plate of the rheometer in the case of FIC.

The obtained phase images presented in Figure A.32 reveal hard crystallites (light) in an amorphous soft matrix (dark). While the two structures seem very different at first sight, one can note the presence of ribbon-like crystallites in both cases, corroborating the growth mode parameter n of Avrami having a value close to 1. The main difference between the two structures is the thickness of the ribbons and their quantity. Indeed, the shear-induced crystallized sample shows a higher number of ribbons having a much thinner section. This can be interpreted as the consequence of an increased nucleation rate due to shear, leading to a higher number of crystallites. 

A.28 Predictions of the normal stress growth

For the sake of completeness, we provide here the evolution of the primary normal stress growth predicted by the rheological model of FIC we developed in Section 8.4.3. To do so, we use the DE equation for the primary normal stress growth [9]: 3). The comparison with experiment is quite difficult in this case for the two following reasons. First, a thorough measurement of normal stress in our case is not so simple because of the complex geometry (cone partitioned plate). As described by Costanzo et al. [10], the precise determination of normal stresses requires the combination of two measurements performed with two plates having different diameters. The only quantity we can access from our measurements is the "apparent normal stress" 2F/(πr 2 ) where F is the axial force and r the radius of the inner plate. The second reason is that the apparent normal stress signal appears to be very noisy for our system, as shown in Figure A.33b.

σ xx (t
Nevertheless, one can remark interesting points. At the beginning of the flow, the experimental normal stress shows an overshoot, followed by a very noisy plateau region and finally a strong increase matching with the shear stress measurement. In comparison, our model does not describe any overshoot on the first normal stress. This is not surprising since the original DE model does not predict any maximum either. The most interesting observation concerns the effect of crystallization on the normal stress. Looking at the experimental measurement, it seems that the stress increase is stronger on the primary normal stress growth compared to the shear stress. This effect has been reported in much more details in a recent study treating the shear-induced crystallization of isotactic polypropylene [11]. As it can be seen on Figure A.33a, our prediction seems quite consistent with this result since the viscosity divergence is systematically sharper for the normal stress. Once again, this can be easily understood comparing Equation (8.2) (σ xy ) with the above equation for σ xx (t) -σ yy : while the damping function of the first one is Q xy (γ), the latter is γQ xy (γ), explaining the faster increase. A small difference on the initial state of the sample can thus lead to a significant spread of the results as shown in Figure A.34a. Since we are interested in the relaxation profile of the samplerepresentative of the material state -at precise instants during the startup flow test, it is required to rescale the curves so that each last point of the startup flow (beginning of the relaxation t 1 ) matches with the reference curve (in black in Figure A.34). For that purpose, the whole curve is first vertically shifted by applying a multiplicative coefficient a = σ ref SS /σ SS corresponding to the ratio of the steady state stress of the reference curve over the steady state stress of the considered test (see Figure A.34b). Then, the time is scaled in the same manner so that the whole startup flow test matches with the reference curve (see Figure A.34c). Obviously, the time scale during the relaxation is not modified: the relaxation is just shifted horizontally by adding a value ∆t in such a way that the relaxation starts from the reference curve. 

A.31 Bowditch-Lissajous representation of large amplitude oscillatory shear (LAOS) tests

The LAOS tests performed on a molten HS30 copolymer at 140 °C have been carefully analyzed using Fourier-transform (FT)-rheology and the framework developed by Ewoldt et al. in Chapter 9.

For the sake of completeness, we present here a part of the raw data, using the classic Bowditch-Lissajous representation. 

A.32 Porod regime in SAXS after LAOS

The LAOS time sweeps presented in Chapter 9 were stopped after different durations and samples were quenched before being analyzed through SAXS (see Section 9.2.3). We provide here the azimuthal integrations represented on their full range of scattering vector q, including the Porod regime. Clearly, the latter is characterized by a power law with an exponent value close to -4, typical of smooth interfaces. We know the intensity in this region is expected to be proportional to the volume fraction in scattering objects [1]. Les élastomères thermoplastiques, faits de copolymères à blocs segmentés formant des domaines mous et durs (cristallites) séparés sont largement utilisés dans l'industrie pour la production d'éléments divers (tableaux de bord, gaines de câbles ou encore adjuvants pour le bitume). Cependant, l'approche souvent très empirique consistant à modifier la composition de la chaîne et observer l'impact sur les propriétés finales laisse peu de place à la compréhension et à la généralisation de relations structure-propriétés qui restent encore mal comprises. L'objectif de cette thèse est d'apporter une meilleure compréhension des points suivants. Quels sont les effets de l'architecture de la chaîne et des conditions de procédé sur la cinétique de cristallisation et la morphologie résultante ? Peut-on expliquer l'origine du renforcement dans ces matériaux à partir de leur structure particulière ? Comment la cristallisation induite sous écoulement influence-t-elle les propriétés rhéologiques ? Pour répondre à ces questions, nous proposons de combiner l'étude expérimentale basée sur la caractérisation structurale et rhéologique de copolymères multiblocs (polybutylène téréphtalate -polytétrahydrofurane) avec une approche numérique passant par le développement d'un modèle gros-grains pour la simulation en dynamique moléculaire. Les travaux ainsi menés ont abouti aux résultats principaux suivants. Premièrement, il a été montré que la structure multiphasique, résultant d'une cristallisation bimodale dont la cinétique est essentiellement contrôlée par la longueur du segment mou, dépend fortement des conditions de mise en oeuvre menant à des structures plus ordonnées lorsque la mobilité des chaînes est élevée. Ensuite, l'analyse de la topologie du réseau semicristallin a permis de mettre en avant deux paramètres pertinents permettant de prédire l'évolution du plateau caoutchoutique : la fraction volumique et la largeur des cristallites. Enfin, l'évolution des propriétés d'écoulement au cours de la cristallisation sous déformation a été décrite en élaborant un modèle rhéologique basé sur le ralentissement de la dynamique des chaînes.

MOTS-CLÉS : élastomère thermoplastique, copolymère à blocs segmenté, polymère semi-cristallin, renforcement, cristallisation induite par écoulement, dynamique moléculaire gros grains 
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  2.1. (a) Dissociated HS. (b) Associated HS.

Figure 1 . 1 :

 11 Figure 1.1: Schematic representation of a TPE made of SS (in orange) and HS (in blue) in a disordered state (a) and in an associated state (b) forming physical nodes which can stand for crystallites or glassy nodules.

Figure 1 . 4 :

 14 Figure 1.4: Typical phase diagram of diblock copolymers showing the spherical (S), cylindrical (C), gyroid (G) and lamellar (L) morphologies, depending on the composition ν A and combination parameter χ AB N . Reproduced from ref [69].

  (a) Multiblock copolymer. (b) Triblock copolymer.

Figure 1 . 5 :

 15 Figure 1.5: Schematic representation of the structure in the melt of (a) a multiblock and (b) a triblock (dumbbell) copolymer. Reproduced from ref [82].

Figure 1 . 6 :

 16 Figure 1.6: Classification map of crystallization behaviors in crystalline-rubbery polyethylene-b-poly(styrener-ethylene-r-butene) block copolymer. (χN t ) c /(χN t ) ODT represent the normalized segregation strength evaluated at the crystallization temperature and ν E is the volume fraction of the crystalline polyethylene block. Reproduced from ref [86].

Figure 1 . 7 :

 17 Figure 1.7: Atomic force microscopy (AFM) phase images (1 µm wide) of a TxTxT-polytetrahydrofuran (PTHF) copolymer prepared by (a) SC and (b) SC and subsequent annealing. Reproduced from ref [101].

Figure 1 . 9 :

 19 Figure 1.9: Schematic illustrating the link expressed in Equation (1.4) between the crystallites' geometrical data which can be obtained through SAXS analysis and the crystalline volume fraction Φ.

Figure 1 . 10 :

 110 Figure 1.10: Dynamic mechanical linear properties of T6T6T-PTHF segmented copolymer obtained from temperature sweep in DMA. Solid line stands for G and dashed line is G . Reproduced from ref [101].

  (a) T > T M ST . (b) T < T M ST .

Figure 1 . 11 :

 111 Figure 1.11: Complex modulus as a function of frequency (mastercurves obtain using time-temperature superposition (TTS)) of a molten polyolefin-based segmented copolymer (a) above MST temperature and (b) below MST temperature. Reproduced from ref [100].

Figure 1 .

 1 Figure 1.13: (a) Schematic of strain-softening in a nanocomposite. (b) Reinforcement in a silica-filled styrene-butadiene rubber (SBR) extrapolated at γ → 0 (red circles) and γ → ∞ (blue triangles).

Figure 1 . 14 :

 114 Figure 1.14: Storage modulus in T6T6T-PPO multiblock copolymers at room temperature as a function of volume fraction of crystallites. The dashed line stand for the Halpin-Tsai model with an aspect ratio of 1000. Reproduced from ref [118].

  (a) Unidirectional composite. (b) 3D-randomly oriented composite.

Figure 1 . 15 :

 115 Figure 1.15: Young's modulus of a composite (a) filled with unidirectional fibers or platelets (comparison of Takanayagi's and Mori-Tanaka's theory) and (b) filled with 3D-randomly oriented ellipsoids (Mori-Tanaka's averagin scheme). Fibers correspond to an aspect ratio > 1 and platelets have an aspect ratio < 1. Reproduced from ref[START_REF] Van Es | Polymer-clay nanocomposites[END_REF].

Figure 1 .

 1 Figure 1.16: (a) Illustration of the molecular topology in a semicrystalline polymer. Amorphous chains can bridge two crystalline lamellae (tie), connect twice the same crystallite (loop) or only once (dangling end). Two loops involved in different crystallites can be entangled. The lamellae thickness H is compared to the radius of gyration R g of a purely amorphous chain at equilibrium in (b).

  Entangled matrix around a crystallite.

Figure 1 . 18 :

 118 Figure 1.18: Schematic illustration of the topological constraints in: (a) a neat entangled linear polymer containing P e independent entanglements inside the volume of interest V e and (b) an entangled matrix surrounding a crystallite in a TPE, characterized by P e entanglements connected to N ce strands (dashed black lines) branched to the crystal. ξ stands for the average distance between two entanglements so that the entanglement density ν 0 = 1/ξ 3 = P e /V e .

Figure 1 . 19 :

 119 Figure 1.19: Schematic representation of the volume (orange sphere) containing the N ce crystalline stems (in blue) for ribbon-like (1D) crystallites.

(a) λ = 1 .

 1 (b) λ = 3. (c) λ = 8.

Figure 1 . 20 :

 120 Figure 1.20: Schematic drawing of the structure of semicrystalline TPE under uniaxial (vertical) tensile test for different elongation ratio λ. Reproduced from ref [119].

Figure 2 . 1 :

 21 Figure 2.1: Segmented block copolymer architectures and chemical motifs of the hard (PBT) and soft (PTHF) monomer units.

Figure 2 . 2 :

 22 Figure 2.2: Illustration of the different processes used to make the TPE films: (a) drop-casting (DC), (b) solvent-casting (SC), and (c) hot-pressing (HP) with two different thicknesses.

Figure 2 . 3 :

 23 Figure 2.3: Schematic of a simulated copolymer chain carrying SS (in orange) and HS (in blue) showing the different length scales: the bond length l b and bond angle θ, the Kuhn length l k resulting from C ∞ successive beads and the number of beads per block N b .
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Figure 3 . 1 :

 31 Figure 3.1: DSC thermograms of the three TPE HS30, HS40, and HS65 prepared through different processes.HP + , HP -and SC samples are respectively associated with solid, dashed, and dotted lines. HS40 and HS65 data have been vertically shifted for clarity (± 0.3 and ± 0.6 W.g -1 , respectively). Heating and cooling rates are fixed to 10 °C.min -1 . Exothermic heat flow up.

Figure 3 . 2 :

 32 Figure 3.2: DSC thermograms of the three TPE HS30, HS40, and HS65 prepared through (a) HP + and (b) SC. Comparison of first (solid lines) and second (black dashed lines) cycles. HS40 and HS65 data have been vertically shifted for clarity (± 0.3 and ± 0.6 W.g -1 , respectively). Heating and cooling rates are fixed to 10 °C.min -1 . Exothermic heat flow up.

  (a) DC top view. (b) SC top view. (c) HP -top view. TOP SIDE (d) Sample orientation. (e) SC side view. (f) HP -side view.

Figure 3 . 3 :

 33 Figure 3.3: AFM phase images showing the microstructure of HS40 prepared through: (a) DC, (b, e) SC and (c, f) HP -.

Figure 3 . 4 :

 34 Figure 3.4: AFM height images of HS40 prepared through: (a) DC, (b) SC and (c) HP -.

  (a) Reduced scattering intensity.

Figure 3 . 5 :

 35 Figure 3.5: (a) SAXS/SANS reduced scattering intensity measured on HP + , HP -, and SC TPE. Data are vertically shifted for clarity. Black solid lines stand for fitting models based on polydisperse spheres interacting through repulsive potentials (see Appendix A.4.1). Dotted lines are guides for the eye emphasizing q * HP+ and q * SC trends. (b) Characteristic length between scattering objects d * as a function of the crystallite volume fraction Φ estimated from DSC for HP + (circles), HP -(squares), and SC (crosses) samples (see Table3.1). For HP + and SC samples, the d * values are extracted from the apparent structure factors presented in Appendix A.4.1. For HP -samples, they are directly deduced from the position of the peak. The solid lines are power laws fitted on HP + and SC data.

TOP

  

  HP + in WAXS-R.

  SC in WAXS-R.

Figure 3 . 6 :

 36 Figure 3.6: WAXS intensity measured in (a) transmission (WAXS-T) and (d) reflection (WAXS-R) on toporiented samples. Full azimuthal integrations for (b, e) HP + samples and (c, f) SC samples. HS40 and HS65 data have been vertically shifted on each plot for clarity.

SIDE

  Partial azimuthal integrations.

Figure 3 . 7 :

 37 Figure 3.7: WAXS intensity for HP + and SC samples measured in transmission (WAXS-T) with a sideoriented configuration (a). Results for top-oriented configuration (Figure 3.6a) are added for comparison. (b) 2D patterns: dotted lines show the angular sectors for polar and equatorial integrations plotted in (c). Black line is a full azimuthal integration for top orientation. Purple and yellow respectively correspond to polar and equatorial integrations for side-orientation. HP + data have been vertically shifted for clarity.

Figure 3 . 8 :

 38 Figure 3.8: Schematic representation of the preferential crystallites' arrangements in TPE processed through (a) HP and (b) SC. Black lines represent the SS. ((c)) PBT triclinic lattice and its main crystallographic planes.

  taking a SS molecular weight M SS = 2 kg.mol -1 (HS30 and HS40) and a PTHF Kuhn segment characterized by its length l SS k = 1 nm and molecular weight M SS k = 118 g.mol -1 . The average (a) HP -. (b) SC.

Figure 3 . 9 :

 39 Figure 3.9: Schematic representation of the most probable copolymers topology with respect to the crystalline network in (a) HP and (b) SC samples.

4. 3 . 1

 31 Linear rheology along crystallization . . . . . . . . . . . . . . . . . . . . . . 80 4.3.2 Crystallization kinetics probed though isothermal DSC . . . . . . . . . . . . 81 4.3.3 Subsequent melting of the crystallites network built at T iso . . . . . . . . . 87 4.4 Discussions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 90 4.4.1 Overall crystallization kinetics of PBT . . . . . . . . . . . . . . . . . . . . . 90 4.4.2 Chain composition and gelation mechanism . . . . . . . . . . . . . . . . . . 91 4.5 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 93 References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 94 The content of this chapter has been published in: de Almeida, A.; Nébouy, M. and Baeza, G. P. Bimodal Crystallization Kinetics of PBT/PTHF Segmented Block Copolymers: Impact of the Chain Rigidity. Macromolecules, 52(3):1227-1240, 2019.

Figure 4 . 1 :

 41 Figure 4.1: DSC thermograms of the three TPE previously isothermally crystallized TPE at 140 °C (HS30), 170 °C (HS40) and 190 °C (HS65). The samples are first cooled at -90 °C and then heated to 250 °C at 10 °C.min -1 ("heating"), maintained at 250 °C for 5 min, and finally cooled to -90 °C at the same rate ("cooling"). Exothermic heat flow up.

  and 4.9a).

Figure 4 . 2 :

 42 Figure 4.2: Storage modulus as a function of time G (t) for (a) HS30, (b) HS40 and (c) HS65. Up to ca. 100 s, the temperature is decreasing from T > T m down to T iso before stabilizing. Black solid lines are fits (see Appendix A.9 for details). (d) Final plateau modulus G (∞) as a function of the undercooling ∆T . Dashed lines are linear fits.

  Dynamic time sweep on HS30 at 140 °C.

Figure 4 . 3 :

 43 Figure 4.3: (a) Evolution of storage G (open symbols) and loss G (closed symbols) moduli with time for HS30 crystallized at T iso = 140 °C and ω = 10 rad.s -1 . Vertical dashed lines are related to Figure 4.9. (b) Time required to reach the gelation point in HS30, HS40, and HS65 measured at different T iso . Dashed lines are fits using Equation (4.1).

Figure 4 . 4 :

 44 Figure 4.4: DSC thermograms showing the crystallization exotherms of HS65 sample during isothermal treatment. (a) Crystallization exotherms at T iso = 175 and 180 °C. Extrapolation using a polynomial of degree 4 for the estimation of the crystallization enthalpy (dashed line). (b) Crystallization exotherms obtained at T iso = 170, 175, 180 and 190 degree C. Curves are vertically shifted for clarity. Exothermic heat flow up.

Figure 4 . 5 :

 45 Figure 4.5: Relative crystallinity Y (t) = X c (t)/X c (∞) as a function of time at different T iso for (a) HS30, (b) HS40 and (c) HS65.

  ln(1-Y s (t))) [-] log(t-t p,end ) [-]

Figure 4 . 6 :

 46 Figure 4.6: Crystallization kinetics analysis of HS65. (a) Overall crystallization, (b) primary crystallization and (c) secondary crystallization. The time in log(t) is expressed in minutes. Black solid, red dashed and red solid lines are fits based on Equations 4.3, 4.5a and 4.5b respectively.

  Primary and secondary crystallizations.

Figure 4 . 7 :

 47 Figure 4.7: (a) Overall crystallization rate, t -1 1/2 , for HS30, HS40, and HS65 as a function of undercooling ∆T . (b) Primary and secondary crystallization rates t -1 p,1/2 and t -1 s,1/2 as a function of undercooling ∆T . Lines are fits based on Equation (4.6).

  Degree of crystallinity.

Figure 4 . 8 :

 48 Figure 4.8: DSC thermograms (melting) recorded subsequently to the isothermal crystallization procedure. The temperature is increased from T iso up to 250 °C at 10 °C.min -1 , showing three endotherms at T II , T I , and T III for (a) HS30, (b) HS40, and (c) HS65. Exothermic heat flow up. (d) Total weight fraction in crystallites (determined from the T II and T I melting peaks) as a function of T iso for the three TPE. Dashed lines stand for linear fits.

  Dynamic temperature sweeps.

Figure 4 . 9 :

 49 Figure 4.9: (a) DSC thermograms recorded from HS30 samples heated to 250 °C at 10 °C.min -1 after isothermal crystallization at T iso = 140 °C for 4, 17, 25 and 70 min. Exothermic heat flow up. (b) Dynamic temperature sweeps (10 °C.min -1) performed on HS30 samples after an identical isothermal crystallization performed in the rheometer (10 rad.s -1 , 5 % strain). Inset: derivative of the storage modulus with respect to the temperature highlighting the breaks in slope observed at T II and T I .

Figure 4 . 10 :

 410 Figure 4.10: Reconstructed overall crystallization kinetics for the PBT in different environments (long and short neat PBT as well as the three TPE studied in this work). The long and short neat PBT curves were recalculated from the crystallization kinetics determined respectively in[8, 9].

  Relative crystallinity at gelation.

Figure 4 .

 4 Figure 4.11: (a) Ratio of gelation time over the Avrami time as a function of undercooling for HS30 and HS65. (b) Relative crystallinity as a function of undercooling for HS30 and HS65. Open symbols are extracted from t gel taken as the crossover of G and G and reported in Figures 4.5a and 4.5c accordingly. Crosses are calculated for the two TPE from a theoretical model developed by Winter et al. (Equation16in[18]).

Figure 4 . 12 :

 412 Figure 4.12: Storage (open symbols) and loss (closed symbols) moduli measured from rheology (Figure 4.2) plotted against the relative crystallinity obtained from DSC (Figure 4.5) for the three TPE at the same undercooling (= 44 ± 2 °C): HS30 (140 °C), HS40 (160 °C) and HS65 (170 °C). Arrows indicate the gel points. Rheological measurements in the gray zone are questionable because of thermal instabilities.

  and 4.13d evidenced the melting of two populations of crystallites (I and II) .

Figure 4 . 13 :

 413 Figure 4.13: Schematic representation of the different experiments performed in this article highlighting the two-step crystallization of the HS. (a) Rheological and (c) DSC time sweeps performed at T iso . (b)Rheological and (d) DSC temperature sweeps revealing the melting of different group of crystallites. Symbols "p" and "s" stand for primary and secondary crystallizations while I and II correspond to the two populations of crystallites.
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Figure 5 . 1 :

 51 Figure 5.1: Schematic representation of the modeled systems. Architecture of the neat polymer chains, pentablock copolymers and dumbbells.

5 . 1 )

 51 Another conformational property resulting from the chain rigidity and density is the tendency to form entanglements, quantified by the molecular weight between entanglements M e = m b N e = m b C ∞ N k,e where N e and N k,e are respectively the number of beads and number of Kuhn segments separating two consecutive entanglements. The primitive path analysis of the two neat polymer chains (N b = 100) at T = 4 ε u /k B gives N SS e = 44.7 (N SS k,e = 10) and N HS e = 23.2 (N SS k,e = 3.7). In order to compare with the literature, these values can be expressed in terms of molecular weights thanks to Equation 2.4c giving M SS e = 1180 g.mol -1 and M HS e = 1070 g.mol -1

  Two critical properties for TPE are the glass transition temperature T g and the crystallization (or melting) temperature T c (or T m ) of each block. Typical values of these temperatures follow T SS g < T SS m < T room < T HS g < T HS m in order to have a rubbery mechanical behavior at room temperature T room . In the case of PBT-PTHF systems, T SS g = -60 • C, T SS m = 0 • C, T HS g = 60 • C and T HS m = 220 • C

Figure 5 . 2 :

 52 Figure 5.2: Topological and thermal properties of the neat soft and hard polymer chains. (a) Normalized MSID C(n) = R 2 (n) /(nl 2 b ) at T = 4 ε u /k B . Lines stand for a FRC model prediction based on Equation (5.1). (b) Evolution of the volume per bead V b with temperature during a cooling ramp at 5 × 10 -5 τ -1 u . Dashed lines stand for linear fits whose intersection corresponds to the glass transition temperature T g indicated by the arrows. (c) Time derivative of the enthalpy per bead dH/dt as a function of the temperature during a cooling ramp at 5 × 10 -6 τ -1 u . The arrows indicate the position of the peak related to the crystallization temperature T c .

Figure 5 . 3 :

 53 Figure 5.3: Normalized MSID C(n) = R 2 (n) /(nl 2 b ) at T = 4 ε u /k B of (a)pentablock copolymers and (b) dumbbells. Lines stand for the FRC predictions defined in Equation (5.1) for neat soft and hard polymer chains.

Figure 5 . 4 :

 54 Figure 5.4: Time derivative of the enthalpy per bead dH/dt as a function of the temperature during a cooling ramp at 5 × 10 -6 τ -1 u for (a) pentablock copolymers and (b) dumbbells. Neat HS is also plotted for comparison. The arrows indicate the position of the peak related to the crystallization temperature T HS c . The inset in (a) is a zoom on the pentablock SS114 data.

Figure 5 . 5 :

 55 Figure 5.5: Relative HS (and SS) crystalline fraction ϕ HS (and ϕ SS ) defined as the ratio of the number of HS (SS) crystallized beads and total number of HS (SS) beads during a cooling ramp at 5 × 10 -6 τ -1 u in (a) pentablock systems and in (b) dumbbells. Neat HS and neat SS are also plotted for comparison. Lines are guides to the eye.

Figure 5 .

 5 Figure 5.5 also shows an impact of the copolymer architecture on the SS crystallization kinetics. While neat SS crystallize at T SS c = 0.9 ε u /k B , SS inside the copolymers start crystallizing at tem-

  x HS = 27 %.

Figure 5 . 6 :

 56 Figure 5.6: RDF of the HS beads at several temperatures during a cooling ramp at 5×10 -6 τ -1 u (temperature unit is ε u /k B ). Comparison of two couples of systems: (a) pentablock SS19 versus dumbbell SS57 (x HS = 42 %) and (b) pentablock SS38 versus dumbbell SS114 (x HS = 27 %). Curves for pentablock systems are vertically shifted by 1 unit. Snapshots of the four systems are represented at T = 2.2 ε u /k B . HS are represented in blue, and SS in orange.

Figure 5 . 7 :

 57 Figure 5.7: Normalized free energy of phase separation predicted by the Krause model as a function of temperature.Comparisons for two couples of systems at iso-HS fractions (x HS = 42 % for pentablock SS19 and dumbbell SS57, x HS = 27 % for pentablock SS38 and dumbbell SS114). The dotted line shows the limit between the one-phase (∆G > 0) and phase-separated (∆G < 0) states.

Figure 5 . 8 :

 58 Figure 5.8: Evolution of the relative HS crystalline fraction ϕ HS during a cooling ramp at 5 × 10 -6 τ -1 u as a function of the local HS density ρ HS n,lc defined in Equation 5.2 for all the copolymers. Temperature range: 3 to 1.5 ε u /k B . Lines are guides to the eye.
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 59 Figure 5.9: Numbers of loops N L , ties N T and dangling ends N DE per crystallized segment as a function of the SS length N SS b at T = 1 ε u /k B for (a) pentablock copolymers and (b) dumbbells. Neat HS is also plotted for comparison.

Figure 5 . 10 :

 510 Figure 5.10: RDF of the crystallized HS beads at T = 1 ε u /k B in (a) pentablock copolymers and (b) dumbbells. The arrows indicate the position of the maximum (long period d * ) corresponding to the mean distance between crystals. Snapshots show the crystalline phases of (a) pentablock SS38 and (b) dumbbell SS114. Crystalline HS beads are represented in blue and crystalline SS beads are in orange.

Figure 6 . 1 :

 61 Figure 6.1: Volume fraction in crystallites Φ as a function of HS weight fraction within the copolymer chain X HS for different TPE -based on differential scanning calorimetry (DSC) measurements from 12 references. The legend indicates the name of the first author for each reference and the type of HS in the corresponding TPE. Limits represented by solid black lines are a guide for the eye.

  Linear scale (full range).

  Linear scale (low Φ).

  Logarithmic scale (low Φ).

Figure 6 . 2 :

 62 Figure 6.2: Reinforcement χ as a function of the volume fraction of crystals Φ for different TPE. The black solid line stands for the empirical exponential prediction with A = 18.38. Dashed gray lines stand for the same law with A = 14 and A = 22. Circles highlight peculiarities of the TPE, numbers indicate the SS molecular weight M SS in kg.mol -1 .

Figure 6 . 3 :

 63 Figure 6.3: (a) Steady-state plateau modulus G (∞) as a function of the steady-state weight fraction in crystallite X c (∞) for the three isothermally crystallized PBT-PTHF TPE. Each point corresponds to a different undercooling. (b) Reinforcement χ as a function of the volume fraction in crystallites Φ. The solid black line stands for the empirical exponential model and the dashed blue line is the topological model.

Figure 6 .

 6 Figure 6.3a shows the combination of the results obtained through both rheology G (∞) and DSC X c (∞). As one may have anticipated, the global trend is characterized by an increasing plateau modulus with raising crystalline fraction, revealing a strong upturn above X c (∞) = 15 wt. %. For each TPE, the different data points correspond in reality to different temperatures of crystalliza-

  χ HP -1) / (χ SC -1) Theory: W HP / W SC (b) Ratios of reinforcement.

Figure 6 . 4 :

 64 Figure 6.4: (a) Evolution of the tensile storage modulus E during a dynamic temperature sweep for PBT-PTHF TPE prepared by HP + (square symbols) and SC (cross symbols). The curves of HS40 and HS65 are vertically shifted for clarity. (b) Comparison between experimental reinforcement ratios (χ HP -1)/(χ SC -1) and theoretical predictions W HP /W SC at 120 °C.

Figure 6 . 5 :

 65 Figure 6.5: Overview of reinforcement χ as a function of the volume fraction in crystallites Φ in PBT-PTHF TPE being isothermally crystallized (iso), hot-pressed (HP + ) and solvent-casted (SC). The black line stands for the global trend with Φ while the vertical arrows indicate an increase of W .
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 447 at T = 4 ε u /k B (values determined in Chapter 5). One can notice that these values are dependent on the temperature. At T = 1.5 ε u /k B (temperature to evaluate the relaxation modulus) N SS e = 19.1 (resulting in N/N e ≈ 10 entanglements per chain).

  19 and C SS ∞ = 4.47 at T = 4 ε u /k B (values determined in Chapter 5).

  (a) N HS = 0. (b) N HS = 6. (c) N HS = 8. (d) N HS = 9. (e) N HS = 10. (f) N HS = 11. (g) N HS = 12. (h) N HS = 13. (i) N HS = 14. (j) N HS = 15. (k) N HS = 20.

Figure 7 . 1 :

 71 Figure 7.1: Snapshots of the simulation boxes (dumbbells with HS in blue and SS in orange) after equilibration at T = 1.5 ε u /k B .

  2 showing snapshots of the crystalline beads in each system at the end of the equilibration step at T = 1.5 ε u /k B . (a) N HS = 0. (b) N HS = 6. (c) N HS = 8. (d) N HS = 9. (e) N HS = 10. (f) N HS = 11. (g) N HS = 12. (h) N HS = 13. (i) N HS = 14. (j) N HS = 15. (k) N HS = 20.

Figure 7 . 2 :

 72 Figure 7.2: Snapshots of the crystallites in the simulation boxes after equilibration at T = 1.5 ε u /k B .

  Crystallite's average width.

Figure 7 . 3 : 20 Figure 7 . 4 :

 732074 Figure 7.3: Evolution of the (a) crystalline volume fraction Φ and (b) crystallite's average width W as a function of the HS content X HS .

Figure 7 . 5 :

 75 Figure 7.5: Relaxation modulus of semicrystalline dumbbells at T = 1.5 ε u /k B . Dashed lines are fit with a decreasing exponential defined in Equation (7.5).

Figure 7 . 6 :Figure 7 . 7 :

 7677 Figure 7.6: (a) Reinforcement χ and (b) ln χ as a function of volume fraction in crystallites Φ at T = 1.5 ε u /k B . The solid line is the empirical exponential model defined by Equation (1.15). The dashed line stands for the Guth-Gold model (hydrodynamic reinforcement) described by Equation (1.9) and the mixed line corresponds to its modified version for rod-like particles expressed in Equation (1.10).

Figure 7 . 8 :

 78 Figure 7.8: Reinforcement χ as a function of volume fraction in crystallites Φ at T = 1.5 ε u /k B . Black triangles and squares stand for the modified topological model of Baeza defined by Equations (1.23) and (7.6) using respectively the tube diameter of neat PTHF and the actual tube diameter of the semicrystalline TPE.

Figure 7 . 9 :

 79 Figure 7.9: Tube diameter d T as a function of volume fraction in crystallites Φ determined by a PPA in dumbbells at T = 1.5 ε u /k B with various HS contents.

20 Figure 7 . 10 :

 20710 Figure 7.10: RDF of crystalline beads in the different systems after crystallization at T = 1.5 ε u /k B . Arrows indicate the long period d * corresponding to the average distance between crystallites.

Figure 7 . 11 :

 711 Figure 7.11: Number of crystallites as a function of the crystalline volume fraction in dumbbells at T = 1.5 ε u /k B .

Figure 7 . 12 :

 712 Figure 7.12: Comparison of the average space between crystallites d * -H (triangles) with the mean square end-to-end distance of the SS at equilibrium R 2 (N SS ) 1/2 (circles) in the different systems at T = 1.5 ε u /k B .

20 Figure 7 . 13 :

 20713 Figure 7.13: Elongation ratio λ(n) of the SS in crystallized dumbbells at T = 1.5 ε u /k B defined in Equation(7.7) as the ratio between the MSID of the SS in the TPE and the corresponding value in the soft polymer chain at equilibrium. n stands for the number of bonds separating the two considered beads for the calculation of the MSID.

Figure 7 . 14 :

 714 Figure 7.14: Chain topology in dumbbells at T = 1.5 ε u /k B . (a) Number of dangling ends per crystalline stem (triangles). (b) Numbers of loops (closed circles) and ties (open squares) per crystalline stem.

  (a) Low Φ. (b) Intermediate Φ. (c) High Φ.

Figure 7 . 15 :

 715 Figure 7.15: Schematic representation of the chain topology in dumbbells for increasing HS contents (and crystalline volume fractions). Amorphous HS appear in dark blue, crystalline HS in purple, dangling SS are in orange, ties in cyan and loops in green.

Figure 8 . 1 :

 81 Figure 8.1: (a) PTHF mastercurve at 140 °C (from WLF law), single points SAOS experiments from HS30 and estimation of the HS30 mastercurve (see text). Solid lines are fits to the data with a 12-modes Maxwell model. Arrows stand for horizontal and vertical shift factors between PTHF and HS30. (b) Temperature dependence of the shift factor a T related to the neat PTHF mastercurve at 30 °C. The solid line stands for a WLF fit with C 1 = 4.59 and C 2 = 150.1 K.(c) Startup flow experiment at γ = 2.5 s -1 for the neat PTHF and HS30. Dashed and solid lines respectively stand for the linear envelope and the DE predictions. The arrow represents the increase of viscosity induced by the shift factors considered in (a).

  T = 4 ε u /k B . T = 2.5 ε u /k B .

Figure 8 . 2 :

 82 Figure 8.2: Relaxation modulus G(t) of neat SS270 (orange) and pentablock SS76 (green) obtained from the GK method at two temperatures: T = 4 ε u /k B and T = 2.5 ε u /k B . The snapshots represent the pentablock SS76 simulation box at both temperatures (SS appear in orange and HS in blue).

Figure 8 . 3 :

 83 Figure 8.3: MSD of neat SS270 and pentablock SS76 at T = 4 ε u /k B . Red solid lines are fits with power laws and dashed black lines indicate the theoretical determination of the relaxation times τ k , τ e , τ R and τ d .

Figure 8 . 4 :

 84 Figure 8.4: MSD of neat SS270 and pentablock SS76 at T = 2.5 ε u /k B . Dashed black lines indicate an estimation of the terminal relaxation time τ d .

Figure 8 . 5 :

 85 Figure 8.5: SAOS measurement performed at ω = 2.5 rad.s -1 , γ = 10 %, and T = 140 °C along with the crystallization of the segmented block copolymer.

Figure 8 . 6 :

 86 Figure 8.6: Startup flow measurements (σ = η + γ, circles) performed at different shear rates and SAOS measurement (|G * | = |η * |ω, squares). All the tests are performed at T = 140 °C. The dashed lines stand for the linear viscoelastic envelope calculated from the multi-modes Maxwell fit of the shifted mastercurve (see Section 8.3.1). Solid lines stand for the multi-modes DE predictions calculated from the same inputs.

Figure 8 . 7 :

 87 Figure 8.7: Local representation of the segmented copolymer network in the molten state. (a) Remaining phase separation at rest, (b) chains getting aligned under shear promoting the nucleation and (c) growth of ribbon-like crystallites.

Figure 8 . 8 :

 88 Figure 8.8: Induction time as a function of shear rate. The dashed line stands for a slope of -1. The inset shows the determination of the induction time t ind .

Figure 8 . 9 :

 89 Figure 8.9: Startup flow measurements (σ = η + γ, circles) performed at different shear rates and SAOS measurement (|G * | = |η * |ω, squares). All the tests are performed at T = 140 °C. The dashed line stands for the linear viscoelastic prediction at 2.5 s -1 . Solid lines stand for our modified DE model.

Figure 8 .

 8 Figure 8.10: (a) Startup flow measurements (σ = η + γ) performed at γ = 2.5 s -1 and T = 140 °C, stopped at different instants t 1 of the experiment. (b) Corresponding stress relaxations. Dashed lines are fits with a Maxwell model (Equation (8.17)). (c) Characteristic time τ extracted from the fits shown in (a) as a function of the time spent under shear t 1 . The solid line is the prediction calculated from our model.

Figure 8 . 11 :

 811 Figure 8.11: Startup flow measurements (σ = η + γ) performed at γ = 2.5 s -1 and various temperatures comprised between T c and T m ). Dashed lines stand for the classic DE theory and solid ones correspond to our model.

Figure 8 . 12 :

 812 Figure 8.12: Comparison of the WLF law of neat PTHF at 140 °C (a T , solid line) with the shift factors used to fit the steady state viscosity of HS30 with the DE model (η T /η T ref , circles). The dashed line is fitted with an Arrhenius law.

Figure 8 . 13 :

 813 Figure 8.13: Comparison of the crystallization rates in quiescent conditions (primary crystallization, filled symbols) and under shear (FIC, empty symbols) at γ = 2.5 s -1 for different temperatures comprised between T c and T m . Dashed lines are guides for the eye.

  η + = f (t).

  η + = f (γ).

Figure 8 . 14 :

 814 Figure 8.14: Evolution of the transient viscosity η + during startup flow of pentablock SS76 at T = 1.9 ε u /k B and different shear rates γ.

  S = f (t).

  S = f (γ).

Figure 8 . 15 :

 815 Figure 8.15: Evolution of the scalar order parameter S during startup flow of pentablock SS76 at T = 1.9 ε u /k B and different shear rates γ.

Figure 8 . 16 :

 816 Figure 8.16: Evolution of the shear component of the tensor order parameter Q xy during startup flow of pentablock SS76 at T = 1.9 ε u /k B and different shear rates γ.

  Φ = f (γ).

Figure 8 . 17 :

 817 Figure 8.17: Evolution of the volume fraction in crystallites Φ during startup flow of pentablock SS76 at T = 1.9 ε u /k B and different shear rates γ.
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  Fixed frequency at 2.5 rad.s -1 .

  Fixed strain at 100 %.

Figure 9 . 1 :

 91 Figure 9.1: First harmonic of storage modulus G 1 (triangles) and loss modulus G 1 (squares) during a time sweep in LAOS at 140 °C. Vertical dotted lines indicate the position of the gelation times defined as the crossover of G 1 and G 1 .

  Fixed strain at 100 %.

Figure 9 . 2 :

 92 Figure 9.2: Evolution of the relative intensity of third harmonic |G * 3 |/|G * 1 | during a time sweep in LAOS at 140 °C. Vertical dotted lines indicate the position of the gelation times defined as the crossover of G 1 and G 1 .

  Fixed strain at 100 %.

Figure 9 . 3 :

 93 Figure 9.3: Intracycle elastic and viscous nonlinearities during a time sweep in LAOS at 140 °C: scaled third order elastic coefficient -G 3 /G 1 (triangles) and viscous coefficient G 3 /G 1 (squares). Vertical dotted lines indicate the position of the gelation times defined as the crossover of G 1 and G 1 .

  Fixed frequency at 2.5 rad.s -1 .

  Fixed strain at 100 %.

Figure 9 . 4 :

 94 Figure 9.4: Model prediction of the first harmonic of storage modulus G 1 (solid lines) and loss modulus G 1 (dashed lines) during time sweep in LAOS at 140 °C.

  Fixed strain at 100 %.

Figure 9 . 5 :

 95 Figure 9.5: Model prediction of the relative intensity of third harmonic |G * 3 |/|G * 1 | during time sweep in LAOS at 140 °C.

Figure 9 . 6 :

 96 Figure 9.6: Model prediction of intracycle elastic and viscous nonlinearities during time sweep in LAOS at 140 °C: scaled third order elastic coefficient -G 3 /G 1 and viscous coefficient G 3 /G 1 .

  First harmonic ( = G and = G ).

Figure 9 . 7 :

 97 Figure 9.7: LAOS tests at 2.5 rad.s -1 and 200 % stopped after different durations indicated by the dotted lines. Corresponding quenched samples are denoted A, B, C, D, E and F.

Figure 9 . 8 :

 98 Figure 9.8: North and West integrated SAXS intensities and corresponding 2D-SAXS patterns of samples quenched after LAOS tests of different durations at 2.5 rad.s -1 and 200 %. The shear flow is oriented in the west-east direction and the north-south axis corresponds to the radial direction of the sample.

  Experiment vs. simulation.

Figure 9 . 9 :

 99 Figure 9.9: (a) Gelation times as a function of the maximum shear rate: comparison of experiment (open symbols) and model (closed symbols). The dotted line is a power law with an exponent equal to -1. (b)Experimental gelation times versus simulated ones. The dotted line is a linear law with a slope equal to 1. Two series of data are represented on the graphs: frequency fixed at 2.5 rad.s -1 (circles) and maximum strain fixed at 100 % (squares).

  Experiment vs. simulation.

Figure 9 .

 9 Figure 9.10: (a) Final plateau modulus as a function of maximum strain. Comparison of experiment (open symbols) and model (closed symbols). Dotted lines are power laws with an exponent equal to -1. (b)Experimental plateau modulus versus simulated ones. The dotted line is a linear law with slope 1. Two series of data are represented on the graphs: frequency fixed at 2.5 rad.s -1 (circles) and maximum strain fixed at 100 % (squares).

Figure 9 .

 9 11 represents a typical evolution over time of the linear and nonlinear rheological parameters. Based on these plots, one can define four characteristic regions associated to the different processes occurring during the LAOS time sweep: (I) The material behaves like a linear viscoelastic liquid.

  First harmonic ( = G and = G ).

Figure 9 . 11 :

 911 Figure 9.11: Evolution of linear and nonlinear rheological parameters showing different regimes during LAOS test at 2.5 rad.s -1 and 100 %.

  (a) Isotropic melt (I). (b) Reversible alignment (II). (c) HS crsytallization (III). (d) Gelation (IV).

Figure 9 . 12 :

 912 Figure 9.12: Schematic evolution of the chains' structure under LAOS corresponding to the four steps described in the text: (a) isotropic polymer melt, (b) reversible orientation of the SS (in orange), (c) crystallization of the HS (in blue) and permanent chain orientation and (d) radial growth of the crystallites and gelation.

Figure A. 1 :

 1 Figure A.1: TGA performed on both HP (solid line) and SC (dashed line) HS30 samples.

Figure A. 2 :

 2 Figure A.2: (a) Evolution of the shear stress over time during startup flow experiment at T = 170 °C and γ = 10 s -1 on HS40-HP + sample. (b) DSC thermogram of the HS40-HP + sample previously quenched during flow-induced crystallization. Exothermic heat flow up.

Figure A. 3 :

 3 Figure A.3: Linear viscoelastic behavior (circles stand for G and squares for G ) of the HS40-HP + sample at 230 °C (open symbols) and 250 °C (closed symbols) with γ = 50 %. The gray zone indicates questionable data because torque values were out of the transducer's confidence interval in this range of frequencies.

  HP + .

Figure A. 4 :

 4 Figure A.4: Polydisperse spheres form factors P (q) (colored lines) for SAXS data modeling for (a) HP + and (b) SC samples. Black dashed lines are reproduced from Figure3.5a standing for the simulated scattering intensity I(q) = P (q)S app (q).

Figure A. 5 :

 5 Figure A.5: (a) Schematic of the potential used for the fitting procedure. The fitting parameters are reported in Tables A.1 and A.2 for every sample. Apparent structure factors obtained from S app = I(q)/P (q) for (b) HP + and (c) SC samples.

  3 and compared below to the corresponding data obtained on HP ("quenched") or SC TPE (see respectively the Tables A.1 and A.2 presented in Appendix A.4.1).

Figure A. 6 :

 6 Figure A.6: Scattering intensity I(q) for HS30, HS40 and HS65 isothermally crystallized respectively at 140, 170 and 190 °C. Solid black lines stand for the fitting models. For comparison, we also reported the corresponding data obtained on HP samples (dashed black lines stand for the models).

  SAXS on HP + samples.

  SANS renormalization to SAXS.

Figure A. 7 :

 7 Figure A.7: (a) SAXS absolute intensity I(q) measured from the three HP + TPE. The dashed line is a calculation with the empirical Porod model for HS30 sample. (b) SANS intensity renormalized to a SAXS experiment for a HS30-HP + sample.

Figure 3 . 5 (

 35 and Figure A.7a) are mostly representative of the PBT crystallites within an amorphous blend made of PBT and PTHF denoted as A in the following.

)) 2 ≈ 2 . 7 ,

 227 with ρ N (1) and ρ N (2) being the scattering length densities of the two considered phases. The latter are calculated through ρ N (j) = i N i b i v with v the molecular volume of the specie present in the jth phase, b i the scattering length of the ith atom and N i the number of ith atoms in the molecular volume. The SANS scattering length densities and contrasts are reported in Tables A.7 and A.8.As expected, the Figure A.7b shows a clear vertical shift between the SAXS and SANS "raw" intensities measured on the same HS30-HP + sample. However, after subtraction of the incoherent scatter-X Evaluation of the crystallites' dimensions from AFM images ing and multiplication of the SANS intensity by the ratio of the SAXS/SANS ∆ρ 2 (PTHF/c-PBT) one can observe that the signals well overlap, allowing a reliable comparison of the patterns obtained from these two different techniques.

Figure A. 8 :

 8 Figure A.8: Ribbons' thickness measurements from AFM phase images performed on HS40 samples for (a) HP -and (b) SC samples (white lines represents the profiles' lines). Phase shift scales are 0 -20°and 0 -18°r espectively. (c) and (d) represent two examples of normalized profile plots used to determine H for HP - and SC samples respectively.

Figure A. 9 :

 9 Figure A.9: Evaluation of the intercrystallites distance d * on AFM phase images for (a) HP -and (b) SC HS40 samples (white lines represents the measurements). Phase shift scales are 0 -20°and 0 -18°respectively.

Figure A. 10 :

 10 Figure A.10: Temperature profiles for rheological measurements (dynamic time sweeps and frequency sweeps) at T iso starting from the melt state (T > T m ) on (a) HS30, (b) HS40 and (c) HS65 samples.

  T iso = 240 °C (melt).

Figure A. 11 :

 11 Figure A.11: Dynamic frequency sweep measurements (storage modulus G ) at different temperature T iso started min after the beginning of the cooling step from T > T m , (see Section A.7) for (a) HS30, (b) HS40 and (c) HS65. (d) Comparison of the frequency sweeps (open symbols are the storage modulus G and closed symbols stand for loss modulus G ) of the three TPE in the melt state (T iso = 240 °C). The gray zone indicates questionable data because torque values were out of the transducer's confidence interval in this range of frequencies.

  ,1/2 = ln 2 k i 1/n i where i = 1 or 2. (A.4) XIV Details on fitting the evolution of storage modulus during isothermal time sweeps

Figure A. 12 :

 12 Figure A.12: Storage modulus as a function of time G (t) fitted with Equation (A.3) (black solid lines) for (a) HS30, (b) HS40 and (c) HS65. Up to ca. 100 s, the temperature is decreasing from T > T m down to T iso before stabilizing.

Figure A. 13 :

 13 Figure A.13: Loss modulus as a function of time during isothermal time sweeps presented in Figure 4.2 for (a) HS30, (b) HS40 and (c) HS65.

  Figure A.14b, we report the gelation time and the G -G crossover time, highlighting the similarity of those two parameters.

Figure A. 14 :

 14 Figure A.14: Comparison of two methods for the estimation of gelation time on HS30 sample. (a) Loss factor as a function of frequency at T iso = 140 °C over time. The dotted line indicates the gel point corresponding to a flat loss factor. (b) Comparison of the gelation time values obtained at different T iso from both methods: flat loss factor and storage-loss moduli crossover at 10 rad.s -1 .

Figure A. 15 :

 15 Figure A.15: Hoffman-Weeks plot for the three TPE. Dashed lines are linear fits of the data. The solid line corresponds to T m = T iso .

Figure A. 16 :

 16 Figure A.16: Avrami time as a function of undercooling for HS30 and HS65.

Figure A. 17 :

 17 Figure A.17: DSC thermograms showing the crystallization exotherms of (a) HS30 and (b) HS40 samples during isothermal treatment.

Figure A. 18 :

 18 Figure A.18: Crystallization kinetics analysis of HS30 and HS40. (a,b) Overall crystallization, (c,d) primary crystallization and (e,f) secondary crystallization. The time in log(t) is expressed in minutes. Black solid, colored dashed and colored solid lines are fits based on Equations 4.3, 4.5a and 4.5b respectively.

  Figure A.19a the whole corresponding data sets. By plotting the two quantities as a function of each other (for every temperature T iso ) in Figure A.19b, we emphasize the relatively strong relationship between the crystallization kinetics and the rise of the mechanical properties in the three TPE.

Figure A. 19 :

 19 Figure A.19: (a) Inverse characteristic times obtain from DSC (t p,1/2 ) and rheology (t 1,1/2 ) as a function of temperature T iso . (b) t 1,1/2 as a function of t p,1/2 . The dashed line is a linear fit.

  Figure A.20 we provide a similar comparison of what is presented in Figure 4.12. It confirms the "universal" character of the gel point in these TPE occurring around 5 wt. % and the similarity of the corresponding storage and loss moduli around 5 10 4 Pa regardless of the chain composition and ∆T .

Figure A. 20 :

 20 Figure A.20: Storage (open symbols) and loss (closed symbols) moduli measured from rheology (Figure 4.2) plotted against the relative crystallinity obtained from DSC (Figure 4.5) for HS30 (150 °C) and HS65 (175 °C) at the same undercooling (∆T ≈ 37 °C). Arrows indicate the gel points. Rheological measurements in the gray zone are questionable because of thermal instabilities.

  2.1. After an equilibration of 5 × 10 5 τ u at T = 4 ε u /k B , we obtain a new initial configuration containing 4000 chains named "SS76 replicated" in the following. Snapshots of both simulations boxes can be seen in Figure A.21a. The mean square internal distance (MSID) of the new configuration has been found to be very similar as the one obtained for the (small) original system. The comparison is presented in Figure A.21b.

  (a) SS76 (left) and SS76 replicated (right).

Figure A. 21

 21 Figure A.21: (a) Snapshots of pentablock SS76 system containing 500 chains and its replication containing 4000 chains after equilibration at T = 4 ε u /k B . HS are represented in blue and SS in orange. (b) Normalized MSID C(n) = R 2 (n) /(nl 2 b ) of both corresponding systems at T = 4 ε u /k B .

Figure A. 22 :

 22 Figure A.22: (a) Relative HS (and SS) crystalline fraction ϕ HS (and ϕ SS ) defined as the ratio of the number of HS (SS) crystallized beads and total number of HS (SS) beads during a cooling ramp at 5 × 10 -6 τ -1 u in both pentablocks SS76 and its replication. (b) Time derivative of the enthalpy per bead dH/dt as a function of the temperature during a cooling ramp at 5 × 10 -6 τ -1u for both pentablocks SS76 and its replication.

  radial distribution function (RDF) of crystals.

Figure A. 23

 23 Figure A.23: (a) Snapshots showing the crystallized HS in both pentablock SS76 system containing 500 chains (left) and its replication containing 4000 chains (right) at T = 1 ε u /k B . (b) RDF of the crystallized HS beads in both corresponding systems at T = 1 ε u /k B .

Figure A. 24 :

 24 Figure A.24: Evolution of the normalized MSID C(n) = R 2 (n) /(nl 2 b ) of (a) neat soft and (a) neat hard polymers for increasing equilibration times at T = 4 ε u /k B .

Figure A. 25 :

 25 Figure A.25: Evolution of the normalized MSID C(n) = R 2 (n) /(nl 2 b ) of pentablock SS76 for increasing equilibration times at T = 4 ε u /k B .

.

  N r = N 0 (N HS b + 2N SS b ) for dumbbells and N r = N 0 (2N HS b + 3N SS b ) for pentablocks. A and B represent the two types of units contained in the copolymer chains. In our case, they stand for SS and HS. The volume fractions of each component are ν A = They are evaluated assuming that the volume occupied by one bead V b is proportional to l b σ 2 .

Figure A. 26 :

 26 Figure A.26: RDF in neat HS42 at T = 3 ε u /k B . Shaded region indicates the range of nearest neighbors [0; l].

Figure A. 27 :

 27 Figure A.27: MSID of the SS belonging to loops in pentablock copolymers at T = 1 ε u /k B . MSID of neat SS at same temperature is also plotted for comparison.

Figure A. 28 :

 28 Figure A.28: (a) AFM phase image showing the structure of a PBT-PTHF TPE containing 30 wt. % of HS at room temperature. Inset is a zoom in a 100 × 100 nm region. (b) Snapshot showing a slice of the simulation box of pentablock SS76 (30 wt. % of HS) at T = 1 ε u /k B .

Figure A. 29 : 6 )

 296 Figure A.29: Distribution of crystallites sizes in pentablock SS76 replicated at T = 1 ε u /k B .

Figure A. 30 :

 30 Figure A.30: Evolution of the transient viscosity during startup flow tests followed by stress relaxations performed at different shear rates on neat PTHF at 30 °C. The red dashed lines stand for the linear viscoelastic envelope calculated from the multi-modes Maxwell fit of the master curve. Black solid lines stand for the multi-modes DE predictions calculated from the same inputs.

Figure A. 31 :

 31 Figure A.31: (a) Compliance versus time resulting from the creep tests performed on HS30 at 185 °C. Each color corresponds to a repetition of the test (different sample). (b) Complex modulus extracted from the creep data (in blue) and from direct dynamic frequency sweep measurement at the same temperature (in black). Open symbols stand for G and filled symbols stand for G .

Figure A. 32 :

 32 Figure A.32: AFM phase image showing the structure of HS30 sample after (a) HP and (b) FIC.

Figure A.33a

  Figure A.33a provides the full prediction (shear stress and primary normal stress growth) for the four shear rates used in the article considering the same crystallization parameters (values of α, β and n determined in Section 8.4.3). The comparison with experiment is quite difficult in this case for the two following reasons. First, a thorough measurement of normal stress in our case is not so simple because of the complex geometry (cone partitioned plate). As described by Costanzo et al.[10], the precise determination of normal stresses requires the combination of two measurements performed with two plates having different diameters. The only quantity we can access from our measurements is the "apparent normal stress" 2F/(πr 2 ) where F is the axial force and r the radius of the inner plate. The second reason is that the apparent normal stress signal appears to be very noisy for our system, as shown in Figure A.33b.

  Modified DE σ xy DE σ xx -σ yy Modified DE σ xx -σ yy (a) Model.

Figure A. 33 :

 33 Figure A.33: (a) Model predictions of both shear stress (black solid lines) and primary normal stress growth (magenta solid lines) for HS30 sample at four shear rates listed on the graph. Dotted lines stand for the classic DE prediction. (b) Experimental shear stress (black circles) and apparent normal stress (magenta triangles) obtained in startup flow on HS30 at 9 s -1 . Black and magenta solid lines stand for our model predictions for shear stress and primary normal stress growth respectively.

Figure A. 34 :

 34 Figure A.34: Repetition of the same startup flow test (at 140 °C and γ = 2.5 s -1 ), stopped at different times t 1 and followed by stress relaxation. (a) Raw data in which the steady state stress is originally going from 9.0 to 18 kPa are (b) vertically rescaled to the same steady state value, and (c) horizontally shifted on the reference curve in black.

A. 30 8 )

 308 Other method to estimate the characteristic relaxation timeThe validity of the rheological model of FIC developed in Chapter 8 concerning the exponential growth of the relaxation time with the time spent under shear t 1 is demonstrated in Section 8.4.4 by following the evolution of the relaxation profile over the startup flow tests. Although the evolution of the characteristic time τ calculated using a simple Maxwell model matches quite well with the prediction of the model, the fits of the relaxation profiles it provides are rather coarse (Figure8.10b).Here we propose to replace the mono-modal Maxwell model into a multi-modal version, i.e. adding the exponent s in the exponential function and a elastic plateau B so that the relaxation spectrum can be stretched such as:σ(t) = A exp -Setting s = 0.3 (insteadof 1 for the mono-modal model) provides accurate fits of the relaxation profiles that we present in Figure A.35a. The corresponding evolution of the characteristic time τ is shown in Figure A.35b. Interestingly, plotting the prediction of our model on the same graph (black line) defined by Equation (8.14), using the parameters determined in Section 8.4.3 (f k = 4.6 × 10 -3 s -n , n = 1.35) and adjusting the value of the initial relaxation time τ d (0), leads to an underestimation of the relaxation time, suggesting that the n parameter must be increased. As a matter of fact, using n = 1.45 is found to match well the experimental data, indicating the error bars on the fit parameters as well as on the function used to describe σ (t > t 1 ).

  Figure A.36 an example of curves obtained during a time sweep at ω = 2.5 rad.s -1 and γ max = 2. Figure A.39 represent the corresponding predictions obtained using our rheological model (see Section 9.2.4). Figures A.37 and A.38 shows the variations of the Lissajous plots when varying the strain amplitude and frequency respectively. The corresponding model predictions are provided in Figures A.40 and A.41.

Figure A. 36 :

 36 Figure A.36: Evolution along time of the experimental Bowditch-Lissajous curve during time sweep at ω = 2.5 rad.s -1 and γ max = 2. Dotted lines stand for elastic stress (red) and viscous stress (blue).

Figure A. 37 :

 37 Figure A.37: Experimental Bowditch-Lissajous elastic and viscous plots at 3 instants: beginning of time sweep, gelation and end of crystallization. Frequency fixed to 2.5 rad.s -1 . Time and maximum stress are indicated for each plot. Dotted lines stand for elastic stress (red) and viscous stress (blue).

Figure A. 38 :

 38 Figure A.38: Experimental Bowditch-Lissajous elastic and viscous plots at 3 instants: beginning of time sweep, gelation and end of crystallization. Strain fixed at 100 %. Time and maximum stress are indicated for each plot. Dotted lines stand for elastic stress (red) and viscous stress (blue).

Figure A. 39 :

 39 Figure A.39: Evolution along time of the simulated Bowditch-Lissajous curve during time sweep at ω = 2.5 rad.s -1 and γ max = 2. Dotted lines stand for elastic stress (red) and viscous stress (blue).

Figure A. 40 :Figure A. 41 :

 4041 Figure A.40: Modeled Bowditch-Lissajous elastic and viscous plots at 3 instants: beginning of time sweep, gelation and end of crystallization. Frequency fixed to 2.5 rad.s -1 . Time and maximum stress are indicated for each plot. Dotted lines stand for elastic stress (red) and viscous stress (blue).

  Figure A.42 remarkably show that the Porod regimes of the different samples are all the same, suggesting that the volume fraction in HS rich domains (either crystalline or amorphous) is similar regardless of the shearing time.

Figure A. 42 :

 42 Figure A.42: Comparison of North and West integrated SAXS intensities of samples quenched after LAOS tests of different durations at 2.5 rad.s -1 and 200 %.

Figure A. 43 :

 43 Figure A.43: 2D-WAXS patterns of samples quenched after LAOS tests of different durations at 2.5 rad.s -1 and 200 %.

  Normalized 111 peak intensity.

Figure A. 44 :

 44 Figure A.44: WAXS intensity of samples quenched after LAOS tests of different durations at 2.5 rad.s -1 and 200 %.
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5: Model parameters for SS.
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 3 1: Thermal transition properties of TPE obtained through DSC.

		First melting Second melting
	Sample	T HS m

Table 4 .

 4 

1: Thermal properties of isothermally crystallized TPE at 140 °C (HS30), 170 °C (HS40) and 190 °C (HS65).

Table 4 . 2 :

 42 Avrami parameters calculated for overall crystallization.

	Sample T iso ∆T	n	k	t -1 1/2
	[-]	[°C] [°C]	[-]	[min -n ] [min -1 ]
	HS30	110 77 1.38	3.1	2.96
		120 67 1.36	1.1	1.40
		130 57 1.47	0.34	0.62
		140 47 1.22 0.071	0.15
		150 37 1.48 0.022	0.10
	HS40	150 55 1.22	0.19	0.35
		160 45 1.35 0.021	0.08
	HS65	170 42 1.75	0.26	0.57
		175 37 1.62 0.086	0.28
		180 32 1.82 0.027	0.17
		190 22 1.73 0.0046	0.06

Table 4 . 3

 43 

: Avrami parameters calculated for primary an secondary crystallizations.

  , noninteger n s values relative to the secondary crystallization are also found to be independent of T iso but are significantly smaller than their n p counterparts. They all vary around 1.1 regardless of the TPE composition suggesting a similar secondary crystallization mechanism in the whole sample set. Here again, similar values were reported in the literature for neat PTT and PET showing respectively 0.8 < n s < 1.1 for 177 < T iso < 207 °C[25], and 1 < n s < 1.3 for 211 < T iso < 221.5 °C[21]

		77 1.32	3.3	3.26	1.17	4.84	5.26
		120 67 1.30	1.2	1.53	0.87	1.78	2.96
		130 57 1.49	0.47	0.77	1.08	0.8	1.14
		140 47 1.30	0.11	0.24	1.18	0.13	0.24
		150 37 1.41	0.044	0.14	1.7	0.087	0.17
	HS40	150 55 1.62	0.18	0.44	1.16	0.26	0.43
		160 45 1.36	0.024	0.08	1.15	0.091	0.17
	HS65	170 42 1.88	0.32	0.66	1.08	0.8	1.14
		175 37 1.79	0.10	0.34	1.12	0.39	0.60
		180 32 1.90	0.032	0.20	1.21	0.22	0.39
		190 22 1.77 0.0050	0.06	1.16	0.076	0.15
	1 g.mol Besides						

-1 

) suggesting somehow an universal behavior for this kind of copolymers

[31]

. One can finally remark that the n values reported in Tables 4.2 and 4.3 are much smaller than the ones determined for neat PBT (23.2 kg.mol -1 ) crystallizing in a spherulitic way: between 3.83 and 4.15 for 197 < T iso < 201 °C

[9, 32] 

(see also

Section 4.4)
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Table 5 .

 5 1: Copolymers structures.

	Name [-]	N HS b [-]	N SS b [-]	M HS [g.mol -1 ] [g.mol -1 ] [%] [wt. %] M SS x HS X HS
	Pentablocks:						
	SS5	21	5	970	130	74	83
	SS10	21	10	970	260	58	71
	SS19	21	19	970	500	42	56
	SS38	21	38	970	1000	27	39
	SS57	21	57	970	1500	20	30
	SS76	21	76	970	2000	16	24
	SS114	21	114	970	3000	11	18
	Dumbbells:						
	SS5	21	5	970	130	89	94
	SS10	21	10	970	260	81	88
	SS19	21	19	970	500	69	80
	SS38	21	38	970	1000	53	66
	SS57	21	57	970	1500	42	56
	SS76	21	76	970	2000	36	49
	SS114	21	114	970	3000	27	39
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Table 6 .

 6 1: Quick review on TPE: chain composition, crystallinity, and modulus.

	Chemistry	M SS	X HS	Φ	G N	χ	Reference
	[HS-SS]	[g.mol -1 ]	[wt. %] [vol. %]	[MPa]	[-]	
	T4T-PTHF	6840-1470	5-20	4-15	1.9-30	1.7-15.8 Baeza et al. [7, 14]
	T4T-PTHF	2900-250	11-60	4-18	13-754	6.8-40	Gaymans et al. [19]
	T4T-PTHF	2900-250	12-60	4-20	13-201	7.8-106	van Hutten et al. [10]
	PBT-PTHF	2000-1000	30-65	4-19	2.3-47.2 1.7-25.3 de Almeida et al. [20]
	PBS-PTHF	2000	30-90 12-38 (1) 33-3500 17.5-1842 Lee et al. [8]
	T6T6-PTHF	6000-2000	5-22	2-12	3.3-34	2.7-18.9 Krijgsman et al. [21]
	T6T-PPO	4000-1000	8-43	2.5-36	1.6-110 1.33-91.7 van der Schuur et al. [15]
	T6A6T-PTHF 2000-650	21-44	15-33	20-102 10.5-53.7 Biemond et al. [22]
	T6T6-PEO	4600-600	12-51	3-22	12-147	6.7-81.7 Husken et al. [11]
	TΦT-PTHF	2900	10-18	2-4	5-25	2.6-13.2 Arun et al. [23]
	TΦT-PTHF	2900-650	1-18	1-14 (2)	6-110	3.2-57.8	Niesten et al. [24]
	Urea-PTHF	4000-1100 4-13.5	2-7	3.7-45	1.9-24	Versteegen et al. [25]

Table 6 .

 6 2: Structural parameters of PBT-PTHF TPE made from HP + and SC.

	Sample	Φ	d *	HW (1) W (2)
	[HS-SS]	[-]	[nm]	[nm 2 ]	[nm]
	HS30-HP + 0.05	35	63	7.9
	HS30-SC	0.05	15	12	3.4
	HS40-HP + 0.08	35	95	9.8
	HS40-SC	0.08	11	9	3.1
	HS65-HP + 0.16	29	137	11.7
	HS65-SC	0.16	9	14	3.7

Table 7 . 1 :

 71 Structures of the chains. Values of entanglement strand length N e are estimated at T = 4 ε u /k B using relation 7.2.

	N HS N SS N	x HS	N e (1)	N/N e	M HS	M SS	M	X HS
	-	-	-	nb. %	-	-	g.mol -1 g.mol -1 g.mol -1 wt. %
	0	212 212	0.0	44.7	4.7	0	5596	5596	0.0
	6	194 206	5.8	43.4	4.7	276	5121	5674	9.7
	8	188 204	7.8	43.0	4.7	368	4963	5700	12.9
	9	185 203	8.9	42.8	4.7	414	4884	5712	14.5
	10	182 202	9.9	42.6	4.7	460	4804	5725	16.1
	11	179 201 10.9	42.3	4.7	506	4725	5738	17.7
	12	176 200 12.0	42.1	4.7	553	4646	5751	19.2
	13	172 198 13.1	41.9	4.7	599	4540	5738	20.9
	14	169 197 14.2	41.6	4.7	645	4461	5750	22.4
	15	166 196 15.3	41.4	4.7	691	4382	5763	24.0
	20	150 190 21.1	40.2	4.7	921	3960	5801	31.7

Table 8 .

 8 1: Characteristic dimensions and conformations of the modeled chains at

Table 8 . 4 :

 84 Avrami parameters in quiescent conditions and under shear ( γ = 2.5 s -1 ) for different temperatures between T c and T m .

		Shear flow (FIC) Quiescent (primary) crystallization
	T	k	n	k p	n p
	[°C]	[s -n ]	[-]	[s -n ]	[-]
	130	-	-	1.1 10 -3	1.5
	135 6.3 10 -3	1.35	-	-
	140 2.4 10 -3	1.35	5.5 10 -4	1.3
	145 1.4 10 -3	1.35	-	-
	150 4.7 10 -4	1.35	1.4 10 -4	1.4
	155 1.5 10 -4	1.35	-	-
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  . In our case, the initial terminal relaxation time is τ d (0) ≈ 0.001 s (see the linear viscoelasticity study in Section 8.3.1) and the model predicts τ d (t gel ) ≈ 0.003 -0.005 s, leading to Weissenberg numbers much lower than 1 in the range of strains and frequencies studied here. Nevertheless, we do believe that chain alignment can occur because of the HS/SS phase separation remaining in the TPE viscoelastic liquid at the beginning of the experiment. This idea, which constituted the basis of our previous FIC model, was supported by creep experiments performed above the TPE melting point, revealing a secondary elastic plateau at low frequency (see Appendix A.26). Besides, one can notice the overall good prediction of gelation times from the model in Figure9.9b which compares the experimental data with the model predictions. This result supports the choice of (i) using a crystallization rate in the Avrami model (Equation (8.13)) proportional the RMS shear rate (Equation 9.2), and (ii) the conservation of the α, β and n values already determined in Chapter 8 for statup flow at the same temperature (see Section 9.2.4).

Table A .

 A 1: Fitting parameters for SAXS performed on HP + samples. Log-normal standard deviation normalized by the average value. Table A.2: Fitting parameters for SAXS performed on SC samples. Isothermally crystallized samples HS30, HS40 and HS65 crystallized isothermally at 140 °C, 170 °C and 190 °C respectively were characterized by SAXS and compared with their HP counterparts directly quenched from high temperature (Figure A.

		Form factor (sphere)	Structure factor (square well)
	Sample	R	Polydispersity (1)	Φ	Well depth Well width
	[-]	[nm]	[-]	[-]	[k B T ]	[diameters]
	HS30-HP + 3.71	0.5	0.05	0.049	4.778
	HS40-HP + 4.41	0.5	0.08	0.071	3.913
	HS65-HP + 4.51	0.5	0.16	0.051	3.247
	(1) Form factor (sphere)	Structure factor (square well)
	Sample	R	Polydispersity (1)	Φ	Well depth Well width
	[-]	[nm]	[-]	[-]	[k B T ]	[diameters]
	HS30-SC 2.94	0.45	0.05	0.376	2.619
	HS40-SC 2.80	0.35	0.08	0.690	1.929
	HS65-SC 2.37	0.45	0.16	0.780	1.939

(1) 

Log-normal standard deviation normalized by the average value. Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2020LYSEI135/these.pdf © [M. Nébouy], [2020], INSA Lyon, tous droits réservés A.4.2

Table A .

 A 3: Fitting parameters for SAXS performed on isothermally crystallized samples.

		Form factor (sphere)	Structure factor (square well)
	Sample	R	Polydispersity (1)	Φ	Well depth Well width
	[-]	[nm]	[-]	[-]	[k B T ]	[diameters]
	HS30 (T iso = 140 °C) 3.79	0.35	0.04	0.117	3.085
	HS40 (T iso = 170 °C) 4.11	0.45	0.10	0.188	3.006
	HS65 (T iso = 190 °C) 4.20	0.50	0.18	0.289	2.759
	(1) Log-normal standard deviation normalized by the average value.		

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2020LYSEI135/these.pdf © [M. Nébouy], [2020], INSA Lyon, tous droits réservés

Table A .

 A 4: X-ray scattering length densities of ideal amorphous PTHF, amorphous PBT and crystalline PBT.

	ρ e (PTHF) ρ e (a-PBT) ρ e (c-PBT)
	[cm -2 ]	[cm -2 ]	[cm -2 ]
	9.36 10 10	1.16 10 11	1.27 10 11

Table A .

 A 5: X-ray contrasts between amorphous PTHF, amorphous PBT and crystalline PBT.

	∆ρ 2 e (PTHF/a-PBT) ∆ρ 2 e (PTHF/c-PBT) ∆ρ 2 e (a-PBT/c-PBT) [cm -4 ] [cm -4 ] [cm -4 ]
	4.93 10 20	1.11 10 21	1.23 10 20

Table A .

 A 6: Effective X-ray scattering length densities of the amorphous phase and corresponding contrasts with the crystalline phase in the three TPE.

	Sample X HS X c [-] [-] [-]	Φ [-]	ρ e (A) [cm -2 ]	∆ρ 2 e (A/c-PBT) Φ × ∆ρ 2 e (A/c-PBT) [cm -4 ] [10 20 cm -4 ]
	HS30	0.30 0.06 0.05 9.83 10 10	8.24 10 20	0.41
	HS40	0.40 0.11 0.08 9.97 10 10	7.45 10 20	0.60
	HS65	0.65 0.19 0.16 1.05 10 11	4.84 10 20	0.77

Table A .

 A 7: Neutron scattering length densities of ideal amorphous PTHF, amorphous PBT and crystalline PBT.

  05 10 9 2.04 10 10 2.23 10 10 Table A.8: Neutron contrasts between amorphous PTHF, amorphous PBT and crystalline PBT. Evaluation of the crystallites' dimensions from AFM imagesThe AFM images obtained from HP and SC samples have been used to estimate the thickness H of the crystallites. This dimension was obtained by plotting the phase profile perpendicular to the long axis of a crystallite (averaged over 5 pixels) and taking the width at mid-height of the obtained peak. The values reported in Chapter 3 (see also TableA.9 below) correspond to an average of 10 measurements represented on Figure A.8. In addition, direct measurements on the 2D images were performed to estimate the inte-crystallites distance d * (see Figure A.9). The corresponding results (average of 20 measurements) are shown in TableA.9, resulting in a good agreement with the SAXS measurements presented in Figure3.5 and with the parameters used to fit the SAXS data (Appendix A.4.1, Tables A.1 and A.2). Indeed, for both HP and SC samples, the crystallites' thickness seems to be approximately twice the mean radius of the polydisperse spheres (H ≈ 2 R) and the intercrystallites distance is consistent with the width of the square-well potential (d

	∆ρ 2 N (PTHF/a-PBT) ∆ρ 2 N (PTHF/c-PBT) ∆ρ 2 N (a-PBT/c-PBT) [cm -4 ] [cm -4 ] [cm -4 ]
	3.36 10 20	4.12 10 20	3.84 10 18
	A.6		

* ≈ Well width × 2 R).

Table A .

 A 

9: Crystallites' thickness H and long-period d * estimated by AFM (average values and standard deviations).

Table A .

 A 10: Storage modulus fitting parameters related to Equation (A.3) and Figure A.12. Inverse characteristic time of the exponential modes are obtained from Equation (A.4).°C] [kPa] [MPa] [-] [min -n 1 ] [min -1 ] [MPa] [-] [min -n 1 ]A.10 Evolution of loss modulus during isothermal time sweepsFor the sake of completeness, we provide in Figure A.13, G (t) data corresponding to the Figure 4.2.

	Sample T iso ∆T	A 0	A 1	n 1	k 1	t -1 1,1/2	A 2	n 2	k 2	t -1 2,1/2
	[-]	[°C] [[min -1 ]
	HS30	100	8.0	2.9	10 1.8 10 -6	0.28	-	-	-	-
		110	6.0	2.2	5.3 1.3 10 -4	0.20	-	-	-	-
		120	6.0	1.9	3.9 2.0 10 -4	0.13	-	-	-	-
		130	3.5	1.4	3.7 3.6 10 -5 0.069	-	-	-	-
		140	2.0	1.0	3.0 2.4 10 -5 0.033	-	-	-	-
		150	1.7	4.5	3.0 8.2 10 -6 0.023	-	-	-	-
		155	1.0	26	1.7 6.9 10 -5 0.0048	-	-	-	-
	HS40	135	120	0.43	4.2 6.8 10 -5	0.11	3.1	3.9 1.5 10 -3	0.21
		145	5.0	3.0	3.0 6.2 10 -4	0.10	2.0	2.7 1.8 10 -1	0.60
		150	20	3.1	2.8 3.2 10 -4 0.065	1.9	2.7 5.6 10 -2	0.43
		160	8.0	2.3	3.0 2.7 10 -5 0.034	1.7	3.0 6.9 10 -3	0.22
		170	1.0	1.7	3.0 9.0 10 -7 0.011	0.11	2.2 1.8 10 -3	0.067
		175	0.5	0.71	3.0 9.5 10 -7 0.011	0.22	2.1 1.8 10 -3	0.058
		180	0.3	0.32	3.0 2.5 10 -8 0.0033	22	0.8 1.2 10 -6 6.2 10 -8
	HS65	170	100	12	2.7 1.5 10 -2	0.24	-	-	-	-
		175	80	8.7	2.9 3.3 10 -3	0.16	-	-	-	-
		180	2.0	3.0	3.1 3.3 10 -4 0.085	-	-	-	-
		185	1.1	4.6	3.8 7.9 10 -6 0.050	-	-	-	-
		190	0.72	3.3	4.5 1.6 10 -8 0.020	-	-	-	-

Table A .

 A 11: Characteristic systems dimensions: box length, end-to-end distance R 2 1/2 and long period between crystallites d * . atT = 4 u /k B at T = 4 u /k B at T = 1 u /k B at T = 1 u /k B

	System d [σ u ] Box length R 2 1/2 Box length [σ u ] [σ u ] [σ u ]
	Pentablocks:				
	SS5	51.2	17.9	46	25
	SS10	55.0	19.9	50	27
	SS19	60.9	22.2	54	29
	SS38	70.4	26.5	63	31.8
	SS57	77.9	31.6	69	32.1
	SS76	84.3	34.3	74	34.0
	SS114	94.4	40.9	84	32.3
	Dumbbells:				
	SS5	48.4	16.6	44	-
	SS10	49.9	17.2	45	-
	SS19	52.3	18.3	47	-
	SS38	56.9	19.9	51	32.8
	SS57	60.9	22.3	54	33.1
	SS76	64.5	24.4	58	35.0
	SS114	70.4	27.9	63	35.5
	Homopolymer:				
	Neat HS100	62.2	25.2	-	-
	Neat HS42	46.8	15.8	-	-
	Neat SS100	60.5	19.7	-	-

* 

Table A .

 A 12: Number and sizes of crystallites for each copolymer system at T = 1 ε u /k B . Crystallite sizes are calculated as the number of beads (being HS or SS) belonging to the same crystalline cluster.

	System	Number of	Mean crystallite
		crystallites [-]	size [-]
	Pentablocks:		
	SS5	8	1516
	SS10	6	2109
	SS19	11	1379
	SS38	9	2200
	SS57	15	1568
	SS76	18	1551
	SS76 replicated	110	2125
	SS114	21	1709
	Dumbbells:		
	SS5	3	3951
	SS10	5	2492
	SS19	3	4440
	SS38	5	3121
	SS57	5	3477
	SS76	3	6634
	SS114	3	7622
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