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SHORT SUMMARY

Elastic properties are of fundamental importance for a material. With the
combination of picosecond laser ultrasonic and Brillouin light scattering techniques, we
measured sound velocities in various magnetron-sputtering-deposited thin films including
epitaxial binary and ternary transition metal nitrides (7aN, TiN, ZrN, Ti;Zr:N),
polycrystalline high entropy alloys or multicomponent transition metal alloys
((CoCrCuFeNi)<(Al,Nb)x), and their nitrogen interstitial alloys (CoCr(Cu,Mn)FeNiNy).
The longitudinal and shear sound velocities (7, and Vr respectively) are correlated to the
effective elastic constants through (Cs3) = pV?, and (C44) = pV?r. On the other hand,
Density functional theory (DFT) based ab-initio calculations were performed to provide

single crystal elastic constants w/o considering vacancies.

It was found that for the epitaxial binary and ternary nitrides, vacancies play a
huge role on elastic properties especially in the case of 7a/N. While in the case of TiN,
ZrN and Ti;.xZr:N, the influence of vacancies is smaller but still noticeable. In the case of
polycrystalline multicomponent alloys and interstitial alloys, the sound velocities and
effective elastic constants were found to be associated to chemical alloying (A4/, Nb and N)
effects, phase transitions (FCC, BCC and amorphous), textures and porosity changes. The
elastic modulus agrees to nanoindentation modulus E;r. The overall agreement between
our elastic property measurements and DFT calculations were reached. Besides, DFT

calculations also provided valuable insights into structural properties and phase stability.

Additionally, we studied structural and mechanical (including elastic) properties

of a bulk CoCrCuFeNi as a reference to thin film properties. With the CoCrCuFeNi films



on a flexible Kapton® substrate, we performed tensile tests and studied fracture
properties of thin films, as a preliminary work to further link thin film elasticity to

plasticity.

Keywords: Thin film, epitaxial, polycrystalline, sound velocity, elastic constant,
transition metal nitride, multicomponent alloy, interstitial alloy, point defects,
microstructure, porosity, texture, Brillouin light scattering, picosecond laser ultrasonic,
nanoindentation, mechanical property, flexible substrate, fracture toughness, crack and

buckle, ab-initio, DFT.



RESUME

Les propriétés élastiques sont d'une importance fondamentale pour un matériau.
Avec la combinaison des techniques acoustique picoseconde et de la diffusion Brillouin,
nous avons mesuré les vitesses du son et constantes €lastiques dans divers films minces
déposés par pulvérisation magnétron, y compris des nitrures de métaux de transition,
binaires et ternaires épitaxiés (7aN, TiN, ZrN, Ti;..Zr:N), des alliages polycristallins a
haute entropie ((CoCrCuFeNi)ix(Al, Nb)y), et leurs alliages de nitrure interstitiels
(CoCr(Cu,Mn)FeNiNy). D’autre part, des calculs ab-initio basés sur la théorie de la
fonctionnelle de la densité (DFT) ont été effectués pour fournir des constantes €lastiques

monocristallines avec considération de lacunes.

Il a été constaté que pour les nitrures binaires et ternaires, les lacunes jouent un
role énorme sur les propriétés ¢élastiques, en particulier dans le cas de TaN. Alors que
dans le cas de TiN, ZrN et Ti;xZr:N, I'influence des lacunes est moindre mais reste
perceptible. Dans le cas des alliages polycristallins a plusieurs composants et des alliages
interstitiels, les vitesses du son et les constantes €lastiques effectives sont associées a des
effets de composition chimique (4/, Nb et N), a des transitions de phase (FCC, BCC et
amorphe), et des changements de textures et de porosité. Le module élastique correspond
au module de nanoindentation E;r. La concordance globale entre nos mesures de
propriétés €lastiques et les calculs DFT a été atteinte. En outre, DFT ont également fourni
des informations précieuses sur les propriétés structurelles et la stabilité des phases

observées.



De plus, nous avons étudi¢ les propriétés structurelles et mécaniques d'un
CoCrCuFeNi massif servant de référence pour comparer aux propriétés des films minces.
Avec les films CoCrCuFeNi sur Kapton®, nous avons étudié¢ les propriétés de rupture
des films minces, en tant que travail préliminaire pour relier ultérieurement 1’¢élasticité

des films minces a leur plasticité.

Mots-clés: film mince, épitaxie, polycristallin, vitesse du son, constantes
¢lastiques, nitrure de métal de transition, alliages multicomposants, alliages interstitiel,
défauts ponctuels, microstructure, porosité, texture, diffusion Brillouin, acoustique
picoseconde, nanoindentation, propriétés mécaniques, substrat flexible, fissure et cloque,

ab-initio, DFT.
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LONG SUMMARY

Kinetically limited low temperature physical-vapor-deposited thin films usually
exhibit 2 issues 1) unavoidable lattice defects such as interstitials or vacancies due to the
non-equilibrium process, 2) microstructural characters including varying grain shapes (V-
shape columns, spheroids) and sizes, pronounced crystallographic textures, porosity,
residual stress depending on deposition parameters and inherent (oxygen) impurities as
well as thickness of films. Such structural and microstructural issues can influence many
properties of a material, e.g. the formation energy, phase, lattice parameter, mass density,
elasticity, hardness, etc. The purpose of this work is to study structural and mechanical
(elastic) properties of several kinds of deposited thin films (mainly nitrides) with such
issues by various experimental techniques together with computational calculations based
on density functional theory (DFT). Well-defined ground state properties (F, a, p) and
single-crystal elastic constants Cj; were calculated accurately from first-principles within
DFT. The calculations were done either with the supercell method considering different
defects and their concentrations as well as ordering/disordering by VASP, or with
coherent potential approximations (CPA) implemented in EMTO, for a systematic
comparison to experiments. We used non-conventional but state-of-the-art optoacoustic
experiments, namely, the Brillouin light scattering (BLS) and the picosecond laser
ultrasonic (PLU) techniques to accurately and selectively measure shear (V7) and

longitudinal (77) sound velocities in various single crystalline or polycrystalline thin

films, and their vertical shear (C4s = pV?r) and longitudinal (Cs; = pV?;) elastic constants.

Complementarily, we performed nanoindentation tests to evaluate hardness and compare
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the indentation test elastic modulus Eir to the one deduced from the combination of BLS
and PLU. Attempts were also made to link elasticity to plasticity by simple criteria such
as the shear modulus (G = Cy44) over bulk modulus (B) Pugh’s ratio k£ = G/B and Cauchy
pressure p = C;2-Cyy, from which brittleness or ductile behavior and bonds directionality

can be assessed.

Metallic and nitride thin films materials were deposited by DC non-reactive and
reactive magnetron sputtering in Ar and 47/N:plasma discharge, respectively. The crystal
structure, lattice parameter, texture, mass density, porosity and film thickness were
carefully characterized by x-ray diffraction (XRD) together with x-ray reflectivity (XRR).
Mechanical profilometry was also used to measure the thickness. Chemical analysis was
done by EDS in combination with WDS which was specifically used to determine

contents of the light elements (N & O).

First, we considered available epitaxial single crystal early transition metal
nitrides (TiN, ZrN, TiZrN, TaN) close to stoichiometry elaborated by Pr. G. Abadias
(Institut PPRIME, @Poitiers University) on MgO susbtrates and polycrystalline
multicomponent metallic alloys (4/(CoCrCuFeNi) .. and Nbx(CoCrCuFeNi);x, 0 <x <
25 at. %) elaborated by Dr. B. Braeckman and Pr. D. Depla (DRAFT group @Gent
University) on silicon substrates. Note in the Ilatter case, FCC->BCC and
BCC->amorphous phase transitions were induced by Al and Nb chemical alloying to the
base FCC CoCrCuFeNi HEA, respectively. Specifically, A/ addition leads to porous films,

which further increased the complexity of the analysis.



Epitaxial films permit a direct comparison of measured elastic properties to the
DFT predicted ones. For “simple” epitaxial nitrides films with 77 and Zr metals from
group IVB (four common valence electrons [Ar] 3d® 4s), period IV (first period with d-
block elements) and period V (same general structure as IV), respectively, metal
vacancies defects are energetically favored and showed a moderate influence on the
structural and elastic properties when compared to our DFT predictions. In case of
ternary alloys 7ixZr;.xN, we introduced a three-dimensional representation of the energies
of removing 7i and Zr atoms as a function of numbers of Zr atoms in the first (n;5) and
second (n2,4) neighboring shells and predicted the metal atom vacancy formation energy
AEF(Nys¢, Nona) and AEZFC(nyg, Nypg) in arbitrary local chemical environments. More
stable 77 and Zr mono-vacancy having lower energy are expected for the rich-Zr solid
solution at a position where the 1%-shell and the 2"%-shell are rich in Zr and Ti,
respectively. The lattice parameter decreased more in the presence of metal vacancies
than for nitrogen ones. Single crystal Cys elastic constant is increasing while Cj; is
decreasing with both metal and nitrogen vacancy concentration increasing, enabling a
better comparison to experiments. Similar tendencies were observed in the case of cubic
TaN from group VB (five common valence electrons, /Xe] 4f'¢ 5d° 6s°) and period VI
(first period with f-block elements). Metal and nitrogen vacancies or Schottky defects are
energetically favored, inducing a few percent difference for the lattice parameter while a
huge difference of C;; (-27 %) and Cyss (+180 %) elastic constants between the theoretical
defects-free and 10 % defected crystal ones. By comparing, we concluded that our 7aN

(nearly stoichiometric) should contain ~10 % Schottky defects (to ensure stoichiometry)
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in order to obtain a satisfactory agreement with the measured sound velocities (77 and Vr)

and single crystal elastic constants (C;;, Ci2 and Cya).

Available (CoCrCuFeNi) «(Nbx, Al thin films were deposited by magnetron
sputtering at Ghent University using compacted powders targets, in the DRAFT group of
Prof. D. Depla during the PhD work of B. Braeckman. By varying the AIl/Nb
concentration, phase transitions were observed as well as crystallographic texture
changes. By adding A4/, an FCC to BCC phase transition took place at ~20 at. % A/
addition, while for Nb alloying, an FCC to amorphous transition happened at ~15 at. %.
Besides the occurrence of phase transitions, in the case of A/ alloying, films were
meanwhile porous which also plays a role in material properties. DFT calculations were
not only able to capture all phase transitions from energetics, but also provided good
predictions of structural (lattice parameter and mass density) and elastic properties
modifications as a function of 4//Nb concentration. Single crystal elastic properties were
simulated and used as input parameters in a micro-mechanical self-consistent model
which takes into account the crystallographic textures and porosity of the films and
produces effective elastic constants to compare to our optoacoustic measurements.
EMTO-CPA was used due to its superior efficiency (accuracy and computing time) for
calculating multicomponent metallic alloys. As a comparison, we performed more
accurate VASP calculations combined with SQS to evaluate the influence of local lattice
distortion, or atomic relaxation which is absent in EMTO calculations. VASP AIMD
calculations were carried out for the amorphous phase at the highest concentration ~20

at. % Nb and ~25 at. % Al.



Prior to deal with MCA films, we characterized thermal, electrical, structural and-
mechanical properties at different scales, of CoCrCuFeNi bulk HEA elaborated by arc-
melting, as a reference for later comparison to films properties. Several samples of 1”” and
2” in diameter, and 3 mm thick from the same ingot were synthesized by Pr. L-M Dong
and co-workers at Institute of Metal Research (Shenyang, China). The samples were used
as targets for later deposition of our films in order to compare to those previously
elaborated films from a composite target made of compacted powders. Ab-initio
simulations (EMTO-CPA and VASP-SQS) of structural and elastic properties were
conducted on this CoCrCuFeNi base HEA, accounting for FM or PM magnetic state.
Note that, experimentally, we identified a PM state from vibrating sample magnetometer
measurements (VSM) at room temperature (20°C) for the bulk and films deposited on
silicon while a FM state for films deposited on Kapton. Nevertheless, we found only a
little influence of the magnetic state on the lattice parameter and elastic constants, while a
systematic stiffening of elastic constants is provided by EMTO-CPA in comparison with

VASP-SQS.

Secondly, more complex multicomponent metal nitrides CoCr(Cu,Mn)FeNiN,
films with nitrogen concentration as high as 40 at. % were also elaborated with
R. Dedoncker and Pr. D. Depla (@Gent University) through reactive magnetron
sputtering using the solid CoCrCuFeNi target and a composite CoCrMnFeNi. The
depositions were done in a newly designed high vacuum chamber in order to control the
influence of oxygen impurities. Films with different nitrogen content were deposited by
varying the nitrogen partial pressure Rx = pno/(pn2tpar). We investigated the influence of

replacing Cu by Mn on forming high entropy alloy nitrides and their properties, and how
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nitrogen filled the empty interstitial sites (octahedral or tetrahedral) in the initial FCC-
lattice, and finally transformed to a rocksalt B1-structure. A modification of texture from
(111) to (001) was observed at the early stage of nitrogen insertion. Lattice parameter and
mass density were continuously increasing and decreasing, respectively. A deviation
between measured and DFT calculated lattice parameter was observed above ~10 at. % N
and was correlated with a jump of Csy, which is increasing and decreasing as a function
of nitrogen content, for CoCrCuFeNi-N, and CoCrMnFeNi-Ny, respectively, as measured

by BLS.

From DFT calculations, with such techniques as VASP-AIMD, SQS and the
EMTO-CPA approach to simulate randomness of chemical elements and point-defects,
we were able to evaluate metal vacancy, nitrogen vacancy and interstitials, and (4/, Nb, N)
alloying effects on formation energy, structural, phase transitions and elastic properties
for all materials. A good agreement can be obtained by considering the existence of point
defects (vacancy and interstitial) and microstructural parameters (texture and porosity) in
our theoretical self-consistent calculations. We emphasis the strong influence of both
metal and nitrogen vacancies on the elastic properties of 7aN films (+180 % for Cy4y) with
opposite trend for Cs and Cs3, underlying in this thesis, and also the efficiency of
optoacoustic techniques as performant tools to study thin film elasticity and improve the

presently scarce data.

A final case of growth of multicomponent metallic alloys, i.e., the FCC
CoCrCuFeNi polycrystalline films elaborated on a flexible Kapton® substrate was
considered at the end of this thesis, taking the opportunity of recent developments of

micro-tensile tests coupled to a large view-field Keyence confocal microscope. It enabled

6



us performing tensile tests, observing the surface changes (cracks and buckles on-set

appearances, cracks density, morphology of buckles) as a function of the deformation (up
to 15 %) and film’s thicknesses (20 - 400 nm). We derived their fracture toughness Kic,
increasing from ~5 to 22 MPa.\/m with the grain size (20 - 50 nm), from the analysis of
the modification of the crack density vs. the film thickness. The model took into account
the variation of the measured residual stress vs. the film thickness. CoCrCuFeNi is found
more brittle than its bulk counterpart, suggesting a significant role of its specific

nanostructure.

Keywords: First-principles, metallic and nitride thin films, multicomponent alloys, point
defects, porosity, Brillouin light scattering, Picosecond laser ultrasonic, nanoindentation,
elastic constants, tensile tests, flexible substrate, fracture toughness, buckles, AIMD,

VASP-SQS, EMTO-CPA






Chapter 1: Introduction, state-of-the-art and objectives

CHAPTER 1. INTRODUCTION, STATE-OF-THE-ART AND

OBJECTIVES

1.1 Introduction and organization of the manuscript

In this thesis, we aimed to study structural and mechanical properties of transition
metals nitrides (TMN) films with increasing complexity, both experimentally and
theoretically, starting from “simple” epitaxial binary early transition metals nitrides (7iN,
ZrN and TaN) and their pseudo-binary solid solutions (7ixZr;.«N,). This initial stage was
motivated by a running Material-Eranet project between France (Pr. G. Abadias,
PPRIME Institute and Pr. Ph. Djemia, LSPM), Luxemburg (Dr. D. Dudday, LIST) and
Sweden (Pr. M. Oden, Dr. F. Tasnadi, Link6ping university and Dr. M. Johansson, Seco
Tools company), named MC2 (Multi-scale computational design of novel hard
nanostructured coatings). The goal of the MC2 (2013-2017) project was a systematic
development of new fundamental (basic) and technological (applied) concepts for the
design of novel hard multi-component nitride coatings. It suggested a research strategy
that goes beyond the standard combinatorial investigation by implementing a property
(elasticity, hardness, toughness, wear-resistance) oriented multi-scale data mining and
computational driven design of coatings. We were supposed to contribute to the
theoretical ab initio study of point-defects influences on structural and elastic properties
(Cy) of nitrides coatings. The initiative also entails C;; data-mining from measurements on
many binary epitaxial films (7iN, ZrN, CrN, VN, NbN, TaN and MoN) and ternary or

quaternary polycrystalline ones (7iZrN, TaZrN, TiTaN, TiAIN and TiAlZrN), provided by
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the picosecond laser ultrasonic (PLU) and Brillouin light scattering (BLS) techniques [1-
4]. Hence, many experimental data belonging to either epitaxial or polycrystalline films
were available at the beginning of this thesis (Nov. 2015), but with several issues when

they were compared to ab-initio computational ones of defects-free structures.

() (b)

(c) (d)

Figure 1.1 — Initial comparison between experimental and computational DFT of
defect-free TiN, ZrN, NbN and TaN epitaxial films (a) Lattice parameter form

XRD, (b) mass density from XRR, (¢) c11 elastic constant from PLU, (d) cy elastic
constant from BLS.
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The goal is to provide explanations for the observed differences on the lattice
parameter, the mass density and the elastic constants (see Figure 1.1), dealing with real

lattice having defects.

In the continuity of this project, the final stage of the thesis was the investigation
of a new class of polycrystalline films of materials with a distinct design strategy, made
of multicomponent metallic alloys (MCAs) based on the two famous metallic high
entropy alloys (HEAs): (i) CoCrCuFeNi and (ii) CoCrMnFeNi. Different from
conventional alloys that are typically designed with one or two principal elements, MCAs
are composed of more than five principal elements, with maximum entropy for
equiatomic concentration of elements forming HEAs. First, we studied the bulk
polycrystalline CoCrCuFeNi elaborated by arc-melting by our Chinese colleagues at the
Institute of Metals Research (Pr. L-M Dong and Pr. Q-M. Hu, Shenyang) to get some
reference bulk properties and later comparing to films properties. Another challenge was
to probe mechanical and thermal properties of individual grain that could be directly
compared to ab initio simulations. This bulk material will be used also as a solid HEA
target for thin films deposition in addition to composite powder targets[5]. Influence of
the addition of a 6™ element on the formation of (Nb, Al) substitutional alloys or
interstitial alloys films (nitrogen) and their properties, is investigated both experimentally
and computationally by first-principles methods. This study was possible thanks to a
newly established collaboration with Pr. D. Depla (DRAFT group, Gent University) who
is currently designing metallic [5-9], nitrides [10] and oxides [11] HEAs films using DC
magnetron sputtering of composite compacted powders targets. Two Belgium PhD

students were particularly involved in this story: R. Dedoncker and Dr. B. Braeckman.

3



Chapter 1: Introduction, state-of-the-art and objectives

This common interest was of great support to this thesis, sharing elaboration of samples-

and many results on their structural and physical properties.

Thin film materials obtained from PVD process may grow on different substrates
(silicon, W-C steel, flexible polymers, sapphire, magnesium oxide, silicon oxide, ..)
depending on the applications, and usually exhibit imperfections due to limited kinetics,
1.e., most commonly, large amount of point defects like interstitials or vacancies with
deviation from stoichiometry, varying grain shapes (V-shape column or spheroid) and
size (nm-pm) or amorphous (no grains), pronounced crystallographic textures as well as
porosity and some inherent oxygen impurities. The applications range from tribological
thick coatings for wear and cutting tools industry (Sandvik & Seco Tools), to thinner
optical films for glass windows industry (St Gobain), ophthalmic optics (Essilor), flexible
microelectronic (Samsung). In all cases, the goal is a homogeneous coating with defined
stoichiometry, controlled microstructure and internal stresses. For such applications,
knowledge of effective elastic properties of poly(nano)crystalline or amorphous materials

is mandatory but most of time only partially identified.

Lattice defects and microstructures can influence many material properties
including the ground state energy F' (phase stability), structural (lattice parameter a, mass
density p), mechanical (hardness, strength, fracture toughness, dislocation mobility,
residual stresses, elasticity, etc.), but also functional properties (electrical and thermal
conductivity, magnetism, etc.) by very different amounts. Specifically, we focus on
ground state properties (F, a, p) and single-crystal elastic constants Cj; are well defined

and can be calculated accurately from first principles within the electronic density
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functional theory (DFT), using in this thesis work two well-known programs: the Vienna
atomistic simulation package (VASP) [12, 13] and the Exact Muffin-Tin Orbitals (EMTO)
method [14, 15]. In case of random solid solutions, VASP is used in combination to the
special quasi-random structures (SQS) to build supercells [16] while EMTO is employing
the coherent potential approximation (CPA) [17, 18] to mimic efficiently the randomness
of atoms and defects positions. In the specific case of amorphous phase, ab initio
molecular dynamics (AIMD) can be employed [19-22], but moderately in our case as it is
highly computational demanding and our computational resources limited (MAGI cluster
with 50 nodes, 2000 CPU). Elasticity can be used to correlate to many other material
properties, for example, hardness[23], plasticity, by simple relations such as the shear
modulus (G) over bulk modulus (B) Pugh’s ratio £ = G/B, from which brittleness or
ductile behavior can be assessed [24]. Cauchy pressure p = Ci2- Cy4 can also help to
identify bonds type, covalent if p <0 and metallic if p >0, following Pettifor criterion

[25].

Beyond the chemical and structural characterization techniques of our films, we
used non-conventional but state-of-the-art optoacoustic experiments [4], namely, the
Brillouin light scattering (BLS) and the picosecond laser ultrasonic techniques (PLU) to
measure shear (V7) and longitudinal (77) sound velocities in various single crystalline or
polycrystalline thin films, and their out-of-plane shear (Cy« = pV?7) and longitudinal (Cs;
= pl?;) elastic constants. Complementary, we performed more widely employed

nanoindentation tests to evaluate hardness and compare the indentation test elastic

modulus Et to the one derived from BLS and PLU.
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Our motivations are the study of structural and elastic properties and their
simultaneous comparisons to first-principles DFT-based simulations, of “simple” and
complex alloys: modifying the shape/size (thin film vs. bulk materials), deposition
parameters, and solid target vs. powder target. We can compare to existing data of the
materials (bulk and films) from the literature, as well as providing some new ones. The
physical trends related to the chemistry, phase stability, electronic structures, atomic size

mismatch, defects concentration, and porosity can be captured.

There are very scarce elastic properties of high entropy alloys in the literature,
most of them being devoted to the bulk materials. Some are even found to be
contradictory with ab initio simulations. Only a few experimental techniques are well
adapted to the study of elastic properties of thin films and coatings, offering good enough
evaluations for comparison with density functional theory ones for which accuracy better
than 10 % is expected. We can more easily deal with the transformation from micro-scale
(a single grain) properties to macro-scale (polycrystalline) ones using a pertinent
micromechanical model, if intra-granular or single crystal properties of a single phase are
known from experiments and/or DFT simulations. This is the case of single crystal elastic
constants and effective averages for polycrystalline defect-free and defected materials,
taking into account preferential or isotropic crystallographic orientations and porosity. A
simple micromechanical model such as Hill approach [26] can be used for non-porous
materials, while a more complex one based on a self-consistent elastic constants

averaging [27] is mandatory in the case of porous ones.
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The manuscript is organised as follow: in this chapter I, we present the current

state-of-the-art of transition metal nitride films and multicomponent alloys.

In chapter 2, we begin with an introduction to the methods that will be used for
energetics, structural and elastic properties calculations. The methods include density
functional theory, ab initio molecular dynamics, design of a supercell that mimics the
randomness of atomic positions and a micro-mechanical model to link single crystalline
to polycrystalline elastic properties. Then, we recall the fundamentals of the

characterization techniques, the chemical and structural properties of the studied samples.

First results and discussion on elastic properties from “simple” binary (7iN, ZrN

and TaN) and pseudo-ternary (TiN-ZrN) epitaxial films are provided in chapter 3.

Before the investigation of the complex multicomponent nitrides, we discuss in
chapter 4 and chapter 5 the results on the mechanical properties of bulk CoCrCuFeNi
and (CoCrCuFeNi)x(Nbx, Al thin films. A particular effort is done to characterize intra-
granular properties of the polycrystalline bulk material to provide equivalent single
crystalline information and the influence of magnetic ordering is discussed in case of
DFT simulations for the bulk CoCrCuFeNi. A first comparison between EMTO-CPA and
VASP-SQS methods for high entropy alloys is done for (CoCrCuFeNi);«(Nbx, Al), with

the purpose to evaluate the atomic relaxation effects on energetics and elastic constants.

Chapter 6 is dedicated to the comparison of structural and mechanical properties
from DFT (phase stability, structural, sound velocities and elastic properties) and
experiments (XRD, XRR, BLS, PLU and nanoindentation) of CoCr(Cu, Mn)FeNiN

nitride films.
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As an illustration of some of the perspectives, in chapter 7, we studied the
fracture toughness (Kjc) of the films with an additional experiment: in-situ coupled
confocal microscopy and tensile tests of CoCrCuFeNi metallic films deposited on
Kapton® substrates with varying thicknesses, hence their brittleness/ductility assessment.
This last technique could help us in the future, to correlate the elastic properties of the

films to their plastic properties.
The conclusions and more perspectives are given in chapter 8.

There is one appendix that summarized the ordered structures of 7a.N, and the

design of defected supercells, as a supplement to chapter 3.

4



Chapter 1: Introduction, state-of-the-art and objectives

1.2 Current state-of the-art of nitride coatings and films

1.2.1 From binary to quaternary alloys

Hard TMN coatings define a class of materials where fundamental microscopic
understanding combined with operational testing has become a fruitful approach in
improving industrial efficiency. Computational simulations [20] could predict general
design routes to improve the thermal stability of hard coatings, for example 7iA/N alloyed
with CrN [28]. However, a challenging task is to elucidate the stress state [29, 30],
toughness [31] and related elastic behaviour of hard ceramic coatings [32], as they are
key indicators in wear performance of cutting tools [33, 34]. Many MeN; thin films,
where Me is an early transition metal belonging to group 4 to group 6, crystallize in their
cubic, Bl-rocksalt structure (space group of Fm3m symmetry) and exist in a large
compositional field, covering both under- and over-stoichiometric compositions. As far
as the mechanical properties are concerned, MeN; thin films of group 5 (VN, NbN, TaN)
and group 6 (CrN, MoN and WN) have recently being the subject of active investigations
because they offer improved ductility compared to inherently brittle group 4 TiN or ZrN
coatings, while retaining a high hardness [31, 35-41]. Thus, alloy design strategies based
on the formation of metastable, cubic multicomponent 7MN solid solutions by
incorporation of group-5 or group-6 metals, or tailoring of interfaces in superlattices,
have been proposed for toughness enhancement [4, 31, 42-50]. Such toughening has been
predicted to be originating from an increase in valence electron concentration [31, 36, 51],

and was confirmed experimentally in a few systems either from a direct observation of
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nanoindentation imprints [38, 52], improvement in the hardness over Young’s modulus

(H/E) ratio [37, 47, 49] or assessment of their elastic constants [4, 31, 45].

Of particular interest is the cubic &-7aN compound, which exhibits the highest
hardness (30-33 GPa) among TMN binaries [53-55]. However, there exists a large
discrepancy in the literature regarding phase stability, lattice parameters and mechanical
properties of polycrystalline 7aN, thin films. For instance, published values of the lattice
parameter range from 4.33 to 4.42 A depending certainly on the residual stress and
defects concentration. We reported in Ref. [2], shear modulus values ranging from 95 to
257 GPa for sputter-deposited TaN films depending on the Ar working pressure. A large
spread in hardness values, from 25 to 42 GPa, is also noticed for polycrystalline 7aN.
layers [53]. This is likely related to the fact that the Ta-N system is inherently complex as
exhibiting a large variety of stable and metastable phases [56, 57]. Therefore, the
mechanical behavior of polycrystalline 7aN; films is anticipated to be extremely sensitive
to the growth conditions which affect chemical and phase compositions, as well as
microstructures. Besides, the elastic properties are expected to be crystal-orientation and
phase dependent, based on ab initio calculations of single-crystal elastic constants of
o—TaN compound [2, 35, 45, 51] and other non-cubic TaN phases [58]. This motivates
the need for further investigations of the structure and elastic properties of well-

characterized single-phase 7aN layers.

The TaN compound (1:1 stoichiometry) exists in three stable forms, depending on
temperature and pressure conditions [56, 59]. The hexagonal &phase (space group of

P62m) is found to be most stable at room temperature [60], closely followed by the 0-

10



Chapter 1: Introduction, state-of-the-art and objectives

phase (space group of P6m2, WC-type) observed at high pressure [61]. The &TaN
compound with cubic symmetry (space group of Fm3m, NaCl-type) is typically stabilized
at high temperatures. This cubic phase is highly anisotropic (Zener anisotropy ratio ~0.20
[2, 35]) and can support a large density of vacancies up to 20%. Using DFT Kim et al.
[59] calculated the electronic and structural properties of these three stoichiometric
tantalum mononitride phases. Interestingly, they first reported that the cubic 6-TaN phase
undergoes a spontaneous distortion into a tetragonal structure (0-TaN, space group of
P4/nmm), with a reduced metal interatomic distance, dr,-7, by as much as 0.155 A in the
plane normal to the c-axis (ab-plane). This was attributed to a Jahn—Teller type distortion
that lifts degeneracy at the Fermi level. The electronic structures indicate that the largest
carrier density, hence the highest electronic conductivity, is expected for o-TaN. Very
recent simulations and experimental studies of binary nitrides have focused on the
stability and the influence of point-defects on their structural and mechanical properties
resulting to a deviation from stoichiometry. In Ref. [62], the authors did a very detailed
DFT investigation focusing on the role of metal and nitrogen vacancies with different
level of ordering/disordering, on the modification of the lattice parameter in 7aN and
MoN cubic structures. They showed that the ordering/disordering of point-defects has a
significant influence in MoN but is very limited in case TaN. Furthermore, they found
again the new 7TaN tetragonal phase (P4/nmm, #129) having lower formation energy than
its cubic counterpart and dynamically stable [63]. Balasubramanian et al. [64]
demonstrated that both under-stoichiometric (x < /) and over-stoichiometric (x > /) TaN,
compositions are due to relatively low vacancy formation energies of ~0 and -3.4

eV/defect for N and Ta, respectively, indicating that both metal and nitrogen vacancies
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become thermodynamically stable at zero temperature. On the other hand, nitrogen and

metal interstitials in tetragonal and 111- or 110-split configurations are unstable, as well
as all antisite defects which possess high positive formation energies and are unlikely to
form for groups 3 to 6 nitrides. Koutna er al. [62, 63] also predicted that sub-

stoichiometric &-TaN, structures are more stable, with Tap7sN (~11% Ta vacancies)

having the lowest formation energy of —2.1 eV/(fu.). The formation energy can be
considerably decreased even when keeping the 1:1 metal-to-nitrogen stoichiometry, by
introducing Schottky (metal + nitrogen vacancy pair) defects. Such a configuration is
practically undetectable by conventional tools used for chemical analysis. Structures
containing Schottky defects yield smaller lattice constant [62] and hence may contribute
to explain the relatively large scatter of experimental data. Additionally, the stability of
each defect type in MeN, compounds is predicted to depend on the thermodynamic
conditions (/N> partial pressure and deposition temperature) [64] as other gas [65] and can

be merely neglected for solid elements.

Figure 1.2 — Schematic of the methodology employed in Ref. [66] for modelling of
metal vacancy in TipsAly.sN ternary alloy.
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The situation is more complex in case ternary or higher TMN alloys (see Figure
1.2). Non-equilibrium vacancy formation energies in ternary solid solution TigsAlosN
have been computationally investigated in Ref. [66]. Tasnadi et al. proposed a
computational technique to study non-equilibrium vacancies in metastable alloys. In
contrast to equilibrium materials, calculation of the energy of removing an alloying atom
requires a finite size configurational correction and the vacancy formation energy in
metastable alloys is defined up to an arbitrary constant. They argue that in non-
equilibrium alloys no statistical considerations are required and there is a distribution of
the vacancy formation energy with large variation. Using cluster expansion, they
demonstrated the major importance of the first two metallic coordination shells. They
introduced a three-dimensional representation of the energies of removing 7i and A/
atoms as a function of number of A/ atoms (n;sx, n2.q4) in the two first neighboring shells
and predicted the metal atom vacancy formation energy in arbitrary local chemical
environments. Neglecting the interactions between the vacant sites and assuming their
simultaneous occurrence, it was extracted information about the energy cost of a vacancy
concentration in metastable alloys. Conclusion was that in metastable disordered alloys,
vacancies should occur in local environments that correspond to the lowest formation
energies rather than distributed statistically. This interesting methodology will be applied
to our TMN ternary alloy case for three compositions Tip.25Zro.7sN, TiosZrosN and
Tio.75Zro.2sN for discussion of metals and nitrogen vacancy stability and their influence on
elastic properties. In our case, due to a limited available computational resources (we are

sharing MAGI cluster of the university: ~ 50 nodes, 2000 cores), a lower size of SQS
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supercell is used (64 atoms) comparing to their supercell (208 atoms) that may induce a-

non-negligible chemical concentration correction after a monovacancy appearance.

From the literature survey outlined above, it is clear that point defects decisively
affect the compositional variations and structural parameters in many Bl-rocksalt
structure MeN, and other ternary TMN compounds, especially for group 4-6 nitrides.
However, their impact on the elastic properties remains to date mostly unexplored in
detail. In this work, we contribute to address this issue by combining experimental
assessment and DFT-based calculations of the elastic constants of epitaxial cubic binary
TaNx, TiN., ZrN, and ternary Ti;xZriN, solid solution layers with different
crystallographic orientations. We systematically study the influence of vacancies on the
phase stability, the structural, the sound velocities and the elastic properties of various
MeyN, compounds over a wide range of defect concentration (up to x,y=0.40). We
specifically discuss the case of Schottky pair as a defect structure consisting of one
nitrogen and one metal vacancy in case 7aN. Its formation or annihilation does not affect
the overall composition and should be considered because our produced 7aN films were
found to be nearly stoichiometric but with high electrical resistivity revealing the

existence of defects.

Computational treatment of elastic properties of disordered solid solutions for
coatings has been developed this last decade [20], with modelling elasticity of disordered

alloys with distinct short- and long-range configuration (clustering vs. ordering) [67, 68].

Several binary MeN, systems (Me = Ti, Nb, V, W, Mo, Hf) have been investigated [69-71].

The advanced Brillouin light scattering (BLS) technique has been successfully applied to

determine elastic properties of several TMN alloys [1, 2, 4, 71-73] with simultaneous
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DFT simulations. In some of these works as in many others, various numerical averaging
methods [26, 27, 68] could be applied to describe the effective elastic properties of the
polycrystalline material. Several studies [38, 41, 54, 55, 69, 71, 73-77] were dealing with
epitaxial films avoiding the influence of crystallographic orientations distribution on the
resulting averaged elastic properties, being strongly influenced by elastic anisotropy
defined by the Zener ratio 4 = 2c44/ (c11- c12) for cubic symmetry. Only two similar
approach to our, were conducted using PLU and BLS, measuring sound velocities of a
longitudinal bulk wave and of the Rayleigh surface acoustic wave on VN films grew on
MgO substrates [55] with (001), (011) and (111) orientations and on
MoN(001)/MgO(001) films [71]. The set of (C;;, Ci2 and Cyy) three independent single
crystal elastic constants of cubic VN, was successfully measured and (C;;, Cy4) in case

MoN,.

The complex relationship between microstructure (spinodal decomposition),
hardness and wear performance is uncovered and thus not yet utilized. The age hardening
and strain evolution of Ti4IN during spinodal decomposition have been investigated
using both advanced electron microscopy [78] and atom probe tomography [79]. In
TiAIN/TiN multilayers, the beneficial role of interfaces [34] on thermal decomposition
and related machining performance has been recently evidenced, driving further studies
on microstructural design-based approaches. Complimentary mesoscopic phase-field
simulations [80, 81] have underlined the relation between microstructure/hardness and
elasticity [82]. This clearly indicates the possibility to improve the wear performance of

cutting tools by engineering elasticity. The high cutting temperature (high industrial

speed, efficiency, more cutting) is expected to change drastically the elasticity of coatings.
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Extending the -current-state-of-art computational methods with the inclusion of
temperature using ab-initio molecular dynamics (AIMD) calculations [83, 84] is an
unambiguous challenge for the design of next generation of hard coatings. This out the

scope of this thesis.

We first go through the research of elastic properties on simple transition metal
nitrides: binary 7aN, TiN, ZrN and TiZrN ternary and second, on complex metallic alloys
and their nitrides, from the literature and our own films’ growth, including all the above
aspects. In case of bulk cast or sintered CoCrCuFeNi, the influence of adding A/ or Nb

has been investigated in Refs. [85, 86] while nitrogen alloying in Ref. [87].

1.3 Increasing the number of elements in the metallic alloys: MCAs and HEAs

This specific work on multicomponent alloys (MCAs) is related to “Physical
Metallurgy”, which seems important to recall its meanings from Ref. [88, 89] and
introducing our objectives. What is physical metallurgy? 1t is a science focusing on the
relationships among composition, processing, crystal structure, and microstructure, and
physical and mechanical properties [90, 91]. Figure 1.3 shows the straightforward
correlation. Composition and processing determine the structure and microstructure,
which in turn determine the properties. The relationships in the first stage are
thermodynamics, kinetics, and deformation theory. The relationships in the second stage
are solid-state physics, strengthening, toughening, fatigue, creep, wear mechanisms, etc.
Therefore, an understanding of physical metallurgy is very helpful to control and improve
materials. The progress of physical metallurgy has occurred over 100 years and the

underlying principles were thought to have become mature [91]. However, the progress is
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based on the observations on conventional alloys. As compositions of MCAs are entirely-

different from that of conventional alloys, physical metallurgy principles might need to
be modified or explored. This work will be a contribution to this issue, in particular for

the case of thin films and coatings, still not well explored.

HEAs (see recent review of Ref.

[92] are defined as solid solution alloys

containing more than five principal

elements in equal or near equal atomic

Figure 1.3 — Physical metallurgy scheme  percent. For standard alloys, the solid-
in standards metallic alloys, general

features. solution phase is based on one element,

which is called the solvent, and contains

other minor elements, which are called the solutes. In HEAs, it is very difficult to

differentiate the solvent from the solute because of their equimolar portions. Being

different from the conventional alloys, compositions in HEAs are complex due to the

near equimolar concentration of each component. Yeh [93] summarized mainly four core

effects for HEAs, that are: (i) for thermodynamics, they have high-entropy effects; (ii) for

kinetics, they have sluggish diffusion; (iii) for structures, they have severe lattice

distortion; and (iv) for properties, they have cocktail effects.
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Figure 1.4 (from Ref.
[89]) shows the influence
positions of these four core
effects in the scheme of physical
metallurgy for HEAs. Then,
every aspect of  physical
Figure 1.4 — Specific features influenced by four
cores effects of HEAs. Figures are from Ref.  metallurgy needs to be rechecked
89].
> through the four core effects of
HEAs, and the four core effects are helpful in understanding the physical metallurgy of
HEAs. It can be expected that when the physical metallurgy from conventional alloys to

HEAs is built, the whole understanding of the alloy world becomes realized. We will

discuss these four core effects influence separately.

Many researchers reported that the multi-principal-element alloys can only form
simple phases of body-centered-cubic (BCC) or face-centered-cubic (FCC) solid
solutions, and the number of phases formed is much fewer than the maximum number of
phases that the Gibbs phase rule allows [94]. For a systematic discussion of structural
stability of simple solid solution HEA, several empirical parameters widely used
nowadays have been defined. Most often two or more parameters can be used to build
parametric models to better assess their stability. The majority of these parameters are
based on the mixing enthalpy (AH,,;,) and atomic size difference () concepts [95]. It
was originally identified by Yang et al. [96] and recently reaffirmed by Gao et al. [97]
that high entropy solid solution formation is expected for mixing-tendency parameter

> ].1 and atomic size difference 6 < 6 %. Valence electron concentration (VEC)
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concept is also used to evaluate their phase stability type of HEA [97, 98], FCC (VEC >
7.8) or BCC (VEC < 6). Similarity of the electronic structures of atoms of constitutive
elements can also be captured by the Pauling and Allen electronegativity difference [99].
Nonetheless, near-zero mixing enthalpy and small atomic size difference can only be the
necessary conditions and not the sufficient ones for a simple HEA solid solution
formation, as several incorrect predictions exist and necessitate additional specific phase
formation criterions [100]. Another empirical method was recently developed, based on
the calculated theoretical elastic-strain energy [101], to predict the phase formation and
its stability for complex concentrated alloys. The “elastic-strain ensergy vs. valence-
electron concentration” criterion showed an improved ability to distinguish between
single-phase solid solutions, and mixtures of solid solutions and intermetallic phases.
Furthermore, Kube et al. [102] performed important data mining and revealed that HEAs
with increasing atomic size difference prefer BCC structure over FCC. Not suggested by
the Hume-Rothery rules [103], this preference originates from the ability of the BCC
structure to accommodate a large atomic size difference with lower strain energy penalty

which can be practically only realized in High Entropy Alloys.

The superior properties exhibited by HEAs over conventional alloys, along with
the huge number of possible compositions that may give new phenomena and functional
uses, makes HEAs of great interest not only from a research perspective but also in
numerous industrial applications. They exhibit high ultimate tensile strength and
reasonable ductility. These excellent properties remain up to 800 K or higher for some
refractory HEAs, which makes them ideal candidates for applications at some extreme

environmental engineering such as nuclear, turbine, and aerospace industries. They are
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also potential candidates for high temperature electronic [104], magnetic [105],
anticorrosion [106], and wear-resistant [107] applications. Many of these properties arise
out of their unique structural feature, a multicomponent solid solution (cocktail effects, iv

core effect).

For refractories HEAs (WNbMoTa, WNbMoTaV), microhardness tests show solid-
solution strengthening [108]. Their single phase BCC structure remains stable at
temperature as high as 1400°C with excellent compression yield strength of 405-477
MPa and good ductility. Senkov also developed notable low density refractory HEAs
including NbTiVZr, CrNbTiZr, and CrNbTiVZr having densities 6.3-6.7 g/cm’. In the
temperature range 298-1273 K, some of the alloys can endure 50% compressive strain
without fracturing. In the Cr containing alloys, the ductility at room temperature are
somewhat low, while at elevated temperatures the ductility are remarkably high. In
addition, the specific strength of CrNbTiVZr alloys is far superior to that of superalloys. It
is believed that with further modifying the composition and microstructure, this alloy will

have better combination of strength and ductility.

Due to sluggish diffusion (ii core effect) effect and second phase strengthening,
HEAs might exhibit high strength at elevated temperatures. For example,
AlCoy.1CrFeMoy sNi shows a hardness of 347 HV at 1273K, which is higher than that of
Ni-based superalloys IN718/IN718H by 220 HV [109]. These alloys also possess a less
negative value of softening coefficient at high temperature regime compared to the same

superalloys.
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In HfNbTaTiZr synthesized by arc melting [110, 111], the yield strength was
shown to be 929 MPa, with a deformation in compression up to 50% strain without any
sign of fracture. Twins and flow lines were observed during deformation. Unlike most
BCC alloys and BCC intermetallics phases which are brittle and tend to fracture by
cleavage, this alloy provides a good basis for developing ductile high strength BCC

alloys by composition tailoring.

Many studies on HEAs are focused on the relationships between microstructure
and mechanical properties whereas a few investigations are reported on the functional
Pphysical properties of these alloys. These include behavior of HEAs as diffusion barrier,
hydrophobic surface [112], electrical, thermal, magnetic [104], hydrogen storage,
irradiation resistance, and catalytic materials. Lattice distortion (iii core effect) has
effects on the thermal and the electrical properties. The distortion can cause severe
scattering of electrons and hence a reduction in electron conductivity. This in turn can
decrease the electron contribution of thermal conductivity. The distorted lattice also has
an effect on phonon properties, i.e., this distortion scatters more phonons, resulting in a
decrease in thermal conductivity. But this kind of transport properties is quite
temperature insensitive comparing with conventional alloys. It might be due to the atomic

vibration effect that is relatively small comparing to lattice distortion.

Mechanical properties are of the main concern for the HEAs as structural
materials. Nevertheless, only a few efforts have been devoted to measure the elastic
modulus of HEAs and even less for thin films. The experimental techniques used for bulk
materials are resonant ultrasound spectroscopy (RUS) in the case of CrCoFeMnNi at

cryogenic temperature [113], dynamical mechanical analysis (DMA) as a function of
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temperature [114], standard pulse echo ultrasound combined with Brillouin light

scattering for TiZrHfTaNb at room temperature [111]. In recently years, a few ab initio
calculations based on DFT have been applied to predict the mechanical properties (such
as ideal strength and elastic modulus) of HEAs. The main first-principles methods
employed was exact muffin-tin orbital (EMTO) [14, 115] in combination with coherent
potential approximation (CPA) and the Vienna ab initio simulation package (VASP) in
combination with the standard quasirandom structure (SQS) method [16, 116], that
facilitates the description of the atomic randomness of the HEAs disordered solid
solutions. Niu ef al. [115] have systematically studied the high entropy alloy NiFeCrCo
in the range of near-equal atomic concentrations, i.e., 10-40 at.%, by first-principles,
finding a good agreement when comparing both simulations approach. In the
CoCrMnFeNi case, experimental Young’s modulus and shear modulus compared
reasonably with estimations based on DFT calculations using EMTO [117] and average
elastic properties of the polycrystalline substance. The numerical errors of the bulk
modulus, Young’s modulus, and shear modulus are no more than 15%. However, such
experimental data are still scattered and suffer from large uncertainties if measured from
stress-strain slope in the elastic regime of mechanical tests using bulk samples. Indeed, it
is particularly surprising that for CoCrCuFeNi, simulated Young’s modulus of 234 GPa
[118] is about four times larger than 55.6 GPa found in compression test experiments
[119]. For CoCrCuFeNiTi. (x=0.5 and 1.0) alloys, the Young’s modulus is about twice of

that from experiment.

The significant scattering of the experimental elastic modulus and the large

discrepancy between experimental measurements and simulations indicate that the
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reliability of either the experimental measurements and/or the theoretical predictions is-

questionable in some cases. The accuracies of both the experimental measurements and
theoretical predictions have to be carefully checked and improved in order to obtain
reasonable and reliable elastic modulus. This particular point is important if we aim to
relate elastic properties to plastic properties. Also, this can justify studying the same
material but varying the elaboration process (bulk or films processes), the chemical

contents and thus the resulting microstructure.

One core effect for HEAs is that their mechanical properties are adjustable in a
wide range upon the changing of compositions and number of constitutive elements
(cocktail effects core iv). For the conventional one-element principal alloys, the principal
element dominates the mechanical properties, e.g., the Young’s modulus E of Fe-based
alloys is about 200 GPa, that of Ti-based alloys is approximately 110 GPa, and that of A/-
based alloys is about 75 GPa. In contrast, for HEAs, the mechanical properties can be
very different from any of the constituent elements in the alloys. For example, Wang et al.
[120] reported that Young’s modulus £ of the CoCrFeNiCuAlyps HEA is about 24.5 GPa,
which is much lower than the modulus of any of the constituent elements in the alloy.
Therefore, it is of fundamental interest to explore the relationship between the elastic
properties of HEAs and their constituent elements as exampled using the CALPHAD
model [121, 122]. With such relationship, one may try to predict more or less accurately
the properties of HEAs according to the known properties of their unary and binary
constituent elements. While this methodology is more sophisticated than the simplest

widely employed one, that uses the weighted properties, it can suffer from some
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discrepancy to predict the behavior of specific alloys and has to be checked when it is

possible.

Understanding of deformation mechanism underlying mechanical properties is
important if one want to identify the links and the relationships between the elastic and
plastic properties. For the conventional alloys with regular crystal lattice, the plastic
deformation is governed by the slip of dislocations or twinning, whereas for the
amorphous alloys without regular crystal lattice, shear-transition-zone [123] was
proposed. The lattice structure of HEAs is in between conventional and amorphous alloys,
1.e., having regular crystal lattice but with severe lattice distortion. Therefore, it was
believed that the plastic mechanism is in between the conventional and amorphous alloys,
as well. However, although tremendous efforts have been made to measure their
mechanical properties, very less is known about the details of the underlying mechanisms.
Generalized stacking fault energy (GSFE) is one of the most important quantities relevant
to the deformation mechanisms. GSFE treated within the semi-discrete variational
Peierls-Nabarror model provides insights into the dislocation behavior, e.g., critical shear
(Peierls) stress, dislocation core energy, dislocation displacement density [124, 125].
These properties dominate the dislocation movement, then the mechanical properties.
Nowadays, ab initio calculated GSFE has been widely used to understand the mechanical
properties of metals. But, although the stable stacking fault energies of some HEAs (e.g.
CoCrMnFeNi) have been calculated by using EMTO-CPA [126] or VASP-SQS method
[127] showing that SFE decreases with the number of components., GSFEs of HEAs

remain untouched.
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Many efforts have been devoted to the investigations of phase stability of the
HEAs as the mechanical properties of HEAs are highly pertinent to the microstructure
(i.e. FCC are more ductile than BCC for example). Experiments have demonstrated that
the FCC-structured HEAs exhibit low strength and high plasticity, while the BCC-
structured HEAs show high strength and low plasticity at room temperature. Therefore,
proper phase design is crucial to the control of the mechanical properties of HEAs to
satisty different applications. It has been noticed that the phase stability of HEAs may be
roughly judged with the valence electron concentration (VEC), i.e., the FCC phase is
stable with VEC > 8§ whereas the BCC one is stable with VEC < 6. This empirical rule
indicates that the phase stability is physically controlled by the binding between the
atoms at electronic structure level. Therefore, a detailed analysis based on the electronic

structures of HEAS is highly desirable to provide more insight into the phase stability.

Concerning the thermodynamics, it was believed that the mixing entropy [128]
contributes to the stability of the HEAs as single phase solid solution. However, recent
finite-temperature ab initio calculations showed that entropy beyond the configurational
one determines the phase stability of HEAs such as CoCrMnFeNi. The electronic,
magnetic, and vibrational entropies cause strong effects on the stability difference

between different phases [129].

Since HEAs contain 5 or 6 different elements with significant atomic size
mismatch, they suffer from severe lattice distortion. The lattice distortion, as one of the
core effects for HEAs, affects the mechanical properties such as hardness and strength
through heavy solid solution hardening. For example, the lattice distortion was believed

to contribute to the high strength of BCC HEAs. However, it is still unclear why FCC
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HEAs, where the severe lattice distortion is present as well, have low strength, in contrast

to that of BCC HEAs. Room temperature XRD measurements demonstrated that, pure Vi,
low entropy binary CoNi, medium entropy ternary CoFeNi, quaternary CoCrFeNi, and
HEA CoCrMnFeNi, remains FCC solid solutions. The XRD peak intensities lowered
with increasing number of elements due to the increasing diffuse scattering induced by
the lattice distortion. Yeh [89] suggested that the lattice distortion is ascribed not only to
the atomic size mismatch but also the crystal structure difference and bonding strength
difference. Obviously, a full understanding of the severe lattice distortion requires
fundamental knowledge at electronic structure level which can be obtained through ab

initio calculations.

EMTO-CPA method as one of main tools has been employed to investigate the
phase stability, elastic modulus, and ideal strength of HEAs as random solid solutions.
However, since the site-site approximation is adopted in EMTO-CPA, this method fails
to take into account the lattice distortion, as relaxation of atoms is not allowed. Another
technique to treat the random solid solution is the special quasi-random structure (SQS)
method that has been widely employed in the firstly discussed hard coatings TMN alloys.

The idea of SQS is to construct a special supercell of which the atomic correlation

functions mimic those of the physically most relevant ones of the perfectly random alloys.

Within the supercell, the atomic positions may be relaxed through minimizing the
interatomic Hellmann—Feynman forces [116] during the ab initio calculations such that
the local lattice distortion effect induced by alloying atoms is taken into account. This is
the main advantage of SQS over CPA [115]. However, the size of the supercells needed

for multi-components alloys such as HEAs might eventually become of limiting factor
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for the SQS approach. When using SQS to model HEAs, the supercell size must be

carefully checked in order to ensure reasonable outputs.

1.4 High entropy alloys nitrides (HEANs)

In comparison to metals and alloys, nitrides can have higher wear, corrosion and
oxidation resistance, higher strength, melting point, hardness, which still holds true for
HEAs. In case of N-free HEAs, high hardness was only reported for refractory high
entropy alloys [130]. Although CoCrNi-based series of alloys exhibit exceptional
mechanical properties, for instance, Gludovatz et al. [113] reported CoCrMnFeNi has
plane-strain fracture toughness exceeding 200 MPa/m? and a tensile strength larger than
1 GPa, the reported yield strength is relatively low, which is below 200 MPa at RT
[131](grain size 50-155 um). Besides, CoCrMnFeNi and related FCC based HEA suffer
from low hardness and low wear resistance [132, 133], which certainly prohibits its
tribological applications. The average micro-hardness of CoCrMnFeNi coating prepared
by laser cladding [134] is 360 HV(... With the application of plasma nitriding, Nishimoto
[135] succeeded to produce a 50 um-thick nitride layer onto a bulk CoCrMnFeNi with a
hardness of 1300 HV. The nitride layer has a single Bl phase at low nitriding

temperatures and the N concentration reached 30 - 40 at. %.

On the other hand, small amount of nitrogen addition leads to interstitial
hardening, which has been used to strengthen many conventional materials [136].
Strengthening examples on HEAs are very limited in this case with N alloying. Only
Moravcik and co-workers [137] have reported on N strengthening of CoCrMnFeNi and

no significant strengthening effects was found except a slight increase of hardness.
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However, significant strengthening effect has been found in 7iZrHfNb doped with 2 at. %

of oxygen [138] which exhibits an increased tensile strength of 48 % and the ductility
was substantially improved by 95%. The enhanced strength is due to the formation of
ordered interstitial oxygen complexes changing the dislocation shear mode from planar to
wavy slip and promote double cross-slip and thus dislocation multiplication through the
formation of Frank-Read source during deformation. Besides, there are other interstitial
strengthening examples with metalloid elements which show enhanced mechanical

properties by alloying of boron [139] and carbon [140-142].

Further interstitial alloying beyond the solubility limit promotes the formation of
interstitial compounds phase. For example, nitrides will be formed at high nitrogen
concentrations. In contrast to the binary and ternary transition metal nitrides, which has
been widely used as hard coating materials in industry and intensively studied in

academy, less is known about such HEA nitrides.

For HEANs, many works have convinced the formation of an FCC single solution
phase. In the systematic work [10, 143] dealing with progressively increased N/O
concentrations, the XRD patterns show gradually increase of the lattice constant, while
the structure maintains cubic from FCC metal to B1 nitride. No abrupt change of lattice
parameter as a function of N content was observed. This finding suggests the high
solubility of N/O in CoCrCuFeNi HEA. Besides, no formation of a second phase was
reported. The nitrides were stable as a single-phase solid solution in the whole N/O
concentration range. The stability of the single phase HEAN is due to entropy
stabilization in analogy to HEAO. Roster et al. [144] found that single-phase solid

solution oxide can be formed from non-isostructural oxides (MgO, CoO, NiO, CuO and
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ZnQ0) even with a positive mixing enthalpy (0.1 eV/atom). Many other works reported the”
formation of the single phase Bl HEAN, e.g., RF magnetron sputtered AICrNbSiTiV-N
[145], AICrTaTiZr-N [146], AIMoNbSiTaTiVZr-N [147], AICrNbSiTi-N [148], DC
magnetron sputtered FeCoNiCrCuAlMn-N and FeCoNiCrCuAlps-N (41 at. % N
maximum solubility) [149], AICrMnMoNiZrB-N [150], CoCrCuFeNi-N [10], as well as
cathodic arc deposited AITiVNbCr-N [151]. Regarding the structure of high entropy
carbides, TiZrNbHfTa-C solid solution [152] prepared by DC magnetron sputtering were

also found to have FCC phase.

Table 1.1- Hardness of various HEAN found from available literatures.

Materials H Ref.
AlCrTaTiZrN 32 [146]
TiHfZrVNbN 44 [153]
66 [154]
TiZrNbHfTaN 32
TiZrNbHfTa 5 [152]
AICrNbSiTiN 36 [148]
TiAICrSiVN 30 [155]
AICrMoSiTiN 35 [156]
AIMoNbSiTaTiVZrN 35 [147]
AICrNbSiTiVN 41 [157]
CrTaTiVZrN 36 [158]
TiVCrZrHfN 48 [159]
AICrMnMoNiZrBN 10- [150]
AICrFeNiTiN 21 [160]
CoCrCuFeNiN 10- [149]
CoCrCuFeNiN 15 [10]
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Hardness is the most commonly studied mechanical properties for HEAN because

high hardness can be easily achieved. We provide in Table 1.1, a list of the published
work on HEAN and their reported hardness. Elements forming HEANs can be divided
into nitride-forming elements (such as A/, Cr, V, Ti, Ta, Zr, Nb, Mo and Hf) and non-
nitride forming elements (such as Mn, Co, Ni, Fe and Cu) as summarized in [161]. It can
be seen from the Table 1.1 that high hardness can be obtained for HEAN without non-
nitride forming elements. The two prototypes under study in this thesis, 1.e., CoCrCuFeNi
and CoCrMnFeNi, belong to the type where high hardness should not be anticipated form
their nitrides. Hardness close to ~15 GPa is expected, higher than that of hardened steel
~10 GPa, but lower than for ceramics ~20 - 30 GPa and superhard materials > 40 GPa.
However, there is not enough research on these materials yet, from both theoretical and

experimental parts.

Computational research is rare in the case of high entropy nitrides due to very
limited knowledge on HEAN. Yalamanchili [151] calculated the formation energy of the
stoichiometric A/TiVNbCrN by DFT, they found a positive enthalpy relative to their
parent binaries. Experimentally, it decomposed to wurtzite-4/N and cubic-7iVNbCrN,
suggesting the AITiVNbCr-N is a metastable HEAN. Apart from this, no more literature
of theoretical investigations on HEAN can be found, making this type of material quite
mysterious. In this context, we aim to provide systematic studies on HEAN with the
support of atomic scale modelling. CoCrCuFeNi and CoCrMnFeNi were chosen because
they are the HEA prototypes which have been widely studied although not true for their
nitrides. Moreover, there is already one published work [10] on CoCrCuFeNi-N which
has provided many preliminary details on structures, sound velocities, effective elastic
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constants and hardness as a function of N alloying. We did the same depositions again of
CoCrCuFeNiN, varying the thickness, to cross check the results and diminish the
influence of oxygen impurities by using a solid target and a high-vacuum chamber with
DRAFT group in Gent University (R. Dedoncker & Pr. D. Depla). New CoCrMnFeNiN
films were deposited and studied following the same procedure to study the effect of Mn
by replacing Cu. Note, nitrogen has very small solubility in Cu system as shown in the
Cu-N phase diagram and electronegativity of Mn (1.55, close to 77 1.54) is lower than Cu

(1.90), which might affect the nitrides formation as well as mechanical properties.

In the work of CoCrCuFeNi-N [10], the evolution of mechanical properties
(elastic constants, Young’s modulus and nanohardness) are coupled with microstructural
(crystallographic orientations and grain size) changes and the variation of N content
simultaneously. Hence it is absolutely necessary to perform DFT calculations in order to
separate the chemical contribution from the contribution of microstructural part, namely

the orientation and porosity, to the change of mechanical property.

In doing theoretical calculations, we started with the assumption that N as a small
atom will fill the interstitial holes of the initial FCC metallic lattice. N contents were
progressively added until the formation of stoichiometric nitride. For non-stoichiometric
compounds, the N atoms were considered to be randomly distributed in the interstitial
area. Both types of interstitial holes namely, octahedral and tetrahedral ones, were studied
under DFT. In order to have a picture where the nitrogen prefers to sit, the formation
energy criteria was utilized to distinguish whether it is octahedral or tetrahedral. Besides,

the calculated lattice parameters and mass density were compared to XRD and XRR
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respectively. Single crystal elastic constants vs. N concentration were calculated and

compared to the ones measured by optoacoustic methods and nanoindentation.

1.5 Objectives

In this thesis, the structural and mechanical properties of “simples” binary, ternary
films, and of prototype HEAs and their nitrides will be measured by well adapted
techniques. It will be at different scale size, in the specific case of the base alloy
CoCrCuFeNi, thanks to the synthesis of bulk and films, with different microstructure
(grain size) and film thickness. Different chemical alloying (number of elements and
concentration) will be compared and differences will be discussed in regard to DFT
simulations. Influence of defects (metal and nitrogen vacancy) and different structures

(FCC and BCC or amorphous by alloying with Nb, A/ or N element) will be investigated.

Several experimental techniques in combination with computational methods will
be used for exploring the influence of defects, the different scale size and core HEAs
effects, from which, measured mechanical properties will be voluntary, complementary

or to be compared:

(/) The non-conventional Brillouin light scattering (BLS) and picosecond laser
ultrasonic (PLU), for accurate local raw measurements of sound velocities (VL and V')
from which Debye temperature (6p), heat capacity (C,) in the Debye model
approximation and isotropic elastic properties (Cj) or single crystalline elastic constants
(ci1, c12, c44) are calculated. New insight on the elastic and plastic relationship should be

provided. This is a unique combination for studying opaque thin films.
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(if) Nanoindentation for Young’s modulus (E£;r) and hardness (H), and direct

comparison to the existing data in literature as to our BLS and PLU results.

(iii) Tensile tests on films deposited on flexible Kapton substrate, for plastic
properties (stress-strain curves), using a DEBEN-micro tensile device for displacement
control and force gage measurements, in-situ with a KEYENCE confocal microscope for
cracks and buckle observations and later pictures analysis. Unfortunately, film’s strength

(oy) of the coating could not be determined by “subtraction” of the substrate contribution

in this case [162], our substrate being too thick (120 pm).

(iv) Additional functional/physical properties: thermal and electrical conductivity
and magnetic were investigated, respectively, by thermoreflectance, four probes tests,
vibrating sample magnetometer and ferromagnetic resonance. It should provide further
insights on the influence of core HEAs effects [163] but will not be fully discussed in this

manuscript.

(v) We check the reliability of DFT calculations on metallic HEAs
(CoCr(Cu,Mn)FeNi, (CoCrCuFeNi)«(Nbx, Aly) by performing both EMTO-CPA and
VASP-SQS calculations. The atomic position relaxation effect on elastic properties
which is missing in EMTO-CPA calculations is particularly evaluated using VASP-SQS.
As atomic position of nitrogen can be modified a lot during the relaxation, DFT
calculations on “simple” nitrides (7aNx, TiNx, ZrNx, Ti;xZr:N,) and complex HEANs

(CoCr(Cu,Mn)FeNiN, are performed exclusively with VASP-SQS.

By increasing the complexity of alloys, we want to study both experimentally and

by computational simulations, the relationship between the microstructure, the chemical
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composition, the grains size and the mechanical properties of bulk and films

multicomponent alloys (MCAs), in particular, equimolar high entropy alloys (HEAs),
either crystalline or amorphous. So far, the literatures of modeling and simulations on the
HEA films and coatings are limited. More investigations on the predictive computational
modeling of the HEA films and coatings need to be explored, which will help illuminate
the relationship among the preparation processes, microstructures, and properties [161].
Relationships between structural and thermo-mechanical properties remain not enough
documented for new materials such as high entropy alloys with an amorphous or a
crystalline state, even more for thin films and coatings materials and particularly for
elastic properties in comparison to plastic properties. Furthermore, nearly no data are
provided for this class of materials concerning physical properties such as thermal and

electrical conductivity, for design of thermal barrier and thermoelectric materials.

Prototype bulk and films HEAs starting with a single FCC crystalline phase solid
solution are selected: (i) starting from the base HEA alloys CoCr(Cu, Mn)FeNi (bulk and

film shape); and (ii) adding a 6™ element (Nb, 4/, N), two metals and one metalloid.

The role of key parameters such as chemical alloying (number of elements and
concentrations), crystalline or amorphous phase and size effects (grain size and film’s
thickness) is investigated thanks to their distinct influence on the different measured
properties. The influence of chemical composition on the structural stability and phase
transition is investigated and correlated to the change of lattice parameter, mass density,
sound velocities (V7 and V7) and elastic properties (Css3, Csy, H and Eir). A database
dedicated to the structural and all measured properties of binary and ternary nitrides,

HEAs and HEANSs is established both experimentally and theoretically by ab initio
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density functional theory calculations well suited for disordered solid solutions. We plan
to compare experimental results to simulations and to identify a mean for each selected
HEAs to correlate the influence of defects and the plastic behaviour to the elastic

properties.

LSPM (CNRS - Université Paris 13) and INSP (CNRS - Sorbonne Université),
DRAFT (Ghent University, Be) and the Institute of Metal Research (IMR, Chinese
Academy of Science), share their competences on synthesis, characterizations and

theoretical studies. IMR (Pr. L. Dong) elaborated several bulk CoCrCuFeNi by vacuum

arc melting that are used as consolidated targets for the deposit of coatings by DRAFT (R.

Dedoncker, C. H. Li and Pr. D. Depla). Collaborating with INSP, we characterized single
grains of bulk CoCrCuFeNi HEA and single crystalline or averaged elastic properties of
epitaxial or polycrystalline films by optoacoustic techniques (Pr. L. Belliard, B. Perrin,
Pr. D. Fournier, C. H. Li and E. Charron) while we did ab initio calculations for
comparison to experiments. Elastic properties characterization of single grain and
average properties are obtained thanks to original optoacoustic techniques at LSPM and
INSP: the Brillouin light scattering and the picosecond laser ultrasonic techniques. Both
surface and bulk acoustic waves can be measured in opaque materials by these local
probe techniques that are also well suited for thin films characterizations. Complementary
tests by nanoindentation (Dr. F. Tétard, LSPM) are also provided, as a comparison to a
more widely used technique in R&D Labs. Most of experiments are performed on films
deposited on silicon while tensile tests coupled to a confocal microscope are conducted
on flexible Kapton substrates (Pr. Faurie and C. H. Li, LSPM) in order to extract fracture

toughness and brittleness/ductility of the HEA films, to compare to their bulk
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counterparts whose microstructures and defects are necessarily different but with close

chemical composition, further evaluating the influence of scaling size on mechanical
properties. Uniaxial tension tests have the advantage of applying uniform stress and strain
fields to the specimen [164]. Such a feature makes it easy to employ and is the reason
why it is so widely used to determine mechanical properties at larger scale. However,
performing tension tests at micro/nanoscale or Lab-on-chip [165] is challenging because
of the difficulties in preparing free-standing and stress-free specimens. Furthermore, the
requirements for sample alignment, deflection and load measurements are stringent, and
in the case of brittle materials, fracture induced by specimen gripping may be an

additional problem.

Not discussed in this manuscript, thermal conductivity was measured by
photoreflectance at INSP (C. H. Li and Pr. D. Fournier), while electrical conductivity of
MCAs was measured at LSPM, by the four probes technique (C. H. Li). Collaborating
with our colleague (Dr. F. Zighem, C. H. Li, LSPM), magnetic properties (magnetic
anisotropy, magnetostriction and magnetization) of magnetic MCAs were also
investigated by ferromagnetic resonance (FMR) and vibrating sample magnetometer

(VSM).

DRAFT group (Pr. Diederik Depla, GHENT university) started to elaborate thin
films of metallic and nitrides HEA a few years ago [5-10, 143], with compacted powders

as a target for PVD, providing all the starting HEA films samples. Additional films of

CoCr(Cu, Mn)FeNiN were elaborated during a visit of C. H. Li in Gent during one month.

As in the case of “simple nitrides”, chemical analysis of nitrogen light element was

conducted by WDS and EDS at PPRIME Institute by Pr. G. Abadias.
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The main objectives of the thesis are as follows:

1. Obtain reliable structural and elastic properties of the “simple” binary and
ternary nitrides, HEAs and HEANSs alloys through both experimental measurements and
ab initio simulations; correlate the elastic and plastic properties of HEAs films. Identify

their relationship to address the cocktail effect and sluggish diffusion.

2. Determining the phase stability and thermodynamics of HEAs alloys by
comparing the experimental determined structural and ab initio predictions; find the
relationship between the phase stability and microstructure of the HEAs to that of the
constituent elements; build the connection between the microstructure and the mechanical

properties of HEAs (to address the high entropy effect).

3. Thermal and electrical functional properties in connection with the severe

lattice distortion effect, but not reported in this manuscript.

4. Explore the severe lattice distortion effects on the phase stability and elastic
properties through ab initio calculations; reveal how the lattice distortion affects the

mechanical properties of HEAs (Severe lattice distortion effect).
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Chapter 2: Methods and materials

CHAPTER 2. METHODS AND MATERIALS

This chapter describes the theoretical methods we used for prediction of
energetics of crystals and amorphous phases, structural and elastic properties, sound
velocities of the materials under study in this work, and the synthesis and characterization
techniques of thin films and of the bulk. The bulk (CoCrCuFeNi) is serving as reference
material for several structural and physical properties and a solid HEA target for further
metallic and nitrides film’s growth. The structural and chemical properties of our samples
are presented in this chapter and will be discussed later in more details with numerical

simulations and optoacoustic or nanoindentation experimental results.
2.1 Theoretical and numerical background

2.1.1 Density functional theory

An exact description of a system containing ions and interacting electrons is
inherently determined by quantum mechanics, and is simply based on the many body

Schrédinger equation:

AY = EY (2.1

¥ = ¥(ry,ry, ..., R, Ry, .. ; t) is the many body wave function, in which 7; and R;
denotes the coordinates of electrons and nucleus, respectively. The Hamiltonian H
contains the kinetic energy of electrons, nucleus, and the Coulomb interaction energy

among them.
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To simplify this situation with many kinds of interaction terms, we assume that
the electron which has much less mass than the nuclei, moves much faster than the nuclei
in space. This leads to the well-known Born-Oppenheimer approximation[166] which
states electrons stay in the ground state at any instant time of a given nucleus
configuration. Electronic structure calculations are generally done in the context of the
Born-Oppenheimer Approximation. For a given atomic configuration, where the ions are
at rest, we can further write down the Hamiltonian of the electrons neglecting the ionic
part,

Z 1 Z,e?
Zme 4‘7T60 2 |Tl — T]| 4‘7-’—-60 |T'l Rnl (23)

Vee eN

For systems with more electrons, the many body electron wave function cannot be
solved exactly due to the many body electron- electron interaction. Assumptions need be
used in order to solve the Schrodinger equation. The first is the Hartree approximation,
which assumes that the electrons were non-interacting particles. The Hartree
approximation indeed simplifies the many-body electron system into a single-particle

picture. However, in the Hartree equation, the potential term contains only the Coulomb
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repulsion between electrons which is not adequate to describe the many-body effects. The
fermion nature of electrons in the many body wavefunction was further considered later

in the Hartree-Fock approximation by introducing the exchange term.

Instead of dealing with the many-body Schrodinger equation directly, Hohenberg,
Kohn and Sham [167, 168] reformulate the Schrodinger equation to a density-based

equation, which has been called the density functional theory (DFT).
As the basis of DFT, the Hohenberg-Kohn theorems state that,

Theorem 1: the external potential, and hence the total energy is a unique functional

of the electron density.

Theorem 2: the ground-state can be solved variationally by minimizing the total

energy as a function of the electron density.

The Kohn-Sham ansatz replaces the interacting electrons in real potentials with
non-interacting auxiliary particles in an effective potential, assuming the ground state
density of interacting system is equal to that of some non-interacting soluble system. In
the Hamiltonian of the Kohn-Sham equation, the kinetic and potential part are all
represented as a functional of electron density. The exchange and correlation terms,
included in the effective potential of the Kohn-Sham equation, contains the effects of the
many-body character of the true electron system. This simplifies the many-body physics
to a one-particle picture. The solution to the Kohn-Sham equation is named Kohn-Sham

orbitals, can be solved iteratively.

(—%vz F Ve (1) + v (1) + vxcm) $:(r) = i (1) 24)
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Depending on the different choice of basis sets of the Kohn-Sham orbitals and

different forms of external potential, there are many methods or programs to electronic
structures. A short introduction will be given to two widely used packages, i.e. VASP and
EMTO, which are based on the augmented plane wave (APW) and muffin-tin orbitals

(MTO) respectively.

2.1.2  Exact Muffin-Tin Orbitals Method and coherent potential approximation

2.1.2.1 Exact-Muffin-Tin Orbital method (EMTQO)

EMTO [169, 170] uses atomic spheres approximation for solids, i.e., by
partitioning the cell into two regions basically, namely, the atomic spheres and the
interstitials between them. Inside the atomic sphere or hard sphere, where the potential is
strongly varying and similar to a free atom, the partial wave (PW) is chosen as the basis
of electron wave function as shown in Figure 2.1. Between the hard sphere and potential
sphere, where the potential is relatively smooth, screened spherical waves (SSW) is
chosen as the basis sets in the EMTO package. Additionally, a back-extrapolated partial
wave (BPW) is used to connect the PW and SSW between the hard sphere boundary and

potential sphere boundary, make the overall wave function continuous and derivable.

Kohn-Sham orbital can be written in the context of Muffin-Tin approximation as

LTJ}CQLL(E'rR) = Ngi(e)pr (€, 1R)Y,(Fr) + Y&, (1, 7R) + @F (€, 7)Y, (TR) (2.5)
PW SSwW BPW

Unlike pseudopotential-based methods which will be introduced in the next

section, in EMTO method, the core and semicore electrons can be included in the
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calculations. This can be important in high pressure physics where the core states may be

involved.

Figure 2.1 — Schematic illustration of the construction of Muffin-Tin orbitals

One of the advantages using the EMTO package, is its ability to deal with random
alloys with the application of coherent potential approximation (CPA) [171, 172] based

on Green’s function method.

2.1.2.2 Coherent potential approximation (CPA)

In disordered alloys where translational invariance is missing, coherent potential
approximation (CPA) replaces the actual environment seen by an electron, which is site
dependent in disordered systems, by an effective or site-independent coherent potential as
illustrated in Figure 2.2. Details can be found in several papers. This approximation
method makes it very efficient to calculate random alloy system. To use CPA, the
precondition requires that the elements need to have nearly the same bandwidth [173],
which is satisfied in CoCrCuFeNi(Al,Nb). Besides, CPA is also capable of modeling the

magnetic disorder within the disordered local magnetic moment (DLM) model [174].
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Figure 2.2 - Schematic illustration of the coherent potential approximation (above),
below is a supercell used to calculate random materials.

CPA assumes that atoms of the same type have the same effective potential,
whatever the chemical environment. Although CPA is effective in modelling alloys, it
neglects the local chemical environment of an atom. Consequently, CPA ignores the local
lattice distortion, which can lead to certain shortcomings especially when the atomic radii

mismatch is significant as will be discussed in chapter 5.

Apart from the one-site approximation, another choice is to use supercells as
shown in Figure 2.2, to treat the impurity problem. One can model paramagnetic (PM)
structure with randomly oriented magnetic moment on atoms, by building a supercell in
which random magnetic moment (orientation) is assigned for each atom. More
importantly, the supercell method can be used to model alloys composed of different
elements with the local chemical environment clearly defined unlike in CPA. The

calculation becomes expensive when a large cell is needed.

2.1.3  Vienna Ab initio Simulation Package and Special Quasi-random Structures

2.1.3.1 Projector-augmented-wave method (PAW)
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In VASP [12, 175, 176], the Kohn-Sham orbitals and electron density are

expressed in plane wave basis sets. So do the kinetic energy and the effective potential.
The interactions between the electrons and ions are described using norm-conserving or
ultra-soft pseudopotentials (PP) [177], or the projector-augmented-wave method (PAW)
[178]. PP can greatly increase the computational efficiency by neglecting the
core/semicore change. Inside the ion core region where all states are non-zero, the fast
oscillations of valence electron wave-functions due to the requirement of orthogonality to
core states rapidly increase the computational cost because a very large basis sets of plane
waves is required. PP arises from the fact that the core electrons do not participate in
bonding when forming molecules or solids so that the collective system of core and core
electrons can be replaced by a smooth potential (PP) which provides the same scattering
property to the valence electrons. However, the core states cannot be described correctly
within PP. Unlike PP, PAW is an all-electron wave-functions method. The oscillatory
core wave-functions are mapped with smooth auxiliary functions through transformation
by projector functions. The PAW methods can provide the same accuracy as other full

potential methods meanwhile maintaining relatively high efficiency.

2.1.3.2 Special Quasi-random Structures (SQS)

Instead of modelling an infinite random alloy which is not possible for DFT, one
seeks a small periodic supercell which shares the same radial correlation functions as true
random structures, namely special quasi-random structures (SQS) [179, 180]. SQS can
provide satisfactory material properties since they are determined by atoms and

correlations functions. SQS were generated using the Alloy Theoretic Automated Toolkit
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(ATAT) [181-183]in this work. The algorithm [181] is based on a Monte Carlo

simulation of an objective function that seeks to perfectly match the maximum number of

correlation functions.

In this work, SQS is used to model random distribution of elements as well as
vacancies. In chapter 3, SQS is used to model TaN and TiN-ZrN structures with random
distribution of metallic and nitrogen vacancies. For both systems we employed a cubic-
shape SQS supercell containing 64 lattice sites (32 cation sites + 32 anion sites) in total.
In the case of TaN, we have considered Ta vacancies or N vacancies or both at the same
time, namely Schottky vacancies. In the case of 7iZrN, SQS was used not only to model
the random vacancies but also to mimic the random distribution of 77 and Zr at cation
sites. The convergence test of this size was done by comparing the total energy and

output elastic constants to a larger cell with 96 lattice sites.

Later in chapter 4 and 5, we used SQS to model high entropy alloys, i.e.,
CoCrCuFeNi and (CoCrCuFeNi)«(Nbx, Aly). Comparing to EMTO calculations with
CPA approximations, the atomic relaxations can be considered in the SQS calculations,
giving opportunity to evaluate relaxation energy [184] and lattice distortion [185] as a
function of chemical content and to compare to a more simple approach which can
evaluate the elastic-strain energy [101] of MCAs. The SQS cell contains 64 atomic sites
for the (CoCrCuFeNi);.«(Nbx, Al with various (A/, Nb) concentrations, while for the
pure CoCrCuFeNi, we’ve used a slightly larger cell with 80 atomic sites. The
convergence test was done by comparing the output total energy and magnetic moments
to SQS supercells with 125 atoms. For elastic constants calculations, Niu [186] has

demonstrated that the size of the SQS supercells has minor influence on determining
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elastic constants of quaternary CoCrFeNi HEA by showing that supercells containing
only 24 atoms can provide comparable values to supercells containing 108 atoms. The
elastic constants are in fact more sensitive to the chemical induced anisotropy from the
limited size of the supercell, which can be further resolved by averaging relevant elastic
constants from different crystallographic orientations. We applied this strategy to provide

more reliable elastic constants at a limited computational cost.

In chapter 6 where we deal with CoCr(Cu, Mn)FeNiN; of various N concentrations,
we consider random distributions of metal atoms in a FCC lattice, and interstitial NV atoms
in an octahedral or tetrahedral interstice by designing different SQS supercells. The cell
contains 80 metallic as well as 80 octahedral/tetrahedral interstitial sites. Different SQSs
were generated representing various N concentrations (0-50 at. %). The convergence test
was done by comparing the output total energy and magnetic moment to larger SQS cells

with 250 atoms.

2.1.3.3 Local lattice distortion (LLD) and relaxation energy (AE,..) in MCAs from DFT

For MCAs, although all constitutional elements form together a uniform (FCC,
BCC or HCP) lattice macroscopically, at atomic scale, the crystals do not preserve
strictly the translational symmetry due to different atomic sizes and interatomic bonding
characters between different elements, leading to the lattice distortion effect (see Figure
2.3). As a feature of MCAs, local lattice distortion (LLD) is important as it relates to the
phase stability, structural and mechanical properties. It is defined as the average distance

between the ideal lattice sites and relaxed atomic positions:
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1 /
LLD = NZ \[(xi —xD?+ (i —y)? + (7 — 7))? (2.6)

with (x;, ¥;, ;) and (x;,y;, z;) being the unrelaxed and relaxed positions of atoms i in the

cell-coordinates and N is the total number of atoms in the supercell.

Figure 2.3- Schematic illustration of the local lattice distortion (LLD) for MCAs.
The

Relaxation energy (AE,) is the energy difference between the total energy of the
partially relaxed supercell, i.e., only the shape and size of the cell can relax, not the
atomic positions, and the fully relaxed supercell. It is a positive number and becomes

larger when the LLD is more severe.
AE, =E, . —E.- >0 (2.7)

where E, denotes the partially relaxed total energy and E, the totally relaxed energy.
Note that the relaxation energy term is not included in the method of EMTO-CPA
calculations. This will certainly cause errors in describing HEAs especially those

containing elements with large size mismatch which leads to more severe LLD, e.g.
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CoCrCuFeNi with the addition of 4/ or Nb, of which A/ or Nb has a significantly larger

atomic size.

2.1.4  Ab initio molecular dynamics (AIMD) for amorphous (CoCrCuFeNi) 1.x(Nbx,Aly)

The adiabatic approximation states that electrons stay in the ground state at any
instant time of a given nucleus configuration. Nucleus move on the ground state Born-
Oppenheimer potential energy surface. In this way, electrons and nucleus can be treated
together simultaneously. This is the idea of Born-Oppenheimer molecular dynamics,

which is implemented in VASP for AIMD calculations [176].

Figure 2.4 — The process to obtain the amorphous high entropy alloy.

Amorphous structures do not have translational symmetry as crystals. In chapter 5,
amorphous phase is formed when CoCrCuFeNi is heavily alloyed with Nb. To calculate
properties of amorphous materials, an amorphous structure is necessary as an initial input.
However, it is not straightforward to obtain an amorphous structure since it does not have
a well-defined unit cell as crystalline materials. The amorphous structure is usually

generated from MD/AIMD simulations. The idea is to play a fast quench from high
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temperature liquid phase to a temperature well below glass transition temperature. The-

procedure to get an amorphous (CoCrCuFeNi) 1.«(Nb,, Al,) is depicted in Figure 2.4.

Additionally, in order to discuss the structural properties of the amorphous phases,
ab initio molecular dynamics (AIMD) simulations were performed using the plane-wave
pseudo-potential as-implemented in VASP. The plane-wave cu-toff energy was set to

296 eV. The simulations were performed at the [’ point only and magnetism was not

considered during these AIMD simulations. We build three cubic supercells of 256 atoms
corresponding to the compositions of (CoCrCuFeNi)o.sooNbo.jor (10.1 at. % NbD),
(CoCrCuFeNi)o.s4Nbo.is (16.0 at. % Nb) and (CoCrCuFeNi)o.742Nbo.25s (25.8 at. % Nb)
and others for A/ alloying at higher concentration. AIMD simulations are performed
initially above the melting temperature, at 2000 K, using a Langevin thermostat in a
canonical ensemble (NPT). The duration of this simulation is 9 ps with a time step of 3 fs.
Then, it is followed by a cooling process where the temperature smoothly went down to
300 K within 3000 simulations steps in analogy to the real cooling process, but much
faster than in reality. A micro-canonical ensemble (NVE) is utilized for cooling. Finally,
we use again the NPT ensemble to equilibrate the final structures for 9 ps at 300 K that
allows the volume to change. Since the elastic properties vary slightly with temperature
within the interval 0-300 K, we calculate only the OK elastic constants of the amorphous
structures for the sake of saving computational costs. As for force calculations when
accuracy is needed, we consider magnetism (FM configuration) and employ a higher cut-
off energy of 500 eV. The formation energy is calculated also at 0 K for a better

comparison to other calculated crystalline structures.
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Figure 2.5 - Schematic illustration of the definition of the radial distribution
function (rdf) with the reference atom in the centre.

Radial distribution function (rdf) as illustrated in Figure 2.5 describes how
density varies as a function of distance () from a reference particle (i), with this
definition:

npair [l] . |4
v[i] Npair

g(rli]) = (2.8)

where 1,4 [i] is number of pairs in bin from r[i] to r[i + 1], v[i] is the volume of the
bin, Npg4;-is number of pairs, and V is the volume of simulation cell. RDF is a crucial
parameter because it reflects the interaction between different elements, which can be
further linked to microstructural and mechanical properties, e.g., the segregation of Cu in
CoCrCuFeNi can be understood from simulated RDF that the Cu-Cu pair correlation is
larger than pair correlation between Cu and other elements. Besides, RDF can provide

average interatomic distance, which can be compared directly to XRD.

Experimentally the average interatomic distance (D) of an amorphous phase, or
the average atomic radius (r) can be calculated based on the peak position of the broad
hump (principal diffraction peak) that appears in the x-ray diffraction pattern, using the
Ehrenfest equation [187]:
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1.231 = 4rsin(@) (2.9)

where A denotes the x-ray beam wavelength and € is the Bragg-diffraction angle. Then,

considering an FCC or a BCC lattice, an equivalent lattice parameter (av2=2D or av/3 =

2D) can be calculated from the average interatomic distance (D = 2r).

In this work, the atomic volume and mass density are extracted from the last 1000
frames of the trajectories in equilibrium. For elastic constants calculations, the
deformation matrix is the same as for the cubic crystalline materials which will be
discussed later in this chapter. For amorphous phases, they have only two independent

elastic constants, c¢;; and cyq.

2.1.5 Point-defects in lattices and formation energy

2.1.5.1 Point-defects

Point defect is a common type of defect in solids, usually referred to vacancies
and interstitials. In transition metal nitrides, a lot of attention has been paid to vacancies,
because they can be used to improve the performance of hard coatings by the

vacancy/interstitials hardening effect [188, 189].

We assume the vacancies and interstitials are randomly distributed in the
materials under study in this work. Under this assumption, we use SQS to model the
system with defects, e.g. TaN, TiN, ZrN, TiZrN with metal and N vacancies, and N
interstitials for CoCr(Mn,Cu)FeNiNy in a NaCl (octahedral interstitials sites) or ZnS

structure (tetrahedral interstitials sites).
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2.1.5.2 Formation energy of a crystal /

To compare various systems in terms of their thermodynamic stability, the

formation energy, E; was calculated as

1
Ef = m(Etot - Z ns.us) (2.10)

N

where Ey 1s the total energy of the supercell, ns and x4 are the number of atoms and the
chemical potential, respectively. Chemical potential was calculated from the most stable
bulk phase of the metal element in nature. In case of N, N> molecular was chosen as the

reference state. The reference energies used in this work are listed in Table 2.1.

Table 2.1 - DFT reference energies for VASP formation energy calculations in this
work

N Al Ti Zr Ta Nb Cr Mn Fe Co Ni Cu

Reference =~ N2 FCC HCP  HCP  BCC BCC BCC aoMn BCC HCP FCC FCC

state NM FM FM FM

Reference
energy -8.322 -3.738 -7.801 -8.52 -11.804 -10.212 -9.487 -8986 -8.237 -7.036 -5.468 -3.726

(eV/atom)

Balasubramaniana et al. [64] has recently calculated defect formation energy for
various binary transition metal nitride systems, they found the metal and N vacancy have
lower formation energy than other defects like antisite defects and interstitials in 7iN,

ZrN, and TaN. For this reason, we restrict ourselves to the possibility of metal or N
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vacancies and both in studying defects in simple binaries (including also ternary 7iZrN)

and their effects on elastic properties which will be presented later in Chapter 3.

In the case of high entropy alloy nitrides studied in Chapter 6, we start from N-
free alloy, increasing gradually the N content until the forming of stoichiometric nitrides.
The N atoms prefer to fill in the interstitial region because it has smaller radius

comparing to transition metals.

2.1.6 Elastic constants, sound velocities and homogenization methods

2.1.6.1 Elastic, acoustic and other related properties

A crystal with a cubic symmetry has three independent elastic constants (c;;, ci2

and c44) and the elements of the fourth rank elastic constant tensor (cjx) can be
conveniently stored in a 6x6 matrix (c;), below, considering the Voigt notations (/ =i if
i=jandJ=kif k=1 otherwise I = 9-(i+j) and J = 9-(k+])). c; will refer to the single
crystal elastic constants while C;; will later be referred to the effective polycrystalline

elastic constants.

€11 €12 €12 O
/C12 i1 €12 O
| 0
|l 0 0 0 «cy

\0000c4
0 0 0 0 0 cy

Elastic constants relate the stress tensor (y) to the strain tensor (&) by the Hooke

0
0
0
0
4

O O O OO

\.
| (2.11)
J

: au; = 9AU;
law (o= c.€) with gj = 1(& oYvj

E 6Xj axi

), U(U,,U,, Us) being the displacement vector and
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(x1, x2, x3) the Cartesian coordinates. Considering the above Voigt notations, it is

convenient to express the Hooke’s law with vectors (o, o2, 03, 04, 03, 05) and (&1, &, &,

&, &5, &) and Hooke’s law as follows:

01 €11 C12 C3 Cia €15 Ci6 &

02 Ciz Ca2 (23 Caa Cp5 Cyp &

93 | _ Ci3 €23 (33 C34 C35 C36 &3 2.12)
04 C14 Coa C3a4 Cus (45 Cye &4 ’

\05/ \015 C25 C35 C45 Css Cse/ \55/
Os Ci6 C26 €36 C46 Cs6 Ceo €6

The stress-strain approach relies on the feature of VASP to directly calculate the
stress tensor. Once the stress tensor components can be computed by an ab initio method,

the elastic constants matrix can be directly derived from the generalized Hooke’s law. For

cubic structures, the Hooke’s law can be expressed as,

01 €11 €12 €3 0 0 0 €1

g Ca1 C2 C3 0 0 0 €

O3 | _|c31 €32 ¢33 O 0 0 N

|0 0 0 c 0 o0 |le (2.13)
\05 / \ 0 0 0 0 cg O /\35 /

Og 0 0 0 0 0 Ce6 €6

with c11=c22=c33, ceaa=cs5=css, cr12=c13=c23=c21=c31=c32, we define then the strain matrix

mostly used in this work for materials with cubic symmetry,

|1 | (214
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with € =0, £0.002 and +£0.004. The elastic constant matrix can be solved thanks to-

the stress tensor calculated by ab-initio codes. Consequently, the 3 independent single
crystal elastic constants (c;s, 12, c44) for cubic materials are obtained from average on the
relevant elastic matrix component by, The 3 independent -elastic constants

(€11, €12 and c44) were obtained from the following averaging process,

1
€11 = 3 (c11 + ¢35 +c33) (2.15)
1
Ci2 = 6 (c12 + €33 +c13 + €31 +C31 +C35) (2.16)
1 1A 1A A
Ca4 =3 (Caa + Cs5 + Cep) (2.17)

where ¢’ denotes the element in the full elastic tensor and can be calculated directly using
the stress-strain method. For crystals with lower symmetry, we use a different strain set to

derive the full elastic tensor, with £€=0.005.

0 1 1 0 L 0 L 0

(0 20 g\ [0 3¢ ) [0 3¢ o)

[ 1 [ | 1 [ |1 1 |

|§s 0 0|,| ES 0 0 |'|§£ 0 §s| (2.15)
e o o)\t o 0/ \o L o)

2°¢ 2°¢ 2°¢
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0O =g 0

) . 0 ¢ 0\ /0 0 O

- 0 ——=¢1,le 0 O0),{0O O O
2 o o/ \o 0 o

In EMTO methods, the elastic constants are calculated by the energy-strain

method described as follows. The deformation matrix, is defined by:

1 1
51 586 555

1 1
D(E) = 586 82 584 (216)

1 1
555 534 &3

with deformation amplitude € = (0 — £0.05) typically applied for stress-strain and

crystal ground state (free-stress lattice parameter ap and volume V) calculations,

_[1eE
%a = Vos,

l (2.20)

1 9%
Cap = V 0e,0ep

l (2.21)
S7e=0

6 6
E(V, &) = E(Vyo) + V, (Z aasa) + % Z Capeatp | +0({ed))  (2.22)

a=1 a,f=1

For a material with cubic symmetry, volume energy of a crystal is:

57

%



Chapter 2: Methods and materials /

E 1 1
v §C11(€121 +e5, +e3) + §C44(5223 + €5 +&fy)
(2.23)
+ c12(€11 822 + €3382, + €11833) + 0(€3)
For the two different strain matrices:
1+ ¢, 0 0 1 &, 0
1 1
0 0 5 0 0 5
1-¢2 1-€2,
The energy of the strained crystal is:
E(go) = E(0) + 2Vyc'e2 + 0(eg (2.25)
E(gy) = E(0) + 2Vgcaqe? + 0(st) (2.26)
1 .1
B = 3 (€11 + 2¢43), ¢’ = 5(011 — C13) (2.17)
oP 0%E(V)
——y(—=)=y "7 2.18
BOV) v (6V> v av?2 ( )

Bulk modulus can be fitted by the Morse equation from the calculated energies of

different volumes.

2.1.6.2 Homogenization methods

In the case of polycrystalline films with many small grains (10 nm-pum), we can
only measure effective elastic properties within the small surface/volume probed by the

nanoindentation or opto-acoustic techniques (~um). To evaluate these average properties,
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two methods were used: (7) the well-known Voigt-Reuss-Hill [26] averaging of elastic
constants (C) or elastic compliances (S) over all crystallographic orientation distribution
for isotropic or textured materials having cubic symmetry with (111), (011) and (001)
preferential growth axis that works well for non-porous materials, and offering analytical
formula [190]; (if) a self-consistent averaging method adapted to the encountered
microstructures (high shape factor with vertical grains #~400 nm, diameter d~10-30 nm,
textured or not, with varying porosity concentration P = /- p/pdense). We describe shortly
this last generalized Eshelby effective estimator (GEEE) model recently developed by

colleagues @LSPM Ref. [191].

GEEE is equally easily applicable to cylindrical and platelet compounds. GEEE
was proved to be superior to any other estimator in all respects. Especially, contrary to
non Eshelby type estimators whose formulation differs for solid and hollow core
configurations, in GEEE, one can set C"” =0 without any problem. The applicability of
GEEE is later illustrated through its application to thin layers of (CoCrCuFeNi) .«(Al,
Nby) and CoCr(Cu,Mn)FeNiN. high entropy alloys with different texture and porosity,
elaborated by magnetron sputtering with various concentration of oxygen impurities in
the vacuum chamber [8-10]. Well characterized mass density (p), porosity (P~5-20%),
grain size (5-30 nm), columnar grown grains with <111>-textured (FCC phase), <011>-
textured (BCC phase) or isotropic were obtained and some of their elastic properties (G,
E;rr and (33 measured by well-adapted techniques, such as BLS, PLU and

nanoindentation.
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An ad hoc two-level, multiscale analysis in which GEEE serves as the estimator
of cylindrical grains. Regarding the effective properties of the columnar structure of
interest, two cases of zero void and nonzero void are considered. For each case, three
configurations are defined with respect to the relative orientation of the cylinders’
generators and the crystalline direction of the constituting grains. Properly speaking, in
these configurations, either crystalline directions (100) or (111) or (011) are parallel with
the cylinders’ generators. The columns are assumed to be composed of a single grain and
all columns share the same relative orientation with respect to their constituting grains.
Let us start with grains of cubic symmetry with the following stiffness tensor (expressed

in their material reference frame):

560 102 102 0
102 560 102 0
102 102 560 0
0 0 0 174
0 0 0 o0 174
0 0 0 0 0 174

C

oS O o O

(GPa)= (2.29)

crystal

S O O O O

It is additionally assumed that the length of columns is sufficiently large with
respect to their diameter. For each system, two independent estimations of the effective
properties are implemented. The first one is Hill’s estimate of the effective properties
which is defined as the arithmetic mean of Voigt and Reuss results. The second one is the

self-consistent estimate of the effective stiffness.

(/) The case of zero voids: The entire space is filled up with columns of the

material.

60

4



Chapter 2: Methods and materials /

-Cylinders’ generators are parallel with (100) direction. For this system, /

n n - S\t
Ci/f;gt = Zfzcz = <Ccrystal>’ C;fefuss = |:Zfl (Cl )1:| - <(C°r>’5tal) 1> (230)

1

where the angle brackets <°> denotes orientation averaging of the quantity ® over

the appropriate Euler’s angle.

(5325 1295 102 0 0 0
129.5 5325 102 0 0 0
ot 102 102 560 0 0 0
Co=l 0 0 0 114 0 o0 (2.31)
0 0 0 0 174 0
|0 0 0 0 0 2015]
[528.75 13325 102 0 O 0 |
13325 52875 102 0 0 0
cr - 102 102 560 0 0 0 2.32)
0 0 0 174 0 0 :
0 0 174 0
i 0 0 0 19775
[530.62 13138 102 0 0 0 |
131.38 53062 102 0 0 0
ch=s(cnran)=| o 0 D e
0 0 0 174 0
0 0 0 0 0 199.62]
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For the self-consistent estimation of the effective properties, the following

nonlinear tensor equation associated with the system under consideration has to be solved

for the unknown C{p .

n n -l _
G = ICA | 50| (ot}

,- ) (2.194)
A = [I +8,(C) (c-cgn )}

A is called strain concentration tensor and Sq. represents the Eshelby tensor of a

. . . . . il
generic long cylinder whose reference medium is characterized by the unknown Cg. .

After numerical computations, we find:

529.91 132.09 102 0
132.09 52991 102 0
102 102 560 O

oS O o O
S O o O

Ccff —
s¢ 0 0 0 174 (2.35)
0 0 0 0 174 0
0 0 0 0 0 19891]

-Cylinders’ generators are parallel with (111) direction.

In this system, the local coordinates system of each cylinder makes the following

Euler’s angles ¢ and @ with the materials coordinates system of the crystal, from which

the transformation tensor a is constructed.
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Vs Vs
=y 0y
cosp sing 0 1 0 0 (2.36)
a,=|-sing cosep O], a,=0 cosf sinf |=a=a),
0 0 1 0 —sin@ cos®

Application of the above transformation to C leads to the following

crystal

representation for the rotated stiffness tensor.

[ 505 1295 1295 275 0 0
129.5 491.25 143.25 13.75 0 0
129.5 143.25 491.25 13.75 0 0

Croléted —

oval 275 1375 1375 215.25 0 0 (2.37)
0 0 0 0 201.5 -27.5
0 0 0 0 -27.5  201.5]

With this new representation of the stiffness for each cylinder, the above

estimates of the effective stiffness for this second system are as follows.

[506.72 12091 13638 0 0 0
12091 506.72 13638 0 0 0
. 13638 13638 49125 0 0 0
G = 0 0 20838 0 0 (2.38)
0 0 0 0 20838 0
0 0 0 0 0 19291
[503.21 123.89 136.90 0 0 0 |
123.89 528.75 13690 0 0 0
a _|136.90 13690 49020 0 0 0
Crens = 0 0 0 20473 0 0 (2.39)
0 0 0 0 20473 0
0 0 0 0 0 189.66
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(50496 1224 13664 0 0 0
1224 50496 13664 0 0 0
P w || 13664 136.64 49073 0 0 0
CHil] - 2(CVoigt +CReuss) - 0 0 0 206.55 0 0 (2.40)
0 0 0 0 20655 0
0 0 0 0 0  191.28]
Likewise, the self-consistent estimate of the effective stiffness is calculated.
[504.89 122.44 136.67 0 0 0 |
122.44 504.89 136.67 0 0 0
ce 136.67 136.67 490.66 0 0 0 5 41
S | 0 0 2061 0 0 (2.41)
0 0 0 0 206.1 0
0 0 0 0 0 191.22]

-Cylinders’ generators are parallel with (011) direction

In this system, the local coordinates system of each cylinder makes the following
Euler’s angle @ with the materials coordinates system of the crystal, from which the

transformation tensor  is constructed:

1 0 0
—=a=|0 cos@ sinf (2.42)

0 —sin@ cos@

0="=
4

Application of the above transformation leads to the following representation of

the rotated stiffness tensor.
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0 0 0
0 0 0
0 0 0
229 0 0
0 174 0
0 0 174

With this expression, the above estimates of the effective stiffness are:

[511.88 122.63 1295 0 0 0
122.63 511.88 1295 0 0 0
. 129.5 1295 505 0 0 0
c o=
Volet 0 0 0 2015 0 0
0 0 0 0 2015 0
0 0 0 0 0 194.63]
[507.59 125.15 131.26 0 0 0 ]
125.15 507.59 13126 0 0 0
- 131.26 13126 50149 0 0 0
C =
Reuss 0 0 0 19775 0 0
0 0 0 0 19775 0
0 0 0 0 0 191.22]
And as a result,
[509.73 123.89 130.78 0 0
123.89 509.73 130.78 0 0
1 130.78 130.78 50324 0 0
CT =—(CT +Cf )=
Hill 2( Voigt Reuss) 0 0 O 19962 O
0 0 0 0 199.62
| 0 0 0 0 0

And the corresponding self-consistent estimate would be

S O o O

0

192.92 |

(2.43)

(2.44)

(2.45)

(2.46)
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123.67 509.58

130.75
0 0
0 0
0 0

130.75
130.75

130.75 502.50

0
0
0

Chapter 2: Methods and materials

0 0 0
0 0 0
0 0 0
199.61 0 0 (2.47)
0 199.61 0
0 0 192.96 |

In all cases SC averaging provided close values to Hill averages. It will not be the

case anymore if we consider voids in following section.

(if) The case of fy =10 % and 30 % volume fraction of porosity:

-Cylinders’ generators are parallel with (100) direction.

In the case of the presence of the void, the most compliant phase becomes

dominant in calculating Reuss approximation of the stiffness and therefore C5. =0

Reuss

5325 1295 102 O 0 0
129.5 5325 102 O 0 0
102 102 560 O 0 0
Cor =(1= f){(Ca) =(1-
Voigt ( ﬁ/)( 5011d> ( f;/) 0 0 174 0 0 (2.48)
0 0 0 0 174 0
L0 0 0 0 0 2015]
C;(fiuss = 0’
[532.5 129.5 102 0 0 0 |
129.5 5325 102 O 0 0
1 1-f | 102 102 560 O 0 0
Ceff —— Ceff_ +Ceff — v
Hill 2( Voigt Reuss) 2 O 0 0 174 O 0 (249)
0 0 0 0 174 0
0 0 0 0 0 2015

For example, for f, =0.1
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[239.63 5828 459 0 0 0
5828 239.63 459 0 0 0
459 459 252 0 0 0
Ceff(o.l)z 2.
Hil 0 0 0 783 0 0 (2:50)
0 0 0 0 783 0
0 0 0 0 0  90.68]

The self-consistent estimate of the effective stiffness is formulated as follows.

tfgreafgm] o-ngeJigaor-nga]

= [(1 -/, ) <CsolidAsolid >] |:fv <Avoid > + (1 -1 ) <Asolid >i|71 2.51)
Coartal| 2 (A ()

A = [I +Pyc (Cvoid - Cgfcf )Il = [I —Ssc ]71

p | 0 (2.52)
eff eff
Agia = [I + Py (Ccrystal —Csc )} = [I +Sqc ((Csc ) Ccrystal _I):|
For example, for f, =0.1

[376.02 103.38 73.87 0 0 0 |

103.38 376.02 73.87 0 0 0

oo _ 73.87 73.87 49847 0 0 0 )5
<10 0 0 1392 0 0 (2:33)

0 0 0 0 1392 0

0 0 0 0 0 136.32]

And for fy, = 0.3
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[186.38 45.32 357

4532 186.38 35.7

03 _ 35.7 357 196
Hill 0 () 0
0 0 0

.0 0 0

554 18.01 1131

18.01 554 1131

03 _ 11.31 11.31 373.48
SC - 0 0 O
0 0 0

. 0 0 0
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0
0

0

-Cylinders’ generators are parallel with (111) direction

The calculations of system equations are redone with C

relation.

[228.02 54.41 61.37
5441 228.02 61.37
CoTon _ 61.37 6137 221.06
Hill - 0 O 0
0 0 0
0 0 0
[358.58 96.84 99.25
96.84 358.58 9925
coron _| 9925 9925 43117
Ne 0 O O
0 0 0
| 0 0 0

93.77

0
0
0

164.70

0
0

0
0
0

0

(=R -]

0
164.70
0

rotated
crystal

S O O o O

70.53

S O o o O

18.69

130.87 |

(2.54)

(2.55)

given in previous

(2.56)

(2.57)
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(17735 4232 47.73 0 0 0 |
4232 17735 4773 0 0 0
aros | 4773 4773 17194 0 0 0
Con ™ = 0 0 0 7293 0 0 (2.58)
0 0 0 0 7293 0
| 0 0 0 0 0 67.52]
5298 17.19 15.30 0 0 0 |
17.19 52.98 15.30 0 0 0
wros | 1530 1530 30821 0 0 0
G = 0 0 0 8209 0 0 (2.59)
0 0 0 0 8209 0
0 0 0 0 0 17.90]

-Cylinders’ generators are parallel with (011) direction

C rotated

crystal given in previous relation.

The calculations of system (B.1) are redone with

(23034 55.18 5828 0 0 0
55.18 23034 5828 0 0 0
coron _| 5828 5828 22725 0 0 0
) 0 0 9068 0 0 (2.60)
0 0 0 0 9068 0
0 0 0 0 0 87.58
[361.89 97.75 9501 0 0 0
97.75 361.89 9501 0 0 0
won | 9501 9501 44263 0 0 0
Coc™ = 0 0 0 15952 0 0 (2.61)
0 0 0 15952 0
i 0 0 0 0 13207
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[179.16 4292 4533 0 0 0 ]
4292 179.16 4533 0 0 0
aros | 4533 4533 17675 0 0 0
o™ = 0 0 0 7053 0 0 (2.62)
0 0 0 0 7053 0
|0 0 0 0 0 68.12]
[53.47 17.35 14.68 0 0 0 |
17.35 53.47 14.68 0 0 0
a0y | 1468 14.68 319.15 0 0 0
G = 0 0 0 7952 0 0 (2.63)
0 0 0 0 7952 0
i 0 0 0 0 18.06]

Hill average cannot be compared anymore to the SC one for porous materials,

then SC one will be retained in that situation.

2.2 Synthesis, structural and chemical properties of materials

In this section we present the materials studied in this thesis, how they were

synthetized and their main structural and chemical properties.

2.2.1 Synthesis of “simple nitrides” and multicomponent metallic alloys films

2.2.1.1 Epitaxial “Simple nitrides” films

A first set of samples was elaborated and experimentally studied prior the
beginning of this thesis. The transition metal nitrides (7MN) included the (i) TM metals
from IVB group TiN, ZrN and pseudo binary 7iN-ZrN solid solutions; (ii) 7M metals
from the VB group 7aN, NDN, VN. These “simple” epitaxial thin films were deposited on

magnesium oxide MgO-(001), (001) and (111) substrates, using DC magnetron sputtering
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by Prof. Gregory Abadias at PPRIME Institute (Poitiers University). We recall below the-

process elaboration conditions and main chemical and structural properties of TiN-ZrN

and TaN systems, we will focus in.
() Epitaxial TiN, ZrN and TiN-ZrN solid solutions on MgO

Ti;«Zr<N films , 0 <x < 1, were deposited on one-side polished 5x5 mm? MgO
(001) and 10x5 mm?* MgO (110) substrates by DC reactive magnetron co-sputtering from
elemental 7.5 cm diameter 7i (99.995% purity) and Zr (99.2 % purity) targets under
Ar+N> plasma discharges. The targets are arranged in a confocal configuration, located at
18 cm from the substrate holder and with an incident angle of 25° with respect to the
substrate normal. The deposition chamber is equipped with a load-lock system, which
allows maintaining a base pressure lower than 5.10°° Pa thanks to a cryogenic pump. The
Zr/Ti ratio was varied in the whole composition range by controlling the respective power
of the 7i and Zr targets, while operating cathodes at constant power (Table 2.2).

Table 2.2: Growth conditions and elemental composition of 7i;..Zr.Ny thin films.

Ti Zr  Pwm R Thickness Ti Zr N X y
Sample  Target Target (Pa) (nm/s) h (nm) (at.%) (at.%) (at.%)

Power Power  x107

TiN-M14-33 300 / 5.0 0.13 425 48.4 / 51.6 0 1.06
TiZrN-M15-32 300 105 3.6 0.19 283 357 122 521 0.25 1.09
TiZrN-M16-38 300 105 2.8 0.21 175 33.8 122 54 026 1.17
TiZrN-M16-39 250 200 2.7 183.5 212 228 56.0 0.52  1.27
TiZrN-M14-2 250 220 12 0.14 413 193  26.0 54.7 0.57 1.21
TiZrN-M16-37 195 300 3.5 0.31 184 122 30.0 578 0.71 137
ZrN-M16-36 / 300 464 53.6 1 1.16
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The N> flow rate was optimized for each film composition to maximize deposition

rate while ensuring formation of nearly stoichiometric nitride compounds (0-8 at. %
metal under-stoichiometry is found). This corresponded to sputtering conditions under
metallic target mode, based on a previous investigation of the hysteresis behavior of the
Ti-Zr-N system [192]. Note that separate injection gas lines are used, the N, being
injected in the vicinity of the substrate using a circular ring. The pumping speed of the
cryo-pump was fixed at 100 Ls!' using a throttle valve. During deposition, gas pressure
was monitored by a Baratron type gauge, while the N, partial pressure was determined
using a MKS MicroVisionPlus mass spectrometer. The total working pressure was in the
0.20-0.26 Pa range, depending on the targeted Zr content. Prior to film deposition, the
MgO substrates were ultrasonically degreased in ethanol bath for 5 min and blow-dried
using nitrogen. After insertion in the high-vacuum chamber, they were maintained at
600°C during 1h using a resistive heater and then sputter-etched, in pure Ar discharge, by
applying a bias voltage of —60 V during 90s to remove surface contaminants and improve
surface quality. Targets were also sputter-cleaned during 3 min in pure A discharge. All
films were deposited at a substrate temperature of 600°C, and applying a bias voltage of
—60 V. The substrate was rotated at 15 rpm throughout the deposition to ensure an even
deposition rate and composition uniformity across the substrate. Two films series were
synthesized: a first one with film thickness 4 around 100-180 nm, to obtain reliable film
thickness determination from X-ray reflectivity (XRR, see Figure 2.6), as necessary

input for determination of longitudinal sound velocity from PLU.
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Figure 2.6: XRR scans (symbols) and best-fit curves (solid lines) from 7i;..Zr.N,
films on MgO(001) substrate. The insert is a magnification around the critical
angle.

Thicker films (2> 300 nm) were deposited in a second batch, using same
deposition conditions, but only increasing the deposition time, and were used to obtain
more direct and accurate measurements of the transverse sound velocity from BLS. For

complementary elemental analysis, Si wafers were also employed for this second series.

Film composition was determined from electron probe micro-analysis using a
wavelength dispersive Oxford Instruments spectrometer unit attached to a JEOL 7001F-
TTLS scanning electron microscope operated at 10 kV. A special calibration and
correction procedure were employed to account for 7i LA and N Ka lines overlap,

allowing determination of N content with an accuracy better than 1 at.%.
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Figure 2.7: Reciprocal space mapping around the (113) reflection of a) 7iN, b)
Tio.75Zr0.25N, ¢) Tig.43Zr0.57N and d) ZrN films on MgO (001) substrate.

Film crystallinity, orientation, lattice parameters and mass density were
determined using X-ray diffraction (XRD) and XRR, respectively. XRR scans (see
Figure 2.6) were acquired in a four-circle Seifert XRD 3000 diffractometer, using Cu
Ka radiation (A= 0.15406 nm) exclusively, in line focus configuration. The primary
optics consists of a two-reflection Ge(220) monochromator and a selection slit of 0.1 mm
to remove Cu Ko, contribution; the secondary optics is composed of a scattered-radiation
slit of 0.26° and a scintillation detector defined by an opening angle of 0.018°. XRR
scans were fitted based on the optical model of Parratt using Analyze software to obtain
the mass density, p, film thickness /, and surface roughness. @-26 scans (20= 31-65°)

were acquired using the same parallel-beam configuration, while reciprocal space maps
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(RSM) around asymmetric 113 reflections (see Figure 2.7) were obtained using a’

0.05°divergence detector slit.

Q
-

Log Intensity (a. u.)

0 45 90 135 180 225 270 315 360
Phi (Deg.)
b) Tig 7521 25N ZrN

Figure 2.8 - a) Phi scans of the 111 reflections from 7ip.43Zro.57N and ZrN films

deposited on MgO (001) substrates, recorded at y=54.74°. The corresponding phi
scan is also shown for the MgO substrate. b) Sectors of 111 pole figures from
Tio.43Zr9.57N and ZrN films deposited on MgO (001) substrate.

Pole figures, off-axis phi-scans (see

Figure 2.8) and @w-rocking curve scans were obtained in a divergent beam Bragg-
Brentano geometry using the same Seifert diffractometer, but operating in point focus
with Cu Ka radiation (A= 0.15418 nm), a 1.0 mm diameter primary collimator, a Ni filter

to remove Cu K/ radiation and a scintillation detector defined with an acceptance angle
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of 0.13°. It evidenced the cube-on-cube growth of the 7iZrN films on the MgO substrate.-

Structural properties are provided in Table 2.3.

Table 2.3 - Structural parameters extracted from XRD and XRR of 7i;..Zr:N,
films.

ol Opms € €, ao
Sample
(g/cm?) (nm) (%) (%) (nm)
TiN-M14-33 5.1 23 021 0.13  0.4245
TiZrN-M15-32 6.1 1.3 039 0.23  0.4352
TiZrN-M16-38 5.8 1.0
TiZrN-M16-39 6.25 0.8 090 0.49  0.4449
TiZrN-M14-2 6.4 1.8 1.34 0.74 0.4444
TiZrN-M16-37 7.0 1.6 0.84 0.41 0.4508
ZrN-M16-36 7.4 1.7 0.55 0.24  0.4581

(i)  Epitaxial TaN on MgO

TaN films (~150 nm thick) were grown by direct current (DC) reactive
unbalanced planar magnetron sputtering in a load-locked high-vacuum (base
pressure < 8x10° Pa) chamber with a target-to-substrate separation of 18 cm. Films were
deposited on single-crystal MgO (001), MgO (110) and MgO (111) substrates at a growth
temperature 75=570°C and using a constant substrate bias voltage of —60 V. A 3 in. Ta
(99.998 % purity) target was sputtered at constant DC power (200 W) in an 47 (30 sccm)-
N> (4 sccm) plasma discharge at a total pressure of 0.65 Pa, the N> gas being injected in
the close vicinity of the substrate via a circular ring. The N> flow rate (corresponding to a

N partial pressure of 0.05 Pa) was adjusted so as to obtain stoichiometric 7aN films,
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based on earlier studies on the growth of polycrystalline 7aN films on Si [2, 192].

Deposition time was fixed to 25 min.

Elemental composition was investigated by wavelength-dispersive X-ray
spectroscopy (WDS) microanalysis unit from Oxford Instruments attached to a JEOL-
7001F-TTLS scanning electron microscopy operated at 10 kV. It is of importance to

notice that films were found to be nearly stoichiometric (see Table 2.4).

The crystal structure and crystal orientation were characterized by X-ray
diffraction (XRD) using a four-circle Seifert XRD 3000 diffractometer equipped with Cu
tube, operated under different configurations. 6—26 scans were recorded in line focus
mode using a monochromatic beam (Cu Keai radiation of wavelength A= 0.15406 nm
obtained from a two-crystal Ge(220) monochromator) and a scintillation detector defined
by an opening angle of 0.018° as secondary optics. The same parallel beam configuration
was used to collect reciprocal space map (RSM) around asymmetric 113 reflection of the
TaN/Mg(001) film, using a 0.05°divergence detector slit. Pole figures, off-axis ¢-scans
and m-rocking curves were acquired using the Seifert XRD 3000 diffractometer operating
in point focus mode with Cu Ko radiation (wavelength A= 0.15418 nm), a Ni filter to
remove Cu K@ reflections, and a scintillation detector defined with an acceptance angle

of 0.21°.

X-ray reflectometry (XRR) was employed to determine the thickness /4, mass
density pxrr and surface roughness 7 of the 7aN films. Scans were recorded using the
Seiffert XRD 3000 diffractometer in line focus mode using the same primary and
secondary optics as #—26 scans described above. XRR scans were fit to theoretical curves
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calculated from the optical formalism of Parratt [193] using Analyze proprietary software

and assuming a three layer model (surface layer/TaN film/ MgO substrate). The room

temperature electrical resistivity psoox was measured using a standard four-point probe

(with collinear geometry) set-up. Structural properties and electrical resistivity are

provided in Table 2.4.

Table 2.4 — Deposition parameters, structural parameters extracted from XRD

and XRR and electrical resistivity of 7aN films.

Deposition
temperature  pn> h  Ta/N  pxrr ao Wrms € & P300K
Sample (°C) (Pa)  (nm) ratio (g/em®) (nm) (nm) (%) (nm) (uQ.cm)
TaN(001) 570 0.05 154 0.96 15.6 0.4359 22 /
TaN(110) 570 0.05 148 /157 / /
TaN(111) 570 005 / / / / 252

2.2.1.2 (CoCrCuFeNi).«(Al,, Nb,) polycrystalline films

Polycrystalline solid solutions of (CoCrCuFeNi);<(Al, Nby) MCAs were also

previously investigated within the PhD work of B. Braeckman [7] under the supervision

of Pr. D. Depla at Gent University. Experimental results obtained during his PhD work

will be compared to our theoretical predictions. We briefly recall here, some information

on the deposition process and important microstructural characteristics (chemical

composition, crystalline phase, lattice parameter, mass density and porosity fraction).

Information on the samples is summarized in Table 2.5.
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(CoCrCuFeNi)<Nb, films were deposited by sputtering powder targets at various:

deposition conditions. In addition to the CoCrCuFeNi base metal, four powders targets
were prepared with a nominal Nb atomic concentration of 5, 10, 15, and 23 at.% Nb. A
constant discharge current of 0.09 A with a typical discharge power of 40 W, was used
for all depositions. The Ar gas pressure (p) and target-substrate distance (d) were varied
(p-d= 2.8, and 3.85 Pa.cm) as film thickness between 305 and 800 nm. The deposition
conditions did not influence the film’s chemical composition. As the Nb concentration
increases, the lattice distortion of the FCC solid solution increases as well because Nb is a
larger element than the five TMs. From Braeckman results [7], it was argued that the
critical solute concentration for which the crystalline solid solution phase becomes
unstable, can be calculated with the topological model of Egami [194] and further
extended to MCAs by [195]. When the Goldschmidt corrections for the atomic radii are
taken into account, Egami’s model predicts that at 18.2 at.% Nb the crystalline solid
solution becomes topologically unstable. However, the XRD results (see Figure 2.9)
indicate that the amorphization already occurs at lower Nb concentrations, i.e. at 15 at.%
Nb [6]. Moreover, if the standard deviation on the fit parameter in Egami’s model is
taken into account, the amorphization should occur between 13.9 and 22.8 at.% Nb.
Hence, for the (CoCrCuFeNi);.xNb. system, Egami’s model gives a fair, but rather crude
prediction of the amorphization threshold. Grains size are in are very tiny in the range 0 -
6 nm (0 is for amorphous phase) and are embedded by an amorphous shell at the grain

boundary [9].
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Figure 2.9 - XRD patterns of the (CoCrCuFeNi);.xNb films as a function of the Nb
atomic concentration (films deposited at 2.8 Pa:cm). The patterns were normalized
to the respective film thickness (from [6, 7]).

The (CoCrCuFeNi) <Al films were synthesized by a joined effort of Belgian and
French research groups. F. Boydens (Ghent University), H. Hidalgo, P. Dutheil, A.-L.
Thomann (Université d’Orléans, France), and M. Jullien (Université de Lorraine, France)
performed the depositions [5]. These depositions were performed in a vacuum chamber
with a lower base pressure, approximately 10~ Pa. Hence, the impurity flux is an order of
magnitude lower than during the other experiments. This should be kept in mind if one
wants to compare the properties of the different HEAs. Four powder targets (T1, T2, T3,
T6) with different compositions were made [5]. The composition of the targets and the
average composition of the corresponding films remained very close. The standard
deposition conditions were: 0.5 Pa Ar pressure, a constant discharge current of 0.09 A, a
target-substrate distance of 9 cm, room temperature substrate and a grounded substrate
holder were used. The phase formation was determined with XRD. No intermetallic

compounds were detected in any of the samples.
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Figure 2.10 — A selection of XRD patterns to indicate the transition from FCC to
BCC solid solutions. At 24.7 at. % Al, the film is XRD-amorphous (from Refs. [5,

7).

Figure 2.10 presents a selection of XRD patterns from [5, 7]. The phase
formation in the (CoCrCuFeNi);<Nb, alloys was explained by a critical lattice distortion
due to the incorporation of the larger Nb atoms. The same principle is also valid for the
(CoCrCuFeNi) Al films. Again, A/ has a larger atomic radius as compared to the base
elements, and an increase in the A/ fraction increases the FCC lattice distortion. In
contrast to elemental Nb, A/ exhibits the same crystalline structure as the CoCrCuFeNi
solid solution, i.e. the FCC structure. Hence, the Goldschmidt correction should not be
used, and the atomic radius of elemental A4/ can be directly employed. Egami’s
topological model predicts that the FCC solid solution becomes unstable at 21.8 at. % Al.
This threshold seems to be an acceptable prediction, as for A/ concentrations larger than
19.6 at. % A/, only single-phase BCC-structured or amorphous films are formed. The

instability of the close-packed FCC structure is predicted well by Egami’s topological
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model. Nevertheless, the amorphous phase is preceded by the BCC structure. Already at

16.5 at.% Al, a mixed FCC/BCC structure is formed. Just as the amorphous phase, the
BCC structure is more able to incorporate larger atoms, and to cope with a severe lattice
distortion. FCC structures consist of both octahedral and close-packed tetrahedral atomic
clusters, whereas BCC structures only consist of octahedral clusters. Close-packed
tetrahedral structures are more resistant against deformation, and the incorporation of
larger elements in the FCC lattice increases the lattice distortion energy. The transition
from the metastable FCC structure to the more open BCC structure relaxes the distortion
energy. The reason why the amorphous phase is preceded by the BCC structure in the
(CoCrCuFeNi) <Al alloys, and not in the (CoCrCuFeNi);..Nb: alloys should be
explained by the interaction between A/ and TMs. Due to the peculiar electronic structure
of Al, i.e. the outer shell contains three electrons, it prefers to transfer electrons to the
incompletely filled d-shells of TMs, and thereby form strong bonds. This was evidenced
by the atomic-bond shortening due to the strong sp-d orbital hybridization. Tang et al.
pointed out that for TMs with a partially-filled d-shell, the BCC structure is close to the
FCC structure in terms of stability [85]. Hence, the incorporation of an element rich in

valence electrons, drives the system to a BCC structure.
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Table 2.5 - Growth conditions, phase identification, elemental composition and -
porosity fraction (P) of (CoCrCuFeNi).x(Alx, Nby) films.

Mass
Power pd a density h

Sample w Pa.cm (nm) (g/lcm®)  Phase (nm) X P

CoCrCuFeNi 40 2.8 0.359 8.590 FCC 659 0 ~0

CoCrCuFeNiNby.oss 40 2.8 0.360 8.565 FCC 739 0.055 ~0

CoCrCuFeNiNbo.oso 40 2.8 0.363 8.545 FCC 908 0.089 ~0

CoCrCuFeNiNbo,. 45 40 2.8 0.3577 8.743  Amorphous 676 0.145  ~0

CoCrCuFeNiNby.»3 40 2.8 0.3577 8.630  Amorphous 620 0.23 ~0
CoCrCuFeNiAlp.oo 40 4.5 0.360 7.46 FCC 364 0.09 0.05
CoCrCuFeNiAly.oss 40 4.5 0.360 7.26 FCC 295 0.096 0.07
CoCrCuFeNiAly o 40 4.5 0.360 7.56 FCC 485 0.101  0.03
CoCrCuFeNiAlp. 63 40 4.5 0.361 6.93 FCC 390 0.168 0.06
CoCrCuFeNiAly. 96 40 4.5 / 6.82 FCC / 0.196  0.05
CoCrCuFeNiAlp 65 40 4.5 0.286 6.53 BCC 308 0.165 0.12
CoCrCuFeNiAlp. 74 40 4.5 0.286 6.61 BCC 415 0.174  0.10
CoCrCuFeNiAly. s 40 4.5 0.287 6.23 BCC 398 0.189 0.14
CoCrCuFeNiAly. 96 40 4.5 0.287 6.51 BCC 392 0.196  0.09
CoCrCuFeNiAly 226 40 4.5 0.290 6.13 BCC / 0.226 0.13
CoCrCuFeNiAly46 40 4.5 0.2875 6.13 BCC 512 0.246 0.11

Subscript in the sample list denotes Nb/Al atomic concentration. E.g., CoCrCuFeNiNby.ss is alloyed

with 5.5 at. % Nb.

2.2.2  Synthesis of bulk CoCrCuFeNi and CoCr(Cu, Mn)FeNiN films

2.2.2.1 Polycrystalline bulk CoCrCuFeNi

CoCrCuFeNi bulk HEA ingot was synthetized by arc melting at IMR (Shenyang,
China) by Pr. Dong and homogenized by several heating cycles. Several disk pieces 17

and 2” diameter, 3 mm thick were prepared to serve as targets for films growth a new
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batch of CoCrCuFeNi-N films, and small cylinders (1 mm diameter, 2 mm height,

21.3 mg mass) for DSC (heat capacity Cp) and VSM analysis (magnetic state). The
results of films’ growth will be compared to a previous batch synthetized with a
compacted powder composite target [10]. The measured heat capacity at room
temperature is C,(293 K) =390 J/(kgK) while a paramagnetic behavior is observed from
the hysteresis loop (see Figure 2.11) with a magnetization at 20 kOe of 1.59 emu/g close

to the value (1.505 emu/g) reported by [119].

Figure 2.11 — Hysterisis loop of a CoCrCuFeNi cylinder (d ~ 1 mm, 7~ 2 mm

emu mu

height, V'=2.68 10° cm?® m=21.3 mg). M(H) ~ 1.3 —— or 1.59 eT at a
magnetic field H =20 kQOe.

Tensile tests samples were also prepared for mechanical characterizations at IMR.

Diameter was ¢ = 3 mm, initial length Ly = 15.0 mm and traverse velocity V; = I mm/mn.

A typical stress-strain curve is shown in Figure 2.12. The mechanical properties (elastic
limit Rpo., ultimate strength Rm, ductility A4, striction Z, strain elastic limit & and

Young’s modulus E) are reported in Table 2.6. While the yield stress is comparable to
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the one (230 MPa) found by [119], our Young’s modulus is three times higher and

ductility four times lower.

Table 2.6 — Structural (as, p), mechanical (o5, o3 A4, Z, ¢p), thermal (4, D, C,) and
magnetic properties of homogenized CoCrCuFeNi.

Cr
ao P A D (293K) M (20 kOe) Oy0.2 Of A Z &e E

nm g/cm® W/(mK) mm*s J/(kgk) emuwcm® MPa MPa % % % GPa

336.
0.3596 7.9645 15 4.83 390 1.3 261.2 0 12.3 14.13 0.1 164

Figure 2.12 — Tensile stress-strain curve of CoCrCuFeNi rod with diameter of 3
mm. The insert shows the Young’s modulus measured by the initial slope.

X-ray diffraction (see Figure 2.13), scanning electron microscopy and electron

dispersive spectroscopy (see Figure 2.14 and Figure 2.15) were conducted at LSPM.
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Figure 2.13 — XRD pattern (Aco=0.1789 nm) of bulk as-cast and homogenized
FCC CoCrCuFeNi.

Figure 2.14 — Typical SEM microstructure of as-cast CoCrCuFeNi and EDS maps
of alloying elements at the same location.

The structure is FCC with a lattice parameter ap = 0.3596 nm, near equiatomic
concentration and some Cu (Ni to a less extent) segregation appearing at the grain
boundaries (GBs) delimiting a rich-Cu (~88 at. %) interdendrite (ID) narrow phase (~5-
10 pm width) and larger dendrite phase of CoCrCuFeNi grains (~30 pm) with a Cu

gradient near GBs (see Figure 2.15). Microstructure is similar to the one observed in Ref.
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[196]. It is clear that peaks pattern resembles a FCC structure and it is confirmed by the
dnw/d 11 ratios as-discussed also in [197] study of ball milled HEA. The lattice parameter
of this FCC phase was estimated to be 0.3602 nm. The lattice parameter of as-cast
CoCrFeNiCu alloy [119] was reported to be 0.3579 nm, which is also in agreement with

the value measured in the present work.

Figure 2.15 - SEM microstructure of as-cast CoCrCuFeNi and local EDS analysis
at different locations (z1-z7).

2.2.3  Polycrystalline CoCr(Cu, Mn)FeNiN films

Polycrystalline solid solutions of CoCr(Cu, Mn)FeNiN,, MCAs were studied

nearly at the same time within the PhD work of R. Dedoncker under the supervision of Pr.

D. Depla at Gent University. His first experimental results obtained on CoCrCuFeNiN;

films deposited using a powder target on a silicon substrate [10] were repeated but with
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the bulk HEA solid target (1” in diameter) within a new high vacuum chamber, and
compared to our theoretical predictions. A second close system CoCrMnFeNiN, made
again from a powder target was considered in order to have comparisons when Cu is
replaced by the magnetic Mn, avoiding segregation issues observed for CoCrCuFeNi. We
briefly recall here, some information on the deposition process and important chemical
and microstructural characteristics and difference of films deposited both on silicon and
Kapton® flexible substrate. Films on Kapton were specifically designed for later tensile
tests that will be described in the last chapter 7, serving as a presentation of future

perspective works assessing brittleness/ductility behavior of films.

Magnetron sputtering depositions were performed in a stainless ultrahigh vacuum
chamber pumped by a combination of a rotary and turbomolecular pump with a 1-inch
diameter planar cylindrical magnetron. The base pressure was monitored by a Penning

Gauge (Compact Full Range gauge, Pfeiffer Vacuum), which is less than 10 Pa when

using silicon substrates, while for Kapton substrates, the base pressure was slightly higher.

The Argon and nitrogen gas flows were controlled by the MKS mass flow
controllers. The argon flow rate was set to 20 standard cubic centimeters per minute
(sccm) to reach a partial Ar pressure of 0.5 Pa. The nitrides were deposited in the Ar-N»
mixture gas at a flow rate of 20 standard cubic centimeters per minute with the total gas

pressure (P4 +Py,) being maintained at 0.5Pa. The ratio of the N> partial pressure (Py,)

P .
to the total gas pressure, denoted as RN (RN = L;), was manipulated to control N
Ar

PN2+

concentration of films.
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Table 2.7 - Growth conditions, phase identification, elemental composition of -

CoCrCuFeNiN; films. Thin films and thick films batches are distinguished.

N (at.) RN  Power W pd (Pacm) a Mass Phase h Target P
(nm) density identification  (nm) (Pa)
(g/em?)

0 0 40 3.2 0.359 8.5 FCC 361 solid 0.5
0.06 2 40 3.2 0.362 8.3 FCC 459 solid 0.5
0.08 3 40 3.2 0.366 8.2 FCC 439 solid 0.5
0.09 4 40 3.2 0.367 8.2 FCC 441 solid 0.5
0.11 5 40 3.2 0.371 8.2 FCC 423 solid 0.5
0.13 6 40 3.2 0.371 8.2 FCC 426 solid 0.5
0.14 7 40 3.2 0.373 8.1 FCC 434 solid 0.5
0.15 8 40 3.2 0.374 8.1 FCC 418 solid 0.5
0.17 10 40 3.2 0.377 8 FCC 451 solid 0.5
0.18 12 40 3.2 0.378 7.9 FCC 451 solid 0.5
0.22 16 40 3.2 0.382 7.8 FCC 408 solid 0.5
0.24 20 40 3.2 0.386 8.1 FCC 429 solid 0.5
0.28 25 40 3.2 0.389 7.9 FCC 433 solid 0.5
0.28 30 40 3.2 0.393 8.1 FCC 455 solid 0.5
0.30 40 40 3.2 0.398 7.9 Amorphous 449 solid 0.5
0.31 50 40 3.2 / 7.6 Amorphous 273 solid 0.5

Thin films above, thicker ones below
0.02 0 0.361 8.6 FCC 1162 powder 0.5
0.13 12 0.373 8.2 FCC 1134  powder 0.5
0.15 16 0.378 8.1 FCC 1159 powder 0.5
0.17 20 0.385 7.9 FCC 1154 powder 0.5
0.19 25 0.390 7.8 FCC 1138 powder 0.5
0.20 30 0.393 7.6 FCC 1278 powder 0.5
0.21 35 0.394 7.6 FCC 1211 powder 0.5
0.24 40 0.397 7.5 FCC 1294 powder 0.5
0.26 50 0.401 7.4 FCC 1180 powder 0.5
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Table 2.8 - Growth conditions, phase identification, elemental composition of -
CoCr(Mn)FeNiNy films. Thin films and thick films batches are distinguished.

Mass
a Phase h
N@t) RN  PowerW  pd(Pacm) density Target P (Pa)
(nm) identification (nm)
(g/cm?)

0 0 40 1.6 0.358 7.9 HCP/ Amp. 355 powder 0.5
0.09 2 40 1.6 0.358 7.9 FCC/ Amp. 453 powder 0.5
0.12 3 40 1.6 0.367 7.9 FCC/ Amp. 394 powder 0.5
0.15 4 40 1.6 0.370 7.9 FCC/ Amp. 441 powder 0.5
0.17 5 40 1.6 0.374 7.9 FCC/ Amp. 397 powder 0.5
0.18 6 40 1.6 0.374 7.8 FCC/ Amp. 400 powder 0.5
0.20 8 40 1.6 0.381 7.8 FCC/ Amp. 380 powder 0.5
0.24 10 40 1.6 0.395 7.7 FCC/ Amp. 478 powder 0.5
0.27 12 40 1.6 0.393 7.6 FCC/ Amp. 454 powder 0.5
0.30 16 40 1.6 0.398 7.6 FCC 438 powder 0.5
0.32 20 40 1.6 0.402 7.6 FCC 365 powder 0.5
0.34 25 40 1.6 0.403 7.5 FCC 423 powder 0.5
0.37 30 40 1.6 0.406 7.5 FCC 452 powder 0.5
0.38 40 40 1.6 7.5 FCC 104 powder 0.5
0.40 50 40 1.6 0.410 7.5 FCC 396 powder 0.5

Thin films above, thicker ones below
0.03 0 0.359 8.2 FCC 1192 powder 0.5
0.12 12 0.371 8 FCC 1214 powder 0.5
0.16 16 0.378 7.8 FCC 1181 powder 0.5
0.19 20 0.390 7.6 FCC 1195 powder 0.5
0.22 25 0.397 7.6 FCC 1231 powder 0.5
0.23 30 0.400 7.5 FCC 1314 powder 0.5
0.26 35 0.404 7.5 FCC 1261 powder 0.5
0.28 40 0.408 7.4 FCC 1283 powder 0.5
0.30 50 0.410 7.4 FCC 1269 powder 0.5
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The magnetron was powered by a Hiittinger 1500DC power supply. The discharge-

current was fixed at 0.08 A. The target to substrate distance was fixed at 63 mm for
CoCrCuFeNiN, deposition and 32 mm for CoCrMnFeNiNy deposition. The silicon

substrates were cut from 0.55 mm thick (111) oriented silicon wafer.

Note, for both CoCrCuFeNi and CoCrMnFeNi, there exists two series as shown
in Table 2.7 and Table 2.8, respectively, either with a low thickness below 500 nm, or a
higher thickness above 1000 nm. Among which the author deposited the thinner films
while the thicker ones were provided by Robin Dedoncker (PhD student) @Ghent
University. The purpose was to evaluate influence of deposition conditions, the thickness
effect, repeating experiments and ensuring higher accuracy of V. longitudinal sound

velocity measurements by picosecond laser ultrasonic.

Mass density of the films was measured by X-Ray-Reflectivity (XRR). The
thicknesses of thin films were measured by a profilometer. N content was measured by

Wavelength-Dispersive-Spectroscopy (WDS).

The gradual increase of N concentration was observed as RN increasing for both

series as shown in Figure 2.16. The highest N concentration reached was 39.5% and 31.1%

for Mn and Cu series respectively. Higher N concentrations cannot be reached because of

target poisoning when nitrides form on the surface of the target.

Oxygen impurity level with the typical value of 2 at. % was higher in the Mn
alloy batch than the Cu alloy one due to a powder target was used. With a solid
CoCrCuFeNi target, the oxygen contamination was less than 1 at. %. A gradual decrease

of O concentration can be seen in Mn series as N concentration increasing, which is not
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obvious for the Cu series. The metallic elements concentration shows an almost

equimolar character for all the films, with a standard deviation of less than 2.5% for most

of the samples.

Figure 2.16 - The elements mapping of thinner (a) CoCrCuFeNiN. and (b)
CoCrMnFeNiNy as a function of RN. The metallic elements were measured by EDX.
The N and contamination O were measured by WDX.

Figure 2.17 - The XRD #-20 pattern for (a) CoCrCuFeNiNx and (b)
CoCrMnFeNiN; thin films batch. N concentration of each sample is given, which
increases from bottom to top as indicated by the black arrow. The XRD intensity
of CoCrMnFeNiNx in N concentration range from 0% to 24% are magnified due to
low peak intensity.
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With the addition of N, the appearance of the peak between 45° to 50° is the main-

feature of the Cu series as shown in Figure 2.17a. This peak corresponds to the (200)
plane of a NaCl-type cubic phase. A smooth peak shift to lower 26 values with increasing
N suggests a smooth increase of d-spacing and the lattice parameter. Above 9% N
concentration, only one peak is visible, indicating the films might be well (200)-textured
at higher N concentrations. At low N concentrations, there exists also the peak
corresponding to the (111) plane of the CoCrCuFeNi FCC phase. The highest intensity of
(111)-peak was found in the N-free CoCrCuFeNi sample, suggesting a preferred (111)
growth orientation. However, this N-free CoCrCuFeNi sample is not completely <111>
textured because a (200)-peak can also be seen. With the increase of N content, the (200)-
peak intensity starts to increase at 6 at. % N addition. Meanwhile the (111) peak intensity
decreases and vanishes at 9 at. % N. Further increase of N over 22 at. % N leads to a
decrease of (200) peak intensity, with the peak width increasing at the same time. This
behavior indicates that the crystallinity of the CoCrCuFeNiN. cannot be maintained at

high N concentrations.

N-free metallic CoCr(Cu,Mn)FeNi films with different thicknesses were
deposited on Si, aiming to provide more comparisons to mechanical properties of the bulk

material as well as to evaluate the thickness effects.
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Figure 2.18 - XRD patterns of CoCrCuFeNi with different thicknesses deposited on
Si substrate. Lattice planes of FCC CoCrCuFeNi were indicated by the dash lines.
Other peaks without any indication come from Si substrate.

The pure metallic CoCrCuFeNi thin films are polycrystalline with several grain
orientations revealed by XRD in Figure 2.18. The close packing (111) planes have
dominant peak intensity among all the peaks, which is more significant when the thin
becomes thinner as other peaks can barely be seen. The lattice parameter remains nearly
constant (~0.3595 nm) close to the one measured in the bulk sample, except for the
thicker film (~0.353 nm), a sign of residual stresses changes. The films were further
characterized by optoacoustic techniques to provide the elastic properties as a function of

film thickness.

Furthermore, N-free metallic CoCr(Cu,Mn)FeNi films with different thicknesses
were deposited on Kapton substrate for tensile tests as it will be presented in chapter 7.
As shown in Figure 2.19, the films were found to be polycrystalline for all thicknesses.

The derived stress-free lattice parameter is 0.3596 nm (thickness > 80 nm), in accordance
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with the DFT value of 0.3564 nm (<1% difference) and measured one (0.3596 nm) in the

bulk material.

Figure 2.19 - XRD pattern of CoCrCuFeNi deposited on Kapton with different
thickness.

Figure 2.20 - (a) Grain size (b) residual stress and (c) lattice parameter as a
function of the thickness of CoCrCuFeNi deposited on Kapton®.The values of DFT,
bulk, as well as films on Si are together given as a comparison.
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The grain size in Figure 2.20a was derived from Scherrer equation according to

the peak width. The grain size lies in the range from 25 to 40 nm and increases with
thickness. The in-plane residual stress was measured by the sin’(y) method as
summarized in Figure 2.20b. It was found that on Kapton substrate, CoCrCuFeNi thin
films (<100 nm) were in compression while thicker ones (100-400 nm) were in tension
by contrast. It offered the possibility to compare the stress-free lattice parameters vs. the
thickness, to the DFT one and reference bulk material (Figure 2.20c). A very good

agreement was found for thicknesses above 80 nm.

2.3 Structural and chemical characterizations techniques

This section recalls briefly the principles of the main structural and elemental
characterization techniques employed in this work, with a special emphasis on those
necessary to the analysis of sound velocities (Vz, Vr) (thickness 4, phase identification,
crystallographic orientation) measured by our optoacoustic techniques and their relation
to elastic constants C ~ pV? (p is the mass density). Most of these characterizations were
done by our collaborators: B. Braecckman, R. Dedoncker and D. Depla @Gent University
and G. Abadias @PPRIME Institute, Poitiers University. In the particular case of phase
and residual stresses analysis of CoCr(Cu,Mn)FeNi, additional XRD measurements were
performed by Li Linwei at Paris Saclay University (Pr. Vincent Ji group). We will not

provide all details of the equipment in all locations.

2.3.1 X-ray reflectivity and x-ray diffraction

2.3.1.1 X-ray reflectivity
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The film density was measured with X-ray reflectivity (XRR). A Bruker D&

Advance was equipped with a scintillation detector @Gent while a Seiffert XRD 3000
diffractometer in line focus mode @PPRIME. In both cases, a Cu Ko radiation was used.
The samples were scanned from 0.3° to 3° with a step size of 0.01°. The obtained XRR
patterns were fitted by using the WinGIXA software @Gent or using Analyze proprietary
software (@PPRIME. A three-layer model with a topmost oxidized layer, SiO: layer on a
Si substrate or a modified surface layer on the binary/ternary nitrides films on MgO
substrate, was used in the fitting procedure. For a selection of samples, the density was
also calculated by using Parratt’s method [193] and the critical angle of total reflection
(6¢). The complex refraction index can be written as: n = 1-§-i8 [198], where £ is related
to the linear absorption coefficient of the material (¢) and the wavelength of the X-rays
(A). The parameter 6 represents the dispersion and is linked to the material density (p). If
the chemical composition and critical angle are known, the film density (in g/cm?) can be

calculated with:

p =1203 62 EZM (2.64)
¢ XZ?:l Cifl,i ’

where ci, M;, and f1; are respectively the atomic fraction, atomic mass, and first atomic
scattering factor of the i™ element [199]. EX is the energy of the X-rays (8.0478 keV for
Cu Ka, radiation and 6.93037 keV for CoKa radiation). Common relative uncertainty on

the film density is 2 %.

2.3.1.2 X-ray diffraction
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Bragg’s law gives a general relationship between the wavelength of the incident

X-ray and the spacing of atomic planes [200]:

nd = 2dsinf (2.65)

where n is the order of reflection; 4 is the wavelength of the X-ray; d is the interplanar
spacing of the crystal and 6 is the incident angle. Figure 2.21 illustrates the diffraction

with respect to Bragg’s law.

Figure 2.21 - Schematic illustration of Bragg’s law in XRD.

Both phase identification and residual stress determination were performed
employing PANalytical X’Pert MRD system with a copper radiation source (4 = 0.154
ploying y y pp

nm). Grazing incidence X-ray diffraction with a fixed incident angle of 0.5° was carried

out for phase identification and stress determination of thin films. Different incidence
beam configurations were installed for phase and stress analysis. For the former, a mirror
equipped with a mask of 5 mm and a divergence slit of 1/8° were chosen to guarantee an

intense monochromatic quasi parallel beam in one dimension and thus formed a radiated

2

area of 2 x 34.5 mm~ on the specimen surface. For stress analysis, a lens with a

collimator set as 7 mm in width and 5 mm in length was used to form a quasi-parallel
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beam in two dimensions, generating a radiated area of 8 x 680 mm? with respect to a psi

angle of 0°. Both analyses were conducted using an ultra-fast detector (X’Celerator)

equipped with an anti-scatter slit of 5.5 mm and a soller slits assembly of 0.4 rad to

balance the efficiency and resolution.
(i) Phase analysis

The operation voltage and current were set as 45kV and 40mA respectively. 12-

hour 26 scan for each specimen was carried out from 38° to 100° with a step size of 0.04°

and time per step of 3200 seconds. Diffraction pattern obtained was analyzed thanks to

the software HighScore Plus (version 3.0e).
(ii) Stress analysis

For CoCrCuFeNi thin films on flexible substrate discussed in chapter 7, the
residual stress measurements and data treatments are performed by PhD student Li
Linwei at Paris Saclay university (Pr. Vincent Ji group) with respect to the European

standard NF EN 15305 (version of April 2009) [201]. The classical sin’(y) method was

chosen for residual stress determination in this work, of which the principle can be

described briefly in the following:
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Figure 2.22 - The geometry related to residual stress determination.

According to elastic mechanics, with consideration of macroscopically isotropic

crystalline material, the strain in the direction L3 (shown in Figure 2.22) can be given by:

1+v
el{phf} = ( 5 ) (011 c0S? @ + T4, Sin 2¢ + 0,,5in? ) sin? P
1+v v
2
( E >0-33 COS lp - (E) (0-11 + 0-22 + 0-33) (2.66)
1+v _ _
+ ( E ) (113 COS @ + T,3 sin @) sin 2y

where 041, 0, and 033 are the normal stress components in the direction of S;, S2 and S3;

T12, T13 and 7,3 are the shear stresses in the planes defined by correlated coordinates.
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The strain defined by the angle of ¢/ and ¢ can also be expressed as:

d dy, —d
{hkl} Yo\ . “Yo 0
Ehp = ln( dg > = a4 (2.67)

where dy,,, denotes the spacing of selected lattice planes; d, denotes the strain-free lattice

spacing of the same lattice places as the ones of dy,,.

Combining the above two equations, yields the relationship between the stress

induced spacing change with stress components and elastic constants.

The issue of thin films belongs to the biaxial stress analysis scope (033 = T13 =

T,3 = 0), and e&hﬁ U can thus be given by:

1+v
e = (<27) (011 co5% 9 + Ty 5in 29 + 03,5007 sin®
(2.68)
v
- (E) (011 + 022)

from which a linear relation is found between sl{phql; I and sin? Y, and consequently a plot

of strain as a function of sin? 1 can be used to determine residual stress. In practice, the
occurrence of curve deviations is due to the instrument causes, but sometimes it is caused
by the out-of-plane stress which is assumed as zero. In this work, these deviations were

treated as the shear stresses involved with planar normal stresses.

Considering the high-resolution configurations of XRD instrument, the relatively
severe peak shifting caused by low Bragg angle chosen can be ignored. It is critical to

choose an appropriate reflect angle with sufficiently high peak intensity in order to
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guarantee the accuracy of peak position. Therefore, the d-spacing change of (111) plane

families was selected. 26 scan was conducted centering around 43.5° with a deviation of

+ 2.5°respectively at seven selected psi angles from -51° to 51°, where the step size was

set as 0.05° and the time per step as 3200 seconds. For planar principal stress
determination, each set of 26 scan was repeated at the three phi angles of 0°, 10° and 170°
respectively. Twenty-one peaks measured corresponding to various psi and phi angles
were recorded for each specimen in total, which were analyzed using the software X’Pert
Stress (version 1.0a). Considering the errors of normal and shear stresses deriving from
the instrument and data treatment, a quarter of stress value was set as the maximum limit

of error.

2.3.2 Scanning electron microscope, energy and wavelength dispersive X-ray

dispersive spectroscopy

The film composition was measured with energy-dispersive X-ray spectroscopy
(EDX) in combination with a scanning electron microscope (SEM) @LSPM (A. Garcia
Sanchez and O. Brinza) or (@ PPRIME institute (Pr. G. Abadias). The typical error on the
chemical analysis is within 1 at. %. For accurate N concentration determinations,
wavelength-dispersive X-ray spectroscopy (WDS) was employed instead, because EDX

can lead to high level of errors in the case of N or O measuring.

2.4 Methods for films’ mechanical properties assessment
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This section recalls briefly the principles of the main characterization techniques-

employed in this work, with a special emphasis on the mechanical properties of thin films

mostly done at LSPM.

2.4.1 Tensile test coupled to a Keyence microscope

This technique newly developed @LSPM, is used at the end this thesis to
illustrate some perspectives. We aim to have access to supplementary mechanical
properties such as fracture toughness, plastic deformation and yield strength of thin films
and nanostructures to correlate to the elastic properties. Here, we coupled a micro-tensile
test device (DEBEN®) to a confocal KEYENCE microscope (See Figure 2.23). Specially
prepared films (DRAFT group, @Gent unversity on flexible substrate) such as Kapton,
permitted to strain the film and observe the cracks appearance and development, followed
by the buckling, by acquiring sequential pictures. Later analysis of these pictures (on-set
crack appearance, cracks density, distance between cracks, buckles ...) in combination
with mechanical models permits the measurements of plastic deformation (&,) and

fracture toughness K. of the film.
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Figure 2.23 — KEYENCE confocal microscope coupled to the micro-tensile test
DEBEN device.

2.4.2 Nanoindentation

Figure 2.24 - Schematic illustration of the loading-unloading cycle during
nanoindentation measurements.

The hardness (H) and indentation modulus (Er7) of the MCAs films were
measured with a nanoindentation device (XP model from MTS/Agilent). Nowadays, this
technique is a conventional one and commonly used in most of R&D Lab for

measurement of the indentation test Young’s modulus (E;r) and the hardness (H). This
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will be used for comparison to our elastic properties measurements by optoacoustic-

methods and providing complementary information on the plasticity behavior.

For this purpose, a Berkovich indenter penetrated into the films acquiring at the
same time the required force. To omit any contribution of the substrate, only the films
with a thickness of minimum 400 nm were measured, and the indentation depth was
below 40 nm. The force and indentation depth were measured during the loading-
unloading cycle. After calibrating the effective contact area function using a fused-silica
calibrate, an analysis of the maximum indentation load (Pna), maximum displacement (/)

and effective contact area (4) allows calculating (H) and (E/r) [202]:

P
H = —mex (2.69)

The elastic unloading stiffness (S = &#/dh) is defined as the slope of the
unloading curve during the initial stages of unloading (see Figure 2.24). The indentation

modulus is then:

S [
Er = ﬁ\/% (2.70)

where f is a dimensionless parameter to account for the deviations in stiffness due to the
lack of axial symmetry of pyramidal indenters. The indentation modulus is related to the

Young’s modulus as follows:

— = +— (2.71)
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where v;, Ei, v, and E are respectively the Poisson’s ratio and Young’s modulus of the

indenter and film. The nanoindentation measurements were performed by Dr. F. Tétard

@LSPM.

2.4.3  Picosecond laser ultrasonic (PLU)

The PLU technique introduced by H. J. Maris in the 1980s [203] derives from the
well-known optical pump-and-probe scheme (see Figure 2.25). A femtosecond laser
pulse (the pump beam) is absorbed at the sample surface. This absorption generates, by
thermal expansion, a longitudinal acoustic wave that propagates through the system,
perpendicularly to the free surface. Partly reflected and transmitted at all the interfaces of
the sample (see Figure 2.25), the acoustic wave in return is then probed at the free
surface. It is detected from the reflectivity change of the sample surface using a variable
time-delayed laser pulse, commonly called the probe beam (see Figure 2.25). For a
monolithic film onto a substrate, sharp reflectivity changes are periodically detected, so-
called echoes, separated by a constant time delay as in a standard sonar technique. These
acoustical features superimposed at periodic time of arrival (time of flight, TOF) on the
photo-thermal decaying background, as illustrated in Figure 2.26, in case of
CoCrCuFeNi films with variable thickness. The real and imaginary parts of the relative
change in the surface transient reflectivity 4r(?)/rp induced by such acoustical strain may
be measured by interferometric or reflectivity measurements [204]. Consequently, if the
thickness (/) of the layer is known, PLU gives a direct access to the vertical longitudinal

sound velocity (V. = 2h/TOF). Additionally, in-plane surface acoustic waves could be
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generated in the GHz frequency range, if the size of the laser excitation area is small-

enough [205] and detected using a classical interferometer [206].

Figure 2.25 — Schematic sketch of the PLU pump-probe setup and echoes traveling
forth and back in the film.

Figure 2.26 — Transient reflectivity of CoCrCuFeNi films vs. thickness, (a) films on
silicon substrate, (b) films on Kapton substrate.
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One of the advantages of this powerful technique is the large frequency domain of
the generated acoustic waves, mainly imposed by the optical properties of the materials.
By this way, a frequency range from 100 MHz up to 1 THz is routinely achieved,
overcoming by three orders of magnitude the bandwidth limitations associated to
standard piezoelectric sensors. Ultra-short acoustic waves have been used successfully to
investigate acoustic properties in various systems, such as thin films [204, 207],

multilayer [208, 209], isolated dots [210] or phononic crystals [211, 212].

In the present case of metallic and nitrides thin films, a standard picosecond laser
ultrasonic approach is convenient to extract the longitudinal sound velocity along the
normal of the film-plane, V;. In the experimental set-up (@INSP with collaboration of E.
Charron, Pr. L. Belliard and Dr. B. Perrin, we used a mode-locked T7i:Sapphire laser
source, operating at 800 nm with a repetition rate around 79.3 MHz. The pump beam is
modulated at 1.8 MHz to improve the signal-to-noise ratio. The longitudinal velocity is
simply defined by V', = 2h/At, where At is the time delay between two consecutive echoes,
measured with an accuracy better than 1 ps (see Figure 2.26). obviously, the accurate
knowledge of the film thickness /4 is also crucial. A particular effort has been made for
measuring accurately the thicknesses: by XRR for thin films (< 200 nm) and mechanical
profilometer for the thicker ones. Representative PLU measurements showing the relative
change in surface reflectivity, Ar(¢)/ro, versus time are reported in Figure 2.26, for
CoCrCuFeNi films with different thickness on silicon and Kapton® substrate, showing

the modification of time of flight.
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Another strong advantage of the PLU technique is its ability to measure

directly/selectively the vertical Cs; elastic constant along the normal of the film plane,
from the relation Cs; = p (V1)°. Thus, the result should be the same for highly textured
polycrystalline films as for epitaxial ones, enabling the knowledge of one single-crystal
elastic constant, in the case of (001) orientation (i.e. c;;), or a combination of ¢;’s for
other orientations (e.g., in the case of (111) orientation (c¢;;+c2+4c44)/3 or in the case of
(011) orientation (c;;+ci2+2c44)/2), among three (resp. five) for cubic (resp. hexagonal)

materials.

2.4.4  Brillouin light scattering (BLS)

BLS has proved to be very efficient technique for achieving a complete elastic
characterization of thin films and multilayered structures [213]. In a BLS experiment, a
monochromatic light beam is used to probe the thermally excited acoustic waves which
are naturally present in the investigated medium. The power spectrum of these excitations
is mapped out from frequency analysis of the light scattered within a large enough solid
angle. Because of the wave vector conservation rule in the phonon—photon interaction
(see Figure 2.27, Q> = £(ks-ki)), the wavelength of the revealed elastic waves with wave
vector Q> is of the same order of magnitude as that of light (incident and scattered optical
wave vector k; and k;) and then is much larger than the interatomic distances, so that the

material can be described as a continuous effective-medium.
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Figure 2.27— Schematic sketch of the BLS interaction and wave vectors definition:
(ki, ks, k;) of the incident, back-scattered and reflected light, and of the surface
acoustic waves (Q2).

Here, we used the backscattering interaction geometry (see Figure 2.27), so that
the modulus value of the wave vector (@) of the probed surface acoustic waves
travelling parallel to the film-plane is fixed experimentally to the value Q> = 2k; sin (6),
where ki denotes the incident optical wave vector in air and @ the incidence angle of the
light with respect to surface normal. The acoustical wavelength (A) is simply defined as
A =21/O> and the velocity (V) of a surface acoustic wave is obtained from the frequency
measurements (f) thanks to the relation V' = f* A. For a ratio #/A > I, the slower surface
acoustic waves, namely the Rayleigh surface wave, will be no longer influenced by the
substrate, neither by the film’ thickness. Thus, the Rayleigh wave velocity will measure
property of the film only, as for a bulk material [214] closely related to the transverse
velocity, hence to its shear elastic constant C,,. The BLS spectra were obtained at room
temperature in air, with typical acquisition times of 2-3 h. The light source was a YAG

solid laser with single mode of 532 nm. Typically 200-300 mW of a naturally p-polarized
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(vertical) light was focused on the surface of the sample and the backscattered light was-
analyzed by means of a Sandercok-type 3 + 3 pass tandem Fabry—Perot interferometer

(see Figure 2.28).

Figure 2.28 — BLS setup in the backscattering geometry showing the optical paths
and the tandem Fabry Pérot designed by J.R. Sandercock.

The transmission of the light inside the tandem Fabry Pérot interferometer is
described in Figure 2.29. The free spectral range (FSR) is defined by FSR = co/2L1, co
being the speed of light (co = 3*10° m/s) and L, the distance between each glass plate of

FP1. Li/L>=20/19 is fixed by the angle between each FP in the design.
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Figure 2.29 — Transmission of light within each Fabry Pérot (FP) and in tandem
operation after superposition of one transmission order for each.

Typical BLS spectra are reported in Figure 2.30 for the binary 7aN, CoCrCuFeNi
thin films and bulk, together with their corresponding fit using our home-made programs

[215].

Figure 2.30 — (a) One typical BLS spectrum of 7aN (h =154 nm) film on the
MgO(001) substrate for an angle of incidence &= 70°. The fit of the spectrum
considering the ripple mechanism at the free surface is also provided at the bottom
(red line). R and S; denote the Rayleigh surface wave and the first Sezawa wave,
respectively. (b) Typical BLS spectrum of (CoCrCuFeNi);.xAl: film (h =485 nm)
for an incidence angle of 65° and the best-fit simulation (red line). (¢) BLS
spectrum of Bulk CoCrCuFeNi for an incidence angle of 65° and the best-fit
simulation (red line).

For opaque layers, such as the present metallic and nitride films with metallic
character, the scattering mechanism is restricted to the scattering of light by the

dynamical corrugation of the free surface by acoustic waves travelling parallel to the film
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plane [216]. Thus, we can only observe the surface acoustic waves with a sagittal

polarization (first component along the Q> direction and the second is vertical). For films
with thicknesses around the acoustic wavelength (~0.3 um) and deposited on a substrate
with higher acoustic phase velocity (“slow” film on “fast” substrate), the surface acoustic
waves with a sagittal polarization are: the Rayleigh wave (R) and the so-called Sezawa
guided waves (S;—S,) [216] at higher frequencies. The frequency (velocity) and number
of these Si surface modes are dependent on both the thickness and the elastic constants of
the film and of the substrate, whereas the velocity of the Rayleigh surface wave, Vz, is
mainly dependent on the transverse velocity V7 = (C44/p)"? [217] through the relation V

= [ Vr, where ~0.92 is a slightly varying function of the whole elastic constants of the

film.

The film thickness h and the mass density (p) of the films were preliminary
measured by XRR with accuracy better than 2%, as necessary inputs to determine the
eigen frequencies by solving the acoustical problem. Two distinct symmetry assumptions
were considered depending on film composition and resulting microstructure (crystal
structure, texture): for polycrystalline not textured cubic MCAs films, isotropic elastic
properties were considered, requiring only two independent elastic constants ¢;; and
c44 = (c11 - c12)/2, while for textured ones with strong (111), (011) or (001) texture an
effective medium with hexagonal (transverse isotropic) symmetry was assumed. In this
case, the characterization of the elastic properties of such films requires the knowledge of
five independent effective elastic constants, namely C;4, C33, C44, C13 and Cgg. The fifth

elastic constant, C4¢ =(Cy1 - C12)/2 enabling measurement of the C;, constant, can only
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be determined from measurements of the phase velocity of shear horizontal modes (Love

modes) but are not observed here because of their low “bulk-like” scattering mechanism
efficiency. The four first ones influence the Rayleigh and Sezawa surface modes
observed in the BLS spectra [207, 216]. In all cases, the C35 elastic constant is first
measured by PLU and then considered as a fixed known parameter in the fitting

procedure of our BLS spectra.

In case of epitaxial film with cubic symmetry, BLS is able to probe the in-plane
anisotropy by varying the in-plane propagation direction of generalized surface waves, by
simply rotating the sample. Then, for cubic materials with three unknown single crystal
elastic constants (c;;’s), at least css and ¢’ = (c11-c12)/2 elastic constants could be a priori
determined [218], avoiding the limitation encountered in the case of hexagonal or
polycrystalline textured films. Unfortunately, in the present case, rotation of samples
along the normal did not provide the expected information, instead a full spectrum fitting
procedure of both the Rayleigh and one Sezawa mode (at least) was performed in order to
evaluate both c4s and c;», independently, c;; = ¢33 being selectively measured by PLU, on

a (001) epitaxial film.
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CHAPTER 3. “SIMPLE” NITRIDES FILMS OF TRANSITION

METALS: ROLE OF VACANCIES

The aim of this work is to measure directly the 3 independent single crystal elastic
constants of thin films binary and ternary materials with cubic symmetry, namely c;;, ¢;2
and c44. By using epitaxial thin films growth on MgO substrates with specific orientations
(001), (011) and (111), no more effective average of properties as for polycrystalline
materials is needed. To measure selectively the elastic constants of these thin film
materials, we combined two acousto-optic techniques: picosecond laser ultrasonic (PLU)
and Brillouin light scattering (BLS). The results were first compared to DFT calculations
considering a defect-free lattice. VASP [12, 176] was used to perform the DFT
calculations, employing the projector augmented plane wave pseudopotentials under the
generalized gradient approximation (GGA) with a Perdew-Burke-Ernzerhof exchange
and correlation functional [219]. We found that the influence of defects (metal and
nitrogen vacancies in this case) cannot be ignored. The studied transition metal nitrides
include the (i) metals from IVB group TiN, ZrN and pseudo binary TiN-ZrN solid
solutions; (i) metals from the VB group TaN, (NbN and VN not discussed in this thesis).
Epitaxial thin films were deposited using magnetron sputtering by Prof. Gregory Abadias

@PPRIME institute, Poitiers University.

3.1 Measurement of the elastic constants

3.1.1 TiN-ZrN system: picosecond laser ultrasonic and Brillouin light scattering
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Figure 3.1 - Relative change of reflectivity as a function of time measured by the
PLU technique for the 7iN, ZrN and Tiy.sZro.sN films on MgO (001) substrate.

From the transient reflectivity change, the time that ultrasonic pulses need to
travel back and forth the thin film can be determined and is denoted by TOF as shown in
Figure 3.1. Knowing the thickness /% of the film, the measured 7OF enables the

measurement of sound velocity Vz = 2h/TOF.

In the present case of TixZr;..N, (0<x<I) epitaxial films, a standard picosecond
ultrasonic approach is convenient to extract the longitudinal sound velocity along the
normal of the film-plane, V;/001] and V;[/011]. Each velocity is related to a set of elastic
constants through c,=p(V1)’, following the equations (Eq. 3.1) and (Eq. 3.2),

respectively.

pV2[001] = cy4 (3.20)
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ZPVLZ[Oll] = (11 + Ci2 + 2C44 (32)/

with p being the mass density of the film. Unfortunately, the third orientation (111) that
cannot be obtained by growth on MgO(111) or on sapphire substrates does not provide a
novel independent equation. Indeed, the velocity along (111) direction is given by the

equation (Eq. 3.3), which will also be useful later for 7aN.

3:DVL2[111] = C11 + 2C12 + 4‘C44 (33)

The Brillouin light scattering (BLS) laser-based technique allows measuring
sound velocity of a few kinds of surface acoustic waves (Vsaw) in thin films and coatings
and thus estimating single-crystal elastic constants (pF?), in the case of epitaxial films, if
the mass density p of the film is known. The Rayleigh surface wave velocity Vz
(Ve = pVr, p~0.9) is known to be closed to the shear wave velocity (¥7) and much more
dependent on the shear elastic constant cr=p(V1)’ (ct=cas for [100] direction of
propagation in a (001) plane). We show for example the measured Rayleigh wave
velocity in Figure 3.2 as a function of film thickness (%) over acoustic wavelength(A)
ratio (h/A) for MgO the substrates, TiN and ZrN. ZrN is more sensitive to the ratio,

whereas 7iN doesn’t show large dependence.

Sound velocities and elastic constants of binary 7iN and ZrN and several TiZrN

are listed below in Table 3.1.
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Figure 3.2 - The sound wave velocity dispersion of R as a function of the film

thickness (%) over the acoustic wavelength (A) ratio 4/A.

Table 3.1: Sound velocities measured by PLU and BLS on (001)- and (011)-7i;-
«Zr:Ny epitaxial films and the derived elastic constants. Mass density were
measured from XRR.

Sample Ti (at.%) Zr (at.%) N (at.%) Vi(m/s) ci(GPa) Vi(m/s) cr(GPa)
TiN-M14-33 001 48.4 / 51.6 10295 572 0 1.06
TiN-M14-33 011 48.4 / 51.6 9974 557 / /

TiZrN-M15-32 001  35.7 12.2 52.1 9159 512 5153 162
TiZrN-M16-38 001  33.8 12.2 54 4983 144
TiZrN-M16-38 011  33.8 12.2 54 8569 426
TiZrN-M16-39 001  21.2 22.8 56.0 8864 491 4561 130
TiZrN-M16-39 011  21.2 22.8 56.0 8536 455
TiZrN-M14-2 001 19.3 26.0 54.7 8930 510 4760 145
TiZrN-M16-37 001  12.2 30.0 57.8 7991 447 4536 144
TiZrN-M16-37 011  12.2 30.0 57.8 7723 417
ZrN-M16-36 001 46.4 53.6 8889 585 4191 130
ZrN-M16-36 011 46.4 53.6 7576 424
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3.1.2  TaN system: picosecond laser ultrasonic and Brillouin light scattering

We first measured selectively with the picosecond laser ultrasonic (PLU)
technique the longitudinal bulk sound wave velocity V1 and elastic constant ¢z = p(V1)* of
the o-TaN epitaxial films with different crystal orientations: (001), (011) and (111). The
relative change of the transient reflectivity, Ar(f)/ro, is shown in Figure 3.3 for the

different orientations. At least, two echoes are clearly visible for all films.

Figure 3.3 - (a) Transient reflectivity change of 57aN-(001), -(011) and -(111)
epitaxial films. From the time of flight (TOF), the film thickness (/#) and the mass

density (p), one can measure selectively c;; =530 GPa, (cir+ciztcsy)/2 = 502 GPa
and (ciit2ci2t4cq44)/3 = 498 GPa, respectively.

Considering the value of 530 GPa for the c;; elastic constant as obtained from the
Tap.03N/MgO(001) film by PLU, the two other elastic constants, c4s and c;2, could be
determined by BLS. c4 is found to be mostly dependent on the Rayleigh surface wave
(R), while c;> is related to the first Sezawa wave (S1), see Figure 3.4a. c4s and c;2 were
extracted from the sound velocity dispersion curve for different angles of incidence &

(30-80°), see Figure 3.4b, by fitting each BLS spectrum considering the ripple
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mechanism at the free surface [220, 221]. The experimental sound velocities (¥, Vr and

V'r) and the related elastic constants (cz and cr) obtained for the different 7aN epitaxial

films are summarized in Table 3.2.

Figure 3.4 - (a) One typical BLS spectrum measured on the 7agosN/MgO(001)
sample (A=154 nm) at an angle of incidence 0 = 70°. The fit of the spectrum
considering the ripple mechanism at the free surface is also provided at the bottom
(red line). R and S; denote the Rayleigh surface wave and the first Sezawa wave,
respectively. (b) The sound wave velocity dispersion of R and S; as a function of
the film thickness (%) over the acoustic wavelength (A) ratio h/A. Fitting
parameters are ¢4 = 137 £3 GPa and c;2 = 130 =+ 5 GPa, considering c;; =530 GPa
fixed to the PLU measured value.

Table 3.2 - Experimental sound velocities and related elastic constant of 7aN
epitaxial films. ¢;2=130 £ 5 GPa was determined by fitting the first Sezawa
surface acoustic wave (S1) of the Tay.93N/MgO(001) sample. Mass density from X-
ray reflectivity (XRR) was used: pxrr = 15.6 g/cm®.

Orientation Vi (m/s) ¢, (GPa) Ve[100] (m/s)  Vi[100](m/s) cr(GPa) Poisson ratio

(001) 5830 530 2830 2963 137 0.197
(011) 5656 502 - - -
(111) 5635 498 - - -

3.2 Computational procedures

120

J



Chapter 3: “Simple” nitrides films of transition metals: role of vacancies

3.2.1 TiN-ZrN system

The structural short-range order (SRO) of the alloy was modelled with supercells
generated with the special quasirandom structure (SQS) method introduced by Zunger
[179]. Based on the fcc lattice we used the size of (2x2x2) for the supercell with 64
atoms. This supercell size and shape has been shown to result in converged elastic
constants for TipsAlpsN [222]. SQS supercells were derived for defect-free compounds
with x = 0.25 (x = 0.75) and x=0.5, as well as for defected structures. We considered 4
types of randomly distributed vacancies for the defected structures, namely, 7i vacancy,
Zr vacancy, mixed 7i-Zr vacancy and N vacancy. The atomic configurations were
obtained by optimizing the Warren-Cowley pair SRO parameters in the first seven
nearest-neighboring shells. Since the configurational disorder breaks the local cubic point
symmetry, we used the symmetrization procedure suggested by Tasnadi [223]. That is,
we calculated nine elastic constants independently and then we derived the cubic-
averaged ones, to be the three independent single crystal elastic constants ¢4, €12, C44, Of
a cubic material. The elastic constants were calculated by total energy calculations with

using + 0.5 % distortions.

The total energy calculations were performed using the Vienna ab initio
simulation package (VASP) [12, 176]. The exchange correlation functional was
approximated by the Perdew-Burke-Ernzerhof generalized gradient functional (GGA)
[219]. The valence electron configuration is 3p®3d°4s’ for Ti and 4s°5s'4p54d° for Zr. The

plane-wave cutoff energy (520eV) and the Monkhorst-Pack sampling of the Brillouin

zone (6x6x6, with the spacing of k-points <0.2/A) were tested and convergence was
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achieved. In obtaining the ground structure we optimized the volume, the shape and

lattice coordinates (tag ISIF was set to 3 in VASP).

Monovacancy formation energy was calculated for 3 different compositions
(Tio.25Zro.75N, TiosZrosN and Tip.25Zro.75N) separately. Unlike binary nitrides which have

well defined Me/N monovacancy with the same surrounding environment everywhere,

disordered ternary nitrides may exhibit different chemical environments for each vacancy.

For example, in ternary 7i-Zr-N system, the number of Zr atoms surrounding a vacancy
and their spatial distribution may differ from another vacancy site and play a role in
determining the vacancy formation energy. In order to take chemical environments into
account, we created multiple configurations with only one vacancy by removing each
time one atom from each site in the defect-free SQS supercell (2x2%2). Hence, we
obtained a set of monovacancy formation energies for the 3 ternary compositions, which

were further correlated to the number of Zr atoms in the neighboring shells.

The monovacancy formation energy AEY*¢ for X-type vacancy is calculated based

on the formula:

BER|TirZr,N, = EQOITiZry N, = E|TiZ1yN, G4

where X represents either 7i, Zr or N, E(X) denotes the energy of defected structure with

one X-type vacancy and E is the energy of the corresponding defect-free structure.

3.2.2 TaN system

The valence electron configuration is 5p® 5d° 6s° for Ta and 2s° 2p® for N. A
2x2x2 cubic supercell consisting of 64 lattice sites is chosen to model the defected 7a.N
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and TaN, compounds (x < 7). The plane-wave cutoff energy was always set to 800 eV-
and the §x8x8 Monkhost-Pack k-vector sampling of the Brillouin zone was checked to
provide total energy accuracy of about 1 meV/at, elastic stress tensor convergence within
2 kbar and the elastic constants convergence within 10 GPa, for tested configurations.

Atomic positions as well as shape and volume of the unit cell were allowed to relax.

To compare various systems in terms of their thermodynamic stability, the
formation energy, E; was calculated. The TaN defect-free structure was proposed by
Balasubramanian et al. [64] as another reference choice considering it is more relevant in
the case of thin film growth. In this case, the formation energy is lowered by the tantalum

chemical potential difference, Auvs= pra — pran= 1.768 eV/at., between bee-Ta and TaN

reference states (urav=—13.572 eV/at).

Moreover, several defected or non-stochiometric structures were investigated with
different degree of ordering/clustering of the metal cation or nitrogen anion vacancy.
Metal vacancies, nitrogen vacancies and Schottky defects (containing equivalent number
of metal and nitrogen vacancies) were considered as possible defects. DFT calculations
have been carried out for a defect concentration up to 20%, with respect to the total
(metal + nitrogen) lattice sites. The Alloy Theoretic Automated Toolkit (ATAT) was
employed to generate the special quasi-random structures (SQS) [181], representing
random distribution of vacancies (denoted as “random” configuration). The short-range
order parameters were optimized for pairs up to seventh order and to fifth order for
triplets. Besides, we considered ordered distribution of vacancies (denoted as “symmetric”

configuration) by removing atoms with certain site symmetries from the 2x2x2 supercell.
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Hence, in the symmetric configurations, all the defected structures remain cubic. Finally,

to evaluate the vacancy clustering effect, we simulated certain cluster configurations, by
removing the neighboring cations or anions in the supercell. In the case of Schottky-type
defects, SQS were again adopted to remove randomly identical number of metal and

nitrogen atoms.

We searched for additional stable structures offering ordered 7a and N vacancies
with different concentrations by employing the UNiversal CLuster Expansion (UNCLE)
code [224]. The identified structures and their properties are described in the Appendix A
(see Figure A.1 and Table A.3). This complementary approach based on cluster
expansion (CE) calculations enabled us to scrutinize the 0-25% ordered-vacancy

concentration interval.

The lattice constant a of defected o6-TaN structures was calculated from a =
(Vo)/3, where V5 is the equilibrium volume corresponding to the conventional cubic cell.
Our structural models are based on 2x2x2 supercells constructed from the conventional
cubic cell, therefore we took Vo = V/8 where V is volume of the fully relaxed supercell
with or without defect(s). Due to supercell finite size effect, the relaxed defected
supercells do not have, in general, cubic shape anymore. However, the defected materials
will macroscopically possess the cubic symmetry, so that evaluating a from the supercell
volume will effectively average the local atomic distortions and provide the correct

estimation of the lattice constant for the macroscopically cubic material.

124

N\



Chapter 3: “Simple” nitrides films of transition metals: role of vacancies

We investigated elasticity of selected TaN. structures by employing the stress--

strain method [225, 226]. Fourth-order elasticity tensor c relates the stress, o, linearly to

the strain, &, according to the Hooke’s law
0 =c¢ (3.5)

By convenience, instead of using the fourth-order tensor c in a three-dimensional
space, it 1s often replaced by a 6x6 matrix. In the following, ¢ will represent this matrix
of elastic constants in the so-called Voigt’s notation. To evaluate elastic constants
corresponding to structures with arbitrary symmetry, we adopt the methodology proposed
by Moakher and Norris [227]. First, the squared norm of the elasticity matrix c is defined

as
llcll> = (c, c) (3.6)

The scalar product (c, c) can be calculated in various ways depending on how c is
represented. Assuming the Euclidean metrics and the case of 2D representation, Eq. (3)

takes the form

6

lell? =) (3.7

i,j

Simplifying the general 6 x6 matrix C = (Cy) with 21 independent constants, we
must project it onto a convenient symmetry class and hence, decrease the number of
independent elastic constants. Thus, we search for a matrix Csn of a specific symmetry

class such that the norm ||C — Csym || is minimal. Rigorous derivation of the projectors for
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all crystal symmetry classes can be found in Refs. [227, 228]. In this work, we restricted-

the search to a cubic or a tetragonal symmetry when we used the SQS method.

e 0 0 0 0 1 0 1 0
1 —€ —€
0 0 =¢ 2 2
2 |, 0o ¢ 0|, ]1 (3.9)
\ 1 / \1 / \EE ; 0/
0 EE 0 EE 0 0 0 0 e

To calculate the elastic constants, we employed the above deformation matrices
with € equals to £0.004, as in the stress-strain method. They are equivalent for materials
of cubic symmetry. However, for SQS structures we used, elastic tensor can barely
maintain cubic symmetry due to randomly distributed vacancies. One usually gets elastic
constants by averaging relevant elastic constants. The 3 independent elastic constants

(€11, €12 and c,4) were obtained from the following averaging process,

1
€11 = 3 (c11 + ¢ + C33) (3.9)
1
¢z =¢ (c12 + Cz3 + €13+ C31 + €31 +C33) (3.10)
1 ! ! !
Cas =3 (Caa + C55 + Cop) (3.11)

where ¢’ denotes the element in the full elastic tensor and can be calculated directly using

the stress-strain method.

3.3 Energetics, phase stability and structural properties

3.3.1 TiN-ZrN system
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Dispersed monovacancy formation energies were found for 7i-Zr-N compounds

as shown in Figure 3.5. Geometric analyses of the coordination suggest that the

dispersed metallic (77 & Zr) monovacancy formation energies can be better described in

terms of the numbers of Zr neighbors in the first and second nearest metallic shells

around the vacancy. For each composition, 7i/Zr monovacancy formation energy

decreases with the number of Zr atoms in the second nearest neighbor shell increasing.

Ti/Zr monovacancy formation energy can be well separated into 3 groups

corresponding to the 3 compositions. The data points lie well on the 3 planes as indicated

in Figure 3.5. Accordingly, we fitted 7i/Zr monovacancy formation energy for the 3

compositions as a function of Zr occupations in the first and second nearest metallic

shells around the vacancy, as denoted by n, and n, respectively.

The Ti monovacancy formation energy are formulated as

AE7*|Tiy 75219 25N = —0.39861 — 0.01675n, + 0.14592n,

AE7*|Tig5Zro5sN = —0.90357 — 0.00782n,; + 0.16351n,

AEY%|Tiy 25279 75N = —1.25794 — 0.01411n, + 0.15363n,

The Zr monovacancy formation energy are formulated as

AEZ%®|Tiy 7521025 N = —0.60698 — 0.00706n, + 0.08428n,

AEZ%|TiyZ1osN = —0.7961 — 0.00712n, + 0.11434n,

AEZ%|Tiy 5 Z107sN = —1.09788 — 0.00893n, + 0.15707n,

(3.12)

(3.13)

(3.14)

(3.15)

(3.16)

(3.17)
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The negative coefficients before n; means that more Zr atoms in the first nearest

shell of the vacancy will lower the vacancy formation energy. The coefficients of n; are
positive in all cases, and have a larger absolute value than the negative coefficient before
ni, suggesting that the metal vacancy formation depends strongly on the number of Zr
atoms in the second nearest metallic shell and more Zr in the second nearest shell

suppresses the vacancy formation.

To compare Ti/Zr/N vacancy formation energy for different compounds, it is
necessary to assume that the chemical potential for 7i/Zr/N does not change with Zr
concentration increasing. The separation of monovacancy formation energy into different
groups implies that 7i/Zr monovacancy formation energy in 7i-Zr-N does depend not
only on the Zr coordination numbers in the first and second nearest shells, but also on the
chemical composition of the compound, or the 7i/Zr ratio. In Figure 3.5a and Figure
3.5b, the Tig.75Zrp.2sN monovacancy energy sets lie on the top while Tig25Zrp.75N lie at the
bottom, indicating 7i/Zr vacancy formation energy decreases as Zr concentration

increasing.

A thorough description of the vacancy formation energy for ternary nitrides
requires larger supercells containing other correlation functions. Apart from this, it is also
necessary to include concentration and configurational corrections due to the
concentration and correlation functions change resulting from removing one atom from
the supercell. A more sophisticated study of metal vacancy formation energy in a similar

TiosAlp.sN ternary system can be found in Rev. [222].
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Figure 3.5 - (a) Mono 7i vacancy (b) mono Zr vacancy formation energy as a
function of numbers of Zr atoms in the first and second nearest neighboring shells
(c) N vacancy formation energy as a function of the number of Zr atoms in the first
nearest neighboring shell, for 7ip75Zro2sN  (blue), TigpsZro.sN(black),
Tip.25Zrp.75N(red). The planes are the guides for the eye.

The nitrogen vacancy formation energy in Figure 3.5¢ generally increases when
more Zr atoms occupy the metallic 1% shell around the vacancy center. This is consistent
with the fact that for the simple binary nitrides, 7iN has a smaller N vacancy formation
energy (2.414eV) than ZrN (3.090eV). The energy disperse implies that there are other
factors influencing N vacancy formation energy other than numbers of Zr neighbors in
the nearest neighbor shell. To demonstrate, we found that the relative positions of Zr
atoms at the octahedron vertices of the first nearest metallic shell around the vacancy site,
can alter N vacancy formation energy. The N vacancy formation energy is 0.2 eV higher
when two Zr atoms occupy the adjacent vertices than two Zr atoms occupy the opposite

vertices, despite the numbers of coordination Zr are the same.

As shown in Figure 3.6, lattice parameters and mass density increase almost
linearly with the addition of Zr and a good agreement between DFT and experiments was
reached. For TiN and ZrN, thin films provide similar lattice parameters, i.e., 4.245 and
4.581 A respectively, to the bulk value, 4.241 and 4.578 A [228]. Our calculated lattice
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constants are 4.252 and 4.596A, respectively for TiN and ZrN, in line with 4.253 and

4.618 A calculated by Holec et al [229]. The experimental values for both films and bulk
are smaller than the DFT predicted defect-free lattice parameters. This might be due to
the application of GGA exchange-correlation functions in DFT calculations, since it is

known that DFT almost always overestimate the lattice constants with GGA.

Figure 3.6 - (a) Stress-free lattice parameter deduced experimentally (red square)
from reciprocal space mapping as a function of Zr concentration, x, compared to
bulk materials (arrows) and DFT calculations with 7i (blue square), Zr (green
square), and nitrogen (black square) vacancies. (b) Mass density deduced from
XRR as a function of Zr concentration, x, compared to bulk materials and DFT
calculations with vacancies. The line and are the defect-free calculations.
Increasing size of symbols indicates increasing vacancy concentration (up to 3/64).
These symbols have the same meaning hereafter.

As revealed by DFT, among the 3 vacancies types, only Zr vacancies lead to
obvious lattice parameter reducing because of its large atomic size. Quantitatively, 4.7
at. % Zr vacancies result in 1.2 %, 0.8 %, 0.5% and 0.3 % reduction of the lattice
parameter for Tig.75Zro.2sN, TiosZrosN, Tio2sZro7sN and ZrN, respectively. Ti vacancies
only play a role in 7iN. 4.7 at. % Ti vacancies decreasing the lattice parameter by 0.4 %

for TiN. With Ti vacancies, no lattice shrink can be observed for Zr-rich compounds. The
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influence of N vacancies on lattice parameters is unnoticeable within all compositional-

range.

Mass density in Figure 3.6b increases linearly from 7iN to ZrN. Theoretically,
both 7i and Zr vacancies decreases the mass density. On the other hand, N vacancy
affects only the mass density of binary nitrides, not the ternary. No vacancy is responsible

for several over dense samples, as measured by XRR.

3.3.2 TaN system

The calculated formation energy at 0 K of different defected and defect-free o
TaN, structures are shown in Figure 3.7. When we compare to the defect-free Fm3m
cubic phase (Er=-0.884 eV), the P4/nmm tetragonal phase is found to have a lower
formation energy (Ey=-0.925 eV) and is thermodynamically, mechanically and
dynamically stable, as previously established in the recent work of Hu et al. and
confirmed by the present calculations (see Appendix). From first-principles calculations,
Hu et al. [230] concluded that the presence of point defects (7a or N vacancies in low
concentration, ~2%) or C or O impurities did not prevent the cubic to tetragonal phase
transformation. Nonetheless, considering the small grain size of thin films (a few tens of
nm) with low local coordinated sites on the surfaces or interfaces, they argued that such
size effect could induce a stabilization of the 7aN cubic phase, compared to its bulk
counterpart. Many other non-stochiometric crystalline 7a,Nx compounds were
numerically investigated by Weinberger et al. [231] using first-principles methods but

these authors did not discuss the case of the P4/nmm tetragonal phase.
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Figure 3.7 - Formation energy in &-7TaN phase as a function of defect (7a, N or
(Ta+N) vacancy) concentration in supercell. Ordering/clustering configurations of
atom species have been considered. The horizontal lines indicate the formation
energy of the cubic Fm3m (solid line) and tetragonal P4/nmm (dashed-line) defect-
free TaN structures. Not shown, formation energy of the cubic NbO-type Pm3m
simulating 25 at. % ordered Schottky defects is -0.727 eV/at., much higher than
others.

From Figure 3.7, it is observed that the introduction of metal or nitrogen
vacancies as well as Schottky defects stabilizes the cubic structure compared to the
tetragonal one, for defect concentration in the 2.5-17.5 % range. The lowest formation
energy of —1.02 eV is found for Tap.7sN (11 % Ta vacancy), as also predicted by Koutna
et al.[232], whatever the defect configuration is. Nitrogen vacancies appear less
energetically favorable than metal vacancies, whereas Schottky defects have intermediate
formation energy between that of metal and nitrogen vacancy, depending certainly on
their configuration/interaction. One can notice that formation energy of the cubic NbO-
type (Pm3m) simulating 25 at. % ordered Schottky defects is -0.727 eV/at., is much

higher than any other structures, indicating that such high amount of Schottky defects is
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not expected. For instance, the formation energy of one metal vacancy, one nitrogen
vacancy and one Schottky-defect pair in &7aN is -3.345, +0.068, and —4.520 eV,
respectively. These formation energies are in line with the values of —3.4 eV (Ta vacancy)
and 0 eV (N vacancy) calculated by Balasubramanian et al. [64] if one considers the TaN
reference state, instead. In agreement to previous calculations by Koutna et al. [232]our
results also confirm that the configuration of defects does not play a significant role on
the stabilization of both types of defects in this particular system, contrarily to MoN [232,
233]. Moreover, the results on perfectly ordered 7a,N. compounds from CE method
(Table A.3) or the “symmetric” cubic supercell reproduce well the variation of the
formation energy with defect concentration obtained using a supercell with a “cluster”
configuration or the SQS methodology with a random configuration (see Appendix.A.2

for definition of supercells).

Our DFT calculations for 6-TaN, compounds illustrate a monotonous decrease of
the lattice parameter a from 4.426 to 4.305 A as the vacancy concentration increases up
to 20 % (see Figure 3.8a). The evolution of a appears sensitive to the type of defects, a
stronger decrease being found for metal vacancies (blue symbols). Comparable trends
were predicted previously from first-principles calculations by Stampfl and Freeman
[234], Grumski et al. [235] and Koutna ef al. [232]. Figure 3.8a additionally evidences a
greater influence of defect configuration for metal vacancies, lower a values being
obtained for ordered 7a vacancies (“symmetric” configuration, open blue triangles). It is
also supported by the calculation of 25 at. % ordered Schottky defects simulated by the
NbO-type structure, providing a lattice parameter as low as 4.252 A. It is even lower than

the extrapolated one from SQS randomly distributed Schottky defects. The sensitivity of
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the lattice constant to the type and defect concentration (> 2%) could explain the large

spread of structural parameters reported in the literature.

When we compare in Figure 3.8 the experimental stress-free lattice parameter
ao=4.375 A to the calculated a values of defected TaN; structures, one should expect a
maximum of ~6% ordered tantalum vacancy (open blue triangles) or ~11% random
Schottky pair (red triangles) concentration to find a closer agreement between
experimental and theoretical values. Taking into account the measured composition of the
Tap.9sN/MgO(001) sample, this would suggest the presence of ~3.5 % metal vacancy and
~8% Schottky defect concentration in this film. Note that the relative difference between
the lattice constant values of the defect-free 7aN compound and the defected 7Ta.93:N(001)

film 1s —1.2 %, corresponding to 3.6 % reduction in the unit cell-volume.

Following the approach of Koutna et al. [232] to provide a quantitative estimation
of the lattice parameters, we fitted the calculated values for defect concentrations below

0.12, with linear functions of the defect concentration, x, (see Figure 3.8a):

a=a(0)—px (3.18)

Here, a(0) is the lattice parameter of defect-free &-TaN (4.426 A). Our fitted f
values are 0.830, 0.338, and 0.48 A for ordered (symmetric) Ta vacancies, random N
vacancies and Schottky defects (7a+N vacancies), respectively. They compare well to the
previous values of 0.747, 0.358, and 0.573 A reported by Koutna et al. [232]. In general,

metal deficient 7a.N structures show much greater volume decrease upon vacancy
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introduction than their nitrogen deficient counterparts. Similar trends have been reported-

by Gu et al. for &HfN, compounds [236].

Interesting features are observed for the evolution of mass density with defect
concentration: a significant decrease is found as the metal vacancy or the Schottky pair
concentration increases, whereas the introduction of nitrogen vacancy leads to a slight
increase (see Figure 3.8b). One can also notice that the mass density is rather insensitive
to the defect configuration. When we compare in Figure 3.8b the experimental mass
density obtained from XRR (p = 15.6 g/cm®) to the calculated values of defected & 7Ta,Nx
structures, one can easily observe that it lies outside the range of accessible values.
However, the calculation of mass density from XRR data was carried out without
considering any defect in the lattice. If one calculates the mass density from XRD data,
considering the previous defect concentration inferred in the Tapo3sN/MgO(001) sample
yields a value of pxrp ~ 13.7 g/cm? (solid line), consistent with DFT calculations. This is
a reduction of ~12 % respectively to pxrr value. It means that in the present case, the
mass density has to be evaluated from the volume of the fcc lattice (ao)® and the total
mass considering ~3.5 % Ta vacancy and ~8 % Schottky pair. Part of the remaining
apparent experimental overestimation is intrinsically coming from the overestimation of

cell-volume by the GGA approximation (a few percent).
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Figure 3.8 - Calculated (a) equilibrium lattice parameter and (b) mass density as a
function of defect (7a, N or (Ta+N) vacancy) concentration in 5~-TaN structures.
The solid lines are linear fit to the data for vacancy concentration below 12 %
according to Eq. (3.18). The horizontal lines indicate our experimental data
obtained from XRD (ao = 4.375 A and pxrp = 13.7 g/cm? for the defected structure)
and XRR (oxgr =15.6 g/cm®). The shaded area indicates uncertainty of the
measurement.

3.4 Sound velocities and elastic constants: DFT vs. experiments

3.4.1 TiN-ZrN system

Thin films with (001) orientation allow direct measurement longitudinal Vz/001]
and V7/001], which are correlated to ¢;; and c44 of a cubic crystal, respectively. Vi/001]
and V7/001] in Figure 3.9a and Figure 3.9c respectively both decrease clearly with Zr
addition. For TiN, V;[001] obtained from the (001) single crystal films are 10828m/s, in
close agreement to 10770 m/s measured by [237] for stoichiometric 7iN, slightly higher
than the DFT value of 10442m/s. The V7/001] we measured from the same sample is
5601m/s, higher than 5247m/s[238], 5370m/s[239] measured on single crystals by an
acoustic microscope and BLS respectively, but in good accordance with 5572m/s from

DFT calculations in this study. ZrN has the value of 8889 and 4191m/s respectively for
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Vi[001] and V7[001], in agreement to 8572m/s and 3944m/s from DFT. The decreasing

trend was well reproduced by DFT calculations. However, the experimental V7/001]
values are lower than defect free structures from DFT calculations while the opposite was
found for V'7/001]. The largest discrepancy for Vi/001] appears as large as 1000m/s, at
x= 0.75, accounting for ~12% with reference to the defect-free value. Other compounds
allow better agreements with a deviation below ~7%. Theoretical calculations
considering the presence of metal (7i/Zr) and N vacancies up to 4.6 at. % provide a better
agreement to experimental V;/001] and V7/001]. Both metal and N vacancies lead to a
significant reduction of V7/001]. With 4.6 at. % of vacancies, the absolute reduction can
reach around 500 to 1000 m/s for all compounds, making the experimental V;/001]
comparable to DFT. Regarding the vacancy influence on V7/001], metal and N vacancies
behave differently. V'7/001] is more sensitive to metal vacancies for all the nitrides under
study. For instance, with 4.6 at. %, both 7i and Zr vacancies were found to increase
Vr[001] up to ~12 % in the whole composition range, leading to an overall satisfactory
agreement to the values measured by BLS. V7/001] is not sensitive to N vacancies except
for ZrN. A minor increase of 6% was found with 4.6 at. % N vacancies for ZrN, but still

much smaller than 12 %, the value contributed by the same amount of Zr vacancy.

The longitudinal velocity along (110) crystallographic orientation in Figure 3.9b

decreases from 9918 m/s for T7iN to 7746 m/s for ZrN theoretically. The PLU

measurements provide the same decreasing trend as well as good quantitative agreements.

Slightly slower sound velocities were found for x=0.25 and (.75 with a difference below

500 m/s, with respect to the defect-free values. Of the three types of vacancies, only N
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vacancy has a significant influence on this sound velocity. 4.6 at. % N vacancy can lead”

to 4 % decrease of V1 /110].

Figure 3.9 - Sound velocities measured as a function of Zr concentration, x: a) V.
along (001), b) V. along (011) and c¢) V'r along (001). The solid line corresponds to
the defect-free calculation.
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Table 3.3 — DFT calculated single crystal elastic constants of 7ixZr;.x/N and Voigt-

Reuss-Hill averages

Sample  c¢i; cr2 C44 Zener B G G/B Poisson  ¢12-c44

(GPa)  (GPa) (GPa) ™4 (Gpa) (GPa) ratio (Gpy)
Vioor)

ZN 520 111 112 05359 250 144 0576 017 -1

TiossZrosN 538 104 119 05484 249 152 0610 016  -15

TiosZrosN 540 107 123 05681 251 155 0617 016  -16

TiossZrosN 557 113 139 0.6261 261 168  0.645 016  -26

TiN 583 137 166 07444 286 186  0.650 0.19  -29

The single crystal elastic constants and moduli are given in Table 3.3. The single

crystal elastic constants are in line with the values calculated in [229] for ZrN

(c11=523GPa, c;>=111 GPa, c4=116 GPa) and TiN (c;;=575 GPa, c¢;>=130 GPa, c4=163

GPa). The elastic constants for the ternary 7i.Zr;.N also found general agreements to our

previous work calculated with ultrasoft pseudo-potentials [240]. The elastic moduli were

calculated with ELATE program [241]. The G/B ratio is associated with ductility, with a

critical value of 0.57 separating brittle and ductile materials. Although the ratio all

exceeds 0.57, its decrease with Zr addition suggests the increase of ductility. The Cauchy

pressure (c;2-c44) With the addition of Zr indicates enhancement of the metallic bonding
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character by Zr alloying. Figure 3.10a illustrates that c;; decreases gradually from 7iN to
ZrN. For the binary nitrides, very close experimental ¢;; were obtained comparing to
DFT. The deviation between experiments and DFT is relatively large for the ternary and

increases with Zr addition. The largest deviation of 175 GPa was found for x=0.75. It

was found from calculations that metal and N vacancies contribute equally in reducing c;;.

With 4.6 at. % vacancies, a reduction of ~100 GPa for ¢;; is expected, with reference to
the defect-free compounds. The difference between the as measured c44 and the defect-
free value predicted by DFT is typically within 20 GPa, where the experiments provide a
higher value. 4.6 at. % metal vacancies can bring about a cy4s increase of ~10 GPa. As
contrast, N vacancies cannot strengthen cy4 for 7Ti-Zr-N nitrides. A decrease of c44 for TiN
due to N vacancies was even observed. These suggest metal vacancies influence rather

than niotrogen.

Corresponding to Vi[110], the elastic constant (c;;+ci2+2cq4)/2 decreases
theoretically as Zr content is increasing, from 526 to 432 GPa. Both metal and N
vacancies lead to a reduction of 11 % for (ci;+ci2+2c44)/2 with 4.6 at. % vacancies. The
most significant reduction was found for 7iN, 4.6 at. % N vacancy results in a decrease of

58 GPa, accounting for 11%.

c;2 in Figure 3.10d was not measured directly, but from the combination of

Vi[001], Vi[110] and V7/001] on two samples. The data shows large degree of scattering.

In contrary, theoretical c;»> varies smoothly with Zr addition, ranging from 137 to 111
GPa, from TiN to ZrN. Furthermore, the vacancies, have very small influence on c;>
comparing with other elastic constants. The deviation between DFT and experiments

exceeds 55% and reach even up to 120%, certainly beyond the acceptable error range.
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This may be an indication of non-equivalent structural state for both samples with-

different crystallographic growth direction, leading to different elastic properties.

Figure 3.10 - Elastic constants measured as a function of 7i concentration, x: a) ¢y,
b) cirteizt2c44)/2, €) c44 and d) c;2 (deduced from a-c). The solid line corresponds to
the defect-free calculation.

In general, V7 and V7 measured from epitaxial 7i.Zr;..N films with (001) or (110)
orientations and derived elastic constants agree well to the DFT predictions. V7/001] and
ci1 are below the defect free value while V7/001] and c4s are slightly higher than the
defect free value. Considerations of vacancies further ensure better quantitative
comparison. The physical origin is well explained in [189] where the vacancies reduce
the occupations of the directional p-d covalent bonding and non-shear-resistant d-d
metallic bonding, which leads to c¢;; softening and c4s stiffening, respectively. The

experimental elastic constants are dispersive both as can be seen from our measurements
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and from literature. One possible reason is that nitrides can sustain a large amount of
vacancies, resulting in different stoichiometry, which has significant influence on the
elastic properties [237] compared to lattice parameter. Besides, elastic constants are
sensitive to microstructures, porosity, and textures in thin films [240, 242], these

parameters are cumbersome to be accurately determined hence quite easy to be ignored.

With the combination of DFT calculations and optoacoustic techniques, it is
possible to evaluate the influence of vacancies on elastic constants and estimate the
vacancy type and concentration. The comparison of Vr and cy to DFT calculations
indicates the existence of metal vacancies for all compounds, since N vacancies don’t
play a huge role in c4 determination. This has also been confirmed by the elemental
compositions as shown in Table 2.2 that the N/metal ratio is slightly over 1. Vacancies
also lead to significant reduction of V;/001] and c;;, as revealed by both experimental
and DFT data. And the reduction increases with the vacancy concentration. The largest
discrepancy of V;/001] and c;; between experiments and DFT were found at x= 0.75
where the largest N/metal ratio of 1.37 was reported in Table 2.2, suggesting the
existence of the highest metal vacancy concentrations. This is also consistent with our
vacancy formation energy calculations, from which we found lower metal vacancies
formation energy at high Zr concertation. The (110) orientated thin films were used to
probe Vi[110], from which c¢;;+ci2t2cs4 can be derived. The relatively lower
experimental V7/110] indicates that N vacancies are possibly presented because of metal
vacancies alone cannot reduce Vz/110]. This is, however, contrary to the N/metal ratio

which is above 1, but can be explained by the coexistence of both metal and N vacancies.
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Our strategy to derive c¢;> employs two different sets of samples with either (001)

or (110) orientations deposited at the same condition simultaneously. From the (001)
oriented sample, c;; and cyss are determined while the complex elastic constant of
critcizt2cq4 is determined from the (110) oriented sample. As it has been shown, the
accurate c¢;> determination cannot be achieved by manipulating the three elastic constants
measured from two different samples. The reason for the non-feasibility is that the two
samples are not comparable elastically even if they were deposited in the same condition,
at the same time. They might have different microstructures, porosity, defects, etc., due to

different substrates and growth directions.

3.4.2 TaN system

The vertical longitudinal sound velocity Vz/001] of bulk wave propagating along
the growth direction (001) and the transverse sound velocity V7/100] propagating along
the in-plane (100) direction of the Ta.o3sN/MgO(001) sample have been selectively
measured by the PLU and BLS techniques, respectively (see Figure 3.3, Figure 3.4).
This provides a selective measurement of ¢;; and c44 single-crystal elastic constants. The
remaining independent elastic constant, namely c;2, has been determined by the fitting of
several BLS spectra obtained at different angles of incidence (see Figure 3.4). It enables
the calculation of the Poisson ratio v = c;2/(ci;+ c12) = 0.197. Additionally, vertical
longitudinal sound velocity Vi/011] and V;[111] of bulk wave propagating along the
(011) and (111) growth directions of the TaNy.9o/MgO(011) and TaN/MgO(111) samples,
respectively, have been selectively measured by PLU (see Figure 3.3). The measured

sound velocities and elastic constants are reported in Table 3.2.
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The obtained experimental single-crystal elastic constants from the

Tap.03N/MgO(001) sample are the following: c¢;; = 530 + 10 GPa, ¢;2= 130 + 5 GPa and
c44= 137 + 3 GPa. This yields a Zener anisotropy ratio A = 2c44/(c11 — €12) equal to
0.685. This value is significantly larger than the value of 4 =0.16 predicted by DFT
calculations for the perfect &-TaN compound. However, both 4 values are <lI, signifying
that the elastically stiffest direction is along [001] for 6-TaN compound. This is reflected
also by the fact that V;/001] >V [011] > V.[111]. Note that the calculated V;/011] and
Vi[111] velocities (5471 and 5347 m/s, respectively) from the Tap.9sN/MgO(001) sample
slightly differ from the measured ones (5656 and 5635 m/s, respectively) on the
TaNo.oo/MgO(011) and TaN/MgO(111) samples (compare solid and dashed lines in
Figure 3.11c-d) but remain below V;/001] (5830 m/s). This is contributed to different
film compositions, associated with different point defect concentrations (see below),

depending on crystal growth orientation despite the films being deposited in the same

batch.

Comparisons of DFT calculations considering defected &-TalNy structures and
experimental results are collected in Figure 3.11 for J; and V7. All sound velocities show
different trends with increasing defect concentration and configuration type. If we restrict
the discussion to Schottky-type defects, one can see that V;/001] is decreasing, while
Vr[100] and Vi [111] are first increasing until a plateau is reached. For the specific (011)
crystal orientation, Schottky defects have surprisingly no noticeable influence on the
longitudinal sound velocity until ~15 % defect concentration, with V./011] being equal to
~5625 m/s. This value agrees with the experimental value of 5656 m/s of the

TaNo.oo/MgO(011) sample; however, a stiffening of Vi;/011] is predicted when
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considering metal vacancies, especially for “symmetric” configuration up to ~12%.
Nevertheless, for the two other crystal orientations, the predicted trends provide a mean
to estimate the influence of the defect concentration on the elastic response of TaN,

compounds.

Figure 3.11 - Calculated sound velocities as a function of defect (7a, N or (Ta+N)
vacancy) concentration in &~TaN structures. (a) V2/001], (b) V1[100], (¢) Vi[011], (d)

Vi[111]. The horizontal dashed-lines indicate our experimental data selectively
measured by PLU and BLS (a-b) on the 7Ta.9sN/MgO(001) film and PLU (c-d) on
TaNy.9s/MgO(011) and TaN/MgO(111) films, respectively. In (c-d) the solid line is
calculated from experimental Cji’s of the Ta.9sN/MgO(001) sample.

Measured V;/001] (5830 m/s) and V7/100] (2963 m/s) are 20% lower and 76 %
higher than the defect-free calculated values, 6994 and 1848 m/s, respectively (see

Appendix). Interestingly, considering the presence of metal or nitrogen vacancies allows
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explaining these huge discrepancies, see Figure 3.11. At least 7 % up to 15 % Schottky
defects have to be considered to match the experimental V;/001] value of the
Taop.03N/MgO(001) sample. This range of defect concentration is consistent with the
previous discussion on the structural parameters (a9 and p), see Figure 3.6. It is also
remarkable that it corresponds to the lowest formation energy of the defected &TaN,
structure, see Figure 3.7. For V7/100], accounting for Ta vacancies in addition to
Schottky defects would enable to reach the experimental value above the “plateau”. A
lower defect concentration is expected, from 2.5% up to 12 % Schottky defects, for the

TaN/MgO(111) sample.

Figure 3.12 displays the evolutions of the computed single-crystal elastic
constants, c;;, ¢;2 and cy4, as well as a combination of these data, as a function of defect
concentration, and their comparison with experimental data. ¢;; and B have the same
decreasing trend as defect concentration is increasing, pointing towards a more compliant
material (see Figure 3.12a and Figure 3.12¢, respectively). The experimental values,
c11 =530 GPa and B =263 GPa, are ~20-27% lower than the calculated values of defect-
free TaN compound, c¢;; = 731 GPa and B =325 GPa ( Table A.1). One has to consider
the presence of 10-15% vacancies (7a vacancies and/or Schottky pairs) to obtain a
satisfying agreement with experimental data, in agreement with the previous estimations
for lattice parameter (mixing of 3.5 % 7a vacancy and 8 % Schottky). On the other hand,
a stiffening of the Cy4 elastic constant is observed with defect incorporation and the value
saturates around 100 + 15 GPa for defect concentration >5 %, see Figure 3.12d. The
experimental value, css = 137 GPa, is ~180 % higher than the computed value of 50 GPa

of the defect-free 7aN compound but could be approached by considering at least 11 %
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defect concentration. Note that a value of 122 GPa is derived for c44 if one considers pxrp

instead of pxrr. Similarly, the c¢;> elastic constant is found to first increase and then
remains practically constant with introduction of defects, see Figure 3.12b, although its

variations are less pronounced than for css. The present DFT calculations demonstrate

that introduction of vacancy-type defects into d-TaN structure in concentration up to ~10%

leads to a more compliant (from B =325 to ~280 GPa) and less anisotropic (from
A =0.16 to 0.55) material. Electronic structure calculations (not reported here) of density
of states (DOS) show that the presence of vacancies in 7aN; structures leads to a reduced
number of p-d bonding states (integrated in the —10 to —4 eV interval), which weakens
the bond strength, and could explain the observed c;; softening. The DOS at the Fermi
level, corresponding to d-d metallic bonding states, is also reduced with introduction of
either metal or nitrogen vacancy with respect to perfect &-7aN, likely at the origin of csu
stiffening [36, 243]. Similar trends were reported by Jhi et al. [189] in sub-stoichiometric

NbC, compounds (same group-5 metal).

The value of 502 GPa, as measured by PLU for the modulus (c;1+ci2+2c44)/2,
along the [011] direction of the TaNyoo/MgO(0I11) sample, compares well to the
calculated values of defected structures over a wide range of concentration, see Figure
3.12e. While Ta vacancies and Schottky defects tend to decrease (c;;+ci2+2cq4)/2 for
concentrations larger than 5%, this modulus is found to be rather insensitive to N vacancy
concentration, having a value of 480 + 20 GPa for nitrogen deficient structures with
concentration up to 15%. Although it is unrealistic to predict from the trends shown in

Figure 3.12e which defect concentration would match at best the experimental
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Figure 3.12 - Calculated elastic constants as a function of defect (7a, N or (Ta+N)
vacancy) concentration in &~7aN structures. (a) ci1, (b) c12, (¢) B = (c11+2¢12)/3, (d)
c44y (€) (cirtcizt2eq4)/2 and (f) (c1r+2cizt4cq4)/3. The dashed-line indicates our
experimental data selectively measured by BLS (b-d) and PLU (a) on the
Tap.9sN/MgO(001) film, and by PLU (e-f) on TaNy9s/MgO(011) and TaN/MgO(111)
films, respectively. In (e-f) the solid line is calculated from experimental C;;’s of the
Tap.9sN/MgO(001) sample.
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(ciitcizt2cq44)/2 value, the findings do not contradict the earlier statement that the

TaNy.9o/MgO(01 1) film showed the best crystalline quality and is stoichiometric.

For (cii+2ci2+4cq4)/3, an increase from 395 to 460-480 GPa is noticed with
increasing defect concentration up to 5%, followed by a substantial softening for higher
defect concentrations, see Figure 3.12f. The value of 498 GPa, as measured along the
(111) direction of the TaN/MgO(111) sample by PLU, would be approached by
considering a defect concentration of at least 5%. Schottky defects alone could not
provide a closer agreement as for the (001)-oriented 7aN film, which may indicate that
this film is not stoichiometric. The relative difference between the defect-free and the

defected film (minimum 5 % defect concentration) is —25%.

As energetics, of cubic and tetragonal structures may remain very close for small
amounts of defect (< 2.5%), we should compare the elastic properties of the defected
Fm3m cubic structure and of the defect-free P4/nmm tetragonal phase. As presented in
Table A.1 and in Ref.[230], the elastic properties of P4/nmm(l) are closed to the ones of
P4/nmm. Whereas the c4s elastic constant (120 GPa) is comparable to our experimental
value (137 GPa), the ¢33 elastic constant (262 GPa) is very different from both that of
defect-free 6~-TaN (731 GPa) and experimental value (530 GPa). This rules out the
possible stabilization of a tetragonal structure in our as-deposited 7aN films and further

suggests that the cubic phase contains a defect concentration higher than 2.5 %.

3.5 TaN system: static and dynamical mechanical stability

There are three independent elastic constants in a solid crystal with cubic

symmetry: ci1, ci2, and cs. With no external stresses applied, its static mechanical
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stability requires that c44 > 0, ¢’ = (c11 - c12)/2 > 0, and B = (c;1 + 2¢12)/3 > 0 [244]. This

first static criterion is easily verified, and the present findings confirm that as-deposited
TaN films are mechanically stable. The same holds for the calculated &-7aN structures as
well as ordered TaN: (x <1) and Ta.N (x <1) compounds computed by CE (see
Appendix, Table A.2 and Table A.3). The second criterion concerns the dynamical
mechanical stability that can be inferred from vibrations calculations. The phonon
dispersion properties of several ordered structures (defect-free Fm3m and P4/nmm TaN,
Tas;Ns and TasN3 compounds with Pm3m structure having 12.5 % Ta and N vacancy
concentration, see Table A.3) were calculated by PHONONPY code [245] within the
harmonic approximation, using density functional perturbation theory (DFPT)
calculations implemented in VASP. Details of the calculations and results are reported in

Appendix.A.3.

The imaginary frequencies indicate dynamic instability for defect-free &-TaN (see
Appendix, Figure A.2), while P4/nmm TaN is thermodynamically more stable (as
already discussed, see Figure 3.7) and dynamically stable (see Figure A.3). At low
vacancy concentrations (< 2.5 %, see Figure 3.7), the cubic structure is still energetically
not favorable and could easily transform to the more dynamically stable tetragonal phase
after atomic relaxation [230]. However, for much higher defect concentration, defected &
TaN structures become energetically more stable, similarly to the ordered defected
structures with 12.5% Ta or N vacancy concentration. The phonon calculations on these
two phases show that imaginary frequencies were not totally vanished though but can be

suppressed by introducing more vacancies and/or ordering configuration. This suggests
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that vacancies, known as cubic TaN phase-stabilizer from energetics, can indeed decrease

the dynamic instability as well.

3.6 Summary and conclusions

Bl-rocksalt epitaxial 7i;.ZrN films with (001) and (110) orientations were
deposited by magnetron sputtering. The sound velocities (Vi, Vrz), the elastic constants
(ci1, (c11t ci2t2c44)/2, c44) were measured using a unique combination of the picosecond
laser ultrasonic and the Brillouin light scattering techniques. The lattice constants, mass
density, vacancy formation energy, the single-crystal elastic constants c¢;;, ¢;2 and c44, of
cubic Ti;.«Zr:N with Ti/Zr/N vacancies were calculated as a function of Zr composition, X,
using first principles DFT calculations in combination with SQS method. The
combination of the vacancy involved DFT calculations and optoacoustic techniques,
revealed the existence of metal and N vacancies inside the as-deposited 77;xZrN films,
and their different role in modifying different elastic constants, i.e., c;;, ¢i2 and c44 and
combinations. Existence of metal vacancies is expected for rich-Zr solid solutions, with
favoured positions in the vicinity of depleted Zr region. The decreasing of ¢;; and rising
c44 due to vacancies is commonly encountered for other transition metal nitrides and
carbides. The calculations considered maximum 4.6 at. % vacancies which already

provided good comparisons to experiments.

In contrast to 7i;«ZrN, influence of defects on the elastic properties of TaN is
much more important and cannot be ignored. In case 7aN, for (001)-orientation, BLS
provides the measurement of c4s (137 = 3 GPa) and c¢;2 (130 = 5 GPa) single-crystal

elastic constants, while PLU provides the third independent one, ¢;; (530 = 10 GPa). For
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(011)- and (111)-orientations, PLU provides selectively the following additional
combinations, (c;1+ci2+2c44)/2 and (c11+2ci2t4c44)/3, respectively. Electrical resistivity
measurements show evidence of point defects in the films despite a composition close to
1:1 stoichiometry. Point defects (metal and nitrogen vacancies) are considered in our
first-principles calculations to find closer agreement between experimental and
theoretical lattice parameter, mass density, sound velocities and elastic constants. Sound
velocities and elastic constants are found to be particularly sensitive to the presence of
vacancies, resulting into a more compliant and less anisotropic material. While only
~—19% mismatch is found between predicted defect-free and experimental lattice
parameters, huge differences of — 27 % and + 180 % are observed for c;; and cu4,
respectively. These discrepancies can be rationalized by considering the presence of point
defects (metal vacancy and/or Schottky defect) in concentration ~11% in the as-deposited
TaN films, a compositional value that corresponds to the lowest formation energy of o

TaNy phase.
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CHAPTER 4. THE BASE METALLIC HEA CoCrCuFeNi, BULK -

AND FILMS

We characterized at different scale thermal, structural and mechanical properties
of the CoCrCuFeNi bulk HEA elaborated by arc-melting, as a reference for comparison
to our films. The samples were synthesized by Pr. L-M Dong and co-workers at the
Institute of Metal Research (Shenyang, China) and later used as a target for CoCrCuFeNi
metallic alloy and CoCrCuFeNiN, nitride film’s depositions. First theoretical calculations
including magnetic ordering with spin polarization of each element were conducted on
this base HEA, before considering addition of 6" metallic element (4/ and Nb) or

nitrogen.

4.1 DFT simulations

4.1.1 EMTO-CPA and VASP-SQS spin-polarized calculations

4.1.1.1 Energetics: relaxed and unrelaxed atomic positions and magnetic ordering

Both CPA and supercell SQS calculations predict higher formation energy for the
paramagnetic (PM) state than ferromagnetic (FM) state, indicating the FM state is more
favourable at OK for CoCrCuFeNi HEA. One can estimate the Curie temperature (7.)
from DFT calculations according to the formula based on mean field approximations,

_ 2(Epy — Epy)

= Sed=o (4.21)
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where Epy and Ery are the total energies per atom for the PM and FM state, respectively,
ks is the Boltzmann constant, and c is the concentration of the non-magnetic elements in
the alloy. The 7. was calculated to be 234 K from EMTO-CPA calculations while 72 K
from VASP-SQS calculations. Existing value based on EMTO methods from Huang [246]
gives similar value of 251 K, while a smaller value of 172 K was found by Wang [119]

measured by a SQUID magnetometer.

From our VSM characterizations, PM state was found for the bulk CoCrCuFeNi
and thin films on Si substrate at RT (293 K). By contrast, FM state was found for thin
films deposited on Kapton® from both VSM and FMR. 1t is surprising to find different
magnetic configurations for the same material with different substrates. The origin is not

known yet.

Table 4.1 — Formation energy, lattice parameter, mass density, elastic constants
and Zener ratio simulated with EMTO-CPA and VASP-SQS, for both PM and FM

CoCrCuFeNi state.
Ef a p ci ciz Ca B A
(g/cm’)
(eV/at)  (nm) (GPa) (GPa) (GPa) (GPa) 2C./(Ci-

Cn)

EMTO-PM 0.235 0.35568 8.533 235 165 151 188 431
EMTO-PM [246] - 0.35561 8.537 224 155 151 178 4.37
EMTO-PM [247] 0.35574  8.527 227 154 165 179 4.52
EMTO-FM [246] - 0.35721 8.423 209 150 142 170 481
VASP-PM 0.138 0.35644 8.478 211 135 114 160 3.0
VASP-FM 0.131 0.35644 8.478 206 132 116 157 3.13
VASP-FM Atoms 0.145 0.35632 8.486 239 161 118 187 3.02

fixed

4.1.1.2 Structural properties: lattice parameter and mass density
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FM state has a slightly larger lattice parameter (0.357nm) than the PM state

(0.352nm) as calculated by EMTO-CPA. Supercell calculations by VASP provide a
medium value (0.356nm) in between FM and PM states. The predicted mass density for
the equimolar HEA has the value 8.478 g/cm® from VASP calculations. EMTO gives a

slightly higher value for the PM state while a lower one for the FM state.

4.1.1.3 Sound velocities and elastic constants

We evaluate separately the magnetic and atomic relaxations effects on elastic
constants. We first consider the effects of different magnetic configurations. EMTO and
VASP calculations provide the same conclusion in this case. The differences between the
calculated FM and PM elastic constants from EMTO calculations reported in [246] are
small, i.e., 15 GPa (7 %), 5 GPa (3 %) and 9 GPa (6 %) for c;;, ci2 and cs4, respectively.
The difference is even smaller if calculated by VASP with atomic relaxations considered,
1.e., 5GPa (2 %), 3 GPa (2 %) and 2 GPa (2 %) for c;i1, ci2 and c44, respectively. We
conclude that, the magnetic configuration does not have significant influence on elastic

constants for CoCrCuFeNi HEA.

To evaluate the atomic position relaxation effects, we further performed VASP
supercell calculations with atomic positions fixed. This corresponds to EMTO
calculations which do not include atomic relaxations. With atomic positions fixed, we
obtained a significantly higher elastic constants for c¢;; and c;2, of FM CoCrCuFeNi, with
the difference corresponding to 33 GPa (16 %) and 29 GPa (22 %) respectively, by
comparing to the fully relaxed calculations. Surprisingly, Cy is not affected by atomic

relaxations. Larger c;; and c¢;> leads to a higher bulk modulus B for the atom-fixed
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configuration. Note that c;;, ¢, and B from EMTO predictions, are also higher

comparing to the fully relaxed SQS calculations, emphasizing the necessity of
considering atomic relaxations in calculating elastic constants for MCAs, avoiding

overestimations of some elastic constants and moduli.

Note that elastic constants from EMTO calculations are sensitive to the derivation
of bulk modulus as demonstrated in [248]. This leads to a certain uncertainty between
calculations from different authors. But in general, we see that EMTO calculations from
both our own calculations and literatures provide a more rigid material, namely a higher
ci1, ¢i2 and bulk modulus B, as well as a higher value for c4, than SQS supercell methods.
The higher value of c4s was also reported in other materials [249, 250], which might be a

systematic output of EMTO methods.

Elastic constants c;;, ¢;2 and c4s calculated from VASP with atomic relaxations
for the ground state FM CoCrCuFeNi have the value of 206, 132 and 116 GPa,
respectively. The material is anisotropic with a Zener ratio above 3. Using EIAM (Elastic
Anisotropy Measures) program [251], Young’s modulus (£) along different
crystallographic orientations is plotted in Figure 4.1a, respective to the crystal axis
<100>. E along the most rigid direction, i.e., £;;; has a maximal value of 279 GPa, while
E along the soft direction, Eoo1 has a minimal value of 102 GPa. This last value is in good
agreement to the one (~70 GPa) measured by Zhang [252] from compression of
<100> oriented micro-pillars, considering the general reduction of Young’s modulus due
to size effects [253] and to the existence of the softer Cu-rich second phase in this HEA.
Shear modulus depends on both the shear plane and shear direction in the plane. Shear

modulus minimal and maximal values were found respectively, in (110) and (001) planes,
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with Gpin =37 (<-110> direction in (110) plane) and Guax 001 =116 GPa (<3 17 0>

direction in (001) plane).

Figure 4.1 - Orientation dependence of (a) Young's modulus E, (b) minimum shear
modulus, (¢) maximum shear modulus G, for CoCrCuFeNi. The input elastic
constants were calculated by VASP-SQS, considering FM state and atomic
positions relaxations.

Table 4.2 - Hill average of isotropic, (111)- and (001)-textured FCC CoCrCuFeNi
elastic moduli and sound velocities.

Orientation B (GPa) Gy (GPa) E. (GPa) Poisson ratio v Vi(llz)  Vr(xz)

(m/s) (m/s)

Isotropic 156 73 190 0.2983 5466 2934
(111) 156 55 279 viy =0.3832 vy, =0.1567 6057 2547
(011) 156 66 217 Viy = 0.3277 vy, =0.2482 5654 2790
(001) 156 116 102 Viy = 0.1224 v, =0.5623 4929 3699

The Voigt-Reuss-Hill (VRH) average provides a simple way to estimate the
elastic constants and moduli of a textured/isotropic polycrystal in terms of its

crystallographic texture and the single crystal elastic constants of the constituting crystals.
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The average elastic properties of more often encounter isotropic, (111)- and (001)-

textured FCC CoCrCuFeNi are given in Table 4.2.

4.2 Experimental: micro- vs. macro-scale

In order to provide a mean for a direct comparison between experiments and
previous DFT calculations of CoCrCuFeNi properties, we first privileged the techniques
which allow measurements of bulk samples with larger grain size at the microscale (the
grain): XRD (intra-granular and phase sensitive), nanoindentation (mapping with indent
spacing of order of 10 um), PLU (surface wave propagation imaging on a 100x100 um?
area and thermal conductivity contrast), BLS (Rayleigh surface wave velocity mapping in
one grain vs. the propagation direction). Other methods such as the standard tensile tests,
the pulse echo ultrasound and DSC techniques provided macroscopic average properties
of the bulk polycrystalline CoCrCuFeNi, having also a fraction of segregated Cu-rich
phase at the grain boundaries. Most of these techniques are also used to further

characterize films’ properties with much finer grains and better homogeneity.

4.2.1 Structural properties: lattice parameter and mass density

The structure is FCC with a lattice parameter ap = 0.3596 nm, near equiatomic
concentration and some Cu (Ni to a less extent) segregation appearing at the grain
boundaries (GBs) delimiting a rich-Cu (~88 at. %) interdendrite (ID) narrow phase (~5-
10 um width) and larger dendrite phase of CoCrCuFeNi grains (~30 um) with a Cu
gradient near GBs. Microstructure is similar to the one observed in Ref. [196]. The lattice

parameter of this FCC phase was estimated to be 0.3602 nm. The lattice parameter of as-
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cast CoCrFeNiCu alloy [119] was reported to be 0.3579 nm, which is also in agreement

with the value measured in the present work. All these values agree within less than 1 %
with the DFT (SQS) 0.35644 nm. The mass density as measured by the piconometer
7.964 g/cm® is 6.5 % lower than that of DFT (8.478 g/cm®) that indicates the presence of

equivalent fraction of porosity.

4.2.2 Mechanical properties: nanoindentation and tensile tests

Nanoindentation mapping has been done on the area shown in Figure 4.2. In
Figure 4.3, the nano-hardness varies from 1 GPa (in the Cu-rich segregated area) to ~ 7
GPa (in the inner HEA grains) with an average value H ~ 5 GPa. It does compare well to
the hardness (~ 8 GPa) measured in our different batches of CoCrCuFeNi films [9, 254],
but seems to be slightly higher that the reported average value for both the FCC matrix
and the Cu-rich phase (~ 3 GPa) by Zhang et al. [255] for as-cast CoCrCuFeNi-Gdx
alloys. The indentation modulus E;r from nanoindentation ranged from 55 to 233 GPa.
The larger value corresponds to the intra-granular area of HEA, while the small value
corresponds to the less rigid Cu-rich segregation's area. EBSD mapping reveals that the
nanoindentation went through grains with several different orientations including rigid
(111), (011) and soft (001). Note that the CoCrCuFeNi is highly anisotropic, with
maximum £;;; and minimum Eyo; equal to 279 GPa and 102 GPa, respectively. Overall,
the mean value (199 + 18 GPa) from nanoindentation across several grains matches well
with the DFT (SQS) prediction and Hill isotropic average Young’s modulus (190 GPa).
On the other hand, the tensile test provides a Young’s modulus of 150 GPa and a yield

strength of 260 MPa, in close agreement to other results (£ ~ 170 GPa and o, = 320 MPa)
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from nanoindentation and compression tests, respectively [255] . In the tensile test, the-
fact that the fracture happened at a very low strain 10 percent while the ultimate strength
was low (or= 330 MPa) suggests the existence of voids, as already mentioned above for

the lower mass density.

Figure 4.2 - SEM microstructure of as-cast CoCrCuFeNi, EDS mapping of Cr
element and EBSD analysis at the same location. Indents from nanoindentation
mapping are visible.

160



Chapter 4: The base metallic HEA CoCrCuFeNi, bulk and films

Figure 4.3 — Mapping of the indentation modulus (E;r) and nanohardness (H) of
bulk CoCrCuFeNi. The value (in GPa) is indicated by the color of the mapping.
Statistics (mean and standard deviation) are given at the bottom.

4.2.3 Thermal properties: thermal diffusivity (D), conductivity (1) and heat capacity

(Cp)

Investigations by modulated thermoreflectance microscopy have been performed
over the same large area as for nanoindentation tests. In such approach, a pump laser is
modulated at 1.8 MHz to heat the sample and a superimposed probe beam detected the
change of sample reflectivity at the same frequency across a lock in amplifier. Using the
DC signal, reflected by the sample surface, an optical image could be recorded in order to
locate the grain boundaries, Figure 4.4a. In same time, the modulated sample reflectivity
is mapped and normalized by the optical image to shed light on thermal contrast Figure
4.4b. The resulting signature is correlated with lateral thermal properties change of the
sample. By this way, spatial variation of photo thermal coefficient, which link the optical

index with the temperature, may be revealed and compared to a composition map. The
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variation of thermal diffusion length and all thermal barriers, playing the role of thermal
resistance is also a source of signal. As we can notice the inner grain thermal signature is
nearly uniform, but all the boundaries exhibited a huge fluctuation in Figure 4.4, a proof
that thermal properties are nearly constant for different grain orientations in opposition

with the rich copper segregated zones.

Figure 4.4 — (a) Optical image, scale 286x286 nm?. The indentation marks as well
as the rich copper grains are clearly visible. (b) Thermal image obtained on the
same area for a modulation frequency of 1.8 MHz.

Figure 4.5 — Heat capacity vs. temperature of CoCrCuFeNi, measured by DSC and
calculated from DFT within a Debye model simulation.
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The heat capacity was measured by DSC from room temperature to 500 °C and

compared to the Debye model estimate, in Figure 4.5. At room temperature, we found

Cp ~ 390 J/(kgK) which agrees well with DFT and Debye model simulation.

The thermal diffusivity was measured by thermoreflectance microscopy within a
single CoCrCuFeNi grain. Inside the HEA grain, the diffusivity value is 5x10-6 m2/s, as
shown in Figure 4.6, while at the grain boundary with more Cu segregation, the
diffusivity was about 6 times larger (~ 3x10-5 m2/s). Wang et al. [256] measured the
macroscopic thermal conductivity of CoCrCuFeNi with a laser flash method. Their value
equals to 4.7x10-4 m2/s at 297 K, which is two decades higher than our intra-granular
result, due to the contribution of Cu-enriched phase. Indeed, the thermal diffusion
coefficient of the solid Cu element is about 1.12x10—3 m2/s, suppose that the difference

between the volumetric heat capacity of HEA and Cu-rich phase is negligible. We

therefor use the heat capacity from DSC for both phases in order to get their thermal
conductivity. Using the above measured volumetric heat capacity 3.106 J/K/m?, we
derived the thermal conductivity for a single grain HEA and Cu-rich phase, 15 and
102 W/m/K respectively. Hence, the existence of Cu-rich segregation of much higher
conductivity will increase a lot the macroscopic averaged thermal conductivity of this

high entropy alloy.

Many more experiments were also done on CoCrCuFeNi, (CoCrCuFeNi) x(Nbx,
Alx, N,) thin films in collaboration with Pr. Daniele Fournier (@INSP), who is gratefully

acknowledge, varying the porosity fraction and the chemical composition. Their analysis
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and correlations to the microstructure and chemical composition is still under progress

and will not be reported in this thesis.

Figure 4.6 — Bulk CoCrCuFeNi surface showing Cu segregation (yellow) and
CoCrCuFeNi grain (grey). Thermal conductivity (4) and diffusivity (D) were
measured within one single CoCrCuFeNi grain (probing diameter = 10 pm) using
thermoreflectance microscopy. Best values of 15 W/m/K and 5 10° m?s were
found by fitting the amplitude and phase of the probe signal. The experiments
were conducted with 3 modulated laser frequencies, at 1 kHz, 100 kHz and 1 MHz.

4.2.4 Sound velocities and elastic constants: pulse echo techniques, BLS and PLU

Longitudinal and shear sound velocity of the bulk at RT were measured by the
pulse echo ultrasound (5 MHz transducer) and BLS (on five different grains of the
indentation map in Figure 4.1), with the respective average value of 4545 = 20 m/s
and 2885 = 20 m/s. The derived average elastic constants are 128 + 1 and 81 £ 1 GPa
for C33 and Cy,, respectively. The DFT predicted isotropic polycrystalline longitudinal
and shear sound velocity are 5466 and 2934 m/s, respectively, with C33 and C,4

corresponding to 253 and 73 GPa. The deviation of the longitudinal sound velocity V.
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and elastic modulus C33 are much larger, which might be due to the voids and the soft
Cu-rich segregation phase contributions to this macroscopic measurement. In case of
BLS, the sampling of grains is reduced, but is not influenced by Cu segregated phase and

voids in the bulk, offering a satisfactory comparison of V7 and C,, to DFT ones.

Further intra-granular analysis was successively performed by PLU, generating
with a point source and imaging bulk and surface acoustic waves, propagating at the
surface of one grain. An illustration is provided in Figure 4.7, for the big grain having
(001) orientation (see Figure 4.2, orange grain labelled 1). The fourth order cubic
symmetry is easily recognized from mapping of the detected vertical displacement u.(x, y,
to+i200 ps) by interferometry, #o being the launching time. For both direction of
propagation, X/ =[100] and X2 =[110], the analysis of the time and position of each

wave having a fast (F) or a low (L) motion, provided two or three sound velocities V;; =
VCi1/p,Viz =+/Cr2/p and Vi = {/Cr/p.

A detailed discussion of the full numerical analysis (all directions) of such
experiment can be found in Ref. [256, 257]. Here, we restrict ourselves to provide some
more data to compare to DFT and later to thin films. From a quick semi-analytical
analysis of wave propagation in a (001) plane of cubic symmetry made by Stoneley [258],
the following conclusions could be obtained: V;; = \/m along [100] direction should

be identified to Rayleigh surface velocity Vr, and the lowest shear wave velocity along
the [110] direction to Viy = /Crq/p with Cp; = (c11 — ¢12)/2. The fast sound velocity,
Ve = +/cr/p can be identified to the longitudinal sound velocity V;, = \/c;11/p along [100]

direction. The numerical search [258] of Vr that remains slightly below Vi, = \/c4s/p

165

N\



Chapter 4: The base metallic HEA CoCrCuFeNi, bulk and films

will provide the remaining constant css. We measured Vz/100] = 3080 46 m/s (i.e.

V12[100] = 3348 = 50 m/s), V11 [110] =2540 + 173 m/s and VL [100] = 5310 + 174 m/s.
We used the VASP-SQS mass density (p=8.478 g/cm®) instead of the composite
experimental one, to deduce the single crystal elastic constant: c¢;; =239 = 14 GPa,
c2=109 = 14 GPa, c4 = 95 = 3 GPa and B = 152+ 14 GPa. This first direct
measurement in a single (001) grain of our bulk CoCrCuFeNi HEA is quite encouraging
and compared reasonably well to VASP-SQS (see Table 4.1), taking into account
respective accuracy and some disorientation of this grain from the perfect (001) plane.
Accessing such single-crystal elastic properties necessitates usually the single crystal
growth of the material by a Bridgman technique, and its analysis by employing resonant

ultrasound spectroscopy [259] or dynamical vibration analysis [114].
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Figure 4.7 — At the top, surface and bulk acoustic waves generation (ty) and
imaging (to+200 ps) of their propagation in a grain with (001) orientation.
Snapshots with a time-step of 200 ps, along the two high symmetry direction,
X1 =[100] and X2 =[110] are provided in the bottom. L. and F denotes the low-
velocity and fast-velocity acoustic wave.

As a supplementary comparison (process elaboration, shape and microstructure),
CoCrCuFeNi metallic thin films were deposited from this bulk HEA target by magnetron
sputtering, varying their thicknesses and the substrate. Their elasticity was further studied
by PLU and BLS to probe the longitudinal and shear sound velocity of CoCrCuFeNi
polycrystalline films. Previous works done by Braeckman et al. [254] with films
deposited from a composite compacted powder target on silicon, showed that V; and Vr

of as-deposited <I11>-textured dense thin films are 6100 and 2600 m/s, with the
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corresponding C33 ~ 300 GPa and C,, ~ 52 GPa. C35 is slightly below than the VASP-

SQS DFT value of 310 GPa, while Young’s modulus Ewprs+pryy ~ 150 GPa and
indentation test modulus E;7 ~ 190 GPa are in the range of the previous values measured
in the bulk, but remain both far below the simulated E;;; (279 GPa). There is certainly
some details of the microstructure that are not well considered in order to reach a better
agreement for the Young’s modulus, such as a core shell structure with an oxide
(disordered/amorphous) surrounding the grains [9]. Such shell material may induce a
softening of some elastic constants or moduli, depending on its thickness and elastic

properties.

Figure 4.8 — Transient reflectivity of CoCrCuFeNi films vs. thickness, (a) films on
silicon substrate, (b) films on Kapton substrate.

In this work, the influences of two different substrates (Si and Kapton®) as well
as thicknesses were evaluated. The depositions were done in a high vacuum chamber.
More details about the deposition and microstructure can be found in Chapter 2. The
sound velocities and elastic constants measured by our optoacoustic techniques, BLS and

PLU, are listed in Table 4.3. The transient reflectivity measured by PLU is shown in
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Figure 2.26 for both films on silicon or Kapton substrates. It demonstrates the quality of”
the measurements of echoes vs. the thickness (50-400 nm). The amplitude of echoes is
even higher in case of Kapton as the impedance contrast (pV) with the film is higher,

favouring the reflexion at the interface and detection at the free surface.

Table 4.3 - Sound velocities and elastic constants of as-deposited polycrystalline
CoCrCuFeNi thin films

Thickness C33 Caa
Substrate p(g/em?) Vi(m/s) Vr(m/s)
(nm) (GPa) (GPa)
436 5626+60 272420 2737425 64+2
177 5520+60 262+20 2823425 69+2
Si 98 8.6 5297+60 241+20 / /
49 5600+200 270+30 / /
28 / / / /
390 5455+60 256+5 / /
Kapton® 150 8.6 5455460 256+5 / /
80 4938+200 209+20 / /

Note that BLS analysis of thin films (< 250 nm) is no more direct, because
Rayleigh wave sound velocity will become dispersive, varying with thickness and being

influenced by the presence of the underlying substrate. This can be partially overcome if

we use a full simulation of surface waves within a multilayer structure (film + substrate).
Besides, we observed that the thickness measured by mechanical profilometry on soft

substrate might involve larger errors than on Si substrate. Recall that V7 and V' calculated
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by DFT for non-textured CoCrCuFeNi polycrystals are 5466 and 2934 m/s, respectively,

in very close agreement to the results from the as-deposited films. The accordance might
result from the chemical and microstructural homogeneity for deposited thin films as
compared to the bulk material. The higher experimental value is due to the contribution
from the most rigid <111> orientation in the case that the film is not perfectly isotropic
but has a preferred growth orientation, which is reflected from XRD pattern when the

<111> peak has a dominant intensity.

The substrates or the thickness did not show obvious influences on the elastic
properties of deposited CoCrCuFeNi films, at least on the longitudinal sound velocity

and elastic constants.

4.3 Summary and conclusions

We performed first DFT calculations on our reference base HEA alloy:
CoCrCuFeNi. The comparison between EMTO-CPA and VASP-SQS, which enable
mimicking the randomness of such FCC solid solution, showed negligible influence of
magnetic ordering FM or PM on structural or elastic properties. More relevant, atomic
positions relaxations must be considered if one wants to reach better accuracy level on
the elastic property predictions. EMTO-CPA does not permit such atomic position
relaxation and leads to a systematic overestimation of elastic constants in comparison to
VASP-SQS. Then VASP-SQS is privileged assuming a FM state rather than PM, that
will simplify future comparison of chemical alloying (Nb, A/ and N) from one supercell

to another.
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A second level of comparison is done between DFT simulations and several

experiments (XRD, nanoindentation, PLU, BLS, pulse echo ultrasound and tensile tests)
that can distinguish between intra-granular vs. macroscopic properties, and on bulk and
films (different process elaboration and microstructure). A good agreement is found for
bulk and films stress-free lattice parameters (< 1 %) whereas mass density of the bulk
material exhibiting some voids, is ~ 6 % lower than the one of films (~ 8.6 g/cm?) or DFT
which agreed very well to the film. A first direct PLU measurement of sound velocities
(V. and V1) and single crystal elastic constants in a single (001) grain of the bulk
CoCrCuFeNi HEA compared reasonably well to VASP-SQS, taking into account
respective accuracy and some disorientation of this grain from the perfect (001) plane.
These single crystal elastic constants (experimental and DFT) enabled an overall good
prediction of macroscopic average properties (sound velocities and elastic constants and

Young modulus), if one considered the correct texture and segregation of Cu.
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CHAPTERS. THE BASE HEA CoCrCuFeNi THIN FILMS: THE -

ROLE OF A 6™ ELEMENT ADDITION

(CoCrCuFeNi) x(Al, Nb)x thin films were deposited by magnetron sputtering at
Ghent University using compacted powders target, in the group of Prof. D. Depla. By
varying the (A4/, NbD) concentration, phase transitions were observed as well as
crystallographic texture changes. By adding A4/, the FCC to BCC phase transition took
place at ~20 at. % A/ addition, while for ~15 at. % Nb addition an FCC to amorphous
transition happened. Besides phase transition, in the case of A/ alloying, films were
meanwhile porous which also plays a role in material properties. DFT calculations were
not only able to capture the phase transitions from energetics, but also provided good
predictions of structural (lattice parameter and mass density) and elastic properties.
Elastic properties were calculated and compared to available optoacoustic measurements.
EMTO-CPA was used due to its superior efficiency (accuracy and computing time) for
calculating multicomponent metallic alloys. As a comparison, we performed VASP
calculations combined with SQS to evaluate the influence of local lattice distortion, or
atomic relaxation which is not been considered in EMTO calculations. AIMD

calculations were carried out for the amorphous phase.

5.1 DFT calculations and the Debye model

5.1.1 VASP-SOS

The first-principles electronic-structure calculations were performed using: (7) the

Vienna ab initio simulation package (VASP) [13, 260] employing projector augmented-
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wave (PAW) potentials [261] with the special quasirandom structures (SQS) [262]
generated by the alloy theoretic automated toolkit program (ATAT) [16]; (i) the exact
muffin-tin orbitals (EMTO) method [14] with the coherent potential approximation
(CPA). The SQS and CPA techniques are used to mimic the disordered solid solutions.

The formation energy per atom (AH) is obtained from the following relation:
1 N-—-n
AH(x) = N E((CoCrCuFeNi),_,Me,) — (nMeEMe + (S—Me)z Ei> (5.21)
i

with E being the total energy of (CoCrCuFeNi);«(Nbx, Aly), E; and Eu. the reference
energy of the transition metals (Co, Cr, Cu, Fe, Ni) and the metallic element Me (Al or
Nb) in their bulk state, N and n. the total number of atoms and Me atom count in the

supercell.

Supercells with 64-atoms were build using equiatomic FCC and BCC
CoCrCuFeNi with (4, 9, 14 and 19) atom sites randomly substituted by Nb or 4/ atoms
and collinear magnetic moments (ferromagnetic FM state). Hence, Nb or Al atomic
concentration spanned 0-30 at. %. Note that exceptionally for the base CoCrCuFeNi alloy,
we’ve used a supercell containing 80 atoms. Potentially, there is an uncertainty in the
energy of different configurations due, for example, to the permutations in the atomic
positions of different atomic species in equiatomic HEAs. The challenge is even greater
when the magnetic disorder in HEAs is considered. Accuracy was verified by comparing
energetics to larger supercells with 125 atoms (twenty-five CoCrCuFeNi). The Perdew-
Burke-Ernzerhof (PBE) exchange correlation functional [263] in the generalized gradient

approximation (GGA) was employed to perform the self-consistent calculations and
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compute the total energies. We used uniformly distributed k-points in the irreducible-

Brillouin zones with k-points spacing equals to 0.2 per A, according to the Monkhorst-
Pack scheme [264], for both FCC and BCC phases, and an energy cut-off of 500 eV. The
electronic energy-convergence criterion was set to 10 eV/cell. VASP-SQS energetics
calculations were performed considering no relaxation of atoms within the supercell
(total energy per atom, E,-) and allowing atomic relaxation (total energy per atom, E,),

the difference providing the relaxation energy between the non-relaxed and the relaxed

supercell AE, = E,,,, — E,. > 0. This relaxation energy is associated to the following (LLD,

Figure 2.3) quantity [184] that quantifies the local lattice distortion:

1
LLD = NZJ% —x))*+ (i —y)? + (z; — z{)? (5:2)

with (x;, i, 2;) and (x{, y{, z{) being the unrelaxed and relaxed positions of atoms i in the
cell-coordinates and N is the total number of atoms in the supercell (80 for the base

CoCrCuFeNi and 64 for others with 4/ or Nb addition) of alloys.

The relaxation energy will be compared to the elastic-strain energy AH.i, defined

in [101, 265] as

AH —ZN C-B-M (5.3)
el o1 iPi ZVL- .

ZIiV=1 ¢;BV;
y=="""" 5.4
§V=1 ¢;B; -4
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where c¢;, B; and V; are the concentration, bulk modulus and the atomic volume of

component i, respectively.

Another empirical parameter which is considered in this work, the atomic size difference

J, is defined following Zhang et al [95] as,

5= Z ¢ (1— %)2 (5.4)

with 7; being the atomic radius for component i, 7(= XX, ¢;7;) being the average atomic

radius.

5.1.2 EMTO-CPA

In the case of EMTO, the single-site coherent-potential approximation (CPA) was
used to treat the (4/ or Nb) substitutional and magnetic disorders [15, 17, 18, 266]. Using
the CPA, one completely ignores the atomic short-range order and local lattice relaxation
effects, whereas recent findings confirmed the absence of severe local lattice distortion in
the parent alloy CoCrMnFeNi [267]. The scalar-relativistic approximation and soft-core
scheme was used to solve the one-electron Kohn-Sham equations. The Green’s function
was calculated for 16 complex energy points to integrate the valence states below the
Fermi level. We included s, p, d, and f orbitals in the basis sets. To ensure enough
accuracy for the elastic constants, we used 25x25x25 uniformly distributed k-points in
the irreducible Brillouin zones for both FCC and BCC phases. The electrostatic

correction to the CPA was described using the screened impurity model [268] with
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screening parameter 0.6 and 0.9 for A/ and Nb alloying, respectively. The EMTO

approach has been successfully applied in the first-principles study of the physical
properties of multicomponent HEAs [118, 126, 269-272]. These previous studies
indicated that the EMTO-CPA method is a powerful and suitable method assessing
energetics, structural, elastic and magnetic properties of HEAs. At room-temperature, the
(CoCrCuFeNi)«(Nby, Al;) alloys have the paramagnetic (PM) FCC structure at (4/, Nb)-
low levels and gradually transform to the PM BCC or amorphous structure with
increasing (A/, Nb) content according to Sun ef al. [273]. However, in A/-low alloys, the
theoretical Curie temperature of the thermodynamically unstable BCC phase is above the
room-temperature [37]. Due to the low Curie temperature, here we assume the PM state
for all compositions in EMTO-CPA calculations while in the case of VASP-SQS we are
restricted to ferromagnetic (FM) rather than PM in order to limit the influence of
supercell atomic configurations difference for each concentration. The PM state was
simulated by the disordered local magnetic moment (DLM) model [274-276]. Within the
DLM approach, a PM (CoCrCuFeNi).«(Nbx, Al,) alloy is described as alternatively Co 1
Co|Cr1CrlCutCulFetFel] NitNi| (Al Al |; Nb 1 Nb |), with equal amount
of spin up (1) and spin down (]) atoms. Hence, even though the calculations were
performed at 0 K, the effect of the loss of magnetization above the Curie temperature was

captured in the total energy.

There are three independent elastic constants in a cubic lattice: Ci1, Ci2, and Caas.
Mechanical stability requires that Cas >0, C’ = (C11 - C12)/2 >0, and B = (C11 +2C12)/3 >
0 [277]. In the present study, the cubic elastic constants of PM (CoCrCuFeNi) ;-«(Nbx, Al,)
alloys were calculated using EMTO-CPA and those of FM (CoCrCuFeNi);.x(Nbx, Aly) by

177

N\



Chapter 5: The base HEA CoCrCuFeNi thin films: the role of a 6™ element addition

VASP-SQS, as a function of the chemical composition and crystal structure (FCC and-
BCC). At each composition x, the simulated equilibrium volume and bulk modulus were

obtained from a Morse-type function [278] fitted to the ab —initio total energies calculated

for nine uniformly distributed volumes between 11.0 A’/atom and 14.0 A’/atom. There
are magnetic transitions within this interval and some alloy components develop local
magnetic moments with increasing volume, which slightly deteriorates the quality of the
numerical fit especially for the bulk modulus. Thus, the alloying trend is considered using

a larger volume interval in order to keep the numerical noises consistent.

5.1.3 AIMD

Additionally, in order to discuss the structural properties of the amorphous phases,
ab initio molecular dynamics (AIMD) simulations were performed using the plane-wave
pseudo-potential as-implemented in VASP [261]. The plane-wave cutoff energy was set
to 296 eV. The simulations were performed at the /" point only and magnetism was not
considered during these AIMD simulations, as a detailed study of the amorphous phase
was initially out the scope of this work. We built three cubic supercells of 256 atoms
corresponding to the compositions of (CoCrCuFeNi)o.sooNbo.jor (10.1 at. % Nb),
(CoCrCuFeNi)o.ssNbo.1s (16.0 at. % Nb) and (CoCrCuFeNi)o.742Nbo.255 (25.8 at. % Nb).
AIMD simulations were performed initially above the melting temperature, at 2000 K,
using a Nose-Hoover thermostat [279] in a NVT canonical ensemble. The simulation
lasted for 9 ps, until reaching the liquid state equilibrium. Then, it was followed by a
cooling process where the temperature smoothly went down to 300 K within 3000

simulations steps to reproduce the experimental cooling procedure, but much faster. A
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micro-canonical ensemble was utilized during the cooling process. Finally, a 9 ps NPT
simulation was used to equilibrate the final structures at 300 K. The time step was fixed
at 3 fs for all AIMD calculations. For the statistics, we used the last 1000 frames of the
trajectory to calculate the atomic radial distribution function (RDF), atomic volume and

mass density in order to compare with XRD and XRR results. As for the analysis of XRD

experiments of the amorphous phase, an equivalent FCC lattice parameter (av/2 = 2D) is
calculated from the average interatomic distance (D) deduced from the RDF. Since the
elastic properties vary slightly with temperature within the interval 0-300 K that we
examine here, we calculate only the OK elastic constants of the amorphous structures for
the sake of saving computational costs. As for force calculations when accuracy is needed,
we took magnetism (FM configuration) into consideration and employed a higher cutoff
energy of 500 eV. The formation energy was calculated also at OK for a better

comparison to other structures.

5.1.4 Averaged polycrystalline elastic properties

We used a standard technique [280] to calculate the single crystal elastic constants
cj’s and obtained the effective elastic properties polycrystalline C;; according to Hill
approximation [26] which correspond to the arithmetic mean of Voigt and Reuss
estimates, in the case of the dense (CoCrCuFeNi);.Nb, <111>-textured solid solutions
(~0 porosity). For the porous (CoCrCuFeNi);xAl: solid solutions the elastic properties
difference between the matrix and the voids is too large. Therefore, the micro mechanical
effective medium field, developed by Li [27] was used. This method permits to account

for the crystallographic texture and porosity. To take the geometry of elongated grains
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into account, they are modelled as vertical prolate spheroids characterized by an average-
long-axis of # ~400 nm and an average small-axis ~ 30 nm. In a previous work [8], we
used an analytical model [281] that was restricted to porous configurations with isotropic
symmetry approximated with spherical components. The simulated effective elastic
moduli and single-crystal elastic parameters are used to calculate sound velocities and to

compare with raw experimental results.

5.1.5 DFT or experimental sound velocities and Debye temperature

DFT calculations and the independent measurement of V; and V; data from PLU
and BLS experiments also allows for the evaluation of the average sound velocity V;, in
the polycrystalline film according to:

1 4 2
U/

> 5.5
In the Debye model, the heat capacity and cohesion energy depend on the so-

called Debye temperature 8,0, which is related to V,, and V, through the following

equation:

h(6m?\"’
QD:E<V ) . (5.6)
a

where /1 and k are the Planck’s and Boltzmann’s constants, respectively, and 1, is
the atomic volume. This parameter can be convenient to follow phase transitions,
discussing either mechanical and topological lattice instability, related to V;, and V,,

respectively.
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Using the two experimental effective elastic constants, C33 and C,4, We can’

calculate, the isotropic Young’s modulus E, shear modulus G (G = Cy,, ) and the bulk
modulus B, assuming an isotropic approximated medium and using the following

relationships:

E=Cy — (5.7)
¥ (33— Cay
G = C44 (58)
4
B = (33— §C44 (5.9

Throughout the whole document, C;; and c;; elastic constants will denote

effective elastic constants and single crystalline from first principles, respectively.

5.2 Formation energy, phase stability, relaxation/elastic energy and local lattice

distortion

EMTO-CPA and VASP-SQS formation energy of FCC and BCC crystalline
phases are plotted in Figure 5.1a and Figure 5.1b for the (CoCrCuFeNi);.«Nbx and the
(CoCrCuFeNi)1-xAl: HEA, respectively. Ab-initio molecular dynamics formation energy
for the Nb-rich (CoCrCuFeNi);.xNb: amorphous phase are also added in Figure 5.1,
instead of VASP-SQS for the BCC phase, which is not stable. We distinguished between

the results of EMTO-CPA and VASP-SQS, as the relaxation of atomic positions was only

allowed for the latter case. Phase transition from FCC to BCC is predicted at ~ 23-25 at.%

Al while FCC remains the stable phase in the case of Nb alloying until phase
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transformation to an amorphous state at ~ 15 at. % Nb. These ab initio predictions are in-
agreement with a simple topological model originally proposed by Egami and Waseda
[194] and extended by Senkov and Miracle [282] for interstitial solutes, that enabled
estimation of the critical concentration of 4/ and Nb, ~ 22 at. % [5] and ~ 19 at. % [6],

respectively.

Figure 5.1 - Formation energy calculated by EMTO-CPA and VASP-SQS for (a)
(CoCrCuFeNi)1-xNbx and (b) (CoCrCuFeNi);.xAlc. with FCC, BCC and amorphous
structures. The energy cross between different structures is indicated by vertical
dashed lines.

However, as inferred from XRD results [6], the amorphization already occurs at
lower Nb concentrations, i.e. ~15 at. % Nb, in perfect agreement with the ab initio
prediction. This could be related to the high effective quenching rate during sputter
deposition which enables higher glass formation ability and effectively decreases the
critical solute concentration before transition from crystalline to amorphous state. For a

high enough concentration of the alloying element A/ or Nb, a transition from the BCC or

182



Chapter 5: The base HEA CoCrCuFeNi thin films: the role of a 6™ element addition

from the FCC crystalline phase to the amorphous phase is observed from XRD patterns

[5, 6]. We confined such computationally expensive AIMD calculations of the energetics
to the amorphous phase of (CoCrCuFeNi).«.Nbx. Although we did not include magnetic
contributions during the amorphization cooling process, the phase transition is still well

predicted from the energetics calculations.

Figure 5.2 - (a) Atomic relaxation energy (4E,) and (b) local lattice distortion (LLD)
as a function of (4/, Nb) concentration for FCC and BCC (CoCrCuFeNi) 1x(Alx,Nby).
(c) 4E,, the elastic-strain energy (4H.) (d) LLD as a function of atomic size
difference for FCC (CoCrCuFeNi)i(Al,Nby). Critical concentration for phase
transition is indicated by dashed lines. (CoCrCuFeNi);.x(Al.,Nby) is denoted as
base-(Al,Nb)« in the figure.
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Relaxation energy A(E,) and local lattice distortion LLD of FCC and BCC
supercells were evaluated from the VASP-SQS calculations with and without atomic
relaxations. They are plotted in Figure 5.4a and Figure 5.4b, respectively, as a function
of Nb and Al concentrations. Clear correlation can be seen between relaxation energy
A(E,) and local lattice distortion LLD. Indeed, Tian et al [249] has demonstrated that A(E,)
depends linearly on the square of LLD in FCC Cu;-xAuy solid solution at small strains. We
found that A(E,) and LLD increase with Nb/Al addition, moreover, Nb can increase A(E,)
and LLD more rapidly with reference to same amount of A4/. Elastic-strain energy AH,;
was calculated for both alloys using the tool offered by Andreoli ef al. [101] and exhibits
a clear correlation with A(Er) from both aspects of trend and value, as shown in Figure
5.2¢, indicating that the atomic relaxation energy A(Er) is mainly associated to elastic-
strain energy and has an elastic nature. A critical atomic size difference o value of ~4.6-
5.2 (%) before the transition onset is obtained for both alloys with FCC structure, in good
line with the criterion to form stable single phase multicomponent solid solution which
requires 6 < 6 % as proposed in [283]. Further Nb/A/ addition beyond the critical
concentration (12.5 at. % and 17 at. % for Nb and A/, respectively) leads to larger atomic
size difference, hence atomic relaxation energy or elastic strain energy. When this elastic
energy, whether denoted as A(E,) or almost equally as AH.;, reaches the thresholds that
the FCC structure can sustain, phase transition will be triggered. The thresholds elastic
energy for FCC (CoCrCuFeNi);xNbx (A(E)= 80 meV) is higher than FCC
(CoCrCuFeNi) Al (A(E,)= 36 meV) as shown in Figure 5.2¢. At this critical o, The

FCC (CoCrCuFeNi);«Nb; transforms to amorphous while FCC (CoCrCuFeNi);<Alx
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transforms to BCC. As shown in Figure 5.2a, A(E,) keeps increasing for the BCC

(CoCrCuFeNi) <AL, which finally reaches 79 meV at 30 at. % Al, arriving at the same
level of (CoCrCuFeNi) .«Nb. (80 meV) where the amorphization occurs. It is interesting
to note that, experimentally we saw the BCC to amorphous transition for (CoCrCuFeNi);-
<Al at around 25 at. % to 30 at. % Al addition, which means no matter from BCC
(CoCrCuFeNi)xAl. or FCC (CoCrCuFeNi);<Nb. phase, the amorphous transition has

nearly the same A(E,) energy threshold around 80 meV.

The atomic size difference o can be correlated to LLD in Figure 5.2d. Together
with the chemical bonding difference between Al and Nb, these two factors might be the
reason for the distinct behaviors observed for (CoCrCuFeNi);..Nbx and (CoCrCuFeNi);-
<AL, of their A(E,), LLD, AH.; and phase transition. Despite the importance of elastic-
strain in describing phase stability, it should not account alone for the the FCC to BCC
phase transition occured in (CoCrCuFeNi);<Al;) because the calculation neglecting the

atomic relaxations is able to predict the FCC to BCC phase transition as well.

Valence electron concentration (VEC) concept is also used to evaluate the phase
stability type of HEA [97, 98], FCC (VEC > 7.8) or BCC (VEC < 6). As for above 6 and
£ parameters, VEC was calculated using the AlloyTool software [284] for both alloys,
(CoCrCuFeNi);x(Nbx, Al) showing VEC > 8 until 22 at. % Nb and 14 at. % Al,
respectively. For both alloys with FCC structure, the elastic-strain energy AH.; remains
below 6.8 kJ/mol (70.8 meV) which agrees with the new criterion of FCC single phase

stability, established by Andreoli et al. [101]. This is in good agreement with our ab-

185



Chapter 5: The base HEA CoCrCuFeNi thin films: the role of a 6™ element addition

initio results, too. One should notice that this last empirical approach has no

computational cost!

Lastly, as mentioned by Kube et al. [102], we observed that HEAs (e.g.,
(CoCrCuFeNi) Al with the same relaxation energy A(E,) in Figure 5.2a, BCC phase
can sustain greater LLD over FCC as shown in Figure 5.2b, which means BCC can
accommodate a large atomic size difference while maintaining a low elastic-strain energy

penalty.

Figure 5.3- Bonding length between different species in FCC (CoCrCuFeNi) 1.x(Nbx,
Aly) phases vs. niobium and aluminium concentration. TM-TM represents the
average bonding length between 3d transition metal elements (TM, i.e., Co, Cr, Cu,
Fe and Ni). Note that there is no (4/, Nb)-TM bonding for the base alloy (0 at. %).

We studied the bonding length between different species of FCC phase
(CoCrCuFeNi).«(Al,Nb).. Large orbital overlapping between A/ and TMs is revealed in
Figure 5.3 by the short bonds formed between 4/ and TMs, comparing to Nb and TMs.
The two strongest bonds, i.e., AI-Co and A/-Ni bonds, even shorter than the major TM-

TM bonds, consequently make a contribution to alloy cohesive energy, as can be seen
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from Figure 5.1b that 4/ addition leads to lower formation energies. The bonding length

distribution is also in line with the mixing enthalpy, e.g., A/-Ni with the shortest bonds,
Al-Cr with the longest bonds have respectively the lowest and highest mixing enthalpy
among all the A/-TM pairs. As a contrast, all Nb-TM bonds have greater bonding length
than the TM-TM bonds, which means Nb will not contribute positively to the bonding.
Therefore, Nb addition results in an increasing trend for alloy formation energy. The
electronic structure origin of different behavior between A/ and Nb addition is that A/
allows the strong p-d (4/-TM) hybridization, while in the case of Nb, the d-d or s-d (Nb-

TM) interaction is relatively weak.

5.3 Structural properties: lattice parameter, phase transition and mass density

Lattice parameters of (CoCrCuFeNi);..Nbx and (CoCrCuFeNi);.xAl, measured
from more intense peaks of x-ray diffraction patterns (see Refs. [5, 6]) are summarized in
Table 2.5, and shown in Figure 5.4a and Figure 5.4b, respectively. They are compared
to our ab-initio calculations of crystalline FCC, BCC and amorphous phase. A clear trend
between the chemical composition and the phase formation is observed. More
specifically, at low A4/ concentrations, a single FCC solid solution is formed. At higher 4/
concentrations, the BCC solid solution starts to emerge, and a mixed duplex FCC/BCC
solid solution is formed. At even higher 4/ concentrations, from ~20 at. % A/, a single
BCC solid solution is formed. The film with the highest A/ fraction (24.7 at. % Al)
exhibits an amorphous phase. Preferred (111) and (011)-orientation are observed for the

FCC and BCC phase, respectively, deposited with low p..drs values.
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Figure 5.4 - Experimental (void square) and calculated lattice parameter of FCC
cell (solid line), BCC cell (dashed line) and the amorphous phase (red-dotted line
with asterisks) vs. (a) niobium and (b) aluminium concentration, for the
(CoCrCuFeNi)-x(Alx,Nby) high entropy alloys. Red lines are related to VASP-SQS
simulations. The vertical dotted lines at 17 at. % Al and 12.5 at. % Nb indicate the
FCC to BCC and the FCC to amorphous structural transitions, respectively.

The simulated partial correlation functions after cooling at 300 K, of the melts at
2000 K for three compositions (CoCrCuFeNi)o.ssoNbo.10, (CoCrCuFeNi)o.s4Nbo.;s and
(CoCrCuFeNi)o.742Nbo.25s of amorphous (CoCrCuFeNi);xNb. (see Figure 5.5 as an
example for a melt) have been calculated, and the average interatomic distances
evaluated. Then, equivalent lattice parameters in these amorphous phases, assuming a

FCC lattice host, have been calculated both experimentally, from XRD results and using
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Figure 5.5 - AIMD (256 atoms) simulated partial pairs correlation functions of the
melt CoCrCuFeNiNby.os (16 at.% Nb) from NVT canonical at 2000 K after the
simulation time of 9 ps, showing Cu clustering and short-range ordering between
Nb-(Cu, Ni, Cr, Fe), Fe-(Co, Cr) and Cr-(Ni, Co, Fe) pairs.

Ehrenfest equation (eq. 2.9) [187], and theoretically by calculating the average
interatomic distances from radial distribution function (RDF). Then, it can be seen from
Figure 5.4, that the FCC phase is maintained during alloying of Nb until ~12.5 at. %,
when the transition to the amorphous phase occurs, thus inducing a small drop of “lattice
parameter”.
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From pair correlation functions of (CoCrCuFeNi).s4Nbo.16 (16 at.% Nb) melt at

2000 K in

Figure 5.5, one can notice the limited Cu clustering and short-range ordering
between Nb-(Cu, Ni, Cr, Fe), Fe-(Co, Cr) and Cr-(Ni, Co, Fe) pairs, which were
expected to be retained after cooling in the solid state. There are some differences with a
similar calculation of Gao and Alman [285] but limited to the melt of (CoCrCuFeNi);-
xAlL:. In the case of (CoCrCuFeNi)o.794A410.20s melted at 1,873 K, the simulated RDF can be
compared to our (CoCrCuFeNi)o.s4Nbo.1s melt at 2000 K. Nb addition leads to less short-
range ordering and segregation in the liquid structure, suggesting that the atoms are much
more randomly distributed than in the case of (CoCrCuFeNi)o.794A410.206, for which bonds
formation between 4/ and TM elements are favored. As a result, higher glass formation
ability is expected and a single amorphous phase should be promoted in Nb-rich alloys
compared to A/-rich ones, after solidification from the melt. One should expect similar

results from a vapor-solid process for film’s growth.

It is easy to identify from the abrupt step of the lattice parameter, the onset of
FCC to BCC structural phase transition around 17 at. % A/ and FCC to amorphous ~ 12.5
at. % Nb. Figure 5.4a indicates that, as the experimental interatomic distance of the
amorphous phase is lower than the one calculated for the hypothetical FCC crystalline
solid solution, the amorphous phase exhibits a more compact way to distribute the atoms

for larger Nb concentrations.
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The predicted and experimental mass density evolution of (CoCrCuFeNi).«(Nbx,

Al,) as a function of A/ or Nb concentration, are shown in Figure 5.6. One can again

notice the FCC to BCC phase transition around 17 at. % A/ and FCC to amorphous at

Figure 5.6- Experimental (void square) and calculated mass density of FCC cell
(solid line), BCC cell (dashed line) and the amorphous phase (red-dotted line with
asterisks) vs. (a)niobium and (b) aluminium concentration, for the
(CoCrCuFeNi)-x(Aly, Nbyx) high entropy alloys. The vertical dotted lines at 17 at. %
Al and 12.5 at. % Nb indicates the FCC to BCC and the FCC to amorphous
structural transitions, respectively.
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~ 12.5 at. % Nb. Furthermore, one can distinguish the difference between both deposition-

processes. In case of A/ alloying, we obtained under-dense thin films with increasing

porosity P, defined by:

p
Pbuik

P=1-

(5.10)

where p and pwuic are respectively the mass density of the (CoCrCuFeNi);..Al; film and

the corresponding value from first-principles calculations.

The porosity increases as a function of the aluminum concentration, in both FCC (0-17
at. %) and BCC (17-25 at. %) phases, reaching the highest value of 16 %, as shown in the
inset of Figure 5.6b. The influence of the porosity should be considered later for the
estimations of effective elastic properties and sound velocity. In the case of alloying with
heavier Nb atoms, only the mass density slowly grows theoretically. One should bear in
mind that the peening effect guarantees the densification of the films over the full range
of concentrations. The segregation of Nb phase (p=8.57g/cm?) is also a possibility that
may lead to an over-dense polycrystalline film above 10 at. % Nb, as observed from

Figure 5.6a.

5.4 Sound velocities Debye temperatures and elastic constants

Before discussing experimental measurements and their comparison with numerical
results, we compare the corresponding elastic constants of the single crystal
(CoCrCuFeNi) «(Nby, Aly) in the FCC phase calculated from EMTO-CPA and VASP-

SQS simulations (Figure 5.7a and Figure 5.7b ) and those of (CoCrCuFeNi);.xAl: in the

192



Chapter 5: The base HEA CoCrCuFeNi thin films: the role of a 6™ element addition

BCC phase(Figure 5.7¢). In our calculations, FM and PM were considered for VASP-
SQS and EMTO-CPA simulations, respectively. Our calculations of the base FCC
CoCrCuFeNi considering both PM and FM magnetic states compare well with EMTO
data of Ref. [246]. The main results (formation energy, lattice parameter and elastic
constants) are reported in Table 4.1. Data are comparable for each method with either
PM or FM state with maximum difference below a few percent. The major difference
appears between the elastic constants when comparing EMTO to VASP. The maximum
difference of + 10 % , +20 % and +30 % are observed for c¢;;, c12 and c44, respectively.
This difference for c;> and c44 1s roughly maintained but decreases for c¢;; when alloying
with Nb and A/ (see Figure 5.7). Most of elastic constants have a common softening
trend with Nb and A/ addition. This difference is mainly due to the lack of atomic
positions relaxation in EMTO-CPA. Similar conclusions are drawn when comparing
VASP calculations with relaxed and unrelaxed atomic positions, but with no influence on
the c44 elastic constant that is nearly not affected. Hence, we propose that there is an

intrinsic difference between EMTO and VASP when evaluating this elastic constant.

We will assume that difference in magnetic configuration plays a minor role on
elastic constants in our alloys compared to atomic relaxation, avoiding the more difficult
calculations of the paramagnetic phase, when we have to compare between different
supercell random configurations and chemical concentrations, with SQS method. Tian et
al. [270] provided comparison between SQS and CPA for (CoCrCuFeNi);.Al: and for
CuxAu;.x alloys [184]. The two methods generally give the same trend on elastic constants,
but always bigger elastic constants from EMTO-CPA as we found for (CoCrCuFeNi);.
x(Nby, Aly) alloys.
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Figure 5.7- The calculated single crystal elastic constants of the FCC
(CoCrCuFeNi);«(Nby, Aly) as a function of (a) niobium concentration, and (b)
aluminum concentration, and of the BCC (CoCrCuFeNi).x(Nbx, Aly) (¢). (Solid line)
and (dashed line) are from EMTO-CPA and VASP-SQS calculations, respectively.
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Although both approaches can provide the phase transition from energetics, i.e.,

the FCC to BCC transition when alloying 4/, VASP-SQS method is able to provide more
accurate elastic constants because the atomic relaxation is taken into account, especially
in the case when the atomic relaxation effect is not negligible, e.g., when atoms of greater
sizes are added into the lattice and increasing lattice local distortion. The single crystal
elastic constants (c;7, ¢;2 and c44) will be used later as input for micro-mechanical self-
consistent calculations of effective elastic properties of our polycrystalline materials
considering their crystallographic texture, <111> crystallographic orientation for FCC
structure and <110> for BCC one, including changes in porosity fraction of
(CoCrCuFeNi) Al alloy. Five independent averaged effective elastic constants will be
calculated, namely, C;4, C;2, Ci3, C33 and C4, corresponding to a macroscopic hexagonal
symmetry. In case of the rich-Nb amorphous phase having isotropic elastic symmetry,

AIMD and stress-strain method provides directly the two independent elastic constants

C11 = C33 and C4y = (Cy4 - C15)/2. Hence, predicted sound velocities (V) = /C33/p and

(V7)) = \/C4sa/p as well as the Debye temperature (6),), can be calculated for each alloy

concentrations and compared to the following raw experimental results.

Typical transient relative reflectivity from PLU and a Brillouin light scattering
spectrum at 65° angle of incidence are shown in Figure 5.8a and Figure 5.8b,
respectively, for (CoCrCuFeNi)o.9Alp.; film. From time of flight of echoes and Rayleigh
wave velocity, longitudinal and transverse sound velocities of (CoCrCuFeNi).«(Nb,, Aly)
have been measured, as a function of Nb and A/ concentration. These raw data are plotted

in Figure 5.8a and Figure 5.8b and are compared to theoretical simulations.

195

N\



Chapter 5: The base HEA CoCrCuFeNi thin films: the role of a 6™ element addition //

Figure 5.8 - Typical transient relative reflectivity from (a) picosecond laser
ultrasonic technique and (b) Brillouin light scattering spectrum at 65° angle of
incidence.

Figure 5.9 - The calculated (dashed line with filled square) and experimental (solid
line with void square) sound velocities of (CoCrCuFeNi);.«(Nbx, Al (a) V; and (b)
Vr vs. niobium concentration; and (c¢) V; and (d) V; vs. aluminium concentration.
It employed the micro-mechanical effective medium field (emf) results of FCC (111)
and BCC (110) textures, as well as porosity for Al alloying. Amorphous rich-Nb
alloys were calculated by AIMD. The vertical dotted lines at 17 at. % A/ and 12.5
at. % Nb indicates the FCC to BCC and the FCC to amorphous structural
transitions, respectively.

Comparable trends with either Nb or A/ alloying are obtained for V; and V. Vi

decreases only a little (from ~2650 m/s) reaching a minimum velocity in the vicinity of

196



Chapter 5: The base HEA CoCrCuFeNi thin films: the role of a 6™ element addition

the phase transition: ~2500 m/s, and then remains nearly constant in Nb-rich amorphous’

phase while increasing a bit more for Al-rich BCC phase. The films with a mixed
FCC/BCC, BCC or amorphous phase show a clear separation from the FCC phases.
There is a limited softening in the mixed (CoCrCuFeNi) ..Al: FCC/BCC duplex region in
comparison to what is expected for pure BCC, indicating a partial transformation as
observed from XRD experiment below 20 at. % A/. The trends and relatively good
quantitative agreement is found between numerical results and experimental Vi of

(CoCrCuFeNi).«(Nbx, Aly) crystalline and amorphous phases

V;, changes only a little until 10 at. % (~5150 m/s) and then increases, reaching a
maximum velocity in the vicinity of the phase transition: 5500 m/s for ~12.5 at. % Nb
and 6200 m/s for ~17 at. % A/, and then decreases only a little in Nb-rich amorphous
phase while a bit more for A/-rich BCC stucture. Again, the films with a mixed
FCC/BCC, BCC or amorphous phase show a clear separation from the FCC phases. Here,
V, softening in the mixed (CoCrCuFeNi);xAl, FCC/BCC region lies between what is
expected for pure FCC and BCC. The experimental V; are lower than the calculated
values for fine-grained materials in the FCC phase for both alloys, even for the base alloy
and Nb-alloyed dense films, therefore excluding effects of porosities. For comparison, it
was found from self-consistent averages that 5 % porosity induced ~10 % softening of

C44 and ~8 % softening of C33 for both FCC and BCC phases.

This could be attributed to the nature of the films: nanocrystalline solid solutions
with grain size of few nm [9] with a large number of grain boundaries. Furthermore, the

grain boundaries are probably enriched in oxygen due to the relatively high impurity-to-
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metal flux ratio during film growth (low deposition rate and moderately good vacuum

base pressure) [9]. Both effects, the oxygen contamination and the presence of a large
fraction of disordered/amorphous grain boundaries causes a decrease of the average
atomic bond strength, hence produces an extrinsic cause of softening of longitudinal

modulus C33 and Young’s modulus of the material [286].

This softening of €33 in comparison with the numerical estimation in FCC phase
is visible in Figure 5.10. One should notice that visibility of this effect seems to
disappear when approaching and after the phase transition from FCC to amorphous phase
(~12.5 at. % Nb). The whole material ((CoCrCuFeNi);<Nb, alloy) has narrower grain
size (3-10 nm) and will be highly disordered or amorphous, meaning core and shell grain
have closer properties. But it is still visible for (CoCrCuFeNi);xAl: alloys which have
larger grain size (8-18 nm), after the FCC to BCC transition and mixed phases region,
until the amorphous transition (~25 at. % AI[). This is supporting the existence of an
amorphous or highly disordered interphase at nano-sized grain boundaries. As mentioned
in our previous work [9], while the oxygen impurity-to-metal flux ratio is increased, the
grain boundaries are no longer purely metallic. An oxide tissue is formed [9], leading to
certain proportion of covalent bonds modifying the effective elastic and plastic properties
of the grain boundaries and of the core-shell grains. At least, the influence of this
nanometer size oxide tissue interphase should be considered in further analysis, trying to
identify its average thickness and properties by direct observations or using inverse
numerical method modeling some physical effective properties such as, for example:
elastic, electrical and thermal properties. This approach is currently under progress.

Noticeably, this interphase is not supposed to have marked influence on the shear
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modulus C,,, as simulations and experiments compare well for both alloys in FCC, BCC-

or amorphous phase.

Figure 5.10 - The calculated (dashed line with filled symbols) and experimental
(solid line with void symbols) C33, C44 and B elastic moduli (CoCrCuFeNi).x(Nbx,
Aly) as a function of (a) niobium concentration, and (b) of aluminium
concentration. It employed the micro-mechanical effective medium field (emf)
results of FCC (111) and BCC (110) textures, as well as porosity for A/ alloying.
Amorphous Nb-rich alloys were calculated by AIMD. The vertical dotted lines at
17 at. % Al and 12.5 at. % Nb indicates the FCC to BCC and the FCC to
amorphous structural transitions, respectively.
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More intuitive material trends can be inferred from Debye temperature 8, (Eq.
5.6) calculated from average sound velocities (V,, ) and atomic volumes (V).

Experimental and simulations are displayed in Figure 5.11.

Two different behaviors can be distinguished from its compositional dependence,
in relation to the structural state, either crystalline (FCC or BCC) or amorphous. In the
composition range below the previous identified phase transition (12.5 at. % Nb or 17 at. %
Al), where FCC crystalline solid solutions are stabilized, one observes an abrupt decrease
of O, in particular at the approach of the crystalline lattice instability. This tendency
involves a lower cohesion in relation to the onset instability. This result is well correlated
with the decrease of inverse atomic volume 7 % and 19 %, in the vicinity of their
respective phase transition, for Nb and Al alloying, respectively. As 6} varies as ~(1/
V,)Y/3, it contributes for 2 % and 6 % to the observed 7% and 11% continuous decrease
in both systems (from ~400 K to ~350 K). The continuous decrease of 6, is well
captured by our ab-initio plus self-consistent predictions. It evidences the same V,
softening for both systems (-5%) and that the lattice instability is mostly of mechanical
origin for Nb alloying whereas a topological one for case A/ It was already partially
visible from the limited variation of V and C,4 for both structures, and the different

trends of their mass density, atomic volume in Al case increasing much more.
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Figure 5.11 - The calculated (dashed line) and experimental (symbol) Debye
temperature (a) (CoCrCuFeNi);.xNbx and (b) (CoCrCuFeNi);xAl: as a function of
niobium and aluminium concentration. The vertical dotted lines at 17 at. % Al and
12.5 at. % Nb indicates the FCC to BCC and the FCC to amorphous structural
transitions, respectively.

5.5 Summary and conclusions

Al and Nb addition both increased the lattice distortion while 4/ favored strong
bonds formation with transition metals. Nb leads to fully dense films, whereas the mass
density continuously decreased with an increasing porosity fraction, as a function of A/
concentration. As inferred from x-ray diffraction, addition of Nb leads to a phase
transition from FCC to amorphous state ~ 12.5 at. % Nb while in the case of A/, the
transition from FCC to BCC appears ~ 17 at. % Al before the final amorphous phase

~25 at. % Al

The experimental phase and structural properties agree well with the DFT
calculations, using either the exact Muffin-Tin orbitals (EMTO) method together with the
coherent potential approximation (CPA) or the SQS method with pseudo-potentials using

VASP that allows accounting for the relaxations of atomic positions. In terms of elastic
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constants, CPA calculations tend to provide more rigid elastic constants (c;2, c44) due to’

absence of atomic relaxations as well as an intrinsic problem of EMTO to overestimate
c44. c111s a special case where the relative value depends on alloying content. Briefly, the
atomic relaxation effects should be carefully checked when using CPA to calculate elastic

properties.

Empirical atomic size difference 6 and elastic-strain energy AH.; were validated
by DFT calculated local lattice distortion LLD and relaxation energy A(E,) and these
parameters were found to play a role in describing phase transitions. The phase transition
from FCC to amorphous or FCC to BCC occurred at a critical 6 (4.6-5.2 %) value, in
accordance to the common criterion (6 < 6%). Much stronger LLD for Nb than for Al
addition to FCC CoCrCuFeNi were found. At the critical transition point, Nb addition in
CoCrCuFeNi necessitates an increasing elastic-strain energy AH. ~8 kJ/mol (83 meV,
slightly above Andreoli et al. criterion 6.8 kJ/mol [101]) and relaxation energy A(E,)~81
meV and (for 14 at. % Nb) associated to its higher lattice distortion before phase
transformation, whereas for FCC (CoCrCuFeNi);.xAl, the threshold relaxation energy is
A(E)~36 meV and elastic-strain energy AH. ~5.1 kJ/mol (53 meV) at the phase
transition ~17 at. % Al Additionally, VEC calculated for both (CoCrCuFeNi).«(Nb,, Al)
alloys showed VEC > § until 22 at. % Nb and 14 at. % Al respectively, allowing FCC

phase stability in good agreement with our ab-initio predictions.

PLU and BLS optoacoustic techniques measured the sound velocity of
longitudinal (V;) and transverse (V;) acoustic waves provided the effective elastic

constants of the films, C33 and Cy, . Ab-initio calculations of single crystal elastic
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constants were complemented by a self-consistent averaging micro-mechanical model to

derive the simulated effective elastic constants and sound velocities for each
crystallographic texture of FCC (111) and BCC (110) polycrystalline phases. Ab-initio
molecular dynamics calculations were performed for the particular case of Nb-rich
amorphous phase of (CoCrCuFeNi);..Nbx and all numerical results (lattice parameter,
mass density, phase stability, elastic constants and sound velocities) were compared to
their experimental counterpart, considering the porosity fraction in the particular case of
(CoCrCuFeNi) Al that may induce an extrinsic softening of the material elastic

properties. For comparison, it was found from self-consistent averages that 5 % porosity

induced ~10 % softening of C,4 and ~8 % softening of C35 for both FCC and BCC phases.

Good comparison is obtained for V; and C,, that vary only little with chemical
composition. Decrease of Debye temperature is mainly due to the atomic volume increase
for (CoCrCuFeNi)<Al. system, identifying the origin of lattice instability and phase

transition of topological and not mechanical origin.

Nevertheless, as the comparisons between the predicted and the experimental V;,
and C33 were not satisfactory enough in the FCC phase (still over-estimate) and before
the appearance of the amorphous or the BCC phase, the formation of an amorphous or
highly disordered interphase at the grain boundaries [9] due to the presence of oxygen
impurities in the deposition chamber, is suspected to play a non-negligible role in the
acoustic and elastic effective properties response of the base metallic films. It should be
considered in further analysis. One should notice that such interphase should not

influenced noticeably V; and C,, properties. Further investigations are in progress to
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identify its properties by considering more independent information, such as thermal and

electrical properties.
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CHAPTER 6. MULTICOMPONENT INTERSTITIAL ALLOYS

AND NITRIDES CoCr(Cu, Mn)FeNi-Nx

CoCr(Cu,Mn)FeNi-N; thin films were deposited by reactive magnetron sputtering
in a ultrahigh vacuum chamber at different nitrogen pressures. The crystal structure was
studied by the standard XRD. Optoacoustic techniques were used to measure the shear
and longitudinal wave velocity, specifically by Brillouin light scattering (BLS) and
picosecond laser ultrasonic (PLU), respectively. Magnetic properties were studied by
ferromagnetic resonance spectroscopy (FMR) but are not discussed in this thesis.
Additionally, by using stretchable substrate glued on piezo-actuators, we were able to
obtain their magnetostriction coefficient. Metallic films deposited on polymer substrate
were deformed under the micro-tensile test machine to study the crack propagation and
buckles formation and results on CoCrCuFeNi films will be presented in the last
chapter 7. Numerically, we explored structural, magnetic and mechanical properties at
the atomic scale by density functional theory (DFT) combined with Special Quasi-
Random Structures (SQS). The evolution of structural, mechanical and magnetic
properties as a function of N concentration can be well understood combing DFT

calculations.

6.1 Energetics of CoCr(Cu,Mn)FeNi-Nx

The first-principles spin-polarized electronic-structure calculations were
performed with the Vienna ab initio simulation package (VASP) [36, 37] using projector

augmented-wave (PAW) potentials [38]. The Perdew-Burke-Ernzerhof (PBE) exchange
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correlation functional [41] in the generalized gradient approximation (GGA) was

employed to perform the self-consistent calculations and compute the total energies. We
used uniformly distributed k-points in the irreducible Brillouin zones according to the
Monkhorst-Pack scheme [42] with a k-points spacing of 0.2/A. A plane wave cut-off
energy of 520 eV was chosen to ensure the accuracy of force calculations. The electronic
energy-convergence criterion was set to 10 eV/cell and a force convergence criterion of

0.02 eV/A was used during ionic relaxation.

Figure 6.1: Two types of interstitials in an FCC lattice, denoted by A and B,
representing the octahedral and tetrahedral interstitials respectively. Fully
occupation of A or B sites leads to NaCl or ZnS-type structures, respectively.

We employed the special quasi-random structures (SQS) [262] to model the
chemical randomness of metallic elements and the random distribution of nitrogen at
octahedral or tetrahedral interstitial sites. The structures were generated by ATAT [16] by
optimizing the Warren—Cowlley short range order parameters to 6™ nearest neighbors for
pairs and to 4™ nearest neighbors for triplets. Initially supercells containing totally 80
metallic atoms were built. Various numbers of nitrogen atoms were later added randomly

by SQS, into the octahedral or tetrahedral interstitial sites respectively as shown in
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Figure 6.1, leading to the formation of octahedral interstitial alloy or tetrahedral

interstitial alloy with different N concentrations. Full N occupation forms the NaCl- or

ZnS-type stoichiometric nitride, respectively.

The formation energy per atom (4H) is obtained by,

1 x
AH(x) = E(E(CoCr(Cu, Mn)FeNiN,) — (EENZ + z El)> (6. 1)
i
where n is the total number of atoms in the supercell, £ is the total energy of

CoCr(Cu,Mn)FeNiNx. Ey, and E; are the energy of N: molecular and the metallic

elements (Co, Cr, Cu, Mn, Fe and Ni) in their ground state respectively.

Figure 6.2 - The formation energy difference (AE = E,ctahedral — Etetrahedral)
between the octahedral interstitial configurations and tetrahedral interstitial
configurations for CoCrCuFeNiN: and CoCrMnFeNiNx respectively. The curves
are only a guide to the eyes.
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The formation energy difference is defined as the energy difference between the
octahedral and tetrahedral interstitial configurations. A negative value suggests the
octahedral interstitial filling is more favorable, and vice versa. A positive value for the
energy difference emerged at and only at ~50 at. % N, meaning that the ZnS-type
structure is more energetically favorable than NaCl-type for both stoichiometric
CoCrCuFeNiN and CoCrMnFeNiN. As can be seen from Figure 6.2, the tetrahedral
interstitials are not favorable in a large concentration interval from 0 to ~40 at. % N. This
range covers all the samples we’ve synthesized. In the following (elastic properties)

calculations we will consider octahedral interstitial filling only.

The tetrahedral interstitial configurations at low N concentrations (e.g., 9 at. %
and 16.7 at. % N) were unstable for both CoCrCuFeNiN, and CoCrMnFeNiN,. The N
interstitials moved to octahedral interstitial sites spontaneously during atomic relaxation.
This instability can be understood by comparing the radius of the octahedral and
tetrahedral holes in an FCC lattice, see Figure 6.1. The size ratio of octahedral hole to the
atomic spheres is 0.414. As a contrast, the ratio of tetrahedral hole to the atomic spheres
is 0.225. The atomic radii of N is 65 pm and the other metallic elements have an average
atomic radius 137 pm (Cr 140 pm, Mn 140 pm, Fe 140 pm, Co 135 pm, Ni 135 pm, Cu
135 pm), giving a ratio (0.46) far above 0.225. Consequently, the N interstitial will prefer

the larger octahedral hole where Coulomb repulsion force is smaller.

6.2 Structural properties CoCr(Cu,Mn) FeNi-Nx

For both CoCrCuFeNiN: and CoCrMnFeNiN,, the lattice parameters increase

with more N content as revealed by XRD and DFT, and the mass density decreases with

208

N\



Chapter 6: Multicomponent interstitial alloys and nitrides CoCr(Cu, Mn)FeNiNx

N addition. DFT calculations with octahedral and tetrahedral interstitials provide similar-

values and the same trend. However, to compare lattice parameters quantitively, one have
to bear in mind that the generalized-gradient approximation (GGA) tends to overestimate
the lattice constants up to 3% [287]. Besides, residual stress in thin films can also lead to
discrepancies as stress-free lattice parameters were not evaluated in case of films
deposited on Si substrate. For instance, we found for CoCrCuFeNiN, with high N
concentrations, the thick films exhibit compressive stress, resulting in an expanded out-

of-plane lattice parameter.

Figure 6.3 - The XRD and DFT lattice parameters as a function of the N
concentration for (a) CoCrCuFeNiN, and (b) CoCrMnFeNiNx, and XRR and DFT
mass density for (¢) CoCrCuFeNiN, and (d) CoCrMnFeNiNx.
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Hence, using the stress-free lattice parameter for comparisons to DFT is a priority.-

It was already demonstrated in chapter 2 for CoCrCuFeNi films on Kapton, but it is a

huge effort to perform such systematic experimental evaluation.

The discrepancy of experimental and DFT calculated lattice parameters and mass
density is relatively large when N addition is less than 20 at. %, as shown in Figure 6.3.
An obvious augmentation of the lattice parameter with reference to the thin films as well
as DFT predictions can be seen from the thick CoCrCuFeNiN, and CoCrMnFeNiN; films

above ~20 at. % N.

As reported by Klimashin et al. [233], the ordering of N vacancies (in NaCl
structure) is favored at high N concentrations for MoN;. To study the N-ordering effects
on lattice parameters in CoCrCuFeNiN, or CoCrMnFeNiN,, we considered several
structures as listed in Figure 6.4. These structures contain ordered N interstitials and have
already been identified from both experiments and theories. For instance, Takahashi et al.
has synthesized the Pm3m-FesN phase and measured the elastic moduli [288] with the
value of 157 11 GPa and 159 £17 GPa, respectively for thin films and a bulk-like
sample, which is in good agreement with the DFT calculated value of 162 GPa. The N
ordering structure for P6322-Ni3N [289] and the reversible N-order-disorder transition for
P6322-Fe3N [290] were confirmed by Leineweber et al. through neutron scattering. The
Pm3m-CusN has open-packed anti-ReOs structure with one N occupies the vertices of a
cubic cell while three Cu atoms occupy six face centers. Pm3m-CusN is metastable and
can decompose into Cu and N> around 300°C [291]. The Pm3m-WN has the NbO-type

structure. It has the same stoichiometry as the defect-free NaCl-type compounds but
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contains 25 at. % ordered Schottky vacancies. The transition from NbO-type WN with
ordered vacancies to NaCl-type WN with disordered vacancies can be triggered by
electron beam irradiation as reported by Xing et al.[292]. Liu et al. carried out systematic
calculations on 3d transition metal mononitride with NbO-type structures[293], they
found the NbO-type nitrides have similar cohesive energy to the NaCl-type ones, of
which CoN, NiN and CuN even have lower energies. The lower energy for the NbO-type

MoN; than the NaCl-type was also reported in Ref. [233].

Figure 6.4 - Structures with ordered /N distributions ranging from 20 to 50 at. %.

We evaluated the N-ordered structures for CoCrCuFeNiNy. The structures were
built by SQS with the same parameters described in the methods section. Our simulated
powder diffraction pattern of the hexagonal P6322- CoCrCuFeNiN;s7 (MesN) displays a
most intense peak at 44.09° with a corresponding d-spacing of 2.053A, whereas the thick
sample with similar N concentration has the peak at 45.18° with a corresponding d-
spacing of 2.005A. The Pm3m-CoCrCuFeNiN; s; (MesN) is not stable and didn’t provide
a reasonable structure after relaxation. The calculated structural parameters are listed in
Table 6.1, together with the values of disordered octahedral/tetrahedral interstitials and

the experimental values at 20 at.% and 25 at.% N. However, none of these calculations
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provide reasonable explanations to the discrepancy of lattice parameter over 20 at. % N,
suggesting this lattice expansion after 20 at. % N has other origin. Further check of

oxygen impurity influence is undergoing.

Table 6.1 - Lattice parameters of the N-ordered CoCrCuFeNiN.

Sample Space group Lattice parameters Reference lattice
CoCrCuFeNiNi>s  Pm3m 3.787 3.755%,3.798", 3.801°, 3.926¢
CoCrCuFeNiN, 67 P6322 a=4.640, c=4.407  3.813%,3.870°, 3.876¢, 3.9944
CoCrCuFeNiNj.s7 Pm3m /

CoCrCuFeNiNs Pm3m 3.833 4.368% 4.324°

*a: NaCl-type lattice with disordered N vacancies calculated by DFT. *b: ZnS-type lattice with
disordered N vacancies calculated by DFT. *c: Lattice parameters as measured from thin films.
*d: Lattice parameters as measured from thick films

The mass density measured by XRR is presented in Figure 6.3. The decreasing
trend is in good line with DFT predictions. It happens because the initial metallic lattice
is expanded by additional N atoms, and the relatively light N atoms don’t add significant
mass into the system. In the case of CoCrMnFeNiNy, the films were found less dense
under 15 at. % N. This is probably due to the used powder target. We always get dense
CoCrCuFeNiN; films deposited with the solid target. Contrarily, films become over

dense at higher N concentrations over 20 at. %, especially for the thin films.

6.3 Sound velocities, elastic constants, indentation test modulus and hardness

6.3.1 Single crystal elastic constants of CoCr(Cu,Mn)FeNiN
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Figure 6.5 - Single crystal elastic constants and the Zener anisotropy ratio of (a)
CoCrCuFeNiNy and (b) CoCrMnFeNiNy as a function of the N concentration. The
calculations were performed on the octahedral NV interstitial filling configurations.
The black arrow indicates the corresponding y-axis.

Single crystal elastic constants for CoCrCuFeNiN, and CoCrMnFeNiN, with
octahedral N interstitials were calculated using DFT. The three independent elastic

constants for a cubic material (c;;, ci2 and c44), as well as the Zener anisotropy ratio are

2C44

plotted in Figure 6.5. The Zener anisotropy ratio (4 = ) quantifies how far a

€11—C12
material is from being elastically isotropic (A = 1). Clear trends show that 4 decreases
with N alloying and reaches the isotropic criterion above ~35 at. % N for both
CoCrCuFeNiNy and CoCrMnFeNiN,. It is also revealed that FCC CoCrCuFeNi and
CoCrMnFeNi are highly anisotropic with an 4 value of 3.168 and 2.624 respectively. In
terms of single crystal elastic constants, c;; behaves very differently for the two systems.
For CoCrCuFeNiN., c;; almost keeps constant with N addition, whereas it increases from
210 GPa to 310GPa for CoCrMnFeNiNy, accounting for a +47% growth. The variation
of ci2 for CoCrCuFeNiN; is insignificant. For CoCrMnFeNiN,, an obvious decrease

occurs at 9 at. % N then a slight increase follows. A softening of c44 is quite significant
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with N addition as for CoCrCuFeNiNy and CoCrMnFeNiNy, c44 decreases from 116 GPa

to 45 GPa and from 132 GPa to 49 GPa respectively.

6.3.2 Sound velocities and elastic constants-CoCrCuFeNiNy

Figure 6.6 - (a) The longitudinal sound velocity V. and shear sound velocity V'r (b)
the derived elastic constants C33 and C44 for CoCrCuFeNiNy. The effective sound
velocities and elastic constants are calculated from the Voigt-Reuss-Hill (VRH)
average, considering isotropic, <111>-textured and <001>-textured polycrystals.
The dashed line is an indicator for the texture change observed from XRD.

Based on the single crystal elastic constants, the effective sound velocities and
elastic constants for polycrystals can be calculated by the Voigt-Reuss-Hill (VRH)
average. In Figure 6.6, we’ve considered the isotropic average for the as deposited
nitrides, the <I11>-textured and <001>-textured average. It has been mentioned that the
cubic CoCrCuFeNi and CoCrMnFeNi are highly anisotropic. The <111> crystallographic

orientation is the stiffer one while the <001> is the softest one. Hence the <111>-textured
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average is the upper boundary while the <001>-textured average is the lower boundary,
and the isotropic lies in between, as depicted in Figure 6.6. The difference between the
three averages diminishes with N concentration due to the decrease of anisotropy, and

finally disappears at ~33 at. % N when the nitrides become elastically isotropic (4~1).

The experimental trends presented in Figure 6.6 are in accordance with our
previous findings of the elastic properties of CoCrCuFeNiN, as a function of the
deposition parameter RN rather than N content [10]. Here, in terms of the experimental
longitudinal sound velocity V. and elastic constant C53, a decreasing trend was observed
at the early beginning of N addition (before the dashed line in Figure 6.6). Meanwhile,
the shear sound velocity V7 and C,, was found to increase at this stage. The two different
trends are well explained by DFT calculated average along the <111> orientation as
expected. Comparing to V' and Cs33, Vr and C,, are more sensitive to the texture change
for CoCrCuFeNi, since the change from <111> texture to <001> texture leads to a 45 %
variation for V7 and a 110% variation for C,4. The relatively low values of V7 and Cyy
confirm the main orientation being <111> before the dashed line, in agreement to XRD
observation. Note that the values of V7 and (33 in this composition range are lower than
the calculated <111>-textured average. This maybe because the CoCrCuFeNi film is not
perfectly <I11>-textured and/or disordered core-shell structure forming at the grain
boundaries with the oxygen impurities. Minor grains fraction of other orientations can
significantly decrease V', and C33 due to high anisotropy. Further N addition leads to a
plateau between 10 at. % to 20 at. % N for Vr and C4,. Within this composition range, V'r
and C,, have reached their maximum values. The high plateau results from joint

contribution of the gradual change of <111> to <001> texture which increases V7 and Cyy4,
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and chemical effect of N addition which decreases V7 and C,, along the <001>

orientation. The texture change can be inferred not only from V7 and C,, as they deviate
from the <111>-textured average, but also from ¥z and Cs3 as they approach the <001>-
textured average. The texture change is almost completed at ~20 at. % N, because at this
point, both V7 and V7 have reached the theoretical value of <001>-textured average. At
the next stage, more N addition results in a decrease of V7 and C,4. The experimental
values for the thin series fit very well to DFT averages along the <001> orientation. On
the other hand, V; and C3; quite scatter and cannot provide a significant increasing or
decreasing trend. Note that, unlike V7 and C,4, V1 and C53 are sensitive to the thickness
measurement which might contribute the scattering of data points. Thick samples
deposited under a different condition clearly provide higher values for Vr and V.
especially at high N concentrations above 20 at. %. These samples also provide larger
lattice parameters as shown in Figure 6.3, and then we cannot expect same results for

elastic properties, too. The explanation for the discrepancies is still unclear.

6.3.3  Sound velocities and elastic constants-CoCrMnFeNiNy

Vi and (C53) slightly decrease before 10 at. % N, then increase until reaching 40
at. % N. This trend is well reproduced by DFT calculations, with either isotropic average,
<111> or <001>-textured average. This strong tendency is mainly attributed to the
chemical influence of N addition, which affects significantly the elastic properties
comparing to CoCrCuFeNiN,, as shown for single crystal elastic constants depicted in
Figure 6.5. The same trend was also found for V7 and Cy,, in the case of the thin series.

Moreover, the values of V7 and Cy, for this series are obviously lower than the lowest
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predictions (<111>-textured) from DFT, which has not been encountered in the case of’
CoCrCuFeNiN;. To understand the origin of the low value, we recall that, in amorphous
materials, the shear modulus is about 30 % smaller than in the corresponding
crystals [294]. This is because there exists a variety of atomic environments in the
unrelaxed amorphous phase, the rearrangements of atoms occurring easily under a

macroscopic strain for those atoms in the environment with unstable topology.

Figure 6.7 - (a) V. and Vr (b) the derived elastic constants C33 and Cg44 for
CoCrMnFeNiNy. Highly intense XRD (002) peak appears after the dashed line for
the thin series (refer to Figure 2.17b).

The existence of amorphous phases in CoCrMnFeNiN, is well captured by the
broad XRD peaks in Figure 2.17b, as well as the low mass density as shown in Figure

6.3d. These amorphous phases contribute to the softening of the effective shear modulus.
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As a contrast, higher V7 and C,4, were achieved for the corresponding thick samples with-

dense crystalline phases. Meanwhile, it is also interesting to note that thin and thick films

provide similar values for V7 and C55, without being affected by the amorphous phase.

Quantitatively, we found better agreement between the thick samples and DFT
calculations for V7 and C44. The microstructural change from <111>-textured to isotropic
was captured in Figure 6.7a and Figure 6.7a, as V7 and Cy, initially fit very well to the
<l11>-textured average for the first thick sample, then superimpose with the isotropic-
average over 12 at. % N addition. V7 and C33 don’t provide the same scenario because the
exact <111>-texture is difficult to obtain as in the case of CoCrCuFeNiN; and there may
be errors coming from the thickness determination, as we’ve mentioned before. The core-

shell structure formation with oxygen impurities is also not excluded.

6.3.4 Young’s modulus and hardness by Nanoindentation

As depicted in Figure 6.8a and Figure 6.8b, theoretical Young’s modulus show
large discrepancies between the isotropic, <111>- and <001>-textured averages due to
high anisotropy. The discrepancies decrease with N addition until reaching ~33 at. % N,
where the nitrides become more isotropic. A steady increasing trend was found for the
experimental Young’s modulus by adding N, for both CoCrCuFeNiN. and
CoCrMnFeNiNy. For both cases, the experimental values lie close to the theoretical
predicted range, except for the last two CoCrCuFeNiN, samples which already have
shown larger V7 and C,q . CoCrMnFeNiN. provides better agreements between
nanoindentation on thick samples and the isotropic average from DFT calculations.

Interestingly, in the previous section, the same conclusion was drawn when we compare
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theoretical V7 or Cyy to the BLS value. Note that, many of the thin samples (~400nm)

provide unreasonably low indentation Young’s modulus as well as low hardness (low
values were not shown in Figure 6.8), of which the CoCrMnFeNiN, deposited from a

powder target provide even worse results due to being less dense.

Figure 6.8 - DFT and indentation Young’s modulus for (a) CoCrCuFeNiN: (b)
CoCrMnFeNiNx (c¢) Indentation and optoacoustic Young’s modulus for
CoCrCuFeNiN, and CoCrMnFeNiNx (d) Indentation hardness for CoCrCuFeNiNx
and CoCrMnFeNiNx. Samples providing unreasonable low values are removed
from the figure.

For samples with issues of being porous, or not thick enough to eliminate the

influence of substrate, the optoacoustic techniques can provide reasonably good elastic

properties comparing to nanoindentation, such as Young’s modulus shown in Figure 6.8c.
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Despite the less dense CoCrMnFeNiN; films from the thin series which provide relatively

low modulus by optoacoustic measurements, satisfactory agreements can be achieved
between nanoindentation and optoacoustic probing. Note that for CoCrCuFeNiNy thin
films with ~30 at. % N, optoacoustic results exhibit an extra decreasing trend comparing
to nanoindentation. This is indeed reasonable because thin films have reached a higher N
concentration, and at this N concentration, the decreasing tendency is in line with the
DFT prediction as shown in Figure 6.8a. In Figure 6.8d, it was found that N
incorporation increases the hardness for both CoCrCuFeNiN, and CoCrMnFeNiNk.
CoCrCuFeNiN, exhibit a maximum saturation (~16 GPa) for ~I8at.% N.
CoCrMnFeNiNy can reach a higher hardness (~19 GPa) for ~28 at. % N comparing to

CoCrCuFeNiN;.

6.4 Summary and conclusions

We have studied elastic properties of the interstitial high entropy nitride alloys,
i.e., CoCr(Cu,Mn)FeNiNy with various N concentrations from both experiments and DFT
based ab-initio calculations. Lattice parameters, mass density, sound velocities and

elastic constants were compared.

CoCr(Cu,Mn)FeNiN; thin films with two characteristic thicknesses (~400nm and
1200 nm, denoted as thin and thick respectively) were deposited by reactive magnetron
sputtering at different N partial pressures. Stoichiometric nitrides haven’t been
synthesized due to target poisoning. The maximum incorporated N content reached

~40 at. %. With N addition, XRD diffraction clearly reveals the increase of the lattice
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parameter and the texture change from (111) of FCC (metal phase) to (002) of another

FCC (NaCl-type defected nitride).

The longitudinal and shear sound velocities were measured by picosecond laser
ultrasonic (PLU) and Brillouin light scattering (BLS) respectively, and the corresponding
elastic constants were derived. The longitudinal sound velocity V; and C35 first decrease
then increase with N addition for both CoCrCuFeNiN,and CoCrMnFeNiN,. Although the
variations in CoCrCuFeNiN; are relatively small. The shear sound velocity Vr and Cy,
vary slightly with N addition, they increase first then decrease for CoCrCuFeNiN,, while

they decrease first then increase for CoCrMnFeNiN;.

As for DFT calculations, the atomic structures were built by SQS considering
random distribution of N interstitials. The ab-initio total energy calculations first suggest
that the octahedral interstitial filling is more favorable comparing to tetrahedral filling for
the interstitial alloy but not for the stoichiometric compounds. Based on the octahedral
interstitial configurations, the single crystal elastic constants were calculated. For
CoCrCuFeNiNy, ci; and c;> have no significant dependence on N content, while cy4
decreases monotonously. In the case of CoCrMnFeNiN,, obvious stiffening of ¢;; was
observed with N addition. c¢;> varies slightly and c4s decreases monotonously as in
CoCrCuFeNiN,. The elastic anisotropy was found to decrease with N addition for both
cases becoming nearly elastically isotropic above ~30 at. % N. The sound velocities and
elastic constants were further averaged using the VRH method considering different
textures observed from XRD. By comparison, we found that the different trends of V7, V7,

Cs3, and C,4 obtained from optoacoustic measurements are in fact attributed to both the
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microstructure variations (texture and porosity) and the chemical alloying effects (N
interstitial). In the case of CoCrCuFeNiN;, a good agreement can be reached if
considering <111> textured average at the beginning and <001> textured average in the
later part for DFT values. In the case of CoCrMnFeNiNy, the isotropic average is
preferred, and the porosity should be considered to have a softening effect on C33 and Cyy.
The existence of a core-shell disordered structure at the grain boundaries is also not

excluded, as in the case of CoCrCuFeNi-(Nb., Aly), in chapter 5.

Comparison between the optoacoustic and nanoindentation techniques on elastic
properties leads to good agreements on Young’s modulus for the thick and dense films
(~1200 nm). The results also agree to DFT calculations. Thin films (~400 nm) in this
work tend to provide very low indentation modulus and hardness especially for
CoCrMnFeNiN;y deposited with a powder composite target which don’t have well defined
XRD peaks (being broad and less intense) and are porous (observed from XRR mass
density). The optoacoustic techniques might be a better choice, especially for the less

dense and less thick films which nanoindentation is incapable to handle.

222



Chapter 7: CoCrCuFeNi thin films on Kapton® substrate

CHAPTER 7. CoCrCuFeNi THIN FILMS ON KAPTON

SUBSTRATE

In this chapter, we present first results on fracture behaviour of pure CoCrCuFeNi
thin films on Kapton® substrate, varying the thickness. These samples were tested in
uniaxial traction, combined in situ with confocal microscopy observations of the surface.
These studies made it possible to highlight the phenomenon of fragmentation, which was
then analyzed with the existing theoretical models. We have a mean to estimate the
fracture toughness of these thin films as well as their adhesion energy with the Kapton®
substrate. This last chapter has to be considered as a more detailed example of our
perspective of development of new experimental tools, in order to achieve a more
complete characterization of mechanical properties of thin films on different kind of

substrates.

7.1 Background

7.1.1 Fracture behaviour

The mechanical properties of thin films deposited on flexible substrates are
increasingly studied because of applications in flexible electronics [295-297]. The desired
characteristics include good film/substrate adhesion, good mechanical strength, and
sufficient deformability to be applied to complex geometries inducing large deformations.
In the case of stretchable systems, we will look for stretching of a few tens of percent,
while for flexible systems a few percent. For the latter, a practical criterion is the ability

to wind a flexible system around a pencil avoiding the formation of cracks in the thin film,
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which corresponds to about 2 % of applied strain. Another advantage of flexible

substrates, characterized by a low Young's modulus (a few GPa for polyimides such as

Kapton®), is its ability to evaluate the mechanical properties of thin films deposited on

top (provided an adhesion energy high enough). The uniaxial test combined with in situ

probes (x-ray diffraction [297], atomic force microscopy [298], optical microscopy [299],

electrical resistivity [300]) can indeed bring a lot of knowledge (fracture toughness,

adhesion energy) by extracting quantitative data.

A S A O O R
KT 2 T 20 T T A O O T 20 O A

Figure 7.1 - Fragmentation morphology
of the SiO\. Fragmentation morphology
of the SiOx coating on a PET substrate
at different strains parallel to the roll
direction [7].

In contrast to conventional tensile
testing of bulk materials, tensile testing of thin
films on flexible substrates is characterized by
multiple fracture of the thin film because the
remaining adherent parts continue to be loaded
by the substrate, which continues to be
elastically or elastoplastically strained. In the

case of brittle thin films, this is characterized

by patterns of straight and parallel cracks [301].

Therefore, the crack density increases with the

applied macroscopic strain (see Figure 7.1).

This can be modeled by purely
analytical approaches, such as the all-elastic
Xia & Hutchinson model [302] based on

Beuth's work [303], Franck model [304], or by

more recent numerical approaches such as finite elements [305]. These models make it
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possible to identify quantities as fracture thoughness K;c and the energy release rate G
[306-308]. Before describing the different steps, let us denote o the reference value of
the stress that would exist in an uncracked film. One critical characteristic of multi-
cracked systems is the “stress transfer length” £ defined as the characteristic distance over
which the stress 0. is recovered inside the film starting from the free surface (i.e. zero

stress) induced by a crack.

Figure 7.2 - Sketch of a fragmentation test of a thin film supported by a compliant
substrate. A typical stress profile (along the tensile direction x) is plotted. & is
defined as the stress transfer length and corresponds to the area where stress
gradient occurs.

When a substrate is much more compliant than a film, the stress transfer length

around a crack can be significant. Xia and Hutchinson have defined this quantity [302]:
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§= %g(a,ﬁ)hf (7.1) /

where g(a, B) is a dimensionless integral of the crack opening displacement, which
depends overall elastic mismatch between the film and the substrate. a and f are the so-

called Dundurs parameters:

_ Ef—Ejs _ up(1-2vg)—ps(1-2vy)
Ef"'E_s’ 2pfr(1-vs)—2ps(1-vy)

(7.2)

where E = 1_E is the shear modulus. The

—2 18 the reduced modulus and p =

2(1+v)
determination of & can be done numerically or experimentally, as it will be described in

the following.

Whatever the film thickness, 3 major strain domains generally characterize the
evolution of fragment length as function of external strain ¢ as illustrated in Figure 7.3
showing the evolution of mean fragment length as function of strain. The scales are
especially there to give a typical order of magnitude for a metallic film of submicron

thickness deposited on compliant substrates.

(1) Cracks appear only if the elastic energy stored in the thin film reaches the
fracture energy (Griffith energy). In the first regime, the test being macroscopically
homogeneous, the cracks appear non-deterministically at the places where the stresses are
most localized, related to the slight microstructure heterogeneities of the thin film (grain
boundaries, defects, ...). This initial fragmentation step is characterized by a crack

spacing significantly exceeding the stress transfer length. During this regime, the
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interaction between cracks is negligible; the rate of crack generation is governed solely-

by the mechanical inhomogeneity of the thin film. Therefore, in this regime, L >>E.

Figure 7.3 - Schematic evolution of mean fragment length as function of strain

(1) Cracks appear only if the elastic energy stored in the thin film reaches the
fracture energy (Griffith energy). In the first regime, the test being macroscopically
homogeneous, the cracks appear non-deterministically at the places where the stresses are
most localized, related to the slight microstructure heterogeneities of the thin film (grain
boundaries, defects, ...). This initial fragmentation step is characterized by a crack
spacing significantly exceeding the stress transfer length. During this regime, the
interaction between cracks is negligible; the rate of crack generation is governed solely

by the mechanical inhomogeneity of the thin film. Therefore, in this regime, L >>¢.

(2) Very quickly, once first fragments of thin films are created, the stress field
between two existing cracks can be determined, the maximum being located between

them; this corresponds to the second regime. The multiplication of cracks occurs when
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the stress between two pre-existing cracks allows reaching the fracture energy again.

Compared to the first regime, the crack propagation is slower, which results in a slope
break in the "fragment length versus applied strain" curve. This transition between
regimes (1) and (2) corresponds to the instant when the cracks begin to interact with each
other. This corresponds to the particular condition L = 2& (see Figure 7.2 and Figure 7.3)

[306].

(3) Finally, from a given crack density, it is no longer possible to reach stress
levels sufficient to break the fragments. Thus, this third regime corresponds to a constant
value of the mean fragment length. Rochat ef al. [309] showed that this saturating length

corresponded to L = 1.34& (Figure 7.3).

Fundamental studies on channeling cracks in fully and partially cracked films
were performed by Beuth [303], who expressed the energy release G rate of steady-state
channeling cracks as a function of stress, film thickness and elastic mismatch between

layer and substrate:

T[O'f

fa
Gpeuth = 2Ef g(a ,8) 0

Ef

(7.3)

with o, o the fracture stress of the film (sum of applied and residual (ov.s) stress along the

tensile direction when first cracks appear).

Xia and Hutchinson [302] took into account multiple crack geometries and found
that the energy release rate is reduced if an array of parallel cracks is channeling
simultaneously or, to an even larger extent, sequentially. By following the work of Xia

and Hutchinson, it is possible to express the energy release rate according to elastic and
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geometrical parameters of the problem. The energy release rate for a sequential cracking-

process, as described above, is:

oz L
Gren =57 [2tanh( ;) ~ tanh ()] (7.4)

with o, the stress in the uncracked areas of the film during the multi-cracking

phenomenon (sum of applied and residual (0,.s) stress).

More recently Franck et al. have proposed a complete 2-dimensional shear-lag

model taking into account of the biaxial stress field in the fragments [304]. They found a
more complex expression for the energy release rate:

£g2 3sinh? (%) % 2 sinh? (%) — %

e = 2E; | cosh? (i) 2 cosh? (%)

] (7.5)

with A = ¢/}

Then, assuming a fracture mode I, the fracture toughness Kic can be further

calculated from the energy release rate by:

Kic = /Efc (7.6)

For the implementation of all these models, elastic constants and moduli will be
taken from ab-initio calculation results combined with homogenization method for the

polycrystalline microstructure (i.e. isotropic). The applied stress is known from the
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tensile tests gage and residual stress is estimated from prior XRD experiments.-

Parameters ¢ and L are determined from and in sifu microscopy experiments.

7.1.2  Buckling behaviour (film/substrate adhesion)

One of the characteristics of the uniaxial fragmentation tests is that they are

generally accompanied by buckling phenomenon because of compressive stresses along

transverse direction (perpendicular to tensile one in the plane of the film) [304]. This

phenomenon is initiated at the edge of cracks because it is where the compression stresses

Figure 7.4 - AFM images of a)
Fragmentation of a thin film during
tensile test (strain = 3%), b)
Buckling of thin film upper strain
(9%), taken from ref. 16.

are the strongest. Thus, from a few % of
applied strain, there is appearance of blisters
(triangular or rectangular) periodically
distributed on the surface of the sample

(Figure 7.4) [310].

Two different failure modes might
induce delamination: buckle-limited
delamination and strain energy delamination
[308]. Optically, the two different
delamination modes are not distinguishable

because both start at the fragmentation

boundaries at the location of maximal compressive stress. However, buckle delamination

indicates a weak adhesion of the coating to the substrate and the onset strain of

delamination as a function of film thickness differs for both models. The film thickness

dependence on the buckling strain for both cases can be calculated if the residual stress is
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considered. These two modes can be distinguished by this dependency. It is in of square-

root inverse for strain energy mode whereas it is in squared for buckle-limited mode.

For the case of strain energy delamination, the expression of onset strain of

delamination esep follows [308, 311]:

1
2 GO ) Ores

£ = |=—= — =

(7.7)

with § = (vf — vs) — 2/1vf(1 — Vst) tanh (%) a dimensionless parameter proposed by

Franck et al. to consider of the mean transversal strain in the fragments. Here, A = £/

L has been defined for the fragmentation test in the previous section.

In the case of buckle-limited mode, the expression of onset strain of delamination

epr follows [308]:

P 71'2(Vf B Vs) 2 Ores
BL 12b2 s Ef(vf — VS)

(7.8)

Finally, the thickness-dependency of buckling strain (found experimentally) will

determine the delamination mode. This will be shown in the dedicated result section.

7.2 Experimental results and discussion

7.2.1 Residual stress as a function of thickness

The residual stress measured by x-ray diffraction increases with thickness. In fact,

a high compressive stress is generated for a thickness of 20 nm while a tensile stress is
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measured when thickness exceeds a hundred nanometers. This evolution looks

characteristic of competitive columnar growth, whereby compressive stress is dominant
in the early growth stages and then tensile stress dominates at later growth stages [312].
Indeed, compressive stress in sputtered films originates from defect incorporation,
predominantly at the grain boundary (GB): if the grain size is small in the beginning of
growth, the GB density is high that is traduced by compressive stress. Tensile stress is
due to attractive forces at the column boundary; if column size increases with film
thickness, the contribution of compressive stress source is lower, so the net stress is
tensile. As shown by Yu & Thompson [313], the residual stress in the film due to
increasing of the grain size to d from its initial value dy is given by:

1
Ores = MAa(d— - E (79)

1
0
where M is the biaxial elastic modulus of the thin film and 4a is the excess volume per

unit area of grain boundary.

If we assume a linear expression between grain size and film thickness, as
proposed by Yu & Thompson [313], it is possible to fit the experimental data with an

equation linking residual stress with thickness:
Ores = Kj —— (7.10)

where K and Kb are fitting parameters. The best fit of the experimental data is shown in
Figure 7.5. The expression of g, is therefore incorporated into the eq. 7.3, 7.4 and 7.5

for fracture behavior and eq. 7.7 and 7.8 for buckling behavior.
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Figure 7.5 - Residual stress as function of CoCrCuFeNi film (deposited on
Kapton® thickness, determined by x-ray diffraction.

7.2.2 Tensile tests with in-situ optical microscopy

The tensile tests were carried out using a 300 N Deben tensile machine combined
with a Keyence confocal microscope. The tensile speed was 0.2 mm/min for samples 17
mm long. Therefore, the strain rate was about 2.10* s for each sample. The Figure 7.6 -
Figure 7.10 show the experimental results for the 20 nm, 45 nm, 80 nm, 155 nm and 390
nm thick films, respectively. A few images have been selected in order to show the
fragmentation and buckling phenomena during tensile tests. The following Figure 7.6-
Figure 7.10 show the evolution of the surface of the samples as a function of the strain
applied to the system. The scale is obviously different because the spacing between the

cracks tends to follow a scaling law (dependence on the thickness of the thin film).
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Figure 7.6 - Surface of the sample captured by confocal microscopy for different
applied strains for the 20 nm thick film

Figure 7.7 - Surface of the sample captured by confocal microscopy for different
applied strains for the 45 nm thick film

Figure 7.8 - Surface of the sample captured by confocal microscopy for different
applied strains for the 80 nm thick film
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Figure 7.9 - Surface of the sample captured by confocal microscopy for different
applied strains for the 155 nm thick film

Figure 7.10 - Surface of the sample captured by confocal microscopy for different
applied strains for the 390 nm thick film

Overall, for the 5 thicknesses, there are similarities of behavior, with initiation of
cracks around & = 2% and appearance of blisters between ¢ = 6% and & = 13%. The
cracks are generally straight (especially the first ones), which is the signature of brittle
materials. However, it should be noted here that a few curved cracks appear after the
buckling initiation. This is not yet well understood in the community, but it should come
from the complex stress fields induced by the presence of first cracks and buckles
forming at the edges free-surface. This is particularly pregnant in Figure 7.8 and Figure
7.9. It should also be noted that a number of initial defects (related to imperfections of the

Kapton® substrate) can tend to locally influence the linearity of the cracks.
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7.2.3  Quantitative analysis and discussion /

Figure 7.11 - Mean fragment length as function of external strain for the 5
thicknesses

In this part, we will give quantitative information from the images obtained by
confocal microscopy. In a first part, we will use the evolution of the mean fragment
length with the deformation to deduce fracture toughness values as a function of the
thickness. Then in a second part, buckling initiation strain will be used to estimate the

adhesion energy between CoCrCuFeNi films and Kapton® substrate.

The Figure 7.11 shows the fragment length as a function of the deformation
applied for each film thickness. This was determined by performing a statistic on all the
images (average over 10 lines per image over the entire available field (larger than in
Figure 7.6 to Figure 7.10)). Furthermore, Figure 7.11 also shows the strain value for

which initiation of thin film buckling occurs (yellow stars on the graph). We find the 3
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regimes as expected. This behavior is very well described for each of the thicknesses and-

will allow estimating the toughness of each thin film vs. their thickness. Moreover, we
see a clear evolution of the buckling strain depending on the thickness, which will allow
us to determine the delamination mechanism as well as estimate the film/substrate

adhesion energy.

7.2.3.1 Fracture behaviour

Figure 7.12 shows the evolution of stress transfer length as a function of the
thickness. This is determined either from the fragment length Lc between regimes I and II

[306], or from the threshold fragment length Ls in regime III [309].

Figure 7.12 - Stress transfer length £ as function of film thickness determined from
Lc (fragment length at frontier between regimes I and II) and Ls (saturating
fragment length in regime III)

We see that the two curves showing the evolution of & with thickness are similar
and nearly superposed, which is reassuring on the quality of the experiments and the

subsequent treatment. However, values derived from the saturating value Ls will
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subsequently be kept because the uncertainty on its determination is lower (because of
the number of points in the regime III and the difficulty in determining the exact
boundary between the regimes I and II). It may be noted that the value of & varies from
approximately 2 to 35 um, which is small compared to the initial transversal length of the
thin film (2 mm) but is obviously close to the fragment length when approaching the

regime II.

From the values of &, L, applied strains € and residual stresses o5, €quations 7.3,
7.4, and 7.5 can be used to estimate the energy release rate G and then deduce fracture
toughness Kjc. The elastic constants have been taken from ab-initio calculations and
subsequent average over all grains assuming a non-textured thin film (found
experimentally by x-ray diffraction). Thus, these values were found to be Er = 164 GPa

and v= 0.325.

The Beuth model, by applying eq. 7.3, is a very direct method. The fracture stress
along the tensile direction oy has been determined from the fracture strain by applying
Hooke’s law, and from to the residual stress value (0y 9 = Ef€fracrure + Ores)- On the
other hand, using the models of Xia & Hutchinson (eq. 7.4) and Franck (eq. 7.5), it is
possible to determine Kjc for each applied strain. However, we have limited this analysis
to the strain domain before buckling which would affect strongly this kind of analysis
because the stress state in the thin film is no longer representative. This analysis has led

to Figure 7.13 and Figure 7.14 respectively.

238

N\



Chapter 7: CoCrCuFeNi thin films on Kapton® substrate

Figure 7.13 - Kjc as function of strain using Xia & Hutchinson model for each
thickness.

Figure 7.14 - Kjc as function of strain using Franck model for each thickness.

Figure 7.13 and Figure 7.14 are very similar. They show that the toughness

determined by these models is not constant with the thickness. This effect has been
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reported previously [299, 304, 306] and finds its explanation in the approximations of the
models: the uncertainty on L is quite large at the beginning of the fragmentation, the
initiation of the first cracks is made to pronounced defects which is not taken into account
in the models, the plasticity of the substrate is not taken into account (beyond & = 3%)
[305] and its apparent Poisson’s ratio can vary during the test. Besides, we can note that
the 2D Franck model makes appearing a plateau for few thicknesses once the regime II is
attained (generally attributed to the actual film fracture toughness in the literature),
suggesting that taking into account of transverse stress in the fragments makes more
consistent the analysis (as compared to 1D Xia & Hutchinson one). Moreover, this

analysis shows a significant evolution of K;c with the thickness.

In order to highlight this trend, we have made an average over the data for each
thickness (for Franck, Xia & Hutchinson and Beuth model). The results are shown in
Figure 7.15. Overall, the results show an increase in K;c with thickness, regardless of the
performed analysis. This increase is very marked at the small thickness whereas the
difference between 155 nm and 390 nm thick films is much less. This evolution can be
attributed to the effects of thickness and grain size (which generally increases with
thickness). Indeed, a small thickness and a high proportion of grain boundaries are
generally not compatible with high toughness. Thus, this alloy whose elastic constants
calculations show that it is not very ductile as compared to other FCC high entropy alloys,
tends to be further weakened by its thin film microstructure (nano-sized thickness and

grains).
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Figure 7.15 - Kj;c as function of thickness, estimated from Franck, Xia&
Hutchinson and Beuth model.

IA//*I' his work

s

Figure 7.16 - Ashby plot of fracture toughness versus yield strength of HEAs along
with traditional metals/alloys and other material classes [314]. Blue triangles show
our results.
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This is illustrated by Figure 7.16 that shows a Ashby plot of Kjc as function of
yield strength for several class of (bulk) materials [314]. Our results are closer to bulk
BCC HEA or some metallic glasses than bulk FCC HEA. Although only a few studies on
fracture toughness of HEA thin films exist [315, 316], they until now show a brittleness

less encountered for their bulk counterpart.

7.2.3.2 Buckling behavior

Figure 7.17 - Buckling strain as function of film thickness. Symbols are
experimental data and each line is a model plot (eq. 7.7) with a given value of
adhesion energy Gy.

The last paragraph of this chapter deals with the buckling behavior of thin films.
This can be related to the adhesion properties between the alloy and the Kapton®
substrate. It is not an intrinsic quantity of the alloy, but it can be important if these high
entropy alloy systems, in particular magnetic, find an interest for the flexible magneto-
electronics. First, from the experiments, we plotted the buckling strain as a function of
thickness in order to verify the trend that this system follows (Figure 7.17). This curve
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shows a decrease in inverse of the root of the thickness, as is expected for strain energy

delamination.

Following the eq. 7.7, the sole unknown is the adhesion energy Goy; all the other
parameters are determined experimentally or a known from ab-initio calculations (elastic
constants and moduli). Therefore, by fitting the experimental data, it is possible to
determine Gy. The best fit allows obtaining adhesion energy of 3.8 J.m™. Fits for higher
(Go = 9 I.m) and lower (Gop = 1 J.m?) values are also shown in the figure; these show
the strong sensitivity of the model to the energy of adhesion. This value is very
comparable to the other metal/polymer systems encountered in the literature, as shown in
Table 7.1. If the brittleness of these thin films is potentially an obstacle for the uses in
flexible electronics, this energy of adhesion is on the contrary very encouraging for this

kind of application.

Table 7.1 - Adhesion energy for several metal/polymer systems found in literature

Film Substrate Go (J.m?)
Ni Polycarbonate 6.3[317]
Pd Polycarbonate 1.0 [318]
Nb Polycarbonate 1.0 [319]
Cr Kapton® 4.5 [320]
Au Kapton® 1.0 [321]
Ti Kapton® 4.7 [322]
Cu/Mo Kapton® 2.8 [323]
Cu/Nb Kapton® 1.1[324]
Cu/Zr Kapton® 1.2 [324]
Cu/Cr Kapton® 5.0 [325]
Cu/Ta Kapton® 4.1 [325]
CoFeB Kapton® 5.41310]
CoCuCrNiFe
(this work) Kapton® 3.8
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7.3 Summary and conclusions

To conclude this chapter, a complete study on the mechanical properties of
CoCrCuNiFe thin films deposited on Kapton® was carried out. The elastic parameters
and residual stresses made it possible to estimate the fracture behaviour of this alloy and
its adhesion with the substrate. The analysis shows that the toughness of the alloy is
rather weak compared to bulk HEA alloys of FCC structure, which can be explained for
two reasons. First, the Pugh criterion (G/B) has shown that this alloy does not have a high
ductility for a FCC crystal. Second, the specific nanocrystalline nature of PVD-deposited
thin films should make the overall material more brittle than coarse-grained (micrometric)
polycrystals. A typical example is nickel, which, although ductile in the bulk state, is

generally brittle as a thin film (unlike gold which retains its ductile nature) [297].

Globally, toughness was found to increase with the thickness (from = 2 MPa.m'?
to =~ 20 MPa.m!?); this tends to show that this brittleness decreases by reducing the
proportion of grain boundaries and the surface/volume ratio. Overall, all the thin films
could however not be deformed without cracks appearing beyond 2% deformation. From
an application point of view for this type of substrates used for flexible electronics, this
value is a little too low to make this system a good potential candidate. On the other hand,
the good adhesion value (about 3.8 J.m™) shows that this type of high entropy alloys can

be deposited on Kapton® without any possible problem related to this property.

Subsequently, it would be interesting to find an alloy that can be naturally much
more ductile, whose nanocrystalline character would be less damaging for this kind of

applications. Several options are possible, CoCrNi alloy, for example, which is known to
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be extremely ductile as coarse-grained polycrystals, is very promising also in the form of”
thin films. In addition, the magnetic features of these alloys must be watched carefully.
Some studies on the alloys of this thesis are currently in process and show that their
ferromagnetic and magnetostrictive properties could be exploitable. However, all the
magnetic and magnetomechanical properties must be studied because they are so far very

little known.
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CONCLUSIONS AND PERSPECTIVES

The combination of BLS and PLU offers great opportunity to probe the elastic
properties of thin films. However, there are still many issues to consider, e.g., the
influence of vacancies as shown for epitaxial 7aN and TiZrN thin films, the influence of
porosity as shown for (CoCrCuFeNi);. Al and CoCrMnFeNiN,, and the influence of
preferred or isotropic crystallographic orientations which we have always considered in
this thesis. For a better comparison to DFT calculations, epitaxial thin films with well-
defined microstructures and chemical composition, less porosity, are preferred to their
polycrystalline counterparts. However this approach that we first thought to be the easiest
one has revealed that defects have to be taken into account in our simulations. The more
striking evidence being for simultaneously grew TaN/MgO cubic epitaxial films of (001),
(110) and (111) orientations, we found stoichiometric by WDS chemical analysis. From
the comparison of their PLU+BLS measured single crystal elastic constants to their
VASP-SQS simulated ones of the defected crystal, we identified the presence of ~11 at. %
Schottky defects in the 7aN (001) films to explain the + 180 % and — 30 % values of c44
and c11, compared to the defect-free material. This concentration corresponds remarkably
to the minimum of calculated Schottky formation energy. Also, it is shown that the three
orientations although grew at the same time, could not be considered as the same material,
but have different defects concentration and elastic properties. The same observations and
conclusions could be drawn for the ternary alloys 7i;.xZr:N epitaxial films but with much

lower amplitude. Metal vacancies are more favorable at higher Zr concentrations.
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One more trial to assess reliable experimental single crystal elastic constants to-

compare to DFT has been successfully achieved, but by measuring bulk and surface
acoustic waves, within one large grain (~ 30 um) with a simple orientation (001) of bulk
CoCrCuFeNi HEA polycrystal. PLU demonstrated its high versatility and efficiency to
generate and imaging acoustic wave propagation during several ns over a few tens of um.
It is offering nice opportunities in the future by combining characterizations of a unique
large grain of bulk dense targets and those of epitaxial thin films materials, still in

combination with DFT computational simulations of their properties.

To improve the accuracy of the elastic constants determined from these two
optoacoustic techniques (PLU and BLS), two important parameters, namely thickness
and mass density of thin films should be characterized with particular attention. On the
other hand, DFT calculations are powerful and can always provide good references to
experiments in respect of total energy, structure and elastic properties. This is extremely
useful and inspiring especially when there are too many uncertainties from the
experimental parts or when a computational driven design is employed. Although it is
believed that the PVD process is nonequilibrium, DFT calculations can still predict the
stable phase, structural and mechanical properties, e.g., in the magnetron sputtered thin
films. In the field of high entropy alloys, although EMTO-CPA shows great advantages
on its effectiveness, one should be aware of the consequence of ignoring atomic
relaxation on elastic constants calculations. For materials with random features, whether
it is the case of random (metals or nitrogen) vacancies in a crystal or random solutions as
high entropy alloys, or the random nitrogen interstitials, SQS can provide admirable

results comparable to experiments.
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Regardless to the issues and successes we encountered in this work, several

perspectives can be evoked:

(7) Porosity and oxide tissues forming at the grain boundaries commonly appear
inside thin films and can affect many properties including elastic constants, thermal and
electrical conductivity measured macroscopically. A quantitative description of the
influence of porosity and core-shell structures on these properrties for anisotropic
materials 1s important not only for academy but also for industry. However, a more
sophisticated micromechanical model has to be employed such as “a general and explicit
Eshelby-type estimator for evaluating the equivalent stiffness of multiply coated
ellipsoidal heterogeneities” [191], and hopefully can be complemented by accurate
characterization of elastic as other physical properties and microstructures. If one wants
to proceed to the identification of geometrical and physical properties of the core-shell
structure, several properties could be investigated and numerical inverse method used for
identification. (ii) In this thesis, we added other properties from supplementary
experiments and attempted to couple elasticity to plasticity (buckle and cracks),
magnetism (magnetization and magnetostriction) and thermal properties (heat capacity,
thermal conductivity and diffusivity) of thin film materials. This work is tricky because
other physics are involved as well as the modification of substrates. Careful
characterizations must be done to exclude the influence of the substrates including
residual stresses analysis. In all cases, it is meaningful and exciting to provide more
insight in other physical properties just from the coupling and correlations to simple
elastic constants. (ii/) Nanoindentation is the most practical and widely used technique to

determine thin film elastic and hardness properties as well as local mechanical properties
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in bulk materials. Thus, it is necessary to answer the question how the optoacoustic

results compare or not to nanoindentation, especially for more porous materials and
between different large grains having different crystallographic orientation, where the
two techniques may tend to provide very different values. (iv) The optoacoustic
techniques are suitable for amorphous materials due to their highest symmetry, which
make them promising to study metallic glasses. We found rather overall good agreement
between our AIMD simulations of the HEA (CoCrCuFeNi);.<(Nbx, Al;) amorphous phase
encounter in this thesis. It is encouraging for further works dealing with bulk and thin
film metallic glasses. (v) In developing hard materials supporting high external pressure,
it is straightforward to couple the optoacoustic techniques to high hydrostatic pressure
apparatus, such as diamond anvil cell. Effects of such high hydrostatic pressure on the
mechanical and phase stability can thus be followed, again in combination with DFT

simulations.
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APPENDIX A. TANTALUM NITRIDE ORDERED

STRUCTURES AND PROPERTIES

This appendix recalls how the ordered structures were obtained by the cluster
expansion method and the design of supercells with different ordering of atoms and
defects. There structural, elastic and dynamical properties are also provided for easier

comparisons.

A.1  First principles calculations

A.1.1 Ordered phase and cluster expansion

Density functional theory (DFT) calculations of the energy, structure and elastic
properties of mononitride 7aN compounds with cubic NaCl-type (Fm3m), NbO-type
(Pm3m) and tetragonal (P4/nmm) structures are reported in Table A.1 and Table A.2.
The particular case of the NbO-type structure simulates a cubic structure with 25 at. %
Schottky defects (12.5 % Ta vacancy + 12.5 at. % N vacancy). The values computed by
Hu et al. [58] for the tetragonal P4/nmm(I) TaN structure are also reported. The results of
cluster expansion (CE) calculations using the UNCLE program [326], for several over-
and under-stoichiometric ordered 7aN compounds, are shown in Figure A.1. Their

structural and elastic properties are summarized in Table A.3.
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Table A.1 - The calculated formation energy per 7aN unit, lattice parameters,
volume per 7alN unit, elastic constants, effective Voigt-Reuss-Hill isotropic bulk
modulus (B), shear elastic modulus (G), Young’s modulus (E), Poisson’s ratio (v),
and bulk/shear modulus ratio (B/G) of several mononitride 7a/N phases using the
VASP code.

NaCl- Fm3m NbO-Pm3m  P4/nmm(I) P4/nmm
Eform(eV/TaN) -1.768(-1.71%, -1.75¢, -1.453 (—1.84% -1.85 (-1.92%9)
-1.76°
a(A) 4.426(4.420%, 4.4149, 4.427°)  4.252 (3.076%) 2.999 (2.967°, 2.966%)
c(A) (4.575%) 4.874 (5.119%, 5.0999)
V(A3) 21.68 (21.59%,21.59,21.69°)  25.63 (21.65%) 21.93 (22.54°,22.439)
c11(GPa) 731.0(732.3%,706.97°, 817°)  419.6 (663.3%) 578 (727.0%
c12(GPa) 121.5(131.2%,155.7°, 112°) 206.4 (106.9%) 283 (158.1%)
c13(GPa) (290.39 223 (149.9%)
c33(GPa) (253.7% 262 (351.0%
c44(GPa) 49.7 (70.9%, 208.2°, 71°) 49.4 (105.3%) 120 (211.1%)
ces(GPa) (44.0% 294 (104.8%)
B(GPa) 324.6 (331.6% 347°) 271.5 (324.0%) 297 (285.8%)
G(GPa) 113.2 (132.5% 144°) 67.6 (134.8%) 136 (160.2%)
E(GPa) 304.2 (350.7¢, 380°) 187.5 (355.2%) 353 (404.9%
v (E2G-1) 0.343 (0.324%, 0.32%) 0.387 (0.317% 0.3017 (0.264%
B/G 2.868 (2.503% 2.41%) 4.105 (2.403%) 2.183 (1.784%

“Hu et al., [58], ® Mota et al. [327], ¢ Zhao et al. [328], ¢ Kim et al. [59], ¢ Koutna et al. [62].
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Table A.2 - The lattice parameters, Wyckoff positions, internal coordinates, and -
Ta-N distance in the Ta-N octahedral of the cubic &TaN compound (Fm3m) and
its corresponding values in the tetragonal 7aN phase with P4/nmm symmetry.

Fm3m P4/nmm
a(A) 4.426(4.420°) 2.999 (2.967°)
¢ (A) 5.119
Ta 4a (0,0, 0) 2¢ (0, 1/2, z), z=0.776(0.727)
N 4b (172, 1/2, 1/2) 2¢ (0, 1/2, z), z=0.319(0.165%
d(Ta-N) (A) 2.213 (2.210°[6"]) 2.169 (2.169°4%]), 2.243 (2.242[1°]), 2.880 (2.877°[1°])

3 Hu et al. [58], ® The number of Ta-N bonds with the given distance value around a 7a atom.

Figure A.1 - (a) Formation energy of over-stoichiometric 7a.N (x<I) and (b) under-
stoichiometric TaNy (x<I) structures evaluated by the CE method. The red line is the
ground state calculated by DFT. The superposition of the open green square and green
cross symbols suggests a good fitting of CE parameters. The grey cross is the predicted
energy of several randomly generated structures according to the fitted CE model.
Note that the CE results are used to provide some additional configurations with
ordering vacancies in this work, to compare to the results from disordered SQS.
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Table A.3 - The calculated formation energy per atom, lattice parameters, volume -
per Ta.N, unit, elastic constants, effective Voigt-Reuss-Hill isotropic bulk modulus
(B), shear elastic modulus (G), Young’s modulus (E), Poisson’s ratio (v), and
bulk/shear modulus ratio (B/G) of several non-stoichiometric ordered 7a./N, phases,
identified from CE calculations.

TaN TasN,4 Ta:N3 TaN, TasN3 Ta:N
Space group Fm3m I4/mmm Immm I41/amd I4/mmm I41/amd
Vac. conc. (N or Ta) 0/0 0.125 (Ta) 0.17 (Ta)  0.25 (Ta) 0.125 (N) 0.25 (N)
Eform(€V/atom) -0.884 -1.066 -1.062 -0.384 -0.938 -0.840
a(A) 4.426 4.291 9.777 4.031 4.404 4.421
b(A) 4.036
c(R) 8.589 3.081 9.939 8.619 8.201
V(A3) 21.68 79.09 60.80 40.39 83.58 40.08
c11(GPa) 731.0 679 341 424 660 490
c12(GPa) 121.5 167 263 158 107.5 142.5
c13(GPa) 101 127 135 151 194
¢22(GPa) 484
¢23(GPa) 157
c33(GPa) 667 451 187 606 413
c44(GPa) 49.7 148 126 70 106 123
¢ss5(GPa) 70
ces(GPa) 131 80 21 134 136
B(GPa) 324.6 307 263.3 210.1 305 272.6
G(GPa) 113.2 320.4 97.4 60.7 158.3 132.6
E(GPa) 304 860.5 259.5 164.5 404.5 342.2
v 0.343 0.343 0.331 0.356 0.277 0.290
B/G 2.868 0.958 2.702 3.463 1.926 2.056

For Ta;N; and TaN., the relaxed atomic arrangements show a similarity to the tetragonal P4/nmm
phase which is also reflected on their elastic constants.
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A.2  Design of SQS supercells and atoms coordinates in supercells used in this-

work

The design of SQS supercell by ATAT Monte Carlo method is explained in the
main text. Supercells with “symmetric” configuration used in this work for DFT
calculations: we considered ordered distribution of vacancies (denoted as “symmetric”
configuration) by removing atoms with certain site symmetries from the 2x2x2 supercell.
Hence, in the symmetric configurations, all the defected structures remain cubic. The
vacancies in “symmetric” configurations are not randomly distributed as in SQS. They
are created in a symmetric manner referring to the rotational symmetry in a cubic cell.
The configurations are generated progressively by removing an atom from the 2x2x2
supercell by one of the following manners, (i) 1 cubic center atom (1 V), (ii) i+ 1 vertex
of the cubic (2 V), (iii) 3 face centers (3 V), (iv) i+iii (4 V), (v) i+ii+iii (5V), (vi) iii+ 3
edge centers (6 V), (vii) vi+i (7 V), (vii) vi+ii (8 V). Note that, the structure has still cubic

symmetry (equal in 3 directions) after vacancies creation for each step.

In the case of cluster configurations, the vacancies are manually created by
removing adjacent 7a or N atoms, respectively for clustered 7a or N vacancies. For
example, a N(0) atom has 12 neighboring N(1-12) atoms, we first remove one N(0), then
a neighboring N(1) of this first N(0), then a second neighboring N(2), ... The vacancies

form a cluster in such a way. It is the same for 7a atoms.

For 'perfectly ordered' structures, they were found by CE method to have the
lowest energies within the interested concentration range. Although they have higher

symmetry comparing to SQS supercell, it is better to name them specifically such as "CE
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ground state (ordered) structures", in order to distinguish from the symmetric one we

generated by hands.

A.3  Dynamical mechanical stability

The phonon dispersion properties of Fm3m TaN and related structures were
calculated by PHONONPY code [245] within the harmonic approximation, using density
functional perturbation theory (DFPT) calculations implemented in VASP . For the cubic
phases, the calculations were performed with a 4x4x4 supercell, while for the tetragonal
phase, a 5x5x3 supercell was used, with each dimension of the supercells larger than 12
A, in order to minimize the finite size effect. The 2x2x2 Monkhorst-Pack k-point mesh
were applied to both cubic and tetragonal phases, respectively. An electronic energy

convergence of 10 eV was adopted to ensure accurate force constant calculations.

The imaginary frequencies indicate dynamic instability for defect-free cubic o~
TaN (Figure A.2), while tetragonal TaN with P4/nmm structure is energetically favorable
and dynamically stable (see Figure A.3). At low vacancy concentrations (< 2.5%, see
Figure 3.7), the cubic structure is still energetically not favored and could easily
transform to the more dynamically stable tetragonal phase after atomic relaxations, as
predicted by Hu et al. [58]. However, for higher defect concentration, defected &TaN
structures become energetically favorable, similarly to the ordered defected structures
computed by the CE method. We further performed phonon calculations on 7a3N, and
TasN3; compounds (Pm 3 m symmetry) using “symmetric” supercell configurations,
corresponding to 12.5% Ta and N vacancy concentration, respectively. The phonons

calculations on these two phases (Figure A.4 and Figure A.S) show that imaginary

257

N\



Appendix A: Tantalum nitride ordered structures and properties

frequencies were not totally vanished though but can be suppressed by introducing more-
vacancies. This suggests that vacancies, known as cubic TaN phase-stabilizer from

energetics, can indeed stabilize the lattice dynamically as well.

&-TaN Fm3m

Figure A.2 - The phonon dispersion curves of &
TaN (Fm3m symmetry).

TaN P4/nmm

Figure A.3 - The phonon dispersion curves of
tetragonal 7TaN with P4/nmm symmetry
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TasNs Pm3m

Figure A.4 - The phonon dispersion curves of
Ta;N; with Pm3m symmetry.

TasN3 Pm3m

Figure A.5 - The phonon dispersion curves of
TayN; with Pm3m symmetry.
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RESUME en frangais

Les propriétés élastiques sont d'une importance fondamentale pour un matériau. Avec la
combinaison des techniques acoustique picoseconde et de la diffusion Brillouin, nous avons mesuré
les vitesses du son et constantes élastiques dans divers films minces déposés par pulvérisation
magnétron, y compris des nitrures de métaux de transition, binaires et ternaires épitaxiés (7aN, TiN,
ZrN, Ti;<Zr:N), des alliages polycristallins a haute entropie ((CoCrCuFeNi);..(Al, Nb).), et leurs
alliages de nitrure interstitiels (CoCr(Cu,Mn)FeNiNy). D’autre part, des calculs ab-initio basés sur la
théorie de la fonctionnelle de la densité (DFT) ont été effectués pour fournir des constantes élastiques
monocristallines avec considération de lacunes.

Il a été constaté que pour les nitrures binaires et ternaires, les lacunes jouent un rdle énorme sur
les propriétés €lastiques, en particulier dans le cas de TaN. Alors que dans le cas de TiN, ZrN et Ti;.
ZreN, Dinfluence des lacunes est moindre mais reste perceptible. Dans le cas des alliages
polycristallins a plusieurs composants et des alliages interstitiels, les vitesses du son et les constantes
¢lastiques effectives sont associées a des effets de composition chimique (4/, Nb et N), a des
transitions de phase (FCC, BCC et amorphe), et des changements de textures et de porosité. Le
module élastique correspond au module de nanoindentation E;r. La concordance globale entre nos
mesures de propriétés élastiques et les calculs DFT a été atteinte. En outre, DFT ont également fourni
des informations précieuses sur les propriétés structurelles et la stabilité des phases observées.

De plus, nous avons étudié les propriétés structurelles et mécaniques d'un CoCrCuFeNi massif
servant de référence pour comparer aux propriétés des films minces. Avec les films CoCrCuFeNi sur
Kapton®, nous avons étudié les propriétés de rupture des films minces, en tant que travail préliminaire
pour relier ultérieurement 1’élasticité des films minces a leur plasticité.

TITRE en anglais

APPLICATION OF OPTOACOUSTIC TECHNIQUES AND FIRST PRINCIPLES CALCULATIONS TO
THIN FILMS ELASTICITY CHARACTERIZATION

RESUME en anglaise

Elastic properties are of fundamental importance for a material. With the combination of
picosecond laser ultrasonic and Brillouin light scattering techniques, we measured sound velocities
and elastic constants in various magnetron-sputtering-deposited thin films including epitaxial binary
and ternary transition metal nitrides (7aN, TiN, ZrN, Ti;«Zr:N), polycrystalline high entropy alloys or
multicomponent transition metal alloys ((CoCrCuFeNi)«(Al,Nb)), and their nitrogen interstitial
alloys (CoCr(Cu,Mn)FeNiN;). On the other hand, Density functional theory (DFT) based ab-initio
calculations were performed to provide single crystal elastic constants w/o considering vacancies.

It was found that for the epitaxial binary and ternary nitrides, vacancies play a huge role on
elastic properties especially in the case of TaN. While in the case of TiN, ZrN and Ti;.«Zr:N, the
influence of vacancies is smaller but still noticeable. In the case of polycrystalline multicomponent
alloys and interstitial alloys, the sound velocities and effective elastic constants were found to be
associated to chemical alloying (A4/, Nb and N) effetcs, phase transitions (FCC, BCC and amorphous),
textures and porosity changes. The elastic modulus agrees to nanoindentation modulus Ejr. The
overall agreement between our elastic property measurements and DFT calculations were reached.
Besides, DFT calculations also provided valuable insights into structural properties and phase
stability.

Additionally, we studied structural and mechanical (including elastic) properties of a bulk
CoCrCuFeNi as a reference to thin film properties. With the CoCrCuFeNi films on a flexible
Kapton® substrate, we performed tensile tests and studied fracture properties of thin films, as a
preliminary work to further link thin film elasticity to plasticity.
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