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Résumé

Le grenaillage est un traitement mécanique des surfaces qui consiste à projeter des billes à très haute vitesse à la surface d'une pièce. Ce traitement est utilisé depuis plus d'une soixantaine d'année dans l'industrie pour améliorer la durée de vie en fatigue des matériaux par l'introduction de contraintes résiduelles de compression et de gradients de duretés en sous surface. Le procédé a longtemps été simplement considéré comme bénéfique sans réelle quantification des bénéfices apportés sur la durée de vie en fatigue et les évolutions de microstructures. En effet, modéliser le procédé a longtemps été un verrou car cela implique de simuler un grand nombre d'impacts, de reproduire avec précision la cinétique des billes et de prendre en compte un certain nombre de non-linéarités dues au contact et aux déformations plastiques. Cependant les avancées de ces dix dernières années ont permis le développement de modèles pouvant prédire avec précision le profil moyen de contraintes résiduelles en profondeur ainsi que les gradients d'écrouissage résultants. Peu d'études ont cependant tenté de prédire les contraintes résiduelles et l'écrouissage induits à l'échelle d'un grain. Les variations intragranulaires des contraintes ont pourtant une influence sur la durée de vie à grand nombre de cycle d'un matériau. Par ailleurs l'écrouissage local constitue une donnée cruciale pour certains modèles de prédiction de durée de vie en fatigue. Les verrous principaux à lever pour effectuer de telles prédictions sont l'identification précise de modèles de plasticité cristalline à l'échelle de la surface et dans les conditions du procédé, ainsi que le développement de méthodes expérimentales de validation des modèles développés.

L'objectif de cette thèse est de développer une méthodologie pour la prédiction des contraintes vii résiduelles et de l'écrouissage intragranulaire à l'aide de modèles de plasticité cristalline par éléments finis et de validations expérimentales.

Des essais d'indentation sphérique sur des monocristaux de cuivre sont présentés afin d'estimer le champ de contrainte induit en sous surface expérimentalement et numériquement. Les résultats révèlent que l'anisotropie de la plasticité cristalline peut induire des contraintes résiduelles de tension en sous surface. La comparaison des champs numériques et expérimentaux confirme aussi la possibilité de comparer des champs de contraintes estimés par EBSD à haute résolution à ceux prédits par des modèles de plasticité cristalline de façon suffisament quantitative pour permettre la validation de modèle.

Les évolutions microstructurales induites par le grenaillage d'un coin sont ensuite étudiées par des estimations EBSD de densités de dislocations géométriquement nécessaires à l'aide de nouvelles méthodes d'indexation alternatives. Les différences d'écrouissage relevées démontrent l'importance de modéliser le procédé à l'échelle du grain.

Une méthodologie pour l'identification de loi de plasticité cristalline à haute vitesse basée sur des essais de microcompression est détaillée. Une attention particulière à été portée sur le caractère bien posé du problème d'identification, à l'aide d'indice d'identifiabilités. Un canon a grenailler capable de projeter des billes isolées avec une large gamme de vitesse et une haute précision a été développé pour valider le modèle. Un code a été implémenté pour estimer la trajectoire de la bille en trois dimensions avec une précision de 200 µm pour servir d'entré aux modèles éléments finis. La validation du modèle précédent est effectuée par comparaison du déplacement de la bille, de la topologie de l'empreinte d'impact et du champ de désorientation sous l'empreinte estimés expérimentalement et numériquement.

However, only few attempts to predict the residual stress and hardening variations at the grain scale have yet been reported. Intragranular stress variations could influence a structure high cycle fatigue behaviour and local hardening could be a crucial input for fatigue life predictions models. The main barriers to achieve such predictions are mainly the difficulty to identify accurate crystal plasticity models in the process conditions as well as defining relevant validation procedures to assess the ability of the models to predict residual stress variations.

The objective of this thesis is to develop a methodology for shot peening induced intragranular residual stress and hardening prediction using crystal plasticity finite element simulations and experimental validations. Indentation on single crystal copper are first presented to assess the residual stress variations in a single grain under the indent both experimentally and numerically. The results reveal that crystal plasticity anisotropy could induce subsurface tensile residual stresses under a ix spherical contact. It also demonstrates that experimental residual stress fields estimated by high angular resolution electron backscattered diffraction could be quantitatively compared to finite element models. This finding makes it a relevant tool for constitutive behaviour validation.

The microstructural evolutions induced by shot peening of a corner are investigated using electron backscatter diffraction geometrically necessary dislocation estimations with recently developed alternative indexation methods. The differences in hardening gradient close to the corner compared with a reference shot peened material evidences that accurately predict microstructural evolutions induced by the process at the grain scale is necessary to predict the induced hardening distribution. These works provides new evidences of the relevance of modeling the process at the crystal scale.

A methodology for identification of crystal plasticity parameters at high strain rates using micropillar compression is then detailed. Particular attention is paid to the identification problem well-posedness using identifiability indicators provided by the literature. A shotpeening canon that can propel single shot over a wide velocity range with high aiming precision is developed. An in-house code that can estimate the shot trajectory within 200 µm is implemented to provide input for finite element analyses. The setup is used for validation of the previously identified model by comparison of the shot displacement impact dent topography and in-depth crystal misorientation field.

Finally, the possibility to use the shot displacement curve and residual stress field under the dent produced by the setup is investigated through a detailed identifiability analyses. These works provide new tools and methodologies for crystal plasticity parameters identification and validation at the grain scale and at high strain rates.
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CHAPTER 1 Introduction

Fatigue crack initiation on structural parts is known to be mainly driven by the part's surface properties. Such properties are therefore often improved using surface mechanical or chemical treatments in the industry [4]. Shot-Peening (SP) is a surface mechanical treatment that consists in propelling hard particles, called shot (≈ 0.1 to 2 mm diameter) onto a ductile metallic surface, at high velocity. The process (i) induces subsurface residual compressive stresses [5] and, in some cases, (ii) increases subsurface hardness due to subsurface microstructural evolutions [6]. These effects increase fatigue life and wear resistance, which led to the widespread use of the process in the industry.

SP also increases surface roughness, which could be a critical fatigue parameter, especially in the Low Cycle Fatigue (LCF) regime [7]. Authors have therefore devised modeling strategies to predict the resulting effects the process has in terms of fatigue life [START_REF] Musinski | On the eigenstrain application of shot-peened residual stresses within a crystal plasticity framework: Application to ni-base superalloy specimens[END_REF][START_REF] Gelineau | Residual stress field prediction in shot peened mechanical parts with complex geometries[END_REF]. Also, fatigue life prediction models usually require residual stresses, roughness and hardening, among other parameters. To that end, authors [START_REF] Gallitelli | Simulation of shot peening: from process parameters to residual stress fields in a structure[END_REF][START_REF] Ghasemi | Shot peening coverage effect on residual stress profile by FE random impact analysis[END_REF][START_REF] Hu | A unifying approach in simulating the shot peening process using a 3d random representative volume finite element model[END_REF][START_REF] Tu | A sequential dem-fem coupling method for shot peening simulation[END_REF][START_REF] Jiabin | An evaluation on SP surface property by means of combined FEM-DEM shot dynamics simulation[END_REF] have developed dynamic Finite Element Models (FEMs) to predict peening induced roughness, residual stresses and hardening where the media is explicitly represented. These models mostly dealt with macroscopic quantities and very few authors attempted to simulate residual and hardening fields at the grains scale.

Intra-granular (also called "Type II") residual stresses influence structure's High Cycle Fatigue (HCF) behaviour. Type II tensile stresses favor early stage plasticity, crack initiation and drives crack propagation paths [START_REF] Zhang | Slip localization and fatigue crack nucleation near a non-metallic inclusion in polycrystalline nickel-based superalloy[END_REF][START_REF] Jiang | Evolution of intragranular stresses and dislocation densities during cyclic deformation of polycrystalline copper[END_REF]. It also influences macroscopic residual stresses stability over the load cycles [START_REF] Lieurade | Fundamental aspects of the effect of shot peening on the fatigue strength of metallic parts and structures[END_REF]. Also, local hardening could be a precious input for fatigue lifetime prediction models, which usually require knowledge of the material loading history.

Crystal Plasticity Finite Element(CPFE) simulations could provide accurate intragranular residual stresses and hardening predictions. Recent works studied the initial microstructure influence on SP induced residual stress fields and geometrically necessary dislocation density [START_REF] Rousseau | Modélisation multi-échelle de la modification de structure d'un alliage à base de nickel soumis à de très fortes déformations plastiques en surface[END_REF][START_REF] Moreno | Shot peening fem simulation: A novel approach based on crystal plasticity[END_REF] using such simulations. However, the predictions were not compared against experimental residual stresses evaluation, as such experimental assessment remains a challenge. Advances in High-Resolution Electron BackScattered diffraction (HR-EBSD) unlocks the possibility to obtain residual stress variation under single impacts to validate such model. Also most of the aforementioned studies used CPFE models with coefficients identified either using low strain rate fatigue tests or high strain rate Split Hopkinson Pressure bar tests. The strain rate used for identification were therefore below those involved by the process (up to 6.10 5 s -1 [START_REF] Meguid | 3D finite element analysis of peening of strainrate sensitive materials using multiple impingement model[END_REF]). Furthermore, as shot-peening involves mainly local surface deformations, the material constitutive behaviour used for modeling should be identified using local test procedures with similar deformation mechanisms. An identification methology using local tests in shot peening conditions therefore has to be developed. The identified parameters should then be validated considering the quantity of interest, e.g. the residual stress field under one or several impacts performed in controlled conditions.

This research projects aims at developing a methodology for SP-induced intra-granular residual stress and hardening prediction using crystal plasticity finite element simulations, and its experimental validations. The main objectives of the projects were (i) to assess the relevance to model the process at the crystal scale, (ii) develop a methodology for identification of the CPFE parameters in the process conditions at the crystal scale using a variety of experimental observations and (iii) provide tools to validate the identified parameters in the process conditions.

This document is organized as follows:

• In Chapter 2, the literature related to the project is summarized and tools to understand the presented work are provided. The shot peening process is presented with a particular focus on residual stresses and modeling. A general introduction to crystal plasticity at low and high strain rate is provided. Tools for mechanical surface properties and microstructural state caracterization at the grain scale, that could be useful for the project, are then developed. Methodologies and important considerations for constitutive parameter indentification are also detailed.

• In Chapter 3, the effect of crystal orientation on spherical indentation induced residual stress fields explored during the project and published in Materials & Design [START_REF] Breumier | Effect of crystal orientation on indentation-induced residual stress field: simulation and experimental validation[END_REF] is presented. The objective of the chapter is to assess the relevance to model the process at the grain scale and to use HR-EBSD as a validation tool for constitutive behaviour validation.

• In Chapter 4, the result of a study performed in collaboration with Safrantech on the microstructural characterization of the bulge induced by shot-peening of a sharp corner submitted in Materials Science and Engineering: A [START_REF] Breumier | Microstructural and mechanical characterization of a shot peening induced rolled edge on direct aged inconel 718 alloy[END_REF] is developed. This study further emphasizes the importance to account for microstructural evolution at the grain scale to model the process, especially when treating non linear geometries.

• In Chapter 5, an identification methodology of crystal plasticity strain rate dependent constitutive parameters using high strain rate micropillar compression that was published in Materials & Design [START_REF] Breumier | High strain rate micro-compression for crystal plasticity constitutive law parameters identification[END_REF] is developed. The work lays the first basis for CPFE constitutive parameters in the process condition at the surface scale.

• In Chapter 6, the shot peening test rig canon developed during the project to propel a single shot under controlled conditions is presented. The methodology developed in this work to extract the shot trajectory to be used as simulation input, as well as two different applications of the test rig, are presented. This work was submitted in Strains [START_REF] Breumier | A shot-peening test rig for controlled single and repeated impact testing in industrial conditions[END_REF].

• In Chapter 7, the possibility to use experimental output produced by the canon such as the displacement curve and the residual stress field under an impact for constitutive parameters inverse identification is investigated through an identifiability analysis. This work was submitted in the Journal of Theoretical, Computational and Applied Mechanics [START_REF] Breumier | A shot-peening test rig for controlled single and repeated impact testing in industrial conditions[END_REF] CHAPTER 2

Literature review 2.1 Shot peening

Generalities

Shot peening is a surface mechanical treatment which consists in projecting hard ceramic or metallic shot onto a material surface at high velocity. It is widely used to enhance material's fatigue life by subsurface hardening [6] and compressive residual stresses introduction [5].

Several process parameters can be varied to optimize the SP-induced surface properties (Figure 2.1) [START_REF] Guiheux | Comportement d'aciers à transformation de phase austénite-martensite pour la simulation du grenaillage de précontrainte[END_REF]: shot characteristics (material properties, hardness HV , diameter d), shot velocities v (between 50 and 100 m.s -1 [START_REF] Badreddine | Modélisation du grenaillage ultrason pour des pièces à géométrie complexe[END_REF]), impact angles ω and the exposition time t exp .

Two sets of parameters are used to characterize the process induced surface properties:

• The surface coverage, which is the impacted surface ratio. Coverages over 100% are usually measured as multiples of the SP time required to reach 100%.

• The Almen intensity, which is defined as the residual arc height of a relaxed beam after SP.

Residual stresses result from the residual elastic strains constrained by the impact-induced plastic deformations. Shot induce subsurface inhomogeneous plastic strains during SP. To ensure strain continuity, the material in the surrounding plastic zone must deform elastically, which produces residual stresses that should satisfy equilibrium. As residual elastic strains counter a shot-induced plastic stretch, SP induces global subsurface residual compressive stresses (see Figure 2.2).

The literature provides a wealth of experimental [7,[START_REF] Yang | Effect of shot peening on the residual stress and mechanical behaviour of low-temperature and high-temperature annealed martensitic gear steel 18crnimo7-6[END_REF][START_REF] Prevey | The Effect of Shot Peening Coverage on Residual Stress, Cold Work and Fatigue in a Ni-Cr-Mo Low Alloy Steel[END_REF][START_REF] Kobayashi | Mechanism of creation of compressive residual stress by shot peening[END_REF][START_REF] Haynes | The influence of residual stress due to shot peening on the fatigue behaviour of silicon manganese spring steel[END_REF] and numerical studies [START_REF] Guagliano | Relating almen intensity to residual stresses induced by shot peening: a numerical approach[END_REF][START_REF] Klemenz | Application of the fem for the prediction of the surface layer characteristics after shot peening[END_REF][START_REF] Murugaratnam | A combined dem-fem numerical method for shot peening parameter optimisation[END_REF][START_REF] Mahmoudi | A comprehensive experimental and numerical study on redistribution of residual stresses by shot peening[END_REF],

Figure 2.1 Process parameters used for conventional SP. E, ν, ρ, HV are respectively the shot or the material Young's modulus, Poisson's ratio, density and hardness. d, v and ω are the shot diameter, velocity and impact angle [START_REF] Guiheux | Comportement d'aciers à transformation de phase austénite-martensite pour la simulation du grenaillage de précontrainte[END_REF].

Figure 2.2 Mechanism leading to compressive residual stresses resulting from residual elastic strains constrained by the impact-induced plastic deformations. The orange zone represents shot-induced plastically strained zone. SP induces subsurface plastic-stretch which is countered by residual elastic strains. Such mechanism induces global subsurface residual compressive stresses using respectively X-Ray diffraction (XRD) residual stress measurement methods (such as the sin 2 ψ method) and Finite Element Analyses (FEA), to estimate the averaged residual stress profiles. Classical residual stress profiles obtained with these methods are presented in Figure 2.3. Compressive residual stresses are generally found for depth varying from a few hundreds micrometres to few millimetres. Tensile stresses are usually found in the bulk beneath the compressive zone, as it ensures the sample's global mechanical equilibrium.

The deformation mechanisms leading to such stresses have also extensively been studied. For isotropic materials, Wohlfahrt [START_REF] Wohlfahrt | The influence of peening conditions on the resulting distribution of residual stress[END_REF] suggested that the presence of residual stresses results from two different mechanisms: Hertz pressure and hammering effect. The former is linked Figure 2.3 Usual averaged residual stress profile obtained using, for instance, the XRD sin 2 ψ method. Subsurface compressive stresses are usually found down to a few millimetres below the surface. Tensile stresses are found deeper in the sample to satisfy the global mechanical equilibrium. Point A represents the highest compressive stress intensity.

to a repeated impacts-induced normal pressure field which creates maximum shear stresses at a certain depth. The shear stresses intensities and depths mainly depend on the contact radius. The latter corresponds to the subsurface plastic stretch induced by peening jet induced tangential forces.

The influence of residual stress on fatigue life depends on the impacted material as well as on the fatigue regime. Klotz et al. [7] performed both HCF and LCF tests on shot peened Inconel 718 samples to evidence the influence of residual stresses and process induced hardening on the fatigue life. The authors found that in the HCF regime, SP could enhance Inconel 718 fatigue life from 2 to 20 times, when compared to an unpeened specimen. According to the authors such enhancement is mainly attributed to compressive residual stresses developed under the surface. However, in the LCF regime, fatigue life was mainly driven by the surface roughness which tends to lower the treated sample fatigue life, when compared to an unpeened specimen.

Alternatively, Eleiche et al. performed HCF fatigue tests on shot peened high strength martensitic samples for which the residual stresses were relaxed through a thermal treatment. Shot peened specimens presented a 20% life improvement, when compared to an unpeened specimen. However, the authors found that relaxing the residual stresses only lowered the samples HCF life by 3%. In the case of high strength martensitic alloys, the treated part's fatigue life is therefore mainly improved by shot peening induced work hardening, rather than by the residual stresses.

An accurate prediction of both the material residual stress and hardening state after the process is necessary to feed fatigue life prediction models. Many works have therefore focused on SP numerical simulations. A short review of SP models is further provided.

Finite Element simulations

Accurate SP modeling requires representative prediction of a complex and random shot distribution. Many authors have therefore focused on shot modeling to accurately represent the shot-peened sample's loading history. Noughier-Lehon et al. [START_REF] Nouguier-Lehon | Surface impact analysis in shot peening process[END_REF] used Discrete Element Modeling (DEM) with constant target material absorbed energy to model shot behaviour. Murugaratnam et al. [START_REF] Murugaratnam | A combined dem-fem numerical method for shot peening parameter optimisation[END_REF] and Tu et al. [START_REF] Tu | A sequential dem-fem coupling method for shot peening simulation[END_REF] performed a DEM-FEM coupling to study the influence of several process parameters on the induced residual stress field, accounting for shot kinematics. Alternatively, Badreddine et al. [START_REF] Badreddine | Modélisation du grenaillage ultrason pour des pièces à géométrie complexe[END_REF] used an analytical granular vibrated gas model to obtain the shot velocity distributions. The model provided satisfying shot trajectories and surface coverage predictions for ultrasonic SP, when compared to experimental data. The approach was later used to model the shot flow on complex geometries [START_REF] Gelineau | Residual stress field prediction in shot peened mechanical parts with complex geometries[END_REF][START_REF] Gallitelli | Simulation of shot peening: from process parameters to residual stress fields in a structure[END_REF] by introducing the residual stresses induced by one impact of a flat sample into the complex geometry using the eigenstrains method. Few authors, such as Nguyen et al. [START_REF] Nguyen | Predicting shot peening coverage using multiphase computational fluid dynamics simulations[END_REF] also used computational fluid dynamic softwares to model the shot peening jet flow.

Several works focused on Shot-Peening modeling for accurate residual stress predictions. The influence of the finite element simulation geometry [START_REF] Zimmermann | Literature review on shot peening simulation[END_REF], mesh size [START_REF] Ghasemi | Shot peening coverage effect on residual stress profile by FE random impact analysis[END_REF][START_REF] Bagherifard | Mesh sensitivity assessment of shot peening finite element simulation aimed at surface grain refinement[END_REF], friction and contact penalty coefficients [START_REF] Meguid | 3D finite element analysis of peening of strainrate sensitive materials using multiple impingement model[END_REF][START_REF] Han | A combined finite/discrete element simulation of shot peening processes -part ii: 3D interaction laws[END_REF] on the global residual stresses prediction accuracy was already assessed.

Choice of the target material constitutive behaviour is crucial to accurately predict the process induced residual stresses and hardening as it has to account for the process conditions. Meguid et al. [START_REF] Meguid | 3D finite element analysis of peening of strainrate sensitive materials using multiple impingement model[END_REF] modeled several impacts on an AISI 4340 high-strength steel using a 3D model with a strain rate dependent constitutive behaviour. Their study revealed that the process could involve strain rates up to 6.10 5 s -1 . Most SP finite element simulations modeled the substrate using macroscopic isotropic constitutive laws. Strain-rate dependency is usually accounted for using Johnson-Cook's constitutive relationship [START_REF] Bagherifard | Mesh sensitivity assessment of shot peening finite element simulation aimed at surface grain refinement[END_REF][START_REF] Hu | Finite element analysis of residual stress evolution with multiple impacts on one point in ultrasonic impact treatment process[END_REF][START_REF] Hassani-Gangaraj | Experimental assessment and simulation of surface nanocrystallization by severe shot peening[END_REF]. Also, impact repetition induces kinematic hardening in the target which has both an influence on the macroscopic residual stresses [START_REF] Sanjurjo | Influence of the target material constitutive model on the numerical simulation of a shot peening process[END_REF] as well as on the material's fatigue life [5]. Macroscopic kinematic hardening frameworks have therefore been used by several authors to account for such effect [START_REF] Klemenz | Application of the fem for the prediction of the surface layer characteristics after shot peening[END_REF][START_REF] Sanjurjo | Influence of the target material constitutive model on the numerical simulation of a shot peening process[END_REF][START_REF] Rouhaud | Finite elements model of shot peening, effects of constitutive laws of the material[END_REF][START_REF] Boyer | Modélisation du grenaillage d'un alliage de nickel avec prise en compte de l'écrouissage et de la microstructure[END_REF].

Accurate modeling of shot kinematics and material constitutive behaviour for SP-induced loading history now provide accurate macroscopic residual stress predictions over many grains. Recent works have therefore used such model to study SP parameters influence on residual stresses. For instance, Gariepy et al. [START_REF] Gariépy | Simulation of the shot peening process with variable shot diameters and impacting velocities[END_REF] studied the influence of shot velocity and size distribution on residual stresses and surface roughness, using a coupled FEM and Monte-Carlo approach.

Such works usually rely on comparison of predicted and XRD-measured residual stress profiles. The aforementioned models can therefore accurately predict the macroscopic residual stress average only over many grains. Such models remain relevant for isotropic materials, for which the grain size remains small, and with no particular crystal orientation textures.

Process influence at the crystal scale

In many cases, industrial materials' mechanical behaviour is driven by their microstructure. Prediction of the shot-peening induced residual stress and hardening distribution on such materials at the microstructural scale should therefore account for the material's local heterogenities.

Castro-Moreno et al. [START_REF] Moreno | Shot peening fem simulation: A novel approach based on crystal plasticity[END_REF] performed a complete CPFE SP simulation on a polycrystalline Representative Volume Element (RVE) with different initial grain sizes. Their work numerically evidenced the influence of initial material grain size on the SP-induced residual stress intragranular distribution. The authors however pointed out that the global average stress distribution was not much impacted by the RVE initial microstructure.

Such local heterogenities could drive the process' benefits for material's which mechanical behaviour has to account for different scales such as large grain microstructures, textured materials or multi-phased materials. Industrial applications of such materials are for instance:

• Single crystal structural parts such as high pressure turbine blades [START_REF] Morançais | Effet du grenaillage sur la durée de vie des aubes monocristallines de turbine[END_REF] • Welded zones or additively manufactured parts which usually present a textured microstructure with elongated or colonar grains [START_REF] Fonda | Texture variations in an aluminum friction stir weld[END_REF][START_REF] Meo | Finite element analysis of residual stress induced by shot peening process[END_REF] • Precipitate hardened alloys such as most nickel based super-alloys.

Shot-peening induced residual stresses are therefore usually considered at different scales [4], as illustrated in Figure 2.4:

• Type I usually refers to the residual stresses averaged over many grains

• Type II represents the microscopic residual stress varying inside single grains • Type III is the sub-microscopic residual stress resulting from the local influence of crystal defects

Type II stresses are known to influence the material's HCF bevaviour as it favours early stage plasticity, crack initiation, and drives the crack propagation paths [START_REF] Zhang | Slip localization and fatigue crack nucleation near a non-metallic inclusion in polycrystalline nickel-based superalloy[END_REF][START_REF] Jiang | Evolution of intragranular stresses and dislocation densities during cyclic deformation of polycrystalline copper[END_REF]. Musinski et al. [START_REF] Musinski | On the eigenstrain application of shot-peened residual stresses within a crystal plasticity framework: Application to ni-base superalloy specimens[END_REF] introduced residual stresses provided by isotropic FE calculations into a polycrystalline CPFE model, using the eigenstrains method. They then studied the predicted and measured intragranular stress redistribution and relaxation after one load cycle. Experimental and numerical relaxed stress profiles after one load cycle followed similar trends and amplitudes. Their study revealed that intragranular stress variations influence the residual stress relaxation over the first loading cycles. Accurate prediction of Type II residual stresses is therefore crucial to assess the process performance in terms of fatigue life.

Rousseau et al. [START_REF] Rousseau | Modélisation multi-échelle de la modification de structure d'un alliage à base de nickel soumis à de très fortes déformations plastiques en surface[END_REF] studied the influence of several SP parameters (impact velocity, angle and impact repetition) on the residual stress field and dislocation production predicted by a dislocation-based CPFE framework on a 2D polycrystal. Their work provided a numerical assessment of well-known experimental macroscopic observations and provided a methodology to predict the shot peening induced hardening at the grain scale, which is also crucial for fatigue life prediction [5,[START_REF] Morançais | Effet du grenaillage sur la durée de vie des aubes monocristallines de turbine[END_REF].

Predicting the process benefits at the microstructural scale however requires to use constitutive behaviour representative of this scale, such as crystal plasticity models. Such constitutive behaviours involve a large number of material coefficients which have to be identified:

• Under the process conditions, as shot-peening involves several impacts deforming the material cyclically at strain rates up to 10 5 s -1 [START_REF] Meguid | 3D finite element analysis of peening of strainrate sensitive materials using multiple impingement model[END_REF].

• At the surface scale, as the process usually affects depths down to a few hundred microns, which implies that the solicited RVE has a large surface to volume ratio. This results in different plasticity mechanisms, as it will for instance be more favorable for a dislocation to exit the material through the surface.

The importance of those two factors on Type II residual stress and micro hardening prediction can be apprehended by looking at the strain rate field induced by a spherical impact. Figure 2.5 shows the von Mises equivalent strain rate distribution under an impact performed at 40 m•s on an isotropic elasto-plastic material using simple von Mises plasticity. Such simple analysis reveals that the highest strain rates are usually found very locally at the extreme surface underneath the contact periphery, where shears are the most predominant. Strainrate heterogeneities therefore drive Type II residual stress build up.

(a) (b)

Figure 2.5 Strain-rate distribution induced by an impact. 2D plane strain 40 m s -1 Impact simulation using an isotropic elasto-plastic constitutive behaviour for the target material: (a) Shear stress and (b) maximum principal strain rate under the impact. The highest strain rates are observed very locally at the contact periphery due to the high shear imposed to the material during the impact.

Models aiming at predicting stresses at such scale therefore have to describe the target material strain-rate dependent behaviour as accurately as possible, on a large strain rate range and at the surface scale.

The next section provides a short review of such crystal plasticity model in the perspective to use them for shot-peening simulations.

Crystal plasticity

Phenomenology

Crystalline materials are composed of an organized arrangement of atoms that can be described by a repeated pattern. Plasticity in such materials is related to the crystal lattice defects evolution.

As briefly recalled in Figure 2.6, the most usual case of crystal lattice defects usually considered to explain plastic deformation of metals are:

• Dislocations nucleation, gliding (mechanical) or climbing (diffusion)

• Twinning, which is an organized displacement of atoms resulting in two different crystals with a symmetrical lattice arrangement.

• Phase transformations which could be thermally or mechanically induced.

To simplify the problem, the present work will consider dislocations evolution as the only source of plastic deformation.

Dislocation glides follow the densest crystal lattice planes, usually called gliding planes. A gliding system is defined by a gliding plane and a gliding direction. Dislocation glide is driven by shear and is therefore related to the stress projection on the gliding plane as shown in Figure 2.7. This is usually obtained thanks to the well-known Schmid's law as

τ = σ : 1 2 (l ⊗ n + n ⊗ l), (2.1) 
where τ is the projected shear stress, usually called the resolved shear stress, σ is the Cauchy stress tensor and l and n are vectors representing respectively the gliding direction and the normal to the slip plane. Crystal plasticity is therefore anisotropic.

For dislocation glide-driven plasticity, hardening is mainly related to the obstacles encountered by dislocations such as other dislocations, dislocation forests, precipitates, inclusions or grain boundaries. Generally, a distinction is made between [51]:

• Self-hardening, limited to interactions between dislocations in the same gliding system

• Latent hardening, which results from dislocation interactions from different gliding systems.

Hirth listed the most frequent interactions for Face-Centered Cubic (FCC) lattices [START_REF] Hirth | On dislocation interactions in the fcc lattice[END_REF]. To quantify the relative strength of each interaction, Franciosi et al. [START_REF] Franciosi | Latent hardening in copper and aluminium single crystals[END_REF] performed tensile tests on single crystals under simple glide conditions. They then cut a new sample in the primary deformed one to conduct a second tensile test under simple glide conditions on the secant gliding system. The authors then introduced the hardening power induced by interactions between systems s and r as:

h sr = τ r τ s . (2.2)
The different hardening configurations are listed in Table 2.1. The resulting interaction matrix for the 12 FCC gliding systems (listed in Table 2.2) is presented in Table 2.3. This matrix is used in most crystal plasticity constitutive laws for FCC lattices.

Classical models

Despite that dislocations represent discontinuities in the crystal lattice, the average behaviour of a large number of dislocations can be represented using a continuum mechanics approach. Crystal plasticity finite element frameworks relies on such hypothesis as it accounts for the averaged single crystal mechanical behaviour in a representative element volume.

Table 2.1 Interaction matrix coefficients. Relationship between the crystal hardening interaction coefficient h i and the gliding system geometrical property for FCC crystal lattices. 6 coefficients are usually defined. n s , n r and l s , l r are respectively normal vectors to the slip planes and gliding directions of the gliding systems s and r.

Interactions

Geometric properties Self hardening h 1 n s = n r and l s = l r Coplanar h 2 n s = n r and l s = l r Hirth lock h 3 n s = n r and l s • l r = 0 Collinear h 4 n s = n r and l s = l r Glissile h 5 n s = n r , l s • l r = 0 and l s ∧ l r = ±n s or ±n r Lomer junction h 6 n s = n r , l s = l r and l s ∧ l r = ±n s and ±n r 

h 2 h 2 h 4 h 5 h 5 h 5 h 6 h 3 h 5 h 3 h 6 2 h 1 h 2 h 5 h 3 h 6 h 4 h 5 h 5 h 5 h 6 h 3 3 h 1 h 5 h 6 h 3 h 5 h 3 h 6 h 4 h 5 h 5 4 h 1 h 2 h 2 h 6 h 5 h 3 h 6 h 3 h 5 5 h 1 h 2 h 3 h 5 h 6 h 5 h 5 h 4 6 h 1 h 5 h 4 h 5 h 3 h 6 h 5 7 h 1 h 2 h 2 h 6 h 5 h 3 8 h 1 h 2 h 3 h 5 h 6 9 h 1 h 5 h 4 h 5 10 h 1 h 2 h 2 11 h 1 h 2 12 h 1
A myriad of crystal plasticity finite element frameworks have already been developed. The Kinematic frame usually relies on the decomposition of the deformation gradient tensor F into its elastic and plastic contributions F e and F p as:

F = F e • F p . (2.3)
Applying only the plastic part of the deformation gradient results in the nucleation of crystal defects. In the absence of elastic strains, the resulting crystal is however relaxed which can only be possible if the crystal lattice is perfect. The multiplicative decomposition above can therefore be understood as the passage from a reference configuration to an intermediate relaxed configuration in which all dislocations are located at the crystal periphery as represented in Figure 2.8 [START_REF] Roters | Overview of constitutive laws, kinematics, homogenization and multiscale methods in crystal plasticity finite-element modeling: Theory, experiments, applications[END_REF].

It is interesting to note that lattice stretch and rotations are contained in the elastic part of the deformation gradient while the rigid body motions are contained in the plastic part, as the lattice structure is perfect in the intermediate configuration.

The velocity gradient tensor's plastic part L p is usually decomposed as the sum of the contributions of plastic slips γs on every gliding system s:

L p = N s=0
γs l ⊗ n.

(2.4)

Figure 2.8 Decomposition of the total deformation gradient. In the intermediate configuration, all dislocations are supposed to be at the domain borders.

F p can then be recovered by integrating the following equation:

Ḟ p = L p • F p . (2.5)
The material's resulting stress state can then be computed using Hooke's law:

Π = C : E, (2.6)
where Π is the large deformation first Piolat-Kirchhoff stress tensor, C is the material's stiffness matrix and E is the Green-Lagrange deformation tensor.

CPFE frameworks mainly vary in the law given for γ s (τ s ). A large number of such laws have been reviewed by Roters et al. [START_REF] Roters | Overview of constitutive laws, kinematics, homogenization and multiscale methods in crystal plasticity finite-element modeling: Theory, experiments, applications[END_REF]. Both rate-independent and rate-dependent approaches were developed. However this work will only focus on rate-dependent approaches as it focuses on the importance of strain rate dependency.

Phenomenological approaches consider the average plastic straining on each gliding system as internal variables. For instance, the Meric-Cailletaud framework [1] considers that the resolved shear stress on each system τ s is related to the system's shear strain rate according to a Norton's law using

γs = f s (τ s ) K n sgn(τ s ), (2.7) 
with

< x >=    0 if x < 0 x if x ≥ 0
, K and n being material constants. An isotropic hardening term r s is usually added to the flow rule f s as

f s (τ s ) = |τ s | -r s . (2.8)
r s results from the interactions between the different dislocation slip systems as:

r s = R 0 + N q=1 h sq (R q -R 0 ), (2.9) 
where R q is the hardening law at the system level, represented in this case by a Voce law:

R q = R 0 + Q(1 -e -v q b ), (2.10) 
where R 0 is the critical resolved shear stress, Q and b are two phenomenological constants, v q is the cumulative plastic slip for the q-th system and h sq is the interaction coefficient between systems (s) and (q). It can be noted that h sq has the same physical meaning as the hardening power previously defined in Section 2.2.1.

A common alternative approach [START_REF] Peirce | An analysis of nonuniform and localized deformation in ductile single crystals[END_REF] consists in relating τ s to γs through a multiplicative definition: γs = γs

0 τ s τ s c n sgn(τ s ), (2.11) 
τ s c being the critical resolved shear stress for which gliding occurs on system s. Similarly as in the Meric-Cailletaud's approach, τ s c is related to hardening in system s using:

τ s c = n q=1 h sq | γq |, (2.12) 
According to Busso et al. [START_REF] Busso | On the selection of active slip systems in crystal plasticity[END_REF], the additive and multiplicative approaches present similar behaviours even for multiaxial loadings. The major difference resides in the onset of plasticity which starts at the initial time using the latter approach, while the additive framework assumes that only elastic straining occurs for low stress values.

Physical approaches consider the average dislocation density in each gliding system as internal variables. Dislocation density based models provide a finer scale modeling, insights in substructure formation and better account for dislocation mechanics. In most classical CPFE models, hardening is most commonly related to the dislocation density using either the extended Taylor equation:

τ s c = µb N q=0 a sq ρ q , ( 2.13) 
or the Orowan law:

γs = ρ s m bv s , (2.14)
where ρ q is the dislocation density in system q, ρ s m is the mobile dislocation density, b is the dislocations' Burger's vector, µ is the material's shear modulus, a sq is the interaction strenght between systems (s) and (q) and v s is the mobile dislocations average velocity. Mechanisms influencing the dislocation density in every gliding systems, such as dislocation mobility, creation at sources, recovery, or annihilation, can then be accounted for by the sum of several terms in a dislocation evolution law dρ s dγ s = g(ρ s , T, ε...). An extensive review of these possible terms is given in the review of Roters et al. [START_REF] Roters | Overview of constitutive laws, kinematics, homogenization and multiscale methods in crystal plasticity finite-element modeling: Theory, experiments, applications[END_REF]. One of the most common expression for the dislocation density evolution is the Kocks-Mecking evolution law given as:

dρ s dγ s = 1 b   N q=1 b sq ρ q κ -γ c ρ   , (2.15)
where b is the Burgers vector amplitude, b sq is an interaction matrix, κ represents the amount of obstacles seen by mobile dislocations and γ c is the recovery rate coefficient. Equation 2.15 represents the balance between nucleation and glide of dislocations and their annihilation through recovery phenomena.

It is interesting to note that use of a Voce law in the Meric-Cailletaud framework provides a formulation that is compatible with Equation 2.15 [START_REF] Fivel | Plasticité cristalline et transition d'échelle : cas du monocristal[END_REF]. Both approaches therefore usually yield similar results and mainly differ by the richness of information provided, as well as by the second interaction matrix b sq .

Dislocation density based parameters identification can however hardly be experimentally performed, which constitutes the major drawbacks of such approaches. These parameters are usually obtained using Discrete Dislocation Dynamic (DDD) simulations as in the work of Devincre et al. [START_REF] Devincre | Physical analyses of crystal plasticity by DD simulations[END_REF].

Strain-rate dependency in crystal plasticity models

Strain-rate dependency of metals is closely related to their crystalline structure. Indeed, the underlying mechanisms related to strain rate dependency for FCC and Body-Centered Cubic (BCC) materials strongly differ.

At room temperature and for BCC structures, strain rate dependency is mainly attributed to athermal contributions such as Peierls stress (e.g. the stress required to move a dislocation) and lattice friction which increases the overall yield stress as the strain rate increases [START_REF] Armstrong | High strain rate properties of metals and alloys[END_REF] For FCC materials the underlying mechanism related to strain rate dependency depends both on the temperature and on the strain rate. Figure 2.9 shows the typical evolution of copper yield stress as a function of strain rate [START_REF] Follansbee | The transition to drag-controlled deformation in copper at high-strain rates[END_REF]. Two regimes can be observed:

• A thermally activated regime (< 10 4 s -1 ) where strain rate dependency mainly influences strain hardening and does not have much influence on the yield stress

• An athermally activated regime (> 10 4 s -1 ) characterized by a sudden raise of the yield stress with the strain rate.

In most metals, plastic straining is mainly accommodated by plastic slip. Such slip is possible only if a sufficient shear stress is applied on the dislocations' respective gliding plane to overcome barriers such as other dislocations. Following the parallel recalled by Salvado et al. [START_REF] Salvado | A review on the strain rate dependency of the dynamic viscoplastic response of fcc metals[END_REF], each dislocation can be seen as a small oscillator with its own thermal energy. Schematically, the more a dislocation oscillates, the easier it is for it to overcome barriers. As the strain rate increases, less time is given for the thermal activation phenomena to occur, which results in a higher stress. At low strain rates, this is the main mechanism leading to strain-rate dependency for FCC metals.

This could be accounted for by considering the frequency v 1 of successful dislocation jumps over an obstacle, which can be related to the temperature using an Arrhenius law [START_REF] Salvado | A review on the strain rate dependency of the dynamic viscoplastic response of fcc metals[END_REF]:

v 1 = v 0 Aexp -∆G KT , ( 2.16) 
where v 0 is the dislocation vibration frequency, A is a material constant representing the dependency to entropy, K is the Boltzmann constant and T is the temperature. In the above, ∆G represents the obstacles energy barriers. By neglecting the travel time of dislocations, this expression can then be related to the plastic strain rate using the Orowan equation which Figure 2.9 Typical evolution of copper yield stress with increasing strain-rate [START_REF] Follansbee | The transition to drag-controlled deformation in copper at high-strain rates[END_REF]. Two regimes can be observed: a thermally activated regime (I) where the strain rate has little influence on the yield stress and mainly influences strain hardening. An athermal regime (II) where the yield stress increases with the strain rate.

yields:

γ = 1 M v 1 ρb∆l = γ 0 exp -∆G KT , (2.17)
where M is the Schmid factor, ρ is the dislocation density, b is the Burgers vector and ∆l is the distance between dislocation barriers.

The strain rate is then related to the stress by choosing a relevant form for the barrier energy ∆G. Kocks et al. [START_REF] Kocks | Thermodynamics and kinetics of slip[END_REF] suggested a general form which has been used in many single crystal plasticity models for strain rate dependent applications [START_REF] Musinski | On the eigenstrain application of shot-peened residual stresses within a crystal plasticity framework: Application to ni-base superalloy specimens[END_REF][START_REF] Khan | Strain rate effect of high purity aluminum single crystals: Experiments and simulations[END_REF]:

∆G = ∆G 0 1 - τ τ 0 p q , ( 2.18) 
where p and q are material constants.

For low strain rate ranges, the relationship between γ and exp τ τ 0 can sometimes be approximated as linear which leads to the Norton equation used in the Meric-Cailletaud framework and given by Equation 2.7 [START_REF] Kocks | Physics and phenomenology of strain hardening: the fcc case[END_REF].

This reveals the limits of the Meric-Cailletaud framework in terms of strain-rate dependency, as it only remains valid for certain materials on a small strain-rate and temperature range.

As the strain rate increases (over 10 4 s -1 ), dislocation inertial effects (such as phonon drag, scattering, radiative effects or lattice friction...) becomes the predominant mechanism [START_REF] Follansbee | The transition to drag-controlled deformation in copper at high-strain rates[END_REF][START_REF] Salvado | A review on the strain rate dependency of the dynamic viscoplastic response of fcc metals[END_REF][START_REF] Djordjevic | Modelling of shock waves in fcc and bcc metals using a combined continuum and dislocation kinetic approach[END_REF][START_REF] Gurrutxaga-Lerma | The mechanics and physics of high-speed dislocations: a critical review[END_REF]. Equation 2.7 can no longer be used in this regime due to the various non linearities occurring in the relationship between the applied stress and the dislocation velocity. It also does not account for a limiting velocity for the dislocation motion (usually taken as the speed of sound in the observed material). At even higher speed, the dislocation motion is supposedly subjected to relativistic effects as its velocity approaches that of the sound in the material. However, the literature still does not agree on this fact as no experimental evidence has yet been provided [START_REF] Gurrutxaga-Lerma | The mechanics and physics of high-speed dislocations: a critical review[END_REF].

Under dynamic loading, and over 10 5 s -1 [START_REF] Sanjurjo | Influence of the target material constitutive model on the numerical simulation of a shot peening process[END_REF][START_REF] Armstrong | High strain rate properties of metals and alloys[END_REF][START_REF] Kattoura | On the ultra-high-strain rate shock deformation in copper single crystals: multiscale dislocation dynamics simulations[END_REF], several other contributions, have to be accounted for. According to Wang et al. [START_REF] Wang | Slip band formation and mobile dislocation density generation in high rate deformation of single fcc crystals[END_REF] dislocation inertia plays a crucial role in the developing microstructures under high strain rate loading. Such effect was for instance successfully integrated in a macroscopic polycrystalline model by Rahaman et al. [START_REF] Rahaman | A dynamic flow rule for viscoplasticity in polycrystalline solids under high strain rates[END_REF] using a dynamic flow rule with a micro-inertial term. The proposed framework successfully reproduced oscillations observed at the onset of plasticity for high dynamic loading of BCC molybdenum.

Under shock loading, plastic slip is accommodated by dislocation glide only if there is enough mobile dislocations. Otherwise, nucleation of new dislocations or alternate mechanisms are triggered [START_REF] Luscher | Implementation of a dislocation-density based single-crystal model into a continuum shock hydrodynamics code[END_REF] such as twinning, damage or phase evolutions. Propagation of an impact shock wave front toward a dislocation source could also result in dislocation avalanches [START_REF] Meyers | Dynamic Behavior of Materials[END_REF].

Therefore, several authors focused on accounting for dislocation motion under dynamic loading to predict the capacity of mobile dislocations to accommodate plasticity. Luscher et al. [START_REF] Luscher | Coupling continuum dislocation transport with crystal plasticity for application to shock loading conditions[END_REF] performed a numerical coupling of a dislocation density finite element model with a continuum dislocation transport and dislocation deformation incompatibility equation to study the influence of dislocation transport on material's response under shock loading. Several authors developed mesoscale continuous models for both isotropic [START_REF] Mayer | Modeling of plasticity and fracture of metals at shock loading[END_REF] and orthotropic materials [START_REF] Djordjevic | Modelling of shock waves in fcc and bcc metals using a combined continuum and dislocation kinetic approach[END_REF] using two (mobile/immobile) or three (mobile/immobile/pile-up) [START_REF] Mayeur | Numerical implementation of a crystal plasticity model with dislocation transport for high strain rate applications[END_REF] dislocation densities internal variables to model the dynamic response of material's at high strain rates.

Accurate modeling of the high strain rate behaviour of materials under shock impact is therefore an active research field and remains a challenge. An extensive review of such work was performed by Salvado et al. [START_REF] Salvado | A review on the strain rate dependency of the dynamic viscoplastic response of fcc metals[END_REF] and several other models were also discussed by Djordjevic et al. [START_REF] Djordjevic | Modelling of shock waves in fcc and bcc metals using a combined continuum and dislocation kinetic approach[END_REF]. Also, a very extensive review on the study of dislocation mobility at high velocity was provided by Gurrutxaga-Lerma et al. [START_REF] Gurrutxaga-Lerma | The mechanics and physics of high-speed dislocations: a critical review[END_REF].

However, the models discussed above were developed for isotropic or orthotropic materials and would not be suitable for single crystal models as plasticity phenomena would certainly differ. Models accounting for anisotropy were developed but mostly at the scale of few dislocations using molecular dynamic simulations and would therefore not be relevant to model the process.

Mechanical surface properties characterization

Shot-peening affects depths generally around a few hundred microns under the treated part's surface. Local deformation close to the surface involves different straining mechanisms as compared to the bulk, as the constrained surface to volume ratio is high. For instance, plastic strain can be accommodated by dislocation annihilation at the surface around the impacts.

The impacted material's surface mechanical properties have therefore to be considered for accurate modeling of the process. This involves using experimental procedures with high surface to volume ratio representative of the process conditions in terms of strain rates.

Micromechanical testing such as micro-pillar compression [START_REF] Cruzado | Microtesting and Crystal Plasticity Modelling of IN718 Superalloy Grains[END_REF], impact tests [START_REF] Ekström | Experimental investigation of the strain rate dependence of ss2506 gear steel[END_REF] offer such local observations and will thus be detailed in the following.

Micropillar compression

Micro-pillar compression consists in the compression of a micron-sized pillar using a diamond flat-punch in a Scanning Electron Microscope (SEM). This test provides a local load/displacement curve as well as insights into the material's local deformation mechanisms.

Such pillars can be manufactured by: • Surface lithography, for which a mask is applied on the surface and is then submitted to ion-etching.

• Focused Ion Beam (FIB), which consists in bombarding the surface with ions inside a SEM. This method usually leads to more reproducible geometries. It is nonetheless more time-consuming and expensive. FIB pillars are generally performed in several steps. First, high currents are used to build the raw pillar shape. Then, finishing steps are performed using low currents to avoid geometry changes due to material re-deposition.

FIB requires etching of a large area around the pillar -called a "bowl" -to allow SEM observations and to prevent the punch from touching the substrate. Based on numerical analyses, Zhang et al. [START_REF] Zhang | The design of accurate micro-compression experiments[END_REF] provided pillar geometry guidelines to accurately recover the material's local stress-strain curve.

Surface damage such as amorphisation or Ga + subsurface diffusion can occur down to a few nanometers when using FIB milling (see Figure 2.10 (3)). Xiao et al. [START_REF] Xiao | Investigation of the deformation behavior of aluminum micropillars produced by focused ion beam machining using ga and xe ions[END_REF] revealed an influence of Ga + subsurface diffusion on the observed yield strength for ultra-fine grain aluminum. No influence was observed for single crystal samples in their study. The pillar size therefore has to be large enough to make these effects negligible on polycrystalline samples.

Many works also suggest the presence of a size effect in pillars [START_REF] Greer | Size dependence of mechanical properties of gold at the micron scale in the absence of strain gradients[END_REF][START_REF] Frick | Size effect on strength and strain hardening of small-scale [111] nickel compression pillars[END_REF][START_REF] Raabe | Effects of initial orientation, sample geometry and friction on anisotropy and crystallographic orientation changes in single crystal microcompression deformation: A crystal plasticity finite element study[END_REF] (see Figure 2.10 ( 5)). The sollicited volume for which these effects occur depends on the tested material. For instance for copper, it is mainly predominant under 3 µm diameter and 6 µm height [START_REF] Kiener | Work hardening in micropillar compression: In situ experiments and modeling[END_REF].

For sub-micronsize pillars, this effect is explained by many authors as a dislocation starvation effect in the pillar, which involves an inversely proportional relationship between the yield stress and the pillar dimensions [START_REF] Frick | Size effect on strength and strain hardening of small-scale [111] nickel compression pillars[END_REF]. Up to certain pillar dimensions, strain bursts are also usually reported in the litterature and could be inferred to dislocation avalanche for largesized pillars and mechanical annealing for small-sized pillars [START_REF] Zhang | Strain rate effects on the mechanical response in multi-and single-crystalline cu micropillars: Grain boundary effects[END_REF]. In general, several pillar sizes have therefore to be tested for material characterization to ensure that the measured properties are independent of the pillar size.

A slight pillar misalignment with respect to the indenter (see Figure 2.10 (1)) has a substantial influence on the Young's modulus estimation and could smear out the elastic-plastic transition [START_REF] Soler | Effect of misorientation on the compression of highly anisotropic single-crystal micropillars[END_REF]. For highly anisotropic single crystals, Soler et al. [START_REF] Soler | Effect of misorientation on the compression of highly anisotropic single-crystal micropillars[END_REF] showed that tip misalignment would lead to overestimations of the measured yield stress of about 12% for a 2 • pillar to indenter misorientation. To correct possible misalignments inferred by sample non planarity, Singh et al. [START_REF] Singh | Micropillar compression of al/sic nanolaminates[END_REF] measured the global surface geometrical angle, using a surface approach performed with an in-situ sharp nano-indenter, at several locations around the pillar. Experimental and predicted compressed pillars presented the same shapes and strain behaviour.

Pillar taper angle (see Figure 2.10 (2)) influences the pillar's stress distribution. Two effects can be considered: (i) yield stress overestimation due to a smaller pillar surface at the top and (ii) spurious strain hardening. According to Zhang et al. [START_REF] Zhang | The design of accurate micro-compression experiments[END_REF], this effect increases with the pillar-aspect ratio. It is therefore an important parameter to account for in simulations.

The load-displacement curve has to be corrected to account for the frame, the substrate and the indenter contribution to the measured displacements, as shown in Figure 2.11. The pillar displacement u p is therefore expressed as: where u is the measured displacement, E * ind and E * sub are respectively the indenter and the substrate reduced modulus, as defined in Figure 2.11, and r is the pillar's radius at a given time. For metals, the elasto-plastic transition is difficult to observe using micro-pillar compression as plasticity occurs for very small force values at the contact and at the pillar basis. The contact radius r can therefore be estimated by considering volume conservation of the deformed pillar in the plastic regime.

u p = u -u f rame -u indenter -u substrate = u -u f rame - F 2rE * ind - F 2rE * sub , ( 2.19) 
For anisotropic materials, the stress state in the pillar is rarely homogeneous. Zhang et al. [START_REF] Zhang | Strain rate effects on the mechanical response in multi-and single-crystalline cu micropillars: Grain boundary effects[END_REF] estimated the averaged stress-strain curve by evaluating the stress using the pillar's middle-height surface. Using the upper surface would provide an upper boundary of the stress experienced by the pillar. This alternative approach has for instance been used by Frick et al. [START_REF] Frick | Size effect on strength and strain hardening of small-scale [111] nickel compression pillars[END_REF]. These approaches provide pillar's geometry independent measurements of the local material's property. It therefore provides more relevant data for results comparisons.

Indenter to pillar friction (see Figure 2.10 (4)) should also be accounted for when perfoming micro-pillar FEA. Absence of friction leads to pillar buckling overestimations [START_REF] Zhang | The design of accurate micro-compression experiments[END_REF]. However, the friction coefficient itself does not influence the load-displacement curve for single crystals [START_REF] Raabe | Effects of initial orientation, sample geometry and friction on anisotropy and crystallographic orientation changes in single crystal microcompression deformation: A crystal plasticity finite element study[END_REF]. This hypothesis should however be validated when performing micropillar compression numerical studies. The indenter has therefore to be modeled to account for friction. It is usually taken as a flat rigid surface [START_REF] Cruzado | Microtesting and Crystal Plasticity Modelling of IN718 Superalloy Grains[END_REF].

Figure 2.10 conveniently summarizes all the experimental uncertainties detailed above and that should be accounted for when interpreting micropillar compression load displacement curves.

Cruzado et al. [START_REF] Cruzado | Multiscale modeling of the mechanical behavior of in718 superalloy based on micropillar compression and computational homogenization[END_REF] performed crystal plasticity phenomenological constitutive law parameters inverse identification using micro-pillar compression testing on several Inconel 718 grains. Micro-pillar compressions were performed at different strain rates (10 -4 s -1 up to 10 -2 s -1 ), pillar diameters and crystal orientations. Parameters were identified one by one using differentiating tests in single and multiple glide conditions. The identified parameters were then successfully used in a polycristaline model. However, the well-posedness of the inverse problem was not demonstrated by the authors.

Apart from the load-displacement curve, micro-pillar compression tests offers several other observation outputs. Gioacchino et al. [START_REF] Gioacchino | Mapping deformation in small-scale testing[END_REF] measured for instance the pillar rotation and strain fields after compression using Digital Image Correlation (DIC) on Oxygen Free High Conductivity Copper micro-pillars. Speckle pattern for DIC observations were made using FIB assisted deposition. This pattern deposition can be performed following a bitmap image. Their measured in-plane rotations were in good agreement with Electron BackScattered Diffraction (EBSD) measured crystal lattice misorientations.

In the works presented above, micro-pillar compression tests were performed in the quasistatic regime for strain-rates ranging from 10 -5 to 10 -2 s -1 . Recent developments now allows performing high strain rate dynamic micro-pillar compression. The set-up developed in the work of Guillonneau et al. [START_REF] Guillonneau | Nanomechanical testing at high strain rates: New instrumentation for nanoindentation and microcompression[END_REF] can achieve high strain-rates as high as 10 3 s -1 for nickel nanocrystals. Such new experimental procedure provides new observation fields that could be used for high-strain rate constitutive law identification.

Impact tests

Several authors used high velocity single shot experiments to obtain material's surface properties. R. Guiheux [START_REF] Guiheux | Comportement d'aciers à transformation de phase austénite-martensite pour la simulation du grenaillage de précontrainte[END_REF] used a single impact shot set-up to study SP induced phase transformations of AISI 301LN austenitic steel. Nordin et al. [START_REF] Nordin | Measuring shot peening media velocity by indent size comparison[END_REF] used single impact experiments to find a relationship between impact imprint geometrical characteristics and shot velocity to deduce low coverage SP shot velocity distribution.

The study of single impacts could be relevant for parameters inverse identification, at least in terms of strain rate dependency. K. Ekström [START_REF] Ekström | Experimental investigation of the strain rate dependence of ss2506 gear steel[END_REF] used single impact tests on SS2506 case hardened gear steel to assess the relevance of strain rate dependent framework parameters to simulate the impacted materials behaviour. To this end, the author compared predicted and experimental impact imprint geometrical properties. However no parameter fitting the experimental impact geometries were found by the author. Yet, no automated identification strategy was used in this study. Also, the studied material presented impact-induced phase transformations which therefore required a more complex constitutive law to be used.

Impact tests should however provide experimental outputs, representative of the material's behaviour at SP strain rates and dynamic regime. It could be used for material's constitutive law parameters identification, provided choice and accurate measurement of the most relevant outputs.

Murugaratnam [START_REF] Murugaratnam | A refined numerical modelling techniquefor shot peening[END_REF] developed an instrumented canon that can project shot peening medias at velocities ranging from 44 m•s -1 to 72 m•s -1 to study the dent shape, microstructural evolutions induced by single impacts as well as to obtain the coefficients of restitution (e.g. the ratio of the shot velocity after and before the impact event) of different impacts in different conditions. However, the author did not provide an analysis of the potential aiming accuracy of the system to perform repeated impacts at the same material spot. Also, performing several impacts at the same material position would provide information on repeated impact induced cyclic effects at SP strain rates. Several authors used micropercussion experiments to obtain material's properties after repeated impact. The test consists in projecting a rigid indenter onto a surface by electromagnetic acceleration. The indenter is attached to a metallic rod which moves inside a cylindrical cavity. The apparatus can therefore perform several impacts at a given material spot [START_REF] Sekkal | A micro/macro impact test at controlled energy for erosion and phase-transformation simulation[END_REF].

Tumbajoy et al. [6] used micropercussion tests to study the influence of repeated impacts on mechanical properties gradient and microstructural evolutions of Fe-α samples. Al Baida [START_REF] Baida | Development of an improved method for identifying material stress-strain curve using repeated micro-impact testing[END_REF] used micropercussion experiments to obtain the parameters of a power hardening law on a AISI M2 steel using the impact load and residual imprint radius after several impacts. The indenter diameter is usually around 2 mm which is large compared to industrial shot peening media. Also, the dynamic sollicitation differs from a projected shot as the whole system inertia and mass has to be accounted for.

In reality, shot peening involves a random distribution of repeated impacts at various velocities and angles. The induced residual stresses and hardening properties are closely related to such variety of impacts. For instance, Kobayashi et al. [START_REF] Kobayashi | Mechanism of creation of compressive residual stress by shot peening[END_REF] used XRD-measured residual stress profiles after one and several impacts and indentation on steel polycrystals to show that multiple impacts were required to induce compressive stresses.

Material's mechanical behaviour identified using single impact experiments should therefore always be validated using multiple impacts tests at different material spots.

Microstructural state characterization

Assessing a model's capability to predict shot-peening induced residual stresses and hardening represents a challenge as their absolute value cannot be measured. However several methods provide estimations of residual stress and hardening variations. Those methods can be divided in two categories:

• Non destructive methods such as in-situ X-Ray Diffraction methods, ultrasonic or eddy current measurements

• Destructive methods such as hole drilling or ring core methods using for instance a Focused Ion Beam and a field measurement method (Digital Image Correlation, Moiré interferometry, or holography), crack-compliance methods, the contour method or High Angular Resolution Electron BackScattered Diffraction, XRD methods or nanoindentation.

Non destructive methods are useful for comparison with standard measurements on industrial parts that should not be destroyed but do not yet provide enough resolution and accuracy to estimate residual stress or hardening distributions on single crystals.

Diffraction based methods are the most promising methods to accurately measure residual stresses at the crystal scale as their resolution is of the order of the interaction volume (down to a few hundreds of nanometers). Such methods could be divided in two categories: X-ray diffraction and electron diffraction based methods.

Residual stress estimations X-ray diffraction based methods

XRD is extensively used in the literature for material characterisation as it provides insights into the material's micro-structure, hardening, residual stresses, texture and chemical composition. XRD analyses consist in sending an X-ray beam (0.1 ≤ λ ≤ 10 Å, λ being the beam wavelength) on a sample and to measure the diffracted beam intensity, for various θ diffraction angles. Analyses are usually based on a diffractogram showing the variations of the diffracted beam intensity with the diffraction angle. Residual stresses induce shifts in the local latice interreticular distance d. This results in slight shifts ∆θ of the diffractogram peaks [START_REF] Hauk | Structural and Residual Stress Analysis by Nondestructive Methods[END_REF]. Most XRD residual stress estimations therefore relies on relating such peak shifts with the residual elastic strains.

The crystal lattice structure can be directly related to the diffraction angle according to the Bragg's law, as schematized in Figure 2.12. For instance, the sin 2 ψ methods relies on the relationship between strain and peaks shifts given by Bragg's law. Stresses are then related to the lattice strain estimated with the peak shifts using Hooke's law for isotropic materials, usually with a plane stress conditions hypothesis. This usually results in a linear relationship between the peak shifts and a combinaison of the stress tensor's component, which parameters are found by varying the X-ray beam angle.

To obtain satisfactory results, the observed surface has to diffract for as many θ angles as possible. Therefore better results are obtained if the X-ray spot is positioned on a large number of grains.

This method therefore provides the residual stress average over a surface. Also, it is less efficient on coarse grain structures, textured or anisotropic materials, as it relies on Hooke's law expression for isotropic materials.

Alternatively, the Ortner method is an XRD based method that can provide residual stress average estimations over monocrystalline surfaces by varying the crystal orientation observed by the X-Ray beam. Morançais et al. [START_REF] Morançais | Residual stress determination in a shot-peened nickel-based single-crystal superalloy using X-ray diffraction[END_REF] successfully applied this method to estimate the residual stress gradient induced in shot peened nickel superalloy specimens. Using the Montecarlo algorithm, the authors assessed that the method provides stress tensor estimations within an accuracy of 30 MPa, provided that at least 17 non colinear Bragg's angle are used for measurements.

However the resolution of the Ortner method is limited to a few dozen micrometers due to the large interaction volume of the X-ray beam in the probed material [START_REF] Morançais | Effet du grenaillage sur la durée de vie des aubes monocristallines de turbine[END_REF].

The aforementioned methods can be performed in a regular lab. The measured field resolution depends mainly on the spot sizes which ranges between a few millimeters to a few dozen micrometers (for micro-XRD). Also, the typical interaction volume depths are of the order of a few micrometers. Alternative methods such as micro-Laue diffraction provides residual stress and hardening diffraction with sub-micrometric resolutions when performed in a synchrotron [START_REF] Altinkurt | Local strain redistribution in a coarse-grained nickel-based superalloy subjected to shot-peening, fatigue or thermal exposure investigated using synchrotron x-ray laue microdiffraction[END_REF]. Using polychromatic beams, the full stress tensor can be recovered [START_REF] Hrishikesh | Polychromatic micro x-ray beam strain analysis of aluminum sapphire composite[END_REF] with an accuracy on the elastic strain measurement of 4.5 10 -5 [START_REF] Petit | Combining laue microdiffraction and digital image correlation for improved measurements of the elastic strain field with micrometer spatial resolution[END_REF].

Such measurement are however quite tedious and expensive as they require a synchrotron.

High angular resolution electron backscattered diffraction

EBSD relies on the analysis of diffraction patterns produced by an electron beam on a crystalline material. A stationary electron beam is projected on a crystalline material in a SEM. The electron beam diffracts on the different crystal lattice planes in every directions, producing diffraction cones (see Figure 2.13 (a)). These cones produce several bands on a phosphor screen, captured by a Charge-Coupled Device (CCD) sensor. The resulting pattern is usually called a Kikuchi diagram. Local elastic strains and rotations produce small shifts in the Kikuchi diagram. These shifts are only sensitive to deviatoric strains and cannot account for hydrostatic changes [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF]. It is therefore possible to retrieve the in-plane local rotation and deviatoric strain tensor by diffraction pattern cross-correlation with a reference pattern.

To relate those shifts with the residual elastic strain, a geometrical model has to be derived, such as the one derived by Maurice et al. [START_REF] Maurice | On solving the orientation gradient dependency of high angular resolution ebsd[END_REF]. If dX is a crystal lattice volume element, corresponding to the beam position S, it will be mapped by a point P on the screen by:

SP = r = αdX, (2.20)
as shown in Figure 2.14. If (x, y) are the coordinates of P on the screen and (X * , Y * , Z * ) the coordinates of the diffraction pattern center (PC) (the horizontal projection of the analyzed point), the gnomonic projection of a point on the screen can be expressed in the screen 3D reference frame as:

SP = (x p -X * , y p -Y * , Z * ) T . (2.21)
Accordingly, a volume transformed by F will be mapped to a point P on the screen by

SP = r = α dx = α F dX = r + q, (2.22)
where dx is the volume element in the transformed frame and q the shift vector.

Since every point on the screen has the same Z * with respect to the sample's coordinate . system, one can write

α dx • k = Z * , (2.23)
where k is the unit vector for the third coordinates in the screen 3D reference frame. Therefore, the transformation of r by F can be expressed as:

r + q = Z * F dX • k F dX. ( 2 

.24)

A possible approach to find F is to find the shift q between a stress-free reference pattern and the observed pattern using cross-correlation and to find F that minimizes the following cost function [START_REF] Maurice | On solving the orientation gradient dependency of high angular resolution ebsd[END_REF]:

V (F ) = N ZOI i=0 1 2 
Z * F .r i .k F .r i -r i + q i , (2.25)
where N ZOI is the number of zone of interest (e.g. subsample of the pattern) chosen for the cross-correlation.

Pionnered by Troost [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and further developed later by Wilkinson [START_REF] Wilkinson | High-resolution elastic strain measurement from electron backscatter diffraction patterns: New levels of sensitivity[END_REF], this method provides the local rotations and in-plane components of the local elastic strain tensor with an accuracy of 10 -4 [START_REF] Maurice | On solving the orientation gradient dependency of high angular resolution ebsd[END_REF]. The local stress tensor is recovered using Hooke's law given by Equation 2.6.

Historically, diffraction pattern cross-correlation was performed by the comparison of dif-ferent Zone Of Interest (ZOI), dividing a global Region Of Interest (ROI) chosen on each Kikuchi diagram. Cross-correlation consists in minimizing the differences between the deformed reference and the observed ROI.

HR-EBSD still presents some limitations, especially for measurements in polycrystals. Assumptions have to be made on the residual stress state of the reference point. In a singlecrystal, it is reasonable to assume a zero-stress state, far from the solicitation. However, such hypothesis cannot be made in a polycrystal, for which HR-EBSD however gives an accurate estimation of the local orientations and strain variations.

Also, as presented above, the pattern center position has a substantial influence on the estimated strain field and should therefore be determined with high accuracy. Conventional calibration techniques provide an estimation of the PC position within an accuracy of 0.5% of the pattern width, which could result in phantom strains of the order of 10 -3 [START_REF] Britton | Factors affecting the accuracy of high resolution electron backscatter diffraction when using simulated patterns[END_REF]. Several authors [104,[START_REF] Tanaka | Pattern matching analysis of electron backscatter diffraction patterns for pattern centre, crystal orientation and absolute elastic strain determination -accuracy and precision assessment[END_REF] proposed new PC calibration methods based on comparison with dynamically simulated patterns. In particular, Tanaka et al. [START_REF] Tanaka | Pattern matching analysis of electron backscatter diffraction patterns for pattern centre, crystal orientation and absolute elastic strain determination -accuracy and precision assessment[END_REF] used global optimization algorithm to obtain PC calibration within an accuracy of 10 -5 of the pattern width.

Finally, recovery of the full stress tensor is generally done by assuming plane stress conditions at the probed surface [START_REF] Wilkinson | High-resolution elastic strain measurement from electron backscatter diffraction patterns: New levels of sensitivity[END_REF]. Such an assumption can also be a source of errors, which could be negligible in most cases, as discussed by Hardin et al. [106].

Both diffraction methods therefore have their respective benefits and drawbacks. A comparison of the aforementioned methods can be found in Appendix A. Overall, HR-EBSD provides a better spatial resolution than micro-Laue diffraction and can be performed in a regular laboratory, even though it can only recover the stress variation relatively to a reference point.

The present work will therefore mainly focus on the use of HR-EBSD for residual stress measurements.

Geometrically Necessary Dislocation density estimations

Geometrically Necessary Dislocations (GND) (as opposed to Statistically Stored Dislocations (SSD)) designate the part of the total dislocation density that contributes to the lattice observed curvature at a given scale as schematized in Figure 2.15. Several methods based either on XRD or EBSD measurements can be found in the literature to estimate GND density variations. As GND estimations from EBSD measurement rely solely on the misorientation field, such estimation can be performed using the data already gathered for residual stress estimations. Therefore, only the EBSD based method will be detailed in the following.

General principle

Considering an arbitrary surface S in a metallic material intersecting several dislocations, as represented in Figure 2.16 (a), the resulting Burgers vector of the intersecting dislocations B is related to the individual dislocation Burgers vector b and line vector t as [START_REF] Nye | Some geometrical relations in dislocated crystals[END_REF]: where α is known as the Nye dislocation tensor. By restricting dislocation gliding to N slip systems, one can therefore write:

B = ¢ S t • ndS b = ¢ S α • ndS, (2.26) 
α = N s=1 ρ s b s ⊗ t s (2.27)
Recalling the decomposition presented in Section 2.2.2 and recalled in figure 2.16 (b), the resulting Burgers vector of an arbitrary contour Γ can also be obtained by integrating a contour in the intermediate configuration as:

B = Γ (F e ) -1 dx, (2.28)
which results in the following relationship:

α = curl((F e ) -1
).

(2.29)

For small strains, one can write [START_REF] Das | Consistent determination of geometrically necessary dislocation density from simulations and experiments[END_REF]:

(F e ) -1 = (I + β e ) -1 ≈ I -β e , ( 2.30) 
where β e is the displacement tensor, which results in:

curl(F e ) ≈ curl((F e ) -1 ) (2.31)
Using the polar decomposition, we then have:

α ≈ curl(F e ) = curl(R e U e ), (2.32) 
where R e and U e are respectively the rotation and stretch tensors. As previously mentioned, R e is therefore the crystal lattice measured by EBSD indexation. By combining equations 2.27 and 2.32, one can derive a direct relationship between the lattice stretch and rotations and the GND density as:

N s=1 ρ s b s ⊗ t s = curl(R e U e ) (2.33)
It is really important to note that ρ s in equation 2.33 is only the geometrically necessary part of the total dislocation density as it was obtained by integrating on an arbitrary surface at a given scale.

As classical EBSD only gives access to the lattice rotations, several authors [START_REF] Jiang | Evolution of intragranular stresses and dislocation densities during cyclic deformation of polycrystalline copper[END_REF][START_REF] Pantleon | Resolving the geometrically necessary dislocation content by conventional electron backscattering diffraction[END_REF][START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF][START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] neglect the elastic stretch contribution to the deformation gradient in equation 2.33 to es-timate the GND density distribution. As pointed out by Acharya et al. [START_REF] Acharya | An observation on the experimental measurement of dislocation density[END_REF] and further investigated by Mohamed et al. [START_REF] Mohamed | A statistical analysis of the elastic distortion and dislocation density fields in deformed crystals[END_REF] such estimation could lead to substantial errors in the estimation of the dislocation density tensor in the presence of residual elastic strains.

For FCC crystal structure, 18 slip systems are usually chosen (12 pure edge and 6 pure screw). As EBSD only provides in plane measurements, only five out of the nine components and the difference between two components of the Nye dislocation density tensor can be recovered [START_REF] Pantleon | Resolving the geometrically necessary dislocation content by conventional electron backscattering diffraction[END_REF]. Equation 2.33 therefore only provides five equations for the 18 unknowns GND densities in each system. To better condition the problem, an additional quantity is usually minimized, such as the GND line energy [START_REF] Pantleon | Resolving the geometrically necessary dislocation content by conventional electron backscattering diffraction[END_REF][START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF], the total dislocation density [114], or the dislocation vector L 2 norm [START_REF] Arsenlis | Crystallographic aspects of geometrically-necessary and statistically-stored dislocation density[END_REF].

Such method therefore only provides a lower bound of the GND density, as demonstrated by Kysar et al. [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF]. Also, as shown by Das et al. [START_REF] Das | Consistent determination of geometrically necessary dislocation density from simulations and experiments[END_REF], the choice of the quantity to minimize has only an influence on the GND density distribution in each system but not on the total GND density estimation.

Usual smoothing techniques

GND estimations rely on the misorientation field computed using the EBSD obtained crystal orientations. It is therefore highly sensitive to noise in the orientation field as it rely on its derivative. Several authors uses filters on the orientation map to overcome this issue [START_REF] Wright | Introduction and comparison of new ebsd post-processing methodologies[END_REF][START_REF] Hielscher | Denoising of crystal orientation maps[END_REF][START_REF] Seret | Estimation of geometrically necessary dislocation density from filtered EBSD data by a local linear adaptation of smoothing splines[END_REF].

Hielscher et al. [START_REF] Hielscher | Denoising of crystal orientation maps[END_REF] and Seret et al. [START_REF] Seret | Estimation of geometrically necessary dislocation density from filtered EBSD data by a local linear adaptation of smoothing splines[END_REF] compared the influence of several smoothing filters commonly used in the literature. Such methods usually result either in smoothing of the GND variations or apparition of blocky artefacts and spurious dislocation densities. Variational filters are the most promising as they rely on a formulation that is physically consistent with the filtered data. The general idea is to find a denoised field from the experimental field which minimizes a given energy functional relating the two. For instance, Seret et al. [START_REF] Seret | Estimation of geometrically necessary dislocation density from filtered EBSD data by a local linear adaptation of smoothing splines[END_REF] suggested to minimize a functional which combines both the difference between the filtered and non filtered maps as well as the lattice curvature. The filter successfully preserved artificially noised low angle boundaries and was successfully applied on experimental data.

Another approach is to filter the Kikuchi diagrams directly to get smoother orientation maps by ensuring consistency between neighbooring analyzed points. For instance, the Non-Local Pattern Averaging Reindexing (NLPAR) [START_REF] Brewick | Nlpar: Non-local smoothing for enhanced ebsd pattern indexing[END_REF] method consists in averaging each Kikuchi patterns with the neighboring pattern of the analyzed point. The method uses a weighted average which accounts for the similarity of one pattern with its neighbors to ensure that high misorientations would not be smoothened by the algorithm. Such method has the benefit to improve the indexation quality without altering the information and without producing spurious misorientation, as it acts directly on the diffraction pattern which can then be indexed using conventional methods.

NLPAR was originally developed in IDL language and provided open source on the author's github. This language requiring a paid licence, the code was re-implemented in python in the frame of the present work to compare different diffraction pattern analysis methods for GND estimations. The code is provided as open source for further studies 1 .

Dictionary indexing

Another way to improve EBSD indexation rate and obtain smoother orientation fields is to use alternative indexing methods. Indexation of Kikuchi pattern is typically performed by detecting the diffracted bands using the Hough transform [120]. Dislocations induce local lattice misorientations. When high dislocation densities are present, the observed Kikuchi diagram is an average of all the diagrams produced by all the crystal orientations present in the probed volume. This results in noisy diagrams in which the bands have less defined edges and are therefore harder to detect using the Hough transform.

Dictionary indexing [3] is an alternative indexing method which do not rely on band detection 1 https://github.com/simonBreumier/pyNLPAR Figure 2.17 Dictionnary indexing algorithm [3]. First a master pattern is generated using dynamical simulations. The master pattern is then used to generate a dictionnary of Kikuchi diagram representative of a sample of the orientation space. The experimental diagram is then compared to every pattern of the dictionnary using a dot product metric and the best match is chosen a the probed volume orientation.

to find the probed crystal volume average orientation. The method consists in generating a dictionary of dynamically simulated pattern for a given sampling of the orientation space. Each experimental diagram is then compared to each simulated diagram of the dictionary using a relevant metric (typically, the dot product of the two diagrams). The experimental point orientation is then chosen as the orientation of the simulated diagram which is the most similar to the experimental one. Finally, the material point orientation is refined by orientation subsampling close to the found solution. Figure 2.17 conveniently summarizes the different steps of the method.

The method was successfully applied on shot-peened aluminium alloy by Singh et al. [START_REF] Singh | High resolution low kv ebsd of heavily deformed and nanocrystalline aluminium by dictionarybased indexing[END_REF] and is also robust toward pattern similarities [START_REF] Burch | Mapping 180 • polar domains using electron backscatter diffraction and dynamical scattering simulations[END_REF] and pseudo-symmetries [START_REF] De Graef | Unambiguous determination of local orientations of polycrystalline cuinse 2 thin films via dictionarybased indexing[END_REF].

Dictionary indexing usually requires high computation time, even when parallelized on a GPU as each pattern has to be compared to the whole dictionary. Recently, spherical indexing was proposed as a much faster alternative to standard dictionary indexing first by Hielsher et al. [START_REF] Hielscher | Gazing at crystal balls -electron backscatter diffraction indexing and cross correlation on a sphere[END_REF] and then implemented by Lenthe et al. [START_REF] Lenthe | A spherical harmonic transform approach to the indexing of electron back-scattered diffraction patterns[END_REF]. The method relies on the comparison of the spherical harmonic transform of the experimental pattern projected on the Kikuchi sphere, and dynamically simulated Kikuchi sphere. The spherical transform being very fast to compute, the method provides near real-time indexing, depending on the discretization factor chosen.

These methods are therefore promising alternatives to the conventional Hough transform for EBSD map of highly deformed materials and could be used effectively for GND map estimations.

Constitutive theory parameters inverse identification

General principle

The identification of a constitutive theory's parameters p, in the admissible parameter space Θ of a constitutive law L, considering input solicitations y s , using observations y r consists in fact in finding:

p = argmin p∈Θ L p (y s ) -y r (2.34)
The identification is usually cast as a minimisation problem where the cost function measures the distance between experimental and numerical observations, by the use of optimization algorithms, such as:

• First order algorithms: Based on the calculation of the cost function first derivative. The best-known example is the steepest gradient descent algorithm for which the first derivative is used as the direction chosen for parameters choice at each step. Such algorithms are usually good for a first raw approach of the solution but does not converge very well when close to the solution.

• Second order algorithms: Based on the calculation of the cost function first and second derivatives. The best-known examples usually consist in the minimisation of the second order Taylor development of the cost function. The second derivative is usually approximated as it requires heavy calculations, unless it can be computed explicitly. For instance, the Levenberg-Marquardt algorithm uses the square product of the cost function's Jacobian to approximate the second derivative. Such algorithm converges in few steps with high precision, however they are not adapted for constrained optimization and are not adapted when starting far from the solution.

• Sequential quadratic programming: Based on successive minimization of the cost function using Lagrange multipliers. Constraints can be directly handled using such approach.

• Statistical algorithms: Based on a random choice of the parameters. The choice of the parameter statistical distribution is driven by the cost function values at each optimization step. The Monte-Carlo algorithm are one of the best-known examples.

Those methods usually require many estimation of the cost function. However, it does not require to calculate the function derivatives and covers the whole solution space, hence reducing the possibility to fall in local equilibriums.

• Mesh-based optimization algorithms: Based on a mesh covering the whole solution space. The cost function is computed on well-chosen points of the mesh, which is then refined, depending on the actual mesh performances. The Mesh Adaptive Direct Search [START_REF] Audet | Mesh adaptive direct search algorithms for constrained optimization[END_REF] algorithm is a good example of such approach. These algorithms usually converge in fewer steps than a probabilistic algorithm, without requiring derivative computations. However, they would generally require more steps to converge to the exact solution compared with a derivative-based approach.

Inverse problem conditioning

Observations generally vary by their nature (stress, strain...) and by their measurement accuracy: it is therefore necessary to perform identification on dimensionless variables and to account for uncertainties. Usual cost functions are defined as [START_REF] Richard | Towards a determination guided by the identifiability of the mechanical behaviour of materials by nanoindentation[END_REF] :

V (p) = 1 N v Nv o=1 No i=1 y o i (p) -y o e,i sc y o i 2 , (2.35)
where N v is the number of variables, N o is the number of observations for variable o, e is an index referring to experimentally observed variables, i the observation number and sc is a scale factor accounting for uncertainties computed as:

sc y o i = ∆y o e,i N o . (2.36)
Converging on a solution only implies that a solution exists. To ensure that such parameters will represent the material's behaviour for different solicitations than those used for identification, parameters also have to be [START_REF] Renner | To the identification of a single crystal plasticity law by topographic analysis of Berkovich nanoindentation imprints[END_REF]:

• Unique : only one set of parameters p will satisfy L p (y s ) = y r .

• Stable : the parameters p vary continuously with the data y r . A small variation δy r should only imply a small variation δp .

These conditions will ensure that the chosen set of parameters will remain relevant for different initial conditions. The uniqueness and the stability of the optimization problem highly depend on the observation fields chosen. For instance, Chen et al. [128] showed that two parameters of a power hardening law could lead to the same Berkovich indentation-induced load-displacement curve. Therefore, for this identification problem, the sole use of the loaddisplacement curve does not provide unicity of the coefficients. For the power hardening law, this issue was solved by performing indentification on both the load-displacement curve and the residual indentation topology [START_REF] Ma | Characterization of stress-strain relationships of elastoplastic materials: An improved method with conical and pyramidal indenters[END_REF].

Guery et al. identified the Meric-Cailletaud framework parameters for 316L austenitic stainless steel, using polycrystalline tensile tests. Both load-displacement curves and local DIC strain measurements were used for the identification. To ensure the stability and uniqueness of their solution, the authors plotted the cost function values obtained using different parameters, to reveal the global shape of the cost function. The study showed that two isotropic hardening coefficients and three interaction matrix parameters could be identified using such experimental outputs.

However, inverse identification procedures usually require time-consuming simulations which does not allow to plot the cost function evolution. In such case, when using second-order optimization algorithms, the values of the cost function second derivative close to the solution gives valuable information of the solution stability and uniqueness. Indeed, it provides information on the cost function convexity. Richard et al. [START_REF] Richard | Towards a determination guided by the identifiability of the mechanical behaviour of materials by nanoindentation[END_REF] suggested to use an identification indicator I, defined as:

I = log 10 λ max λ min , ( 2.37) 
where λ max and λ min are the eigenvalues extrema of the approximated dimensionless hessian matrix close to the solution, defined as:

H ij = T t=0 ∂y(t) ∂p i ∂y(t) ∂p j , ( 2.38) 
where ∂y(t) ∂p i is the sensitivity of the observable y to the parameter p i and T is the number of acquisition points. The overline notation designates dimensionless quantities. This indicator can therefore be visualized as the ratio between the two axes of the ellipse of the cost function close to the solution. This is therefore a local indicator of the solution stability and unicity.

According to Richard et al. [130], a value of I < 2 is representative of a good conditioning of the inverse problem. However this value should not be taken as an absolute reference as it remains a local approximation of an ideal case.

Also, careful analysis of the sensitivities individual tendency should be carried out before Figure 2.18 Influence of noise on the identifiability index. Variation of the sensitivity of an observed field y toward two parameters p 1 and p 2 with respect to time. Noise on the sensitivity variations to p 2 artificially decorelates the influence of the two parameters.

interpreting the value of I as it is highly sensible to noise. To understand this, consider the situation represented in Figure 2.18. The figure represents the evolution of the sensitivity of an observable y toward two parameters p 1 and p 2 with respect to time. Identification of such parameters using y as an observed field would obviously not be a well conditioned inverse problem as a given variation of the two parameters result in the same average variation of the observable. There is therefore a strong colinearity of the two sensitivity vectors. However, the strong noise observed on the variations of ∂y(t) ∂p 2 artificially decorelates the influence of the two coefficients. Such effect could result in lower values of I as it represents the multicollinearity of the studied coefficients. In this case, the low value of I would therefore not be related to a well conditioning of the problem and should therefore be considered with great care. To better understand how I works and the influence of different parameters on its value, the reader is invited to read the Jupyter notebook implemented during this work2 . This indicator was used in the research project of E. Renner [START_REF] Renner | To the identification of a single crystal plasticity law by topographic analysis of Berkovich nanoindentation imprints[END_REF]. This work focused on the identifiability of the Meric-Cailletaud crystal plasticity framework parameters using Berkovich indentation on nickel single crystals. The author identified the constitutive law parameters using the residual Berkovich indent topology measured by Atomic Force Microscopy (AFM) for several crystal orientations. Use of the I indicator revealed that the combination of two topologies obtained for different crystal orientations could lead to better uniqueness and stability of the nine Meric-Cailletaud parameters in a single identification procedure compared with the sole use of load-displacement curves.

The use of such indicators is therefore of crucial importance to assess the relevance of the observed output and the quality of the obtained solution.

Conclusion of the literature review

Only few works attempted to predict shot peening induced residual stress and hardening at the grain scale using CPFE calculation. Castro Moreno et al. [START_REF] Moreno | Shot peening fem simulation: A novel approach based on crystal plasticity[END_REF] showed that the intragranular stress distribution depended on the initial material microstructure. Rousseau et al. [START_REF] Rousseau | Modélisation multi-échelle de la modification de structure d'un alliage à base de nickel soumis à de très fortes déformations plastiques en surface[END_REF] revealed that classical CPFE framework could predict hardening gradients induced by the process. Musinski et al [START_REF] Musinski | On the eigenstrain application of shot-peened residual stresses within a crystal plasticity framework: Application to ni-base superalloy specimens[END_REF] demonstrated that intragranular stress distribution could influence the stress relaxation over the cycles. However, the following limitations arise from the aforementioned works:

The influence of the initial crystal orientations on the induced microstructural changes and residual stresses at the grain scale was not yet assessed. Castro Moreno et al. [START_REF] Moreno | Shot peening fem simulation: A novel approach based on crystal plasticity[END_REF] studied the influence of the initial microstructure on the intragranular stress distiribution, however their work was purely numerical. Also, the authors did not investigate initially textured microstructures. This could provide insights in the influence of crystal plasticity anisotropy on the induced residual stress field when peening textured or coarse grain structures such as welded or additive manufactured parts [START_REF] Fonda | Texture variations in an aluminum friction stir weld[END_REF][START_REF] Meo | Finite element analysis of residual stress induced by shot peening process[END_REF].

The influence of the initial treated part geometry on microstructural evolution at the grain scale was not yet assessed.

Recently new approaches have been developed to predict the shot peening induced residual stresses and hardening on complex geometries [START_REF] Gelineau | Residual stress field prediction in shot peened mechanical parts with complex geometries[END_REF]. Several authors investigated the influence of the initial geometry on the global material's properties [START_REF] Klotz | Effects of rolled edges on the fatigue life of shot peened inconel 718[END_REF][START_REF] Sun | Fatigue behavior of Ti-17 titanium alloy subjected to different laser shock peened regions and its microstructural response[END_REF][133][START_REF] He | Effects of shot peening on short crack growth rate and resulting low cycle fatigue behaviour in low pressure turbine blade material[END_REF]. However the link between such properties and the microstructural evolution at the grain scale was not assessed. This would provide additional arguments to model the process at the grain scale.

Previous studies used CPFE frameworks identified on Split Hopkinson Pressure Bar (SHPB) tests which do not represent the material's surface behavior and

do not entirely reach shot peening induced strain rates. Several authors developed crystal plasticity parameters identification procedure at local scales using either DIC [START_REF] Gérard | Modeling of latent hardening produced by complex loading paths in fcc alloys[END_REF][START_REF] Guery | Identification of crystal plasticity parameters using dic measurements and weighted femu[END_REF] or nanoindentation [START_REF] Renner | Identifiability of single crystal plasticity parameters from residual topographies in berkovich nanoindentation on fcc nickel[END_REF]. However such tests can mainly be performed at low strain rates. The recent development of high strain rate microcompression experiments [START_REF] Guillonneau | Nanomechanical testing at high strain rates: New instrumentation for nanoindentation and microcompression[END_REF] allows to perform such local tests at strain rates up to 10 3 s -1 . The well-posedness of the identification problem will however need to be assessed before identification to ensure that such test is rich enough to provide insights in the role of each coefficient on the material's behavior. The identifiability index proposed by Richard et al. [130] as well as thorough analyses of the sensibility of the pillar stress strain curves to each coefficients could assess that such test is relevant for identification.

No experimental validation of the predicted residual stress distribution was provided in those studies: therefore the relevance of using classical crystal plasticity framework to model the process has not yet been assessed, nor was their capacity to predict impact induced residual stress distribution. Rousseau et al. [START_REF] Rousseau | Modélisation multi-échelle de la modification de structure d'un alliage à base de nickel soumis à de très fortes déformations plastiques en surface[END_REF] selected one of the impact dent produced by a shot peening treatment and compared the induced in-depth hardening to that predicted by simulations. However this methodology does not provide control on the impact conditions (velocity, angle, shot diameter). Also, measurement of these conditions is subjected to errors given the large number of impacts involved in the treatment. Single impact tests would provide such conditions, however, very few authors developed accurately controlled impact experiments that fits the industrial process conditions [START_REF] Ekström | Experimental investigation of the strain rate dependence of ss2506 gear steel[END_REF][START_REF] Murugaratnam | A refined numerical modelling techniquefor shot peening[END_REF]. Also, such validation would require to estimate the residual stresses under the impact dent. Recent development in HR-EBSD could provide such measurements that could be compared to finite element simulations [START_REF] Britton | Assessing the precision of strain measurements using electron backscatter diffraction -part 2: Experimental demonstration[END_REF]139].

The objectives of the present work are therefore the following:

1. Provide additional evidences of the relevance to predict the induced residual stresses and hardening at the grain scale.

2. Propose a methodology to identify CPFE behaviour at high strain rate and at the surface scale.

3. Develop tools to validate CPFE models using various experimental fields under the process conditions.

The project was therefore divided in the following parts summarized in Figure 2.19:

• Validation of the possibility to compare HR EBSD and CPFE stress output under spherical loading and study the influence of crystal orientation on the induced residual stress.

• Study of the subsurface microstructural evolutions induced by shot peening on non linear geometry to develop tools for microstructural characterization using different EBSD analysis techniques and assess the link between microstructural evolutions and the treated part geometry.

• Proposition of a CPFE model identification methodology at the surface scale using high strain rate micropillar experiments.

• Development of a shot peening canon to perform controlled shot experiments for the validation of the previously identified CPFE models using HR-EBSD residual stress and GND density estimations under single shot impacts.

• Exploring the possibility to use estimated HR-EBSD stress fields and impact displacement curve not just as a validation tool but to refine the identified coefficients.

In this thesis, it was assumed that accurate modeling of the material's response when subjected to shot peening could be achieved by considering only thermally activated phenomena e.g. using the Meric-Cailletaud framework with the classical Norton viscoplastic law. Indeed, the highest strain rate induced by the impacts are only restrained to a very small volume.

Also, it was assumed that the impact induced wave's pressure is small enough not to induce dislocation burst at sources, as such microstructural evolutions has not yet been reported for conventional SP.

Finally, copper was chosen to develop the identification and validation methodology as:

• It does not mechanically twin or exhibit phase changes during impact making dislocation glide the main plastic deformation mechanism. [START_REF] Kattoura | On the ultra-high-strain rate shock deformation in copper single crystals: multiscale dislocation dynamics simulations[END_REF] • It is a fairly well-known single-phased FCC material with well-identified coefficients for the Meric-Cailletaud CPFE framework [1,2].

• It is a heavy material (atomic mass: 63,546 u) which therefore diffracts well and provides high quality EBSD diffraction patterns. The objective of the first two chapters was to assess the importance of modeling the process at the crystal scale for the prediction of both the residual stresses and the hardening. The next two chapters aim at developing tools for the choice of the most relevant crystal plasticity model as well as methods to obtain their constitutive parameters in the process conditions. Finally the last chapter will focus on the development of a shot peening canon to validate the previously identified model.

Introduction

Residual surface compressive stresses are known to significantly increase metallic alloys fatigue life, corrosion resistance and wear properties. Such stresses often result from plastic strains induced by impact mechanical surface treatments such as shot-peening. Predicting the residual stress field resulting from a given manufacturing process is challenging since numerous parameters must be accounted for: process parameters, material behavior, geometry, environment etc.

Very few authors have attempted to simulate shot impacts on models where grains are explicitely represented and where crystal plasticity constitutive laws are used [START_REF] Musinski | On the eigenstrain application of shot-peened residual stresses within a crystal plasticity framework: Application to ni-base superalloy specimens[END_REF][START_REF] Moreno | Shot peening fem simulation: A novel approach based on crystal plasticity[END_REF]140]. The prohibitive computational time required to run such simulations and the challenges associated with measuring intragranular residual stresses might explain why such fundamental work has seldom been attempted.

Kobayashi et al. [START_REF] Kobayashi | Mechanism of creation of compressive residual stress by shot peening[END_REF] used X-Ray diffraction measurements to show that the in-depth residual stress profiles produced on steel polycrystals by impact and quasi-static indentation were different. However, the spherical impacter and indenter they used had diameters of 50 mm and 75 mm, which is much larger than typical shot whose diameters can range from 0.1 mm to 2 mm [START_REF] Nordin | Measuring shot peening media velocity by indent size comparison[END_REF]. Juran et al. [START_REF] Juran | Investigation of indentation-, impact-and scratch-induced mechanically affected zones in a copper single crystal[END_REF] used Electron BackScattered Diffraction (EBSD) measurements to demonstrate that the orientation gradients produced on a single crystal by a 2.5 mm diameter ball impact at 100 m s -1 and spherical indentation are similar, for similar imposed loads. The strain rate involved in their study was about 100 s -1 , which is lower than usual shot peening strain rates, ranging from 10 4 s -1 to 10 6 s -1 [START_REF] Meguid | 3D finite element analysis of peening of strainrate sensitive materials using multiple impingement model[END_REF]. However, these results suggest that the local residual stress field induced by spherical indentation could be used to estimate that induced by a shot impact.

Single crystals plastic flow resulting from indentation has been widely investigated in the past twenty years. Most researches investigated the so-called size-effect in metals [114,142], or developed inverse methods to identify crystal plasticity parameters [START_REF] Alcalá | Extracting uniaxial responses of single crystals from sharp and spherical hardness measurements[END_REF][144][START_REF] Petryk | On direct estimation of hardening exponent in crystal plasticity from the spherical indentation test[END_REF]. Other work also focused on the single crystal indentation-induced strain mechanisms by analysing either the pile-up/sinking-in patterns [2,[START_REF] Alcalá | The influence of plastic hardening on surface deformation modes around vickers and spherical indents[END_REF][START_REF] Liu | Indentation analysis of mechanical behaviour of torsion-processed single-crystal copper by crystal plasticity finite-element method modelling[END_REF] or EBSD-measured crystal misorientation fields [START_REF] Zaafarani | Three-dimensional investigation of the texture and microstructure below a nanoindent in a cu single crystal using 3d ebsd and crystal plasticity finite element simulations[END_REF]. In particular, the orientation-dependent behaviour of such strain mechanisms has been widely studied [START_REF] Liu | Indentation analysis of mechanical behaviour of torsion-processed single-crystal copper by crystal plasticity finite-element method modelling[END_REF]149]. Similar studies on bicrystal have also been conducted to study the particular mechanisms induced near grain boundaries [START_REF] Liu | Crystal plasticity fem study of nanoindentation behaviors of cu bicrystals and cu-al bicrystals[END_REF][START_REF] Su | Quantifying deformation processes near grain boundaries in alpha titanium using nanoindentation and crystal plasticity modeling[END_REF][START_REF] Dahlberg | Geometrically necessary dislocation density measurements at a grain boundary due to wedge indentation into an aluminum bicrystal[END_REF].

Fewer works focused on the residual stress field induced by indentation. Zheng et al [START_REF] Zeng | Residual stress fields at the surface of sharp pyramid indentations[END_REF] proposed an analytical model to predict the residual stress field produced by pyramidal indentation on silica. Boyce et al [START_REF] Boyce | The residual stress state due to a spherical hard-body impact[END_REF] evaluated the residual stress field produced by a spherical impact on a Ti-6Al-4V polycrystal using X-ray diffraction and compared their experimental results to finite element simulations reproducing the same experiment. However, to the best of our knowledge, no work studied the in-depth residual stress field induced by indenting a single crystal.

High Resolution EBSD (HR-EBSD) [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF][START_REF] Wilkinson | High-resolution elastic strain measurement from electron backscatter diffraction patterns: New levels of sensitivity[END_REF] has been extensively used in the literature to measure local elastic strains [START_REF] Maurice | On solving the orientation gradient dependency of high angular resolution ebsd[END_REF], with high accuracy. Britton et al [START_REF] Britton | Assessing the precision of strain measurements using electron backscatter diffraction -part 2: Experimental demonstration[END_REF] measured the residual elastic strain field around an imprint performed by pyramidal indentation on silicon using the HR-EBSD technique. They compared their measurements to Crystal Plasticity Finite Element (CPFE) simulations and obtained elastic strain fields with similar shapes and magnitudes. However, their study only provided surface measurements and no study of the in-depth residual stress field was provided.

This chapter investigates the residual stress field generated by spherical indentations on single crystals and was published in the Materials & Design journal [START_REF] Breumier | Effect of crystal orientation on indentation-induced residual stress field: simulation and experimental validation[END_REF]. The study builds on the experimental work of Juran et al. [START_REF] Juran | Investigation of indentation-, impact-and scratch-induced mechanically affected zones in a copper single crystal[END_REF], more specifically on a <001> indented copper single crystal. Residual stress fields quantified by HR-EBSD are successfully compared to those predicted by CPFE simulations. CPFE simulations are further used to investigate the crystal orientation and repeated indentations effects on the subsurface residual stresses.

The chapter is organized as follows: the main theories and experimental methods we relied on are described in section 3.2. The Finite Element model used is presented in Section 3.3.

The numerical model experimental validation, predicted indentation results for single indentations on different orientations and repeated indentations on the same crystal are detailed in Section 3.4. Finally the results are discussed in Section 3.5.

Background

Spherical indentation on a copper single crystal

The experimental data used in this work was extracted from the spherical indentation test presented in the work of Juran et al. [START_REF] Juran | Investigation of indentation-, impact-and scratch-induced mechanically affected zones in a copper single crystal[END_REF] and is briefly recalled here for the sake of completeness. The copper single crystal was produced by directional solidification using a standard zone melting method based on a horizontal Bridgman-type apparatus. The samples were cut by electric discharge machining into parallelepiped-shaped specimens and mechanically polished. A final electro-polishing step removed remnants of mechanical hardening due to prior polishing. The indented surface was {100} oriented along the surface normal. The indents were performed using a load-controlled standard Brinell Hardness set-up with a 2.5 mm ball diameter indenter. The maximum indentation load was 100 N.

High Angular Resolution EBSD measurements

The analysis presented in this work was performed using an EBSD pattern iterative remapping algorithm and finite strain theory, as explained in Maurice et al. [START_REF] Maurice | On solving the orientation gradient dependency of high angular resolution ebsd[END_REF].

In-depth EBSD measurements were performed using a Zeiss supra 55-VP Field Emission Gun (FEG) Scanning Electron Microscope (SEM) operated at 20 kV with a probe current of 2 nA.

The EBSD analysis was carried-out using an HKL system (Oxford instrument) composed of NordlysII camera and the Channel 5 software suite.

Crystal plasticity framework

The single crystal constitutive behavior was modeled using the Meric-Cailletaud large-strain formulation crystal plasticity framework [1] detailed in section 2.2.2.

The coefficients used in the finite element analysis for copper are those identified by Meric et al. [1] and recalled in Tables 3.1, 5.3 and 5.4.

Finite element analyses

Finite Element Analyses were performed using ABAQUS Finite Element software to solve the global mechanical equilibrium. Z-set Finite Element software was coupled to ABAQUS to integrate the crystal plasticity constitutive law described in section 2.2.2.

The copper sample was modeled as a parallelepiped divided in two regions, as shown in The substrate was meshed with 3D hexahedric linear reduced integration elements (C3D8R) using an updated lagrangian formulation. Reduced integration was used to avoid locking effects resulting from plastic incompressibility [START_REF] Giannakopoulos | Analysis of vickers indentation[END_REF]. Few mesh instabilities (e.g. hourglass effect) were observed and were corrected using a low hourglass stiffness (1 MPa). The mesh size was determined through a convergence study based on the residual stress field (see Appendix B). The converged element size was taken as 28 µm in the contact zone. The chosen mesh density also ensured that the maximum contact radius was composed of at least 10 elements.
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The indenter was modeled as a rigid half-sphere meshed with tetrahedral elements. A penalty algorithm was used for the contact, which was considered frictionless. Simulations with different friction coefficients were also performed and led to similar residual stress fields (see details in Appendix B).

The simulations were performed in three steps. (i) First, the indenter was moved (displacementcontrol) toward the substrate along the y-axis down to a depth of 40 µm. This corresponds to the experimental maximum indentation depth. (ii) The indenter was gradually removed from the contact surface to simulate unloading, following the y-axis. (iii) Finally, half the substrate's elements (with coordinates z>0 mm) were deactivated to model the sample's cutting. All displacements were blocked at the bottom of the parallelepiped through all the steps (U x = U y = U z = 0). This reproduces the experimental boundary conditions, as the sample was stuck on a sample holder before indentation.

To recover the experimentally measured macroscopic behavior, the choice was made to vary only the critical resolved shear stress parameter R 0 . This choice allows to retrieve the experimentally imposed load for a given indentation depth, without altering the simulated material's hardening behavior. The indent size as a function of the indentation force was plotted for several R 0 and compared to the experimental values obtained for the numerous indentations reported by Juran et al. The indent diameter is defined as the largest dent dimension along the x-axis. 

Results

Numerical predictions comparison with experimental data

Figure 3.4 shows the simulated indentation imprint highlighted by the contact pressure field at maximum indentation depth. This imprint is compared to that experimentally measured. Both experimental and numerical imprints are square-shaped, as in the work of Juran et al, and have similar dimensions. It can however be noted that the experimental imprints present a rounder shape than the predicted one. Figure 3.5 shows the experimentally measured and predicted σ xx residual stress field over the specimen's cross-section after cutting. Please note that a zero-centered color scale was chosen for all the residual stress fields presented in this study to better emphasize the relative importance of tensile and compressive stresses. Figure 3.5 shows that the HR-EBSD method can capture local stress variations within the crystal. Figure 3.6 presents residual σ xx profiles taken along two path located 70 µm and 493 µm below the surface for both simulation and experiment. This comparison suggests that there is a reasonable agreement between the experimentally measured and predicted residual stress fields. The measured residual stresses are more compressive under the surface at the indent center (x = 0 mm) than those predicted. A large tensile zone is present below the indent, for both the simulation and the experiment. These observations suggest that our simulation methodology is sufficiently robust to further investigate the crystal's orientation effect on the residual stress field during an indentation test, at least qualitatively. The volume fraction f t of elements for which the first stress invariant was positive in the refined mesh zone within the first 200 µm under the surface was computed as: where

Influence of crystal orientation on the residual stress field resulting from a single indent

f t = Ne i=0 A i V i V tot , ( 3 
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A i =    1 if tr(σ) 3 ≥ t 0 if tr(σ) 3 < t . (3.2)
N e is the number of elements in the first 200 µm below the surface, V i the i-th element volume and V tot the total volume of material from the sample's surface down to 200 µm below the surface. t is a threshold filtering low stress values (taken as 20 MPa). The first stress invariant (i.e. the trace of the stress tensor) was used as an indicator since it does not depend on the crystal orientation axes. direction is confined, almost uniformly, close to the surface, when the indentation direction shifts toward the [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] direction. This is particularly emphazised in Figure 3.10 that reports the in-depth stress profile taken at the indentation center for three different orientations.

For the sake of clarity, the curves presented in Figure 3.10 were smoothened to remove discretization-induced oscillations using a gaussian filter as:

Γ f iltered (x) = ¢ ∞ -∞ Γ(x -t) 1 s √ 2 e -(t-µ) 2 2s 2 dt, (3.3) 
where Γ f iltered and Γ are respectively the filtered and the raw curves, and s and µ are the gaussian parameters (taken as µ = 0 and s = 4).

Figure 3.10 shows that, as the orientation approaches the [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] direction, both the compressive and the tensile residual stress zones reach lower extrema. The tensile stress zone tends to get narrower, as the compressive stress zone extends to a larger zone closer to the surface. 

Stress redistribution after several indentations

The residual stress fields produced after each of the five indents are presented in Figures 3.11 and 3.12 for samples indented in the [001] and [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] direction, respectively.

A tensile residual stress zone is still present underneath the indented surface for the [001] oriented sample after five indents. By opposition, the residual stress field predicted after indenting in the [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] direction is purely compressive, and more compressive than that predicted for the [001] orientation. The depth where compressive residual stresses can be found is also deeper for the [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] oriented sample. in the HR-EBSD pattern center coordinates, or in the reference pattern stress, could for instance lead to such bias [START_REF] Maurice | On solving the orientation gradient dependency of high angular resolution ebsd[END_REF][START_REF] Villert | Accuracy assessment of elastic strain measurement by ebsd[END_REF]. Also, small misalignments of the cutting plane with the indentation center could also contribute to such bias. This could also result from the simplicity of the procedure used to simulate sample's cutting: the numerical procedure assumes that no residual stresses have been generated through the cutting process.

Discussion

Our model predicted a significantly spread tensile residual stress zone after spherical indentation, whose size depends on the crystal orientation. A tensile zone after dynamic impact has been reported before in the literature for large diameter balls by Kobayashi et al. [START_REF] Kobayashi | Mechanism of creation of compressive residual stress by shot peening[END_REF]. The authors performed quasi-static spherical indents and impacts on a steel polycrystal. Only impact tests led to subsurface tensile residual stresses in their study. According to the authors, the tensile residual stress zone resulted from plasticity mechanisms brought by stress waves propagation and high strain rates. In our case, these residual stresses result from the anisotropic nature of crystal plasticity, as it has not yet been revealed using homogeneous macroscopic isotropic constitutive models.

Figures 3.11 and 3.12 showed that the volume of tensile residual stresses decreases with an increasing number of indents. However, these figures also suggest that there is a link between the relative volume of tensile and compressive residual stresses produced after one and several indents. The larger tensile stresses volumes after one indent result in shallower compressive stresses and a more heterogeneous stress field after several indents. For grains whose dimensions are close to the contact radius, or for textured microstructures, the residual stress state of a treated material could therefore highly depend on its initial microstructure orientations.

Figure 3.8 showed that grains with orientations close to <001> have a higher probability to present subsurface tensile residual stresses. By opposition, indentation on grains with orientations close to the center of the IPF should exhibit larger compressive stresses volumes. Knowing the initial microstructure orientations, the IPF map of f t and f c can therefore provide insights in the shot-peening induced residual stress field heterogeneities and residual compressive stress depth. This orientation-dependent behavior could therefore have consequences for surface treatments involving spherical impacts on polycrystals with a coarse grain structure or with a particular texture. This could be particularly the case for the shot peening of welded zones [START_REF] Fonda | Texture variations in an aluminum friction stir weld[END_REF][START_REF] Meo | Finite element analysis of residual stress induced by shot peening process[END_REF].

Works performed by Chen et al. [START_REF] Chen | Influence of shot peening on surfacelayer characteristics of a monocrystalline nickel-based superalloy[END_REF] showed that this effect is also present after multiple impacts on a different material. The authors shot-peened a nickel-based superalloy single crystal along the [001] and [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] orientations at 80% and 400% coverage. Their work showed that compressive residual stress intensities decreased in the [001] single crystal, when compared to that in [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] oriented single crystal, even after a 400% coverage. Their results corroborate the results we presented in this paper. Future work will focus on the study of this orientation-dependent behaviour for materials which are known to present particular textures and for dynamic impacts.

Conclusion

The objective of this work was to investigate the residual stress field generated by spherical indentations on a single crystal and to assess the relevance of CPFE for mechanical surface treatment simulations. The main contributions are as follows:

• HR-EBSD observations revealed a large tensile residual stress zone after spherical indentation on a [001] oriented single crystal copper.

• A spherical indentation CPFE procedure using Meric-Cailletaud's crystal platicity framework was developed. A good agreement was found with HR-EBSD observations in terms of residual stresses.

• Single indentation simulations in 43 different crystal orientations revealed that the tensile and compressive stress fields highly depend on the initial crystal orientation. Indentation close to the [001] orientation lead to more tensile stresses and less compressive stresses than for any other crystal orientations. Conversely, more compressive stresses and less tensile stresses were found when indenting close to the [START_REF] Hu | Strain rate effects on the plastic flow in submicron copper pillars: Considering the influence of sample size and dislocation nucleation[END_REF] orientation.

• Simulations of five successive indentations in the [001] and [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] directions showed that there is a link between the volume of tensile and compressive stresses induced by one and several indents. More tensile stresses and less compressive stresses produced by one indent leads to shallower compressive stresses and a more heterogeneous stress field after five indents.

Accounting for crystal plasticity anisotropy when simulating surface treatments could therefore reveal local tensile residual stresses and local stress heterogeneities in favorably oriented crystals. Provided that the grain sizes are sufficiently large, the initial material microstructure could therefore have an influence on shot peening efficiency. This conclusion should naturally depend on the shot-peening parameters. Stress heterogeneities revealed by this study could affect the fatigue life prediction of shot-peened parts. Local tensile stresses could favor crack propagation during fatigue. Shallower compressive stresses than those expected using macroscopic isotropic laws could result in overestimations of shot-peened part's fatigue life.

This analysis should be conducted with one and several high velocity impacts to validate its conclusions on real engineering mechanical surface treatments. CPFE simulations for strain rates close to those encountered in shot peening will require the development of new constitutive law identification methodologies at small scale, as presented in Chapter 5.

Data availability

The raw data required to reproduce these findings cannot be shared at this time as all experimental results were extracted from the work of Juran et al. [START_REF] Juran | Investigation of indentation-, impact-and scratch-induced mechanically affected zones in a copper single crystal[END_REF]. However, finite element result files, simulation input files as well as meshing tools used for this study can be found at https://zenodo.org/record/2550820 and can be reused.

Introduction

Several works focused on the application of shot-pening models on complex geometries for industrial applications. Most of these approaches assumed that shot peening involved similar strain mechanisms in a flat sample than in a complex geometry. For instance, Gallitelli et al. [START_REF] Gallitelli | Simulation of shot peening: from process parameters to residual stress fields in a structure[END_REF] modeled the shot peening of a spur gear by computing the residual stress field induced by single impacts of different velocities. These fields were then introduced in the geometry using the eigenstrains method, following an impact velocity field predicted by a discrete element model.

Shot peening of geometric singularities, such as sharp corners or holes, can induce a bulge at the border of the treated part. This situation results from the peened material's stretching and rolling over the sharp corner onto the orthogonal face. As the material rolls onto itself, these bulges are often referred to as rolled edges or "elephant-tails". The influence of such rolled edge on fatigue life has been investigated by a few authors both in low cycle fatigue (LCF) and high cycle fatigue (HCF) regimes. Klotz et al. [START_REF] Klotz | Effects of rolled edges on the fatigue life of shot peened inconel 718[END_REF] and Sun et al. [START_REF] Sun | Fatigue behavior of Ti-17 titanium alloy subjected to different laser shock peened regions and its microstructural response[END_REF] investigated the influence of the initial edge geometry on the fatigue life of shot peened parts respectively for the Inconel 718 alloy and the Ti-17 alloy. Differences in crack initiations were related by both studies to rolled-edges acting as local stress concentrators resulting in a shorter fatigue life. In particular, Sun et al. [START_REF] Sun | Fatigue behavior of Ti-17 titanium alloy subjected to different laser shock peened regions and its microstructural response[END_REF] revealed that significant rolled edges could result in a shorter fatigue life than that of an unpeened specimen. He et al. [START_REF] He | Effects of shot peening on short crack growth rate and resulting low cycle fatigue behaviour in low pressure turbine blade material[END_REF] and You et al. [START_REF] You | Low cycle fatigue life prediction in shot-peened components of different geometries -part ii: life prediction[END_REF] also showed that removing the rolled-edge by grinding would improve the sample's LCF life. Understanding rolled-edges formation and material properties is therefore crucial as it could cancel all the beneficial effects of the process.

Apart from such geometrical effect, the material's mechanical properties induced in the rolled edge were scarcely investigated. Sun et al. [START_REF] Sun | Fatigue behavior of Ti-17 titanium alloy subjected to different laser shock peened regions and its microstructural response[END_REF] performed finite element simulations of laser shock peening (LSP) on a specimen edge. The authors found that rolled edges presented larger plastic strains and higher compressive stress values as the laser shock waves interacted with the sample edges. Such result was however not confirmed experimentally, nor reported for conventional shot peening, for which shock wave intensities are negligible when compared to those occurring during LSP. A modified microstructure and hardening state could play a crucial role in the material's local hardness, mechanical properties or corrosion resistance, thus possibly impacting the material's fatigue life.

Advances in the past thirty years in electron backscattered diffraction (EBSD) characterization methods could provide insights on such heterogeneous hardening. Wright et al. [START_REF] Wright | Introduction and comparison of new ebsd post-processing methodologies[END_REF] introduced alternative indexing methods such as dictionary indexing (DI) to perform EBSD observations on surfaces producing noisy diffraction patterns. Also, as demonstrated by Pantleon et al. [START_REF] Pantleon | Resolving the geometrically necessary dislocation content by conventional electron backscattering diffraction[END_REF], misorientation maps generated by EBSD can provide an estimate of the GND density distribution. Such estimations could provide insights in the work hardening gradients resulting from surface process treatments.

Other hardening sources could contribute to the material's mechanical properties, such as the Hall-Petch effect or precipitate hardening. Tumbajoy-Spinel et al. [6] combined nanoindentation testing, micropillar compression and kernel average misorientation (KAM) maps to decorrelate the effect of each hardening contributions on micro-percuted surfaces. As pointed out by the authors, instrumented nanoindentation testing provides a local estimate of the material's hardening gradients considering all the contributions. Such test could therefore be combined with EBSD GND estimations to decorrelate work hardening from other sources.

The objective of this work is to characterize the differences in microstructure and hardening induced in a rolled edge compared to a reference flat shot peened surface. This work was performed in collaboration with Safran Tech and was submitted for publication in the Journal of Materials Processing Technology [START_REF] Breumier | Microstructural and mechanical characterization of a shot peening induced rolled edge on direct aged inconel 718 alloy[END_REF].

First, microstructural evolutions in the rolled edge were characterized using EBSD with DI. GND densities were estimated using the method described by [START_REF] Pantleon | Resolving the geometrically necessary dislocation content by conventional electron backscattering diffraction[END_REF]. The ability of DI, when compared with the usual Hough indexing, to extract misorientation in the shot peened zone was investigated. DI was then used to compare the rolled edge hardening state with a shot peened reference taken at the sample center. Finally, GND density variations were related to instrumented nanoindentation measurements to assess the differences in mechanical properties in the rolled edge zone due to work hardening.

Materials and methods

Sample preparation

Inconel 718 direct aged parallelepipedic samples with sharp edges and a section measuring 0.5 mm×15 mm were shot peened with a 22.5 mmA intensity and a 400% coverage using the set-up schematized in surface fully conductive, using a Leica ACE600 high vacuum sputter coater. The coating limited electron beam drifting when observing the sample's extreme surface during EBSD acquisition.

EBSD analysis

Pattern acquisition

The EBSD acquisition was performed using a Zeiss Merlin equipped with a field emitting gun (FEG) Gemini 2 column. EBSD patterns were captured using a Brucker e-FlashFS camera with a 70 • tilt angle at 20 kV acceleration voltage, 20 nA probe current and a 150 nm step. The pattern resolution was 160×120 (4×4 binning) and six patterns were averaged for each measured point to reduce noise. Only the austenitic face-centered cubic matrix γ was indexed.

Two EBSD maps were successively captured at the rolled edge and from the rolled edge to the sample's flat part to observe the full property gradient induced close to the sample's border. A third map was also performed in the sample's bulk to compare the surface properties with the non-peened material reference.

Dictionary indexing

Indexation of the Kikuchi pattern is classically performed by detecting the pattern's bands using the Hough transform. However, this technique usually fails to characterize severe plastic deformations as it usually results in noisy patterns, making band detection difficult. Dictionary indexing is based on the comparison of a diffracted pattern with dynamically simulated patterns generated from an orientation subspace. Since it does not rely on band detection, it is therefore more robust toward noise induced by large plastic deformations.

Diffraction patterns were indexed using the dictionary indexing (DI) methods implemented in the EMsoft software using the methodology developed by Jackson et al. [3]. A master pattern was generated using EMsoft forward model with the input parameters given in Table 4.1. This master pattern was then used to discretize the orientation space using 100 cubochoric samples for a first raw indexation. The indexing success threshold angle was set at 1.5 • . The indexed points' orientations were then refined by orientation space sub-sampling close to the first solution using the EMFit program, with a 0.03 refinement step size.

GND estimations

GND density distributions were estimated using the Matlab mtex toolbox introduced by Bachmann et al. [START_REF] Bachmann | Texture analysis with mtex -free and open source software toolbox[END_REF] following the methodology described by Pantleon et al. [START_REF] Pantleon | Resolving the geometrically necessary dislocation content by conventional electron backscattering diffraction[END_REF] and detailed in section 2.4.2. The material's Poisson's ratio and the norm of the Burgers vector were respectively taken as 0.3 and 0.26 nm.

It should again be noted that the methodology only provides a lower bound of the GND density. It can however be used for comparison purposes. Also, the chosen minimized quantity should only have little effect on the total dislocation density, which was the only quantity considered in this work.

Nanoindentation

Nanoindentation tests were performed to map the process induced hardness gradient close and far from the rolled edge. A MTS DCM nanoindenter with a diamond Berkovitch tip was used. The test consists in indenting a material's surface using a diamond tip down to a few hundred micrometers while measuring the indentation load and displacement. The material hardness is then obtained by estimating the contact surface between the tip and the indented material. An oscillating displacement is imposed to the indenter during the test, hence providing a continuous measure of the material's hardness and reduced modulus with indentation depth. Size effects down to 100 nm results in higher hardness values. The final hardness value is taken as the average in the stable zone, between 100 nm and 150 nm.

The nanoindenter continuous stiffness measurement (CSM) mode developed by Oliver et al. [START_REF] Oliver | An improved technique for determining hardness and elastic modulus using load and displacement sensing indentation experiments[END_REF] was used. An oscillating displacement was imposed to the tip at a 75 kHz frequency allowing the continuous measurement of the contact stiffness. In the present work, it was considered that the elastic modulus remained the same wherever the indentation was performed. This provided hardness estimations without any assumption on the contact geometry, nor the material's residual stress state.

At small indentation depth, size effects resulting from the small dimensions of the loaded volume could occur. Such size effects usually result in higher hardness values at small depths, as the loaded volume to dislocation density ratio is not representative of the bulk. As illustrated in Figure 4.2, the method provides insights in the depth where size effects occurs, as the measured hardness is higher at lower depths. The final hardness measurement is then given as the hardness average in the zone where the hardness becomes constant. In this study, the hardness value was obtained by averaging hardness values for depths varying from 100 nm to 150 nm depth. Indentations were performed with a load control set-up. The indentation depth was limited to 200 nm. Large plastic deformation close to the rolled edge led to lower indexing rates, even using the dictionary indexing method. The bulk and the flat part of the sample were composed of equiaxed grains. Elongated grains were found in the rolled edge close to the surface. No grain refinement was observed.

Results

Microstructure analysis

Hardening distribution

Reference shot peened zone Both methods exhibited a GND density gradient from the surface to the bulk due to shot peening induced work hardening. The density gradient is however more pronounced when using the dictionary indexing method. Figures 4.4 (c) and (d) show the GND density distribution estimated in the bulk using Hough and dictionary indexing, respectively. The average density observed in the bulk qualitatively matches those represented at the lower depths in Figure 4.4 (a) and (b). This reveals that the maps acquired for the shot peened reference captured the whole surface gradient induced by shot peening. This is confirmed by Figure 4.6 which shows the average GND density depth profiles computed on 15 µm high bands at different depths. The average bulk GND density was 4.2×10 14 m -2 using DI and 7.7×10 14 m -2 using Hough indexing. The affected depth is therefore 125 µm deep.

Figure 4.6 quantitatively reveals the GND gradient induced by shot peening work hardening from the surface to the bulk. As already visible in Figure 4.4, the main difference between the two indexing methods was found in the bulk. The average density estimated using Hough indexing was 1.8 times higher, when compared to that obtained with DI. Such difference could be explained by spurious dislocation density due to noisy orientation data in the bulk when using conventional Hough transform. DI should therefore provide a better estimation of the GND density.

A Taylor hardening model was used to compare the estimated GND density gradient with experimentally measured hardening gradients. GND density ρ GN D was related to the critical resolved shear stress τ c in a given system with:

τ c = αGb √ ρ GN D , ( 4.1) 
where α is an empirical constant representative of the plasticity mechanism, taken as 0.3, as The dictionary indexing approach provides a better contrast inside each grain and reveals a higher dislocation density gradient. The average dislocation density observed at the bottom of (b) seems to match the average hardening level of the sample bulk. Higher density values in the bulk using conventional Hough transform result from higher noise on the orientation values.

suggested by Mughrabi et al. [START_REF] Mughrabi | The alpha-factor in the taylor flow-stress law in monotonic, cyclic and quasi-stationary deformations: Dependence on slip mode, dislocation arrangement and density[END_REF], and G is the material shear modulus taken as 76 GPa.

The critical resolved shear stress was then related to the material's hardness H using Tabor's relation as:

H = 3σ y , (4.2)
where σ y is the material's yield stress estimated as:

σ y = 1 m τ c , (4.3)
where m is the Schmid factor, which was here assumed as constant and taken as 1 √ 6 . Such relations do not provide quantitative assessment of the hardness absolute value using the GND density as they are purely empirical and rely on strong hypotheses. They however provide an order of magnitude of the hardness differences resulting from shot peening induced work hardening.

Also, this estimation only accounts for GND induced Taylor work hardening and not for other contributions such as precipitate hardening which is predominant for the studied material. As schematized in Figure 4.7, these other contributions have to be added to the estimated hardness value to be compared to experimental hardness. To compare only the hardening gradient, the indentation measured hardness value at 90 µm depth was added to the GND estimated hardness.

Figure 4.8 shows the comparison of experimentally measured hardness values with the GND estimations using both indexing methods. Despite the large variability of the indentation hardness measurements, a good correspondence can be found with the GND estimations for both methods. The difference in GND densities observed between Hough indexation and Dictionary indexing only resulted in a 300 MPa hardness difference, which is negligible when compared to the material's hardness.

Rolled edge zone

Figure 4.9 shows the GND density distribution close to the rolled edge. Higher densities were observed close to the rolled edge as compared to the flat part of the sample. Also, severe plastic deformation close to the rolled edge surface prevented the EBSD indexing.

To compare the material hardening state between the reference and the rolled edge at the same depth, a depth map between a given point and the sample surface was computed as shown in Figure 4.10 (a). The sample's surface was drawn manually using Bezier Curves with the Inkscape software . The minimal distance between a given point and the curve was then computed using a Matlab script. This provided GND density data bands at a given depth such as those shown in values are found close to the rolled edge. Figure 4.12 (a) shows a comparison between the GND density variation with depth, close to the rolled edge and in the reference zone. The resulting Taylor hardening estimation is shown in Figure 4.12 (b). This further confirms the results shown in Figure 4.11. It also reveals that the density gradient is higher in this zone, as the same bulk density was found at similar depths as in the reference zone. Figure 4.12 reveals that such GND gradients could result in hardness differences of 500 MPa close to the surface. The figure reveals an average subsurface hardness increase of 1 GPa between the rolled edge and the reference. This confirms the results obtained using GND estimations from EBSD analyses. Let us note that the order of magnitude is correct even though there is a 500 MPa difference between both methods. Such a difference could be explained by the low indexation rate obtained next to the rolled edge surface. The choice of a constant Schmid factor, the use of the Taylor hardening law as well as the high indentation measurements standard deviation (326 MPa in average) could also explain such a bias.

Also, it should be noted that EBSD observations do not provide access to the statistically stored dislocation densities, which could also contribute to the observed hardness. 

Discussion

DI resulted in lower estimated GND densities than those predicted by Hough indexing in the bulk. Such a difference could be attributed to a better performance of the DI method toward noisy patterns. Figure 4.6 however reveals that similar densities were found by the two methods in the shot peened surface, where the largest plastic deformations should occur. Thus, DI did not improve indexation toward severe plastic deformation. Also, the difference between the two methods resulted in hardness differences close to the nanoindentation measurement uncertainties. Such differences are therefore negligible when considering hardness estimations. This partly results from the Inconel 718 high hardness resulting from precipitate hardening. Such difference should however be more significant on softer materials and would better assess the relevance of the method.

Microstructural evolutions induced by severe plastic deformations are related to the shearing mechanisms imposed to the material. According to Segal et al. [START_REF] Segal | Equivalent and effective strains during severe plastic deformation (spd)[END_REF], simple shear leads to grain rigid body rotations and favors grain refinement. Inversely, pure shear results in higher grain size ratio and higher intragranular dislocation densities. In the present work, higher dislocation densities and the absence of grain refinement close to the rolled edge therefore resulted from a pure shear state induced by shot peening close to the sample's border. Higher GND densities and hardening gradient than that found in the reference zone was induced by the pure shear state close to the edge. The induced rolled edge being more free the deform suffer was subjected to less shear when further impacted as compared to the highly sheared zone.

microstructural state. As opposed to the reference zone, represented in dark blue in Figure 4.15, the impacts occurred on a partially free surface. Therefore, early shot induce material stretching, which produces a bulge where the material is free to deform. When the initiated bulge is further impacted, a global bending develops in the bulge zone, which leads to a rolled edge and to a highly sheared zone as depicted in Figure 4.15. Since the highly sheared zone is free to rotate, individual grains experience no rigid body rotation. Such bending induces high tensile stresses in the rolled edge grains, resulting in a pure shear stress state, as the deforming grains are blocked by the bulk. This results in highly elongated grains and a high dislocation density in the highly sheared zone. Such mechanism is similar to that observed by Mattei et al. [START_REF] Mattei | Strain localization and damage mechanisms during bending of aa6016 sheet[END_REF] after microstructural analysis of a highly bent AA6016 sheet. Once formed, the rolled edge is more free to deform as opposed to the highly sheared zone and is therefore less subjected to shear when further impacted.

These differences in hardening could have an influence on the treated parts' fatigue life. Klotz et al. [START_REF] Klotz | Surface characteristics and fatigue behavior of shot peened inconel 718[END_REF] investigated the influence of shot peening induced hardening and residual stresses on the Inconel 718 alloy fatigue life. The authors found that shot peening induced cold work reduces the negative effect resulting from surface roughness in the LCF regime.

The hardening state of the Inconel 718 sample has therefore a critical impact on its LCF life properties, independently of the residual stresses induced in the material. In the present study, work hardening has a negligible influence on the Inconel 718 properties compared to precipitate hardening. The increased hardness observed in the present work should therefore only have little effect on the material's fatigue life in the LCF regime.

Also, for the Inconel 718, the influence of the rolled edge higher hardening values on the fatigue life should be negligible in the HCF regime, as it is mainly driven by the materials' residual stress state, as evidenced by Klotz et al. [START_REF] Klotz | Surface characteristics and fatigue behavior of shot peened inconel 718[END_REF]. Eleiche et al. [5] performed HCF tests on flat shot peened high strength martensitic steel specimens for which the residual stresses had been relaxed by a thermal treatment. Shot peened specimens presented a 20% fatigue life improvement, when compared to non-treated specimens. However, the residual stress relaxation only degraded the material's fatigue life by 3%. The increased hardness observed in the rolled edge could therefore have an impact on the HCF fatigue life of such materials.

Higher dislocation densities could also have an effect on the corrosion properties of the treated material. Naeini et al. [START_REF] Naeini | On the chloride-induced pitting of ultra fine grains 5052 aluminum alloy produced by accumulative roll bonding process[END_REF] studied the pitting resistance of an accumulative roll bonded 5052 aluminum alloy sample. An increase in dislocation density resulted in a less protective oxide layer hence degrading the material's resistance to corrosion. Similar results were also found by Singh et al. [START_REF] Singh | Influence of cold rolling on sensitization and intergranular stress corrosion cracking of aisi 304 aged at 500 degree c[END_REF] after cold rolling of an AISI304 steel and also by Laleh et al. [START_REF] Laleh | Effect of surface nanocrystallization on the microstructural and corrosion characteristics of az91d magnesium alloy[END_REF] on a AZ91D magnesium alloy after surface mechanical attrition treatment (SMAT). The higher hardening state of the rolled edge as well as its non-linear shape could therefore have a negative impact on the treated part's corrosion resistance.

Finally, as evidenced by Figure 4.11, the rolled-edge formation influences the sample's hardening gradient in a zone surrounding the edge, and not solely inside the rolled-edge. This reveals that removing the rolled edge, as suggested by You et al. [START_REF] You | Low cycle fatigue life prediction in shot-peened components of different geometries -part ii: life prediction[END_REF], would not entirely remove the hardening heterogenities resulting from its formation.

Conclusion

The objective of this work was to study the mechanical behaviour of a shot peened induced rolled edge as compared to a flat shot peened zone for the Inconel 718 alloy. The main contribution are:

• DI indexed EBSD maps presented lower GND densities than those obtained from Hough indexing. This was attributed to spurious GND densities due to noisier orientation data when using Hough indexing.

• Nanoindentation hardness measurements revealed that shot peening induced rolled edges present a hardness increase of 1 GPa and a higher hardness gradient as compared to the reference zone.

• This hardening was directly related to the GND densities estimated in the rolled edge using a Taylor hardening model. This revealed that the measured hardness increase is mainly due to work hardening.

• The rolled edge surface presented elongated grains which might be explained by a pure shear state imposed to the material during severe plastic deformation.

• Such hardening and microstructural heterogeneities were not only found in the rollededge but also in its surrounding.

• Comparison between GND gradient maps and nanoindentation data provided a methodology to assess the process influence on complex geometries which is crucial to understand potential effects on the treated parts fatigue's life or corrosion resistance.

The zone surrounding a shot peened induced rolled edge could therefore present different fatigue and corrosion resistance properties than a flat shot peened zone, even after the removal of the excess of matter. This influence should however be investigated through HCF and LCF fatigue tests on material for which work hardening is predominant, such as martensitic stainless steel or alpha-iron alloys, as well as corrosion tests, to confirm this influence.

This study therefore further confirms the necessity to model the process at the grain scale as the induced properties are intimately related to the microstructural evolution occuring during the process. Also, it confirmed that GND estimations using the method developed in Pantleon et al. [START_REF] Pantleon | Resolving the geometrically necessary dislocation content by conventional electron backscattering diffraction[END_REF] could be an interesting tool for crystal plasticity framework validation as it provides a good estimate fo the induced hardening gradients.

Introduction

Shot-peening modeling requires the knowledge of the treated material's behaviour for strain rates up to 10 6 s -1 [START_REF] Meguid | 3D finite element analysis of peening of strainrate sensitive materials using multiple impingement model[END_REF]. Thus, parameters identification for such models is classically performed based on split Hopkinson pressure bar tests (SHPB) [START_REF] Hu | Finite element analysis of residual stress evolution with multiple impacts on one point in ultrasonic impact treatment process[END_REF][START_REF] Hassani-Gangaraj | Experimental assessment and simulation of surface nanocrystallization by severe shot peening[END_REF][START_REF] Sanjurjo | Influence of the target material constitutive model on the numerical simulation of a shot peening process[END_REF]168]. However, SHPB remains a macroscopic mechanical test since the solicited volumes range from a few cubic millimeters to a few cubic centimeters [START_REF] Barnoush | In situ smallscale mechanical testing under extreme environments[END_REF]. Thus, it cannot be used to characterize material's surface behavior as it is only applicable on low surface to volume ratio specimens. Dynamic indentation was also used by several authors [START_REF] Tirupataiah | A dynamic indentation technique for the characterization of the high strain rate plastic flow behaviour of ductile metals and alloys[END_REF][START_REF] Lu | Dynamic indentation for determining the strain rate sensitivity of metals[END_REF] to obtain metals high-strain rates load displacement curves for plastic zone radius down to a few hundreds of micrometers [START_REF] Barnoush | In situ smallscale mechanical testing under extreme environments[END_REF].

Most studies attempting to model shot-peening at the grain scale relied on crystal plasticity finite element frameworks (CPFE) whose input properties were extracted from macroscopic SHPB or cyclic tests [START_REF] Musinski | On the eigenstrain application of shot-peened residual stresses within a crystal plasticity framework: Application to ni-base superalloy specimens[END_REF][START_REF] Rousseau | Modélisation multi-échelle de la modification de structure d'un alliage à base de nickel soumis à de très fortes déformations plastiques en surface[END_REF][START_REF] Moreno | Shot peening fem simulation: A novel approach based on crystal plasticity[END_REF]. High strain rate tests performed at the crystal scale are however required to identify CPFE coefficients representative of the material behaviour during peening. Macroscopic tests such as SHPB are therefore highly impractical in such context as it is usually difficult to produce large single crystals for most alloys shot peened in the industry [172]. Also, tests used for identification must be representative of the surface behaviour as the depth affected by shot-peening is usually of a few hundreds of microns.

Nanomechanical tests such as micropillar compression could provide such local measurements as they provide local stress-strain curves at the grain scale. Cruzado et al. [START_REF] Cruzado | Multiscale modeling of the mechanical behavior of in718 superalloy based on micropillar compression and computational homogenization[END_REF] used such test for material parameters identification at low strain rates. The authors performed microcompression tests on a nickel-based super alloy in single slip and double slip conditions. The constitutive framework coefficients were deduced directly from the load displacement curves in single slip orientations. However, the study did not investigate the well-posedness of the inverse problem. Also, the proposed methodology could not be used on materials for which single crystals cannot be produced as it requires microcompression in perfect single glide conditions. When multiple gliding planes are activated, the load displacement curves can hardly be interpreted analytically as the pillar strains are highly heterogeneous.

Several works used finite element model updating (FEMU) to obtain crystal plasticity coefficients using experimentally obtained heterogeneous fields [START_REF] Guery | Identification of crystal plasticity parameters using dic measurements and weighted femu[END_REF]144,173]. The method consists in varying the input material parameters of a finite element model to minimize the difference between experimental and predicted observation fields. It is therefore a promising methodology for crystal plasticity coefficients identification on multiple glide pillar compression tests as it would consider the heterogeneous straining of the pillar during identification.

To the author's knowledge, FEMU parameter identification using micropillar compression load-displacement curves has never been performed.

Using a piezo-based sensor with high eigen-frequencies, Guillonneau et al. [START_REF] Guillonneau | Nanomechanical testing at high strain rates: New instrumentation for nanoindentation and microcompression[END_REF] recently performed microcompression tests at strain rates up to 10 3 s -1 on nanocrystalline nickel specimens. Such test procedure provides useful data for parameters identification at high strain rates, at the local scale. Also, microcompression at high strain rates has never been performed on single crystals.

This work investigates the possibility to obtain a unique solution of a CPFE framework strain rate dependent coefficients by FEMU using high strain rates micropillar compression tests on single crystal copper. This work aims to develop a methodology for identification of a single crystal high strain rate surface behavior. The well-posedness of the inverse problem was thoroughly investigated using an identifiability indicator. This ensures that the chosen experimental conditions contains sufficient information for identification, which has not yet been investigated using micropillar compression tests. Copper single crystal has been extensively studied since the early days of crystal plasticity and was thus chosen to validate the proposed methodology. The content of this chapter was published in the Materials & Design journal [START_REF] Breumier | High strain rate micro-compression for crystal plasticity constitutive law parameters identification[END_REF].

The chapter is organized as follows: the experimental as well as the numerical models and identification methodology used in the study are presented in Section 5.1. The performance obtained using the inverse identification methodology, first, on a virtual material, then, on the experimental results are detailed in Section 5.2. Finally, the results are discussed in Section 5.3.

Materials and Methods

Materials and specimen preparation

Micropillar compression tests were conducted on pure single crystal copper specimens obtained by directional solidification using a conventional Bridgman apparatus. Three crystals were grown in the [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF], [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] and [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientations, respectively. A 1×1 cm square with a thickness of 0.5 cm was cut from each specimen using a diamond wire saw.

The samples were mechanically polished using SiC grit paper from P400 to P1000 and then electro-polished to provide a sufficiently good surface finish for EBSD observations. This was necessary to obtain the single crystal's exact orientation (given in Table 5.1) by conventional Hough indexation, using an HKL system (Oxford instrument) composed of a NordlysII camera and the Channel 5 software suite.

Micropillars were machined by focus ion beam (FIB) machining using a Thermo Scientific Helios NanoLab DualBeam microscope. First, high currents (30 kV, 2.5 A) were used to dig the raw pillar shape. Smaller currents (30 kV, 80 pA) were then used to refine the geometry. Size effects were investigated using 3 µm, 6 µm and 8 µm diameters pillars for every orientation. Compression tests at different velocities were performed on 6 µm and 8 µm diameters pillars. The targeted pillar diameter to height ratio was 1:2, as suggested by Zhang et al. [START_REF] Zhang | The design of accurate micro-compression experiments[END_REF] to prevent pillar buckling.

The exact pillar dimensions were required to reproduce the pillar geometry in the numerical simulations. Figure 5.1 shows the measured pillars dimensions (top (D t ) and bottom (D d ) diameters and height (h)). The pillars dimensions means and standard deviation are summarized in Table 5.2. The measurements were performed directly on scanning electron microscope (SEM) pictures, using one observation angle.

High dynamic micropillar compression tests

Micropillar compression tests were conducted using an ALEMNIS in-situ nanoindenter apparatus in a Zeiss Gemini supra 55VP Scanning Electron Microscope (SEM). The test consists in compressing a small pillar with an instrumented diamond flat-punch to extract the local load-displacement curve. The load applied on the specimen was measured with a 50 kHz acquisition rate using a high dynamic SmarTip load cell placed under the specimen holder. Such an apparatus can reach high strain rate microcompression testing up to 10 3 s -1 , as detailed in the work of Guillonneau et al. [START_REF] Guillonneau | Nanomechanical testing at high strain rates: New instrumentation for nanoindentation and microcompression[END_REF]. Pillars were compressed with nominal strain rates of 10 -2 s -1 and 10 2 s -1 . Note that the nominal strain rate is defined as the maximum displacement divided by the pillar initial height and by the compression time. the contact onset was taken as the time for which the measured load exceeds the average noise value. The critical acceleration to reach before the actuator vibrates was estimated through several tests in the void.

D t ≈ 8µm D t ≈ 6µm D t ≈ 3µm D t D d h D t
The inertial force induced by the indenter acceleration was also investigated and corrected using sinus displacement profiles in the SEM void, following the methodology detailed by Guillonneau et al. [START_REF] Guillonneau | Nanomechanical testing at high strain rates: New instrumentation for nanoindentation and microcompression[END_REF].

The measured displacement u mes was corrected to remove the influence of the frame elastic deformation using:

u pil = u mes - F K f rame , ( 5.1) 
where u pil , F , K f rame correspond to the pillar displacements, the measured load and the frame stiffness respectively. Copper being a very ductile material, the influence of the substrate displacement was considered negligible. The load displacement curve was filtered to remove part of the experimental noise using a built-in moving average smoothing filter (10 points length).

All the microcompression data generated in this work are available for download as detailed in the Data availability section. Each pillar is associated to a file containing the raw and the treated load displacement curve, as well as SEM pictures of the pillar both before and after compression.

Material parameters identification

Finite Element Model Updating (FEMU) procedure

The single crystal constitutive behaviour was modeled using the Meric-Cailletaud large-strain formulation crystal plasticity framework [1,[START_REF] Breumier | Effect of crystal orientation on indentation-induced residual stress field: simulation and experimental validation[END_REF] detailed in section 2.2.2. The interaction matrix coefficient was chosen as the one identified by Meric et al. [1].

The Norton law K and n coefficients were identified using FEMU to assess the material's strain rate sensitivity. The finite element model developed for identification used the experimentally measured pillars geometries and is detailed in Section 5.1.4. The procedure was first tested using load-displacement curves generated by a virtual material. Those curves were obtained using the full pillar geometry simulations with coefficients K = 7 MPa s 1/n and n = 4.

The identification procedure consisted in varying the Norton law coefficients K and n to minimize the following cost function:

Ψ σ (K, n) = 1 2T Nexp m=0 T t=0 σ m (ε(t), K, n) -σ m,exp (ε(t)) max t (σ m,exp (ε(t))) 2 .
(5.2)

In Equation 5.2, T is the number of acquisition points which was chosen as 100 for every simulation, N exp is the number of stress-strain curves used for identification, σ m,exp (ε(t)) and σ m (ε(t), K, n) are respectively the experimental and predicted stress. Despite the finite strain formulation of the crystal plasticity framework presented in Section 2.2.2, the identification procedure was restricted to the small strain range of the curves. The experimentally measured stress was therefore computed using

σ m,exp (t) = P m,exp (t) πr 2 avg , ( 5.3) 
where P m,exp (t) is the experimental load at time t and r avg is the average of the pillar initial top and bottom radii.

Note that using the stress defined as in Equation 5.3 for identification is equivalent to using the load as the identification variable. In the present work, the stress was used to compare the identification performance of the present model with a single-element model, as presented in Appendix C.

The Levenberg-Marquardt algorithm was used to minimize Ψ σ . The coefficients used as a first guess in the procedure were those identified by Meric et al. [1] and recalled in Tables 3.1, 5.3 and 5.4.

To compare the experimentally measured and predicted data at the same strain values, the experimental stress was interpolated linearly at the strain values chosen for comparison. Only the loading part of the curve was used.

Identifiability indicator

Given the computational cost of the full pillar geometry model, the identifiability indicator I defined in the work of Richard et al. [130,[START_REF] Renner | Identifiability of single crystal plasticity parameters from residual topographies in berkovich nanoindentation on fcc nickel[END_REF]144,[START_REF] Pac | Microstructural and elasto-plastic material parameters identification by inverse finite elements method of ti(1-x)alxn (0<x<1) sputtered thin films from berkovich nano-indentation experiments[END_REF] was used as an indicator of the solution uniqueness and stability. This indicator is based on the cost function hessian close to the cost function minimum. It is defined as: 

I = log 10 λ max λ min , ( 5.4) 
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where λ max and λ min are the eigenvalues extrema of the approximated dimensionless hessian matrix close to the solution, defined as:

H ij = T t=0 Nexp m=1 ∂P m (t) ∂θ i ∂P m (t) ∂θ j .
(5.5)

In the above, ∂Pm(t) ∂θ i is the load-displacement curve sensitivity to the θ i parameters. This sensitivity was here defined as:

∂P m (t) ∂θ i = P m (t, θ i + δθ i ) -P m (t, θ i ) max t (P m (t, θ i ))δ √ T , (5.6) 
where δ is a perturbation factor chosen as 5%. Equation 5.6 defines the dimensionless load variation to a perturbation δ on parameter θ i . Normalisation by √ T provides a sensitivity definition consistent with Equation 5.2 and ensures that I does not depend on the number of acquisition points. A good identifiability of the solution can be achieved for I ≤ 2, as explained by Richard et al. [130].

As pointed out by Renner et al. [START_REF] Renner | Identifiability of single crystal plasticity parameters from residual topographies in berkovich nanoindentation on fcc nickel[END_REF], normalization by max t (P m (t, θ i )) is equivalent to consider an absolute uncertainty on the load measurement. Such assumption relies on the highly repeatable experimentally measured stress for a given strain at a given strain-rate, as well as by the high signal to noise ratio provided by the piezo load sensor.

Finite element model

The experimentally measured pillar geometry was used to model the microcompression experiment. The model used the Abaqus 2018 software coupled with Zset using the Zmat module. The pillar geometry and mesh is represented in Figure 5.3. Substrate dimensions were chosen to prevent any effects of the boundary conditions on the load displacement curve (see Appnedix C). The mesh was composed of linear reduced hexahedric elements (C3D8R) to prevent locking effects arising from high plastic incompressibilty [START_REF] Giannakopoulos | Analysis of vickers indentation[END_REF].

Hourglass was corrected by adding an artificial stiffness to the elements. Only a small correction was necessary (15 MPa) as little hourglass was observed. The mesh size varied from 0.14 µm in the pillar to 1.4 µm in the substrate and was determined after a convergence study (see Appendix C).

Using the converged model, the computational time for each simulation was between six to ten hours using 4 threads on an Intel Xeon Gold 6132, 2.6 GHz CPU with Abaqus 6.14 version.

The indenter was explicitly modelled as a rigid surface to account for the friction occurring between the tip and the top pillar surface. The friction coefficient f was set to 0.2 to prevent pillar buckling (as it was not observed experimentally). The influence of a friction coefficient variation on the load displacement curve was negligible for f ≥0.2, as presented in Appendix C. The indenter experimental displacement profile was imposed to the rigid indenter reference point.

Internal heat generation induced by the pillar high strain rate plastic straining was not considered in the model as it was considered negligible on the pillars material properties, as detailed in Appendix C.

Results

Virtual material identifications

Inverse identification was first performed on virtual data generated using the full pillar geometry model with K = 7 and n = 4. The solution obtained is given in Table 5.5. The Levenberg-Marquardt minimization found the virtual material coefficients in 25 iterations with a relative error of 0.57% and 4.75% for K and n, respectively. The resulting identifiability indicator value was I = 1.5. This confirms that the overall identification procedure Table 5.5 Solution of the identification procedure using the real pillar geometry compared with the chosen virtual material parameters. The discrepency between the input and identified K and n are respectively of 0.57% and 4.75%. 

K (MPa s

∂P m (t) ∂θ i 2 = T k=0 ∂P m (t) ∂θ i 2 .
(5.7)

Figure 5.4 (a) reveals that the variation of both coefficients have a similar effect on the global predicted load-displacement curves absolute amplitudes.

Figure 5.4 (b),(c),(d) shows the variation of the load sensitivity with the applied displacement for each computed nominal strain rates. The influence of the two coefficients on the curve is non collinear for each strain rate. Also, the sensitivity values for a given displacement reveals that the higher the nominal strain rate, the higher the sensitivity. Experimental load-displacement curves at the highest strain rates hence provides more valuable data for identification as it is more sensitive to the coefficients variation.

∂Pm ∂θ i 2 K n (a) (b) (c) (d)
Figure 5.4 Load displacement curve sensitivity to a 5% varation of K and n close to the cost function minimum using the experimentally measured pillar geometry. (a)L 2 norm of the total sensitivity. Evolution of the predicted load sensitivity with the imposed displacement at (b)1 s -1 , (c)10 2 s -1 and (d)10 3 s -1 nominal strain rates. The load displacement curve is sensitive to a variation of both coefficients with a similar amplitude. Sensitivities for each strain rates reveals that the higher the nominal strain rate, the higher the load sensitivity amplitude.

Identification on microcompression tests

Experimental results

Size effects were investigated using the three pillar sizes as presented in Appendix C. The 3 µm-sized pillars systematically presented a pronounced size effect and higher result vari-ability and were therefore not accounted for. The 6 µm-sized pillars were used for high strain rate compression (since the smaller pillars allows to reach the highest strain rates). The 8 µm pillars were used for low strain rate compression (as they presented less variability at low strain rates than the 6 µm pillars).

Figure 5.5 shows the stress-strain curves obtained by microcompression testing at different strain-rates for the three different orientations. In the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientations, pillars #3 and #4 presented a slightly different behaviour from the others. Figure 5.7 shows the three 6 µm diameter pillars deformed shapes after microcompression at ε ≈ 10 2 s -1 . Pillars #1 and #2 both presented a clearly marked double-slip pattern. Pillar #3 presented a barrel shape

+ < ε> ≈ 10 -2 s -1 < ε> ≈ 10 2 s -1 (a) (b)
Pil. #3

Pil. #4 (c) Figure 5.5 Microcompression stress-strain curves for (a) [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF], (b) [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and (c) [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF]-oriented pillars 6 and 8 µm top diameters compressed at average strain-rates of 10 -2 s -1 and 10 2 s -1 . Stress-strain curves measured in the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation presented a larger discrepancy than the others. Pillar #3 and #4 were discarded for the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation.

+ < ε> ≈ 10 -2 s -1 < ε> ≈ 10 2 s -1 (a) (b) (c)
Figure 5.6 Microcompression stress-strain curves mean and standard deviation for (a) [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF], (b) [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and (c) [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF]-oriented pillars compressed at average strain-rates of 10 -2 s -1 and 10 2 s -1 . Hardening strain-rate sensitivity was observed for the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation. The stressstrain curves discrepancy in the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] and [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] orientations prevents quantitative assessment of the orientation sensitivity.

with no sign of slip bands. Pillar #3 will therefore not be considered for material parameters identification as it encountered different plasticity mechanisms than the other pillars, which could not be represented using the presently used crystal plasticity framework.

Pillar #4 stress-strain curve presented a constant stress shift when compared with other stress-strain curves at ε ≈ 10 -2 s -1 . As this compression test was performed first, load drifts due to SEM void stabilization sill occurred. Such drift might explain the stress shift observed for pillar #4. This curve was therefore also not considered for material parameters identification. Figure 5.6 shows the averaged microcompression curves obtained after putting aside pillars #3 and #4. A significant strain rate effect was observed for microcompression in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation. Also, the stress-strain behaviour presented a good repeatability for a given approximated strain rate. A weaker effect was observed in the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] and [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] orientations. The large results variability for a given strain rate prevented quantitative assessment of the stress-strain curve sensitivity in these orientations.

The overall good repeatability of the stress-strain curves suggest that the strain-rate dependency observed does not depend on the pillar size, owing to the statistical nature of size-effects. Several tests would be required to confirm such results, which is not in the scope of this paper. The pillar diameters used were however consistent with the literature [175,176]. Kiener et al. [START_REF] Kiener | Work hardening in micropillar compression: In situ experiments and modeling[END_REF] estimated that no size effect would occur in copper micropillars with diameters larger than 5 µm.

In the following, the stress-strain curves obtained in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientations were used for strain-rate sensitivity material parameters identification as it presented the most repeatable results. The assessment of the solution uniqueness was performed to ensure that a single orientation was sufficient for identification.

Material parameters identification

The identification procedure using the real pillar geometry was applied to the experimental load-displacement curves obtained with the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] crystal orientation at two different strain rates. The resulting stress-strain curves obtained with the identified parameters are presented Performance of the identified model in the [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] orientation. The model captured well the material's hardening strain-rate sensitivity in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation. The yield stress dependency with the strain-rate was not well represented. Also, the strain-rate sensitivity orientation dependency was not well captured by the model either.

(a) Experimental -ε ≈ 10 -2 s -1 Simulation -ε ≈ 10 -2 s -1 Experimental -ε ≈ 10 2 s -1 Simulation -ε ≈ 10 2 s -1 (b)
in Figure 5.8 (a).

The solution represented well the copper specimen hardening strain-rate sensitivity in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientations. The experimentally observed and numerical yield stress evolution with the strain rate were however different.

The stress-strain curve obtained using this solution in the [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] crystal orientation were compared with the experimental results in Figure 5.8 (b). The strain-rate sensitivity orientationdependency was not well reproduced by the model.

The identifiability indicator computed after identification was I = 1.31. Figure 5.9 shows the cost function computed for a hundred different parameters and confirms the well-posedness of the inverse problem. This confirmed the quality of the solution found in terms of uniqueness and stability. Also, it reveals that using a single orientation for identification is sufficient to obtain a unique solution. Using both orientation for identification would therefore not have resulted in an orientation dependent sensitivity closer to the experimental one.

The material's behaviour at low strain rate was also very similar to the experiment. This gives confidence in the physical relevance of the hardening and interaction coefficients taken from the literature. 

.10 Stress distribution in the pillar volumes obtained from the virtual material simulations using the real pillar geometry submitted to an average imposed strain rate of (a) 1 s -1 , (b) 10 2 s -1 and (c) 10 3 s -1 . A uniform stress distribution was found at 1 s -1 . Higher strain rates induced higher stress heterogeneities inside the pillar.

Discussion

Strain rate induced stress heterogeneities

.10 represents the σ zz distribution in the pillars, for the virtual material simulations and for three different strain rates. The figure reveals that the higher the strain rate, the more heterogeneous the stress state is in the pillar. As the strain rate increases, the stress distribution changes from a uni-modal to a bi-modal shape. For high strain rates, the pillar can therefore no longer be considered as homogeneously loaded.

Figure 5.11 shows the σ zz -σ zz variations at the pillar center in the x-z plane. The mean stress values has been subtracted from the stress to compare the changes in stress distribution with the strain rate, independently of the stress amplitude variations. At 1 s -1 , the highest stresses are concentrated in the shear bands. The stress state in the zone below and above those bands is similar. This zone therefore represents the unique peak observed in the stress distribution. At 10 2 s -1 and 10 3 s -1 , the stress amplitude raises above the shear bands but not bellow. This results in a bimodal stress-distribution.

To better understand these heterogeneities, the strain-rate variations at the pillar center in the x-z plane, normalized by the pillar average strain rate, were represented in Figure 5.12, 150 -150
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Figure 5.11 σ zz average, on the x-z plane, obtained from the virtual material simulations for an average imposed strain rate of (a) 1 s -1 , (b) 10 2 s -1 and (c) 10 3 s -1 . At 1 s -1 , the stress below and above the shear bands present similar values. At 10 2 s -1 and 10 3 s -1 , the stress above the pillar rises significantly, resulting in a bimodal stress distribution in the pillar volume.
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ε ≈ 10 3 s -1 ε ≈ 10 2 s -1 ε ≈ 1 s -1 (a) (b) (c) εzz ε 0 Figure 5.
12 Normalized strain-rate distributions in the pillar in the x-z plane obtained from the virtual material simulations for an average imposed strain rate of (a) 1 s -1 , (b) 10 2 s -1 and (c) 10 3 s -1 . For the highest velocity, the highest strain rates are concentrated in the shear bands.

(a) (b) (c)

.13 Strain rate εzz distribution inside the pillar obtained from the virtual material simulations using the real pillar geometry at an average imposed strain rate of (a) 1 s -1 , (b) 10 2 s -1 and (c) 10 3 s -1 . A bimodal strain rate distribution is observed both at low and high strain rates in the pillar.

for the three velocities. The figure shows a highly heterogeneous strain rate distribution in the pillar. The highest strain rates were found in the slip bands. Figure 5.13 shows the strain rate distribution in the whole pillar volume. The figure confirms that a bimodal strain rate distribution is also found in the whole pillar volume for all the modeled strain-rate.

This strain rate localization induces different strain mechanisms in the pillar since the global strain rate increases. Figure 5.14 shows the equivalent von Mises plastic strain field at the pillar center. For low strain rates, plastic strains are localized in the slip bands, with higher values at the pillar lateral surfaces. As the strain rate increases, the material in the shear bands requires higher stresses to strain further since it deforms more rapidly. This results in less plastic strains in the bands, when compared to those predicted for the low strain rate simulation. As yielding occurs in the bands, the material requires higher stresses to deform and the strain is therefore redistributed in the zone above the shear bands. This results in the plastic yielding of this zone, the bottom zone remaining elastic. This explains the bimodal stress state observed in Figure 5.10.

There is therefore a structural effect, which enhances the apparent strain rate sensitivity influence on the load-displacement curve. As detailed in Appendix C, modeling the pillar as single element or using the experimental stress-strain curve for strain-rate sensitivity direct estimation cannot account for such structural effects. Such approximations therefore results in a non unique solution for the strain-rate coefficients.

This structural effect could explain that using only the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation was sufficient to 0.67 0

ε ≈ 10 3 s -1 ε ≈ 10 2 s -1 ε ≈ 1 s -1 (a) (b) (c) ε eq p Figure 5
.14 Equivalent von Mises plastic strain ε eq p distribution in the pillar on the x-z plane obtained from the virtual material simulations at an average imposed strain rate of (a) 1 s -1 , (b) 10 2 s -1 and (c) 10 3 s -1 . At low strain rates, plastic strain is concentrated in the shear bands. As the strain rate increases, the top of the pillar plastifies more homogeneously, as higher stresses are required for further plastic straining in the shear bands. obtain a good identifiability indicator value. The stress contrast induced in the pillar as the strain rate increases could explain the highest load sensitivity revealed in Figure 5.4. However, the amplitude of this structural effect should be related to the material's sensitivity. For low sensitivities, strain rate concentration in the slip bands would induce lower hardening contrasts as with the virtual parameter values used in this study.

Orientation-dependent strain-rate sensitivity

Copper strain rate sensitivity orientation dependency has already been observed in the literature [START_REF] Horstemeyer | A large deformation atomistic study examining crystal orientation effects on the stress-strain relationship[END_REF][START_REF] Rawat | Integrated experimental and computational studies of deformation of single crystal copper at high strain rates[END_REF]. Rawat et al. [START_REF] Rawat | Integrated experimental and computational studies of deformation of single crystal copper at high strain rates[END_REF] performed SHPB (4.5 10 3 s -1 ) and quasi-static (3.3 10 -3 s -1 ) tests on copper single crystals in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientations. Despite the different strain rate ranges, similar orientation dependent sensitivities were observed for the stress-strain curves. The [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation presented almost no strain rate sensitivity, when compared to that observed for the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation. According to Horstemeyer et al. [START_REF] Horstemeyer | A large deformation atomistic study examining crystal orientation effects on the stress-strain relationship[END_REF], this observation cannot simply be explained by the geometry of slip but more by the nature of dislocation interactions in a given slip system.

Wang et al. [START_REF] Wang | Plastic anisotropy in fcc single crystals in high rate deformation[END_REF] performed dislocation dynamic simulation on fcc single crystals at different strain rates on three different orientations. The three different orientations presented differences in the cross-slip activity leading to higher dislocation dipole annihilation for the [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] and [START_REF] Marteau | Review on numerical modeling of instrumented indentation tests for elastoplastic material behavior identification[END_REF] oriented crystals as the strain rate increases. Such differences in plasticity mechanisms could explain the anisotropic strain rate dependency observed in Figure 5.6.

The mismatch in sensitivity orientation dependency between the model and experimental observations is therefore a consequence of the crystal plasticity model chosen. This was also observed by Khan et al. [START_REF] Khan | Strain rate effect of high purity aluminum single crystals: Experiments and simulations[END_REF]. The authors used three different crystal plasticity frameworks to model single crystal compression at various strain rates (ranging from 10 -4 s -1 to 10 3 s -1 ). The first framework used a similar formulation as presented in Section 2.2.2 and could not account for orientation dependent strain rate sensitivity. The second model consisted in adding a strain rate dependent hardening behaviour, accounting for yield stress strain rate sensitivity. The predicted and experimentally measured stress strain curves were in good agreement but only for the orientation used for identification. The third approach used a dislocation based crystal plasticity model with a Kocks-Mecking evolution law. This approach captured well the single crystal strain rate sensitivity on the various orientation tested.

In such models, dislocations interactions and strain rate sensitivity are implicitly related by the dislocation density evolution law. This could explain its good performances on several different orientations. This confirms that the Meric-Cailletaud framework is not relevant to model the crystal behaviour for a large strain rate range. However, dislocation based frame-work usually involves several parameters which could hardly be identified using experimental observations. An intermediate scale model would therefore be required for potential high strain rate industrial applications. Also, such models could not account for the strain-rate dependent recovery mechanisms evidenced by Wang et al. [START_REF] Wang | Plastic anisotropy in fcc single crystals in high rate deformation[END_REF] and could therefore fail to represent the highly anisotropic strain rate dependency observed in Figure 5.6. Kocks et al. [START_REF] Kocks | Physics and phenomenology of strain hardening: the fcc case[END_REF] and Galindo-Nava et al. [180] developed dislocation density based models accounting for a strain-rate dependent recovery. Finite element integration of such framework however requires further extensive work as it involve several numerical challenges. This orientation dependent effect could however be used wisely for parameters identification. Indeed, micropillar compression enables to select the tested orientation and therefore the activated gliding systems -In contrast with nanoindentation testing for which all gliding systems are usually activated. It is therefore possible to select the most strain rate sensitive orientations to fully capture the material's viscoplastic behaviour.

Yield stress strain rate dependency is usually very subtle at intermediate strain rates for most face-centered cubic (fcc) materials [START_REF] Meyers | Dynamic Behavior of Materials[END_REF]. The use of the Meric-Cailletaud framework for low strain-rates for those materials relies on the fact that strain-rate sensitivity only influences hardening. In this work, yield stress sensitivity was already visible at ε ≈ 10 2 s -1 . Future works will focus on the validation of the proposed identification procedure using a more representative crystal plasticity framework.

In this work, copper was solely used to validate the proposed identification methodology. The results reveal that this methodology could provide a unique solution to crystal plasticity viscoplastic coefficients using a single crystal orientation, which, to the authors knowledge, has never been demonstrated before. It also provided guidelines for the choice of the most relevant crystal plasticity model to use to accurately model a single crystal strain rate dependency, over a large strain-rate range, using a limited amount of material. The proposed methodology will therefore be applied on materials for which single crystals are more difficult to produce in future studies.

Crystal plasticity framework accounting for strain rate dependency anisotropy

According to Wang et al. [START_REF] Wang | Slip band formation and mobile dislocation density generation in high rate deformation of single fcc crystals[END_REF], strain-rate sensitivity anisotropy could arise at high strain rates for single crystal copper due to differential recovery depending on the activated slip systems. In dislocation-based crystal plasticity models, recovery by dislocation annihilation is classically accounted for using the Kocks-Mecking relationship (2.15). Figure 5.15 Evolution of γs for each slip system during simple traction of a single C3D8R element in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientations at 1 s -1 and 100 s -1 . The slip system number is indicated next to each curve following the convention given in table 2.3. The slip rate on each slip system is higher for the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation as compared to the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation, as predicted by Schmid's law.

By integrating Equation 2.15 with respect to γ s under simple glide conditions, one can show that this equation is equivalent to the Voce hardening law given by Equation 2.10 by defining:

b = γ c Q = µb 1 2Kγ c - √ ρ 0 R 0 = µb √ ρ 0 . (5.8)
Accounting for a strain rate dependent recovery in a Meric-Cailletaud framework can therefore simply be performed by seting the recovery rate as a function f of the strain rate, as

γ c = f ( γs ).
(5.9)

Figure 5.15 shows the evolution of γs for the twelve slip systems obtained for simple traction of a single C3D8R element in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientations at 1 s -1 and 100 s -1 , respectively. The figure reveals that higher slip rates per system are reached for the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation, Figure 5.16 Stress strain curves resulting from the compression of single C3D8R elements in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientations at 1 s -1 and 100 s -1 using a sigmoidal recovery rate function.

A strain-rate dependency anisotropy is observed but does not reproduced the one observed in Figure 5.8.

when compared to those predicted in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation. This observation results from a higher Schmidt factor per system for a stress aligned with the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] crystal orientation.

If the strain rate dependency anisotropy observed in Figure 5.6 results from a strain-rate dependent recovery, f should therefore be an increasing function of γs as more pronounced recovery effects were observed in the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation. Also, according to Kocks et al. [START_REF] Kocks | Physics and phenomenology of strain hardening: the fcc case[END_REF], the larger the strain rate, the less the recovery when performing tests at low strain rate. The function f should therefore be chosen to have less influence at low strain rates.

The recovery rate function was therefore chosen as a sigmoid as:

y c ( γs ) = A + B 1 + e -C γ , (5.10)
where A, B and C are three material's parameters representing respectively the asymptotic values and the increasing rate of the sigmoid function. For this preliminary study, values of A and B were chosen so that b and Q would take values close to that found in the literature (A = 5, B = 20 and K = 0.006) [2]. Also, the value of C was chosen so that the maximum increasing rate of the sigmoid function would be for values of γs close to 100 s -1 .

To investigate the possibility to obtain an anisotropic strain rate dependency using this approach, a plug-in was implemented in the Zset software. Note that such approach is purely phenomenological and is here only used for investigations purposes. Indeed, the thermodynamical admissibility of the above form has not been investigated. Also, such approach does not accurately account for the material strain history as unloading would lead to a decrease of the hardening R q . It should therefore only be used for monotonic loading.

Figure 5.16 shows the resulting stress strain curve when compressing a single C3D8R element in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientations at 1 s -1 and 100 s -1 . The figure reveals that the proposed framework can model a strain-rate dependency anisotropic behaviour. However, it does not well reproduce the experimentally observed anisotropy as it mainly acted on the strain hardening rate at large strain while Figure 5.6 presents anisotropic effects at the onset of plasticity.

Conclusion

The objective of this work was to investigate the possibility to identify crystal plasticity strain-rate dependent parameters by FEMU using high strain rate micropillar compression experiments. The main contributions are as follows:

• Crystal plasticity strain rate sensitivity coefficients were identified for copper single crystals by FEMU using microcompression tests at strain rates up to 10 2 s -1 .

• The quality of the identification in terms of uniqueness and stability was assessed using an identifiability indicator.

• Identification using only compression in the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] crystal orientation was sufficient to obtain a unique and stable solution for the strain-rate sensitivity coefficients.

• The satisfying quality of the solution was attributed to a strain rate sensitivity enhancing structural effects resulting from shear band strain localization.

• Experimental compressions revealed a strong influence of crystal orientation on the material's apparent strain-rate sensitivity.

Our experimental procedure only allowed to reach strain rates up to 10 2 s -1 . This is partly related to copper highly ductile behaviour, implying low load values in comparison to stiffer materials (such as silica glass [START_REF] Lacroix | Micropillar testing of amorphous silica[END_REF]). To reach higher strain rates, identification using alternative experimental set-ups such as single shot impacts will be investigated in the next chapters.

Also, the model could not account for the material's yield stress strain rate dependency, nor for the high orientation influence on strain rate sensitivity observed experimentally. An alternative model acounting for strain-rate dependent recovery was developed. The model succeeded in reproducing an anisotropic strain rate dependency. However, it was not sufficient to match with the experimental observations. The observed anisotropy should therefore not result from differencial recovery and should therefore be further investigated, using for instance TEM observations of the deformed micropillars.

Finally, the relevance of the identified coefficient will be assessed on a different loading case than that used for identification. This will be performed using single impact shot and micropercussion experiments in Chapter 6.

Introduction

The objective of this chapter is to develop a methodology to validate the ability of the identified Meric-Cailletaud constitutive framework to predict impact induced residual stresses and hardening. The philosophy of this approach is to ensure that the constitutive behaviour chosen, as well as the conditions under which it was identified were relevant to model the shot peening process. Validation therefore has to be performed using mechanical tests as close as possible to the process conditions. This requires an experimental procedure in which input parameters can be measured as accurately as possible to be used as input in a finite element model.

This work aimed at developing a shot-peening test rig that could propel controlled shot over a wide velocity range, with different angles and using industrial shot of different diameters.

Part of the challenge in developing such a setup was to provide an accurate methodology to measure the 3D shot displacement. An in-house code based on a pinhole camera model was therefore developed [START_REF] Breumier | 3deye[END_REF] to account for perspective, lens distortion and uncertainties in the setup positioning. The accuracy of the setup and methodology was thoroughly assessed and validated through two different applications presented in this manuscript:

• Determination of coefficients of restitution (CoR) for different shooting angles and wide velocity ranges.

• Impact on a copper single crystal and comparison with numerical simulations.

This work was performed in collaboration with Mëkanic and was submitted for publication in Strains [START_REF] Breumier | A shot-peening test rig for controlled single and repeated impact testing in industrial conditions[END_REF].

Validation of the constitutive model also requires to develop a methodology for accurate estimation of residual stresses and hardening using HR-EBSD and GND estimations. This aspect was however not achieved in this project as the surface preparation was not sufficient for residual stress estimations due the high ductility of the copper samples. All the tested approaches for sample preparation are nonetheless provided in Appendix E to provide a starting point for future studies.

This chapter is organized as follows: The test setup and the methodology used for the shot trajectory estimation are presented in section 6.2. The estimated accuracy and performances of the setup are detailed in Section 6.3. Two potential applications of the test rig for (i) CoR determination with different shot diameters, velocities and shooting angles and (ii) crystal plasticity constitutive behavior validation using single impact tests on single crystal copper are then presented in Section 6.4. Finally, section 6.5 concludes the works.

Experiments and methods

Experimental setup

Figure 6.1 summarizes the functioning mechanism of the test rig. The shot is propelled by releasing pressurized nitrogen gas with a controlled pressure onto the media. The media is then guided by the cannon walls to achieve a better aiming precision. Figure 6.2 (a) shows the global setup. The cannon can project single shot on a fixed target sample.

The shot trajectory is captured by two high frequency Phantom v310 cameras, positioned with a 90 • relative angle to capture the shot spatial coordinates. The shot is lit using a 150 W continuous Olympus LG-PS2-5 LED light. With the current lighting setup, the cameras can record the shot trajectory at shooting frequencies up to 31 000 frames per second. The camera recording is triggered automatically when the gas release valve opens. This trigger signal activates the first camera which then triggers the second one. A small delay should then be expected between the two cameras recording, as further explained in section 6.2.2.

A red laser pointer can be positioned onto the cannon barrel to aim at a given position. The sample can be accurately positioned using the micrometric table handles shown in Figure 6.2 (c). A stereomicroscope was also positioned next to the cannon to observe the impacted surface before and after the impact. Three different barrels have been machined to send shot of 0.5 mm, 1.19 mm and 2.5 mm in diameter. The gas pressure can be varied between 0 to 2 MPa (300 psi) and is the main Figure 6.1 Functional schematic of the shot peening cannon setup. The shot is propelled by releasing the gas tank content with a controlled pressure onto the media. The media is then guided by the cannon walls to achieve a better precision. parameter that drives the projected shot velocity.

Figure 6.2 (c) shows a close-up of the sample holder. The samples have to be 6.35 cm x 6.35 cm x 2 cm squared plates with four riveted holes to be fixed on the holder. The sample can be heated at temperatures up to 400 • C. Finally, the holder is positioned on a rotative table that allows impacting angles ranging from -60 • to 60 • .

3D trajectory reconstruction

Camera parameter calibration

The shot's three dimensional trajectory can be recovered using the pictures provided by the two cameras to:

• Obtain the relation between the input gas pressure and the resulting shot velocity for different shot diameters.

• Accurately estimate the shot trajectory to use it as input in FEA.

• Estimate the setup ability to perform several impacts at the same position.

A pinhole camera model was used to obtain a relationship between the three dimensional coordinates of an object in the sample's frame and its coordinates on the picture [START_REF] Bradski | Learning OpenCV[END_REF]. As represented in Figure 6.3, the projection on the screen of a point P with coordinates (X, Y, Z) in the world referential is the intersection of the screen with the line connecting the point to the camera's optical center.

Knowing the coordinates of the optical center projection on the screen (c x , c y ) and the camera focal length f , the relationship between the point's world coordinates and its pixel coordinates u v Figure 6.3 Schematization of the pinhole camera model [START_REF] Bradski | Learning OpenCV[END_REF]. The projection of a point P in 3D space on the image plane is obtained by tracing a line between P and the camera optical center. Note that the optical center is not aligned with the image center.

on the screen (u, v) is given as:
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where r ij and t ij are the components of the rotation matrix and translation vector between the world referential in which (X, Y, Z) are expressed and the camera reference frame (X c , Y c , Z c ).

In general, two different focal length f x and f y are introduced as pixels are generally not perfectly squared. In the above, s is a scaling factor used to account for the third coordinate of point P when mapping on the screen. Coordinates (su, sv, s) are usually referred to as homogeneous coordinates and should be divided by s to retrieve the effective pixel coordinate of the projection of P on the screen. Parameters (f x , f y , c x , c y ) are generally called the camera intrinsic parameters.

Intrinsic parameters are relative to the camera and have to be calibrated for each camera. Such calibration is usually performed using an object with an accurately defined pattern such as a chessboard. First, several pictures of the chessboard are successively taken in different chessboard positions. Then, a first estimate of the intrinsic parameters, as well as the rotation and translation matrices between the chessboard and the camera frame is chosen. This first estimate is used to project the coordinates of each corner of the chessboard on the screen, knowing the coordinates of each intersection in the chessboard frame. The corners coordinates on the screen are then detected using a classical feature extraction algorithm and are compared with the coordinates obtained by projection. If the projected and effective corner positions are the identical, the parameter estimation is considered correct, otherwise, the estimation is changed so as to minimize the distance between the two sets of coordinates. This calibration was entirely performed using the OpenCV library [START_REF] Bradski | The OpenCV Library[END_REF].

Camera position calibration

Once the camera parameters are known, the relationship between the camera and the observed sample coordinate system has to be found. This relation can be obtained using the same principle, by positioning a chessboard perpendicularly to the sample, as shown in Figure 6.4. The optimization procedure detailed in Section 6.2.2 is then used to find the rotation matrix and translation vector between the chessboard and the camera coordinate system, assuming that the intrinsic and distortion parameters were already found. Note that the chessboard has to be visible by the two cameras for the same picture so that the chosen sample's coordinate system is the same for the two cameras.

The chessboard used was also marked with three circles so that the calibration procedure automatically recognizes the chessboard orientation. This was necessary to ensure that the same coordinate system was taken for the two cameras. If the chessboard is positioned at a perfect 90 • angle from the sample, then X s and Z s provides the shot coordinates on the sample plane. Deviation from this angle could therefore result in errors in the shot position.

Using the Blender 3D software, it was however estimated that a 0.2 • deviation still provides an accuracy below 200 µm on the shot position, as detailed in Appendix F.

Shot detection

The next step is to find the position of the shot on each picture taken by the cameras, in pixel units. In this study, it was simply considered that the shot was the only moving object in the image. The shot is therefore detected by applying a threshold on the difference between the analyzed picture and a picture taken before the shot enters the frame. The shot position is then taken as the barycenter of the pixels for which the difference reaches a certain threshold. Figure 6.5 summarizes the main steps of this approach.

This approach presents several drawbacks. First, when the sample surface is too reflective, Figure 6.5 Shot detection procedure used in this study. The shot is detected by applying a threshold on the difference between the analyzed pictures and a reference picture without shot. The shot coordinates (u, v) are then taken as the barycenter of the N s points (u i , v i ) overcoming the threshold.

the reflection and the shadow of the shot on the sample becomes a moving object as the shot approaches the surface which induces non negligible errors on its estimated position.

A mask is therefore applied on each treated picture to remove the sample surface from the analysis. Also, when the shot only partially appears in the screen, its true position cannot be recovered as its barycenter cannot be correctly computed. This often happens in the first picture but can be avoided simply by starting the analysis at the second picture. Finally, other moving elements such as light reflections on the shot, dust particles or moving lights during the impact can alter the detected position. Most of the times, adjusting the detection threshold was however sufficient to obtain satisfactory results.

Shot position estimation

Knowing the two cameras intrinsic matrices M 1 and M 2 , as well as the transformation matrices T 1 and T 2 between each camera and the sample coordinate system, equation 6.1 then provides four equations for the three unknown shot coordinates. To find the shot coordinates, a first estimate is obtained by solving three of these four equations, considering that the two equations given for the coordinates of the axis oriented in the shot direction are redundant, as the Y s , Y c,1 and X c,2 axes shown in Figure 6.4 are almost colinear. However, the information provided by the two cameras is not always consistent as the shot position determination is not always exact and the two cameras are triggered with a small time delay τ .

When simply solving the system, the shot trajectory found can therefore be subjected to residual reprojection errors. This error can be estimated by computing the pixel distance between the detected and the reprojected coordinates on each camera as schematized in Figure 6.6 (a). Figure 6.6 (b) shows the evolution of the reprojection error with time for a shot experiment performed on an aluminum 6061 sample with a 45 • angle for a pressure of 0.07 MPa. High reprojection errors up to 8 pixels can be observed before the impact event when applying no correction on the data, partially resulting from the time delay between the two cameras.

Knowing the time delay τ between the two cameras, the 2D pixel trajectory of the left camera can be linearly interpolated with respect to time using the values at time t to estimate the position values at time t+τ . This provides shot positions on the two cameras which are taken at the same time and could help reducing the reprojection error, by using the interpolated values of the 2D trajectory to make a new estimation of the 3D coordinates. However, in practice, τ is difficult to estimate experimentally as this effect is more pronounced at high speed, for which only few pictures of the shot are available.

To estimate the value of τ , the estimated coordinates (X, Y, Z) in the sample reference frame are reprojected on each camera using equation 6.1 and compared to the interpolated shot pixel position on each picture. The difference between the projected coordinates and the shot coordinates is then minimized using scipy stochastic differential evolution optimization function [START_REF] Virtanen | SciPy 1.0: Fundamental Algorithms for Scientific Computing in Python[END_REF] by varying the value of τ . The resulting reprojection errors could be reduced by enhancing the shot detection algorithm in future works, for instance, using one of the more advanced feature detection algorithms provided by the OpenCV library [START_REF] Bradski | The OpenCV Library[END_REF] or using particle tracking velocimetry [START_REF] Kubler | Experimental analysis of the shot peening particle stream using particle tracking and digital image correlation techniques[END_REF].

Figure 6.7 summarizes the complete methodology developed to retrieve the shot trajectory. The full procedure was implemented in Python using the openCV library [START_REF] Bradski | The OpenCV Library[END_REF]. The code can be found on github [START_REF] Breumier | 3deye[END_REF] and is fully reusable under 3-Clause BSD license.

The implementation was fully tested on virtual shot pictures generated using Blender 3D software [START_REF]Blender Online Community, Blender -a 3D modelling and rendering package, Blender Foundation[END_REF] as presented in Appendix D. The procedure was shown to be at least 22 times more accurate than a simpler method not accounting for perspective, for an ideal case modeled using Blender. Also, one of the main benefits of this approach is that it provides indicators of the error made on the position, as the estimated trajectory can be reprojected on each camera using the intrinsic matrix and compared to the detected shot pixel position.

The Python code provides the reprojection error obtained after each test for each camera to guide the choice of the detection parameters and to provide uncertainties on the estimated trajectory, as further detailed in the next section. Figure 6.7 Summary of the shot 3D trajectory reconstruction procedure.

Setup accuracy and performances

Position uncertainty estimation

The difference between the reprojected shot pixel and the detected shot coordinates on each camera screen provides an estimate of the error made on the shot position, in pixel units. By estimating the ratio between a pixel length and the equivalent length measured at the camera focus distance δ pcm , this error can also provide an estimate of the shot position uncertainty in centimeters.

To estimate such ratio, an image of a ruler was taken at the camera focus distance for each camera, as presented in Figure 6.8. The maximum reprojection error between the two cameras was then multiplied by δ pcm to estimate the shot position uncertainty.

Note that this estimate is neither a higher nor a lower bound of the real position error as it depends on the relative position of the ruler with respect to the camera. It however provides an order of magnitude of the error resulting from the shot detection, the camera calibration quality and the time delay between the two cameras.

To assess the trajectory reconstruction accuracy and illustrate the interest of such error estimation, four shot were propelled and aimed at the same sample spot with 440C stainless steel 0.5 mm diameter bearing balls on an aluminum 6061 specimen. Figure 6.9 (a) shows a micrograph of the impacted surface obtained using a binocular microscope. The red dots corresponds to the impact position measured using the ImageJ software [START_REF] Rueden | Imagej2: Imagej for the next generation of scientific image data[END_REF], considering the top left corner of the picture as the position origin. Figure 6.9 (b) shows a comparison of the shot position obtained with the trajectory reconstruction procedure and those measured with the binocular microscope. For each point, the red circles corresponds to the uncertainty estimated using the reprojection error.

A translation and a rotation were applied to all the measured coordinates to ease the comparison, as the micrograph coordinates were obtained in the micrograph picture reference frame. The effective translation and rotation to apply were determined by minimizing the distance between all measured positions with the estimated one using scipy differential evolution genetic function [START_REF] Virtanen | SciPy 1.0: Fundamental Algorithms for Scientific Computing in Python[END_REF]. Figure 6.9 (b) reveals that the procedure performs an overall good estimation of the effective shot position on the sample. The largest error on these four tests was 215 µm and the estimated detection uncertainty on this test was 195 µm. (b) (a) Figure 6.9 Shot position estimation precision. (a) Micrograph showing the impact dent induced by four 0.5 mm shot impact aiming at the same sample spot. The red dots corresponds to the dent center coordinates estimated using imageJ [START_REF] Rueden | Imagej2: Imagej for the next generation of scientific image data[END_REF]. (b) Comparison between the shot position measured with a binocular and the position estimated by the procedure detailed in section 6.2.2. The red circles corresponds to the position uncertainty. The procedure estimates well the effective shot position.

Aiming accuracy and velocity range

Several tests were conducted to characterize the shot velocity reached by a shot for a given pressure for the three different shot diameters. For each test, the shot velocity was estimated using the procedure detailed in Section 6.2.2. At least three shot were propelled for each tests to study the output velocity repeatability. Figure 6.10 shows the evolution of the estimated velocity for the three different cannon diameters available. The relationship between the velocity and imposed pressure follows an inverse exponential tendency. The velocity that can be achieved by the cannon ranges from 0.8 m•s -1 to 143 m•s -1 , which covers the full shot-peening velocity range [START_REF] Badreddine | Modélisation du grenaillage ultrason pour des pièces à géométrie complexe[END_REF]. The achieved velocity ranges for each barrel diameter are summarized in Table 6.1.

The ability of the apparatus to shoot twice at the same spot was also characterized. When a spot is aimed at, using the precision laser, shot positioning variability could result from Table 6.1 Shot velocity ranges obtained for the three shot diameter 

Figure 6.11 Dispersion of the shot position on the sample relatively to the barrel center for the three different shot diameters. The gray circle represents the average impact dent usually obtained for each shot diameter. The shooting accuracy increases with the shot diameter and with the input pressure. Overlapping impacts can be performed using the 2.5 mm and 1.19 mm shot diameter but not using the 0.5 mm shot diameter cannon.

To reduce the first source of variability, a position mark was engraved both on the laser and on the cannon barrel to ensure the same positioning over all the tests. The second source of variability can be fully characterized using the shot trajectories provided by the methodology developed in section 6.2.2, as it estimates the shot position at the moment of impact in the sample's coordinate system. Figure 6.11 (a), (b) and (c) show the position of each shot relatively to the center of the barrel exit at the moment of impact for the three cannon diameters respectively. The cannon accuracy increases with the applied velocity and the shot diameter. This phenomenon results from relative machining precision being easier to achieve for larger shot diameters. Table 6.2 summarizes the average shot position vector norm on the sample for different pressure ranges and for the three different diameters with their standard deviations.

The gray circle in Figure 6.11 represents the average impact dent obtained for each shot diameter on aluminum samples, to better visualize the possibility to perform several shot at the same position. It reveals that there is a low probability to perform two shot at the same position when using the 0.5 mm diameter cannon with the current setup. However the apparatus can be used to perform controlled overlapping shot using 1.19 mm and 2.5 mm diameters media. Also, the shot trajectory reconstruction procedure provides sufficient input to reproduce the experimental shot sequence.

Applications

Application 1: Coefficients of restitution

Modeling of the shot kinematics during the shot-peening process usually requires knowledge of the shot/target coefficient of restitution (CoR) which represents the ratio of the energy absorbed by the material during the impact event, mainly by plastic deformation, elastic wave propagation or thermal dissipation [START_REF] Johnson | A constitutive model and data for metals subjected to large strains, high strain rates and high temperatures[END_REF]. Most often, the kinematic CoR [START_REF] Ahmad | Impact models and coefficient of restitution: A review[END_REF], which is the ratio of the shot velocity after and before the impact, is used.

Several authors used FEA to estimate the CoR values for different velocities and impacting angles to be used as input in DEM [START_REF] Tu | A sequential dem-fem coupling method for shot peening simulation[END_REF][START_REF] Hong | A numerical simulation to relate the shot peening parameters to the induced residual stresses[END_REF][192][START_REF] Edward | A numerical investigation of a single-shot in a dem-fem approach to shot peening simulation[END_REF]. Alternatively, few authors determined CoRs experimentally using single shot experiments [START_REF] Murugaratnam | A refined numerical modelling techniquefor shot peening[END_REF][START_REF] Fathallah | Determination of shot peening coefficient of restitution[END_REF][START_REF] Seifried | Numerical and experimental evaluation of the coefficient of restitution for repeated impacts[END_REF]. Fathallah et al. [START_REF] Fathallah | Determination of shot peening coefficient of restitution[END_REF] recorded the velocities of several shot during shot peening of a manganese steel using a non contact optical device. Seifried et al. [START_REF] Seifried | Numerical and experimental evaluation of the coefficient of restitution for repeated impacts[END_REF] performed repeated low velocity impacts using a shot attached on a pendulum dropped by a magnet to obtain the evolution of CoR values over several impacts on a 6060 aluminum sample. Murugaratnam [START_REF] Murugaratnam | A refined numerical modelling techniquefor shot peening[END_REF] developed a cannon that can propel industrial shot at velocities between 44 m•s -1 to 72 m•s -1 with a high precision to estimate the CoRs values for different shot velocities on a titanium alloy.

Yet very few studies provided the CoR values for a large velocity range, as the aforementioned setups could only reach either low or high velocities. The CoR values over a wide velocity spectrum, particularly in the range where the elastic/elasto-plastic transition occurs, could however be relevant for shot peening simulations as shot rebounding multiple times could reach low velocities during the process.

Also, only the normal component of the velocity is usually considered as the tangential part is difficult to measure since it requires the three dimensional trajectory of the shot. Also, the tangential restitution depends on several factors such as the shooting angle, the shot spin velocity or the shot/target friction coefficient [196,[START_REF] Ludwig | The analysis of the influence of the normal restitution coefficient model on calculated particles velocities by means of eulerian-lagrangian approach[END_REF].

As the procedure detailed in Section 6.2.2 provides the three dimensional coordinates of the shot velocity, it can be used to extract the tangential components of CoR using the detailed methodology on shot impacting with different angles. Also, the shot peening test rig can send shot with velocities ranging from 0.8 m•s -1 to 143 m•s -1 . The ability of the setup to find consistent CoR values over a wide velocity range and for different shot diameters was therefore also investigated.

Methodology

Several shot were propelled on an as received aluminum 6061 sample. The sample was not polished, which could result in a dispersion of the rebounding direction. However, the shot diameters were deemed to be sufficiently large to be unaffected by the initial surface roughness. 440C stainless steel bearing balls with 0.5, 1.19 and 2.5 mm diameter were shot at different pressures ranging from 689 Pa to 0.69 MPa. Each test condition was at least repeated twice to ensure the measured CoR's repeatability. The space between each shot was at least three times the surrounding shot dent diameter to avoid interactions with the plastic strain induced by previous shot.

1.19 mm diameter shot were also propelled with a 15 • and 30 • angles from the surface normal at pressures ranging from 689 Pa to 0.69 MPa to investigate the evolution of the tangential CoR with the shooting angle. The calibration of the transformation matrix between the camera and the sample was performed at each angle to obtain the 3D coordinates of the velocity in the rotated sample system.

Results

Influence of shot velocity and shot diameter

.12 (a) shows the evolution of the CoR values obtained for different shot velocities for the three shot diameters investigated. For the lowest velocities, a CoR of 0.7 is obtained, which is consistent with results found in the literature [START_REF] Seifried | Numerical and experimental evaluation of the coefficient of restitution for repeated impacts[END_REF][START_REF] Johnson | Impact strength of materials[END_REF]. Note that a CoR of 1 cannot be reached as around 10% to 20% of the energy loss is related to elastic wave propagation and thermal effects [START_REF] Johnson | Impact strength of materials[END_REF]. Also, according to Johnson [START_REF] Johnson | Impact strength of materials[END_REF], normal shot velocities required for a perfectly elastic impact are theoretically bellow 0.14 m•s -1 , which could not be reached using the current setup. ter. This is consistent with the literature as it was previously demonstrated that the CoRs mainly depend on the shot/material mechanical properties ratio [START_REF] Thornton | Coefficient of Restitution for Collinear Collisions of Elastic-Perfectly Plastic Spheres[END_REF]. This result therefore demonstrates that the procedure developed in Section 6.2.2 provides consistent results for the three different shot diameters, despite a potential lower shot detection accuracy for smaller diameters as the shot represents less pixels on the screen.

Using Hertzian contact theory and perfect plasticity assumptions, Johnson [START_REF] Johnson | A constitutive model and data for metals subjected to large strains, high strain rates and high temperatures[END_REF] provided the following expression of the CoR :

V out V init ≈ 3.8 σ Y E * 1/2 ρ 2σ Y -1/8 V -1/4 init , ( 6.2) 
where σ Y is the yield stress, ρ is the target material's density and E * is defined as:

1 E * = 1 -ν 2 shot E shot + 1 -ν 2 target E target , ( 6.3) 
where E shot , E target and ν shot , ν target are respectively the Young's modulus and Poisson's ratio of the shot and the target. exponent found by Johnson [START_REF] Johnson | A constitutive model and data for metals subjected to large strains, high strain rates and high temperatures[END_REF]. The CoR's variation tendency is therefore consistent with what was previously found in the literature. The figure reveals that the total CoR value (e.g. accounting for both the tangential and normal velocity component) increases with the shooting angle. This results from the fact that less energy is absorbed by plastic deformation as the normal impact pressure decreases as the angle increases, as already demonstrated experimentally on aluminum samples by Sheldon et al. [START_REF] Sheldon | Erosion of a Tube by Gas-Particle Flow[END_REF].

Influence of shooting angle

Figure 6.13 (b) shows the evolution of the CoR obtained using only the normal component of the velocity. The normal CoR is almost identical for the three angles, as the energy ratio for a normal impact for a given velocity depends mainly on the shot and sample's material properties. Brauer et al. [START_REF]Report on investigations on: Particle movement in straight horizontal tubes particle/wall collision erosion of tubes and tube bends[END_REF] and Wu et al. [196] respectively experimentally and numerically evidenced a dependence of the normal CoR with the impact angle. Their works both demonstrated a decrease of the CoR at angles above 30 • for low velocity impacts (<10m•s -1 ). This was explained by the authors as a change of the contact area geometry as the angle increases. However, the angle tested in this study were not sufficiently high to observe this effect. Figure 6.13 (c) shows the variation of the CoRs obtained using the tangential component of velocity. The tangential CoR presented a larger dispersion than the normal one at the lowest angle as the tangential velocity is small and more sensitive to measurement errors at such angles.

Despite the CoR discrepancy for impacting angles of 15 • , it seems that the average tangential velocity ratio slightly increases as the angle increases. This could result from the shot sliding on the surface rather than gripping, as explained by Cross [START_REF] Cross | Oblique impact of a steel ball[END_REF]. Note that it was here assumed that the shot impacts the sample without any angular velocity.

Application 2: Single impact tests on single crystal copper samples

The methodology detailed in section 6.2.2 provides the three-dimensional trajectory of the shot which could then be used as input for FEA for constitutive behaviour validation. In this section, the shot peening test rig was used to validate a crystal plasticity finite element impact model using the constitutive parameters identified in chapter 5.

The ability of the model to reproduce the experimentally measured shot displacement during and after the impact and the dent topography was investigated. Electron backscattered diffraction (EBSD) analyses were also performed to confirm that the model could predict the crystal misorientation induced by the impact in the cross-section beneath the impact dent.

Methodology

Impact tests were performed on copper single crystals with the top surface oriented along the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientations, respectively. Two 0.5 cm thick samples for each orientations were cut using a diamond wire saw. The sample surface to be impacted was polished with SiC grit paper P600 and P1000 and then using diamond suspension of 3 µm and 1 µm to reduce the impacted surface roughness.

As the cannon sample holder was developed only for plate samples of given dimensions, an adapted sample holder was developed to hold small single crystal samples. The sample holder is presented in Figure 6.14 and consists of a plate with a rectangular hole which is screwed on a parallelepiped to compress the sample. The sample holder dimensions were chosen to match those of the standard cannon sample dimensions. The holder was 3D printed using a Formlabs Grey Resin using a Formlabs Form2 printer.

For each sample, impact tests were performed at 26 m•s -1 and 64 m•s -1 target velocities using 0.5 mm hardened bearing-quality 440C stainless steel balls. The impact positions were chosen so that the distance between each impact was at least three times the shot diameter to prevent any interaction with plastic strains induced by previous impacts.

The impact dent topography was then measured using a polychromatic confocal microscope with a 1 µm lateral resolution to compare the dent shapes with simulations.

The cross-section preparation procedure is schematized in Figure 6.15. The samples were cut using a diamond wire saw at a distance of a 100 µm from the dent center to reveal the cross-section below the impact dent. The resulting cross-sections were then polished for EBSD observations using a Jeol Ion beam cross-section polisher with a 5 kV beam current for 5 h followed by a 30 min refining step at 4 kV. The dent was filled with silver painting to prevent surface topography induced by the beam encountering heterogeneities at the surface.

Finite element model

The impact was modeled using Abaqus dynamic explicit 6.14 solver with an automatic time Figure 6.14 Sample holder used to maintain the copper samples during the tests.

Figure 6.15 Cross-section preparation procedure. The dent is represented as a square with rounded edge as the impact was performed along the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation of the single crystal [START_REF] Breumier | Effect of crystal orientation on indentation-induced residual stress field: simulation and experimental validation[END_REF].

The sample is first cut a 100 µm away from the dent center. The remaining distance from the center is removed by Ion beam polishing. The impact dent is filled with silver paint to prevent surface topography induced by the beam encountering the dent. The observed surface is the cross section under the center of the dent. Figure 6.16 Finite element model used for impact simulations. The sample geometry is divided in three zones: a refined mesh zone at the impact location, surrounded by an extended mesh zone to limit the effect of boundary conditions and infinite elements around the sample to damp residual stress field oscillations.

step procedure. The model geometry and mesh is presented in Figure 6.16. The size of the refined mesh zone was chosen so as to contain all the plastic deformations. The substrate was modeled using linear reduced integration hexahedric elements (C3D8R). To reduce potential spurious oscillations of the residual stress field, infinite CIN3D8 elements were positioned around the sample as shown in Figure 6.16. All degrees of freedom were blocked at the bottom of the mesh. The mesh density was chosen after a convergence study on the displacement curve as detailed in Appendix G.

The shot was modeled as rigid with a friction coefficient of 0.2. Only half of the shot was modeled and its moment of inertia I was computed as:

I = 2 5 m shot r 2 , ( 6.4) 
where m is the shot mass estimated as:

m shot = ρ shot 4 3 πr 3 , ( 6.5) 
where r is the shot radius and ρ shot is the shot density taken as 7.110 -3 g•mm -3 . The initial shot velocity is imposed at the rigid body reference point. The initial velocity was taken as the velocity vector obtained experimentally before the moment of impact.

Since the experimental sample faces are not perfectly parallel, the shot was performed with an additional angle which is not accounted for by the calibration procedure detailed in section 6.2.2. The average plane of the sample was therefore determined using the experimental topography measurement by minimizing the difference between a perfect plane and the measured topography. The additional rotation is then accounted for using the following relation:

v F EM = R • v shot , ( 6.6) 
where v F EM is the initial velocity vector applied in the finite element model, v shot is the velocity vector measured by the procedure detailed in section 6.2.2 in the setup coordinate system and R is the rotation matrix between the setup coordinate system and the average impacted plane determined using the topography.

The sample material was modeled using the Meric-Cailletaud crystal plasticity finite element framework [1] using Zmat 8.7.1 with Runge-Kutta 4 explicit integration using the material parameters identified in chapter 5. Copper density was taken as 8.98 10 -3 g•mm -3 . Table 6.3 summarizes the different impact conditions used. The initial impact velocity corresponds to that measured experimentally. Those conditions were chosen to model tests with at least two different crystal orientations and two different velocities. The tests with the smallest impact angles and the lowest reprojection errors were selected. 

Results

Displacement curves

The finite element model provides the evolution of the shot displacement during the impact. Experimental curves mainly provide the shot velocity before and after the impact as well as the impact duration, but the time resolution is not yet sufficient to observe what happens during the impact. In future works, the test lighting condition will be improved to increase the reachable cameras framerates. To compare the experimental and numerical displacement curve, the displacement of the latter was therefore extrapolated linearly before and after the impact, assuming the shot velocity vector is always constant except during the impact event.

Figure 6.17 correspondence is observed between the experimentally measured and numerically predicted output velocity when performing impacts along the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation for the two shot velocity conditions.

For the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation, the normal experimental velocity after impact was 5.17 m•s -1 whereas the predicted velocity was 3.98 m•s -1 . The absolute error on the velocity for this orientation was therefore around 23%. Such error could result from the anisotropic strain rate dependency observed in chapter 5. It could also result from errors on the plastic parameters that were not identified such as the interaction matrix. Indeed, gliding interactions tend to have less impact on the total plastic deformation when impacting along the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation when compared to impact along the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation as gliding systems are more heterogeneously activated in the latter case. . The largest error is found for the prediction of the dent depth and is respectively of 16.5%, 14.9% and 11.9%.

Imprint topography

Renner et al. [START_REF] Renner | Identifiability of single crystal plasticity parameters from residual topographies in berkovich nanoindentation on fcc nickel[END_REF] investigated the possibility to obtain the Meric-Cailletaud constitutive parameters by inverse identification with FEA using the topography of an imprint induced by Berkovich indentation. Their analysis revealed that the imprint shape was sensitive enough to a variation of the plastic parameters to obtain all those parameters by inverse identification using several indents in different crystal orientations.

The error observed in Figures 6.20 (c) and (d) could therefore result from the material's constitutive behavior parameters used. Also the overall good correspondence gives confidence in the velocity vector provided by the procedure detailed in Section 6.2.2. The shot peening test rig could therefore be used for parameters identification using the dent topography.

Crystal misorientation

The EBSD analysis provided the crystal misorientation variations induced by the impact in the cross-section under the impact dent center. This misorientation field φ can also be recovered numerically using the rotation tensor R e extracted from the elastic part of the deformation gradient tensor. To compare the same quantity, the rotation field in the crosssection under the impact dent was converted to an MTEX [START_REF] Bachmann | Texture analysis with mtex -free and open source software toolbox[END_REF] EBSD object in matlab, using the rotation tensor R e computed at each integration point. Figure 6.21 (a) and (b) respectively show the numerically predicted and the experimentally measured crystal misorientations relatively to a material point taken at the highest measured depth. The impact dent diameter and affected depth (e.g. the depth down to which misorientation higher than 40% of the highest misorientation value can be found) were both estimated respectively using imageJ [START_REF] Rueden | Imagej2: Imagej for the next generation of scientific image data[END_REF] measurements and MTEX analyses. The figure reveals a very good correspondence of the affected depths and impact diameters. Some characteristics of the rotation field can be found both numerically and experimentally. However the shapes of the two fields is slightly different. This could result from the experimental observations being made not exactly at the center of the indent.

(a) (b) (c) (d) (e) 
The good correspondence between the experimentally measured and numerically predicted displacement curves, impact geometry, affected depths and misorientation values confirms the possibility to model the impact event produced by the cannon using the data estimated by the procedure detailed in section 6. 

Conclusion

A shot peening test rig was developed to propel industrial shot at different velocities and angles with high accuracy. A methodology to estimate the propelled shot 3D trajectory was developed using a pinhole camera model and implemented in an open source code available on github [START_REF] Breumier | 3deye[END_REF]. The developed methodology provides the shot coordinates with at best a 70 µm accuracy, in the absence of reprojection errors, accounting for perspective, camera lens distortion and potential time delay between the two cameras. The methodology also provides an estimate of the error on the reconstructed shot position using the trajectory reprojection on each camera.

The setup was characterized using the developed methodology. The cannon can propel shot with three different diameters (0.5 mm, 1.19 mm and 2.5 mm) at velocities ranging from 0.8 m•s -1 to 143 m•s -1 and with an aiming accuracy of respectively 1.48 mm, 1.65 mm and 0.31 mm for the three shot diameter under 0.69 MPa input pressure and 0.93 mm, 0.45 mm and 0.22 mm over 0.69 MPa input pressure. Note that the aiming accuracy was estimated by shooting at a 2 cm distance between the cannon and the sample to prevent the shot from bouncing back on the cannon barrel. This accuracy can however be improved by lowering this distance and setting a small sample angle. The cannon can therefore be used to perform several impact at the same material spot but only using the largest diameters.

The setup was successfully used to measure the coefficient of restitution of an aluminum 6061 sample. Our study revealed that the 3D trajectory estimation procedure provides consistent results for the three shot diameters as the measured CoR values were independent from the shot diameter. Shot propelled with different angles also revealed that the procedure could extract both the normal and tangential CoR values. The developed cannon and methodology could therefore be very useful for shot peening simulations using discrete element modeling.

Finally the shot displacement, dent topography, affected depth and misorientation values obtained by impacting a copper single crystal along two different crystal orientations were measured using the developed methodology and EBSD analyses. This analysis confirmed that the setup could be used to validate crystal plasticity constitutive behavior as the test was successfully reproduced by FEA.

CHAPTER 7

Impact tests for high strain rate parameter identification

Introduction

In the previous chapter, a shot peening canon was developed to validate the ability of the model to reproduce the shot displacement curve, dent topography and, as a perspective, the residual stress field induced by single impacts under controlled conditions, when using coefficients identified by high strain rate micropillar compression. As explained in section 2.1.3, the residual stress field is a direct consequence of impact induced plastic deformation.

It could therefore contain sufficient information, not just for model validation, but also for plastic constitutive parameter identification, if the impact induced residual stress field is sensitive enough to the constitutive law parameters variations.

The benefit of such an approach is that the residual stress field is induced by an impact under industrial process conditions at the usual process strain rates. The identified coefficients would therefore be fully representative of the process conditions. This would also provide a methodology for parameter identification at higher strain rates, as compared to SHPB or micropillar compression tests, as the strain rate reported for single impact events could reach 10 5 s -1 [START_REF] Meguid | 3D finite element analysis of peening of strainrate sensitive materials using multiple impingement model[END_REF].

The shot displacement curve with respect to time also contains relevant information about the material strain rate sensitivity. Indeed, it is directly representative of the energy dissipated by the material during impact. It could therefore also be used for viscoplastic parameter identification.

In this chapter, the possibility to identify the viscoplastic parameters K and n of the Meric-Cailletaud constitutive behaviour was investigated using different crystal orientations and impact velocities. Note that no identification was performed in this work as the objective was only to investigate the potential well-posedness of the problem. The identifiability analysis was performed using the impact finite element model detailed in Section 6.4.2. This work was submitted for publication in the Journal of Theoretical, Computational and Applied Mechanics [START_REF] Breumier | Complementarity of impact shot displacements and induced residual stress fields for a reliable estimation of crystal viscoplasticity parameters[END_REF].

The chapter is organized as follows: the identifiability analysis methodology used in this study is detailed in Section 7.2. The identifiability of the viscoplastic parameters using the shot displacement curve and the residual stress field under the impact dent is analyzed in Section 7.3. The results of the identifiability analyses are discussed in Section 7.4 and finally, section 7.5 concludes the work.

Identifiability analysis

Assessing the possibility to identify a model constitutive parameters using a given set of observations consists in demonstrating that the problem to solve is well-posed e.g. (i) that there is a reasonably low number of admissible solutions, (ii) that each identified parameters have a distinct influence on the model's outputs and (iii) that those outputs are sufficiently sensitive to each of the parameters with similar amplitudes. These conditions were investigated for the identification of the Meric-Cailletaud K and n viscoplastic parameters using either the shot displacement u(t) or the residual stress field in the cross section under the impact dent.

A typical numerical unidirectional shot displacement curve is shown in Figure 7.1. The curve can be divided in three parts:

• Before impact where the shot velocity is almost constant.

• During the impact where the velocity decreases and changes sign when the shot starts to rebound.

• After impact where the shot velocity reaches a lower constant value.

The velocity measured before and after the impact, combined with the impact event duration, are representative of the energy absorbed by the material during the impact which is mainly dissipated by plastic deformation and elastic wave propagation, if temperature effects are negligible [START_REF] Johnson | Impact strength of materials[END_REF].

In reality, the shot trajectory is three dimensional and three different curves have to be analyzed for the three different space directions. However, this study only focuses on unidirectional impacts as it only aims at laying the basis of an identifiability analysis and identification methodology.

The displacement curve sensitivity to a constitutive parameter variation is defined as follows:

∂u ∂θ (t) = 1 max(|u|) √ T (u(θ + θ, t) -u(θ, t)) , (7.1)
where T is the number of acquisition points taken as 100, is the perturbation factor, u(t) is the shot displacement at time t and θ i is the constitutive parameter to be identified. The overline notation designates dimensionless quantities. . The identifiability analysis was conducted on the stress values at the integration point of elements positioned in the crosssection of the middle of the impacted sample. As future identification will be performed by comparing numerical results with experimental EBSD fields, the stress field at the integration point was then linearly interpolated on a regular square grid. A 80 × 80 grid was used for the identifiability analysis to match with the grid size used for the finite element simulation. Note that linear interpolation was chosen to remain consistent with the use of C3D8R elements. The sensitivity of a given stress component σ ij under the impact dent center, to a variation of parameter θ, was defined as:

∂σ ij ∂θ (x, y) = 1 max(|σ ij |) √ N (σ ij (θ + θ, x, y) -σ ij (θ, x, y)) , (7.2)
where N is the number of sampled points on the grid taken as 6400, x and y are the 2D spatial coordinates in the cross-section plane. Note that a constant uncertainty was assumed both for the stress and shot displacement value in equations 7.1 and 7.2 as the sensitivity value was normalized by the maximum value of the field. This hypothesis is taken as only the absolute variation of the fields are of interest.

The sole analysis of the sensitivity values is not sufficient to assess that a problem solution is unique and stable. The identifiability of the identified coefficients was therefore assessed in this work by computing the identifiability index I presented in the work of Richard et al. [130], defined as:

I = log 10 λ max λ min , ( 7.3) 
where λ max and λ min are the eigenvalues extrema of the approximated dimensionless hessian matrix close to the cost function minimum, defined as:

H ij = N t=0 ∂y(t) ∂θ i ∂y(t) ∂θ j , ( 7.4) 
where N is the number of acquisition points, ∂y (t) ∂θ i is the sensitivity of the observation y to the parameter θ i . According to Richard et al. [130], a value of I < 2 is representative of a good conditioning of the inverse problem.

Three different impact conditions were modeled to investigate the influence of impact velocity and crystal orientation on identifiability. The chosen conditions are summarized in Table 7.1 

Displacement curves

. 3 (a) shows the evolution of the displacement sensitivity with respect to time when varying the coefficients K and n respectively by 5% of their initial values. The figure reveals that K and n have an opposite influence on the displacement. However, the absolute value of the sensitivity is very similar for the two variables, suggesting a strong correlation of their influence on the shot displacement. The value of I was computed for different values of T , to ensure its independence on the number of acquisition points. Figure 7.4 shows the variation of I for the three test conditions as a function of the number of acquisition points. The values of I is stable and converges for a very low number of acquisition points. This results from the fact that only the slope of the displacement curve after the impact is influenced by a variation of K and n, which can be described with a low number of acquisition points.

The value of I obtained for a perturbation of 5% with an initial shot velocity of 40 m•s -1 along the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation (condition 1) was I = 3.1. This confirms that identification using only the shot displacement curve is an ill-posed problem as the two variables have opposite but very similar effects on the displacement. The number of possible solution for K and n is therefore large when using only a single shot displacement curve.

However, the problem well-posedness could be improved by changing the test conditions such as the impact velocity or the crystal orientation. To illustrate this point, similar simulations have been performed along the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation with a velocity of 80 m•s -1 (condition 2) and along the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation with a velocity of 40 m•s -1 (condition 3). (d,e) show the sensitivity evolution with time and the sensitivity norms for conditions 2 and 3 respectively. The figure reveals that changing the impact velocity has a higher influence on the displacement sensitivity to a variation of n than to a variation of K. Inversely, changing the crystal orientation has a higher influence on the sensitivity to a variation of K than to a variation of n.

Table 7.2 shows the values of I obtained for the three different conditions. For a constant crystal orientation (e.g. [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF]), a higher velocity value leads to a higher value of I. This result shows that as the velocity increases, the correlation between the sensitivities of the shot displacement to K and n also increases, which has a negative impact on the identifia- bility. Inversely, changing the orientation reduces the value of I which shows that it tends to decorelate the effect of the two variables.

(a) (b) (d) (e) (f) (c) 
To investigate the influence of the combination of two different tests on the identifiability value, the hessian matrix was computed as:

H kl ij = T t=0 ∂u k ∂θ i (t) ∂u k ∂θ j (t) + T t=0 ∂u l ∂θ i (t) ∂u l ∂θ j (t), (7.5) 
where u k and u l corresponds to the displacement obtained for two of the conditions detailed in Table 7.1. The values of I obtained when combining the three different tests two by two are presented in Table 7.3. Note that adding additional information did not result in an improvement of the identifiability in every case. The best value of I is 2.6 and is obtained when combining two different crystal orientations with two different shot velocities. However, the highest value of I obtained is not sufficiently low to lead to a well posed problem.

Residual stress field

Extracting relevant sensitivity information

The sensitivity of the σ xx component of the stress for an impact along the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation at 40 m•s -1 was first considered to investigate the different treatments that should be performed on the residual stress field before using it for identifiability analyses. Indeed, as opposed to the previous section, the identifiability analysis was performed on a two dimensional field which makes the influence of numerical noise on the sensitivities correlation more difficult to evidence. Indeed, the two dimensional sensitivity variations for the two variables cannot The sensitivity underneath the impact dent does not converge to a consistent shape.

be superposed as in Figure 7.3 on a one dimensional plot to visually observe a potential correlation of the sensitivities.

Also, dynamic explicit analyses induce numerical uncertainties as no residual is minimized over the analysis. Such uncertainties accumulate with the time steps resulting in small erratic variations of the final field which should not be physically interpreted. This effect should be even stronger when non-linear behaviors are involved such as contact or plasticity. The influence of numerical uncertainties on the sensitivity should therefore be investigated to account only for the parts of the sensitivity field that have a physical relevance. This is not only important to assess the well-posedness of the problem but also for the identification itself to prevent the identification to be driven by numerical uncertainties that have no physical relevance. of the identified coefficients on the residual stress field. Such errors could result from the explicit integration scheme, contact integration errors but also from the strong plastic strain gradients present in such zone that could not be captured with the current mesh. This zone should therefore not be used for identification of K and n as the stress variations would not entirely result from a variation of each coefficients. In the following, a spherical mask was therefore applied to the sensitivity field to exclude the zone where the sensitivity field did not converge.

To understand the influence of the different parts of the residual stress field on the identifiability, the value of I should be computed on a well chosen path that conveniently separates the different zone of interests of the field. The path chosen is represented in Figure 7.7. Only the refined zone of the mesh was studied as no stress was present in the extended mesh zone. The path is going back and forth between the left and the right side of the residual stress field and moves progressively toward the impact dent where most of the plastic deformations occurred.

The sensitivity of σ xx to a variation of 5% of K and n are presented in Figure 7.8 (a) and (b). The evolution of I as the length of the path represented in Figure 7.7 increases (from top to bottom) is presented in Figure 7.8 (c). The value of I is very low when compared to that obtained with micropillar compression curves in Chapter 5 (e.g. I = 1.31), even at the bottom of the sample where almost no plastic straining occurred.

The variations of the sensitivity at the bottom of the sample, along the path shown in Figure 7.7, up to the point A indicated in Figure 7.8, are shown in Figure 7.9. The average sensitivity to K and n are slightly different at the bottom of the sample, which could partially explain the low value of I found in this zone. However, the amplitude of the noise on the sensitivity variations are of the same order of magnitude as that of the average difference between the sensitivity of K and n. This reveals that the residual stress field is still too noisy to compute relevant values of the identifiability indicator, as this noise is sufficiently substantial to artificially decorelate the influence of the two variables. The sensitivity fields for perturbations larger than 15% also reveal that K and n have a non colinear effect on σ xx as the two variables induce different sensitivity variations. However such observation does not provide enough information to state on the problem well-posedness. It only implies that the influence of the two coefficients on σ xx can be differentiated but not that the information is rich enough to obtain the two coefficients values simultaneously.

To illustrate the influence of noise, a Hamming window was applied on the residual stress field Fourier transform to filter the high frequency noise [START_REF] Blackman | The measurement of power spectra from the point of view of communications engineering -part i[END_REF]:

ω(x i , y i ) = 0.54 -0.46 * cos 2πx i √ N -1 0.54 -0.46 * cos 2πy i √ N -1 r , ( 7.6) 
Where x i and y i are the discrete spatial coordinate on the field and r is a factor controlling the window radius (e.g. the filter bandwidth). To assess the value of I independently of the Hamming window radius, the value of I obtained using the whole σ xx field was computed for different window radius. Figure 7.14 (a) shows the evolution of I with the filter radius. The figure reveals that the value of I follows an inverse exponential tendency and saturates for a radius of 1500.

To ensure that the value of I at saturation did not result from the Fourier space resolution being too low, the value of I was computed with a filter radius of 3000 for different grid sizes. The value of I obtained for large filter radius can therefore be considered a higher boundary of the identifiability index value that can be obtained. In the following, the value of I given for the residual stress field will therefore be the value of I that saturates with the Hamming window radius.

To investigate the potential complementarity of the information provided by the shot displacement and the residual stress field, the value of I obtained when combining the two observation fields was computed using the following expression for the hessian matrix: Note that, in the above expression, the same weight was given to both fields as all the variables are dimensionless. The combination of the two observation fields for the same impact along the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation at 40 m•s -1 led to I = 1.1 which is slightly better than the value obtained using only the residual stress field (I = 1.4).

H ij = T t=0 ∂u ∂θ i (t

Influence of the stress component

A similar methodology was applied to study the identifiability of K and n using the other components of the residual stress field induced by an impact. As experimental residual stress estimations is to be provided by EBSD analyses, only the in-plane components of the stress tensor were investigated. Table 7.4 summarizes the value of I obtained using every grid points for large values of the filter radius for the three different components. The low values of I demonstrate that each component contains sufficient information for identification of the K and n coefficients.

Table 7.5 shows the identifiability index values obtained when combining the stress components two by two using the following expression for the hessian matrix:

H kl,mn ij = N p=0 ∂σ kl ∂θ i (x p , y p ) ∂σ kl ∂θ j (x p , y p ) + N p=0 ∂σ mn ∂θ i (x p , y p ) ∂σ mn ∂θ j (x p , y p ), (7.8) 
Combining two different components of the residual stress field only slightly enhances the identifiability index value. Finally, combining the three components resulted in I = 1.3 which is slightly higher than the best value of I obtained when combining two components of the stress. Thus, adding additional information for identification did not result in a better conditioning of the problem but rather diluted the relevant information. improve the value of I as none of these components provide additional information on the influence of n.

Figure 7.18 (b,d,f) shows the value of the L 2 norm of the sensitivity for the three components of stress, respectively. All the components are at least three times more sensitive to K than to n, which further explains why different combinations of the stress components did not result in a better value of I.

Since impact along the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation and a single impact velocity seem to be sufficient to obtain the values of K and n, identifiability for different velocities and crystal orientations using the residual stress field was not investigated in this work.

Discussion

Identifiability using only the displacement curve

As shown in Figure 7.3, the effect of K and n can be distinguished respectively by changing the crystal orientation and the shot velocity. This results from the fact that K scales the stress. Its influence thus mainly depends on the stress value, which changes with the orientation. On the other hand, n acts mainly on the strain path. Its influence is therefore more related to the total absorbed energy.

Consequently, when combining two velocities along the same crystal orientation (conditions 1 and 2), only the total energy imposed to the material is varied. Therefore, combining those two tests only provides more information on the effect of n but not on the effect of K. Inversely, combining two different orientations with the same shot velocity only provides more information on the effect of K but not on the effect of n. Consequently, varying the two parameters simultaneously results in the best value of I (2.6) as the influence of both parameters is varied.

Also, combining two displacement curves did not result in an improvement of the value of I in every case. For instance, combining two tests at 40 m•s -1 along the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientations resulted in a similar value of I as when using a single test at 40 observed a similar phenomenon when combining two indentation imprint topographies for the identification of two parameters. In some cases, combining the two topographies resulted in a worst value of I than that obtained when using a single topography due to a dilution of the relevant information.

The value of I obtained in this work using only the displacement curve was still too high to assess the problem well-posedness. This might however be sufficient to obtain a first raw estimate of the value of (K, n) that could then be refined using another observation field, such as the residual stresses. This could be confirmed by performing identification on a virtual material using both the displacement curve and the residual stress field.

Also, combining the displacement curve with the residual stress field for the same test resulted in a lower value of I. The shot displacement is therefore an interesting complementary observation field to use for identification.

Finally, the hole space of crystal orientation and reachable shot velocity should be screened to find the most suitable conditions for identification. This will be performed in future works.

Identifiability using the residual stress field

Convergence of the sensitivity field in the vicinity of the dent was not achieved in this study, as shown in Figure 7.6. It is interesting to note that the noisy part of the sensitivity field corresponds to the zone where most plastic straining occurred. The more pronounced stress gradients are therefore also located in this zone. This explains the difficulty to obtain converged sensitivity values under the dent. Experimentally, large plastic strains also prevent stress estimations using HR-EBSD, as they induce noisier diffraction patterns. This zone would therefore also have to be masked on EBSD data and would therefore not be used for identification, even in the absence of numerical convergence issues.

The value of I provided in Tables 7.4 and 7.5 are those obtained by applying a low-pass filter with a large Hamming window radius on the residual stress field. Applying such filter does not add any information but removes the high frequency noise resulting from numerical uncertainties. However, it also removes parts of the field that should contain relevant information for identification as slight variation of the field could result from a variation of each parameters and not just from the quality of constitutive law integration. Such value of I should therefore be considered as a higher boundary of the identifiability index value.

Each of the three investigated components of the residual stress field contains sufficient information for identification of K and n with a single test in a single orientation with a single shot velocity condition. Combining the different components only resulted in slight improvements of the identifiability index. This could result from the high Hamming windows radius used for filtering, which could remove parts of the specific relevant information of each field. It could also indicate that the two coefficients have a similar influence on the three components of the stress. Therefore there is no dilution of information when combining two components as each components contains relevant information for identification. However, it does not add any new information on the distinct influence of each parameter and therefore does not really improve the problem conditioning.

Also, using only the bottom of the field, the parts of the fields where the most pronounced effects occur is unused. To make better use of the whole residual stress field in future works, identification should not be performed by comparing the target and simulated field point-wise but by comparing well-chosen characteristics of the field.

The value of I found for identification of K and n using the residual stress field under the dent ranges from 1.2 to 1.4, depending on the stress component used. This is consistent with the value I = 1.3 found with the microcompression tests in Chapter 5. However, only a single simulation was required to achieve good values of I. As the residual stress field is a direct consequence of the plastic straining occurring during the impact event, it contains more information than a stress-strain curve which solely represents an average quantification of the material's behaviour. The value of I presented in Table 7.4 are therefore consistent with that of the literature.

The residual stress field under the impact dent therefore contains sufficient information to obtain the viscoplastic parameters with a single simulation. The resulting identification procedure would therefore be more efficient than that using micropillar compression tests as it would require less tests to be modeled. However, HR-EBSD residual stress analyses remain an experimental challenge. Indeed, it requires a perfect surface preparation with almost no subsurface residual polishing induced hardening, which could be tedious especially on ductile materials such as copper. Also, such analyses remain mainly applicable on large grains or single crystal samples as the elastic residual strain are obtained by comparing the deformed crystal volume with an undeformed reference volume inside the same grain. This study however reveals that the wealth of information provided by such residual stress fields worth the efforts spent in sample preparation.

Conclusion

The objective of this work was to investigate the possibility to obtain the viscoplastic parameters of the Meric-Cailletaud framework using outputs provided by a shot impact test.

The main contributions are as follows:

• Identification of K and n using the shot displacement curve was shown to be an ill-posed problem.

• Combining two impacts along two different crystal orientations with two different shot velocities improved the problem well-posedness as it provided more information on the distinct influence of the two coefficients on the displacement, which resulted in a value of I = 2.6.

• A methodology to establish identifiability of the Meric-Cailletaud constitutive parameters using the residual stress field under the impact dent was established.

• Analysis of the stress sensitivity to a variation of K an n and the resulting values of I = 1.2 when combining two stress components revealed that the two coefficients could be identified using the residual stress induced by a single impact on a single crystal orientation.

• Combining the residual stress field with its corresponding displacement curve reduced the value of I from I = 1.4 when using only the residual stress field to I = 1.1. The two observations fields are therefore complementary.

Using the residual stress field induced by an impact could therefore provide a methodology for identification of material parameters at high strain rate as the strain rates involved by such impact could reach the order of 10 5 s -1 . Such parameters could then be used for modeling of processes involving such strain rates such as shot-peening.

However, the value of I presented in this study using the residual stress field are only higher boundary of the potential identifiability index. Therefore further analyses should be conducted by considering relevant descriptors of the residual stress field rather than using a point-wise comparison of the perturbed field with a reference one. This could for instance be performed by automatically extracting the field characteristic using image segmentation methods [START_REF] Ronneberger | U-net: Convolutional networks for biomedical image segmentation[END_REF].

Also, identification on a virtual material with chosen coefficients will be conducted in future works to assess the convergence of classical optimization algorithm on the solution using different starting points. This will effectively validate the identifiability analysis presented herein.

Finally the possibility to obtain the K and n parameters using only the shot displacement curve is very promising as it is very easy to obtain experimentally. The whole crystal orientation and reachable shot velocity space will therefore be screened to chose the experimental conditions that maximizes identifiability in future works.

CHAPTER 8 Conclusion

Summary

This work laid the first bricks toward the prediction of shot-peening induced intragranular residual stress. Each of the presented chapters contributed to one or several of the initial objectives:

• New evidences of the relevance of modeling the process at the crystal scale were provided: Chapter 3 revealed a strong influence of crystal orientation on the induced residual stress state at the grain scale. In particular, it revealed that spherical indentation in particular orientations could induce subsurface tensile residual stresses. Chapter 4 further emphasized the importance of accounting for microstructural evolution when modeling the process, especially for the treatment of complex geometries.

• Methodologies were detailed for constitutive parameters identification at the local scale under process conditions: in Chapter 5, a complete methodology for local parameter identification at high strain rate using micropillar compression was detailed. Since the methodology could not provide data for strain rates encountered in shot-peening, a shot-peening canon was developed as presented in Chapter 6 to perform controlled impact under various conditions. A methodology to retrieve the shot trajectory as accurately as possible was developed and its accuracy was thoroughly characterized. Chapter 7 confirmed that the propelled shot could generate sufficient data for parameter identification. This chapter also confirmed the relevance of identifying the strain rate dependent parameters K and n as it revealed that the residual stress field was sensitive to their variation.

• Tools for constitutive behavior validation were developed: The comparison between residual stresses obtained by HR-EBSD estimations and CPFE simulations presented in Chapter 3 confirmed the possibility to compare numerically predicted stresses with HR-EBSD estimations for model validation. Also, various tools developed in the litterature for EBSD analysis such as dictionary indexing as presented in Chapter 4, or the NLPAR filter detailed in Chapter 2, could provide more accurate EBSD observations when large plastic deformations are present. The resulting rotation field or GND variations (using for instance the depth of the plastically deformed zone) could also be used for validation. Finally, the good correspondance between the displacement curves, the impact dent topography and the rotation field numerically predicted and obtained with the shot peening canon, as presented in Chapter 6, confirmed that it would be an excellent tool for model validation under process conditions. In particular, the position uncertainty provided by the reprojection error of the shot trajectory reconstruction procedure could allow to account for experimental uncertainty in the validation process.

Therefore, even though a complete methodology for intragranular stress prediction could not be developed in the frame of a single doctoral project, several contributions were brought to every aspects of the future methodology. Also, the many surprises encountered through the different sub-projects paved the way for future interesting researches in indirectly related domains.

Perspectives

The work presented herein faced several limitations that could represent interesting challenges for future researches.

First, the high strain rate micropillar experiments performed in this study were performed at the Ecole des Mines de Saint-Etienne for the first time. Given the preliminary results presented in Chapter 5, the following subjects could be investigated:

• Tests with different pillar size under different strain rate exhibited a dependence of the size effect with the strain rate. This dependency could be investigates by performing a more thorough study on a larger number of pillars under different strain rates and crystal orientation with different pillar size. The induced dislocation structures could also be investigated using transmission electron microscopy (TEM) to identify the underlying deformation mechanisms.

• The stress/strain curves obtained under different strain rates for different orientations revealed an anisotropy of the strain rate dependency that could not be reproduced using the Meric-Cailletaud framework. Such anisotropy could be investigated on different materials by performing micropillar compression up to different strain amplitudes, strain rates, crystal orientations and analyzing the resulting load displacement curve, deformed pillar shapes and dislocation structure observed with a TEM.

• Finally, the highest reachable strain rate could be increased by positioning the load sensor under the tip, or using two smart tip sensor both for load sensing and actuation.

The shot peening test rig presented in Chapter 6 was also entirely developed during the project through an active collaboration with the Mëkanic company. The following improvements could however still be performed on the setup:

• The overall quality of the reconstructed shot trajectory could be improved by: improving the lighting, increasing the camera shooting frequency or by developing a more robust shot detection code based on feature extraction techniques. For that purpose, the shot reconstruction trajectory code was made fully open source and documented and is open for improvement.

• The impact dent geometry could be directly reconstructed by DIC using the stereomicroscope positioned on the setup. This would provide another observation field that could be used both for model validation or constitutive parameter identification. This could be investigated using a similar methodology as that provided in chapter 7.

Residual stress field induced by impacts could not effectively be used in this project for parameter identification or validation. However, Chapter 7 revealed that (i) the residual stress field was sensitive to the strain rate dependency parameters and (ii) those parameters had an uncorrelated influence on the residual stress field, which could make their identification possible. The following subject could therefore be investigated:

• Investigate the identifiability of all the Meric-Cailletaud constitutive parameters using the residual stress field.

• Develop a sample preparation methodology to perform HR-EBSD measurements on single crystal copper specimens or perform impact tests on alternative materials such as nickel single crystals.

• Perform identification of the strain rate dependent coefficients using the residual stress field induced under an impact for a virtual material and on experimental estimations using HR-EBSD to confirm the relevance of the good indentifiability index values obtained in the present work.

• Investigate the identifiability of the Meric-Cailletaud framework on the residual stress field obtained induced by an impact performed along every crystal orientation by mapping the indentifiability index on an inverse pole figure to obtain the optimal experimental conditions for identification.

APPENDIX A COMPARISON OF DESTRUCTIVE RESIDUAL STRESS ESTIMATION METHODS

Ortner method

Micro-Laue diffraction 

Convergence study

Global mesh convergence

This work mainly focused on spherical indentation-induced residual stress fields. Particular attention was given to the tensile residual stress quantity. Mesh size convergence was therefore based on the volume fraction of element with a positive first stress invariant, f t .

Simulations were performed with eight different substrate mesh sizes. The total number of elements ranged from 20 277 to 280 277. 

Indenter mesh

A convergence study on the indenter mesh size was performed to remove the indenter mesh influence on the predicted residual stress and misorientation fields. The indenter being asymmetrically meshed (with respect to the sample symmetry axes), low indenter mesh density in the contact zone lead to asymmetric fields. Convergence was therefore assessed by characterizing the residual stress field symmetry in the (x,y) plane at z=0 at several depths y using an error criteria defined as:

y = 2 N y Ny/2 i=0   σ(x i ) -σ(x N -i ) max i (σ i )   2 , (B.1)
where N y is the number of data point at depth y.

Evolution of y with mesh density at different depths is presented in depending on Zone B (Figure 5.3) relative size to the contact radius. The value of f t was therefore computed with three different border sizes b, corresponding respectively to 1, 2 or 3 times the Zone A dimension R 2 . Figure B.5 shows the evolution of f t with Zone B to Zone A dimension ratio 2b R . Border influence on the value of f t is observed for low Zone B dimension values. Convergence can however be observed for borders twice larger than the refined zone.

Results sensitivity to friction

Most CPFE studies on single crystal indentation modeled the contact as frictionless [START_REF] Petryk | On direct estimation of hardening exponent in crystal plasticity from the spherical indentation test[END_REF][START_REF] Zaafarani | Three-dimensional investigation of the texture and microstructure below a nanoindent in a cu single crystal using 3d ebsd and crystal plasticity finite element simulations[END_REF]209,210]. However, according to Marteau et al. [START_REF] Marteau | Review on numerical modeling of instrumented indentation tests for elastoplastic material behavior identification[END_REF], friction coefficient influence has been observed in the litterature when modelling spherical indentation. According to their review, the friction coefficient can have an influence on the pile-up quantity and very locally, on strains and stresses distribution, for low indentation depths.

Friction coefficient influence on the value of f t was therefore studied. Three simulations were performed using different friction coefficients ranging from 0 to 0.4.

Figure B

.6 shows the evolution of f t with the friction coefficient. A slight decrease is observed for higher friction (9% of the frictionless value). Contact was therefore modelled as frictionless in this study.

Inverse Pole Figure construction

Face-centered cubic crystal orientation can be described by three vectors, corresponding to the three rotated crystal axes. The orientation of one axis can be described by its spherical coordinate angles α and φ (as shown in hemispherical plane of the unit sphere. The second crystal axis x is chosen using spherical coordinates α x = α y + π/2 and φ x = φ y , so that the third vector always remains in the hemispherical plane.

Considering the face centered cubic crystal symmetry, covering the whole IPF therefore allows to describe all possible crystal orientations. Simulated orientations were chosen by meshing the IPF with tetrahedral elements, using gmsh software [START_REF] Geuzaine | Gmsh: A three-dimensional finite element mesh generator with built-in pre-and post-processing facilities[END_REF], so as to cover the whole domain as homogeneously as possible. The chosen mesh is represented on dent of the number of elements. As previously, the convergence criteria was chosen as:

mesh (N el ) = 1 T T t=0 σ conv (ε(t)) -σ N el (ε(t)) max(σ conv ) 2 , (C.2)
where N el is the number of elements and σ conv is the stress obtained for 119 264 elements. Convergence was considered attained for 24 556 elements.

Influence of friction

As the friction coefficient between the indenter and the pillar surface is very difficult to assess experimentally, a sensitivity analysis of the stress-strain curve to the friction coefficient was conducted. The stress-strain curve sensitivity to the friction coefficient was computed as:

f riction (µ s ) = 1 T T t=0 σ conv (ε(t)) -σ µs (ε(t)) max(σ conv ) 2 , (C.3)
where σ conv is the stress obtained a friction coefficient µ s =0.3.

.3 shows the variation of with the friction coefficient. As reported in the literature [START_REF] Zhang | The design of accurate micro-compression experiments[END_REF][START_REF] Raabe | Effects of initial orientation, sample geometry and friction on anisotropy and crystallographic orientation changes in single crystal microcompression deformation: A crystal plasticity finite element study[END_REF], the effect of the friction coefficient on the stress-strain curve is negligible. However, the absence of friction induces a very different behaviour as it generally leads to pillar buckling. In the present study the friction coefficient was therefore taken as µ s =0.2, as pillar buckling is obtained numerically below this value and as no buckling was observed experimentally.

Size effects

Size effects were investigated to assure that the microcompression stress-strain curve obtained did not depend on the chosen pillar size. Pillars with three different diameters (3 µm, 6 µm and 8 µm) were compressed in the [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation at low (10 -2 s -1 ) and high (10 2 s -1 ) strain rates to also investigate the compression rate influence on the potential size effects. . At low strain rate, smaller pillars presented an almost perfectly plastic behaviour. At high strain rates, a 'smaller is stronger' effect was observed in most cases. The [START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation was chosen as fewer slip systems are activated when compressing in this orientation as compared with [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] and [START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF]. It is therefore more prone to starvation size effects. At low strain rates, 3 µm pillars presented a much lower hardening at the onset of plasticity than the bigger pillars. In overall, the 6 µm and 8 µm pillars presented similar hardening behaviours (except for 6 µm pillar #10 at low strain-rates).

D t ≈ 8µm D t ≈ 6µm D t ≈ 3µm
To better understand the differences in hardening behaviour, the deformed shape of the pillars were considered. Such differences in strain localization behaviour was already observed, experimentally and numerically, for smaller pillars by Kiener et al. [START_REF] Kiener | Work hardening in micropillar compression: In situ experiments and modeling[END_REF]. According to the authors, for smaller pillar sizes, the initial dislocation densities for each gliding systems are not evenly distributed. This results in strain localization in systems where dislocation density is the highest. This induces a reverse size effect on the stress-strain curve.

Interestingly, at high strain rates, 3 µm pillars presented an overall stiffer behaviour as the bigger pillars. This could be related to a change in plasticity mechanism as the strain rate increases. Hu et al. [START_REF] Hu | Strain rate effects on the plastic flow in submicron copper pillars: Considering the influence of sample size and dislocation nucleation[END_REF] performed Discrete Dislocation Dynamics simulation of micropillar compression of submicronic copper pillars at different strain rates. According to the authors, at low strain rates, plasticity is driven by dislocation nucleation at sources. At higher strain rates, it is mainly driven by surface dislocation nucleation.However the strain rates amplitude used by the authors were higher and the pillar sizes were smaller than those used in this study. Also, validating such an assumption would require more tests to be conducted, owing to the statistical nature of dislocation distribution at this length scale. It is therefore beyond the scope of this study.

In the following, pillars presenting single slip in the studied orientation were not considered, as their strain mechanisms was not representative of the grain scale. Also, only 6 µm and 8 µm pillars were considered.

Single element simulation material parameter identification

To show the influence of the micropillar strain-rate enhancing structural effect developed in Section 5.3.1, the pillar was alternatively modeled as a single linear reduced hexaedric element (e.g. with a single integration point). Periodic boundary conditions were applied on the element faces. The experimental strain ε zz , computed as:

ε zz = u h 0 , (C.4)
was imposed at the unique integration point. In Equation C.4, u and h 0 are respectively the experimental pillar displacement and the initial pillar height. This first approach was entirely modeled using the Z-set 8.6 software suite.

The inverse identification was performed on virtual data generated using the full pillar geometry model with K = 7 and n = 4. Figure C.6 shows the cost function Ψ σ variations with coefficients K and n close to the virtual material solution. The figure reveals that the solution found by the identification procedure using a single element is very far from the chosen virtual material parameters. A factor two was found between the virtual material coefficients and the identified solution. Also, the cost function is stretched horizontally revealing a poor solution uniqueness.

To understand this bias induced by the identification procedure, single element simulations were performed with K = 7 and n = 4. Figure C.7 compares the numerical stress-strain curves obtained with the virtual material full-pillar geometry and the single-element simulations, using the [START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] crystal orientation, at (a) ε = 1 s -1 and (b) ε = 10 3 s -1 .

The single element simulation did not capture the strain-rate sensitivity observed using the full-pillar geometry. When using this model for identification, it therefore resulted in a very different solution than that expected. Such differences in the strain-rate sensitivity can be explained by a structural effect, as a single element simulation cannot account for the high strain rate concentration in the shear bands evidenced in Section 5.3.1.

High strain rate internal heat generation

The potential influence of internal heat generation in the pillar during high strain rate plastic straining on the measured mechanical properties was investigated. Heat generation during plastic straining in a material could be estimated using the coupled mechanical heat conduc- where C p is the specific heat taken as 386 10 6 mm 2 s -2 K -1 , ρ is the material's density chosen as 8.96 10 -6 kg mm -3 for copper, T is the temperature, k is the thermal conductivity coefficient, β is a material constant and εp is the plastic strain rate.

Assuming that all plastic straining is converted into heat (β = 1) [START_REF] Kapoor | Determination of temperature rise during high strain rate deformation[END_REF] and that, in the worst case, no conduction occurs the expected temperature derivatives would be of the order of 10 4 Ks -1 for ε = 10 To better assess the relevance of the proposed procedure, the test was also conducted using a simpler approach. This second approach consisted of recovering the shot trajectory by taking the shot position in pixel on the camera and multiplying it by a pixel to centimeter ratio obtained by taking a picture of a ruler positioned at the camera focal point. This second approach does therefore not account for any perspective. It reveals that not accounting for perspective could lead to errors up to 1.5 mm even in an ideal case where the cameras are perfectly positioned.

In an ideal case, the calibration procedure detailed in Section 6.2.2 is therefore 22 times more accurate than if the perspective was not accounted for.

APPENDIX E SINGLE CRYSTAL COPPER PREPARATION FOR HR-EBSD OBSERVATIONS

Sample preparation for HR-EBSD observations is a critical task as such analysis requires a mirror-surface finish with as least polishing-induced hardening as possible. Indeed, the diffraction patterns should vary as little as possible to capture the small variations induced by local residual stresses. Also, the surface has to be mirror-finished with the smallest rugosity possible and no surface pollution to obtain sufficient diffracting conditions to get several orders of the diffraction bands. Indeed, the more detailed the pattern, the easier and the more accurate the cross-correlation will be.

Copper is a very ductile material. It is therefore very easy to scratch and often deforms when mechanically polished. Also, surface smearing could cover scratches induced by previous polishing steps. It is therefore difficult to assess whether the surface is well-polished or not using optical microscopy, as residual scratches can be hidden under the surface.

A very direct way to obtain satisfactory surface preparation of copper for EBSD is to use electropolishing as it does not require any mechanical action [START_REF] Juran | Investigation of indentation-, impact-and scratch-induced mechanically affected zones in a copper single crystal[END_REF]. However, electropolishing induces surface topography. For HR-EBSD observations, the observed surface has to be completely flat to easily retrieve the sample to detector distance.

Alternative polishing method were therefore investigated in this study. Although those methods were not sufficient for residual stress estimation, they produced very satisfying results in terms of metallographic quality and are therefore detailed herein to serve as a strong basis for future copper sample preparation.

Two different methods were investigated during this work: (i) Mechanical polishing and (ii) Ion beam polishing.

Mechanical polishing

To reduce the sample deformations during polishing and get the most repeatable result, the samples were coated in an Methyl-Methacrylate Cold Mounting Resin 605 (Lamplan). Alternatively, Epoxy resins were also investigated as the 605 resins exhibited a pronounced shrinking during reticulation, leaving to much space between the sample's surface and the resin.

Since the objective of the study is to observe the microstructural evolution induced at the center of the impact induced dent, a methodology had to be detailed to measure the removed sample height through each polishing steps to reach the exact dent center at the end of the polishing. Before coating, the impact dents position on the sample was measured using a binocular to estimate the sample height that should be removed through grinding, as well as the dent position on the sample. After coating, the samples were then fixed on a special sample holder which can be mounted on a binocular table such that the sample is always observed at the same 3D position, as shown in Figure E.1. Before each polishing step, the focusing distance required to see the sample surface clearly is measured. The difference of focusing distance between each steps therefore gives a good estimate of the removed sample height.

First, SiC paper P600 steps are performed with a 20 N load until only 300 µm are left to remove. The 150 µ are removed using P1200 paper with a 20 N load. Those first steps allows to get closer to the imprint but induces to much rugosity to observe its apparition as the imprints were not really deep. Therefore the sample is then polished using a MD-Largo composite disc with a 9 µm diamond suspension with a 20 N load until the distance to the imprint center is estimated to be less than 50 µm. Those first step are performed using an automatic polishing machine which head is equipped with an extensometer to estimate the polished height to ensure progressive polishing steps.

Note that there is not a unique relation between the papers abrasion rate and the polished material as it also depends on the paper wear rate and initial rugosity distribution. The observed abrasion rate are however given in Figure E.2 as an indication.

Finishing steps are then performed using 3 µm diamond suspension using an MD-MOL woven wool with a 20 N load then 1 µm diamond suspension using an MD-NAP fabric with a 10 N load ensuring to remove for each granulometry at least three times the height corresponding to the previous polishing step granulometry.

To reveal potential scratches induced by smearing, the sample is then successively chemically attacked using an F eCl 3 solution and repolished using a 1 µm diamond suspension until no residual scratches are observed. Finally residual hardening induced by the last polishing step is progressively removed using a vibromet with a half-diluted OP-S standard fumed silicat suspension. During this step, the sample has to be observed at least every 30 minutes as an oxydation reaction could happen inducing an "orange peel" aspect of the surface. The longer the vibromet step, the more likely this reaction could happen. However, the longer the step, the less the observed surface hardening. A compromise therefore has to be found for each sample to get the best final surface state.

If the oxydation reaction starts, the damage can only be repaired by getting back to the 9 µm suspension step as fumed silicat particles tend to solidify in the space between the resin and the sample. Mechanical polishing steps tends to remove those solidified particle during polishing producing large but not deep scratches on the surface which are usually recognizable as they initiate at the sample border. The sample is then observed using EBSD to ensure a sufficient pattern quality before uncoating. If not, longer vibromet steps are performed to remove the remaining subsurface hardening. Otherwise, the sample is uncoated through a three-days acetone bath.

Unfortunately such careful procedure was still not sufficient to reduce the layer hardened by mechanical polishing to a sufficient depth for HR-EBSD observations. Alternatively, the samples were also polished using a Jeol Ion beam cross-section polisher. The sample cross-section is first cut using a diamond wire saw, so that less than a 100 µm thickness has to be removed by the polisher to reach the dent center. Then, the sample is positioned under a fixed argon beam and continuously rotated around the axis perpendicular to the cross section to ensure homogeneous milling. The benefits of this approach is that no mechanical steps are performed on the sample. No hardened layer is therefore produced by polishing.

Ion beam milling preparation

However, the beam power and polishing duration have to be optimized to minimize curtains effects occurring when milling heterogeneous geometries as shown in Figure E.3 (a), which resulted from a 5h milling at 6 kV followed by a 30min refining step at 4 kV. To minimize the curtain produced by surface heterogeneities, the dent was filled with silver painting. A thin gold layer was electrodeposited on the silver painting to homogenize surface first seen by the beam. Figure E.3 (b) shows the resulting surface obtained with the same milling conditions, which reveals that filling the dent has greatly reduced the curtain effects. Unfortunately, smaller curtains were still present on the polished surface due to the silver painting heterogeneous distribution.

Unfortunately, the surface preparation methodologies detailed above were not sufficient for HR-EBSD analysis. Therefore only the misorientation data under the dent were analyzed in the following.
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Figure 2 . 4

 24 Figure 2.4 Residual stresses at different scales. Type I, II and III stresses refer to stress average over many grains, the micro stress variations inside a single grain and the stress at the crystal defect scale respectively.

Figure 2 . 6 Figure 2 . 7

 2627 Figure 2.6 Illustration of several crystal defects. (a) point, linear and (b) planar (twinning) defaults. In figure(a): (1) vacancy, (2) self-interstitial, (3) foreign-interstitial, (4) foreign substitution atom and (5) dislocation

Figure 2 .

 2 Figure 2.10 Micropillar compression test uncertainty sources. (1) Pillar/tip misalignment, (2) Taper angle, (3) Ga + ion amorphization, (4) Pillar/indenter friction, (5) Size effects.

Figure 2 .

 2 Figure 2.11 Displacement correction required to retrieve the pillar displacement, extracted from the work of D.Tumbajoy-Spinel [84]. The corrected curve accounts for the frame, the indenter and the substrate contributions.

Figure 2 .

 2 Figure 2.12 Schematic representation of the Bragg's law of Diffraction.

Figure 2 .

 2 13 shows an example of Kikuchi diffraction diagram for [100] single crystal copper. A Kikuchi diagram is specific of the observed crystal lattice and orientation. Classical EBSD consists in retrieving the local crystal orientation by diagram indexation based on the lattice parameters.

Figure 2 .

 2 Figure 2.13 Formation of Kikuchi bands. (a) Incident electron beam on the sample diffracts in every direction, producing a diffraction cone. These cones produce straight bands on the phosphor screen, also called "Kikuchi bands" [99]. (b) Kikuchi diagram resulting from the combination of all the Kikuchi bands on the screen. A particular band has been highlighted in white..

Figure 2 .

 2 Figure 2.14 EBSD setup geometry. Schematic representation of the geometrical model used to relate band shifts and residual elastic strains.

Figure 2 .Figure 2 .

 22 Figure 2.15 Schematic representation of Geometrically Necessary Dislocations (GND, in orange) contributing to the global lattice curvature at the observed scale, as opposed to Statistically Necessary Dislocations (SSD, in gray)

Figure 2 .

 2 Figure 2.19 Summary of the different parts of the research project.The objective of the first two chapters was to assess the importance of modeling the process at the crystal scale for the prediction of both the residual stresses and the hardening. The next two chapters aim at developing tools for the choice of the most relevant crystal plasticity model as well as methods to obtain their constitutive parameters in the process conditions. Finally the last chapter will focus on the development of a shot peening canon to validate the previously identified model.
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 1553 Figure 5.3: a refined zone (Zone A) in the contact area and a border zone (Zone B) with progressively unrefined meshes to avoid border effects. Dimension R (Zone A) was chosen so as to contain all the elements where plastic strains occurred. The outside layer thickness b was chosen to avoid border effects on the residual stress field (see Appendix B). The dimension b = R was chosen as the converged value.

Figure 3 . 1

 31 Figure 3.1 Spherical indentation finite element model. (a)Schematic view of the indentation model geometry and mesh. C3D8R hexahedral and C3D4 tetrahedral elements were used respectively for the copper sample and the indenter mesh. The indenter was modeled as rigid.The sample followed a CPFE law for copper. Contact was modeled as frictionless using a penalty method. (b)Representation of the substrate crystal orientation with respect to the global coordinate system. Simulations with an in-plane rotation φ = 20 • and 45 • were also performed to rule out any effect of the mesh on the residual stresses, using the same criterion as for the convergence study presented in Appendix B.

Figure 3 .

 3 Figure 3.2 Variation of the indent diameter as a function of the applied force for different values of the yielding criterion R 0 . The indent diameter is defined as the largest dent dimension along the x-axis. Results obtained for R 0 = 10 MPa seem to best fit experimental data, especially for the largest force values.

Figure 3 . 3

 33 Figure 3.3 Indentation strategy chosen to study the influence of several indents. d imp represents the first residual imprint diameter. Five successive indents were performed following the x-axis. First three indents were spaced apart from d imp . Two last indents were performed on the resulting dimples.

Figure 3 . 4

 34 Figure 3.4 Indentation dent topography. (a) Topography of the resulting indent shape: comparison of the experimental (left) and numerical (right) residual indent enhanced by the contact pressure field. (b) Quantitative comparison of the predicted and experimentally measured imprint shape using the imprint diameters and the curvature radius at the imprint corners. Both imprint present similar dimensions. The experimental imprint is rounder than the predicted one.
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 35 Figure 3.5 In-depth residual stress field after indentation and sample cutting at the indent center: HR-EBSD results (left) and Finite Element results (right). Both fields present similar shapes and amplitudes. Tensile residual stresses are observed in the first 200 µm under the surface.

Figure 3 .

 3 Figure 3.7 shows the predicted residual stress field in an indented sample before cutting. This figure further confirms that spherical indentation in the crystal's [001] direction produces a large tensile residual stress zone beneath the indent.

Figure 3 . 6

 36 Figure 3.6 Experimentally measured and predicted σ xx profiles after an indentation, along two paths 70 µm and 493 µm below the surface. The Finite Element model captures well the global shape and amplitudes of the field. The most compressive stresses are found experimentally under the surface at x = 0 mm. A deeper profile located 493 µm below the surface reveals a gap between predicted and experimentally measured stresses.

  Figure 3.7 Finite Element in-depth σ xx field after indentation in the [001] direction, before sample cutting. Tensile stresses are present down to 230 µm and therefore do not result from sample's cutting.

Figure 3 . 8

 38 Figure 3.8 Inverse Pole Figure representing the volume fraction of elements with a positive (a) and negative (b) residual first stress invariant after one simulated indent. Each black mark represents a simulation result. Largest tensile zones and smallest compressive zones are found when indenting close to the [001] orientation. Please note that the figures do not complement each other as a stress threshold t was used to calculate both volume fractions.

Figure 3 .

 3 Figure 3.9 shows the residual first stress invariant field evolution as a function of crystal orientation. The tensile residual stress zone observed for the sample indented along the [001] direction is confined, almost uniformly, close to the surface, when the indentation direction shifts toward the[START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] direction. This is particularly emphazised in Figure3.10 that reports the in-depth stress profile taken at the indentation center for three different orientations. For the sake of clarity, the curves presented in Figure3.10 were smoothened to remove discretization-induced oscillations using a gaussian filter as:

Figure 3 . 9

 39 Figure 3.9 Evolution of the residual first stress invariant field with indentation orientation varying from [001] to [111]: (a) [2 15 2], (b) [4 15 4], (c) [8 15 8], (d) [13 15 13]. The tensile stress zone is present for several orientations and is confined, almost uniformly, close to the surface for orientations close to [111].

Figure 3 .

 3 Figure 3.6 shows that more compressive residual stresses are measured close to the indentation axis (x = 0 mm) and beneath the tensile zone deeper in the sample. Such bias in the compressive stress intensities could be induced by the HR-EBSD parameter choice. Errors

Figure 3 .

 3 Figure 3.10 Residual stress profiles for orientations [001], [4 15 4] and[START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF]. The profiles are extracted on a path at the geometry center, as sketched at the left. A gaussian filter was applied to remove discretization-induced oscillations. These profiles emphasize the respective reduction and augmentation of the tensile and compressive zones close to the[START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] orientation.

Figure 3 .

 3 Figure 3.11 Redistribution of the residual first stress invariant field during the indents presented in Figure 3.3, when indenting in the [001] direction.Figure's numerotation corresponds to the indent number following Figure 3.3's convention. Tensile stresses are still present after 5 indents. The final residual stress field is highly heterogeneous

  Figure 3.11 Redistribution of the residual first stress invariant field during the indents presented in Figure 3.3, when indenting in the [001] direction.Figure's numerotation corresponds to the indent number following Figure 3.3's convention. Tensile stresses are still present after 5 indents. The final residual stress field is highly heterogeneous
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 4141 Figure 4.1 Experimental methodology for rolled edge observation. (a) Schematic of the shot peening set-up used in this study. (b) Shot peened sample. (c) Micrograph showing the shot peening induced rolled edge. The nozzle velocity V N ozzle was 2000 mm•s -1 . Shot peening at the sample's borders induced rolled edge as visible on the micrograph at the bottom right.
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 42 Figure 4.2 Typical hardness variation with indentation depth obtained using the CSM mode.An oscillating displacement is imposed to the indenter during the test, hence providing a continuous measure of the material's hardness and reduced modulus with indentation depth. Size effects down to 100 nm results in higher hardness values. The final hardness value is taken as the average in the stable zone, between 100 nm and 150 nm.

Figure 4 .

 4 Figure 4.3 shows an assembly of the two inverse pole figures (IPF) relative to the sample's normal obtained using the dictionary indexing method from the rolled edge to the sample's flat part. A drift in the orientation data between the two maps can be observed and results from EBSD beam drift due to the long time required for the acquisition.

Figure 4 . 3

 43 Figure 4.3 Inverse Pole Figure (IPF) map relative to the sample's normal obtained next to the rolled edge zone. Dashed lines represents the samples border to emphasize the zones that were not indexed. Elongated grains are observed next to the surface at the edges. The dotted line represents the limit between the two EBSD acquisitions. A drift in the orientation data due to the long acquisition time can be observed close to this limit at the bottom of the map.

Figures 4 .

 4 Figures 4.4(a) and (b) show the GND distributions estimated in the reference zone at a minimum distance of 150 µm from the rolled edge with conventional Hough and dictionary indexing respectively. Figure4.5 shows the relative position of the different maps shown in Figure4.4 for better clarity. Both methods exhibited a GND density gradient from the surface to the bulk due to shot peening induced work hardening. The density gradient is however more pronounced when using the dictionary indexing method. Figures4.4 (c) and (d) show the GND density distribution estimated in the bulk using Hough and dictionary indexing, respectively. The average density observed in the bulk qualitatively matches those represented at the lower depths in Figure4.4 (a) and (b). This reveals that the maps acquired for the shot peened reference captured the whole surface gradient induced by shot peening. This is confirmed by Figure4.6 which shows the average GND density depth profiles computed on 15 µm high bands at different depths. The average bulk GND density was 4.2×10 14 m -2 using DI and 7.7×10 14 m -2 using Hough indexing. The affected depth is therefore 125 µm deep.
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Figure 4 . 4

 44 Figure 4.4 GND density map estimated far from the sample edges close to the surface and in the bulk using (a)(c) conventional Hough transform and (b)(d) Dictionary indexing. Both figures reveals a hardening gradient induced by shot peening from the surface to the bulk.The dictionary indexing approach provides a better contrast inside each grain and reveals a higher dislocation density gradient. The average dislocation density observed at the bottom of (b) seems to match the average hardening level of the sample bulk.
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 4546 Figure 4.5 Position of the two different EBSD maps represented in Figure 4.4. The dotted lines represents the shot peened reference zone close to the surface. The dashed lines represents the bulk zone..

Figure 4 . 7

 47 Figure 4.7 Shot peened IN718 specimen sources of hardening. EBSD estimations only provides insights in the work hardening GND contribution to the global hardness, represented as the dark blue area. This contribution is small compared to other contributions such as precipitate hardening or the presence of SSD, represented by the gray area. Indentation measurements are representative of both areas. The contribution of GND induced work hardening on the hardening gradient can be extracted using EBSD based GND estimations.
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 48 Figure 4.8 Comparison between experimentally measured indentation hardness and hardness estimations from the EBSD GND densities. The difference between the indentation measured hardness and the GND estimations at 90 µm depth was added to the estimated hardness to compare only the hardness gradient resulting from the dislocation density gradient, without accounting for other sources of hardening. Experimental hardness have a large dispersion. The estimated hardness gradient follows well the experimental one for both indexing methods.
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 414 Figure 4.11 shows the average GND density variation from the rolled edge to the sample center at 20 µm and 80 µm depths. The figure confirms that higher dislocation density

Figure 4 .

 4 Figure 4.10 Methodology for average GND density estimation at constant depth. (a)Depth map computed for the rolled edge zone to compare average dislocation values between the rolled edge and the reference at the same depths, despite the geometry of the rolled edge. (b)GND density maps on two bands taken at 20 µm and 80 µm. Average dislocation density variation from the edge to the sample center was computed on the two bands by computing the dislocation average on 100 slices of those bands.

Figure 4 .

 4 Figure 4.13 (a) shows a comparison between experimentally measured hardness in the rolled edge at three different locations and in the reference at two different locations, as detailed in Figure4.13 (b). The figure reveals an average subsurface hardness increase of 1 GPa between the rolled edge and the reference. This confirms the results obtained using GND estimations from EBSD analyses. Let us note that the order of magnitude is correct even though there is a 500 MPa difference between both methods. Such a difference could be explained by the low indexation rate obtained next to the rolled edge surface. The choice of a constant Schmid factor, the use of the Taylor hardening law as well as the high indentation measurements standard deviation (326 MPa in average) could also explain such a bias.

ShotFigure 4 .

 4 Figure 4.11 Average GND density variation from the rolled edge (s=0µm ) to the reference zone (s=220 µm) with the curvi-linear abscissa s following the bands presented in figure 4.10. Decrease in the dislocation density from the edge to the center can be observed at 20 µm depths.
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 44 Figure 4.12 Average in-depth GND density and hardness variations. (a) Average GND density variation with the depth represented in Figure 4.10(a) next to the rolled edge (0 ≤ s ≤ 90 µm) and in the reference zone (190 µm ≤ s ≤ 220 µm). (b) Taylor hardening estimations in the rolled edge and reference zones. Higher GND densities are found close to the rolled edge beneath the surface. This results in hardening differences of roughly 400 MPa at the surface between the rolled edge and the reference zone.
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 444 Figure 4.14 summarizes the proposed deformation mechanism leading to the rolled edge
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 51 Figure 5.1 Pillars top and bottom diameters (D t and D d ) and height (h) for the three crystal orientations. Targeted pillar top diameters were 3 µm, 6 µm and 8 µm. The target diameter to height ratio was 1:2.
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 552 Figure 5.2 shows a typical displacement profile imposed to the indenter during a microcompression test. For high strain rate tests, the pillar is not in contact with the indenter at its initial position. The indenter accelerates progressively to reach the targeted constant displacement rate without triggering the piezoStack actuator natural frequencies. For each test,

Figure 5 . 3

 53 Figure 5.3 Micropillar compression FE model. (a) Finite element mesh used for the micropillar compression simulation. The indenter was modelled as rigid. The mesh was refined in the pillar and is progressively coarsened toward the substrate borders. (b) Geometry of the finite element model. h sub and R sub are the substrate height and radius. h, D and α are the pillar height, diameter and tapper angle.
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 5 Figure 5.4 (a) shows the L 2 norm of the sum of all load sensitivities to a 5% variation of the K and n coefficients around the cost function minimum, computed as:
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 57 Figure 5.7 6 µm top diameter pillars deformed shapes after microcompression at ε ≈ 10 2 s -1 . Pillars #1 and #2 both presented a clearly marked double-slip pattern. Pillar #3 presented a barrel shape with no sign of slip bands. The deformed pillar shapes explains the differences in the stress-strain curves observed in Figure 5.5.
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 58 Figure 5.8 Experimental and numerical stress-strain curves obtained after material parameters identification using the real pillar geometry, with the experimental data obtained in the[START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] crystal orientation. (a) Comparison with the experimental curves used for identification. (b) Performance of the identified model in the[START_REF] Wilkinson | Determination of elastic strain fields and geometrically necessary dislocation distributions near nanoindents using electron back scatter diffraction[END_REF] orientation. The model captured well the material's hardening strain-rate sensitivity in the[START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation. The yield stress dependency with the strain-rate was not well represented. Also, the strain-rate sensitivity orientation dependency was not well captured by the model either.

Figure 5 . 9

 59 Figure 5.9 Minimization problem cost function in the viscinity of the solution. The black dots represents the parameters used to plot the function. The convex shape of the function close to the equilibrium confirms the well-conditioned nature of the problem.

Figure 6 .

 6 Figure 6.2 (b) shows a close up of the cannon.The barrel is unscrewed to introduce the shot media and the shot is positioned in a hole which has the same diameter as that of the barrel. Three different barrels have been machined to send shot of 0.5 mm, 1.19 mm and 2.5 mm in diameter. The gas pressure can be varied between 0 to 2 MPa (300 psi) and is the main

Figure 6 . 2

 62 Figure 6.2 Shot-peening test rig pictures. (a) Shot-peening cannon setup (b) cannon closeup (c) Sample holder close-up. The shot is projected by pressured nitrogen onto a sample positioned on a micrometric table. The trajectory is recorded by two high frequency cameras to be reconstructed in 3D.

Figure 6 . 4

 64 Figure 6.4 Representation of the camera position calibration procedure. A picture of a chessboard positioned perpendicularly to the sample is taken simultaneously by the two cameras to obtain the transformation matrices between each camera coordinate system (c, 1) and (c, 2) and the sample coordinate system s.

Figure 6 .

 6 Figure 6.6 (b) shows a comparison of the reprojection error obtained with and without using the time-delay optimization. The figure reveals that the optimization procedure significantly reduces the reprojection error before the impact. Higher reprojection errors can be observed after the impact due to light variations on the shot that induces a bias on the shot detection.

Figure 6 . 6

 66 Figure 6.6 Comparison of the detected shot trajectory and the reprojected shot trajectory obtained for a shot experiment performed on an aluminum 6061 sample with a 45 • angle at 0.07 MPa. (a) Schematization of the reprojection error calculation. (b) Reprojection error with respected to time using the raw detected shot coordinate and using the corrected coordinates accounting for the delay between the two cameras. The correction overall reduces the reprojection error. Residual errors result from an incorrect detection of the shot position.

Figure 6 . 8

 68 Figure 6.8 Ruler picture used to estimate the camera pixel to centimeter ratio at the camera focus distance.

5 Figure 6 .

 56 Figure 6.10 Evolution of the shot velocity with the input pressure for the three different shot diameters. A large velocity range between 0.8 m•s -1 and 143 m•s -1 can be achieved, covering the whole shot-peening velocity range.

Figure 6 .Figure 6 .

 66 Figure 6.12 (a) also reveals that the estimated CoRs were independent of the shot diame-

Figure 6 .

 6 Figure 6.12 (b) shows the evolution of the log of the kinematic CoR with log(||V init ||). The black line corresponds to a linear fit of the data. The average slope is close to the -1

Figure 6 .

 6 Figure 6.13 (a) shows the evolution of the total CoR with velocity for three different angles. The figure reveals that the total CoR value (e.g. accounting for both the tangential and normal velocity component) increases with the shooting angle. This results from the fact that less energy is absorbed by plastic deformation as the normal impact pressure decreases as the angle increases, as already demonstrated experimentally on aluminum samples by Sheldon et al.[START_REF] Sheldon | Erosion of a Tube by Gas-Particle Flow[END_REF].

Figure 6 .

 6 Figure 6.13 Evolution of the kinematic CoR with the velocity before impact for different shot diameters (a) Total velocity norm ratio. (b) Normal velocity ratio. (c) Tangential velocity ratio.

Figure 6 .

 6 Figure 6.17 Comparison of experimental and linearly extrapolated numerical displacement curves for test conditions (a) [100] -26 m•s -1 , (b) [100] -64 m•s -1 , (c) [110] -26 m•s -1 . A good correspondence can be observed, especially for the impacts performed along the [100] orientation.

Figure 6 .

 6 Figure 6.17(a), (b) and (c) show a comparison of the resulting numerical displacement along the direction normal to the sample with that measured experimentally. A very good

Figures 6 .

 6 Figures 6.18, 6.19, and 6.20 shows a comparison of the predicted and experimentally measured imprint topography for impacts performed at 0.21 MPa and 0.69 MPa along the[START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation and at 0.21 MPa along the[START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation, respectively. Figures 6.18, 6.19, and 6.20 (a) and (b) reveals an overall good correspondence of the predicted and experimentally measured imprint shapes for the two different orientations and velocity conditions. This is confirmed by Figures 6.18, 6.19, and 6.20 (c), (d) and (e) which compares the topography along a diagonal, horizontal and vertical path, respectively, which are represented in Figures 6.18, 6.19, and 6.20 (a) and (b). The largest error is found for the prediction of the dent depth and is respectively of 16.5%, 14.9% and 11.9%.

Figure 6 .

 6 Figure 6.19 Comparison between experimentally measured and numerically predicted imprints after an impact performed at 64 m•s -1 along the [100] orientation. (a) FEM imprint topography (b) Experimentally measured topography. Comparison along a (c) diagonal, (d) horizontal and (e) vertical path.

Figure 6 .

 6 Figure 6.20 Comparison between experimentally measured and numerically predicted imprints after an impact performed at 26 m•s -1 along the [110] orientation. (a) FEM imprint topography (b) Experimentally measured topography. Comparison along a (c) diagonal, (d) horizontal and (e) vertical path.

2 . 2 Figure 6 .

 226 Figure 6.21 Comparison of the (a) numerically predicted and (b) experimentally measured crystal misorientation in the cross-section under the impact center for a test performed along the [100] orientation. A good correspondence is found for the impact diameter, affected depth and misorientation values.

Figure 7 . 1

 71 Figure 7.1 Typical single impact displacement curve with respect to time obtained by finite element simulations. The velocity first progressively decreases and changes sign when the shot starts to rebound to finally reach a constant velocity after the impact.

Figures 7. 2

 2 Figures 7.2(a), (b) and (c) show respectively the variation of the σ xx , σ yy and σ xy residual stresses under the impact dent obtained numerically using the reference material's coefficient, for an impact along the[START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] crystal orientation at 40 m•s -1 . The identifiability analysis was conducted on the stress values at the integration point of elements positioned in the crosssection of the middle of the impacted sample. As future identification will be performed by comparing numerical results with experimental EBSD fields, the stress field at the integration point was then linearly interpolated on a regular square grid. A 80 × 80 grid was used for the identifiability analysis to match with the grid size used for the finite element simulation. Note that linear interpolation was chosen to remain consistent with the use of C3D8R elements.

  Figures 7.2(a), (b) and (c) show respectively the variation of the σ xx , σ yy and σ xy residual stresses under the impact dent obtained numerically using the reference material's coefficient, for an impact along the[START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] crystal orientation at 40 m•s -1 . The identifiability analysis was conducted on the stress values at the integration point of elements positioned in the crosssection of the middle of the impacted sample. As future identification will be performed by comparing numerical results with experimental EBSD fields, the stress field at the integration point was then linearly interpolated on a regular square grid. A 80 × 80 grid was used for the identifiability analysis to match with the grid size used for the finite element simulation. Note that linear interpolation was chosen to remain consistent with the use of C3D8R elements.

Figure 7 . 2

 72 Figure 7.2 Typical stress variations under the impact dent obtained for the reference material after an impact of a shot propelled at 40 m•s -1 along the [100] crystal orientation and interpolated on a 80 × 80 regular grid. (a) σ xx , (b) σ yy and (c) σ xy components.

Figure 7 .

 7 Figure 7.3 (a) shows the evolution of the displacement sensitivity with respect to time when varying the coefficients K and n respectively by 5% of their initial values. The figure reveals that K and n have an opposite influence on the displacement. However, the absolute value of the sensitivity is very similar for the two variables, suggesting a strong correlation of their influence on the shot displacement. Figure7.3 (b) shows the L 2 norm of the sensitivity for the two variables. The figure reveals that K has a much stronger influence on the displacement than n for the tested impact conditions.

Figures 7 .

 7 Figures 7.3 (c,d) and (d,e) show the sensitivity evolution with time and the sensitivity norms for conditions 2 and 3 respectively. The figure reveals that changing the impact velocity has a higher influence on the displacement sensitivity to a variation of n than to a variation of

Figure 7 . 3

 73 Figure 7.3 Sensitivity of the displacement to a 5% variation of K and n for a shot propelled (a,b) at 40 m•s -1 along the [100] orientation,(c,d) at 80 m•s -1 along the[START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation and (e,f) at 40 m•s -1 along the[START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF] orientation. (a,c,e) Evolution with respect to time of the sensitivity of the displacement to a 5% variation of K and n. (b,d,f) L 2 norm of the sensitivity variation over the whole time domain. The displacement curve is at least twice as sensitive to a variation of K than a variation of n. The two variables present a similar absolute sensitivity variation. Changing the shot velocity has a higher influence on the sensitivity to n than to that of K and inversely for the orientation.

Figure 7 . 4

 74 Figure 7.4 Evolution of I with the number of acquisition points. The value of I converges to a constant value for a very low number of acquisition points for the three test conditions.

Figure 7 . 5

 75 Figure 7.5 Evolution of the L 2 norm of the difference between the σ xx fields obtained with two successive meshes. Convergence is observed for 832 000 elements.

Figure 7 . 6

 76 Figure 7.6 Evolution of the sensitivity of σ xx to a variation K with the number of elements.The sensitivity underneath the impact dent does not converge to a consistent shape.

Figure 7 .Figure 7 . 7 Figure 7 . 8

 77778 Figure 7.5 shows the evolution of the L 2 norm of the difference in horizontal components of stress σ xx between two consecutive meshes for an impact along the[START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] orientation at 40 m•s -1 . The figure reveals that the stress field converges for 832 000 elements, which is consistent with the convergence study performed on the shot displacement detailed in Appendix G. However the sole convergence of the stress field is not sufficient to obtain

Figure 7 . 9

 79 Figure 7.9 Sensitivity variation of σ xx to a 5% variation of K and n on the path shown in Figure7.7 at the bottom of the sample, up to the point A indicated in Figure7.8. The noise on the sensitivity variation is of the same order of magnitude than the average value of the sensitivities.

Figures 7 .

 7 Figures 7.10 and 7.11 show the variation of the σ xx sensitivity field for different values of perturbation of K and n respectively. The figures show that the sensitivity field is relatively noisy for low values of the perturbation. This could result from the use of a dynamic explicit finite element scheme introducing numerical uncertainties of the same order as that of the sensitivity for low perturbation values.

Figure 7 .

 7 Figure 7.10 Sensitivity of σ xx to a variation K for different perturbation factor (5%, 10%, 15%, 30%, 50%). The noisy variation of the sensitivity for low perturbation value result from low stress variations of the same order of magnitude than the numerical uncertainties.

Figure 7 .

 7 Figure 7.11 Sensitivity of σ xx to a variation n for different perturbation factor (5%, 10%, 15%, 30%, 50%). The sensitivity field for the higher perturbation are different than those obtained for a perturbation of K. This confirms the low correlation of the two variable effects.

Figure 7 .

 7 Figure 7.12 shows a comparison of the sensitivity of σ xx to K for different perturbation values using a low pass filter with a Hamming window radius of 10. Filtering removes the differences between the high and low perturbations at least down to perturbation values of 10%. Figures 7.13(a) and (b) show the sensitivity of σ xx to K and n to a perturbation of 15%.Figure 7.13 (c) shows the variation of I on a path going from the bulk to the surface. Using the

  Figure 7.12 shows a comparison of the sensitivity of σ xx to K for different perturbation values using a low pass filter with a Hamming window radius of 10. Filtering removes the differences between the high and low perturbations at least down to perturbation values of 10%. Figures 7.13(a) and (b) show the sensitivity of σ xx to K and n to a perturbation of 15%.Figure 7.13 (c) shows the variation of I on a path going from the bulk to the surface. Using the

Figure 7 .Figure 7 .

 77 Figure 7.12 shows a comparison of the sensitivity of σ xx to K for different perturbation values using a low pass filter with a Hamming window radius of 10. Filtering removes the differences between the high and low perturbations at least down to perturbation values of 10%. Figures 7.13(a) and (b) show the sensitivity of σ xx to K and n to a perturbation of 15%.Figure 7.13 (c) shows the variation of I on a path going from the bulk to the surface. Using the

  (a) and (b) as both variables seem to have a different influence on this part of the field, with similar amplitudes. Between point B and C, a small decrease of I is also observed due to higher variations of both sensitivity fields in different directions.

Figure 7 .Figure 7 .Figure 7 .Figure 7 .

 7777 Figure 7.13 Sensitivity of σ xx to a 15% variation of (a)K and (b)n after applying a low-pass filter with a radius of 10. (c) Evolution of the value of I computed on a path starting from the bulk and going progressively to the surface with the path length. The low pass filter allows to find more realistic values of I.

Figure 7 .

 7 Figure 7.15 shows the variation of the sensitivity to (a) K and (b) n for different window radius r on the path shown in Figure 7.8. The figure shows that the sensitivity variations obtained for a large value of r represents the average variation of the non filtered sensitivity. Therefore, the value of I is representative of the average sensitivity of σ xx to K and n. The filter only removes the high frequency variations of the field and does not add spurious information. The corresponding value of I for the three filter radius are represented by color dots in Figure 7.14.

Figures 7 .

 7 16 and Figures 7.17 

  (a), (b) and (c) show respectively the sensitivity of σ yy and σ xy to a 15% variation of K and n and the resulting variation of I along a path. Similar conclusions as with σ xx can be drawn. Also, low values of I are found at the bottom of the field resulting from large differences in the influence of the two variables on this stress component.

Figure 7 .Figure 7 .Figure 7 . 1 . 4 1.3 1. 4 Table 7 . 4 Figure 7 .

 777144747 Figure 7.18 (a,c,e) shows the variations of the sensitivity to a 15% variation of K and n on the three components of stress, respectively, on the path presented in Figure 7.7. For σ xx and σ xy , only small variations of the sensitivity to n are observed along the path, when

Figure B. 1 Figure B. 1 Figure B. 2

 112 Figure B.1 shows the evolution of f t with the total number of elements for an indentation in the crystal's [001] direction and with an angle β = 0 • (see Figure5.3). The value of f t stabilizes around 13 % for 66 517 elements. Evolution with the mesh density of the tensile stress volume fraction computed using the three axial stress components is shown in Figure B.2. It further confirms the residual stress field convergence for each stress components. Also the stress profile taken along z=0 at a depth of 40 µm is represented in FigureB.3 for different mesh densities. This results reveals that the stress variations seem only to converge around 114 518 elements. Simulations in this work were therefore performed with this mesh density. This corresponds to 28 µm sized elements in Zone A (Figure5.3). Convergence found for these conditions was assumed to hold for any other crystal orientations.

Figure B. 4 .

 4 Figure B.3 Evolution of the stress profile along z=0 at a depth of 40µm with the mesh density. Convergence of the profile can qualitatively be observed for a similar mesh density as previously. This confirms the convergence of the residual stress field

Figure B. 5 Figure B. 6

 56 Figure B.5 Evolution of f t with Zone B to Zone A dimension ratio 2bR . Stabilization of the value of f t can be observed for borders twice larger than the refined zone.

Figure B. 7

 7 Figure B.7 (a) Representation of a vector's (green arrow) spherical coordinate angles α and φ. A point on an Inverse Pole Figure (IPF) corresponds to the projection of the green vector on the hemispherical plane. Its coordinates on the IPF can be expressed using α and φ. (b) Mesh used to generate the IPF. Each of the 43 nodes represents the crystal orientation axis aligned with the indentation axis.

2 Figure C. 2

 22 Figure C.2 Stress-strain curve sensitivity as a function of mesh size. Convergence can be observed for more than 25 000 elements.

10 - 3 Figure C. 3

 1033 Figure C.3 Stress-strain curve sensitivity to the friction coefficient between the indenter and the pillar surface. Negligible influence of the coefficient value was found for values greater than 0.1.

10 ε ≈ 10 -2 s - 1 D t ≈ 8µm D t ≈ 6µm D t ≈ 3µm ε ≈ 10 2 s - 1 (Figure C. 4

 1010114 Figure C.4 Microcompression stress-strain curves for[START_REF] Kysar | Experimental lower bounds on geometrically necessary dislocation density[END_REF]-oriented pillars with 3,6 and 8 µm top diameters compressed at average strain-rates of (a) 10 -2 s -1 and (b) 10 2 s -1 . At low strain rate, smaller pillars presented an almost perfectly plastic behaviour. At high strain rates, a 'smaller is stronger' effect was observed in most cases.

10 D

 10 Figure C.5 3 µm, 6 µm and 8 µm diameter pillars deformed shape after quasi-static compression in the [110] crystal orientation. Every 3 µm pillars presented a single slip band pattern. The 6 µm and 8 µm pillars exhibited double slip patterns only, except for the 6 µm diameter pillar #10.

  Figure C.4 shows the stress-strain curved obtained.

Figure C. 5

 5 presents the pillars deformed shapes associated to each curves at low strain rates. Most 3 µm pillars experienced the formation of a single slip band. Inversely, 6 µm and 8 µm pillars presented a double-slip behaviour. One of the three 6 µm pillar presented a single slip band. It corresponds to the only 6 µm pillar which presented only little hardening at the onset of plasticity at low strain rate (see Figure C.4).

(MPa s 1 Figure C. 6

 16 Figure C.6 Cost function Ψ σ variation near the virtual material parameters, when performing identification of the K and n coefficients using the single element model. The identification solution was far from the virtual material parameters.

2 s - 1 . 1 FullFigure C. 7 Figure D. 2

 1172 Figure C.7 Comparison of the numerical stress-strain curves obtained with the virtual material full-pillar geometry and the single-element simulations, using the[START_REF] Troost | Microscale elastic-strain determination by backscatter kikuchi diffraction in the scanning electron microscope[END_REF] crystal orientation, at (a) ε ≈ 1 s -1 and (b) ε ≈ 10 3 s -1 . The strain was computed using Equation C.4. The single element simulation presented a lower strain-rate sensitivity than when the whole pillar was modeled.

Figure D. 1 (

 1 Figure D.1 (a) and (b) show the maximum error made by the calibration procedure on test #1 and #2 respectively. The figure shows that the procedure can recover the shot position within a 70 µm accuracy in the ideal case set up in blender. More importantly, it reveals that the procedure is almost insensitive to perspective effects, which validates the code implementation.

Figure D. 2

 2 Figure D.2 (a) and (b) show the maximum error obtained using this simplified approach on test #1 and #2 respectively.

Figure E. 1

 1 Figure E.1 Sample holder used for controlled abrasion of the samples. The holder can be placed at a fixed position on a microscope to follow the remove sample height by adjusting the focal distance between each polishing steps.

Figure E. 2

 2 Figure E.2 Abbrasion rates as a function of removed sample height for the P600 and P1200 SiC grit paper and Largo composite disc with a 9 µm diamond suspension.

  Figure E.3 (a) Curtain effect induced by ion beam milling on a copper sample after a 5h milling at 6 kV followed by a 30min refining step at 4 kV. (b) Cross section surface obtained with the same milling conditions after filling the dent with silver paint. The curtain effect was greatly reduced but smaller residual curtains persists as shown in the close-up.
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Table 2 .

 2 2 Numbering convention used in this manuscript for the 12 Face-Centered Cubic (FCC) gliding systems[START_REF] Schmid | Kristallplastizität[END_REF] 

	System number 1	2	3	4	5	6
	Directions	[ 101] [0 11] [ 110] [ 101] [011] [110]
	Planes	(111) (111) (111) (1 11) (1 11) (1 11)
	System number 7	8	9	10	11	12
	Directions	[0 11] [110] [101] [ 110] [101] [011]
	Planes	( 111) ( 111) ( 111) (11 1) (11 1) (11 1)

Table 2 .

 2 

	s\r 1 2 3 4 5 6 7 8 9 10 11 12
	1 h 1

3 

System interaction matrix for an FCC crystal with 12 activable gliding systems. s and r refers to two gliding systems that can interact.

Table 3 .

 3 

	h 1	h 2	h 3	h 4	h 5	h 6
	Self-hardening Coplanar Hirth lock Collinear Glissile Lomer junction
	1	4.4	4.75	4.75	4.75	5

1 

Hardening interaction matrix parameters

[1] 

Table 3 .

 3 

		2 Elastic coefficients [1]
	C 11 (MPa) C 22 (MPa) C 44 (MPa)
	159,300	122,000	81,000

Table 3 .

 3 

3 

Norton law and isotropic hardening parameters

[2] 

Table 4 .

 4 1 Parameters used to generate the Dictionary Indexing master file[3] 

	Crystal system Lattice Parameter Space Group Atomic Number Debye-Waller factor
	1 (cubic)	0.35236 nm	225	28	0.0035 nm 2
			Size effect		
			Average Hardness	

Table 5 .

 5 1 Single crystal's experimentally measured orientation Euler angles

		Target φ 1 ( • )	Φ( • ) φ 2 ( • )
		[100]	128,2	3,42	59
		[110]	84,15 44,22	0.1
		[111] 290,96 51,37 47,22
	Table 5.2 Micropillar dimensions means and confidence interval (95%) for the three aimed
	sizes.			
	Target D t	D t		D d	h
	3 µm	3.27 ± 0.1 3.81 ± 0.11 6.21 ± 0.20
	6 µm	6.48 ± 0.07 7.54 ± 0.13 12.57 ± 0.69
	8 µm	8.31 ± 0.26 9.74 ± 0.27 16.39 ± 0.76

Table 5 .

 5 

		3 Elastic coefficients [1]
	C 11 (MPa) C 22 (MPa) C 44 (MPa)
	159,300	122,000	81,000
	Table 5.4 Norton law and isotropic hardening parameters [2]

Table 6 .

 6 2 Average shot position and standard deviation with respect to the cannon barrel center.

	Pressure range (MPa)	0.5 mm	1.19 mm	2.5 mm
	[0, 0.2]	1.48 ± 0.79 1.65 ± 1.20 0.31 ± 0.16
	[0.2, 0.69]	1.06 ± 0.14 0.83 ± 0.53 0.25 ± 0.13
	[0.69, 1.38]	0.93 ± 0.24 0.45 ± 0.24 0.18 ± 0.04
	[1.38, 2.07]	0.92 ± 0.49 0.43 ± 0.18 0.22 ± 0.13

Table 6 .

 6 3 Conditions selected for the finite element simulations.

	cannon pressure (MPa) crystal orientations Initial velocity vector (m•s -1 )
	0.21	[100]	(0.47, -26.59, 1.37)
	0.69	[100]	(0.70, -63.62, -0.87)
	0.21	[110]	(-1.32, -24.01, 1.

Table 7 .

 7 

		1 Modeled impact test conditions
	Test name Crystal orientation Shot velocity (m•s -1 )
	Condition 1	[100]	40
	Condition 2	[100]	80
	Condition 3	[110]	40

Table 7 .

 7 2 Values of I obtained for the three different conditions.

	Velocity (m•s -1 ) Orientation I
	40	[100]	3.1
	80	[100]	3.3
	40	[110]	2.7

Table 7 .

 7 3 Values of I obtained for the combination of two different conditions.

		80 m•s -1 /[100] 40 m•s -1 /[110]
	40 m•s -1 /[100]	3.0	2.7
	80 m•s -1 /[100]		2.6

Table 7 .

 7 5 Identifiability index values obtained for the different stress components combinations for large Hamming window radius. reveals that no additional information is brought by adding the second test. Renner et al.[START_REF] Renner | Identifiability of single crystal plasticity parameters from residual topographies in berkovich nanoindentation on fcc nickel[END_REF] 

	m•s -1 . This

https://colab.research.google.com/github/simonBreumier/Play_with_I/blob/master/ Playing%20with%20I.ipynb

from the first indent center. The geometry was expanded to contain the plastic strains in the refined mesh zone.
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Model geometry convergence study

The substrate geometry dimensions h sub and R sub were chosen so that the influence of the boundary conditions on the stress-strain curve was negligible. Both dimensions of the substrate were therefore successively varied. The convergence criterion for the substrate geometry was chosen as:

where σ conv is the stress obtained using h sub =20 µm and R sub =20 µm and σ h sub,i ,R sub,i the stress obtained for h sub,i and R sub,i substrate dimensions. 

Mesh density convergence study

The pillar mesh size was varied to assure that the computed stress-strain curve was indepen- 

APPENDIX D VALIDATION OF THE SHOT TRAJECTORY ESTIMATION CODE

To validate the shot trajectory estimation code, the Blender open source 3D software [START_REF]Blender Online Community, Blender -a 3D modelling and rendering package, Blender Foundation[END_REF] was used to model shot trajectories seen by two cameras. The benefit of using blender is that every experimental uncertainty can be accounted for:

• Cameras' relative position can be varied.

• Each camera's focal length and distortion parameters can be varied.

• The lighting and shot material can be chosen to account for the effect of light reflection on the shot on the detection algorithm.

• Everything can be controlled by a python code for automatic testing during the code implementation.

A script was implemented to generate chessboard calibration pictures for each camera and shot pictures with a given shot trajectory. The script can be found on github [215].

The two cameras were positioned within a distance similar to that of the experimental set-up, which was evaluated by manually measuring the distance in the laboratory. Two different trajectories were tested to assess the script performances: (i) A straight line along the Y direction and (ii) a linear variation of the three coordinates simultaneously. The first test is a basic test allowing to assess the code robustness when no perspective effects have to be accounted for. The second test assess the accuracy of the code when perspective is present. In practice, the chessboard is not always positioned at exactly 90 • from the sample when taking pictures for the estimation of the camera's transformation matrix, as it is manually positioned. The trajectory reconstructed by the procedure detailed in Section 6.2.2 is therefore not exactly given in the sample's coordinate system.

The influence of a variation of the angle between the sample and the chessboard was therefore estimated by computing the error made by the trajectory reconstruction procedure on a shot trajectory where the X, and Y and Z where simultaneously varied, using different calibration files.

Figure F.1 shows the variation of the maximum error made by the trajectory reconstruction procure when varying the angle between the sample and the chessboard during transformation matrix calibration. It reveals that for an error angle below 0.2 • (which is achievable using the current chessboard holder), the maximum error made by the procedure is still below 200 µm.

APPENDIX G IMPACT MODEL MESH CONVERGENCE STUDY

A convergence study was first conducted to reduce the influence of numerical uncertainties on the identification procedure.