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Materials and preliminary characterizations

Evaluation des propriétés mécaniques et de l'endommagement de polyéthylènes soumis à des sollicitations oligo-cycliques en relation avec leurs microstructures.

Résumé

En tant que représentant de la polyoléfine, le polyéthylène (PE) est l'un des thermoplastiques les plus populaires appliqués dans divers domaines industriels en raison de sa excellente performance mécanique. En particulier, en tant que matériau utilisé dans les systèmes de tuyauterie, le polyéthylène haute densité (PEHD) présente une grande résistance sismique.

En général, les essais oligo-cycliques consistant en un processus de chargement-déchargement répété et plastique, sont mis en place pour simuler des événements sismiques, et ainsi étudier les performances sismiques du matériau. Les performances mécaniques sont fortement liées à la microstructure et à la morphologie du PE.

Cette recherche vise à étudier les origines de la bonne résistance sismique des matériaux PEHD, les points d'investigation suivants sont principalement concernés: 1) les évolutions mécaniques et microstructural es y compris l'endommagement lors de la déformation oligo-cyclique. Et la corrélation macro-micro. 2) L'influence de la microstructure et de la morphologie du PEHD vierge sur les réponses mécaniques et les évolutions de la microstructure lors des essais oligo-cycliques. 3) Les différences de comportements mécaniques et de micro-mécanismes associés entre les matériaux d'origine et préchargés.

Mots-Clés: polyéthylène haute densité -essais oligo-cycliques -résistance sismique -évolutions mécaniques et microstructurales -corrélation macromicro

Evaluation of the mechanical properties and of the damage of polyethylenes subjected to oligo-cyclic stresses in relation to their microstructures.

the oligo-cyclic deformation. And the macro-micro correlation. 2) The influence of pristine HDPE microstructure and morphology on the mechanical responses and associated microstructure evolutions during oligocyclic tests. 3)The differences of mechanical behaviors and associated micromechanisms between the original and pre-loaded materials.
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Acknowledgement

As three years fly over, I still remember the first day that I came to MATEIS (group PVMH), the onset of my career of research. Thanks to many persons, I have not only learned a lot about the science and technique, but also obtained many unforgettable experiences and memories during the daily life. I appreciate my supervisors at INSA, Olivier LAME and Renaud RINALDI for guiding the research, and change me from a layman to a "polymerist". And because of their contribution, the thesis can be successfully finished in a good quality.

Then I appreciate all the supervisors in EDF involved in this project, Morgane BROUDIN, Sourour TAYAKOUT, Denis PONT, Nicolas ROBERT, Yves DENOS, Celine GAUDIN, Cyrielle FOREST, Yannick Nziakou DJOUGUELA, and Romain MAURIN. In particular, they remind me the importance of the industrial background of this thesis, and I really enjoy each discussion/meeting about the scientific and industrial problematics with them. I'd also thank all the professors who attend to my defense as committee members: Prof. Leon GOVAERT, Prof. Valérie GAUCHER, Prof. Lucien LAIARINANDRASANA and Prof. Sabine CANTOURNET. Thanks for their patience to read my preliminary manuscript and provide me with the useful suggestions. Also, during the defense, it is my honor to make a deep discussion with them.

I wish to also appreciate my colleagues in MATEIS, in PVMH. The list is too long to present here as people come and go. However, it is undoubtably my pleasure to pass the three years with you together. I won't forget the days that we spent in the coffee room, in the office, and also in the pubs.

Finally yet importantly, I am indebt to my family and friends. In this troubled time, I still feel together with you, and I got the energy and confidence from you to finish this work, to continue facing the challenges in the future. PE is generally considered as a model of semi-crystalline polymers due to its relatively simple chemical compositions. However, at meso-and micro-(nano) scales, the structure of PE can be very complex, it depends not only on the molecular characteristics but also on the crystallization conditions. The high ductility thus great resistance against the seism should be directly related to the microstructural properties of PE. The investigations on the macro-meso-micro correlations are thus important for understanding the origin of the great seismic performance of HDPE materials, and improving the material selection and processing of the HDPE piping system in the nuclear center.

The main aim of this PhD thesis is to investigate the following themes:

• The mechanical behavior and associated microstructure evolutions in HDPE materials during the earthquake. • The damage assessment of the HDPE materials subjected to earthquake.

• The influence of the microstructure evolutions including damage on the post-seism mechanical properties of HDPEs. • The influence of the pristine HDPE microstructures and morphologies (trigged via crystallization process) on the aforementioned three studies.

This manuscript consists of the following 7 chapters:

• Chapter 1: The bibliography concerning the microstructure of PE at different scales, the influence of crystallization conditions (thermal treatments) on the microstructure and morphology of PE, the mechanical behavior and deformation-induced microstructure evolutions 

Preamble

As a representative of polyolefin, polyethylene (PE) is one of the most popular thermoplastics which finds its application in various industrial domains due to the excellent mechanical performance. Particularly, as a material used in pipelines, high-density polyethylene (HDPE) shows a great seismic resistance. Indeed, the Polyethylene Piping System Integrated Technology &Engineering Center in Japan reported that the HDPE pipelines remain almost non -damaged after being subjected to earthquakes (from 2003 to 2016) [1]. In the literature, the investigations on the seismic performance of the materials were mainly at macroscale [2][3][4][5][6], few discussed about the microstructural origins. Therefore, this thesis aims to study the following topics:

• The microstructural origins of the high seismic resistance of HDPE materials;

• The microstructure/mechanical evolutions during the seismic events in HDPE materials;

• The damage assessment and post-seismic performance of the HDPE materials subjected to seism.

Therefore, the literatures about the following points should be firstly mentioned:

• The structure of PE at different scales;

• The crystallization process associated with the microstructural properties of PE;

• The experimental tests to simulate the seismic events;

• The deformation-induced microstructure evolutions in PE.

• The damage assessment in PE [9].

The characterization of the length and branching of each molecular ch ain is impossible, therefore, the average characteristics of the molecular weight and branching distribution can be determined to statistically characterize the molecular structure of a polymer [9]. Normally, the molecular weights can be defined by three average values using respectively the equation (1-3) and commonly expressed in g/mol: 1) Number-Average Molecular Weight, 2) Weight-Average Molecular Weight and 3) Z-Average Molecular Weight. Mi and Ni are the molecular weight and the number of chains of the fraction i respectively. The 𝑀 ̅ 𝑤 /𝑀 ̅ 𝑛 ratio corresponds to the polydispersity index and describes the heterogeneity of sizes of molecules.

M ̅ n = ∑ M i N i ∑ N i (1) M ̅ w = ∑ M i 2 N i ∑ M i N i (2) 
M ̅ 𝑧 = ∑ M i 3 N i ∑ M i 2 N i (3) 
These molecular parameters can significantly influence the microstructure and morphology formed during the crystallization process thus the mechanical behavior at macroscale. In the section 1.3, the relation between molecular weight and chain motion during the crystallization is discussed. Particularly, in this PhD thesis, a special attention is drawn into 𝑀 ̅ 𝑤 , as this parameter is important for estimating the density of tie molecules using Brown's model [10,11], which will be detailed in the following subsection 1.2.4.

Crystallographic structure

In the molten state, all the molecular chains of PE or other semi-crystalline polymers remain disordered. However, the decrease of temperature from the molten state can lead to the partial organization of molecular chain segments, this process being referred as the crystallization (see section 1.3). Once crystallized, the semi-crystalline polymer is composed of both the wellarranged chains in the crystalline phase and disordered chains in the amorphous phase. The crystallographic structure is commonly described by a unit cell, which is the smallest repetitive arrangement of chain segments. Orthorhombic and monoclinic cells at scale of angstroms are mainly reported in PE. During a common crystallization process, the unit cell of PE is orthorhombic (Figure 2.3a), the dimensions of the unit cell along the orthogonal main axis is different, and the cell density is about 1.003g/cm 3 [9]. Upon uniaxial elongation, the orthorhombic cell can be transformed into the metastable monoclinic one (Figure 2.3b) whose density is about 0.997g/cm 3 , which is close to the orthorhombic unit cell (less than 1% difference).

In these two types of crystallographic structure, the c-axis is defined as the direction of the macromolecular chains. [9] and b) Monoclinic unit cell of PE [12].

Lamellar structure

During the crystallization, the growth of crystalline lamellae occurs along the b-axis as shown in Figure 2.4 [9]. It implies that the chains normally fold over the surface of the so-called "lamella". Some authors have observed that the lamellar structure is twisted using AFM (Atomic force microscopy) [13] and X-ray diffraction [14]. The surface stress [15,16] and consecutive formation of screw dislocations [17] during the crystallization are attempted to interpret the twisting behavior of the crystalline lamellae. The parameter Lc corresponds to the thickness of the crystalline lamellae. This microstructural dimension is known to directly affects the mechanical properties and can be measured by SAXS (small angle X-ray scattering) technique. Noticeably, the dimensions along the other two axes (namely a and b), which are much greater than that along the c direction, are rarely discussed in the literature, even though these geometrical features are also thought to potentially influence the mechanical behaviors of PE [8]. [18].

Interlamellar structure

At nanoscale, a semi-crystalline polymer is classically recognized as a two-layers composite structure: an amorphous phase separates the two neighboring crystalline lamellae. The total thickness of a single crystalline layer (Lc) and a single amorphous layer (La) is defined as the long period (Lp). This parameter describing the dimension of the repeated structure can be Chapter 1: Bibliography
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Institut national des sciences appliquées de Lyon characterized by SAXS technique. Kavesh and Schultz [19] have found that the interlamellar amorphous phase has a relatively higher density (0.9 g/cm 3 , estimated by linear extrapolation l to zero crystallinity) than the purely amorphous phase (0.85g/cm 3 , estimated by extrapolation to room temperature) at room temperature. According to their research, an interphase, which has the density between the amorphous and crystalline phase should exist. Indeed, from the perfectly ordered crystalline phase to the disordered amorphous phase, the transition should not be sudden. Figure 2.5 highlights the amorphous-interphase-crystalline structure of semi-crystalline polymers [20]. [20].

In both the amorphous phase and the interphase, several elements, such as tie molecules, entanglements and loops, allow the physical coupling with the crystalline phases (shown in Figure 2.6). Although these elements have different conformations, upon deformation, they contribute to transmit the stress between the neighboring crystalline/amorphous layers. Thus, they are altogether labeled as stress transmitters (STs) [8,18]. To our knowledge, no technique permits the direct quantification and discrimination between these 3 sub-categories. However, indirect evidences of the existence of these elements have been reported. For example, the research on crazing performed with transmission electron microscopy at the submicron scale, reported the need for some interlamellar molecular connections to ensure the fibrillary transformation at the crack tip. These fibrillary structures can continually transmit the stress, and benefit the resistance against crazing propagation [21][22][23][24]. Additionally, authors have reported that the natural draw ratio (λn) and neck width are two macroscopic mechanical indicators that can indirectly applied for the "quantification" of the density of stress transmitters. More precisely, the lower the natural draw ratio or the more diffuse the neck, the higher the density of STs [18,21,25]. Moreover, Huang and Brown proposed a statistical model to evaluate the density of tie molecules [10,26]. They assumed that for a chain in the molten state to possibly form a tie molecule during crystallization, its end-to-end length (L) has to be larger than 2Lc+La. Reminding that Lc and La are respectively the thicknesses of the crystalline and inter-lamellar layers (see 1.2.4), the inequality suggests that the chain can cross the two adjacent crystalline phases along c direction. P(r) given by following equation (4) represents the probability for a chain which has an end-to-end length of r to form a tie molecule:

𝑃(𝑟) = 𝑎𝑟 2 exp (-𝑏 2 𝑟 2 ) (4) 
Where 𝑏 2 = 3 2𝑟̅ 2 , 𝑎 = 4𝑏 3 𝜋 0.5 and 𝑟̅ = (𝐷𝑛 ′ 𝑙 2 ) 0.5 . 𝑟̅ is the root-mean-square value of the end-to-end length of a random chain. For PE, D equals 6.8 and defines the rigidity of chains, 𝑛 ′ is the number of links that can be estimated by weight-average molecular weight 𝑀 ̅ 𝑤 and l is the C-C bond length, whose value is 0.153 nm (see figure 2.1). The probability to form a tie molecule is finally given by equation (5). The correction factor 1/3 was introduced to account for the fact that the other two dimensions of lamella are much larger than the long period, so that only chain segments with their end-to-end vector normal to the crystalline lamellar surface can form tie molecules. It is worth mentioning that equation ( 5) is suitable for a monodisperse system. For a given molecular weight distribution, n(M), the probability should be calculated using relation (6), where ndM corresponds to the number of molecular weights between M and M+dM values.

𝑃 = 1 3 ∫ 𝑟 2 exp(-𝑏 2 𝑟 2 )𝑑𝑟 ∞ 2𝐿 𝑐 +𝐿 𝑎 ∫ 𝑟 2 exp(-𝑏 2 𝑟 2 )𝑑𝑟 ∞ 0 (5) 
𝑃 ̅ = ∫ 𝑛𝑃𝑑𝑀 ∞ 0 ∫ 𝑛𝑑𝑀 ∞ 0 (6) 
The formation of tie molecules in different PEs are illustrated as Figure 2.7. Polymers crystallize from the melt in the form of chain folded lamellae whose thickness does not exceed a few tens of nanometers which is much smaller than the size of the random coil conformation in the melt. Several crystalline lamellae can grow within the sphere of gyration of chain as long as the chain molar weight is sufficiently high [21]. The formation of these elements is highly related to the initial molecular structure of polyethylene. The higher molecular weight enhances the probability of the formation of tie molecules. This relation is detailed in the following subsection 1.3.1. [21]).

Yeh et al. modified the Brown's model by taking into account the formation of entanglements [27]. However, their model requires knowing the number of entanglements present in the amorphous phase. This quantity can be estimated in quenched PE, in which a large number of entanglements in the molten state prevail through rapid cooling but is unlikely to be established in PE solid samples subjected to isothermal treatment where significant disentanglement occurs during the crystallization. It worth noting that, besides the aforementioned connections, the crystalline structure can also be percolated [18,28,29]. In the PhD thesis of Humbert et al. [18], the percolating path (traced in green) is observed by AFM (see Figure 2.8). Naturally, percolated crystalline networks can transmit the stress and then influence the mechanical properties of the PE. [18].

Spherulitic structure

At mesoscale (the scale of several microns), super structures are aggregated by the crystalline lamellae, the major one being the spherulitic structure (shown as Figure 2.9). Such aggregate is formatted when the crystallinity of PE is higher than 35% [30]. In this PhD thesis, the investigations are all based on the HDPE with crystallinity much higher than the enounced critical value. Therefore, only the spherulite will be discussed at mesoscale. The aforementioned b-axis Chapter 1: Bibliography Hang GUO 11 [2021] Institut national des sciences appliquées de Lyon of lamella is considered as the radial direction of the spherulite, as highlighted in Figure 2.9, which is also the growing direction of the nucleus corresponding to the center of the spherulite. According to the research of Schultz [31], the size of spherulite depends on the nucleation behavior associated with the thermal history. On the one hand, upon fast cooling, the nucleation dominates so that a relatively larger number of spherulites can be formed. On the other hand, upon slow cooling, the number of nucleus tends to be lower, suggesting that the growth of crystallites dominates, resulting in relatively larger spherulites. Also, the associated crystallization mechanisms are displayed in the next section 1.3. 

Crystallization of polyethylene 1.3.1 Mechanism of crystallization

In the molten state, the PE chains are orientated randomly and these disordered chains are entangled with the adjacent chains. In order to describe the global conformation of the randomly orientated chain, the concept of statistical sphere and radius of gyration ( Rg) is applied (see Figure 3.1). Rg is calculated using the following equation ( 7), These parameters have been already listed in the subsection 1.2.4 for the Brown's model, where D is the rigidity of molecule (reminder: D=6.8 for PE), 𝑛 ′ is the C-C link number and l is the length of the link. The radius of gyration is also related to the molecular weight M as shown in the following equation (8).

𝑅 𝑔 2 = 1 6 𝐷𝑛 ′ 𝑙 2 (7) 
𝑅 𝑔 = 𝑎𝑀 0.5 (8)

.1: Radius of gyration of the statistical sphere [32].

Chapter 1: Bibliography
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In order to achieve the crystallization, sufficient mobility of the chains is required. One of the most common model to describe the mobility of chains is the theory of reptation proposed by De Gennes [33]. A polymer chain (P in Figure 3.2a) is trapped in a 3D networks with various defects (O in Figure 3.2a). The trajectory of the chains can be limited within an imaginary "tube". As shown in Figure 3.2b, the chain P cannot move sideways and is trapped in T. The molecular weight can directly affect the time of reptation. The higher the molecular weight, the longer time for the chain to be completely disengaged from its initial "tube". chain P in an imaginary tube T [32].

The crystallization initiates from the nucleation site, which can be homogeneous when the nucleus is formed directly from the melt, or heterogeneous when the nucleus is formed on the surface of an external agent or a crystal of the same polymer. The nucleus is shown in Figure 3.3: a segment of a chain is represented by a cuboid with the dimensions a0, b0, l. The free enthalpy for the formation of a nucleus can be calculated using relation (9). ∆𝛷 = -𝑉(∆𝐺) + 2𝜎 𝑒 𝑎 0 𝑏 0 + 2𝜎(𝑎 0 + 𝑏 0 )𝑙

Where V is the crystal volume, σ and σe are respectively the lateral and base surface energies.

∆𝐺 = ∆ℎ 𝑓 (∆𝑇)

𝑇 𝑓 0 and ∆𝑇 = 𝑇 𝑓 0 -𝑇 𝑥 , ∆ℎ 𝑓 is the melting enthalpy and 𝑇 𝑓 0 is the melting temperature of a perfect crystal and 𝑇 𝑥 is the isothermal crystallization temperature. Below a certain critical size, the nucleus is not thermodynamically stable and resolves on its own. Relation (10) corresponds to the stable thermodynamic conditions, the critical dimensions of the nucleus are thus expressed as shown in relation (11). [32].

Lauritzen-Hoffman's theory describes the growth process by the successive deposits of chain segments on the lateral surfaces of the initial nucleus [34]. The initial thickness of the nucleus is thus kept constant in isothermal crystallization regime and defines the thickness of the crystals. Indeed, the growth and nucleation are two competing mechanisms taking place during the crystallization, and the prevalence of one with respect to the other depends on the temperature difference (supercooling) ∆𝑇. Three regimes can be distinguished:

Regime I: With a low ∆𝑇, the nucleation is difficult. The segments tend to adhere to an existing nucleus and the chain is folded step by step. It is called as the mononucleate regime. Consequently, the crystals can be "very" thick.

Regime II: With an intermediate ∆𝑇, the chain folding rate and the nucleation rate are very close. Therefore, the filling of the layers and the creation of new layers take place simultaneously.

Regime III: With a high ∆𝑇, nucleation is very rapid and the filling of the layers becomes very slow. New nucleuses tend to appear even though the filling of previous layer is not completed. The crystals are thus smaller, and thinner.

The rate of crystal growth is also governed by the phenomenon of macromolecular chain reptation. According to Hoffman [34], there is a force of reptation, which pulls the molecule through a tube located in the melt, to fold it on the surface of the crystal, on the growth front. The reptating tube actually represents neighboring molecules in the melt. The overall crystallization rate is then a function of the rate of chain reptation. However, if the rate of crystallization is too fast, as in Regime III, reptation does not have time to operate, and only reptation of chain ends near the crystal surface can occur. During a rapid change between the molten and solid states (Regime III), the radius of gyration Rg of the statistical sphere is almost not modified. All the entanglements existing in the melt are then retained and trapped in the amorphous phase [21]. During slow crystallization in regime I and II, the reptation phenomenon can favor the disentanglement [34]. The number of disentanglements depends on the molecular mass: the lower it is, the easier the reptation and therefore the greater the disentanglement.

Thermal treatments and influence on the microstructure

The crystallization conditions, as suggested in the previous paragraph, can be directly related to the thermal history: several thermal treatments (quenching, isothermal treatment, annealing etc.) are thus normally used to modify the original microstructure of polymers in order to adapt to the Chapter 1: Bibliography
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Institut national des sciences appliquées de Lyon mechanical requirements. Two types of thermal treatments are mainly discussed in this section: Isothermal treatments and Quenching. Under certain conditions, these two thermal treatments can approximately correspond to the two extreme aforementioned regimes of crystallization I and III [8] [13]. The temperature profiles of these two processes are in Figure 3.4. The PE materials are firstly heated up to its molten state and then cooled down. During the quenching process requiring a fast cooling (see Figure 3.4a), the molten material can be crystalized in liquid nitrogen, cooling water or air, and, as evoked earlier, the crystallization occurs rapidly and incompletely. Ultimately, this process leads to thin crystallites, small spherulites and high density of stress transmitters [25,29]. Under isothermal treatment (Figure 3.4b), the crystallization process occurs at a fixed temperature that is a bit higher than the crystallizing one Tc. Consequently, the crystallization occurs slowly, the growth of crystallites dominates over nucleation, and the obtained crystallites and spherulites are thicker, and larger respectively. It worth noting that the duration of this process should be very long till the completion of crystallization. Moreover, due to the great arrangement of crystallites and disentanglement, the amount of remained stress transmitters is limited [35]. In the literature, the applied loading signals to simulate the seismic events can be different and complex [2,3,5,6,36]. However, all of these signals contain two major features: (i) the loading signal involves repeated loading-unloading process and the number of cycles is generally about a few tens. (ii) The cyclic deformation induces the plasticity (the imposed strain is beyond the yield point). As mentioned above, these aforementioned studies are mainly focused on the seismic responses of complicated structures at macroscale. However, in this thesis, the main attention is paid on the materials' response with the use of simple geometry but at microscale. To simplify the macro-micro correlation, only the uniaxial tensile deformation mode is further concerned .

Regimes of cyclic loading

Generally, the term "cyclic loading" designates the repetition of cycles of force (stress) or displacement (strain). The repetition of loading-unloading, even below the elastic limit of the constitutive material (high-cycle fatigue tests), can lead to the rupture of parts in service and be the cause of accidents like those that have occurred in the railway or aeronautical industry over Chapter 1: Bibliography
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Institut national des sciences appliquées de Lyon the last 150 years [37]. The relationship between the maximum applied stress/strain (or stress/strain amplitude) and the lifetime of the material is generally used to describe the regime of cyclic loading [38][39][40][41][42][43]. Most commonly, the relationship between applied maximum stress (requiring stress-controlled mode) and lifetime is named as the S-N curve. As an example, Figure 4.1 shows a classical S-N curve of a HDPE material [44]. [44] The cyclic failure modes of semi-crystalline thermoplastics are related to the imposed loading [39][40][41]. On the one hand, in the low cycle (oligo-cyclic) regime related to the high imposed stress [45][46][47] strain [48],or frequency [47,48], the failure of semi-crystalline polymer is caused by hysteretic heating of the sample. The heat generated during cyclic loading cannot be efficiently transferred to the surroundings due to the high dissipation (large hysteretic energy) and poor thermal conductivity of polymers, thus it induces the ductile failure (a large local plastic deformation) [41]. On the other hand, in the high cycle regime identified by a long fatigue life due to a low applied stress/strain and/or low frequency, commonly, the sample is thermally stable due to the balance between the hysteretic heating and the heat exchange with the environment (conduction, convection and radiation), the brittle failure due to the growth of cracks can be observed [40,41]. In a short-fiber reinforced thermoplastics for instance, the hysteretic energy is recognized as a criterion of lifetime [49]. The relation between lifetime N (defined as the total number of cycles), and steady dissipated energy Δ * is expressed as equation (12). f is a parameter accounting for the mean stress effect, C and b are the material-related constant parameters [42,49,50].

∆ * = 𝑓𝐶𝑁 -𝑏 (12) 

Typical cyclic loading modes

In the literature, three typical cyclic loading modes are mainly employed for the cyclic tensile tests in semi-crystalline polymers:

▪ Stress-controlled mode [38,39,42,49,[51][52][53]: the material is loaded between two fixed forces (stresses); ▪ Strain-controlled mode: the loading process is repeated between two displacements (strains) [54][55][56];
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Institut national des sciences appliquées de Lyon ▪ Mixed mode: the material is loaded between the maximum-strain and the zero-force states [57][58][59][60].

Naturally, constant forces or displacements leading to the constant stresses or strains suggest a strong hypothesis regarding the evolution of the samples throughout the test.

The following [53]; b) Strain-controlled cyclic loading mode [54]; c) Mixed cyclic loading mode [59] The stress-controlled mode is often applied for common high-cycle fatigue tests in the elastic regime. When the imposed force is high enough, it is possible to induce the plasticity, but the maximum applied strain cannot exceed the yield point, due to the further softening effect associated with necking initiation and propagation. It means that the plasticity involved per cycle is limited. Therefore, it is prone to induce the plasticity during the cyclic deformation on straincontrolled or mixed mode. However, during the strain-controlled cyclic test, it is possible to induce the compression during the unloading phase, which is not expected in the pure (cyclic) tensile characterizations. Ultimately, a special attention is drawn on the mixed -mode cyclic loading in this PhD thesis so that the disadvantages of other loading modes can be avoided. Also, it should mention that, under mixed-mode cyclic loading conditions, the first few cycles (especially the first one), involve the most important evolutions and strongly differ to other progressively saturated ones.

1.5

Deformation-induced microstructure evolutions and damage assessment in semi-crystalline polymers

Problematics

As enounced already, the main aim of this thesis is to evaluate the possible/potential seisminduced damage in the HDPE materials. Therefore, in this section, the related works in the literature focusing on the following subjects are mainly studied: (i) What microstructure evolutions can be induced by deformation in semi-crystalline polymers? (ii) Among these evolutions, which ones are related to the damage in semi-crystalline polymers? (iii) What approaches have been used for characterizing the damage in semi-crystalline polymers?

Chapter 1: Bibliography The strain-induced microstructure evolutions including the damage has been fundamentally and widely evaluated by simple uniaxial tensile test. At macroscale, Figure 5.1 demonstrates the classical nominal tensile stress-strain curve. At the onset of loading process, the visco-elastic deformation is recoverable. When the applied strain reaches the elastic limit (yield point), a drop of the axial stress appears accompanied with the necking initiation (strain localization). After a threshold value, named as natural draw ratio (λn) has been reached in the region where the neck was initiated, the plastic deformation stops in this region while neck propagates over the whole length of the sample at nearly constant engineering stress. At the end of the process, the whole sample is plastically deformed with a uniform draw ratio equal to λn. It is worth noting that the local strain in necked region can increase slightly due to the plastic creep [START_REF] Capaccio | Drawing behavior of linear polyethylene. II. Effect of draw temperature and molecular weight on draw ratio and modulus[END_REF][START_REF] Meinel | Plastic deformation of polyethylene II. Change of mechanical properties during drawing[END_REF][START_REF] Séguéla | On the Natural Draw Ratio of Semi-Crystalline Polymers: Review of the Mechanical[END_REF]. 

Microstructure evolutions during the elastic deformation

In the visco-elastic regime, at lamellar scale, the deformation is mainly attributed to the amorphous phase due to its much lower modulus compared to the crystalline one. It worth noting that there is also the motion of crystallite without obvious shearing observed by WAXS in the elastic regime [35,[START_REF] Xiong | Critical stress and thermal activation of crystal plasticity in polyethylene: Influence of crystal microstructure and chain topology[END_REF][START_REF] Xiong | Micro/macro-stress relationship and local stress distribution in polyethylene spherulites upon uniaxial stretching in the small strain domain[END_REF]. Three deformation modes are included are depicted in [START_REF] Lin | Structure and plastic deformation of polyethylene[END_REF] In addition, as shown in Figure 5.3, several researchers have found a negative volumetric strain at the onset of the elastic deformation and this phenomenon is reversible [START_REF] Addiego | Characterization of volume strain at large deformation under uniaxial tension in high-density polyethylene[END_REF][START_REF] Cangemi | Volume strain changes of plasticized poly (vinylidene fluoride) during tensile and creep tests[END_REF][START_REF] Gaucher-Miri | Reversible strain-induced order in the amorphous phase of a low-density ethylene/butene copolymer[END_REF]. It is explained by the fact that during the inter-lamellar separation, the chains in the amorphous phase are oriented along the tensile direction [39]. This orientation can then induce densification of the amorphous phase, a slight crystallization, which provokes the negative volume deformation. 

Microstructure evolutions during the plastic deformation

During the softening/neck initiation phase, the shear (fragmentation) of the crystallites multiplies in an avalanche, and a macroscopic necking (strain localization) is initiated in the specimen. In addition, cavitation (generation of micro-voids) may be expected in some samples. The initial lamellar microstructure progressively transforms into small crystalline blocks, bridged by macromolecular chains. This phenomenon is called fibrillary transformation [START_REF] Peterlin | Molecular model of drawing polyethylene and polypropylene[END_REF][START_REF] Peterlin | Diffraction studies of plastically deformed polyethylene[END_REF][START_REF] Jiang | Two lamellar to fibrillar transitions in the tensile deformation of high-density polyethylene[END_REF][START_REF] Wang | Deformation of elastomeric polyolefin spherulites[END_REF][START_REF] Peterlin | Small-angle x-ray diffraction studies of plastically deformed polyethylene. II. Influence of draw temperature, draw ratio, annealing temperature, and time[END_REF][START_REF] Xiong | On the strain-induced fibrillar microstructure of polyethylene: Influence of chemical structure, initial morphology and draw temperature[END_REF][START_REF] Humbert | Memory effect of the molecular topology of lamellar polyethylene on the strain-induced fibrillar structure[END_REF]. The melting/recrystallization mechanism is used to interpret the change of long periods during thi s transformation (as shown in Figure 5.4). Once the neck is fully propagated, the whole specimen is completely fibrillated, the material then begins to harden until rupture [18]. Besides these evolutions, a martensitic transformation was also observed in the crystalline phase [18,[START_REF] Butler | A real-time simultaneous small-and wide-angle X-ray scattering study of in-situ deformation of isotropic polyethylene[END_REF][START_REF] Butler | Time resolved simultaneous small-and wide-angle X-ray scattering during polyethylene deformation 3. Compression of polyethylene[END_REF][START_REF] Michael | A real-time simultaneous small-and wide-angle X-ray scattering study of in situ polyethylene deformation at elevated temperatures[END_REF], however, it is not the main object to investigate here. 

Damage assessment

The damage is considered as the deterioration of the material properties. In particular, in this thesis, the deterioration of mechanical properties draws a special attention. At microscale, in the literature, authors have attributed the damage in semi-crystalline polymers to some structural changes such as cavitation and fragmentation of lamellae. However, the macro-micro correlation is still controversial. The associated works are summarized in this subsection.

Cavitation

As mentioned above (subsection 1.4.2), the failure of semi-crystalline polymers can occur in both ductile and/or brittle manners. Various combinations of them are caused by cavitation/crazing phenomenon that finally leads to the macroscopic cracking [START_REF] Zhang | Quantification of strain-induced damage in semi-crystalline polymers: a review[END_REF]. At nanoscale, there is no internal structure in the nano-cavities, so they are unable to transmit the stress (just as the macroscopic crack).The assemblies of the elongated cavities separated by fibrils may resemble crazes [START_REF] Pawlak | Cavitation during deformation of semicrystalline polymers[END_REF]. According to the work of Castagnet et al. [START_REF] Castagnet | Cavitation in strained polyvinylidene fluoride: mechanical and X-ray experimental studies[END_REF], in semi-crystalline polymers, the cavities firstly appear in the equatorial region of spherulite where the lamellae are normal to the loading direction, which favors the initiation of cavitation (by both uniaxial tensile and fatigue loadings). However, it is worth noting that the cavitation can also be expected in the polar region due to the lamellae fragmentation [START_REF] Galeski | Changes in the morphology of bulk spherulitic nylon 6 due to plastic deformation[END_REF]. Figure 5.5 shows the cavitation between the lamellae and further longitudinal coalescence [START_REF] Brady | Deformation of oriented high density polyethylene shish-kebab films[END_REF]: (A) when films were strained along chain direction the increase in lamellae separation resulted in short craze-like cavities; (B) those cavities did not propagate laterally, because their growth was apparently arrested by shish crystal reinforcement. Eventually, the cavities coalesced, resulting in the growth of elongated voids between shish-kebabs and formation of the craze-like structures, which propagated parallel to the chain direction. As for the micro-characterizations under fatigue loading conditions, Raphael et al. [START_REF] Raphael | On the role of the spherulitic microstructure in fatigue damage of pure polymer and glass-fiber reinforced semi-crystalline polyamide 6.6[END_REF] performed X-ray tomography measurements to evidence that the cavitation-related fatigue damage in a polyamide (PA) progresses by intra-spherulitic failure in their equatorial plane (see Figure 5.6).

Figure 5.6:

Fatigue damage progression by intra-spherulitic failure in the equatorial plane [START_REF] Raphael | On the role of the spherulitic microstructure in fatigue damage of pure polymer and glass-fiber reinforced semi-crystalline polyamide 6.6[END_REF] Mourglia-Seignobs et al. [38] also observed the microstructure evolutions in polyamide during stress-controlled fatigue tests in the vicinity of the fracture surface. Cryogenic fracture was conducted to obtain a transverse plane which was then observed using scanning electron microscopy (SEM) after metallization (Figure 5.7). Just underneath the final fracture surface, and up to 50 μm from the surface, cracks are observed. Up to 60 μm from the surface, crazes (or cracks bridged by polymer fibrils) are then observed. Beyond 60 μm, only cavities are observed. Moreover, the evolution of cavities (shown in Figure 5.8) were characterized using X-ray technique. The whole process is decomposed into three stages: 1) the nucleation of uncorrelated and foremost spherical cavities with sizes distributed between 10 and 100 nm, the number of cavities increases progressively; 2) the number of cavities decreases, whereas the size and anisotropy of the cavities increase. Defects become ellipsoidal cavities, elongated in the direction normal to the applied stress. 3) These cavities form the crazes observed by SEM. They suggested that the rupture of the material is the consequence of an accumulation of damage rather than the propagation of a single crack. d,e) Growth of the cavities in the direction normal to the applied stress [38].

At macroscale, a large number of cavities can induce the whitening of the material sample. Furthermore, the cavities lead to the volume increase (which can be characterized by Digital Image Correlation (DIC) [START_REF] Andersen | Volumetric strain measurement of polymeric materials subjected to uniaxial tension[END_REF] and/or dilatometric method [START_REF] Castagnet | Cavitation in strained polyvinylidene fluoride: mechanical and X-ray experimental studies[END_REF]), thus the decrease of the density [START_REF] Cangemi | Volume strain changes of plasticized poly (vinylidene fluoride) during tensile and creep tests[END_REF][START_REF] Sandrine Humbert | New insight on initiation of cavitation in semicrystalline polymers: in-situ SAXS measurements[END_REF][START_REF] Hiver | Experimental characterization of deformation damage in solid polymers under tension, and its interrelation with necking[END_REF][START_REF] Lazzeri | Volume strain measurements on CaCO3/polypropylene particulate composites: the effect of particle size[END_REF][START_REF] Cessna | Dilatometric studies of polymers undergoing high and low rate tensile deformation[END_REF] (which can be characterized by density gradient column).

Several authors also believed that the cavitation is related to the mechanical deteriorations such as the decrease of modulus [54] and yield stress [START_REF] Peterlin | Small-angle x-ray diffraction studies of plastically deformed polyethylene. II. Influence of draw temperature, draw ratio, annealing temperature, and time[END_REF]. In particular, in the aforementioned work [38],
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Institut national des sciences appliquées de Lyon the modulus evolution of a polyamide is linked with the cavitation during fatigue test (displayed in Figure 5.9). Regime 1 is associated with uncorrelated nucleation of cavities with characteristic dimension of about a few tens of nanometers. These cavities do not grow, only their number tends to increase. Regime 2 is ascribed to correlated nucleation of cavities near the already existing cavities. Regime 3 corresponds to crack propagation and the final breakage of the material. However, it has been found that several semi-crystalline polymers (such as low-density polyethylene) do not exhibit the cavitation behavior during the deformation. Th is phenomenon is related to the pristine microstructural properties of polymers. Xiong et al. developed a physical model based on thermally activated nucleation process for predicting the macroscopic stress needed to create cavities as well as the stress for initiating the plasticity (shearing/fragmentation of crystals). This model accounts for both the applied temperature and the microstructure of semicrystalline polymers [START_REF] Xiong | In-situ SAXS study and modeling of the cavitation/crystal-shear competition in semi-crystalline polymers: Influence of temperature and microstructure in polyethylene[END_REF]. According to their results, in the temperature range 25°C-100°C 3 regimes could be distinguished: cavitation is observed prior to yielding for samples having thickness of crystallites Lc>20 nm, cavitation appears after yielding for samples having 12 nm<Lc<20 nm, and no cavitation was observed for samples having Lc < 12 nm, the plastic deformation being fairly homogeneous. Therefore, the macroscopic damage (deterioration of mechanical properties) cannot be always attributed to the cavitation Moreover, it is well known that after the fibrillary transformation, the stiffness can even increase in the PEs who cavitate [8]. Therefore, the presence of cavities does not mean that the overall stiffness must decrease. Detrez et al believed that the cavitation should not be a per se damaging phenomenon [START_REF] Detrez | Plasticity/damage coupling in semi-crystalline polymers prior to yielding: Micromechanisms and damage law identification[END_REF].

Plasticity/damage coupling

In the work of Detrez et al. [START_REF] Detrez | Plasticity/damage coupling in semi-crystalline polymers prior to yielding: Micromechanisms and damage law identification[END_REF], macroscopic damage was evidenced through the gradual loss of elastic properties upon cyclic tensile tests and was already observed in the early stage of stretching in three different semi-crystalline polymers. However, no volume strain was measured up to the yield point. Such result suggested that the cavitation is negligible and another mechanism should be mentioned. The authors attributed the modulus deterioration to the fragmentation of crystalline lamellae in the pre-yield range (nominal strain inferior to 6%), which is observed by atomic force microscopy (AFM) as shown in Figure 5.10. This damage can be reasonably assigned to the reduction of the shape factor of the crystalline lamellae as a result of profuse fragmentation. However, the fragmentation of lamellae is not quantitatively described to date [START_REF] Zhang | Quantification of strain-induced damage in semi-crystalline polymers: a review[END_REF]. Moreover, it Chapter 1: Bibliography
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Institut national des sciences appliquées de Lyon is also worth noting that, at large strain, altough the lamellae are crucially fragmented, the stiffness is possible to be higher than the one in the initial state. During the cyclic deformation prescribed by this mode, a decrease of the stress at maximum strain and accumulation of residual strain at zero stress can be observed. They are generally consi dered as the main macroscopic features of the so-called Mullins effect, which was firstly observed and enacted in the filled and crystallizing rubbers [START_REF] Mullins | Permanent set in vulcanized rubber[END_REF][START_REF] Mullins | Softening of rubber by deformation[END_REF]. It seems that the "heterogeneity" is the driving force of the Mullins phenomenon: in the unfilled rubbers, this behavior is almost negligible. Consequently, due to the heterogeneity induced by the crystalline/amorphous phases, this phenomenon has been also observed in the semi-crystalline polymers [57,58,60]. To distinguish with the classical behavior of rubbers, in our work, this phenomenon in semicrystalline polymers is named as Mullins-like effect. Due to the very few works that contributes to understand this phenomenon in the semi -crystalline polymers, several basic studies on the rubbers need to be mentioned here. Physically, Bueche et al. [START_REF] Blanchard | Breakage of carbon-rubber networks by applied stress[END_REF][START_REF] Bueche | Molecular basis for the Mullins effect[END_REF] explicated that the softening behavior in filled elastomers is related to the bond rupture. Moreover, the filler rupture was also taken into account by Kraus et al. [START_REF] Kraus | Stress softening in carbon black-reinforced vulcanizates. Strain rate and temperature effects[END_REF]. In the macromolecular modeling, The Mullins stress softening has been often modeled by adopting a damage continuum mechanics approach [START_REF] Dorfmann | A constitutive model for the Mullins effect with permanent set in particle-reinforced rubber[END_REF][START_REF] Govindjee | A micro-mechanically based continuum damage model for carbon blackfilled rubbers incorporating Mullins' effect[END_REF][START_REF] Diani | A review on the Mullins effect[END_REF]. Indeed, for the Mullins-like softening in the semi-crystalline polymers, Drozdov has also taken into account the accumulation of d amage and its healing in the constitutive modeling [57]. However, according to Houwink [START_REF] Houwink | Slipping of molecules during the deformation of reinforced rubber[END_REF], if chemical filler bonds and fillers break, the rupture would be permanent, which is not in accordance with the recoverable residual strain after relaxation. Hanson et al. [START_REF] Hanson | Stress softening experiments in silica-filled polydimethylsiloxane provide insight into a mechanism for the Mullins effect[END_REF] assumed that the entanglement density changes along with the extension and the removal of entanglements associated with stress softening. Fukahori et al. [START_REF] Fukahori | New progress in the theory and model of carbon black reinforcement of elastomers[END_REF] proposed a double-layer model for explicating the physical mechanism of the Mullins effect. These physical mechanisms are reviewed in the work of Diani et al. [START_REF] Diani | A review on the Mullins effect[END_REF] and are illustrated in More recently, Ayoub et al. proposed a new network alteration theory [START_REF] Ayoub | Modeling the low-cycle fatigue behavior of visco-hyperelastic elastomeric materials using a new network alteration theory: application to styrene-butadiene rubber[END_REF]. In their work, the evolution of stress at maximum strain as a function of the cycle number was used to identify three stages as shown in Figure 5.12: (i) The stress-softening stage is followed by (ii) a weak variation of the stress and finally (iii) a fast decrease of the stress prior to failure. The failure cycle number (lifetime decreases with increasing imposed maximum strain). The following Figure 5.13 illustrates the associated mechanism related to the stage (i), stress softening stage: At maximum strain state of the cyclic loading, during the first stretching step, some chains reaching their extensibility limit cause the breakage of chains and weak bonds. Yet small chains being stucked between two entangled chains do not break after the first cycle. After being cycled, entanglement between chains split open and small chains stuck between them start to break down. The second zone is probably a consequence of the appearance of voids (due to cavitation in the rubber matrix and debonding between fillers and the rubber matrix) or microcracks and to their growing in the rubber matrix. Their rapid growth due to coalescence and breakage of ligaments leads to the manifestation of the third regime (a macro-crack occurs and propagates until complete failure). In the filled rubbers, it is observed that the residual strain is not permanent, it can even be recovered rapidly. Diani et al. [START_REF] Diani | Observation and modeling of the anisotropic visco-hyperelastic behavior of a rubberlike material[END_REF] reported an instantaneous residual stretch of 31%, which decreased to 13% after 20 min and remained to 12% after 48 h. Mullins [START_REF] Mullins | Permanent set in vulcanized rubber[END_REF] noticed that materials showing little softening also show little residual deformations. Moreover, though the residual strain depended on the type of fillers, it was simply related to the stiffening effect of the fillers. Several authors reported residual extensions increasing with the amount of fillers and with the amplitude of stretching applied to the materials [START_REF] Dorfmann | A constitutive model for the Mullins effect with permanent set in particle-reinforced rubber[END_REF]. In the model for predicting the Mullins behavior in semi-crystalline polymers, only the residual strain induced during the first cycle is non-recoverable [57,[START_REF] Gomes | Analysis of Mullins effect in polyethylene using ultrasonic guided waves[END_REF].

Moreover, in the PE samples with different crystallinity, Makki et al. [58] have applied the same theory to interpret the Mullins-like effect in semi-crystalline polymers. As shown in Figure 5.14. The softening is related to the chains rupture as they reach their limit extensibility, whereas the residual strain is due to the new equilibrium state after unloading. The authors have also observed that Mullins stress-softening magnitude and strain accumulation are both related to the crystallinity and the maximum strain applied. However, they do not give any physical explication for these dependencies. 

Conclusion and strategy

The aim of this thesis is to evaluate the influences of seismic events (modeled by mixed -mode oligo-cyclic tensile loading) on the mechanical properties and the associated microstructure evolutions in HDPE samples. Especially, the damage assessment should be carried out in those samples submitted to oligo-cyclic loading. Moreover, the relation between the effect of oligocyclic loading and the initial microstructure of HDPE samples are naturally of interest. Thus, the following points will be mainly investigated in this thesis:

1. What microstructure evolutions are involved under oligo-cyclic loading conditions? 2. Does the oligo-cyclic loading change the lifetime, modulus, toughness and further deformation mechanisms? 3. What is the correlation between the microstructure evolutions and macroscopic changes? 4. Whether those mechanical/microstructure evolutions (including damage) have any relation with the initial material properties (especially the microstructural properties) 5. Is it possible to predict the materials' lifetime knowing the oligo-cyclic loading?

Experimental strategies were chosen in order to answer these scientific questions. They are listed below:
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In this chapter, the protocol of sample preparation with different thermal treatments is introduced. Before and after the molding with HDPE pellets, various experimental techniques at both macroand micro-scales are performed to characterize the initial pellets and molded sheets preliminarily. The principle and experimental conditions of each characterization are also presented.

Summary of HDPE materials

The industrial HDPE material for the piping application in the nuclear center (P E-100 and further labeled as PE-I) is provided by the industrial partner Electricity of France (EDF) in two forms:

1) a pipe model with internal and external diameters of 253 mm 315 mm respectively and 2) original pellets. This industrial HDPE material is filled with carbon black (CB). The pipe model is submitted to the same processing and molding as the real one supplied in the nuclear power plant. Because of its large dimensions (the one in the nuclear power plant), the microstructure of the pipe may be heterogeneous as a result of the varying thermal histories in different positions during the shaping process. The pipe model is thus provided to reproduce and probe the microstructural homogeneity of the real pipe. The pellets are used to prepare samples corresponding to different positions of the pipe via thermal treatments.

In order to broaden the field of investigations, two types of "natural" HDPE hereafter denoted as PE-A and PE-B were ordered from INEOS (Brussels, Belgium) and studied. The PE-B is also a commercial material used in PE-100 pipe application, whereas PE-A is a grade dedicated to blow-molding. These two materials contain only minimal additives that are necessary for processing, but no CB fillers. The molecular characteristics of the pellets were measured by INEOS group using gel permeation chromatography (GPC) (see Table 1.1). Although the Mn in PE-B is lower than PE-A, as for other averages of molecular weight and polydispersity (Mw/Mn), the ones in PE-B are all higher than PE-A. Due to the different molecular characteristics, the microstructure and morphology of these two materials submitted to the identical shaping protocol differ from each other. The procedure of the GPC tests and the molecular characteristics of PE-I are not displayed due to the confidential reasons. 

2.3

Thermogravimetric analysis (TGA)

Principle

Thermogravimetric analysis (TGA) consists of studying the material degradation by increasing its temperature while measuring its variation of mass. The technology requires an accurate measurement of the mass and temperature of the sample over time while co ntrolling the atmosphere within the furnace. The obtained thermogram is related to the nature of the sample formulation. In this thesis, this technique can be used for measuring the CB content of PE -I and check the purity of PE-A and PE-B.

Experimental conditions

The aforementioned three PE pellets were tested with a machine PerkinElmer TGA Pyris. The experimental parameters were defined according to the ISO 6964 (Polyolefin pipes and fittings: Determination of carbon black content by calcination and pyrolysis) and ISO 11358-1 (Plastics-Thermogravimetry (TG) of polymers-Part 1: General principles). About 15-20 mg samples were placed into the crucible after taring the apparatus. The procedure was programed as follow:

Switch the gas to nitrogen flow at 50ml/min: 

Molding with different thermal treatments (HDPE pellets)

It is known that the industrial pipe PE-100 was shaped by quenching, suggesting that a gradient of crystallizing rate along the radial direction happened during the molding (the high crystallizing rate at the exterior of the tube, which contacts the liquid, and the low crystallizing rate at interior due to the poor heat transfer). As mentioned in Chapter 1.3.1[1-3], the difference of thermal history is highly relevant to the regime of crystallization, thus the microstructural properties of semi-crystalline polymers. Therefore, the effect of thermal treatments should be taken into account during the sample preparation (the validation of this assumption is established in the next subsection 2.5.3).

The aforementioned crystallization regimes I and III in Chapter 1.3.1 represent the two extreme conditions [1]. To approximate these two regimes, the so-called quenching (Regime III) and isothermal treatment (Regime I) are applied respectively. Prior to the thermal treatments, the samples were firstly compression -molded at 10 MPa and 200°C for about 10 min in a designed aluminum-alloy mold that is displayed in The two supports were designed to increase the resistance against the compression of the mold. After the compression molding step, the two supports were removed, and the remaining components together with the molded polymer sheet were placed into the appropriate liquid of the desired thermal treatment. The polymer-contacted surface of the hollow pistons was quite thin (about 1mm) so that the thermal exchange associated with the crystallization c ould be effectively performed. One group of samples was solidified in cold water so that the cooling rate was high. This procedure corresponded to the quenching process and the crystallization was potentially finished within just a few seconds thus following Regime III. The associated thermal program is shown in 

Differential scanning calorimetry (DSC) 2.5.1 Principle

The phase transformations of the materials are along with the release or absorption of energy. These changes can be characterized by Differential Scanning Calorimetry (DSC), which measures the difference of the exchanged heat flux between a sample and a reference subjected to the same thermal history. The heat flux expressed in Wg -1 can be converted into specific heat Cp in J.g -1 K - 1 .
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∆H f = ∫ C P dT T 2 T 1 (1)
The first aim of DSC characterization is to determine the temperature of isothermal treatment for the different PEs. And another important use of this technique is to measure the crystallinity of semi-crystalline polymers using relation (2).

X c = ∆H f ∆H f 0 ( 2 
)
∆𝐻 𝑓 is the melting enthalpy calculated by equation (1). T1 and T2 are respectively the onset and end of the endothermic peak and ∆𝐻 𝑓 0 is the melting enthalpy of a theoretically perfect crystalline polymer. For the case of PE, ∆𝐻 𝑓 0 was set equal to 290 J/g [5].

Experimental conditions

The DSC measurements were conducted with an indium-calibrated Perkin-Elmer DSC7 machine (see Figure 5.2). About 6-8mg samples were heated up to 150°C at a heating rate of 10°C/min and stayed at 150°C for about 5 minutes, then cooled down to 30°C at the same rate under nitrogen flow. of industrial tube PE100. r=0 mm corresponds to the internal surface whereas r=31 mm corresponds to the outer one. Each sample spans 3mm along this direction, which is considered by the horizontal error bar in Figure 5. 3 (right). Clearly, at the outer surface, where the rapid crystallization was expected, the crystallinity is at its lowest value (about 57%), and a gradient of crystallinity was found from r22mm to r=31mm. For the remaining part of the tube (from r=0mm to r22mm), the crystallinity remains almost constant at its highest (about 62.5%). As evoked, the difference in crystallinity is attributed to the varying thermal history taking place during the molding and subsequent solidification. Therefore, the aforementioned assumption of the crystallinity heterogeneity is validated: during the sample preparation (with pellets), the influence of thermal treatments is important and necessary to be taken into account. It is worth noting that the crystallinity was also measured along the longitudinal direction (different location along z) at the inner free surface, and no significant variation was found. Therefore, it can be deduced that the crystallization rate is only as a function of the radial direction.
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Selection of temperature for the isothermal treatment

The annealing temperature Tiso should meet two requirements: 1) Tiso should be a little bit higher than the minimum temperature for which the crystallization occurs 𝑇 𝑐 𝑜𝑛𝑠𝑒𝑡 so that the crystallization can take place "slowly" and approximately follows the Regime I introduced in Chapter 1.3.1. Following this procedure, the crystallinity should be the highest one for a prescribed material.

2) In the DSC curve, a smaller endothermic peak at a lower temperature is possible to be observed (see Figure 5.4a). In fact, above a critical Tiso, whatever the duration of the isothermal step, the crystallization is no longer complete, which leads to the creation of a significant proportion of small crystallites when the sample is cooled down to room temperature (after the isothermal treatment), designated as the second crystallization. The higher the annealing temperature, the more significant the second peak. Although it is not clarified in the literature, this second crystallization may potentially play a role in the microstructural and mechanical properties of polymers. Therefore, this phenomenon should be avoided and thus trigger the final choice of the annealing temperature.

As an example, the baseline-corrected heating DSC profiles in the 75°C-150°C temperature range of PE-I isothermal samples are displayed in Figure 5.4a. The corresponding crystallinity is plotted in Figure 5.4b as a function of the annealing temperature. With Tiso varying between 116 and 123°C limited influence was found on the crystallinity which was about 64%. Also, the second crystallization, with its peak occurring around 115°C, is seen to progressively decrease with the decrease of the annealing temperature. For Tiso= 116°C, it is almost ignored. Therefore, 116°C is chosen as the final Tiso for the PE-I material. The same method is applied to determine Tiso for the PE-A (121.5 °C) and PE-B (118°C) materials. 

Crystallinity and melting temperature

On the one hand, the DSC technique allows for the measurement of the mel ting enthalpy so that the crystallinity can be calculated by equation (2). On the other hand, the maximum temperature of the melting peak can be also measured. This parameter is relevant to the thickness of crystallites according to the following equation ( 3 

T f = T f 0 × (1 - 2σ e ∆H f 0 ρ c L c ) (3) 
Where 𝑇 𝑓 is the melting temperature, 𝑇 𝑓 0 the melting temperature of a perfect PE crystal ( 𝑇 𝑓 0 =141°C see [6]), ρc the density of PE crystal (1.003 g/cm 3 ) [7],σ e the surface energy of the crystalline lamellae and Lc the thickness of crystallites. Ultimately, following the relation (3), the higher the melting temperature, the thicker the crystallites. The DSC curves of the materials resulting from the different thermal treatments are displayed in Figure 5.5. For each polymer, the isothermal sample has a relatively higher crystallinity and melting temperature than the quenched sample, indicating thicker crystals due to a better organization and arrangement of chains stacking during the crystallization process [8]. The summary of the microstructural indicators determined by these DSC profiles, namely the crystallinity (Xc) and the melting temperature (Tf), are listed in Table 5.1. It is found that the PE-I and PE-B show very similar sensitivity to experienced thermal histories: under identical shaping process (quench or isothermal treatment) both their crystallinity and melting temperature are very similar to each other, whereas the PE-A samples have a higher crystallinity and melting temperature. When the photons of X-ray meet the electrons of the sample, they are scattered due to the elastic interaction. The norm of the final wave vector kf is same as the one of the initial wave vector ki.

The relevant parameter to analyze the interaction is the scattering vec tor q=ki-kf. The angle between the incident and scattered X-ray beams can either be defined by the scattering angle 2θ or the norm of the scattering vector q. The relation between the two parameters stands as follow:

q=|𝐪| = 4πsin(θ) λ ( 4 
)
Where λ is the wavelength of X-ray. The scattering intensity I(q) is determined as the Fourier Transform of the correlation function of the scattering electronic density at a specific q (or 2θ). Moreover, according to Bragg's law (5), the norm of scattering vector q can be further expressed as equation (6).

2dsinθ = λ (5) q= 2π d (6) 
Therefore, the q value is related to an observation window having a diameter d: the q-window at low/high value corresponds to respectively a large/small observation window. The X -ray scattering is thus divided into small-angle X-ray scattering (SAXS) and wide-angle X-ray scattering (WAXS) according to the experimental range of q value.

Experimental conditions

X-ray scattering tests were performed on the SWING beamline of the French SOLEIL synchrotron. To generate synchrotron radiation, the electrons are fir stly accelerated in a linear Chapter 2: Materials and preliminary characterizations
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Institut national des sciences appliquées de Lyon accelerator then transmitted to a circular accelerator that allows them to reach the expected energy. These electrons are then injected into a large ring track, where they will travel at constant energy for several hours. The circular trajectory of the electrons is maintained by the magnets, which are inside the ring. Synchrotron radiation is emitted during the passage of the electrons in front of the bending magnets. The latter is then collected and directed to various beamline s (see Figure 6.2a). On-site and as shown in Figure 6.2b, the samples were held in a homemade tensile machine to couple the X-ray measurements with the mechanical testing. The wavelength of the incident Xray beam is equal to 1.03 Å. A WAXS detector is located 109 mm away from the sample, whereas the SAXS detector sits at the end of the detection tunnel, at a distance of about 2003 mm from the sample. Consequently, the q-range of observation lies between 0.036-0.52 Å -1 and 1.5-3.17 Å -1 for the SAXS and WAXS configurations respectively. 

Preliminary results

Pristine state

In the undeformed state, the scattering SAXS 2D patterns (i.e. the low q range) for all the PE samples are isotropic ring-shaped (as illustrated in Figure 6.3a) due to the randomly orientated crystalline lamellae in the spherulites. The smallest unit of repeated lamellar structure, whose value equals the sum of a single lamellar thickness plus the thickness of a single interlamellar amorphous layer, is defined as the long period Lp and can be determined from the SAXS patterns as follow:

L p = 2π q max ( 7 
)
Where qmax is the q value corresponding to the maximum diffuse intensity. It is directly obtained from the 1D plot such as the profile reported in Figure 6.3b which presents the Lorentz-corrected scattering intensity Iq 2 as a function of q value. This diagram can be obtained whatever the azimuthal angle  and usually results from an azimuthal integration over few degrees (range arbitrarily set to ±5° in this work) surrounding the chosen angle. In the following, since the X-Chapter 2: Materials and preliminary characterizations
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L c = L P ρ ρ c X c (8) 1 ρ = X c ρ c + 1-X c ρ a (9) 
Where ρ, ρa, ρc are the densities of the material (calculated using relation ( 9)), the amorphous phase (0.850 g/cm 3 ) and the crystalline phase (1.003 g/cm 3 ) respectively [7].

Figure 6.3: (a) 2D SAXS pattern and (b) 1D plot of Lorentz-corrected intensity as a function of q

At high q range, the inter-planar distances d in crystallographic unit cell can be determined by WAXS evaluation using the same equations ( 5) or ( 6). An example of the WAXS 2D pattern is shown in Figure 6.4a. It worth noting that the WAXS detector only captures the local information at Zone V due to the limit of dimension and position. Again, a 1D diagram of intensity against q value obtained by azimuthal integration of the 2D pattern for a given azimuthal angle is presented in Figure 6.4b. Thanks to the q range covered, numerous scattering peaks corresponding to different crystallographic planes are recorded. Using both the SAXS and WAXS measurements of the undeformed states, the initial lamellar and crystallographic structures of the different PE can thus be compared. Focusing on the WAXS profiles, the peaks were found strictly located at the same position in each PE sample. Such results suggest that the crystallographic structure of th e PE at room temperature is quasi constant and not affected by the thermal treatment. Although their evolution during the mechanical tests, are also of great interest, for example, to estimate the local stress, the inter-planar distances are not displayed in this chapter as microstructural characteristics of pristine samples. Now looking at the SAXS profiles, the isotropic ring-shaped pattern was found in each PE sample yet the q position of the scattering peak differs, from each other. Hence, at nanoscale, their long period, i.e. the thickness of the lamellae, and/or the thickness of the amorphous layer vary. The microstructural indicators gathered from the SAXS patterns are listed in Table 6.1. For the same material, the isotherm sample has a higher long period and thickness of crystallites than the quenched one. Subjected to the same thermal treatment, relatively thicker crystallites can be observed in PE-A sample compared to the PE-B and PE-I samples which two show significant similarities. Noticeably, focusing on the thickness of crystallites L c, the data obtained by SAXS measurements are in accordance with the result reduced from the DSC characterizations. Mechanical performances can be evaluated based on the stress-strain relation. For uniaxial tensile tests performed on a dedicated sample having a gauge of length L0 and cross section A0, assuming the deformation to be homogeneous and uniquely occurring within the gauge length, the axial nominal stress is defined as the ratio of loading force and pristine sample section, F/A 0, and the axial nominal strain is denoted as the ratio of current and initial gauge length ΔL/L 0. Based on the initial geometry of the sample, the engineering formalism lacks providing a realistic description of the transformation experienced by the material submitted to moderate/large deformation (i.e. This description is suitable for ΔL<< L0). Thus, the true stress-strain curves are often preferred to describe the mechanical behavior of a specimen heavily deformed. The true Chapter 2: Materials and preliminary characterizations
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σ true = F A = (1+ε)F A 0 = (1 + ε)σ n ( 10 
)
ε true = ∫ dl l = ln ( l l 0 ) l l 0 (11) 
However, it worth noting that for a semi-crystalline material exhibiting pronounced strain localization (necking), the above equations do only apply when the necking propagation is completed throughout the gauge length and is accurate for the samples without voids generated by deformation (i.e. volume change). Local determination of the strain field based on stereo correlation technique (or Digital Image Correlation) for instance is a way to enhance the characterization of the mechanical response of materials exhibiting t his type of behavior.

In this PhD thesis, for the mechanical characterization of polymers, the nominal stress -strain curve is mainly employed. Several mechanical indicators such as the elastic modulus, yield stress, neck width and tensile toughness can be obtained based on the stress-strain relation, as highlighted in Figure 7.1.

-The stress-strain data points for εnom<0.01 are fitted by a linear regression and the slope of the fitting curve is denoted as the elastic modulus of material.

-the yield stress is the maximum value of stress prior to the load drop resulting from the initiation of necking.

-The neck width is designated as the difference in nominal strain between the threshold point of plastic deformation (where the nominal stress is about 80% of yield stress), and the "onset" of the constant-stress plateau coinciding with the necking propagation.

-The tensile toughness is defined as the area under the tensile stress -strain curves. This parameter is ascribed to the energy per unit volume absorbed by the sample when stretched till its failure. 

Preliminary results

Summary of the results

The nominal tensile curves up to a nominal strain of 1 are displayed in As mentioned in Chapter 1.2.4, the density of STs ([ST]) can be related to the neck width [10]. It is expected that the quenched samples exhibit a more diffused neck so that the ST density in these samples is higher than that in the isotherm samples due to the incomplete arrangement of chains during the crystallization. It is reported that the neck width follows a negative corre lation with Lp [10], which is in accordance with our results (shown in Considering each material separately, the tensile toughness of the isotherm sample is slightly higher than that of the quenched samples (see Figure 7.6). However, it seems that this parameter strongly depends on the initial molecular properties and the influence of thermal treatment is too slight to compare with the material type. Indeed, both PE-A quenched and isotherm samples need to absorb more energy per unit volume during the tensile deformation until failure than other two PE materials. It should mention that the tensile curve (i.e. the equipment used in this thesis) does not provide the required accuracy to evaluate the elastic response. Therefore, the aforementioned linear regression method is applied to obtain an equivalent tangent value for each sampl e, which can then be compared. As detailed elsewhere [14][15][16], the relation between the elastic modulus E and crystallinity is determined as follow:

E = E s E h (1-V h +kV h ) (1-V h )E h +kV h E s (12) 
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Where Eh and Es are respectively the modulus of hard and soft phases, k is a mechanical coupling parameter (the ratio σh/σs) and Vh is the volumetric fraction of hard phase. Here, the hard and soft phases can be simply assigned to the crystalline and amorphous phase by ne glecting the effect of the interphase [16]. Following the relation (12), the kEs product directly influences the elastic modulus: a high k value suggests that the material is assimilated to the "parallel -like coupling" whereas k~1 rather indicates that the "series-like coupling" applies. Physically, a higher k value can be interpreted as more percolated crystalline structure. Furthermore, a larger amorphous modulus Es can be associated with a higher value of density of stress transmitters. Analyzing these tw o parameters separately remains tricky so that the evaluation of their product is preferred. As displayed in Figure 7.7a and b, although quenched samples have relatively lower modulus due to their crystallinity, these samples have a higher value of kEs. The crystalline percolation should be more important in the isothermal sample [15] due to the higher crystallinity (k is higher), however, it seems that the amorphous modulus has a more important influence on their product: the higher density of stress transmitters (related to the neck width) can lead to a higher amorphous modulus, therefore, the product kEs is more important in the quenched samples. All in all, it is seen that the modulus is not only dependent on the crystallinity but also on the combination of the percolation and intrinsic property of the amorphous phases. These initial values are important for the further analysis on the evolution of modulus induced by oligo -cyclic loading in the following chapters. 

2.8

Dynamic mechanical analysis (DMA)

Principle

Dynamic mechanical analysis (DMA) is a technique to characterize the visco -elastic properties of polymers. During this test, the sample is generally subjected to a periodic stress-or straincontrolled loading program. Using the complex formalism for sake of simplicity, if the material is loaded with a stress-controlled program as shown in relation ( 13), the corresponding strain is thus expressed using equation ( 14) and a phase lag designated as δ can be found between the applied and collected signals as shown in Figure 8.1. The complex modulus E * (15) defined as the stress/strain ratio can be decomposed into a storage modulus E ' and a loss modulus E '' , which relate to the material ability to store and dissipate energy during deformation respectively. In addition, the ratio E '' /E ' or tan δ, is a damping parameter associated with the internal friction of chains due to molecular motions, relaxation processes, transitions, morphology and other structural heterogeneities [4]. 

σ * = σe iωt (13) ε * = εe i(ωt-δ) ( 14 
)
E * = σ * ε * = σ ε (cosδ + isinδ) = E ′ + iE ′′ (15) 

Experimental conditions

The DMA tests were carried out with a machine GABO EPLEXOR® equipped with a 150N load cell (see Figure 8.2). The dumbbell-shaped sample is of 6.5 mm gauge length, 4 mm width and about 0.5 mm thickness. A temperature-scanning program from -30°C-100°C at a heating rate 1K/min is applied. The loading mode is strain-controlled, the static strain is set to 0.1% whereas the dynamic strain amplitude is 0.2% with the frequency equals 1Hz. 

Preliminary results

The dynamic mechanical responses including the evolutions of storage modulus E ' , loss modulus E '' and loss factor tan δ in the six PE specimens are displayed in For a given temperature, the elastic (or storage) modulus of the PE -A isotherm sample is much higher than the others. Moreover, from 25°C to 100°C, for each material, the isotherm samples have a relatively higher E' value., whereas the quenched samples have a higher loss factor tan δ. It worth noting that only α relaxation of PE can be observed at this temperature range. This relaxation is believed to be relevant to the motion within the crystalline phase along the c axis [17] or the movement at the interphase [18] . It is worth noting that the temperature of α relaxation indicated as the peak of the E '' curves, displays a clear dependency on thickness of crystallites (see Figure 8.4) and thus thermal treatment. This dependency is in accordance with the previous results reported in the literature [17][18][19]. 

Conclusion

The three HDPE materials (PE-A, PE-B and PE-I) are characterized by various experimental techniques preliminarily. PE-B and PE-I are both the material for PE-100 pipe application, whereas PE-A is for blow-molding. According to the results of TGA analysis, PE-A and PE-B can be considered as the pure HDPE material models and PE-I is slightly filled with CB, whose weight content is about 2.8%. According to the DSC characterization of the industrial PE-100 tube model, the difference of thermal history experienced during the shaping process (quenching) in the different regions of the pipe leads to the heterogeneity of crystallinity along its radial direction (from 57% to 62.5%). Therefore, two extreme crystallization conditions are requested to be taken into account during the sample preparation by PE pellets. During the quenching process, the material crystallizes rapidly in cold water, and during the isothermal treatment, the material crystallizes slowly in the oil bath, at selected annealing temperatures Tiso, where the second crystallization of samples is avoided. Thanks to DSC and SAXS techniques, the crystallinity and geometry of the 2 -phase structure at nanoscale (thickness of a single crystalline and amorphous layers) can be directly evaluated. In addition, with the aid of mechanical characterizations, additional microstructural information can be deduced. Hence, it was found that for a given thermal treatment, the PE-A sample has a relatively higher crystallinity, and thicker crystallites than the PE-B and PE-I samples, which have similar microstructural properties. For the ST density, difference between the quenched samples cannot be exactly evidenced, whereas the PE-A isothermal sample has a lower density of STs compared to the two other isotherm materials. Considering one material/grade at a time, the quenched sample has a lower crystallinity, thinner crystallites, along with a larger number of stress transmitters. This is due to the rapid and incomplete arrangement of the chains during the crystallization process. Finally, both the microstructural and mechanical properties of the two HDPEs for PE -100 pipe application (namely PE-B and PE-I) show very similar sensitivity to the thermal treatments, and it seems that the low content of CB in PE-I does not influence their properties. However, in the following chapters, the X-ray scattering technique will be widely used for the microstructur al characterization and even an extremely low quantity of CB can dramatically scatter the X -ray and consequently influence the quantitative analysis (i.e. lamellae and cavities). Therefore, the following chapters mainly focus on the PE-A and PE-B materials, and their microstructural evolution upon deformation. 

Conclusion 78

Reference 79 Introduction

High-density polyethylene (HDPE) are often shaped to produce pipelines, since high ductility is pursued to sustain potential seismic activity [1][2][3]. The investigation of the materials performance under seismic episodes for industrial applications is thus of strong interest. Olig o-cyclic tests with large stress/strain (beyond the elastic limit) and limited number of cycles are commonly set to model seismic events and have been widely performed onto various materials [4][5][6]. Ultimately, it is worth investigating the corresponding microstructure evolution and the associated mechanisms induced in order to better anticipate the materials responses to potential seismic events and predict its lifetime. In this work, special attention is paid to tensile loading. The stress -controlled cyclic tests [7][8][9][10] can induce only limited plasticity per cycle, the maximum applied strain cannot exceed the yield point due to the further softening effect associated with necking initiation. Moreover, the straincontrolled tests (cyclic loading between two fixed strains) may cause potential compression/buckling, which is not desired. To avoid these disadvantages, the mixed -mode (oligo-) cyclic tensile loading is selected, the semi-crystalline polymer samples are stretched to a fixed strain and retracted to zero force repeatedly. With this multi-cycle test, Mullins-like effect including the progressive stress softening at maximum applied strain and the accumulation of residual strain at zero stress with increasing cycle number could be obser ved in the semicrystalline polymers. The so-called Mullins phenomenon was firstly discovered in the filled and crystallizing rubbers [11][12][13] and further investigations proved that a similar phenomenon, at least its macroscopic manifestation, also prevails in semi-crystalline polymers [14][15][16]. Various authors suggested physical interpretations to the stress softening and accumulation of residual strain such Chapter 3: Microstructure evolutions in HDPE materials submitted to mixed-mode cyclic tensile loading
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Institut national des sciences appliquées de Lyon as bond rupture [17], molecular slip [18], disentanglements [19] and network alteration theories [20]. some of them being mentioned for semi-crystalline polymers [14][15][16]. Nevertheless, the physical origins of this phenomenon are still controversial. However, based on the observations of Mullins(-like) effect, the first loading cycle leads to a "significant" structural evolution yet differing from the remaining cycles associated to its progressive accumulation. The structural evolutions of polyethylene (PE) or other semi-crystalline polymers submitted to simple loading such as uniaxial tension have been widely studied at the meso -and micro-scales. At mesoscale, where the HDPE material can be depicted as a media of interconnecting spherulites, the deformation mechanisms were shown to be highly heterogeneous along the tensile direction [21][22][23]. In semi-crystalline polymers, authors made use of four critical strains to describe the tensile deformation of semi-crystalline polymers and the interplay between the elastic and plastic strain contributions [24,25]. The elastic deformation is classically assigned to the amorphous phase and involves inter-lamellar separation, inter-lamellar shear and lamellar stack rotation [26,27]. During plastic deformation, various mechanisms may be involved, such as the shearing of the crystallites [27][28][29][30][31][32][33], cavitation [29,30,[34][35][36][37][38], martensitic transformation [39,40] and fibrillation at large strain [41][42][43]. Among these, the cavitation and shearing of crystallites (also defined as the fragmentation of lamellae) are recognized as two competing mechanisms generated respectively in the crystalline and amorphous phases at small plastic strain ranges (in the vicinity of the neck initiation). The nucleation and growth of cavitation show a dependency on crystallization-related microstructural properties [44][45][46] such as the resulting thickness of crystalline lamellae and the density of stress transmitters (ST) including tie molecules and entanglements [29,30,47]. Several articles also discussed the microstructure evolutions in semi -crystalline polymers submitted to single loading-unloading path or fatigue tests. Focusing on cavitation, Addiego et al. have observed the partial reversibility of the cavitation in PE samples, distinguishing the total cavity volume fraction into a reversible part and a permanent part. The reversible contribution is further subdivided into an instantaneous elastic and a time-dependent viscoelastic one. Additionally, the permanent part depends on the applied strain level: for axial strain smaller than 4.1%, the cavities could be entirely reversible after relaxation [48]. Moreover, Raphael et al. reported the deformation and voiding of spherulitic microstructures in a pure polymer and glassfiber reinforced polyamide 6.6 during fatigue tests by tomography analysis combined with SEM fractography observations [49]. In particular, they found that the cavity nucleation occurs firstly at equatorial plane of the spherulites, which is in accordance with the results reported by Mourglia-Seignobos et al. [9]. However, these classical fatigue tests are all conducted under stress-controlled loading conditions, and the imposed loading cycles (10 5 -10 6 cycles) remain within the elastic regime. Moreover, Janssen et al. have reported that the failure mechanisms in the oligo-cyclic regime are different from the ones in high-cycle regime [8,50] in semi-crystalline polymers. Regarding the microstructure evolutions under mixed-mode cyclic conditions, beyond the elastic limit, only relevant studies performed on polymers other than semi -crystalline ones can be mentioned. Toki et al. performed a two-cycles in-situ SAXS/WAXS test to characterize the microstructure evolutions for a thermoplastic propylene-dominant ethylene-propylene copolymer. They noticed that the first cycle could destroy a fraction of the crystals and induce the reorientation of the other crystalline lamellae to form a "permanent set", which is thermally stable during the second loading [51]. The aim of this work is thus to further investigate the structural evolutions of semi -crystalline (HDPE) polymers under mixed-mode oligo-cyclic tensile loading conditions. Thermal treatments Chapter 3: Microstructure evolutions in HDPE materials submitted to mixed-mode cyclic tensile loading
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Experimental

Materials

Two types of commercial HDPE hereafter denoted as PE-A and PE-B are studied. These two materials were ordered from INEOS (Brussels, Belgium). It is worth noting that PE-B is a PE-100, widely used for tube applications, whereas PE-A is a HDPE for blow-molding applications. The two materials contain only minimal additives that are necessary for their shaping process: 1 to 1.5 g/kg of antioxidant and 1 g/kg of antacid. The two grades differ by their molecular topology and molar masses so that their microstructural and mechanical properties exhibit different sensitivity to thermal treatments. The molecular characteristics of the polyethylene pellets determined by gel permeation chromatography (GPC) are shown in Mn,, Mw and Mz are the number-average molar mass, the weight-average molar mass and z-average molar mass measured by gel permeation chromatography.

Sample preparation

The PE pellets were molded at 200 °C for 10 min into 0.8 mm thick plates. Thermal treatments followed the compression molding step in order to modify the initial microstructure. On the one hand, plates were quenched in cold water and are further designated as "quenched" samples. On the other hand, some plates were wrapped and put into an oil bath at a constant temperature Tiso (shown in Table 1) for 17 h and are further defined as "isothermal" samples. The temperatures Tiso (121.5 °C and 118°C for PE-A and PE-B respectively) were chosen to meet two conditions: 1) the prescribed temperature should be close to the crystallization temperature so that the complete crystallization occur at a much lower rate [44,52]. 2) Furthermore, with this selected temperature, the isothermal treatments could hinder secondary crystallization, which may have affected the materials mechanical properties [52].

DSC (Differential Scanning Calorimetry) analysis

6 to 8 mg samples cut from the molded plates were heated up to 150°C at a heating rate 10°C/min under nitrogen flow with a DSC 7 PerkinElmer apparatus, which has been indium-calibrated. Equation ( 1) below was used to determine the crystallinity (Xc) of the pristine samples:
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Where ∆𝐻 𝑓 is the specific melting enthalpy and ∆𝐻 𝑓 0 is the melting enthalpy of a theoretically fully crystalline polyethylene. ∆𝐻 𝑓 0 was set equal to 290 J/g [53].

Tensile measurements

Tensile tests were conducted on dumbbell-shaped samples of 6.5 mm gauge length, 4 mm width and about 0.8 mm thickness. The specimen were punched from the processed plates then tested at room temperature (about 23°C) and a constant nominal strain rate of 𝜀̇ = 5 × 10 -2 s -1 with a MTS 1/ME machine equipped with a 5KN load cell. Single loading steps up to large strain were performed to measure the neck width, determined as the difference in nominal strain between the threshold point of plasticity (where the nominal stress is about 80% of the -maximum-yield stress𝜎 𝑦 ) and the beginning of the constant-stress neck propagation. This indicator is qualitatively related to the density of stress transmitters (ST) including tie molecules and entanglements. More specifically, the greater the nominal strain difference, the higher the ST density [54]. For each condition, at least three samples were tested and the results were averaged.

Mixed-mode oligo-cyclic tensile tests coupled with in-situ SAXS (Smallangle X-ray scattering) measurements

The small-angle X-ray scattering measurements were performed on the SWING beamline of the French SOLEIL synchrotron with a wavelength of 0.78Å. The beam size is 100×40 µm 2 . The distance between the samples and the detector was 2.08m, so that the corresponding range of observation (scattering vector q) spans from 0.06 to 5.5nm -1 . The long period (Lp) was computed from a scattering vector qmax corresponding to the maximum Lorentz-corrected diffuse intensity using equation (2):

L P = 2π q max (2) 
It is worth noting that the Gaussian fit of the Iq 2 -q profile in the vicinity of the peak was used to determine qmax. In addition, the thickness (𝐿 𝑐 ) of the spherulite crystalline lamellae was estimated as follow:

L c = L P ρ ρ c X c (3) 1 ρ = X c ρ c + 1-X c ρ a (4) 
Where ρ, ρa, ρc are the overall sample, the amorphous phase (0.850 g/cm 3 ) and the crystalline phase (1.003 g/cm 3 ) densities respectively [55]. Xc is the crystallinity measured by DSC (see Equation 1). A homemade miniature apparatus was used to conduct the mixed-mode oligo-cyclic tensile tests consisting in 8 consecutive cycles at constant nominal strain rate 𝜀̇𝑜 𝑐 =10 -3 𝑠 -1 . The maximum applied strain was εoc= 0.16, beyond the elastic limit. The 2D SAXS patterns were recorded every 3 s in real time. With these settings, the SAXS patterns were acquired every 0.003 increment in macroscopic Chapter 3: Microstructure evolutions in HDPE materials submitted to mixed-mode cyclic tensile loading
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3.4

Results and analysis

Microstructure characterization of the pristine materials

Table 2 lists some physical characteristics (crystallinity Xc, long period Lp, thickness of crystallites Lc and neck width connected to the density of ST) of the pristine materials studied. It is worth noting that the precision of the neck width measurement did not allow differentiating the densities of ST between the PE-A and PE-B samples subjected to the same thermal treatment. Yet, Figure 1 displays the nominal stress-strain tensile responses up to an axial nominal strain of 1 for the 4 materials in which the influence of the thermal treatments is clearly emphasized. In comparison to the quenching process, the isothermal treatment promotes the formation of relatively thicker crystalline lamellae as well as higher crystallinity and a lower density of ST [54]. It is worth noting that the effect of thermal treatment on the measured microstructure markers is consistent with former studies [21,22,29,30]. 

Structural evolutions of PE samples at different scales

The meso-and micro-structural evolutions of the HDPE samples submitted to mixed mode oligocyclic tests was evaluated by SAXS measurements. The 2D-SAXS patterns of either the two quenched or the two isothermal samples did reveal significant differences. Yet, few differences could be observed between the different HDPEs submitted to the same thermal treatment, hence suggesting similar "for the least qualitative" evolution. Consequently, the following focuses on the two PE-B materials (quenched and isothermal samples) and similar qualitative conclusions do apply for the PE-A materials. Figure 2 presents the nominal stress-strain curves of the oligocyclic tests of the quenched (a) and isothermal (b) specimen resp ectively. It is worth noting that the loading path is seen to be stabilized after the 8 th cycle. Therefore, only the first 8 cycles that involve the most significant evolutions (especially the first one) are investigated. 2D-SAXS patterns corresponding to five precise deformed states were added onto the figure (Figure 2c). Precisely, the pristine states, the maximum-strain and the zero-stress states of the 1 st cycle and 8 th cycle are displayed. For both samples, the 2D-SAXS patterns in the pristine state exhibit a circular ring suggesting that the lamellar stacks of spherulite are randomly oriented and that the material is isotropic.
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Institut national des sciences appliquées de Lyon For additional analysis, preferential directions that are parallel and perpendicular to the macroscopic loading direction are investigated and correspond respectively to the horizontal (Zone H) and vertical (Zone V) regions of the 2D-SAXS patterns as evidenced onto the pristine image of PE-B Isothermal in Figure 2c. The azimuthal integrations are conducted with an angle of ±5°. For quenched samples, with increasing strain during the first loading step, the ring -shaped pattern gradually becomes elliptical. The Lp at the equatorial region of the spherulite (corresponding to Zone H) increases upon stretching (the q-value decreases) as the equatorial crystalline lamellae of the spherulite are subjected to the local tensile load in the same direction as the macro sample and are thus pulled apart from one another. On the contrary, Lp at the pole (corresponding to Zone V) decreases (q-value increases) due to Poisson effect. When the applied strain reaches a critical value, the intensity in Zone H starts to decrease. Once unloaded to zero stress, the circular pattern is partly recovered and the scattering intensity of Zone H does not change significantly. At zerostress states, the SAXS intensity of Zone H is seen to progressively decrease with increasing cycle number. Throughout the entire test, the evolution of the scattering intensity in the centra l part of the pattern is not remarkable meaning that the cavitation observed by SAXS is limited in these samples. For isothermal samples, the deformation of the spherulites as well as the deformation of the crystalline lamellae can hardly be discussed because of the strong intensity scattered by cavities. The cavitation appears during the first loading step in the vicinity of the yield point in the central part of the pattern. The strong intensity scattered is more elongated within Zone H, suggesting that the cavities are elliptical with its long axis being normal to the tensile direction [29,30]. Throughout a full cycle of load/unload, the cavity intensity and shape are naturally seen to change. The evolution appears to be more pronounced in the horizontal region (Zone H) with a distinct difference between the zero-stress 2D-SAXS patterns of the 1 st and 8 th cycle. Comparing the pattern after each cycle, the intensity scattered by cavities shows yet again an accumulating behavior.

Local deformation of spherulite

Addressing the local deformation of the spherulites is challenging due to their complex morphology and their dependency on the unknown local stress. In the equatorial region of the spherulite, the lamellar stacks are simplified as the flat -on sheets and assumed to have the same orientation: the norm of these lamellae is parallel to the tensile loadi ng. During the tensile deformation, although the interlamellar amorphous phase is subjected to a triaxial stress [56], the local axial strain along the tensile direction in the equatorial region can be estimated by the spacing changes between these lamellae. It is of prime importance for further meso -macro modeling. The average spacing changes in the SAXS irradiated volume is evaluate d with billions of lamellar stacks in the equatorial region. As a consequence, the data are believed to be representative of the considered deformed zone. Compared to the interlamellar separation (spacing changes of the lamellar stacks), the slight plastic deformation in the crystalline phase should be neglected in the equatorial region since the yield point has just been reached. The spacing changes of the equatorial lamellar stacks could be computed using the azimuthal integrations of the equatorial region (Zone H). The corresponding Lorentz -corrected intensity profiles of the PE-B quenched sample, normalized by the thickness of samples, are presented in Figure 3. The local strain at the equator of the spherulites could be calculated based on the evolution of the inter-lamellar long period Lp using relation ( 5):

ε local (t) = L p (t) L p0 = L p (t)-L p0 L p0 (5) 
The end states of each cycle, corresponding to the maximum-strain (loading) and zero-stress (unloading) states are chosen to evaluate the relation between the local and the macroscopic strains. As previously discussed, the strong scattering intensity due t o cavitation observed in the isothermal samples prevent the determination of Lp that is why only quenched samples are here studied. However, before the appearance of cavitation, the mechanisms leading to the deformation of the spherulites in both quenched and isothermal materials should be qualitatively similar [21,22]. Figure 4a illustrates the evolution of the local strain of the quenched samples as a function of cycle number. At maximum-strain states, both the macroscopic and the local strains remain mostly constant. Regarding the unloaded zero-stress states, both the macro and local residual strains exhibit an initiation-accumulation-stabilization behavior, and this spherulitic behavior is comparable to a Mullins-like phenomenon. The ratio of εlocal/εmacro at maximum-strain and minimum-stress states are plotted in Figure 4b as a function of cycle number. In both end states, a quasi-constant value of εlocal/εmacro of about 0.6 is observed, indicating that 1) the spherulitic deformation is directly (linearly) related to the macroscopic axial deformation throughout the entire test, 2) heterogeneity exists at the microscale and that the equatorial region of the spherulites is less deformed than other regions along the macroscopic loading direction [21,22]. The fact that an almost constant ratio εlocal/εmacro is observed in the unloaded states suggests that no significant rupture in the spherulites occurs during the oligo -cyclic test performed. 

Evolution of the crystalline structure

Along with the spherulitic deformation, the crystalline structure of the spherulite also evolves.

The structural alterations of the lamellar stacks are studied by monitoring the evolution of the intensity scattered 𝑄(𝜓) that is defined as follow:

Q(ψ) = ∫ I ψ (q) ∞ 0 q 2 dq ( 6 
)
Where ψ is the azimuthal angle and 𝐼 𝜓 (𝑞) is the scattering intensity of the crystalline structure in the ψ direction normalized by the thickness of the sample. Assuming that the difference of electronic density remains constant, 𝑄(𝜓) should be related to the volume fraction of oriented crystalline lamellae in theψ direction [29,30]. The intensity scattered for 3 preferred azimuthal angles 𝜓=0° (equatorial region of the lamellar stacks), 90° (polar region of the lamellar stacks) and 45° (lamellar stacks oriented into 45° to the loading direction) are determined by azimuthal integration with ∆𝜓=±5°. Taking into account the finite experimental q-range covered, and using the onset (𝑞 1 ) and end (𝑞 2 )of the peak of the scattering intensity of the crystalline structure as experimental limits, relation (6) can then be decomposed as follow:

Q(ψ) = ∫ I 1 ψ (q)
q 1 0 q 2 dq + ∫ I 2 ψ (q) q 2 q 1 q 2 dq + ∫ I 3 ψ (q) ∞ q 2 q 2 dq (7) [29,30]. Finally, the evolution of the Q-value for the three preferred directions are presented in Figure 5 as a function of time for the quenched samples. The evolution of the macroscopic axial strain with time is superimposed to better distinguish between the consecutive load/unload steps. For a given sample, the Q-value in the pristine state does not depend on the azimuthal angle which confirms the isotropy of the non-deformed state. During the deformation, the Q-values of the diagonal and polar regions do not exhibit an important variation, indicating that the local structures of the crystalline lamellae are i) not significantly modified and/or ii) sheared to large blocks with their orientation being nearly stable. On the contrary, the Q-value focusing on the equatorial region of the spherulites evolves in an obvious periodic manner. During the first loading step, for macroscopic strain below the elastic limit (ε0.1), the Q-value scattered by the crystalline structure remains quasiconstant. Therefore, the spherulites are deformed with their lamellar structures being unaltered. For higher strain level, the scattering intensity begins to decrease, which means that the lamellar stacks at the equator are sheared or fragmented so that their preferential orientation (perpendicular to the tensile direction) is lost. It is worth mentioning that these sheared/fragmented crystalline lamellae do not form highly oriented chevron structure manifested by a four-point diagram in 2D-SAXS patterns [57] which would result in the increase of the intensity at 𝜓=45° direction. During the unloading step, Qvalue remains almost constant, suggesting that the orientation of the previously sheared/fragmented crystalline lamellae are still disordered. The following loading steps are quite different from the first cycle: in the early stage of the second loading, reorientation of a fraction of the sheared/fragmented crystalline lamellae at the equator where the chains tend to be parallel to the tensile direction occurs. This phenomenon could lead to the increase of the Q-value.

Nevertheless, the Q-value remains lower than its initial value, which means a large part of the previously sheared/fragmented lamellar stacks remains disordered. Moreover, as the strain overpasses a critical value, the Q-value begins to slightly decrease. This phenomenon is attributed to "weak" lamellar stacks that are sheared or fragmented. Throughout the consecutive deforming cycles, the scattering intensity of the equatorial region at the maximum -strain and zero-stress states first decreases then rapidly stabilizes. Finally, the schematic in Figure 6 tends to summarize the evolution of the equatorial crystalline lamellae for representative states of the mixed -mode oligo-cyclic test.

Estimation of the observed cavity volume fraction and dissipation of energy due to cavities

Cavitation is an important micro-structural alteration also depicted as micro-damage that occurs in the amorphous phase of the polymer. In this work, the estimation of the cavitation volume fraction is based on an analytical method that has been initially proposed to calculate the volume fractions of a two-phase material with the aid to the equation ( 8).

2π 2 ∆ρ 2 Ф(1 -Ф)K 1 = ∫ I(q)q 2 ∞ 0 dq (8) 
I(q) is computed by azimuthal integration in the 0 °≤ 𝜓 ≤ 360 ° range and corrected by the sample thickness. ∆𝜌 is the electronic density difference between the two phases,Ф is the volume fraction of one phase, and K1 is an amplification factor. It is worth noting that K1 depends on the level of Chapter 3: Microstructure evolutions in HDPE materials submitted to mixed-mode cyclic tensile loading
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Institut national des sciences appliquées de Lyon deformation endured by the material. However, the account for this evolution should have limited effect on the estimation of the cavities volume fraction due to the high electronic density contrast between the cavitation and the dense polymer matrix. Therefore, K1is further set to be constant and only depends on the samples. Its estimation is obtained in the pristine state using equation (8). More precisely, considering that the materials are fully dense without appearance of cavities, the phases under considerations are the crystalline and the amorphous phases so that K1 is the only unknown of the problem. Indeed, ∆𝜌 is the difference between the crystalline and the amorphous phase densities (𝜌 𝑐 =1.003 g/cm 3 and 𝜌 𝑎 =0.853 g/cm 3 respectively [55]), Ф is the volume fraction of crystalline (or amorphous) phase, and the right end term is obtained using the method previously described and obtained using equation (7). Under deformation, the two phases under considerations are now the HDPE matrix (as a whole) and the cavities. Consequently, ∆𝜌 is assimilated to the density of the PE sample ρ since the density of the cavities is set to zero. It worth noting that this method only allows for the estimation of the volume fraction of the cavities that can be observed in the q-range of the SAXS measurement, later referred as 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 . However, this method provides a fair quantitative description of the evolution of the cavity volume fraction, which is representative and helpful to study the behavior of the cavities under oligo-cyclic loading conditions [29,30]. In addition, with the cavity volume fraction 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 being very small (<<1), Equation ( 8) can be rewritten as follow:

2π 2 ρ 2 V cav SAXS K 1 = ∫ I(q)q 2 ∞ 0 dq (9) 
Again, the integral in the q-space is decomposed into 3 terms delimited by the 2 experimental extreme q-values: below q1 (0.05 𝑛𝑚 -1 ) linear extrapolation is applied; between q1 and q2 (0.1𝑛𝑚 -1 ) experimental data are processed; above q2 the Porod's law is applied. Figure 7 represents the volume fraction of the cavities 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 as a function of the applied axial nominal strain for all samples. For the quenched samples, having thinner crystalline lamellae and higher ST density, very little variation of 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 is observed upon loading suggesting that cavitation is not the driving structural phenomenon. Conversely, 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 shows significant hysteresis properties in isothermal samples. In the early stage of the first loading, prior to a critical strain 𝜀 𝑜𝑛𝑠𝑒𝑡 , no obvious evolution of cavitation is observed. 𝜀 𝑜𝑛𝑠𝑒𝑡 is graphically determined as the intersection of the two tangents (before and after cavity nucleation). Here, 𝜀 𝑜𝑛𝑠𝑒𝑡 equals 0.09 and 0.11 for the PE-A Isothermal and PE-B Isothermal samples respectively. During unloading phase, 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 gradually decreases along a pathway differing from the loading one, with its minimum value at the zero-stress state being greater than the value observed during loading for the same macroscopic strain. The porosity can be thus partially decreased and it exhibits hysteretic behavior, which is in accordance with the finding of Addiego et al. [48]. During the consecutive loading steps, 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 evolution strongly differs from the first loading. Indeed, for stresses that have already been experienced by the sample, a gradual increase of 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 is observed with increasing strain. At any given strain, the value of 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 after N cycles is superior to the value after N-1 cycles, with the difference between the two decreasing as the number of cycles increases, suggesting eventual saturation. Therefore, throughout the oligo-cyclic tests, the volume fraction of the residual cavities accumulates at zero-stress state. Also, the hysteresis loops highlight that the evolution of cavities is time-dependent. Now comparing the different samples, the cavitation shows a great dependency on the microstructural properties: higher density of ST and thinner crystalline lamellae result in limited cavitation; this result is emphasized through the Chapter 3: Microstructure evolutions in HDPE materials submitted to mixed-mode cyclic tensile loading
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Institut national des sciences appliquées de Lyon comparison between the quenched and isothermal samples, but also when comparing the two isothermal samples. Indeed, the nucleation and accumulation of cavities are more pronounced in PE-A isothermal sample having thicker crystals and lower density of ST. In the plastic regime, with the matrix deformation assumed to be isovolumetric, the macroscopic deformation εvol can be related to the volume fraction of cavities (the observed cavities generate only a part of the volumetric deformation 𝜀 𝑣𝑜𝑙 𝑆𝐴𝑋𝑆 = 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 ). Also, the hydrostatic stress σH could be approximated by third of the axial nominal stress σ. The two quantities ( 𝜀 𝑣𝑜𝑙 and σH) are evaluated and plotted against one another in Figure 8 for the PE-A isothermal sample. Hysteresis loops are clearly exhibited and can be related to the dissipated energy per unit volume attributed to the observed cavitation 𝐸 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 . The total dissipated energy density (i.e. the energy dissipated per unit volume) occurring during the oligo-cyclic tests and denoted Etotal is determined from the area of the hysteresis loops in the macroscopic nominal stress-strain curves (see Figure 2). Thus, the two dissipated energy densities Etotal and 𝐸 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 are presented in Figure 9a and Figure 9b respectively as a function of the cycle number for all materials. During the first load-unload cycle, 1 Etotal shows a clear dependency on the microstructure: the sample with higher crystallinity exhibits a higher value of 1 Etotal. However, as the number of cycles increases, limited difference in i Etotal (i>1) is observed, so that the dependency of Etotal on the microstructure cannot be addressed. Institut national des sciences appliquées de Lyon contribution reaches about only 3% in the PE-A isothermal sample, with the higher observed cavity volume fraction (see Figure 7). Therefore, the evolution of these observed nano-sized cavities does not dominate the energy dissipation taking place during the oligo -cyclic tensile tests.

Evolution of observed cavity dimension and shape

The evolution of the shape and associated dimensions of these observed cavities are also worth being discussed in parallel with their volume fraction to better understand and characterize the nucleation and growth of cavities under oligo-cyclic loading conditions. These dimensions are averaged over billions of nano-sized cavities. A quantitative method proposed by Humbert et al. [29] is further applied to characterize such morphological evolutions in the isothermal samples. First, the scattering intensity can be decomposed as follow:

I(q) F 2 (q)S(q) (10) 
F(q) and S(q) are the shape and interference factors respectively. Assuming the cavities to be distant from each other, S(q) can be set equal to 1. Also, 𝐹 2 (𝑞) can be decomposed in two orthogonal parts, parallel and perpendicular to the loading direction. With the e lliptical cavities being assimilated to cylindrical objects, 𝐹 2 (𝑞) becomes:

F 2 (q) = [ sin( 1 2 q  L) 1 2 q  L ] 2 [2 J 1 ( 1 2 q ⊥ D) 1 2 q ⊥ D ] 2 (11) 
q  = q cos γ (12)

q ⊥ = q sin γ (13) 
D is the diameter (perpendicular to the loading direction) L is the height (parallel to the loading direction) and 𝛾 is the angle between the normal of the base of the cylinder and the wave vector q, 𝐽 1 is the first order Bessel function. The two orthogonal contributions can be studied separately. The calculation of D and L can be simplified using the following method: from the SAXS 2D patterns, the I(q)-q 2 profiles are obtained from the ±5° azimuthal integration in the Zone H (corresponding to 𝛾=90°) and Zone V (corresponding to𝛾=0°) . The radius of gyration R0 could be calculated using Guinier's law described by equation ( 14) where q≤0.1𝑛𝑚 -1 . D and L are finally approximated by the spherical diameter Dsp using relation (15).

I(q) = I(0)e (-R 0 2 q 2 3 ) (14) 
D sp = 2 × R 0 √ 3 5 (15) 
The average cavity dimensions are presented in Figure 10 as a function of the macroscopic strain. The first estimation of the initial cavity dimensions in both PE -A and PE-B isothermal samples are obtained after nucleation during the first loading step. D=45 nm and L=35 nm are found. In the two samples, it worth noting that initial L values are larger than the thickness of a single amorphous layer, meaning that the onset of the cavity nucleation is not captured by SAXS as it is almost instantaneous [29,30]. The cavitation is considered to be firstly induced in the equatorial region of spherulite [9,36,37,49,58], the oriented crystalline lamellae in this region should strongly contribute to the limitation of cavity growth along tensile direction. With additional stretching, the cavities begin to grow along both directions. In the literature, during uniaxial tensile stretching, the initial oblate cavities will further transform into the prolate one (L>D) accompanied with the fibrillary transformation at large stra in [29,36,37,59]. These prolate cavities are located in the inter-fibrillary region, where the lateral propagation is limited thanks to the shish crystalline blocks within the microfibrils [36,60]. However, in our case, the overall spherulitic structure remains: despite the occurrence of fragmentation of lamellae, the growth of cavity in the equatorial region is still limited along the tensile direction thanks to the remaining lamellae. Therefore, the cavity dimension increases mainly along the direction perpendicular to the loading direction (D).
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Institut national des sciences appliquées de Lyon According to our measurement, upon unloading, the decrease is also more pronounced and rapid along the tensile direction (L) implying that the cavities tend to close primarily along the macroscopic loading direction. The cavities are not entirely closed at zero stress and the slight decrease of D should be related to the closure of the cavity tips. Taking PE -B isothermal sample as an example, Figure 11a summarizes the cavity's shape evolution throughout the test and Figure 11b and c focus on noticeable deformed states. At the end of an oligo-cyclic test, the cavities in PE-A isothermal sample are in average larger than the ones in the PE-B isothermal sample with both D and L being greater. Previous results showed that the observed cavity volume fraction of PE-A isothermal sample is about 4 times higher than that of the PE-B isothermal sample (see Figure 7). However, the difference in dimension is much smaller, implying that the amount of cavities in PE-A isothermal sample should also be higher in this q window. Assuming that the cavities are ellipsoid in shape, the average volume of the observed cavities, denoted A, could be estimated using relation ( 16):

A = 4 3 × π × D 2 × L (16) 
The relative volume variation induced by the evolution of the cavity sizes could then be estimated. Moreover, according to the evolution of 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 , the relative volume variation of observed cavities induced by both the varying number of cavities and their growth (change of dimension) could be calculated. Figure 12 compares the volume variation of a unit average cavity and the total cavities at zero-stress states as a function of the cycle number.

After the first cycle (nucleation), the relative volume variation of the observed cavities is considered to be 0. According to the results, at any given time, the relative volume variations of Chapter 3: Microstructure evolutions in HDPE materials submitted to mixed-mode cyclic tensile loading
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Institut national des sciences appliquées de Lyon the cavities and the total number of observed cavities are about the same in both isothermal samples. This phenomenon indicates that after the first cycle, the subsequent evolution of the observed cavity volume fraction could be mainly attributed to the opening and closure of the previously nucleated cavities rather than the nucleation of new cavities. Also, the "saturation" of the cavity dimension only suggests that the growth rate is significantly decreased within the following cycles (after the first few cycles). The lateral growth is mitigated by the stress transmitters, which are already strongly taut around the cavity. Also, it can be supposed that the remaining cycles mainly induce visco-elastic fatigue effects. Indeed, another study suggested that the further increase of D was related to the fatigue failure of semi -crystalline polymers [49]. Figure 13 confronts the evolution of the aspect ratio (D/L) of these cavities along with the applied macroscopic axial strain of PE-B isothermal sample with respect to time: the aspect ratio (D/L) is seen to remain superior to unity at any given time confirming the elliptical shape of the cavities. Upon cycling, the aspect ratio reaches its minimum at the end of the loading steps and its maximum when the sample is fully unloaded. As time (and thus number of cycles) goes, the aspect ratio at zero-stress states increases progressively from 1.2 to 1.3, evidencing that the cavities become more and more elliptical as a consequence of the propagation of cavities along the direction perpendicular to the loading axis. 

Conclusion

Under mixed mode oligo-cyclic tensile loading conditions, meso-and micro-structural evolutions are shown in different HDPE samples obtained from varying thermal treatments. According to the macroscopic observation, the mechanical response strongly differs between the first and the consecutive loading cycles of the oligo-cyclic test. In-situ SAXS measurements allowed evidencing that: i) the deformations of nano-sized lamellar stacks located at the equatorial region of micron-sized spherulites remain proportional to the macroscopic ones. In addition, within this region of the spherulites, the first cycle induces the most important shearing/fragmentation of the crystallites and the remaining cycles cause the accumulating evolution and stabiliz ation of the crystalline structure. ii) nano-sized cavities were observed in the isothermal samples, these microvoids were nucleated during the first loading step, and partially closed upon the first unloading step. More importantly, with consecutive cycles, only the dimensions of the cavities evolve whereas no additional nucleation appears in the observation window. These cavities were found to grow primarily perpendicular to the loading/unloading direction. Focusing on the zero -stress states at each cycle, the initiated cavities progressively grew up to a saturated size. These results reveal that the oligo-cyclic tests cause significant structural evolutions during the first few cycles (especially the first one). Within the consecutive loading cycles, the stabilizing microstructure and the associated macroscopic mechanical behavior suggest that the additional loadingunloading processes mainly induce visco-elastic fatigue effects as the continuing accumulation of the initiated microstructure evolutions. Moreover, these structural evolutions (initiationaccumulation-stabilization) also suggest that the origin of the macroscopic Mullins behavior could be complex as several mechanisms could potentially interfere (plasticity, cavitation, phase transformation etc.). Ongoing investigations using in-situ SAXS measurements for varying maximum strains and applied to a larger range of microstructures should be helpful to better understand this complex phenomenon. Also, the tendency for the PE to "cavitate" was highly dependent on the initial microstructure, as it was limited in quenched samples due to their high density of stress transmitters, lower crystallinity and thinner crystallites. This difference of cavitation behavior in these samples should be valuable for the further investigation on the origin of the dependency of the mechanical losses during oligo-cyclic deformation in HDPE materials on their pristine microstructures/morphologies so that it can make contribution to the design and selection of HDPE materials of pipeline systems combined with other mechanical evaluations. 

Conclusion 102

Reference 103 Introduction

High-density polyethylene (HDPE) is widely used in industrial pipeline applications. PE 80 and PE 100 refer to common grades applied for gas and/or water pipelines. Among other benefits, pipelines made of HDPE exhibit a great resistance against seismic events [1,2], which are normally modeled by repeated loading-unloading cycles beyond the elastic limit (also defined as low cycle fatigue tests or oligo-cyclic tests) [3,4]. Therefore, it is valuable to carry out the investigations on the overall mechanical performances along with the deformation mechanisms and the damage evaluation in HDPE under (oligo-) cyclic loading conditions. At the microscale, HDPE is a well-known semi-crystalline polymer consisting of crystalline and amorphous phases, connected by tie molecules/entanglement. The microstructural changes occurring throughout the small strain viscoelastic to the large strain plastic regimes during monotonic tensile tests in HDPE have been widely discussed for a long time [5][6][7][8][9][10][11]. The correlations between several mechanical indicators obtained from the stress-strain tensile profiles and the microstructure of HDPE are well established. In the elastic regime, the storage/elastic modulus is governed by the fraction of crystalline phase, apparent amorphous modulus , and percolation of the crystalline structure [9,12]. At the onset of plasticity, the quasi-linear relation between the threshold stress and crystallinity is associated with the dislocation model (thickness of crystalline lamellae) and the concept of stress transmitters (STs) [10,11]. It worth noting that insights regarding the amorphous chains topology or density of stress transmitters (ST density) were also obtained by mechanical measurements such as the neck width [11], natural draw ratio, Chapter 4: Correlation between the mixed-mode oligo-cyclic loading induced mechanical/microstructure changes in HDPE
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Institut national des sciences appliquées de Lyon and hardening [7,11,13]. The STs include the tie molecules and the entangled loops/chains, t hey are capable of transmitting the stress and they are also believed to play a crucial role in long -term properties such as creep, fatigue behaviors [14][15][16][17] as well as the crack propagation and cavitation [16,[18][19][20].

In the literature, procedures can vary to perform (oligo-) cyclic tensile tests: for so-called stress-controlled [21][22][23][24][25][26][27] or strain-controlled modes [28,29], the cyclic paths are conducted between two prescribed forces (stresses) or displacements (strains) respectively. Besides these two modes, mixed-mode conditions can also be used [30][31][32][33], for which the sample is stretched to a prescribed maximum strain and then retracted to zero force. During the cyclic tests, the mechanical indicators (e.g. stress, strain, modulus, hysteresis area) are seen to evolve with the increasing number of cycles suggesting microstructural modifications. The change of the elastic modulus has been attributed to two competing mechanisms. On the one hand, the modulus decrease is related to the cavitation (or micro-voids) and/or fragmentation of crystalline lamellae [24,29,34,35]. Generally, this mechanical loss is recognized as a macroscopic symbol of material damage [29,35]. On the other hand, the chain orientation might lead to an increase of the modulus along with the tensile deformation, also defined as "cyclic strengthening" as suggested by Drozdov [29]. Additionally, the density of dissipated energy of each stress-strain cycle, calculated as the hysteresis area, is ascribed to the generated heat by the plastic deformation and viscous loss mechanisms [36]. This parameter is related to the failure mode and lifetime of polymers [26,36,37]. Moreover, the accumulation of residual strain (by stress-controlled or mixed modes) and the stress softening (by strain-controlled or mixed modes) are also relevant features to probe the microstructural changes [21,23,25,29,[31][32][33]. In particular, during mixed-mode cyclic tests, the semi-crystalline polymers display both stress softening at maximum strain and the accumulation of residual strain at zero stress with increasing cycles [31,32]. These two phenomena are largely considered as the macroscopic features of the Mullins-like effect, thus differing from the classically so-called Mullins effect enounced in the filled and crystallizing rubbers [38][39][40]. In detail, the first hysteresis loop is significantly different from the followin g ones, which is recognized as a primary property of the Mullins-like effect [32,41]. Although the mechanisms are complex and controversial, the network alteration theory has been successfully applied to explain this phenomenon. Makki et al. [32] described the microstructural changes of the Mullins-like effect in PE basing on a framework proposed for styrene-butadiene rubber [42]. In their work, the authors assign the difference in mechanical behaviors between the first cycle and the following ones to the rearrangement of the network. During the following cycles (after the first one), the additional rupture of chains reaching their limit extensibility is associated with the stress softening behavior. Moreover, a new equilibrium state at zero stress leads to an increase in the residual strain. Another striking manifestation of the Mullins phenomenon is that the post-cyclic reloading response for strain greater than the one already endured by the material coincides with the pristine response [38][39][40]. This phenomenon has been observed in polypropylene [31], with the maximum applied strain in the vicinity of the yield point. However, few studies discuss the post-cyclic behavior in PE, especially the properties related to the final rupture such as tensile toughness.

In this work, investigations of the Mullins-like stress softening/accumulation of residual strain in HDPE samples with different pristine microstructures and molecular topologies are carried out. Noticeably, mixed-mode oligo-cyclic tests with maximum strains preventing Chapter 4: Correlation between the mixed-mode oligo-cyclic loading induced mechanical/microstructure changes in HDPE
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Institut national des sciences appliquées de Lyon pronounced necking (below or at the onset of necking propagation phase) are performe d. This strain range ascertains that the lamellar or spherulitic structure globally remains and the fibrillary structure [7,12,43,44] induced by large deformation is not completely formed. The relative changes of the secant modulus and hysteresis loop areas are also computed. A physical scenario is proposed to interpret the correlation between the mechanical changes and the pristine microstructure of the PE samples. Moreover, the post-cyclic mechanical behaviors are also discussed.

4.3

Experimental section

Materials

Two types of HDPE denoted PE-A and PE-B, are studied. PE-A refers to a blow molding grade and PE-B is a grade for commercial PE-100 widely used in piping application. The molar masses were characterized and provided by the supplier INEOS (Brussels, Belgium) (see Table 1). The PE pellets were pressed into about 0.5 mm plates at 180°C in an aluminum-alloy mold. Once molded, quenching and isothermal thermal treatments were performed in order to vary the pristine microstructures of the two materials. The "quenched samples" were shaped in cold water whereas the "isothermal samples" were shaped in the oil bath for about 17h at a temperature Tiso around the crystallizing temperature, yet preventing the secondary crystallization [45,46]. Mn,, Mw and Mz are the number-average molar mass, the weight-average molar mass and zaverage molar mass.

DSC (Differential Scanning Calorimetry) analysis

6 to 10 mg samples were taken from the HDPE plates and heated up to 150°C at 10°C/min with a DSC 7 PerkinElmer machine under nitrogen flow. The following equation ( 1) was used to estimate the material's crystallinity (Xc):

X c = ∆H f ∆H f 0 (1)
Where ∆𝐻 𝑓 is the melting enthalpy calculated as the area under the DSC melting peak and ∆𝐻 𝑓 0 is the melting enthalpy of polyethylene of 100% crystallinity (290 J/g [47]). The overall density ρ could thus be estimated as follow:

1 ρ = X c ρ c + 1-X c ρ a ( 2 
)
Where ρc is the crystalline phase density (1.003 g/cm 3 ), ρa is the amorphous phase density (0.850 g/cm 3 ) [48]. Xc and ρ were also used for calculating the thickness of crystalline lamellae as shown in the next subsection.
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SAXS (small-angle X-ray scattering) characterizations

The small-angle X-ray scattering experiments were performed on the SWING beamline of the French SOLEIL synchrotron with the X-ray wavelength of 0.103 nm. The sample-detector distance was 2003 mm so that the scattering vector q ranged between 0.036 and 0.52 Å -1 . The determination of the long (Lp), the thicknesses of crystalline lamellae (Lc), and the amorphous layers (La) were obtained according to equations (3), ( 4) and (5).

L p = 2π q max

(3)

L c = L P ρ ρ c X c (4) 
L a = L p -L c (5) It worth noting that the scattering wave vector qmax corresponds to the maximum Lorentz-corrected scattering intensity. These nano-dimensions could be used for the estimation of the ST density by Brown's model [7,13,49,50] and for building the macro-micro correlations.

Mechanical tests: Uniaxial tensile, mixed-mode oligo-cyclic tensile and multi-step tests

Mechanical tests (uniaxial tensile, mixed-mode oligo-cyclic tensile, and multi-step tests) were performed on dumbbell-shaped samples of 8 mm gauge length, 4 mm width, and about 0.5 mm thickness punched out of the polymer sheets at room temperature. The tests were conducted using an MTS 1/ME machine equipped with a 100N load cell at a nominal strain rate 𝜀̇ = 3 × 10 -3 𝑠 -1 . Uniaxial tensile tests were conducted till failure to guide the selection of the oligo-cyclic strain εOC (the maximum imposed strain in each cycle). These tests also allow characterizing the mechanical properties such as the neck width [11] and initial tensile toughness defined as the area under the stress-strain profile until failure. 100 mixed-mode cycles with εOC = 0.08/0.16/0.24/0.5 were performed. In multi-steps tests, the samples were initially subjected to 10 mixed oligo-cycles with the same εOC = 0.08/0.16/0.24/0.5 and then immediately stretched up to failure, special attention is drawn to the post-cyclic behavior in each sample.

4.4

Results and discussion

Pristine microstructural characteristics

The microstructural properties (crystallinity Xc, long period Lp, thickness of crystallites Lc, and thickness of amorphous layers La) of the PE materials are listed in Table 2. It worth noting that Lc and La are precisely obtained according to the results of SAXS, the deviation is too small to present. As for crystallinity measurement, the deviation is ±1%. The density of STs has been approximated by both the statistic approach (Brown's model) [7,13,49,50] and the neck width [11] (with deviation ±0.05) measured from the nominal uniaxial tensile stress-strain curves reported in Figure 1. The PE having enhanced ST density tends to exhibit a more diffuse neck indicating a more homogenous deformation [8,11]. The results obtained by these two methods are consistent with each other. For a given grade (PE-A or PE-B), the isothermal sample has a relatively higher Chapter 4: Correlation between the mixed-mode oligo-cyclic loading induced mechanical/microstructure changes in HDPE
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Mixed-mode oligo-cyclic tensile behaviors

Figure 1 superimposes the nominal uniaxial (up to a nominal strain ε = 1) and the oligo-cyclic tensile stress-strain profiles (maximum applied strain εOC = 0.08, 0.16, 0.24 and 0.5) of all four PE samples. The 2 nd and 100 th cycles are highlighted for better reading of the overall change of the mechanical loops. Throughout the mixed-mode oligo-cyclic tests, the stress at maximum strain, the residual strain at zero stress, the tangent modulus and the hysteresis response are seen to evolve and progressively saturate as the cycle number increases. (εOC = 0.08, 0.16, 0.24 and 0.5).

In order to quantify the mechanical alterations during the oligo -cyclic tests and tend to express their dependencies on the pristine sample microstructure and/or εOC values, several mechanical indicators are monitored. They are illustrated in Figure 2 and defined as follow: -σ oc i : The nominal stress corresponding to the maximum-strain state at i th cycle (1 ≤ i ≤ 100).

-Δσ i-1 : The magnitude of stress softening between 1 st and i th cycle (2 ≤ i ≤ 100).

ε res i : The residual strain at zero-stress state at i th cycle (1 ≤ i ≤ 100).

ε res 2-100 : The residual strain at zero-stress state induced by the following cycles (from 2 nd to 100 th ).

ε OC : The applied maximum strain in oligo-cyclic tests.

-W d i : The hysteresis energy corresponding to the dissipated energy per unit volume at i th cycle (1 ≤ i ≤ 100).

-E i : Secant modulus of i th cycle determined as

E i = σ oc i ε 1 i , whereε 1 i = ε OC i -ε res i-1 (2 ≤ i ≤ 100).
-E 1 i :Comparative modulus measured in the first cycle within the same span of strain ε 1 i as E i (2 ≤ i ≤ 100). It is used for evaluating the relative change of modulus from the 1 st to the i th cycle. The detail of the calculation will be introduced in the following section Change of modulus. 

Mechanical alterations and associated mechanisms

Stress softening

As shown in Figure 3, the stress-softening magnitude (Δσ) decreases as εOC increases for all the four samples whatever the cycle number. The negative correlation between the total stress softening magnitudes 𝛥𝜎 99 and εOC is further displayed, in Figure 4a. For a given grade, it worth noting that more pronounced stress softening is observed in the isothermal sample when εOC is identical. Moreover, an indicator 𝛥𝜎 * determined by equation ( 6) is evoked for evaluating the improvement of the stress-softening resistance with increasing εOC in each sample (from εOC = 0.08 to εOC = 0.5). In particular, when εOC = 0.08, 𝛥𝜎 * is set as zero.

Δσ * (ε OC ) = Δσ 99 (0.08)-Δσ 99 (ε OC )

Δσ 99 (0.08) (6) As shown in Figure 4b, it has been found that 𝛥𝜎 * also depends on the PE initial microstructure. A more significant increase of 𝛥𝜎 * is observed in the sample with lower crystallinity and higher ST density. Various authors have attempted to figure out the physical interpretation of the cyclic stress-softening phenomenon in semi-crystalline polymers. However, the mechanisms remain disputable. Firstly, the rupture of short chains reaching their limit of extensibility, along with the disentanglement and breakdown of chains being stuck between two entanglement/crystallites are raised [32,42]. These mechanisms occurring in the amorphous phase could also potentially induce cavitation [35]. Furthermore, when a semi-crystalline polymer is deformed beyond yielding, the fragmentation of crystallites can also be considered as an origin of the macroscopic material softening [35]. This phenomenon could also be related to the elimination of the crystalline percolation. The aforementioned dependencies of stress softening on εOC and PE microstructure can be explicated as follow: i) the stress-softening-related microstructure changes are mainly induced by the first cycle. And the higher εOC, the more important these structural changes. As these phenomena could induce the softening, they are thus globally named as "structural deteriorations" in the following sections. As the εOC increases, the microstructure after the 1 st cycle tends to become an "extreme state" where the crystalline percolation is all eliminated and the remained STs are difficult to be disentangled/ruptured by the following cycles, the progressive stress-softening is thus more limited. ii) It has another compensating mechanism being stronger with increasing εOC. Also, its enhancement with increasing εOC should be more pronounced in the samples with lower crystallinity but higher ST density due to the lower value of stress softening. As mentioned in the introduction, under uniaxial tensile loading, the stress transmitters can be highly stretched, oriented along the loading direction, and induce recrystallization [52]. This phenomenon is related to the strengthening effect and should compensate for the stress softening [29,53]. Also, it is reasonable that this compensating phenomenon is more important in the samples with more STs [10,11] that promote their stretching and strain-induced recrystallization.

Residual strain accumulation

The residual strain (or inelastic strain) εres in semi-crystalline polymers can be divided into two parts, one being associated with the plastic deformation whereas the other one is due to the viscous effect of the amorphous phase that can be recovered after relaxation [31,40,41]. The residual strain samples, with increasing εOC, the inelastic strains induced by the first and the remaining cycles are both seen to increase. For εOC = 0.08, 0.16, and 0.24, the difference in residual strains between the four materials is not clearly measurable. However, when εOC = 0.5, the 𝜀 𝑟𝑒𝑠 1 is larger in the samples with higher crystallinity, whereas the tendency is the opposite for 𝜀 𝑟𝑒𝑠 2-100 .

As a physical interpretation, when the imposed strain in the first cycle is high enough (i.e. εOC = 0.5), The percolation of the crystalline network is most likely ruptured in numerous locations during the first cycle, and the majority of the residual strain can be considered as the irreversible/plastic one. The plasticity is thus stronger in the sample with hig her crystallinity. However, the residual strain induced by the following cycles could be mainly attributed to the deformation in the amorphous phase. Therefore, the sample with lower crystallinity should have a macromolecular network more "inelastically" deformable due to the larger quantity of STs. However, in the lower strain range (εOC = 0.08, 0.16 and 0.24), the crystalline network is not completely broken by the first loading, the following cycles may continually and slightly induce the residual strains in both the crystalline and amorphous phases, thus, the magnitudes of 𝜀 𝑟𝑒𝑠 1 and 𝜀 𝑟𝑒𝑠 2-100 are not clearly differed. 

Density of energy dissipated

The hysteresis area 𝑊 𝑑 𝑖 represents the density of energy dissipated during the i th loadingunloading cycle. The dissipated energy can be ascribed to several mechanisms: for example, the friction between the chains (viscosity), and potential plastic mechanisms such as lamellae fragmentation and/or cavitation [36,37]. The changes of Wd as a function of the cycle number are shown in Figure 7. Similar to the residual strain profiles, 𝑊 𝑑 1 is much higher than 𝑊 𝑑 𝑖 (with i >1), confirming major differences between the first and the remaining cycles. In Figure 8a, for a prescribed εOC, the isothermal samples tend to dissipate the higher amount of energy per unit volume during the first cycle compared to the quenched ones. The relation between 𝑊 𝑑 1 and εOC is quasi-linear. A simple elastoplastic theory (no hardening) can be used to approximate and explain their relation, the approximated density of energy dissipation of the first cycle 𝑊 𝑑 1 * is calculated using equation ( 7).

W d 1 * = σ th (ε OC -ε th ) (7) 
Where σth and εth are the threshold stress and strain corresponding to the initiation of plasticity (where the stress σth is set to be 80% of yield stress σy obtained by uniaxial tensile curves). The approximated relations are also displayed in Figure 8a. Such approximation seems adapted so that the first-cycle induced energy dissipation can be mainly ascribed to the plasticity, it is consistent with the conclusion obtained by residual strain analysis. The consumed energy per cycle is progressively saturated and approximately identical from the 90 th -100 th cycle. The energy dissipation during a whole saturated cycle (𝑊 𝑑 100 ) increases as the crystallinity decreases (or ST density increases). This relation is following the aforementioned assumption that the sample deformation remains primarily visco -elastic so that the energy dissipation is mainly caused by the additional viscous effect. 

Change of modulus

As evidenced in Figure 1, the experimental stress-strain curves are highly non-linear, therefore, the secant method is widely used to evaluate the modulus at the beginning of each cycle (zerostress state) [24,26,27,29]. However, to our knowledge, this method has been yet applied to characterize the mixed-mode oligo-cyclic responses of polymers. Indeed, the secant modulus should be measured in the "cycle" with constant stress or strain range, so that the non-linearity effect can be ignored. Yet, by mixed-mode, neither the stress nor the strain amplitude is constant in different cycles. Therefore, an indicator DE is proposed to evaluate the relative change of the secant modulus is defined as follow. The modulus of each following cycle (2 nd -100 th cycle) is compared with the modulus of the first cycle respectively. E i and E 1 i are already defined in the last section "Description of oligo-cyclic tensile behaviors":

D E i-1 = 1-E i / E 1 i (2 ≤ 𝑖 ≤ 100) (8) 
Although this mechanical indicator DE is commonly used to evaluate the material damage at macroscale in semi-crystalline polymers [19,24,35], which means that a positive indicator 𝐷 𝐸 𝑖-1

reflecting the decrease of secant modulus is expected. In this work, the negative value is also observed under certain condition and suggest that the modulus of the i th cycle is superior to the initial modulus and indicating a strengthening effect. The changes of DE in all four PE samples are shown in Figure 9 as a function of the cycle number. In each sample, it is found that 𝐷 𝐸 1 is negative (modulus increases) when εOC = 0.08 and 0.16. However, 𝐷 𝐸 1 becomes positive (modulus decreases) when εOC = 0.24 and 0.5. From negative to positive, 𝐷 𝐸 1 tends to be higher with increasing εOC. However, during the remaining cycles, DE values decrease monotonically, indicating the growth of modulus with increasing cycles prior to progressively stabilizing. As mentioned in the introduction, Humbert et al. used a model to predict the relation between the elastic modulus and the microstructure of PE [9,12], introducing the use of a mechanical coupling parameter k (the ratio between the stresses concentrated in hard phase and soft phase, σ h/σs), which is physically related to percolation level of the crystalline phase. The more percolated crystalline structure, the higher k value. The modulus is estimated using relation (9) where 𝜑 ℎ is the volume fraction of hard phase and Es is the modulus of the soft phase.

𝐸 ≈ 𝑘E s × φ h 1-φ h (9)
Neglecting the influence of the interphase, the hard and soft phases are simply considered as the crystalline and amorphous phases [12]. Within this theoretical framework, three microstructural parameters (k, Es, and 𝜑 ℎ ) can directly determine the macroscopic modulus. Therefore, the modulus change can be related to different mechanisms that modify these parameters. Firstly, the plastic deformation can provoke the decrease of 𝐸 𝑠 and k due to the disentanglement/rupture of weak chains (they may also induce cavitation) and fragmentation of the percolated crystalline structure respectively. However, to interpret the initial negative values of DE (the first-cycle induced increase of modulus) under certain loading conditions (εOC = 0.08 and 0.16) and the decrease of DE in the subsequent cycles (rest-cycles induced increase of modulus), the aforementioned competing mechanism should be mentioned again. As it compensates the stress softening, the orientation/alignment of chains and the stretching of stress Chapter 4: Correlation between the mixed-mode oligo-cyclic loading induced mechanical/microstructure changes in HDPE

Hang GUO 99 [2021]
Institut national des sciences appliquées de Lyon transmitters can result in partial recrystallization, potentially increasing both the fraction of hard phase 𝜑 ℎ , amorphous modulus 𝐸 𝑠 . Also, the recrystallization may bridge the fragmented crystalline network and increase the k value. Regarding 𝐷 𝐸 1 , with increasing εOC, the effect of "structural deteriorations" on the modulus becomes more and more dominant compared to the recrystallization at the zero -stress state. However, differing from the first cycle, the chain orientation/recrystallization governs the modulus of the consecutive cycles.

Figure 10 shows that the values of 𝐷 𝐸 1 in all four samples increase as a function of εOC. For the relatively lower εOC (0.08/0.16/0.24), the dependency of 𝐷 𝐸 1 on the microstructural properties remains unclear. However, when εOC = 0.5, 𝐷 𝐸 1 value becomes higher as the sample crystallinity increases or ST density decreases. Indeed, the sample with higher crystallinity should have a more percolated crystalline structure, when the imposed strain is high enough, the crystalline network is nearly all broken, so it shows a more important loss of percolation, k decreases from a very high value to almost 1 [12]. Additionally, the lower ST density promotes the disentanglement and chain rupture that could also induce a more important loss of amorphous modulus. Physically, it seems reasonable that under a given loading condition, the recrystallization at zero-stress state should be more effective in the quenched samples during the following cy cles due to their larger number of STs and higher residual strain in the amorphous phase (the chains are more stretched). However, the relation between the following-cycles-induced strengthening effect (decrease of DE as a function of cycle number) and pristine PE microstructure is not clear. It may be interpreted as the complicated relations between the orientation of chains/recrystallization and the relative evolutions of the three parameters (k,𝐸 𝑠 , and 𝜑 ℎ ). 

Physical scenario

According to all the aforementioned changes of the mechanical indicators, and the microscopic interpretations, a physical scenario describing the microstructural deformation mechanisms is proposed. The schematic is shown in Figure 11. It worth noting that the cavitation is not mentioned here, indeed, the origin of this phenomenon is related to the disentanglement/rupture of chains [35,41]. The pristine HDPE microstructure is composed of spherulites with radially oriented crystalline lamellae within the amorphous matrix. Several lamellae are percolated. Considering the εOC range under investigation, STs have different resistance against the deformation. The "strong" tie Chapter 4: Correlation between the mixed-mode oligo-cyclic loading induced mechanical/microstructure changes in HDPE
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During the first loading, the very weak active entanglement/loops slip and unfold even at low macroscopic strain, followed by the elimination of percolation and shearing of crystals when the imposed strain reaches the plastic regime. The higher imposed strain, the more complete breakage of the crystalline network and disentanglement. In particular, the elimination of crystalline percolation tends to activate the confined STs that do not transmit the stress during the first cycle due to the percolated crystalline structure. The tie molecules with high deform ation capacity can be aligned and may lead to the recrystallization, which can partially disappear during the unloading. Comparing the pristine (undeformed) state and the 1 st zero-stress state, the orientation of chains/recrystallization competes with the structural deteriorations (disentanglement/rupture of STs and breakage of the crystalline network): in the low strain range (εOC = 0.08 and 0.16), the recrystallization dominates and results in a higher apparent modulus whereas in the high strain range (εOC = 0.24 and 0.5), the structural deteriorations prevail, the modulus after the first cycle is inferior to the initial one.

During the following cycles, the main deformation is ascribed to the amorphous phase. At the maximum-strain state, the level of chain orientation/recrystallization does not change with increasing cycles due to the constant imposed strain (εOC), therefore, the progressive stress softening is governed by the disentanglement occurring in the pre -confined regions and successive breakage of the crystalline network (if it is not completely broken by the first loading). With increasing εOC, the first cycle can induce more important structural deteriorations, which means that fewer STs that can be potentially disentangled, and less crystalline percolation remains after the first cycle. Regarding the zero-stress state, due to the accumulation of residual strain, the effect of recrystallization increases crucially as a function of cycle number. And the successive structural deteriorations cannot counteract this effect on modulus, the modulus thus tends to be a higher value with increasing cycles. 

Post-cyclic tensile behavior

Uniaxial tension until failure was achieved after a series of 10 cycles as most of the microstructure changes were proven to occur within this period. All the PE samples show the Mullins-like behavior, as an example, the post-cyclic tensile behaviors of the PE-A isothermal sample are superimposed in Figure 12a: the post-cyclic curves tend to match the pristine one for strain larger than the ones endured during the oligo-cyclic test (ε>εOC), suggesting that all the changes occurring in the following cycles (2 nd -100 th ) have a limited influence on the overall short-term mechanical performance. However, regarding fracture performance, the remaining toughness, Wf was then estimated as indicated in Figure 12b, where the multi-step stress-strain profile of PE-A isothermal sample with εOC = 0.5 is displayed as an example. Within this method, the first-cycleinduced damage (related to the loss of tensile toughness) is also taken into account. Figure 12c gives the relation between Wf and εOC. Wf for εOC = 0 naturally corresponds to the tensile toughness of the pristine PE samples, and the error bar indicates the difference between the maximum/minimum values. For a given grade (PE-A or PE-B), the value Wf does not significantly differ by the heat treatments, the isothermal samples require just slightly more energy until fracture (10% for PE-B and 8% for PE-A). However, between PE-A and PE-B samples, the difference is important (about 30%), which means that pristine Wf shows a more crucial dependency on the molecular characteristics than thermal treatment. Also, it is found that the Wf values of all four samples remain almost constant indicating that the change of energy required to failure is not measurable when εOC does not exceed 0.24. However, when εOC = 0.5, in the PE-A isothermal sample, which has the lowest ST density and highest crystallinity, the Wf decreases about 25%. This result tends to confirm that the resistance to failure decreases so that the mechanical damage should be relatively more important in PE-A isothermal sample than others. 

Conclusion

The performance of varying HDPE samples under oligo-cyclic loading conditions was evaluated and a physical scenario is proposed for the interpretation of the measured macro -micro correlations: the structural deteriorations, such as chain rupture/disentanglement and breakage of lamellae/percolation are mainly induced by the first cycle. These structural deteriorations can induce the loss of modulus and compete with the orientation of stress transmitters/recrystallization associated with the strengthening effect. When the imposed cyclic strain is high enough (εOC=0.5), during the following cycles, the structural deteriorations are mainly assigned to the pre-confined disentanglement in the amorphous phase, dominating the stress change (decrease) at maximum strain state. However, at the zero -stress state, the chain orientation/recrystallization plays a more crucial role as illustrated by the increase of apparent modulus. Noticeably, the mechanical losses during the cyclic deformation including the stress softening and the decrease of the apparent modulus are more crucial in the isothermal samples, especially the PE-A grade, having higher crystallinity and lower ST density. However, i t seems that the microstructural/mechanical changes during the following cycles have a limited effect on the further tensile loading path. As for the tensile toughness, considering the effect of the complete loading process including the first cycle, there is a loss only in the PE-A isothermal sample with the "extreme" microstructural parameters. Compared to the other HDPE, the one for PE-100 pipeline (PE-B in this study) has relatively lower yield stress, modulus and tensile toughness. However, this mater ial shows a better resistance against the mechanical losses under oligo-cyclic loading conditions. Regarding the tensile toughness, even when εOC = 0.5, the variation/decrease is limited in either the quenched or the isothermal PE-B sample. It means that the pre-loaded PE-B samples also require the same energy to rupture as the pristine ones. This can evidence the good resistance against seismic damage in PE-100 material under these loading conditions. Also, the modulus decrease is not sufficient for the damage evaluation in HDPE material, especially, its reversibility should be further investigated. 

Abstract

In this chapter, the necking behavior during the oligo-cyclic deformation and the post-cyclic deformation behavior of the necked High-Density Polyethylene (HDPE) materials are characterized. Along with the large-strain oligo-cyclic deformation by mixed mode in four HDPE samples with a range of crystallinity (from 57% to 73%), simultaneous Digital Image Correlation (DIC) is carried out to determine the evolution of surface local strains along both longitudinal and transversal directions. The final volumetric strain (after the whole oligo-cyclic test), physically related to the voids generated throughout the test, is estimated by measuring the reduction of thickness in addition to the surface strain measurements. The axial strain significantly localizes when the macroscopic strain exceeds a threshold, indicating the necking behavior during the first loading path. Upon the consecutive cycles, the accumulation of longitudinal residual strain in the zero-stress state mainly occurs in the necked region as the other part remains in the elastic regime approximately. In the necked region, the microstructure is transformed from spherulites to oriented fibrillary structures and the deformation behavior becomes strongly anisotropic according to post-cyclic tensile characterization combined with in-situ Small Angel X-ray Scattering (SAXS) observation. Along both longitudinal and transversal directions, the deformation is mainly ascribed to the inter-fibrillary chains, which are more extended along the pre-orientation and more flexible along the transversal direction. Due to the anisotropic structure, the end-of-life (failure) stresses differ between the orthogonal directions. The loss in failure stress indicates that the pre-loaded samples are damaged during the cyclic pre-loading, this damage only occurring in the sample with the highest crystallinity and the lowest density of stress transmitters, and in particular along the transversal direction. Moreover, the influences of the initial microstructure of HDPE materials on the strain localization, post-cyclic deformation behavior, and anisotropic failure stress in the necked materials are also discussed. This chapter is drafted as a research paper that is under review and will be published later.

Introduction

The use of High-Density Polyethylene (HDPE) as constitutive material to design pipelines is now widely spread. One of their advantages compared to conventional metal -based pipes is their convincing capability to resist seismic-like events. Indeed, in 2018, according to the report of Polyethylene Piping System Integrated Technology & Engineering Center in Japan, HDPE pipelines remained almost undamaged consecutive to the seismic activity 1 . Therefore, the origin of their impressive seismic performance deserves an investigation at different length scales thus possibly to optimize the material design. In order to model a seismic event, oligo-cyclic testing conditions involving plastic deformation and a limited amount of loading cycles 2-4 are often used. Notwithstanding, under a real seismic condition, the loading mode for a certain pipeli ne in a global architecture can be complex due to the complicated connection between each other 4 . Nevertheless, in this work, efforts are limited exclusively to the tensile loading conditions in order to simplify the macro-micro correlation/interpretation. When HDPE and/or other semi-crystalline polymers are submitted to plastic deformation, they potentially exhibit various macroscopic phenomena, such as necking 5-10 , whitening (cavitation) 11-16 and buckling 9 , etc. In particular, under uniaxial tensile deformation, necking is Chapter 5: Anisotropic deformation behavior of the pre-necked HDPE materials induced by oligo-cyclic loading
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Institut national des sciences appliquées de Lyon recognized as the manifestation of plastic instability 6,7,17,18 and a failure mode 9 . The necking (strain localization) is initiated due to pre-existing "weak points", such as a structural defect or a geometrical artifact for instance. When the strain along tensile direction locally reaches a critical value, designated as natural draw ratio, λn, the growth of local strain is somehow completed and similar mechanisms then occur in the nearby regions 6,18 , so the neck finally propagates throughout the entire gauge length of the tensile specimen. Occurring within a sample of constant crosssection, the propagation phase is seen to develop at quasi-constant force. Also, as the neck propagates, the local strain within the necked region may also slightly increase due to the potential plastic creep 19,20 . At the end of propagation, the axial strain is almost spatially homogenous within the entire gauge length of the sample. As for the macroscopic evaluation and characterization of necking behavior, the neck width and natural draw ratio obtained from nominal stress-strain profiles are often recognized as the relevant indicators 7,21 . Moreover, infrared imaging 22 , local strain measurement by Electronic Speckle Pattern Interferometry (ESPI) 23 , and full-field displacement measurement by Digital Image Correlation (DIC) technique 5,8,24,25 have also been applied. Among these techniques, DIC measurement deserves particular attention due to its high accuracy and immediacy. This technique allows for tracking of the displacement field of a speckled pattern (subdivided into subsets) added onto the surface of a sample. Real-time image recording of the specimen is performed, and a subsequent image analysis leads to the determination of the surface or volumetric 26 (for the case of the sample with cylindrical cross-section) strain fields. At the microscopic scale, the necking behavior depends on the density of stress transmitters (ST s) as ties, entanglements and loops that link the crystalline/amorphous phases. PE with lower ST density tend to exhibit enhanced deformation heterogeneity 7,27 . Whatever the pristine microstructures, within the already-necked region, the original isotropic spherulites in PE material change into highly oriented microfibrils composed of fragmented/oriented crystalline blocks connected by stretched STs in the amorphous phase. These fibrils play an important role in preventing the crack/craze propagation 13,28-30 . The so-called fibrillary transformation 31-34 is physically interpreted as destruction-recrystallization or melting/recrystallization mechanisms 31,32 . Despite the aforementioned contributions, the macroscopic necking behavior of sem i-crystalline polymers was mainly studied and discussed under uniaxial stretching conditions. However, Janssen et al. 35,36 also referred to necking as one of the fatigue failures (ductile type) in the oligocyclic regime (or thermally-dominated domain), differing from the brittle failure as cracking in the high-cycle regime (or mechanically-dominated domain). Some authors have also drawn the similar conclusion in their works 9,37 . Therefore, it is worth investigating the necking/strain heterogeneities taking place under the oligo-cyclic loading conditions with the objective to improve the understanding of the seismic performance of HDPE. In addition, the material within the necked region being in an "extreme" deformed state, the characterizations of its further mechanical properties and associated deformation behaviors are important for the qualification of the pre-loaded HDPE pipelines by the earthquake and material design considering the seismic requirements. In particular, due to the cyclic-loading induced orientation of the microstructure, the anisotropy evaluation should also be of great interest. Two groups of commercial HDPE pellets were ordered from INEOS (Brussels, Belgium), and denoted as PE-A and PE-B, they are used for blow-molding and pipeline application (PE-100) respectively. These two materials were compression-molded into 0.8 mm thick sheets. Different thermal treatments (quenching in cold water and isothermal treatment in the oil bath at a selected temperature in the vicinity of the crystallizing one) were imposed in order to generate the samples with a range of microstructural properties (e.g varying crystallinity and density of stress transmitters) thanks to the different regimes of crystallization 38 . Once shaped, the pristine microstructures were characterized: the crystallinity was measured by Differential Scanning Calorimetry (DSC) technique, the long period and thickness of lamellar stacks were characterized by SAXS, the ST density was estimated by both tensile characterization (neck width 7,21 ) and Brown's model 39,40 (see our previous work for further details 21 ).

The results are summarized in the following Table 1. The four samples under consideration show a range of crystallinity varying from 57% to 73%. Relatively lower value of ST density is observed in the samples having higher crystallinity. All in all, under identical processing condition, the PE-B material has lower crystallinity and more ST elements than the PE-A. For a given grade, isothermal sample has higher crystallinity but lower ST concentration. Dumbbell-shaped specimens of 14 mm gauge length, 12 mm width, and 0.8 mm thickness were punched from the shaped sheets. Spray paint was used for the speckled pattern in DIC analysis. At least 15min separated the painting from the test to leave sufficient t ime for the paint to dry. The specimens were subjected to 10 repeated loading-unloading cycles at a constant nominal strain rate 𝜀=1 × 10 -2 𝑠 -1 using an MTS 1/ME machine with a 5KN load cell. For each test, the specimens were stretched up to a selected macroscopic strain 𝜀 𝑂𝐶 = 1.5and unloaded till reaching the zero-stress state. Simultaneously, CCD camera was installed to capture the sample images every 0.5s. The commercial software VIC-3D from correlated solutions® was employed to perform the correlation process and strain mapping generation in the painted surface. After the tests, all pre-loaded specimens were stored at room temperature for about 1 month, to ensure sufficient relaxation before the following tests.

Post tensile tests combined with in-situ SAXS characterizations

To compare the deformation behaviors at both macro-and micro-scales of the pristine and necked materials, three specimens were prepared for each material listed in Table 1: 1) a "Pristine" sample was directly punched from the sheet, 2) a "L-necked" sample was cut out from the necked region of the sample that beforehand experienced oligo-cyclic loading, 3) Following the same procedure, the "Tnecked" specimen was cut perpendicular to the tensile loading direction of another pre-conditioned sample. A small dumbbell-shaped cutter with a gauge length of 3.5 mm in length and 2 mm in width was used for the sample preparation. Uniaxial loading tests up to failure were performed with a homemade uniaxial testing machine at room temperature (about 25°C). The nominal strain rate was 3 × 10 -3 s -1 . In-situ SAXS characterizations were carried out on the SWING beamline at the SOLEIL synchrotron in France. The wavelength of the X-ray was 1.03 Å and the specimen-detector distance was 2003 mm so that the scattering information could be observed in a 2D q-window with the range 0.036-0.52 Å -1 . The time interval between two consecutive SAXS acquisitions is 3s. Moreover, to consolidate the investigation of the pre-and post-oligo-cyclic loading end of life properties, especially the failure stress, additional tensile characterizations were performed using an MTS 1/ME machine equipped with a 100N load cell. The testing conditions were replicated and each test was repeated at least three times, with the average values and standard deviations being recorded. Figure 1 illustrates the overall mechanical testing procedure. 

5.4

Results and discussion

Strain localization and accumulation

The strain localization is evaluated by DIC analysis. For instance, Figure 2a plots the evolution of the macroscopic nominal strain with respect to the time in PE -A quenched material during the mixed-mode cyclic test. The residual strain at zero stress evolves as the cycle number increases during a test (see the values reported in Figure 2a for the 1 st and 10 th unloaded states). The spatial distribution of the X-oriented (longitudinal, i.e. parallel to the loading direction) and Y-oriented (transversal) nominal strain components can be recorded along with the time/macroscopic strain evolution. As an example, Figure 2b and c illustrate the longitudinal and transverse strain mappings at the end of the first loading process (in the maximum-strain state), clearly, the strain components are heterogeneous and a clear necked region is observed. Data for all four materials in the maximum-strain and zero-stress states of the 1 st and 10 th cycles are plotted. Considering the aforementioned remarks regarding the neck initiation and its sensitivity to "weak points", it is not surprising that the X-position of the maximum local strain differs within these samples. Focusing on the first maximum-strain state, the maximum local longitudinal strains range between 3.5 and 4.5 in all samples (i.e. taking the smaller value as the reference, the relative difference is within 15% in different samples), yet being much higher than the prescribed macroscopic one (1.5). Along the transversal direction, the local strain value shows a great dependency on thermal treatment: the quenched samples exhibit a remarkable reduction of width in the necked region (local strains are about -0.3), whereas the peak values of the transverse strain in isothermal samples are only about -0.2. The relative difference is thus about 50%. In the zero-stress state, by comparing the local strain profiles between the 1 st and the 10 th cycles, it can be observed that the longitudinal strain accumulation is still localized in the necked region. However, along the transverse direction, limited accumulation effect can be observed. Beyond the elastic limit, a semi-crystalline material is supposed to undergo isovolumetric deformation when voids generation does not occur. Therefore, a volumetric strain differing from 0, yet positive can be attributed to the voids/cavitation 12,14 . The dimension evolution along z-axis (direction of thickness) could not be measured in real-time with the experiment setup available. However, by comparing the sample thicknesses in the undeformed and the 10 th zero-stress state (measured in the necked region), the strain along z-axis after 10 cycles (the whole test) can be approximately obtained. The contraction (strain) along z-axis εzz (about -0.7 in every sample) is significantly different from that along the y-axis, εyy. This lateral anisotropy could be related to the compression-molding and different initial dimensions. The volumetric strain can be thus estimated using equation (1) below:

∆V V 0 = (1 + ε xx )(1 + ε yy )(1 + ε zz ) -1 (1) 
To estimate the maximum local volumetric strain, the peak values of ε xx and ε yy are taken into account for this calculation. The results of the four materials are presented in Figure 4 as a function of the crystallinity and a good correlation is observed between the maximum local volumetric strain and the microstructure of the samples. More precisely, the isothermal samples with higher crystallinity and lower ST density show a stronger volumetric variation after the same loading history, in particular, the PE -A one.

Conversely, the two quenched samples show only slight volumetric variati on (inferior to 10%). This dependency is in accordance with our previous conclusions drawn for volumetric fraction of cavities by in-situ SAXS characterizations, the cavitation in the quenched samples being limited 41 .

Anisotropy in the necked region

Qualitative descriptions at macroscale

Although the mechanical/deformation behaviors undoubtedly differ with respect to the thermal treatment (as shown in Figure 5) and material type, in the following, the qualitative descriptions and discussions are mainly focused on the differences among the pristine, L -and T-necked samples of the same grade to highlight the changes and anisotropy induced by the oligo -cyclic loading. Only the results of PE-B samples are presented due to the similar qualitative observations for the PE-A samples. The nominal stress-strain responses of the Pristine, L-and T-necked samples submitted to uniaxial elongation up to macroscopic strain ε=1.5 are presented in Figure 5a. They strongly differ in terms of nominal stress magnitude and profile. Different macroscopic deformation behaviors are also explored as the test proceeded by recording simultaneous 2D images of the samples using a CCD camera as illustrated in Figure 5b and 5c (PE-B samples). Four representative deformation states (ε=0, 0.15, 0.5, and 1) are presented for each sample. According to the results, the L -necked samples show limited necking and stress softening during elongation. However, both the pristine and T-necked samples present strain localization behaviors, especially the T -necked samples for which the width reduction is highly pronounced. Consequently, the nominal stress softening in T-necked samples is much more significant (the stress softening is about 45%-50%, taking the yield stress as the reference) than the pristine ones (20%-25%). Due to the different strain localization (necking) levels until ε=1.5, the nominal stress values are not representative and comparable during this phase, it is worth considering the true stress instead. Taking into account the potential voids, especially for the pristine isothermal samples, the traditional isovolumetric assumption is not suitable for the true stress calculation. However, the failure stress can still be estimated in the vicinity of the failure/fracture point, where the section of specimen can be measured after the fracture in tensile test (the neck propagation is finished at this moment). The analysis of the failure true stress will be further discussed in the next section combined with the micro-mechanism. 

Quantitative analysis at microscale

At microscale, in-situ SAXS measurement allows coupling the macroscopic deformation behavior with the evolution of the material microstructure. The SAXS 2D patterns obtained for the same four deformation stages as the 2D sample images are presented in Figure 6. Focusing on the pristine samples composed of the spherulites, they display the isotropic ringshaped 2D SAXS patterns in the undeformed state, confirming the presence of randomly oriented lamellae in the spherulite, which are then progressively transformed to the lobe-like shapes indicating the fibrillary structure 31,32 with increasing macroscopic strain. The stronger scattering intensity in the center of the SAXS patterns suggests a pronounced cavitation phenomenon in the isothermal sample. It is in accordance with the macroscopic sample whitening observed in the necked region (see Figure 5). As for necked samples (L and T), the initial lobe-like patterns indicate that the microstructures of both quenched and isothermal samples have already transformed into the fibrillary structure during the oligo-cyclic pre-loading process. In the Lnecked samples, the configuration of the SAXS pattern remains constant qualitatively, whereas, in the T-necked samples, a 90° re-orientation of the structures can be observed with increasing strain up to 1. The deformation behaviors of fibrillary structures in L-and T-necked samples can be quantitatively described based on the evolution of two microstructural dimensions: the long period and the average width of micro-fibrils. 

L-necked samples:

Firstly, the deformation behavior of the L-necked samples is analyzed, it is also compared with the behavior in pristine samples in the elastic regime. For measuring local long periods, the azimuthal integrations within ±5° at horizontal (0°) and vertical (90°) regions of each SAXS pattern are conducted, they are denoted respectively as Hand V-integrations. Keeping in mind that the loading direction is "horizontal", the H and V regions of the SAXS pattern provide information of a subgroup of specifically orientated crystalline lamellae or blocks. Considering the PE-B quenched material as an example, the integrated Lorentz-corrected intensities (Iq 2 ) are plotted in Figure 7 as a function of the norm of the scattering vector q. The q-position of a scattering peak (qmax) allows calculating the long period with equation (2).

L P = 2π q max (2) 
For pristine materials (Figure 7 left), spherulitic structure consists of randomly oriented lamellae so that the profiles are identical by H-and V-integrations prior to deformation. Under uniaxial elongation, the qmax values of the scattering peaks in the horizontal zone 0° and vertical zone 90° tend to be lower and higher respectively: the equatorial lamellae (corresponding to horizontal Institut national des sciences appliquées de Lyon SAXS zone) are subjected to tensile force and separate from one another, whereas the polar lamellae (corresponding to the vertical SAXS zone) get closer due to the Poisson's effect 42 .

Focusing on the profiles obtained for the L-necked PE-B quenched sample (right in Figure 7) in the undeformed state, a scattering peak can only be observed by H-integration due to the orientation of the fibrils. At this stage, the long periods of the microfibrils ( 𝐿 𝑝 𝑓 ) are listed in Table 2 to compare with the long periods of pristine spherulitic structures ( L 𝑝 𝑠𝑝 ). For PE-A isothermal sample, 𝐿 𝑝 𝑓 cannot be measured as the strong cavitation prohibits the observation of the scattering peak of lamellae. In other materials, it is found that 𝐿 𝑝 𝑓 < L 𝑝 𝑠𝑝 , and the smaller long period values in the L-necked samples than the pristine ones can be explicated by the melting -recrystallization or destruction-reconstruction 31,32 during fibrillary transformation. In details, the initial crystalline lamellae are fragmented and thinned due to the destruction and/or local melting whereas the small new crystalline bocks are created due to the strain -induced orientation of chains. Furthermore, 𝐿 𝑝 𝑓 is seen to have limited dependency on the thermal treatment. Upon elongation, with increasing strain, the qmax value slightly decreases in the horizontal zone of SAXS pattern of the L-necked samples, indicating the same mechanism as the equatorial lamellae in the pristine samples. Due to the constant orientation of the crystalline structure, the evolution of qmax in the horizontal region along the deformation can be translated as the relative L 𝑝 𝑠𝑝 and 𝐿 𝑝 𝑓 variations in order to calculate the local strain in the spherulitic equatorial and intrafibrillary regions (marked in Figure 8) respectively using equation (3). It is worth noting that this calculation is only adapted in the elastic regime (ε<0.05 is taken in this work).

ε local (t) = L p (t) L p0 = L p (t)-L p0 L p0 (3) 
As shown in Figure 8, the local/macro strain ratios in equatorial/polar regions of pristine spherulites are about 0.4 ~ 0.5 and -0.25 ~ -0.17 respectively in all samples. The low ratio (<1) at the equator is an evidence of the heterogeneous distribution of the stress triaxiality within the spherulitic structure 41,42 . The even lower local/macro strain ratio in the Lnecked samples (about 0.17), suggests that the intra-fibrillary region should be more difficult to deform due to the stretched chains. The concept of the inter-fibrillary region is thus introduced. These chains are relatively more deformable than the intra -fibrillary ones along the preorientation. Thus, the macroscopic deformation of L-necked sample is mainly ascribed to the inter-fibrillary slide. The measurement of the second microstructural parameter, the average width of micro -fibrils (𝐷 𝑓 in Figure 8 right) or crystalline blocks, is performed following a method proposed by Xiong et al. 26 . The scattering objects are assumed to be individually located in a medium of lower electron density without interference, 𝐷 𝑓 can thus be estimated by Guinier's law using a cylinder model (see equation ( 4)).

𝐼(q) = 𝐼 0 𝑒 ( -𝑞 2 𝑅 𝑔 2 4 ) (4) 
Where 𝑅 𝑔 is the radius of gyration, the width of the crystalline blocks 𝐷 𝑓 =2𝑅 𝑔 . In this case, the integration is performed at the center of the scattering patterns (where 𝑞𝑅 𝑔 ≪ 1). The maximum deviation of 𝐷 𝑓 is 0.6 nm. It is worth noting that the variations of 𝐷 𝑓 during the tensile tests are all lower than the deviation value, indicating the stability of the crystalline width of micro-fibrils and suggesting that the fragmentation of lamellae can be neglected. In Figure 9, a correlation is found between the 𝐷 𝑓 and the stress transmitter density [ST] estimated by Brown's model: ST elements can generate the local stress concentration and induce the fragmentation of crystalline lamellae prior to the fibrillary transformation 31 . Therefore, with the higher ST concentration, the initial crystalline lamellae tend to be fragmented as the crystalline blocks with smaller width in the fibrillary state. Consequently, the tensile deformation of L-necked is mainly assigned to the inter-fibrillary slide, and no further fragmentation is observed. 

T-necked samples:

For T-necked samples, the deformation behavior is quite different from the others : the gradual appearance and disappearance of scattering peaks can be observed respectively by H-and Vintegrations with increasing strain (see Figure 10a). This evolution of pattern suggests a progressive 90° reorientation of crystalline blocks. The reorientation phase is finished approximately at the onset of the neck propagation (denoted as phase 1 in the mechanical profile, see Figure 5). Figure 10b displays the schematic of the reorientation of the crystalline blocks. Indeed, the inter-fibrillary chains not being confined should mainly contribute to th e motion of crystalline blocks, and during this phase, the local deformation cannot be determined. However, during the neck propagation, which means that after the reorientation of the crystalline blocks, the configuration and dimension of the new fibrillary structure can be measured, as shown in Table 3, both the long period and width of crystalline blocks are stable before/after reorientation. According to these observations, it seems that the crystalline blocks only be rotated without measurable fragmentation during the necking initiation phase. Moreover, at the end of rotation, the same long period value suggests that the initial intra -and inter-fibrillary chains have the approaching ability of extension until being stretched. Concludingly, the deformation of T-necked samples is also assigned to the inter-fibrillary chains.

The final dimensions of the microfibrils after the reorientation is identical to the initial one before rotation.

Chapter In the vicinity of fracture/failure point, the neck propagation is completed within the entire constant gauge of the sample so that the axial sample deformation is assumed to be homogenous. The specimens having the same initial geometry (value of thickness aside), so the difference in the ultimate failure stress between the pristine and necked samples are only related to the microstructural differences and potential damage. Figure 11a gathers the true failure stress of the pristine and necked samples of the four materials under study as a function of the initial crystallinity. The black, red and blue symbols correspond to the pristine, L-necked, and T-necked samples respectively. Due to the appearance of the cavities, especially, in the isothermal samples, the final section of each specimen should be measured after the fracture in the nearby region, the traditional isovolumetric assumption is not adapted. Despite uncertainties (see the error bar in Figure 11a), several important observations are valuable to be discussed. First, the failure stresses of the pristine and L -necked samples are similar, it means that, except the first loading, the influence of the consecutive cycles on the failure stress is neglected. Moreover, for a given material, these values ar e mainly related to the material type (or molecular structure), the PE-A samples exhibit higher values. The thermal treatments show limited influence. Variation of the failure stress between the pristine (or L-necked) and T-necked samples is also evaluated in each material. Only in the PE-A isothermal samples having the highest crystallinity and the lowest ST density, about 34% decrease of the failure stress is observed, indicating a significantly anisotropic failure stress of the fibrillary structure. Howe ver, this anisotropy in other pre-necked materials are limited. Just before the failure, the stress is transmitted by the stretched STs: in the pristine and L -necked samples, the active stress transmitters are mainly in the intra -fibrillary region, whereas in the Tnecked samples, the active stress transmitters are those in the initial inter -fibrillary region.

For a given material, it has been found that the final dimensions of the microfibrils ( 𝐷 𝑓 and 𝐿 𝑝 𝑓 )

are similar in all the pristine and necked samples (no matter along which direction) thanks to insitu SAXS characterization. Therefore, the different failure stresses should be related to the difference in the density/number of the active STs. Regarding the PE-A isothermal material, the STs in the inter-fibrillary region should be much fewer than the intra-fibrillary STs. Indeed, for the PE who strongly cavitates, the voids are believed to be highly localized between the fibrillary structure, the assembly of the cavities and microfibrils is recognized as the craze 12 (see Figure 11b). The formation of craze is consistent with the heterogenous of ST distribution in the intra-and inter-fibrillary regions: fewer STs exist in the inter-fibrillary region. However, it is worth noting that, the cavitation is not the origin of the decrease of failure stress, but an associated phenomenon to the low amounts of STs. Especially, for other samples with higher initial ST density (including the PE -B isothermal sample), after the cyclic pre-loading induced fibrillation, the ST distributions are almost homogenous in the intra-and inter-fibrillary regions (in accordance with the low cavity volume). Thus, the variation of stress and the anisotropy are both not obvious. 

Conclusion

Being an important failure mode in semi-crystalline polymers, the evolution of necking during the mixed-mode oligo-cyclic deformation and the post-cyclic deformation behavior in the prenecked HDPEs were investigated. According to the surface strain mappings generated by DIC, the local longitudinal strain (3.5 ~ 4.5) is much higher than the macroscopic one (1.5) in each material, indicating a remarkable strain localization (necking) initiated during the first loading. Moreover, the lateral reduction of dimension is more evident in the quenched samples with higher ST density. During the consecutive cycles, the strain accumulation is contin ually localized in the necked region, and mainly along the longitudinal direction, while the lateral contraction in the necked region remains almost constant. The maximum local volumetric strain after the 10 th cycle depends on the microstructural properties. The quenched samples show limited volumetric variation whereas the two isothermal samples exhibit about 16% and 40% local variation (higher value for PE-A isothermal sample with higher crystallinity and less stress transmitters). After being pre-loaded by oligo-cyclic deformation, the mechanical behaviors of the necked samples are strongly anisotropic due to the orientation of fibrillary structure. Along the chain orientation, stress transmitters in the intra-fibrillary region are stretched. The deformation mode is mainly related to the inter-fibrillary slide. In addition, along the transversal direction, the material is still deformable, the crystalline blocks are rotated thanks to the inter -fibrillary STs. Along both the orthogonal directions, the final microstructural dimension (long period and average width of microfibrils) remain identical. The true failure stress is thus associated with the ST distribution in the intra-and inter-fibrillary regions. Only in the PE-A isothermal samples, the STs in the inter-fibrillary region are fewer than in the intra-fibrillary region, this result is in accordance with the assumption that amounts of oriented cavities are located between the microfibrils. It is worth noting that the cavitation is not simply recognized as the origin of the decrease of failure stress (damage), but a symbol of important heterogeneity of ST distribution between the intra-and inter-fibrillary regions. In the industrial application, although PE-A samples show stronger initial ultimate stress, the one of isothermal sample is significantly deteriorated (in particular, along the transverse direction) after the oligo-cyclic tests. However, the PE-B samples conceived for pipeline application (PE-100), show relatively better stability during the oligo-cyclic deformation in both quenched and isothermal samples. These results are helpful to confirm the good oligo -cyclic performance of PE-B materials, even under extreme crystallizing (isothermal) and cyclic (large strain) loading conditions, the most deformed part of the sample (necking) is still competent regarding the stress criterion. 
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High-density polyethylene (HDPE) pipelines are widely used for the transportation of gas or water. As an example, in the nuclear plant, several institutes and organizations have used HDPE materials to replace traditional steel pipelines as a result of its low cost and good resistance against corrosion and earthquake 1-3 . In laboratory, a seismic event is commonly modeled by oligo-cyclic test, involving high level of imposed stress/strain and a limited number of cycles 4-8 . Despite complex setups and loading programs, the investigations mainly focus on the seismic response of the structures at macroscale. However, the microstructural characterizations are undoubtedly valuable, especially for the improvement of macro-micro constitutive modeling, damage assessment, and material design strategies accounting for the potential seismic effects and anticipating risk of fracture. The micro-evaluations are generally carried out on a relatively simple loading mode e.g. the uniaxial tensile mode. Regarding the oligo-cyclic regime, the necking is recognized as a main manifestation of failure 9-11 in HDPE or other semi-crystalline polymers. In the already necked region, the HDPE is composed of oriented fibrillary structure, which differs from the initial spherulitic one in the undeformed state. This structural transformation includes not only the fragmentation of lamellae but also the evolution of the chain configurations manifested by the disentanglement, unfold, stretching, and orientation 12-16 . For predicting the post-cyclic Institut national des sciences appliquées de Lyon constitutive relation of HDPE materials, and the post-cyclic mechanical properties. it is important to consider these microstructural evolutions, in particular, the changes of intrinsic properties in both crystalline and amorphous phases, as well as the mechanical coupling. Deplancke et al. proposed a 1D strain rate-dependent model for the fibrillary structure of polyethylene with ultrahigh molecular weight 14 . In this model, the transformation from spherulitic to fibrillary structures is simulated by the variation of the mechanical coupling between the amorphous and crystalline phases. The spherulitic structure is modeled by an approach proposed by Humbert et al. 17 that is close to the Halpin's model 18 . The crystalline/amorphous stress ratio k is decreased to 1, coinciding with the series-like (i.e. Reuss) model, when the spherulites completely transform into fibrillary structures depicted as non-percolated crystalline blocks and amorphous chains. Besides the mechanical coupling, the evolutions of the intrinsic properties of the two phases are also important features to account for. Due to the regular arrangement of the chains, the crystalline phase is known to exhibit anisotropic yet constant modulus, the values are reported in the literature 19-23 . On the contrary, the amorphous modulus varies and depends on the chain topology and configuration. Some authors also give the order of magnitude. In the molten state, the preexisting stress transmitters (STs), namely the entanglements, loops and tie molecules, are preserved during the crystallization, so that the Young's modulus of purely amorphous PE is about 3-10MPa 24-27 . Several authors demonstrated that the structural confinement and the shape factor of the crystalline lamellae can result in the increase of the amorphous modulus. Using the Halpin's model to fit their data collected from mechanical tests at the macroscale, Boyd et al. for instance reported a shear modulus of 130-200 MPa as the temperature decreased from room temperature to 0°C 28 . Xiong et al. also reported that the structural confinement led to the increase of the amorphous modulus up to a maximum value of 300 MPa. The results were determined in the equatorial region of the spherulite on PE samples with crystallinity, Xc = 50%, tested at room temperature. Furthermore, a monotonic drop of the modulus down to about 230 MPa with increasing crystallinity (80%) and to about 160 MPa with increasing temperature (100°C) were observed 27 . Based on their approach, the local strain and stress values were respectively measured by in-situ SAXS and WAXS characterizations 29-32 . The aforementioned works only focused on the modulus of the purely amorphous material 24-27 or the amorphous phase within the spherulite 27-28 . To our knowledge, few authors studied the amorphous modulus in the fibrillary state of the material. This value should be different and associated with the change of the chain topology as well as the potential rupture/disentanglement of chains. In our previous work 16 , the existence of the highly oriented and stretched macromolecules was reported, especially the intra-fibrillary ones. The deformation along the chain pre-orientation is mainly assigned to the inter-fibrillary regions, and limited deformation tends to develop in the intra-fibrillary ones, suggesting significantly different stiffnesses/stress concentrations between these two regions. Moreover, the strain-induced rupture/disentanglement of chains could also induce the cavitation, highly localized in the necked region and oriented along the loading direction. These phenomena potentially contribute to the modulus reduction recognized as a symbol of material damage 33-35 . In this work, pre-and post-cyclic tensile tests with simultaneous in-situ SAXS/WAXS measurements are performed in two HDPE samples, one being widely used for pipeline application. The materials are subjected to different thermal histories to vary the range of pristine microstructures. The apparent amorphous modulus in the intra-fibrillary region of the samples pre-loaded by oligo-cyclic deformation is estimated and compared with the original amorphous modulus in the equatorial region of spherulite. Two types of HDPE pellets were ordered from INEOS (Brussels, Belgium) and renamed as PE-A and PE-B respectively. PE-A is commonly for blow-molding, whereas PE-B is a commercial grade for PE-100 pipelines. The two materials initially available as pellets were compression-molded at about 180°C and 10MPa in an aluminum-alloy mold to form PE sheets of about 0.8mm thickness, two different crystallizing processes were then performed: quenching in the cold water and isothermal crystallization at a selected temperature in the vicinity of the crystallizing temperature as mentioned in our previous works 16,36 . Thanks to the great capacity of thermal transfer of the thin elements of the mold in contact with the polymer sheet free surfaces (about 1mm), significantly different crystallization regimes could be achieved.

Oligo-cyclic loading process

A dogbone-shaped sample cutter of 12mm length and 14mm width was used for punching the specimens from the shaped PE sheets (Figure 1). Oligo-cyclic tensile tests were performed to precondition the punched samples and somehow simulate a severe seismic event. The tests were performed on an MTS 1/ME machine equipped with 5KN load cell on mixed-mode 37 at a nominal strain rate 0.01 s -1 : each specimen was elongated up to a nominal strain 1.5 (coinciding with the neck propagation stage), and then retracted to zero force for 10 cycles. The pre-loaded samples were then relaxed at room temperature for about 1 month. Mini-samples were then punched from the necked region for further Differential scanning calorimetry (DSC) analysis and tensile tests coupled with in-situ SAXS/WAXS measurements, as described in the following sections. 

X c = ∆H f ∆H f 0 (1) 
The measurements were carried out using a DSC 7 PerkinElmer apparatus under nitrogen flow. About 6-8 mg samples were taken from the pristine PE sheets and the necked region of pre-loaded specimens, and then submitted to a thermal scan from room temperature up to 150°C at 10°C/min. Each test was repeated three times, so that the results correspond to the a rithmetic average. Noticeably the standard deviation remained within ±1%.

Tensile tests with simultaneous SAXS/WAXS characterizations

As shown in Figure 1, for each material, two samples were prepared using a mini sample-cutter of 3.5 mm length and 2 mm width. Along with the one obtained from the necked region of the pre-loaded sample and already mentioned, one sample was directly punched from the pristine PE sheet so that the effect of the pre-loading could be studied. The tensile tests with simultaneous in-situ SAXS/WAXS measurements were performed on the SWING beamline of the SOLEIL synchrotron with a homemade mechanical apparatus. The nominal strain rate was set to 3 × 10 -3 s -1 . The q-window is of 0.036-0.52 Å -1 for SAXS observation. Long period (Lp) and thickness of crystalline lamellae (𝐿 𝑐 ) were calculated using relation ( 2) and ( 3) respectively:

L P = 2π q max (2) 
L c = L P ρ ρ c X c (3) 1 ρ = X c ρ c + 1-X c ρ a (4) 
qmax corresponded to the norm of scattering vector at the peak of Gaussian-fitted Iq 2 -q. ρa, and ρc are the amorphous phase (0.850 g/cm 3 ) and the crystalline phase (1.003 g/cm 3 ) densities respectively 38 . Xc is the crystallinity (measured by DSC). ρ designates the sample density, and was estimated by equation ( 4).

As a complementary analysis, a 3 × 3 cm 2 WAXS detector was positioned 109 mm from the sample to capture the scattering intensity within the q-window of 1.5-3.17 Å -1 . The time interval between two consecutive WAXS acquisitions was equal and synched with the SAXS and sample images acquisitions (3s). It is worth noting that unlike the SAXS pattern, the WAXS pattern is not complete and only the vertical zone was monitored. Table 1 summarizes the original molecular properties of HDPE pellets provided by supplier, and the microstructural characteristics of the HDPE materials processed by two thermal treatments in their pristine and deformed states (i.e. in the necked region of the pre -loaded specimens): Mn, Mw and Mz are the number-average molar mass, the weight-average molar mass and z-average molar mass respectively. Xc is the crystallinity measured by DSC. Lp, Lc and La are the long period, thickness of the crystalline phase and amorphous phase respectively.

According to the SAXS results in the previous work 16 , mini-samples punched from the necked region of pre-loaded samples can be approximately recognized as an anisotropic yet homogenous fibrillary structure material which differs from the spherulitic structure in the pristine samples.

During the fibrillary transformation phase, a melting/recrystallization process is g enerally evoked in order to interpret the thinner crystallites and lower long period identified in the fibrillary state 12,13 respectively (the two extreme materials). These variations can be interpreted as the imbalance between melting and recrystallization. Indeed, the lower crystallinity and higher density of stress transmitters should promote the stretching of chains in the amorphous phase and potentially induce more recrystallization 36 

Local stress estimation

Spherulite

Ahead of the quantitative analysis, several points need to be enounced:

(i)
In the literature, the crystalline lamellae in the spherulite are twisted due to the surface stress and consecutive formation of screw dislocations 39-41 . However, the deformation of the twisted structure is too complex to evaluate, thus all the crystalline lamellae in this work are simplified as flat sheets.

(ii) As shown in Figure 2, the crystallographic strains along a, b and c axes should relate to the changes of the inter-planar distances of ( 200), ( 020), (002) respectively. They can be measured as the shift in q-values of designated WAXS scattering peaks. Noticeably, the crystals exhibit large stiffness along the c-axis 19-21,23 so that the corresponding strain, or inter-planar distance change of (002), is too small to be characterized experimentally. Also, the intensity of this scattering peak is extremely low.

Therefore, the experimental measurements can only be used for calculating the local strains along the a and b axes using equation ( 5) and ( 6) respectively. 

Δd is the variation of inter-planar distance and d 0 is the initial inter-planar distance.

Additionally, the strain along c-axis will be computed based on these two crystallographic strains, following a procedure that will be later detailed. In this work, the structure of crystallographic planes having the normal vector parallel/perpendicular to the loading direction can be characterized in the H (Ψ=0°) and V (Ψ=90°) regions of the WAXS pattern respectively (the loading direction is horizontal). Ψ is assigned to the azimuthal angle (see the illustration of WAXS pattern in the right of The formation of spherulites has been observed by microscopy technique 42,43 , and the growth of the lamellae during the crystallization proceeds along the b-axis. Thus, for each lamella, the b axis corresponds to the radial direction. Yet, considering aforementioned point (iii), the following investigation focuses on the lamellae located in the equatorial and polar regions. In the polar region, the b-axis coincides with the tensile direction whereas a and c axes are perpendicular to the loading direction. In the equatorial region, the b-axis remains perpendicular to the loading direction whereas the a and c axes may form any admissible angle (from 0°-90°) with the loading direction. In particular, regarding a-axis, a 0° angle found for edge-on lamella and 90° angle refers to flat-on lamella. Thus, the X-ray scattered by ( 200) and (020) planes in Zone H correspond to edge-on and polar lamellae respectively. However, in Zone V, the X -ray scattered by plane (200) comes from both the flat-on and polar lamellae (it is worth noting that other locations may also contain the lamella, whose (200) plane is normal to the tensile direction). Also, the scattering information of the plane (020) corresponds to all the lamellae located in the equatorial region, suggesting that the spacing changes of planes ( 200) and (020) in Zone V correspond to average values. These averages are assumed to be representative of the lamellae under investigation (i.e. plane (200) of polar lamella and plane (020) of edge-on lamella).

In the elastic regime, the stress distribution in the equatorial region is assumed to be homogenous, which means that the axial stress (along the tensile direction) is the same for all the randomly oriented equatorial lamellae. Therefore, only the stress state of edge-on lamella is further analyzed. Indeed, for this type of lamella, the crystallographic strain along the a-axis is directly related to the local stress parallel to the macroscopic loading and can be measur ed experimentally (providing that the full 2D WAXS pattern is available). Also, assuming that the crystalline lamellae are located within the amorphous matrix. The great difference of the Poisson's ratio between the two phases can lead to the reciprocal stress inducing the contraction in the crystalline surfaces. This effect is determined by the shape factor: a larger surface can be contracted significantly. Therefore, the loading conditions of both the edge -on lamella in the equatorial region and polar lamella are close to the plane-stress assumption: the thickness of lamella is much lower than other two dimensions. The calculation of the crystallographic strains using equation ( 5) and ( 6), requires the determination of the inter-planar distances at any time i, namely 𝑑 200 𝑖 and 𝑑 020 𝑖 which can be obtained by equations ( 7) and ( 8) respectively: As mentioned above, due to the experimental limitations, the information in Zone H are missing.

Therefore, the 𝜀 𝑎 𝑒𝑞𝑢𝑎𝑡𝑜𝑟 and 𝜀 𝑏 𝑝𝑜𝑙𝑎𝑟 cannot be directly measured. Nevertheless, two important ratio values in the literature should be raised as follow 30 : By using the same method to characterize the 𝑒𝑞𝑢𝑎𝑡𝑜𝑟 and 𝜀 𝑏 𝑝𝑜𝑙𝑎𝑟 can be deduced. In the work of Choy et al. 23 , the axial stresses can be calculated using the following equation ( 9). The local stress components to be estimated in this work are the ones colinear with the macroscopic tensile force so that macro-micro correlations can be attempted. Therefore, only the 𝜎 𝑏 𝑝𝑜𝑙𝑎𝑟 and 𝜎 𝑎 𝑒𝑞𝑢𝑎𝑡𝑜𝑟 are evaluated. They are plotted in Figure 5 as a function of the macroscopic strain and compared with the nominal macroscopic stress. Clearly, in all four samples, the local stress in the polar region along the tensile direction is much higher than the macroscopic stress, whereas the local stress in the equatorial region is similar to (slightly smaller than) the macroscopic one.

Fibrillary structure

As for the samples punched within the necked region induced by cyclic loading, their microstructures are fibrillar 16 . The initial crystalline lamellae in the spherulite were fragme nted and orientated, and the chain orientation is now mainly parallel to the loading direction. The crystalline structure in fibrillary structure is not a "lamella" but a "block" separated by inter -and intra-fibrillary regions (see Figure 6). As a consequence of the chain orientation, the c-axis is along the pre-loading direction so that the planes ( 200) and (020) can be only detected in Zone V of the WAXS pattern. Also, only the local stress in the intra-fibrillary region can be estimated. It can be assumed that the dimensions along a and b axes are similar to each other in crystalline blocks. Regarding equation ( 9), this assumption is equivalent to σ a=σb. Also, with εa and εb being experimentally measured, σc can then be deduced. Although the fragmentation of lamellae and martensitic transformation may potentially occur in the necked region during the pre-loading, there is no work indicating that these phenomena are related to any change of the intrinsic properties of the crystalline phase. Therefore, in this work, it is assumed that the intrinsic elastic properties of the crystalline structures in both pristine (spherulite) and preconditioned (fibrillary) HDPE materials are constant. This assumption suggests that the intrinsic parameters of the crystalline phase shown in equation ( 9) are still available in the fibrillary structure and the local stress calculated. The local and macro stresses are displayed in Figure 7. The local stress in the intra-fibrillary region is much higher than the macroscopic axial stress within the spherulite. 

Local-macro stress relationship

In Figure 8 presenting the local/macro stress ratio (σlocal/σmacro) as a function of the pristine material crystallinity, Xc, a higher σlocal/σmacro value is found in the polar region of spherulite than in the equatorial region, indicating a heterogeneous mechanical coupling within the spherulite 30 . As for fibrillary structure, an even higher σlocal/σmacro value in the intra-fibrillary region was found suggesting a pronounced stress concentration. In addition, the stiffness contrast between the intraand inter-fibrillary regions are even stronger than that between the polar and equatorial regions of spherulite. Moreover, for each material, a higher value is observed in the isothermal sample. Two interpretations can be attempted: on the one hand, this dependency can be ascribed to a more confined structure due to the higher crystallinity and larger crystalline blocks. On the o ther hand, the inter-fibrillary structure in the isothermal samples may contain more cavities, thus a weaker ability to transmit the stress and a higher contrast between these two regions. 

Amorphous modulus estimation

Under uniaxial loading conditions, the local amorphous modulus can be estimated as the ratio between local stress and local strain in the amorphous phase. A particular attention is paid to the spherulitic equator and intra-fibrillary regions. Indeed, the amorphous phases of these two regions are subjected to elongation along the macroscopic tensile direction. The local axial stress in the amorphous phase should be identical to the one in the crystalline phase. Moreover, the local axial strain in amorphous phase can be computed as the relative variation of L a (see equation 10). It is worth noting that at the onset of the elastic strain, the variation of the long period could be approximately assigned to the amorphous phase alone (see equation 11).

𝜀 𝑎𝑚𝑜𝑟𝑝ℎ𝑜𝑢𝑠

𝑒𝑞𝑢𝑎𝑡𝑜𝑟/𝑖𝑛𝑡𝑟𝑎-𝑓𝑖𝑏 = ∆𝐿 𝑎 𝐿 𝑎 (10) ∆𝐿 𝑎 =∆𝐿 𝑝 (11) In our previous work 16 , the local/macro strain relations in the elastic regime in the equatorial region of spherulite (𝜀 𝑙𝑜𝑐𝑎𝑙 𝑒𝑞𝑢𝑎𝑡𝑜𝑟 /𝜀 𝑚𝑎𝑐𝑟𝑜 ) and intra-fibrillary regions (𝜀 𝑙𝑜𝑐𝑎𝑙 intra-fibrillary /𝜀 𝑚𝑎𝑐𝑟𝑜 ) have been evaluated by in-situ SAXS measurements. It is worth noting than these local strains are considered equivalent to the relative variation of Lp, εlocal=ΔLp/Lp. These important results are quoted as shown in Figure 9. As evoked already, the local strain in the pre-loaded PE-A isotherm sample is not measurable because of the strong intensity scattered by cavities. However, due to the quasi -constant relation found in other studied materials, the local-macro strain value can be also supposed to be about 0.17. Under this assumption, the local strain in the amorphous phase, εamorphous can be straightforwardly estimated. All in all, the estimation of the local stress and strain in the elastic regime obtained by simultaneous in-situ SAXS/WAXS measurements, allow for the computation of the local apparent modulus in each sample (see Figure 10). Figure 10a displays the amorphous modulus in the equatorial region of spherulite in the pris tine samples and the values are seen to vary from 71 MPa to 106 MPa. These values are very similar to the order of magnitude reported in the literature 27,28 . It is reasonable to state that they are much higher than the modulus values estimated in the purely amorphous polyethylene due to the structural confinement caused by the crystalline lamellae 25,26,38 . Regarding the amorphous modulus of the intra-fibrillary region (see Figure 10b), the values vary from 2000 MPa to 7000 MPa. This surprising increase by an order of magnitude should be related to the chain orientation and possible strain-induced recrystallization. According to the DSC results, this strain -induced recrystallization during the fibrillary transformation just slightly influences the crystallini ty, however, the lower long period values of the fibrillary structure indicates that the stretched amorphous chains are effectively confined between two neighboring crystalline blocks. Thus, this enhancement of structural confinement may largely contribute to the increase of the amorphous modulus. In addition, the increase of stiffness also indicates that the rupture of chains/disentanglement, might not occur in this region or just play a much weaker effect than the chains orientation on the amorphous modulus. Also, it seems that in both the spherulitic and fibrillary structures, the material type (or the initial molecular characteristic/structure) exhibits a major influence on the amorphous modulus. In particular, for the intra-fibrillary amorphous modulus, the PE-A materials (about 6000-7000 MPa) are significantly different from the PE-B materials (about 2000 MPa). This dependency may be assigned to the shape factor of crystalline lamellae/blocks or geometry of the microfibrils. As for the same grade, the amorphous modulus of these two regions are always higher in the quenched samples. This dependency can be associated to the higher density of stress transmitters in the pristine material which most likely remained in the pre-loaded microfibrils 44-46 .
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Conclusion

In HDPE materials, the initial spherulitic structure transform into a fibrillary structure after being submitted to a mixed-mode oligo-cyclic deformation (maximum macroscopic strain εmax=1.5). The post-cyclic macro-and micro-characterizations are important to evaluate the HDPE materials properties potentially submitted to a severe earthquake. Simultaneous in-situ SAXS/WAXS techniques allow estimating the micro-macro stress relations and amorphous modulus in each sample. As for spherulitic structure of pristine samples, the local stress distribution is heterogeneous, it suggests that the local stress is more concentrated in the polar region than equatorial region and different mechanical couplings in these two regions. As for the fibrillary structure, the heterogeneity of local stress distribution is even stronger between the intra -and inter-fibrillary regions. The stiffness contrast in the two regions of fibrillary structure should be more significant. A surprising increase of amorphous modulus is found from the equatorial region of spherulite to intra-fibrillary region due to the chain orientation and potential strain -induced recrystallization. When the stress transmitters are confined between the equatorial lamellae, the apparent amorphous modulus is about 71-106 MPa. The order of magnitude of amorphous modulus can be improved to 2000-7000 MPa in the intra-fibrillary region when the chain is stretched, the strain-induced recrystallization can also lead to the decrease of long period, the smaller and more stretched amorphous segmentations are thus confined between the crystalline blocks and should increase the local modulus. Although the potential disentanglement, rupture of chains may compete with the effect of chain orientation and recrystallization on the amorphous modulus, it seems that in the intra-fibrillary region, the final intrinsic properties is dominated by the strengthening effect. However, it is hard to evaluate the situation in the inter -fibrillary region.

Finally yet importantly, in the fibrillary state, it seems that both the amorphous modulus and local stress distribution are mainly dependent on the molecular structure (or material type). The thermal treatments have less important effects on these micro -mechanical properties. However, regarding the same grade, with the isothermal treatment, the larger crystalline blocks (both width and thickness) can also slightly increase the local stress concentration, and the amorphous modulus is relatively lower in these samples because of a lower quantity of stress transmitters. 

General conclusions

The thesis aims at studying the mechanical/microstructure evolutions, especially the potential damage induced by seismic events in the industrial HDPE pipes. Two HDPE materials are under investigation, one is for blow-molding whereas another is designed for commercial PE-100 pipelines (denoted as PE-B). The industrial pipe contains a heterogenous microstructure due to the thermal gradient during the molding. Therefore, for the sample preparation of each grade, two different thermal treatments (quenching and isothermal treatment) are applied so that a wide range of microstructures could be obtained.

In the literature, the damage is determined as the deterioration of material properties (such as modulus, stress, and toughness, etc.), they are also believed to be related to several structural deteriorations such as disentanglement/chain rupture, cavitation, and fragmentation of lamellae/percolation. Therefore, in this work, we tried to evaluate both the mechanical/microstructure changes under oligo-cyclic loading conditions (that simulates the seismic signal) and establish the macro-micro correlation.

Under mixed-mode oligo-cyclic loading conditions, the fragmentation of lamellae is induced in all the samples whereas the cavitation is only obvious in those isothermal samples. These microstructure evolutions are characterized by in-situ SAXS measurement. The results suggest that higher crystallinity and lower density of stress transmitters (STs) including the entanglements, tie molecules, and tie loops, promote the generation of cavities. Both of them obey the initiation-accumulation-saturation with increasing cycles. However, regarding the mechanical indicators (stress, modulus, and toughness), the modulus is even possible to increase after the oligo-cyclic loading despite the presence of the so-called structural deteriorations. Thus, it can be deduced that a compensating mechanism must exist, this mechanism is related to the chain orientation/recrystallization. Indeed, by tensile tests coupled with the simultaneous in-situ SAXS/WAXS measurement, we found that the intra-fibrillary amorphous region is much stiffer than the original equatorial amorphous region thanks to the stretching of STs. Therefore, due to the co-existence of this competing mechanism, it is unfair to indicate that the material is damaged simply by the appearance of the structural changes in the plastic regime. Moreover, under certain loading conditions, although the decrease of modulus can be found, and more important in the samples with higher crystallinity and lower ST density. Some pre-loaded samples still require almost the same energy to rupture as the pristine ones. This result suggests that the modulus decrease might be insufficient to determine the damage in HDPE materials. The reversibility of the modulus change remains to be further investigated. Also, although all the materials exhibit stress softening, it seems that this mechanical loss is not permanent , this effect of the cyclic loading (after the first one) has totally vanished upon additional loading when the imposed strain is higher than the maximum strain previously experienced by the sample. It means that the consecutive cycles (following the first one) do not influence the further short-term stress level of material.

For a given grade, only when the imposed cyclic strain is very high (DIC spatial measurements evidenced that the maximum local axial strain within the necked section is about 3-4), the structural and mechanical deteriorations are correlated with each other in the PE-A isothermal
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  ) is considered as a model material of semi-crystalline polymers because of its simple chemical structure: a PE chain with a planar "zig-zag" conformation consists of carbon (C) backbone and each C atom is covalently attached with two hydrogen (H) atoms (shown in Figure 2.1)[7]. According to its density and branching level, PEs are generally classified into different grades: 1) high-density polyethylene (HDPE) has a low level of chain branching, 2) linear low-density polyethylene (LLDPE) has a larger number of short branches, 3) LDPE has a very high branching level. A schematic of the macromolecules of these three groups of PEs are drawn in Figure 2.2.

Figure 2 . 1 :

 21 Figure 2.1: Molecular structure of a PE long chain[8] (N.B. the bottom figure details the geometrical peculiarity of the C-C-C bond).
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Figure 2 . 2 :

 22 Figure 2.2: Classification of PE according to density and branching level[9].
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Figure 2 . 3 :

 23 Schematic of a) Orthorhombic unit cell

Figure 2 . 4 :

 24 Figure 2.4: Twisted lamellar structure[18].

Figure 2 . 5 :

 25 Figure 2.5: Amorphous-interphase-crystalline structure[20].

Figure 2 . 6 :

 26 Figure 2.6: Stress transmitters in semi-crystalline polymers.
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Figure 2 . 7 :

 27 Figure 2.7: Schematic of formation of tie molecules during crystallization (adapted from[21]).

Figure 2 . 8 :

 28 Figure 2.8: Observation of percolated crystalline structure by AFM[18].

Figure 2 . 9 :

 29 Figure 2.9: Schematic of spherulitic structure[8].

Figure 3 . 2 :

 32 Figure 3.2: a) Polymer chain P is free to move between the fixed obstacles O; (b) reptation of a chain P in an imaginary tube T[32].
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Figure 3 . 3 :

 33 Figure 3.3: Schematic and dimension of a nucleus[32].

Figure 3 . 4 :

 34 Figure 3.4: Temperature profiles of a) quenching and b) isothermal treatment.

Figure 4 . 1 :

 41 Figure 4.1: S-N curve of a HDPE material[44] 

Figure 4 .

 4 2a, b and c display the cyclic stress-strain profiles for these three modes respectively. In particular, Figure 4.2a and b show the nominal stress-strain profiles for the polyamide, whereas the Figure 4.2c corresponds to the true stress-strain profile of an ultra-high molecular weight polyethylene. Whatever the cyclic loading mode, the semi-crystalline polymers show hysteresis phenomenon. Moreover, several mechanical indicators (modulus, stress/strain) change with increasing cycles.

Figure 4 . 2 :

 42 Figure 4.2: a) Stress-controlled cyclic loading mode[53]; b) Strain-controlled cyclic loading mode[54]; c) Mixed cyclic loading mode[59] 

Figure 5 . 1 :

 51 Figure 5.1: Nominal stress-strain curve of HDPE under uniaxial simple tensile[8].

Figure 5 . 2 :

 52 interlamellar shear (a), inter-lamellar separation (b) and lamella stack rotation (c)[66]. Chapter 1: Bibliography Hang GUO 19 [2021] Institut national des sciences appliquées de Lyon

Figure 5 . 2 :

 52 Figure 5.2: a) Inter-lamellar shear; b) inter-lamellar separation; c) stack rotation[START_REF] Lin | Structure and plastic deformation of polyethylene[END_REF] 

Figure 5 . 3 :

 53 Figure 5.3: Volumetric and true axial strains, as a function of drawing time at 20°C [69].
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Figure 5 . 4 :

 54 Figure 5.4: schematic of fibrillar transformation[75].
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Figure 5 . 5 :

 55 Figure 5.5: Cavitation between lamellae and longitudinal coalescence[START_REF] Brady | Deformation of oriented high density polyethylene shish-kebab films[END_REF].

Figure 5 . 7 :

 57 Figure 5.7: Cryofracture in the direction parallel to the stress in neat PA after fatigue failure (SEM) [38].

Figure 5 . 8 :

 58 Figure 5.8: Growth of submicrometer cavities in the amorphous phase between lamellae oriented in the direction normal to the applied stress. (a) Micrometer-sized cavities with broad distribution of size in the nonfatigued sample. (b) Nucleation of cavities in the amorphous phase with diameters comprised between 20 and 180 nm. (c) Increase of the number of the spherical cavities in the course of fatigue testing.(d, e) Growth of the cavities in the direction normal to the applied stress[38].

Figure 5 . 9 :

 59 Figure 5.9: Schematics of the modulus evolution with increasing cycles during fatigue tests[38].

Figure 5 . 10 :

 510 Figure 5.10: AFM observation of fragmentation of lamellae in the pre-yield regime[START_REF] Detrez | Plasticity/damage coupling in semi-crystalline polymers prior to yielding: Micromechanisms and damage law identification[END_REF] 

Figure 5

 5 

Figure 5 . 11 :

 511 Figure 5.11: Physical mechanisms to interpret the Mullins effect in filled rubbers: a) bond rupture; b)molecules slipping; c) filler rupture; d) disentanglement; e) double-layer model [100]

Figure 5 . 12 :

 512 Figure 5.12: Plot of maximum stress as a function of cycle number[START_REF] Ayoub | Modeling the low-cycle fatigue behavior of visco-hyperelastic elastomeric materials using a new network alteration theory: application to styrene-butadiene rubber[END_REF] 

Figure 5 . 13 :

 513 Figure 5.13: Microstructure evolution associated with stress softening[START_REF] Ayoub | Modeling the low-cycle fatigue behavior of visco-hyperelastic elastomeric materials using a new network alteration theory: application to styrene-butadiene rubber[END_REF] 

Figure 5 . 14 :

 514 Figure 5.14: Network alteration during loading-unloading-reloading[58].
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 31 Figure 3.1: TGA curves of HDPE samples.

Figure 4
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Figure 4 . 1 :

 41 Figure 4.1: Schematic of the assembled aluminum-alloy mold and its constitutive parts.
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Figure 4 . 2

 42 shows the schematic of the shaping process by pellets with different thermal treatments.

Figure 4 . 2 :

 42 Figure 4.2: Schematic of the shaping process with different thermal treatments.

Figure 4 .

 4 3a. Another group of samples was crystallized in an oil bath at a selected temperature Tiso in the vicinity of the crystallization temperature Tc. Details regarding the selection of Tiso will be provided in subsection 2.5.3. Here again, a schematic of the program of isothermal treatment is shown in Figure 4.3b.

Figure 4 . 3 :

 43 Figure 4.3: Temperature profiles of the quenching and isothermal treatments: (a) quench; (b) isothermal treatment.

Figure 5 . 1

 51 Figure 5.1 displays the variation of specific heat (or heat flux) as a function of temperature (°C)where the solid sample is heated up to molten state and then cooled down back to room temperature: an endothermic peak relevant to melting of the crystallites and an e xothermic peak associated with crystallization can be observed upon heating and cooling respectively.

Figure 5 . 1 :

 51 Figure 5.1: Classical endothermic and exothermic DSC peaks in PE (figure adapted fromXiong[4]).
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Figure 5 . 2 :Figure 5 . 3

 5253 Figure 5.2: Perkin-Elmer DSC7 apparatus.

Figure 5 . 3 :

 53 Figure 5.3: The local crystallinity of industrial tube PE100 as a function of the radial position (N.B. the dashed grey lines are visual guidelines).

Figure 5 . 4 :

 54 Figure 5.4: (a) DSC curves for the isotherm industrial samples with different Tiso in the vicinity of the melting temperature (endo up); (b) crystallinity of isotherm samples as a function of treating temperature Tiso.

Figure 5 . 5 :

 55 Figure 5.5: DSC curves of the quenched and isotherm samples in the vicinity of the melting temperature (endo up): (a) PE-industrial; (b) PE-A; (c) PE-B.

  ray scattering is a non-destructive technique well suited for characterizing the microstructure of semi-crystalline polymers. A schematic view of the experimental device with its principle is shown in Figure6.1.
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 61 Figure 6.1: Schematic of an experimental device of X-ray scattering[9].

Figure 6 . 2 :

 62 Figure 6.2: (a) schematic of a synchrotron facility; (b) set-up for in-situ X-ray scattering measurements;

Figure 6 . 4 :Chapter 2 :

 642 Figure 6.4: (a) 2D WAXS pattern and (b) 1D plot of intensity as a function of q
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 71272 Figure 7.1: Nominal stress-strain curves and some important mechanical indictors.

Figure 7 . 2 :

 72 Figure 7.2: MTS 1/ME machine equipped with 5kN load cell.

Figure 7 . 3 and

 73 Table7.1 summarizes the mechanical parameters of the 6 materials under consideration (by averaging the results of three repetitions). The deviations are shown in the following figures as the error bar.

Figure 7 . 3 :

 73 Figure 7.3: Nominal stress-strain tensile curves (up to εn=1).
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Figure 7 . 4 ,

 74 a quasi-linear relation between the yield stress and PE crystallinity can be observed and physically interpreted by the dislocation model (related to the thickness of crystalline lamella) combined with the concentration of stress transmitters (STs)[10,11].

Figure 7 . 4 :

 74 Figure 7.4: Yield stress as a function of crystallinity.

Figure 7 .

 7 5a). Moreover, Taking into account the Weight-Average Molecular Weight, Mw value, the ST density in PE-A and PE-B samples can be also estimated by Brown's model[12,13]. As shown in Figure7.5b, the results obtained by these two methods are coherent. Chapter 2: Materials and preliminary characterizations Hang GUO 51 [2021] Institut national des sciences appliquées de Lyon

Figure 7 . 5 :

 75 Figure 7.5: (a) Long period and (b) [ST] value calculated by Brown's model as a function of neck width.

Figure 7 . 6 :

 76 Figure 7.6: Tensile toughness of PE samples as a function of crystallinity.

Figure 7 . 7 :

 77 Figure 7.7: (a) Elastic modulus E and (b) product kEs as a function of crystallinity.

Figure 8 . 1 :

 81 Figure 8.1: Schematic of stress-controlled loading program and responded strain[4].
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Figure 8 . 2 :

 82 Figure 8.2: Machine GABO EPLEXOR®

Figure 8 . 3

 83 as a function of the temperature.

Figure 8 . 3 :

 83 Figure 8.3: Evolution of visco-elastic properties as a function of temperature.
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Figure 8 . 4 :

 84 Figure 8.4: Temperature of α relaxation as a function of thickness of crystallites.
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Figure 2 :

 2 Figure 2: Evolution of the SAXS patterns during the oligo-cyclic tests for the PE-B samples: (a) Quenched sample, (b) Isothermal sample. (c) 2D SAXS images for given deforming states (N.B. arbitrary gray scales).
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Figure 3 :

 3 Figure 3: Equatorial Lorentz-corrected intensity as a function of q (PE-B Quenched samples) in the equatorial region (Zone H). (a) At maximum-strain state. (b) At zero-stress state.
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Figure 4 :

 4 Figure 4: (a) Local strain at maximum-strain and minimum-stress states. (b) Plot of ratio εlocal/ εmacro as a function of cycle number (quenched samples).

Figure 5 :

 5 Figure 5: Evolution of Q value at different region of spherulite/applied macro-strain as a function of time: (a) PE-A Quenched sample; (b) PE-B Quenched sample.

Chapter 3 :

 3 Microstructure evolutions in HDPE materials submitted to mixed-mode cyclic tensile loading Hang GUO 70 [2021] Institut national des sciences appliquées de Lyon

Figure 6 :

 6 Figure 6: Evolution of the crystalline lamellae at the equator of the spherulite as function of oligocyclic loadings.

Figure 7 :

 7 Figure 7: Evolution of the observed cavity volume fraction 𝑉 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 as a function of the imposed nominal axial strain during oligo-cyclic test.

Figure 8 :

 8 Figure 8: Hydrostatic stress as a function of the volumetric deformation due to observed cavities in PE-A Isothermal sample.
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Figure 9 :

 9 Figure 9: Energy profiles plotted as a function of the cycle number: (a) Total dissipated energy per unit volume Etotal; (b) dissipated energy per unit volume due to cavitation 𝐸 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 ; (c) 𝐸 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 / Etotal ratio as a function of cycle number.

  Figure 9c presents the corresponding 𝐸 𝑐𝑎𝑣 𝑆𝐴𝑋𝑆 / Etotal ratio as a function of the cycle number. The results show that the energy dissipated due to observed cavitation only accounts for a limited part of the total dissipated energy. The observed cavitation Chapter 3: Microstructure evolutions in HDPE materials submitted to mixed-mode cyclic tensile loading Hang GUO 74 [2021]
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Figure 10 :

 10 Figure 10: Evolution of the cavity dimensions: (a) PE-A Isothermal sample; (b) PE-B Isothermal sample.

Figure 11 :

 11 Figure 11: Evolution of cavities under oligo-cyclic loading conditions (PE-B Isothermal sample): (a) time evolution; (b) maximum-strain state (loading); (c) zero-stress state (unloading).

Figure 12 :

 12 Figure 12: Variation of unit/total cavity volume at zero stress states as a function of the cycle number.
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 133 Figure 13: Time evolution of the cavity aspect ratio and applied nominal strain in the PE-BIsothermal sample under mixed-mode oligo-cyclic test.
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Figure 1 :

 1 Figure 1: Nominal uniaxial and oligo-cyclic tensile stress-strain profiles.
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Figure 2 :

 2 Figure 2: Oligo-cyclic curve with the description of the evaluated mechanical changes.
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Figure 3 :

 3 Figure 3: Stress-softening magnitude in different samples as a function of cycle number: (a) PE-A Quenched; (b) PE-A Isothermal; (c) PE-B Quenched and (d) PE-B Isothermal

Chapter 4 :

 4 Correlation between the mixed-mode oligo-cyclic loading induced mechanical/microstructure changes in HDPE Hang GUO 93 [2021] Institut national des sciences appliquées de Lyon

Figure 4 :

 4 Figure 4: a) Total stress-softening magnitudes between 1 st and 100 th loading; b) Relative decrease of stress softening as a function of εOC in different samples
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Figure 5 :

 5 Figure 5: Residual strain in different samples as a function of cycle number: (a) PE-A Quenched; (b) PE-A Isothermal; (c) PE-B Quenched and (d) PE-B Isothermal
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Figure 6 :

 6 Figure 6: Change of the residual strains as a function of the prescribed maximum strain a) after the 1 st cycle, b) from 2 nd to 100 th cycle
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Figure 7 :

 7 Figure 7: Density of energy dissipation Wd as a function of cycle number in PE samples with different applied oligo-cyclic strains εOC: (a) PE-A Quenched; (b) PE-A Isothermal; (c) PE-B Quenched and (d) PE-B Isothermal

  𝑊 𝑑 100 as a function of εOC of each sample is displayed in Figure 8b. The PE-B quenched samples exhibit the highest 𝑊 𝑑 100 value, Chapter 4: Correlation between the mixed-mode oligo-cyclic loading induced mechanical/microstructure changes in HDPE Hang GUO 97 [2021] Institut national des sciences appliquées de Lyon indicating that this material has a superior energy dissipating capacity in the visco -elastic regime during cyclic deformation due to the more important friction between the chains.

Figure 8 :

 8 Figure 8: Dissipated energy density of PE samples at different applied oligo -cyclic strains a) after the first loading cycle (𝑊 𝑑 1 ) and b) after the 100nd loading cycle (𝑊 𝑑 100 )
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Figure 9 :

 9 Figure 9: Relative change of the secant modulus evaluated by DE as a function of cycle number in PE samples with different applied oligo-cyclic strains: (a) PE-A Quenched; (b) PE-A Isothermal; (c) PE-B Quenched and (d) PE-B Isothermal

Figure 10 :

 10 Figure 10: a)𝐷 𝐸 1 of PE samples at different applied oligo-cyclic strains εOC; b) k𝐸 𝑠 product as a function of crystallinity

Figure 11 :

 11 Figure 11: The physical scenario of HDPE under mixed-mode oligo-cyclic loading conditions (spherulitic scale and lamellar scale)

Figure 12 :

 12 Figure 12: a) Mullins-like behavior of PE-A isothermal sample; b) Definition of remaining tensile toughness (ex. PE A isothermal sample, with εOC=0.5), c) Remaining tensile toughness in different samples as function εOC
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Figure 1 :

 1 Figure 1: Overview of the mechanical testing procedure.
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Figure 2 :

 2 Figure 2: Results of in-situ DIC measurement of PE-A quenched sample: (a) strain loading profile prescribed by the testing machine; (b) longitudinal strain mapping at the end of the first loading; (c) transversal strain mapping at the end of the first loading.

Figure 3 :

 3 Figure 3: Longitudinal (L.) and transversal (T.) nominal strain distributions as a function of Xposition at 4 stages during the oligo-cyclic test (N.B. the bottom left image recalls the transverse nominal strain field at the end of the first loading step).
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Figure 4 :

 4 Figure 4: Maximum local volumetric strain at the final zero-stress state as a function of sample crystallinity
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 5 Anisotropic deformation behavior of the pre-necked HDPE materials induced by oligo-cyclic loading Hang GUO 115 [2021] Institut national des sciences appliquées de Lyon

Figure 5 :

 5 Figure 5: Tensile nom. stress -nom.strain profiles in the pristine (P), L-necked (L) and T-necked (T) samples of PE-B materials (on top). Companion pictures of the specimen for four stages (on bottom).
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Figure 6 :Chapter 5 :

 65 Figure 6: Evolution of the SAXS patterns along with the deformation in Pristine (P), L-necked (L) and T-necked (T) PE-B samples.

Figure 7 :

 7 Figure 7: Lorentz-corrected intensities (Iq 2 ) as a function of the norm of the scattering vector q in horizontal (H) and vertical (V) regions of the SAXS pattern for the Pristine (P) and L-necked (L) samples of the PE-B quenched material.
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Figure 8 :

 8 Figure 8: Local/macro strain ratios in Pristine (P) and L-necked (L) samples.
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Figure 9 :

 9 Figure 9: Correlation between the width of micro-fibrils Df and initial [ST] value estimated by Brown's model. Df does not change during the tensile loading.
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Figure 10 :

 10 Figure 10: a) Lorentz-corrected intensities (Iq 2 ) as a function of the norm of the scattering vector q at horizontal and vertical zones of the SAXS pattern for the T-necked PE-B quenched sample; b) Schematic of the reorientation of crystalline blocks during the tensile deformation of T-necked samples.
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Figure 11 :Chapter 5 :

 115 Figure 11: a) Failure stress in different samples; b) schematic of craze and the heterogeneous ST distribution in the intra-and inter-fibrillary regions in PE-A isothermal sample who strongly cavitates.
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Figure 1 :

 1 Figure 1: Pristine and pre-loaded sample preparations
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Figure 2 :

 2 Figure 2: Illustration of prescribed planes in a PE crystal orthorhombic cell related to crystallographic strains along a, b and c axes.
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Figure 3 )

 3 Figure 3). In particular, the (200) and (020) plans corresponding to Zone V of the WAXS pattern are highlighted in the schematic of the spherulite in purple and green respectively (Figure 3 left).

Figure 3 :

 3 Figure 3: Location of equatorial and polar lamellae in spherulite and identification of the WAXS scattering patterns.
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  correspond to the peak values of intensity scattered by (200) and (020) planes respectively. The shifts of the scattering peaks (200) and (020) in Zone V are shown in Figure 4a and b respectively. As mentioned above, only the polar and edge-on lamella are concerned. Their axial local stresses are representative for the stress-state of the pole and equator of spherulite. According to the evolutions of scattering peaks at Zone V, due to the Poisson's effect, both d 200 of polar lamella and d020 of edge-on equatorial lamella decrease. They are related to 𝜀 𝑎 𝑝𝑜𝑙𝑎𝑟 and 𝜀 𝑏 𝑒𝑞𝑢𝑎𝑡𝑜𝑟 respectively.

Figure 4 :

 4 Figure 4: Shift of WAXS peaks in Zone V under macroscopic tension (a) (200) peak; (b) (020) peak.
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 638 Estimation of amorphous modulus in the fibrillary HDPE materials induced by oligo-cyclic loading Hang GUO 139 [2021] Institut national des sciences appliquées de Lyon local stress. The authors reported that for these two types of lamella in a series of polyethylene with different microstructures and crystallinities, According to this result, the 𝜀 𝑎

Figure 5 :

 5 Figure 5: Macro and local stresses in (a) PE-A Quenched, (b) PE-A Isotherm, (c) PE-B Quenched and (d) PE-B Isotherm samples.

Figure 6 :

 6 Figure 6: Fibrillary structure in HDPE and corresponding location onto the WAXS pattern.
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Figure 7 :

 7 Figure 7: Macro and local stresses in fibrillary structure of (a) PE-A Quenched, (b) PE-A Isotherm, (c) PE-B Quenched and (d) PE-B Isotherm samples.
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Figure 8 :

 8 Figure 8: Local-macro stress ratio in the different regions and samples.
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Figure 9 :

 9 Figure9: local/macro strain ratios in pristine and pre-loaded samples16 .
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Figure 10 :

 10 Figure 10: (a) Amorphous modulus in equatorial region of spherulite in the pristine samples; (b) Amorphous modulus in the intra-fibrillary region in the pre-loaded samples.
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Table 2 .1: Molecular

 2 characteristics of the PE-A and PE-B materials.

	Materials	Mn (g/mol)	Mw (g/mol)	Mz (g/mol)	Mw/Mn
	PE-A	7 500	202 200	1 478 900	26.96
	PE-B	6 700	270 800	1 589 400	40.42
	Mn,, Mw and Mz are the number-average molar mass, the weight-average molar mass and z-
	average molar mass measured by gel permeation chromatography.	

repeated three times and the results were averaged. 2.3.3 Preliminary results Figure 3.1 displays

  

	Chapter 2: Materials and preliminary characterizations
	1. Hold for 2min at 25°C	
	2. Heat up from 25°C to 550°C at 10°C/min	
	3. Hold for 5min at 550°C	
	4. Cool down from 550°C to 500°C at 20°C/min	
	Switch the gas to oxygen flow at 50ml/min:	
	1. Heat up from 500°C to 800°C at 10°C/min	
	2. Hold for 15min at 800°C	
	3. Cool down from 800°C to 25°C at 20°C/min	
	4. Hold for 1min at 25°C	
	Each test was the evolution of the mass weight of samples (%) as a function of temperature
	(°C). Under nitrogen flow, the three materials experience a significant loss of weight at about
	480°C (±2°C). At 550°C or so, about 99.6% (±0.3%) of the PE-A and PE-B samples weight have
	been lost, whereas the PE-I sample lost about 97.1% (±0.1%) of its weight. During further
	temperature scan under oxygen flow, the variation of mass only occurs in the PE -I sample: in the
	vicinity of 600°C, the sample continually lost about the remaining 2.8% (±1%) of its initial mass.
	According to this finding, the CB content is only about 2.8% in the PE-I samples. Moreover, the
	PE-A and PE-B samples can be approximately considered as pure HDPE materials.	
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Table 5 .1: microstructural

 5 indicators based on DSC measurements.

	Materials	Xc (%) Tf (°C)
	PE-A	Quenched Isotherm	62 73	132.2 135.4
	PE-B	Quenched Isotherm	57 64	129.7 134
	PE-I	Quenched Isotherm	56 64	127.9 134.2
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Table 6 . 1 :

 61 Microstructural characteristics obtained by SAXS measurement

	Materials	Lp (nm) Lc (nm) La (nm)
		Quenched	22	13	9
	PE-A	Isotherm	35	24	11
		Quenched	20	11	9
	PE-B	Isotherm	33	20	13
		Quenched	20	11	9
	PE-I	Isotherm	35	21	14
	2				

.7 Simple tensile characterization 2.7.1 Principle

  

Table 7 . 1 :

 71 Elastic modulus, Yield stress, neck width and tensile toughness of the PE quenched/isotherm samples measured by uniaxial tensile test.

			Elastic	Yield	Neck	Tensile
	Materials	modulus	stress	width	toughness
			(MPa)	(MPa)	(-)	(MPa)
	PE-A	Quenched Isotherm	595 663	24 28	0.5 0.3	202 215
	PE-B	Quenched Isotherm	431 526	20 24	0.55 0.35	135 154
	PE-I	Quenched Isotherm	437 548	21 25	0.55 0.35	130 146

2.7.3.2 Micro-macro relations

As shown in
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Table 1

 1 (provided by INEOS Company).

Table 1 :

 1 Molecular characteristics and isothermal treatment temperatures Tiso of PE pellets

	Materials	Mn (g/mol)	Mw (g/mol)	Mz (g/mol)	Tiso (°C)
	PE-A	7 500	202 200	1 478 900	121.5
	PE-B	6 700	270 800	1 589 400	118

Table 2 .

 2 Physical characteristics of the HDPE pristine microstructures.Chapter 3: Microstructure evolutions in HDPE materials submitted to mixed-mode cyclic tensile loading

	Experimental method	DSC	SAXS	SAXS	Tensile test
	PE-A	Quenched Isotherm	62.1 73.4	22 35	13 24	0.55 0.30
	PE-B	Quenched Isotherm	57.7 64.0	20 33	11 20	0.50 0.35

Materials

Xc (%) Lp (nm) Lc (nm) Neck width (-) Figure 1: Tensile curves and measurement of neck width.

  Chapter 3: Microstructure evolutions in HDPE materials submitted to mixed-mode cyclic tensile loading 𝐼 2 𝜓 (𝑞) is obtained experimentally for 𝑞 1 ≤ 𝑞 ≤ 𝑞 2 . 𝐼 1 𝜓 (𝑞) and 𝐼 3 𝜓 (𝑞) are extrapolated with a linear relation and the Porod's law respectively

	In Equation 7	
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Table 1 :

 1 Initial molecular characteristics and Tiso of the polyethylene pellets

	Materials	Mn (g/mol)	Mw (g/mol)	Mz (g/mol)	Tiso (°C)
	PE-A	7500	202200	1478900	121.5
	PE-B	6700	270800	1589400	118

Table 2 .

 2 Crystallinity Xc, long period Lp, thickness of crystallites Lc and amorphous layers La, [ST] value estimated by Brown's model and neck width of PE plates subjected to different thermal treatments.

	Methods	DSC		SAXS		Brown's model	Neck width
	Material characteristics	Xc (%)	Lp (nm) Lc (nm)	La (nm)		[ST]
	Quenched	62	22	13	9	0.22	0.55
	PE-A						
	Isothermal	73	35	24	11	0.07	0.27
	Quenched	57	20	11	9	0.27	0.65
	PE-B						
	Isothermal	64	33	20	13	0.14	0.32

Table 1 .

 1 Microstructure characteristics of HDPE after shaping process.

	Methods	DSC		SAXS		Brown's model	Neck width
	Microstructure characteristics	Xc (%)	Lp (nm)	Lc (nm)	La (nm)		[ST]
	Quenched	62	22	13	9	0.22	0.55
	PE-A						
	Isothermal	73	35	24	11	0.07	0.27
	Quenched	57	20	11	9	0.27	0.65
	PE-B						
	Isothermal	64	33	20	13	0.14	0.32
	5.3.						

2 Mixed-mode oligo-cyclic tests with simultaneous Digital Image Correlation (DIC)

  

Table 2 .

 2 Long periods of pristine samples and L-necked samples

		PE-A	PE-A	PE-B	PE-B
		Quenched	Isothermal	Quenched	Isothermal
	L 𝑝 𝑠𝑝 (nm)	22	35	20	33
	𝐿 𝑝 𝑓 (nm)	15	-	13	13

  5: Anisotropic deformation behavior of the pre-necked HDPE materials induced by oligo-cyclic loading

	Hang GUO	123
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Table 3 .

 3 Long periods and average width of microfibrils before and after reorientation

		PE-A	PE-A	PE-B	PE-B
		Quenched	Isothermal	Quenched	Isothermal
	Before rotation: L 𝑝 𝑓1 (nm)	15	-	13	13
	After rotation: 𝐿 𝑝 𝑓2 (nm)	14	-	13	13
	𝑖𝑛𝑡𝑟𝑎 Before rotation: 𝐷 𝑓 (nm)	12	13	11	12
	After rotation: 𝐷 𝑓 2 (nm)	12	13	11	13
	5.4.				

3 Failure properties of pristine, L-necked and T-necked samples

  

Chapter 5 :
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	Chapter 6: Estimation of amorphous modulus in the fibrillary HDPE materials induced by
		oligo-cyclic loading
	Hang GUO Hang GUO [2021] [2021] Institut national des sciences appliquées de Lyon Institut national des sciences appliquées de Lyon	126 129
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  compared to the pristine one. It is worth noting that the post -cyclic SAXS characterization of PE-A isothermal sample cannot be performed due to cavitation, the SAXS signal of the lamellae being prevented by the strong scattering intensity of the cavities. Regarding the crystallinity (with the deviation ±1%, the variation is less than 5% in absolute value), a slight decrease, increase of crystallinity is observed in PE-A isotherm and PE-B quenched samples Chapter 6: Estimation of amorphous modulus in the fibrillary HDPE materials induced by oligo-cyclic loading

	Hang GUO	135
	[2021]	
	Institut national des sciences appliquées de Lyon	

Table 1 .

 1 . Molecular properties of HDPE pellets and pre-and post-cyclic and microstructural characteristics.

				Materials	
	State	Characteristics				
			PE-A	PE-A	PE-B	PE-B
			Quenched	Isotherm	Quenched	Isotherm
		Mn (g/mol)	7500		6700	
	Original pellets	Mw (g/mol)	202200	270800
		Mz (g/mol)	1478900	1589400
		Xc (%)	62	73	57	64
	Pre-cyclic	Lp (nm)	22	35	20	33
	(pristine/spherulitic)	Lc (nm)	13	24	11	20
		La (nm)	9	11	9	13
		Xc (%)	61	68	60	64
	Post-cyclic	Lp (nm)	15	-	13	13
	(pre-					
	loaded/fibrillary)	Lc (nm)	8	-	7	8
		La (nm)	7	-	6	5

Cette thèse est accessible à l'adresse : http://theses.insa-lyon.fr/publication/2021LYSEI020/these.pdf © [H. Guo], [2021], INSA Lyon, tous droits réservés

General conclusions and perspectives

Hang GUO 150 [2021] Institut national des sciences appliquées de Lyon sample. Thus, this material pre-loaded by oligo-cyclic deformation can be determined as damaged. This damage (deterioration of failure stress) is anisotropic, which is mainly along the transversal direction. The quenched samples exhibit not only limited volume change but also constant failure properties before and after the oligo-cyclic pre-loading. It seems that the higher ST density in these samples induces the stronger resistance against the seismic damage.

Compared to another material, after the same processing, the one for PE-100 (PE-B) shows lower crystallinity, and thus lower overall modulus, yield stress, and even toughness. However, regarding the PE-A and PE-B isothermal samples, we found that the PE-B exhibits a much stronger resistance against the cavitation and mechanical deteriorations so that it confirms the good seismic performance of PE-100 material. According to the aforementioned macro-and micro-characterizations, this great property can be attributed to the relatively higher ST density in PE-B.

General conclusions and perspectives
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Perspectives

Some concepts deserve to be deepened:

(1) The results presented in the manuscript are all obtained at room temperature. That being said and according to the industrial requirements, the influence of the testing temperature (from -10°C up to 60°C) are valuable to be investigated. Some in-situ SAXS/WAXS tests are already carried out. The results are still under treatment and analysis. (2) When the cycle number is inferior to 100, it seems that the first few cycles show the most important influences on the tensile properties. However, it is also interesting to investigate the influences of both the first few cycles and the saturated ones on the long-term (such as creep and fatigue) properties. ultimately, the evaluation of the lifetime of pre-loaded materials is of importance (3) The macro-micro correlations are discussed only upon uniaxial tensile loading. Now considering a real earthquake, the pipelines will undoubtedly experience a complex (3D) loading mode. for instance, coupled tension, compression, and shearing can be envisioned. Therefore, these correlations need to be deepened by taking into account the different loading modes. (4) The experimental results are valuable ingredients for the development of constitutive modeling. The consideration / integration of these microstructure evolutions and potential damage in the modeling is a key challenge for future studies.