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Introduction

The modern world, in full evolution, requires constantly enhanced performances.

To do so materials with improved properties are continuously necessary, and con-

sequently, research of metallic alloys fulfilling the high demands is needed. Due to

ecological as well as economical reasons, we search for materials that are able to work

both in more extreme conditions and for longer time. This way, already diminishing

metallic resources, would be conserved. At the same time, from economical point of

view, some strategic elements should be avoided. We seek to use less, better, wiser,

longer: to do so, new materials are searched for through various concepts. Numer-

ous possibilities came to life from the novel view on alloys, with multiple principal

elements, called the High Entropy Alloys, HEAs.

This change of perspective on metallic alloys opened the view on central parts

of phase diagrams, omitted up to now. Multitude of new compositions could be

ultimately designed. Some of them have already been shown to possess improved

properties, such as enhanced mechanical resistance. Other alloys with augmented

resistance to creep, irradiation or others could be imagined to replace standard ma-

terials. Stainless steels are one of the biggest group of materials used where the

targeted improvement can be sought in the future, in particular in the areas of

applications, where the most enhanced properties are required. HEAs from the

CoCrFeMnNi family, Cantor’s family, show a high potential to do so upon optimisa-

tion of their single fcc phased structure and high mechanical resistance accompanied

by excellent ductility even at cryogenic temperatures.

Design of new compositions from this family, their optimisation and comprehen-

sion of mechanisms and the origin of good mechanical properties are the aim of

this PhD thesis. The demand to lower or completely eliminate cobalt from the

Cantor’s alloy was the driving force for this project, since this expensive and stra-

tegic element entails some technological (recycling) and utility (irradiation) diffi-

culties. Thereby, original grades of alloys were proposed with decreased Co content

or even Co-free. Their design was done by thermodynamic simulations followed by

experimental verification leading to the understanding of strengthening mechanisms

based on profound microstructural observations and mechanical tests.

Our research was focused on characterisation of the unusual microstructures
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Chapter 0. Introduction

observed in these alloys, with special focus on recrystallisation process and consecu-

tive dislocation structure evolution. Next, the influence of obtained microstructures

on mechanical resistance was analysed. As a consequence, a study of active harde-

ning mechanisms was done. The application of standard strengthening models, usual

for existing and well analysed fcc materials, allowed to position the selected grades of

HEAs among those classical alloys and verify the existence of any casualties typical

for HEAs from the Cantor’s family.

This thesis dissertation is divided into five chapters.

Chapter 1 presents the state of the art of the HEAs topic. It first focuses on

contemporary definitions of HEAs, thermodynamics at the origin of those alloys as

well as the phase formation criteria empirically established and currently in use.

Next, presentation of recent results in the domain of development of HEAs from

various families is addressed. Finally, an insight on the CoCrFeMnNi family is given,

concentrating on the microstructure and mechanical properties of those alloys. A

special focus is given to state of research on the Co-free compositions even if only

few available alloys respect this criterion nowadays.

Chapter 2 shows the selected alloys, as well as the experimental methods applied

during this thesis research.

Chapter 3 focuses on the design of new compositions, with detailed route of

thermodynamic simulations performed within this work. Following, an empirical

verification of those calculations is presented, focusing on phase formation and sta-

bility predicted by phase diagrams. The fulfilment of empirical phase formation

criteria is also shown. Next, an initial evaluation of selected compositions is done,

at the level of microstructure and basic mechanical properties, which allows to nar-

row down the selection of promising alloys to one single composition: the so-called

Y3 Co-free alloy.

Chapter 4 is dedicated to thorough analysis of microstructure, with focus on

dislocation structure evolution. Question about occurrence of recrystallisation upon

annealing, arisen during those observations, is addressed.

Chapter 5 analyses the possible strengthening mechanisms present in the se-

lected Y3 alloy at all possible structural scales, starting from dislocations through

grain boundaries up to precipitation hardening. Classical hardening models, like

dislocations forest hardening and Kocks-Mecking model are applied to verify the di-

vergence of HEAs compared do standard fcc materials. Hall-Petch analysis is used

to estimate the magnitude of strengthening of the Y3 alloy in various states by

grain boundaries. To conclude, further strengthening of this single fcc material by

secondary precipitation, is verified.

The dissertation is completed by general conclusions. Perspectives for further

work are also suggested.
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New classes of metallic

materials: High Entropy Alloys
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1.1 Many names of HEAs

1.1 Many names of HEAs

The concept of High Entropy Alloys (HEAs) has been introduced by Yeh in 2004 [1]

where he proposed the increased entropy of mixing as a possible reason for solid

solution stability in multi-principal element alloys. He argues that high number of

constituent elements significantly increases the ∆S term in the Gibbs free energy

equation thus lowering the total energy of mixing (more details in Chapter 1.2) and

favouring the solid solution formation over intermetallic compounds.

∆G = ∆H − T∆S (1.1)

In the same publication Yeh gave the first definition of HEAs as follows: "High

entropy alloys are composed of five or more principal elements whose concentrations

are contained between 5 and 35 at.%" [1]. Second part of this definition focuses

on the configurational entropy, where HEAs are defined as alloys with ∆S ≥ 1.5R,

Medium Entropy Alloys (MEAs) are in the range 1.0R ≤ ∆S ≤ 1.5R and Low

Entropy Alloys (LEAs) ∆S ≤ 1.0R [2,3]. Both criteria cover a large range of alloys

and for most cases they overlap, but it is enough for a single phased alloy to fulfil

one of them to be called a HEA.

In parallel with Yeh’s first definition of HEAs, independently another article was

published, this time in the United Kingdom, by Cantor [4] where he presents micro-

structural results of many multicomponent alloys. It is him who first introduced the

now most well known and largely studied composition, the single phased equimolar

CoCrFeMnNi that is often referred to as the Cantor’s Alloy.

Since 2004 the novel HEA group of alloys have been given many other names

such as: multi principal elements alloys (MPEAs), equimolar alloys, substitutional

alloys, multi component alloys or complex concentrated alloys (CCAs) depending on

their chemical and phase composition [5,6]. It shows how vast is the area of interest,

with an immense number of alloys "to investigate in the unexplored central regions of

multicomponent alloy phase space" [4]. In the latest review on HEAs, Miracle and

Senkov [6] proposed to use the High Entropy name for alloys where stabilisation

of a single solid solution is the key feature. Whether on purpose or not, the first

approach in the early days of HEAs was directly associated with single phased solid

solutions controlled by configurational entropy. Alloys that do not necessarily fulfil

the entropy definition, like ternary or quaternary compositions, are usually included

in the MPEAs and multiphased alloys are often called the CCAs [6]. No matter

the name we give them, those alloys are a whole new direction in the search for

enhanced phase stability, mechanical properties or other special features.
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1.2 Thermodynamics of High Entropy Alloys

Yeh proposed four core effects that differentiate HEAs from classical alloys [7]. Three

out of those effects, in explicit high-entropy effect, sluggish diffusion and severe

lattice distortion, were under the form of hypotheses that in the last years researchers

tried to confirm or discard. In this chapter those four effects will be presented and

confronted to recent results in each field.

High-entropy effect

The high entropy effect is said to be the signature concept of HEAs. It suggests that

in near equiatomic compositions of 5 or more elements the formation of solid solution

may be favoured over intermetallic phases due to increased configurational entropy.

According to Gibbs free energy equation 1.2, the increase of entropy of mixing

decreases the total free energy. However, it has been pointed out that addition

of a new component may lead to formation of intermetallics more stable than solid

solutions [5,8]. Up to now the enthalpy was considered as non-existent but obviously,

it plays a role side by side with entropy in stabilisation of solid solutions. It has been

shown by Takeuchi et al. [9] that ideal and regular solutions are uncommon. In fact

out of 1176 binary metallic systems they analysed about 85% are non-regular with

non-negligible H. In consequence enthalpies and entropies of mixing for both solid

solution and intermetallics are in constant competition and it is the small differences

between them that decide about phase stability.

∆Gmix = ∆Hmix − T∆Smix (1.2)

If we consider an ideal solution, the effect of enthalpy of mixing can be neglected

(∆Hmix = 0) compared to the entropy ∆Smix. In such case, the change in Gibbs free

energy due to mixing depends only on change in the configurational entropy [10]:

∆Gmix = −T∆Smix = RT
∑

xilnxi (1.3)

where R is the ideal gas constant and xi is the concentration of component i in

the alloy. For an equiatomic alloy, the configurational entropy of mixing reaches its

maximum and can be written as follows [5]:

∆Smix = RlnN (1.4)

where N is the number of components. For quinary equiatomic alloy ∆Smix = 1,61R,

this value is to be compared to traditional metallic alloys where the entropy is of

the order of 1R. Figure 1.1a shows the change of entropy for a hypothetical ideal
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1.2 Thermodynamics of High Entropy Alloys

ternary system. The maximum is reached for the equimolar ratio [5]. Zhang et

al. [8] showed on the example of theoretical binary A-B and ternary alloys A-B-C

that addition of one more element in the system may be beneficial in suppressing

the formation of compounds. It is represented by Figure 1.1b, where the red line

a3b3, corresponding to the Gibbs energy for ternary alloy, is lower than blue line

a1b1, equivalent to a binary alloy.

(a) (b)

Figure 1.1: a) Illustration of the ∆Smix for ternary alloy system with the composition
change [5]; b) Gibbs energies of phases in a hypothetical A-B-C system [8]

The above analysis considers only a random configuration in solid solution which is

often a poor estimation of total value of entropy. In real solutions the ∆S term can be

more complex since other types of entropy must be considered, such as vibrational,

electronic and magnetic. All those variables result in very different entropy curves,

that can be highly asymmetric with respect to composition. At the same time,

influence of temperature is not included in this reasoning. The importance of ∆S

term is magnified by the temperature and at low temperatures its impact decreases.

The values of entropy and enthalpy depend on each individual system and are not

the sole parameter to take into account for phase formation prediction. It is also

very important to bear in mind that all the thermodynamic approaches consider

only solutions in equilibrium [6].

According to Gibbs phase rule, in equilibrium conditions, under constant pressure,

the number of phases possible to form P, in an alloy of C components can be

calculated from:

P = C + 1 − F (1.5)

where F is the maximum number of thermodynamic degrees of freedom in the

system. This means that for a 5-component system at a given pressure, a maximum

of 6 equilibrium phases can be expected (for F = 0). Some researchers express

surprise to frequently find fewer phases than allowed by the Gibbs phase rule [5,11],

others claim that HEAs violate the Gibbs phase rule [12]. The low number of
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Chapter 1. New classes of metallic materials: High Entropy Alloys

phases present in HEAs has been also used to support the presence of entropy

effect in those alloys [13]. Despite the evidences confirming that high entropy of

mixing truly extends the solubility limits of solid solutions [14], it can not be used

as confirmation of "high entropy" hypothesis. The fact is that the phase rule gives

only the allowed number of phases for each system but it in no case suggests the

probabilities or expectations of phases that will actually exist in any given alloy [6].

It is very uncommon even in simple or complex solutions to observe the maximal

number of allowed phases as it implies very specific conditions.

Sluggish diffusion effect

Atom diffusion plays an important role in almost all phenomena involving micro-

structure in materials. It influences among others solidification, any solid state phase

transformation (except martensitic ones) or grain growth. The diffusion coefficient

D depends on the temperature T and apparent activation energy Q and is defined

as follows [15]:

D = D0e
−Q

kT (1.6)

where D0 is the maximum diffusion coefficient at infinite temperature and k is the

Boltzmann constant. With increasing activation energy the movement of atoms

becomes more difficult and so, the diffusion slows down. Q is highly influenced

by nature of diffusing atoms and the environment of their motion. It is claimed

that diffusion in HEAs might be slowed down due to larger fluctuation of lattice

potential energy (LPE) between lattice sites [2]. Vacancy concentration plays an

essential role for substitutional diffusion but due to increased complexity of HEA

systems, the concentration of vacancies is limited. Their creation in those alloys is

associated with positive enthalpy of formation and excessive mixing entropy [3].

The sluggish diffusion effect has been proposed based on secondary observations

since direct measurements of diffusion coefficient are very difficult in such complex

systems. It was presented as one of possible explanations for some of the noticed

behaviours in HEAs, for example the formation of nanostructures upon solidification

[16] or slow phase transformations upon annealing [17]. Unfortunately, those indirect

observations are proof of slow kinetics but they do not show that the diffusion is

slowed down in HEAs compared to conventional alloys.

Major results about diffusion coefficients in complex alloys available in literature

come in fact from only one publication. Tsai et al. [15] studied the diffusion kinetics

in HEA, by analysing quasi-binary systems in the ideal-solution-like FCC Co-Cr-

Fe-Mn-Ni alloys. It was observed that elements, listed in the order of decreasing

diffusion rate are Mn, Cr, Fe, Co and Ni (presented in Fig. 1.2a), which is similar

to the sequence in conventional metals. The diffusion coefficients of elements in this
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1.2 Thermodynamics of High Entropy Alloys

HEA system are clearly smaller than in the pure FCC metals, but also smaller than

in alloys with lower number of constituents. Moreover, the normalised activation

energies Q/Tm in the CoCrFeMnNi HEA are higher than in reference metals which

is in accordance with sluggish diffusion theory. However Miracle and Senkov in their

latest review of HEAs [6] suggest that the diffusion rate in analysed alloys can not

be considered as significantly lower. The authors have analysed the data set of Tsai

et al. and they have come to conclusion that for instance the CoCrFeMn0.5Ni alloy

does not show any significant differences in diffusion coefficient if placed among

many other FCC metals and alloys, for data normalised at Tm. This wide range

is shown in Fig. 1.2b. The authors conclude that differences within one order of

magnitude are negligible. The topic needs to be further explored to support the

conviction that MPEAs/HEAs/CCAs show unusually slow diffusion.

Figure 1.2: a) Normalised activation energies of diffusion for Cr, Mn, Fe, Co and Ni
in different matrices [15]; Diffusion coefficients of Ni (DNi) in FCC elements, stainless
steel alloys (composition in at.%) and CoCrFeMn0.5Ni as a function of b) inverse abso-
lute temperature and c) inverse absolute temperature normalised by the melting or solidus
temperature of the host alloy, Tm [6]

If it were to be confirmed, sluggish diffusion may be at the origin of enhanced phase

stability and slowed down microstructural evolution with phenomena dependant

from it like precipitation, recrystallisation or creep. Indirectly it can stabilise the

microstructure resulting in slower coarsening of precipitates or grains, increased

temperatures of recrystallisation and better creep resistance. Let us take the grain
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Chapter 1. New classes of metallic materials: High Entropy Alloys

growth as an example. This process does not include change in composition, but

requires cooperative diffusion of all composing elements during the movement of

grain boundary. Therefore, grain growth rate will be determined by the slowest

diffusing element, which in the case of Cantor’s alloy is Ni (Q = 318 kJ/mol) [15].

Comparative values of Q activation energy for grain growth reported in literature

are as follow:

CoCrFeMnNi HEA > SS 304L

322 kJ/mol [18] 150 kJ/mol [18]

Of course those values depend strongly on the history of treatments of the material,

but they can show the trend, where HEAs present a lower diffusion rate (assuming

the values are defined correctly by Tsai et al. which is also argued by Aloke [19]).

This in turn, strongly influences the evolution of microstructure during annealing.

Small diffusion coefficient describes more limited mobility of atoms. Sluggish diffu-

sion can for example be used to explain the fine microstructure and the formation

of nano-sized precipitations [5], but as it was evoked before it is just one of possible

explanations and it does not prove the actual slowed diffusion.

Severe lattice-distortion effect

Due to high number of components of different sizes, where each atom has the same

probability to occupy a given place in the lattice, distortion of the lattice can be

severe in HEAs (as presented in Figure 1.3). Furthermore the atomic displacement

is enhanced by bonding differences and crystal structure disparities among multiple

compounds [3]. Those changes in atoms positions can affect various properties like

hardness, electrical and thermal conductivity and effect of temperature on pro-

perties [7, 13]. Unfortunately attempts to quantify the lattice-distortion effect are

problematic, since it is difficult to separate it from other contributions like shear

modulus mismatch between elements or electronic structures influencing the local

bond states [20]. Just like sluggish diffusion effect, the lattice distortion has been

guessed based on secondary observations, for example grain boundary hardening

efficiency [18] or unexpected loss of x-ray diffraction peak intensities due to enhanced

X-ray scattering on roughened atomic planes [21].

One of the predicted effects of severely distorted lattice should be large solution

hardening. Several studies have tried to find explicit proof of this phenomenon

[20, 22–26]. They all come to the same conclusion that strengthening does not

depend directly on number of constituents, nor is it maximised by the equiatomic

composition. It is influenced in greater extent by the nature of chemical elements

in the multicomponent alloys. Toda-Caraballo has developed a model predicting

the solid solution hardening in alloys that can be extended to HEAs [25]. Based on
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1.2 Thermodynamics of High Entropy Alloys

some data available in literature the model has been proved to be in good agreement

with experiment for both fcc and bcc alloys and could be used in design of new

compositions.

Figure 1.3: Severe lattice distortion in a multicomponent crystal structure [2]

Cocktail effect

Cocktail effect is the only one that is not a hypothesis needing a confirmation. It

was first proposed by Ranganathan to illustrate the many possibilities and surprising

effects of alloy design and development [27]. It reminds us as well that numerous

exceptional properties are the result of unexpected synergies. This effect is found in

many alloys, also the so called "conventional" ones, but in HEAs it is enhanced since

the number of major elements is high. No matter how many phases are present in

the HE alloy, each of them is a multi-principal solid solution that can be considered

as an atomic-scale composite [3].

Figure 1.4: Temperature dependance of yield stress of Nb25Mo25Ta25W25 and
V20Nb20Mo20Ta20W20 HEAs and two superalloys, Inconel 718 and Haynes 230 [29]

While designing an alloy it is important to remember that there are many sources

of its properties. Firstly coming from the constituent elements by the mixture

rule. Secondly from the interactions between various atoms and lattice distortion

at the atomic-scale and finally the multiphase composite effect at the micro-scale (if

multiple phases are present). Those interactions may increase the effects predicted
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by the mixture rule and result in unforeseen properties. An example frequently

evoked in literature reviews is that of refractory HEAs. Senkov et al. managed

to obtain single BCC phased alloys: Nb25Mo25Ta25W25 and V20Nb20Mo20Ta20W20

that present high yield strength even at very high temperatures. Due to their high

melting temperature they maintain satisfying properties up to 1600°C, increasing

possible range of temperatures at which they could work (Fig. 1.4) whereas the

superalloys currently used in turbine engines show significant drop in YS at about

750°C. It is also found for hardness measurements within the same family of alloys.

It reaches the values of 4455 MPa and 5250 MPa respectively which are about 3

times higher than the mixture rule predicts [28].

1.3 Empirical criteria of solid solution formation

Initial definition of HEAs imposed the search for one single phase [1]. Now, this con-

dition seams to be too restraining and more possibilities are accepted and considered

as promising: dual-phased alloys with fcc and bcc phases or presence of intermetal-

lics. In all cases, availability of tools allowing the prediction of phase formation is

of big utility, regardless if the goal is single or multi phased alloy.

In classical metallurgical approach, alloys are composed of a solvent, that is the

major element, and solutes added to form new solid solutions or secondary phases

with better and more desirable properties. A basic set of rules have been defined by

W. Hume-Rothery since 1936 for solid solution formation, for substitutional alloying.

It describes the conditions under which an element can dissolve in a metal, forming

a solid solution. Most important of them are the following [30]:

– Solid solution formation is more probable when atomic size mismatch between

the solute and the solvent is of less than 15%. The mismatch factor is defined

as:
rsolute − rsolvent

rsolvent

· 100 < 15% (1.7)

– The lower the difference in electronegativity (or electropositivity) between the

solute and the host, the more likely is the formation of substitutional solid

solution. Otherwise, formation of intermetallic compounds will be promoted

due to limited solubility.

– A metal with a lower valency is more likely to dissolve in one which has a

higher valency than vice versa. The maximum solubility is achieved when

solute and solvent have the same valency.

– the crystal structures of the solute and the solvent should be similar for better

solubility.
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1.3 Empirical criteria of solid solution formation

Multiple elements present in HEAs do not allow to define the solvent and solutes

in a straightforward way. It has been attempted by many researchers to define

guidelines for phase formation in HEAs, but at the moment most of them are em-

pirical observations of high number of compositions in attempt to find some general

trends [30–40]. It should be noted that many phases have been defined based on

as cast state, that is not necessarily the closest to equilibrium. According to equa-

tion 1.2 the influence of entropy of mixing is enhanced at high temperatures where

disordered solid solution formation is favoured during solidification, but it does not

mean that intermetallics are not thermodynamically more stable phases at lower

temperatures. In addition, phase identification done currently by XRD measure-

ments is burdened with the technique uncertainty and some minority phases might

have not been detected.

Even though the Hume-Rothery rules can not be directly applied to this kind of

alloys, some similarities can be found within the proposed phase formation rules for

HEAs. The most apparent similarity is the atomic radii mismatch, δ:

δ =

√

√

√

√

√

n
∑

i=1

ci



1 − ri
∑n

j=1 cjrj





2

(1.8)

where ci, cj are mole percentages of ith and jth components and ri, rj are their

respective radii [30, 31,35].

Correlation between atomic mismatch and phase formation for various alloys was

done in several studies [30, 31, 35]. It was shown that δ should be below 6.6% to

form a random solid solution, and just like the mismatch rule by Hume-Rothery,

it imposes a maximum atomic size differences. Otherwise ordered structures are

promoted or even the amorphous phase might be formed. The δ parameter is often

used as a base to compare other criteria of formation proposed in literature and so,

most diagrams to determine phase formation put it as the abscissa.

Naturally, phase formation is ruled by thermodynamics, and the phase with lowest

free energy will be stabilised (following the Gibbs free energy equation 1.2). There

is a constant competition between entropy and enthalpy of mixing and so the first

parameter proposed to predict phase formation was the Ω, which can be defined as

follows:

Ω =
Tm∆Smix

|∆Hmix| (1.9)

It is dependent on ∆Hmix, ∆Smix and Tm which are described as presented below:

∆Smix = −R
n
∑

i=1

(cilnci) (1.10)

where ci is the mole percentages of ith component and R = 8.314 JK−1mol−1 is the

gas constant;
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∆Hmix =
n
∑

i=1 i6=j

4∆Hmix
AB cicj (1.11)

where ci, cj are mole percentages of ith and jth components and ∆Hmix
AB is the

enthalpy of mixing of binary liquid alloys.

Tm is the predicted melting temperature based on the rule of mixing:

Tm =
n
∑

i=1

ci (Tm)i (1.12)

where Tm is the melting point of ith component in the alloy.

(a) (b)

Figure 1.5: Relatchionships between phase formation parameters for multi-component
alloys a) ∆Hmix as a function of δ [31] b) Ω as a function of δ [35]

The relationships between ∆Hmix, Ω, and δ have been plotted in Figure 1.5. They

regroup typical HEAs reported in literature (a table assembling all the available data

can be found in [3]). Some tendencies can be found, although the boundaries between

various regions are vague. In the zones marked by S, disordered solid solution should

typically be formed. The atomic size difference is relatively small, and the atoms can

easily substitute each other, the lattice distortion is quite low. Entropy of mixing

reflects the level of „confusion of the system” and the higher it is, the more difficult

formation of ordered structures is, and creation of solid solution is favoured. Guo et

al. [37] was the first to use the term of „confusion of the system” for HEAs in a way

similar as it was used in reference to amorphous phases in metallic glasses, where it

means that the more alloying elements are involved the lower the chance that the

alloy can form a well defined crystal structure. For HEAs the confusion reflects the

random distribution of elements, without any order of short or long range. With

high confusion the system has the possibility to choose between solid solution and

amorphous phase formation. At the same time, the contribution of enthalpy of

mixing has to be taken under consideration. When it is only slightly negative, the
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1.3 Empirical criteria of solid solution formation

effect of entropy of mixing is dominant and compound formation can be avoided.

On the other hand, when the ∆Hmix decreases significantly, the tendency to create

ordered structures becomes higher and some intermetallics appear. If in addition

the atomic mismatch increases it becomes difficult for atoms to create a crystalline

structure and bulk metallic glasses are obtained (zone B) [31,35]. It is due to strain

that is created by the size mismatch, which can lead to topological instability and

finally formation of amorphous phase, which is in accordance with Hume-Rothery

rules.

The parametric approaches evoked until now can help predict the solid solution

formation but can not tell much about the achieved crystalline structure. It is widely

known that crystalline structure significantly affects the mechanical behaviour of

alloys. Most known HEAs form either bcc or fcc solid solutions and sometimes it

depends merely on content of one element. An example can be given here citing

Yeh’s first publication in the topic [1], where change in Al content influences the

obtained crystalline structure and as a consequence, the hardness of the alloy. With

increasing Al content first a single fcc structure is obtained, then a dual-phased fcc

+ bcc alloy is reached to finally become a fully bcc one. It is well known that bcc

structure increases materials strength (unfortunately usually followed by increased

brittleness). Therefore, being able to predict the appearance and the fraction of bcc

phase could lead to tailored properties (as shown in Figure 1.6a).

(a) (b)

Figure 1.6: a) Hardness and lattice constants of CuCoNiCrAlxFe alloy system with
different x values (A hardness, B lattice parameter of fcc phase and C lattice parameter of
bcc phase) [1]; b)Radius vs. electronegativity mismatch for the multicomponent systems.
BCC and FCC stands for formation of only one phase, SS stands for formation of more
solid solutions, SS + IM for formation of solid solution and compounds or only compounds,
SS + σ for systems where the formation of solid solution plus σ phase occurs [30]

New parameters are needed to predict formation of a specific crystalline structure.

Inspiration comes again from Hume-Rothery rules that evoke the equivalency and

electronegativity of alloying elements stabilising fcc- or bcc-type solid solutions. In

general, atoms with similar electronic structure will have a tendency to force the

creation of specific crystalline structure. The concept could be in simplification
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described as a way the atoms perceive each other and their surroundings. Let’s

focus first on the difference in electronegativity between constituent atoms. It is

defined as follows:

∆χ =

√

√

√

√

√

n
∑

i=1

ci



χi −
n
∑

j=1

cjχj





2

(1.13)

where χi is the electronegativity of ith element and
∑n

j=1 cjχj represents the av-

erage electronegativity in the alloy. A comment about the way to determine the

electronegativity is necessary. In fact, it was suggested by Poletti et al. [30] that

instead of empirical Pauling scale, the values of Allen electronegativity should be

used. Pauling assumed that the electronegativity represents the power of a molecule

or atom to attract electrons to itself. On the other hand, Allens scale represents a

more recent and physically based way to express electronegativity where it is con-

sidered as the average energy of valence electrons in a free atom [41]. Even though

the values are comparable with Pauling for most elements, some differences can be

found, especially for transition metals [42].

Just like previous parameters, ∆χ was represented for numerous alloys in function

of the atomic radii mismatch, Figure 1.6b [30]. Considered structures are single fcc

or bcc, mix of two solid solutions SS, systems with intermetallic phase SS + IM and

systems with σ phase SS + σ. A clear division was obtained between the area of

solid solutions (FCC, BCC, SS) and the area where intermetallics or σ phase were

observed. The radius mismatch is between 1% and 6%, like in previously analysed

works. The electronegativity difference is of the order of 3-6 %. A tendency can be

found: for higher δ and lower ∆χ, bcc solid solutions occur more frequently than

fcc.

Next parameter, the effect of electron concentration, is a slightly more complex

parameter to analyse. There are two possible ways to define it: firstly by the number

of total electrons accommodated in the valence band, named the valence electron

concentration or VEC and secondly the average number of itinerant electrons per

atom, e/a [36]. One should be careful about the choice of parameter. Hume-Rothery

rule uses e/a that has a clear influence on the crystalline structure for the so called

electron compounds. Most HEAs are composed of transition metals for which this

parameter has shown to be controversial and difficult to estimate since it varies in

different environments; moreover, it has not been yet verified for all elements [43].

For convenience VEC is used more frequently as a concentration parameter for HEAs

containing transition metals. VEC of an alloy can be defined as a weighted average

from VEC of the constituent elements, as shown by equation 1.14:

V EC =
n
∑

i=1

ci(V EC)i (1.14)
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Guo et al. [36] have analysed numerous alloys from AlCoCrCuFeNi family forming

solid solutions (where in particular no intermetallic or amorphous phases exist),

where different elements vary in content. Some correlations between VEC and phase

formation have been established and presented in a form of graph in Figure 1.7. For

VEC ≥ 8.0 the only present phase is fcc; in the range of 6.9 ≤ VEC < 8.0 the

structure is a mix of both fcc and bcc structure and finally under VEC = 6.9, only

bcc exists. Those experimental observations lead to some general conclusions that

fcc phases are stabilised for higher VEC while bcc phases formation is preferential at

lower VEC values. Some exceptions occur from this rule, mostly for alloys containing

manganese, but essentially it is a convenient way to design crystalline structure of

HEAs containing transition metals. Nevertheless it has to be remembered that the

obtained results come from as cast samples and different ways of solidification or

cooling rates may move the alloy away from its equilibrium crystalline structure [44].

It is understandable since as cast HEAs may be considered as frozen solid solution

from high temperatures [3]. In Guo et al.’s work there has been no distinction

between ordered or disordered phases and no indication of a number of created

phases.

Figure 1.7: Relationship between VEC and the fcc, bcc phase stability for more HEA
systems. Note on the legend: fully closed symbols for sole fcc phases; fully open symbols
for sole bcc phase; top-half closed symbols for mixes fcc and bcc phases [36]

For ease, parameter used for phase formation prediction are presented in Table 1.1

along with their definitions and experimentally determined values for solid solution

formation. In recap, critical thresholds for fcc and bcc phases formation have been

confirmed for many alloys but must be used as a reference and not strict bounds.

They are and empirical indication and not a general rule.
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Table 1.1: Summary of phase formation parameters and their empirically defined values
in HEAs

Parameter Definition Values for solid solution formation Ref.

1. δ

√

∑n
i=1 ci

(

1 − ri

r̄

)2 ≤ 6.6% [30,31,35]

2. ∆Smix -R
∑n

i=1 cilnci 11 ≤ ∆Smix ≤ 19.5 J/K·mol [32]

3. ∆Hmix
∑n

i=1 i6=j 4∆Hmix
AB cicj -11.6 ≤ ∆Hmix ≤ 3.2 kJ/mol [31]

4. Ω Tm∆Smix

|∆Hmix| ≥ 1.1 [35]

5. ∆χ
√

∑n
i=1 ci (χi − χ̄)2 3-6% [30]

6. VEC
∑n

i=1 ci(V EC)i

fcc ≥ 8.0%
6.9% ≤ fcc + bcc < 8.0%

bcc <6.9%
[36]

1.4 Design of HEAs

The empirical parameters presented in the previous section are not easy to establish

and give only an approximate idea of possible phase formation. It is now known that

the configurational entropy of mixing is not always the dominant factor, specially

with decreasing temperature. Other factors like atomic size difference, enthalpy

of mixing and electron configuration need to be taken into consideration in phase

formation prediction. Unfortunately, it is still not intuitive as to what crystallo-

graphic structure will be obtained for a specific composition. The most instinctive

way to represent the phase stability are phase diagrams and it might be the next

step in designing new HEAs [8,45,46].

Empirical way to obtain phase diagrams are casting and phase identification in

high number of alloys. It can be very costly and time consuming, especially if

multicomponent systems are to be explored. Thermodynamic calculations used

in CALPHAD (CALculation of PHAse Diagrams) method can be a good comple-

mentary tool to this empirical technique. It is based on the fundamental thermo-

dynamic law saying that a system reaches its equilibrium when the lowest Gibbs

energy at a given composition, temperature and pressure is obtained [47]. An im-

portant advantage of CALPHAD method is that it can predict phase diagrams of

higher order by extrapolation from lower order systems, such as binary and tern-

ary systems; although the accuracy of extrapolation is highly dependant on input

databases. The CALPHAD method requires both a computational software, like

Thermo-Calc [48, 49], and thermodynamic databases. The term "thermodynamic

databases" refers to an assembly of Gibbs energy parameters for a large number

of binary and ternary systems. The latest Thermo-Calc release, the High Entropy
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1.4 Design of HEAs

Alloys database TCHEA3 2018, contains almost all binary systems in the 26-element

framework, which are assessed to their full range of composition and temperature. In

addition, more than 400 ternaries are assessed, and 136 of them to the full range of

composition and temperature. Senkov et al. [50] carried out numerous CALPHAD

calculations using various thermodynamic databases developed by Another com-

pany, CompuTherm. They found that, with increasing number of components the

fraction of solid solution phases decreases, while content of solid solutions with in-

termetallic phases increases, as shown in Figure 1.8. It is an expected outcome due

to increased complexity of the system.

Figure 1.8: Distribution of multi-principal element alloys by categories. Fractions of
a) solid solution phases, b) intermetallic phases, and c) solid solution + intermetallic
phases for equimolar alloys from 3 - 6 component systems at solidus temperature (Tm)
and 600◦C [50]

It is also in accordance with experimental observations of empirical formation

parameters, that despite the elevated entropy of mixing due to increased number

of constituent elements, formation of intermetallics is allowed due to lowered en-

thalpy [3]. General conclusions seam to say that CALPHAD method calculations

are capable of producing accurate and reliable phase diagrams as long as the used

database is well adapted to the designed system. A credibility parameter is evoked

which would consist of fractions of fully thermodynamically assessed systems of lower

order. It is considered that calculations are fully credible when the thermodynamic

data for all systems are available. Unfortunately for N-component alloys with N

> 3, it is impossible to possess all systems embedded in the database and so the

CALPHAD predictions should not be overestimated and considered cautiously when

extrapolating the compositions to the centre of a multicomponent phase diagram.

Another approach to design of alloys was proposed by Tancret et al. [51]. They

combine all the previously proposed empirical parameters through a statistical ana-

lysis of existing highly concentrated multicomponent alloys using Gaussian pro-

cesses. Several probability functions are defined based on the chance of a parameter

value to result in a solid solution. The reliability of predictions is increased by in-

tegrating computational thermodynamics (Thermo-Calc) and its databases to the

process. In this work only single phased alloys are considered as HEAs and so the

method was verified on over 300 alloys from the literature. More than 60 equiatomic

alloys were successfully proposed by the method to be single phased.
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Chapter 1. New classes of metallic materials: High Entropy Alloys

1.5 Various HEA families for various applications

There have been more than 400 complex, concentrated alloys reported in literature.

They can be divided into seven families: 3d transition metal alloys, refractory

metal alloys, light metal alloys, lanthanide (4f) transition metal alloys, brasses

and bronzes, precious metal alloys and interstitial compound (boride, carbide and

nitride) alloys [6].

Figure 1.9: Yield strength, σy, vs density, ρ. HEAs in dark dashed circle. Grey dashed
contours (arrow indication) label the specific strength, σy/ρ , from low (right bottom) to
high (left top) [8]

Most widely studied family contains 3d transition metals and more precisely at

least four out of the following: Co, Cr, Cu, Fe, Mn, Ni, with occasional additions of

Al. Among others, the "Cantor’s alloy", the first reported HEA and a prototypical

single phase disordered solid solution alloy, belongs in that family. This family of

HEAs can be considered as an extension of stainless steels and superalloys who

all have Fe-Cr-Ni as base and in which, cobalt is sometimes present. Austenitic

stainless steels often have high amounts of Mn and smaller additions of Al, Ti, Nb

for precipitation hardening or increased oxidation resistance. Nickel alloys have Mo

as one of the principal elements and some additions of Co, Fe, Al or Ti. Finally

nickel superalloys are already part of complex concentrated alloys with Ni-Co-Cr-

Fe-Mo as base and additions of Al, Nb, Ti to form significant volume fraction of

hardening intermetallic phases. This extension is clearly visible on the Ashby plot of

yield strength as a function of density (Figure 1.9). Newly developed alloys position

themselves slightly above stainless steels and nickel alloys. They are characterised

by good mechanical resistance combined with good ductility if the alloy is single

fcc phased and further increased strength if γ′ phase is present which could lead
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1.5 Various HEA families for various applications

to substitution of some steels, especially working at extreme temperatures (from

cryogenic to 0.5 - 0.7 Tm). Cantor’s family and its variations will be described in

more detail in section 1.6.

Second biggest group of HEAs are the refractory metal alloys. They contain

at least four out of following elements: Cr, Hf, Mo, Nb, Ta, Ti, V, W, Zr and very

often an addition of Al. These compositions were imagined to serve in the industry

fields where high strength and phase stability at elevated temperatures are most

valuable, for example the aerospace industry. Potential application may include

thermal protection sheets or even turbine blades and disks if other problematic

aspects, like corrosion or brittleness are solved. It might be the first HEA family with

a specific purpose and particular requirements to compete with nickel superalloys.

To be able to achieve this purpose, the alloys they need to be lighter and more

oxidation resistant than what could have been reached until now. The refractory

HEAs might increase the operating stress or the operating temperature, or both.

Designed alloys are usually based on one of the following groups of elements: Mo-Nb-

Ta-W, Hf-Nb-Ta-Zr, Cr-Mo-Nb-Ta or Cr-Nb-V-Zr. They can contain non-refractory

elements, like Al or Si, to decrease the total density [6, 29, 52–60]. Mechanical

properties in this family of alloys can vary significantly. Vickers hardness can be

considered as an example, where for NbTiV2Zr it is of the order of 3 GPa [53] and

for AlMo0.5NbTa0.5TiZr it goes up to 5.8 GPa [55]. Looking at the compressive yield

stress, σy, they are also some exceptional materials. It is usual for curently used

materials, like Haynesr 230r, INCONELr 718 and MAR-M 247r, to present a

significant drop in σy around 1000 K, but some newly developed refractory HEAs

can overcome this limitation. In Figure 1.10 compressive yield stresses in function

of temperature for various compositions are presented.

Two alloys stand out: MoNbTaW and MoNbTaVW retain useful strength of

nearly 400 MPa up to about 2000 K. If we consider the normalised yield stress,

σy/ρ, those two alloys easily fulfill the conditions imposed to thermal protection

sheets and could compete in this area with the Haynesr 230r alloy (Figure 1.10).

Even though the result is impressive and highly promising, one has to bear in mind

that these are compressive results and very little is known about the tensile be-

haviour of these materials. They have been shown to undergo brittle to ductile

transition between room temperature (RT) and 600◦C in addition to elevated dens-

ities, 13.75 and 12.36 g/cm3 respectively. At the same time nearly no information

is available about the oxidation resistance of those compositions and the little tests

done show rather poor corrosion behaviour. These, nevertheless optimistic results,

lead to design of refractory alloys with lower densities, by addition of elements like

Al and/or Si (ρ between 5.59 g/cm3 and 8.0 g/cm3). Here again one of the com-

positions stands out among the others with highest RT σy and σy/ρ measured to
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Chapter 1. New classes of metallic materials: High Entropy Alloys

date, accompanied by 10% ductility in compressive RT, and density of 7.40 g/cm3.

Its composition is AlMo0.5NbTa0.5TiZr [61] and appears as the fist HEA able to

compete with INCONELr 718 and MAR-M 247r as a material for turbine blades

and disks (Figure 1.10).

Figure 1.10: Temperature dependence of a) compressive yield strength, σy, and b) σy

normalized by alloy density, ρ, of refractory concentrated, complex alloys. Initial strain
rates, ǫ̇ , range from 2 · 10−4 to 10−3 s−1. Data are taken from Refs. [29,52–57]. Tensile
σy for commercial superalloys (Haynesr 230r, INCONELr 718 and MAR-M 247r)
are shown for reference. Typical σy/ρ requirements for thermal protection sheet (TPS),
turbine blades and disks are shown in b) [6]

The microstructure of AlMo0.5NbTa0.5TiZr is composed of bcc cuboids roughly

50 nm on a side surrounded by B2 ordered nano-lamellae parallel to the cuboid

faces (Figure 1.11) [61, 62]. Chemical analyses show that the ordered phase is en-

riched in Al, Ti and Zr, whereas the disordered bcc solid solution richer in Mo, Nb

and Ta. This microstructure resembles visually the known and currently used Ni-

based superalloys which have high fraction of L12 ordered γ
′

phase in form of cubes

embedded in the fcc γ matrix. Unfortunately the reversed structural composition

questions the possibility of tensile deformation in this alloy, since the matrix is the

brittle phase.

Figure 1.11: (a–f) XEDS elemental-maps of Al, Ti, Zr, Mo, Nb, and Ta, respectively,
recorded in STEMusing the Super-X™detector, g) Dark-field TEM micrograph of the nano-
phase structure of AlMo0.5NbTa0.5TiZr; and respective selected area diffraction pattern.
The dark field image was obtained with a (001) respective selected area diffraction pattern.
The dark field image was obtained with a (001) superlattice reflection placed inside the
objective aperture (indicated by the circle) [61]
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1.5 Various HEA families for various applications

Unfortunately, for the time being direct comparison between newly developed

HEAs and currently used alloys proves to be quite difficult. Principally, because

all the HEA data presented in this graph come from compression tests and no

information about tensile behaviour is provided contrarily to Haynes or Inconel

alloys. Furthermore, superalloys have various other properties that have been op-

timised and adapted according to the application, for example fracture toughness,

oxidation resistance, creep strength, fatigue strength and processibility. None of the

above have been yet verified for refractory HEAs, pointing the future direction of

development.

Other HEA families were imagined as possible solutions for various applications.

The industry being in constant search for high strength light materials motivated

the development of new structural alloys with low density, mostly for aerospace and

transportation. They are composed of Al, Be, Li, Mg, Sc, Si, Sn, Ti and Zn [63–65].

Processing of those alloys proves to be complicated due to wide range of elements’

melting and boiling point. Careful choice of master alloys and mechanical alloying

via powder route are necessary in their primary processing.

Family containing lanthanide (4f) elements Dy, Gd, Lu, Tb, Tm and Y were

motivated mainly by scientific curiosity. The aim is to obtain single phased, solid

solution HEAs with hcp crystal structure [12]. Two alloys researched up to now are

DyGdLuTbY and DyGdLuTbTm.

Purpose behind research on HEA bronzes and brasses is to expand their

already broad range reaching for higher strength via concentrated solid solutions [66].

They are composed of: Cu, Sn, Zn with addition of Al, Mn, Ni. For now equi-

atomic substitution was made so the compositions present themselves as follows:

AlxSnyZnz[CuMnNi](1−x−y−z).

Another recently developed family of HEAs is based on precious metals for

catalysis applications [6]. They contain at least four of the following elements: Ag,

Au, Co, Cr, Cu, Ni, Pd, Pt, Rh and Ru. An early analysis of phase diagrams allowed

to identify a single-phased hcp MoPdRhRu alloy [6].

Last but not least come the HEAs containing B, C or N. They are mostly

based on 3d transition metals; yet they were separated as a distinct group due to the

dramatic effect of alloying interstitial elements on the phases and microstructures as

well as properties, but also because this group of alloys is usually processed under the

form of thin films. Largest number of publications refer to HEA nitrides [13,67,68],

followed by limited reports on carbides [13, 69] and borides [70]. An example of

notable properties comes from Tsai et al. [68] who developed a 70 nm thick film

of (AlMoNbSiTaTiVZr)50N50, which has an amorphous structure and is an efficient

diffusion barrier. Its belonging to the HEAs is questionable due to amorphous phase;

nevertheless, it successfully prevents copper and silicon to react during annealing at
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850◦C for 30 min. The amorphous structure remained stable even after exposure

to temperature. Its stability is attributed to large lattice distortion and limited

diffusion.

Numerous elements included in various HEA families give plenty of possibilities

for future applications. There is always a high demand for materials with improved

properties. First of all structural properties that will allow more efficient, econo-

mical and ecological design, say in transportation or aeronautical industries. Vast

field of HEAs gives also possibilities for more functional applications regarding such

properties like: thermal, electrical, magnetic, mechanical and structural response

to irradiation, shape memory response, but also reduced thermal conductivity for

diffusion barriers applications, as well as hydrogen storage or catalyst [6, 7]. The

research on new compositions is far from being finished.

1.6 The CoCrFeMnNi family of HEAs

Research on multicomponent alloys begun in 1981 with work of Cantor and his un-

dergraduate student Alain Vincent, where different equiatomic compositions formed

by up to 20 elements were analysed [71]. In frame of this work the quinary, single

fcc phased Co20Cr20Fr20Mn20Ni20 was discovered. The work was followed by another

student, Peter Knight, who performed similar studies with a wider range of com-

positions. He came to alike conclusions. Unfortunately none of these research was

published apart from master theses at their respective Universities in Sussex and

Oxford. The topic was put aside and later undertaken again by another student,

Isaac Chang, who deepened it further by new tests. This time the results were pub-

lished in Materials Science and Engineering A in July 2004 [4]. This publication is

considered by many as the starting point of High Entropy Alloys. The paper fo-

cuses on two multielement compositions that lead to discovery of the single phased

quinary alloy. The two compositions are an alloy containing 20 elements at 5 at.%

concentration each (i.e. Mn, Cr, Fe, Co, Ni, Cu, Ag, W, Mo, Nb, Al, Cd, Sn, Pb,

Bi, Zn, Ge, Si, Sb and Mg) and an alloy containing 16 elements at 6.25 at.% (i.e.

Mn, Cr, Fe, Co, Ni, Cu, Ag, W, Mo, Nb, Al, Cd, Sn, Pb, Zn and Mg). The first

conclusion was that both alloys are multiphase, crystalline and brittle no matter

the casting conditions (induction melting or rapid solidification by melt spinning).

The surprise was hidden in the distribution of present phases. The alloy consisted

predominantly of a single fcc primary phase particularly rich in transition elements:

Cr, Mn, Fe, Co and Ni. This led to casting of a quinary Co20Cr20Fr20Mn20Ni20 which

proved to be single fcc phased and presented a typical dendritic structure in as cast

state as shown in Figure 1.12.

Based on this composition some six- to nine-element compositions were cast choos-
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1.6 The CoCrFeMnNi family of HEAs

ing out of the following: Cu, Ti, Nb, V, W, Mo, Ta and Ge. In all the alloys dendritic

zones were vastly fcc single phased with high concentration of other transition metals

(Nb, Ti and V). On the other hand, elements with higher electronegativity (Cu and

Ge) were mostly rejected to the interdendritic regions. Nevertheless the final con-

clusion was that the total number of phases is significantly lower than maximum

number allowed by the Gibbs phase rule (Eq.1.5).

Figure 1.12: Optical micrograph of etched Co20Cr20Fe20Mn20Ni20 [4]; SEM X-ray maps
showing Cr and Fe distribution in as-solidified cored dendritic structure in chill cast single
phase fcc Co20Cr20Fe20Mn20Ni20 [71]

The quinary CoCrFeMnNi composition has been reported to be monophased by

many other authors [18, 22, 23, 72–85], to cite a few. The microstructure presen-

ted by Cantor [71] and his students is a representative image of as cast alloy. In

their publication, Gali and George [73] show microstructures for CoCrFeMnNi and

CoCrFeNi after casting and homogenisation, as well as after hot rolling (Figure

1.13). It is easily seen that after homogenisation the grain approaches the equiaxed

form. Hot deformation leads to appearance of a high number of deformation twins.

Other studies reported the presence of annealing twins in case of material deformed

and heat treated [20, 74]. These phenomena are observed by all authors research-

ing this family of composition so the presented microstructures can be treated as

representative for most studies on annealed massive materials.

Figure 1.13: Backscattered electron images of a) CoCrFeMnNi b) CoCrFeNi after casting
and homogenization, and c) CoCrFeMnNi, d) CoCrFeNi after hot rolling. [73]
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1.6.1 Mechanical properties

First reports of mechanical behaviour of Cantor’s alloy proved it to be an unusual

material. First, unexpected tensile behaviour was observed in this alloy in a wide

range of temperatures by Otto et al. [72]. Tensile tests were performed on dog

bone shaped samples with fully recrystallised microstructure (various grain size).

The stress-strain curves are presented in Figure 1.14a for two different grain sizes:

4,4 µm and 155 µm. The influence of temperature on alloy’s strength is easy to

notice in these graphs. With decreasing test temperature both the yield stress, σy,

and the ultimate tensile stress, σu, increase, which is a typical behaviour for an

austenitic material. The surprising part is the increasing elongation to fracture,

ǫf , accompanying the elevated strength at low temperatures. There is no compro-

mise between strength and ductility like currently observed in classical materials.

In Figure 1.14d ǫf is depicted as a function of temperature. For medium (50 µm)

and coarse (155 µm) grained alloy after a big drop between liquid nitrogen and

room temperatures elongation stabilises forming a plateau up to 673 K, after which

another significant drop is visible. On the contrary the ǫf (T ) curve for fine grain

material presents a minimum at intermediate temperatures. Authors have also ob-

served yield point phenomenon between 77 K and 473 K for the fine grain material.

Similar behaviour was observed by Jang et al. but this time in a coarse grain ma-

terial at elevated temperatures (900◦C - 1100◦C) [75]. Authors suggest that the

phenomenon is due to dynamic recrystallisation (local decrease of grain size) or to

dislocation pinning and breakaway mechanism caused by short-range ordering or

short-range clustering. Further study of yield point formation is needed to deter-

mine the influence of both grain size and temperature. Grain size influence is also

visible on the σy(T ) curve, Figure 1.14c. For all the temperatures up to 873 K,

yield stress is increased for samples with smaller grain size (at 873 K for fine grain

material σy is nearly 3 times higher than for the coarse grain material). Above this

temperature there is no significant change in σy for medium and coarse grain mater-

ials while a substantial drop of almost 50 % is observed for the fine grain material.

Dynamic recrystallisation may play a major role in this case, but microstructural

evolution will be addressed later on in this chapter.
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Figure 1.14: Representative engineering stress–strain curves of the CoCrFeMnNi alloy
at the six testing temperatures for the a) fine-grained (grain size 4.4 µm) and b) coarse-
grained (grain size 155 µm) materials. The inset in a) shows a small load drop after
yielding for a fine-grained sample that was tested at 473 K; Temperature and grain size
dependence of c) 0.2 % offset yield stress (σy) and d) elongation to fracture (ǫf ) for the
CoCrFeMnNi alloy [72]

It is typical for alloys to show grains size dependence, where with decreasing

grain size the yield stress, σy, and ultimate stress, σu, increase. Classical Hall-Petch

relation, σ = σ0 + kHP√
d

, depicts this behaviour observed in most alloys. It can also be

presented as a relation between grain size and hardness: H = H0 + kHP√
d

. Under such

a form it was verified for the Cantor’s alloy. The results are presented in Figure 1.15.

Figure 1.15: Hall-Petch relation based on hardness measurements presented as a func-
tion of grain size in the CoCrFeMnNi alloy [18]. Indicated temperatures correspond to
annealing temperatures.
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Diverse grain sizes (from 4.0 µm to 26 µm) were obtained upon annealings at

different temperatures and for various times after cold rolling. Vickers hardness

values vary roughly from 1360 MPa to 1550 MPa as a function of grain size. The

authors have come to conclusion that the Hall-Petch coefficient kHP = 677 MPa

µm−0.5 is above the upper bound for fcc metals (600 MPa µm−0.5). It suggests that

the hardening by grain boundary is more efficient in the CoCrFeMnNi, promoting

the lattice distortion effect hypothesis [18].

Figure 1.16: Comparison of the temperature dependencies of the ultimate tensile strength
and yield strength. The circles represent the CoCrFeMnNi alloy and the squares the
CoCrFeNi; for each, the filled symbols are for 10−3 s−1 strain rate and the open sym-
bols for 10−1 s−1, one dashed curve is drawn (as a guide to the eye) through each data
set [73]

A different study of tensile properties of alloys from Cantor’s family was done by

Gali and George [73]. They have not only verified the temperature dependence of

yield and ultimate stress but also the influence of the strain rate for two various

compositions: the quinary CoCrFeMnNi and quaternary CoCrFeNi. Data summa-

rising the paper are presented in Figure 1.16 where σy and σu values are presented

for both alloys at two various strain rates as a function of temperature. The con-

clusions they have reached are strong temperature dependence and weak strain rate

dependence. For higher strain rate both alloys exhibit somewhat higher strengths,

specially at temperatures < 600◦C. The temperature dependence of yield strength

as presented is not usually observed in pure fcc alloys. The athermal part of the

curve at medium temperatures is usually much larger, on the contrary to bcc metals.

It is believed that barriers to dislocation motion are weak and easily overcome by

thermal activation even at cryogenic temperatures. Such thermal behaviour was

observed in binary fcc alloys (for example Cu-Zn binaries [86]). Extension of the
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thermal region to relatively low temperatures (about 200◦C) in the HEAs implies a

presence of rather strong obstacles to dislocation motion.

Figure 1.17: Fracture toughness measurements show KJIc values of 217 MPa·m1/2,
221 MPa·m1/2, and 219 MPa·m1/2 at 293 K, 200 K, and 77 K, respectively, and an in-
creasing fracture resistance in terms of the J integral as a function of crack extension ∆a
(i.e., resistance curve (R curve) behaviour) [74]

Measurements of fracture toughness of CoCrFeMnNi were performed as well.

Authors have performed crack-resistance curve (R curve) measurements in terms

of J integral (Figure 1.17) on cold rolled and recrystallised material (equiatomic

CoCrFeMnNi). The specificity of this kind of test is that J integral characterises

the stress and displacement fields in the vicinity of the crack tip for a non-linear

elastic solid (both plastic and elastic contributions are measured). K values can be

back-calculated from J if the test conditions are respected. As indicated before, Can-

tor’s alloy is characterised by significantly increased strength at low temperatures,

however Gludovatz et al. came to conclusion that KJIc remains relatively con-

stant for all three temperatures 77 K, 200 K and 293 K, with values 219 MPa·m1/2,

221 MPa·m1/2 and 217 MPa·m1/2 respectively. With a crack extension reaching

2 mm, crack growth toughness exceeds 300 MPa·m1/2. Such values are more than

satisfyingly comparable with fracture toughness values for austenitic steels (304L,

316L) and best cryogenic steels (5Ni, 9Ni) whose K varies between 100 and 400

MPa·m1/2. The difference in favour of HEA is that with decreasing temperature

the K value is constant, whereas for steels it decreases. Compared to numerous

other materials there exist some that are stronger in respect to yield strength, but

according to the authors, the toughness of this HEA exceeds all pure metals and

metallic alloys. Also, such high levels of fracture toughness for Cantor’s alloy sug-

gests a mode of plastic deformation allowing a steady degree of strain rate hardening.

Deformation mechanisms will be approached in the section 1.6.2.
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Using Cantor’s alloy as the model alloy though requires a deeper characterisation

of basic properties: elastic constants, mechanisms of deformation or recrystallisation.

At the beginning let’s aboard the elastic constants as their temperature dependence

might contribute to the observed temperature dependence of strength. First cal-

culations on CoCrFeMnNi system were performed by Zaddach et al. [87] in 2013.

The authors have combined some experimental results and first-principle electronic

structure methods. Elastic constants were calculated using density functional the-

ory (DFT) at 0 K by implementing the XRD measurements of lattice parameter,

dislocation density, grain size, twin fault probability and stacking fault probabil-

ity. The obtained values for Young modulus, shear modulus, bulk modulus and

Poisson ratio are 207 GPa, 86 GPa, 117 GPa and 0,204 respectively. Those values

were later compared to some experimental data obtained by Haglund et al. [88], by

Laplanche et al. [89] in 2015 and Okamoto et al. [77] in 2016. The elastic moduli

were measured by resonant ultrasound spectroscopy in the temperature range 50

- 300 K [88], 200 - 1000 K [89] an at room temperature [77]. Room temperature

values for all three research groups were very similar, so just Laplanche’s results are

given here. For Young and shear modulus empirical temperature dependencies have

been determined and the relationships have also been shown in Table 1.2.

Table 1.2: Calculated [87] and empirical [89] elastic constants at room temperature and
their empirical definitions as temperature dependencies [89].

Elastic constant RT value [GPa] Empirical equation [GPa]
[87] [89] [89]

Young’s modulus, E 207 203 E = 214 − 35/(e416/T − 1)
Shear modulus, µ 86 81 µ = 85 − 16/(e448/T − 1)
Bulk modulus, K 117 137
Poisson’s ratio, ν 0.204 0,25

Compared to the DFT calculation those values are reasonably alike, although

lower than experimental tendency predicts for 0 K. In Figure 1.18 temperature

dependencies of Young’s modulus E and shear modulus µ were plotted for two studies

[88, 89] in a very wide range of temperatures (between 55 K and 1000 K). Good

correspondence of both curves is to be noted. The observed trends are monotonic

decrease with increasing temperature with a faster drop towards higher T. Similar

behaviour is observed for paramagnetic materials where no phase transformation

occurs. It can be concluded that evolution of Young’s modulus as a function of

temperature of the CoCrFeMnNi does not differ from other metals or alloys.
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Figure 1.18: Corrected E and G measured in the study of Laplanche et al [89] between
200 and 1000 K (red curve) together with measurements between 55 and 300 K (blue curve)
reported by Haglund et al. [88]

This overview of basic mechanical properties of quinary CoCrFeMnNi shows high

potential of high entropy alloys and most importantly, is the source of motivation for

understanding the mechanisms being the source of properties to be able to optimise

them in hope of future applications. Cantor’s alloy stays a single phased alloy whose

characteristics can still be enhanced in many ways, some of which will be presented

further in this chapter. Despite it being far from the optimised composition the

equiatomic CoCrFeMnNi became the most studied alloy treated as a reference for

3d transition HEAs. Most of fundamental research for transition elements high

entropy alloys is still done on Cantor’s alloy.

1.6.2 Hardening mechanisms

To understand the exceptional properties of Cantor’s alloy and compositions be-

longing to the same family various tests have been performed on both CoCrFeMnNi

and alloys from systems of lower order (containing fewer elements) to define the

mechanisms of deformation.

As first approximation it can be presumed that fcc HEAs behave like solute-

strengthened dilute fcc alloys. There are three main contributions to strengthening

in such systems: 1. a grain-size-dependent Hall-Petch strengthening (σHP with

length scale equal to d, average grain size); 2. solid solution strengthening in the

random alloy (σss with length scale ζc ∼ 10 nm, where ζc is the wavelength of a

dislocation in a random alloy); 3. dislocation-dislocation interactions in the form of

forest hardening (σf with length scale l = 1/
√

ρ, inversely proportional to the dislo-

cation density). The scales at which those contributions operate are very different:

d ≫ l ≫ ζc and so it can be assumed that their effects are additive. Activation

volume can give us information about which of these mechanisms is operational

and dominant as it reveals length scale at which the plastic deformation occurs.
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First attempts at measuring the activation volume V, were performed by Wu et

al. [80] by strain rate jumps during tensile tests. The authors have obtained values

for the CoCrFeMnNi alloy ranging between 20 - 80 b3 for temperatures from 77 K

to 293 K, which is much smaller compared for example to pure Ni or NiCo with

V > 300 b3. They suggest that short range effects like lattice distortion, reduced

stacking fault energy or short-range ordering have greater impact on the deforma-

tion mode. Moreover the lack of dependence of activation volume on plastic strain

has been reported in this study, which is highly unusual for fcc metals. Similar con-

clusions were drawn from the strain rate jump tests performed by Hong et al. [90].

The activation volumes were calculated at the order of 10 - 102 b3 for T > 300 K;

they are more comparable to bcc materials than what can be seen in fcc metals

(102 ∼ 103 b3). Contrarily to Wu et al., Hong et al. reported increase of ac-

tivation volume with plastic strain. It is again a deeply unexpected result. High

friction stress for dislocation motion was attributed to presence of nanoscale in-

homogeneities for example short range order. Unfortunately in both those studies

big underestimations were hypothesised in latest paper by Laplanche et al. [22]. The

authors suggest that strain rate jumps of only one order of magnitude performed in

previous studies are not reliable to characterise fcc metals, specially that Cantor’s

alloy have already been reported as insensitive to deformation strain rate in this

range [22,73]. Furthermore the choice of
√

3 factor as a conversion between normal

and shear stress seams inappropriate in Wu’s et al. study [80] since they performed

uniaxial tensile tests. This choice leads to additional underestimation by a factor

1,7 of the activation volume. To support their comments, Laplanche et al. [22] have

performed their proper activation volume measurements using the repeated load re-

laxation method [91]. Their results are presented in Figure 1.19.

(a) (b)

Figure 1.19: a)Physical activation volume, obtained at different temperatures, as a func-
tion of the true plastic strain; b) “Haasen plot”, M k T/V versus the offset flow stress
σ − σy. showing a positive offset at zero indicative of solute strengthening and linear
increase with stress indicative of forest hardening [22]
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First of all, Figure 1.19a shows the evolution of physical activation volume as a

function of true plastic strain for different temperatures. It is easily observed that

V decreases with increasing strain. Upon straining the dislocation density increases

leading to decreased dislocation spacing (l = 1/
√

ρ) which is a physical explanation

of lowered V. Secondly the values of activation volume at yielding (true plastic

stress ≈ 0) can be considered as an indication of interactions dislocation - solutes due

to relatively low dislocation density at the initial state (ρ = 3.2 · 1012 m−2). Values

vary from about 460 b3 at room temperature to 60 b3 at liquid nitrogen. So finally

the influence of temperature can be seen. With increasing T activation volume value

increases. It is in agreement with dislocation creation and stability in function of

temperature (higher T leads to lower ρ increasing the activation volume). Thereafter

the authors have plotted the data in the form of so-called Haasen plot depicting

MkT/V as a function of plastic stress, Figure 1.19b. Positive intercept of this plot

is associated with solute strengthening and its slope with forest hardening. There is

no clear temperature dependence nor does the mechanism of deformation influence

the activation volume (continuous linear trend). In particular, authors suggest that

twinning activated during deformation has no influence on V as the twin size is

much bigger than spacing between dislocations [92]. Final conclusion of this study

are that dominant deformation mechanisms in CoCrFeMnNi is the same as those

found in other known fcc materials despite the high atomic complexity of the high

entropy alloy. The plastic flow is controlled by a combination of three mechanisms:

1. rate-independent Hall-Petch strengthening, not analysed at this level of study;

2. thermally activated solid solution strengthening; 3. forest hardening that evolves

with plastic strain.

Figure 1.20: a)High-resolution TEM image captured from the in situ high-resolution
TEM movie (scale bar, 2 nm). The formation of multiple SFs at the crack tip (bottom
left-hand corner) was observed at the atomic scale; b) is the magnified inverse fast Fourier
transform image showing the atomic structure and stacking sequence (marked in yellow) of
the SFs, surrounded by the red box in a); c) TEM image of the stacking-fault parallelepiped
structure (with faces lying on three sets of {111} planes, scale bar equals 500nm) [78]

Dominant mechanisms during various stages of deformation were analysed and

described in different publications [76–78, 82]. At the early stages of deformation
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the glide of 1/2<110> dislocations dissociated into two 1/6<112> Shockley partials

on {111} planes is prominent accompanied by stacking fault (SF) formation. In situ

observations by Okamoto et al. [77] showed numerous nucleations and annihilations

of SFs playing a critical role in accommodating the strain at the beginning of plastic

deformation. Moreover, interactions between partials form additional obstacles for

dislocations resulting in further hardening. After activation of slip on multiple

{111} planes three-dimensional obstacles appear with the form of "stacking fault

parallelepipeds" as shown in Figure 1.20c. Dislocations are prompt to block on

those volume defects. In this study partial dislocations move with ease; on the other

hand the movement of perfect dislocations (undissociated 1/2 〈110〉 type) is rather

segmented with low velocity. It was shown that they need to overcome continuous

activation barriers, possibly due to high friction stress: as a consequence, they move

in localised bands and lead to planar slip. Same mode of deformation was determined

as the dominant mechanism in Cantor’s alloy by Patriarca at al. [82]. The authors

have observed the band formation during compression of CoCrFeMnNi [59̄1] oriented

single crystals. They have found the presence of two slip systems: primary [011̄](1̄11)

with Schmid factor 0,50 and secondary [01̄1̄](11̄1) with Schmid factor 0,44. They

have concluded that slip is the dominant mechanism of deformation even at 77K.

In general strong and complex interactions between dislocations were observed in

CoCrFeMnNi HEA. They are considered as an important intrinsic strengthening

mechanism. Another essential source of internal reinforcement are solute atoms

and the interaction energy on individual dislocation. If energetically favourable, the

dislocations can attract the randomly distributed solutes leading to local fluctuations

in their concentration.

HEAs are complex alloys in which distinction between principal and solute atoms

does not have a physical sense. Varvenne et al. [23] propose in their model of solu-

tion strengthening mechanisms to create an average matrix around a specific solute

atom. It would contain average properties of the true alloy like lattice constant a,

elastic constants {Cij} including shear modulus µ and Poisson’s ratio ν as well as

stacking faults based on average composition. The regularised matrix does not ex-

clude formation of local fluctuations that indeed can be observed in the simulation at

atomic scale. The model proposed by Varvenne answers some questions about solid

solution strengthening in HEAs. First of all, it does not directly depend on number

of components and most certainly is not maximised by equiatomic composition. To

increase materials strength one needs to maximise the concentration-weighted mis-

fit volume quantity and/or increase the shear modulus. Further on, authors have

come to conclusion that stacking fault energy has little influence on yield strength.

Finally, additional strengthening may occur due to local chemical environments and

structural disorder. Unfortunately these parameters are very hard to measure.
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Influence of individual elements on solid solution strengthening was modelled by

Toda-Caraballo with Rivera Diaz del Castillo [25] and calculated as well as expe-

rimentally verified by Stepanov et al. [83]. According to the simulations the highest

contribution in the CoCrFeMnNi system comes from the balance between chro-

mium and nickel. Stepanov et al. performed a series of tensile tests on non -

equiatomic Fe40Mn28Ni32−xCrx system (with x = 4, 12, 18, 24) to quantify the influ-

ence of chromium on its strength. Alloy with highest Cr content proved to be dual

phased with large amount of Cr-rich /sigma phase. As a consequence it has not

been taken under consideration. Other alloys were fcc single phased. It was shown

that yield strength, YS = 210 MPa, and ultimate tensile strength, UTS = 310 MPa,

for Fe40Mn28Ni28Cr4 increase with increased content of Cr to YS = 310 MPa and

UTS = 605 MPa for Fe40Mn28Ni14Cr18. The result was in good agreement with

calculated solid solution strengthening using Labush approach. As a consequence

mechanical properties of alloys from CoCrFeMnNi family can be designed by varying

the proportions between elements. Just like Varvenne’s model predicts, the maximal

strength is found in non - equiatomic compositions. Further optimisation can be

done by adjusting the composition for tailoring the stacking fault energy to enhance

twinning (TWIP effect) and controlled microstructure.

Figure 1.21: TEM micrographs showing twin evolution with true tensile strain at 77 K.
a) Both figures are bright field images. b) Figure on the left is a bright field image while
in the middle is presented the dark field image with SAD pattern on the right. Diffraction
spot circled in red in the SAD pattern was used to obtain the dark field image. The dashed
rectangles in the left delineate the area that was magnified [92]
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Twinning, as a source of increased ductility at cryogenic temperatures, was pro-

posed by Laplanche et al. [92]. The authors have performed a series of TEM ob-

servations on tensile samples after various strains both at room and liquid nitrogen

temperatures. Part of their observations after interrupted tensile test at 77 K is

presented in Figure 1.21. At low strain only dislocations activity is present and

their pile ups at grain boundaries are observed. For strains above 6.0% twinning

appears (clearly seen in the dark field image in Figure 1.21b). At room temperature

twinning did not appear until much higher strains above 22.0%. This observation

leads to reasoning that a critical stress has to be reached to launch deformation by

twinning. At 77 K this critical true stress, σtw, is of the order of 720 ± 30 MPa.

Straining specimens at room temperature just below this value (680 MPa) and above

(820 MPa) indeed lead to the same conclusion, a critical stress needs to be reached

to initiate twinning. At lower strain only dislocations were observed, whereas at

higher one twins started to appear. Similarly twinning was observed at cryogenic

temperature deformation in fracture toughness specimens in work of Gludovatz et

al. [74]. No such phenomenon was reported by Otto et al. [10] for tensile tests at

room temperature and it can be hypothesised that it is due to the fact that critical

twinning stress was not reached. Further papers have also reported presence of twins

upon deformation at various conditions (hot/cold rolling, compression, tensile) for

Cantor’s alloy and other compositions from the same family [75, 93–96]. Twinning

deformation can be designed by chemical composition of an alloy. If desirable, ad-

dition of elements lowering the stacking fault energy could enhance twin formation

during plastic deformation leading to further increase of plasticity. Deng et al. [97]

have attempted and succeeded in developing a new composition in the CoCrFeMn

family where twinning is activated even at room temperature. For the original com-

position Fe40Mn40Co10Cr10 with TWIP effect activated at lower stresses, properties

similar to Cantor’s alloy could have been obtained without any addition of nickel.

In fcc materials twinning is a commonly observed secondary mechanism of de-

formation. They are a locally inverted planes sequence going from ABCABC to

ABCBCA [98]. Tendency of a material to form twins depends among others on

its stacking fault energy (SFE) since it is hypothesized to be proportionate to the

energy difference between the fcc and hcp phases. As a general rule the lower the

SFE the more energetically favourable are twins. First measurements of SFE in

the quinary CoCrFeMnNi and alloys of lower order were reported by Zaddach et

al. [87]. The equiatomic composition presented the value of SFE close to 20 mJ/m2

- 25 mJ/m2 which is nearly four times lower than that of pure Ni but quite compa-

rable to that of common stainless steels (AISI 304L SFE = 19 mJ/m2 [99]). Same

values were presented from a calculation by Beyramali Kivy and Asle Zaeem [100]

from DFT simulations. Okamoto et al. [77] deduced the SFE from distance between
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dissociated dislocations. They obtained an average value of 30 mJ/m2. Those are

all relatively close values. Nevertheless, Smith et al. [101] have observed an un-

commonly high variation in observed distances which could imply complex solute

configuration. Zaddach et al. [87] have suggested that the SFE can be tailored in a

wide range of values in this specific family of alloys. In explicit, lowering Ni content

significantly lowers SFE. Increasing Cr content also decreases the SFE but on smal-

ler scale. They have managed to design a new composition Ni14Fe20Cr26Co20Mn20

with extremely low SFE of the order of 3,5 mJ/m2.

Twinning can have a desirable effect not only to enhance ductility. It can also lead

to strengthening of the material through formation of new interfaces that reduce the

dislocation mean free path. This phenomenon is commonly referred to as "dynamic

Hall - Petch" [92,102] and results in strain hardening. Possibility to tailor the ability

of an alloy to form deformation twin boundaries by change of SFE through chemical

composition is an important advantage of CoCrFeMnNi family. It makes HEAs

potential structural materials.

1.6.3 Microstructural evolution

Microstructure plays a crucial role in material engineering. It influences mechanical

properties and is a part of the transformation process. Knowledge of recrystal-

lisation, grain size or texture evolution allows the choice of proper state for specific

applications. In literature many HEA compositions have been analysed after casting

and homogenisation since at first, phase identification was the goal. For mechanical

testing the alloys were most often cold or hot rolled and annealed to obtain a recrys-

tallised structure with a defined grain size (see Figure 1.13). Recrystallisation is one

of the most efficient ways to modify the microstructure. Its conditions, like time,

temperature and initial deformation rate, are significant parameters to be defined.

In HEAs the recrystallisation seams to be difficult, in explicit high temperature and

long time of annealing are necessary. Sluggish diffusion may be at the origin of this

phenomenon.

Recrystallisation of cold rolled samples with various thickness reduction was ob-

served [103–106]. Depending on the thickness reduction of the samples recrystal-

lisation begins at different temperatures. Otto et al. [103] have not observed any

recrystallisation up to 500◦C 1h for any of the deformations (21% to 96%). Haase and

Barrales-Mora [104] reported no signs of recrystallisation up to 600◦C 1h with un-

changed texture character and initiation of recrystallisation at 650◦C 1h for thickness

reduction of 50%. Similarly Bhattacharjee et al. [105] report nearly fully recrystal-

lised samples upon 1h annealing at 650◦C (90% thickness reduction). The partially

recrystallised structure presents a bimodal character with elongated deformed grains

and heterogeneously distributed recrystallised grains on prior grain boundaries and
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triple junctions of the deformed matrix [104]. Moreover, deformation twins formed

during cold rolling proved not only to be thermally stable but also to remain in

the microstructure up to high recrystallised volume fractions. Fully recrystallised

structures were reported after 1h annealing at 900◦C for thickness reduction 40% -

50% [103,104] and at 800◦C for higher deformations [103–106].

Figure 1.22: Twin boundary fractions plotted as a function of grain size: a) recrystal-
lization samples (RX) cold rolled to various final thicknesses and recrystallized for 1 h
at temperatures of 800, 900 and 1000 ◦C. For a given annealing temperature, the arrows
between the symbols point in the direction of increasing cold work with the minimum and
maximum percentage rolling reductions given as numbers at the ends of each curve. b)
grain growth samples (GG) cold rolled (96% thickness reduction), recrystallized for 1 h
at 800◦C and subsequently annealed for different times at temperatures of 800, 900 and
1000 ◦C [103]

Annealing twins play an important role in microstructural evolution. They are no-

ticeably present reaching up to 43-58% of all grain boundaries [103]. Otto et al. [103]

have shown that twins amount depends highly on grain size as well as on the initial

state prior to annealing. For samples that were recrystallised directly after cold

rolling no obvious relationship between fraction of twin boundaries and grain size

can be found (Figure 1.22a). On the other hand if change of twins fraction for fully

recrystallised samples is observed (only grain growth occurs), the relation is clearly

linear (Figure 1.22b). This means that twin boundary fraction is solely dependent

on final grain size in case of grain growth. Likewise in the study of Sathiaraj and

Bhattacharjee [106] for Cantor’s alloy and binary Ni-Co alloy, similar twins densities

are observed for comparable grain sizes. Formation of twins is possible provided that

the grain boundaries move; yet, it supposes that the phenomena will be different,

depending on initial state of the material: is it still deformed or fully recrystallised.

Similar results were observed in α-brass where Hu and Smith [107] reported that

twin density was solely determined by final grain size when the twin growth occurred

in fully recrystallised samples. The linear dependence between density of annealing

twins and grain size implies that formation of new twin boundaries during grain

growth is related to internal microstructural length scale, which is the basis of the

classical theory of Fullman and Fischer [108]. In their view twins are created at
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migrating grain boundary triple points to lower the total system energy. In con-

sequence number of twins formed during grain growth is higher than the number

of twins that vanish. This approach is further validated in Cantor’s alloy by com-

mon presence of terminal twins at triple points, that share only one coherent twin

boundary with their mother grain [150].

Grain growth kinetics have been analysed on samples directly after cold rolling [18]

and starting from a recrystallised structure with specific grain size d0 = 4.3 µm [103].

Annealings at different temperatures and various times have been performed to ob-

tain a large spectrum of grain sizes. It was found that with increasing time and

temperature the grain size increases monotonically. Furthermore in both studies

grain growth exponent equal to 3 was found and the activation energy Q was de-

termined to be equal 322 - 325 kJ/mol as presented in Figure 1.23. Liu et al. [18]

concluded that such an activation energy is due to sluggish diffusion, but it is still

unproven and requires additional investigations. Nevertheless close results in both

studies suggest similar mechanisms responsible for grain growth.

Figure 1.23: Grain-growth constant, C, as a function of the reciprocal of absolute tem-
perature in the CoCrFeMnNi alloy [18]

Cold rolling leads to a certain texture evolution, highly dependant on stacking

fault energy. It is common for low SFE materials to form strong Brass-type tex-

ture upon heavy deformation [109, 110]. This is also the case for CoCrFeMnNi

alloy [104–106]. Haase with Borrales-Mora [104] report transition from Cu-type to

Brass-type texture at approximate rolling degree of 50% due to formation of deform-

ation twins. This texture transition occurs at higher deformations in HEA compared

to other low SFE alloys most probably because of its lower twinning activity at room

temperature. Annealing following cold rolling results in recovery and recrystallisa-

tion. Microstructure evolution in Cantor’s alloy is at first dominated by nucleation

of new grains at grain boundaries. It does not change the texture significantly as
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the newly formed grains maintain the orientation of primary deformed grain. The

TEM image in Figure 1.24 shows a small nuclei in a parent grain and diffraction

diagrams for both areas. Orientations of both are very similar.

Figure 1.24: TEM BF images of the material after 50% cold rolling, annealing at 650 ◦C
for 1 h and tensile testing until fracture. The SAED pattern with [-110]g zone axis reveal
that the recrystallized grain has a very similar orientation to the non-recrystallized matrix
[104]

Randomisation of texture happens mostly due to formation of annealing twins.

Sathiaraj and Bhattacharjee [106] noted that the CoCrFeMnNi alloy presented less

variation in texture components and more homogeneous grain growth compared

to Ni-Co alloy that showed abnormal grain coarsening leading to enhanced α-fiber

orientations. They attribute the differences in texture evolution in both alloys to

sluggish diffusion in HEA which would diminish the mobility of boundaries and

effectively prevent preferential growth of grains.
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1.6.4 Phase stability

Even if the CoCrFeMnNi equiatomic alloy is considered as a model high entropy al-

loy with enhanced phase stability in a wide range of temperatures, thermodynamic

calculations predict a decomposition of this material. At temperatures below 900◦C,

besides the initial fcc phase, presence of Cr - rich sigma phase, bcc Cr - rich phase,

L10 MnNi - rich phase and B2 ordered FeCo - rich phase can be expected [38]; how-

ever, the precision of calculations at lower temperatures deteriorates. On the other

hand, the phase transformation kinetics could make the difference between calcu-

lated equilibrium and reality, and in HEAs the kinetics are suspected to be slowed

down. At the same time, most of the studies up to date report phase composition

of alloys after high temperature homogenisation / annealing which would explain

presence of single phase.

Figure 1.25: Summarised observations of secondary phase formation in CoCrFeMnNi
comming from [17, 111–115]; Abbreviations stand for initial state: CR - cold rolled, SPD
- sever plastic deformation, R - recrystallised [115]

Some of the recent publications state the appearance of secondary phases upon

annealing at low temperatures, between 450◦C and 900◦C [17, 111–115]. First of

all, Pickering [113] points out the presence of chromium carbide M23C6 after heat

treatments at 700◦C. It would seam that contamination of melting equipment plays

an important role and even small presence of carbon induces carbides precipitation.

Further more appearance of σ phase was observed for longer time annealings at

700◦C in coarse grain samples [17,113]. The same σ phase was also present for shorter
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times of annealings for temperatures between 600◦C and 800◦C for samples that were

intensely deformed either by cold- or cryo-rolling or by sever plastic deformation

[111, 112]. It would suggest that high deformation and therefore high density of

dislocations and presence of many grain boundaries (reduced grain size) facilitate

diffusion and thus phase transformation. All those observations are summarised in

Figure 1.25 under the form of a temperature vs time graph proposed by Mroz [115].

Some lengthy heat treatments were also performed by Otto et al. [17] on the

Cantor’s alloy. They annealed the samples at 500◦C, 700◦C and 900◦C for 500

days (12000 hours). At 900◦C no secondary phases were seen, the fcc solid solution

remained stable. At 700◦C the Cr-rich σ - type precipitation on the grain boun-

daries was found. Finally at 500◦C, except the fcc matrix, 3 distinct phases were

observed as presented in Figure 1.26. NiMn - rich phase showed the L10 ordered

structure, the Cr - rich phase had a bcc structure and the FeCo - rich phase was

B2 ordered. Mean values of chemical composition of these phases are presented in

Table 2.1 from measurements on TEM samples. Similar results were obtained for

equiatomic composition by Mroz [115] already after 100 days of annealing at 500◦C.

On the other hand, another composition being the topic of his PhD (non-equiatomic

Co20Cr15Fe26Mn17Ni22, patented under the name of A3S) proved to be much more

resistant to decomposition and only slight presence of secondary phases was detected

after 300 days of annealing at 500◦C.

Figure 1.26: EDX maps superposed on
STEM image show that the precipitates have
three distinct chemical compositions [17]

Table 1.3: Chamical composition of second-
ary phases in at.% [17].

Phase Cr Mn Ni Fe Co

MnNi 2 37 55 2 4
BCC Cr 86 4 1 5 4

FeCo 2 5 1 46 46

Phases found by most of the authors [17,111,113–115] are not foreseen by Thermo-

Calc at all, showing that its predictions are in disagreement with those experimental

observations. Only in few cases shown by Park et al. [112] presence of a bcc phase

is in accordance with thermodynamic simulations.

Otto et al. [17] summarised the decomposition route of Cantor’s alloy under a

hypothesised TTT curve presented in Figure 1.27. It is only schematic and further
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work needs to be done to improve the data set but general trends of phase formation

can be read. At temperatures close to 800◦C, σ phase is formed even for time of

annealing below 500 days. For lower T no σ phase is formed but another Cr - rich

bcc phase precipitates just after formation of NiMn - rich phase, and followed by

appearance of B2 ordered FeCo - rich phase for longer times of annealing. All of

these results suggest that careful consideration needs to be given in the future to

the application temperatures as prolonged maintain at medium temperatures can

cause phase decomposition.

Figure 1.27: Schematic (hypothesized) TTT curve for the CrMnFeCoNi high-entropy
alloy [17]

1.6.5 Non-equimolar grades from CoCrFeMnNi family

Equiatomic CoCrFeMnNi alloy has already been proved to have interesting mecha-

nical properties with hope for high temperature phase stability and exceptional

elongation at cryogenic temperatures with no martensitic transformation. Never-

theless, it stays a single phased solid solution whose resistance, in particular mecha-

nical one, can still be enhanced. Increasing number of research is done on some

modified grades of Cantor’s alloy by changing the proportions [87,115], substitution

of one of the elements or addition of other metallic elements [34,44,70,95,116–123],

elimination of one of the elements [83, 124–126] or addition of non-metallic ele-

ments [123, 127–131]. Even though those modified compositions are more probable

to be applied in the industry, the equiatomic alloy stays the reference alloy and a

base for fundamental research.

One could expect it possible to induce a martensitic transformation during de-

formation at low temperatures in those austenitic alloys, as commonly seen in meta-

stable austenitic stainless steels [132–134]. It is one possibility of many to increase
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the mechanical resistance of those alloys. Cantor’s alloy does not present any traces

of martensitic phase even after tensile tests at cryogenic temperatures, but chan-

ging its composition can lead to such behaviour. Li et al. [124] have managed to

develop a non-equiatomic HEA that shows the TRIP effect due to metastable fcc

solid solution. They have completely eliminated nickel, lowered the cobalt and chro-

mium content to 10 at.% and varied the amount of manganese from 30 at.% to 45

at.%. Already after quenching some hcp phase is detected for 35 at.% of Mn and

even more for lower Mn content. Fine grained (4.5 µm) Fe50Mn30Co10Cr10 shows

increased YS, UTS and total elongation compared to the equiatomic quinary al-

loy. Its origin lays in changed primary deformation mechanism due to a martensitic

transformation. Evolution of content of fcc and hcp phases during deformation at

room temperature is presented in Figure 1.28. Over 80% of martensite after necking

is a clear proof of deformation induced phase transformation. Further optimisation

of this composition is possible and necessary, but those preliminary results place

dual phase TRIP HEAs as important future research goals.

Figure 1.28: EBSD phase maps revealing the deformation-induced martensitic trans-
formation as a function of deformation. ǫloc is the local strain and TD is the tensile
direction [124]

The idea of dual phased alloys was developed also in another group of alloys,

those containing Al. It was already pointed out that addition of aluminium leads

to formation of bcc phase next to already known fcc solid solution (Figure 1.6a).

He et al. [34] tested the influence of Al both on microstructure and tensile properties

in the (CoCrFeMnNi)100−xAlx alloys. It was found that up to 8 at.% of Al the

fcc single phase is maintained with somewhat increased YS and UTS due to solid

solution hardening by added Al atoms. Those compositions systematically loose

some of their elongation with increasing amount of Al. For Al content between 8

at.% and 16 at.%, the alloy becomes dual-phased with cubic shaped B2 ordered

particles embedded in fcc matrix. It results in significant increase of YS and UTS

(up to 800 MPa and nearly 1200 MPa for 11 at.% Al). Tensile tests for high amounts

of aluminium were impossible due to brittleness of the alloy. Further increase in Al

content leads to solely bcc structure composed of disordered spherical precipitates

in B2 ordered matrix, probably due to spinodal decomposition [34]. It is clear that
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dual-phased alloys when properly designed can have increased mechanical properties

while keeping reasonable ductility.

Similar multiphased microstructures were observed in further studies in other com-

positions containing aluminium [44,70,116–118]. Chen et al. [70] and Manzoni et al.

[116] report bcc + B2 mix as shown in Figure 1.29a and more precisely Cr-Fe rich

bcc precipitates (marked as B in Figure 1.29b) in an Al-Ni rich B2 ordered matrix (A

in Figure 1.29b). In the six elements equiatomic AlCoCrCuFeNi analysed by Singh

et al. [44], presence of those two phases was also reported. Olszewska et al. [117]

have observed precipitation of cuboid B2 ordered phase in fcc matrix as shown in

Figure 1.29c for the AlCrFeMnNi equiatomic alloy.

(a) (b) (c)

Figure 1.29: a) SEM image of interdendritic zone of as cast AlCoCrFeNi HEA [70] b)
BF TEM image of the microstructure in the interdendritic zone of the as-cast AlCoCrFeNi
alloy [116] c) TEM DF image in <110> ZA and illuminated (100) spot view on dendritic
zone with visible B2 ordered cubes [117]

Lowering the Al content can lead to controlled precipitation and ageing hardening.

Such compositions were developed by Chen et al. [118] with following proportions

AlxCrFe1.5MnNi0.5 with x equal to 0.3 or 0.5. Initially after casting and homoge-

nisation, the alloy consists of fcc phase in the previous interdendritic zones and

B2 precipitates in a bcc matrix in the early dendrites. Cold rolling followed by

ageing heat treatment allows to additionally precipitate the Cr5Fe6Mn8 ρ phase.

Its presence allows to increase hardness from 300 HV to 800 HV. Those alloys

show higher softening resistance than high speed steels, and good wear resistance

compared to commercial alloys. Unfortunately its corrosion resistance in acidic

environments with Cl− ions is decreased with increasing content of Al [119].

Other elements have been also added to CoCrFeMnNi to induce precipitation of

second phases as hardening factors. Stepanov et al. [122] have checked the addition

of vanadium to the Cantor’s alloy. It lead most of all to formation of σ phase and V

was found to be a sigma forming element even stronger than Cr. CoCrFeMnNiVx

alloys with x ≥ 0.5 show continuous strengthening with yield strength reaching

up to 1660 MPa. Unfortunately the loss of ductility is immense since it drops to

0.5% elongation to fracture in tensile test. Liu et al. [131] show that addition of

Mo to the quaternary CoCrFeNi leads to precipitation of σ and µ phases. For
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CoCrFeMnNiMo0.3 at aged state the yield strength can surpass 800 MPa with total

elongation of 19%. Including Nb to Cantor’s alloy CoCrFeMnNiNbx can lead to

precipitation of Laves phase [129,130] or even to fully eutectic microstructure [135].

Presence of Laves phase leads to yield strengths exceeding 600 MPa but with very low

ductility [130], whereas for eutectic alloys σy can go up to 1600 MPa in compression

tests [135]. Finally addition of both Ti and Al can lead to fairly balanced tensile

properties [127, 128]. Presence of L12 Ni3(Ti, Al) and L21 (Ni, Co)2TiAl Heusler

precipitates contribute to both strengthening (up to σy = 1GPa) and loss of ductility

(down to 17%).

Searching for precipitation-hardened or dual-phased alloys is not the only reason

for addition of other elements to HEAs matrices. It can improve mechanical pro-

perties by influencing the deformation mechanism, for example facilitating twining

at higher temperatures. This effect was observed by Komarasamy et al. [120, 121].

The authors have reported high work-hardening ability in Al0.1CoCrFeNi alloy due to

presence of nano-scale deformation twins already at room temperature. In the coarse

grained alloy they have also shown low activation volumes comparable with other fcc

materials with ultra fine grain suggesting intrinsic strengthening mechanisms. Sim-

ilarly Jo et al. [95] have reported possibility of inducing deformation twins at room

temperature to enhance mechanical properties at cryogenic tensile tests by adding

vanadium. They have developed the single fcc phased Co10Cr15Fe35Mn5Ni25V10

that can reach up to 970 MPa yield strength with elongation of 46% at 77K in

the annealed state. Addition of carbon leads to increased strain hardening and

strength in the CoCrFeMnNiC0.5 according to Wu et al. [94]. The authors argue

that it is due to increased twinning ability enhanced by presence of interstitial carbon

atoms, most probably lowering the intrinsic stacking fault energy like in austenitic

steels [136]. Some equally promising results were obtained on a non-equiatomic

Co20Cr15Fe26Mn17Ni22 (also referred to as A3S) alloy after hot deformation [115].

This newly developed composition shows some particular dislocations behaviour

with cells formation and high stability after hot deformation. This nanometric sub-

structure can lead to yield strength reaching 800 MPa with elongation to fracture

up to 30% at room temperature.

Industrialisation of high entropy alloys can be problematic due to high number of

alloying elements that increase the cost of fabrication significantly. Expensive and

strategic elements are currently used in those alloys. The improvement of mechanical

properties should be considerable to justify their cost at sale. Even though these

alloys are still in a basic stage of research it is an aspect that should be considered

and solutions to reduce the price are not to be neglected. Possible ways of rising the

competitiveness of HEAs compared to classical alloys is for example the optimisation

of chemical composition, in explicit lowering the amount of critical elements like
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cobalt [137]. Little research is done on Co-free compositions in the Cantor’s family

of alloys even though it is costly and strategic. At the same time it can cause

problems during irradiation as cobalt forms high levels of the 60Co radioisotope

during neutron irradiation [125]. Nevertheless some researchers have made effort to

meet the problem [83, 125, 126]. The equiatomic CrFeMnNi after homogenisation

exhibits multi-phased microstructure [20, 72], in consequence research was done on

alloys with Cr content decreased to 18 at.% [125,126] or variable Cr content [83] to

maintain the single phase. Wu et al. [125] performed some tensile tests at various

temperatures on cold rolled and recrystallised samples and compared the results

to equiatomic CoCrFeMnNi. Values of yield strength and uniform elongation are

plotted in Figure 1.30 (two samples coming from this study shown in dashed lines and

a full line representing Cantor’s alloy from [72]). Values for both alloys are generally

comparable and similar temperature dependence trend is observed. However, for

Cr18FeMnNi a minimum of ductility is noted for intermediate temperatures (around

473 K). Just like for Cantor’s alloy, deformation twins are observed in samples after

tests at low temperature, but they are not found for tests at room temperature or

higher. Presence of twins is a sign of low stacking fault energy that was measured to

be of the order of 30 mJ/m2 at 77K [77,87] for CoCrFeMnNi and that concentration

of Co and Cr can decrease this value. Lower Cr and absence of Co most probably

lead to higher SFE in Cr18FeMnNi compared to Cantor’s alloy [125]. More study is

needed to confirm that same mechanisms govern the deformation in the quaternary

alloy but obtained σy and ǫf are quite promising.

Figure 1.30: a) yield strengths (σy) and b) uniform elongations to fracture (ǫf ) as a
function of temperature for Cr18FeNiMn alloy (two samples, red and blue dashed lines);
data for the equiatomic CoCrFeMnNi alloy (dark green solid line) [72] were also presented
for comparison [125]

One of possible application fields is the nuclear one, as it is hypothesised that

HEAs may show better resistance to irradiation-induced damage due to their com-

plex composition. Kumar et al. [126] have examined the microstructural and mech-
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anical changes produced by irradiation in the Cr18Fe27Mn27Ni28 and compared it

to conventional austenitic Fe-Cr-Ni alloys. Observation of newly created defects

showed a much higher number of dislocation loops at elevated temperatures in HEA

as shown in Figure 1.31. At the same time, the loops are much smaller, 6 nm com-

pared to 110 nm in 316 stainless steel. As a result, coalescence of loops does not occur

and no additional dislocations networks were formed. Consequently, the dislocation

density stayed stable before and after irradiation. This result suggests sluggish diffu-

sion kinetics in HEA compared to conventional Fe-Cr-Ni alloys with recombination

of vacancies and interstitials as the dominant recovery process. As a consequence

the resistance of HEA to void swelling, irradiation creep and other irradiation in-

duced defects seams improved as compared to classical materials. Diffusion induced

by irradiation in classical alloys usually leads among others to radiation-induced

solute segregation on grain boundaries. This effect is significantly suppressed in

HEA probably due to anticipated existence of short range ordering. In general the

Cr18Fe27Mn27Ni28 and other alloys from the CrFeMnNi family are promising com-

positions for demanding nuclear energy application with better swelling resistance,

reduced point defect mobility and limited segregation at grain boundaries. Absence

of Co is an important criterion in HEAs development [125].

Figure 1.31: Effect of ion irradiation temperature on dislocation loop density for Fe-Ni-
Mn-Cr HEA compared to conventional Fe-Cr-Ni austenitic alloys irradiated at comparable
doses and damage rates. The drawn lines are intended as guides for the reader’s eye [126]
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Motivation and objective

High Entropy Alloys are a new promising approach in metallic materials. The phe-

nomena occurring in this type of alloys are far from being fully understood and re-

search is still needed. There are several groups of interest among HEAs, and the one

based on 3d transition elements is the largest. The quinary equiatomic CoCrFeMnNi

alloy, also called the Cantor’s alloy, is part of this broad family of alloys. It is known

for highly stable single fcc structure and interesting properties specially at cryo-

genic temperatures. The Cantor’s alloy is treated as a model HEA. There have

been some attempts of modification of the equiatomic composition with promising

results pointing to the routes to follow: both by change of the stoichiometry, as

well as, reinforcement by other mechanisms like secondary precipitation. Not all

experimentally observed properties are fully understood yet. Microstructure, with

dislocations being part of it, is found to be at the origin of phase stability and

exceptional mechanical properties. Comprehension of its evolution is a source of

optimisation possibilities. Finally, economic aspects are not to be neglected in the

research. In the particular case of CoCrFeMnNi family, cobalt is the problematic

element, primarily because it is an expensive and strategic one. Additionally, Co

presence is at the origin of some technological difficulties. As compared to stainless

steels, it is probably the major defect of Cantor’s alloy for any industrial applications.

The aim of this work follows the logical approach of HEAs development. It is fo-

cused on design and optimisation of new fcc HEAs from Cantor’s family, with major

specifications of decrease or total elimination of cobalt while keeping high stability

of single fcc phase and good mechanical properties also at cryogenic temperatures.

In addition, lack of phase transformation under stress at liquid nitrogen, allows to

keep the amagnetic properties of the fcc phase. This approach needs an in-depth

comprehension of elemental mechanisms at the origin of mechanical properties such

as: phase stability, recrystallisation phenomena or dislocations behaviour.

The choice of composition was done based on Thermo-Calc calculations and pre-

vious research work performed in the Ecole des Mines de Saint Etienne (EMSE).

Alloys prepared both at EMSE laboratory and at research centre of APERAM
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Chapter 1. Objective

were studied. Multiple techniques of microstructural observations were used: SEM,

EBSD, TEM, as well as numerous mechanical tests were performed: HV measure-

ments, compression and tensile tests. The combination of those techniques allowed

to thoroughly characterise the selected alloys and bring further insight into observed

mechanisms of recrystallisation and plastic deformation.
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Methods and procedures
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2.1 Thermodynamic calculations

Alloys that have been designed and analysed in this work were designed and pre-

pared according to the procedures described in this chapter. First the composition

was selected on the basis of Thermo-Calc simulations. The casts to be studied were

prepared mainly by the technique of cold crucible melting followed by hot forging in

the EMSE laboratory. Part of the casts were prepared by vacuum induction melting

in the APERAM research centre. They were later transformed by hot and cold

rolling. Many heat treatments were performed directly after forging or additional

cold rolling. Alloys in different states were characterised by microscopy techniques:

SEM, EBSD, EDX, TEM. Mechanical testing of selected materials in different struc-

tural states consisted of hardness measurements, toughness, compression and tensile

tests.

2.1 Thermodynamic calculations

First approach to definition of promising alloy compositions was to analyse phase sta-

bility calculated by Thermo-Calc software. It is commonly used by both academic

community and industry to predict possible phases formation, phase transforma-

tions, solidification conditions calculate driving forces for phases formation [48, 49].

Thermo-Calc is a thermodynamic software based on CALculation of PHase Dia-

grams approach, CALPHAD. Minimisation of Gibbs free energy is at the basis of

those calculations according to its general expression for multi-component phases,

equation 2.1, where G0 is the contribution from chemical mixing of pure compon-

ents, Gideal
mix is the ideal mixing contribution, and Gxs

mix is the excess Gibbs energy of

mixing due to non ideal interactions [138].

G = G0 + Gideal
mix + Gxs

mix (2.1)

The value of G can be defined individually even in heterogeneous systems with

multiple stable phases, since properties of each phase are completely independent

of the others. The Gibbs energy of the whole system, Gsystem, is the sum of the

energies of each phase, Gi, multiplied by its amount, ci, as expressed by equation

2.2 [139].

Gsystem =
n
∑

i=1

ci · Gi (2.2)

CALPHAD approach consists of several steps. The first consists in collection

of experimental data to form empirical rules. Second, combination of obtained

rules with fundamental theories leads to a model description of each phase and its

thermodynamic properties. Gibbs free energies modelled for all individual phases

in binary and ternary systems are collected in thermodynamic databases. Finally,
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the model is extrapolated to higher order systems. As far as possible, the model is

enriched with experimental data for continuous development of those databases.

Numerous databases are proposed by Thermo-Calc company starting with all

major metallic alloy groups (Fe, Ni, Cu, Al, Mg), going through minerals to aqueous

solutions. The databases are constantly under development and their improved

versions are regularly released. In frame of this work three databases are of interest:

TCFE5 and TCNI8 that were available at the beginning of this PhD thesis work

(January 2016) and TCHEA1 that was released in late 2015. At present 3rd version

of HEA database was released, but it was not available in the scope of this work.

Since in selected and studied alloys, decrease of content or total elimination of Co

was balanced with Fe, use of the TCFE5 database seamed to be the most suitable

for the calculations. All representation of thermodynamic simulations are made in

form of quasi-binary phase diagrams as a function of concentration of one of the

elements balanced by Fe.

The Scheil Calculator activity is used to perform simulations of Scheil (Scheil-

Gulliver) solidification processes. By default, a Scheil calculation results in an es-

timation of the solidification range of an alloy. The calculation is based on the

assumption that the liquid phase reaches its equilibrium and is homogeneous at all

times and that the diffusivity is null in the solid state.

2.2 Investigated materials

Three compositions were investigated at first, they are presented below in Table 2.1

and are named as Y1 low-Co(V), Y2 low-Co and Y3 Co-free. Alloys were prepared

by cold crucible melting technique in Ecole des Mines SMS Center laboratory. Com-

ponents were introduced one after the other with purity minimum 99,99% for iron,

chromium, nickel and cobalt that have been purified in the laboratory. Manganese

was purchased commercially with a purity of 99,9%. The level of impurities, in ex-

plicit C, N, O, S is <50 ppm for each. The casting process together with following

thermo-mechanical treatments will be described in more details in Chapter 3.3.

Table 2.1: Composition of investigated alloys [at.%].

Alloy Co Cr Fe Mn Ni Others

Y1 low-Co(V) 10 15 bal. 17 22 1 % V
Y2 low-Co 10 15 bal. 17 22 -
Y3 Co-free - 15 bal. 17 22 -
Y3 Co-free(0.1Nb) - 15 bal. 17 22 0.1 % Nb
Y3 Co-free(0.3Nb) - 15 bal. 17 22 0.3 % Nb
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2.2 Investigated materials

After casting, 3000g ingots were cut to about 500g pieces, annealed at 1000◦C for

3 hours and hot forged at about 1060◦C. Forging procedure starts with ingot pieces

with cross section of about 20 x 40 mm and finishes with a 12 mm diameter rod in

several passes with intermediate reheating. Total deformation could be estimated at

the order of ǫ = 0.85 not taking into account the possible recovery / recrystallisation

during reheating. Most of the tests were done on samples as forged (AF) or annealed

at 1000◦C 2h and water quenched (RQ). Part of the RQ rods were cold rolled with

thickness reduction of ∼ 90% (CR).

Additionally, Y3 Co-free and Y2 low-Co ingots of 2000g were made in APERAM

Research Centre in Isbergues by melting and casting under vacuum (Vacuum Induc-

tion Melting, VIM) to verify the feasibility of this kind of concentrated (HEA) alloys

in conditions approaching those of an industrial laboratory. The chemical elements of

99% purity were melted in small portions without previous cleansing, starting with

iron and finishing with manganese. Carbon was added to carry out deoxidation,

nitrogen was used to purify the chamber after deoxidation. Afterwards, the ingots

were hot rolled with the thickness reduction of 90% with quenching at the end of the

process. Later they were heated to 1000◦C and cooled down, as it is conventionally

done for austenitic stainless steels for softening before cold rolling. Finally, cold

rolling with reduction of thickness of 64%, down to 1 mm, was performed.

Heat treatments

Numerous heat treatments were performed on as forged or cold rolled samples to

investigate the temperature influence on microstructural evolution. List of heat

treatments is regrouped below in Table 2.2. Most of those annealings were done for

samples in AF state or CR state. For treatments longer than 24h, samples were

closed in evacuated quartz capsules; for short treatments if possible, pure argon

atmosphere was applied to avoid oxidation. Most annealing treatments were per-

formed in cylindrical furnaces in EMSE. The temperature was controlled with a

thermocouple (+/- 5◦C) before putting samples in the furnace; time of heat treat-

ments was counted starting at putting the sample in a hot furnace.

Table 2.2: List of temperatures and times of annealings.

Temperature [◦C] Time

500 100, 200, 300, 400, 500 days
600 2, 14, 28 days
650 2, 14 days
700 2, 14 days
800 0s, 30s, 60s, 180s, 300s, 8h
1000 0s, 30s, 60s, 180s, 300s, 2h, 24h
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A series of short annealing treatments was performed in APERAM laboratory.

The temperature (800◦C or 1000◦C) was controlled by thermocouples welded on the

surface of thin (1 mm) samples (either AF or CR state). Holding time was started

when the slope of temperature change reached 4◦C/s, giving the treatment profiles

as presented in Figure 2.1. No protective atmosphere was applied and the samples

were observed at the cross section for microstructure analysis through the whole

sample thickness.

Figure 2.1: Temperature profile during short annealings at 800◦C

2.2.1 Hot cracking tests

The capacity to undergo hot deformation of as cast alloys was verified by hot crac-

king tests. The tests were performed in the APERAM research centre using the

Gleeble machine with tensile module. Samples in the as cast ingot were prepared

according to the plan presented in Figure 2.2. The test consists of heating of the

specimen locally, where the section is reduced. The applied heating rate was 50◦C/s.

The temperature was controlled by thermocouples welded on the surface. When

the required temperature is reached, the sample is pulled with strain rate 10 s−1

and the maximal force is measured. Both critical drop in mechanical resistance

and decreased necking are signs of "burned" material: local liquefaction. Tests

performed at various temperatures allow to define precisely the temperature for hot

deformation. In our case, the tests were performed at temperatures ranging from

950◦C to 1200◦C every 50◦C. Later on, the samples were cut in two and the cross

sections’ microstructure was observed via light microscopy.
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Figure 2.2: Hot cracking test specimen; schematic drawing.

2.3 Microstructure observations

Microstructural observations were always performed as close to the centre of the

rod as possible or on the surface of CR samples (unless specified). All samples were

prepared by mechanical abrasion followed by electro-polishing as described below.

2.3.1 Samples preparation

For all observations, surfaces were prepared by manual grinding with SiC (P240

- P1200) paper, followed by electro-polishing in a 10% solution of perchloric acid

(HClO4) in ethyl alcohol (C2H5OH), under 25-30V for 20-40s at room temperature.

The so obtained state of the surface was generally satisfactory for further observa-

tions by electron microscopy or XRD, with some occasional pits. Microstructure for

light microscopy was revealed by electrolytical etching in oxalic acid under 6V for

60s at room temperature.

2.3.2 X-Ray Diffraction

Crystal structure and phase identification for samples at different states were deter-

mined using an X-ray diffractometer (MDR PANALYTICAL) with Cu Kα radiation

operated at 40 mA and 45 kV. Same conditions were applied for dislocation density

measurements, this time using Co Kα radiation. The analysed angle was between

50◦ and 52◦ for {111} peaks with a step size of 0.0125◦ and time of counts of

10 000 s/point. The dislocation density was later determined according to the va-

riance method based on the moments of intensity profiles, developed by Borbely and

Groma [140].
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2.3.3 Scanning Electron Microscopy

SEM Zeiss SUPRA55VP was used for microstructure observations in backscattered

electrons (BSE) mode operated at 20kV. The same microscope was used for electron

backscatter diffraction (EBSD) analyses with the step size between 0,06 and 0,1

µm. The EBSD data were analysed with the HKL Channel5 software (Oxford

Instruments NanoAnalysis, version 5.11.10405.0). In this work, a grain was defined

as an aggregate of data points that have relative misorientation smaller than 2◦.

The minimum size of the aggregate was set depending on specimen; for example

for as forged samples, collection of at least 4 pixels with relative misorientation <2◦

were considered as a grain. Grain boundaries were set as a change in orientation

over 15◦ and subgrain boundaries as over 2◦. Twin boundaries were included in the

measurements.

Local chemical composition was analysed by the SEM microscopes equipped with

energy dispersive spectrometers (EDX): JEOL 6500F equipped with silicon diode

detector Princeton Gamma tech; and Zeiss SUPRA55VP equipped with Oxford’s

SDD detector XmaxN 80.

2.3.4 Transmission Electron Microscopy

TEM samples were prepared by cutting small discs of φ = 3 mm, thickness = 100

µm and later twin-jet electropolishing with Struers TenuPol-5 device. The bath was

a 10% perchloric acid solution in ethanol (HClO4 + C2H5OH), the potentials were

between 14-18 V and the temperature was between -4◦C and 0◦C. The observations

were made on Philips CM200 TEM operated at 200 kV.

Part of the observations was done on samples prepared by FIB to enable analyses

in selected areas of heterogeneous materials. The microscope used was a Jeol 3010-

LaB6, operated at 200 kV, held in SIMaP, Grenoble. It is equipped with ASTAR,

Automatic phase and orientation mapping, allowing scanning in transmission mode

[141]. The EDX, being also part of the equipment, was used for chemical composition

maps.

2.4 Mechanical tests

2.4.1 Vickers Hardness measurements

Vickers hardness was measured under a load of 10kg. At least five equally spaced

indents were made and the average values were calculated.
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2.4 Mechanical tests

2.4.2 Compression and tensile tests

Compression tests were performed on cylindrical samples, h = 9mm, φ = 7mm, at

temperatures 25 - 1050◦C with strain rate of 10−1 s−1 and 10−3 s−1 in a Schenck

compression machine. Strain was later defined as follow:

ǭ = −ln
hcur

h0

(2.3)

where hcur is the current and h0 initial sample height. Since height during uni-axial

compression tests changes and surface of the sample is in direct contact with pistons,

friction between the sample surface and the piston has to be taken into account. The

experimental stress should be corrected according to the equation 2.4:

σ = σexp



1 +
2

3
√

3
m̄

r0

h0

exp

(

3ǭ

2

)





−1

(2.4)

where σexp = F/Scur is the stress for the current cross section of the sample, m̄ is a

friction coefficient (value of 0.1 was taken), r0

h0

is the slenderness ratio that influences

the friction, where r0 is equal to φ/2, and ǭ is the applied strain.

Tensile tests were performed on threaded-headed cylindrical specimens, l = 50mm,

φ = 4mm (as shown in Figure 2.3), at the strain rate of 10−3 s−1. Both behaviour

at room temperature and in cryogenic conditions was tested. For the latter case,

a temperature of -150◦C was obtained in an isolated chamber by evaporated liquid

nitrogen. The experimental machine was a screw-driven Schenck test machine. An

extensometer was used to measure engineering strain. True strain can be defined

as:

ǭ = ln

(

1 +
∆l

l0

)

(2.5)

where ∆l is the increased in length and l0 is the initial length of the sample. True

stress can be determined hypothesising that the volume of the sample is constant

and it can be described according to the equation 2.6:

σ̄ = σ

(

1 +
∆l

l0

)

(2.6)

where σ = F/S0 is the engineering stress. All curves were drawn as a relation of

true stress vs true strain. The totality of the curve was shown, even though once

the necking begun, it has little physical sense.

Work hardening coefficient p for curves coming both from compression and tensile

tests was calculated from the Hollomon equation:

σ = Kǫp (2.7)
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logσ = logK + p · logǫ (2.8)

where σ is the stress, ǫ is the plastic strain and K is a material constant. The

coefficient p was determined from the slope of a plot of logσ vs logǫ, in the linear

area.

Figure 2.3: Schematic specimens for tensile tests

A set of relaxation tests was performed on cylindrical tensile samples on the same

screw-driven Schenck test machine. Example of cycle of stress measurement as a

function of time reading during one relaxation set is presented in Figure 2.4. A series

of 5 relaxations of t = 30 s each were done for various loads, following the Spatig

procedure [91]. Upon reaching the imposed load, pistons were stopped for time t,

after which strain was applied again on the sample until the same load was attained.

This action was repeated 5 times. After last relaxation of the set, the sample was

strained till next imposed load value and the process was repeated. More details

about analysis of these results are presented in Appendix 1.

Figure 2.4: Representation of a relaxation set at 445 MPa
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2.4 Mechanical tests

2.4.3 Charpy impact toughness

Charpy impact toughness tests were performed on V-notched samples with square

cross section of dimension 5mm x 5mm and the notch depth of 1mm (Figure 2.5).

One reference test at room temperature was performed. Two samples were tested

in cryogenic temperatures. To cool down, the specimens were immersed in liquid

nitrogen for 6 minutes. Charpy impact toughness KCV was calculated from the 2.9

equation, where KV in the energy absorbed by rupture and S0 is the surface of the

sample in rupture zone.

KCV =
KV

S0

(2.9)

Figure 2.5: Schematic specimens for Charpy impact toughness tests
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3.1 Computational design of new HEAs

Goal of this work is to design and evaluate new alloys, based on the CoCrFeMnNi

family with decreased or totally eliminated Co addition. First step on the path of

searching for such possible grades of alloys was computational design. Based on

thermodynamic calculations, phase stability can be predicted. This initial approach

allows to narrow down the number of compositions and experimentally analyse only

the most promising ones. Once the alloys are cast and transformed, their micro-

structure and mechanical properties are verified. Those primary results allowed

to identify the most encouraging composition as well as some unusual phenomena

occurring in this family of alloys.

3.1 Computational design of new HEAs

Choice and optimisation of new compositions often starts with thermodynamic simu-

lations. In the case of this study, Thermo-Calc software, together with its databases,

was used. Available databases and extrapolations to high order systems allow a

preliminary insight into possible phases formed at equilibrium in a large range of

compositions and temperatures. Obviously, those calculations do not fully represent

the reality and their credibility depends on number of fully assessed lower order

systems included in the available databases [50]. Especially σ phase appears to be

the most problematic in the CoCrFeMnNi system and is often underestimated in

the predictions [38]. In case of present study, due to high number of elements and

their elevated contents, various databases could have been applicable among those

proposed by Thermo-Calc, the software used for simulations. The databases that

were considered are for iron based alloys, TCFE, for nickel based alloys, TCNI, and

latest database for high entropy alloys, TCHEA. In this work most phase diagrams

were calculated in the TCFE5 database and compared with the first version of high

entropy alloys database TCHEA1.

Decrease or even total elimination of Co content while keeping the fcc single

phased structure was a priority in the search of new compositions. To do that quasi-

binary phase diagrams were simulated. The main criteria imposed during alloys

selection were: 1. large domain of single fcc stability and its minimal temperature

as low as possible; 2. absence of secondary phases, in particular σ phase, or their

appearance for temperatures as low as possible to decrease the driving force of

precipitation; 3. to keep high Cr content, for sufficient corrosion resistance of the

alloy.

As it was previously shown in the literature, the quaternary equiatomic CrFeMnNi

alloy exhibits a multi-phased structure [20, 72]. This outcome is well predicted by

Thermo-Calc where single fcc domain is not present for this composition, as shown in

Figure 3.1a. To ease the comparison of presented phase diagrams, two characteristic
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Chapter 3. Selection of original HEAs and their first evaluation

points were defined: the minimal temperature of fcc stability, Tfcc
min, and the maximal

temperature of σ phase appearance, Tσ
max. Change of their position will be followed

across analysed diagrams.

Substituting Co entirely by Fe, leading to Cr20Fe40Mn20Ni20 composition, does

not influence much the phase diagram, Figure 3.1b. The predicted phases are the

same with only slight change of position of characteristic points. Stability of fcc

phase is predicted down to around 850◦C, which is still very high. Formation of σ

phase is prompt to appear in a wide range of temperatures specially for Cr content

above 18 at.%, where the maximum temperature of its stability can be found. The

risk of multi-phased structure is quite high for this composition.

Substitution of Co by Ni was also analysed and the result is presented in Figure

3.1c. Strong decrease of temperature of fcc stability can be noticed. At the same

time this point appears for very low Cr contents around 5 at.%: such limited Cr

content in an alloy can lead to dramatically lowered corrosion resistance. On the

other hand the Cr20Fe20Mn20Ni40 does not present any σ phase, at any range of

temperatures. Its presence is limited for low Cr content. However, for compositions

with Cr > 6 at.%, the bcc phase predicted next to the fcc one is nearly pure Cr (90

at.%). It not only decreases the Cr content in the fcc solid solution but at the same

time puts the alloy at risk of brittleness. Large domain of appearance of the bcc

phase leads to high driving force for precipitation in large range of temperatures,

increasing the probability of presence of this second phase.

Further focus in research of new compositions was put on non-equiatomic alloys.

It was already reported that increasing Cr content can lower fcc stability and lead

to σ phase formation [83,125,126]. Let us note that the Cr content in the searched

alloys may be considered as one of principal criteria for which a compromise needs

to be found. Firstly, it is necessary at elevated concentration for good corrosion re-

sistance. On the other hand, increased Cr content results in elevated Tfcc
min, as seen

in phase diagrams presented in Figure 3.1. Such good compromise was achieved by

Mroz for a quinary non-equiatomic composition Co20Cr15Fe26Mn17Ni22, also called

A3S [115,142]. This composition presents a large fcc zone with a minimum stability

temperature at about 550◦C for 15 at.% Cr, Figure 3.1d. Additionally, formation

of σ phase is strongly suppressed. It is limited to a narrow range of temperatures

(500 - 550 ◦C), meaning that its formation can be easily avoided through approp-

riate heat treatments. Moreover, this composition was confirmed to have a stable

fcc phase even upon long time annealings due to slow transformations kinetics: only

trace amounts of second phases were observed after 300 days at 500◦C).

Since proportions between elements as designed in the A3S composition proved

to be profitable for increased fcc stability, this basis was used for further search of

new compositions. The Co content was gradually decreased up to total elimination.
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Attempts to substitute it by other transition metals outside of CrFeMnNi family

were done. However, their poor solubility in the fcc solid solution did not allow for

their increased concentrations; only slight doping could have been considered. As

a consequence, the Co content needed to be substituted by one of the initial four

elements. For obvious reasons substitution by chromium was not considered, as it

is a strong bcc stabiliser and its increased content leads to high presence of σ phase.

Manganese was also omitted due to its negative influence on corrosion resistance as

well as, the problems it brings into the technological process of alloys preparation:

high evaporation and facility of oxides formation. Finally, Ni was not considered

either as it leads to fcc stability for low Cr content only, not sufficient for good

corrosion resistance (Figure 3.1c). The choice was made to fully substitute Co by

iron fixing all the other elements.

(a) CrFeMnNi (b) Cr20Fe40Mn20Ni20

(c) Cr20Fe20Mn20Ni40 (d) Co20Cr15Fe26Mn17Ni22, A3S

Figure 3.1: Quasi-binary Fe-Cr phase diagrams of a) equiatomic CrFeMnNi,
b) Cr20Fe40Mn20Ni20, c) Cr20Fe20Mn20Ni40 and d) Co20Cr15Fe26Mn17Ni22, A3S. All dia-
grams calculated in iron TCFE5 database.
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As presented in Figure 3.2, the relatively low temperature of fcc phase stability

is maintained within the wide range of Co content. Between 0 - 30 at.% Co, the

Tfcc
min varies from 500 - 660 ◦C. Those values are still much lower than for other

compositions previously presented in this study (Figures through 3.1a to 3.1c). At

the same time, it can be noted that the decrease of Co in the A3S composition leads

to reappearance of σ phase. It either totally replaces or accompanies the Cr-rich bcc

phase. However its Tσ
max lower than for other compositions should lead to slowed

down precipitation kinetics and thus lower probability of its presence.

For further study, three compositions were chosen based on the A3S alloy. For the

first two compositions, Y1 low-Co(V) and Y2 low-Co, the Co content was decreased

down to 10 at.%. In the Y1 low-Co(V) composition 1 at.% of V was added compared

to Y2 low-Co. The purpose of this approach was to verify the efficiency of en-

hancing the solid solution strengthening. However, due to limited solubility, higher

concentration could not be considered. Finally, the cobalt content was completely

substituted by Fe in the Y3 Co-free alloy. The three chosen alloys, Y1 low-Co(V),

Y2 low-Co and Y3 Co-free, whose detailed compositions can be found in Table 2.1,

were further cast and the formed phases were identified.

Figure 3.2: Quasi-binary Fe-Co phase diagram representing Y2/Y1 and Y3 alloys next
to the A3S composition. Diagram calculated in the TCFE5 database.

When the phase diagram for Y3 Co-free composition as a function of Cr content

is considered, Figure 3.3a, it can be noted that the formation of high temperature
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bcc phase was shifted to increased Cr concentration further from the nominal 15

at.%. For this composition the Tσ
max was decreased to about 660◦C, which is over

100◦C lower than for other, previously considered Co-free compositions.

(a) Y3 TCFE5 (b) CoCrFeMnNi TCFE5

(c) Y3 TCHEA1 (d) CoCrFeMnNi TCHEA1

Figure 3.3: Quasi-binary Fe-Cr phase diagrams of Y3 and equiatomic CoCrFeMnNi in
two databases: iron TCFE5 (a, b) and HEA TCHEA1 (c, d)

Once the new High Entropy Alloys database, TCHEA1, was released in late 2015,

the phase diagrams for chosen compositions were verified again. Comparison of

equilibrium phase diagrams for Y3 and Cantor’s alloy calculated in both TCFE5

and TCHEA1 databases is presented in Figure 3.3. Let’s note that the TCHEA1

database results suggest apparent ordering of both fcc (L12) and bcc (B2) phases.

In fact, this is an artefact coming from the database description, where both ordered

and disordered fcc/bcc structures are modelled as one phase labelled equivalently. If

one verifies detailed information about the predicted phases, it becomes obvious that

specific composition for each sub-lattice is exactly the same and equal to nominal
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composition. It means that the phases are perfectly disordered at the atomic scale.

Furthermore, the complexity of the diagrams increased for the new database, more

phases are permitted at lower temperatures. For calculation in both databases,

higher number of phases is present in the quinary alloy than in the quaternary non-

equiatomic Y3. For TCHEA1 the difference is even clearer. It is due to a more

complex system with an additional element for the Cantor’s alloy. For both alloys

formation of σ phase is emphasised in TCHEA1: not only its stability begins at

higher temperatures but it is also present through a wider range of Cr content.

Nonetheless, the large single fcc domain is maintained. Both alloys are predicted to

solidify into fcc solid solution that is stable down to 600-700◦C. In all four diagrams

in Figure 3.3 the temperatures of solidus and liquidus are similar (slightly higher for

Y3 than CoCrFeMnNi) and the solidification range is narrow.

An easy to understand representation of phase stability in alloys is shown in Fig-

ure 3.4a, for the Y3 composition. It allows to see clearly all the temperatures at

which phase transformations take place; both with the fraction of each phase present.

Solidus temperature is predicted at about 1360◦C, σ formation starts at 660◦C and

bcc Fe-rich phase just below 500◦C. Yet, these computational results need to be

checked: phase stability of the Y3 Co-free alloy at 500◦C will be addressed in the

next paragraph. Anyhow, compared to the melting temperature obtained via mixing

rule, which is at the order of 1830◦C for Y3 and similar for other compositions (see

Table 3.4), Thermo-Calc prediction indicates a much lower value. Measurements by

Differential Thermal Analysis (DTA) for Y3 alloy confirmed the accuracy of calcula-

tions with the value of solidus temperature for melting TM = 1343◦C. Verification

of temperature during alloy preparation shows that casting done at T ≈ 1400◦C

ensures fully liquid state and good fluidity of the melt, which confirms as well the

validity of thermodynamic calculations.

(a) (b)

Figure 3.4: Thermo-Calc diagrams of Y3: a) equilibrium phase composition and
b) change of chemical composition of liquid during solidification according to Scheil-Guliver
model. Calculations done in TCFE5.
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Thermo-Calc also foretells presence of chamical segregation during casting ac-

cording to Scheil-Guliver model, Figure 3.4b. First, liquid solidifies with chemical

composition close to the nominal one. Later on, with temperature decrease, the

composition of remaining liquid changes through classical mechanisms of equilib-

rium between solid and liquid phases. When the temperature decreases, liquid

becomes depleted of Fe and enriched in Mn and Ni. It is clear that the last liquid

present at the end of solidification process, at about 1300◦C, contains high amount

of manganese and nickel, while the iron content drops drastically. There is little

difference in Cr content throughout the solidification process. The segregation leads

to variation in local composition and consequently change of local equilibrium. It

is the reason for extended solidification range predicted by this model, compared to

the equilibrium phase diagram. At the same time, it can be noted that the variation

in elements content is continuous, confirming that no second phase is present upon

solidification. The cast is predicted to be fully single phased.

Fe Cr

Mn Ni

Figure 3.5: EDX map analysis of as cast Y3 alloy with visible dendritic segregation.

Thermo-Calc predictions have been experimentally confirmed by microstructural

observations together with EDX mapping of Y3 alloy at the as cast state. Clear

dendritic structure with presence of solidification segregation is presented in Figure

3.5. Long time of data collection allows to distinctly see the dendritic structure due
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to differences in chemical composition. The interior of dendrites is highly enriched

in Fe, whereas interdendritic zones present elevated content of Mn and Ni. Cr is

dispatched in a more even way with little differences noticeable. It is encouraging

to confirm that both experimental and theoretical data comply up to a certain level

and existing thermodynamic calculations can be used as an insight into promising

compositions, at least to determine the high temperature stability.

To summarise this part, in the frame of this work various quasi-binary phase

diagrams were simulated by Thermo-Calc and thoroughly analysed in the search for

new compositions. Finally, in preselected alloys, the substitution of Co was made by

Fe atoms significantly increasing its content up to 46 at.%. As a consequence the use

of TCFE5 seams justified and any further reference to TC calculations implies the

use of iron database. In any case, the quasi-binary phase diagrams are an indication

of equilibrium phases in the alloy and they should be used as initial tool for choice

of composition. Three selected compositions were further analysed in the context of

phase formation by calculation of empirical parameters.

3.1.1 Low temperature (500◦C) phase stability: verification of

thermodynamic calculations

Some recent publications showed that the equiatomic CoCrFeMnNi can be subjec-

ted to decomposition in certain conditions, as it was already presented in chapter

1.6.4. Despite being reported as a single fcc alloy in most studies, when exposed to

temperatures below 800◦C, besides the fcc matrix phase, four secondary phases were

found: 1. σ Cr-rich phase, 2. bcc Cr-rich phase, 3. L10 ordered NiMn-rich phase

and finally 4. FeCo-rich phase [17, 111–115]. The decomposition can be induced

either by prolonged heat treatments, 100 days or more, but also strongly acceler-

ated by severe plastic deformation due to increased number of fast diffusion paths

(grain boundaries, dislocations). However, Thermo-Calc phase diagram simulations

for Cantor’s alloy do not predict most of those phases. Only σ Cr-rich phase is

correctly foretold.

In the case of Y3 alloy, absence of fcc-stabilising Co, could lead to a decrease of

single phase stability, which should be verified. Thermo-Calc quasi-binary phase

diagram, as presented in Figure 3.6 (an insight into the diagram already shown

in Figure 3.2), predicts presence of additional σ CrFe-rich phase upon reaching

equilibrium below 650◦C, and supplementary bcc Fe-rich phase below 480◦C. A

previous study by Otto et al. [17], where prolonged annealings of Cantor’s alloy at

various temperatures were performed, was the basis for setting conditions of this

analysis. The temperature of 500◦C was chosen, as highest degree of decomposition

was found for this temperature in [17]. For Y3 Co-free alloy, Thermo-Calc predicts a

presence of 10% σ phase next to the matrix at this temperature. Detailed chemical
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compositions of both phases are presented in Table 3.1. To compare the correctness

of those predictions as well as the phase evolution of Y3 alloy with respect to Cantor’s

alloy a series of heat treatments at 500◦C up to 500 days was performed. The samples

were in two initial states: directly as forged or annealed at 1000◦C 2h, to check the

influence of microstructure on decomposition kinetics.

Figure 3.6: Quasi-binary phase diagram of Y3 alloy calculated by Thermo-Calc TCFE5
database.

Table 3.1: Chemical composition (at.%) of phases predicted by Thermo-Calc and those
observed by TEM EDX after annealing at 500◦C 300 days.

Method Phase Cr Fe Mn Ni

Thermo-Calc, TCFE5
matrix (90%) 12 46 18 24
σ (10%) 47 41 10 2

TEM EDX
matrix 11 38 25 26
FeCr 84 16 - -
MnNi 4 1 48 47

Firstly, X-ray diffraction was performed on samples annealed up to 500 days at

500◦C, presented in Figure 3.7. After any conditions of annealing, only peaks coming

from the matrix fcc phase were detected, no additional peaks were found, in explicit:

no σ phase was found. If Thermo-Calc prediction was to be believed, the formation of

nearly 10 vol.% of this secondary phase should have been detected. It is clear that no

73



Chapter 3. Selection of original HEAs and their first evaluation

such amounts of secondary phase is present after 500 days at 500◦C. The presented

diffractograms come from samples with various initial states: as forged, AF, or

annealed at 1000◦C 2h, RQ. No particular differences were observed between the

diffractograms, no matter the initial state of the sample. This result shows that even

if any secondary phases are present, their volume fraction is below the 2% required

to be detected by X-ray diffraction. It can be hypothesized that the fraction of

secondary phases at saturation is indeed very low. Similar analysis was done on A3S

and Cantor’s alloys by Mroz [115]. X-ray analysis of A3S composition after 100 days

at 500 ◦C gave the same result with only fcc phase detected. However, Cantor’s alloy

showed already the presence of multiple phases: next to the fcc matrix, the MnNi

tetragonal phase, Cr bcc phase and FeCo B2 ordered phase were detected. After

200 days annealing analogous peaks were found with increased intensity suggesting

higher volume fraction of secondary phases in Cantor’s alloy. The identified phases

were in accordance with those found by Otto et al. [17].

Figure 3.7: Y3 alloy after 100 and 500 days annealing at 500◦C, X-ray diffractograms.
Alloy in two initial states: as forged (AF) or heat treated at 1000◦C / 2h (RQ) prior to
annealing. Comparison with initial as forged state.

Next, microstructural observations of annealed Y3 at the scale of SEM were per-

formed. Images of samples annealed for 100 days are presented in Figure 3.8. Y3

Co-free alloy is compared with Cantor’s alloy [115]. The as forged Y3 alloy in Figure

3.8a shows a typical microstructure for HEA alloys prepared at EMSE laboratories:

high misorientation in the grains leading to a difficulty to distinguish them. At the

same time, pits due to electropolishing tend to follow a path that could easily be

associated with grain boundaries (marked with arrows). It is an indication of pres-
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ence of secondary phase, most probably on the grain boundaries, that was eroded

during the process of samples preparation. Traces of precipitation were also found

in the initially annealed state, however with lower fraction and not obviously on

GBs, as indicated by arrows in Figure 3.8b. EDX analysis showed enrichment in

Cr for most of them, and in MnNi for others. Yet, the volume fraction of those

secondary phases for both as forged Y3 and annealed Y3 is low (not detected by

XRD). In the case of Cantor’s alloy the decomposition is much more pronounced.

Images for a sample after forging and a sample after annealing coming from Mroz’s

thesis [115] are presented in Figures 3.8c and 3.8d. Here the distinction between

single phased and decomposed area is clear. Zones with multiple phases are char-

acterised by frequent change of colour from bright grey to black due to changes in

chemical composition. It is evident that the volume fraction of secondary phases

for Cantor’s alloy is much more elevated than for Y3 Co-free alloy. Mroz reports

total of 50% volume fraction of decomposed areas for Cantor’s alloy, compared to

certainly less than 2% in the Y3 composition. Same series of annealings for A3S

composition shows that its decomposition is detected only after 300 days at 500◦C,

but again with volume fraction to low too be identified by XRD. Despite the absence

of Co in Y3 alloy composition, it appears to be more stable than the equiatomic

CoCrFeMnNi. However, compared to A3S alloy fcc stability was slightly decreased.

(a) (b)

(c) (d)

Figure 3.8: Y3 Co-free alloy and Cantor’s alloy [115] after 100 days annealing at 500◦C.
Two various initial states are compared: as forged and annealed (1000◦C 2h). SEM BSE
images of: a) as forged and b) annealed Y3 alloy; c) as forged and b) annealed Cantor’s
alloy.
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TEM thin foils of as forged Y3 alloy after 100 days of 500◦C annealing, were

prepared with the purpose of identification of secondary phases. A representat-

ive image is presented in Figure 3.9. Previous SEM observations suggested that

precipitation may be preferentially placed on grain boundaries. This observation

seams, in principle, confirmed by TEM. Unfortunately, foils preparation technique

by electropolishing lead to preferential etching around the precipitates and their

elimination. Numerous voids were found following the grain boundaries, however

the precipitates could not be identified. At the same time, it is important to note

that no traces of decomposition were found inside the grains. Moreover, the dislo-

cations density remains elevated, and little change compared to the as forged state

is visible. Despite annealing for 100 days at 500◦C, the structure is still complex

and did not evolve much compared to the initial state.

Figure 3.9: As forged Y3 alloy after 100 days annealing at 500◦C, TEM image.

Since secondary phases could not yet be identified, neither by XRD, nor by TEM,

samples after 300 days were further analysed by TEM together with ASTAR equip-

ment in more detail. The structure obtained after this prolonged annealing is shown

in Figure 3.10. Traces of secondary phases are clearly visible as numerous pits/voids

are present due to preferential electropolishing around decomposed areas. To make

sure that a zone with presence of the secondary phases is observed, an FIB thin foil

was prepared. It was cut in the way to contain a grain boundary where most phe-

nomena were detected, as shown in Figure 3.10 by an orange rectangle representing

a zone of interest for thin foil extraction.
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Figure 3.10: As forged Y3 alloy after 300 days annealing at 500◦C, SEM BSE image.
Orange rectangle represents a zone of interest for thin foil extraction.

A STEM image of the whole surface of the foil is presented in Figure 3.11a.

The grain boundary is traced and numerous precipitates can be found in the upper

grain. The ASTAR equipment allowed to perform an automatic phase identification

in scanning mode. The result is presented in Figure 3.11b. Three distinct phases

can be identified: in blue FeCr-rich phase, in green MnNi-rich phase and finally in

red the fcc matrix. The dark filter represents the reliability of the identification.

The darker the zone the lesser the reliability: therefore, other phases should be

also considered. The identification is done based on previously indicated phase

parameters from databases. The three phases were initially identified by analysis of

TEM diffraction diagrams. Firstly, it was found that the FeCr-rich phase is a bcc

phase Cr70Fe30 with cell parameter a = 2.87 Å that is not the σ phase as predicted

by Thermo-Calc. Next, the MnNi-rich phase is the tetragonal Mn50Ni50 with cell

parameters a = 2.61 Å, c = 3.49 Å. Finally, the matrix was confirmed to be the

austenite with cell parameter a = 3.60 Å. The diffraction diagrams of fcc matrix and

tetragonal MnNi in some orientations are very similar and differentiation between

them is difficult. That is the reason for low reliability of the identification in certain

zones of the matrix.
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(a) (b)

Figure 3.11: a) STEM BF image of the FIB thin foil coming from an as forged Y3
samples after 300 days at 500◦C; b) Phase identification using the ASTAR equipment. Blue
colour for FeCr-rich phase, green for MnNi-phase and red for fcc matrix. The superposed
dark filter gives the information about reliability of the identification, the darker the zone
the less reliable it is.

To complete the obtained results of phase identification, EDX chemical elements

mapping was done on the same zone. The results are presented in Figure 3.12. The

difference in the shape of observed zones is due to the tilt of the sample necessary

for EDX analysis. It can be clearly seen that the bottom grain contains no second

phase and that all elements are distributed in an even way. All decomposition

takes place in the upper part of the sample, most probably corresponding to a

decomposed intergranular area. Presence of secondary precipitates is much higher

than it would appear from the phase identification; in explicit, fraction of MnNi-

rich phase is significantly increased in the analysed sample. At the same time

the FeCr-rich phase was properly identified by ASTAR. The discrepancy for MnNi

identification comes most probably from the similarity between the fcc matrix and

the tetragonal MnNi phase diffraction diagrams. That is why simultaneous analysis

of TEM phase indexation and distribution of elements is necessary. The distribution

of two secondary phases is surprising. One would expect them to be in contact, next

to each other as the elements from the single solution diffuse to one or the other

phase. However, between each zone of secondary phase, fcc matrix is still present.

The nature of secondary phases formation resembles to higher order precipitation.

More detailed chemical compositions coming from point analysis of individual

decomposed zones are presented in Table 3.1. The values measured in the matrix

derive compared to the nominal composition, but the measurement here was done

on one small zone. Other measurements performed during TEM observations were

reasonably close to required content. The chemical composition of CrFe phase is
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richer in Cr than it could be expected according to phase identification. However,

it confirms that it is not the σ phase predicted by Thermo-Calc. The composition

of the MnNi phase is as expected according to phase identification from diffraction

diagram, close to 50/50 proportions.

Fe Cr

Ni Mn

Figure 3.12: Distribution of chemical elements in the FIB sample coming from as forged
Y3 annealed at 500◦C for 300 days, TEM EDX analysis.

Prolonged annealing of Y3 Co-free alloy proved its increased phase stability com-

pared to the equiatomic CoCrFeMnNi, although it is slightly decreased compared

to A3S composition. Nonetheless, the result is very promising for the future.

It was proved that thermodynamic calculations performed with Thermo-Calc at

500◦C, are in disagreement with observed phases. The phase equilibrium diagram

did not correctly predict the formed phases, nor the created volume fraction. At

this temperature the calculations are not viable and Thermo-Calc phase diagrams

should not be considered for such complex systems at such low temperatures.
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3.2 Verification of thermodynamic parameters for phase

formation prediction in the specific HEAs

Thermo-Calc calculations allow an initial glimpse on possible phases present in

chosen compositions, nonetheless other empirical parameters of phase prediction

have been proposed specifically for HEAs. In literature, some fundamental ther-

modynamic criteria have been suggested to predict the phase formation in HEAs

(already determined in Chapter1). Among them are: entropy of mixing ∆Smix, en-

thalpy of mixing ∆Hmix, Ω parameter relating both entropy and enthalpy of mixing.

Additionally, some physical parameters were determined as well: valence electron

concentration VEC, electronegativity χ and atomic radius mismatch δ (all summar-

ised in Table 1.1). To calculate those parameters for analysed alloys, some initial

data is necessary for each chemical element as presented in Table 3.2. Also mixing

enthalpies for binary systems present in the CoCrFeMnNi family are required for

calculation of overall mixing enthalpy of each composition. They are grouped in

Table 3.3.

Table 3.2: Atomic radius, Allen and Pauling electronegativities, Valence Electron Con-
centration (VEC) and melting temperature of the constituent elements of the examined
alloys [42,143].

Element Co Cr Fe Mn Ni V

Atomic radius [Å] 1.25 1.28 1.26 1.27 1.24 1.34
Allen electronegativity 1.84 1.65 1.80 1.75 1.88 1.53
Pauling electronegativity 1.88 1.66 1.83 1.55 1.91 1.63
VEC 9 6 8 7 10 5
Melting temperature [◦C] 1531 1893 1571 1280 1489 1923

Table 3.3: Mixing enthalpies for different binary systems [9].

System FeCr FeNi FeMn FeCo CrNi CrMn CrCo NiMn NiCo MnCo

∆Hmix
AB

[

kJ/mol
] -1.5 -1.6 0.2 -0.6 -6.7 2.1 -4.5 -8.2 -0.2 -5.2

Results of calculations of phase prediction parameters are presented in Table 3.4.

Values for Y alloys are compared with those calculated for A3S and Cantor’s alloy.

Firstly, melting temperatures values are based on the TM of each element and its

concentration (mixing rule). It gives quite high values compared to Thermo-Calc

predictions and empirical measurements. Based on the quasi-binary phase diagrams,

the solidus temperature is of the order of 1340◦C for Y2 and 1360◦C for Y3. The

temperatures measured just before casting were as follow: 1390◦C for Y2 and 1460◦C

for Y3, however overheating for cast Y3 was too high, since the precise melting
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formation prediction in the specific HEAs

temperature was not known. The temperatures measured before casting show that

Thermo-Calc estimations are reasonably valid, and are a better approximation than

the approach based on simple mixing rule. To compare, the calculated TM for

SS 304L is 1858◦C, but it is measured in the range between 1400◦C and 1450◦C

depending on its precise composition.

Table 3.4: Calculated values of average atomic radius r̄, atomic radius mismatch δ, en-
tropy of mixing ∆Smix, enthalpy of mixing ∆Hmix, Ω = Tm∆Smix/ |∆Hmix|, difference in
electronegativity according to Allen ∆χA and Pauling ∆χp, valence electron concentration
VEC and melting temperature TM of analysed Y alloys, as well as A3S [115] and Cantor’s
CoCrFeMnNi [30].

Alloy r̄ δ ∆Smix ∆Hmix Ω ∆χA ∆χP VEC TM

[Å] [%] [ J
Kmol

] [ kJ
mol

] [◦C]

Y1 1.26 1.2 13.09 -3.31 7.13 4.44 7.47 8.17 1530
Y2 1.26 1.1 12.71 -3.34 6.86 4.06 7.29 8.20 1526
Y3 1.26 1.0 10.61 -2.62 7.41 3.97 7.13 8.31 1558
A3S 1.26 1.1 13.23 -3.87 6.09 4.13 7.41 8.17 1507
CoCrFeMnNi 1.26 1.1 13.38 -4.19 5.71 4.46 7.83 8.00 1517

For Y series of alloys, entropy of mixing, ∆Smix, values are lower than for A3S

or equiatomic CoCrFeMnNi. It is due to significantly decreased content of Co and

thus, decreased complexity of the system. Nonetheless, those values are still in the

empirical range for single phase formation suggested in literature, between 11 and

19.5 J/(K·mol). Obviously, the quaternary Y3 alloy presents ∆Smix slightly below

the minimum considered for all high entropy type alloys. Since the entropy of Y3

alloy is of only 1.28R, this composition should be considered as a medium entropy

alloy. Nevertheless, no distinction will be made in this work and it will be considered

as belonging to the large HEAs group.

Enthalpy of mixing, ∆Hmix, is slightly negative for all presented compositions and

it is within the recommended range between -11,6 and 3,2 kJ/mol. Y3 composition

presents the least negative value of ∆Hmix as well as lowest value of ∆Smix. Accor-

ding to Gibbs free energy rule (equation 1.2), it may lead to lesser ∆Gmix compared

to other HEAs and as a consequence, to a decreased relative phase stability, that

may result in a demixion at lower temperatures. The single phase formation is in

this alloy less certain among all analysed compositions. At the same time, the values

of Ω parameter, that combines both entropy and enthalpy of mixing, easily fulfils

the requirement of being ≥ 1.1 for solid solution formation. This combined with

low atomic size mismatch places all analysed alloys in a zone with high chances of

creating single solid solutions.

Finally, to assure that the formed solid solution is an fcc phase, the VEC and

electronegativity parameters need to be considered. Values of the former one should
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exceed 8 to increase the probability of fcc phase formation. All of the considered

alloys fulfil this condition. When it comes to ∆χ, its values ought to be between

3 and 6 %. If Allen electronegativity is used, all analysed alloys fall in between

those values. Yet, when Pauling electronegativity is chosen for calculation of ∆χP

all alloys exceed the maximal recommended value. As Poletti et al. suggested [30]

the more recent Allen electronegativity expresses better, in a more physical way

this parameter. The fact that both A3S and Cantor’s alloy are confirmed single fcc

phased material advocates also in favour of Allen electronegativity. This example

shows that fundamental input data is not always clear. For some elements it might

pose problems to define so the choice of various data may influence the final result.

Even small deviations can lead to opposite interpretations of final calculations.

To summarise, all the Y alloys are prompt to form a single solid solution fcc phase.

There are no critical indications of different phase formation probability between

Cantor alloy, A3S and the Y series. However, Y1 and Y2 fulfil the HEA definition,

while Y3 should be referred to as medium entropy alloy according to theoretical

definitions. Anyhow, no distinctions will be made in the following chapters and all

analysed alloys will be called HEAs.

3.3 Preparation of selected alloys: effects of process

conditions

Alloy preparation plays an essential role in obtaining mechanical and microstruc-

tural results. Phase presence may be highly influenced by casting method and

further thermomechanical transformations. In this study, alloys were prepared at

Ecole des Mines de Saint Etienne (EMSE) by cold crucible melting, a standard pro-

cedure for high purity alloys developed in the laboratory. Afterwards, the casts were

transformed by hot forging at EMSE. Feasibility of same alloys was verified in the

industrial laboratory of APERAM Isbergues research centre. The materials were

prepared by vacuum induction melting followed by hot rolling. Both procedures

have given good results; at the same time some difficulties have appeared for each

method.

3.3.1 Melting: effects of process of cast preparation

At EMSE the method of preparation of high purity alloys by cold crucible melting

(CCM) was developed in the 1970s. It consists of induction melting of metallic

elements in a horizontally placed crucible cooled by water. The crucible itself is

made of welded together silver tubes, since silver presents no solubility within other

elements, especially in the case of Fe-based alloys. The whole procedure is performed
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in highly controlled atmosphere under vacuum or specific gases in a quartz tube.

The controlled atmosphere allows purification of raw elements and alloys in liquid

phase. The content of impurities like O, N, S, P is taken down below 20 ppm for

each element in standard Fe-based alloys, and for alloys with extreme purity it can

be decreased below 25 ppm for the totality of 75 analysed elements. The chemical

composition of each ingot is controlled at the end of the casting process by X-ray

fluorescence, infrared absorption or mass spectroscopy. To prepare alloys from Y

series, purified raw materials were introduced one by one in the crucible starting with

Fe + Cr, followed by Ni, Co and finally Mn. Metallic pieces are heated by induction

ring moving along the tube which allows homogeneous distribution of elements. In

the existing experimental equipment, ingots of 300g to 3000g can be prepared by

CCM. The procedure was proved to be reliable and repetitive. Regular controls of

chemical composition and level of impurities allow verification of robustness of this

process.

In the family of the five transition elements present in the analysed alloys: Co,

Cr, Fe, Mn, Ni, manganese poses most technical problems during casting. Firstly, it

evaporates easily while melting, so its input should always be slightly overestimated

to compensate for the possible loss. Additionally, it forms a stable oxide whose

melting temperature is very high compared to other elements in the alloy (TM(MnO)

= 1839◦C), making the alloy casting problematic. Such an oxide formed during

melting becomes impossible to dissolve leading to cast contamination and change of

chemical composition. This is a general problem that concerns all casting techniques.

Among numerous casts prepared for this thesis at EMSE, formation of a piece of

manganese oxide occurred only once, most probably due to oxygen pollution of the

whole system.

Two selected compositions were cast as well in more industrial conditions at the

APERAM research laboratory using Vacuum Induction Melting (VIM). In this tech-

nique, the alloy is prepared in ceramic crucible in a furnace under vacuum. The raw

materials were of 99% purity and total weight of the cast was of 2 kg. Elements

are melted portion by portion to ensure homogeneity. In this method some car-

bon is added to deoxidise the alloy. Carbon atoms recombine with oxygen to form

gaseous carbon monoxide that escapes the alloy. Bubbles of CO form in the liquid

alloy, float up and then they are removed by the vacuum system. In addition to

deoxidation, vacuum treatment helps to remove hydrogen dissolved in liquid metal.

Hydrogen diffuses into the CO bubbles and the gas is then evacuated by the vacuum

pump [144]. When all elements are melted together, the temperature is measured

by a thermocouple immersed in the liquid and the mix is cast into a mould still

under vacuum. Alloy is cooled down with the furnace. No particular problems were

observed during casting of Y2 and Y3 alloys by this technique.
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Chemical composition of casts was verified by X-ray fluorescence for major ele-

ments and by infrared absorption for minor impurities. For both techniques, the

obtained compositions are close to the nominal composition requested. The meas-

urement results for one representative cast for each cast technique are presented in

Table 3.5. The biggest disparity was in both cases seen for Ni reaching up to 0.8%

for VIM casting. Anyhow, compositions reached for all elements are satisfactory.

Impurities present in the casts are mostly C, S, N, O. In case of the EMSE casts

their level is in the range of 10 - 50 ppm. Slightly elevated values for S and O come

most probably with the addition of Mn, whose strong affinity to both sulphur and

oxygen makes high levels of purification difficult. In this study, extreme purity of

alloys was not required, so this level of impurities was acceptable. VIM technique

allowed to reach values between 70 - 200 ppm for C, 10 - 20 ppm for S, 350 - 550 ppm

for N, 30-40 ppm for O but also 0.1 wt. % for Si (not analysed in the case of CCM

ingots). Those are typical values for casts prepared at APERAM research centre.

The results are satisfactory as they show that control of chemical composition of

major elements and level of impurities in prepared alloys is in agreement with expec-

ted values. Additionally the increased level of impurities did not influence the phase

formation or did not induce any particular difficulties during casting preparation.

The ingots were further homogenised and processed thermomechanically.

Table 3.5: Chemical composition of Y3 casts prepared by cold crucible melting (CCM)
at EMSE and vacuum induction melting (VIM) at APERAM Isbergues. Measurements
by X-ray fluorescence for major elements, values in at. %, and by infrared absorption for
minor impurities, values in ppm.

Cr Fe Mn Ni C S N O
at.% at. ppm

Nominal 15.0 46.0 17.0 22.0 - - - -

CCM 14.7 46.0 16.9 22.4 12 52 25 31

VIM 14.6 45.7 16.9 22.8 70 - 10 - 350 - 30 -
200 20 550 40

3.3.2 Transformation of alloys: hot rolling at APERAM

To ensure good chemical homogenisation and proper microstructure (usually recrys-

tallised equiaxed grains are sought), the casts are further processed. At APERAM

thermomechanical processing is done by hot rolling. The rolling is performed after

one hour homogenisation heat treatment at 1250◦C. The thickness of the ingot is

reduced to 2,5 mm within 6 passes between the cylinders. The whole process is

finished by water quenching. Final stage of preparation of alloys in APERAM is

annealing at 1000◦C followed by cold rolling down to 1 mm thickness. First series
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of casts was successfully transformed and final sheets were used for microstructural

and mechanical testing. Unfortunately the second cast was found to be defective at

the stage of hot rolling. The 2,5 mm thick sheets were burdened with a defect line

in the middle of the thickness of the sheet. Its appearance and EDX map analysis

are presented in Figure 3.13. In fact, approximately 20-40 µm thick oxide line was

present in the centre. It was mostly rich in Mn and Fe, but at some places Cr rich

oxides were found as well. Additionally, some smaller particles with similar che-

mical composition were found through the whole material thickness, dispersed due

to rolling. These artefacts come probably from oxides formed during casting, which

were later on wrapped and trapped at the stage of hot rolling. Unfortunately this

type of defect disallows further analysis of the material, as presence of oxides will in-

fluence the overall chemical composition, microstructural evolution and mechanical

properties. The cause of oxides creation during casting still needs to be determined.

The control of atmosphere and/or purity of raw materials during casting may play

a role in final result. The alloys fabrication process requires more control since high

Mn content can be problematic.

Fe Cr Mn Ni O

Figure 3.13: Impurities embedded in the as rolled Y3 sheet
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3.3.3 Transformation of alloys: hot forging at EMSE

Standard procedure of alloy preparation at EMSE is CCM casting followed by ho-

mogenisation heat treatment and hot forging. For alloys from ferrous families, with

melting temperatures between 1300 - 1400 ◦C, the temperature of transformation

is of the order of 1060◦C. Let’s note that no temperature control is done during

forging; therefore, the given value is just the temperature of the rod when it leaves

the furnace after homogenisation treatment. Schematic representation of forging

procedure is shown in Figure 3.14. A bar with final diameter of 12 mm is obtained

through multiple section reductions by pounding and swaging with intermediate re-

heating of the material. It is a poorly controlled procedure, fully manual and based

on technician’s expertise.

Figure 3.14: Schematic presentation of hot forging process performed at EMSE.

Table 3.6: Forging conditions tested for Y3 alloy. Y3 1060◦C∗ is the standard proced-
ure according to which all other rods were prepared. Forging temperature represents the
temperature of the material exciting the furnace.

Name Homogenisation Forging Final
annealing temperature diameter

Y3 1000◦C 1000◦C / 3h 1000◦C

φ12 mm
Y3 1060◦C∗ 1000◦C / 3h + 1060◦C / 30 min 1060◦C
Y3 1100◦C 1000◦C / 3h + 1100◦C / 30 min 1100◦C
Y3 1060◦C 1000◦C / 3h + 900◦C / 30 min 900◦C

It may seam that the repeatability of this process is low, so a study of its robust-

ness was done. A few rods were prepared with a focus on the forging conditions, in

particular the change of temperature of homogenisation annealing just before pro-

cessing, as presented in Table 3.6. The temperatures were selected to perform hot

forging over the standard temperature, but not to close to the solidus of the alloy;

and below the standard conditions to check the influence of cooling down the mater-

ial upon processing. The standard conditions (1060◦C) were applied as a reference.

Since the initial and final shapes and sections were similar, it can be assumed that

applied deformation is constant. Microstructure and mechanical properties were
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subsequently analysed. Samples were taken from the centre or from the tip of the

rod to verify its homogeneity.

Two EBSD IPF images are shown in Figures 3.15a and 3.15b for most extreme

temperatures of forging, in explicit 900◦C and 1100◦C. General tendencies were as

expected: finer and more deformed microstructure at the lowest temperature of

forging and coarser grains with fewer sub-boundaries for 1100◦C transformation.

At higher temperature of transformation, some grains with no internal substruc-

ture were observed (marked in circles in Figure 3.15b). For all values of forging

temperature, the typical microstructure consists of grains of couple to few tens of

micrometers with highly developed substructure, regardless the position in the bar.

To find details that may differentiate each rod, TEM observations were performed.

Some specific elements of microstructure are presented in Figures 3.15c - 3.15f.

Firstly, the comparison between a "typical" austenitic and HEA microstructures

is done. For standard materials recrystallised grains are obtained at the end of the

transformation, as shown in Figure 3.15c. This micrograph comes form another alloy

developed at EMSE, called ES1, whose composition still fulfils the HEA definition,

but upon hot forging, it locally resembles classical austenitic steels. In case of HEAs

analysed in this thesis, highly work hardened microstructures with dislocation cells

of couple hundred nanometres were currently obtained as shown in Figure 3.15d.

This image is a typical image of the microstructure after forging of Y3 alloy, in all

analysed conditions and throughout the whole length of the rods. Typical obser-

vations were made both at the border and in the centre of the rods. Nonetheless,

some exceptions to this microstructure were found in the rods forged at 900◦C and at

1100◦C. At lower temperature very fine recrystallised grains were occasionally found,

Figure 3.15e. They measured few hundred nanometres and were free of dislocations.

It is highly probable that the increased stresses (due to deformation at lower tem-

perature) induce dynamic recrystallisation more easily. At higher temperature of

transformation, some bigger grains, size between 5-10 µm, with no internal substruc-

ture were observed via EBSD. They show uniform orientation, no sub-boundaries

but twins are present in it. At the scale of TEM those grains are easily distinguish-

able by their intrinsic dislocation structure, Figure 3.15f. Despite their appearance

resembling recrystallised grains, they still present high density of dislocations, this

time aligned following selected {111} planes. This curious behaviour will be ad-

dressed in more details in Chapter 4. It is important to note that those abnormal

regions were a rarely occurring phenomenon and typical microstructure remains

unchanged for the whole set of studied conditions of forging.
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(a) (b)

(c) (d)

(e) (f)

Figure 3.15: IPFz images of as forged samples coming from the centre of rods forged at
a) 900◦C and b) 1100◦C (in the circles grains with low internal misorientation). TEM
micrographs for c) ES1, d) Y3 forged at standard conditions (typical microstructure found
in observed HEAs), e) Y3 forged at 900◦C, f) Y3 forged at 1100◦C.

Hardness measurements were performed both in the centre and at the tip of

rods to verify possible inhomogeneities in mechanical behaviour. Results of these

measurements are summarised in Figure 3.16, where black columns correspond to

the centre of the rod, red columns to the tip and the dotted line connects the average

HV values between tip and centre for each forging temperature. As expected, the HV

slightly decreases between 900◦C and 1060◦C, with increasing forging temperature,

and a drop is observed at 1100◦C from 216 HV to 174 HV. It is due to probably to

grain size and dislocations density. With increasing temperature, process of dynamic
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recovery is facilitated and the sub-structure is less developed. At the same time grain

coarsening takes place more easily. The differences between centre and tip of the rod

are not much pronounced, between 2-6%. Oddly, the largest difference was found

for the standard forging temperature with 15% deviation. Yet, no general trend

between centre and tip differences were found. Nonetheless, it can be considered that

hardness is homogeneous through the rod length and the influence of temperature

of transformation is minimal.

Figure 3.16: Effect of forging temparature on hardness of Y3 alloys, forged at differ-
ent temperatures. Dashed line represents the evolution of average HV for specific forging
temperatures.

Since HEAs from this family show particular behaviour at cryogenic temperatures,

the tensile tests were performed both at room temperature and -150◦C to check the

main characteristics of Y3 alloy. True stress vs true strain curves are shown in

Figure 3.17 and values of yield strength, ultimate tensile stress and elongation to

fracture are recapped in Table 3.7. Forging at lower temperature (900◦C) leads to

increased YS and reduced ductility. Values of UTS are slightly higher for samples

forged at 900◦C compared to those prepared at a standard temperature (1060◦C).

Those increased values of YS and UTS are most probably due to higher degree of

work hardening. Similar tendency was observed for hardness measurements, where

values for rod forged at 900◦C were higher than for rod forged at standard tempera-

ture of 1060◦C. Consequently to increased strain hardening, the total elongation to

fracture is decreased. Same tendencies between RT and -150◦C are found for both

temperatures of forging. Also elongation of samples forged at 900◦C remains still

satisfying reaching the value of 22%.
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Figure 3.17: Effect of temperature on tensile behaviour of Y 3 alloys forged at different
temperatures. Tensile tests, ε̇ = 10−3 s−1. Tests performed at room temperature (RT) and
-150◦C.

Table 3.7: Yield strength (YS), ultimate tensile stress (UTS) and elongation to fracture
for Y3 alloy forged at 1060◦C and 900◦C.

Forging T Test T YS UTS El
[◦C] [◦C] [MPa] [MPa] [%]

1060
25 500 592 36

-150 584 744 51

900
25 603 654 22

-150 728 851 36

To conclude the forging procedure performed at EMSE stays a robust method.

Microstructure of Y3 alloy shows little sensitivity to change of forging temperature

with difficulty to recrystallise. Corresponding mechanical properties remain rea-

sonably comparable bearing in mind that forging was performed in a wide range

of temperatures between 900◦C and 1100◦C. For further study, results coming from

multiple casts and rods forged at standard temperature (1060◦C) can be compared

without specific distinction. For all the series, no significant differences between

microstructures coming from different forging conditions were observed at the scale

of SEM or EBSD.
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3.4 First evaluation of selected compositions:

microstructure and mechanical properties

Upon thermodynamic calculations three compositions were chosen for further study:

Y1 low-Co(V), Y2 low-Co and Y3 Co-free. First evaluation of those compositions

was done on as forged rods prepared at EMSE. This thermomechanical transfor-

mation allows to homogenise the chemical composition of as cast alloys both with

modification of grain size and morphology. It does not influence the phase stability

and at the same time, facilitates reaching the equilibrium.

3.4.1 Microstructural characterisation

The selected compositions were specifically designed by Thermo-Calc calculations to

form a single fcc phase: obviously for high temperatures starting at solidification and

down to as low temperatures as possible (500 - 700◦C). Results of X-ray diffraction

measurements of as forged Y1 low-Co(V), Y2 low-Co and Y3 Co-free alloys are

shown in Figure 3.18. They confirm the presence of a single fcc phase, with the

uncertainty of the X-ray diffraction technique close to 2-3% of volume. The lattice

parameter a was measured for all alloys, Y series, A3S and Cantor’s alloy, in as

forged state. The results are shown in Table 3.8. The lattice parameter for every

alloy is of the order of 3,60 Å with negligible differences. They are in accordance

with what was previously reported for Cantor’s alloy: 3.5991 Å [80], 3.601 Å [24]

and 3.606 Å [22].

Figure 3.18: X-Ray diffractograms of Y1, Y2 and Y3 alloys. Only one fcc phase is
present in all materials.
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Table 3.8: Values of lattice parameter measured by XRD for Y alloys, A3S and Cantor’s
alloy.

Alloy Phase Lattice parameter [Å]

Y1 FCC 3.5992 ± 0.0001
Y2 FCC 3.5977 ± 0.0001
Y3 FCC 3.6030 ± 0.0001
A3S [115] FCC 3.5903 ± 0.0003
Cantor’s alloy [115] FCC 3.5991 ± 0.0006

Presence of single fcc phase for Y alloys was confirmed by more precise TEM

observations of as forged samples. No second phase was found at grain boundaries

nor in the matrix. First of all, it is an indication that Themo-Calc predictions were

correct, at least for the high temperature state of the material, therefore the simu-

lated phase diagrams can be used as a first approach indication of phase formation

in the alloys. Secondly, the choice of Allen electronegativity over Pauling proves to

be accurate in the case of analysed compositions.

To verify the homogeneity of distribution of elements in samples at grain-scale, an

Energy Dispersive X-ray Spectroscopy, EDX, in SEM, analysis was performed, on

the as forged state. A representative mapping of elements distribution for Y2 sample

is shown in Figure 3.19. No areas with difference in composition are visible (grain

boundaries, inclusions, etc.). Similar results were obtained for the other two alloys,

Y1 low-Co(V) and Y3 Co-free. This outcome confirms good homogenisation and

lack of segregation of chemical composition upon annealing and hot forging (at the

scale of SEM EDX). At the same time, the BSE SEM image confirms the disturbed

internal structure of the as forged alloy; in explicit, no grains can be distinguished.

These features can be seen in more detail in Figure 3.20b.

Fe Cr

Co Ni Mn

Figure 3.19: Microstructural observations of as forged Y2 sample: BSE SEM image of
the analysed zone with EDX mapping elements distribution.
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Microstructural analyses have been based on light microscopy (LM), SEM, EBSD

and TEM observations to determine the microstructure at different levels. Firstly,

LM observation were carried out on both non - etched (not shown here) and etched

samples. No inclusions or impurities of importance were found before revealing

the microstructure by chemical etching. The cast and forging procedure leads to

obtaining rods of good quality without porosities or embedded inclusions through

the whole alloy. Therefore, its microstructure and mechanical properties can be

further analysed.

Etching the samples allowed to observe microstructures as represented in Figure

3.20a. A monophased structure is visible with occasional pits placed both inside the

grains and at the grain boundaries. Their presence is due to electropolishing and

electroetching. The grains are equiaxed in both longitudinal and cross sections of

the rods for all alloy. Numerous twin boundaries can be observed as well, which is

typical for an austenitic structure with low stacking fault energy when hot deformed.

Grains shape suggests that dynamic recrystallisation took place upon hot forging.

As already pointed out, observation of grains in the BSE mode in SEM revealed

to be problematic. BSE mode is sensitive to orientation and chemical composition.

It was already shown that the alloys are chemically uniform, so only changes in crys-

talline orientation should be observed. Nonetheless, grains were indistinguishable.

High degree of internal misorientation lead to an undefined mixture of shades of

grey, as shown in Figure 3.20b. As a consequence, observations via EBSD and TEM

were necessary to collect more precise information about the microstructure.
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(a) (b)

(c)

(d) (e)

Figure 3.20: Microstructural observations of as forged Y3 samples: a) light microscopy of
an etched sample; b) SEM BSE image; c) EBSD IPFz image, with black lines representing
high angle grain boundaries and red lines depicting subgrain boundaries; d) representative
TEM image with e) local diffraction diagram.

94



3.4 First evaluation of selected compositions:

microstructure and mechanical properties

Good distinction of grains was possible via EBSD, as shown in Figure 3.20c.

In this IPFz representation black lines trace the high angle grain boundaries and

red lines indicate the subgrain boundaries. It is easy to notice that orientation

within one grain is highly variable, presented by the change of colour. An elevated

number of subgrain boundaries is visible as well. Those correlate with the change

of colour indicating small changes of orientation (of more than 2◦ and less than

15◦). Internal structure of the grains is complex and far from being at equilibrium.

TEM observations confirm the presence of high density of dislocations, Figure 3.20d.

Those dislocations form cells of couple hundred nanometres in diameter that are

surely responsible for the complex image of the microstructure. The diffraction

diagram shown in Figure 3.20e comes from a large area of 3 µm in diameter. Presence

of multiple orientations in this zone is deduced from elongated diffraction points that

start to draw circles. Obviously, full circles in diffraction diagram would have been

formed for high number of randomly orientated grains diffracting in the analysed

area: this is usual for nano-structured materials. This microstructure was found to

be typical in the Y series of alloys prepared at EMSE by hot forging. The nano-sized

substructure is most probably at the origin of high mechanical properties found in

those alloys, as it will be presented in the next section.

Initial microstructure analysis did not show any significant differences between

the three selected compositions. They are all single fcc phase, with very similar

lattice parameter and no second phase precipitates or segregation of elements. A

complex internal structure was found upon hot forging. It was shown by EBSD and

TEM that the microstructure observed by LM has in fact a much more complicated

internal structure than it would seem at first sight. That is why microstructure

needs to be analysed at all scales to obtain its full characterisation, necessary for

understanding the origins of properties of so designed materials.

3.4.2 Mechanical properties evaluation

Initial evaluation of mechanical properties was done by hardness measurements and

compression tests. Hardness values of all Y alloys at the as forged state, Table 3.9,

are relatively similar: 244 HV for Y2 low-Co, 232 HV for Y1 low-Co(V), and 190

HV for Y3 Co-free. The empirical α parameter showing the relation between HV

and YS was calculated according to the following equation:

Y S[MPa] = α · HV [V ickers] (3.1)

Its values are between 2.5 and 2.6 which is slightly below the values for classical

austenitic materials for which α approaches a value of 3. At the same time, it is

not surprising: in the analysed HEAs, α value is certainly decreased by the very low
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work hardening coefficient.

Compression true stress/strain curves are presented in Figure 3.21. For all al-

loys, the stress grows fast reaching high values of yield strength. Afterwards, upon

deformation, the stress increases steadily with low slope indicating a low value of

work hardening parameter. The Y2 low-Co shows the highest resistance measured

by YS value, whereas Y3 Co-free composition is the weakest one. The difference in

mechanical resistance between Y1 low-Co(V) and Y2 low-Co is very low (less than

100 MPa) in favour of the latter. Based on those first mechanical results, it seamed

that there is no obvious interest in Y1 low-Co(V) composition. The addition of 1%

V does not increase the mechanical resistance as expected, quite the contrary: it is

decreased. On the basis of this result, study of Y1 low-Co(V) composition was put

aside and the focus was laid on Y2 low-Co and Y3 Co-free alloys.

Figure 3.21: Room temperature compression true stress vs true strain curves for Y alloys.
Strain rate 10−3 s−1.

Table 3.9: Compressive yield strength, hardness values and α parameter of Y alloys.

Alloy YS HV α
[MPa] [Vickers]

Y1 low-Co(V) 573 232 2.47
Y2 low-Co 640 244 2.62
Y3 Co-free 483 190 2.54

From the mechanical tests Y3 alloy is considered as a highly promising one, due

to very good compromise between mechanical resistance and reasonable fabrica-

tion costs due to Co elimination. This single phased alloy shows high mechanical

resistance at the as forged state and was selected for further research.
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3.5 Partial conclusion

Three new compositions of high entropy alloys have been designed by thermody-

namic calculation with the use of Therm-Calc software. These alloys, denominated

Y1 low-Co(V), Y2 low-Co and Y3 Co-free are non-equiatmic grades of HEA from

(Co)CrFeMnNi family. They have been successfully cast, processed and basically

characterised. Alloys were prepared in two laboratories according to two different

procedures: CCM followed by hot forging at EMSE and VIM accompanied by hot

rolling in APERAM. Both procedures are well defined and controlled; nonetheless,

some difficulties were encountered. Those are mostly due to high content of Mn and

its strong oxidation as well as segregations upon casting.

All analysed alloys are characterised by single fcc phase, with the lattice para-

meter of about 3,60 Å. It is in good accordance with Thermo-Calc predictions

for high temperature phase stability. On the contrary, Thermo-Calc prediction has

been shown inaccurate for low temperature (500◦C) stability of single phase struc-

ture. The microstructure upon hot deformation was found to be highly complex

demanding characterisation at multiple scales.

Basic mechanical properties of the so-designed alloys were analysed. High values

of yield strength were measured in both compression and tensile tests: 600 MPa

and 500 MPa for Y2 low-Co and Y3 Co-free at room temperature and 680 MPa and

580 MPa respectively at -150◦C. At cryogenic temperatures simultaneous increase

of yield strength and elongation to fracture was observed for all analysed compo-

sitions. This behaviour, typical for HEAs from Cantor’s family, was found even in

Y3 Co-free alloy characterised by lower entropy of mixing. Mechanical tests showed

higher mechanical resistance in Y2 low-Co than in Y3 Co-free alloy. Nonetheless, the

compromise between mechanical strength and predictive cost of production seams

better for Y3 Co-free alloy. Elimination of Co lowers the overall price of the alloy,

facilitates the process and enlarges application fields of the alloy. For all these

reasons, the cobalt free Y3 composition was chosen for further in depth analysis.
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4.1 Initial states: grain size, dislocations density and mechanical

resistance

Microstructure plays a major role in design of mechanical properties. To be able

to create a desired microstructure it is necessary to first understand its evolution

within various thermal, mechanical or thermomechanical treatments. In this chapter

analysis of microstructure of Y3 Co-free alloy and its correlation with mechanical

properties are presented. Microstructure is observed on the scale from grain morpho-

logy by light microscopy to characterisation of dislocations by transmission electron

microscopy. Those observations lead to questions concerning recrystallisation: does

it really take place in the Y3 Co-free alloy? Let’s remind that previously, in A3S

grade, Mroz [115] has shown that A3S alloy does not follow the classical rules for re-

covery and recrystallisation, in explicit at high temperatures recovery is preferential

over nucleation of new grains. Is this phenomenon present in Y3 Co-free composi-

tion as well? Does the nucleation of new grains take place upon annealing? If so,

in what conditions? Issues concerning recovery, recrystallisation and further grain

evolution are approached in this chapter.

4.1 Initial states: grain size, dislocations density and

mechanical resistance

4.1.1 Microstructure and mechanical behaviour of Y3

4.1.1.1 As cast state

For Y3 Co-free alloy, cold crucible melting results in a single fcc phased alloy, so-

lidified in dendritic structure with big grains of the size of couple hundred micro-

meters eventually up to millimetric diameter, as observed on SEM micrograph in

Figure 4.1a. Let’s remind that dendritic structure and chemical segregation were

already presented in Figure 3.5 in Chapter 3.1. Interdendritic zones enriched in Mn

and Ni were correctly predicted by Thermo-Calc simulations of solidification. Fur-

ther homogenisation and thermomechanical transformation eliminate successfully

the chemical segregation.

TEM images of the as cast Y3 alloy, coming from samples from the centre of the

ingot are presented in Figures 4.1b to 4.1d. At first sight it can be noted that the

density of dislocations is surprisingly elevated. Numerous dislocation lines can be

distinguished within the observed small surface of few micrometres. This observation

is unexpected since in classical materials after casting only few dislocations should

be distinguishable at this scale. At the same time, multiple interactions between

dislocations can be distinguished in this state, due to their high density and short

distances: entanglements, kinks and jogs, as well as pile ups. Most interesting

feature found in the analysed state are the arrays of dislocations along selected

{111}-type planes. Those arrays are composed of numerous dislocations within one
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plane giving the impression of long segments of straight dislocations when the plane

is parallel to the electron beam. Certain regularity in presence of such densely filled

planes can be found, with distances between them of about 200-300 nm. In Figure

4.1b, a grid with cells of about 200 nm can be seen, formed by interaction of those

{111}-type planes. It was found that many of those dislocations have the Burgers

vector ~b (101) (all dislocations parallel to A in Figure 4.1b). It appears that creation

of many dislocations is favoured in this material with high density.

(a) (b)

(c) (d)

Figure 4.1: Microstructure of as cast Y3 alloy. a) SEM image of grains; b) and c) TEM
micrographs at [011] ZA; d) TEM micrograph at [001] ZA. "A" represents the trace of
dislocations with ~b (101).

102



4.1 Initial states: grain size, dislocations density and mechanical

resistance

4.1.1.2 As forged state

Multiple results presented for Y3 in the as forged state have been used for initial

evaluation of this material and so were already presented in Chapter 3. Those results

will be shown anew without excessive detail.

(a) (b)

Figure 4.2: Microstructure of as forged Y3 alloy; a) light microscope image of etched
sample; b) SEM BSE image.

Hot forging according to the process described in part 3.3 results in a highly

work hardened structure, Figure 4.2. Even if, at the scale of light microscopy the

observations of an etched sample reveal equiaxed grains with presence of twins which

would be a typical microstructure for an austenitic alloy upon hot forging, SEM BSE

images show high misorientations inside the grains, Figure 4.2b. As a consequence

it is impossible to distinguish individual grains. EBSD confirms the intricacy of

grain structure with frequent changes in orientation of 0.5◦ - 1◦. Misorientation

profile through one of the grains is presented in Figure 4.3d. Aside from slight

orientation changes, presence of numerous low angle boundaries is detected (> 2◦

and <15◦): they are represented by red lines on IPF images in Figure 4.3a. The

frequent variation of orientation inside the grains is in agreement with elevated

dislocations density observed by TEM, Figure 4.3b. Presence of dislocations forming

a substructure in the grains is clearly visible. They form cells of 100 - 200 nm with

boundaries composed of numerous entangled dislocations. Each cell has its own

orientation that differs by a low angle from the neighbouring ones. As a result,

multiple orientations are present in each grain. Selected area diffraction pattern

confirms this phenomena as the spots become elongated and start forming circles

like for nano-structured materials (well visible in Figure 3.20e).

103



Chapter 4. Microstructure: source of optimised mechanical properties

of Y3-Co free alloy

(a) (b)

(c) (d)

Figure 4.3: Microstructure of as forged Y3 alloy; a) EBSD IPFz image, with black lines
representing high angle grain boundaries and red lines depicting subgrain boundaries; b)
TEM micrograph with local diffraction diagram; c) zoom on one of the bigger grains from
EBSD with line along which the misorientation profile was done, presented on diagram d).

Despite elevated temperature during forging (about 1060◦C), microstructure of as

forged Y3 alloy shows features typical for a work hardened material. It could be com-

pared to microstructures obtained in 304L austenitic stainless steel upon severe hot

deformation, like ECAP transformation shown in Figure 4.4 [145]. At the same time,

this kind of thermomechanical transformation in classical composition results in

mostly recrystallised microstructure (already shown Figure 3.15c). It would appear

that the strongly disturbed microstructure characterises the analysed HEAs. For-

mation of dislocations and substructure as well as increased facility to work harden

is a particularity that was observed in A3S [115], and is also present in the Y series

of alloys. Cantor’s alloy prepared in the same conditions shows the presence of

substructure as well, but together with nano-cells, nano-twins can be clearly distin-

guished. Eased formation of twins is most probably due to somewhat lower stacking

fault energy in Cantor’s alloy than in A3S or Y3. Change in proportion between

elements, in particular lowered Cr content and increased Ni content can lead to

increase of SFE as it was calculated by Zaddach et al. [87].
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Figure 4.4: Cellar sub-grained microstructure with the corresponding SAED pattern for
304L stainless steel after three ECAP passes at 500◦C. Typical TEM image [145].

Definition of grain size in as forged Y3 grade needs a specific consideration, due

to elevated complexity of the structure. As the EBSD of as forged Y3 reveals, a

high number of grains can be detected with a significant variation in size, Figure

4.5. Since the grain size follows the log-normal distribution, an arithmetical average

highly influenced by the high number of grains between 0 µm and 3 µm, is far from

being representative. That is why, two alternative approaches have been proposed

for grain size determination expressed by equations 4.1 and 4.2. A mean value from

log-normal distribution fit was estimated according to the equation 4.1, where xc

and wc are respectively location and scale parameters for the normally distributed

logarithm. This approach gives a lesser impact on the average grain size to small

grains, even if their number is elevated.

d̄ = exp

(

lnxc +
w2

2

)

(4.1)

d̄ =
1

AT

n
∑

i=1

Aidi (4.2)
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In the second estimation, average grain size is based on the area occupied by

each grain, as described by the equation 4.2, where AT is the total surface, Ai is

the surface occupied by i-th grain with di being its size. According to the surface

represented by each grain a weigh is attributed to it.

Figure 4.5: Grain size distribution in as forged Y3 alloy with log-normal fit (blue line);
class width 0.5 µm.

In the studied case, in accordance with our expectations, high differences of

average grain size have been found following those approaches. A mean value of

3.1 µm was obtained by log-normal approach, which is statistically correct but does

not fully comply with effective grain size, while a weighted average was equal to

19.1 µm. The two average grain sizes are equally useful, since they represent dis-

tinct things: on one hand, simply statistical distribution; on the other, a more

accurate description of grain size effectively influencing the properties.

Mechanical properties of as forged Y3 Co-free alloy were verified via tensile tests.

Literature review showed an exceptional behaviour of Cantor’s alloy, and other

compositions from CoCrFeMnNi family, at cryogenic temperatures [10, 73]; with

simultaneous increase of strength and elongation as well as effective phase stability

(in explicit no martensitic transformation was observed even under stress). Tests

in similar conditions were performed on Y3 composition. The true stress/strain

curves are regrouped in Figure 4.6 and measured values of yield strength, ultimate

tensile stress and elongation to fracture are summarised in Table 4.1. Results were

compared to a standard austenitic stainless steel 304L. The obtained results confirm
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in Y3 alloy the unusual behaviour previously reported in HEAs: in explicit drop of

temperature to cryogenic conditions entails an increase of both strength and elong-

ation to fracture. According to Otto et al. [10], this phenomena can be partially

explained by the classical Considere’s criterion, dσ/dε = σ, where increased work

hardening at low temperatures postpones necking increasing the plastic deforma-

tion. Authors also suggest that the increased work hardening rate in Cantor’s alloy

is due to appearance of twins at low temperatures, which via dynamic Hall-Petch,

decreases the dislocations mean free path.

Figure 4.6: Tensile true stress vs true strain curves for Y3 alloy (in blue) and 304L
stainless steel (in green, courtesy of APERAM). Tests performed at room temperature
(RT) and -150◦C.

It is also important to note that Y3 composition exhibits cryogenic phase stability,

with no signs of phase transformation visible on the tensile curves. Curves for Y3

Co-free alloy, at both room temperature (bright blue curve) and -150◦C (dark blue

curve), present a steady slope with constant work hardening. Only slight increase

in work hardening is observed for the test at cryogenic temperature, nevertheless

the work hardening coefficient (WHC) is low. For comparison, tensile curves for

304L steel are presented. At room temperature, the tensile curve of 304L steel

(bright green curve) shows similar behaviour with higher WHC. At -150◦C (dark

green curve) a martensitic transformation takes place. It is distinguishable due to

a significant increase in stress, starting at about 10% strain. For higher deforma-

tion, a significant increase of stress is measured: it reaches the true UTS of nearly
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1900 MPa. Such stress jump is a result of martensite formation upon deformation.

Depending on the application it may be an undesirable effect: firstly, because the

transformation is irreversible and secondly, it leads to loss of amagnetic properties

of the material. Yet, the increased mechanical resistance of 304L steel is accom-

panied by reasonable elongation of 30% despite the presence of martensite. In case

of Y3 Co-free alloy, a decrease in single fcc phase stability under stress, as com-

pared to Cantor’s or A3S alloys, could be expected due to absence of Co, a strong

gamma-stabilising element.

Table 4.1: Yield strength (YS), ultimate engineering tensile stress (UTS) and elongation
to fracture (El) for as forged Y3 and 304L. Tests performed at room temperature and at
-150◦C.

Alloy Test T YS UTS El
[◦C] [MPa] [MPa] [%]

Y3 as forged
25 500 592 36

-150 584 744 51

304L
25 300 660 52

-150 446 1408 30

If a comparison between Y3 alloy and the 304L steel is done it could be estimated

that the HEA presents increased yield strength. However, the microstructural states

of both alloys are clearly different. On one hand, the Y3 alloy is in the already work

hardened as forged state, on the other, stainless steel is composed of recrystallised

grains. Still, the fact that no ductility loss nor phase transformation were observed

in the HEA at a hardened state, is a highly promising result. These observations

lead to conclusion that gain in mechanical resistance via dislocation hardening can

be easily obtained by hot deformation and no recrystallisation annealing is required

to maintain good plastic properties. It could be imagined that this type of HEAs

are used in work hardened state for increased mechanical properties.

Fracture surfaces after tensile tests, both at room temperature and at -150◦C are

presented in Figure 4.7. Typical fracture elements, characteristic for plastic deform-

ation, are present for both samples. Centres of the samples are full of dimples and

at the border of the fracture surfaces, lips of shear failure can be seen. Close up

on the plastic deformation dimples shows the influence of cryogenic conditions. It

is clear that the dimples size is significantly reduced with decreased temperature;

the plastic zones around the voids are smaller than in the samples pulled at room

temperature. It can be hypothesised that voids nucleation and growth differ within

tested conditions. At RT, the resistance to local stress concentration is smaller,

resulting in eased void growth and consequently enhanced dimples size. On the

contrary, at cryogenic conditions, the stress needed to locally plastify the material is
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increased so the void growth is suppressed therefore observed dimples size is lesser.

It suggests that resistance to local stress concentration is enhanced at low temper-

ature of -150◦C. Similar conclusion can be drawn, when the necking is analysed.

Area reduction in the neck is more pronounced for room temperature test than the

one at -150◦C. Even though total elongation to fracture is increased at cryogenic

temperature, the failure once necking has begun is accelerated as compared to RT.

(a) (b)

(c) (d)

Figure 4.7: Annealed Y3 tensile samples after fracture at room temperature (a, c) and
at -150◦ (b, d). SEM SE images.

Influence of the complex nanosized substructure of as forged Y3 Co-free grade

on dynamic mechanical resistance was verified as well via Charpy impact toughness

tests. The tests were performed at room and at liquid nitrogen temperature. The

measured values of KCV5 for Y3, A3S alloys and 304L stainless steel are presented

in Table 4.2. Samples of reduced dimensions were chosen for those tests due to the

size of initial forged rods, thus the index 5 next to KCV. Independently on test

temperature, none of the samples broke upon impact, as shown in Figure 4.8. Large

plastic zones on both sides of the notch were visible for Y3 Co-free alloy at both

analysed conditions. Results of testing of reference 304L steel are slightly different.

Fully plastic fracture was observed only at room temperature; at liquid nitrogen,

the fracture surface presented more brittle character. This modification of fracture
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conditions is also accompanied by a decrease of the KCV5 values: a decrease in

measured impact toughness resistance from 168 J/cm2 at RT to 134 J/cm2 at -196◦C.

Despite the loss of impact toughness resistance, the 304L steel maintains elevated

level of resistance, higher than both tested HEAs in all conditions. Nonetheless,

the impact toughness of Y3 and A3S alloys is still sufficient at the same time being

stable throughout all testing conditions.

Figure 4.8: Samples after Charpy impact toughness tests performed at room temperature
(RT) and at liquid nitrogen (-196◦C) for Y3 Co-Free alloy

Table 4.2: Impact toughness KCV5 values obtained in Charpy test. Comparison between
Y3, A3S and 304L alloys.

Temperature Y3 Co-free A3S [115] 304L SS
[J/cm2] [J/cm2] [J/cm2]

25◦C 138 126 168
-196◦C 135 125 134

4.1.1.3 Annealed state

In this study, as forged state was often used as the initial state for analysis of mi-

crostructure evolution, recovery and recrystallisation. However, since it is a highly

work hardened state, a comparison with an annealed, close to equilibrium state, was

necessary. A heat treatment at 1000◦C for 2h with subsequent water quenching was

selected following the previous study by Mroz [115]. The chosen temperature is at

about 0.8 TM homologous temperature, which should be high enough to expect a

fully recrystallised microstructure at the end. First observations of Y3 alloy in an-

nealed state on the SEM scale and via EBSD are presented in Figures 4.9a and 4.9b.

As it can be seen, the orientation is now uniform through each grain, which allows

the observations by SEM BSE. Near equiaxed grains with straight grain boundaries

are clearly seen. Moreover, presence of annealing twins is obvious. The grain size
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was measured by EBSD and intercept method omitting the twin boundaries and the

obtained values for both techniques were of the order of 48 µm, values are compared

with as forged state in the Table 4.3. Those microstructural observations suggest

that indeed recrystallisation took place during annealing treatment.

Table 4.3: Mean grain size values after forging (from log-normal distribution fit / based
on surface occupancy) and after annealing.

As forged Annealed

Mean grain size d̄ [µm] 3.1 / 19.1 48.0

(a) (b)

Figure 4.9: Microstructure of Y3 alloy annealed at 1000◦C 2h, water quenched; a) SEM
BSE image; b) EBSD IPFz image, with black lines representing high angle grain boundaries
and red lines depicting subgrain boundaries.

The evolution of microstructure between as forged and annealed states can also

be seen through change in grain boundaries proportions, as shown in Figure 4.10.

Information about all GBs was taken from EBSD analyses, where black lines stand

for HAGBs, red lines for LAGBs and blue ones for twin boundaries. It is clear that

in annealed state, number of LAGBs decreases drastically: it is close to 80% in as

forged state and goes down to barely 4% among all boundaries present. At the same

time the amount of HAGBs increases with a high fraction of Σ3 twin boundaries,

over 50%. Since the material was solely annealed, in explicit no deformation was

applied, we can assume that the twins present in the structure are the annealing

twins. Their formation is possible only during movement of HAGBs, which implies

that grain growth has occurred during heat treatment [108]. This analysis suggests

again a full recrystallisation of the material upon annealing.
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(a) (b)

(c)

Figure 4.10: Grain boundaries presented on band contrast images in Y3 alloy at a)
as forged state and b) annealed state, 1000◦C 2h. Black lines represent high angle grain
boundaries, red lines represent low angle grain boundaries and blue lines depict Σ3 60◦

twin boundaries; c) fraction of HAGBs, LAGBs and twins for both as forged and annealed
states

The influence of the microstructure modification is clearly seen on mechanical

properties: between as forged and annealed states, a strong change of shape of stress/

strain curves, is observed (Figure 4.11). Curves from tests at room temperature

(bright blue curves) and at cryogenic conditions (dark blue curves) are displayed,

the as forged curves have already been shown previously. It can be easily seen that

the yield strength after annealing decreases over two times as compared to the as

forged state; the values are regrouped in Table 4.4. This result is not surprising,

since the annealed microstructure is relaxed, close to equilibrium. Its mechanical

resistance is no more increased due to high work hardening of the material, like it

was the case for as forged state. At the same time, decrease in UTS after annealing

can be noted despite increased work hardening coefficient. Slope of plastic parts of
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the annealed Y3 curves increases, but the high values of UTS are not reached and

necking begins for lower stresses. Nevertheless, the total elongation to fracture has

increased in the annealed state.

It is reassuring to note that same tendency, already found in the as forged state,

to simultaneously increase mechanical resistance and elongation at cryogenic tem-

peratures, is also observed upon annealing. Finally, no signs of martensitic trans-

formation are visible on the -150◦C curve: the fcc phase stability is maintained.

This behaviour, characteristic for the studied HEA family, is preserved. In fact, this

phenomenon is due to the matrix properties, not related to the microstructure.

Figure 4.11: Tensile true stress vs true strain curves for Y3 alloy with various initial
states: as forged AF (solid lines) or annealed RQ (dashed lines). Tests performed at room
temperature (RT, bright blue) and -150◦C (dark blue).

When hardness of both as forged and annealed states is analysed, the change of

behaviour is also visible, Table 4.4. A significant drop from 190 to 118 HV is observed

upon annealing. At the same time, the ratio between YS and HV, represented by α

parameter, decreases. It is due the fact that hardness measurements account also for

plastic response of the material, about 10% strain. Since the slope of the plastic part

of the curve after annealing is increased, the impact of plastic part during hardness

measurement is greater than for as forged state. As a result the HV and YS values

in their respective units are closer and the α parameter is decreased.
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Table 4.4: Yield strength (YS), hardness (HV), α parameter (α = YS/HV), ultimate
engineering tensile stress (UTS) and elongation to fracture (El) for as forged Y3 and
annealed Y3. Tests performed at room temperature and at -150◦C.

Alloy Test T YS HV α UTS El
[◦C] [MPa] [Vickers] [MPa] [%]

Y3 as forged
25 500 190 2,63 592 36

-150 584 744 51

Y3 annealed
25 207 118 1,75 475 46

-150 287 675 66

Analogous change of tensile behaviour was observed by Mroz for both A3S and

Cantor’s alloys [115]. Samples after forging showed high YS with low work harde-

ning coefficient, while upon annealing for 2h at 1000◦C, the YS dropped drastically

and the WHC increased. The author explains the initial behaviour by nanosized

microstructure that is lost upon annealing, since alike data was reported by Valiev

et al. [146] on ultra-fine-grained copper. Knowing that as forged Y3 Co-free alloy

presents a complex substructure with network of dislocations cells and similar mecha-

nical behaviour, analogous to the one observed for A3S, the same explanation can

be attributed in this case.

To let a better insight on the mechanical behaviour of Y3 alloy, all tensile and

compression tests performed on this alloy are summarised in Figure 4.12. Influence

of temperature, strain rate and initial state on yield strength are shown. Firstly, as

already pointed out, the YS values after forging are over two times higher than after

annealing in the tested range of temperatures from -150◦C to 500◦C. This significant

drop can be attributed to the change of microstructure with low density of LAGBs

and bigger grain size. Secondly, the influence of strain rate can be defined. It is clear

based on the as forged samples that no strain rate dependency is visible up to 500◦C;

purple and blue triangles overlap nearly perfectly. Likewise, the same independence

from strain rate in this range of temperatures was found to be true for both A3S and

Cantor’s alloys [73, 115]. This result is not surprising: in classical materials, and in

accordance with models of mechanisms of plastic deformation, it is expected to see

little influence of strain rate in range of temperatures, below 0.5 TM , as the thermal

mechanisms should not be activated. Yet, as the testing temperatures increases

to 850◦C, 0.69 TM , and 1050◦C, 0.81 TM , increased impact of thermally activated

processes can be distinguished. It is an expected outcome, since for T > 0.5 TM

thermal activation takes place. It leads to increased yield strength if the deformation

rate is accelerated, due to less time available for diffusive processes to intervene. The

observed influence of strain rate in the range of temperatures 850◦C to 1050◦C is

in accordance with literature for Cantor’s alloy [73]. At the same time, it is not
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very pronounced since 10−3 s−1 is still a relatively fast deformation rate. The study

for Y3 alloy at high temperatures was done only in its annealed state; it could be

expected that if analogous tests were performed fo the as forged Y3 the strain rate

dependency would be more evident due to modification of nano-structures present

in this state. Nevertheless, only one deformation rate was selected for most tests,

just like in many other studies [10, 22, 73, 115] the mechanical tests were done with

rate 10−3 s−1.

Figure 4.12: Variation of yield strength with respect to temperature. Alloy’s initial state
is represented by triangles for as forged AF, or by squares for annealed RQ. Influence of
deformation strain rate is depicted by colours: blue for 10−1 s−1 and purple for 10−3 s−1.
Dashed lines ar drawn through point corresponding to each state as a guide for readers
eye.

Finally, the influence of temperature on YS values can be determined. In general,

as expected, the yield strength decreases with temperature. Relatively high YS of

the order of 400 MPa is maintained for the as forged state up to 500◦C and no

drastic drop is observed in the analysed range of temperatures. The evolution of

YS values is rather monotonous. However, for recrystallised Cantor’s alloy, Gali

et al. [73] reported a change of rate of YS evolution at about 200◦C, after a fast

decrease, the YS values reach a certain plateau to further drop again less drastically.

Ultimately, the YS values decrease down to about 50 MPa at 1000◦C, 0.8 TM , in

both cases, for Cantor’s alloy [73] and for Y3 Co-free alloy in this study.
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Figure 4.13: Variation of work hardening coefficient with respect to temperature. Alloy’s
initial state is represented by triangles for as forged AF, or by squares for annealed RQ.
Influence of deformation strain rate is depicted by colours: blue for 10−1 s−1 and purple
for 10−3 s−1. Dashed lines ar drawn through point corresponding to each state as a guide
for readers eye.

Effects of temperature, strain rate and initial state on work hardening coefficient,

WHC, are presented in Figure 4.13. Again, all tests are grouped together and same

symbol/colour codes are preserved. Firstly, as mentioned before, the as forged state

shows significantly lower values of WHC compared to the annealed state. It can be

explained by the complex structure of dislocation cells in the as forged state, due

to nanosized structure [146]. It can be hypothesised that dislocations are prompt to

move through a cell and annihilate with other dislocations they meet. This allows

to create new dislocations that will further cross next cells. As a consequence,

little additional stress is needed to move the dislocations in this structure that is

in general complex and changes dynamically but in the end, if globally analysed,

does not evolve significantly. Secondly, as expected, little to nearly no influence of

strain rate on WHC is visible. Points overlap for both as forged and annealed states

in the whole range of temperatures. Finally, asymptotic decrease of WHC is found

through the wide range of temperatures and for both states; no drastic change of

behaviour was found.

Initial microstructural observations as well as mechanical tests suggest that the

Y3 alloy undergoes classical recrystallisation upon annealing. However, when one

116



4.1 Initial states: grain size, dislocations density and mechanical

resistance

observes the annealed Y3 alloy at the scale of TEM, stating that recrystallisation

took place is not straightforward any more, Figure 4.14. The microstructure appears

to be much more complicated than supposed on the basis of SEM observations.

Despite clear proof of movement of grain boundaries, high density of dislocations is

maintained. It is uniform though grains and in particular, it is maintained in the

close neighbourhood of HAGBs.

Figure 4.14: Microstructure of Y3 alloy annealed at 1000◦C 2h, water quenched, TEM
BF micrograph at [011] ZA.

Once again, like in the as cast state, the arrangement of dislocations following

selected {111} - type planes is clear, Figure 4.15a. Those arrangements look like nu-

merous long dislocations when the {111} plane is up during observations. However,

when the same plane is tilted, the previously lines become aggregates of multiple

dislocations, Figure 4.15b. There is an elevated number of dislocations in selected

{111} planes, with numerous interactions. The distance between those arrays of

dislocations on {111} planes is of about 200 nm. This span is coincidently similar

to the size of cells formed during forging. It is interesting to note that the same

phenomenon was found in A3S alloy [115], where upon high temperature annealing

dislocations were found to organise themselves along the {111}-type planes. It sug-

gests that this characteristics is uninfluenced by absence of Co in Y3 alloy but is

typical for this family of non-equiatomic HEAs.
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(a) (b)

(c) (d)

Figure 4.15: TEM micrographs of Y3 alloy at annealed state. a) alignement of disloca-
tions at {111}-type planes ([011] ZA); b) the same dislocations alignements at {111}-type
planes that are laid down; c) grain boundary and a pile up ([011] ZA); d) thin zone with
identified dislocations types ([011] ZA)

Numerous interactions between the dislocations as well as their pile ups at grain

boundaries were observed, Figures 4.15c and 4.15d. Character of some of the dis-

locations present in the latter Figure was defined. Dislocations marked as A could

have been fully described with their Burgers vector ~b (11̄0), line vector ~t (1̄01) and

the angle between them ∡ (~b, ~t) = 60◦. This is a whole family of long and straight

mixed dislocations with their slip plane being (111), which is typical for fcc mater-

ials. B dislocation is a screw dislocation with ~b (11̄0) and ~t (11̄0). The ~b of all C

dislocations was found to be (011̄) but due to their curvature no line vector could

have been defined.

An example of detailed method of definition of dislocations character is presented

in Figure 4.16. The same zone is photographed in TEM at various bright field two

beam conditions close to at least two different zone axes. "Two beam" conditions

mean that only one plane, with vector ~ghkl, is in diffraction conditions. In presented

Figure, the observed zone axes are [011] and [001]. Fulfilment of diffraction condition

~g ·~b 6= 0 leads to visible dislocation contrast and its trace can be noticed in the TEM

image, like in Figure 4.16a. However, when ~g · ~b = 0, the dislocation contrast
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disappears like in Figure 4.16b. Some residual contrast can be seen due to elastic

interactions, nevertheless the dislocation is considered as extinguished. Observations

with other ~g vectors lead to definition of all conditions of extinction which allows

to precisely describe the Burgers vector ~b. Such analysis is presented in Table 4.5.

This specific configuration is possible for only one Burgers vector [11̄0].

Table 4.5: Analysis of dislocations extinction conditions according to ~g · ~b, where "+"
means that the dislocation is visible and "-" means its absence.

Zone axis [011] ZA [001] ZA
~g 1̄11̄ 1̄1̄1 1̄00 1̄00 1̄10 110 ~b

+ - + + + - [11̄0]

Source of high density of dislocations upon annealing is yet to be defined. How

come that upon clear signs of grain boundary movement, the dislocations are still

present? The same question was found during the work on A3S alloy by Mroz [115].

As well as for the Y3 Co-free alloy, he reported arrangement of dislocations along

some {111}-type planes after heat treatments at high temperatures. Mroz proposed

a hypothesis based on short range ordering and increased Peierls stress. He suggests

that if fluctuations of local chemical composition were to be confirmed, they could

be the pinning points for the dislocations leading to their stability. At the same

time, more distorted lattice could result in fluctuations of Peierls potential causing

elevated friction stress. As a consequence, the dislocations movement would be

disturbed. It is a working hypothesis that could be also applied to the Y3 Co-free

composition. However, up to now, no proof of deep Peierls valleys were observed.

TEM observations rather suggest a normal fcc behaviour, making the question about

high stability of dislocations still open.
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(a) (b)

(c) (d)

(e) (f)
Figure 4.16: Dislocations observations at various conditions for definition of extinction
aspects according to ~g ·~b rule. The orange ring defines the observed area„ the same in all
images.
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4.1.2 Estimation of dislocation density in initial states

The microstructural observations show a complex dislocation structure in all states,

starting from as cast one to the annealed one. In general it was found that density

of dislocations is elevated in respect to the analysed material states. However,

measurement of dislocation density in such complex materials is problematic. Two

basic standard techniques were used to evaluate the density of dislocations, starting

with intercept method on TEM images and going to XRD measurements. Both

techniques have their positive and negative sides. First, the TEM intercept method,

is a reliable one for relatively low dislocation densities. Since it is a visual assessment,

it depends on the observation conditions; there will always be a part of dislocations

that is extinct. Additionally, if numerous dislocations are superposed or are difficult

to distinguish the measurement can be badly estimated. At the same time, difficulty

within this technique lies with measurement of foil thickness necessary for dislocation

density estimation. The measurement is not direct and an approximated error of

about 10% is to be expected. Despite all those sources of uncertainty, the method

stays the most straight forward one.

Second technique, the XRD measurement, is based on the X-ray diffracted peaks

widening at their basis. The dislocations density is measured based on a mathema-

tical model of variance method based on the moments of intensity profiles, developed

by Borbely and Groma [140]. This technique being more global, gives better statis-

tics. Nevertheless, despite all possible precautions, the configuration of dislocations

influence is not eliminated from the measurement and is a possible source of inac-

curacy. Since none of the techniques is fully reliable, both were compared together

for more accurate estimation of dislocations density.

Finally, a complementary solution for dislocations density estimation was pro-

posed, based on mechanical tests and Taylor’s equation 4.3, where M is the Taylor’s

factor (close to 3 for fcc materials with random orientation [147]), A is a constant

between 0.1 and 1.0 (in this work set to 0.3, following [148]), µ is the shear modulus,

b is the magnitude of Burgers vector (0.255 nm in the case of analysed HEAs) and

ρ is the dislocation density. According to equation 4.4, ρ can be estimated for a

given stress. It can be assumed that when the value of flow stress is reached, the

dislocation structure is in dynamic equilibrium, creation and annihilation is con-

stant (steady state stress was assumed to be reached at ε = 0.8). Consequently, the

dislocation density corresponding to a value of dislocation density of a material at

equilibrium could be estimated. Of course this approach does not allow the meas-

urement of real dislocation density but can give an estimated idea, which should fall

close to the measurements giving a final confirmation of measured values.

σ = MAµb
√

ρ (4.3)
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ρ =

(

σ

MAµb

)2

(4.4)

Measurements of dislocations density performed based on TEM images, as well as

using the XRD and Taylor’s equation are presented in Table 4.6. Each measurement

technique was used wherever possible, so that the values can be compared and a good

estimation could be made. The differences between values from all measurement

techniques come from their specificities as described above. Elevated density of

dislocations was confirmed in all analysed states. Y3 alloy after casting and after

annealing is characterised by similar dislocations density of the order of 1013 to

1014 m−2, depending on the measurement technique used. Compared to classical

fcc materials upon casting or recrystallisation, the observed dislocation density is

extremely high, at least 4 orders of magnitude difference. Normally, a density of

the order of 109 m−2 is found in such alloys and 1013 - 1014 m−2 rather corresponds

to highly work hardened materials, not relaxed ones [149]. To illustrate how this

difference in dislocations density can be seen in TEM micrographs one have to

imagine that for classical materials individual dislocations are present every 1 µm

or so. In the case of as cast or annealed Y3 alloy, numerous dislocations can be

observed with the distances of about 100 nm between them.

Y3 alloy in the as forged state shows a somewhat increased dislocations density as

compared to the as cast or annealed states, and is of the order of 4 x 1014 m−2. The

obtained value comes solely from the XRD measurement, as the intercept method

could not be applied in this state. Due to complex substructure observed by TEM,

distinguishing individual dislocations proved to be futile. Again, such elevated den-

sity of dislocations is typical for highly deformed materials [149].

Table 4.6: Dislocations density in Y3 alloy at various states: as cast, as forged and
annealed at 1000◦C 2h. Comparison of measurements between XRD and intercept method
on TEM images. Estimation from Taylor equation also presented for the annealed state.

As cast As forged Annealed

ρ [x1013 m−2]
XRD 20 ± 0.1 42 ± 0.5 9 ± 0.1

TEM 2 ± 0.5 - 3 ± 0.5

Taylor - - 3 ± 1.0

In Table 4.7 a comparison between Y3, A3S and Cantor’s alloys is made. For ease,

all results come from XRD measurements. The Y3 Co-free alloy shows the lowest

density of dislocations in both compared states: as forged and annealed. After hot

forging the difference is of one order of magnitude, whereas after annealing the

disparity is less pronounced. Little difference is found between A3S and Cantor’s

alloy.
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Table 4.7: Dislocations density in Y3 alloy, A3S [115] and Cantor’s alloy [115] at various
states: as forged and annealed. All measurements coming from XRD method.

Y3 Co-free A3S [115] Cantor’s [115]

ρ [x1014 m−2]
As forged 4.2 15 11

Annealed 0.9 2.0 2.7

Figure 4.17: Evolution of estimated dislocations density for high deformation compres-
sion tests and temperatures between 850◦C and 1050◦C. Comparison between Y3 Co-free
and Cantor’s alloys. Range of equilibrium dislocation density ρ measured in annealed
samples is shown.

Variation of estimated density of dislocation with temperature, coming from high

temperature, and high deformation compression tests, is presented in Figure 4.17.

Results for both Y3 Co-free (in red) and Cantor’s alloys (in black) are compared. For

Y3 alloy two different strain rates are represented. For all conditions the dislocation

density decreases with increasing temperature. This outcome was expected and is

due to presence of dynamic recovery. It is interesting to note that for high temper-

atures, between 950◦C and 1050◦C, the ρ values calculated from Taylor’s equation

are in the range of values measured via XRD or TEM for annealed samples for both

Y3 Co-free alloy and Cantor’s alloy. It would appear that at those elevated tem-

peratures, a dynamic equilibrium is reached which is relatively close to the static

equilibrium, ρequilibrium. Once again the density of dislocations for the quinary alloy
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exceeds the one of Y3 alloy. It could be hypothesised that it is due to differences

in chemical compositions between the two compared alloys. Could it be that more

elements in the quinary alloy lead to higher number of equilibrium dislocations?

The fact that the same orders of magnitude, as well as same tendencies were found

via all measurement techniques confirms the correctness of measurements and it can

be clearly stated that both HEAs are characterised by abnormally high density of

dislocations.

Unusually high dislocations density is a common characteristics between Y3 Co-

free alloy, Cantor’s alloy [22,115] and the A3S composition [115]. The order of 1013 -

1014 m−2 is maintained through a wide range of heat treatments. Once again, those

values are typical for highly deformed material in case of classical alloys and are

surprising to be found in an annealed material [149]. In Y3 Co-free alloy, mainly

defect-free structures were never observed and the elevated dislocations density was

always preserved even in recrystallised grains. It stays unexplained why despite the

clear proofs of grain nucleation and grain growth the dislocations are still present

in so high density. Grain boundaries mobility should help dislocations annihilation

but it is not the case in Y3 alloy, in agreement with previous observations in A3S

composition. Dislocations formed during deformation are highly stable. It was

hypothesised by Mroz that their stability is due to elevated energy of a perfect

crystal of HEA compared to pure metals. The energy of HEA crystal with the

addition of dislocations is very close to the defect-free crystal making dislocations

presence not disturbing. In that case the annihilation of dislocations is not crucial

for the system and only their rearrangement takes place. It is a hypothesis that still

needs to be confirmed.

4.1.3 Effects of temperature of thermomechanical processing

on microstructure

The question of initial deformation and driving force for recrystallisation needs to

be approached as well. Does the temperature of initial deformation play a role?

Change of SFE with temperature could lead to variation in dislocation structure

that later could influence the structures found after annealing. In particular, is

the elevated density of dislocations always present? Up to know, in literature, the

microstructure observations were done mostly at the scale of SEM [20, 89, 103] and

rarely on the scale of TEM [101]. The "recrystallised" appearance of the structure at

this scale was always reported, with uniform orientation, straight grain boundaries

and numerous twins. Similarly, observations of Y3 alloy at the SEM scale give the

same result, but TEM analyses proved a complex internal structure. Is it the same

when the deformation temperature changes?
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In parallel with recrystallisation study for as forged material, selected heat treat-

ments were performed for Y3 alloy after severe cold rolling. The thickness reduction

of the initial material of 90% was applied without any difficulties. The material did

not show any cracks or failures.

Firstly, the standard annealing at 1000◦C 2h was done and the microstructures

at the scale of SEM were compared. The BSE images for both hot forged and cold

rolled samples after heat treatment are shown in Figure 4.18. Each of the microstruc-

tures show grains close to equiaxed with straight boundaries and apparent uniform

orientation. Numerous Σ3 twin boundaries can be found as well. The fraction of all

types of grain boundaries is presented in Figure 4.18c, were HAGBs play a consid-

erable part and nearly no LAGBs are present. Elevated fraction of twin boundaries

is confirmed reaching nearly 60% of all HAGBs. At this scale of observations no

significant differences in microstructural evolution can be determined between hot

forged and cold rolled materials.

(a) (b)

(c)

Figure 4.18: Microstructure observations of Y3 alloy annealed at 1000◦C 2h with two
different types of initial deformation. SEM BSE micrographs of a) hot forged and b) cold
rolled. c) fraction of HAGBs, LAGBs and twins for both states.
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TEM observations were performed for cold rolled Y3 alloy after short time an-

nealings: 800◦C 180s and 1000◦C 0s, to verify if any differences at the level of

dislocations appear. Two representative micrographs are presented in Figure 4.19

and they should be compared with Figures 4.26 and 4.27. Presence of high density

of dislocations can be noted for both temperatures of annealing. Organisation of

dislocations has started and it resembles the one found in as forged material. In

both cases, hot or cold deformation prior to heat treatment, dislocation cells can

be distinguished in the structure. Furthermore, again despite signs of grain growth

and movement of grain boundaries, high density of dislocations is present in the

structure. It suggests that dislocations formed upon hot or cold deformation are

stable and there is little driving force for their annihilation.

(a) (b)

Figure 4.19: TEM images of cold rolled Y3 alloy after annealing at a) 800◦C 180s ([001]
ZA) and b) 1000◦C 0s ([011] ZA).

No particular influence of temperature of initial deformation was found. Micro-

structures for both hot forged and cold rolled material resemble themselves at both

scales of observations: SEM and TEM. It reinforces the suggestion, that dislocations

created upon deformation at high or room temperature, are stable and not prompt

to annihilation. The facility of stabilising dislocations is a remarkable feature of

analysed HEAs.
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4.2 Effects of annealing temperature of thermomechan-

ically processed alloy: analysis of recrystallisation

conditions

Microstructural observations of Y3 Co-free alloy at various states bring us to ques-

tion the recrystallisation process, specific to this grade of austenitic HEAs. High

density of dislocations upon high temperature annealing, uncommon for a relaxed

structure, would rather suggest their reorganisation, so: a kind of recovery. How-

ever, at the scale of SEM observations it seams obvious that recrystallisation took

place. So does recrystallisation, in the classical sense of this term, really happen

in the Y3 alloy? Since the doubt persists, the annealed states, where microstruc-

ture with low density of sub-boundaries and uniform orientation is observed, will be

called "recrystallised", until a clear answer is obtained. Signs of recrystallisation can

be found in various places. Indications can come from mechanical behaviour, grain

size evolution or even texture.

At the same time, one should wonder if the equilibrium structure for the Y3 Co-

free alloy needs to be redefined? Elevated density of dislocations in the as cast state

as well as in the annealed states would suggest that this is the favoured configu-

ration. The fact that high density of dislocations is maintained upon movement of

grain boundaries during grain growth, favours the hypothesis of peculiar equilibrium

structure in the HEA.

4.2.1 Microstructural evolution with temperature of annealing

Typically, in initially deformed metallic alloys two different phenomena can be found

upon annealing. Firstly, for low temperatures, usually below 0.5 TM , organisation of

dislocations inside the grains takes place and is called recovery. When the temperat-

ure of annealing increases, and if the initial deformation was high enough (leading to

increase of stored energy), another event occurs: nucleation of new grains followed

by their growth called recrystallisation. It is an effect dependant on the initial de-

formation of the material and on the energy stored in it which further influences the

temperature and time of annealing necessary for recrystallisation. As a result a mi-

crostructure with little defects is obtained with increased elongation and decreased

mechanical resistance.

To determine the conditions of recovery and/or recrystallisation of Y3 alloy, a

series of annealings at various temperatures ranging from 600◦C to 1000◦C were

performed with times ranging from 2 hours to 4 weeks. The durations of heat treat-

ments were chosen following the work of Mroz [115], where unexpected behaviour

was observed.
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Compression curves from tests at room temperature of samples annealed in vari-

ous conditions are presented in Figure 4.20. They are clearly assembled into two

groups: 1) high resistance regime, with low work hardening coefficient (WHC) and

2) low resistance regime, with high WHC. In fact, only samples annealed at 600◦C,

independently of time of heat treatment, present the first type of behaviour, quite

similar to that obtained in the as forged state. Only slight decrease of YS with

increasing time of annealing at 600◦C is measured (from 527 MPa to 455 MPa).

Similar mechanical behaviour suggests little to no change in the microstructure

between those states.

Figure 4.20: Effect of annealing on compression behaviour at room temperature for Y3
alloy. Deformation rate 10−3 s−1.

A significant decrease of YS and a simultaneous increase of WHC can be observed

for the sample annealed during 48h at 650◦C (pink curve). This behaviour implies

initial stages of microstructure modification. When the alloy is further annealed

for longer time or at higher temperatures, it reaches a low resistance regime, with

YS ranging form 220 MPa to 250 MPa and high values of work hardening coeffi-

cient equal to 0.36 - 0.4. Let’s note that these characteristics are close to what was

considered until now as the annealed state. All the various heat treatments present-

ing the second type of behaviour result most probably in the same microstructure.

Therefore, it is reasonable to consider that a significant microstructural modification

takes place between 600◦C (0.53 TM), and 650◦C (0.57 TM).

The modification in compressive behaviour can be resumed by yield strength
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comparison shown in Figure 4.21a. The change in mechanical resistance is also

reflected in the results of hardness measurements, Figure 4.21b. HV values are

maintained at a level comparable to initial as forged state up to 48h at 650◦C.

When the time or temperature slightly increases, a significant drop is observed from

194 HV to 130 HV. Those observations suggest a significant change in microstructure

at around 650◦C. If the analysed HEA were to behave like a classical alloy, at 0.57

TM beginning of recrystallisation would be suspected. Similar change in behaviour

was observed by Mroz [115] on both A3S and Cantor’s alloy.

(a) (b)

Figure 4.21: Effect of annealing on a) compressive yield strength for Y3 alloy and b)
Vickers hardness.

EBSD observations allowed to determine the modifications in the microstructure

upon annealings, specially those which resulted in changed mechanical behaviour.

One could expect a "recrystallised" microstructure, in explicit with low fraction of

LAGBs and increased presence of twin boundaries, when the low resistance regime

is reached, if it were a classical material. Figures presenting grain boundaries on

a band contrast image for selected annealing conditions are regrouped in Figure

4.22. Annealings at temperatures up to 600◦C can be mostly represented by Fig-

ure 4.22a. Nearly no difference is visible between this microstructure and initial

as forged state. Only occasional "recrystallised" grains are present upon very long

annealing (4 weeks; 672h). However, even with presence of such grains, proportions

between all types of GBs are not altered, as it is presented on the histogram in

Figure 4.22d. One can notice that those proportions start to shift in the favour of

HAGBs at 650◦C already after 48h of annealing. Large part of the microstructure

resembles now a "recrystallised" one with numerous grains free of sub-grain boundar-

ies and presenting many twin boundaries, Figure 4.22b. This type of microstructure

is in accordance with observed mechanical properties. Some areas showing grains

with presence of LAGBs are still visible, although the density of sub-boundaries

has decreased compared to as forged state or the ones annealed up to 600◦C. If the

annealing is prolonged to 2 weeks, the structure shows solely grains that could be
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described as "recrystallised", Figure 4.22c. LAGBs are nearly non-existent and twin

boundaries present more than half of all boundaries. Microstructures observed for

higher temperatures of annealing are similar to this image: at the scale of SEM ob-

servations no distinction can be made between samples annealed above 700◦C; grain

boundaries fractions are comparable and only the grain size somewhat increases.

(a) (b)

(c) (d)

Figure 4.22: Grain boundaries presented on band contrast images in Y3 alloy after
annealing at a) 600◦C 672h; b) 650◦C 48h; c) 650◦C 336h and d) comparison of grain
boundaries fractions for all annealing conditions. Black represent HAGBs, red represents
LAGBs and blue stands for twins

The mechanical testing combined with EBSD observations images suggest a "re-

crystallisation" process that would start at 650◦C, in as forged Y3 alloy. No changes

are visible at 600◦C, and very long time is necessary for the process to start at 650◦C

at least in the applied deformation conditions. To confirm, or not, this hypothesis,

series of TEM observations has been performed on selected annealed samples. Rep-

resentative micrographs are shown in Figure 4.23. Firstly, complex internal structure

with high dislocations density maintained upon long time annealing at 600◦C can be

found, Figure 4.23a. Presence of dislocations cells and numerous orientations inside

grains are still observed just like for the as forged state. Yet, a slight organisation

of the substructure must have occurred, as the diffraction diagram from a wide zone

shows only one crystal orientation. This substructure maintained even upon long
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time annealing is now considered as responsible for high mechanical resistance of the

samples during compression tests, in agreement with our already achieved compre-

hension of studied material. However, the TEM observations of sample annealed at

650◦C for 2 weeks, Figure 4.23b, is more surprising. According to SEM and EBSD

this should result in a fully "recrystallised" structure. Nonetheless, it presents a high

density of dislocations that barely started to reorganise, as traces of {111} planes

can be guessed. Contrarily to classical materials, where recrystallised structure does

not keep such elevated levels of dislocations density, in the HEA dislocations have

barely moved. Presence of some annealing twins could have been observed as con-

firmed by the diffraction pattern. For annealing at 700◦C, Figures 4.23c and 4.23d,

the organisation of dislocations is further advanced. It can be hypothesised that

dislocations do move between the cells, leading to their partial annihilation. This

in return, allows for creation of new dislocations during deformation what explains

the increased WHC observed on compression curves. Still, despite the movement of

GBs dislocations are present with elevated density. Similar structures are obtained

for all other annealings at high temperature (≥ 700◦C) regardless the time of the

heat treatment. Those are the dislocation structures that have also been found in

the annealed state considered as initial state for most of studies (1000◦C 2hours).

(a) (b)

(c) (d)

Figure 4.23: TEM images for Y3 alloy after annealing at a) 600◦C 672h; b) 650◦C 336h;
c) and d) 700◦C 48h. Twins and traces of {111}-type planes are marked with dashed lines.
All images are taken close or at the [011] ZA.
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The behaviour observed for Y3 alloy differs from what was previously reported by

Mroz [115] for A3S. In his thesis the microstructural evolution of as forged A3S was

divided into three stages. Below 600◦C, substructure after forging was maintained

even after long time annealings. However, after heat treatments in the range from

600◦C to 700◦C, the presence of micrometric grains free of dislocations considered as

truly recrystallised, according to the classical definition, were reported. Finally, for

temperatures above 700◦C, big grains with high density of organised dislocations

were found. Mroz concluded that for A3S alloy true recrystallisation occurs for

medium temperatures in a narrow range of 600◦C to 700◦C, whereas only process of

recovery takes places upon high temperature annealings. This is not the case for Y3

Co-free alloy. For this composition micrometric dislocations-free grains were never

observed; no annealing resulted in a structure composed mostly of such grains. It

could mean that the recrystallisation never took place or that its result differs from

the expected one as in classical alloys.

Usually, in classical alloys recrystallisation temperature is considered to be in the

range of below 0.5 TM depending on the deformation rate. In the case of analysed

HEAs temperature where significant change in microstructure is found is of the order

of 0.6 M and requires quite long annealing times, 2 - 14 days. These observations

suggest slow kinetics of whatever process happens. It can be hypothesized that the

dislocation motion, necessary for either recovery or recrystallisation to take place, is

low as compared to classical fcc alloys. Wouldn’t recovery followed by grain growth

be a better supposition according to the observations? The answer will come if the

nucleation of new grains could be confirmed. This problem will be approached in

the following section.

4.2.2 Experimental evidences of nucleation of new recrystal-

lised grains

Process of recrystallisation in metallic alloys is a consequence of a driving force

coming from stocked energy, introduced to the material and accumulated during its

thermomechanical treatment. The aim of the system is to reduce its total energy:

in recrystallisation transformation, it is achieved through nucleation and growth of

new grains. Approaching equilibrium state, these new grains should be defects-

free. Currently, their crystal orientation is different from that of the "mother grain".

Nucleation is a phenomenon difficult to observe, but some indirect indications of

its presence can be found upon microstructural observations. It can be expected

that when formation of new grains takes place, the average grain size will decrease

at some point, to later grow again. Another source of proof for nucleation is the

change of crystallographic texture. Finally, in rare cases and a significant part of

luck, nuclei can be directly observed. The purpose of this part of our work is to
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establish if nucleation is present upon annealing in the Y3 alloy to determine if

recrystallisation truly takes place.

The evolution of grain size was analysed for very short time annealings, between 0s

and 300s, in the temperature range where the recrystallisation was supposed to take

place, at 800◦C and 1000◦C, as observed by EBSD and at which the kinetics of the

transformation should be relatively fast. Given times are the total length of maintain

upon reaching the required temperature: thus, the time "0 seconds" corresponds to

a situation in which the sample was put in the furnace at the nominal temperature,

and took out as soon as this temperature was reached according to the thermocouple

reading.

(a) (b)

(c) (d)

Figure 4.24: Evolution of as forged Y3 microstructure upon short annealings: a) 800◦C
60s, zoom on a grain with uniform orientation found within the structure shown in the
upper right corner; b) 800◦C 180s; c) 1000◦C 0s and d) 1000◦C 180s. SEM BSE micro-
graphs.

SEM BSE micrographs of four chosen states of shortly annealed samples are

presented in Figure 4.24. It is clear that at 800◦C the short time is not sufficient

to obtain a fully "recrystallised" microstructure for the level of deformation reached

after forging. Upon 60s at this temperature, Figure 4.24a, the microstructure does

not change. High degree of misorientation is present as before annealing and dis-

tinguishing the grains is close to impossible. Only occasional "recrystallised" grains

of few micrometers can be found with uniform orientation and twin boundaries.
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Increasing the holding time at 800◦C to 3 minutes leads to a higher "recrystallised"

fraction embedded in the deformed material, Figure 4.24b. It is now possible to

measure the average size of the "recrystallised" grains, which is of the order of 5.7 ±
1.9 µm. It is already a considerable grain size and it is difficult to talk about nucle-

ation. We could suspect a heterogeneous nucleation that would explain presence of

grains of such size embedded in the "non-recrystallised" matrix.

On the contrary, heating the as forged material to 1000◦C results in fully "re-

crystallised" structure regardless the time, Figures 4.24c and 4.24d. The result of

0 seconds at 1000◦C is particularly interesting regarding the previous observations

at 800◦C where little "recrystallisation" was found. Additional 20 seconds that pass

during heating between 800◦C and 1000◦C are sufficient to fully transform the struc-

ture. At the same time, the observed grain size is already significant, much too large

for us to be able to conclude about the presence or not of nucleation.

Figure 4.25: Evolution of grain size for Y3 as forged alloy at two temperatures: 800◦C
and 1000◦C for very short annealings. Initial grain size after forging is marked in black
and dotted lines are drawn as a guide for the eye to show the drop of grain size.

The evolution of grain size was defined for the series of samples annealed at 800◦C

and at 1000◦C. The results are presented in Figure 4.25, where measurements of

average grain size (excluding twin boundaries) are shown as a function of time.

Time required to reach the annealing temperature, 50s, was added, hence the shift

in respect to the time axis. As expected, for the fully "recrystallised" samples,

annealed at 1000◦C , the grain size increases with the increasing time of annealing

(blue points). For only partially "recrystallised" samples, shortly annealed at 800◦C,

the grain growth did not take place yet (red points). However what is important is
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the comparison with the initial grain size of the material. As it was already shown,

the definition of grain size in the as forged state proved to be complicated and two

values of mean grain size were calculated. To be able to best compare average

grain sizes at various states, the same method of measurement should be applied.

In the case of short annealing study all "recrystallised" grains’ size was defined by

the intercept method, which was impossible in the case of as forged state. Even

though the structure after short heat treatments at 800◦C is close to the one after

forging, only "recrystallised" fraction was taken into account, so intercept method

could be applied here. No straightforward choice is available and both grain sizes

are shown. As a consequence, conclusion whether a drop in grain size is observed,

is not obvious. If we consider that the initial grain size of the as forged material

was 19 µm, as calculated from the surface weighted average, the drop is present

and quite significant, as a uniform grain size of 6 µm was observed. Nucleation

and consequently recrystallisation would be then confirmed. However if the mean

grain size for as forged Y3 calculated from the log-normal distribution is taken

under consideration, the decrease in grain size is not seen. The initial size of about

3 µm could grow with further annealing. The results of grain size analysis are

unfortunately not conclusive and clear answer about nucleation can not be given.

Further observations were done in the search for more convincing signs of nucleation.

TEM thin foils were prepared for samples annealed in two different conditions:

800◦C / 180s and 1000◦C / 0s. Microstructure after 800◦C 180s is presented in

Figure 4.26. Dislocation cells can be seen, with areas between the dislocations walls

free of dislocations, Figure 4.26b. The observed zone was very thin (about 100 nm)

so the dislocations density and walls thickness may appear low. However, a great

advantage to this observation is that the cell size is of the same order as the foil

thickness. This way, no risk of superposition of cells in the beam direction is present

and the size as well as shape of the cells can be clearly defined. Finally, several

other features could be observed in these conditions. In Figure 4.26a a curved grain

boundary can be distinguished. Its form suggest mobility in the direction marked

by arrows: probably a "recrystallised" and growing grain is observed. Yet, let’s note

that numerous dislocations and cells are present inside this grain despite the signs

of its growth.

Next, some rare stacking faults could have been observed, as presented in Figure

4.26c. Its size could not be measured since it originates or ends in the neighbour-

ing grain boundary, nonetheless its length of couple hundred nanometres is a good

indication of low SFE of the Y3 alloy. Finally, an image of a nanometric grain

is presented in Figure 4.26d. Its boundaries are high angle grain boundaries and

its orientation differs from the neighbouring grains: as the result, this grain shows

very different contrast compared to surrounding areas. One of the GBs is curved
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suggesting growth; and at the same time, its small size implies its recent creation.

It is free of dislocations and positioned on a grain boundary, a preferential place for

nucleation. Most probably the observed grain is a defects-free nucleus inside the

deformed structure, a proof of creation of new grains and thus, proof of recrystal-

lisation.

(a) (b)

(c) (d)

Figure 4.26: Y3 in as forged state after annealing at 800◦C 180s. TEM images showing:
a) substructure at a proximity of a mobile grain boundary ([011] ZA), a dislocation cell
marked by dashed line; b) dislocation cells; c) stacking fault originating or stopping at
grain boundary ([001] ZA); d) new grain, free of dislocations ([011] ZA).

Samples annealed at 1000◦C for 0s are presented in Figure 4.27. The beginning of

dislocation cell formation can be seen, Figure 4.27a. Defects-free cells, restricted by

dislocation walls, started forming. Even though the overall density of dislocations

is very high, interiors of the cells are rather dislocation-free, Figure 4.27b. Since the

microstructure at the scale of EBSD resembled a fully "recrystallised" state, it was

hard to expect to find nuclei. Nevertheless the observations allowed to confirm the

presence of twins and arrangement of the substructure into cells. It is important

to note that already after a short time at high temperature (time to reach 1000◦C)

the dislocation cells start to grow and the dislocations in the walls start to arrange

themselves, which later might result in the already observed lines following the

{111}-type planes. Looking at this structure with very high dislocation density it
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is difficult to believe that recrystallisation took place in this sample.

(a) (b)

Figure 4.27: TEM images of Y3 AF after annealing at 1000◦C 0s. a) substructure
formed by dislocations and b) zoom on dislocation cells with a dislocations wall marked by
dashed lines. [001] ZA

A general proof of nucleation in the material would be of value. That is why

analysis of texture was done by X-ray diffraction. Two samples were compared: as

forged being the initial state, and annealed at 1000◦C 2h, which at the scale of SEM

resembles the "recrystallised" state. The standard annealed state was selected for

these observations as the expected change in texture should be more pronounced

after longer annealing time. At the same time it will allow to clearly state if what

was chosen as the initial state for most studies is recrystallised or not. Observations

were done on the surface perpendicular to the rod axis.

Pole figures for both states are presented in Figure 4.28. In the initial as forged

state, the maximum in the centre of the pole figure for {111} Figure 4.28a, indicates

that the rod axis is parallel to [111] direction. It is typical for "fiber" texture often

found in low SFE fcc materials, in particular those processed by axisymmetric form-

ing like swaging [115,150]. Additionally, {220} pole figure, Figure 4.28b shows that

the remaining <111> poles position themselves in preferential areas, represented

by six maximums at the borders of the figure. Such image is found to be a single

crystal texture. Evolution of the texture upon annealing at 1000◦C 2h is shown in

Figures 4.28c and 4.28d. It is clear that randomisation of orientations takes place.

First of all, even though the central point of maximal intensity is kept, the initially

concentrated intensities at 70◦ for 111 pole have disappeared suggesting already

some randomisation in grains orientations. Secondly, no more intensity maximums

at 90◦ are visible for 220 pole (at the borders of the pole figure). Those maximums

have been replaced by presence of multiple orientations through the whole range of

angles. At the same time a new maximum appears in the centre of the 220 pole

figure 4.28d corresponding to the normal direction, parallel to rod axis. This change

of texture, specially visible for the 220 pole, suggests nucleation of new grains that

grow with a different orientations in respect to the initial state.

137



Chapter 4. Microstructure: source of optimised mechanical properties

of Y3-Co free alloy

(a) (b)

(c) (d)

Figure 4.28: Pole figures measured by XRD. Poles 111 and 220 represented for as forged
Y3 alloy (a and b); annealed Y3 alloy at 1000◦C 2h (c and d).

Similar study was conducted by Mroz on the A3S alloy [115]. This material is as

well characterised by high density of dislocations after annealings at temperatures

>700◦C. The short time annealings study did not show any signs of decrease in grain

size, but one has to take under consideration that the shortest time applied was 6

minutes. The obtained mean grain size after 6 minutes for A3S was 11 µm, whereas

for Y3 alloy after 5 minutes at the same temperature, it reached 15 µm. It was shown

for Y3 alloy, at 1000◦C, that grain growth starts already after 30s of maintenance

at such elevated temperatures. The drop of grain size could have just been missed

in Mroz’s study. Yet, at the same time texture analysis was done for A3S, where

initial as forged and annealed at 1100◦C 10 minutes states were compared. Since no

significant change of texture was observed, Mroz concluded lack of nucleation at high

temperatures and only recovery followed by grain growth. It is an opposite outcome

to what was seen in Y3 alloy. Grain size analysis combined with TEM observations

and texture measurements for Y3 alloy allow to conclude that nucleation of new

grains does take place upon annealing of hot forged samples. It is now possible to
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say that the annealed state underwent recrystallisation after forging and annealing

at 1000◦C. This is where the two materials might show different behaviour.

Texture measurements brought clear proof that recrystallisation takes place in Y3

Co-free alloy upon annealing at 1000◦C. Yet, the elevated density of dislocations, of

the order of 1013 m−2, upon recrystallisation is still to be explained. Elimination of

Co from the A3S system lead to change of behaviour and recrystallisation previously

limited to a narrow temperature range is now taking place even at high temperatures.

Recrystallised state for the Y3 Co-free alloy can hence be defined as the one showing

uniform orientation in the grain, with straight grain boundaries and presence of

twins, and at the same time, high density of arranged dislocations.

4.2.3 Study of kinetics of grain growth in hot and cold pro-

cessed Y3 alloy

Grain growth kinetics was studied for Y3 alloy after two different deformation condi-

tions: hot forging (approximately 0.85 surface reduction) or cold rolling (0.9 surface

reduction). The heat treatments were done at 1000◦C for various times, starting

with 0s of hold up in temperature up to 24 hours. The evolution of grain size with

time is presented in Figure 4.29. For both initial states the curves follow the power

law as in equation 4.5, which suggest analogous grain size evolution. The maximal

grain size after hot forging is lower than the one reached for cold rolled material. It

is a surprising outcome, since more energy stored in the cold rolled material should

result in faster and more intense nucleation leading to a smaller grain size. On

the other hand earlier onset of nucleation leads to earlier onset of secondary grain

growth in such material, that as a consequence gives more time to the grain to grow.

Hard to say which of these will have more impact on the grain size evolution.

Figure 4.29: Grain size evolution upon annealing at 1000◦C for various times for Y3
alloy after forging (black points) or after cold rolling (red points).
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The kinetics of grain growth were analysed in accordance with the classical theory

for grain growth [18] following the equation 4.5, where D is the instantaneous grain

size, D0 is the initial grain size, t is time, n is a grain growth exponent and k is a

kinetic constant, which depends primarily on the temperature and grain boundary

energy. The mechanism of grain growth is determined by n value. For most single

phased materials its value is close to 2.

Dn − Dn
0 = kt (4.5)

It was shown previously that definition of initial grain size D0 after hot forging

is not straightforward. Presence of nanosized cells was found and for this study

it can be taken as the initial grain size. Since few hundred nanometres is way

below the obtained grain sizes after annealing it can be disregarded. For cold rolled

samples the value of D0 is experimentally uncertain. However, it can be as well

ignored during the analysis of n from long time annealing data, especially at high

temperatures, when D » D0. It gives us the equation 4.6, from which the values of

grain growth exponent can be obtained. The n parameter can be determined from

a double logarithmic plot of the grain size as a function of annealing time presented

in Figure 4.30.

D = kt1/n (4.6)

It has to be reminded that the applied model considers a constant grain growth

leading to a single crystal for D→ ∞. If it were the case, the linear fit would well

represent the data points. In reality however, grain growth does not follow such

linear path, as the driving force for grain growth is not constant. With time and

increasing grain size, the driving force decreases, leading to slowed kinetics of grain

growth. In other words the grain tends to reach a critical value [151]. It can be

clearly seen in Figure 4.30. At first the n factor close to 2 is found, however for

longer time of annealing the grain growth slows down and an n factor of about 5 is

found. Nonetheless, since the exponential law is commonly applied, an average value

of n could have been defined. For hot forged and cold rolled Y3 alloy those values

are respectively 2.72 and 3.15. These are comparable values to the ones obtained

by W. H. Liu et al. [18] and F. Otto et al. [103] for the equiatomic CoCrFeMnNi,

where it was reported to be close to n = 3. In classical materials this high power

index seen in Y3 Co-free alloy, is said to be an indication of slow coarsening kinetics

due to the migration of impurities or solute-drag of grain boundaries. This results

is unexpected in the single phased fcc HEAs. No segregations have been reported

for those alloys yet so the solute-drag has no reason to take place. Nonetheless,

this result may suggest presence of short range ordering that still need to be put to

evidence [18].
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Figure 4.30: Double logarithmic plot of the grain size as a function of annealing time
for hot forged Y3 (Y3 AF), cold rolled Y3 (Y3 CR) and cold rolled Cantor’s alloy [18].
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4.3 Partial conclusions

Study of the Y3 Co-free alloy showed the evolution of its mechanical properties

with the changing microstructure. Two regimes could have been defined. Firstly,

regime with high yield strength and low work hardening coefficient corresponding to

highly work hardened states like the as forged one. Nonetheless, despite highly work

hardened state after forging, the Y3 alloy maintains good levels of ductility suggest-

ing its possible application in this non-recrystallised state. Secondly, the regime

with low yield strength and high work hardening coefficient for the states annealed

at temperatures above 600◦C was observed. The change in mechanical behaviour

was correlated to the modification of dislocation structure inside the grains from

nanometric substructure to dislocations arranged on preferential planes.

The dislocations density was found to be abnormally elevated in all analysed

states. Multiple techniques were used to measure the density of dislocations, and

the results derived from all of them are coherent between each other. In the as forged

state the dislocations density of the order of 1014 m−2 was measured. Density of the

order of 1013 m−2 was found for both as cast and annealed states. Such elevated

density of dislocations corresponds rather to severely deformed materials than to

material close to equilibrium, For this reason, the recrystallisation phenomena in

Y3 alloy seemed questionable.

The texture analysis of as forged and annealed states, allowed us to confirm that

recrystallisation does indeed take place in the Y3 alloy upon annealing, at least at

1000◦C. The recrystallisation temperature was found to be about 0.57 TM , not so far

from temperatures of recrystallisation for classical alloys. However, the kinetics of

this transformation in the Y3 alloy was shown to be extremely slow. Additionally,

the recrystallised state of Y3 alloy remains distinguished by surprisingly elevated

dislocations density, that seams to be its characteristics and still needs an explana-

tion.
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Y3 Co-free composition is a single fcc phased alloy with a highly complex mi-

crostructure. As it was shown in the previous chapter, unusually high density of

dislocations is easily formed and conserved even upon recrystallisation. Influence of

this intricate microstructure on mechanical properties was shown, specially in the

as forged state. Mechanical behaviours of Y3 composition were found to resemble

the ones previously reported for A3S [115] and Cantor’s alloy [10, 22, 73]. What

is the strengthening impact on mechanical resistance of each microstructural ele-

ment? Can other possibilities of enhancing those properties be considered? Finally,

how much does the selected HEA differ from classical metals and alloys with same

crystallographic structure? How should the high entropy alloys consisting of tran-

sition elements be positioned among the known alloys? Can the classical models

of hardening be applied for these alloys? Those questions will be addressed in the

following chapter upon initial definition of mechanical behaviour of Y3 Co-free alloy

in various conditions and states.

5.1 Identification of in-grain strengthening mechanisms:

activation volume measurements

Firstly, identification of scale at which the strengthening of the Y3 Co-free alloy

takes place was done. Measurements of activation volume allow to define the ma-

jor in-grain contributor to mechanical resistance. Since the Y3 alloy presents an

elevated density of dislocations even after recrystallisation, it can be suspected that

they play a significant role, but are they the most important factor? Comprehension

of dislocations impact is primordial for understanding of mechanical properties. In

crystalline materials plastic deformation is accomplished mainly by dislocation mo-

tion, however, description of this movement under stresses is quite complex. Dis-

location structure is constantly changing during plastic deformation due to their

motion, creation and annihilation, which lead also to strain hardening of the ma-

terial. At the same time the plastic deformation is to some extent temperature and

strain rate dependent, as the motion of dislocations may be controlled by thermally

activated processes. Definition of influence of dislocations on plastic deformation

will bring insight to the question to what extent the analysed HEAs are unusual.

Among all existing hardening mechanisms, the single fcc HEAs can be considered

as solute-strengthened fcc alloys (in the dilute limit) and each of the strengthening

mechanisms operates at different scale. Activation volume represents the volume

of matter involved in the thermally activated processes during deformation and it

reveals the operative size scale in the material at a given temperature, strain rate and

stress. The inverse activation volume can be measured via strain rate jump tests and

can be presented as the sum of inverse activation volumes for solid solution (VSS)
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and forest strengthening (Vf ) since the Hall-Petch mechanism does not contribute

to the activation volume, equation 5.1 [152].

1
V

=
1

VSS

+
1
Vf

=
1

MkT

δσ

δln(ε̇)
(5.1)

Activation volume can be thus defined from the 5.1 equation leading to equation

5.2, where M is the Taylor factor (about 3 for fcc materials [22, 147, 148]), k is the

Boltzman constant (1.38 · 10−23 J/K), ε̇ is the strain rate and δσ is the stress jump.

In fact, the activation volume represents the change of form of a crystal rather than

the change of its volume. This change is proportional to the area scanned by the

dislocation while crossing an obstacle (in the case of cross slip it is the critical size

of the nuclei) [153].

V = MkT

(

δln(ε̇)
δσ

)

(5.2)

Since activation volume is represented as a function of strain rate sensitivity of

stress necessary to deform the crystal, two techniques are possible for its measure-

ment: strain rate jumps or stress relaxation at constant temperature [154]. As it

was reported in the literature the Cantor’s alloy shows little sensitivity to strain

rate [73]: this is why relaxation tests have been performed to define the activation

volume of analysed HEAs. This type of tests have already been carried out on Can-

tor’s alloy by Laplanche et al. [22]. In the frame of this work, experiments were

completed again on Cantor’s alloy to validate the experimental set, and afterwards

on Y3 Co-free alloy. Detailed description of experimental method, together with its

validation are presented in Appendix 1.

The relaxation tests allow to measure only the apparent activation volume, since

it does not account for strain hardening [154]. However, Spatig et al. [91] have

developed a new procedure of measurement of effective activation volume, Veff ,

that corrects the strain hardening. The method consists of performing a series of

repeated stress relaxations with constant time span during tensile tests at constant

temperature and at specific strain. The apparent activation volume is considered

to be constant during the load relaxation test that must be analysed over “short

duration” [91]. First relaxation allows to determine the value of apparent activation

volume, Vapp, and consecutive relaxations in the same set, allow to correct the

influence of strain hardening, Vh, according to equation 5.3:

Veff = Vapp − Vh (5.3)

Tensile curves with relaxation sets at various stresses for annealed Y3 Co-free alloy

are presented in Figure 5.1. The tests were performed at three various temperatures,

starting from room temperature, 20◦C, down to cryogenic conditions, -100◦C and
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-150◦C. It can be noted that with decreasing test temperature, the flow stress and

work hardening rate increase. It is consistent with previous mechanical tests at low

temperatures, where with decreasing test temperature the increased resistance is ac-

companied by increased elongation. Total of five sets of five consecutive relaxations

were performed: first set was close to the yield strength and later for higher strain

values.

Figure 5.1: Tensile curves with visible relaxation sets at various stresses. Tests per-
formed at room temperature (20◦C) down to cryogenic conditions (-100◦C and -150◦C) on
annealed Y3 Co-free alloy.

Effective activation volume measured during relaxation tests is represented as a

function of strain in Figure 5.2. The obtained values vary from 330 b3 to 140 b3

starting at room temperature down to cryogenic conditions. Those values are in the

same range as obtained by Laplanche et al. [22] and are comparable with pure Ni

or NiCo, with V ∼ 300 b3 at room temperature [80]. The temperature influence

can be thus seen and is in agreement with dislocation creation and stability. It

can be expected that with decreasing temperature the overall dislocations density

increases which is reflected in decreased values of measured activation volume. Same

tendencies can be observed for both analysed alloys.

Moreover, it was found that the activation volume decreases with true plastic

strain for both Cantor’s and Y3 alloys at all tested temperatures. This outcome re-

flects the dislocations density increasing with deformation. During tensile tests, des-

pite constant competition between creation and annihilation of dislocation, their ac-
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cumulation is unavoidable. As a consequence, spacing between dislocations, l = 1/
√

ρ,

decreases.

Finally, by comparison between two alloys: Cantor’s and Y3 Co-free, it can be

deduced that the dislocation density varies between the two alloys. Somewhat lower

values of activation volume for Cantor’s alloy suggest smaller spacing l, and thus

increased dislocations density. Difference in dislocations density between the two

alloys was already shown and this observation only confirms its reliability. The lower

values of activation volume could be further influenced by a hidden effect, such as

increased solute hardening for Cantor’s alloy. Since its composition is more complex

than the one of Y3 Co-free alloy, it can be hypothesised that the lattice distortion is

more pronounced, blocking dislocation’s motion and thus having more influence on

its mean free path. As a result the activation volume could be additionally reduced.

Figure 5.2: Evolution of activation volume with strain at various temperatures. Com-
parison between Cantor’s alloy (squares) and Y3 Co-free alloy (triangles). Empty squares
represent results on Cantor’s alloy obtained by Laplanche et al. [22].

Further analysis of relation between activation volume and strain is possible by

plotting δσ/δε̇ = MkT/V versus offset of flow stress σ − σy in the form of so called

Haasen plot, as presented in Figure 5.3. The slope of obtained curves is associated

with forest hardening, and the positive intercept with solute strengthening. Slopes

of all lines are comparable, and so the forest hardening efficiency, in both Cantor’s

and Y3 alloy seam to be similar. However, there is a shift in the influence of

solute strengthening. Intercept values are higher for Cantor’s alloy suggesting more

hardening coming form the lattice compared to the Y3 Co-free alloy. It can be again

explained by lesser complexity of the quaternary Y3 system, and consequently less
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distorted lattice.

At the same time, no specific temperature dependence of Haasen plots was found

for neither of the alloys. It is consistent with applied model and suggests that

a "standard" interpretation of the thermally activated flow of solute strengthened

metallic alloys is applicable. As no discontinuities in relation between V and σ − σy

are seen, it can be concluded that no modification of activated deformation mech-

anisms takes place in the range of testes temperatures. Especially no evidence of

twinning existence was shown in this analysis. Let us remind that twinning was

proposed [10] in Cantor’s alloy, as an additional deformation mechanism leading to

increased damage resistance in liquid nitrogen temperature. According to Laplanche

et al. [22], the absence of influence of twins on activation volume in Cantor’s alloy,

is due to much larger spacing between twins than between dislocations. Same hy-

pothesis can be made for Y3 Co-free alloy.

Figure 5.3: “Haasen plot”, M k T/V versus the offset flow stress σ - σy. Comparison
between Cantor’s alloy (squares) and Y3 Co-free alloy (triangles) showing a positive offset
at zero indicative of solute strengthening and linear increase with stress indicative of forest
hardening.

In summary, the activation volume measurements lead to general conclusion that

for both Cantor’s and Y3 Co-free alloys standard solid-solution-strengthening theory

applies. In both cases the plastic flow is controlled by a combination of thermally

activated solid solution strengthening and forest hardening that evolves with plastic

strain. The dominant deformation mechanisms in those HEAs are the same as found
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in classical fcc alloys; no new mechanisms have been found despite the increased sys-

tem complexity. The differences found between two compared alloy confirm lower

dislocation density and suggest a decreased solute strengthening in Y3 Co-free al-

loy than in Cantor’s alloy. It is in agreement with decreased complexity of the

quaternary Y3 Co-free system.
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5.2 Kocks-Mecking model of strain hardening

Stresses measured during deformation can be separated into two parts: elastic σy

and plastic σp also called flow stress. The latter is dependant on dislocation structure

which respectfully is relative to temperature T and strain rate ε̇. In a more physical

way, flow stress can be considered as a stress resulting from dislocations interactions

with atoms, dislocations and boundaries. The relation between plastic stress and

dislocation density was proposed by Taylor [155] under the form of equation 5.4, as

presented previously.

σ = Mαµb
√

ρ (5.4)

The dislocation structure is in constant evolution during deformation, even though

their organisation is not represented by the Taylor equation. Plastic deformation

implies creation of new dislocations contributing to strain-hardening. At the same

time recovery of the material enhanced by increased temperature takes place, and

some dislocations are eliminated. Both contributions are of importance and work

in opposite directions. The balance between them can be expressed by general

Kocks-Mecking-Estrin equation [147,156]:

dρ

dε
= k1

√
ρ − k2ρ (5.5)

where the k1 parameter corresponds to athermal storage of moving dislocations that

are immobilised after having travelled a distance proportional to the mean free path

1/l ∝ √
ρ, and the k2 = f(T, ε̇) parameter represents the rate of dynamic recovery.

Combining equations 5.4 and 5.5 leads to the evolution of flow stress according to

the Voce law, as expressed by equation 5.6 [147]. It represents the linear decrease

of hardening rate θ with flow stress. The initial hardening rate θ0 for strain ε → 0

is temperature independent, as it is only a function of k1. The saturation stress, σV

= f(T, ε̇), is the stress reached for high strain when no softening occurs.

θ =
dσ

dε
= θ0

(

1 − σ

σV

)

with θ0 =
Mαµbk1

2

and σV =
Mαµbk1

k2

(5.6)
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σ = σV

(

1 − e
−ε·θ0

σV

)

(5.7)

Integration of Voce law in respect to strain, leads to a description of flow stress

according to saturating exponential law, equation 5.7. The θ0 and σV parameters

can be determined experimentally from the evolution of hardening rate θ with stress.

In Figure 5.4, evolution of θ is shown for five compression tests at high temperatures

varying from 850◦C to 1050◦C. The curve is presented only in the domain where the

linear part (marked in red) corresponding to uniform deformation of the sample, is

seen. Change of shape of the curve for low θ is due to influence of dynamic recrysta-

llisation together with friction present during compression tests. Nevertheless, the

fit in the linear region can be done. If the Voce law stands, its intercept with y

axis, for σ → 0, will give the value of θ0 which gives the information about initial

hardening rate. The stress σV corresponds to the intersection point of the linear

extrapolation of hardening rate with the x-axis.

Figure 5.4: Evolution of hardening rate θ with flow stress for annealed Y3 alloy. Results
from high deformation compression ε = 1.2 tests at high temperatures from 850◦C to
1050◦C and strain rate 10−1 s−1.

A concept of single-parameter based description of work hardening was proposed

by Kocks and Mecking [147]. Since flow stress is both temperature and strain rate

dependent, the authors have gathered both contributions into one adimensional

parameter noted g. Equation 5.8 describes the parameter g, with k the Boltzmann
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5.2 Kocks-Mecking model of strain hardening

constant, µ the shear modulus and ε̇0 a floating parameter. The floating parameter

was chosen arbitrarily by the authors, so that all master curves for each metal could

have been gathered on one graph. They have set it at the level of 10−7 s−1 for all

metals. The same value was chosen in this work, to be able to position the analysed

alloys on the master graph by Kocks and Mecking. According to the authors, flow

stress normalised by shear modulus follows a power law with g parameter, and
√

σV /µ varies linearly with
√

g.

g =
kT

µb3
ln

(

ε̇0

ε̇

)

(5.8)

The master curves:
√

σV /µ = f(
√

g) for pure metals are shown in Figure 5.5 for

various pure fcc metals, where results for each element follow a single line. It has

been pointed out by Kocks and Mecking that stacking fault energy plays a major

role in controlling the level of normalised stresses to which the material can be work

hardened in given conditions. This is finally found in the position of those master

curves. All lines are ordered in the function of respective stacking fault energies.

The two border lines for the values zero and infinity of the stacking fault energy

indicate the direction of change of SFE (χ).

Figure 5.5:
√

σV /µ versus
√

g for pure fcc metals [147]. χ corresponds to stacking fault
energy.

The main characteristics of the Kocks-Mecking model is that all experimental

data can be gathered into a single master curve representing the evolution of stress

with deformation conditions for a given material. Data coming from numerous tests
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at various conditions (different temperature and/or strain rate) can be considered

together thanks to the g parameter that represents those conditions. This is a big

advantage of the Kocks-Mecking model, as it can be applicable to large data sets.

Finally, the extrapolation of the master curve can lead to flow stress estimation for

any untested deformation conditions.

At the same time, to be able to compare various metals all values of Voce flow

stress are regularly normalised by the shear moduli µ of respective elements. That

is why definition of µ values for Y3 Co-free alloy was necessary to use the Kocks-

Mecking model. Their evaluation has been done in the frame of Bawab’s master

internship at EMSE [157]. Laplanche et al. [89] have already reported an empir-

ical relation of shear modulus µ [GPa] with temperature [K] for Cantor’s alloy:

µ = 85 -16/(e448/T - 1). It can be assumed that the evolution of µ for Y3 Co-

free alloy will be similar. However to adapt this empirical formula to Y3 alloy,

measurements at room temperature have been done. The measurements were per-

formed by ultrasounds resonance frequency technique according to the procedure

applied by Laplanche et al. [158], in agreement with the ASTM E228-11 standard

test method [159]. The obtained value was close to the one of Cantor’s alloy, and

was equal to µY 3
RT = 83 GPa. This measurement allowed to adjust the empirical

relation proposed by Laplanche et al. [158] for Y3 alloy that is the object of this

work. Final evolution of shear modulus with temperature for Y3 Co-free alloy is

presented by equation 5.9. Values following this equation were implemented in the

Kocks-Mecking model.

µ = 87 − 16

e
448

T − 1
[GPa] (5.9)

Numerous mechanical tests performed in the frame of this thesis were combined

and analysed by the Kocks-Mecking model of work hardening. The results shown in

this part come from both compression and tensile tests performed in a wide range

of temperatures (from -150◦C to 1050◦C) with one of two selected strain rates, 10−3

s−1 or 10−1 s−1. Detailed route of data analysis is described in Appendix 2. Results

of analysis of all data for Y3 alloy are compared with Cantor’s alloy and classical

stainless steel 304L.

Firstly, hardening rate θ = dσ/dε was analysed as a function of plastic strain.

A representative curve is shown in Figure 5.6. This portrayal allows to see the

evolution of θ during deformation, which can indicate if any change of dominant

deformation mechanism is present. It is illustrated based on the example of tensile

test at cryogenic temperature. The work hardening is constant upon reaching the

yield strength suggesting that only one mechanism of deformation through disloca-

tions motion is active. If twinning were to be activated a bump in the curve could

have been expected [160], as depicted by the orange dashed line. Just like the meas-
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5.2 Kocks-Mecking model of strain hardening

urements of activation volume suggested, twinning in the Y3 alloy is not a

dominant mechanism of deformation. Even if twins are present, their size is much

larger than spacing between dislocations and consequently hardening is not active.

Figure 5.6: Work hardening θ = dσ/dε as a function of plastic strain for annealed Y3
alloy. Curve from a tensile test at -150◦C and strain rate 10−3 s−1. Orange dashed line
depicts what the curve would look like if twinning were to dominate the deformation [160].

As it was previously mentioned initial hardening rate θ0 and steady stress σV

values, representing the influence of recovery and dislocation creation, can be de-

termined from the linear part of θ vs σ curves, Figure 5.4. The θ0/µ represents the

hardening taking place during deformation and is proportionate to k1 parameter.

For all analysed alloys the values of this parameter describing recovery are presented

in Table 5.1. They were calculated as the average value from all experimental data

and are of the order of 10−8 for each alloy. The θ0 measurement is laden with high

uncertainty as the definition of linear part of the curve lays fully at the appreciation

of the experimentalist. However, since all obtained values are in the same range,

it can be noted that the order of recrystallisation for all three alloys is similar.

The input of these average values to the Voce law (equation 5.7) for calculation of

theoretical stresses confirms the validity of the model.

In Figure 5.7, experimental curves (solid lines) are compared with theoretical ones

(dashed lines) obtained via Voce law for Y3 Co-free alloy. Analogous curves were

obtained for Cantor’s alloy and 304L steel. It can be noticed that the theoretical

curve exceeds the experimental one at the beginning of deformation. It means that

the θ0 parameter was overestimated in all those cases. It proves again that its
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Table 5.1: Values of average initial hardening rate normalised by shear modulus:
θ0/µ ∼ k1. Comparison between Y3 Co-free, Cantor’s alloy and 304L steel.

Y3 Co-free Cantor’s alloy 304L SS

θ0/µ ∼ k1 3.5 10−8 4.9 10−8 2.1 10−8

measurement shows a high level of uncertainty. Nevertheless, at higher strains, the

Voce law provides a suitable fit for the stress-strain curve, thus this law was finally

applied to the analysed compositions.

Figure 5.7: Stress-strain curves of annealed Y3 alloy at high temperatures from 850◦C
to 1050◦C and strain rate 10−1 s−1 (solid lines) and Voce fit law (dashed lines).

Second parameter that can be obtained from the θ vs σ curve is the steady state

stress σV that provides an estimation of stress in the absence of recrystallisation.

This parameter describes the equilibrium between hardening that is proportional to

k1 and dynamic recovery that is proportional to k2 (equation 5.6). Plot of the nor-

malised σV /µ as a function of g parameter (equation 5.8) for Y3 Co-free composition

is presented in Figure 5.8. The curve decreases linearly with g. For high values of

g, when the temperature is elevated or the strain rate is low, the σV /µ values are

low, close to zero. It shows increased influence of recovery over hardening during

deformation. It is in agreement with enhanced annihilation of dislocations at higher

temperatures, that results in a possibility to create new dislocations and further

deformation, called the thermal activation. This observation is in accordance with
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overall expectations, as increased temperature of tests and/or slower strain rate give

time to the dislocation structure to react according to the imposed stress. On the

other hand at small gs, the σV /µ is high and predicts reduced mobility of dislocation

with deformation driven by preferential creation of new ones.

Figure 5.8: Evolution of normalised σV /µ as a function of g for Y3 alloy. Dominance
of hardening k1 or recovery k2 indicated for various g.

This behaviour is in agreement with results obtained by Kocks and Mecking [147]

for pure copper and other fcc metals. Master curves σV /µ vs g for Y3 Co-free alloy,

Cantor’s alloy and 304L stainless steel are compared with pure fcc metals in Figure

5.9. Line for χ = 0 is also plotted in the same graph. It can be noticed that all

analysed alloys are near each other in the close neighbourhood of silver, Ag, for

which the SFE value is known to be of about 20-30 mJ/m2. This position suggests

relatively similar values of SFE for all alloys. Indeed, 304L stainless steel is reported

to have the value of SFE at room temperature of about 19 mJ/m2 [99], and the SFE

for Cantor’s alloy was measured in the range of 20-30 mJ/m2 [77, 87]. It can be

further deduced that Y3 Co-free alloy is characterised by similar value of stacking

fault energy.
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Figure 5.9: Y3 Co-free alloy, Cantor’s alloy and 304L stainless steel master curves plot-
ted on the Kocks-Mecking

√

σV /µ versus
√

g for pure fcc metals [147]. χ = 0 corresponds
to stacking fault energy SFE = 0.

Voce law together with Kocks-Mecking model enabled a relatively good prediction

of deformation curves in a wide range of temperatures and strain rates with just two

parameters. A master curve relating σV as a function of a single parameter g for

each alloy could have been drawn. The Kocks-Mecking model allowed to roughly

estimate the value of stacking fault energy. At the same time, hardening related

to forest of dislocations and absence of influence of twinning on deformation could

have been confirmed. It was shown that this approach that is current for fcc metals

can be applied to the austenitic HEAs, showing that no hardening specific to HEAs

is distinguishable. Selected HEAs behave like, and can be described by standard

models for fcc materials.
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5.2.1 Dynamic recovery and recrystallisation

It was shown that Y3 alloy is characterised by easy formation of nano-sized sub-

structure upon hot deformation which is the source of high mechanical properties.

The Kokcs-Mecking model of hardening showed that at high temperatures reco-

very/recrystallisation significantly influence the mechanical resistance. That is why

evolution of microstructure upon high temperature deformation was analysed, to

verify the conditions of substructure formation and dynamic recrystallisation in this

alloy. The study was done via high deformation compression tests in the temperature

range between 850◦C and 1050◦C with ǫ = 1.2 and strain rate 10−1 s−1. To avoid the

influence of substructure formed upon previous forging, the initial microstructure of

the samples is recrystallised by the heat treatment at 1000◦C / 2h.

Stress strain curves for each temperature of deformation are reminded in Figure

5.10. Decrease of stress necessary to deform the sample with increased temperature

is observed as well as a plateau upon reaching a critical value of stress for each

condition. Stabilisation of the stress could correspond to a "steady state" of the

structure and be a sign that dynamic recrystallisation begins. However, when the

compression curves are compared to the one of 304L steel [161], it appears that

the steady state is not yet reached within the applied deformation, as shown by an

arrow in Figure 5.10. A hypothesis can be made that higher deformation to reach

the steady state id needed in the case of the analysed HEA.

Figure 5.10: Stress strain curves for Y3 alloy with high deformation ǫ = 1.2 and strain
rate 10−1 s−1. A curve of 304L stainless steel compressed at 1050◦C is presented for
comparison [161], point where steady state is reached is marked with an arrow.
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Microstructural observations by EBSD confirm that recrystallisation takes places

in all samples. In Figure 5.11 two images are compared, corresponding to com-

pression at 850◦C and 1050◦C. Grains that underwent recrystallised are coloured to

distinguish them from deformed grains represented by a band contrast image with

the indication of grain boundaries (black for HAGBs, red for LAGBs and blue for

twins). The grains are considered as recrystallised when their internal misorientation

is below 2◦. From presented images, it is clear that dynamic recrystallisation starts

at the grain boundaries, leading to a typical necklace structures. With increasing

temperature of deformation, the recrystallised fraction increases and the grains are

bigger (note the change of scale between images). Eased diffusion together with

earlier onset of recrystallisation at higher temperature lead to enhanced grain size.

At the same time it can be noted that, contrarily to the deformed grains, the re-

crystallised grains do not have any sub-boundaries, however they show the presence

of twin boundaries. It is clear that the imposed deformation was not sufficient to

obtain a fully recrystallised structure.

(a) (b)

Figure 5.11: EBSD bond contrast images with indicated grain boundaries (black for
HAGBs, red for LAGBs and blue for twins) and coloured recrystallised grains (misorient-
ation < 2◦) after compression at a) 850◦C and b) 1050◦C.

The microstructural evolution between samples from analysed conditions is reflec-

ted in the hardness values, presented in Figure 5.12 as a function of test temperature.

The initial hardness of the material in the annealed state was of the order of 118 HV

(in red). Compression at 850◦C leads to reinforcement close to the one obtained upon

hot forging, over 190 HV. The small fraction of recrystallised grains does not induce

any softening compared to the as forged Y3. While the compression temperature

increases, so does the recrystallised fraction which leads to softening and decreased

hardness. HV values stabilise at about 160 for two highest test temperatures.
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Figure 5.12: Influence of compression test temperature on hardness, comparison with
initial state, Y3 RQ, and as forged state, Y3 AF.

The Y3 composition is characterised by high stability of dislocations and recrys-

tallisation does not result in their classical elimination. Recrystallised grains were

found to present a high density of dislocations following the {111}-type planes after

forging and annealing. To verify if same behaviour is re-enacted for the compressive

simulation of alloys’ hot transformation, TEM observations were done. Micrographs

for two extreme temperatures are presented in Figure 5.13. Generally, the local

microstructure highly resembles the one found after forging, no matter the test tem-

perature. It can be represented by microstructure from compression at 850◦C shown

in Figure 5.13a with high density of dislocations and nano-sized dislocation cells.

Numerous orientations present within one grain are reflected in the elongated spots

of diffraction diagram. Similarly, multiple spots can be found for the sample com-

pressed at 1000◦C, however with decreased intensity. The multitude of orientations

is lesser at higher temperature suggesting that in-grain unification of orientations

takes place.

Anyhow, for both compression temperatures some exception to this complex mi-

crostructure were observed. At 850◦C presence of few grains free of dislocations

was observed. As it can be seen in Figure 5.13b the presented grain has straight

boundaries on one side and still not defined limit on the other as its growth was

probably stopped. Its size is of few hundred of nanometres and its interior is free

of dislocations. Similar occasional dislocation-free grains were found in Y3 alloy

after forging at 900◦C or after annealing at 800◦C. However, no such grains were

observed upon long time static annealing at 800◦C. The reason behind it might be
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that they are energetically not favourable and with time are consumed by grains

with organised dislocation structure. Such relatively big grains, compared to the

surrounding microstructure, were found after compression at 1050◦C as shown in

Figure 5.13c. The presented grain has little internal misorientation and dislocations

organised along {111} planes. In Figure 5.13d enlarged view of the inside of this

grain is shown with a trace of one of the {111} planes family. At the scale of EBSD

this grain appears as a recrystallised with presence of twins. In the Figure 5.11 it

would be one of the colour grains. Again, analogous microstructure was found upon

forging at 1100◦C.

(a) (b)

(c) (d)

Figure 5.13: Y3 alloy after high deformation, ǫ = 1.2 at high temperatures: a), b) 850◦C
and c) d) 1050◦C. BF TEM images.

All those observation allow to conclude that formation of the substructure char-

acteristic for those alloys in the as forged state is well recreated during hot com-

pression tests. Creation of nano-sized dislocation-free grains is possible at lower

temperatures, whereas at higher temperatures presence of recrystallised grains with

typical structure of organised dislocations is found. The applied deformation of

1.2 is not sufficient to obtain a fully recrystallised structure, however the dynamic

recrystallisation is initiated at both tested temperatures.
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5.3 Grain boundaries hardening. Hall-Petch relation

As compared to features treated in previous paragraphs, grain boundary hardening

is the structurally superior level of metallic materials strengthening. Magnitude of

strengthening by the presence of grain boundaries can be defined via Hall-Petch

relation as expressed by the equation 5.10, where D is the average grain size, YS0

is the intrinsic strength representing the strength of a single crystal, and kHP is the

Hall-Petch coefficient describing the efficiency of hardening via grain boundaries.

Since it is common to define a direct relation between yield strength and hardness

measurements: YS = α·HV, very often Hall-Petch is presented as a function of

hardness, as shown by equation 5.11, where HV0 is the intrinsic hardness, and

kHP is again the Hall-Petch coefficient, but this time expressed in HV units. This

approach eases the definition Hall-Petch relation, as hardness measurements are

faster and less complicated to perform.

Y S = Y S0 +
kHP√

D
(5.10)

HV = HV0 +
kHP√

D
(5.11)

To properly assess the influence of grain size on mechanical properties of Y3 Co-

free alloy, a series of severely cold rolled samples (90% thickness reduction) was

prepared. After rolling the samples were annealed at 1000◦C at various times, in

the range of 2 minutes to 24h. These heat treatments allowed to obtain a variation

of grain size from 14 µm to 93 µm. Grain size was measured by the intercept

method (twins were not taken into account), based on SEM BSE observations.

Vickers hardness was then measured on each sample. To be able to compare the

results of Y3 alloy with A3S and Cantor’s alloy all the hardness measurements were

transformed into YS values, with the coefficient α = 1.75 as previously defined for

recrystallised samples. So obtained YS values were plotted as a function of 1/
√

D

and are presented in Figure 5.14. A linear relation was found in the analysed grain

size range, that can be described by equation 5.12:

Y S = 144 +
232√

D
(5.12)

The obtained results were compared with relations previously known for A3S [115]

and for Cantor’s alloy [72] and coming from tensile tests. As in the present study, in

both those studies, the material was initially cold rolled and subsequently annealed

to obtain a variation of grain size: therefore, an easy comparison of results is possible.

Values of YS0 and kHP are presented in Table 5.2, 316L stainless steel [162] is also

shown as a reference. Firstly, it can be seen that Y3 Co-free composition in general
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presents lower strength for a given grain size than A3S or Cantor’s alloy. However,

when the values of intrinsic strength for a single crystal (D → ∞) are taken under

consideration, it appears that Y3 Co-free alloy shows somewhat increased resistance

from all analysed HEAs. Nevertheless, it is the austenitic stainless steel that is

characterised by the most elevated YS0. Such surprising outcome could be due the

purity of compared alloys. The industrial grade of steel is richer in interstitial atoms

like C and N that highly influence the intrinsic hardness of the material, their effect

is more pronounced than simple solid solution strengthening seen in HEAs.

Figure 5.14: Hall-Petch relation for Y3 alloy obtained for cold rolled samples annealed at
1000◦C for various times. Comparison with Cantor’s Hall-Petch relation [72], A3S [115]
and 316L stainless steel [162].

Table 5.2: Values of intrinsic strength YS0 and Hall-Petch coefficient kHP . Comparison
between Y3 Co-free, Cantor’s alloy [72], A3S [115] and 316L steel [162].

Y3 Co-free Cantor’s A3S 316L SS
[72] [115] [162]

YS0 [MPa] 144 125 117 151
kHP [MPa·µm−0.5] 232 494 512 575

The Hall-Petch coefficient proved to be the highest for the 316L stainless steel.

Values for Cantor’s alloy and A3S show values close to the one of steel but largely

exceed the one obtained Y3 alloy. The efficiency of grain boundaries hardening is

significantly lower in the selected Y3 grade despite showing similar structure on the
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grain level, as well as at the scale of dislocations. It could be hypothesized that the

grain boundaries character is modified as compared to A3S, Cantor’s alloy or the

316L steel. A study focusing on the grain boundaries character would be required

to confirm or disprove this hypothesis.

The above definition of Hall-Petch relation was done on fully recrystallised samples

and gives us the information solely on grain boundaries influence on mechanical res-

istance in the analysed grain size range. This information could also be used to

define the hardening of the Y3 alloy due to high density of dislocations, especially

observed in as forged state. It can be assumed that mechanical resistance of a single

phased material comes from both its intrinsic hardness YS0 and grain boundaries

hardening. These two effects being independent and therefore, additive in this ap-

proach, the intrinsic hardness can be divided into two contributions: the one of a

monocrystal at equilibrium with low density of defects YSm, and the one due to

dislocations forest hardening YSρ, as presented by equation 5.13. The extrapolation

of Hall-Petch relation to a single crystal, for D → ∞, allows to eliminate the con-

tribution of grain boundaries, leaving solely two parts. If so, the efficiency of forest

hardening can be estimated.

Y S0 = Y Sm + Y Sρ (5.13)

This approach is presented in Figure 5.15, where for the as forged Y3 the line rep-

resenting Hall-Petch relation was slid upwards to go through corresponding YS value

maintaining the same slope. It was done assuming that the efficiency of hardening

via grain boundaries does not change between the two analysed states: cold rolled

or as forged. One can see that a significant increase of YS0 parameter is observed,

from 144 to 447 MPa. Hot forging of Y3 alloy results about 3 times higher mecha-

nical resistance than upon recrystallisation when the influence of grain boundaries

is excluded. Since the intrinsic hardness of a single crystal is constant for the ma-

terial (YSm = const), independently of its state, only the hardening due to density

of dislocations is a variable between those two states. It was previously shown that

the dislocations density is roughly one order of magnitude higher after forging than

at annealed state. According to Taylor’s equation such difference in dislocations

density should result in yield strength
√

10 = 3.16 times higher. That is exactly

the result that was found with the Hall-Petch approach. It can be thus confirmed

that the high density of dislocations found in the as forged state is responsible for

increased mechanical resistance.

Let’s also analyse the other red points on the graph in Figure 5.15, correspond-

ing to annealed samples with initially as forged structure. Those points regain the

master curve of Hall-Petch relation for recrystallised Y3 alloy. Regardless the initial

deformation type (hot forging or cold rolling), once the alloy is recrystallised, the

165



Chapter 5. Strengthening mechanisms of Y3 Co-free alloy

mechanical resistance is found to be the same for corresponding grain size. It con-

firms that the dislocation structure is not influenced by the temperature of initial

deformation.

Figure 5.15: Hall-Petch relation for as forged Y3 Co-free alloy assuming that kHP is the
same as for annealed state. For as forged Y3 sample the YS value comes from tensile test
at room temperature (red empty square symbol). Other red points represent the YS values
for as forged samples after annealing calculated from hardness measurements using the α
coefficient equal to 1.75, since such relation was found after recrystallisation. Black points
as previously present the fully recrystallised samples.

The grain boundaries hardening seams to show little efficiency in the analysed

Y3 Co-free alloy, with significantly lower Hall-Petch coefficient than classical 316L

stainless steel, A3S or Cantor’s alloys. However, the intrinsic hardness of Y3 alloy

is increased compared to the quinary HEAs, but lesser than the austenitic steel. In-

creased mechanical resistance of the Y3 composition due to dislocations substructure

created during forging could have been shown. Also lack of influence of temperature

of initial deformation on resistance of recrystallised samples was shown.
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5.4 Precipitation hardening

Selected Y3 Co-free composition is a single fcc phased alloy. Its mechanical proper-

ties have been shown promising; yet as in classical alloys, further increase of mecha-

nical resistance can be thus contemplated by second phase precipitation. It is quite

common in the field of analogous austenitic stainless steels to enhance their prop-

erties by secondary precipitation of carbides, nitrides or carbo-nitrides of elements

like Ti, W, Nb. Such precipitates are not only obstacles to dislocations movement

leading to increased resistance, but also they interact with grain boundaries. Pres-

ence of fine secondary particles can significantly slow down the grain growth by

Zenner-pinning effect and consequently, further increase materials resistance thanks

to Hall-Petch effect.

Similar approach was imagined for the analysed Y3 alloy with the same measures

to its design as before. Several aspects are required from the phase diagram for the

precipitation hardening to be efficient. First of all, at high temperatures, a single

phased region is necessary to dissolve all elements in the matrix through solution

annealing. It is best if the region is large enough in a wide range of temperatures and

compositions so that in case of hazardous variation of any of these, the annealing

still results in a single phased alloy. Secondly, change in solubility has to be present

for precipitation to take place. It is preferable for the curve presenting such second

phase formation, to be concave for higher driving force. Finally, the precipitation

annealing temperature needs to be high enough for diffusion to be sufficiently fast

so that its time can be reasonably short.

A series of Thermo-Calc calculations was performed for simulation of phase dia-

grams. Addition of various elements like W, V or Ti was tested, and calculated alloys

have been simultaneously doped with carbon, nitrogen or both, at levels between 100

to 500 ppm. For most attempts, the solubility of the additional element in the HEA

matrix was found not sufficient to contemplate its use. The single fcc region was

then significantly reduced or even non existent. In some cases also convex solubility

function was obtained, which is undesirable in the case of precipitation. Finally,

the most promising result seamed to come from niobium alloying accompanied by

carbon doping. The obtained phase diagram of Y3 Co-free composition doped with

200 at. ppm of carbon as a function of Nb content is presented in Figure 5.16. The

choice of such amount of carbon was based on tentatives of variation of its content.

When the C content was increased to 500ppm or more, the presence of M23C6 type

carbides was significantly enlarged. It is not a targeted carbide, so when it precip-

itates it uses the carbon necessary for NbC precipitation and unables its formation.

Additionally, it can be harmful to the alloy in numerous ways. Firstly, because it has

the tendency to form on grain boundaries leading to material brittleness. Secondly

it usually uses the available chromium, making the neighbouring area depleted in

167



Chapter 5. Strengthening mechanisms of Y3 Co-free alloy

this element and consequently leading to local decrease or total lack of corrosion

resistance, as it is currently identified in classical stainless steels.

Several aspects need to be noted when analysing the obtained phase diagram,

that is shown in Figure 5.16. First of all, the NbC phase is predicted by the ther-

modynamic calculations. Its presence is foreseen bellow 1000◦C and is defined by

a concave curve (yellow curve)as required for precipitation hardening. Secondly,

another feature of importance for efficiency of precipitation, is the single phased

area in the range of temperatures from 1000◦C to 1350◦C. For small size hardening

precipitates and avoidance of big embritelling ones, full solubility in the matrix is

preferable.

Figure 5.16: Phase diagram of Y3 Co-free composition doped with 200 at. ppm C and
with Nb, presented in at. %. Calculation done with the TCFE5 database.

With all those elements in mind, two compositions were selected for casting and

analysis: one with the addition of 0.1 at.% Nb and the other with 0.3 at.% Nb.

Both compositions are doped with 200 ppm of C and present a possibility of solution

annealing above 1000◦C. The precipitation hardening heat treatment was proposed

as follows, at temperatures ranging from 750◦C to 980◦C; according to Thermo-Calc
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calculations it should lead to the presence of 0.14 - 0.19 vol.% of NbC at equilibrium

state.

Firstly, the alloy richer in Nb was cast and its structure was observed directly

after casting, Figure 5.17. A dendritic structure can be distinguished and EDX

chemical analysis suggests primary segregation. Just like in the Y3 Co-free alloy,

the interdendritic zones are enriched in manganese and nickel, and depleted in iron

and chromium. Unfortunately, presence of primary precipitation of a Nb-rich phase

is noted in the interdendritic zones: particles of sub-micron size are evenly spread

between the dendrites. It is an undesirable outcome, that was not predicted by

Thermo-Calc simulation of equilibrium state.

Figure 5.17: As cast Y3 Co-free (0.3Nb) alloy with a zoom on Nb rich precipitates, SEM
BSE image. Local EDX cartography coming from the zone in dashed square showing the
chemical segregation through the dendrites as well as Nb-rich precipitates.
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Indeed, when the solidification simulation according to Scheil-Gulliver model is

performed, significant segregation of elements is predicted to finally show second

phase formation. Solidification profile, together with variation in chemical com-

position of liquid phase are presented in Figure 5.18. As in Y3 alloy, solidification

starts as fcc phase at about 1380◦C. Unfortunately, due to segregation phenomena,

the range of solidification temperature is much larger than at equilibrium, where

it should be finished at 1340◦C. According to the simulations of real course of soli-

dification, the range of coexistence of liquid and solid phases goes down to 1100◦C;

moreover starting from 1155◦C, a primary NbC solidifies. Presence of this second

phase, marked in green, is in agreement with primary precipitation observed ex-

perimentally. Such low temperature of solidification suggests that the final product

might be an eutectic, mixture of fcc solid solution and NbC.

To verify the prediction of non-equilibrium solidification conditions, experimental

measurements have been done by ATD technique and then, by hot cracking testing

method on a Gleeble machine.

ATD measurements performed during heating of as cast Y3 Co-free (0.3Nb) alloy

have shown the temperature of beginning of melting similar to that of pure Y3 Co-

free alloy around 1347◦C ±10◦C: it is to be compared to 1344◦C for Y3 alloy. ATD

did not detect any low temperature event; in particular no feature was noted during

measurements close to 1100◦C. It is highly probable that, even if at this temperature

some liquid phase was already present, its volume fraction was not sufficient and the

emitted heat was not high enough to be detected. Those results suggest that the

early onset of melting concerns only the suspected eutectic mixture, whose presence

is minor in the alloy.

(a) (b)

Figure 5.18: Thermo-Calc diagrams of Y3 Co-free (0.3Nb): a) phase formation upon
solidification and b) change of chemical composition of liquid during solidification. Calcu-
lations done in TCFE5.
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Since the ATD measurements were not conclusive, hot cracking tests were per-

formed on Gleeble machine in APERAM research laboratory, as a complementary

technique for liquefaction temperature definition. The test consists of rapid heating

(50◦C/s) and pulling of cylindrical samples. Radical drop in force necessary to break

the sample is a sign of local liquefaction and so, beginning of melting. Such tests

were performed on as cast Y3 Co-free (0.3Nb) in the range of temperatures between

900◦C and 1200◦C. Microstructural observations of cross sections of samples after

the tests, presented in Figure 5.19, allowed to clearly determine the starting temper-

ature of melting. First, sample after test at 1000◦C is presented in Figure 5.19b. It

is a representative image for tests performed in the range of temperatures between

900◦C and 1050◦C. Elongated dendrites at the fracture tip are visible. They were

clearly plastically deformed without any melted zones to be found on the surface.

However, when the temperature was raised to 1100◦C, the character of the frac-

ture surface has changed, as shown in Figure 5.19c. Presence of melted zones could

have been distinguished, characterised by fine dendritic structure due to rapid so-

lidification after sample rupture. Melting was found to start as expected, in the

interdendritic zones, for which local chemical composition shifts the equilibrium to

lower melting temperatures. Thus, the solidification process simulation predicting

low temperature freezing was confirmed to take place between 1050◦C and 1100◦C.

(a)

(b) (c)

Figure 5.19: Samples of as cast Y3 Co-free (0.3Nb) alloy after hot cracking tests: a)
schematic representation of observed surface b) test at 1000◦C and c) test at 1100◦C with
a clearly distinguishable melted zone; light microscopy on etched samples.
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Attempt of dissolution of those primary precipitates in the as cast state was done.

A heat treatment of 3h at 1200◦C was performed. The temperature was chosen

as the highest possible, for which melting of only the eutectic zone happens. The

expectation was that, due to a homogenisation of the local composition, primary

NbC would be dissolved and upon re-solidification the eutectic would not form

again. If the diffusion of Nb, as the slowest diffusive element is considered, the

expectation for dissolution seams quite reasonable. Diffusion coefficient D can be

defined according to equation 5.14,where D0 is the maximal diffusion coefficient (at

infinite temperature), Q is the activation energy for diffusion, R is the universal gas

constant and T is the absolute temperature. As for Nb diffusion in an fcc matrix,

bibliographic data [163] indicate D0 = 0.053 m2s−1 and Q = 344,6 kJ·mol−1; thus

at 1200◦C, the diffusion coefficient is equal to 3.19 · 10−14 m2s−1. For 3 hours of

annealing it can be approximatively calculated that the diffusion distance of Nb is of

the order of 26 µm, assuming that the distance x is proportionate to
√

2 · D · t. This

distance is high enough to allow local homogenisation of the material and further

diffusion of Nb. It can be expected that in the case of HEAs, the diffusion will be

slowed down, but even is one order of magnitude is considered and D decreases 10

times, the diffusion distance is still reasonably high, over 8 µm.

D = D0 · exp

(

− Q

RT

)

(5.14)

Microstructural observations together with chemical analyses of as cast Y3 Co-free

(0.3Nb) after annealing at 1200◦C 3h are presented in Figure 5.20. The dendritic

form after casting is still distinguishable, however it is mostly due to presence of

precipitates at the borders of dendrites. Primary precipitation of Nb-rich phase is

still visible, although the shape of particles has changed, approaching a spherical

form. Moreover, their size somewhat decreased. Both those observations allow to

think that dissolution indeed takes place, however the kinetics of this process is

extremely slow. Despite quite significant distances an Nb atom could diffuse to

during such heat treatment it is still blocked in the precipitates. It would appear

that the dissolution itself is difficult. In addition, no signs of liquefaction are present,

which reinforces the NbC dissolutions hypothesis.

Overall chemical composition was unified thanks to the annealing and elements

other than niobium are equally distributed in the alloy. However, the equilibrium

single phased area predicted by thermodynamic simulation was not reached, and

full dissolution of NbC precipitates in the matrix was not successful.
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Figure 5.20: As cast Y3 Co-free (0.3Nb) alloy after annealing at 1200◦C 3h, SEM
BSE micrographs together with zoom on the NbC precipitates and the local distribution of
chemical elements in the restricted zone marked by the orange box.

Yet, two selected grades, Y3 Co-free (0.1Nb) and Y3 Co-free (0.3Nb) were hot

forged. Standard conditions were applied, with annealing at 1000◦C for 3h and for-

ging close to 1060◦C. This is the limit temperature for Nb-doped composition as the

hot cracking tests confirmed. No problems were detected during forging; in partic-

ular, no cracks or any other signs of brittleness were found. Presence of primary

precipitation has no negative influence on the forging process and in selected thermal

conditions of forging, no liquefaction was observed. SEM BSE micrographs of as

forged niobium doped alloys, 0.1 at.% Nb and 0.3 at.% Nb, are presented in Figure

5.21. Microstructure similar to that previously reported for Y3 Co-free alloy can

be observed. High complexity of the structure with frequent changes of orientation
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inside the grains makes distinction of individual grains close to impossible with

this observation technique. Inside the perturbed matrix, occasional precipitates

are visible as white particles. The precipitates rich in heavy Nb are clearly distin-

guishable. The precipitates after forging are evenly distributed through the whole

material without preferential positioning in the microstructure. They present them-

selves as sub-micrometric spherical particles. Compared to as cast state, they have

been refined and partially dissolved during forging process.

In general, lower fraction of primary NbC is observed for Y3 0.1Nb than the com-

position richer in niobium. This outcome is expected, but undermines the necessity

for higher Nb content. Presence of niobium in the form of primary precipitates is

not interesting from the precipitation hardening point of view. On the contrary,

they can be even harmful leading to embrittlement. It is expected for the totali-

ty of precipitating element to be fully dissolved in the matrix before precipitation

annealing is performed. Optimisation of this process is necessary.

(a) (b)

Figure 5.21: As forged alloys containing niobium: a) Y3 Co-free (0.1Nb), b) Y3 Co-free
(0.3Nb); SEM BSE images, Nb-rich particles are distinguishably white.

Again an attempt of solution annealing was performed, this time on as forged

samples. Applied conditions were as follow: 1200◦C 24h, to assure highest chance

of reaching the single phased zone predicted at equilibrium for both selected grades.

Obtained microstructures are presented in Figure 5.22. It can be immediately seen

that the precipitates dissolution was not achieved, presence of primary NbC is still

detected. Significant grain growth and presence of twin boundaries can be noted.

The very high temperature and long annealing did not result in the expected single

phased alloy, so there is no reason to maintain it. A more moderate annealing will

be set as standard, more comparable with the annealing done on Y3 Co-free alloy:

1080◦C 2h. This temperature was chosen based on the equilibrium phase diagram,

as the one to bring a compromise between sufficiently high temperature above the

line of NbC formation, at least 50◦C for both grades, and minimisation of this

temperature as much as possible avoiding excessive grain growth. Such annealed

state will be used as the initial one for precipitation heat treatments.
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(a) (b)

Figure 5.22: SEM BSE images of forged alloys containing niobium after annealing at
1200◦C for 24h: a) Y3 Co-free (0.1Nb), b) Y3 Co-free (0.3Nb).

First however, the influence of primary precipitates upon annealing at 1080◦C 2h

on mechanical behaviour of Y3 0.3Nb was checked. Tensile tests were done both

at room temperature and in cryogenic conditions. The results are presented in

Figure 5.23, in Table 5.3 and are compared with the annealed Y3 Co-free compo-

sition. Little difference was found between two alloys. Similar shapes of curves are

visible, with slightly higher work hardening for Nb doped composition. Increased

work hardening in the Y3 Co-free (0.3Nb) alloy could partially explain the some-

what raised elongation to fracture. Same tendency for simultaneous strength and

elongation increase at -150 ◦C was found in the Nb doped alloy, analogously to pure

Y3 alloy. Increase in yield strength and ultimate tensile strength for Y3 (0.3Nb)

compared to the Y3 Co-free alloy were observed. Raise in YS and UTS values is of

60 - 100 MPa for tests at both temperatures. It is a sign that additional hardening

already takes place. However, it is most probably due to solution hardening of Nb

atoms in the matrix rather than influence of second phase precipitation, the size of

observable NbC being to high. At the same time, no signs of brittleness due to those

primary precipitates were found. This is a very promising result, as the difficulty to

eradicate primary NbC does not have significant influence on the material’s beha-

viour, their presence can be disregarded in the first approach. Attempts to obtain

fine hardening precipitation can be done on the annealed Y3 Nb doped alloys.
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Figure 5.23: Tensile true stress vs true strain curves for annealed Y3 Co-free alloy, in
green, and Y3 Co-free (0.3Nb), in purple. Tests performed at room temperature (RT),
brighter curves, and at -150◦C, darker curves.

Table 5.3: Yield strength (YS), ultimate engineering tensile stress (UTS) and elongation
to fracture (El) for annealed Y3 Co-free alloy and annealed Y3 Co-free alloy doped with
0.3 Nb. Tests performed at room temperature and at -150◦C.

Alloy Test T YS UTS El
[◦C] [MPa] [MPa] [%]

Y3 Co-free
25 207 640 46

-150 287 1051 66

Y3 Co-free (NbC)
25 272 704 48

-150 387 1152 72

Beforehand, another encountered difficulty needs to be addressed. Upon observa-

tions of samples coming from various places in the forged and annealed rod, a signi-

ficant difference in grain size was found. Figure 5.24 shows the grain size distribution

as a function of position in the rod: closer to the rod extremities, approximately

1/4 from each side of total rod length equal to 45 cm, the grain size was two times

larger than in the central part. The average grain size was determined by intercept

method based on the SEM BSE images. Representative images for each region are

shown in the graph. Such a difference in grain size distribution was not observed

in any case of previously described pure Y3 Co-free alloy. It would mean that the
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addition of Nb + C promotes this abnormal grain growth. However, the distribution

of Nb and C by chemical analyses (infrared absorption) were verified along the in-

got prior to forging and after the thermomechanical transformation. No significant

discrepancies were found in the macroscopic distribution of those elements. Since

chemical analyses did not show any particular segregation of Nb or C, it could be

suspected that the elements are present under two distinct forms; on one hand in

the solid solution, on the other as precipitates. This in consequence could lead to

differences in precipitation fraction between centre and tip of the rod resulting in

uneven grain growth.

Figure 5.24: Evolution of grain size as a function of position in the rod of Y3 Co-free
(0.3Nb) alloy. SEM BSE representative images of microstructure in each area.

When analogous cast in APERAM laboratory was prepared, somewhat similar

problem was encountered. Upon annealing (1200◦C 2h) of a hot rolled sheet of Y3

0.3Nb alloy, an abnormal grain growth was found, as presented in Figure 5.25. In

the centre of the sheet the grain size was several times bigger than close to the

surface of the sample. Again, content of Nb, C and even N were verified through

the sheet thickness to find that no variation is present, just like in the case of forged

alloy. A common cause for such abnormal grain growth between forged and rolled

samples should be looked for.

Forging and rolling are different processes, yet they have two parameters in com-
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mon: first, heterogeneity of temperature through the rod/sheet during deformation,

and second, heterogeneity of applied stress. Along hot forging, the rod is held by

the extremities, forged on one side than returned and forged on the other side. One

can notice that such procedure leads to more stress applied to the centre of the rod

as it is hit by the sledgehammer twice as often: once with the first side of the rod

than with the second one. It could lead to uneven stress distribution along the rod.

At the same time, uneven stress distribution during hot rolling can be observed as

well. At the surface, in direct contact with the cylinders, applied stress exceeds the

one in the centre of the sheet. Curiously, smaller grain size upon annealing is found

in both cases in the areas that were more severely deformed (centre of the rod and

surface of the sheet). It could be hypothesized that the distribution of precipitates

in the material depends on the total applied stress in those areas. It is a question

that would need to be answered for further study of this material. Additionally,

variation of temperature during both deformation processes most probably plays

an important role as well. However it’s influence was not directly correlated with

observed microstructures. Understanding the influence of stress and temperature

during thermomechanical transformation is necessary if influence of precipitation

on microstructural evolution and mechanical properties are to be studied. Unfortu-

nately, due to late coming into sight of this question, it could not have been answered

within the time period of this thesis.

Figure 5.25: Grain size distribution through a hot rolled and annealed sheet from indus-
trial laboratory cast of Y3 Co-free (0.3Nb), SEM BSE image.

Nonetheless, the possibility of hardening precipitation on Nb doped alloys was

verified, for both 0.1 % and 0.3 % of Nb. Series of heat treatments was done on

annealed samples, at temperatures where precipitation should occur according to
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equilibrium phase diagram in Figure 5.16. For Y3 0.3Nb composition, two annealing

temperatures have been chosen: 930◦C and 810◦C. Temperatures selected for Y3

0.1Nb were 810◦C and 720◦C. Various times of heat treatments were applied to the

samples, however only few examples of microstructures will be presented here.

Figure 5.26: Y3 0.1 Nb after 1 week annealing at 720◦C. Visible Cr-rich precipitation at
grain boundaries; results of the chemical analysis along the orange line are shown in the
bottom right corner. Zoom on the triple point where fine precipitation inside the grains is
distinguishable is shown in the bottom picture.
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Firstly, the alloy with lower Nb content annealed at 720◦C for 1 week is presented

in Figure 5.26a. For this low content of niobium, precipitation of Cr-rich carbides

at the grain boundaries is favoured, as the EDX local chemical analyses through

such a precipitate, along the orange line, shows a clear increase of Cr content: it

is accompanied by a depletion in Fe and Ni. These are most probably the Cr-

rich M23C6 type carbides. Yet, their that presence of Cr-rich precipitates is in

disagreement with Thermo-Calc predictions. However, with presence of primary

NbC precipitates, the matrix composition might be shifted to lower Nb contents,

where Cr23C6 carbides are stable. Fortunately, no such precipitation was found

in the Nb-rich Y3 Co-free (0.3Nb) alloy. Up to now, the interest in increased Nb

content seamed moderate, however this observation of Y3 0.1Nb after precipitation

annealing proves the necessity for more niobium in the alloy.

At the same time, even for the Y3 0.1Nb alloy, the possibility of hardening pre-

cipitation was seen. A zoom on a triple point in the bottom picture in Figure 5.26a

is shown. Apart from big precipitation at the grain boundaries, a fine precipita-

tion inside the grains is distinguishable. Second phase particles of size lesser than

100 nm are visibly aligned along one type of planes. Most probably, as it was shown

previously for the annealed Y3 Co-free alloy, those are selected {111}-type planes

where dislocations density is increased.

Similar behaviour was observed in the Y3 0.3Nb alloy after 2 weeks at 820◦C as

shown in Figure 5.27a. Again, fine precipitation is observed inside the grains. Here

a twin boundary is present and surprisingly NbC particles are present also on this

boundary line. Those are still precipitates of quite big size from the precipitation

hardening point of view: they have probably little influence on mechanical resistance

of the material. However, it has to be reminded that the applied heat treatment

was not yet optimised. Observation on the scale of TEM revealed the presence of

fine precipitates that can already have the intended impact on materials resistance,

as shown in Figure 5.27b on a sample annealed at 920◦C 24h. Those observations

allowed to confirm that indeed we are dealing with NbC precipitates, as it could have

been identified through diffraction pattern analysis shown in Figure 5.27c. Again,

those precipitates are far from being of the optimal size, but their presence is a very

promising result. It can be expected that with properly adapted heat treatment

finer and more efficient precipitation could be obtained. Since niobium atoms are

big, it can be suspected that the very fine particles, with size of the order of few tens

of nanometres, will form on dislocations lines leading to their immobilisation and

consequently enhancement of mechanical properties, as it can be found in austenitic

steels [164].
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(a)

(b) (c)

Figure 5.27: a) Fine precipitation inside a grain and along the twin boundary of Y3 0.3Nb
alloy annealed at 810◦C for 2 weeks, SEM BSE image; b) precipitates and immobilised
dislocations around them in Y3 0.3Nb alloy annealed at 920◦C for 24 h, TEM micrograph;
c) diffraction diagram of observed area with distinguishable two patterns, one from the fcc
matrix (in blue) and one form the NbC precipitates (in orange).

Even if the heat treatments were not really optimised and no real information is

available as to the Nb content in solid solution, an attempt of estimation of efficiency

of the hardening effect by NbC has been performed through hardness measurements.

However, due to observed variation in grain size through rod length after forging and

annealing, the results can not be directly correlated with temperature and time of

annealing. Instead, all hardness measurement results are shown as a function of grain

size, in a representation similar to classical Hall-Petch analysis, in Figure 5.28. This

presentation allows to take into account the variation of grain size that might play a
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role in the overall material hardening. All the presented results come from samples

after precipitation heat treatments and create a cloud of data points. In general

a somewhat higher hardening is found for the same grain size in the 0.1Nb grade

than in the 0.3Nb. Anyhow, all cases show increased hardness values as compared

to the pure Y3 alloy. The Nb doping allows to add at least 15 HV going up to 50

HV in some cases. Such increase in hardness should correspond to 30 MPa up to

100 MPa gain on the yield strength. It is reasonable to assume that even farther

gain is possible without loss of other characteristics like ductility: supplementary

presence of fine precipitation will not result in any brittleness knowing that the

coarse NbC particles present upon annealing did not lead to any loss of ductility.

These promising observations suggest that with proper optimisation of the whole

melting process, solution annealing and precipitation heat treatment, significant

gain in mechanical resistance can be reached.

Figure 5.28: Influence of NbC precipitates on hardness values. Comparison of Y3 Co-
free 0.3Nb, Y3 Co-free 0.1Nb with basic Y3 Co-free alloy. All data represented under the
form of Hall-Petch relation.

Despite the difficulties with primary precipitation in the selected Nb doped grades,

the possibility of precipitation hardening was shown. Presence of primary NbC was

found even though the equilibrium phase diagram predicts solidification into single

fcc domain. However, one have to bare in mind that solidification process is far from

equilibrium and discrepancies between phase diagram and cast material are to be ex-
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pected. Local composition of liquid changes during solidification and consequently,

the local equilibrium is altered. Presence of those primary precipitates does not

induce any brittleness and does not hinder further thermal or mechanical trans-

formations. Still, sensibility to stress and/or temperature during hot deformation

was observed to influence the grain growth upon solution annealing. Nonetheless,

fine precipitation could have been obtained and its positive influence of hardness

was found with values up to 1,5 times higher than for pure Y3 alloy. Precipitation

as a hardening solution of Y3 Co-free composition shows high potential upon further

optimisation of technological aspects.

5.5 Partial conclusion

Hardening mechanisms at various scales were analysed in the Y3 Co-free alloy. It

was shown via activation volume measurements that forest hardening by disloca-

tions plays a major role in mechanical resistance of the alloy. Influence of solution

strengthening was also observed, although it appears as less efficient than in Cantor’s

alloy. Yet, no new deformation mechanisms were found in the HEAs, as the classical

strengthening theory applies.

It was shown that plastic deformation of Y3 alloy follows the Voce law, hence

the Kocks-Mecking model of strain hardening can be applied. The analysis of para-

meters describing both dislocations creation and annihilation allowed to position

the Y3 alloy, in terms of strain hardening, among other known fcc materials. As a

consequence the stacking fault energy of selected HEA was found to be close to that

of Cantor’s alloy, 304L steel and pure Ag, which is of the order of 20-30 mJ/m2.

Efficiency of grain boundaries hardening could have been estimated through Hall-

Petch relation. It was found that grain boundaries play lesser role in hardening of

Y3 alloy as compared to other HEAs from Cantor’s family or the 316L stainless steel.

However, with this approach, the efficiency of forest hardening by dislocations could

have been proved. Comparison of intrinsic hardness of as forged and annealed states

confirmed that the enhanced mechanical resistance of the material is in agreement

with the increase of dislocation density.

An attempt of material strengthening through secondary precipitation was done.

Two compositions containing niobium and doped with 200 ppm carbon were designed

based on thermodynamic calculations and later produced. Despite technological

difficulties, namely: presence of primary precipitation even upon solution annealing

both with abnormal grain growth, the efficiency of hardening was shown. A number

of promising results obtained through hardness measurements indicate potential

improvement of mechanical resistance of Y3 alloy thanks to NbC precipitation, once

the technological route is optimised.
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Presented thesis study focused on design and optimisation of new high entropy

alloys (HEAs) from Cantor’s CoCrFeMnNi family, with decreased content of cobalt.

The aim was to propose new grades with high mechanical resistance lowering or

eliminating presence of this strategic element. To achieve this goal, an in-depth

analysis of microstructure correlated with mechanical properties and strengthening

mechanisms was performed.

A successful design of three new alloys was accomplished through thermodynamic

calculations (Thermo-Calc). Based on the so obtained phase diagrams, promising

compositions, showing large fcc domain and suppressed secondary phase formation,

were selected. Their feasibility in both academic and industrial conditions was veri-

fied with a favourable outcome. Thermo-Calc simulations proved to be accurate at

high temperatures, however at lower temperatures (500◦C) prolonged heat treat-

ments of few hundred days showed formation of unpredicted phases. Presence of

MnNi-rich phase and FeCr-rich phase next to the matrix was observed as opposed to

predicted σ phase. Nonetheless, Thermo-Calc stays a good tool as a first approach

to material design.

So designed alloys showed single fcc phased structure and good mechanical pro-

perties in the as forged state with yield strength in the range of 480 - 640 MPa at

room temperature. None of the materials showed signs of martensitic transforma-

tion upon deformation at low temperatures, keeping the amagnetic, single phased

character. First evaluation of mechanical properties allowed to choose the most

promising grade among so-designed HEAs and to narrow down the study to the

Co-free alloy, the so called Y3 grade. Despite the lowest mechanical resistance of

Y3 alloy as compared to other preselected grades, the absence of cobalt in its com-

position ruled in its favour. Let us note that the behaviour typical for alloys from

Cantor’s family, in explicit simultaneous increase of yield strength and elongation

to fracture, was also maintained in the selected Y3 Co-free alloy.

Microstructural description at various scales was performed and correlated with

mechanical properties. Two mechanical regimes were distinguished: first, the regime

with high yield strength and low work hardening coefficient; second, the regime with

low yield strength and high work hardening coefficient. Those observations are in
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agreement with what was reported in the A3S composition, previously developed

in EMSE. It was found that a nano-sized substructure, obtained upon forging, is

at the origin of elevated mechanical resistance in the first regime. Annealing at

temperatures above 600◦C lead to reorganisation of dislocation structure and change

in mechanical behaviour’s regime.

Dislocations density was found to be unusually elevated in all observed states.

Their values are as high as 1014 m−2 after forging and only one order of magnitude

lower, 1013 m−2, after casting or after annealing at high temperature (1000◦C). Such

elevated dislocations density even after annealing is surprising, specially that proofs

of grain growth were found. The phenomenon of recrystallisation in the selected

material was hence undermined. However a study focusing on evidence of nuc-

leation upon annealing, allowed to confirm that indeed, the recrystallisation does

take place after heat treatments at high temperatures. First signs of recrystallisa-

tion were found at 0.57 melting temperature; however, the time necessary for the

microstructural evolution was very long (48 hours for partial recrystallisation). Such

long annealing time, together with high purity of the material, lead us to estimate

that standard recrystallisation conditions (one hour for fully recrystallised micro-

structure) will correspond to temperatures much higher than that. Even though

the temperature of recrystallisation is somewhat increased as compared to those of

classical materials, the kinetics are very low and in the end the dislocations density

is not decreased. The dislocations seam to be easily formed and stable in the Y3

alloy. The question concerning the reasons of their high density and stability, still

needs to be answered.

Analysis of hardening mechanisms showed that the same strengthening processes

as in classical fcc materials are present: forest hardening through dislocations and

solid solution strengthening were shown to be active in the analysed composition.

Those phenomena do not change even at low temperatures. Successful application

of Kock-Mecking model of strain hardening theory, shows that the Y3 alloy does not

deviate from other known fcc materials. The same laws abide and no new phenomena

specific to HEAs are found. That is why positioning of Y3 alloy among other fcc

metals allowed to estimate its stacking fault energy at the same level as Cantor’s alloy

or 304L stainless steel with low SFE. Contrarily to A3S, Cantor’s alloy or 316L steel,

little efficiency of grain boundaries hardening was found. However, the comparison

was made here between materials with different levels of purity. Surely absence of

interstitial atoms in the Y3 alloys matrix, decreases its resistance as well as the

efficiency of hardening through grain boundaries in the material. At the same time,

dislocations hardening was shown to be highly efficient, dislocations are easily formed

and their presence does not decrease the ductility of the material. Consequently, use

of Y3 alloy in the as forged, work hardened, state could be considered in the future.
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Hardening through secondary precipitation of NbC was proposed and verified.

Two compositions based on Y3 Co-free grade, alloyed with niobium and doped with

carbon were designed through thermodynamic simulations. Unfortunately, out of

equilibrium solidification conditions lead to the presence of primary precipitates

upon casting. Attempts of dissolution of those precipitates have been conducted

with minor efficiency. Yet, since presence of these primary precipitates have little

impact from the mechanical point of view (no loss of ductility), an attempt to obtain

fine precipitation was done. It could have been shown that obtained second phase

lead to material hardening, with a gain of the order of 15-50 HV corresponding to a

possible gain of 30-100 MPa on yield strength, even if the precipitation conditions

could not be optimised. This promising route needs to be further explored: once the

technological process improved the material strengthening though secondary phases

shows high potential.

This work brings some new insights to the HEAs design, still several questions

remain open.

One of the most surprising aspects found in the alloys developed recently, the

A3S and Y3 alloys, is the elevated dislocations density. The origin of their presence

is still unknown. Yet, dislocations play a significant role in defining the mecha-

nical properties. The need to understand their stability could be satisfied through

atomistic calculations. Simulations of energetically favourable conditions for dislo-

cations formation through atomic neighbourhood of the dislocations, should bring

some insight as to their favourable presence in the material

Strengthening mechanisms in the Y3 alloy have been found to be classical ones

allowing us to assume their additive character. Optimisation of mechanical prop-

erties can be thus done on various levels involving them all. In particular, strain

hardening, could be a highly efficient source of material strengthening.

Hardening through second phase was shown to be a promising route to follow;

it can influence the properties not only at the level of dislocations motion but also

through grain size control. Encountered difficulties like segregation and primary

precipitation should be addressed. To avoid this type of precipitation, modifica-

tion of chemical composition could be considered. Further optimisation through

thermodynamic simulations, so alloys design, is necessary.

Finally, the results obtained within this PhD thesis, even though interesting and

with potential, are only the first step in development of Y series of alloys. Numerous

other characteristics should be verified and optimised to aim genuine applications.
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Appendix 1: Relaxation curves

analysis

Definition of activation volume was done based on relaxation tests, according to the

method developed by Spatig et al. [91]. In this approach a series of five repeated

stress relaxations during tensile test is done. The time span, ∆t, of each relaxation is

constant, as presented in Figure 2.4. The apparent activation volume is considered

to be constant during the load relaxation test that must be analysed over “short

duration”. In the case of this study the ∆t was set at 30s.

Figure 1: An example of a series of five repeated stress relaxations during tensile test for
a given stress value (233 MPa in this case), time span ∆t = 30s.

Drop of true stress, ∆σ, during all relaxations is determined and can be repres-

ented as in Figure 2. It can be easily noted that for each consecutive relaxation the

drop is lesser, which is due to lesser impact of strain hardening.
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Figure 2: Example of stress drops measured during one set of repeated relaxations.

To define the apparent activation volume, Vapp, first relaxation curve is taken into

consideration. It is fitted according to equation 1, where M is the Taylor factor (∼
3), k is the Boltzman constant, T is the test temperature, t is the time of relaxa-

tion (30s) and c is an integration constant (dependant on the elastic modulus of the

machine–specimen assembly and the plastic strain rate at the start of the load relax-

ation test). The value of Vapp is then calculated for the parameter A = MkT/Vapp.

∆σ = −MkT

Vapp

ln

(

1 +
t

c

)

⇒ Vapp =
A

MkT
(1)

Figure 3: Fit performed on the first relaxation curve of the series allowing to define the
apparent activation volume Vapp according to equation 1.

190



Relaxation curves analysis

The apparent activation volume is burdened with the error of strain hardening

occurring during tensile test. Relationship between physical and apparent activation

volumes can be described by equation 2, where where Θ is, the work-hardening rate

(dσ/dε) and S is the elastic modulus of the machine–specimen assembly.

Vapp = V

(

1 +
Θ
S

)

= V + Vh (2)

To access the physical activation volume V, the work-hardening term Vh needs to

be determined. It is the subsequent four relaxations that allow it. Spatig et al. [91]

showed that Vh is related to successive stress drops following the equation 3, where

n is the number of load relaxations, σ1 and σn are the stress drops in the first and nth

load relaxation, respectively, and the average stress drop ∆̄σ is given by equation 4.

(n − 1) Vh =
MkT

∆̄σ
ln







exp
(

−∆σnVapp

MkT

)

− 1

exp
(

−∆σ1Vapp

MkT

)

− 1





 (3)

∆̄σ =
1
n

∑

n

∆σn (4)

If the right hand side of the equation 3 is plotted as a function of number of

relaxation, n, a linear regression is obtained as shown in Figure 4. The slope of this

line represents the work-hardening term Vh, that can be further introduced into

equation 2. Hence the efficient activation volume can be obtained.

Figure 4: Linear fit of (n-1)Vh, right side of the equation 3, for a series of five relaxations
in one set.

191



Appendix . Relaxation curves analysis

Such study was performed by Laplanche et al. [22] on the Cantor’s alloy. Res-

ults obtained on the same composition, the equiatomic CoCrFeMnNi, coming from

this publication and this thesis are compared in Figure 5. Similar values for both

experimental sets are obtained. It validates the experimental setup put together at

EMSE, allowing further sturdy on Y3 alloy and comparison of all results.

Figure 5: Comparison between activation volumes for Cantor’s alloy obtained at EMSE
(full symbols) and by Laplanche et al. [22] (empty symbols).
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Appendix 2: Data analysis for

Kocks-Mecking model

All data implemented in the Kock-Mecking model was treated according to the

following procedure. Strain and stress were defined as shown in Chapter 2.4.2.

Afterwards the Young modulus E was defines from the linear fit in the elastic part,

as shown in Figure 1. The slope of this fit gives us the value of E. It is further used

to define the plastic part of the curve according to equation 1, where elastic part is

deducted from the totality.

εp = ε − σ

E
(1)

Figure 1: Definition of Young modulus on a stress - strain curve of a compression test,
example based on a test at 850◦C.
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Next steps are performed only on the plastic part of the curve that is presented

in Figure 2. This part is next smoothed to eliminate excessive noise from to high

number of points. The smooth is made by normalising the step between strain

points, in explicit, instead of taking all measurements points only those every 0.01

are kept. Comparison of measured and smoothed curves is shown in the same figure.

Good correlation is found, showing that no information is lost upon smoothing

process.

Figure 2: Plastic part of a compression curve. Comparison between measured stress and
smoothed one.

First derivative of stress is calculated in respect to strain and is called theta,

θ = dσ/dε. The obtained values are plotted firstly as a function of strain as shown in

Figure 3. Such plot can give information about activation of additional deformation

mechanisms during mechanical test, it is a common way to look for significant

twinning in TWIP alloys. The presented curve shows still presence of some noise.

Such form was found for all analysed curves and can be treated as a representative

one.
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Figure 3: Theta as a function of strain.

Secondly, θ was plotted as a function of stress, which is presented in Figure 4. This

graph allows to obtain the theta0 and σV parameters necessary for Kocks-Mecking

model. Those two parameters can be found by fitting and extrapolating the linear

region, as marked by red line in the figure. Firstly, θ0 corresponds to the θ value

for σ = 0. Secondly, the Voce stress σV is the value at the intercept of the linear fit

with the abscissa, for θ = 0.

Figure 4: Theta as a function of stress, with a fit in the linear part (red line).

Parameters obtained this way were further analysed according to Kocks-Mecking

model, as shown in Chapter 5.2.
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Appendix 3: Summaries in French

Chapitre 1: Nouvelle génération d’alliages métalliques:

les alliages à forte entropie

Le concept d’alliage à haute entropie, high entropy alloys HEA, a été introduit

en 2004 par Yeh [1] et Cantor [4]. Yeh formule l’hypothèse que l’entropie de

mélange est maximale lorsque les éléments d’alliage sont introduits en proportions

atomiques similaires. L’existence d’un alliage équiatomique à cinq éléments mono-

phasé CoCrFeMnNi est attribuée à cette haute entropie de mélange. La famille

des alliages à haute entropie est créée, regroupant par définition les alliages multi-

éléments en haute concentration, formant une solution solide unique. Toutefois,

au cours du développement des HEA, certains alliages multi-phasés à haut in-

térêt scientifique ont été découvert. Ces alliages sont regroupés sous l’appellation

d’alliages complexes concentrés, complex concentrated alloys, CCA. Les définitions

des HEA et CCA sont aujourd’hui couramment employées pour distinguer les al-

liages à haute entropie de mélange monophasés et multi-phasés [6].

Yeh [7] attribue les propriétés physiques des HEA aux quatre "core effects". Tout

d’abord, l’effet d’entropie de mélange conduit à un abaissement de l’énergie de Gibbs

de l’alliage, et donc à la stabilisation de la solution solide. Cet effet est relié aux

concentrations importantes en éléments d’alliage [8]. Cependant, l’effet d’entropie

de mélange s’est révélée non prédominant au regard d’autres effets d’entropie mais

aussi d’enthalpie [6]. Ensuite, un ralentissement de la diffusion atomique dans les

HEA est suspecté, à l’issue d’observations d’évolutions microstructurales plus lentes

dans ces alliages que dans les alliages classiques [17]. Cette hypothèse, bien que non-

validée à l’heure actuelle, pourrait être à l’origine de certaines propriétés physiques

exacerbées des HEA, tel qu’une meilleure stabilité de phases, ou une résistance améli-

orée au fluage et à l’irradiation. Comme troisième effet, l’hypothèse de distorsion de la

maille cristalline est aussi envisagée. Ce phénomène pourrait en effet être à l’origine

de certaines observations inattendues sur ces matériaux, tel qu’un durcissement par

les joints de grain plus efficace [18], ou une perte d’intensité des pics de diffraction

aux rayons X [21]. Enfin, l’effet cocktail, dû à la présence d’éléments de natures

différentes au sein de l’alliage, conduit à un écart à la loi des mélanges [27]. Cet
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effet, bien qu’exacerbé dans le cas des HEA, est aussi observable dans les alliages

classiques.

Le nombre très élevé de compositions possibles pour l’obtention de HEA rend

nécessaire la mise en place de critères pour la formation d’une phase solide. Ces

critères, couramment utilisés en métallurgie, ont été appliqués aux alliages à forte

entropie sur la base des HEA connus. Les critères thermodynamiques définissent

des valeurs limites d’entropie et d’enthalpie de mélange pour l’obtention d’une phase

solide [31,32,35]. Les critères relatifs à la physique de la matière, tel que les valeurs

du rayon atomique, éléctronegativité, configuration électronique, sont basés sur les

règles de Hume-Rothery [30]. Ces critères, purement empiriques, suggèrent un in-

tervalle de confiance et non des limites strictes [30, 31, 35, 36]. Ces critères sont

appliqués au design d’alliages à haute entropie, avec deux approches possibles. Une

approche purement thermodynamique est employée dans la méthode CALPHAD,

qui permet de simuler les diagrammes de phases. Il s’agit de la méthode la plus

couramment utilisée pour les alliages classiques [8,45,46,50]. Une approche probab-

iliste de l’obtention d’une phase solide a été mise en place par Tancret [51]. Cette

méthode prend en compte l’ensemble des paramètres thermodynamiques et des para-

mètres relevant de la physique des atomes. Elle attribue à ces paramètres un poids

statistique, basé sur leur fiabilité dans l’obtention des HEA connus.

Les HEA déjà identifiés ont été repartis en familles, en fonction de leurs éléments

constituants [6]. Les deux familles les plus étudiées et les plus prometteuses à

l’heure actuelle sont la famille des HEA élaborés à partir des métaux de transition

3d [18, 22, 23, 72–85], et la famille des HEA réfractaires [6, 29, 52–60]. Les HEA

de transition 3d sont proches des aciers austénitiques en termes de structure et

de propriétés mécaniques. Les HEA réfractaires sont surtout développés en vue de

remplacement des superalliages base nickel, par leur microstructure et leur propriétés

mécaniques à haute température. Bien que moins étudiées, les autres familles des

HEA peuvent offrir une réponse à des demandes ciblées. Cependant, malgré l’intérêt

indéniable et grandissant de ce groupe des matériaux, l’ensemble des HEA nécessite

encore de grands efforts d’optimisation et de développement afin de concurrencer

les alliages classiques.

Les alliages à haute entropie les plus étudiés sont les alliages de la famille CoCrFeM-

nNi. L’alliage Co20Cr20Fe20Mn20Ni20 équiatomique est nommé alliage de Cantor,

du nom de Brian Cantor qui l’a découvert en 1981 [4]. Cet alliage est monophasé

austénitique et son comportement mécanique ne se conforme pas aux lois de la

métallurgie classique [18, 22, 23, 72–85]. Notamment, la résistance mécanique et la

ductilité de l’alliage de Cantor augmentent simultanément lorsque la température

est abaissée dans le domaine cryogénique [72]. Malgré une structure similaire aux

aciers austénitiques, cet alliage leur présente des propriétés mécaniques supérieures.
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Il a notamment été observé dans cet alliage une facilitation de la formation des nano-

structures [115], une meilleure efficacité du durcissement par les joints de grains [18],

ou encore une résistance à l’irradiation améliorée [126] par rapport aux aciers aus-

ténitiques couramment employés, tels que le 304L et le 316L.

Les "core effects" présents dans l’alliage de Cantor, en particulier la diffusion

ralentie et la distorsion de la maille cristalline, sont probablement à l’origine de

certaines de ces différences de comportement mécanique. Des études réalisées à

l’échelle nano-scopique ont révélé une facilité de création et d’annihilation des fautes

d’empilement, ainsi qu’une aptitude au nano-maclage. Ces observations ont été

reliées, par mesures et par simulations, à une énergie de faute d’empilement basse,

entre 20 et 30 mJ/m2 [77, 88, 89]. Par ailleurs, la densité de dislocation élevée dans

ce matériau, de l’ordre de 1013 à 1014 m−2 [22, 115], a été attribuée à la stabilité

des dislocations. Un ordre atomique à courte distance dans l’environnement proche

des dislocations est suspecté, ce qui pourrait avoir un effet stabilisant. Toutefois,

les mécanismes de déformation observés dans l’alliage de Cantor, par glissement de

dislocations et maclage, ne présentent pas de singularité par rapport aux mécanismes

observés dans les phases cfc classiques [10, 22, 82, 92, 97]. De même, la structure de

recristallisation est proche de celle des autres alliages cfc, notamment par la présence

de macles de recristallisation [18,103,106,150].

Certains essais de recristallisation ont conduit à la formation d’une ou plusieurs

phases secondaires [17, 111–115]. La formation de ces phases est accélérée par la

déformation sévère à froid préalable à la recristallisation. Les phases secondaires

observées sont une phase σ, une phase cc riche en Cr, une phase L10 riche en

MnNi, et une phase B2 riche en FeCo. La présence d’une ou plusieurs de ces phases

dépend de la température de recuit. Toutefois, la cinétique de décomposition de

ces phases est faible, leur formation n’étant possible que pour des températures de

recuit inférieures à 800◦C [115].

Sur la base de l’alliage de Cantor, d’autres nuances on été développées, en faisant

varier les proportions du mélange [87, 115], ou en y ajoutant des éléments [34, 44,

70,95,116–123,123,127–131]. Des nuances multiphasées ont été obtenues par ajout

d’éléments permettant un renforcement par précipitation d’une phase secondaire.

L’élément le plus fréquemment ajouté est l’aluminium, qui en plus de précipiter sous

la forme d’une phase durcissante, permet aussi d’alléger le matériau [44,70,116–118,

120, 121]. Des précipités durcissants ont aussi été obtenus suite à l’ajout de V, Nb,

Mo, Cu, Ta ou encore W. A l’image des aciers TRIP [132–134], une augmentation de

la teneur en manganèse rend l’alliage susceptible à une transformation martensitique

sous contrainte [124]. Une diminution de la teneur en chrome et en manganèse dans

l’alliage de Cantor a conduit au design de nuances monophasées dont la résistance

mécanique est augmentée par formation d’une sous-structure nanométrique [115].
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Ces différentes nuances ouvrent aux HEA la possibilité de concurrencer les aciers

austénitiques à haute valeur ajoutée. Dans cette optique, le domaine nucléaire peut

être un marché propice à l’emploi des HEAs. Cependant, la présence de cobalt

dans les alliages de la famille Cantor est rédhibitoire à son utilisation en milieu

radioactif [125]. À l’heure actuelle, l’élimination du Co dans les HEAs est encore

peu étudiée [126]. Affin de conserver une structure monophasée en l’absence de

Co, il est nécessaire de diminuer la teneur en Cr, ce qui résulte en un écart à

l’équi-atomicité du mélange. Un exemple d’une telle nuance, exempt de Co, affiche

une bonne résistance à l’irradiation, rendant envisageable le développement de ces

matériaux.

Le travail de la thèse ici présentée s’inscrit dans cette démarche, au travers de

développement de nuances à teneur en Co faible ou nulle. Affin de garantir et

d’améliorer les propriétés mécaniques de ces alliages, une compréhension approfondie

des mécanismes régissant la stabilité de phase, la recristallisation et le comportement

des dislocations a été nécessaire.

Chapitres 2: Méthodes et procédures

Les méthodes expérimentales utilisées sont décrites en précisant les conditions de

travail. Les détailles d’utilisation de logiciel de calculs thermodynamique, Thermo-

Calc, sont précisés. Pour l’analyse microstructurale, les paramètres des techniques

comme microscopie optique, microscopie électronique en balayage, EBSD ou en-

core microscopie électronique en transmission sont présentés. Les moyens d’essais

mécaniques sont décrits: testes de dureté, de compression ou traction.

Chapitre 3: Sélection et première évaluation de nouvelles

nuances HEA

Une nouvelle nuance HEA, exempte de Co, a été recherchée. Sa composition a été

établie au travers de calculs thermodynamiques permettant la simulation de dia-

grammes de phases. Le logiciel Thermo-Calc et les bases de données associées ont

été employés; pour la majorité des calculs la base fer TCFE5 a été choisie. L’analyse

de ces diagrammes de phases a permis de sélectionner trois compositions, au travers

de critères définis au préalable. Nous avons tout d’abord recherché un large domaine

de stabilité de la phase cfc monophasée, ce domaine devrait s’étendre aux températ-

ures les plus basses possibles (< 600◦C). Une absence de phases secondaires, en

particulier la phase σ, est souhaitée. À minima, la formation des phases secondaires

doit être limité à de températures basses, afin de diminuer la force motrice pour la
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précipitation basée sur des phénomènes diffusifs. Enfin, une teneur en chrome suf-

fisamment importante (> 15%) pour garantir la résistance à l’oxydation est requise.

La composition de départ est la nuance CrFeMnNi équiatomique. Par la suite, les

proportions du mélange ont été modifiées pour répondre aux critères précédemment

mentionnés. Le diagramme de phases le plus proche des exigences a été obtenu sur

la base de la composition de l’alliage A3S, contenant du Co. Ce composant indési-

rable a été progressivement substitué par d’autres éléments présents dans la nuance.

Le choix de substituer le Co entièrement par Fe, en conservant les proportions de

CrMnNi, s’est finalement avéré le plus concluant. Cette procédure a mené aux trois

compositions sélectionnées: Y1 bas-Co(V), Y2 bas-Co, Y3 sans-Co.

Au cours de cette étude une base de données HEA pour Thermo-Calc, TCHEA1, a

été publiée. Les trois compositions ont été simulées sur cette base. Les diagrammes

de phases obtenus sont plus complexes que ceux obtenus avec la base de données Fe,

avec une présence plus marquée des phases secondaires, et notamment de la phase

σ. Toutefois, les domaines d’intérêt recherchés sont conservés. Quelques artefacts

présents dans les simulations avec TCHEA1 révèlent cependant les limites de cette

base de données.

La simulation de l’évolution de composition du liquide en cours de solidification

prédit une ségrégation de Mn et Ni dans les régions inter-dendritiques, et de Fe et

Cr dans les dendrites. Ce phénomène a été confirmé via des analyses chimiques par

EDX sur l’état coulé, ce qui valide les calculs Tehrmo-Calc sur ces compositions.

En même temps, Thermo-Calc prédit une présence de la phase σ à l’équilibre

aux alentours de 500◦C pour ces compositions. En suivant une étude de Otto et

al. [17] sur la décomposition de l’alliage de Cantor, un maintien des alliages étudiés

à 500◦C pendant plusieurs centaines de jours a été réalisé affin de vérifier la prédic-

tion Thermo-Calc. Une précipitation préférentielle aux joints de grains a bien été

observée en microscopie électronique. Toutefois, les fractions de phases secondaires

présentes se sont avérées trop faibles pour permettre leur détection par la tech-

nique de diffusion X. Des analyses chimiques et de diffraction au MET, sur une zone

précisément choisie, ont permis de déterminer la nature de ces phases secondaires.

Deux types de précipités ont été identifiés: une phase tétragonale MnNi et une

phase de structure cubique centrée Fe30Cr70. Ces phases, également observées lors

de la décomposition de l’alliage de Cantor, ne correspondent pas aux prédictions de

Thermo-Calc. Finalement, ces observations ont révélé que la matrice de l’alliage Y3

est plus stable que celle de l’alliage de Cantor, malgré l’absence de Co. Cependant

elle, présente une légère baisse de stabilité par rapport à la nuance A3S.

Tous les critères de formation de solution solide ont été vérifiés pour les nuances

sélectionnées. La composition Y3 ne possédant que quatre éléments, elle ne remplit

pas les conditions de la définition HEA. L’alliage Y3 devrait donc être considéré
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comme un alliage à moyenne entropie. Cependant, cette nuance étant monophasée,

il sera tout de même considéré comme un HEA.

L’influence du procédé de préparation du matériau sur sa microstructure a été

étudiée.

Des coulées en laboratoire académique (EMSE) et industriel ont été réalisées. Les

compositions obtenues sont proches des nominales, et les taux d’impuretés obtenus

correspondent aux attentes, avec toutefois une teneur en soufre un peu trop import-

ante. Cette teneur en soufre est associée à la présence de Mn, qui est typiquement

contaminé en soufre. De plus, Mn s’oxydant facilement, son introduction dans une

coulée pose parfois des difficultés. Malgré ces difficultés, la plupart des coulées ont

donné les résultats attendus.

Pour assurer l’homogénéité chimique et une microstructure adéquate, tous les

lingots ont été traités thermomécaniquement. Les coulées réalisées en laboratoire

industriel ont été laminées à chaud. La première coulée réalisée à APERAM a fourni

de bons résultats, cependant la seconde coulée a présenté un défaut à l’issue du lami-

nage à chaud. En effet, le cœur de la tôle laminée de la seconde coulée présentait

une couche d’oxyde de Mn, rendant la matière inexploitable. La transformation

thermomécanique à l’EMSE consiste en un forgeage à chaud en plusieurs étapes,

qui a été étudié en détail au cours de cette thèse. Des forgeages à différentes tem-

pératures (entre 950◦C et 1100◦C) ont été conduits pour évaluer l’influence de ce

paramètre sur la microstructure et les propriétés mécaniques de la nuance Y3. La

température de forgeage ne semble pas impacter la microstructure, avec toutefois

quelques exceptions constatées. De même l’évolution de propriétés mécaniques reste

faible dans le large intervalle de températures de forgeage testées.

Les premières études des compositions sélectionnées ont été réalisées sur des échan-

tillons à l’état forgé, produits à l’EMSE. Conformément aux attentes, les trois com-

positions présentent une unique phase cfc de paramètres de mailles proche de 3.6Å,

confirmé par des mesures DRX, des observations microscopiques et des analyses

chimiques. Les analyses EDX ont révélé une répartition homogène des éléments à

l’issue du forgeage. La structure fortement déformée à l’issue du forgeage ne per-

met pas l’observation des grains par électrons rétrodiffusés, des analyses EBSD ont

donc été menées. Les microstructures observées sont très proches entre les trois

nuances étudiées. Ces nuances ont été comparées au travers d’essais de dureté et

de compression, ce qui a permis leur classification en termes de propriétés méca-

niques. Y2 s’est révélé l’alliage le plus résistant et présentant la plus haute limite

d’élasticité en compression (YS = 640 MPa), suivi de Y1 (YS = 573 MPa) puis de

Y3 (YS = 483 MPa). L’étude s’est par la suite recentrée sur la nuance Y2, de par

ses propriétés mécaniques importantes, et sur la nuance Y3, car exempt de Co et

présentant tout de même des propriétés mécaniques élevées. La nuance Y1 a quant
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à elle été écartée.

Chapitre 4: Microstructure: source de propriétés méca-

niques optimisées de Y3 sans-Co

La microstructure est un élément clef dans l’optimisation des propriétés mécaniques.

Dans ce chapitre, la microstructure de l’alliage Y3 et son influence sur les propriétés

mécaniques ont été étudiées.

En premier lieu, trois états de l’alliage Y3 ont été étudiés : l’état coulé, forgé, et

recuit. À l’état coulé, le matériau présente une densité de dislocations anormalement

élevée. Une présence préférentielle des dislocations sur certains plans {111} a été

constatée. Une distance régulière de 200 nm a été trouvée entre ces plans.

Après forgeage, une microstructure complexe est observée à différentes échelles.

À l’échelle de la microscopie optique, une structure austénitique classique est obser-

vée, avec une forte présence de macles. À l’échelle du MEB, une forte désorientation

à l’intérieur des grains est observée, rendant les joints de grain difficilement dis-

tinguables. Les analyses EBSD ont permis de caractériser la microstructure. La

distribution de taille de grain suit une loi Log normale. La valeur moyenne de taille

de grain a pu être définie, et vaut 3 µm. Cette valeur moyenne est fortement in-

fluencée par un grand nombre de grains de taille inférieure à 1 µm, et n’est donc

pas représentative des observations optiques. Une moyenne pondérée par la surface

des grains a donc été calculée, donnant une valeur de 19 µm. Les observations en

microscopie électronique à transmission ont révélé une sous-structure nanométrique

à l’intérieur des grains. Si ce type de structures est habituellement observé dans

des matériaux fortement déformés, elles restent surprenantes pour des alliages issus

d’un forgeage à chaud.

Les propriétés mécaniques de cet alliage sont fortement influencées par cette nano-

structuration, résultant en une limite d’élasticité plus importante que celle d’un

acier austénitique recristallisé standard (500 MPa pour le Y3 contre 300 MPa pour

le 304L à température ambiante). Dans cet état, l’alliage Y3 possède par ailleurs

un coefficient d’écrouissage plus faible que le 304L. Une autre particularité de l’Y3,

et d’autres HEA de la famille Cantor, est l’augmentation simultanée de la résist-

ance mécanique et de l’allongement à rupture dans le domaine des températures

cryogéniques. L’alliage Y3 possède par ailleurs une importante stabilité de phase,

le rendant insensible à la transformation martensitique sous contrainte à froid (-

150◦C), contrairement aux aciers austénitiques tel que le 304L.

Après recuit, la limite d’élasticité du Y3 est divisée par deux par rapport à l’état

forgé, la résistance mécanique est cependant moins impactée (diminution d’environ

20%), puisque le coefficient d’écrouissage augmente fortement. Ces variations de
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propriétés mécaniques à l’issue du recuit sont le résultat d’évolutions microstruc-

turales. Les grains présentent une apparence de grains recristallisés, avec une faible

densité de sous-joints, une forte présence de macles et des orientations cristallo-

graphiques uniformes à l’intérieur des grains. La taille de grain, plus importante

après traitement thermique, a aussi un impact sur les propriétés mécaniques. A

l’échelle du MET, la structure des dislocations est similaire à celle observée à l’état

coulé, avec une présence préférentielle des dislocations sur certains plans {111}.

Les densités de dislocations des trois états ont été mesurées. Ces valeurs ne

pouvant pas être obtenues avec confiance sur la base d’une seule méthode de mesure,

trois techniques ont été utilisées : méthode des interceptes sur des clichés MET,

mesures de diffraction de rayons-X et application de la loi de Taylor aux essais

de compression. Les états coulé et recuit présentent des densités de dislocations

proches, de l’ordre de 1013 m−2, tandis que l’état forgé est caractérisé par une densité

de dislocations légèrement supérieure, de l’ordre de 1014 m−2. Bien que le Y3 possède

des densités de dislocations similaires à l’état coulé et recuit, les valeurs mesurées

sont largement supérieures à celles attendues pour un alliage classique à l’équilibre

(de l’ordre de 109 m−2). Des densités de dislocations de l’ordre de 1013-1014 m−2

étant habituellement trouvées dans des matériaux fortement écrouis, l’existence du

phénomène de la recristallisation a dû être remise en question et étudiée.

Afin de déterminer une température de recristallisation, des recuits ont été réalisés

sur le matériau à l’état forgé, entre 600◦C et 1000◦C, pour des durées de quelques

heures à plusieurs centaines d’heures. Consécutivement aux traitements thermiques,

des essais de compression ont été conduits pour observer un éventuel changement

de comportement mécanique. A l’issue des recuits à 600◦C, un régime à haute lim-

ite d’élasticité et faible coefficient d’écrouissage est conservé, peu importe la durée

du traitement thermique. Après un recuit au-delà de 700◦C, un régime à faible

limite d’élasticité et fort coefficient d’écrouissage est obtenu, y compris pour des

traitements de courte durée. Le comportement mécanique après recuit à 650◦C

dépend fortement de la durée du traitement. Pour des temps de traitement courts,

un comportement proche du régime à haute limite d’élasticité et faible coefficient

d’écrouissage est observé. Pour des temps de traitement longs, un comportement

proche du régime à basse limite d’élasticité et fort coefficient d’écrouissage est con-

staté.

Des analyses EBSD et des observations MET ont révélé un changement de micro-

structure des alliages traités thermiquement à partir de 650°C. Les analyses EBSD

ont permis d’identifier un passage d’une structure fortement désorientée par des

sous-joints à une structure orientée uniformément et contenant beaucoup de macles.

Les observations MET montrent un passage d’une sous-structure nanométrique des

dislocations vers un arrangement des dislocations sur certains plans {111} à l’issue
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de recuit.

Un lien entre évolutions microstructurales et propriétés mécaniques a donc été

établi lorsque la température de recuit excède 650◦C. De plus, cette température

correspond à 0.57 TM , qui est le domaine de températures de recristallisation des

alliages classiques. Cependant, les durées nécessaires pour obtenir une réorganisation

de la microstructure, jusqu’à plusieurs centaines d’heures à 650◦C, ne correspondent

pas aux durées classiques de recristallisation, de l’ordre de quelques minutes à une

heure. Des analyses complémentaires sont donc nécessaires pour vérifier l’hypothèse

de recristallisation.

Le phénomène de recristallisation implique une étape de germination de nouveaux

grains. Une diminution de la taille de grain en cours de recuit serait une conséquence

directe de cette étape de germination. Une analyse d’évolution de la taille de grains

lors de recuits de courtes durées à températures élevées (800◦C et 1000◦C) a donc été

conduite, à partir de l’état forgé. Les mesures de taille de grains « recristallisés », à

l’issue de recuits avec une durée de maintien en température allant de 0 sec à 300 sec,

n’ont pas été cependant concluants. En effet, les valeurs obtenues sont supérieures

aux attentes, et se positionnent entre les deux valeurs de taille de grains initiales

correspondant aux deux définitions de ce paramètre dans l’état forgé. Cette étude

ne permet donc pas de statuer sur la validité de l’hypothèse de recristallisation.

Le traitement thermomécanique par forgeage à chaud induit une texturation du

matériau, qui a été constatée par analyse de diffraction de rayons-X. Une con-

séquence de l’éventuelle recristallisation en cours de recuit serait un changement

de texture de l’alliage, consécutif à la germination de nouveaux grains ayant une

orientation différente par rapport à celle d’origine. Une analyse de diffraction de

rayons-X après un recuit de 2h à 1000◦C a mis en évidence une perte de texture

du matériau par rapport à l’état forgé. Ce résultat est une preuve directe de la

recristallisation de l’alliage Y3 en cours de recuit. Cet alliage présente donc bien

une structure recristallisée après recuit au-delà de 650◦C, contenant cependant une

densité de dislocations anormalement élevée qui n’est pas expliquée à l’heure ac-

tuelle.
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Chapitre 5: Mécanismes de durcissement de l’Y3 sans-

Co

Les mécanismes durcissants présents dans l’alliage Y3 à différentes échelles ont été

étudiés. Des modèles de durcissement classiques ont été employés, afin de positionner

cet alliage par rapport aux autres matériaux cfc.

Le volume d’activation a été mesuré afin de déterminer à quelle échelle les méca-

nismes de durcissement prédominants opèrent. Des essais de relaxation de con-

traintes ont été réalisés afin de mesurer l’évolution du volume d’activation avec

la température et la déformation plastique imposée. Ces essais ont été réalisés

aussi sur l’alliage de Cantor, et complétés par des valeurs de la littérature. Les

volumes d’activation mesurés pour l’alliage de Cantor correspondent aux données

issues mesurées par Laplanche et al. [22] . Les volumes d’activation mesurées sur

l’alliage Y3 sont plus élevés que ceux de l’alliage de Cantor, pour toutes les conditions

de température et de déformation plastique. Cette grandeur étant directement liée à

la densité de dislocations, ces résultats sont en accord avec la densité de dislocations

plus faible dans le Y3 que dans l’alliage de Cantor mise en évidence précédemment.

Ces essais ont aussi permis de déduire l’influence du durcissement par solution solide

dans ces deux alliages. Le durcissement par solution solide s’avère être plus efficace

dans l’alliage de Cantor que dans l’alliage Y3, ce qui s’explique par une complexité

de système plus faible dans ce dernier. Ces deux mécanismes sont prédominants

pour le durcissement des deux alliages, et sont actifs à l’échelle des dislocations.

Par ailleurs, les résultats obtenus sont conformes aux théories classiques de la mé-

tallurgie physique, et n’indiquent donc pas la présence d’un autre mécanisme de

durcissement propre aux HEA.

L’écrouissage en cours de déformation plastique repose sur la création et l’annihilation

des dislocations. Ces phénomènes dépendent de la température et de la vitesse de

déformation. Un modèle développé par Kocks et Mecking [147] propose d’extraire,

à partir d’une courbe d’écrouissage, deux paramètres gouvernés par la création et

l’annihilation des dislocations. L’analyse de l’évolution de ces deux paramètres

permet de distinguer des domaines de température et de vitesse de déformation

dans lesquels l’écrouissage du matériau est régi principalement par la création de

dislocations, et des domaines dans lesquels il est gouverné majoritairement par

l’annihilation des dislocations. Kocks et Mecking ont démontré une relation linéaire

entre ces phénomènes à l’origine de l’écrouissage et les conditions d’essai, pour un

matériau donné. Il est donc par la suite possible de représenter cette relation sur un

même graphique pour plusieurs matériaux, et ainsi de les classer. De plus, l’énergie

de faute d’empilement influençant fortement les structures de dislocations, il s’agit

en réalité d’un classement des matériaux en fonction de l’énergie de ce défaut. Ainsi,
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par application de la méthode de Kocks et Mecking, il est possible de positionner

l’énergie de faute d’empilement de l’alliage Y3 comme étant proche de celle de

l’alliage de Cantor, de l’acier 304L et de métaux purs cfc comme argent.

Une étude de l’efficacité du durcissement par les joints de grain a été menée, sur

des échantillons laminés à froid puis recuits avec différentes durées afin d’obtenir une

variation de taille de grain. Des mesures de duretés ont ensuite été effectuées sur ces

échantillons. Le coefficient de Hall-Petch ainsi que la valeur de résistance intrinsèque

de la matrice ont ainsi été déterminés. La résistance intrinsèque de l’alliage Y3

s’avère plus importante que celle de l’alliage de Cantor et de l’alliage A3S, mais

un peu plus faible que celle du 316L. L’efficacité du durcissement par les joints de

grains est cependant moins importante dans l’alliage Y3 que dans les autres alliages.

Les résistances intrinsèques de l’alliage Y3 à l’état forgé et recristallisé ont aussi

été comparées, révélant une valeur trois fois plus importante après forgeage. Une

densité de dislocations dix fois supérieure dans l’état forgé par rapport à l’état recuit

avait été trouvée précédemment. Ces deux valeurs, limite d’élasticité et densité de

dislocations, sont en accord avec la loi de Taylor. L’efficacité du durcissement par

les dislocations dans l’alliage Y3 est une fois de plus mise en évidence. Cependant,

comme durcissement par dislocations ne résulte pas en perte de ductilité, ce matériau

peut donc probablement être utilisé à l’état écrouit.

Affin d’augmenter la résistance mécanique de l’alliage, les possibilités de son

durcissement pa précipitation fine a été analysé. L’obtention de précipités durcissant

par ajout d’éléments a été envisagée. Deux nouvelles compositions ont été déter-

minées, sur la base de la composition de l’alliage Y3. Différents éléments susceptibles

de former des précipités durcissant ont été testés via des simulations Thermo-Calc.

Les éléments W, Nb, V, Ti ont été envisagés pour la précipitation conjointe avec C,

N, ou C + N. Les diagrammes les plus prometteurs ont été obtenus pour des teneurs

en Nb de 0.1 at.% et 0.3 at.%, avec 200ppm de C.

Les deux nouvelles nuances ainsi définies ont été coulées en laboratoire. Mal-

heureusement, dans ces alliages, la ségrégation à la coulée conduit à la précipitation

primaire de carbures de niobium. Cette observation confirme en fait la simulation des

conditions de solidification en suivant le modèle de Scheil-Guliver (Thermo-Calc):

une ségrégation des éléments entre les dendrites et les zones inter-dendritiques se

produit; elle est suivie, aux alentours de 1150°C, d’une précipitation primaire de

NbC en fin de solidification. Ces précipités primaires sont trop volumineux pour

apporter un effet durcissant, et sont susceptibles de fragiliser le matériau. De plus,

la captation d’une partie du Nb par ces précipités primaires diminue l’efficacité po-

tentielle de la précipitation secondaire. Des recuits à haute température (1200◦C)

pendant 3h ont été réalisés, afin de dissoudre les précipités primaires: si une homo-

généisation de la composition chimique de la matrice a pu être obtenue, les précipités
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n’ont pas été dissouts. Cependant, pendant le recuit, les précipités ont été montrés

d’évoluer vers des formes plus sphériques tout en diminuant leur diamètre. Ceci

permet d’envisager leur dissolution qui se produit cependant avec des cinétiques

extrêmement lentes.

Les nuances avec niobium ont tout de même été forgées à chaud, ce qui a permis

une uniformisation de la distribution des précipités primaires, sans toutefois les faire

disparaître. Un recuit de mise en solution après forgeage, à 1200◦C pendant 24h, a

été conduit. Aucun effet notable sur les précipités primaires n’a été observé. Des

essais de traction à température ambiante et à -150◦C après recuit ont cependant

révélé une légère augmentation de la dureté et de la ductilité par rapport au Y3 pur.

Ainsi, la présence des précipités primaires ne semble pas être détrimentaire pour

les propriétés mécaniques des deux nuances sélectionnées. Un traitement thermique

permettant une précipitation secondaire fine peut donc être envisagé.

A l’issue de la mise en solution de ces deux nuances, une croissance non homogène

des grains sur la longueur du barreau a été constatée en présence de Nb et C. La taille

de grain est plus importante aux extrémités du barreau et plus fine dans la partie

centrale. Un phénomène similaire a été constaté dans les tôles laminées provenant

de l’industrie, avec des grains fins proche de la peau et des grains grossiers au cœur

de la tôle. Un tel phénomène n’a jamais pas été observé dans l’alliage Y3 pur. La

distribution de Nb et C dans l’épaisseur d’une tôle ou la longueur d’un barreau

est homogène, ce qui ne permet donc pas d’expliquer cette évolution de taille de

grain. Il semble probable que la distribution des contraintes en cours de traitement

thermomécanique conduit à une précipitation préférentielle de NbC dans certaines

zones, ce qui influencerait la croissance des grains dans ces zones.

Les difficultés technologiques précédemment évoquées (précipitation primaire, in-

homogénéité de taille de grain) n’ont pas permis d’optimiser les traitements ther-

miques de précipitation fine. Cependant, les traitements de précipitation secondaire

réalisés ont amené à un durcissement de 15 à 50 HV par rapport à l’Y3 pur. Bien

que nécessitant une optimisation du procédé de fabrication, les nuances Y3 durcies

par précipitation de NbC sont donc prometteuses.
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The concept of High Entropy Alloys, HEAs, is based on the exploration of centres of phase
diagrams for compositions composed of 5 elements or more, in similar proportions. It was
found among others in Cantor’s alloy, the equiatomic CoCrFeMnNi, that solid solution
formation is favoured, even if the high entropy of mixing is not the predominant element
assuring such outcome. Some of HEAs present unique properties such as simultaneous
increase of yield strength and elongation to fracture down to cryogenic temperatures,
eased formation of nanostructures or decreased phase transformation kinetics.

This PhD dissertation presents the design and evaluation of new compositions from the
CoCrFeMnNi family focusing on low-Co or Co-free compositions. Three grades characte-
rised by a large single phased domain were selected based on thermodynamic simulations
(Thermo-Calc). Those alloys were prepared both in the academic laboratory of EMSE
and in the industrial laboratory of APERAM. First analysis allowed to focus the study
on one composition, the so called Y3 CrFeMnNi, a cobalt free grade.

Microstructural optimisation of Y3-CrFeMnNi grade was based on mechanical testing com-
bined with principal techniques of microscopic observations (SEM, EBSD, TEM), to be
able to describe the finest microstructures at the origin of mechanical properties. Multiple
strengthening mechanisms were identified and analysed. Secondary precipitation, as a
possible source of additional hardening, was proposed. High efficiency of strain hardening,
already found in similar HEAs, was confirmed in the selected material. Hot transformation
of the alloy leads to creation of high density of dislocations that are surprisingly stable as
for a metallic alloy. Their presence leads to eased formation of nanostructures as well as
slows down the recrystallization process. Furthermore, the recrystallisation results in only
slightly decreased dislocations density in the matrix. Through relaxation tests dislocations
forest hardening together with solid solution hardening where shown to be major contrib-
utors to materials hardening and plastic deformation behaviour. Those mechanisms stay
predominant even at cryogenic temperature. Finally, it was shown that the studied HEA
obeys the macroscopic deformation laws as proposed by the Kocks-Mecking model. Y3
grade is characterised by a behaviour close to other fcc materials with a low stacking fault
energy value.
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Résumé :

Le concept d’alliages à forte entropie (High Entropy Alloys, HEAs) consiste à explorer les
centres des diagrammes de phases pour des compositions contenant au moins 5 éléments en
proportion proche d’équiatomiques. La formation des solutions solides a été confirmée entre
autres dans l’alliage de Cantor, le CoCrFeMnNi, même si l’entropie de mélange élevée n’y est
pas le paramètre déterminant. Certains des HEAs présentent des propriétés uniques et pro-
metteuses telles qu’une augmentation simultanée de la limite d’élasticité et de l’allongement
à la rupture même à de températures cryogéniques, la formation facile de nanostructures, et
enfin un ralentissement de la cinétique de transformations de phases.

Ce travail de thèse porte sur la conception et l’évaluation de nouvelles compositions de la
famille CoCrFeMnNi, avec une concentration de cobalt faible voire nulle. Trois compositions
présentant une large plage cfc ont été sélectionnées sur la base des simulations thermody-
namiques (Thermo-Calc). Les alliages ont été fabriqués au sein du laboratoire EMSE et dans
le laboratoire industriel d’APERAM. Après une analyse préliminaire, notre choix s’est porté
sur la nuance Y3 CrFeMnNi, sans cobalt.

L’optimisation microstructurale de la nuance Y3-CrFeMnNi comporte une caractérisation
mécanique et utilise les principales techniques de microscopie électronique (MEB, EBSD,
MET) pour une analyse fine des microstructures en vue de compréhension des phénomènes à
l’origine des propriétés mécaniques. Plusieurs mécanismes de durcissement de l’alliage sont
analysés. La voie de durcissement par précipitation fine de seconde phase, malgré l’intérêt
indéniable, a dû être abandonnée à cause des difficultés liées au procédé de coulée. L’efficacité
de durcissement par écrouissage a été confirmée dans ce matériau, comme déjà observé dans
d’autres HEA de la même famille. Les dislocations, issues du procédé de transformation,
présentent une stabilité surprenante pour un matériau métallique, ce qui conduit à la forma-
tion facile de nanostructures, mais aussi à une recristallisation lente. De plus, cette dernière
ne diminue que faiblement la densité de défauts dans la matrice. Le durcissement par disloca-
tions ainsi que durcissement en solution solide comme mécanismes principaux de déformation
de cet alliage ont été confirmés à partir des essais de relaxation; ces mécanismes restent actifs
même à des températures cryogéniques. Enfin, nous avons pu montrer que l’alliage étudié
obéit la loi de comportement macroscopique proposée par Kocks-Mecking; ses caractéristiques
sont proches de celles d’un matériau de structure cfc et d’une énergie de faute d’empilement
basse.
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