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Etude expérimentale et numérique du fluage d'irradiation des matériaux métalliques

Résumé

Pour les applications nucléaires, il est essentiel de comprendre les changements microstructuraux et mécaniques ayant lieu sous irradiation pour l'évaluation de la tenue à long terme ainsi que l'optimisation des matériaux de structure. Les effets d'irradiation sont complexes, impliquant la génération et agglomération de défauts ponctuels, mais aussi des réactions nucléaires comme la réaction (n,α) qui induit la formation d'hélium précipitant sous forme de bulles. Tous ces effets d'irradiation ont des conséquences sur le comportement macroscopique des matériaux en réacteur, se traduisant par exemple par de la fragilisation, du gonflement, ou du fluage d'irradiation. Le fluage d'irradiation est une déformation viscoplastique qui se produit sous chargement constant et sous irradiation. Celle-ci est particulièrement difficile à caractériser. Habituellement, les expériences de fluage d'irradiation sont réalisées sur des matériaux massifs en réacteur sous l'action combinée d'irradiation neutronique et de chargement mécanique. Cependant, de telles expériences présentent des inconvénients majeurs ; elles sont longues, coûteuses, et activent la matière. Par ailleurs, elles ne permettent pas une observation in-situ des mécanismes physiques sous-jacents.

Afin de s'affranchir de ces difficultés, une alternative est d'irradier les matériaux par des ions lourds plutôt qu'avec des neutrons. En effet, les irradiations aux ions lourds n'induisent pas l'activation du matériau et nécessitent des temps d'irradiation plus courts, tout en reproduisant un dommage similaire à celui des neutrons. Cependant, des différences notables existent entre une irradiation aux ions et aux neutrons. Par exemple, les ions lourds pénètrent peu la matière (sur quelques centaines de nanomètres). De ce fait, l'épaisseur des échantillons doit être de cet ordre de grandeur. L'objectif de ce travail de recherche est de coupler des irradiations aux ions lourds et des essais micromécaniques avec de faibles épaisseurs d'échantillons. Les différentes expériences ont été réalisées sur des échantillons en cuivre qui est un matériau modèle largement étudié dans le domaine du nucléaire. Par ailleurs, afin de prendre en compte la génération d'hélium sous irradiation aux neutrons (qui n'a pas lieu sous irradiation aux ions), des échantillons de cuivre pré-implantés à l'hélium ont également été étudiés.

La première méthode utilisée s'appuie sur des technologies novatrices de type MEMS développées à l'UCLouvain par l'équipe de Thomas Pardoen et Jean-Pierre Raskin. Ces technologies permettent de réaliser des essais mécaniques sur des éprouvettes micrométriques et d'extraire les contraintes et déformations dans le matériau. Les essais de fluage d'irradiation réalisés sur ces éprouvettes ont permis de déterminer que le fluage d'irradiation à moyenne et haute contrainte pouvait être décrit par une loi puissance avec un exposant de 4 en fonction du rapport de la contrainte appliquée et de la limite d'élasticité (σ/σ y ). Une loi de cette forme a été déterminée à la fois pour le cuivre pur, le cuivre irradié, et pour le cuivre implanté à l'hélium, ce qui démontre sa généralité. De plus, à partir de la forme de cette loi et de caractérisations microstructurales, il a été suggéré que les mécanismes sous-jacents sont basés sur le glissement des dislocations.

Par ailleurs, afin d'avoir un accès direct aux mécanismes de fluage d'irradiation, des expériences insitu de traction sous irradiation aux ions lourds ont été réalisées sur du cuivre pur dans un microscope électronique en transmission. Le glissement des dislocations assisté par l'irradiation a été observé à haute contrainte. En s'appuyant sur des considérations expérimentales et théoriques, il a été proposé que ce glissement était induit par les cascades de déplacements générées par l'irradiation. Ce nouveau mécanisme de fluage d'irradiation haute contrainte a ensuite été vérifié par des simulations de dynamique moléculaire. helium bubbles as a function of the annealing temperature T. The arrow denotes for T D He-V = 785 K. Temperature dependence of (b) the helium bubble density and (c) the gas-induced swelling in zones of primary and secondary porosity [START_REF] Vn Chernikov | Gas-induced swelling in helium-implanted copper during annealing[END_REF]. 1.9 TEM micrograph of helium gas bubbles in copper following 30 keV helium-ion irradiation at 300 K up to a dose of 4 × 10 17 cm -2 [START_REF] Pb | Helium gas-bubble superlattice in copper and nickel[END_REF]. . . . . . . . . . . . . . . 1.10 Average bubble size and spacing when bubbles and bubble lattices could be detected at different irradiation temperatures [START_REF] Aidan M Robinson | The effect of temperature on bubble lattice formation in copper under in situ he ion irradiation[END_REF]. . . . . . . . . . . . . . . . . . 1.11 Swelling in pure copper and Cu-B alloy [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF][START_REF] Sj Zinkle | Void swelling and defect cluster formation in reactor-irradiated copper[END_REF][START_REF] Sj Zinkle | Microstructure and cavity swelling in reactorirradiated dilute copper-boron alloy[END_REF] 16 Successive interactions of dislocations with an SFT [START_REF] Matsukawa | Dynamic observation of the collapse process of a stacking fault tetrahedron by moving dislocations[END_REF]. . . . . . . . . . . . . . . 1.17 Example of the SFT incorporation process observed at room temperature [START_REF] Matsukawa | Destruction processes of large stacking fault tetrahedra induced by direct interaction with gliding dislocations[END_REF]. . . 1.18 SFT destruction process leaving a triangular Frank loop, inconsistent with the Kimura-Maddin model for a 60 • dislocation [START_REF] Matsukawa | Mechanisms of stacking fault tetrahedra destruction by gliding dislocations in quenched gold[END_REF]. . . . . . . . . . . . . . . . . . . 1.19 Formation of cleared channels in OFHC copper [START_REF] Edwards | Initiation and propagation of cleared channels in neutron-irradiated pure copper and a precipitation hardened cucrzr alloy[END_REF]. . . . . . . . . . . . . . . . . 1.20 Interaction matrix giving the type of reaction and the resistance for one and two edge or screw dislocations. Between parentheses are given, for the one dislocation cases, the corresponding barrier strength α and, for the two dislocation cases, the relative resistance variation when going from one to two dislocations [START_REF] Nogaret | Atomic-scale plasticity in the presence of frank loops[END_REF]. . . . . 1.21 Unpinning reaction of a helical turn [START_REF] Rodney | Molecular dynamics simulation of screw dislocations interacting with interstitial frank loops in a model fcc crystal[END_REF] 4 nm bubble with He/V = 1 -(b) Evolution of the critical resolved shear stress with the He/V ratio for bubbles of 1, 2, 4, and 6 nm diameter [START_REF] Yuri | Atomic-scale mechanisms of helium bubble hardening in iron[END_REF]. . . . . . . . 1.27 MD simulated critical stresses and strains for the interaction of an edge dislocation with a 2 nm diameter bubble for different helium bubble contents [START_REF] Schäublin | Effect of helium on irradiation-induced hardening of iron: A simulation point of view[END_REF]. . . . . . 1. [START_REF] Jp Biersack | Range profiles and thermal release of helium implanted into various metals[END_REF] The shape of a dislocation line before unpinning for (a) 2 nm and (b) 6 nm voids in copper [START_REF] Yu | Atomic-scale mechanisms of void hardening in bcc and fcc metals[END_REF]. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 1.29 Comparison of creep rates observed in 20 % cold-worked 316 stainless steel in uniaxial tests during thermal aging or neutron irradiation in EBR-II. [START_REF] Gilbert | Irradiation embrittlement and creep in fuel cladding and core components[END_REF]. . . . 1.30 Irradiation creep rates for various FCC metals under proton irradiation [START_REF] Jung | A correlation between irradiation creep strength and yield stress of fcc metals and alloys[END_REF][START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. 1.31 Alternative heavy ion irradiation creep techniques: (a) bulge-test on a thin film, (b) compression test on a micropillar [START_REF] Sezer Özerinç | In situ creep measurements on micropillar samples during heavy ion irradiation[END_REF], and (c) three-point bending test [START_REF] Sriram | Irradiation induced creep in nanocrystalline high entropy alloys[END_REF]. 1.32 Evolution of the irradiation creep rate with the stress for (a) 20% cold-worked Cu [START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF] -(b) nanocrystalline Cu and Cu 93.5 W 6.5 [START_REF] Tai | Irradiation-induced creep in nanostructured cu alloys[END_REF] -(c) annealed bulk Cu [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF] -(d) nanocrystalline Cu [START_REF] Sezer Özerinç | In situ measurements of irradiation-induced creep of nanocrystalline copper at elevated temperatures[END_REF]. . . . . . . . . . . . . . . . . . . . . . . . 1. [START_REF] Vn Chernikov | Gas-induced swelling in helium-implanted copper during annealing[END_REF] The effect of helium concentration on irradiation creep compliance for specimen pre-irradiated with [START_REF] Sj Zinkle | Defect microstructures in neutron-irradiated copper and stainless steel[END_REF] MeV helium atoms at 100 MPa at a dose of 1 dpa [START_REF] Atkins | Development of fusion first-wall radiation damage facilities[END_REF]. . 3.24 Activation volume V act and strain rate sensitivity exponent m obtained for (a,b) 500 nm thickness Cu, (c,d) 500 nm thickness 2 dpa irradiated Cu, (e,f) 500 nm thickness 1 at. % He implanted Cu. All the samples are annealed. . . . . . . . . 127 3. [START_REF] Russell | A preliminary investigation of helium gas precipitation in irradiated copper-boron alloys[END_REF] Experimental results obtained in the literature for copper for the activation volume V act and the strain rate sensitivity exponent m: (0) [START_REF] Wang | Temperature and strain rate effects on the strength and ductility of nanostructured copper[END_REF], (1) [START_REF] Gt | Influence of strain rate & temperature on the mechanical response of ultrafine-grained cu, ni, and al-4cu-0.5 zr[END_REF], (2) [START_REF] Lu | An abnormal strain rate effect on tensile behavior in nanocrystalline copper[END_REF], (3) [START_REF] Rp | Tensile deformation of high-purity copper as a function of temperature, strain rate, and grain size[END_REF], (4) [230], (5) [231], [START_REF] Garner | Recent insights on the parametric dependence of irradiation creep of austenitic stainless steels[END_REF] [START_REF] Wang | Enhanced tensile ductility and toughness in nanostructured cu[END_REF], [START_REF] Ml Grossbeck | An assessment of tensile, irradiation creep, creep rupture, and fatigue behavior in austenitic stainless steels with emphasis on spectral effects[END_REF] [START_REF] Zehetbauer | Cold work hardening in stages iv and v of fcc metals-i. experiments and interpretation[END_REF], [START_REF] Steven | A literature review of radiation damage data for copper and copper alloys[END_REF] [START_REF] Lu | Nano-sized twins induce high rate sensitivity of flow stress in pure copper[END_REF], (9) [START_REF] Ps Follansbee | A constitutive description of the deformation of copper based on the use of the mechanical threshold stress as an internal state variable[END_REF], (10) [START_REF] Wei | Effect of nanocrystalline and ultrafine grain sizes on the strain rate sensitivity and activation volume: fcc versus bcc metals[END_REF], and [START_REF] Seeger | The nature of radiation damage in metals[END_REF] The thermal creep rate is also shown for comparison [START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF]. [START_REF] Garnier | Irradiation creep of sa 304l and cw 316 stainless steels: Mechanical behaviour and microstructural aspects. part i: Experimental results[END_REF] 4.14 Thermal creep stress exponent with temperature obtained for copper: (1) Vitovec [START_REF] Vitovec | Cavity growth and creep rate taking into account the change of net stress[END_REF], (2) Henderson et al. [START_REF] Henderson | Low temperature creep ductility of ofhc copper[END_REF], (3) Jenkins et al. [264], (4) Raj et al. [START_REF] Sv | Creep behavior of copper at intermediate temperatures-i. mechanical characteristics[END_REF], (5) Parker et al. [START_REF] Parker | Friction-stress measurements during high-temperature creep of polycrystalline copper[END_REF], (6) Feltham et al. [START_REF] Feltham | Creep in face-centred cubic metals with special reference to copper[END_REF], [START_REF] Ml Grossbeck | An assessment of tensile, irradiation creep, creep rupture, and fatigue behavior in austenitic stainless steels with emphasis on spectral effects[END_REF] Chandler [START_REF] Chandler | A comparison between steady state creep and stress relaxation in copper[END_REF], and (8) Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] 3 Snapshots showing the time evolution of the core atoms (using the CNA method) of the screw dislocation and interstitial loop during their interaction; the green arrows point toward the cross-slipped segments, and the large orange points represent the endpoints of this segment; the dislocation segments are displayed according to their type: the green and the orange segments are respectively in the prismatic and basal planes. . . . . . . . . . . . . . . . . . . . . . . . . . . . . 6.4 Grid of PKAs investigated for a stress level of 0.86τ c : the dislocation pinned on the loop is represented in blue, the two large orange dots represent the pinning points of the dislocation, and the small grey dots represent the investigated PKAs.

List of Figures

6.5 Snapshots showing time evolution of core atoms (using the CNA method) in a case where the unpinning of the dislocation is triggered (the video can be found in the Supplementary data). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

6.6

Snapshots showing time evolution of core atoms (using the CNA method) in a case where the unpinning of the dislocation is not activated (the video can be found in the Supplementary data). . . . . . . . . . . . . . . . . . . . . . . . . . . 6.8 MD simulations at 3 stress levels: (a) and (d), (b) and (e), (c) and (f) represent the dislocation and the results for the refined and the coarse mesh for stress levels of respectively 0.89τ c , 0.93τ c and 0.97τ c ), the helical turn is represented in blue, the large green dots represent the "efficient" PKAs and the small red dots represent the "inefficient" PKAs. . . . . . . . . . . . . . . . . . . . . . . . . . . . 6.9 Display of the "efficient" cascades in the proposed mechanism: the red and green points represent the two pinning points of the dislocation. The red and green spheres represent the centers of the cascades that intersect each pinning point, the "efficient" cascades lie in the intersection of both spheres, small black dots and black dotted lines represent possible cascades centers and extension. . . . . . 6.10 Variation of the distance ∆ loop between the two pinning points during the contraction of the helical turn, the dislocation shape is displayed for different stress levels using the MD DXA module, the dislocation segments are displayed according to their type: the green and the orange segments are respectively in prismatic and basal planes. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

6.11

Comparison of the effective volume obtained with the coarse mesh in MD with the test effective volume using different cascade radii for three stress levels. . . . [START_REF] Garner | Recent insights on the parametric dependence of irradiation creep of austenitic stainless steels[END_REF].12 (a) Cascade display at its peak of damage using the CNA module: the irregular atoms are displayed in blue, the green shape represents the cascade overlay using the MD "Construct Surface Mesh" module, the black lines represent the convex-hull of the cascade -(b) Vacancies (in red) and interstitials (in blue) obtained after the cascade relaxation using the Iradina software [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF] and their convex-hull in black. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

6.13

Determination of the cascade radii as a function of the PKA energy: in green and grey using respectively the "Construct surface Mesh" module and the convex-hull method on the MD calculations, in black the convex-hull of the vacancies and interstitials obtained with the BCA code Iradina [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF] after the relaxation of the cascade. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 6.14 Distribution of PKA energies predicted with the code SRIM in full calculation mode for 10 000 ions, and obtained with SPECTRA-PKA using a typical neutron flux spectrum. The data (*) are taken from [START_REF] Gilbert | is available as a utility within fispactii, and now also available to download from[END_REF]. . . . . . . . . . . . . . . . . . .

xviii

LIST OF FIGURES 6.15 Mean pinning lifetime evolution with stress obtained experimentally at high stress (solid line in black) [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF], and with our model for a threshold energy E th of 40 keV (dashed line in green), the hatched colored region represents the range of pinning point lifetimes for threshold energies in between 30 and 50 keV. . . . . . 228 6.16 Variation of the strain rate as a function of the stress for Kr ion irradiation and neutron irradiation. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 228 6.17 showing the dislocation in grey, the "inefficient" PKAs in blue and the "efficient" type 1 PKAs in green and type 2 in red. . . . . . . . . . . . . . . . . . . . . . . . 239 6.22 Unpinning probability for a shear stress τ = 0.95τ c as a function of the position of the PKA (a) along the X axis [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF]; (b) along the Y axis [START_REF] Friedel | [END_REF]; (c) along the Z axis [START_REF] Uf Kocks | Dislocation[END_REF]. Type 1, type 2 and total unpinning probabilities are represented in green, red, and grey, respectively. . . . . . . . . . . . . . . . . . . . . . . . . . . . 240 6. [START_REF] Dai | 1.06-the effects of helium in irradiated structural alloys[END_REF] Unpinning probability for a shear stress τ = 0.975τ c as a function of the position of the PKA (a) along the X axis [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF]; (b) along the Y axis [START_REF] Friedel | [END_REF]; (c) along the Z axis [START_REF] Uf Kocks | Dislocation[END_REF]. Type 1, type 2 and total unpinning probability are represented in green, red, and grey, respectively. . . . . . . . . . . . . . . . . . . . . . . . . . . . 241 6.24 MD simulation results for four PKA energies at a shear stress level τ = 0.95τ c

showing the dislocation in grey, the "inefficient" PKAs in blue, and the "efficient" type 1 PKA in green and type 2 in red. . . . . . . . . . . . . . . . . . . . . . . . 242 6.25 Atoms colored by pressure and shear stress on the left and in the middle, and display of irregular atoms using the CNA tool on the right at different times after PKA creation. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 244 6.26 (a) Evolution of the effective volume with stress, the insert shows the dislocation using the DXA algorithm with the pinning points considered in red -(b) Pinning lifetime evolution with stress based on the distance between the pinning points in red (solid line), the hatched areas between the dashed lines represent the standard deviation, the blue line represents the experimental value obtained in Ref. [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF]. . 246 6.27 Unpinning probability for a shear stress τ = 0.95τ c as a function of the position of the PKA along the Y axis [START_REF] Friedel | [END_REF] for both box sizes. Type 1, type 2, and total unpinning probabilities are represented in green, red, and grey, respectively. . . . 248 6.28 Shear stresses generated by a 20 keV cascade for the full configuration (dislocation pinned on a loop at τ = 0.95τ c ) and for a perfect crystal. . . . . . . . . . . . . . . 249 6. [START_REF] Marochov | Growth of inert gas bubbles after implantation[END_REF] [START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF] and the current experiments, using Lapouge (method PL) and the new data processing methodology (method MC), (b) same in log scale. . . . . . . . . . . . . . . . . . . B.2 (a) Pre-factor K evolution with actuator mismatch strain ϵ a for pure copper based on the different material characteristics for Lapouge et al. [START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF] and for the current study. The hatches represent the impact of a variation in thickness of ± 10% -(b) relative error between the current study and the results of Lapouge. . . B.3 Pre-factor K evolution with actuator mismatch strain ϵ a using the same material characteristics for Lapouge et al. [START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF] experiments and current experiments on pure Cu as for (a) Lapouge et al. [START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF] (b) the current study. The hatches represent the impact of a variation in thickness of ± 10% - 

Context and motivations

Industrial context

With increasing world demand for energy coupled with the environmental challenges the world is facing, nuclear energy, with its zero carbon emissions, appears to provide solutions to these challenges. 72 new reactors are under construction in the world, and 160 are at the project stage for the three-fourths in non-OECD countries such as China, India, and Brazil [1].

There are several types of nuclear reactors, depending on the type of reaction (fission or fusion), the energy of the neutrons that sustain the fission chain reaction (thermal or fast neutrons), the moderator material in the case of thermal neutrons (graphite, light or heavy water, light elements), or the coolant used (water, liquid, gas). The majority of reactors in the world are Pressurized Water Reactors (PWRs). These reactors are Light-Water-moderated Reactors (LWRs), for which the water within the nuclear vessel is pressurized in order to stay at the liquid state.

PWRs are composed of three loops, called the primary, secondary and tertiary loops (Figure 1.1). The primary loop includes the reactor vessel where fission reactions occur. The water within the primary loop is heated by the energy released during the fission chain reaction. However, as stated earlier, the water is kept at its liquid state due to the high pressure (155 bar). The high-pressure water then flows to a steam generator, where it transfers its heat to the water of the secondary loop. There is no direct contact between the two loops, the high-pressure water coming from the reactor vessel flows through pipes within the steam generator, as shown in Figure 1.1.

Since water in the secondary loop is under lower pressure (70 bar), steam is generated when the secondary-loop water comes into contact with the internal tubes of the steam generator. The steam generated drives a turbo-generator, leading to the generation of alternating current. At the exit of the turbo-generator, steam flows into a condenser, and secondary-loop water goes back to a liquid state before entering once again the steam generator. The condensation of the secondary-loop water is achieved thanks to the tertiary loop in which the water comes from seawater, from a river, or from wet air generated by cooling towers. As for the first two loops, the secondary and tertiary loops only exchange heat through pipes. Figure 1.2 presents a cutaway of a PWR vessel. Structural materials within all different kinds of nuclear reactors undergo severe operating conditions such as high temperatures, neutron irradiation, mechanical stresses, or even a possible corrosive environment. This induces the degradation of their properties, leading to a reduction of their operating time. Since structural materials are designed to be safety barriers, it is of the utmost importance to understand and faithfully predict their behavior in severe in-reactor conditions [START_REF]Commissariat à l'énergie atomique et aux énergies alternative. Les matériaux du nucléaire : Modélisation et simulation des matériaux de structure. e-den[END_REF]. Moreover, good knowledge and prediction of in-reactor phenomena and how they affect materials also allows the design of new materials with optimized properties to increase the operating time of the different components. The reactor vessel is irreplaceable. Therefore, the degradation of its properties leads to the end of operation of the reactor. Moreover, increasing the operating time of replaceable structures, such as fuel cladding (or rods), would considerably reduce the operating costs.

The in-reactor degradation of structural materials can be of different nature. Irradiation induces material hardening and embrittlement. Moreover, dimensional changes are observed under irradiation. The volume of some materials can increase isotropically under irradiation without any applied stress. This phenomenon, called swelling, is observed, for instance, in the vessel internals of PWRs made of austenitic stainless steels (Figure 1.2). Anisotropic deformation at constant volume under irradiation without applied stress can also be observed. This behavior, called growth, concerns, for instance, zirconium alloys used as fuel cladding for PWRs (Figure 1.2). Irradiation-Assisted Stress Corrosion Cracking (IASCC) is another irradiation-induced phenomenon observed mainly for austenitic steels. This phenomenon leads, for instance, to the intergranular cracking of screws in vessel internals in PWRs. Under applied stress and irradiation, a phenomenon called irradiation creep is observed. Irradiation creep is the accumulation of The in-service behavior or even accidental behavior of structural materials is classically derived from empirical observations. However, to better understand and predict the in-reactor behavior, it is imperative to develop an approach based on physical mechanisms. To do so, multi-physics and multi-scale modeling is needed, as well as experiments on discrete effects to determine the basic phenomenology behind the different physical phenomena observed.

The purpose of this PhD thesis is to contribute to a better characterization, understanding, and prediction of irradiation creep. The macroscopic phenomenology of irradiation creep is relatively well described based on several in-reactor experiments and thus based on a purely empirical approach. However, due to the limited experimental evidence, the relevant underlying physical mechanisms are still unclear [START_REF] Onimus | Irradiation creep in materials[END_REF][START_REF] Matthews | Irradiation creep models-an overview[END_REF][START_REF] Garner | Recent insights on the parametric dependence of irradiation creep of austenitic stainless steels[END_REF]. Moreover, under irradiation, transmutation reactions occur, leading to the generation of hydrogen and helium. The effect of these transmutation products on irradiation creep is still unclear [START_REF] Ml Grossbeck | An assessment of tensile, irradiation creep, creep rupture, and fatigue behavior in austenitic stainless steels with emphasis on spectral effects[END_REF]. The objective of this work is thus to study the underlying mechanisms of irradiation creep, as well as the impact of helium on irradiation creep behavior. For this study, in order to have a general approach, the focus is on copper, which is considered a model material for FCC (face-centered cubic) structures such as austenitic steels.

Microstructural evolution of copper under irradiation

The interaction of neutrons with matter can be of two natures: inelastic or elastic. The elastic interactions induce displacement cascades within the material that result in the generation of point defects (vacancies and interstitials). These point defects can agglomerate and form clusters or irradiation defects. Inelastic interactions lead to the production of foreign atoms, such as helium or hydrogen, through transmutation or fission reactions. This section is divided into two parts. The first part will focus on irradiation defects generation in copper. The second part will deal with the impact of helium formation on copper microstructure.

Irradiation defects in copper

Radiation damage on copper and its alloys has been widely investigated [START_REF] Steven | A literature review of radiation damage data for copper and copper alloys[END_REF][START_REF] Singh | Defect accumulation in pure fcc metals in the transient regime: a review[END_REF][START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF], particularly for their possible use in fusion reactors. One of the major issues for the design of future fusion reactors is the large amount of heat generated in the plasma through the first wall structures. Therefore, high conductivity materials are needed for the heat transfer to the coolant and for the reduction of thermal stresses. Copper and copper alloys have high thermal conductivity, motivating the interest for their incorporation into future fusion reactors. Moreover, copper is also a model material for face-centered cubic (FCC) structures, which is the case, for instance, for the austenitic stainless steels in the vessel internals of PWRs. Therefore, copper is among the most extensively studied metals for fundamental radiation damage purposes [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF].

Irradiation damage at the atomic level

The elastic collision of a neutron with the nucleus of an atom can induce the ejection of this atom from its site if the energy transferred to the atom is above the threshold displacement energy (around 15 to 40 eV for most metals). This first displaced atom is called Primary Knockon Atom (PKA). If the kinetic energy transferred to this atom is high enough, a cascade of atomic displacements is induced. An atomic displacement is characterized by the generation of a vacancy and an interstitial (Frenkel pair). Molecular dynamics (MD) calculations are often performed to simulate displacement cascades since the cascade sizes and duration are compatible with such atomistic calculations. Molecular dynamics allows for the simulation of an ensemble of atoms within the framework of classical mechanics using inter-atomic potentials. Usually, MD calculations are performed for times up to few nanoseconds and for volumes up to a few billion atoms. As represented in Figure 1.3, the peak in atomic displacements occurs around 1 ps after the first collision, and most point defects generated (around 70% to 90 %) are annealed after 10 ps [START_REF] Seeger | The nature of radiation damage in metals[END_REF][START_REF] Rs Averback | Atomic displacement processes in irradiated metals[END_REF]. After the relaxation of the cascade, few vacancies and interstitials remain and can gather and form small clusters.

The large amount of point defects generated by irradiation diffuses in the material. The interstitials and vacancies can either recombine with one another, diffuse toward the different sinks of the material (dislocations, grain boundaries, precipitates...), or agglomerate and form clusters. Vacancies can gather and form vacancy loops, voids, or stacking fault tetrahedra (SFT), while interstitials can form interstitial loops.

The ballistic damage generated within a material is usually characterized by the number of displacements per atom (dpa). It quantifies the number of times each atom is displaced, and it differs with the exposure to neutrons. For instance, in PWRs, each atom of the fuel cladding (made of zirconium alloys) is displaced around four times a year (at full power). The atoms of the vessel internals (made of austenitic steel) are displaced 10 to 80 times during the 40 years of service. In Fast-Neutron Reactors (FNRs), the fast neutron flux is two orders of magnitude higher than in PWRs. Therefore, the damage in the steels within the fissile core can be around 100 to 200 dpa at the end of the life of the cladding. In fusion reactors, the predicted damage is in the same order of magnitude as in FNRs. 

Irradiated copper microstructure

Irradiation defects in copper Neutron irradiation leads to the formation of SFT, loops, and voids. The generation and evolution of these defects are generally observed in a Transmission Electron Microscope (TEM). Since copper has a low stacking fault energy, SFT are the most stable vacancy defects in copper. SFT are 3D defects consisting of four stacking faults on the four faces of a tetrahedron formed by the {111} planes. They represent 60% to 90% of irradiation cluster defects in copper [START_REF] Schäublin | Irradiation-induced stacking fault tetrahedra in fcc metals[END_REF][START_REF] Sj Zinkle | Microstructure of copper following high dose 14-mev cu ion irradiation[END_REF]. SFT are small, around 2 to 3 nm, and the temperature and the dose have no impact on their size. SFT density increases with the dose (up to saturation). In the presence of helium, the SFT density is lower, which can be linked to helium stabilizing voids [START_REF] Sj Zinkle | Defect microstructures in neutron-irradiated copper and stainless steel[END_REF]. A lower density of dislocation loops, believed to be of interstitial type, can be observed in copper [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF]. Their sizes vary between 1 and 25 nm [START_REF] Rühle | Density and size distribution of defect clusters in neutronirradiated copper[END_REF]. In neutron-irradiated OFHC (Oxygen-free high thermal conductivity) copper up to a dose of 0.01 dpa at 100 • C, Edwards et al. [START_REF] Edwards | Initiation and propagation of cleared channels in neutron-irradiated pure copper and a precipitation hardened cucrzr alloy[END_REF] reported an SFT density around 2-4×10 23 m -3 and a loop density of 5×10 21 m -3 . Voids are observed for temperatures above C in neutronirradiated copper [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF]. The shape of the voids is an octahedron bounded by {111} planes [START_REF] Steven | A literature review of radiation damage data for copper and copper alloys[END_REF]. A small amount of oxygen (around 10 appm) or helium (around 1 appm) is needed to stabilize voids in copper [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF]. In OFHC copper (containing less than 5 wppm of oxygen), no void was observed after a 14 MeV Cu ion irradiation up to 40 dpa for temperatures between 100 • C and 500 • C [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF]. TEM images of the three types of defects (SFT, voids, and loops) are presented in 

Temperature effects

At low temperatures (from 20 to 180 • C), the defects are mostly SFT and interstitial loops, and the defect density does not depend on irradiation temperature. For temperatures above 180 • C, as shown in Figure 1.5.b, SFT and loop densities decrease, and the void population increases [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF].

Dose effects

Singh and Zinkle [START_REF] Singh | Defect accumulation in pure fcc metals in the transient regime: a review[END_REF] studied the effect of the dose on the defect density with fission neutrons, 14 MeV neutrons, spallation neutrons, and 800 MeV protons. As shown in Figure 1.6, at low doses (around 10 -5 dpa), the defect density is linear with the dose. At intermediate dose rates (> 0.0002 dpa), the defect density increases linearly or as the square root of the dose depending on copper purity. For pure copper, a square root evolution is found. This can be explained by the possible interaction of point defects with defect clusters inducing a reduction in size or even the annihilation of the clusters [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF]. If the amount of impurities is significant, linear evolution of the cluster density is observed, probably due to these impurities impeding the migration of interstitials. At around 0.1 dpa, a saturation of the defect density is found. This is linked to the higher probability of generating a displacement cascade near an existing defect cluster. Therefore, there is no net increase in defect density. These authors also observed almost no effect of the type of irradiation on the defect density evolution with dose. 

Helium generation under neutron irradiation in copper

Origin of helium generation

Helium is produced through the transmutation reaction (n, α) and is almost insoluble in the metals used in nuclear reactors [START_REF] Dai | 1.06-the effects of helium in irradiated structural alloys[END_REF]. The helium generation rate strongly differs between the CHAPTER 1. CONTEXT AND MOTIVATIONS different reactor types. The amount of helium atoms generated per dpa is less than 1 appm for fission reactors, around 10 appm for fusion reactors first wall, and less than 100 appm for spallation targets [START_REF] Dai | 1.06-the effects of helium in irradiated structural alloys[END_REF]. Figure 1.7 presents the correlation between damage and helium generation for different facilities. Extensive studies were performed on copper behavior under irradiation (up to 100 dpa). However, these studies were performed on FNRs or mixed spectrum reactors (HFIR, FFTF, EBR-II...), for which helium generation is much weaker than for fusion reactors. Therefore, the transposition of the experimental results to fusion reactors should be done carefully [START_REF] Dai | 1.06-the effects of helium in irradiated structural alloys[END_REF].

Figure 1.7 -Helium generated vs. damage for different reactor facilities [START_REF] Knaster | Materials research for fusion[END_REF].

Evolution of copper microstructure in the presence of helium

Helium bubble nucleation and growth

The helium generated through (n, α) reactions occupies interstitial positions [START_REF] Russell | A preliminary investigation of helium gas precipitation in irradiated copper-boron alloys[END_REF]. Interstitial helium has low migration energy in metals, and its binding energy with vacancies is very high [START_REF] Li | Radiation-induced helium bubbles in metals[END_REF]. Therefore, interstitial helium atoms and helium clusters diffuse easily in metals until they are trapped by vacancies. Once they are trapped by vacancies, they form He-V clusters with low mobility that act as sinks for other interstitial helium atoms due to high binding energy: helium bubble nucleation starts. The binding energy between an interstitial helium atom and a He-V cluster is initially high and decreases with the increasing number of helium atoms until it reaches a plateau. As the number of helium atoms increases in a He-V cluster, the pressure induced by this cluster on the matrix increases, and the atoms of the matrix around the cluster are "pushed out": this is the "kick-out" mechanism. This induces the production of vacancies and self-interstitials around the He-V cluster, which lowers the helium density within the cluster. Therefore, the binding energy of helium atoms with the He-V cluster increases, leading to further nucleation and growth of the cluster, i.e., of the helium bubble. This "kick-out" mechanism is athermal, explaining why bubbles, unlike voids, can form at room temperature [START_REF] Vi Dubinko | The theory of gas bubble lattice[END_REF]. The number of self-interstitials around the bubble increases with increasing helium concentration and bubble growth. This leads to the formation and emission of interstitial dislocation loops, also called "dislocation loop punching". When these loops are emitted and dissociate from helium bubbles 1.2. MICROSTRUCTURAL EVOLUTION OF COPPER UNDER IRRADIATION to then slip away, they leave behind a larger helium bubble: this is the second bubble growth mechanism. Biersack et al. [START_REF] Jp Biersack | Range profiles and thermal release of helium implanted into various metals[END_REF] observed that helium bubbles are firmly trapped in copper at room temperature and up to 900 • C, except for very high doses (> 4 × 10 17 cm -2 ).

Helium bubble coarsening

When metals are annealed at a given temperature, bubble coarsening can be observed. This leads to an increase in bubble radii, a decrease in bubble density, and an increase in gas-induced swelling [START_REF] Li | Radiation-induced helium bubbles in metals[END_REF]. To study this phenomenon, post-implantation annealing of helium implanted nickel and copper was studied extensively [START_REF] Marochov | Growth of inert gas bubbles after implantation[END_REF][START_REF] Vn Chernikov | Gas porosity in the bulk and at the interface during annealing of nickel saturated with helium to a concentration of<= 0. 5 at.%[END_REF][START_REF] Vn Chernikov | The formation of helium bubbles near the surface and in the bulk in nickel during post-implantation annealing[END_REF][START_REF] Vn Chernikov | Gas-induced swelling near grain boundaries in heliumloaded nickel during post-implantation annealing[END_REF][START_REF] Vn Chernikov | Gas-induced swelling in helium-implanted copper during annealing[END_REF].

Chernikov [START_REF] Vn Chernikov | Gas-induced swelling in helium-implanted copper during annealing[END_REF] carried out a detailed study of gas porosity parameters (bubble size and density) during annealing in copper for temperature ranges between 838 and 1193 K after homogeneous implantation of 300 appm helium at room temperature. The author observed that gas swelling starts with the formation of small nanometric bubbles with a homogeneous distribution within the foil. These small bubbles, also called primary bubbles, evolve slowly with increasing annealing time. The bubbles migrate and coalesce through the rearrangement of the bubble surfaces. The slow increase in primary bubble sizes results from a low helium bubble mobility due to the high helium to vacancy ratio. This high ratio induces a high bubble equilibrium pressure that impedes the diffusion of internal surface atoms [START_REF] Li | Radiation-induced helium bubbles in metals[END_REF].

Chernikov [START_REF] Vn Chernikov | Gas-induced swelling in helium-implanted copper during annealing[END_REF] found that, for temperatures over the dissociation temperature of He-V clusters T D He-V , secondary larger bubbles are formed predominantly near interfaces (outer surfaces and grain boundaries). The secondary bubble zones spread progressively over the whole foil volume. This mechanism, identified as Ostwald ripening, is the primary mechanism for bubble coarsening and swelling. This mechanism is thermally activated by the dissociation of He-V clusters from smaller bubbles followed by a recombination of the clusters with larger bubbles, leading to the coarsening of large bubbles and shrinkage of small bubbles [START_REF] Li | Radiation-induced helium bubbles in metals[END_REF]. The evolution of the bubble radius, the volume density, and the swelling with temperature for both primary and secondary bubbles is presented in Figure 1.8. He-V = 785 K. Temperature dependence of (b) the helium bubble density and (c) the gas-induced swelling in zones of primary and secondary porosity [START_REF] Vn Chernikov | Gas-induced swelling in helium-implanted copper during annealing[END_REF].

Helium bubble ordering

CHAPTER 1. CONTEXT AND MOTIVATIONS

An intriguing phenomenon occurs under non-equilibrium conditions for face-centered cubic and body-centered cubic (BCC) materials with high helium contents at relatively low temperatures (<0.35T m , with T m the melting point [START_REF] Vi Dubinko | The theory of gas bubble lattice[END_REF]): the ordering of helium bubbles and formation of superlattices (Figure 1.9). This phenomenon was extensively studied to understand the underlying fundamental formation mechanisms and helium bubble lattice properties [START_REF] Vi Dubinko | The theory of gas bubble lattice[END_REF][START_REF] Pb | Helium gas bubble lattices in face-centred-cubic metals[END_REF][START_REF] Pb | Helium gas-bubble superlattice in copper and nickel[END_REF][START_REF] Pb | Gas bubble lattices in metals[END_REF][START_REF] Evans | Void and bubble lattice formation in molybdenum: A mechanism based on two-dimensional self-interstitial diffusion[END_REF][START_REF] Evans | Comment on"defect ordering in metals under irradiation"by w. jaeger and h. trinkaus[END_REF][START_REF] Walgraef | Theory and numerical simulations of defect ordering in irradiated materials[END_REF][START_REF] Aidan M Robinson | The effect of temperature on bubble lattice formation in copper under in situ he ion irradiation[END_REF][START_REF] Jäger | Defect ordering in metals under irradiation[END_REF]. Such ordering of bubbles may reduce the damaging effects of the bubbles and the subsequent mechanical property degradation in comparison with a random distribution [START_REF] Aidan M Robinson | The effect of temperature on bubble lattice formation in copper under in situ he ion irradiation[END_REF]. Moreover, the conditions for bubble lattice formation may be encountered in modern reactor cores [START_REF] Aidan M Robinson | The effect of temperature on bubble lattice formation in copper under in situ he ion irradiation[END_REF][START_REF] Robert W Harrison | Engineering selforganising helium bubble lattices in tungsten[END_REF]. This further motivates the fundamental studies on bubble lattice formation and its possible impact on reactor components. Figure 1.9 -TEM micrograph of helium gas bubbles in copper following 30 keV helium-ion irradiation at 300 K up to a dose of 4 × 10 17 cm -2 [START_REF] Pb | Helium gas-bubble superlattice in copper and nickel[END_REF].

Johnson et al. [START_REF] Pb | Helium gas bubble lattices in face-centred-cubic metals[END_REF] performed helium implantation at room temperature on a polycrystalline copper up to a helium dose of 4 × 10 17 ions/cm 2 . They observed that the bubbles formed a super-lattice of 2 nm size bubbles with a dense direction generally along the {111} planes of the matrix. Furthermore, the bubble lattice parameter along the dense directions was found around 4.6 nm, which corresponds to a bubble density of 10 25 m -3 .

Robinson et al. [START_REF] Aidan M Robinson | The effect of temperature on bubble lattice formation in copper under in situ he ion irradiation[END_REF] investigated in-situ inside a TEM the conditions for helium bubbles and bubble lattice formation. The samples were irradiated using 12 keV helium ions. As shown in Figure 1.10, the higher the temperature, the lower the threshold helium implantation dose for bubble formation. At first, bubbles are formed randomly. Between -100 • C and 100 • C, a bubble lattice can be observed if the fluence is high enough. On the contrary, at 200 • C, the ordering of bubbles is never observed (Figure 1.10). When bubbles are in a superlattice, their size distribution is narrow, while a wider spread is found for randomly organized bubbles. Above 200 • C, enhanced bubble growth is observed at grain boundaries, most likely due to the higher mobility of vacancies and their migration and capture (along with helium atoms) at grain boundaries. Once the vacancies are trapped at grain boundaries, they diffuse preferentially along boundary planes and then agglomerate, along with helium atoms, to form bubbles. The bubbles migrate along grain boundaries and coalesce, which leads to the formation of large bubbles. The authors also observed a low impact of the flux on bubble formation.

The bubble lattice formation was suggested to be driven by the elastic interactions between bubbles. However, this mechanism was discarded since the spatial ranges of the elastic constants are way lower than the bubble ordering spatial ranges [START_REF] Willis | The interaction of gas bubbles in an anisotropic elastic solid[END_REF].
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Dubinko et al. [START_REF] Vi Dubinko | The theory of gas bubble lattice[END_REF] proposed that the helium bubble ordering can be linked to the "dislocation loop punching" mechanism described above. Indeed, there is a repulsive interaction between bubbles with the same "dislocation loop punching" directions. These directions happen to be along the minimum Burgers vector of the host matrix, i.e., the dense direction. However, this was discarded. Indeed, if a loop punched out along a glide cylinder interacts with a bubble partially lying in the loop glide direction, the bubble would be pushed away from this direction, ergo from the ordering direction [START_REF] Evans | Comment on"defect ordering in metals under irradiation"by w. jaeger and h. trinkaus[END_REF]. Moreover, it was pointed out that, at fluences for which lattice bubbles are observed for ion implantation, the bubble pressure might not be sufficiently high to induce loop punching [START_REF] Evans | Comment on"defect ordering in metals under irradiation"by w. jaeger and h. trinkaus[END_REF].

Currently, the favored mechanism to explain bubble ordering is based on the preferential diffusion of matrix self-interstitials along the close-packed direction of the matrix, leading to bubble ordering along this direction [START_REF] Aidan M Robinson | The effect of temperature on bubble lattice formation in copper under in situ he ion irradiation[END_REF]. This was first proposed by Evans [START_REF] Evans | Void and bubble lattice formation in molybdenum: A mechanism based on two-dimensional self-interstitial diffusion[END_REF], who suggested two ordering mechanisms for void and bubble superlattices linked to the fluxes of self-interstitials based on qualitative analyses and simple rate theory considerations. First, the 2D migration of interstitials on close-packed planes can lead to a planar ordering parallel to these planes. Moreover, the interstitial fluxes to different sides of voids or bubbles always induce a movement of their center of gravity toward sets of planes where the interstitial fluxes are lower, further helping with planar ordering. This second mechanism was favored by Evans [START_REF] Evans | Void and bubble lattice formation in molybdenum: A mechanism based on two-dimensional self-interstitial diffusion[END_REF] to explain bubble alignment. Later on, through rate theory simulations, Evans demonstrated that an initially random distribution of voids, gas bubbles, or vacancy loops, subjected to 2D self-interstitials diffusion, can lead to planar ordering with axes parallel to the host matrix. The model developed by Evans [START_REF] Evans | Void and bubble lattice formation in molybdenum: A mechanism based on two-dimensional self-interstitial diffusion[END_REF] works on all vacancy clusters as long as irradiation-produced interstitials are available.

Figure 1.10 -Average bubble size and spacing when bubbles and bubble lattices could be detected at different irradiation temperatures [START_REF] Aidan M Robinson | The effect of temperature on bubble lattice formation in copper under in situ he ion irradiation[END_REF].

Johnson and Mazey [START_REF] Pb | Helium gas-bubble superlattice in copper and nickel[END_REF] irradiated a helium bubble superlattice in copper with 1 MeV electrons. An increase in bubble size (from 2.0 nm to 2.8 nm) and in bubble lattice parameter was observed. The authors also studied the impact of annealing up to 920 K on a bubble superlattice (formed after a room temperature implantation of He). Up to 470 K, no effect on bubbles was observed. At 600 K, growth and coalescence of bubbles are observed. Finally, for higher temperatures, complex processes involving growth and coalescence are identified.

Yang et al. [START_REF] Yang | Irradiation damage investigation of helium implanted polycrystalline copper[END_REF] studied the effect of the He dose on He bubble superlattices at large doses (> 1 × 10 17 cm -2 ). The authors found that up to a dose of 5 × 10 17 cm -2 , a helium bubble superlattice forms, while at a dose of 1 × 10 18 cm -2 , the self-organization is lost.

Impact of helium on void swelling

Helium bubbles can act as nucleation and growth sites for voids in the matrix and in grain boundaries. The distinction between bubbles and voids is in their gas content which has an impact on their geometry. Bubbles are spherical as a result of the high gas pressure, whereas voids have facets.

The nucleation and growth of voids generated under irradiation induce material swelling. Swelling is an isotropic increase in volume that occurs under irradiation in the absence of any applied stress. It is among the most damaging effects of irradiation in nuclear reactors since CHAPTER 1. CONTEXT AND MOTIVATIONS the operational tolerances can quickly be exceeded due to the variation in dimension and the decrease in toughness.

The evolution of the swelling under irradiation occurs in three steps:

-(1) the incubation step: small vacancy clusters are nucleated (for the most part not visible in the transmission electron microscope), and the swelling rate is low -(2) the transition step: vacancy clusters grow and reach a critical size for which they are more stable (due to a low vacancy emission probability), but the swelling rate is still low. -(3) the linear step: there is a rapid void growth, almost no void nucleation, and swelling evolves linearly with the dose. Irradiation-induced void swelling in copper has been extensively studied [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF]. For example, Zinkle and Farrell [START_REF] Sj Zinkle | Void swelling and defect cluster formation in reactor-irradiated copper[END_REF][START_REF] Sj Zinkle | Microstructure and cavity swelling in reactorirradiated dilute copper-boron alloy[END_REF] have studied void swelling in copper and dilute Cu-B under fission neutron irradiation. As presented in Figure 1.11, the lower and upper limits for void swelling were found around 180 • C and 500 • C, with a peak observed at 300-325 • C. Figure 1.11 -Swelling in pure copper and Cu-B alloy [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF][START_REF] Sj Zinkle | Void swelling and defect cluster formation in reactor-irradiated copper[END_REF][START_REF] Sj Zinkle | Microstructure and cavity swelling in reactorirradiated dilute copper-boron alloy[END_REF].

Helium strongly impacts void nucleation and growth because it tends to stabilize voids. Indeed, helium has higher binding energy to vacancies and vacancy clusters than dislocations [START_REF] Sj Zinkle | Ii. effect of oxygen and helium on void formation in metals[END_REF]. In the presence of helium atoms, the vacancy clusters grow faster up to the critical size for their stabilization. Besides the role of helium in void stabilization, some authors [START_REF] Cawthorne | Voids in irradiated stainless steel[END_REF] suggest that helium bubbles can constitute nucleation sites for voids. Many experiments were performed to study helium impact on void swelling on copper for fusion applications either in-reactor, in specimen pre-implanted with helium, or using simultaneous helium and heavy ion irradiation.

In-reactor experiments were performed on copper doped with boron in order to generate helium and lithium through the 10 B(n,α) 7 Li reaction [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF][START_REF] Sj Zinkle | Microstructure and cavity swelling in reactorirradiated dilute copper-boron alloy[END_REF][START_REF] Vela | The behaviour of helium gas in irradiated copper-boron alloys[END_REF][START_REF] Vela | Spontaneous grain boundary swelling in irradiated copper-boron alloys[END_REF]. A shift toward lower temperatures was observed for the upper limit for void swelling and peak swelling.

Glowinski et al. [START_REF] Glowinski | Etude de la formation des cavités dans le cuivre irradie aux ions cuivre de 500 kev[END_REF] studied, in copper, the effect, on void density, of a pre-implantation with 18 keV helium at a dose of 1 × 10 14 followed by copper ion irradiation at 450 • C and 530 • C. As shown in Figure 1.12, they observed a much higher void density in the samples pre-implanted with helium. Glowinski and Fiche [START_REF] Glowinski | Etude de la formation des cavites d'irradiation dans le cuivre iii-irradiation aux ions cuivre de 500 kev-effet des gaz implantes[END_REF] studied the impact of the helium content on the void sizes and densities at 450 Helium impact on voids was also studied in copper through simultaneous heavy ion irradiation and helium irradiation [START_REF] Mukouda | Microstructure in pure copper irradiated by simultaneous multi-ion beam of hydrogen, helium and self ions[END_REF][START_REF] Sj Zinkle | Dual ion irradiation of copper[END_REF]. Zinkle [START_REF] Sj Zinkle | Dual ion irradiation of copper[END_REF] observed a substantial void formation during dual ion beam irradiation, with a reduction of void swelling near the heavy ion damage peak. Mukouda et al. [START_REF] Mukouda | Microstructure in pure copper irradiated by simultaneous multi-ion beam of hydrogen, helium and self ions[END_REF] compared helium and hydrogen impact on void formation during dual-ion beam irradiation in pure copper and observed that helium promoted void formation while hydrogen had little impact on void formation.

Overview of irradiation-induced hardening in copper

The irradiation-induced generation of defects leads to irradiation hardening in structural materials within nuclear reactors. Extensive studies have been performed on radiation hardening in pure copper and copper alloys over the past decades [START_REF] Sj Zinkle | A brief review of cavity swelling and hardening in irradiated copper and copper alloys[END_REF][START_REF] Sa Fabritsiev | Effect of irradiation temperature on microstructure, radiation hardening and embrittlement of pure copper and copper-based alloy[END_REF][START_REF] Th Blewitt | Radiation hardening of copper single crystals[END_REF][START_REF] Mj Makin | The correlation between the critical shear stress of neutron irradiated copper single crystals and the density of defect clusters[END_REF][START_REF] Kojima | Radiation hardening in neutron-irradiated polycrystalline copper: barrier strength of defect clusters[END_REF]. The yield stress or hardness of irradiated materials is higher than for their unirradiated counterparts.

This section is divided into two parts. The first part focuses on radiation hardening in copper. The second part details the dislocation defects interaction mechanisms unraveled in copper, based on TEM observations and MD simulations.

Radiation hardening in copper

Radiation hardening is often described according to the Seeger dispersed barrier hardening model, which links the increase in the critical resolved shear stress ∆τ (CRSS) to the defect cluster properties (size d, density N , and barrier strength α) [START_REF] Sj Zinkle | A brief review of cavity swelling and hardening in irradiated copper and copper alloys[END_REF][START_REF] Mj Makin | The correlation between the critical shear stress of neutron irradiated copper single crystals and the density of defect clusters[END_REF][START_REF] Kojima | Radiation hardening in neutron-irradiated polycrystalline copper: barrier strength of defect clusters[END_REF][START_REF] Seeger | Proc. second intern. conf. peaceful uses of atomic energy[END_REF][START_REF] Arsenault | Neutron-irradiation-strengthening in fcc single crystals[END_REF]:

∆τ = αµb √ N d = αµb L , (1.1) 
with µ the shear modulus, b the dislocation Burgers vector, and L the average spacing of obstacles along a dislocation.

The increase in yield stress ∆σ y can be deduced from the increase in CRSS through the Taylor factor M : CHAPTER 1. CONTEXT AND MOTIVATIONS ∆σ y = M ∆τ.

(1.2)

Dose effects

The effect of dose on yield stress has been widely studied in copper [START_REF] Sj Zinkle | A brief review of cavity swelling and hardening in irradiated copper and copper alloys[END_REF][START_REF] Sa Fabritsiev | Effect of irradiation temperature on microstructure, radiation hardening and embrittlement of pure copper and copper-based alloy[END_REF][START_REF] Kojima | Radiation hardening in neutron-irradiated polycrystalline copper: barrier strength of defect clusters[END_REF]. For doses up to 5 × 10 20 neutrons/m 2 , the increase in yield stress varies as the square root of the dose √ Φt, with Φ the irradiation flux and t the irradiation time (Figure 1.13.a). This behavior can be explained by the dispersed hardening model. As shown in Figure 1.6, at low fluences, the defect density varies linearly with dose. Moreover, as stated in Section 1.2.1.2, the defect sizes vary little with dose. Therefore, based on Eq. 1.1 and 1.2, the increase in yield stress ∆σ y varies as the square root of Φt [START_REF] Sj Zinkle | A brief review of cavity swelling and hardening in irradiated copper and copper alloys[END_REF].

For higher doses, as stated in Section 1.2.1.2, the variation of the defect density with dose depends on copper purity. For pure copper, the variation is linear, whereas it is in √ Φt for copper containing significant amounts of interstitial impurities. Therefore, the increase in yield stress can be in √ Φt or (Φt) 1/4 [START_REF] Sj Zinkle | A brief review of cavity swelling and hardening in irradiated copper and copper alloys[END_REF]. Then, the increase in yield stress saturates for both ion and neutron irradiation [START_REF] Sj Zinkle | A brief review of cavity swelling and hardening in irradiated copper and copper alloys[END_REF]. 

Temperature effects

There are numerous studies on irradiation temperature effects on irradiation hardening in copper [START_REF] Sj Zinkle | A brief review of cavity swelling and hardening in irradiated copper and copper alloys[END_REF][START_REF] Sa Fabritsiev | Effect of irradiation temperature on microstructure, radiation hardening and embrittlement of pure copper and copper-based alloy[END_REF]. The higher the temperature, the lower the yield strength. This can be explained by two factors. First, the unpinning of dislocations from irradiation defects is thermally activated. Moreover, the irradiation defects become unstable as the temperature increases [START_REF] Sj Zinkle | A brief review of cavity swelling and hardening in irradiated copper and copper alloys[END_REF].

For defects formed at room temperature, the barrier strength was found around 0.2 to 0.25 based on numerous experimental and theoretical studies [START_REF] Sj Zinkle | A brief review of cavity swelling and hardening in irradiated copper and copper alloys[END_REF][START_REF] Kojima | Radiation hardening in neutron-irradiated polycrystalline copper: barrier strength of defect clusters[END_REF][START_REF] Arsenault | Neutron-irradiation-strengthening in fcc single crystals[END_REF][START_REF] Robert | Rapid solution hardening, dislocation mobility, and the flow stress of crystals[END_REF][START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF]. As shown in Figure 1.13.b, the higher the temperature, the lower the barrier strength [START_REF] Sa Fabritsiev | Effect of irradiation temperature on microstructure, radiation hardening and embrittlement of pure copper and copper-based alloy[END_REF][START_REF] Xiazi | Fundamental mechanisms for irradiation-hardening and embrittlement: a review[END_REF].

Grain size effects

As shown in Figure 1.14.a, the yield stress increases as the grain size decreases (at a given neutron fluence) [START_REF] Sj Zinkle | A brief review of cavity swelling and hardening in irradiated copper and copper alloys[END_REF][START_REF] Kojima | Radiation hardening in neutron-irradiated polycrystalline copper: barrier strength of defect clusters[END_REF][START_REF] Mj Makin | Radiation damage in face centered cubic metals and alloys[END_REF][START_REF] Adams | The hardening of copper by neutron irradiation[END_REF]. This increase is most likely caused by grain boundaries that Kiener et al. [START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF] studied the effect of grain size on the yield strength for 0.8 dpa proton irradiated copper single-crystal pillars. As shown in Figure 1.14.b, size-independent strengths are measured for grain sizes over 400 nm. Below this size, sample size affects the yield strength. This is explained by the fact that the stresses required to operate small dislocation sources overcome the stresses to unpin from irradiation-induced obstacles. This result is of fundamental importance for micro-mechanical testing in nuclear environments.

Dislocation/irradiation defects interaction mechanisms

As mentioned earlier, irradiation hardening can be explained by the dispersed barrier hardening model, which relies on the pinning of dislocations on radiation-induced defects. In this section, the contributions of both TEM and MD to the understanding of dislocations/defects interaction mechanisms are presented.

Contributions of Transmission Electron Microscopy

Transmission electron microscopy allows for the in-situ observation of dislocations interacting with defects. These TEM experiments are mostly post-irradiation straining experiments. Most studies on copper were performed on SFT. In this section, studies performed on copper as well as other materials are presented.

Interaction dislocation/loops

In-situ TEM straining experiments can give information on the nature of dislocation/loop reactions. However, very few TEM experiments were performed on dislocation/loops interaction. Robach et al. [START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF] observed on irradiated copper that the interaction of a dislocation with an obstacle (presumably a loop) can lead to the cross-slip of the dislocation (Figure 1.15).

Dislocation/loops interaction were also investigated in metals other than copper. Drouet et al. [START_REF] Drouet | A direct comparison between in-situ transmission electron microscopy observations and dislocation dynamics simulations of interaction between dislocation and irradiation induced loop in a zirconium alloy[END_REF] observed a dislocation glide in the pyramidal plane and interact with a loop to form a helical turn in a zirconium alloy. The interaction of a dislocation with a loop can also alter the loop. CHAPTER 1. CONTEXT AND MOTIVATIONS Jin et al. [START_REF] Jin | Observation of interaction behavior between microstructural defects and dislocation by in situ strain tem examination[END_REF] observed a change in loop Burgers vector after unpinning in ion-irradiated Fe-Cr alloys. Strudel and Washburn [START_REF] Strudel | Direct observations of interactions between imperfect loops and moving dislocations in aluminium[END_REF] studied moving dislocation interaction with faulted loops in aluminum and observed the suppression of the stacking fault followed by the prismatic glide of the unfaulted loop or a part of the loop toward the foil surface. Suzuki et al. [START_REF] Suzuki | In situ deformation of proton-irradiated metals[END_REF] investigated the interaction of dislocations and Frank loops in proton irradiated molybdenum and Fe-Cr-Ni single crystals. The authors observed partial unfaulting or shearing of loops, demonstrating the difficulty for the dislocations to completely unfault loops. 

Interaction dislocation/SFT

The interaction of dislocations with SFT was widely studied based on TEM straining experiments mostly on quenched copper and gold [START_REF] Matsukawa | The collapse of stacking-fault tetrahedra by interaction with gliding dislocations[END_REF][START_REF] Matsukawa | Destruction processes of large stacking fault tetrahedra induced by direct interaction with gliding dislocations[END_REF][START_REF] Matsukawa | Mechanisms of stacking fault tetrahedra destruction by gliding dislocations in quenched gold[END_REF][START_REF] Briceño | Dynamics of dislocation interactions with stacking-fault tetrahedra at high temperature[END_REF][START_REF] Js Robach | Dynamic observations and atomistic simulations of dislocation-defect interactions in rapidly quenched copper and gold[END_REF][START_REF] Matsukawa | Dynamic observation of the collapse process of a stacking fault tetrahedron by moving dislocations[END_REF] but also on proton irradiated copper [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF]. The SFT in quenched copper and gold are often larger (around 30 -50 nm) than the SFT usually encountered in neutron or ion irradiated copper (around 2 nm). This allows for a better TEM observation of the interaction mechanisms. However, these SFT can be metastable or even unstable, and therefore might not be totally representative of in-reactor generated SFT. Gold is often used for its weak chemical activity, making it more suitable than copper for quenching, ageing, and in-situ experiments [START_REF] Yu N Osetsky | On the features of dislocationobstacle interaction in thin films: Large-scale atomistic simulation[END_REF].

Matsukawa et al. [START_REF] Matsukawa | Dynamic observation of the collapse process of a stacking fault tetrahedron by moving dislocations[END_REF] observed on quenched gold (∼30 nm SFT edge) that the interaction of a dislocation with an SFT can lead to the SFT truncation: the upper part of the SFT (apex) forms a smaller SFT, and the bottom part is annihilated. This partial annihilation can occur with a single dislocation or several successive dislocations (Figure 1.16). Schäublin et al. [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF] studied dislocation/SFT interaction on 590 MeV proton irradiated copper (∼2 nm SFT). They found that dislocations pinned on defects usually bow out under applied stress and unpin without leaving any visible defect.
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Robach et al. [START_REF] Js Robach | Dynamic observations and atomistic simulations of dislocation-defect interactions in rapidly quenched copper and gold[END_REF] observed on rapidly quenched gold (∼4 nm SFT) that the interaction of a dislocation and an SFT might lead to SFT shearing and disappearing followed by the formation of one or two defects, presumably Frank loops.

Matsukawa et al. [START_REF] Matsukawa | Destruction processes of large stacking fault tetrahedra induced by direct interaction with gliding dislocations[END_REF] observed on quenched gold at room temperature and 100 K (∼45 nm SFT) that the interaction of a dislocation with an SFT can lead to three reactions: (1) the formation of a triangular Frank loop, (2) the incorporation of SFT in the dislocation and the formation of superjogs (Figure 1.17), and (3) the truncation of the SFT (leaving only the apex of the SFT).

Figure 1.17 -Example of the SFT incorporation process observed at room temperature [START_REF] Matsukawa | Destruction processes of large stacking fault tetrahedra induced by direct interaction with gliding dislocations[END_REF].

Matsukawa et al. [START_REF] Matsukawa | Mechanisms of stacking fault tetrahedra destruction by gliding dislocations in quenched gold[END_REF] observed that the interaction of a dislocation with an SFT (∼10-50 nm SFT) on quenched gold can lead to four reactions both at room temperature and at 873 K. The first possible reaction is a Kimura-Maddin [START_REF] Kimura | Lattice Defects in Quenched Metals: An International Conference Held at the Argonne National Laboratory[END_REF] type SFT destruction reaction. For screw dislocations, SFT are incorporated in the form of jogs, and for 60 • oriented dislocations, Frank loops are formed. The second reaction is the destruction of the SFT, followed by triangular Frank loop formation (Figure 1.18). This mechanism is dominant for large SFT (> 34 nm). The third observed reaction is the truncation of the SFT. This mechanism occurs for all investigated sizes (10-50 nm). Fourth, sessile segments can form on dislocations, but these segments are released during the following interactions with other gliding dislocations. The last reaction is the complete annihilation of the SFT. At room temperature, this mechanism is only found for small SFT (∼10 nm) and only involves screw dislocations.

Briceño et al. [START_REF] Briceño | Dynamics of dislocation interactions with stacking-fault tetrahedra at high temperature[END_REF] performed in-situ straining experiments on quenched gold annealed at high temperatures between 573 and 773 K (∼50 nm SFT). They observed that if a screw dislocation interacts with one of the edges of the SFT, a cross-slip of the dislocation occurs, and the SFT is left unaltered. If dislocations interact with a face of the SFT, a partial or complete annihilation of the SFT is observed.

In summary, the dislocation/SFT reactions experimentally observed through TEM in-situ straining experiments are the following:

-SFT collapse into a triangular Frank loop formation [START_REF] Matsukawa | Destruction processes of large stacking fault tetrahedra induced by direct interaction with gliding dislocations[END_REF][START_REF] Matsukawa | Mechanisms of stacking fault tetrahedra destruction by gliding dislocations in quenched gold[END_REF][START_REF] Js Robach | Dynamic observations and atomistic simulations of dislocation-defect interactions in rapidly quenched copper and gold[END_REF][START_REF] Js Robach | Dynamic observations and atomistic simulations of dislocation-defect interactions in rapidly quenched copper and gold[END_REF] -Incorporation of the SFT as a superjog for edge dislocations and as a helical turn for screw dislocation [START_REF] Matsukawa | Destruction processes of large stacking fault tetrahedra induced by direct interaction with gliding dislocations[END_REF][START_REF] Matsukawa | Mechanisms of stacking fault tetrahedra destruction by gliding dislocations in quenched gold[END_REF] CHAPTER 1. CONTEXT AND MOTIVATIONS -Partial SFT annihilation leaving a small SFT (the upper part of the SFT or apex) [START_REF] Matsukawa | Mechanisms of stacking fault tetrahedra destruction by gliding dislocations in quenched gold[END_REF][START_REF] Matsukawa | Dynamic observation of the collapse process of a stacking fault tetrahedron by moving dislocations[END_REF] -Complete SFT annihilation without the formation of new defects [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF] -Cross-slip of the screw dislocation leaving the SFT unaltered [START_REF] Briceño | Dynamics of dislocation interactions with stacking-fault tetrahedra at high temperature[END_REF].

Clear bands or defect-free channels

After plastic deformation of irradiated materials, defect-free channels of around 0.1 µm width are observed within the materials (Figure 1.19) [START_REF] Edwards | Initiation and propagation of cleared channels in neutron-irradiated pure copper and a precipitation hardened cucrzr alloy[END_REF]. The inter-channel spacing is around 1 to 3 µm, and the amount of shear stress in the channels is about two orders of magnitude higher than in their non-irradiated counterparts. Two main explanations are given for the clear band formation: (1) dislocation source widening at grain boundaries and stress concentration sites, and (2) cross-slip (or double cross-slip) of dislocations [START_REF] Xiazi | Fundamental mechanisms for irradiation-hardening and embrittlement: a review[END_REF]. The dislocations generated clear the shear bands of all TEM visible defects [START_REF] Edwards | Initiation and propagation of cleared channels in neutron-irradiated pure copper and a precipitation hardened cucrzr alloy[END_REF].

Figure 1.19 -Formation of cleared channels in OFHC copper [START_REF] Edwards | Initiation and propagation of cleared channels in neutron-irradiated pure copper and a precipitation hardened cucrzr alloy[END_REF].
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Contributions of molecular dynamics

Molecular dynamics (MD) have proven to be a powerful tool to investigate dislocation/defect interaction at the atomic level. In this part, an overview of MD contributions to the understanding of the interaction of dislocations with Frank loops and SFT is given.

Interaction dislocation/Frank loops

The interaction of one or multiple edge and screw dislocations with Frank loops was thoroughly investigated [START_REF] Rodney | Molecular dynamics simulation of screw dislocations interacting with interstitial frank loops in a model fcc crystal[END_REF][START_REF] Nogaret | Atomic-scale plasticity in the presence of frank loops[END_REF]. Nogaret et al. [START_REF] Nogaret | Atomic-scale plasticity in the presence of frank loops[END_REF] identified eight possible non-equivalent configurations depending on the nature of the dislocation (edge or screw) and on the loop position with respect to the dislocation: SD/W+, SD/W-, ED/W+, ED/W-, SD/CS, ED/CS, SD/GP, and ED/GP. SD and ED are for screw dislocation and edge dislocation. The CS label indicates that the loop is in a cross-slip plane of the screw dislocation, W stands for when the first dislocation/loop contact occurs with a loop wedge, and the GP label means that the loop is in a plane parallel to the glide plane. The authors [START_REF] Nogaret | Atomic-scale plasticity in the presence of frank loops[END_REF] predicted three possible reactions called R1/R2, R3, and R4. The critical stresses for unpinning obtained by the authors depend on simulation parameters (temperature, strain rate, interatomic potential, simulation box size, defect size...) but are given to compare the different reactions on an indicative basis (Figure 1.20).

Figure 1.20 -Interaction matrix giving the type of reaction and the resistance for one and two edge or screw dislocations. Between parentheses are given, for the one dislocation cases, the corresponding barrier strength α and, for the two dislocation cases, the relative resistance variation when going from one to two dislocations [START_REF] Nogaret | Atomic-scale plasticity in the presence of frank loops[END_REF].

The R1/R2 reaction is a simple shear of the Frank loop. The critical stress for unpinning is found around 100 MPa. Depending on the configuration, steps can be predicted on the loop after the interaction. For CS reactions, the steps are only on the loop border, while for W reactions, steps (vacancy or interstitial type) are found all over the loop. If the steps are permanent, which happens in ED/CS configurations, the reaction is called R2.

The R3 reaction is a partial or total absorption of the loop followed by the glide of the dislocation. The critical stress for unpinning is found around 150 MPa. This reaction occurs for ED/W-and SD/CS configurations. For ED/W-configurations, the loop initially elastically repels the dislocation. With increasing stress, the dislocation interacts with the loop. However, due to the elastic repulsion, the dislocation is constricted and acquires a screw character locally. The screw segment cross-slips and absorbs the upper part of the loop while the bottom part stays unfaulted. This reaction is equivalent to a local climb of the dislocation. For SD/CS configurations, the dislocation cross-slips and dissociates in the loop plane, to either shear or unfault the loop.

The R4 reaction consists of the formation of a helical turn. The critical stress for unpinning is found around 300 MPa. It is the strongest reaction since helical turns cannot move in the glide direction. It occurs for SD/W configurations. For SD/W-configurations, the loop attracts the dislocation, which then cross-slips and removes the loop double stacking fault. This results in the absorption of the loop as a helical turn. The helical turn spreads on the entire length of the dislocation to reduce its length and thus its line tension energy. The dislocation is not in a CHAPTER 1. CONTEXT AND MOTIVATIONS particular {111} plane and is constricted on its entire length. As the stress increases, the helical turn closes. Once the dislocation unpins, it leaves the loop unfaulted (Figure 1.21). The SD/W+ configuration is less favorable to dislocation cross-slip. When the dislocation first interacts with the loop, the loop is sheared (R1 reaction). The new configuration is then equivalent to SD/W-(Figure 1.20). Figure 1.21 -Unpinning reaction of a helical turn [START_REF] Rodney | Molecular dynamics simulation of screw dislocations interacting with interstitial frank loops in a model fcc crystal[END_REF].

Interaction dislocation/SFT Dislocation interaction with SFT has been widely studied [START_REF] Lee | Molecular dynamics simulation of screw dislocation interaction with stacking fault tetrahedron in face-centered cubic cu[END_REF][START_REF] Yu N Osetsky | Atomic-scale details of dislocation-stacking fault tetrahedra interaction[END_REF][START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF][START_REF] Rodney | Atomic modeling of irradiation-induced hardening[END_REF][START_REF] Szelestey | Computational study of a screw dislocation interacting with a stacking-fault tetrahedron[END_REF][START_REF] Bd Wirth | Dislocation-stacking fault tetrahedron interactions in cu[END_REF][START_REF] Niewczas | Molecular dynamics studies of the interaction of a/6< 112> shockley dislocations with stacking fault tetrahedra in copper. part i: Intersection of sft by an isolated shockley[END_REF][START_REF] Saintoyant | Molecular dynamics study of the interactions between dislocation and imperfect stacking fault tetrahedron in cu[END_REF][START_REF] Yu N Osetsky | Dislocation-stacking fault tetrahedron interaction: what can we learn from atomic-scale modelling[END_REF][START_REF] Lee | Molecular dynamics simulation of the interaction between a mixed dislocation and a stacking fault tetrahedron[END_REF]. Osetsky et al. [START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF] identified four possible configurations in the case of screw and edge dislocations (Figure 1.22). SFT can take only two orientations with respect to the dislocation: the apex can point up or down. This results in two possible configurations for edge dislocations: ED/Up and ED/Down. Screw dislocations can either first interact with a face or an edge of the SFT. Osetsky et al. [START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF] investigated SFT with edge lengths between 1.75 to 4.1 nm.

Osetsky et al. [START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF] classified the SFT reactions with edge or screw dislocations in five categories. The first possible reaction, called the R1 reaction, consists of SFT shearing followed by a complete restoration of the SFT. Therefore, at the end of the interaction, both the dislocation and the SFT are unaltered. This is the most frequently predicted reaction. It can occur for the four configurations listed above, especially when the interaction occurs near the apex of the SFT. Moreover, the probability for the R1 reaction to occur increases when the temperature decreases and/or when the strain rate increases. If this reaction has an effect on hardening, it has no impact on clear bands formation.

For the second reaction, called R2, the SFT is sheared, but it is not restored. This reaction can occur for the four configurations. If multiple dislocations interact with the SFT, this can either lead to further SFT damage or complete restoration. Such a reaction was found by other authors [START_REF] Szelestey | Computational study of a screw dislocation interacting with a stacking-fault tetrahedron[END_REF][START_REF] Bd Wirth | Dislocation-stacking fault tetrahedron interactions in cu[END_REF].

The third reaction, R3, consists of partial SFT absorption by an edge dislocation for ED/down configurations only. The region between the glide plane and the SFT base is absorbed by the dislocation, leading to dislocation climb and the formation of three superjogs: two mobile and A partial and temporary absorption of an SFT by a screw dislocation is also sometimes predicted: it is the R4 reaction. It can occur for SD/Face configurations for all SFT sizes investigated. The reaction starts by dislocation constriction and cross-slip on the SFT face. The bottom part of the SFT is absorbed in a helical turn, leaving the SFT truncated. The dislocation then unpins from the helical turn through an Orowan process leaving a vacancy cluster with a complex geometrical shape behind. This mechanism was also found by Lee et al. [START_REF] Lee | Molecular dynamics simulation of screw dislocation interaction with stacking fault tetrahedron in face-centered cubic cu[END_REF]. The distance between the SFT and the vacancy cluster (along the Burgers vector direction) increases as the strain rate decreases.

The fifth interaction identified by Osetsky et al. [START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF] concerns the specific case where the (screw or edge) dislocation glide plane coincides with the SFT base. In this case, the SFT base plane can be displaced (along the Burgers vector or glide direction) to form a vacancy cluster. The distance between the SFT and the vacancy cluster does not depend on strain rate. This interaction was also found by Szelestey et al. [START_REF] Szelestey | Computational study of a screw dislocation interacting with a stacking-fault tetrahedron[END_REF].

Osetsky et al. [START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF] also investigated the effects of the simulation parameters on dislocation/SFT reactions. The authors found no impact of the selected interatomic potential on the nature of the reactions. However, a quantitative effect on the results can be found. The boundary conditions do not seem to affect the results. In a general way, the higher the temperature, or the lower the strain rate, the higher the damage on the SFT: reactions go from R1/R2 to R3/R4 types.

CHAPTER 1. CONTEXT AND MOTIVATIONS Szelestey et al. [START_REF] Szelestey | Computational study of a screw dislocation interacting with a stacking-fault tetrahedron[END_REF] studied the interaction of a screw dislocation with an SFT in the configuration where the dislocation glide plane is either just above the apex or just below the SFT base. The authors predicted that the dislocation bends, but no reaction occurs with the SFT. Therefore, the SFT remains unaltered.

Lee and Wirth [START_REF] Lee | Molecular dynamics simulation of the interaction between a mixed dislocation and a stacking fault tetrahedron[END_REF] studied the interaction of a mixed dislocation with an SFT in configurations that should lead to SFT collapse into a Frank loop as proposed by Kimura and Maddin [START_REF] Kimura | Lattice Defects in Quenched Metals: An International Conference Held at the Argonne National Laboratory[END_REF]. They identified four possible reactions. The mainly predicted reaction is SFT shearing (corresponding to R1/R2 reactions). A partial absorption of the SFT leading to a truncated SFT and the formation of a cluster was found (as in R3/R4 reactions). The third reaction is a simple bypass of the SFT when the glide plane is near the apex. The fourth reaction, and most interesting, is the temporary SFT destabilization leading to a truncated SFT without the apex (which resembles a Frank loop). However, this is temporary, and the SFT is then completely reconstructed.

The mainly predicted reactions in the literature are the R1/R2 reactions. This may be due to a higher likelihood of occurrence or simply to the high strain rates in MD calculations. The strain rates and dislocation velocities in MD are orders of magnitude higher than the experimentally measured values. This is one of the main drawbacks of MD calculations. Moreover, the time scale in molecular dynamics is very short (under 1 ns). Therefore, the simulations do not account for diffusion or thermally activated phenomena. Moreover, the interatomic potential, the boundary conditions, the simulation box size, and other simulation parameters should be carefully selected. Finally, the MD computational times are relatively long.

In summary, the dislocation/SFT reactions found in MD simulations are the following:

-SFT simple shear with or without restoration (R1/R2) [START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF][START_REF] Szelestey | Computational study of a screw dislocation interacting with a stacking-fault tetrahedron[END_REF][START_REF] Bd Wirth | Dislocation-stacking fault tetrahedron interactions in cu[END_REF] -Partial SFT absorption leading to the formation of a truncated SFT (conservation of the apex) and a vacancy cluster (R3/R4) [START_REF] Lee | Molecular dynamics simulation of screw dislocation interaction with stacking fault tetrahedron in face-centered cubic cu[END_REF][START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF][START_REF] Lee | Molecular dynamics simulation of the interaction between a mixed dislocation and a stacking fault tetrahedron[END_REF]] -SFT base plane being displaced if the glide plane coincides with the SFT base plane [START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF][START_REF] Szelestey | Computational study of a screw dislocation interacting with a stacking-fault tetrahedron[END_REF] -No effect on SFT when the dislocation glides slightly under or over the SFT [START_REF] Szelestey | Computational study of a screw dislocation interacting with a stacking-fault tetrahedron[END_REF].

-Temporary SFT destabilization (removal of the apex) followed by a complete restoration [START_REF] Lee | Molecular dynamics simulation of the interaction between a mixed dislocation and a stacking fault tetrahedron[END_REF].

Comparison between MD and TEM observations

Extensive studies of dislocation/SFT interaction were performed based on TEM experiments and MD simulations. As stated earlier, SFT generally observed during TEM in-situ straining experiments show ∼20 -50 nm edge size since they are generated by quenching, which is larger than the SFT generated under irradiation in copper (∼2 nm edge). This allows for a better spatial resolution of dislocation/SFT interactions. However, large SFT are less stable than smaller SFT [START_REF] Lee | Molecular dynamics simulation of the interaction between a mixed dislocation and a stacking fault tetrahedron[END_REF]. Therefore, the mechanisms observed experimentally may not be representative of in-reactor mechanisms. SFT simulated in MD are of a more appropriate size (∼1-4 nm), but, as mentioned earlier, the strain rates are orders of magnitude higher than the experimental strain rates. Moreover, the MD simulations do not account for diffusion effects due to the time scale limitations.

The partial absorption of the bottom part of the SFT by dislocations leaving a truncated SFT was predicted in MD simulations for screw, edge, and mixed dislocations [START_REF] Lee | Molecular dynamics simulation of screw dislocation interaction with stacking fault tetrahedron in face-centered cubic cu[END_REF][START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF][START_REF] Lee | Molecular dynamics simulation of the interaction between a mixed dislocation and a stacking fault tetrahedron[END_REF]. This phenomenon was also observed experimentally for different SFT sizes (∼10-50 nm edge) [START_REF] Matsukawa | Mechanisms of stacking fault tetrahedra destruction by gliding dislocations in quenched gold[END_REF][START_REF] Matsukawa | Dynamic observation of the collapse process of a stacking fault tetrahedron by moving dislocations[END_REF]. Experimentally, the collapse of an SFT into a triangular Frank loop was reported in several studies. However, this phenomenon was not predicted in MD simulations. Lee and Wirth [START_REF] Lee | Molecular dynamics simulation of the interaction between a mixed dislocation and a stacking fault tetrahedron[END_REF] suggested that this may be due to the large size of SFT in TEM experiments. Moreover, total incorporation of SFT in superjogs was observed experimentally [START_REF] Matsukawa | Destruction processes of large stacking fault tetrahedra induced by direct interaction with gliding dislocations[END_REF][START_REF] Matsukawa | Mechanisms of stacking fault tetrahedra destruction by gliding dislocations in quenched gold[END_REF], whereas only partial absorption was found in MD simulations [START_REF] Lee | Molecular dynamics simulation of screw dislocation interaction with stacking fault tetrahedron in face-centered cubic cu[END_REF][START_REF] Yu N Osetsky | Atomic-scale study of dislocationstacking fault tetrahedron interactions. part i: mechanisms[END_REF][START_REF] Lee | Molecular dynamics simulation of the interaction between a mixed dislocation and a stacking fault tetrahedron[END_REF]. Finally, a complete SFT annihilation 1.3. OVERVIEW OF IRRADIATION-INDUCED HARDENING IN COPPER without the formation of TEM visible defects was observed in TEM studies with small SFT (∼2 nm edge) [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF]. Such annihilation was not predicted in MD calculations. In conclusion, MD simulations can capture mechanisms similar to the one observed during the in-situ TEM straining experiment, especially the absorption of the bottom part of SFT and the truncation of SFT. However, other mechanisms are not captured, which may be due to the large SFT sizes in most experimental studies or to the high strain rates and small time scales in MD simulations.

In-situ TEM and large-scale MD calculations investigate the same length scale. Therefore, in principle, by reproducing the same conditions as during an in-situ experiment (except for strain rates), a direct comparison between mechanisms determined in-situ and in MD simulations is possible. Such a study was performed, for instance, by Osetsky et al. [START_REF] Yu N Osetsky | On the features of dislocationobstacle interaction in thin films: Large-scale atomistic simulation[END_REF] in copper. The authors studied the interaction between a screw dislocation and an SFT in a thin film. They showed that the nearby free surfaces change the screw dislocation/SFT interaction mechanism for sufficiently thin specimens and sufficiently high temperatures. The dislocation undergoes multiple cross-slips on the SFT and free surfaces and partially absorbs the SFT, thus forming edge segments. Due to their high mobility, these edge segments glide to the surface, thereby transporting the SFT initial segments to the surface. Such a combination of experiments and MD calculations shed light on the differences between bulk material and thin-film experiments. CHAPTER 1. CONTEXT AND MOTIVATIONS

Overview of helium bubble induced hardening

Helium generated under irradiation leads to the formation of bubbles, thus inducing the strengthening of the material. This section is divided into two parts. First, an overview of helium radiation hardening is presented. Then, a review of the fundamental mechanisms of dislocation/helium bubble interaction is given.

Main experimental observations

Most helium-induced hardening studies were performed using helium implantation with high fluxes combined with micro-mechanical testing, given the limited penetration of helium atoms (from a few hundred nanometers to a few microns) [START_REF] Li | Radiation-induced helium bubbles in metals[END_REF]. Several small-scale testing methods were used on helium implanted specimens: nanoindentation [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Zhang | Size-dependent he-irradiated tolerance and plastic deformation of crystalline/amorphous cu/cu-zr nanolaminates[END_REF][START_REF] Roldán | Nanoindentation and tem to study the cavity fate after post-irradiation annealing of he implanted eurofer97 and eu-ods eurofer[END_REF][START_REF] Knapp | Hardening by bubbles in he-implanted ni[END_REF][START_REF] Hu | Abundant free surface in nanoporous copper films enhancing tolerance against helium ion irradiation[END_REF][START_REF] Jiang | Bubbles and precipitates formation and effects on the hardening of irradiated vanadium alloys[END_REF][START_REF] Villacampa | Helium bubble evolution and hardening in 316l by post-implantation annealing[END_REF], in-situ straining experiments inside a scanning electron microscope (SEM) [START_REF] Reichardt | In situ micro tensile testing of he+ 2 ion irradiated and implanted single crystal nickel film[END_REF][START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF][START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] or inside a transmission electron microscope [START_REF] Ding | Nanobubble fragmentation and bubble-free-channel shear localization in helium-irradiated submicron-sized copper[END_REF][START_REF] Ding | Radiation-induced helium nanobubbles enhance ductility in submicron-sized single-crystalline copper[END_REF][START_REF] Li | Helium bubbles enhance strength and ductility in small-volume al-4cu alloys[END_REF][START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF][START_REF] Han | In situ study of deformation twinning and detwinning in helium irradiated small-volume copper[END_REF][START_REF] Han | Cracking behavior of heliumirradiated small-volume copper[END_REF].

Knapp et al. [START_REF] Knapp | Hardening by bubbles in he-implanted ni[END_REF] compared self-ion irradiation and helium implantation in nickel for a similar damage level using nanoindentation. They found that helium implanted nickel was five times harder than pristine nickel, whereas self-ion irradiation only increases the hardness by a factor of two. Therefore, the helium implantation strengthening can only be explained by the presence of helium bubbles.

Helium-induced strengthening is commonly attributed to the impeding of dislocation glide by helium bubbles. As for solid particles, the dislocation bows around the bubble with increasing stress, to finally unpin once the critical shear stress is reached [START_REF] Knapp | Hardening by bubbles in he-implanted ni[END_REF][START_REF] Villacampa | Helium bubble evolution and hardening in 316l by post-implantation annealing[END_REF][START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF][START_REF] Yu N Osetsky | Atomic modelling of strengthening mechanisms due to voids and copper precipitates in α-iron[END_REF][START_REF] Yu | Atomic-scale mechanisms of void hardening in bcc and fcc metals[END_REF][START_REF] Yu | Atomic-scale mechanisms of void hardening in bcc and fcc metals[END_REF]. However, the detail pinning mechanism may differ from solid particles since the dislocations would be stopped within the bubble rather than outside the solid particle [START_REF] Knapp | Hardening by bubbles in he-implanted ni[END_REF]. Helium bubbles may act as obstacles for dislocation glide through three mechanisms: (1) effective binding resulting from the reduction in dislocation strain energy, (2) binding due to the absence of core energy when the dislocation goes through the bubble, and (3) energy barrier to the formation of a surface step when the dislocation cuts the bubble [START_REF] Knapp | Hardening by bubbles in he-implanted ni[END_REF].

As for irradiation-induced defects, helium bubble hardening is very often described with the dispersed barrier hardening model (Eq. 1.1) [START_REF] Seeger | Proc. second intern. conf. peaceful uses of atomic energy[END_REF][START_REF] Knapp | Hardening by bubbles in he-implanted ni[END_REF][START_REF] Jiang | Bubbles and precipitates formation and effects on the hardening of irradiated vanadium alloys[END_REF][START_REF] Villacampa | Helium bubble evolution and hardening in 316l by post-implantation annealing[END_REF][START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF][START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF]. Another way to characterize the strength of an obstacle is through the critical angle for dislocation break-away ϕ c (also called the half-cusp angle) [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF][START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF]. The critical angle is defined as the angle between the two arms of the dislocation, at a given obstacle, just before the unpinning of the dislocation (Figure 1.23). The lower the obstacle strength α, the larger the critical angle. The angle ϕ c is linked to the CRSS as follows [START_REF] Uf Kocks | Dislocation[END_REF]:

∆τ = µb 2πL ln( L r c ) cos(ϕ c ), (1.3) 
with µ the shear modulus, b the dislocation Burgers vector, r c the bubble radius, and L the average spacing of obstacles along the dislocation line.

The average planar obstacle spacing L s is linked to the average spacing of obstacles along a dislocation L through Friedel expression [START_REF] Friedel | [END_REF]: Since helium bubbles are often described as weak obstacles (α< 0.25), the Friedel Kroupa Hirsch (FKH) model is also considered in some studies to account for bubble hardening (given a bubble size d and density N ) [START_REF] Villacampa | Helium bubble evolution and hardening in 316l by post-implantation annealing[END_REF][START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF][START_REF] Steven | Observation and analysis of defect cluster production and interactions with dislocations[END_REF]:

L = L s cos(ϕ c ) . ( 1 
∆τ = 1 8 µbdN 2/3 . (1.6) 
Table 1.1 summarizes helium bubble strengths obtained for copper and some other materials for different helium contents.

Dose effects

Dose effects on yield strength Yield strength and ultimate tensile strength increase with increasing dose [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Knapp | Hardening by bubbles in he-implanted ni[END_REF][START_REF] Reichardt | In situ micro tensile testing of he+ 2 ion irradiated and implanted single crystal nickel film[END_REF][START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF]. For helium-induced damage between 0.4 and 4 dpa in nickel at room temperature, Reichardt et al. [START_REF] Reichardt | In situ micro tensile testing of he+ 2 ion irradiated and implanted single crystal nickel film[END_REF] observed a linear dependency of yield strength with dose (∼ 230 -240 MPa/dpa). The authors attributed this linear dependency (instead of the usual square root dependency) to the low doses and the room temperature.

Implications for helium bubble superlattices Wang et al. [START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF] investigated the effect of a helium bubble superlattice on ordinary dislocation plasticity and deformation twinning (involving partial dislocations) over a range of implantation doses (2×10 17 and 1×10 18 ions/cm 2 ) in single copper nanopillars. The authors found that helium implanted specimens always exhibited higher flow stress and smoother plastic flow than pristine specimens. When ordinary dislocation plasticity is activated, the initial periodic arrangement of bubbles is disordered due to the random dislocation motion and the interaction of bubbles with different slip systems. When deformation twinning is activated, when the host crystal exhibits twinning, so does the bubble superlattice. The authors also observed that twin nucleation occurs at lower CRSS for helium implanted copper than pristine copper, but twin propagation was easier for the pristine copper. They also estimated the barrier strength α for both ordinary dislocation dominated plasticity and deformation twinning dominated plasticity, respectively, at 0.05 (2 × 10 17 ions/cm 2 ), and 0.06 and 0.1 (2 × 10 17 and 1 × 10 18 ions/cm 2 ). CHAPTER 1. CONTEXT AND MOTIVATIONS C, and 500 • C using nanoindentation. As shown in Figure 1.24, for room temperature and 200 • C implantation, the yield strength varies linearly with (helium concentration) 1/3 . For 500 • C implantation, the yield strength falls under this line. The authors explain the linear dependency at lower temperatures as follows. At these temperature and helium doses, all bubbles are approximately of the same size (1.1±0.2 nm). Therefore, the number of helium atoms in each bubble is approximately the same. Therefore, bubble density is proportional to the helium concentration. The number of bubbles per unit length along a dislocation is thus proportional to (helium concentration) 1/3 . Using the dispersed barrier hardening model (Eq. 1.1 and 1.2), the predicted yield stress is proportional to (helium concentration) 1/3 .

Grain size effects

Guo et al. [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] studied 0.35 at.% helium implantation hardening effect on copper nanocrystals. The authors observed an increase in hardness of around 30% in comparison with pristine copper. The half-cusp angle ϕ c is estimated at around 77 • . Kiener et al. [START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF], for similar pillar sizes and damage as in Ref. [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF], observed a size-dependent yield stress after 0.8 dpa proton irradiation (see Section 1.3.1.3 for more details). However, as shown by Figure 1.25, no effect of the grain size on the yield stress was observed in the case of helium implanted copper [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF]. Guo et al. [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] explained this difference by the difference in defect nature (SFT for proton irradiation and bubbles for helium implantation) and in spacing between the single-arm dislocation sources. For 120 nm diameter pillars, SFT spacing (∼ 40-55.7 nm) was larger than the pinned length of single-arm dislocation source (∼ 8 nm) [START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF], whereas helium bubble spacing was smaller (∼ 15.1 nm) than single-arm dislocation source lengths (∼ 15 nm) [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF]. Therefore, for helium implanted Wei et al. [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] investigated helium bubble strengthening effects in nanocrystalline pure Ag films after 1 × 10 17 cm 2 helium implantation at room temperature. The authors observed no increase in hardness after helium implantation. They attributed this phenomenon to grain size effects since the Ag films had nanoscale grains (∼ 80 nm). In nanocrystalline metals, the dominant deformation mechanisms are reported to be grain boundary sliding and the emission of dislocations that travel through the grain without interacting with other dislocation or multiplying [START_REF] Yamakov | Dislocation processes in the deformation of nanocrystalline aluminium by molecular-dynamics simulation[END_REF][START_REF] Schiøtz | A maximum in the strength of nanocrystalline copper[END_REF][START_REF] Van Swygenhoven | Stacking fault energies and slip in nanocrystalline metals[END_REF]. The authors observed large bubbles (∼ 20 nm) at grain boundaries, which is related to grain boundaries acting as sinks for helium atoms. In the grain interior, smaller CHAPTER 1. CONTEXT AND MOTIVATIONS bubbles are observed. The small bubbles impede dislocation glide, which results in material strengthening. However, the larger bubbles at grain boundaries may lead to grain boundary sliding and dislocation emission and thus to material softening. Therefore, the net result of these competing bubble-induced mechanisms may explain the absence of post helium implantation hardening. This shows that, for nanocrystalline metals, the helium-induced hardening may be suppressed.

Ding et al. [START_REF] Ding | Radiation-induced helium nanobubbles enhance ductility in submicron-sized single-crystalline copper[END_REF] studied the mechanical behavior of 200 keV He implanted single-crystal copper nanopillars at 450 • C (∼ 3-8 at. % helium). The authors observed a higher yield strength of the helium implanted specimen in comparison with their pristine counterparts, as well as an enhanced ductility. This enhanced ductility contrasts with the usual loss in ductility and embrittlement caused by the accumulation of large bubbles at grain boundaries reported for helium implanted materials [START_REF] Li | Radiation-induced helium bubbles in metals[END_REF]. Ding et al. [START_REF] Ding | Radiation-induced helium nanobubbles enhance ductility in submicron-sized single-crystalline copper[END_REF] explained this enhanced ductility by different factors. First, the helium implanted specimen contained sub-10 nm bubbles (mean bubble diameter of 6.6 nm) that acted as more active dislocation sources than the nanopillar surface and corner. The bubbles also act as obstacles for dislocation glide, inducing more dislocation storage than pristine material, which prevents dislocation avalanches and allows for a more diffuse deformation. With increasing deformation, helium bubbles growth and coalescence occur, leading to a final fracture. The helium-induced loss in ductility and embrittlement is due to bubble growth and coalescence. The presence of grain boundaries or an increase in single-crystal grain size increase the probability for localized helium bubble coalescence. This explains the initially good stability during plastic deformation of sub-micron single-crystal helium implanted copper. The same observations were made for Al-4Cu alloy [START_REF] Li | Helium bubbles enhance strength and ductility in small-volume al-4cu alloys[END_REF].

Dislocation/bubble interaction mechanisms

Contributions of Transmission Electron Microscopy

The interaction of dislocations with bubbles can be studied through in-situ straining experiments on helium implanted thin foils. Robertson et al. [START_REF] Robertson | Dislocation interactions with voids and helium bubbles in fcc metals[END_REF] performed a 30 keV He implantation on copper foils at 500 • C up to a dose of 6.76 × 10 15 ions/cm 2 . The authors investigated the interaction of dislocations with ∼ 6 nm bubbles in copper with an internal bubble pressure of 60 MPa and found an average critical stress of 113 MPa.

The effect of helium on plastic deformation can also be investigated through novel techniques, such as push-to-pull samples [START_REF] Ding | Nanobubble fragmentation and bubble-free-channel shear localization in helium-irradiated submicron-sized copper[END_REF][START_REF] Han | In situ study of deformation twinning and detwinning in helium irradiated small-volume copper[END_REF], nanopillars under compression strains [START_REF] Li | Helium bubbles enhance strength and ductility in small-volume al-4cu alloys[END_REF][START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF][START_REF] Han | In situ study of deformation twinning and detwinning in helium irradiated small-volume copper[END_REF], and tensile specimens using the Hysitron® PI95 TEM PicoIndenter [START_REF] Li | Helium bubbles enhance strength and ductility in small-volume al-4cu alloys[END_REF]. These techniques allow for both in-situ TEM characterization as well as stress-strain curve extractions. Ding et al.

[102] examined 6.6 nm diameter bubble evolution in pure copper under tensile deformation using a push-to-pull design. The authors observed that, under deformation, bubbles can elongate and coalesce with other bubbles. Bubbles can also split into several nanoscale bubbles. This leads to the formation of bubble-free channels, which is a novel micro-damaging mechanism in helium implanted copper. Han et al. [START_REF] Han | In situ study of deformation twinning and detwinning in helium irradiated small-volume copper[END_REF] also revealed a new twinning-untwinning deformation mechanism in helium implanted copper nanopillars under compression.

Contributions of molecular dynamics

Robertson et al. [START_REF] Robertson | Dislocation interactions with voids and helium bubbles in fcc metals[END_REF] performed a preliminary study on the interaction of an edge dislocation with a 2.6 nm diameter bubble in aluminum (FCC) with different helium to vacancy ratio (He/V): 0 (void), 0.5, 1, 2. For under-pressurized bubbles (helium/lattice ratio < 1), the bubble is sheared by the dislocation (leaving a step on the helium bubble of length equal to the dislocation Burgers vector). At the beginning of the interaction, the dislocation segment locally annihilates on the bubble surface to re-form after the interaction. The authors found that the critical shear stress for a 0.5 He/V ratio is approximately around 35 MPa, which is above the shear stress 1.4. OVERVIEW OF HELIUM BUBBLE INDUCED HARDENING obtained for a void (< 25 MPa). For higher pressure helium bubbles, as mentioned in Section 1.2.2.2, the high pressure induces the formation of self-interstitial clusters around the bubble. Robertson et al. [START_REF] Robertson | Dislocation interactions with voids and helium bubbles in fcc metals[END_REF] found that when a dislocation interacts with high-pressure bubbles, it absorbs the interstitial clusters, thus inducing the formation of superjogs. Therefore, for higher pressure helium bubbles, the dislocation unpinning process involves both bubble shearing and the formation of superjogs.

Extensive work has been done on dislocation interaction with helium bubbles in iron (BCC) [START_REF] Schäublin | Effect of helium on irradiation-induced hardening of iron: A simulation point of view[END_REF][START_REF] Sm | Molecular dynamics modeling of cavity strengthening in irradiated iron[END_REF][START_REF] Sm | Influence of the stress field due to pressurized nanometric he bubbles on the mobility of an edge dislocation in iron[END_REF][START_REF] Yuri | Atomic-scale mechanisms of helium bubble hardening in iron[END_REF]. Osetsky et al. [START_REF] Yuri | Atomic-scale mechanisms of helium bubble hardening in iron[END_REF] investigated the interaction of edge dislocations with 1-6 nm diameter bubbles in iron, mostly for 0-1 helium to vacancy ratio but also for more over-pressurized bubbles. For He/V < 1, the interaction mechanism of dislocations with bubbles is very similar to that of voids. As for voids, it occurs in 5 steps (Figure 1.26.a). First, the edge dislocation glides in the crystal (step 1). Then, the dislocation is strongly attracted by the bubble (step 2). When the dislocation comes into contact with the bubble, it loses a segment. When this segment is at its longest (step 3), the dislocation is at its minimum energy state (zero stress). With further straining, the dislocation bows and glides over the surface of the bubble, creating a step on the outer surface of the bubble. Just before unpinning, the dislocation is strongly curved (step 4): the obstacle is thus considered to be strong. At this point, the dislocation presents a long dipole of screw segments separated by an angle of nearly zero. The dislocation is then released (step 5). Figure 1.26.b represents the CRSS evolution with He/V ratio for the various bubble sizes investigated. As for voids (He/V = 0), the CRSS is highly dependent on bubble size. On the contrary, the CRSS evolution with He/V is weak (at least up to 0.8). The lower CRSS in the case of an He/V ratio of 1 in comparison with 0 can be explained in terms of a difference in vacancy absorption by the dislocation. For a void, the dislocation unpins at CRSS when the dislocation is able to climb by absorbing vacancies from the void. However, as the He/V ratio increases, the number of absorbed vacancies decreases. At a ratio equal to one, the dislocation even climbs through atom absorption. This mechanism, although not well understood, induces a decrease in CRSS. For higher pressure bubbles (He/V = 2), a completely different interaction mechanism was found by Osetsky et al. [START_REF] Yuri | Atomic-scale mechanisms of helium bubble hardening in iron[END_REF]. Before the interaction, during the equilibration phase in the MD CHAPTER 1. CONTEXT AND MOTIVATIONS calculation, the bubble went from a spherical shape to a more complex shape. However, no interstitials were initially punched by the bubble. As the dislocation glided toward the bubble, an interstitial cluster was emitted from the bubble. This cluster attracted the dislocation, which led to the creation of a superjog that was then repelled by the bubble. With further straining, the dislocation entered in contact with the bubble. However, unlike with less pressurized bubbles, the contact was not in the middle plane of the deformed bubble but rather on the periphery of the bubble due to the superjog. Therefore, the dislocation only partially sheared the bubble, leading to a drop in CRSS of around 40%.

However, beyond a helium to vacancy ratio of 2, Schäublin et al. [START_REF] Schäublin | Effect of helium on irradiation-induced hardening of iron: A simulation point of view[END_REF] found an increase in bubble resistance with increasing helium content (Figure 1.27). The authors attributed this phenomenon to loop punching by the bubble. Osetsky et al. [START_REF] Yuri | Atomic-scale mechanisms of helium bubble hardening in iron[END_REF] suggested that in this case, the bubble may punch out interstitial clusters before any interaction with the dislocation, which may lead to different interaction mechanisms between the dislocation and the bubble. For an He/V ratio of 5, Schäublin et al. [START_REF] Schäublin | Effect of helium on irradiation-induced hardening of iron: A simulation point of view[END_REF] predicted short dislocation segment punching during the relaxation MD phase preceding straining.

Parameters such as temperature and inter-atomic potential may affect the CRSS values. However, they do not seem to qualitatively impact the nature of the interaction mechanisms described above [START_REF] Sm | Influence of the stress field due to pressurized nanometric he bubbles on the mobility of an edge dislocation in iron[END_REF].

Schäublin et al. [START_REF] Schäublin | Effect of helium on irradiation-induced hardening of iron: A simulation point of view[END_REF] also studied the effect of helium in solid solution on a gliding edge dislocation in iron for helium contents between 0.1 and 1 at. %. Little impact of helium was found.

Figure 1.27 -MD simulated critical stresses and strains for the interaction of an edge dislocation with a 2 nm diameter bubble for different helium bubble contents [START_REF] Schäublin | Effect of helium on irradiation-induced hardening of iron: A simulation point of view[END_REF].

To our knowledge, no study was performed on the interaction of dislocations with helium bubbles in copper. However, for iron and aluminum and for He/V ratios under 1, the interaction between bubbles and edge dislocations was similar to that of voids. Moreover, the equilibrium He/V ratio at room temperature for 2-5 nm diameter bubbles in iron is around 0.4-0.7, motivating the choice to investigate low He/V ratios [START_REF] Yuri | Atomic-scale mechanisms of helium bubble hardening in iron[END_REF]. Li et al. [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF] estimated around 0.83 the He/V ratio in 7 at. % helium implanted copper. Therefore, knowing the interaction between dislocations and voids, at least for a low He/V ratio, can shed light on dislocation bubble interaction mechanisms in copper. Osetsky et al. [START_REF] Yu | Atomic-scale mechanisms of void hardening in bcc and fcc metals[END_REF] compared void hardening in iron and copper.

OVERVIEW OF HELIUM BUBBLE INDUCED HARDENING

The interaction of an edge dislocation and a void was investigated at different temperatures (0 to 600 K), void sizes (∼ 1-8 nm), and strain rates. The authors found that there is a difference in unpinning mechanism from voids for copper and iron due to the dissociation in Shockley partials of dislocations in copper. For iron, one unpinning mechanism is determined (Figure 1.26.a), whereas two mechanisms are predicted in copper depending on the void size. For small voids (< 4 nm), each partial breaks away independently from the void, leading to a smaller CRSS than for iron for the same void sizes (Figure 1.28.a). For larger voids (> 4 nm), the break-away occurs in a single process (Figure 1.28.b). However, the resulting CRSS is higher than that for iron due to the high Peierls stress of a partial dislocation with a line direction that makes an angle of 90 • with its Burgers vector. 

Overview of irradiation creep

In the first operating nuclear reactors, the fissionable and structural materials underwent creep deformations orders of magnitudes higher than those expected from thermal creep at the operating temperatures [START_REF] Garner | Chapter 6:" irradiation performance of cladding and structural steels in liquid metal reactors[END_REF]. This phenomenon, called irradiation creep, was then widely investigated during the following decades, up to the 1980s [START_REF] Onimus | Irradiation creep in materials[END_REF]. This section gives a brief macroscopic description of irradiation creep for structural materials, followed by a presentation of some of the proposed underlying creep mechanisms. Irradiation creep is a phenomenon that occurs under constant applied stress and irradiation. It can occur at temperatures for which thermal creep is negligible (T < 0.3 T m ). At these relatively low temperatures, the irradiation creep strain rates are orders of magnitude higher than the thermal creep strain rates of unirradiated specimens (Figure 1.29). At high temperature (T > 0.5 T m ), irradiation creep becomes negligible compared to thermal creep [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF].

At given applied stress and temperature, irradiation creep can be divided into two phases: -Primary creep transient, which generally occurs at faster creep rates than secondary creep (Figure 1.29). Depending on the materials, it can be relatively large or even absent [START_REF] Onimus | Irradiation creep in materials[END_REF]. -Secondary steady-state creep during which the creep rate is constant. Secondary irradiation creep deformation can be described in the most general form as a power law of the applied stress σ app , multiplied by a power law of the neutron flux Φ multiplied by a thermal activation Arrhenius term [START_REF] Onimus | Irradiation creep in materials[END_REF]:

ε = K 0 σ app n Φ p exp( Q k B T ), (1.7) 
where K 0 is a constant, Q is the activation energy, T is the temperature, and k B is the Boltzmann constant.

Irradiation creep is nearly athermal, and the dependence on the flux is often considered linear. Moreover, for low to moderate applied stresses, the stress exponent n is often close to 1. For CHAPTER 1. CONTEXT AND MOTIVATIONS higher stresses, higher stress exponents are found (Figure 1.30). Therefore, for low to moderate applied stresses, Eq. 1.7 often reduces to:

ε = B 0 σ app Φ, (1.8) 
where B 0 is a factor that can depend on temperature and is often referred to as irradiation creep compliance.

At high temperatures, swelling becomes important (see Section 1.2.2.2). This enhances the irradiation creep deformation. To account for this phenomenon, the creep compliance is often modified as follows:

ε = (B 0 + D s Ṡ)σ app Φ, (1.9) 
with D s the irradiation creep-swelling coupling coefficient, and Ṡ the swelling rate, which depends on the variation in specimen volume V :

Ṡ = d( ∆V V ) dΦ .
(1.10) Austenitic stainless steels are used as structural components and fuel cladding tubes in SFRs, and as internal structures in LWRs. In PWRs, vessel internal components are made of either 304L or 316L austenitic stainless steels [START_REF] Onimus | Irradiation creep in materials[END_REF]. For instance, in the inferior internals, the bolts are made of 316L SS. The operating temperatures are between 280 • C and 380 • C [START_REF] Garnier | Relaxation and irradiation creep of pwr baffle bolt materials[END_REF]. Near 1.5. OVERVIEW OF IRRADIATION CREEP the reactor core, internal vessel components undergo large neutron fluxes. Irradiation-induced stress relaxation of bolts can lead to torque reduction, thus impeding these components from performing their design function.

Ni-based alloys are used as specialized components in conventional light and heavy water reactors. For instance, these alloys are used in bolts, springs, and spacer grids in the fuel assemblies. Irradiation creep deformation can be detrimental for these components since it may lead, for instance, to a decrease in torque for bolts and to a relaxation in spring tension. In addition, the irradiation-induced stress relaxation in these components can make the fuel rods more sensitive to vibrations. This is an even more serious issue for CANDU reactors, given the high thermal neutron flux and long duration of operation for these reactors [START_REF] Onimus | Irradiation creep in materials[END_REF].

Ferritic and martensitic steels are considered to be the leading candidate materials for fuel cladding and wrappers in SFRs and for structural materials in future fusion reactors [START_REF] Onimus | Irradiation creep in materials[END_REF]. It is, therefore, of the utmost importance to well characterize their irradiation creep behavior.

Graphite is used in graphite-moderated reactors. Unlike the materials presented above, irradiation-induced stress relaxation in graphite is advantageous. Without irradiation creep, internal stresses would build up in graphite to ultimately surpass graphite strength, leading to component failure [START_REF] Onimus | Irradiation creep in materials[END_REF].

Overview of the usual irradiation creep investigation techniques

Different techniques have been used to investigate irradiation creep either under neutron or ion irradiation [START_REF] Onimus | Irradiation creep in materials[END_REF]. In this section, some techniques are listed and briefly described.

In-reactor experiments

Many in-reactor experimental techniques are used to investigate irradiation creep [START_REF] Onimus | Irradiation creep in materials[END_REF][START_REF] Garner | Chapter 6:" irradiation performance of cladding and structural steels in liquid metal reactors[END_REF][START_REF] Dr Harries | Irradiation creep in non-fissile metals and alloys[END_REF][START_REF] Wa Coghlan | Review of recent irradiation creep results[END_REF]. For example, helical tension springs, or dead weight loaded springs, are used to investigate irradiation creep. One of the main advantages is that these experiments allow for multiple simultaneous experiments even at large strains. However, for such experiments, the metallurgical conditions are often different from that of in-reactor materials. There is also a limited control of irradiation temperature. Moreover, the frequency of the measurements depends on reactor shut-downs.

Another way to measure irradiation creep deformation is through internally pressurized small tubes. One of the major advantages of these experiments is that the specimen is under biaxial stress, as it is the case for in-reactor components such as fuel cladding. Moreover, as for helical springs, many simultaneous experiments can be performed. However, there are some drawbacks: the limited temperature control, a microstructure often different from that of in-reactor materials, and an interval of time between measurements that depends on reactor shut-downs.

Stress relaxation experiments are also performed using bent strips. Thanks to the small size of the specimen, many experiments can be performed simultaneously. However, for such experiments, the strains are limited to elastic deflection. The accuracy of the measurements is questionable, especially for prolonged in-reactor specimens, and the frequency of the measurements depends on reactor shut-downs.

Uniaxial tensile tests in instrumented rigs can also be used to investigate irradiation creep. They allow for strain measurements in controlled conditions (temperature, stress). Moreover, the specimen can be machined from real in-reactor materials to represent the microstructure better. However, these instrumented platforms are expensive and are limited to very few simultaneous experiments.

Finally, it is also possible to measure irradiation creep directly on actual reactor components to get the most representative mechanical behavior of in-reactor components. However, the experimental conditions are poorly controlled, and accurate measurements are often difficult to obtain.

From the various in-reactor experiments performed to date, creep parameters were extracted for different materials (stress exponent, flux exponent, activation energy) [START_REF] Onimus | Irradiation creep in materials[END_REF]. However, such experiments have long durations, need expensive equipment, are difficult and costly to implement, and induce the activation of the materials, which complicates specimen handling [START_REF] Dr Harries | Irradiation creep in non-fissile metals and alloys[END_REF].

Experiments under light ions

An alternative to in-reactor irradiation creep experiments is to couple small-scale mechanical testing and light ion irradiation (few MeV protons or helium). Unlike neutrons that have a large mean free path, enabling the use of bulk specimens, light ions have a more limited penetration depth. Therefore, the specimens must have a low thickness (∼ 100 microns). However, light ions have a much higher damage rate than neutrons, allowing for accelerated tests. Specific experimental apparatus to deform materials under high-energy light ion flux were developed [START_REF] Hendrick | Simulation of irradiation-induced creep in nickel[END_REF][START_REF] Ja Hudson | The irradiation creep of nickel and aisi 321 stainless steel during 4 mev proton bombardment[END_REF][START_REF] Blanchard | Etude du flu age sous irradiation par des particules α d'aciers inoxydables austenitiques type 316 (17% cr-13% ni-2% mo)[END_REF][START_REF] Peter | Light ion irradiation creep apparatus[END_REF][START_REF] Ek Opperman | Proton simulation of irradiationinduced creep[END_REF][START_REF] Jung | An apparatus for applying tensile, compressive and cyclic stresses on foil specimens during light ion irradiation[END_REF][START_REF] Xu | In situ proton irradiation creep of ferritic-martensitic steel t91[END_REF].

Light ion irradiation has, however, a few drawbacks. First, light ions do not simulate well neutron damage [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF]. Moreover, the damage rate is limited to 10 -5 dpa/s due to a high electron excitation to damage ratio. Therefore, the total damage is limited to around 1 dpa [START_REF] Sriram | High temperature irradiation induced creep in ag nanopillars measured via in situ transmission electron microscopy[END_REF]. Finally, high energy (> 2 MeV) light ion irradiation experiments induce the activation of matter.

Experiments under heavy ions

An alternative approach is to use heavy ions, which better simulate neutron damage [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF] and do not activate matter. However, heavy ions have an even more limited penetration depth than light ions: the specimen thicknesses are limited from a few hundred nanometers to few microns (< 5 µm) [START_REF] Sriram | High temperature irradiation induced creep in ag nanopillars measured via in situ transmission electron microscopy[END_REF][START_REF] Tai | Irradiation-induced creep in nanostructured cu alloys[END_REF][START_REF] Tai | Temperature dependence of irradiation-induced creep in dilute nanostructured cu-w alloys[END_REF][START_REF] Sezer Özerinç | In situ creep measurements on micropillar samples during heavy ion irradiation[END_REF][START_REF] Sezer Özerinç | Direct measurements of irradiation-induced creep in micropillars of amorphous cu56ti38ag6, zr52ni48, si, and sio2[END_REF][START_REF] Sezer Özerinç | In situ measurements of irradiation-induced creep of nanocrystalline copper at elevated temperatures[END_REF][START_REF] Lapouge | A novel on chip test method to characterize the creep behavior of metallic layers under heavy ion irradiation[END_REF][START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF][START_REF] Shen J Dillon | Irradiation-induced creep in metallic nanolaminates characterized by in situ tem pillar nanocompression[END_REF][START_REF] Sriram | Irradiation induced creep in nanocrystalline high entropy alloys[END_REF][START_REF] Mayr | Effect of ion bombardment on stress in thin metal films[END_REF].

Tai et al. [START_REF] Tai | Irradiation-induced creep in nanostructured cu alloys[END_REF][START_REF] Tai | Temperature dependence of irradiation-induced creep in dilute nanostructured cu-w alloys[END_REF] studied irradiation creep on thin films prepared by photolithography sealed to a sample holder. Irradiation was performed on one side of the specimen, while gas pressure was applied on the other side. The sample deflection was measured by a laser interferometer (Figure 1.31.a). Özerinç et al. [START_REF] Sezer Özerinç | In situ creep measurements on micropillar samples during heavy ion irradiation[END_REF][START_REF] Sezer Özerinç | Direct measurements of irradiation-induced creep in micropillars of amorphous cu56ti38ag6, zr52ni48, si, and sio2[END_REF][START_REF] Sezer Özerinç | In situ measurements of irradiation-induced creep of nanocrystalline copper at elevated temperatures[END_REF] developed an irradiation creep device for which a nanopillar is under compression and under ion beam. The displacement is also measured by an interferometric laser (Figure 1.31.b). Micropillar compression was also used combined with laser heating and in-situ TEM microscopy [START_REF] Sriram | High temperature irradiation induced creep in ag nanopillars measured via in situ transmission electron microscopy[END_REF][START_REF] Shen J Dillon | Irradiation-induced creep in metallic nanolaminates characterized by in situ tem pillar nanocompression[END_REF]. Jawaharram et al. [START_REF] Sriram | Irradiation induced creep in nanocrystalline high entropy alloys[END_REF] performed irradiation creep experiments using a three-point bending technique on cantilever beams fabricated from thin films (Figure 1.31.c). Finally, Lapouge et al. [START_REF] Lapouge | A novel on chip test method to characterize the creep behavior of metallic layers under heavy ion irradiation[END_REF][START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF] used an on-chip MEMS-based test method to investigate irradiation creep. This on-chip technique is presented in detail in Chapter 2. 

Main experimental results on copper

Few studies were performed on irradiation creep in copper [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF][START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Jung | A correlation between irradiation creep strength and yield stress of fcc metals and alloys[END_REF][START_REF] Tai | Irradiation-induced creep in nanostructured cu alloys[END_REF][START_REF] Sezer Özerinç | In situ measurements of irradiation-induced creep of nanocrystalline copper at elevated temperatures[END_REF][START_REF] Lapouge | A novel on chip test method to characterize the creep behavior of metallic layers under heavy ion irradiation[END_REF][START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF][START_REF] Warren F Witzig | Creep of copper under deuteron bombardment[END_REF][START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF][START_REF] Gowtham | In situ tem measurements of ion irradiation induced creep[END_REF].

The first irradiation creep study on copper was performed by Witzig in 1952 with deuteron ions at 69 MPa and 260 • C [START_REF] Warren F Witzig | Creep of copper under deuteron bombardment[END_REF]. No enhancement of the deformation rate in comparison with thermal creep was observed. This can be explained by the low damage rate (10 -8 dpa/s) [START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF].

Jung [START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF] studied irradiation creep on 20% cold-work high purity copper foils under 6.2 MeV proton irradiation under tensile stresses between 20 and 70 MPa and temperatures between 100 and 200 • C. The displacement rates were between 0.7-3.5×10 -6 dpa/s. The grain size was around 25 µm. The authors observed two regimes. At 150 • C, for stresses below 50 MPa, they found a linear dependence with stress with an irradiation creep compliance of 6.2 × 10 -11 Pa -1 dpa -1 , similar to other FCC materials [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF]. At stresses over 50 MPa, the creep rate showed a power law relation with a stress exponent of 4. This transition is explained in terms of irradiation-enabled glide of dislocations. Jung [START_REF] Jung | Stress and stress transient effects on irradiation creep of 20% cold worked stainless steels and nickel alloys[END_REF] found a similar transition for 20% cold-worked stainless steels and nickel alloys, but with a quadratic rather than a power 4 dependency on stress at high stresses.

Aitkhozhin et al. [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF] performed in-reactor creep experiments on annealed copper in WWR-K water-cooled reactor at stresses between 20 and 70 MPa and temperatures between 150 and 500 • C (∼ 0.31 -0.57 T m ). For temperatures for which thermal creep is negligible, the authors observed a power in-reactor creep law with a stress exponent of ∼3-4. Moreover, Aitkhozhin et al. [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF] observed that the higher the temperature, the higher the stress exponent. The authors found, qualitatively, the same dependency of in-reactor and thermal creep on temperature and stress and obtained values for the activation energies compatible with dislocation-based creep mechanisms (glide and cross-slip). Moreover, a very slight increase in iron and zinc content in high purity copper (99.95%) induces a decrease in in-reactor creep rates at intermediate temperature (∼ 0.42 -0.47 T m ). At relatively low temperatures (< ∼ 0.42 T m ), an increase in grain size from 35 to 50 µm induces a decrease in in-reactor and thermal creep rates. However, the same ratio between in-reactor and thermal creep rates are measured for both grain sizes investigated at given stress and temperature.

Pokrovski et al. [START_REF] Pokrovsky | Fusion Materials Semi-annual Progress Report[END_REF] investigated irradiation creep on a dispersion strengthened copper alloy in SM-2 reactors using helium pressurized tubes up to a fluence to 3-4 dpa at temperatures between 60 and 90 • C. The authors measured a creep rate up to 2 × 10 -9 s -1 at a hoop stress of 117 MPa.

Tai et al. [START_REF] Tai | Irradiation-induced creep in nanostructured cu alloys[END_REF] performed bulge tests to study irradiation creep on nanostructured pure copper and copper alloys thin films using 1.8 MeV Kr + irradiation at 200 • C at low stresses (< 10 MPa). The authors determined a linear evolution of the irradiation creep rate with the stress with compliances B 0 of 1.2 -0.32 × 10 -4 MPa -1 dpa -1 , respectively, for pure copper and Cu 93.5 W 6.5 .

Özerinç et al. [START_REF] Sezer Özerinç | In situ measurements of irradiation-induced creep of nanocrystalline copper at elevated temperatures[END_REF] investigated irradiation creep on nanocrystalline copper at 200 • C through the coupling of 2.0 MeV Ar + irradiation with micropillar compression for stresses up to 120 MPa. The authors found a linear dependency of the irradiation creep rate with stress with a creep compliance of 7 × 10 -5 dpa -1 MPa -1 .

The creep compliances B 0 obtained for the linear regime by the different authors are listed in Table 1.2. In addition, the evolution of the creep rate with the stress for the different studies is presented in Figure 1.32.

Impact of helium generation on irradiation creep

A limited number of studies has been performed on the impact of helium generation on irradiation creep. Grossbeck and Horak [START_REF] Ml Grossbeck | Irradiation creep in type 316 stainless steel and us pca with fusion reactor he/dpa levels[END_REF] stainless steels at Oak Ridge Research Reactor (ORR). This reactor delivers high He/dpa ratios comparable to that of the fusion reactor first wall. They measured creep rates higher than for the same specimen in Fast Flux Test Facility (FFTF), which has lower helium generation rates. The authors concluded that these higher creep rates were either due to a difference in flux or due to the presence of helium, and they proposed a mechanism involving interstitial helium induced climb of dislocations. However, Garner and Grossbeck [START_REF] Garner | Irradiation performance of cladding and structural steels in liquid metal reactors[END_REF] demonstrated that the difference in creep rates is most likely due to the difference in neutron flux. Grossbeck et al. [START_REF] Ml Grossbeck | An assessment of tensile, irradiation creep, creep rupture, and fatigue behavior in austenitic stainless steels with emphasis on spectral effects[END_REF] reported a set of irradiation creep experiments performed on austenitic stainless steels in the BR-2 reactor with a wide variation in He/dpa ratio. However, the authors found little or no impact of He/dpa ratio on irradiation creep.

Woo and Garner [START_REF] Woo | Contribution to irradiation creep arising from gas-driven bubble growth[END_REF][START_REF] Garner | The dependence of irradiation creep in austenitic alloys on displacement rate and helium to dpa ratio[END_REF] theoretically investigated the influence of He/dpa ratio on irradiation creep. The authors showed that high helium generation rates and the subsequent bubble formation can accelerate irradiation creep at relatively low doses (< 10 dpa) by a factor of 2-3 compared with a low helium generation environment. This phenomenon is transient and disappears as void swelling becomes dominant. In addition, the higher the bubble density and the smaller the bubble size, the more pronounced is this transient phenomenon. As for irradiation creep / swelling coupling (Eq. 1.9), helium bubble swelling can induce an apparent increase in B 0 [START_REF] Woo | Contribution to irradiation creep arising from gas-driven bubble growth[END_REF][START_REF] Garner | The dependence of irradiation creep in austenitic alloys on displacement rate and helium to dpa ratio[END_REF].

Atkins and McElroy [START_REF] Atkins | Development of fusion first-wall radiation damage facilities[END_REF] performed irradiation creep experiments using 3.7 MeV protons on 316L stainless steel tensile specimens pre-irradiated with helium ions. The pre-irradiation was performed with 15 MeV helium ions at 673 or 823 K, under stresses of 10 or 100 MPa at 1, 12, and 50 appm helium up to a dose of 1 dpa. The creep compliances were then measured during the subsequent proton irradiation at 673 K and 823 K. The authors found a reduction in creep compliance with increasing helium concentration (Figure 1.33). The creep compliance reduction with helium content is presumably due to the increase in bubble density.

There is insufficient data to determine the effect, if any, of helium on irradiation creep. However, it seems that if higher in-reactor helium generation rates may increase the creep compliance and thus accelerate irradiation creep, pre-implantation of helium seems to reduce the post-implantation creep compliance.

Irradiation creep mechanisms

Many reviews were performed on irradiation creep mechanisms [START_REF] Onimus | Irradiation creep in materials[END_REF][START_REF] Matthews | Irradiation creep models-an overview[END_REF][START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF]. All the proposed mechanisms rely on the generation and diffusion of point defects under irradiation but differ in 

Stress-induced preferential nucleation (SIPN)

One of the proposed mass-transport-based irradiation creep mechanism is the stress-induced preferential nucleation (SIPN) of dislocation loops [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF]. The interstitial loops formation is enhanced in planes orthogonal to the stress direction and reduced in planes parallel to the stress direction. The opposite is predicted for vacancy loops. The difference of density between the different loop populations would induce a deformation. Few studies have shown that preferential loop nucleation can be observed [START_REF] Onimus | Irradiation creep in materials[END_REF]. However, Garnier et al. [START_REF] Garnier | Irradiation creep of sa 304l and cw 316 stainless steels: Mechanical behaviour and microstructural aspects. part i: Experimental results[END_REF] demonstrated that the deformation predicted for SIPN is two orders of magnitude lower than the experimental deformation for austenitic steels.

During loop nucleation, the irradiation creep rate is predicted to be linear in stress, whereas, during the subsequent loop growth step, the creep rate is not further affected by stress [START_REF] Matthews | Irradiation creep models-an overview[END_REF]. This suggests that, after the nucleation step, creep should carry on if the stress is removed. Similarly, if nucleation starts while no stress is applied, irradiation creep should not be found. Such phenomena have not been verified [START_REF] Matthews | Irradiation creep models-an overview[END_REF].

Stress-induced preferential absorption of point defects (SIPA)

Stress-induced preferential absorption of point defects (SIPA) is another class of diffusional irradiation creep models [START_REF] Onimus | Irradiation creep in materials[END_REF]. This model proposes that there is an anisotropic flow of point defects toward dislocations under applied stress, leading to a positive macroscopic deformation along the tensile stress direction and a negative macroscopic deformation along the compressive direction. The resulting irradiation creep rate is linear in stress, which is in good agreement with the steady-state creep for low and moderate stresses.

Preferential absorption of point defects by dislocations under applied stress can either be due to polarizability effects or to the anisotropic diffusion induced by the applied stress (elastodiffusion) [START_REF] Onimus | Irradiation creep in materials[END_REF]. SIPA driven by polarizability effects is called SIPA-I, for Stress Induced Preferential Absorption due to Inhomogeneity effects. In this case, stress affects the elastic interaction between dislocations or dislocation loops and point defects. Under applied stress, the net flux of interstitials toward edge dislocations with Burgers vectors parallel to the tensile applied stress increases, whereas it decreases for edge dislocations with Burgers vectors parallel to the compressive stress. The difference in dislocation climb velocity induced results in a positive deformation along the tensile direction and a negative deformation along the compressive direction. Garnier 1.5. OVERVIEW OF IRRADIATION CREEP et al. [START_REF] Garnier | Irradiation creep of sa 304l and cw 316 stainless steels: Mechanical behaviour and microstructural aspects. part i: Experimental results[END_REF][START_REF] Garnier | Irradiation creep of sa 304l and cw 316 stainless steels: Mechanical behaviour and microstructural aspects. part i: Experimental results[END_REF] demonstrated on austenitic steels that SIPA-I induces creep rates two orders of magnitudes lower than the experimental creep rates.

Another SIPA mechanism is the SIPA-AD, for Stress Induced Preferential Absorption due to Anisotropic Diffusion. SIPA-AD is due to elastodiffusion and is considered a first-order effect compared to SIPA-I. Elastodiffusion relies on the preferential diffusion, under applied stress, of vacancies in the plane orthogonal to the stress direction and of interstitials in the stress direction. Therefore, there is a higher absorption rate of vacancies by dislocations with lines along the stress direction and of interstitials by dislocations with lines orthogonal to the stress direction. This leads to a net deformation along the tensile direction. SIPA-AD can also affect dislocation loops, grain boundaries, and surfaces in the same way, inducing a positive deformation along the tensile direction and negative deformation in the plane orthogonal to the tensile direction. SIPA-AD may solve the discrepancy between the creep rates predicted by SIPA-I and the experimental creep rates [START_REF] Onimus | Irradiation creep in materials[END_REF].

Glide-based mechanisms

Glide-based mechanisms are mechanisms for which the deformation results primarily from dislocation glide. The induced strain rate ε can be written as follows:

ε = ρ m bv, (1.11) 
where ρ m is the density of mobile dislocations, b is the Burgers vector, and v is the mean dislocation velocity which depends on the type of mechanism considered.

As shown in Section 1.3, irradiation induces the production of point defects and defect clusters that can impede dislocation motion and harden the material. To overcome obstacles and follow their glide, edge dislocations can climb. In this case, the accumulated deformation is generated by the dislocation glide, but the strain rate is limited by the climb process. The dislocation mean velocity is therefore expressed as the dislocation mean path along the glide direction L g divided by the time needed to climb over the obstacle τ c :

v = L g τ c .
(1.12)

Since climb duration depends on climb velocity v c and obstacle height h, Eq. 1.12 can be re-written:

v = L g h v c . (1.13) 
From Eq. 1.11 and 1.13, the strain rate can be expressed as follows:

ε = ρ m b L g h v c . (1.14)
The dependency on the stress of the irradiation creep deformation rate can arise from different terms of Eq. 1.14 [START_REF] Onimus | Irradiation creep in materials[END_REF]. First, the density of mobile dislocation is often considered to evolve as the square of stress. Moreover, depending on the considered climb mechanism, climb velocity can be linear with stress. It is the case, for instance, if the climb is driven by SIPA [START_REF] Kenneth | Irradiation creep by climb-enabled glide of dislocations resulting from preferred absorption of point defects[END_REF].

Gittus [START_REF] Jh Gittus | Theory of dislocation-creep due to the frenkel defects or interstitialcies produced by bombardment with energetic particles[END_REF][START_REF] Gittus | Creep, viscoelasticity, and creep fracture in solids[END_REF] proposed an irradiation creep model for which there is a sequential climb and glide of dislocations. For this model, called I-creep, the dislocation bows under applied stress until the dislocation line tension is at equilibrium with stress. Since there is a preferential absorption of interstitials by dislocations (a phenomenon called EID for Elastic Interaction Difference), dislocation can climb and bow again to reach the equilibrium position to re-iterate the same CHAPTER 1. CONTEXT AND MOTIVATIONS process. Following this model, there is a linear dependency of Lg h with stress. Note that this model is only applicable in the presence of other sinks.

Another dependency on stress can arise directly from dislocation bowing. Indeed, as the dislocation bows under applied stress to reach equilibrium, it can encounter new obstacles and pin on those obstacles. The dislocation then reaches a new equilibrium, which may lead to the encounter of new obstacles or even to the release from current obstacles if the bowing angle reaches the critical angle for unpinning (defined in Section 1.4.1). Kelly and Foreman [START_REF] Foreman | Dislocation movement through random arrays of obstacles[END_REF][START_REF] Kelly | The theory of irradiation creep in reactor graphite-the dislocation pinning-unpinning model[END_REF] used computer simulations to investigate the effect of this phenomenon only on irradiation creep rate. The authors considered a random destruction of point defects due to neutron irradiation with a given pinning lifetime depending solely on neutron flux (no dependence of pinning lifetime or climb velocity on stress is thus considered). They showed that a linear dependency of stress on creep rate is found for low applied stresses, whereas for higher applied stress, higher stress exponents are predicted.

Finally, Nichols [START_REF] Nichols | Mechanistic modeling of zircaloy deformation and fracture in fuel element analysis[END_REF][START_REF] Nichols | Theory of the creep of zircaloy during neutron irradiation[END_REF] tried to apply a thermal creep mechanism derived by Weertman [START_REF] Weertman | Steady-state creep through dislocation climb[END_REF] to irradiation creep. This thermal creep climb-controlled glide model assumes that dislocations are trapped on obstacles and accumulate in pile-ups that climb to unpin from obstacles. This mechanism leads to a stress exponent of 4 [START_REF] Onimus | Irradiation creep in materials[END_REF]. However, dislocation pile-ups are not often observed during irradiation creep experiments [START_REF] Matthews | Irradiation creep models-an overview[END_REF].

It is noteworthy that if the irradiation defects are the controlling obstacles, climb-controlled glide mechanisms cannot explain the higher creep rates observed under irradiation compared with the unirradiated material.

When stress exponents higher than one are experimentally measured, climb-controlled-glide is often considered activated [START_REF] Onimus | Irradiation creep in materials[END_REF]. This explains why this mechanism is favored for zirconium alloys and less favored for austenitic steels [START_REF] Onimus | Irradiation creep in materials[END_REF]. Several experiments showed evidence of the activation of climb-controlled-glide mechanisms during irradiation creep tests based on SEM and TEM observations [START_REF] Onimus | Irradiation creep in materials[END_REF].

Conclusion on irradiation creep mechanisms

The macroscopic phenomenology for irradiation creep is relatively well described for structural materials in nuclear reactors [START_REF] Onimus | Irradiation creep in materials[END_REF][START_REF] Matthews | Irradiation creep models-an overview[END_REF]. Moreover, several theoretical mechanisms were proposed in the literature, all involving point defects generation and redistribution under neutron irradiation and applied stress. However, due to limited experimental evidence, the active and relevant underlying irradiation creep mechanisms are far from being well understood [START_REF] Onimus | Irradiation creep in materials[END_REF][START_REF] Matthews | Irradiation creep models-an overview[END_REF][START_REF] Garner | Recent insights on the parametric dependence of irradiation creep of austenitic stainless steels[END_REF].

1.6. SCIENTIFIC AND TECHNOLOGICAL MOTIVATIONS

Scientific and technological motivations

Structural materials within nuclear reactors undergo severe conditions that may degrade their properties and reduce their operating time. A good understanding of the in-reactor phenomena is thus necessary for safe operation and for the development of improved materials.

Irradiation creep is a viscoplastic deformation that occurs under neutron irradiation and applied stress for low to moderate temperatures. This phenomenon can lead, for instance, to the stress relaxation of screws, bolts, and springs within nuclear reactors and thus affect their performances.

Irradiation creep is relatively well described at the macroscopic level based on several inreactor experiments. However, these experiments are costly, time-consuming, induce the activation of matter, and do not allow for in-situ observation of the active mechanisms. This last point explains why the underlying mechanisms for irradiation creep are still unclear.

This work aims to study irradiation creep mechanisms based on micromechanical testing coupled with heavy ion irradiation. Such experiments are much faster and less expensive than inreactor experiments. They also do not induce the activation of matter. Low thickness specimens (a few hundred nanometers) are required for heavy ion irradiation experiments since heavy ions have low penetration depths. These low thicknesses are also compatible with direct insitu observation of irradiation creep mechanisms inside a TEM. A key question is obviously to determine to what extent the conclusion extracted from testing such specimens can be extended to the corresponding bulk material.

Moreover, under neutron irradiation, transmutation products, such as helium are generated. The effect of helium on irradiation creep is still unclear. However, under ion irradiation, helium is not generated. Therefore, to account for in-reactor helium production in the heavy ion irradiation experiments performed, the effect of a helium pre-implantation of the specimen on irradiation creep behavior is also investigated.

The experiments presented in this PhD thesis are performed on copper. Copper is among the most widely investigated metals for fundamental radiation studies since it is considered to be a model FCC material, as well as for its possible use in future fusion reactors.

The manuscript is divided into seven chapters. Following this introduction (Chapter 1), the main experimental methods used are presented (Chapter 2). The irradiation and helium bubble induced hardening results are then described (Chapter 3). In Chapter 4, the irradiation creep experimental results are presented. The focus will then be on a particular high-stress irradiation creep mechanism unraveled through simultaneous straining and heavy ion irradiation inside a TEM. First, the in-situ TEM experimental observations are presented (Chapter 5). Then, in Chapter 6, the investigation of this particular high-stress irradiation creep mechanism using molecular dynamics is reported. Finally, Chapter 7 summarizes the main conclusions of this work and gives perspectives for future research in the field. The two main experimental procedures used in the thesis are described in this chapter. First, the concept behind UCLouvain on-chip nano-mechanical test method (LOC for short) is presented, as well as the detailed fabrication process, the data extraction, and the application to irradiation creep experiments. The second part of this chapter describes the in-situ TEM straining experiments, together with the sample preparation and the irradiation platform.

Chapter 2

Experimental methods

On-chip nano-mechanical testing

The LOC approach used in this work is a technology based on MEMS (Micro Electro Mechanical Systems) concepts that has been developed at UCLouvain by the team of Thomas Pardoen and Jean-Pierre Raskin. The main objective of this technique is to deform sub-micron thin films in order to extract the stress-strain response. The main idea behind the concept is to use the internal stresses of one very well described material, called the actuator, to apply a load on the material of interest (i.e., to be characterized). Moreover, microfabrication technologies have the advantage to easily multiply the number and type of structures, allowing for multiple experiments simultaneously. LOCs were used in a previous PhD thesis by Lapouge to study irradiation creep on pure copper [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. The objective of the current work is to pursue this study further and investigate the effect of a variation in the microstructure (mainly due to irradiation defects or bubbles) on irradiation creep.

Description of the on-chip test platform

Concept

The on-chip test structures used in this work are simple structures that rely on three elements (or layers): an actuator, a sacrificial layer, and the specimen to be characterized.

The LOC concept is summarized in Figure 2.1. The actuator layer, made of silicon nitride Si 3 N 4 , is deposited on a silicon wafer following a specific pattern (see Section 2.1.2.3 for more details). During deposition, high tensile internal stresses are generated within the actuator material. The specimen layer is then deposited according to another pattern (see Section 2.1.2.4 for more details). Following a given protocol, the silicon present underneath the actuator and the specimen is etched so that the structure becomes free-standing (or released). Next, due to the large internal stresses within the actuator (around 1 GPa), a displacement is induced until force equilibrium (F) is reached with the test specimen (Figure 2.2). Amorphous silicon nitride Si 3 N 4 is used as the actuator material because of its isotropic linear elastic response up to large fracture stress. Therefore, its mechanical behavior is solely described by its Young's modulus E a and fracture strength. The relationship between the force F and the displacement u is thus linear. Furthermore, no relaxation occurs in silicon nitride, allowing for temporal monitoring of the on-chip tensile structures.

As represented in Figure 2.3, the linear relationship between the force and the displacement of the actuator can be easily defined by two extreme configurations. In the first configuration (1), the silicon layer is not etched, the force is at its maximum, and no displacement u is applied. In the second configuration (2), the silicon layer is etched, the actuator is free-standing and is not connected to a specimen. In this case, the force F equals zero, and the displacement u is positive and equal to a certain value u f ree . Once this linear relationship is identified, it is easy to determine the equilibrium force reached when the actuator is connected to a specimen from the actuator displacement u. Each structure gives one point of the force-displacement curve of the specimen. The use of multiple actuator lengths enables a complete reconstruction of the curve (Figure 2.3). The displacements u and u f ree are considered positive when the actuator contracts The total true strain in the actuator is the sum of the mechanical strain and mismatch strain induced by the internal stresses in the actuator:

ϵ a = ϵ mech a + ϵ mis a .
(2.1)

The total true strain in the actuator can also be given by the actuator (and the specimen) displacement u given the actuator initial length L a,0 :

ϵ a = ln( L a,0 -u L a,0 ). (2.2)
Since the actuator exhibits a linear elastic behavior, the stress within the actuator is simply:

σ a = E a ϵ mech a , (2.3) 
with E a the actuator Young's modulus. The equilibrium force F can thus be derived knowing the actuator cross-section S a as

F = S a σ a , = S a E a ϵ mech a , = S a E a (ϵ a -ϵ mis a ), = S a E a (ln( L a,0 -u L a,0 ) -ϵ mis a ).
(2.4)

For a free actuator (not connected to a specimen), the stress within the actuator σ a and the mechanical strain ϵ mech a are equal to zero. Therefore, from Eq. 2.1 and 2.2 we get:

ϵ mis a = ln( L a,0 -u f ree L a,0
).

(2.5)

ON-CHIP NANO-MECHANICAL TESTING

This shows that a structure with a free actuator can provide the actuator mismatch strain. However, as shown in Section 2.1.3.1, other methods can be used to estimate the actuator mismatch strain ϵ mis a . Moreover, the equilibrium force F can be solely described by two measurements u and u f ree , aside from the geometrical and mechanical characteristics of the actuator (assumed known from independent measurements):

F = S a E a (ln( L a,0 -u L a,0 ) -ln( L a,0 -u f ree L a,0 )). (2.6)
In the specimen, the total true strain can be calculated from displacement u and initial specimen length L 0 as follows:

ϵ = ln( L 0 + u L 0 ). (2.7)
Therefore, the mechanical true strain ϵ mech in the specimen can be calculated from the total true strain ϵ and the mismatch strain in the specimen ϵ mis :

ϵ mech = ln( L 0 + u L 0 ) -ϵ mis . (2.8)
The engineering stress in the specimen can be obtained from the equilibrium force F and the specimen initial cross-section S 0 :

σ eng = F S 0 , = S a E a S 0 (ln( L a,0 -u L a,0 ) -ϵ mis a ). (2.9) 
Finally, the true stress in the specimen can be determined as:

σ = σ eng (1 + ϵ eng ), = σ eng exp ϵ mech , = S a E a S 0 (ln( L a,0 -u L a,0 ) -ϵ mis a ) exp (ϵ mech ), (2.10) 
with ϵ eng the engineering strain in the specimen. The actuator strains are always small. Therefore, the actuator cross-section variation is considered negligible, and the actuator cross-section S a is approximately equal to the actuator initial cross-section S a,0 .

Design of the on-chip samples

The LOCs are made through successive layer patterning by photolithography processes. The objective of lithography is to transfer a pattern from a mask to a substrate. The photolithography masks, containing the design of the structures, are created through electron lithography techniques. Therefore, their precision is around 1 nm. However, when the pattern is transferred to the substrate during the photolithography, the accuracy is then limited by the UVs wavelength (200 nm), and the error induced is around 1 µm. The detailed fabrication process is presented in Section 2.1.2.

Since the first LOC version [START_REF] Coulombier | Nanomechanical lab on-chip for testing thin film materials and application to Al and Al (Si)[END_REF], the design of the structures progressively improved to take into account different loading configurations, such as shear or biaxial loading, or even fracture mechanics geometries. As shown in Figure 2.4, the following structures are present in the design used in this work:

-Standard tensile structures with specimen widths of 1.5, 2.5, and 4 µm and lengths of 50, 100, and 400 µm. The actuators are trapezoidal with lengths covering a wide range of values (30 structures for each specimen width and length) and widths going from 10 to 12 µm, with an average value of 11 µm. Therefore, in total, there are 270 structures (3 × 3 × 30). -Small strain tensile structures with specimen widths of 4, 6, and 8 µm and lengths of 800 µm (3 × 20 structures). These structures are used to determine the stress-strain response at relatively low strains. -Unload tensile structures for which wide specimens (10 µm width and 800 µm length) are connected to narrow actuators (1 or 1.5 µm width). If the specimen is deposited with internal tensile stresses, as in the case of copper, the specimen pulls the actuator, and strains below the specimen mismatch strain can be accessed. These structures also allow for accurate measurement of the Young's modulus of the specimen. There are 2 × 30 structures. -Tensile structures with 25 µm length specimen with widths of 1.5, 2.5, and 4 µm. These structures are designed to reach large strains and can stabilize the necking of the specimens, the concept being more "displacement controlled" than "force" controlled. -Additional test structures:

-pads to measure specimen thickness ; -structures for etching rate measurements ; -self-actuated test structures for sample mismatch strain measurements. The overlap between the specimen and the actuator is an area of stress concentration. This can induce failure at the overlap. Therefore, to prevent such failure, aside from unload structures, a dogbone shape is introduced in all specimens. The objective, in addition to improve the quality of the uniaxial tension condition, is to concentrate the stresses in the copper beam rather than at the overlap. However, failure may still be observed for large specimens since the larger the specimen, the lower the stresses at the dogbone, and the higher the probability of fracture at the overlap.

There are several differences between the design used during the PhD thesis of Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] and the current design. First, for Lapouge, the sacrificial layer was not the silicon wafer but an intermediate SiO 2 layer deposited before the actuator and specimen layers. This induces major changes in the fabrication process, especially in the sacrificial layer etching step. Indeed Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] used HF (hydrogen fluoride) wet etching to get rid of SiO 2 whereas XeF 2 (xenon difluoride) dry etching is used to etch silicon for the current design (see Section 2.1.2 for more details).

Moreover, as shown in Figure 2.5, the current design is more symmetric than the design of Lapouge to avoid buckling. The actuator material is present on both sides of the specimen: there are two overlaps. A final change in the design when comparing the current work and the study of Lapouge arises from the shape of the tensile test structures. As shown in Figure 2.6, Lapouge used rectangular actuators. In this case, as long as there is still a line of sacrificial layer underneath the actuator that is not etched, the structures are not released. Once all the sacrificial layer is etched, the structures are suddenly released, and the initial strain rates are very high. In the current design, the specimens are trapezoidal. Therefore, as shown in Figure 2.6, the release is progressive, and the initial strain rates are much lower compared to the previous experiments of Lapouge.

Fabrication process

In the following, the LOC fabrication process is described in detail, with a focus on the standard tensile structures. 

Silicon wafer

Different silicon wafers can be used for the fabrication of on-chip test structures. The silicon wafers used for the current LOC study have a diameter of 7.62 cm and a thickness of 380 µm and are polished on the front face. The normal to the wafer is along the <100> crystallographic direction.

Another interesting type of wafer for on-chip studies is the SOI (Silicon On Insulator) wafer. SOI wafers can be used to create windows under the structures through a process called backetching. This would allow, for instance, for in-situ observations inside a TEM if the specimens are sufficiently thin.

As shown in Figure 2.7, the SOI wafer used for back-etching purposes consists of three layers: a thin Si substrate layer (∼ 200 -300 µm thickness), an etch stop layer in SiO 2 (∼ 400 -500 nm thickness), and a sacrificial Si layer (∼ 300 nm thickness). The test material is deposited on the sacrificial layer. First, the thin substrate is etched through a deep reactive ion etching (DRIE) Bosch process. Then the SiO 2 layer is etched using buffered hydrogen fluoride (BHF) wet etching. At this point, the only remaining layers are the Si sacrificial layer and the test specimen. Dry etching of the sacrificial layer is then performed using XeF 2 . In this work, SOI wafers have been used for in-situ TEM tensile experiments presented in Appendix C.1. 

Sacrificial layer

The sacrificial layer is the layer to be etched to release the upper layers. Therefore, it is of the utmost importance to have a high etching selectivity, i.e., a high etching ratio between the sacrificial layer and the other layers. Moreover, since the other layers (actuator and specimen) are deposited on the sacrificial layer, the roughness of the latter is transferred to these upper layers. Therefore, the roughness of the sacrificial layer should be as small as possible.

For the current study, the sacrificial layer is a part of the silicon wafer itself. For Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF], there was an extra SiO 2 layer between the Si wafer and the specimen and actuator. There were several motivations for this change, among which a simplification of the process, a decrease in surface roughness, and a difference in etching method (from HF wet etching to XeF 2 dry etching) that allows for an increase in etching selectivity as well as in efficiency. The differences between the two etching processes are described in detail in Section 2.1.2.5.

ON-CHIP NANO-MECHANICAL TESTING

Actuator

The actuator layer is the first deposited layer (it was the second layer for Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]). The role of the actuator is to provide an actuation force on the specimen driven by the release of the internal stresses within the actuator after sacrificial layer etching. The actuator layer must be uniformly deposited on the wafer since the layer thickness is one of the parameters entering the force equilibrium relationship (Eq. 2.10). Moreover, high XeF 2 etching selectivity is required in comparison with the sacrificial layer (here, silicon).

As stated in Section 2.1.1.1, silicon nitride (Si 3 N 4 ) is used as the actuator material for its mechanical properties. Indeed, since it is a linear isotropic elastic material, the stress and strain in the specimen can be easily determined (Equations 2.8 and 2.10). Figure 2.8 describes the Si 3 N 4 layer deposition and patterning processes. Silicon nitride is deposited over the entire wafer using a Low-Pressure Chemical Vapour Deposition technique (LPCVD) at 790 • C in a vertical Koyo VF-1000LP furnace. For thicknesses under 300 nm, the biaxial internal stress is around 1 GPa in tension [START_REF] Coulombier | Nanomechanical lab on-chip for testing thin film materials and application to Al and Al (Si)[END_REF]. The thickness of the actuator layer is very uniform, with a variation in thickness along the wafer of 0.39 nm per cm. Since silicon nitride is an amorphous material transparent to visible light, its thickness can be measured using ellipsometry (more details on this technique are provided in Section 2. 1.3.3). For all the on-chip structures used in this work, the as-deposited actuator layer thickness is 135 nm.

Silicon nitride is deposited on both faces of the silicon substrate. Therefore, although the actuator layer undergoes internal stresses after deposition, no change in wafer curvature is observed. The silicon nitride deposition on the bottom face of the silicon substrate is removed through SF 6 plasma dry etching. This induces a change in the curvature of the wafer.

The actuator layer deposition is then patterned. To do so, first, a positive photoresist (AZMIR701) is deposited by spin coating on the entire wafer with a velocity of 4000 rpm. The photoresist layer thickness is around 1 µm. The photoresist is then prebaked at 90 • C for 90 seconds before being exposed to UV light through the actuator lithography mask (exposure dose of 170 mJ/cm 2 under vacuum contact). A photolithography mask has the pattern to be transferred to the wafer. Chromium areas within the mask (in black in Figure 2.8) prevent UV light from locally passing through the mask, allowing patterning. For a positive photoresist, UV light breaks polymer chains, as shown in Figure 2.8. The exposed photoresist is then dissolved in a TMAH (for tetramethylammonium hydroxide) based solution called "developer". The developer used all along the study is the AZ 726 MIF. At this point, the silicon nitride layer is partially exposed accordingly to the mask pattern. A post-exposure bake at 110 • C for 90 seconds is performed in order to harden the remaining photoresist. A plasma Reactive-Ion Etching (RIE) of the exposed actuator layer is then carried out in a CHF 3 (100 sccm) / O 2 (10 sccm) atmosphere with a RF power of 100 W, at a pressure of 20 mTorr and a temperature of 20 • C. The etching process used is different from that of Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. This is due to the difference in sacrificial layer material. Lapouge used SF 6 etching that is known to etch silicon nitride and to have a high SiO 2 selectivity. However, such a technique is known to etch silicon slightly. CHF 3 has a higher silicon selectivity, explaining why it is being used in the current study. After the etching of the silicon nitride layer, the wet stripping of the photoresist is carried out using acetone. 

ON-CHIP NANO-MECHANICAL TESTING

Specimen

The specimen is the material to be characterized. In the current study, the specimen material is high purity copper (99.999%). Before the deposition of the specimen layer, several rinsing steps are conducted: standard cleaning followed by degassing under N 2 gas (at 800 • C for 10 to 20 min).

The patterning of the specimen layer is carried out with the lift-off technique using a negative submicronic photoresist (AZ5510). As shown in Figure 2.9, the photoresist is first deposited by spin coating with a velocity of 3000 rpm in order to obtain a thickness of 1 µm. After a soft bake at 90 • C for 60 seconds, the negative photoresist is exposed to UV light through the specimen lithography mask with an exposure of 120 mJ/cm 2 at vacuum contact. Here, the photoresist is negative. This means that it polymerizes under UV light, unlike positive photoresists that depolymerize under UV light. Proper care should be given to the specimen mask alignment with the previous actuator mask. After a post-exposure bake at 105 • C for 60 seconds to harden the polymerized photoresist, the non-polymerized photoresist is then dissolved using the developer presented in Section 2.1.2.3.

At this point, the photoresist is patterned. Before copper deposition, a 3 nm thickness adherence promotor layer of titanium is deposited at 120 • C with a deposition rate of 1 Å/s. This layer helps enhance the adherence between the copper layer and the underneath layer, especially at the overlap between the specimen and the actuator. The titanium and copper layers are deposited successively in the same deposition metallizer without breaking the vacuum (to prevent the oxidation of the titanium layer).

Pure copper is then deposited on the entire wafer using the physical vapor deposition (PVD) technique. This technique, generally used for pure metals, is described in Figure 2.10. Thermal energy is provided to a copper source to induce atoms evaporation. Moreover, the pressure is maintained low to increase atom mean free paths. These copper atoms then condense on the substrate surface to progressively form a thin film coating on the substrate. The deposition is performed with a deposition rate of 2 Å/s at a pressure of 3.1 × 10 -7 mbar in order to get a specimen thickness of 500 nm. The following step is called the lift-off and has as objective to remove the photoresist, along with the copper and titanium layers deposited on the photoresist. The lift-off is performed with acetone. The main advantage of this technique is that it can be applied to any material. Indeed, unlike the silicon nitride patterning that required a specific recipe for silicon nitride etching with high selectivity with the other layers (SF 6 or CHF 3 ), the patterning of the specimen layer is performed through photoresist patterning. However, a drawback of the lift-off technique is that negative photoresists have lower resolution than positive photoresists.

In Figure 2.9, the negative photoresist has bias sides, as shown in Figure 2.11.c. This results from exposure parameters. The objective is to prevent a continuous copper deposition that could impede acetone from etching the photoresist during the lift-off process. This issue is part of a more general problem of conformal and non-conformal deposition. As shown in Figure 2.11, for conformal deposition, the material is deposited on the sides. It is the case, for instance, for sputtering PVD deposition due to the collisions between atoms. For evaporation PVD techniques, as is the case here for copper, the deposition is unidirectional. Therefore, there is no deposition on the sides: the deposition is non-conformal. Having a non-conformal deposition is advantageous for lift-off. However, it can induce problems at the overlap. For this reason, the specimen thickness is selected larger than the actuator thickness. The sample is then rinsed using acetone and ultrasounds, followed by methanol and water, and final degassing under N 2 .

Thermal annealing

The microstructure of PVD copper films is not stable [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. As shown in Figure 2.12.a and b, grain size tends to increase during the few hours following deposition at room temperature. A couple of days after deposit, the microstructure continues to vary from small grains with diameters of few tens of nanometers surrounding larger grains to a homogeneous distribution of large grains of few hundreds of nanometers (Figure 2.12.c and d).

Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] performed annealing treatments between 100 • C and 250 • C to stabilize the microstructure after deposition. He showed that thermal annealing at 150 • C for 30 min is sufficient to stabilize the microstructure. At 250 • C, porosity is observed on the surface of the film, showing evidence of copper degradation. For 500 nm thickness copper films, the mean grain size increases from 276 nm to 520 nm after 150 • C thermal annealing. Before and after 2.1. ON-CHIP NANO-MECHANICAL TESTING thermal annealing, copper has a texture <111>. However, a variation in grain shape is observed during annealing. As shown in Figure 2.13, the initial microstructure is formed by columnar grains, whereas after annealing, the grains are cubic with large annealing twins. Before and after annealing, there is always one grain along the copper film thickness. In the current study, the LOC samples are annealed after copper layer deposition at 150 • C for 30 min in a reducing atmosphere (Ar, H 2 ).

Release by XeF 2 etching

XeF 2 gas is used to etch silicon. It is often used in semiconductors and MEMS technologies for its excellent selectivity with regard to the materials usually used (Pt, Pd, Al, Ni, Cr, ZrNi, ZnO, AZO, Al 2 O 3 , ZrO 2 ) [START_REF] Tuyaerts | Internal stress and opto-electronic properties of pure and Al-doped ZnO thin films deposited by reactive sputtering[END_REF]. XeF 2 gas is obtained by sublimation of XeF 2 crystals. It then etches silicon through the following reaction:

2XeF 2 (g) + Si(s) - → 2Xe(g) + SiF 4 . (2.11) 
The sacrificial layer and etching technique are different from that of Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. Three etching techniques are mainly used: HF, TMAH, and XeF 2 . During his PhD thesis, Lapouge used HF to etch SiO 2 for its relatively good selectivity with regard to the other layers. In certain conditions, HF etching can also be considered to have good reproducibility. Indeed, if the etching rate is well known and assumed linear, it is easy to determine when the structures are released. The main issue regarding HF etching lies in the nature of the SiO 2 selected. If thermal (or stoichiometric) SiO 2 is used, the SiO 2 etching rate in HF 73% is around 1 µm/min. Since the actuator width is equal to 12 µm, the etching time needed to release the structures is 6 min. Such a long period in HF can severely harm the specimen and actuator materials. For instance, the etching rate of silicon nitride in HF is around 10 nm/min. After 6 minutes, 60 nm over the total actuator width of 135 nm have been etched. To prevent specimen and actuator etching, SiO 2 is selected the less dense possible in order to reduce the amount of time needed for sacrificial layer etching. This lower quality SiO 2 is obtained by PECVD techniques under N 2 flux. This allowed for an etching duration of around 10 seconds. However, using this lower density and less controlled SiO 2 induces poor reproducibility. Moreover, it is important to note that the SiO 2 layer roughness is transferred to the copper layer ( Another issue raised by HF etching is the need for a critical point dryer (CPD) after release. If the structures are dried in the air, the stiction of the structures on the underneath substrate can occur due to capillarity forces. CPD is used to prevent this by avoiding liquid to vapor phase transformation through pressure and temperature monitoring. The structures are first rinsed in liquid isopropanol (IPA) before they are installed inside the CPD. IPA is then replaced by liquid CO 2 . Pressure and temperature are increased until reaching the critical point for CO 2 . Temperature and pressure are then decreased to evaporate CO 2 .

Moreover, the first displacement u measured in the SEM is done around 2 hours after the release for HF etching (release followed by 15 min rinsing in IPA and 1 h in CPD). During these 2 hours, the specimens undergo relaxation. The measurements at zero time are therefore not accessible.

XeF 2 etching has four main advantages in comparison with HF etching. First, the release is dry. Therefore, no CPD is needed. This simplifies the process and reduces the waiting time between the release and the first displacement u measurement from 2 h to around 30 min (release followed by 3 min N 2 degassing). The measurements at zero time are therefore still not accessible, but the specimens undergo less relaxation. The second asset of XeF 2 in comparison with HF is the excellent selectivity towards usual MEMS materials. XeF 2 is also a good alternative for HF when the specimen is an oxide.

Moreover, the sacrificial layer is the silicon itself. Therefore, the entire process requires one less step in comparison with the process of Lapouge. Finally, the very low roughness of silicon is transferred to copper.

XeF 2 etching can be continuously performed or by successive pulses. In the current study, the latter is selected for selectivity reasons. XeF 2 has a high selectivity with regard to silicon nitride. However, the byproducts of the reaction between silicon and XeF 2 induce the etching of Si 3 N 4 . Therefore, successive 5 seconds pulses are performed between which the chamber containing the sample is pumped out to vacuum to evacuate both XeF 2 and byproducts. The detailed XeF 2 etching process is the following (Figure 2.15):

-The sample is installed in the main chamber.

-XeF 2 , initially solid, is heated around 30 • C.

-Valves 1 and 4 are opened and gaseous XeF 2 accumulates in the expansion chamber until a specific target pressure is reached. -Valve 5 is opened for 5 seconds so that XeF 2 goes from the expansion chamber to the main chamber. -Valve 5 is closed, and the main chamber is pumped out to vacuum to evacuate XeF 2 and byproducts using a primary pump (50 mTorr / 7 Pa). Copper can also be etched during the XeF 2 etching process. To prevent this from happening, Cuddalorepatta et al. [START_REF] Gayatri K Cuddalorepatta | Measurement of the stress-strain behavior of freestanding ultra-thin films[END_REF] found that a dehydration bake of the sample and a 3-hour pump down is required. If not, moisture contained in the sample can induce the production of HF that etches copper. Therefore, in the current experiment, the sample is pumped down during the night preceding the release. As shown in Figure 2.16, in this case, copper doesn't seem to be affected by XeF 2 .

XeF 2 is present in low quantities. Therefore, the release depends on the size of the sample. This was not the case for HF, for which the sample is dipped inside an HF bath. Moreover, the etching is performed by pulses triggered manually. Therefore, it is difficult to estimate the required etching duration. To monitor the etching process, an optical microscope is placed on top of the chamber. Thanks to this microscope, the process can be controlled with much better accuracy than HF etching of low-density SiO 2 .

This process, called standard release in the following, worked on pure copper. However, as shown in Figure 2.18, for helium implanted copper, a thin layer is formed on silicon during XeF 2 etching on the irradiated part of the sample. The nature of this layer was not ascertained. However, two hypotheses can be considered.

First, the formation of a thin fluoride polymer with a cloudy white aspect is known to happen when water is present in the chamber [START_REF] Chang | Microelectronic structures and microelectromechanical devices for optical processing and multimedia applications[END_REF]. This polymer forms shortly after the etching begins and prevents silicon etching. Chang et al. [START_REF] Chang | Microelectronic structures and microelectromechanical devices for optical processing and multimedia applications[END_REF] suggested that the layer is formed by a reaction between XeF 2 , silicon, and the water layer present on the surface of silicon. The authors also hypothesized that its structure is similar to Polytetrafluoroethylene (PTFE). To avoid the formation of the polymer layer, the chamber is pumped down for few hours before the XeF 2 etching. The thin layer presented in Figure 2.18 resembles the fluoride polymer layers usually presented in the literature in terms of aspect, thickness, and transparency [START_REF] Chang | Microelectronic structures and microelectromechanical devices for optical processing and multimedia applications[END_REF].

Second, the layer may be due to the oxidation of the silicon surface in the implanted zone. XeF 2 is known to have a high selectivity for SiO 2 . The selectivity of Si to SiO 2 is 10000:1 [START_REF] Sugano | Reduction of surface roughness and aperture size effect for etching of si with xef2[END_REF]. However, Veyan et al. [START_REF] Veyan | Xef 2-induced removal of sio 2 near si surfaces at 300 k: An unexpected proximity effect[END_REF] observed that a SiO 2 thin layer on the surface of Si could be removed at room temperature when the XeF 2 has access to silicon. Thick oxide (1 -2 µm ) can be etched by XeF 2 if the edges of the silicon layer underneath are accessible, whereas no access to Si is needed for SiO 2 etching for thinner oxides (50 -100 nm). Therefore, given the thinness of the film, an oxide layer should be etched when exposed to XeF 2 HF appears to remove this layer. However, if the sample is then re-installed in the XeF 2 and pumped down during few hours, the layer forms again when the etching starts.

To prevent thin layer formation, the following protocol was used for helium implanted copper There are, however, two intriguing points if the layer observed is indeed a fluoride polymer layer. First, HF removes the thin layer. HF etching is known to etch SiO 2 and to have a high 2.1. ON-CHIP NANO-MECHANICAL TESTING selectivity for polymers. Therefore, this indicates that the thin layer may be a SiO 2 thin coating. Nevertheless, it is possible that the HF wet etching does not chemically etch the thin layer but instead has a mechanical effect given the thinness of the layer. In this case, even a water rinsing of the specimen may be sufficient to remove the layer.

Second, one of the objectives of the chamber pumping is to remove the water present on the sample and thus impede the formation of a fluoride layer. However, the fact that the chamber was pumped for 2 hours rather than a whole night prevented the formation of the layer. Therefore, further investigation is needed to ascertain the nature of the thin transparent layer.

Although there is no proof that this thin layer would form for irradiated copper, the following protocol was used for the 2 dpa irradiated copper sample:

-few sec in HF ; -2-hour pumping in the main chamber ; -XeF 2 release. The final release is always performed with XeF 2 . Therefore, no CPD is needed. From focused ion beam (FIB) milled cross-sections performed on pure copper and He-implanted copper after release, it appears that the standard release and the adapted release do not affect copper thickness. For silicon nitride, the thickness goes from 135 nm before release to around 120 nm after release for pure copper and 95 nm after release for helium implanted copper. In the case of irradiated copper, the silicon nitride thickness is not measured. However, it is estimated around 105 nm after release based on simple calculations (Appendix B.3).

An interesting phenomenon is the effect of irradiation and helium implantation on the silicon etching rates. As shown by Figure 2.17, the under-etched length under silicon nitride is larger for irradiated (or implanted) silicon, demonstrating higher etching rates after irradiation (or implantation).

Application to irradiation creep

In order to study irradiation creep, a masking device was developed by Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] during his PhD thesis to protect the actuator while irradiating the copper specimen. Moreover, for the current work, a LOC design specific to irradiation was developed by Michaël Coulombier at UCLouvain. These two developments allowed for proper extraction of the irradiation creep law.

Irradiation mask for actuator protection

The LOC working principle relies on the release of the internal stresses of an actuator. However, using rotating sensors (presented in Section 2.1.4.4), Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] observed that irradiation might induce the relaxation of the internal stresses of silicon nitride. Therefore he developed a masking device to protect the actuator during irradiation (Figure 2

.19).

In the previous LOC design used by Lapouge, some of the structures had the same lengths and were arranged so that the overlaps were aligned (Figure 2.19). These were the structures selected by Lapouge since the actuators can be easily masked during irradiation using a simple metallic sheet.

The masking device consists of a masking metallic sheet made of stainless steel, connected to a micrometer head to allow for lateral alignment of the mask (along the Y-axis). The sample is installed on a rotating plate using double-sided carbon tape in order to fix its position while allowing charge dissipation during ion irradiation. The rotation of the plate is controlled through a screw auger. Moreover, the sample is placed so that the copper specimens are orthogonal to the masking sheet. Therefore, in principle, using the micrometer head and the screw auger, the sheet side can be aligned with the overlaps between the actuators and the specimens to prevent irradiation of the actuators. The masking sheet is located few hundred microns above the sample. For depth of focus reasons, this makes it difficult to align the edge of the sheet and the overlap. This issue was partially solved by adding a screw on top of the masking sheet. This screw presses on the metallic sheet, thus allowing for a displacement of the sheet over the Z-axis.

The observations and alignments are performed in a 3D digital optical microscope VHX-2000F. This microscope is selected for its depth of field, high-quality imaging, automatic focus, and 2D and 3D image assembly.

The masking device is used for irradiation creep experiments as well as for pre-irradiation and helium pre-implantation. During irradiation (or implantation), the masking device is fixed on a support inclined with an angle of 7 • in order to prevent channeling effects since copper thin films are textured. 

Lithography mask design for irradiation

A photolithography mask compatible with the masking device developed by Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] has been designed specifically for irradiation purposes by Michaël Coulombier at UCLouvain during the current PhD thesis. The photolithography mask contains 9 identical samples. Each sample is composed of multiple structures that can be divided into three categories.

In Figure 2.20, on the right and the left, are localized structures that can undergo irradiation creep. Each structure is duplicated (mirrored) so that two identical experiments are performed simultaneously. Therefore, a structure can be irradiated while its mirror structure is protected by the masking device, thus acting as a control structure. This allows for a direct comparison between the mechanical behavior with and without irradiation.

The specimens on the right side of the sample have lengths equal to 50, 100, and 400 µm and widths of 1.5, 2.5, and 4 µm. The actuators have lengths that vary between 50 and 1500 µm and a width of 12 µm. These specimens are the ones used for the irradiation creep experiments. The structures are gathered by specimen widths (1.5, 2.5, and 4 µm); each group is divided into three sets depending on specimen lengths (50, 100, and 400 µm). Each set contains 30 structures with the same specimen width and length but increasing actuator lengths, resulting in pan-pipe-shaped sets.

The specimens on the right have similar features. However, they differ in actuator widths and lengths. There are three different types of structures: unload structures, 25 µm length structures, and 800 µm length structures. These structures are explained in Section 2.1.1.2. The behavior under irradiation of these structures was not investigated.

The role of the structures in the middle of the sample is to characterize the actuator material and the specimen material extra properties: the squares to measure the thicknesses and the self-actuated beams for mismatch strain measurements. 

Description of the irradiation creep experiment

After release, copper specimens undergo relaxation, as represented in Figure 2.21. This relaxation is rapid during the first hours after release, then slows down. The access to the earliest measurements possible after release partly motivated the switch from HF etching to XeF 2 etching since it allows measurements to be performed 30 minutes after release instead of 2 hours (Section 2.1.2.5). The present irradiation creep study takes advantage of this relaxation. After a few days or even a few weeks, irradiations are performed on copper specimens once the thermal relaxation becomes negligible (using the masking device presented in Section 2.1.3.1). All irradiation creep experiments on on-chip tensile test structures are performed at the JANNuS Orsay / SCALP platform [START_REF] Serruys | Jannus: A multi-irradiation platform for experimental validation at the scale of the atomistic modelling[END_REF][START_REF] Bacri | Scalp, a platform dedicated to material modifications and characterization under ion beam[END_REF] using 1.2 MeV Cu + ions. More details regarding this platform are given in Section 2.2.2.

The irradiation creep experiments consist of four successive irradiations with doses of 1 dpa, 2 dpa, 2 dpa, and 3 dpa. Shortly before and after each irradiation step, displacement measurements (u) are carried out inside an SEM to quantify the irradiation-induced relaxation. Stresses and strains are deduced from Equations 2.8 and 2.10. Non-irradiated control specimens are also monitored at each step.

In the following, the superscript (j) refers to a given structure (see Figure 2.20). The subscript i refers to a given irradiation step. The subscripts 0 and 1, for a given irradiation step i, indicate if the measurement is carried out before, respectively after, the irradiation.

The stress during an irradiation step i is taken as the mean value between the stress before (σ (j) i,0 ) and after (σ (j) i,1 ) irradiation [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]:

σ (j) i = σ (j) i,1 + σ (j) i,0 2 
.

(2.12)

The irradiation-induced plastic strain is defined as the total increase in strain during one 2.1. ON-CHIP NANO-MECHANICAL TESTING irradiation step minus the elastic relaxation due to the decrease in stress during irradiation [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]:

ϵ (j) irr, i = (ϵ (j) i,1 -ϵ (j) i,0 ) - σ (j) i,1 -σ (j) i,0 E Cu , (2.13) 
with E Cu the Young's modulus of the specimen.

If there is a misalignment between the mask and the overlap, and some copper specimens are not fully irradiated, Eq. 2.13 must be corrected [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. Assuming that no thermal relaxation occurs in the non-irradiated part of the specimens (as confirmed by control samples), the irradiation-induced plastic strain rate can be calculated knowing the length of the specimen that underwent irradiation L (j) Cu-irr [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]:

ϵ (j) irr, i = (ϵ (j) i,1 -ϵ (j) i,0 ) L (j) Cu L (j) Cu-irr - σ (j) i,1 -σ (j) i,0 E Cu . (2.14)
The irradiation-induced plastic strain rate (in dpa -1 ) can be calculated from the increase in dose ∆D i (in dpa) during the irradiation. Eq. 2.15 and 2.16 give the irradiation creep rates for aligned, respectively misaligned, structures [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] as

dϵ (j) i dD = (ϵ (j) i,1 -ϵ (j) i,0 ) - σ (j) i,1 -σ (j) i,0 E Cu ∆D i , (2.15) dϵ (j) i dD = (ϵ (j) i,1 -ϵ (j) i,0 ) L (j) Cu L (j) Cu-irr - σ (j) 
i,1 -σ

(j) i,0 E Cu ∆D i . (2.16) 
The details on the calculation of the dose (in dpa) are presented in Section 2.2.2.1.

Measurement of the geometrical and physical parameters

Displacement u

If the geometrical parameters of the actuator and the specimen are known as well as the mechanical and physical properties of the actuator, the stress and strain extraction from on-chip tensile tests relies on one measurement per structure: the displacement u (of the actuator/specimen). It can go from few tens of nanometers, for the smallest specimens and actuators, to few microns for the largest structures. Optical microscopy does not provide sufficient resolution for displacement measurements. Therefore, SEM is favored. However, issues may arise from charging effects. For instance, charges can accumulate in silicon nitride, which is an insulator, inducing electron beam distortions. A FEG-SEM (Field Emission Gun) is used to prevent these charging effects since it allows working at small voltages.

Three FEG-SEM have been used in the thesis. They are the same as the ones used by Lapouge during his PhD thesis [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]: two SEM Zeiss at UClouvain and CEA and one SEM JEOL at CEA. Lapouge showed that there is little effect of a change in SEM on the displacement measurements. The same observation has been made for the present study. Nevertheless, all measurements during the irradiation creep experiments were performed with the same SEM.

In order to measure the displacement u, there are four cursors for each structure: two on both sides of the copper specimen and two reference cursors connected to the anchor (Figure 2.2). Therefore, the displacement u can be ascertained through 4 measurements between the sides of the moving and reference cursors. The error in the measurements is around 20 to 30 nm due to SEM limitations as well as to the resolution of the photolithography. This resolution is higher than that of Lapouge since the mask design has been optimized and the resolution of the lithography has improved since 2016 (Figure 2.22). 

Young's modulus

In order to determine the stress in the specimens, the Young's modulus of the actuator is required (Eq. 2.10). Moreover, as presented in Section 2.1.3.3, the Young's modulus of the specimen is needed to extract the irradiation creep law. The Young's modulus of the specimen and of the actuator are measured by nanoindentation and are found, respectively, to be equal to 110 GPa and 250 GPa.

Geometrical parameters

Different geometrical parameters are needed in Eq. 2.8 and 2.10: the specimen and actuator initial lengths (L a,0 and L 0 ), widths (w a and w), and thicknesses (t a and t). These values are initially fixed by the lithography mask design (for lengths and widths) and the fabrication process (for thicknesses). However, for instance, the values can be slightly different from the initial design due to the resolution of the successive photolithography processes.

The lengths of the actuators, respectively the specimens, in the tensile test structures vary between 50 and 1500 µm, respectively 50 and 400 µm. Given the lithography resolution, it seems reasonable to assume that the actual lengths are equal to the structure lengths in the initial design. Therefore, they are not measured.

The specimen target widths are between 1.5 and 4 µm, and the actuator target mean width is 11 µm. In this case, the 1 µm resolution of the fabrication process significantly impacts the values of the width. Therefore, actuator and specimen widths are measured by SEM. However, since all structures of the same width are alike, only six measurements are needed. They are performed on the less deformed viable structure. A typical error in width in SEM measurement is 100 nm. Since the actuator has a trapezoidal form, two measurements are performed for each configuration.

The actuator and specimen thicknesses do not depend on the masks used for photolithography but on the deposition conditions. Thickness may vary between wafers deposited in the same conditions and even within the same wafer. Silicon nitride is transparent. Its thickness can 2.1. ON-CHIP NANO-MECHANICAL TESTING therefore be measured by ellipsometry. This technique can determine actuator thickness from a change in polarization upon reflection with an accuracy of 1 nm. To account for possible silicon nitride etching during release, ellipsometry measurements should be carried out after release. However, the tensile structures are too small to be characterized by ellipsometry. Therefore, large squares are designed on the wafer to allow for ellipsometry thickness measurements. The downside of this approach is that the actuator thickness is overestimated since the under-etching of the structures is not taken into account. If the XeF 2 etching rate of silicon nitride is known, the actual actuator thickness can be estimated. However, for the moment, the silicon nitride etching rate is not known. Thicknesses can also be checked by post-experiment FIB cross-section. However, it is important to note that such measurements may not be representative of the entire wafer. A methodology for estimating the thickness is developed in Appendix B. [START_REF]Commissariat à l'énergie atomique et aux énergies alternative. Les matériaux du nucléaire : Modélisation et simulation des matériaux de structure. e-den[END_REF].

The specimen layer is not transparent. Therefore, ellipsometry cannot be used. The specimen thickness is measured by profilometry. A sharp tip is in contact with a surface and moves laterally for a given distance. It can measure vertical displacements (or steps). Therefore, profilometry does not directly measure thicknesses but a vertical variation between two layers. As for silicon nitride, large copper squares are present in the mask. The profilometer gives access to the step dimension between the silicon nitride layer and the copper square after release. Again, this does not account for under-etching. As for the silicon layer, the FIB cross-section of a copper specimen can be made for thickness evaluation. The etching process does not affect the copper thickness.

Mismatch strain

Actuator and specimen mismatch strains are needed for stress and strain calculations (Eq. 2.8 and 2.10). Mismatch strain depends on the material as well as on the deposition conditions. Different structures on LOC, presented in Figure 2.23, can quantify the mismatch strain: rotating sensors, free cantilever, and self-actuated structures.

One of the structures used by Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] to determine the mismatch strain is the rotating sensor. This device consists of two parallel fixed beams and one rotating indicator beam orthogonal to the other two. During the release process, the fixed beams can contract, respectively extend, to relieve tensile, respectively compression, internal stresses. This induces the rotation of the indicator beam. The rotation angle and direction give the amplitude and the sign of the mismatch strain. However, they are generally not used to quantitatively determine the mismatch strains due to the significant impact of inaccuracies in photolithography on the measured value. Therefore, these structures do not exist anymore in the current mask design.

The second type of structures are free cantilevers, i.e., structures only anchored on one side. In this case, following the reasoning in Section 2.1.1.1 (Eq. 2.5), the mismatch strain for a cantilever beam with a length L 0 is:

ϵ mis = ln( L 0 -u f ree L 0 ). (2.17)
This equation depends on the specimen or the actuator lengths and on the displacement measurement u f ree only. Therefore, from a theoretical point of view, it gives an accurate estimation of the mismatch strain. However, in reality, out-of-plane bending of free cantilevers is observed for long beams, impeding accurate measurements. For short beams, for which out-of-plane bending is not observed, the error on the displacement u f ree becomes significant.

In order to avoid out of plane bending, single material self-actuated test structures can be used. In this case, both the specimen and the actuator are made of the same material. The actuator is wider than the specimen. Therefore, if the material investigated undergoes tensile internal stresses, the actuator pulls the specimen beam. It can be shown [START_REF] Coulombier | Nanomechanical lab on-chip for testing thin film materials and application to Al and Al (Si)[END_REF] that the mismatch strain can be extracted from self-actuated structures using the following relationship:

ϵ mis = S ln( L 0 +u L 0 ) -S a -u L a,0 S -S a , (2.18)
with S the specimen cross-section (S ≈ S 0 ). As shown in Appendix B.2, the actuator mismatch strain plays an important role in determining the irradiation creep law and must be accurately evaluated. An actuator mismatch strain -0.0033 is selected for different reasons. Many other experiments were performed on structures with a silicon nitride layer obtained in the exact same conditions at the same time (coming from the same batch). During these experiments, specimen failure was observed for few structures with long actuators. Therefore, these actuators were free cantilever beams, and their displacement u f ree can provide the actuator mismatch strain (Eq. 2.5). As stated in Section 2.1.4.4, out-of-plane bending of free actuators can be observed for long beams, impeding accurate mea-2.1. ON-CHIP NANO-MECHANICAL TESTING surements. For short beams for which out-of-plane bending is not observed, the error on the displacement u f ree becomes significant. Fortunately, these long actuators did not go out of the plane, and it was thus possible to measure the displacement u f ree accurately. Based on Eq. 2.5, a magnitude of -0.0033 has been determined for the actuator mismatch strain. Moreover, for this value of actuator mismatch strain and very long structures (800 µm), the strain-stress curves in the elastic domain pass through (0,0) for various samples investigated with a similar silicon nitride layer, supporting the value of -0.0033 selected.

The magnitude of the specimen mismatch strain is calibrated so that the strain-stress data in the linear elastic regime pass through (0,0) once all the other parameters are set. As shown in Appendix B.2, the specimen mismatch strain has a limited effect on the determination of the irradiation creep behavior.

Constraints and limits

In this section, the primary sources of error, coming from the LOC design or the masking device for irradiation, as well as some limitations and future improvements of the on-chip tensile structures, are presented.

Possible sources of error

There are two main sources of error coming from the design of the on-chip test structures. The first comes from the dogbones. As shown in Figure 2.24, there is a difference between the measured displacement u and the displacement u g associated with the gauge length. Moreover, the actuator material around the free-standing structures is under-etched during the XeF 2 release. Therefore, the relationship between u and u g can be written as (see Figure 2.24 for the definition of the different quantities in the equation):

u = u g + u s ue + u db,1 + u db,2 + u db,3 . (2.19) 
Attempts to take dogbone and under-etching effects into account were made in the previous studies [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF][START_REF] Vayrette | On-chip fracture testing of freestanding nanoscale materials[END_REF]. An analytical model for stress and strain extraction is currently under development at UClouvain by Marie-Stéphane Colla and Alex Pip to account for dogbone and under-etching errors based on a comparison to 2D finite element analysis calculations. In the current study, the effects of the dogbone and the under-etching are not considered.

Moreover, errors on the geometrical and physical parameters of the actuator and the specimen, described in Section 2.1.4, can affect the values of stress, strain, and thermal and irradiation creep strain rates. The effect of errors on these parameters on the irradiation creep law is presented in Appendix B.2.

Irradiation mask alignment

For pure copper and helium implanted copper, a perfect alignment of the masking sheet with the overlaps for all the structures within the sample is observed during all the experiments (Figure 2. [START_REF] Sj Zinkle | Void swelling and defect cluster formation in reactor-irradiated copper[END_REF]. This shows that the masking device can give very good precision along lengths of at least 1.8 cm (9 sets of 30 structures each).

However, as shown in Figure 2.25 for the experiment on 2 dpa irradiated copper, a misalignment is observed during pre-irradiation. This can have a serious impact on the mechanical behavior of copper. For instance, as illustrated in Figure 2.25, localization and failure can occur in the non-irradiated area of the test specimen.

Therefore, only the well-aligned structures are monitored during the irradiation creep experiments that will be addressed later. This misalignment is due to the relaxation of the screws in the masking device. Indeed, for practical reasons, the masking sheet was aligned with the structures two days before the experiments (for this specific experiment). Misalignment on pre-irradiated (or pre-implanted) non-released structures can be easily identified after the release due to the difference in underetched lengths (Figure 2.25). The misalignment is found in good agreement with the observations performed in the 3D microscope before and after irradiation. This validates the use of the 3D microscope to monitor the alignment before and after irradiation.

For this same sample, during the subsequent irradiation creep experiment, a misalignment is observed during the second and third irradiation steps, based on observations performed in the 3D microscope. The reasons for such misalignment are unclear. The masking device may have moved during transport. Some copper specimens were thus not fully irradiated. In order to account for this misalignment, the irradiated lengths (measured in the 3D microscope) are taken into account in the strain and strain rate calculations using Eq. 2.14 and 2.16. 

Ion beam heating effects

The irradiation experiments are performed at room temperature. However, ion irradiation may induce the heating of the material, especially for very energetic ions (few MeV) and high dose rates [START_REF] Espiau De Lamaestre | SYNTHÈSE ASSISTÉE PAR FAISCEAUX D'IONS D'AGRÉGATS DANS LES VERRES[END_REF][START_REF] Valentin | Ion beam "photography": Decoupling nucleation and growth of metal clusters in glass[END_REF][START_REF] Xw Lin | Structural study of low-temperature-implanted ni and pd hydrides[END_REF][START_REF] Espiau | Irradiation-induced ag nanocluster nucleation in silicate glasses: Analogy with photography[END_REF][START_REF] Ga Kachurin | Light particle irradiation effects in si nanocrystals[END_REF][START_REF] Thomas A Cahill | Control of temperature in thin samples during ion beam analysis[END_REF]. Moreover, the temperature is not monitored during the irradiation creep experiments. Therefore, it is of the utmost importance to quantify the ion irradiation heating effects to ensure that the deformation mechanisms triggered during the irradiation creep experiments do not result from ion beam heating effects rather than irradiation effects.

In this work, a model is proposed in Section 4.3.3.3 to estimate the increase in temperature due to the ion beam.

In-situ observations

As stated in Section 2.1.2.1, SOI wafers can be used to perform back-etching in order to carry out in-situ experiments inside a TEM (Figure 2.7). For TEM experiments, specimen thicknesses should be around 100 nm. In-situ irradiation experiments inside a TEM can be performed in the JANNuS Orsay / SCALP platform presented in Section 2.2.2. The back-etching process is currently under improvement and validation at UCLouvain.

A major advantage of this technique, besides the direct access to the active mechanisms at the dislocation scale, is that back-etching can, for instance, be performed only under the studied copper specimens. If the irradiation is performed on the bottom side of the wafer, only these copper specimens would be irradiated. Therefore, the masking device would no longer be needed, and the alignments would have the accuracy of the photolithography technique, overcoming the misalignment issued presented in Section 2.1.5.2.

In-situ straining experiments on LOC tensile structures are not performed during this PhD thesis. However, other micro-test structures, also present in the current photolithography mask, are studied. This work follows the work of Mompiou et al. [START_REF] Mompiou | Inter-and intragranular plasticity mechanisms in ultrafine-grained al thin films: An in situ tem study[END_REF] on aluminum. Each micro-test sample consists of one or several parallel dogbone-shaped specimens deposited on silicon. The micro-tests are fabricated the same way as the tensile structures through successive lithography processes followed by sacrificial layer etching to release the specimens. The sample is then removed from the wafer and glued to a copper grid. The copper grid is then installed and fixed at both ends in a TEM straining holder. Finally, the deformation of the specimens is produced by applying a controlled displacement to one of the ends of the copper grid.

The in-situ micro-test straining experiments performed during the current PhD thesis did not have a successful outcome. The results are presented in Appendix C.1.

CHAPTER 2. EXPERIMENTAL METHODS

In-situ TEM straining experiments

Straining specimen preparation

Straining specimens are machined and polished in order to perform in-situ straining experiments on copper thin foils. In this section, the fabrication process is detailed.

Specimen machining

Straining specimens are machined from pure copper thin foils of 25 mm × 25 mm. Two kinds of foils were initially considered for this work: oxygen-free high thermal conductivity (OFHC) annealed pure copper (99.95+%) with a thickness of 0.3 mm and annealed pure copper (99.9%) with a thickness of 0.25 mm. However, all in-situ straining experiments are performed on OFHC copper since the surface quality observed in the TEM after polishing appears to be better for this type of copper.

Tensile specimens are machined from copper foils to be compatible with the GATAN straining holder presented in Figure 2.26. The geometry of the specimens is presented in Figure 2.27. 

Specimen mechanical and electrolytic polishing

Once the tensile specimens are machined, they are mechanically polished down to 0.13 mm. The center of the specimens is then jet electropolished using the commercial electrolyte D2 from Stuers in the Tenupol-3 from Struers at a temperature of -1 • C and a voltage of 8 V. These conditions are selected after a trial and error process. The Tenupol allows for electrolytic thinning of specimens on both sides simultaneously in order to minimize the deformation of the specimen. The electrolyte D2 is specifically designed for copper and copper alloys.

As represented in Figure 2.28, two jet electropolishing methods can be used: polishing on both sides or one side. Three kinds of in-situ straining experiments are performed: straining on non-irradiated specimens, post-irradiation straining, or straining under irradiation.

For straining experiments on non-irradiated specimens or under irradiation, the specimens are always polished on both sides. This leads to the formation of a thinned zone in the middle of the specimen. The jet polishing stops once an infrared detector system detects a perforation. A TEM transparent zone surrounds the hole created (∼ 100 -200 nm thickness).

The specimens intended for post-irradiation straining are either polished on both sides then irradiated (as for the other experiments) or polished on one side, then irradiated to be polished on the other side finally. In order to only polish one side, two straining samples are polished simultaneously during the time needed to only polish one specimen on both sides. The irradiation is then performed on the polished side. This side is covered with Lacomit varnish during the subsequent jet electropolishing in order to protect the irradiated side while the other side is polished. After electropolishing, the specimens are rinsed in three successive absolute ethanol baths and, if needed, in two successive Lacomit varnish remover baths. 

Description of the JANNuS Orsay / SCALP platform

For all irradiation experiments, including on-chip tensile tests, the specimens are irradiated in the JANNuS Orsay / SCALP platform [START_REF] Serruys | Jannus: A multi-irradiation platform for experimental validation at the scale of the atomistic modelling[END_REF][START_REF] Bacri | Scalp, a platform dedicated to material modifications and characterization under ion beam[END_REF]. This versatile test platform, presented in Figure 2.29, is part of the SCALP platform and combines three machines: an ion implanter (IRMA), an ion accelerator (ARAMIS), and a TEM. It allows for both ex-situ and in-situ inside a TEM ion irradiation (or implantation) and provides ion beams of most stable elements with energy varying from 5 keV to 11 MeV. ARAMIS [START_REF] Cottereau | Aramis: An ambidextrous 2 mv accelerator for iba and mev implantation[END_REF][START_REF] Bernas | Progress report on aramis, the 2 mv tandem at orsay[END_REF] is a homemade 2 MV ion accelerator that can be used in two different modes. The first mode is the single-ended Van de Graaff accelerator mode. This mode relies on a positive Penning ion source and is only used to produce hydrogen or noble gas ion beams from 200 keV to 3 MeV. The second mode, called tandem mode, is based on the injection of negative ions from an external cesium sputtering source and can produce more than 35 elements with energies between 400 keV and 11 MeV (Figure 2.30). This tandem mode is used for all the irradiation experiments performed, whether for the experiments on on-chip samples or the in-situ TEM straining experiments.

Ex-situ irradiation

The ex-situ irradiation experiments on straining specimens are performed at room temperature on the ARAMIS accelerator using 600 keV Cu + ions up to a fluence of 1.6 × 10 14 ions/cm 2 (corresponding to 1 dpa). Self ion or heavy inert gas are often used to study the effect of the accumulation of atomic displacements (dpa) [START_REF] Andrew | Transmission electron microscopy with in situ ion irradiation[END_REF]. The specimen holder shown in Figure 2.31 is used to perform simultaneous irradiations on the center of multiple tensile specimens (fully and partially polished). As shown in Figure 2.32, 600 keV Cu + ion irradiation allow for a relatively uniform distribution of the damage across the sample thickness in the TEM transparent zone (around 100 to 200 nm thickness). The damage profile is obtained using the collection of software SRIM (Stopping and Range of Ions in Matter) [START_REF] James F Ziegler | Srim-the stopping and range of ions in matter[END_REF]. This collection of software allows calculating different features of the interaction of ions with matter given the target material and the incident ion type, energy, and velocity direction with respect to the target material surface, based on an extensive experimental database. It relies on a Monte Carlo simulation method called the Binary Collision Approximation (BCA), for which an incident ion experiences subsequent independent binary collisions with the target material atoms. SRIM software can output, for instance, incident ion distribution, the details of the cascades generated, vacancy concentration distribution, phonon production, sputtering rate, energy losses, and deposition rate. However, SRIM presents some limits. It does not take into account the crystal structure of the target material, considered amorphous. The possible recombination of interstitials and vacancies and the formation of vacancy and interstitial clusters are not considered. SRIM is always run on full calculation mode. In this mode, the cascades are fully described: the trajectories of all atoms accelerated by the incident ions after the collisions are taken into account [START_REF] Agarwal | On the use of srim for calculating vacancy production: Quick calculation and full-cascade options[END_REF].

The damage profile (in dpa) is not directly extracted from SRIM but derived from the number of vacancies generated per unit of depth n l (m -1 ). Given the atomic volume of the target material ρ t (atoms.m -3 ) and the fluence Φ (ions.m -2 ), the damage at a depth p is:

G(p) = Φn l (p) ρ t . (2.20)
An alternative to SRIM is the software IRADINA [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF][START_REF] Crocombette | Quick calculation of damage for ion irradiation: implementation in iradina and comparisons to srim[END_REF], which is also based on binary collisions and a Monte Carlo transport algorithm. The main advantage of this software is that it is optimized for speed, and therefore gives much faster results than SRIM. The limitations of IRADINA are similar to the ones listed for SRIM.

In-situ irradiation

During the last 50 years, in-situ ion irradiation experiments inside a TEM have helped capture the dynamic evolution of the microstructure during ion bombardment [START_REF] Andrew | Transmission electron microscopy with in situ ion irradiation[END_REF]. There are only 13 experimental facilities in the world, listed in Figure 2.33, that allow for these kinds of experiments. They differ in the type and energy of the incident ions, in the possibility for dual beam irradiation, Figure 2.32 -Damage profile for 600 keV Cu + ions for a fluence of 1.6 × 10 14 ions/cm 2 (1 dpa) obtained using SRIM [START_REF] James F Ziegler | Srim-the stopping and range of ions in matter[END_REF].

in the TEM brand and voltage, as well as in the angle between the electron beam and the ion beam.

The in-situ TEM ion irradiation experiments are performed in the French platform JANNuS Orsay / SCALP [START_REF] Serruys | Jannus: A multi-irradiation platform for experimental validation at the scale of the atomistic modelling[END_REF][START_REF] Bacri | Scalp, a platform dedicated to material modifications and characterization under ion beam[END_REF]. The 200 kV FEI-Tecnai is connected to both the IRMA implanter and the ARAMIS accelerator with an angle between the ion and electron beams of 68 • . This angle is among the largest angles in comparison with other facilities (Figure 2.33). The main disadvantages of large angles are that they increase the chance for shadowing effects and reduce the projected penetration depth of ions [START_REF] Andrew | Transmission electron microscopy with in situ ion irradiation[END_REF]. Moreover, for low-energy light ions (< 10 keV H or He), the ions can be deflected by Lorentz force due to the strong magnetic field of the objective lens. A solution is to tilt the sample in order to reduce the angle Θ between the specimen surface normal and the ion beam. However, this increases the effective thickness of the sample in the direction of the electron beam, thus reducing the TEM transparent area. It can also be restrictive in terms of crystallographic orientations [START_REF] Andrew | Transmission electron microscopy with in situ ion irradiation[END_REF].

In the current experiments, the specimen is tilted in such a way as to reduce the angle Θ to around 60 • . The damage profile obtained using SRIM is calculated in SRIM for this angle, and the energy of the incident Cu + ions is optimized to have a relatively uniform distribution of the damage across the sample thickness in the TEM transparent zone (∼ 100 -200 nm thickness). A 2 MeV Cu + ion energy is selected, and the induced damage profile is presented in 

Description of the straining experiments

Straining experiments on non-irradiated and pre-irradiated specimens

The in-situ straining experiments on non-irradiated and pre-irradiated specimens are performed at room temperature at CEA Saclay using a GATAN single tilt straining holder in a 200 kV TECNAI TEM. As shown in Figure 2.26, the copper tensile specimen is fixed at both ends on the straining holder. One of the ends is fixed while the displacement of the other end is mechanically controlled in order to produce a deformation in the specimen. It is important to note that there is no direct access to the stress applied to the specimen. The dynamic evolution of the microstructure under applied strain (dislocation network and irradiation defects) is recorded using a GATAN wide-angle camera. The main objective is to study dislocation motion and dislocation interaction with defect clusters under applied stress. These experiments are similar to previous in-situ straining experiments [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF][START_REF] Matsukawa | The collapse of stacking-fault tetrahedra by interaction with gliding dislocations[END_REF][START_REF] Matsukawa | Destruction processes of large stacking fault tetrahedra induced by direct interaction with gliding dislocations[END_REF][START_REF] Matsukawa | Mechanisms of stacking fault tetrahedra destruction by gliding dislocations in quenched gold[END_REF][START_REF] Briceño | Dynamics of dislocation interactions with stacking-fault tetrahedra at high temperature[END_REF][START_REF] Js Robach | Dynamic observations and atomistic simulations of dislocation-defect interactions in rapidly quenched copper and gold[END_REF][START_REF] Matsukawa | Dynamic observation of the collapse process of a stacking fault tetrahedron by moving dislocations[END_REF] (see Section 1.3.2.1 for more details).

Straining experiments under irradiation

The in-situ straining experiments on non-irradiated and pre-irradiated specimens are performed in the platform JANNuS Orsay / SCALP [START_REF] Serruys | Jannus: A multi-irradiation platform for experimental validation at the scale of the atomistic modelling[END_REF][START_REF] Bacri | Scalp, a platform dedicated to material modifications and characterization under ion beam[END_REF] at room temperature using the GATAN single tilt straining holder (Figure 2.26) in a 200 kV TECNAI TEM. The microstructure evolution under irradiation is recorded using a GATAN wide-angle camera. The methodology applied is similar to that used by Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF][START_REF] Gaume | Etude des mécanismes de déformation des alliages de zirconium après et sous irradiation[END_REF] for a recrystallized zirconium alloy using 1 MeV incident Kr 2+ ions in the platform IVEM at Argonne National Laboratory (Figure 2.33). As shown in Figure 2.36, the displacement δ of the mobile end of the specimen is increased. At first, no dislocation glides are observed: the induced stress is thus under the critical stress for dislocation motion. As the displacement δ increases, the dislocations start to glide: the stress is above the critical stress. Then, either by decreasing the displacement δ or waiting for the stress to relax, the dislocation glide stops or is significantly hindered. The 2 MeV Cu + ion beam is then switched on at a fixed displacement δ to study the impact of irradiation on dislocation motion at highstress levels close to the critical stress for dislocation motion. The experiment is divided into successive sequences. Each sequence consists of few tens of seconds with the ion beam switched off to study dislocation motion without irradiation, followed by few tens of seconds with the ion 2.2. IN-SITU TEM STRAINING EXPERIMENTS beam switched on to unravel the impact of irradiation on dislocations, followed by few tens of seconds with the ion beam switched off. Between two successive sequences, the displacement δ and the ion flux can be modified. This experiment is very different from previous in-situ straining experiments, aside from the work of Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF][START_REF] Gaume | Etude des mécanismes de déformation des alliages de zirconium après et sous irradiation[END_REF]. Indeed, most in-situ straining experiments were mainly postirradiation experiments [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF][START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF][START_REF] Js Robach | Dynamic observations and atomistic simulations of dislocation-defect interactions in rapidly quenched copper and gold[END_REF][START_REF] Matsukawa | Dynamic observation of the collapse process of a stacking fault tetrahedron by moving dislocations[END_REF][START_REF] Steven | Observation and analysis of defect cluster production and interactions with dislocations[END_REF]. The closest experiment to the current work in terms of the methodology applied is the one carried out by Briceño et al. [START_REF] Briceño | Effect of ion irradiationproduced defects on the mobility of dislocations in 304 stainless steel[END_REF]. The authors studied the mobility of dislocations in 304 stainless steel before and after single irradiation, corresponding to the first irradiation sequence in the current work, and observed an irradiationinduced reduction in dislocation mobility. The effect of subsequent irradiation steps was not investigated by Briceño et al. [START_REF] Briceño | Effect of ion irradiationproduced defects on the mobility of dislocations in 304 stainless steel[END_REF].

Constraints and limits

In-situ TEM straining experiments allow for the observation of dynamic processes at the microstructure level. However, some difficulties and limitations are coming either from the fabrication process or the straining experiment itself.

Specimen preparation reproducibility issues

The specimens preparation is quite unreliable. Even in the same exact polishing conditions, the TEM transparent area quality differs from one specimen to another. Many attempts are made to improve the surface state, either by changing the electrolyte, the electropolishing conditions, the following rinsing steps, or even by surface cleaning using a plasma cleaner or polishing using a precision ion polishing system (PIPS 2). The electropolishing conditions are improved based on a process of trial and error. The specimens are polished in different conditions and observed in the TEM to select the optimized conditions. However, poor surface quality (contamination) is observed for some specimens despite the proper care given to the rinsing steps. Little impact of the plasma cleaner on the surface quality is observed. The PIPS 2, on the other hand, appears to be rather efficient in specimen surface cleaning in certain conditions. Appendix A.2 describes how the ion polishing conditions can be optimized to improve specimen surface state. However, all in-situ straining experiments were performed on specimens with good initial surface quality post-electropolishing and did not undergo plasma cleaning or PIPS 2 ion polishing.

Extraction of quantitative data

In-situ TEM mechanical testings provide an unequaled view of the elementary deformation mechanisms. However, unlike the on-chip tensile and other MEMS structures, there is no direct access to the stresses and the strains in the tensile specimen for standard in-situ straining experiments. Nevertheless, they can sometimes be extracted from TEM images [START_REF] Legros | In situ mechanical tem: Seeing and measuring under stress with electrons[END_REF].

Dislocations can give information on the local stress state. Under applied shear stress in its glide plane, a dislocation loop bends to balance the applied stress by its line tension. The resolved shear stress in the dislocation glide plane τ is linked to the dislocation radius of curvature R through the dislocation Burgers vector b and the shear modulus of the crystal µ:

τ = µb R . (2.21)
As shown in Figure 2.37, for a uniaxial loading and single crystals, the applied stress σ app is related to the resolved shear stress through the Schmid factor m s :

τ = σ app m s = σ app (cos(ϕ) cos(λ)), (2.22) 
where the angles ϕ and λ are defined in Figure 2.37.

Obstacle strengths can also be extracted from in-situ TEM images through dislocation reactions with these obstacles. As explained in Section 1.4.1, the strength of a given obstacle can be derived from the critical angle for dislocation break-away according to Eq. 1.5.

Finally, in the current work, a methodology is developed to quantitatively extract dislocation positions with time during an image sequence using the image processing program Fiji [START_REF] Schindelin | Fiji: an open-source platform for biological-image analysis[END_REF]. First, as shown in Figure 2.38, a line (in red) is drawn along the dislocation glide direction. Then, the kymograph along this line is extracted for the entire image sequence investigated. A kymograph represents the pixel intensity along a given line for successive frames [START_REF] Dhonukshe | Contribution of microtubule growth polarity and flux to spindle assembly and functioning in plant cells[END_REF][START_REF] Zhou | Direct visualization of the movement of the monomeric axonal transport motor unc-104 along neuronal processes in livingcaenorhabditis elegans[END_REF]. In bright-field images, dislocations have a black contrast, and the background has a light contrast. Therefore, the kymograph reveals the dislocation position with time. Next, the kymograph is segmented to select only the black pixels (i.e., the dislocation position) and skeletonized. Skeletonization is the reduction of binary objects into pixel-wide objects [START_REF] Arganda-Carreras | 3d reconstruction of histological sections: Application to mammary gland tissue[END_REF]. The single pixelwide white curve generated is then exported, and the position and frame number are converted into nm and seconds. Before applying this procedure, a geometrical transformation is first implemented to account for the fact that the glide plane may not be the image plane. The details on this geometrical transformation can be found in Section 5.1.

Surface effects

One of the major issues of in-situ irradiation on thin films arises from free surface effects. Free surfaces are considered to be strong sinks for radiation-induced defects. A depletion of irradiation defects can be seen near surfaces [START_REF] Ma | Free surface impact on radiation damage in pure nickel by in-situ self-ion irradiation: can it be avoided?[END_REF]. Moreover, free surfaces may also affect dislocation interaction with defects. Therefore, in-situ TEM experiments may not be representative of the bulk material.

Osetsky et al. [START_REF] Yu N Osetsky | On the features of dislocationobstacle interaction in thin films: Large-scale atomistic simulation[END_REF] studied the interaction between a screw dislocation and an SFT in a thin copper film. The authors showed that the nearby free surfaces affect the screw dislocation / SFT interaction mechanisms for sufficiently thin specimens and sufficiently high temperatures.

Ma et al. [START_REF] Ma | Free surface impact on radiation damage in pure nickel by in-situ self-ion irradiation: can it be avoided?[END_REF] recently performed a systematical campaign of in-situ 2 MeV self-ion irradiation in the platform JANNuS Orsay / SCALP [START_REF] Serruys | Jannus: A multi-irradiation platform for experimental validation at the scale of the atomistic modelling[END_REF][START_REF] Bacri | Scalp, a platform dedicated to material modifications and characterization under ion beam[END_REF] on high purity nickel thin foils. The thin foils were fabricated in a similar manner as the tensile specimen in the current work (through mechanical polishing and electropolishing). Temperatures between 400 • C and 700 • C were investigated. Pure nickel was selected since it is a model FCC material with a low self-interstitial migration energy (E m i ∼ 0.15 eV) [START_REF] Zhao | Molecular dynamics calculations of properties of the self-interstitials in copper and nickel[END_REF]. Copper has similar self-interstitial migration energy found around 0.12 eV [START_REF] Zhao | Molecular dynamics calculations of properties of the self-interstitials in copper and nickel[END_REF]. Therefore, the results obtained on nickel specimens can shed light on the effect of specimen thickness on the microstructural evolution under heavy-ion irradiation. Ma et al. [START_REF] Ma | Free surface impact on radiation damage in pure nickel by in-situ self-ion irradiation: can it be avoided?[END_REF] demonstrated the existence of a temperature-dependent critical thickness above which the evolution of the microstructure under irradiation becomes independent of the thickness. The critical thickness seems to increase with increasing temperature, from 80 nm at 400 • C to 220 nm at 700 • C. These results are in good agreement with previous studies on nickel. Ishino et al. [START_REF] Ishino | Insitu microstructural observation of radiation damage in nickel produced by energetic heavy particles[END_REF] measured the depletion zone width at temperatures varying from 300 K and 773 K in Figure 2.38 -Description of the methodology for recording the dislocation motion using the image processing program Fiji [START_REF] Schindelin | Fiji: an open-source platform for biological-image analysis[END_REF].

Ar + irradiated Ni. As shown in Figure 2.39, the defect-free zone width increases with increasing temperature. In addition, the authors observed a strong dependency of the microstructure on specimen thickness at high temperatures.

For the current work, all straining experiments (without and under irradiation) and irradiation experiments are performed at room temperature for tensile specimen thicknesses of 100 to 200 nm. Therefore, one can assume that surface effects may have little impact on the microstructure as well as on the interaction between dislocation and defects.

Ion beam heating effects

When performing irradiation, proper care should be given to ion beam heating effects. The straining experiments under irradiation are performed at room temperature. However, the tem- perature is not monitored during the experiments. It is well known that very energetic ions (few MeV) can induce specimen heating, especially at high dose rates [START_REF] Espiau De Lamaestre | SYNTHÈSE ASSISTÉE PAR FAISCEAUX D'IONS D'AGRÉGATS DANS LES VERRES[END_REF][START_REF] Valentin | Ion beam "photography": Decoupling nucleation and growth of metal clusters in glass[END_REF][START_REF] Xw Lin | Structural study of low-temperature-implanted ni and pd hydrides[END_REF][START_REF] Espiau | Irradiation-induced ag nanocluster nucleation in silicate glasses: Analogy with photography[END_REF][START_REF] Ga Kachurin | Light particle irradiation effects in si nanocrystals[END_REF][START_REF] Thomas A Cahill | Control of temperature in thin samples during ion beam analysis[END_REF]. Therefore, it is important to ensure that the mechanisms observed are triggered by irradiation and do not result from ion beam heating effects.

In the current work, the ion beam-induced increase in temperature is theoretically estimated for the in-situ straining experiments. In addition, experiments are also performed to compare ion beam heating and electron beam heating inside the TEM. More details can be found in Section 5.1.

Chapter 3

Irradiation and He bubble induced hardening In this chapter, the microstructure and mechanical behavior of pure Cu, He implanted Cu and Cu + ion irradiated Cu is investigated using different techniques such as TEM imaging, nanoindentation, X-ray diffraction (XRD) and on-chip tensile structures.

The on-chip tensile tests are performed on three samples: pure Cu, 1 at. % He implanted Cu, and 2 dpa irradiated Cu (using Cu + ions). The dose selected for the last sample is motivated by the fact that 1 at. % He implantation induces a damage level of 2 dpa. Therefore, the experiment performed on 2 dpa Cu + irradiated Cu helps dissociate the irradiation effects from the He bubble effects. Furthermore, in preparation for future LOC experiments, 7 at. % He implanted Cu samples are also investigated using other experimental techniques.

Microstructural characterization

In this section, the initial microstructure of pure Cu, He implanted Cu, and irradiated Cu is investigated using a TEM. For this microstructural study, a PVD Cu layer is first deposited on the entire surface of a Si wafer. The wafer is then annealed at 150 • C for 30 minutes and cut in small samples of 2 cm 2 . After that, the samples can undergo different conditions of He implantation and irradiation. Cross-sections are then FIB milled in the samples in order to observe the effect of the different treatments on the microstructure of the Cu layer.

The Cu layer thickness is initially intended to be equal to 500 nm, as in the on-chip tensile structures investigated. However, after the FIB milling of the different samples, the thickness is around 350 nm.

Pure Cu

After the 150 • C annealing performed on pure Cu for 30 min, the grains are equiaxed with one grain over the thickness, as described in Section 2.1.2.5 and shown in Figure 3.1. The grain diameter is found around 360 nm for a thickness of 350 nm.

However, this grain size is not representative of that of the on-chip 500 nm thickness tensile specimens. Indeed, there is a large impact of the Cu layer thickness on the grain size. Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] observed that for a 200 nm thickness Cu layer, respectively 500 nm thickness, the grain size is equal to 140 nm and 520 nm. The grain diameter found for the 350 nm thickness Cu layer in the current study lies between these two values. For the on-chip structures, the mean diameter of the grains is considered to be equal to 520 nm. Figure 3.2 shows an electron backscatter diffraction (EBSD) map obtained for a 500 nm thickness Cu sample after annealing. The Cu layer is textured along the <111> axis, with a fraction of the <111> texture component found around 49%. 

He implanted Cu

3.1.2.1 1 at. % and 7 at. % He implanted Cu

Implantation conditions

The implantation conditions are selected for a target Cu layer thickness of 500 nm, which is the thickness of the on-chip Cu tensile specimens. Two He implantation doses are considered for this study: 1 at. % He (3.85 × 10 16 cm -2 ) and 7 at. % He (2.695 × 10 17 cm -2 ). These two doses are selected for different reasons. First, according to the experiments performed at room temperature by Robinson et al. [START_REF] Aidan M Robinson | The effect of temperature on bubble lattice formation in copper under in situ he ion irradiation[END_REF], no bubble ordering should be observed for the lower dose, while bubble superlattice should be observed for the larger dose (see Section 1.2.2.2 for more details on bubble ordering). Moreover, several previous studies were performed in these conditions [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF][START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF]. For the LOC study, only the 1 at. % He implanted Cu is considered. However, in preparation for future on-chip studies, the 7 at. % He implanted Cu is also characterized.

In order to produce a homogeneous implantation profile, subsequent irradiation experiments are performed with 4 different energies, from 20 keV to 100 keV, as shown in Figure 3.3. According to SRIM calculations on Cu [START_REF] James F Ziegler | Srim-the stopping and range of ions in matter[END_REF], for the 1 at. % He implantation, the induced damage is of 2 dpa (and 14 dpa for the 7 at.% He implantation). The SRIM calculations are run for 10 000 incident He atoms on full calculation mode. The detail of the doses for each energy is given in Table 3.1. 3.4. Small nanometric bubbles are observed for both samples. However, the bubble density and the bubble size are found larger for the 7 at.% He implanted Cu sample. In addition, a random distribution of bubbles is observed for the 1 at% He implanted Cu sample, whereas a more ordered distribution of bubbles can be noticed for the 7 at% He implanted Cu sample. Homogeneous distribution of bubbles is found in the grains for both samples. However, larger bubbles are observed along the grain boundaries, as shown in Figure 3.5, which may result in grain boundary sliding, as well as in a loss in ductility and embrittlement (Section 1.4.1.3). As stated earlier, after FIB milling, the Cu layer thickness was found lower than the target thickness for the samples used to analyze of the microstructure (350 nm instead of 500 nm). Therefore, the Si underneath the Cu layer is also implanted with He atoms. The new implantation profile considering both the Cu and Si layers is represented in Figures 3.6.a and b. Based on this new calculation, the Cu layer contains around 1 at.% He and is, therefore, representative of the He implanted Cu for a target thickness of 500 nm (as in the case of the on-chip Cu tensile specimens). 

Estimation of bubble diameter

He bubbles are not visible under in-focus bright-field TEM conditions. In order to enhance phase contrast, images are acquired for different defocused conditions. Jenkins et al. [START_REF] Jenkins | Analysis of small centres of strain: counting and sizing small clusters. characterization of radiation damage by transmission electron microscopy[END_REF] showed that, for nanometric bubbles, the bubble diameter increases linearly with the defocus. Figure 3.9 represents the evolution of the apparent bubble diameter with the defocus. The intercept of the linear fit gives an estimation of the actual bubble size. More than 50 bubbles are measured for each defocus. Bubble diameters of 0.94 nm, respectively 1.37 nm, are found for the 1% at. He implanted Cu sample, respectively the 7% at. He implanted Cu sample. The bubble diameters, standard deviations, as well as the coefficients of determination of the linear fit for the two samples are listed in Table 3.2. Figure 3.9 -Estimation of the bubble diameter methodology (here for 1 at. % He). 

Estimation of bubble density

The bubble pressure P b is given by the surface energy of Cu γ, the bubble radius r 0 , and the stress σ b around the bubble [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF][START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF]:

P b = 2γ r 0 + σ b . (3.1)
Under equilibrium conditions, the stress σ b is equal to zero, therefore:

P b = 2γ r 0 . (3.2)
In the case of dislocation punching (see Section 1.2.2.2 for more details), the stress σ b can be calculated knowing the shear modulus µ and the Burgers vector b as follows:

σ b ≈ µb r 0 , (3.3) 
therefore

P b = 2γ + µb r 0 . (3.4)
An empirical expression for the molar volume V m (expressed in cm 3 /mol) of helium under high pressure was proposed by Mills in 1980 [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF][START_REF] Mills | Equation of state and melting properties of he 4 from measurements to 20 kbar[END_REF], given the temperature T (in K), and the pressure P b (in kbar):

V m = (22.575 + 0.0064655 × T -7.2645 × T -1/2 ) × P b -1/3 + (-12.483 -0.024549 × T ) × P b -2/3 + (1.0596 + 0.10604 × T -19.641 × T -1/2 + 189.84 × T -1 ) × P b -1 . (3.5) 
From the molar volume V m and the Avogadro constant N A , the He atomic density ρ He (in atoms/m 3 ) can be expressed as follows:

ρ He = N A V m . (3.6) 
Assuming that all the implanted He is inside the bubbles, the number of He atoms per bubble N He is:

N He = ( 4 3 πr 0 3 ) × ρ He . (3.7)
Still considering that all the He atoms are in the bubble, the bubble density N (in bubbles/m -3 ) can be calculated from the Cu atomic density ρ Cu (84.67 at/nm 3 ), the number of He atoms per bubble N He and the atomic percentage of He implanted in the specimen p He (here 1% or 7%):

N = ρ Cu N He × p He . (3.8)
This expression can be used in different ways. The atomic percentage of He in the specimen p He can be considered known, for instance, through SRIM calculations, and the bubble density N can be deduced. Alternatively, the bubble density can be measured in TEM micrographs, and the atomic percentage of He in the specimen can be deduced. The first approach is selected in the current work, as in other similar studies on He implanted Cu [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF][START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF].

Knowing the bubble radius r 0 and density N , the average distance between bubbles in a slip plane L s can be calculated as follows: Table 3.3 presents the material parameters used for the estimation of the bubble density and spacing. The values obtained for the bubble diameters, densities, and spacing in the slip plane for 1% and 7% at. He implanted Cu for the current work are listed in Table 3.4, along with data from other studies.

The values obtained seem in good agreement with previous studies. The bubble size measured for the 1 at. % He implanted Cu sample is between the value of 0.8 nm found by Guo et al. [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] for 0.35 at. % He implanted Cu, and the values obtained for higher He content. For 7 at. % He implanted Cu, the bubble diameter value is in good agreement with that of Li et al. [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF] and lower than in the studies of Wang et al. [START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF] and Li et al. [START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF]. The differences can partly be explained by the error due to the measurement of the He bubble sizes in TEM images (Table 3.2). The 7 at. % He implantation is selected for two reasons. First, unlike the 1 at. % He implantation, it should induce the formation of a He bubble lattice [START_REF] Aidan M Robinson | The effect of temperature on bubble lattice formation in copper under in situ he ion irradiation[END_REF]. Moreover, several previous studies were performed at this dose [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF][START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF]. Therefore, the results obtained in the current study can be compared to the literature. In FCC materials, He bubbles are ordered along close-packed planes (Section 1.2.2.2). Ordering is often observed along the <111> and <110> directions [START_REF] Pb | Helium gas bubble lattices in face-centred-cubic metals[END_REF][START_REF] Robert W Harrison | Engineering selforganising helium bubble lattices in tungsten[END_REF][START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF].

A powerful method to investigate periodicity is through Fourier analysis [START_REF] Aidan M Robinson | The effect of temperature on bubble lattice formation in copper under in situ he ion irradiation[END_REF][START_REF] Robert W Harrison | Engineering selforganising helium bubble lattices in tungsten[END_REF][START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF]. The FFT (fast Fourier transform) of a TEM image containing a bubble superlattice has distinctive features. As shown in the FFT insets in Figure 3.10, the repeating spatial signal, i.e., the bubble array, results in spots in the FFT (pointed by the red, green, and yellow arrows in Figure 3.10). In pure Ni, Harrison et al. [START_REF] Robert W Harrison | Engineering selforganising helium bubble lattices in tungsten[END_REF] observed that for TEM images close to the [001] zone axis, the resulting spots in the FFT are aligned along two <110> directions. Near the [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] zone axis, the spots are aligned along two <111> directions. Finally, near the [START_REF] Friedel | [END_REF] zone axis, the spots are aligned with the <111> and <110> directions. Similar observations are made here. Figures 3.10.e and f are taken near the <011> zone axis and show alignment along two <111> directions, while Figure 3.10.c and d are taken near a [START_REF] Friedel | [END_REF] zone axis, and alignments along the <110> and <111> directions are observed. The bubble lattice parameter is found around 4 nm, which is close to the value of 5 nm generally found in previous studies [START_REF] Pb | Helium gas bubble lattices in face-centred-cubic metals[END_REF][START_REF] Pb | Gas bubble lattices in metals[END_REF]. Therefore, it is clear that He bubble lattices are formed in the 7 at. % He implanted sample. 

MICROSTRUCTURAL CHARACTERIZATION

Impact of 1 dpa irradiation and annealing on 1 at. % He implanted Cu

In this section, two extra experiments are performed on a 1 at. % He implanted sample. First, the impact of a 1.2 MeV Cu + ion irradiation up to a dose of 1 dpa is investigated. Then the consequences of thermal annealing on this same sample is studied (i.e., irradiation followed by annealing).

1 dpa irradiated sample A 1 at.% He implanted Cu sample is irradiated up to a dose of 1 dpa using 1.2 MeV Cu + ions. The damage profile obtained in Cu using the software SRIM [START_REF] James F Ziegler | Srim-the stopping and range of ions in matter[END_REF] on full calculation mode using 10 000 incident ions is represented in Figure 3.11, along with the distribution of implanted Cu + ions in the Cu layer.

After 1 dpa irradiation, no SFT are observed. This is in agreement with previous studies that showed lower SFT density in the presence of He atoms since He tends to stabilize voids [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF][START_REF] Sj Zinkle | Defect microstructures in neutron-irradiated copper and stainless steel[END_REF] (Section 1.2.1). As shown in Table 3.2, the bubble size is similar to that of 1 at. % He implanted Cu (0.96 ± 0.23 nm). Post-implantation irradiation has been reported to induce bubble growth. For instance, an increase in bubble size in He implanted Cu from 2.0 nm to 2.8 nm after 1 MeV electron irradiation is observed by Johnson and Mazey [START_REF] Pb | Helium gas-bubble superlattice in copper and nickel[END_REF]. Birtcher et al. [START_REF] Rc Birtcher | Evolution of helium bubbles in aluminum during heavy-ion irradiation[END_REF] studied the effect of subsequent 3 keV He implantation and 200 keV Xe irradiation at RT in Al. They observed that bubble growth occurs by radiation-induced coalescence of bubbles without bubble motion. The coalescence results from the displacement of Al atoms out of the volume between two close bubbles. The newly formed larger bubble is then reshaped into a more energetically favorable spherical shape. These authors also observed He bubble shrinkage at large doses due to surface sputtering and He atom migration out of the bubble. The fact that no significant increase in bubble size is observed after irradiation in the current study may result from the significant standard error (of 0.23 nm). Impact of thermal annealing on the 1 dpa irradiated sample After both the 1 dpa irradiation and the 150 • C annealing, the He bubble size remains the same as for the He implanted sample before irradiation and annealing (0.94 ± 0.24 nm). This is not surprising since an annealing up to 920 K does not seem to affect the bubble size [START_REF] Pb | Helium gas-bubble superlattice in copper and nickel[END_REF]. At larger annealing temperatures, bubble growth is observed [START_REF] Vn Chernikov | Gas-induced swelling in helium-implanted copper during annealing[END_REF][START_REF] Pb | Helium gas-bubble superlattice in copper and nickel[END_REF][START_REF] Villacampa | Helium bubble evolution and hardening in 316l by post-implantation annealing[END_REF][START_REF] Jiang | Effect of annealing on microstructures and hardening of helium-hydrogen-implanted sequentially vanadium alloys[END_REF] (see Section 1.2.2.2 for more details).

During annealing, an interesting phenomenon is observed in Si. As shown by the underfocused and overfocused TEM images in Figure 3.12, nanometric particles, first interpreted as He bubbles, are observed. However, the phase-contrast (white dots for overfocused images and black dots for underfocused images) is opposite to that of He bubbles in Si (Figure 3.7). Moreover, TEM chemical analyses are performed: EELS (for electron energy loss spectroscopy) and EFTEM (for energy-filtered transmission electron microscopy). These analyses are presented in Figure 3.13.a, c and d. They indicate that the small particles are Cu particles. As shown in Figure 3.12, the distribution of these particles seems in good agreement with the distribution of implanted Cu ions obtained with SRIM. The Cu nanocrystallites have diameters between 5 and 20 nm depending on the implantation depth. Twins are observed in the Cu nano-grains, as shown in Figure 3.13.b. Figure 3.12 -Overfocused and underfocused TEM micrographs for 1 at. % He Cu that has undergone 1 dpa irradiation followed by 150 • C annealing during 30 minutes.

This experiment shows that the 150 • C annealing performed for 30 minutes is sufficient to induce the formation of Cu nanocrystallites in 1.2 MeV Cu + ion irradiated Si (for a dose level of 1 dpa). These particles may affect or even impede the XeF 2 etching of Si. Therefore, for on-chip experiments, the 150 • C annealing performed to stabilize the microstructure of Cu is always carried out before any implantation or irradiation.

In conclusion, these two extra experiments show that after a dose of 1 dpa, the bubble size does not increase significantly. Moreover, the 150 • C annealing must be performed before any implantation or irradiation. For the rest of the study on He implanted Cu, particularly for the on-chip experiments performed, the samples are only He implanted. No post-implantation annealing or irradiation is performed before the release of the on-chip structures. 

MICROSTRUCTURAL CHARACTERIZATION

MICROSTRUCTURAL CHARACTERIZATION

The SFT characteristics obtained in the present study and in previous studies are listed in Table 3.5. 

Mechanical testing

This section addresses the determination of the mechanical properties of pure Cu, He implanted Cu, and 2 dpa Cu + ion irradiated Cu. First, the internal stress and strain are quantified through three methods: wafer curvature "Stoney" method, XRD, and on-chip tensile test structures.

Then the stress-strain curves obtained using the on-chip structures are presented and analyzed. Finally, the nanoindentation experiments performed are described, and the results are compared to the LOC data.

Internal stresses and strains in the Cu specimen

The specimen and actuator internal strains (i.e., mismatch strains) are among the key quantities needed for stress and strain calculations for the on-chip test structures.

As stated in Section 2.1.4.4, the actuator mismatch strain is the same for all experiments and is well characterized based on several experiments. Its value is -0.0033.

On the other hand, the magnitudes of the internal strains (or stresses) in the tensile specimens need to be evaluated for the different conditions (pure Cu, He implanted Cu, 2 dpa irradiated Cu). In this section, three methods are used: the Stoney method, the X-ray diffraction, and a method based on the calibration of LOC data.

The Stoney and the XRD are performed on similar samples as the ones used for the microstructural study presented in Section 3.1 (i.e., a Cu layer deposited on the entire surface of a Si wafer). These samples have undergone the same history: the Cu layer has been deposited and annealed (at 150 • during 30 min) one year before the He implantation. For the on-chip experiments, the samples have been implanted or irradiated and characterized only a couple of weeks after the Cu layer deposition.

Stoney

One of the methods used to estimate the internal stresses in thin films is the Stoney method. It relies on the measurement of the curvature radius of an entire wafer before and after thin film deposition (and possible further treatments), as shown in Figure 3.15.

The internal stress can be calculated knowing the initial curvature radius of the Si wafer R s 0 , the radius after thin film deposition R s , the Si wafer thickness t s , and the thin film thickness t f :

σ Stoney = 1 6 E s 1 -ν s t 2 s t f ( 1 R s - 1 R s 0 ), (3.11) 
where E s is the substrate Young's modulus and ν s is the substrate Poisson ratio. The Stoney method is used here to quantify internal stress evolution in the Cu specimen after 1 at. % He implantation. Before any implantation, the wafer studied has undergone specific processing steps. The Cu layer has been deposited on the entire wafer then annealed at 150 • C for 30 minutes (Section 2.1.2.5). One year later, the wafer has been implanted with He 3.2. MECHANICAL TESTING atoms up to 1 at. %. The internal stress has been measured after deposition, after annealing, a year later before any treatment, and finally after the 1 at. % He implantation. The results are presented in Table 3.6. Tensile internal stress is considered positive, whereas compressive internal stresses are negative. It seems that for annealed pure Cu, the internal stress relaxes with time, going from 360 MPa to 80 MPa after 1 year. Moreover, the He implantation induces a change in the sign of the internal stress. It goes from a tensile state to a compressive state.

The Stoney method requires an entire wafer. The implanted area is thus very large (around 182 cm 2 ), and the implantation lasted two days. Therefore, the He implantation of an entire wafer up to 7 at. % does not seem reasonable time-wise nor cost-wise and is thus not performed. For similar reasons, the 2 dpa 1.2 MeV Cu + irradiation of an entire wafer is also not conducted. 3.16, for a given family of lattice planes {hkl}, the diffraction vector L ΨΦ is characterized by the out-of-plane tilt angle Ψ hkl between the normal to the sample surface and the normal to the lattice planes {hkl}, and the in-plane tilt angle Φ hkl . The angle θ Ψ hkl is the diffraction angle, i.e., the angle between the incident X-ray beam (or equivalently the diffracted beam) and the plane {hkl}.

The interplanar spacing d ΨΦ hkl can be derived from the diffraction angle θ Ψ hkl and the X-ray wavelength λ through the equation:

d ΨΦ hkl = λ 2 × sin(θ Ψ hkl )
.

(3.12)

The lattice parameter a Ψ at a tilt angle Ψ hkl can then be calculated as:

a Ψ = d ΨΦ hkl h 2 + k 2 + l 2 . (3.13)
The internal stresses induce a change in interplanar distances. The induced strain ϵ ΨΦ hkl can be derived from the difference between the stress-free interplanar distance associated with the planes {hkl}, and the stressed sample interplanar spacing d ΨΦ hkl through: A mechanical model is needed in order to deduce internal stresses from strains. One of the most widely used methods is the so-called "sin 2 (Ψ)"method. This method relies on the following hypothesis: (a) the thin film has a fiber texture, (b) the stress state is biaxial and isotropic so that, in the coordinate system presented in Figure 3.16, σ 11 = σ 22 = σ Φ = σ (in Voigt notations), and (c) under Reuss assumption that states that the local stress tensor is the same in all crystals, regardless of their orientation.

ϵ ΨΦ hkl = d ΨΦ hkl -d ( 
Within this framework and using Voigt notations, the relationship between the strain ϵ ΨΦ hkl and the stress σ is then [START_REF] Vincent | Contribution to the x-ray diffraction analysis method of the micro-structural and mechanical state of heterogenous materials[END_REF][START_REF] Zaouali | Caractérisation par DRX de l'état mécanique et microstructural des couches minces métalliques et céramiques obtenues par PVD et Plasma[END_REF][START_REF] Hauk | Calculation of lattice strains in crystallites with an orientation corresponding to the ideal rolling texture of iron[END_REF]:

ϵ ΨΦ hkl = ϵ Ψ hkl = [2S 12 + 1 2 S 44 sin 2 (Ψ hkl ) + R * S 0 ]σ, (3.15) 
with S ij the elastic compliance coefficients, S 0 = S 11 -S 12 -1 2 S 44 , and R * a parameter that depends on the texture of the material. For a <111> fiber texture, as for the Cu film considered for this study, R * = 2

3 [START_REF] Vincent | Contribution to the x-ray diffraction analysis method of the micro-structural and mechanical state of heterogenous materials[END_REF]. The elastic coefficients of copper are presented in Table 3.7. The evolution of the strain with sin 2 (Ψ) is presented in Figure 3.17 for pure Cu, Cu 1 at. % He, and Cu 7 at. % He. Based on Eq. 3.15, the internal stress for each sample can be derived from a linear fit of the curves and the elastic constants of Cu. The results are presented in Table 3.8. As for Stoney results, it is clear that the internal stress σ goes from a tensile state to a 3.2. MECHANICAL TESTING 
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LOC tensile test structures

Determination of the specimen mismatch strain LOC structures can also be used to estimate the Cu mismatch strain. Indeed, ideally, the points in the elastic region of the stress-strain curves should be along a linear curve that passes through the origin of the axis with a slope equal to the Young's modulus. If all the other parameters needed for stress-strain calculations are considered to be known, the specimen mismatch strain can thus be calibrated by forcing the linear fit of the points in the elastic domain to pass through zero. The data selected for this analysis are the first SEM measurements performed after the release in order to minimize the relaxation of the Cu tensile specimens [START_REF] Coulombier | Nanomechanical lab on-chip for testing thin film materials and application to Al and Al (Si)[END_REF].

The intercept of the linear fit is plotted against the specimen mismatch strain for a range of acceptable values (Figure 3.18.b, d and f). The mismatch strains selected are the ones that minimize the intercept. Their values are listed in Table 3.9. The fitted curves are presented in Figures 3. [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF].a, c, and d, respectively, for pure Cu, 1 at. % He implanted Cu, and 2 dpa irradiated Cu.

The data used for pure Cu are extracted from "unload" structures in order to generate data at small strain and stress levels (Sections 2.1.1.2 and 2.1.3.2). Such structures are neither He implanted nor irradiated since they are on the protected part of the sample, as shown in Figure 3.19. Therefore, they can not be used to calibrate the mismatch strain for the He implanted Cu and pre-irradiated Cu samples. For these two samples, the data points in the elastic domain (smallest strains) of the "standard" LOC structures are used for the calibration (Figure 3.19.b).

As shown in Table 3.9, pure Cu and irradiated Cu seem to have a negative mismatch strain with similar magnitudes (-0.000928 and -0.00098), whereas 1 at. % He implanted Cu has a positive mismatch strain (0.000873). As previously indicated by the XRD and Stoney results presented in Sections 3.2.1.1 and 3.2.1.2, it is clear that the He implantation induces a change in internal stress from a tensile state to a compressive state. Moreover, this experiment also shows that Cu + ion irradiation does not affect the internal stress in copper, at least up to 2 dpa. The optimized linear fit is represented on the initial stress-strain data in Figure 3.18.a, c, and d, along with the slope, i.e., the approximate Young's modulus. The value obtained for the pure Cu specimen Young's modulus (84.7 GPa) differs from the one obtained around 110 GPa by nanoindentation (Section 2.1.4.2). This could be explained by measurement errors, especially at low stress and strain, by the fact that the specimen may have relaxed before the first measurement, and or by texture effects (as the loading directions in nanoindentation and tensile tests are different).

Due to these large errors, the impact of the irradiation or the He implantation on the Young's modulus is unclear. However, it is important to note that the specimen Young's modulus is not considered for the determination of stress and strain (Eq. 2.8 and 2.10). It is used to calculate the irradiation creep rate (Chapter 4). However, as shown in Appendix B.2, its effect on the irradiation creep law is negligible. 

CHAPTER 3. IRRADIATION AND HE BUBBLE INDUCED HARDENING

Estimation of the specimen internal stress For an isotropic material, the internal stress can be derived from the internal strains (ϵ i ) given the Young's Modulus E and Poisson ratio ν:

σ i = E 1 -ν ϵ i = - E 1 -ν ϵ mis i , (3.16) 
with i ∈ {Pure Cu, 1 at. % Cu, Cu-2dpa }, E = 110 GPa, and ν = 0.34. Since the convention selected for the sign of the mismatch strain is so that it is negative when the film undergoes a tensile internal stress: ϵ i = -ϵ mis i . The results obtained based on Eq. 3.16 are listed in Table 3.10: As for XRD and Stoney results, the He implantation induces a change in internal stress from a tensile state to a compressive state. However, Eq. 3.16 does not take into account the <111> fiber texture of the Cu specimen. In the following, a method is presented to estimate the internal stresses for this texture. The calculations made are within the framework of the Crystallite Group Method (CGM) that postulates that, for a fiber texture, the actual texture of the film is approximated by one ideal orientation. Here a perfect {111} fiber textured is assumed: all the planes parallel to the film surface are {111} planes, and the in-plane orientations of the crystallites are assumed to be randomly distributed [START_REF] Lubarda | On the elastic moduli and compliances of transversely isotropic and orthotropic materials[END_REF]. This is a rather strong assumption since the fraction of <111> texture component is found around 49 % (Section 3.1.1). Another assumption of this model is that the grain size is small compared to the film but sufficiently large so that the grain boundary effects remain negligible [START_REF] Huang | Biaxial modulus of fiber-textured cubic polycrystalline films with an arbitrary texture axis [hkl][END_REF]. Unfortunately, this assumption is not met here since there is only one grain over the Cu specimen thickness. Nevertheless, for simplicity, this model is used to estimate the internal stress in the three on-chip samples.

For a cubic crystal, there are three independent components of the compliance (or stiffness) tensor listed in Voigt notations in Table 3.7 for Cu, and linked as follows: (3.17)

             s 11 =
Now, for a thin film with a {111} texture, as represented in Figure 3.20, the material is transversely isotropic in the (S 1 , S 2 ) plane, and the S 3 axis is an n-fold symmetry axis. Thus, in the reference frame (S 1 , S 2 , S 3 ), the compliance tensor S ′ ij can be expressed as follows: ) Similarly, the stiffness tensor can be written as follows: ) .19) The link between the stiffness tensor and compliance tensor components are defined as follows:

        ϵ 11 ϵ 22 ϵ 33 2ϵ 23 2ϵ 31 2ϵ 12         =         
                 σ 11 σ 22 σ 33 σ 23 σ 31 σ 12         . ( 3 
        σ 11 σ 22 σ 33 σ 23 σ 31 σ 12         =          c
                 ϵ 11 ϵ 22 ϵ 33 2ϵ 23 2ϵ 31 2ϵ 12         . ( 3 
                                         s ′ 11 = c ′ 11 -c ′ 13 2 /c ′ 33 (c ′ 11 -c ′ 12 ) s ′ s ′ 12 = c ′ 12 -c ′ 13 2 /c ′ 33 (c ′ 11 -c ′ 12 ) s ′ s ′ 13 = -c ′ 13 c ′ 33 s ′ s ′ 33 = c ′ 11 +c ′ 12 c ′ 33 s ′ s ′ 44 = 1 c ′ 44 , (3.20) 
with:

s ′ = 1 c ′ 11 + c ′ 12 -2c ′ 13 /c ′ 33 .
(3.21)

In order to estimate the stiffness and compliance tensor components of the thin film from that of the Cu crystal (presented in Table 3.7), volume averaging is often used. This method aims to derive the effective elastic constants of a polycrystalline film by taking into account the orientation of each grain and the volume fraction for each orientation [START_REF] Huang | Biaxial modulus of fiber-textured cubic polycrystalline films with an arbitrary texture axis [hkl][END_REF][START_REF] Baral | Determination of the primary elastic constants from thin foils having a strong texture[END_REF]. In the case of an ideal fiber texture, the orientation of the grains is fully described by the rotation angle ϕ (Figure 3.20), and the volume fraction is the same for each orientation ϕ.

For a fiber texture <111>, the volume-averaged compliance tensor components can be expressed as a function of the elastic properties of a Cu crystal s 11 , s 12 , and s 44 as follows [START_REF] Huang | Biaxial modulus of fiber-textured cubic polycrystalline films with an arbitrary texture axis [hkl][END_REF][START_REF] Baral | Determination of the primary elastic constants from thin foils having a strong texture[END_REF][START_REF] Faurie | Determination of elastic constants of a fiber-textured gold film by combining synchrotron x-ray diffraction and in situ tensile testing[END_REF][START_REF] Faurie | Study of texture effect on elastic properties of au thin films by x-ray diffraction and in situ tensile testing[END_REF]: Similarly, the volume-averaged stiffness tensor components can be expressed as a function of the stiffness components of the copper crystal c 11 , c 12 , c 44 [START_REF] Huang | Biaxial modulus of fiber-textured cubic polycrystalline films with an arbitrary texture axis [hkl][END_REF][START_REF] Baral | Determination of the primary elastic constants from thin foils having a strong texture[END_REF][START_REF] Faurie | Determination of elastic constants of a fiber-textured gold film by combining synchrotron x-ray diffraction and in situ tensile testing[END_REF][START_REF] Faurie | Study of texture effect on elastic properties of au thin films by x-ray diffraction and in situ tensile testing[END_REF]:

                             < s
                             < c ′ 11 >= c 11 -c 0 /2 < c ′ 12 >= c 12 + c 0 /2 < c ′ 13 >= c 12 + c 0 /3 < c ′ 33 >= c 11 -2c 0 /3 < c ′ 44 >= c 44 + c 0 /3 , (3.23) 
with:

c 0 = c 11 -c 12 -2c 44 . (3.24) 
The effective stiffness tensor components can also be written as a function of the copper crystal compliance tensor components:

                               < c ′ 11 > -1 = 1 3 s 11 + 2 3 s 12 + 11 24 s 44 - 3s 44 2 8(4s 0 +3s 44 ) < c ′ 12 > -1 = 1 3 s 11 + 2 3 s 12 + 11 24 s 44 - 3s 44 2 8(4s 0 +3s 44 ) < c ′ 13 > -1 = s 12 + 1 3 s 0 < c ′ 33 > -1 = s 11 -2 3 s 0 < c ′ 44 > -1 = 6s 44 (s 11 -s 12 ) 2s 0 +3s 44 , (3.25) 
with:

s 0 = s 11 -s 12 -s 44 /2.
(3.26)
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The thin film in-plane Young's modulus and Poisson ratio can then be derived from the effective elastic constants within the framework of three models: Reuss, Voigt, and Neerfeld-Hill. The strain tensor is considered equal for all crystallites for the Reuss model, whereas for the Voigt model, the stress tensor is assumed the same for all crystallites. These are two extreme hypotheses. The empirical Neerfeld-Hill model considers an average of the elastic constants obtained from Voigt and Reuss models, and it generally provides results in good agreement with the experimental data [START_REF] Le Bourhis | Mechanical properties of thin films and nanometric multilayers using tensile testing and synchrotron x-ray diffraction[END_REF].

Within the framework of the Reuss model, the thin film in-plane Young's modulus and Poisson ratio are: For the Neerfeld-Hill model, the in-plane Young's modulus and Poisson ratio are expressed as follows: .

E R =
E N H = E V + E R 2 = 6(
ν N H = ν V + ν R 2 = - 1 
(3.32)

Given the in-plane Young's modulus and Poisson ratio, the internal stress in the film can be calculated as follows, with i ∈ {Pure Cu, 1 at. % Cu, Cu-2dpa } and j ∈ {R, V, N H}:

σ i j = E j 1 -ν j ϵ i = - E j 1 -ν j ϵ mis i .
(3.33) Table 3.11 lists the values obtained for the Young's moduli, the Poisson ratios, and the internal stresses for pure Cu, Cu 1 at. % He, and 2 dpa irradiated Cu using Reuss, Voigt, and Neerfeld-Hill models. The three methods give the same results. The internal stresses are equal to 243 MPa for the pure Cu sample, -229 for the 1 at. % He implanted sample, and 255 for the 2 dpa irradiated Cu sample.

The internal stresses obtained for a <111> perfectly textured material are therefore significantly larger than that for an isotropic material (Table 3.10), with a relative variation (σ i R -σ i isotropic )/σ i isotropic found around 57%. This shows that the texture significantly impacts the magnitude of the internal stresses. However, it is important to remember that the PVD Cu material investigated does not have a perfect <111> texture. Therefore, the internal stresses predicted here may be overestimated. 

Comparison between the three techniques

The internal stresses obtained by Stoney, XRD, and through the calibration of LOC data are presented in Table 3.12 for pure Cu and 1 at. % He implanted Cu. Qualitatively, the three techniques show that the He implantation induces a change in internal stresses from a tensile state to a compressive state. Stoney and XRD results are performed on samples which have undergone the exact same conditions. They are therefore comparable. The two techniques provide different magnitudes for the internal stresses while predicting a similar variation in internal stresses due to the He implantation (680 MPa for XRD and 640 MPa for Stoney). These differences can be due to various factors:

-The XRD is performed on small 1 to 2 cm 2 samples, while the Stoney takes into account the entire wafer curvature. -The XRD calibration can induce a shift in diffraction peaks, thus causing errors in stress evaluation 3.2. MECHANICAL TESTING -The XRD requires the knowledge of the elastic properties of the film, while the Stoney method necessitates only the elastic properties of the substrate. The variation of the internal stresses estimated based on LOC data calibration (472 MPa) is lower than for XRD and Stoney (608 MPa and 640 MPa). It is, however, essential to note that different materials are considered here. For XRD and Stoney, the Cu layer is deposited on the entire surface of the wafer, then annealed and He implanted one year after deposition. In the second case, the samples are micrometric tensile Cu specimens implanted and released few weeks after deposition. Moreover, the calibration of the on-chip data probably considers errors other than the ones on the specimen mismatch. For the LOC experiments, the specimen mismatch strain values selected are the ones obtained through LOC data calibration.

In conclusion, the 1.2 MeV Cu + irradiation does not seem to affect the internal stress levels in the Cu specimen, at least up to a damage level of 2 dpa. On the other hand, He implantation induces a change in internal stress from a tensile state to a compressive state.

Stress-strain behavior from on-chip tensile structures

Initial stress-strain curves Three LOC samples are investigated: pure Cu, 1 at. % He implanted Cu, and 2 dpa irradiated Cu. The samples are from the same initial wafer and have therefore undergone the exact same process at the exact same time up to annealing. They were then implanted or irradiated. The Cu specimen thickness is equal to 500 nm for all three experiments. A damage level of 2 dpa is selected for the last sample since the 1 at. % He implantation induces a mean damage of 2 dpa in a 500 nm Cu specimen. Therefore, comparing the 1 at. % He implanted specimens and 2 dpa irradiated specimens can help dissociate the irradiation effects from the He bubbles effects.

The initial true stress -true strain curves for the three samples are represented in Figure 3.21. The measurements are performed on the day of the release, with a first SEM measurement at least 30 minutes after release. It is important to bear in mind that, during these 30 min, the structures have already started to relax. Therefore, the estimated yield strength is most likely slightly lower than the actual yield strength of the material.

The pure Cu and He implanted Cu data points cover the entire stress-strain curve up to the fracture point. On the contrary, for the 2 dpa irradiated Cu, due to misalignment issues (see Section 2.1.5.2 for more details), the number of correctly aligned tensile specimens is not sufficient to cover the entire curve. Therefore, the maximum strain does not represent the fracture strain.

From the stress-strain curves, it appears that the 1 at. % He implanted Cu has the higher yield stress, followed by the 2 dpa irradiated Cu, then the pure Cu. This indicates the irradiationinduced hardening of copper, in agreement with the literature (Section 1.3). For the same damage level of 2 dpa, the He implantation induces a higher yield strength compared to 1.2 MeV Cu + irradiation, which can be linked to He bubble hardening. Moreover, the He implantation induces a reduction in ductility. The yield strength σ 0.2% is listed for the three samples in Table 3.13, along with the critical resolved shear stress (CRSS). For a polycrystalline material, the CRSS (τ CRSS ) is linked to the yield stress σ 0.2% through the Taylor factor M :

σ 0.2% = M × τ CRSS .
(3.34)
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The Taylor factor M can be affected by the film texture. Based on the EBSD data on 500 nm annealed Cu, the fraction of <111> texture is around 49% (Section 3.1.1). For a similar fraction of <111> texture in a Cu thin film, Xiang et al. [START_REF] Xiang | The mechanical properties of freestanding electroplated cu thin films[END_REF] found that the Taylor factor is between 2.98 and 3.04, which is very close to the standard value of 3.06 taken for FCC materials with a random crystallographic texture. Therefore, for the current study, this standard value is selected. The yield stress obtained for pure Cu (250 MPa) is very similar to the one obtained by Lapouge in his previous LOC experiment on 500 nm thickness Cu specimens (260 MPa) [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. The typical fracture surfaces, as well as the strain localization observed for the three samples, are presented in Figure 3.22. The strain localization leads to the generation of slip bands, as previously reported by Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. This indicates the activation of glide mechanisms in these grains. Moreover, the fracture surface indicates a transgranular propagation of the crack. The He implanted sample is more difficult to characterize compared to the two other samples due to the residual thin layer described in Section 2.1.2.6, but it still exhibits the same features. No inter-granular failure is observed in the He implanted Cu specimens, showing no effect of the bubbles aligned along the grain boundaries on the failure mode (Figure 3.5).

Finally, it is important to note that the effect of the under-etched areas and the dogbones (or other possible sources of errors) is not taken into account in the equations used to calculate stresses and strains (Eq. 2.8 and 2.10), as explained in Section 2.1.5.1.

Relaxation without irradiation

The tensile specimens relax slowly at room temperature. Based on successive stress-strain measurements, the sensitivity to stress can be evaluated. Two parameters are extracted in order to compare the results with the previous study of Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] and other studies: the activation volume V act and the strain rate sensitivity exponent m.

For a tensile test, these two parameters are defined as follows:

V act =M k B T ∂ ln( εp ) ∂σ T , (3.35) 
m = ∂ ln(σ) ∂ ln( εp ) T , (3.36) 
with M the Taylor factor, k B the Boltzmann constant, T the temperature, and ϵ p the plastic deformation occurring during relaxation. For small deformations, Eq. 2.10 can be simplified in the following form:

σ = S a,0 E a S 0 (- L 0 L a,0 ϵ -ϵ mis a ). (3.37)
Therefore, the time derivative of the stress in the specimen is: From this equation, it appears that the higher the ratios L a,0 /L and S 0 /S a,0 , the lower the effect of a variation in the strain on the variation of the stress.

σ = - S a,0 E a S 0 L 0 L a,0 ε. (3.38)
Moreover, the total strain ϵ in the specimen can be divided into three components: the mismatch strain, the elastic strain ϵ el , and the plastic strain ϵ p :

ϵ = ϵ mis + ϵ el + ϵ p . (3.39)
Therefore, the strain rate can be expressed as:

3.2. MECHANICAL TESTING ε = εel + εp = σ E + εp . (3.40)
Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] indicated that a logarithmic law properly approximates the evolution of the strain with time:

ϵ = A ln(t) + B, (3.41) 
with A and B two constants that can be fitted on strain evolution with time curve. The strain evolution with time is plotted in Figure 3.23 for pure Cu, 2 dpa irradiated Cu, and 1 % at. He implanted Cu. Within this approximation, the strain rate can therefore be expressed as follows:

ε = A t . (3.42) 
Therefore, using Eq. 3.40, the plastic strain rate evolution with time εp can be written:

εp = A t [1 - S a,0 S 0 L 0 L a,0 E a E ]. (3.43) 
Moreover, based on Eq. 3.37 and 3.41:

σ = S a,0 E a S 0 (- L 0 L a,0 (A ln(t) + B) -ϵ mis a ). (3.44) 
Based on Eq. 3.43, the time t can be replaced by εp in Eq. 3.44:

σ = S a,0 E a S 0 (- L 0 L a,0 (A ln(A 1 - S a,0 S 0 L 0 L a,0 Ea E εp ) + B) -ϵ mis a ). (3.45) 
Replacing the expression for stress in Eq. 3.45 in Eq. 3.35 and 3.36, the analytical expression for the activation volume V act and for the strain rate sensitivity exponent m are:

V act = M k B T S 0 S a,0 1 E a L a,0 L 0 1 A , (3.46) 
m = 1 σ S a,0 S 0 E a L 0 L a,0 A. (3.47)
The sensitivity to stress is characterized here for pure Cu, 1 at. % He implanted Cu, and 2 dpa irradiated Cu. The activation volume over the Taylor factor V act /M and the strain rate sensitivity exponent m are represented for the three samples in Figure 3.24. The activation volume normalized by the Taylor factor V act /M is expressed in b 3 with b the amplitude of the Burgers vector. As in Ref. [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF], the strain rate sensitivity exponent m is calculated based on the initial stress value measured on the day of the release (Eq. 3.47).

For 2 dpa irradiated Cu, five sets of measurements were performed few days apart to estimate the activation volume V act and the strain rate sensitivity exponent m. Only two sets of measurements are performed for pure Cu and He implanted Cu: on the day of the release and seven days after the release. The strains in 30 to 60 tensile specimens with different actuator length over specimen length ratios (L a /L) are measured for each set of measurements. For pure Cu, the two sets of measurements are sufficient to determine a trend, whereas for He implanted Cu, the measurement errors are such that it is difficult to extract a clear trend, partly because the He implanted specimens barely relax at room temperature. the strain evolution with time for sets of measurements performed few hours apart or even months apart. The values obtained in the current study are in very good agreement with the results of Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] for 500 nm thickness Cu. Indeed, as represented in Figure 3.24, for 500 nm thickness specimen, the normalized activation volume V act /M is around 25 b 3 , and the strain rate sensitivity exponent m is found around 0.03 -0.04, based on both the experiments performed several hours apart or months apart.

As in the current study, Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] observed that a 1 dpa irradiation does not affect the activation volume V act nor the strain rate sensitivity exponent m, showing that the same mechanisms are activated on pure Cu and irradiated Cu during relaxation.

Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] also studied the effect of grain size (or film thickness) on V act /M and m. He observed that a reduction in grain size induces an increase in strain rate sensitivity exponent m from 0.03 -0.04 to 0.05 -0.07 and a decrease of the normalized activation volume V act /M from 25 to 12 -20 b 3 .

The same trend has been found by several authors [START_REF] Wei | Effect of nanocrystalline and ultrafine grain sizes on the strain rate sensitivity and activation volume: fcc versus bcc metals[END_REF][START_REF] Lu | Nano-sized twins induce high rate sensitivity of flow stress in pure copper[END_REF][START_REF] Conrad | Plastic deformation kinetics in nanocrystalline fcc metals based on the pile-up of dislocations[END_REF]. Some of the values of the activation volume V act and of the strain rate sensitivity exponent m obtained for Cu for different grain sizes are represented in Figure 3.25. Other factors can affect the values of V act and m, such as the strain rate [START_REF] Wang | Temperature and strain rate effects on the strength and ductility of nanostructured copper[END_REF], the twin density [START_REF] Lu | Nano-sized twins induce high rate sensitivity of flow stress in pure copper[END_REF], the nature of the mechanical test (nanoindentation, compression, or tensile test) [START_REF] Lu | Nano-sized twins induce high rate sensitivity of flow stress in pure copper[END_REF], the initial dislocation density [START_REF] Wei | Effect of nanocrystalline and ultrafine grain sizes on the strain rate sensitivity and activation volume: fcc versus bcc metals[END_REF][START_REF] Lu | Nano-sized twins induce high rate sensitivity of flow stress in pure copper[END_REF], and/or the texture.

As in the current study, Lu et al. [START_REF] Lu | Nano-sized twins induce high rate sensitivity of flow stress in pure copper[END_REF] studied the effect of twin density on the activation volume and the strain sensitivity to stress for polycrystalline Cu with grain sizes equal to 500 nm. The authors observed that m is equal to 0.005, 0.025, and 0.036, and V act /M is equal to 78b 3 , 13b 3 , and 6b 3 , respectively, in the absence of twins, for low and for high twin density. Thus, the values obtained for the current study and the previous study of Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] agree with the results obtained for low twin density Cu by Lu et al. [START_REF] Lu | Nano-sized twins induce high rate sensitivity of flow stress in pure copper[END_REF].

Another element that may artificially affect the magnitude of the activation volume is the relationship selected for V act . Some authors considered a Taylor factor M equal to √ 3 in Eq. 3.35, while others [START_REF] Conrad | Plastic deformation kinetics in nanocrystalline fcc metals based on the pile-up of dislocations[END_REF] did not consider any Taylor factor in Eq. 3.35. A controversy exists about the value of the Taylor factor for polycrystalline materials, especially for textured materials, and Taylor factors of √ 3 and 3 are generally considered as upper and lower limits [START_REF] Conrad | On the strain rate sensitivity of the flow stress of ultrafine-grained cu processed by equal channel angular extrusion (ecae)[END_REF]. Stoller and Zinkle [START_REF] Stoller | On the relationship between uniaxial yield strength and resolved shear stress in polycrystalline materials[END_REF] recommend a value for the Taylor factor of 3.06 based on mechanical considerations and in order to provide a standard basis of comparison between studies. This further justifies the choice of 3.06 made for the Taylor factor in the current study.

The activation volume V act represents the volume involved in the thermally activated elementary deformation processes [START_REF] Duhamel | Activation volume and deviation from cottrell-stokes law at small grain size[END_REF]. A magnitude around 1 b 3 , as it can be the case for 20 nm diameter grains, is often linked to mechanisms relying on point defect diffusion. On the other hand, values of 100 -1000 b 3 , as observed for coarse-grained metals, are often characteristic of dislocation-dislocation interactions [START_REF] Wei | Effect of nanocrystalline and ultrafine grain sizes on the strain rate sensitivity and activation volume: fcc versus bcc metals[END_REF][START_REF] Lu | Nano-sized twins induce high rate sensitivity of flow stress in pure copper[END_REF][START_REF] Duhamel | Activation volume and deviation from cottrell-stokes law at small grain size[END_REF]. A change in activation volume reflects a change in the rate-controlling deformation mechanism [START_REF] Conrad | Plastic deformation kinetics in nanocrystalline fcc metals based on the pile-up of dislocations[END_REF].

Conrad et al. [START_REF] Conrad | Plastic deformation kinetics in nanocrystalline fcc metals based on the pile-up of dislocations[END_REF] proposed three regimes as a function of the grain size for FCC metals: a large grain size regime (I) with a diameter larger than 1 µm and activation volume V act of a few hundreds of b 3 , a medium grain size regime (II) with a diameter between 10 and 1000 nm and an activation volume V act of a few tens of b 3 , and a very small grain size regime (III) with a diameter lower than 10 nm and an activation volume V act of a few b 3 . In addition, the authors proposed that intragranular dislocation activity occurs for regimes I and II. For large grains (regime I), the controlling mechanism is the dislocation interaction with the forest. The transition between regime I and II occurs when the grain size is below the dislocation cell size, hence making it impossible the building up of such dislocation structure and leading thus to a different characteristic length associated with the pinning. In regime II, Conrad et al. [START_REF] Conrad | Plastic deformation kinetics in nanocrystalline fcc metals based on the pile-up of dislocations[END_REF] proposed that the rate-controlling mechanism is grain boundary sliding promoted by the stress concentration induced by dislocation pile-ups at the grain boundary. The transition from regime II to III occurs when the elastic interaction spacing is larger than the grain size. In this case, grain boundary sliding becomes the rate-controlling mechanism. In Cu, the authors found that the transition between regime I and II occurs for grain diameters around 123 -625 nm. Based on this analysis, the current work lies within regime II of medium-size grains or in the transition between regime I and II. This indicates that, for the current study, the rate-controlling mechanisms would be based on a combination of intragranular dislocation activities and grain boundary sliding [START_REF] Wang | Temperature and strain rate effects on the strength and ductility of nanostructured copper[END_REF]. [START_REF] Ml Grossbeck | An assessment of tensile, irradiation creep, creep rupture, and fatigue behavior in austenitic stainless steels with emphasis on spectral effects[END_REF] [START_REF] Zehetbauer | Cold work hardening in stages iv and v of fcc metals-i. experiments and interpretation[END_REF], (8) [START_REF] Lu | Nano-sized twins induce high rate sensitivity of flow stress in pure copper[END_REF], (9) [START_REF] Ps Follansbee | A constitutive description of the deformation of copper based on the use of the mechanical threshold stress as an internal state variable[END_REF], [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF] [START_REF] Wei | Effect of nanocrystalline and ultrafine grain sizes on the strain rate sensitivity and activation volume: fcc versus bcc metals[END_REF], and (11) [START_REF] Guduru | Mechanical behavior of nanocrystalline copper[END_REF].

During relaxation, the deformation of the specimens is homogeneous for all the specimens in the Cu and He implanted Cu samples. However, it is important to note that the relaxation has only been monitored for about 140 hours. On the contrary, as shown in Figure 3.26, failure is observed for the more deformed specimens for 2 dpa irradiated Cu. Two factors may explain this failure. First, these specimens may have suffered from the transportation from UCLouvain to CEA Saclay. Another cause could be that the SEM observations at CEA Saclay have been performed around 400 hours after the release. Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] noted a homogeneous deformation of pure Cu specimens up to 188 h, whereas specimens observed 3000 h after release showed evidence of localization and fracture. The exact time for which the localization started could not be ascertained. Therefore, one can postulate that the failure observed in the most deformed 2 dpa irradiated Cu specimens occurs during relaxation. 

Nanoindentation

Nanoindentation is often used to investigate the mechanical properties of a material at the nanoscale [START_REF] Warren | Measurement of hardness and elastic modulus by instrumented indentation: Advances in understanding and refinements to methodology[END_REF]. As shown in Figure 3.27, a load is applied to an indenter in contact with a sample (nominal load). As the load increases, the indenter penetrates the sample, and the depth of penetration is measured. Based on the geometry of the indenter and the depth of penetration, the area of contact can be determined. The hardness can then be determined by dividing the applied load by the projected area of contact. From the unloading curve, the elastic modulus of the sample can be obtained.

Nanoindentation tests were carried out at UCLouvain by Audrey Favache and Paul Baral on pure Cu, 1 at. %, and 7 at. % He implanted Cu films deposited on a silicon wafer. The samples are similar to the ones characterized by Stoney and XRD in Sections 3.2.1.1 and 3.2.1.2. The equipment used is the Agilent G200 nanoindenter, with a Berkovich tip and a DCM II indentation head.

The nanoindentation method used is the Continuous Stiffness Measurement (CSM) method for thin films. This method allows for continuous measurement of the elastic modulus and the hardness during nanoindentation and therefore provides depth-dependent mechanical properties. To do so, as shown in Figure 3.27.b, in addition to the load applied to the indenter tip (nominal load), a small dynamic oscillating force with an amplitude order of magnitude lower than the nominal load is applied [START_REF] Warren | Measurement of hardness and elastic modulus by instrumented indentation: Advances in understanding and refinements to methodology[END_REF].

Experimentally, three quantities are measured: the load on sample P , the harmonic contact stiffness S, and the displacement into the surface h. Knowing the projected contact area A c , the hardness H of the thin film can be expressed as follows:

H = P A c . (3.48) 
One of the most used methods to estimate the projected contact area A c is the Oliver and Pharr method [START_REF] Warren | Measurement of hardness and elastic modulus by instrumented indentation: Advances in understanding and refinements to methodology[END_REF][START_REF] Carl | An improved technique for determining hardness and elastic modulus using load and displacement sensing indentation experiments[END_REF]. Within this framework, the contact depth h c is defined by the following equation:

h c = h -ϵ P S , (3.49) 
with ϵ =0.75 a constant depending on the indenter geometry. Oliver and Pharr proposed to determine the projected contact area A c from the contact depth h c using an area function:

A c = C 0 h c 2 + C 1 h c + C 2 h c 1/2 + • • • + C 8 h c 1/128 , (3.50) 
with C 0 a constant that takes into account the simple geometrical relation between A c and h c . The other C j coefficients account for the nonperfect geometry of the indenter. Two sets of experiments are performed, and the values obtained for C j for each set are listed in Table 3.14. These coefficients are calibrated by indenting a fused silica reference sample with a well-known Young's modulus. 3.2. MECHANICAL TESTING The reduced modulus E r is defined as follows:

1 E r = 1 -ν i 2 E i + 1 -ν f 2 E f , (3.51) 
with:

-

ν i : indenter Poisson ratio (ν i = 0.07) -E i : indenter Young's Modulus (E i = 1141 GPa) -ν f : film Poisson ratio (ν f = 0.34) -E f : film Young's Modulus
Moreover, the reduced modulus E r can also be calculated based on the projected contact area A c through the Sneddon relation [START_REF] Sneddon | The relation between load and penetration in the axisymmetric boussinesq problem for a punch of arbitrary profile[END_REF]:

E r = S 2 π A c . (3.52)
If the indenter Poisson ratio ν i and Young's Modulus E i and the film Poisson ratio ν f are known, the film Young's Modulus can be estimated based on Eq. 3.51 and 3.52. The values obtained using the Oliver and Pharr method for the film hardness H and Young's modulus E f are listed in Table 3.15. In order to avoid both surface effects and substrate effects, the values are averaged over the depth range [5% t f , 10% t f ], with t f the thin film thickness. At least 15 indents are performed for each sample. -the fact that there is one grain over the sample thickness, which leads to results that depend on the orientation of the grain (for instance, the grain orientation may affect the shape of the pile-up). From the nanoindentation results, it appears that He implantation induces significant material hardening. Furthermore, the values obtained are in good agreement with other nanoindentation tests performed at room temperature on Cu, and He implanted Cu in the literature (Table 3.16) [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Hu | Abundant free surface in nanoporous copper films enhancing tolerance against helium ion irradiation[END_REF]. The Young's modulus seems to slightly increase with He implantation. However, due to the large standard errors, no conclusion can be reached on the He impact on the Young's modulus. He implantation is known to have little effect on the elastic modulus at low doses [START_REF] Hofmann | Lattice swelling and modulus change in a heliumimplanted tungsten alloy: X-ray micro-diffraction, surface acoustic wave measurements, and multiscale modelling[END_REF][START_REF] Das | The effect of helium implantation on the deformation behaviour of tungsten: X-ray micro-diffraction and nanoindentation[END_REF].

Yang et al. [START_REF] Yang | Irradiation damage investigation of helium implanted polycrystalline copper[END_REF] studied the effect of the He dose on the mechanical properties of He implanted Cu at large doses (> 1 × 10 17 cm -2 ) through nanoindentation. The authors observed no change in reduced modulus E r between non-implanted Cu and He implanted Cu for a dose of 1 × 10 17 cm -2 . For larger doses, they observed a decrease in reduced modulus with increasing dose. This is because the modulus is the combination of the modulus of the Cu matrix and He bubbles. Furthermore, the authors observed an increase in hardness after a dose of 1×10 17 cm -2 , followed by a decrease in hardness for larger doses (> 5 × 10 17 cm -2 ) while staying above the hardness of non-implanted Cu. The authors attributed this decrease at high doses to a foam-like behavior of the material.

In conclusion, the hardness increases with increasing dose up to a dose of 2.7 × 10 17 cm -2 , in agreement with previous studies. The effect of He implantation on sample modulus is unclear. A small increase in modulus seems to be observed with He dose. However, due to the large standard error on the nanoindentation results, it is difficult to draw any conclusion on this last point.

Comparison between on-chip tests and nanoindentation

The Young's modulus obtained using the LOC structures (Figure 3.18) can be compared to the Young's modulus obtained using nanoindentation (Table 3.15) for pure Cu and 1 at.% He implanted Cu. For pure Cu, the LOC data considered in the elastic regime predict a Young's modulus of 84.7 GPa. This is slightly lower than the 100 GPa given by the nanoindentation experiments. In the case of 1 at. % He implantation, the Young's modulus is around 110 and 111 GPa, based on LOC experiments and nanoindentation experiments, respectively. Therefore, both experiments indicate an increase in Young's modulus with He implantation (at least up to a dose of 3.85 × 10 16 cm -2 ). These experiments give values near the initially selected value for pure Cu of 110 GPa based on previous and more accurate nanoindentation experiments. The specimen Young's modulus is not considered in the stress-strain calculations performed for the on-chip tensile structures (Eq. 2.8 and 2.10). However, it is used to calculate the irradiation 3.2. MECHANICAL TESTING creep rates, although it is proven to have a negligible effect on the creep law. Therefore, taking a modulus of 110 GPa for all the samples seems reasonable.

The hardness obtained by nanoindentation can also be compared to the yield strengths extracted from the LOC experiments. Indeed, the hardness H is linked to the uniaxial yield strength σ 0.2% through the Tabor constraint factor C as follows [START_REF] Tabor | The hardness of metals[END_REF]:

H = Cσ 0.2% . (3.53)
The ratios between the hardness and the yield strength for pure Cu and 1 at. % He implanted Cu are the following:

-

H Cu /σ Cu 0.2% = C Cu = 8.4 -H Cu-1at.%He /σ Cu-1at.%He 0.2% = C Cu-1at.%He = 5.7
These constraint factors are larger than the usual value of 3 observed for most metals [START_REF] Clayton | A new approach to plasticity and its application to blunt two dimensional indenters[END_REF][START_REF] Liu | A combined experimental-numerical approach for determining mechanical properties of aluminum subjects to nanoindentation[END_REF]. Several elements can explain the high values obtained for the constraint factor. For instance, as explained in Section 3.2.2, the specimens relax before the first SEM measurements. Therefore, the measured yield strength slightly underestimates the actual material yield strength.

Another possible cause is the presence of pile-ups. As shown in Figure 3.28, two distinct behaviors can be observed during nanoindentation tests: pile-up and sink-in. When pile-up occurs, the Oliver and Pharr method for the estimation of the projected contact area is known to overestimate the hardness [START_REF] Cabibbo | True hardness evaluation of bulk metallic materials in the presence of pile up: analytical and enhanced lobes method approaches[END_REF].

Chen et al. [START_REF] Chen | Numerical study on the measurement of thin film mechanical properties by means of nanoindentation[END_REF] investigated the link between the normalized height of pile-up as a function of the yield strength for a FEM model and the Oliver and Pharr model. The normalized height is defined as the ratio h p /h between the pile-up height (h p < 0 in case of sink-in and > 0 in case of pile-up) and the penetration depth h starting from the undeformed sample surface (Figure 3.28). The authors defined the following ratio to represent the yield strength E tan(β 0 )/σ y with E the material Young's modulus, σ y the material yield strength and β 0 an angle defined as: = 515 MPa), the ratio E tan(β 0 )/σ y is equal to 158 for pure Cu and 76.5 for 1 at. % He implanted Cu. Given the data in Figure 3.29, these values are in the pile-up regime. Moreover, He implantation is known to cause pile-ups [START_REF] Das | The effect of helium implantation on the deformation behaviour of tungsten: X-ray micro-diffraction and nanoindentation[END_REF]. Therefore, it is very likely that the hardness is overestimated for both pure Cu and He implanted Cu using the Oliver and Pharr method. To better estimate the hardness in the case of a pile-up, the Loubet method can be used to calculate the projected contact area [START_REF] Loubet | Nanoindentation with a surface force apparatus[END_REF][START_REF] Hochstetter | Strain-rate effects on hardness of glassy polymers in the nanoscale range. comparison between quasi-static and continuous stiffness measurements[END_REF][START_REF] Guillonneau | A new method to determine the true projected contact area using nanoindentation testing[END_REF]. Within this framework, the contact depth is defined as follows:

β 0 = 90 • -α 0 , ( 3 
h c = α(h - P S + h 0 ), (3.55) 
with α a constant depending on the indenter geometry (α = 1.2 for a Berkovich tip [START_REF] Loubet | Nanoindentation with a surface force apparatus[END_REF][START_REF] Hochstetter | Strain-rate effects on hardness of glassy polymers in the nanoscale range. comparison between quasi-static and continuous stiffness measurements[END_REF][START_REF] Guillonneau | A new method to determine the true projected contact area using nanoindentation testing[END_REF]) and h 0 is a height that takes into account the tip defect. In this model, since α is greater than one, both sink-in and pile-up behaviors can be accounted for. The height h 0 is estimated by plotting the stiffness S with the plastic penetration depth h r = h-P/S, based on experiments performed on silica at the same time as the nanoindentation experiments. For these experiments, the height h 0 is equal to 9 nm.

The non-perfect geometry of the indenter is taken into account in the height h 0 . Therefore, the projected contact area can be estimated using:

A c = 24.5h c 2 .
(3.56)

The results using the Loubet method are given in Table 3.17. The hardness values are lower than those obtained using the Oliver and Pharr method (Table 3.15). The constraint factors for the Loubet method are equal to 6.7 for pure Cu (C Cu ) and to 4.7 for 1 at.% He implanted Cu (Cu Cu-1at.%He ). These values are lower than the previous Tabor values (8.4 and 5.7) but remain above the standard constraint factor of 3.

Besides the relaxation of the on-chip structures and the possible pile-up behavior, other elements can explain the difference between the hardness results and the tensile results. For instance, on pure Cu, the strain rate involved in the nanoindentation tests is around 2.55 × 10 -2 s -1 , which is orders of magnitude larger than those during the relaxation of on-chip tensile structures (between 3 × 10 -12 and 4 × 10 -9 s -1 ).

Figure 3.30.a represents for pure Cu the stress as a function of the strain rate for the on-chip (dark-blue points) and the nanoindentation experiments (green and red points). The hardness 3.2. MECHANICAL TESTING The on-chip data nicely follow a linear law (dashed grey line in Figure 3.30.a), with a slope equal to the strain rate sensitivity exponent m (in log-log scale). The linear curve predicts a stress magnitude of 555 MPa for a strain rate equal to 2.5 × 10 -2 s -1 . This stress obtained based on LOC data is close to the one obtained by nanoindentation (560 and 697 MPa with the Loubet and the Oliver and Pharr methods).

Therefore, it appears that the discrepancy between the nanoindentation and the LOC results can be explained by differences in strain rates, especially considering the Loubet method.

Moreover, the Tabor law used to convert hardnesses into yield strengths applies only to perfectly plastic materials [START_REF] Tabor | The hardness of metals[END_REF], i.e., for materials for which the stress does not vary with the strain (after reaching the yield stress). In this case, experiments performed at different strain levels can be directly compared.

However, as shown in Figure 3.21, the pure Cu sample exhibits strain hardening. The onchip tensile tests are performed for strains lower than 2%, while the nanoindentation experiments involve a strain of around 10%.

Figure 3.30.b represents the stress-strain curve for the pure Cu tensile structures (dark-blue points) and the nanoindentation results (green and red points). The power law is the most commonly used expression for strain hardening. Therefore, a power law is fitted on the LOC data in the plastic domain (> 0.2%) in order to predict the stresses at large strains (yellow dotted curve in Figure 3.30.b). For a strain level of 10%, the predicted stress is 436 MPa, which is lower than the stresses obtained using nanoindentation (560 and 697 MPa).

In order to account for the strain rate effects in Figure 3.30.b, the point of the LOC stressstrain curve corresponding to the larger strain is vertically translated by an amount of stress equal to the difference between the stress predicted for a strain rate 2.5 × 10 -2 s -1 (gray cross in Two scenarios are represented in Figure 3.30.b. First, if the hardening of the material is discarded, the plastic behavior is represented by a straight line (gray dashed line). In this case, the stress predicted for a strain level of 10% is around 545 MPa, which is close to the nanoindentation results using the Loubet method (560 MPa) and lower than the results using the Oliver and Pharr method (697 MPa).

Second, if the material strengthening is taken into account, the power law fitted on the onchip data is also vertically translated (black dashed-dotted line). In this case, the stress predicted for a strain level of 10% is around 643 MPa and is thus close to that obtained by nanoindentation using the Oliver and Pharr method (697 MPa).

Therefore, the discrepancy between the on-chip and nanoindentation results observed in pure Cu can be explained by strain rate effects or a combination of the strain and the hardening CHAPTER 3. IRRADIATION AND HE BUBBLE INDUCED HARDENING effects.

The reasoning above concerns pure Cu, but it can also be applied to He implanted Cu. Unfortunately, the relaxation data for the 1 at. % He implanted Cu sample are of poor quality (Figure 3.24). Nevertheless, qualitative observations can still be made. The nanoindentation results are closer to the on-chip results for the 1 at. % He-implanted Cu samples than the pure Cu samples. This can be explained by the fact that no hardening is observed for the 1 at. % He implanted sample (Figure 3.21). Therefore, the difference between the nanoindentation and on-chip results would be due to a combination of strain rate effects and material hardening for pure Cu, while they would solely result from strain rate effects for He implanted Cu.

Finally, other reasons may explain the discrepancy between the nanoindentation and on-chip tensile experiments [START_REF] Reichardt | In situ micro tensile testing of he+ 2 ion irradiated and implanted single crystal nickel film[END_REF][START_REF] Hosemann | Issues to consider using nano indentation on shallow ion beam irradiated materials[END_REF]. The main one is that nanoindentation generates severe strain gradients that can lead to a high density of geometrically necessary dislocations and to the so-called indentation size effect. 

Hardening models

In this Section, the yield strengths and hardness values obtained in Section 3.1.2 will be interpreted under the light of usual strengthening and hardening models. In addition, the obstacle strengths are characterized and compared to the literature.

Hall-Petch strengthening

The strengthening contribution from grain boundaries for a polycrystal can be taken into account using the Hall-Petch expression [START_REF] Nj Petch | The cleavage strength of polycrystals[END_REF]:

σ HP = σ 0 + k D g , (3.57) 
with: σ 0 the friction stress, k the Hall-Petch slope and D g the grain size.

In the following, the friction stress and the Hall-Petch slope are considered to be equal to 20 MPa [START_REF] Hansen | Hall-petch relation and boundary strengthening[END_REF], respectively, 5.2 to 5.4 MPa.mm -0.5 [START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF][START_REF] Ma Meyers | The onset of twinning in metals: a constitutive description[END_REF] for pure Cu. Moreover, the mean grain size is 520 nm. Therefore, the yield strength derived from the Hall-Petch expression is found around 248 to 257 MPa, which is very close to the yield strength obtained for pure Cu using the LOC tensile structures.

Estimation of the obstacle strengths and break-away angles

In this section, the objective is to estimate the SFT and He bubble strengths. Several hardening models can be found in the literature. They are briefly described below. The obstacle strengths can be derived from microscopic (obstacle sizes and densities) and macroscopic data (yield strengths or hardnesses) based on these models.

The experimental values used in the different calculations are listed in Tables 3.18 and 3.19 for SFT, respectively He bubbles. The microscopic data are based on TEM analyses (Section 3.1), while the macroscopic data are either extracted from on-chip or nanoindentation experiments (Section 3.2).

In the following, the conversion from hardness to yield strength is performed using a standard constraint factor C of 3 (Eq. 3.53). Moreover, two bubble densities are listed for each case. This is due to the hypothesis made on the He bubble state: dislocation punching or equilibrium (see Sections 1.2.2.2 and 3.1.2.1 for more details). Finally, the shear modulus of Cu is considered equal to 46 GPa [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF], the Burgers vector equals 0.256 nm, and a magnitude of 3.06 is selected for the Taylor factor (as explained in Section 3.2.2). Table 3.18 -SFT characteristics for obstacle strength estimation.

SFT edge size d SF T

2.5 nm SFT density N SF T 2.5 × 10 23 m -3 SFT induced increase in yield strength ∆σ Cu-2dpa 0.2% 101 MPa

Break-away angle

One way to characterize the strength of an obstacle is through the critical angle for dislocation break-away ϕ c [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF][START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF]. As shown in Figure 3.69, the critical angle is defined as the angle between the two arms of a dislocation pinned on an obstacle just before the unpinning of the dislocation (Section 1.4.1). The increase in critical resolved shear stress ∆τ (CRSS) can be expressed as follows [START_REF] Ulrich | Thermodynamics and kinetics of slip[END_REF]:

∆τ = F tot bL , (3.58) 
with F tot the maximum force that the obstacle can sustain, and L the average spacing between obstacles along the dislocation line (Figure 3.69). Within the framework of the line tension model, the force F tot can be expressed as a function of the effective line tension Γ:

F tot = 2Γ cos(ϕ c ).
(3.59)

Moreover, given the dislocation core radius r c , the line tension of the bowed-out dislocation can be expressed as follows:

Γ = µb 2 4π ln( L r c ). (3.60) 
Therefore, given Eq. 3.58, 3.59, and 3.60, the increase in CRSS is:

3.3. HARDENING MODELS ∆τ = µb 2πL ln( L r c ) cos(ϕ c ). (3.61)
Moreover, Friedel [START_REF] Friedel | Dislocations: international series of monographs on solid state physics[END_REF] showed that the average spacing along the dislocation line L is linked to the average planar spacing of obstacles L s through:

L = L s cos(ϕ c ) . (3.62)
Therefore, the increase in CRSS can be expressed as follows:

∆τ = µb 2πL s ln( L s r c cos(ϕ c ) )cos(ϕ c ) 3/2 . (3.63)
This equation can be multiplied by a factor of 0.9 to take into account the random distribution of bubbles [START_REF] Friedel | Dislocations: international series of monographs on solid state physics[END_REF]. However, in order to compare the current work to previous studies, the effect of the random distribution of bubbles is discarded. The critical angle is thus estimated directly using Eq. 3.63.

Moreover, the increase in yield strength can be calculated from the CRSS as follows:

∆σ y = M ∆τ, (3.64) 
with M the Taylor factor (Section 3.2.2). As in Ref. [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF], the radius r c is assumed equal to the average bubble radius. For the 1 at. % He implanted Cu sample, the breakaway angle ϕ c is found between 75.4 • and 78 • based on LOC and nanoindentation data. Higher values are found for 7 at.% He implanted Cu based on nanoindentation results: 65 • to 67.4 • . These values are approximately in the same ranges as those found in the literature and calculated using the same methodology. These experiments are based either on compression tests on nanopillars or nanoindentation experiments. Guo et al. [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] obtained a value of 77 • for 0.35 at.% He implanted Cu nanopillars. Li et al. [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF] estimated the critical angle around 53 • for 7 at. % He implanted Cu single crystals using nanoindentation experiments. Concerning vanadium, Wei et al. [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] estimated the critical angle ϕ c around 76 • for a He dose of 1×10 17 cm -2 . The difference between the results of Li et al. [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF] and the current data can partly be explained by the projected contact area calculation method. If the Oliver and Pharr method is used instead of the Loubet method for the current experiments, the critical angle ϕ c is found around 74 • to 76 • and 61 • to 64 • , for 1 at.% He implanted Cu, respectively 7 at.% He implanted Cu.

For the 2 dpa irradiated Cu sample, the critical angle ϕ c is found around 70.4 • . This value is higher than the typical values obtained in MD or TEM studies, assuming a radius r c equal to the average SFT size (2.5 nm). For instance, Wirth et al. [START_REF] Bd Wirth | Dislocation-stacking fault tetrahedron interactions in cu[END_REF] estimated a critical angle of 40 • based on MD calculations. Robach et al. [START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF] and Schäublin et al. [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF] estimated a critical angle of 40 • , respectively 46 • , based on TEM observations. The difference observed between the critical angle value obtained in the current study and the values found in the literature can arise from the different methodologies used. In the previous studies, the breakaway angle is obtained from direct measurements inside the TEM or in MD simulations, whereas, in the current work, the breakaway angle is deduced from macroscopic data (yield stress) and assumptions on the formulas used.

In conclusion, the critical angle ϕ c is found lower than in previous studies for the 2 dpa irradiated Cu sample. However, this can be due to the difference in methodology and to the assumptions of the expressions used. For He implanted Cu, the values seem to be in the same ranges as those found in the literature using the same methodology.

The dispersed barrier hardening (DBH) model

The increase in CRSS due to an array of obstacles is often described by the Seeger dispersed barrier hardening model. Within the framework of this model, the expression for the line tension of the dislocation in Eq. 3.60 is approximated as follows:

Γ ≈ µb 2 .
(3.65)

Therefore, the increase in CRSS can be rewritten as follows using Eq. 3.59 and 3.58 and 3.65:

∆τ = (2b cos(ϕ c )) µb L = α µb L , (3.66) 
with α a coefficient that describes the obstacle strength:

α = 2b cos(ϕ c ). (3.67) 
Moreover, for this model, the obstacle planar spacing L s is considered approximately equal to the average obstacle spacing along a dislocation line L: L ≈ L s .

(3.68)

Therefore, the critical resolved shear stress ∆τ can be derived from the obstacle properties (size d, density N , barrier strength α, and planar spacing L s ) through:

∆τ = αµb L s = αµb √ N d. (3.69) 
The barrier strength α can be estimated from the yield strengths or hardnesses obtained experimentally and the obstacle properties extracted from TEM observations. For the 2 dpa irradiated Cu sample, an obstacle strength α of 0.11 is obtained. This is lower than the usual value of 0.2, often assumed for nanometric SFT [START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF]. For 1 at.% He implanted Cu (3.85 × 10 16 cm -2 ), values ranging between 0.06 and 0.08 are obtained for the obstacle strength, while for 7 at.% He implanted Cu (2.695 × 10 17 cm -2 ), the barrier strengths range between 0.09 and 0.11. These values are in good agreement with the literature. Wang et al. [START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF] estimated an obstacle strength α for single crystal Cu nanopillars around 0.05 -0.06 for a He dose of 2 × 10 17 cm -2 and around 0.1 for a dose of 1 × 10 18 cm -2 .

The Friedel Kroupa Hirsch (FKH) model

The Friedel Kroupa Hirsch (FKH) model is often used for weak obstacles (α < 0.25) [START_REF] Steven | Observation and analysis of defect cluster production and interactions with dislocations[END_REF]. This model predicts an increase in CRSS:

∆τ = 1 8 µbdN 2/3 . (3.70)
For 2 dpa irradiated Cu, the FKH model predicts an increase in yield strength of 45 MPa, lower than the value of 101 MPa found based on LOC data.

For the 1 at. % He implanted Cu sample, the increase in yield strength is predicted between 198 to 261 MPa, depending on the bubble density selected. Similarly, the increase in hardness is found between 0.594 and 0.783 GPa. These predictions are in the same order as the experimental values obtained using on-chip tensile tests and nanoindentation (265 MPa and 0.72 GPa).

Finally, for the 7 at. % He implanted Cu sample, the increase in hardness predicted by the FKH model is found between 1.58 and 2.09 GPa, which, again, is in good agreement with the hardness estimated by nanoindentation (2.2 GPa).

In conclusion, the FKH model underestimates the increase in yield strength for 2 dpa irradiated Cu and predicts yield strengths and hardnesses approximately in the same ranges for He 3.3. HARDENING MODELS implanted Cu. This can be explained by the fact that the FKH model gives good predictions for weak obstacles [START_REF] Steven | Observation and analysis of defect cluster production and interactions with dislocations[END_REF] and that 1 nm He bubbles are weaker obstacles than 2.5 nm SFT.

The Bacon Kocks Scattergood (BKS) model

Another model used in FCC and BCC materials to account for obstacle hardening is the BKS (Bacon Kocks Scattergood) model [START_REF] Dj Bacon | The effect of dislocation self-interaction on the orowan stress[END_REF]. This model, developed for void hardening, predicts an increase in CRSS of:

∆τ = µb 2πL s [ln( 1 b × 1 1/d + 1/L s ) + ∆], (3.71) 
with ∆ a parameter that characterizes obstacle strength.

If the parameter ∆ is calibrated on the LOC data, the values obtained are -1.1 and -0.739 for the 2 dpa irradiated Cu sample, respectively the 1 at. % He implanted Cu sample. Similarly, using the nanoindentation results, the parameter ∆ is found around -0.784 and -0.767 for 1 and 7 at. % He implanted Cu. These values are unrealistic since the parameter ∆ must be positive and is generally assumed between 0.7 and 1.5 for voids and bubbles [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Dj Bacon | The effect of dislocation self-interaction on the orowan stress[END_REF]. The BKS model generally targets strong obstacles. Given the low obstacle strength found here for the bubbles and the SFT, it seems that this model does not apply to nanometric He bubbles and SFT.

Summary

The values obtained for the obstacles strengths and critical angles are summarized in Table 3.20. They are in relatively good agreement with previous studies. The barrier strength α is somewhat underestimated for 2 dpa irradiated Cu, while reasonable values are obtained for He implanted Cu.

The critical angles ϕ c predicted for the He implanted Cu samples are in the same ranges as previous studies, while lower values than that found in the literature are observed for the 2 dpa irradiated Cu sample. This last observation is most likely due to a difference in the calculation methodology.

The barrier strengths and critical angles calculated show that 2.5 nm edge SFT and 1 nm diameter bubbles are weak obstacles.

Moreover, the FKH model seems to give good results for the He implanted Cu samples and underestimate the yield strength of the 2 dpa irradiated Cu sample. This can be related to the fact that the FKH model is known to give good predictions for weak obstacles [START_REF] Steven | Observation and analysis of defect cluster production and interactions with dislocations[END_REF].

On the other hand, the BKS model cannot be applied to the LOC and nanoindentation data since it is mainly adapted for strong obstacles. 

CHAPTER 3. IRRADIATION AND HE BUBBLE INDUCED HARDENING

Main results in a nutshell

In this section, the irradiation and He bubble-induced hardening is investigated. First, the microstructure of pure Cu, He implanted Cu, and 1.2 MeV Cu + ion irradiated Cu is characterized. The pure Cu sample presents a <111> texture with one grain along the sample thickness. He implantation induces the formation of 1 nm bubbles. No bubble arrangement is observed for the 1 at. % He implanted Cu sample, while bubble superlattices are observed for the 7 at. % He implanted Cu sample. 1.2 MeV Cu + ion irradiation induces the formation of 2.5 nm edge SFT. Between 1 and 7 dpa, no dose effect is observed on the SFT size and density. More generally, defects sizes and densities are in the same ranges as previous studies [START_REF] Singh | Defect accumulation in pure fcc metals in the transient regime: a review[END_REF][START_REF] Schäublin | Irradiation-induced stacking fault tetrahedra in fcc metals[END_REF][START_REF] Sj Zinkle | Defect microstructure in copper alloys irradiated with 750 mev protons[END_REF][START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF][START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF][START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF][START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF][START_REF] Singh | Effect of neutron irradiation and post-irradiation annealing on microstructure and mechanical properties of ofhc-copper[END_REF].

The mechanical properties of pure Cu, He implanted Cu, and 2 dpa Cu + irradiated Cu are then studied. The 2 dpa Cu + irradiation is chosen since 1 at. % He implantation induces a damage of 2 dpa in pure Cu. Therefore, by comparing the 2 dpa irradiated samples to the 1 at. % He implanted samples, one can dissociate the He implantation effects from the irradiation effects.

First, the variation in internal stresses and strains due to irradiation and He implantation is investigated using on-chip tensile tests, Stoney and XRD. It has been shown that a 2 dpa irradiation has no distinguishable effect on the internal stresses and strains, while the 1 at.% and 7 at.% He implantation induces a change in internal stresses from a tensile state to a compressive state.

The yield strengths of pure Cu, 1 at. % He implanted Cu, and 2 dpa irradiated Cu are also investigated. The He implantation induces an increase in yield strength larger than the 2 dpa irradiation (∆σ Cu-2dpa 0.2% = 101 MPa and ∆σ Cu-1at.%He 0.2% = 265 MPa). This is due to the bubble-induced hardening.

The slow relaxation at room temperature (without irradiation) is investigated using on-chip structures for pure Cu, He implanted Cu, and 2 dpa irradiated Cu. The activation volume V act and the strain rate sensitivity exponent m are extracted and found in the same ranges as in the previous experiments of Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]: V act is found around 20 M b 3 , and m is found between 0.02 and 0.05. These values indicate that the rate-controlling mechanisms are based on a combination of intragranular dislocation activities and grain boundary sliding [START_REF] Conrad | Plastic deformation kinetics in nanocrystalline fcc metals based on the pile-up of dislocations[END_REF][START_REF] Wang | Temperature and strain rate effects on the strength and ductility of nanostructured copper[END_REF].

The He bubble-induced hardness is also analyzed through nanoindentation experiments. An increase in hardness with increasing He dose is observed, as reported in the literature. Furthermore, the magnitudes obtained for the hardness are similar to previous studies [START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Hu | Abundant free surface in nanoporous copper films enhancing tolerance against helium ion irradiation[END_REF].

Finally, the obstacle strengths are characterized based on the yield strengths extracted from on-chip tensile tests and the hardnesses extracted from nanoindentation data. Nanometric He bubbles and SFT seem to be weak obstacles with barrier strengths α estimated between 0.09 to 0.11 for 7 at. % He implanted Cu, 0.06 to 0.08 for 1 at. % He implanted Cu, and 0.11 for 2 dpa irradiated Cu. These values are in similar ranges as previous studies [START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF][START_REF] Li | Defect structures and hardening mechanisms in high dose helium ion implanted cu and cu/nb multilayer thin films[END_REF][START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF][START_REF] Wang | Mechanical behavior of copper containing a gas-bubble superlattice[END_REF].

Moreover, it seems that the FKH model provides good predictions for He implanted Cu and underestimates the increase in yield strength for 2 dpa irradiated Cu. On the other hand, the BKS model does not apply to the current data since the bubbles and SFT are weak obstacles. In this chapter, the irradiation creep experiments are presented, as well as the post-experiment observations. The irradiation creep law is extracted, and mechanisms are suggested to account for both the overall creep response and the post-experiment analysis.

Chapter 4

Creep behavior under irradiation

Description of the irradiation creep experiments

The irradiation creep experiments are performed at JANNuS Orsay / SCALP facility (see Chapter 2 for more details about the JANNuS Orsay experimental platform). Cu + ions are accelerated with an energy of 1.2 MeV to bombard 500 nm thickness Cu specimens, as in the previous experiments by Lapouge et al. [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF][START_REF] Lapouge | A novel on chip test method to characterize the creep behavior of metallic layers under heavy ion irradiation[END_REF][START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF]. As shown in Figure 4.1, this allows for a relatively homogeneous damage profile over the specimen thickness.

Figure 4.2 describes the different steps of an irradiation creep experiment. The day before the experiment, the position of the cursors of some selected specimens is measured by SEM (Figure 4.3.a). This is done on specimens to be irradiated and on reference specimens. The stresses and strains can then be extracted from the displacement of the cursors using Eq. 2.8 and 2.10. The specimens are selected in such a way as to describe the entire stress-strain curve (Figure 4.7). For all the experiments, the reference specimens are non-irradiated pure Cu.

The morning after, the same cursors are measured again by SEM, and the sample is installed on the masking device as shown in Figures 4.3.b and c. The objective of these measurements is to ensure that no unexpected relaxation occurred during the night. Moreover, as explained in Section 2.1.3.1 in Chapter 2, the masking device protects the actuators and other structures from irradiation.

The specimens are then brought to JANNuS Orsay / SCALP facility to undergo a first 1 dpa irradiation step (corresponding to 2 × 10 14 ions/cm 2 ). The damage rate is set to 3 dpa/h and kept the same for all 1.2 MeV Cu + irradiation experiments. Before irradiation, the irradiation chamber is pumped for one hour. After irradiation, the sample is brought back to CEA Saclay, removed from the masking device, and installed inside the SEM to measure the new positions of the cursors corresponding to each specimen of interest.

The sample is then re-installed on the masking device and brought to JANNuS Orsay / SCALP facility for a second irradiation step of 2 dpa and brought back to the SEM at CEA Saclay for new measurements.

The morning after, the positions of the different cursors are measured to ensure, again, the absence of relaxation overnight. The sample is then brought to the irradiation facility for a 2 dpa irradiation. Cursor measurements are then performed in the SEM. Then, a final 3 dpa irradiation is imposed, followed by SEM measurements.

Before and after each irradiation, the relative position of the mask with respect to the overlap between the specimens and the actuators is checked in a 3D microscope to ensure that the irradiation was performed on the entire length of the specimens and that the actuators remained protected by the mask. The mask remained at its ideal position during all the irradiation steps for both pure Cu and 1% at. He implanted Cu. For the 2 dpa implanted Cu, slight misalignments were observed during some irradiation steps. These misalignments were accounted for based on the methodology presented in Section 2.1.3.3 in Chapter 2 (Eq. 2.16).

The irradiation creep experiments on pure Cu and 1% at. He implanted Cu are performed using the exact same conditions (i.e., 8 days after the release). For 2 dpa irradiated Cu, the experiments are performed 42 days after the release. In the structure n • 16, a strong localization of the plastic deformation is observed in the specimen before irradiation (Figure 4.4.c). After irradiation, no significant change in the areas of localized plastic deformation is observed (Figure 4.4.d). This shows that homogeneously deformed structures as well as structures that initially present localization of the plastic deformation exhibit the same behavior under irradiation. Therefore, the creep behavior under flux seems independent of the initial conditions in terms of microstructure and plastic deformation. Very similar observations were made by Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF].

DESCRIPTION OF THE IRRADIATION CREEP EXPERIMENTS
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Experimental results

Irradiation creep response

The strain and stress evolution with time in the irradiation creep and reference specimens for pure Cu and 1% at. He implanted Cu are presented in Figures 4. During the night between the two days of experiments, no variation of stress or strain is found. During the next 2 dpa and 3 dpa irradiations, the strains increase while the stresses decrease for the irradiated specimens, as for the previous irradiations. The variation in stress and strain are lower with increasing overall dose due to the relaxation under irradiation of the specimens. The fact that no change in stress and strain magnitudes are recorded during the night while a significant drop in stress and an increase in strain are found under irradiation shows that the variations in stresses and strains captured are indeed due to irradiation.

The stresses and strains of the reference pure Cu specimens (that do not undergo irradiation) are also determined during the irradiation creep experiments ( No significant variation in stresses and strains is recorded throughout the experiment. This, again, reinforces the fact that the variation in stress and strain found for the specimens under irradiation are due to the relaxation of the specimens under irradiation, and do not result from the thermal relaxation of the specimens at room temperature.

During all experiments, no significant variation of stress and strain is recorded for the reference specimens. For the irradiated specimens, no stress and strain variation is determined during the night before the experiment and the night between the two days of the experiment. On the contrary, significant variations are found after each irradiation step. Therefore, these variations result from irradiation effects. Initially (in black), the 1% at. He implanted Cu is harder and less ductile than pure Cu. After each irradiation step, an increase in strain and a decrease in stress are found for the specimens selected. 

Extraction of the irradiation creep law

As described in Section 2.1.3.2, the irradiation creep behavior can be extracted from the stresses and strains found before and after each irradiation step. The stress during an irradiation step (i) is taken to be the mean value between the stress before (σ (j) i,0 ) and after (σ (j) i,1 ) irradiation for each specimen (j) [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]:

σ (j) i = σ (j) i,1 + σ (j) i,0 2 . (4.1)
The irradiation-induced plastic strain is defined as the total increase in strain during irradiation added to the elastic relaxation due to the decrease in stress during irradiation [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]:

ϵ (j) irr, i = (ϵ (j) i,1 -ϵ (j) i,0 ) - σ (j) i,1 -σ (j) i,0 E Cu . (4.2)
Figure 4.8 provides the strain rate evolution with stress for pure Cu, Cu-1%at. He, 2 dpa irradiated Cu. The three curves tend to follow a power law with a stress exponent of around 4. The hatched areas around each curve represent the impact of an error of ± 5% on the actuator thickness. The pre-factors K for pure Cu, Cu-1%at. He, and 2 dpa irradiated Cu are respectively of 2.12 × 10 -12 , 1.32 × 10 -12 , and 3.05 × 10 -13 MPa -4 . Pure Cu and 2 dpa pre-irradiated Cu exhibit similar behavior with relatively close pre-factors. This is fairly logical since both samples should resemble one another after some amount of irradiation. Indeed, the microstructure under irradiation stabilizes, and the irradiation defects density saturates before 0.1 dpa (see Section 1.2.1.2 for more details). Differences are thus not expected beyond the first irradiation (points represented in light-blue in Figure 4.8). Moreover, the slight difference found in the magnitude of the pre-factors for the pure Cu sample and the 2 dpa irradiated Cu sample might be due to a mis-estimation of the actuator thickness.

He implanted Cu creep rates are much lower, with one order of magnitude lower pre-factor. This will be linked to the hardening effect of He bubbles in the discussion later.

A larger experimental dispersion appears at low stress levels. This is due to the increased uncertainty associated with the measurements of small cursor displacements. An additional explanation could be a change in stress exponent at low stress levels. As stated in Section 3.2.2, two quantities are often extracted from relaxation curves in order to analyze stress relaxation phenomena and investigate the possible underlying mechanisms: the activation volume V act and the strain rate sensitivity exponent m. They are defined as follows the activation volume V act and the strain rate sensitivity exponent m can be expressed as follows

V act = M k B T ∂ ln( εp ) ∂σ T , (4.3) 
V act = M k B T n σ , (4.6) 
and

m = 1 n . (4.7) 
Table 4.1 lists the activation volumes as well as the strain rate sensitivity exponent determined for the different experiments. For the three samples investigated (pure Cu, 1 at.% He implanted Cu and 2 dpa irradiated Cu), the activation volume V act is found around 2-20 M b 3 while the strain rate sensitivity exponent m is around 0.25. The values obtained are in good agreement with the results obtained for the previous irradiation creep experiments performed by Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] on pure Cu.

Moreover, the activation volumes for relaxation under irradiation experiments are relatively close to that for thermal relaxation (found around 20 M b 3 ). On the other hand, the strain rate sensitivity exponent is one order of magnitude higher for irradiation creep experiments in comparison with thermal creep experiments (0.04). This indicates that the mechanisms active under irradiation may differ from the ones active without irradiation. However, it is important to bear in mind that the calculation method used to extract the activation volume V act and the strain rate sensitivity exponent m during the irradiation creep experiments differs from the one used for the thermal relaxation experiments (Section 3.2.2). This may affect the magnitude of these two quantities.

Comparison to literature

Comparison to Lapouge et al. [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] The irradiation creep experiment performed on pure Cu can be compared with the earlier tests by Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. Detailed comparisons can be found in Appendix B.1. In the following, the main conclusions of this study are summarised.

A stress exponent of 4.57 was found in the study of Lapouge, whereas a stress exponent of 4.32 is found for the current experiments. These two values are very close. For the sake of simplicity, Lapouge selected a stress exponent of 5, whereas a value of 4 is chosen in the current study.

It is important to note that the data processing methodology used in the current study, i.e., the expressions used to calculate stresses and strains (Eq. 2.8 and 2.10), are different from the one used by Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. In his study, Lapouge simplified the expressions for stresses and strains based on the assumption that the displacements are small. Moreover, he took into account the possible errors due to the overlap between the specimen and the actuator and due to the under-etched areas (see Section 2.1.5.1 for more details). If the data of Lapouge are processed in the same way as our data, the stress exponent drops from 4.57 to 4.19, even closer to our results. Therefore, a value of 4 would be an adequate stress exponent. Interestingly, the processing methodology seems to have little effect on the creep law (Figure B.1 in Annex B.2.). Indeed, if the data of Lapouge are fitted on a power law with a stress exponent of 4, the pre-factor K is equal to 3.96 × 10 -12 MPa -4 dpa -1 with his post-processing methodology and 3.79 × 10 -12 MPa -4 dpa -1 with the current data processing methodology. This is quite reassuring since it shows that the bias introduced by the data processing methodology is low.

For the current study, the pre-factor K is found around 2.12 × 10 -12 MPa -4 dpa -1 , lower than Lapouge data. It is clear that this lower value cannot be explained by the difference in data processing.

The material characteristics used in the current experiment are different from those used by Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. The actuator mismatch strain was around -0.0029 for Lapouge, while an actuator mismatch strain of -0.0033 is found in the current work. The Cu specimen mismatch strain was equal to -0.0015 for Lapouge and is equal to -0.000928 in the current study. The actuator Young's modulus is found around 235 GPa and 250 GPa, respectively, in the study of Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] and the current work. Finally, the Young's modulus of the Cu specimen was equal to 130 GPa in the experiments of Lapouge and is of 110 GPa in the current experiments.

As shown in Appendix B.2, the actuator mismatch strain value strongly impacts the magnitude of the pre-factor K, while the other characteristics have a much lower impact on this value.

Two approaches can be considered. First, one can state that the actuator and specimen materials used during the PhD thesis of Lapouge between 2013 and 2016 are different from those used during the current PhD thesis, explaining the difference in pre-factor.

Another possible approach is to consider that the materials should be similar. The pre-factor is calculated based on the raw data of Lapouge using the current material properties and is found around 1.6 × 10 -12 MPa -4 dpa -1 . This value is slightly lower than the magnitude of the pre-factor found in the current study (2.12 × 10 -12 MPa -4 dpa -1 ). This slight difference can be easily explained by small errors in the actuator thicknesses (Figure B.3).

Therefore, the current study can be considered as in good agreement with previous experiments by Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF], showing the reproducibility of this delicate LOC method.

Comparison to other previous studies on irradiation creep

Aitkhozhin et al. [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF] performed in-reactor creep experiments on annealed Cu in WWR-K
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water-cooled reactor at stresses between 20 and 70 MPa and temperatures between 150 and 500 • C (0.31 -0.57 T m ). The authors compared in-reactor and thermal creep (Figure 4.9.c). Aitkhozhin et al. [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF] observed three regions of interest for both thermal and irradiation creep: the low temperature region (below 0.42 T m ), the moderate temperature region (between 0.42 and 0.47 T m ), and the high temperature region (over 0.47 T m ). In the low temperature region, the thermal creep rates are negligible in comparison with irradiation creep rates, while the opposite is observed at high temperatures. In the following, the focus is on the low temperature region for the sake of comparison with the experiments performed in the current work.

For temperatures for which thermal creep is negligible, the authors determined a power creep law with a stress exponent of around 3 -4 for the in-reactor creep experiments and attributed these values to glide-based mechanisms. Similar stress exponents are observed at the same temperatures for thermal creep.

Moreover, for these same low temperatures, the authors estimated activation energies of 43 kJ and 58 kJ, respectively, for in-reactor creep and thermal creep. They related these activation energies to dislocation glide. Aitkhozhin et al. [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF] also investigated the effect of stress on the activation energy at low temperatures. For both irradiation and thermal creep, the authors predicted a decrease of the activation energy with increasing stress. In the low temperature region, the authors found that the activation energy for creep of copper decreases with increasing stress from 43 kJ at 30 MPa to 34 kJ at 50 MPa.

Jung [START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF] studied irradiation creep on 20% cold-worked high purity Cu foils under 6.2 MeV proton irradiation at 150 • C for tensile stresses between 20 and 70 MPa (Figure 4.9.a). The authors distinguished two regimes. For stresses below 50 MPa, they extracted a linear dependence with stress with an irradiation creep compliance of 6.2 × 10 -11 Pa -1 dpa -1 , similar to other FCC materials [START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF]. At stresses over 50 MPa, a power law evolution of the irradiation creep rate with the stress is determined, with a stress exponent of 4. The pre-factor of the irradiation creep law is found around 5.35 × 10 -10 MPa -4 dpa -1 , which is larger than the value obtained in the current study (2.12 × 10 -12 MPa -4 dpa -1 ). This higher value might be linked to the higher temperature of 150 • C involved in the experiment by Jung [START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF]. Indeed, as observed by Aitkhozhin et al. [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF], irradiation creep rates depend on the temperature in the low temperature region. Other factors may also affect the creep rate, such as the nature of the incident ions and the displacement rates.

These two regimes are found for other materials such as pure Ni, Ni alloys, Ti-Al alloys, and stainless steels [START_REF] Jung | A correlation between irradiation creep strength and yield stress of fcc metals and alloys[END_REF][START_REF] Jung | An apparatus for applying tensile, compressive and cyclic stresses on foil specimens during light ion irradiation[END_REF][START_REF] Jung | Stress and stress transient effects on irradiation creep of 20% cold worked stainless steels and nickel alloys[END_REF][START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF][START_REF] Chen | In situ creep under helium implantation of titanium-aluminium alloy[END_REF]. The transition between a stress exponent of 1 and higher stress exponents was explained by Jung [START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF][START_REF] Jung | Stress and stress transient effects on irradiation creep of 20% cold worked stainless steels and nickel alloys[END_REF] in terms of irradiation-enabled glide of dislocations. Moreover, the transition seems to occur for a stress lower than the yield stress of the material. For instance, in 20% cold-worked high purity Ni, Jung observed the transition at a stress of 100 MPa, which was lower than the yield stress found around 220 MPa. No correlation between the yield stress and the transition stress is determined. However, Jung [START_REF] Jung | Stress and stress transient effects on irradiation creep of 20% cold worked stainless steels and nickel alloys[END_REF] stated that the transition stress might be linked to the yield stress of the annealed material.

Tai et al. [START_REF] Tai | Irradiation-induced creep in nanostructured cu alloys[END_REF] investigated the irradiation creep behavior of nanocrystalline Cu under Kr + irradiation at 200 • C (Figure 4.9.b) up to 5 MPa. A stress exponent n of 1 was determined. Given the low stress levels investigated, these results are in good agreement with Jung et al. [START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF].

Özerinç et al. [START_REF] Sezer Özerinç | In situ measurements of irradiation-induced creep of nanocrystalline copper at elevated temperatures[END_REF] studied the irradiation creep behavior of nanocrystalline Cu under Ar + irradiation at 200 • C (Figure 4.9.d) for stresses lower than 120 MPa. The authors observed a linear evolution of the creep rate with the stress. However, as shown in Figure 4.9.d, at higher stresses, the creep rates seem higher than that predicted by the linear curve. This may indicate that the stress exponent might be higher at the largest stresses. For this material, the yield stress is around 600 MPa [START_REF] Ozerinc | Microscale mechanical characterization of materials for extreme environments[END_REF], which can explain why the transition may occur at larger stresses than for Jung [START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF].

Nagakawa et al. [START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF] performed irradiation creep experiments on nickel alloys at 350 • C under light ion irradiation. The authors found a stress exponent of 1 at low stress levels. At higher stress levels, the irradiation creep law exhibits a stress exponent of 3, which is similar to the thermal creep exponent at this temperature. For instance, for Ni-4Si, the transition stress is found around 70 MPa (Figure 4.13). The yield stress is not mentioned in this study. However, the samples are made of annealed Ni-4Si with a grain size of 10 µm. Given that annealed pure Ni with a grain size of 15 µm has a yield stress of 65 MPa [START_REF] Ch Henager | Effect of microstructure on light ion irradiation creep in nickel[END_REF], one can assume that the transition stress is lower than for the Ni-4Si sample yield stress.

Nagakawa et al. [START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF] concluded that the change in stress exponent reveals a change in the controlling mechanisms. At low stresses, the authors suggest mechanisms based on dislocation climb due to stress-induced preferential absorption (SIPA). On the other hand, the high stress irradiation creep regime is most likely dominated by climb-controlled glide mechanisms. The authors also suggest that high stress irradiation creep is an irradiation-induced enhancement of the thermal creep mechanisms.

In conclusion, previous studies performed at low temperatures seem to indicate that the 4.2. EXPERIMENTAL RESULTS stress exponent of the irradiation creep law equals 1 at low stresses. At higher stresses, higher stress exponents are observed [START_REF] Jung | A correlation between irradiation creep strength and yield stress of fcc metals and alloys[END_REF][START_REF] Jung | An apparatus for applying tensile, compressive and cyclic stresses on foil specimens during light ion irradiation[END_REF][START_REF] Jung | Stress and stress transient effects on irradiation creep of 20% cold worked stainless steels and nickel alloys[END_REF][START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF][START_REF] Chen | In situ creep under helium implantation of titanium-aluminium alloy[END_REF]. For copper, at 150 • C, an exponent of 4 is found at high stresses [START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF], as found in the current experiment. The transition stress is found lower than the material yield stress [START_REF] Jung | Stress and stress transient effects on irradiation creep of 20% cold worked stainless steels and nickel alloys[END_REF]. In the current experiment, no transition is recorded. This may be explained by the large experimental dispersion observed at low stresses due to the increased uncertainty associated with the measurement of small cursor displacements (Figure 4.8). Interestingly, in the in-reactor experiment performed at 150 • C by Aitkhozhin et al. [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF], no transition is recorded, and the stress exponent is found around 3 to 4 for stresses as low as 20 MPa, as in the current experiment. Finally, the high stress irradiation creep stress exponent is similar to the thermal creep behavior in the range of temperatures investigated (150 -350 • C) [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF][START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF]. Therefore, the high stress irradiation creep behavior is considered to be an enhancement of thermal creep [START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF].

Comparison to previous studies about He effect on irradiation creep

Limited studies were performed on the impact of He on irradiation creep. From the few available results, it seems that: (1) an increase of the in-reactor He generation rate induces an increase of the creep compliance and thus of the irradiation creep rate [START_REF] Ml Grossbeck | Irradiation creep in type 316 stainless steel and us pca with fusion reactor he/dpa levels[END_REF][START_REF] Woo | Contribution to irradiation creep arising from gas-driven bubble growth[END_REF][START_REF] Garner | The dependence of irradiation creep in austenitic alloys on displacement rate and helium to dpa ratio[END_REF], (2) a pre-implantation of He reduces the post-implantation creep compliance [START_REF] Atkins | Development of fusion first-wall radiation damage facilities[END_REF]. Our experiments fall under the scope of the second evidence. 

Post-mortem analysis

FIB cross-sections are extracted from specimens monitored during the irradiation creep experiment in the pure Cu sample and the He implanted Cu sample (Figure 4.11). The FIB samples are very thin, and therefore the observed dislocations lines are small. In both specimens (Cu and Cu-1%at He), jogged dislocations are observed. These jogs can be attributed to obstacles impeding dislocation glide. In the case of pure Cu, the obstacles are irradiation defects, mostly SFT, and in the case of Cu-1%at He, the obstacles are He bubbles. In addition, stress exponents of around 4 are found for all the experiments (pure Cu, 2 dpa irradiated Cu, and He implanted Cu), in good agreement with the literature for moderate and high stress irradiation creep in Cu [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF]. Stress exponents larger than one are often associated with mechanisms relying on dislocation glide, such as climb-controlled glide mechanisms [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF][START_REF] Jung | Stress and stress transient effects on irradiation creep of 20% cold worked stainless steels and nickel alloys[END_REF][START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF].

Moreover, it is often suggested that moderate and high stress irradiation creep, with a stress exponent over 1, is a radiation-induced enhancement of thermal creep [START_REF] Ja Hudson | The irradiation creep of nickel and aisi 321 stainless steel during 4 mev proton bombardment[END_REF][START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF]. This hypothesis is backed up by the similar stress exponents between thermal and irradiation creep found at high stresses [START_REF] Ja Hudson | The irradiation creep of nickel and aisi 321 stainless steel during 4 mev proton bombardment[END_REF][START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF]. As stated in Section 4.2.1.3, Aitkhozhin et al. [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF] found similar stress exponents (around 3 -4) for irradiation creep and thermal creep in annealed Cu at "low" temperatures (between 150 and 300 • C). Similarly, as shown in Figure 4.13, the stress exponents found at high stresses are equal for irradiation creep and thermal creep in a stainless steel (at 500 • C) [START_REF] Ja Hudson | The irradiation creep of nickel and aisi 321 stainless steel during 4 mev proton bombardment[END_REF] and a nickel alloy (at 350 • C) [START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF].

Thermal creep stress exponents depend on temperature, stress, and grain size. Figure 4.14 gathers different thermal creep exponents found for Cu at various temperatures. At moderate to high temperatures, the stress exponent is often found around 4 in the literature [START_REF] Henderson | Low temperature creep ductility of ofhc copper[END_REF][START_REF] Vitovec | Cavity growth and creep rate taking into account the change of net stress[END_REF][START_REF] Chandler | A comparison between steady state creep and stress relaxation in copper[END_REF]. At lower temperatures, the stress exponent value can be much higher than 4. This transition is referred to as the power-law breakdown [START_REF] Henderson | Low temperature creep ductility of ofhc copper[END_REF]. For Cu, the power-law breakdown seems to occur between 150 • C and 200 • C. [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]). The stress exponent n was found around 18 (± 3). This is consistent with the high stress exponents obtained at low temperatures (Figure 4.14). The high stress exponent found at room temperature for thermal creep based on LOC tensile structures emphasizes the fact that irradiation creep is not just an enhancement of thermal creep, at least at room temperature.

It appears that the irradiation creep stress exponent is around 4 for copper at moderate to high stresses at temperatures going from room temperature to 150 • C. The magnitude of the stress exponent is in good agreement with moderate to high temperature thermal creep exponents. This tends to show that the same mechanisms as the ones activated for moderate and high temperature thermal creep are activated for irradiation creep at moderate to high stresses. The experiments presented on copper [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Ibragimov | 13th International Symposium (Part II)[END_REF] From the post-mortem analysis and from the irradiation creep stress exponent, it seems that the underlying creep mechanism is glide-based. However, as stated by Onimus et al. [START_REF] Onimus | Irradiation creep in materials[END_REF], if the obstacles to dislocation glide are irradiation defects, glide-based mechanisms cannot explain the higher creep rates for pure Cu under irradiation in comparison with reference non-irradiated pure Cu specimens (Figure 4.5). The existence of an athermal threshold stress could possibly provide an explanation for this phenomenon. Indeed, it is possible that, for too low temperatures and/or stresses, dislocation glide can be impeded by short-range intrinsic (jogs...) or extrinsic 4.3. ON THE POSSIBLE IRRADIATION CREEP MECHANISMS obstacles (junctions, impurities...). Irradiation can help dislocations overcome these obstacles through point defects and displacement cascades generation, explaining the much higher creep rates observed under irradiation in comparison with non-irradiated Cu.

Irradiation creep model relying on yield stress

Kocks et al. [START_REF] Uf Kocks | Models for macroscopic slip[END_REF] classified long-range dislocation motion into two categories: continuous glide or jerky glide depending on the applied stress with respect to the mechanical threshold stress σ (or flow stress at 0 K). The mechanical threshold stress describes the resistance to dislocation glide due to the presence of obstacles [START_REF] Ps Follansbee | A constitutive description of the deformation of copper based on the use of the mechanical threshold stress as an internal state variable[END_REF][START_REF] Dunlop | Dislocation density-based modelling of plastic deformation of zircaloy-4[END_REF]. Continuous glide occurs when the applied stress is above the mechanical threshold stress σ everywhere. In this case, the dislocations are always moving (although at variable speed). If the applied stress is below the mechanical stress in at least some areas, jerky glide occurs. In this case, dislocations are sometimes stopped. When dislocations are stopped on obstacles, they can be released by thermal fluctuations. Kocks et al. [START_REF] Uf Kocks | Models for macroscopic slip[END_REF] stated that a power law constitutes a reasonable description for both jerky glide and continuous glide.

Before the irradiation creep experiments, for pure Cu, as well as pre-irradiated and He implanted Cu, the stresses are approximately equal to or lower than the yield stress (Figure 4.8). Indeed, the lower bound found for the yield stress is 210 MPa for pure Cu, 351 MPa for 2 dpa irradiated Cu, 515 MPa for Cu-1at.% He (see Table 3.13 in Section 3.2.2). Assuming that the mechanical threshold stress is equal to the yield stress [START_REF] Dunlop | Dislocation density-based modelling of plastic deformation of zircaloy-4[END_REF], our experiments fall into the framework of jerky glide. Kocks et al. [START_REF] Uf Kocks | Models for macroscopic slip[END_REF] showed that jerky glide can be described in terms of an Arrhenius law [START_REF] Uf Kocks | Models for macroscopic slip[END_REF]:

ε = ε0 exp( -∆G(σ) kT ). (4.8) 
Under the assumption that the activation energy ∆G can be written as [START_REF] Uf Kocks | Models for macroscopic slip[END_REF]:

∆G(σ) = F 0 (1 - σ σ ), (4.9) 
then the strain rate can be expressed as follows:

ε = ε0 (exp( σ σ -1)) F 0 kT , (4.10) 
where F 0 and ε0 are empirical parameters; ε0 is often considered a reference strain rate proportional to the mobile dislocation density [START_REF] Ps Follansbee | A constitutive description of the deformation of copper based on the use of the mechanical threshold stress as an internal state variable[END_REF][START_REF] Dunlop | Dislocation density-based modelling of plastic deformation of zircaloy-4[END_REF]. For stress values not too far below σ, the Arrhenius law can be approximated as a power law [START_REF] Uf Kocks | Models for macroscopic slip[END_REF]:

ε = ε0 ( σ σ ) F 0 kT . (4.11)
The mechanical threshold stress describes the resistance to dislocation glide. Therefore, as stated earlier, the current yield stress of the material σ y is selected as the mechanical stress σ. Figure 4.15 shows the evolution of the strain rate with respect to the ratio σ/σ y for Cu, Cu-1%at. He, and 2 dpa irradiated Cu. All the data seem to follow the same law with respect to the ratio σ/σ y .

Special attention is given to the pure Cu sample. The first irradiation step for pure Cu (in light-blue in Figure 4.15) is a transitory step since the yield stress increases with increasing dose, at least up to around 0.1 dpa, at which it reaches a plateau (Figures 1.6 and 1.13). However, since the first irradiation step dose is equal to 1 dpa, one can assume that the steady-state is rapidly reached. Therefore, the yield stress is taken to be the plateau yield stress, which is also equal to the yield stress after an irradiation dose of 2 dpa, i.e., 351 MPa (Table 3.13). For the subsequent irradiation steps as well as for 1 at.% He implanted Cu and 2 dpa irradiated Cu, the plateau is considered attained since the initial damage level is of 2 dpa.

All points in Figure 4.15 nicely follow a power creep law fitted by:

dϵ dD = 0.029( σ σ y ) 4 . (4.12)
This shows that the irradiation creep behavior at moderate stresses and low temperatures is essentially dominated by the magnitude of the yield stress. To our knowledge, such a compact description of the moderate to high stress irradiation creep behavior has never been proposed in the literature.

In the reasoning above, the yield stress is directly taken as the plateau yield stress during all irradiation steps. This is justified by the fact that for the 2 dpa irradiated Cu and He implanted Cu, the plateau value of the yield stress is considered attained, while for pure Cu, the saturation of the yield stress is assumed reached after less than one-tenth of the first irradiation step. However, in the following, the evolution of the yield stress with the dose before saturation is derived for a purely theoretical analysis.

The increase of the yield stress before reaching a plateau value can be expressed as follows (see Eq 1.1 in Section 1.3.1):

σ y = σ 0 y + αµ b L = σ 0 y + αµ √ N d, (4.13) 
with σ 0 y the yield stress of pure Cu (here considered equal to 250 MPa). The defect size is considered constant (for more details, see Section 1.2.1.2), whereas the defect density increases with dose until it reaches a plateau. The evolution of the defect density N with the dose Φ is often described by: Therefore, following Eq. 4.12, 4.13, and 4.14, the strain rate evolution under irradiation can be expressed as follows: 

N = N ∞ (1 -exp(-CΦ)), ( 4 
dϵ dD = 0.029( σ σ 0 y + αµ N ∞ (1 -exp(-CΦ))d ) 4 . ( 4 

On the possible experimental limitations

On interstitials injection under irradiation

One of the issues raised by self-ion irradiation is the possible impact on the irradiation creep results of the Cu ions injected in the tensile specimens under irradiation. Self-ions are used in order to avoid issues due to the presence of foreign atoms, such as the formation of precipitates. However, the number of self-injected interstitials may not be negligible and may affect the deformation of the tensile specimens.

Figure 4.16 presents the implantation profile of Cu + ions in the Cu specimen for a dose of 1 dpa. The peak of implantation is near one of the free surfaces of the sample. Therefore, the effects of the injected ions may be minimized since free surfaces act as sinks for the self-interstitials implanted.

At the end of the irradiation (after 8 dpa), the mean atomic concentration of Cu + ions in the specimen is around 0.03 at.%, with a peak of 0.06 at.% located at 380 nm below the surface. In the worst-case scenario in which all the implanted Cu ions are aligned along the specimen length, the self-ion implantation may lead to a deformation of 0.03 %, which is within the error bar of the deformations determined experimentally. Therefore, even after 8 dpa, there is barely any effect of the number of self-interstitials implanted on the irradiation creep results. Moreover, as presented in Section 3.2.1.3, prior to the irradiation creep experiment, the specimen mismatch strains are found similar for the pure Cu sample and the 2 dpa irradiated Cu sample (around -0.001). This shows that there is no significant effect of the irradiation on the internal strains and stresses at least up to 2 dpa (corresponding to an amount of injected self-ions of 0.0075 at.%). This result further emphasizes the fact that there is no significant swelling due to self-ion injection.

The reasoning above only concerns the effect of the number of self-ions on the deformation of the Cu specimens. However, the implantation of Cu + ions may also affect the deformation mechanisms in Cu, for instance, due to a local concentration of self-interstitials. However, prior to the irradiation creep experiments, the activation volumes V act and the strain rate sensitivity exponents m were found similar for pure Cu and 2 dpa irradiated Cu (see Section 3.2.2 for more details). This indicates that the same relaxation mechanisms occur in both samples at room temperature. Moreover, the irradiation creep behavior of the 2 dpa irradiated Cu is very similar to that of pure Cu (Figure 4.8). This indicates that, at least up to 2 dpa (i.e. 0.0075 at.%), the injected ions do not affect the mechanisms for both the thermal relaxation at room temperature and the irradiation creep behavior at room temperature.

All the observations seem to indicate that there is no effect of the injected Cu + ions on the magnitude of the deformation as well as on the deformation mechanisms occurring in the Cu specimens without and under irradiation.

On bubble growth under irradiation

As for pure Cu, for the 1 at.% He implanted Cu sample, there should be no influence of the number of Cu ions injected on the value of the tensile specimen deformations. However, self-ion irradiation may affect the deformation mechanisms in the presence of bubbles. For instance, it can induce bubble growth and material swelling. Swelling can either occur without applied stress (stress-free swelling) or under applied stress (stress-induced swelling) [START_REF] Garner | The dependence of irradiation creep in austenitic alloys on displacement rate and helium to dpa ratio[END_REF].

LOC samples allow for the extraction of the stresses and strains in the specimens. However, no distinction can be made between the strain due to irradiation creep and that due to other deformation mechanisms. Therefore, the extracted irradiation creep law may take into account confounding effects. Therefore, it is important to evaluate the effect of other possible phenomena occurring under irradiation, especially bubble swelling.

In this section, the objective is to investigate the potential radiation-induced swelling for the 1 at.% He implanted Cu sample. FIB cross-sections are extracted from two samples: Cu sample deposited on a silicon wafer and implanted with 1 at.% He (Section 3.1), and 1 at.% He implanted Cu tensile specimen that had undergone irradiation creep. The He bubble size increases after 8 dpa from 0.94 nm to 1.42 nm (Table 4.2). This suggests that bubble swelling occurs, which may highly affect the irradiation creep results. Given the initial and final bubble radii r 0 and r 1 , the relative variation in volume due to bubble growth can be written as:

∆V V 0 = (r 1 3 -r 0 3 ) r 0 3 . (4.17)
After 8 dpa, the relative variation in volume is found around 2.45, which is clearly not negligible. The strain induced by this potential increase in volume can be written as

ϵ = 1 3 ∆V V = 0.82. (4.18)

ON THE POSSIBLE IRRADIATION CREEP MECHANISMS

The strain obtained is very large (82%), which is not in agreement with the strains extracted during the experiments (lower than 4% in Figure 4.6).

Assuming a bubble swelling linear with the dose, the bubble swelling rate can be derived from the variation in volume using

dS dD = d( ∆V V ) dΦ = 0.31 ± 0.2 dpa -1 . (4.19)
Moreover, in Section 3.1.2.2, the impact of 1 dpa Cu + ion irradiation on 1 at. % He implanted Cu has been investigated. A very slight increase from 0.94 nm to 0.96 nm is determined based on TEM imaging. However, as shown in Table 4.2, given the error bars, it is complicated to conclude on the real impact of irradiation on bubble growth after 1 dpa. Assuming the bubble swelling rate constant with the dose, Eq. 4.19 and 4.17 predict a bubble diameter of 1.03 nm after 1 dpa. Given the large error bars, this value is consistent with the diameter of 0.96 nm measured experimentally.

The samples investigated before and after 1 dpa irradiation (referred to as "as-deposited" in Table 4.2) are not coming from on-chip test structures but are extracted from a Cu layer deposited on the entire surface of a silicon wafer. Therefore, the microstructure after 1 dpa might not be completely representative of the tensile specimens after 1 dpa since there is no applied stress. Indeed, bubble growth might either occur without applied stress or under applied stress [START_REF] Garner | The dependence of irradiation creep in austenitic alloys on displacement rate and helium to dpa ratio[END_REF].

However, Eq. 4.17, 4.18, and 4.19, as well as all the reasoning derived from these expressions, are only applicable if the bubble density is considered constant during irradiation. Figure 4.17 shows overfocused TEM images on 1 at. % He implanted Cu without irradiation creep and after irradiation creep (8 dpa). From these images, it is clear that the He bubbles are larger after irradiation creep, as stated above. However, the bubble density seems lower for the sample that had undergone irradiation creep. Based on a few TEM images of the same size containing hundreds of bubbles, the ratio between the number of bubbles without and after irradiation creep is found around 1.3. The relative variation in volume can be expressed as a function of the ratios between the bubble densities ρ 1 ρ 0 and between the bubble radii r 1 r 0 :

∆V V 0 = ρ 1 ρ 0 ( r 1 r 0 ) 3 -1. (4.20)
Using the values found for the radii and densities ratios, the relative variation in volume during the irradiation creep experiment (8 dpa) is found to be -1.7%. Given the large error bars, the net variation in volume can be considered equal to zero. Therefore, it appears that the bubble growth observed is outweighed by the reduction in bubble density: no specimen swelling seems to occur. However, it is important to bear in mind that TEM density measurements are full of inaccuracies due to the possible overlap between bubbles, thickness mis-estimation.

On ion beam heating effects

Another possible artifact of the irradiation creep experiments may come from the ion beam heating effects.

As shown in Figure 4.18.a, each free-standing Cu tensile specimen (500 nm thickness) is deposited on one extremity on a silicon nitride layer (around 100 nm thickness), itself deposited on a silicon wafer (around 300 µm thickness). During the irradiation creep experiments, the silicon wafer is glued on the metallic rotating plate of the masking device using carbon tape (see Figure 2.19 in Section 2.1.3.1 for more details on the masking device). The carbon tape (around 300 µm thickness) allows for the dissipation of the charges. The metallic rotating plate has a thickness of 5 mm and a diameter of 5 cm. Given the dimensions involved, the rotating plate can be considered as a heat sink of constant temperature T 0 equal to 293 K. The other extremity of the tensile specimen is on a free-standing actuator. 

ON THE POSSIBLE IRRADIATION CREEP MECHANISMS

Following the approach of Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF], a simplified 1-D heat transfer model is used to account for ion beam heating effects. As shown in Figure 4.18.b, a cantilever beam is selected to represent the free-standing Cu tensile specimen. The base of the beam is considered a heat sink at a constant temperature T 0 . The underlying hypothesis is that the temperature of the multilayer structure formed by the silicon nitride layer (100 nm thickness), the silicon wafer (300 µm), the carbon tape (300 µm), and the metallic rotating plate (5 mm) is equal to T 0 (293 K).

Assuming that the heat transfer occurs only by thermal conduction, the heat flux ϕ th evolution (in W/m 2 ) with temperature can be written:

ϕ th = -λ Cu dT dx , (4.21) 
with λ Cu the thermal conductivity of copper (340 W/m/K [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF][START_REF] William | CRC handbook of chemistry and physics[END_REF]).

The temperature reaches a maximum T max at the free end of the specimen:

T max = T 0 + P ions L λ Cu S , (4.22) 
with P ions the power deposited by the ions (in Watts), S and L the section and the length of the cantilever beam. In this case, all the energy of the incident ions is considered lost in the tensile specimen.

The power P ions can be derived from the ion flux Φ (equal to 1.52 × 10 15 ions/m 2 /s) as follows:

P ions = ΦLwE ions , (4.23) 
with w the tensile specimen width and E ions the energy of the incident Cu + ions (E ions = 1.2 MeV).

T max = T 0 + ΦL 2 E ions λ Cu t , (4.24) 
with t the tensile specimen thickness (500 nm). In this case, the maximum temperature is around 293.004, 293.017, and 293.274 K, respectively, for the 50, 100, and 400 µm length tensile specimens. Based on this simple analysis, the increase in temperature due to the ion flux can be considered negligible.

Main results in a nutshell

Irradiation creep experiments are performed on pure Cu, Cu-1%at. He, and 2 dpa irradiated Cu. Pure Cu and 2 dpa irradiated Cu seem to exhibit similar irradiation creep behavior, whereas much lower creep rates are observed for 1%at. He implanted Cu. This difference is most likely due to the hardening effect of bubbles, which is in agreement with the literature [START_REF] Atkins | Development of fusion first-wall radiation damage facilities[END_REF].

For the three experiments, the irradiation creep laws follow a power law with a stress exponent of around 4. This is in good agreement with previous irradiation creep experiments on copper for moderate and high stresses [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Jung | Irradiation creep of 20% cold-worked copper[END_REF]. More generally, it is often observed that irradiation creep can be subdivided into two regimes: a low stress regime for which the stress exponent is around 1 and a moderate to high stress regime for which the stress exponents are higher and appear to be similar to thermal creep stress exponents at moderate to high temperatures [START_REF] Ja Hudson | The irradiation creep of nickel and aisi 321 stainless steel during 4 mev proton bombardment[END_REF][START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF]. In the case of copper, thermal stress exponents are very high at low temperatures (< 200 • C) and are equal to around 4 at higher temperatures. This seems to indicate that the same underlying mechanisms as the one thermally activated at moderate to high temperatures during thermal creep are activated at room temperatures (and higher temperatures) by irradiation through the generation of cascades and point defects.

Stress exponents over 1 are often linked to the activation of glide mechanisms. Such mechanisms were proposed in the literature to explain high stress irradiation creep for copper [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Jung | Stress and stress transient effects on irradiation creep of 20% cold worked stainless steels and nickel alloys[END_REF], as well as other materials [START_REF] Jung | A correlation between irradiation creep strength and yield stress of fcc metals and alloys[END_REF][START_REF] Ja Hudson | The irradiation creep of nickel and aisi 321 stainless steel during 4 mev proton bombardment[END_REF][START_REF] Jung | Stress and stress transient effects on irradiation creep of 20% cold worked stainless steels and nickel alloys[END_REF][START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF]. Post-irradiation FIB samples for Cu and He implanted Cu showed evidence of jogged dislocations. This emphasizes, even more, the fact that the active mechanisms are glide-based.

Since the underlying mechanisms seem to be glide-based and given that the stress ranges are below or around the yield stress σ y , this study falls with the framework of "jerky glide" in the approach of Kocks et al. [START_REF] Uf Kocks | Models for macroscopic slip[END_REF]. In this case, the strain rate can be described by a power law creep with respect to the ratio σ/σ y . The irradiation creep experiments performed seem to be well described by this simple power law. These results provide new insight on the irradiation creep deformation at moderate to high stress levels.

Chapter 5

In-situ TEM straining experiments This chapter aims to investigate and compare the deformation mechanisms before any irradiation, after irradiation, and under irradiation through in-situ TEM deformation experiments at room temperature. All the experiments are performed on annealed OFHC Cu. The details of the tensile specimens machining are presented in Section 2.2.1.1.

For post-irradiation straining experiments, the pre-irradiation is performed at room temperature using Cu + ions up to a damage level of 1 dpa. As shown in Sections 1.2.1.2 and 1.3.1.1, this damage is sufficient to reach saturation in terms of defect density and yield strength. Many post-irradiation deformation experiments can be found in the literature [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF][START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF][START_REF] Js Robach | Dynamic observations and atomistic simulations of dislocation-defect interactions in rapidly quenched copper and gold[END_REF][START_REF] Matsukawa | Dynamic observation of the collapse process of a stacking fault tetrahedron by moving dislocations[END_REF][START_REF] Steven | Observation and analysis of defect cluster production and interactions with dislocations[END_REF][START_REF] Briceño | Effect of ion irradiationproduced defects on the mobility of dislocations in 304 stainless steel[END_REF][START_REF] Johnson | in situ'straining in the hvem of neutron-irradiated copper crystals[END_REF][START_REF] Saka | Hvem in-situ observations of dislocation behaviour in strongly electron-irradiated nickel[END_REF][START_REF] Suzuki | In situ deformation of proton-irradiated molybdenum in a high-voltage electron microscope[END_REF] on various materials using neutron, electron, proton, or heavy ion irradiation. Therefore the results obtained in the current work can be compared with previously observed post-irradiation deformation mechanisms.

In-situ TEM deformation experiments are performed at room temperature under irradiation using Cu + ions. The main objective is to investigate irradiation creep mechanisms. Indeed, despite the many irradiation creep experiments performed either in-reactor [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Garnier | Irradiation creep of sa 304l and cw 316 stainless steels: Mechanical behaviour and microstructural aspects. part i: Experimental results[END_REF] or using light [START_REF] Jung | An apparatus for applying tensile, compressive and cyclic stresses on foil specimens during light ion irradiation[END_REF][START_REF] Xu | In situ proton irradiation creep of ferritic-martensitic steel t91[END_REF] and heavy ions [START_REF] Sriram | High temperature irradiation induced creep in ag nanopillars measured via in situ transmission electron microscopy[END_REF][START_REF] Tai | Irradiation-induced creep in nanostructured cu alloys[END_REF][START_REF] Tai | Temperature dependence of irradiation-induced creep in dilute nanostructured cu-w alloys[END_REF][START_REF] Sezer Özerinç | In situ creep measurements on micropillar samples during heavy ion irradiation[END_REF][START_REF] Sezer Özerinç | Direct measurements of irradiation-induced creep in micropillars of amorphous cu56ti38ag6, zr52ni48, si, and sio2[END_REF][START_REF] Lapouge | A novel on chip test method to characterize the creep behavior of metallic layers under heavy ion irradiation[END_REF][START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF][START_REF] Shen J Dillon | Irradiation-induced creep in metallic nanolaminates characterized by in situ tem pillar nanocompression[END_REF][START_REF] Sriram | Irradiation induced creep in nanocrystalline high entropy alloys[END_REF] irradiation, the controlling mechanisms for irradiation creep at the dislocation level are still unclear [START_REF] Matthews | Irradiation creep models-an overview[END_REF][START_REF] Garner | Irradiation creep mechanisms: an experimental perspective[END_REF]. In-situ TEM imaging of defects under both applied stress and irradiation can give direct access to these mechanisms. Recently, Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] performed in-situ deformation experiments on a recrystallized zirconium alloy using Kr 2+ ions. The authors identified a high-stress irradiation creep mechanism based on a radiation-induced unpinning of dislocation from defects. In the current work, the objective is to determine if the same conclusions can apply to pure Cu, considered a model material, and to provide quantitative data on dislocation dynamics under irradiation. This study is presented in Section 5.2 in the form of an article published in the journal Acta Materialia [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF]. 

In-situ TEM experiments without irradiation

In this section, the straining experiments performed inside a TEM on non-irradiated and preirradiated straining specimens are presented. The objective is to investigate and identify the mechanisms that occur out of irradiation on pure Cu and 1 dpa irradiated Cu, to then compare them to the mechanisms observed under irradiation.

In-situ TEM experiments on non-irradiated Cu

In-situ TEM experiments are performed on annealed pure Cu. The fabrication process of the tensile specimens is presented in Chapter 2. The straining specimen is fixed on the straining holder at its two ends by two screws. One of the screws is fixed while the other one is movable. As the displacement of the movable screw increases, the stress increases in the specimen. This leads to dislocation motion. The dislocations either glide individually (Figure 5.1) or in pile-ups (Figure 5.2). Since the specimen is an annealed pure Cu, there are hardly any obstacles against dislocation motion. Therefore, the dislocations can easily go through the grain.

Figure 5.2 shows an image sequence with pile-ups. For one of the systems activated, dislocation cross slip is observed. The dislocation pointed by a purple arrow is a screw dislocation with a Burgers vector 1/2 [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] gliding initially in the plane [START_REF] Uf Kocks | Dislocation[END_REF]. The dislocation cross-slips in the plane (111) (Figure 5.2.c). The dislocation then cross-slips back in the plane (111) (Figure 5.2.d). The details on the determination of the dislocation Burgers vector and glide plane can be found in Appendix C.2. The cross-slip of other dislocations from the same system is also observed.

In conclusion, the straining experiments performed on annealed pure copper showed dislocation controlled deformation mechanisms through either individual dislocations or pile-ups. Dislocation cross-slip is also observed. Since there is no obstacle to dislocation motion, dislocations can easily glide through the grain. 

In-situ TEM experiments on pre-irradiated Cu

In-situ TEM straining experiments are performed on 600 keV Cu + irradiated Cu at a damage level of 1 dpa (1.6 × 10 14 ions/cm 2 ). The damage profile obtained using SRIM software [START_REF] James F Ziegler | Srim-the stopping and range of ions in matter[END_REF] on full calculation mode is shown in Figure 5.3. Figure 5.3 -Damage profile for 600 keV Cu + ions for a fluence of 1.6 × 10 14 ions/cm 2 (1 dpa) obtained using SRIM [START_REF] James F Ziegler | Srim-the stopping and range of ions in matter[END_REF].

As shown in Figure 5.4, the irradiation defects are mainly 2.8 nm (± 0.7 nm) SFT with a density of 1.2 × 10 23 m -3 . These values are in good agreement with previous studies [START_REF] Schäublin | Irradiation-induced stacking fault tetrahedra in fcc metals[END_REF][START_REF] Sj Zinkle | Microstructure of copper following high dose 14-mev cu ion irradiation[END_REF][START_REF] Edwards | Initiation and propagation of cleared channels in neutron-irradiated pure copper and a precipitation hardened cucrzr alloy[END_REF][START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF].

As the stress increases in the specimen, dislocation motion starts. However, unlike for nonirradiated Cu, the dislocations have to go through an array of irradiation defects that act as obstacles against dislocation glide. Therefore, as shown in Figure 5.5, dislocations are pinned on irradiation defects and only cover small distances as they glide, going from obstacle to obstacle. Dislocations bow between obstacles until they unpin from the obstacle when they reach a critical angle under a sufficiently high applied stress.

According to Ref. [START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF], the critical angle ϕ c for dislocation break away is related to the break-away shear stress ∆τ as follows:

∆τ = µb L cos(ϕ c ) 3/2 , (5.1)
with µ the shear modulus (46 GPa), b the magnitude of the Burgers vector (0.256 nm), and L the pinning points spacing along the dislocation line (see Eq. 3.62 for its definition). Note that this expression is a little different from the one used in Chapter 3 in Eq. 3.61. Eq. 5.1 is used here in order to have a direct comparison with previous studies [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF]. A critical angle for dislocation break-away of 61 • (± 5 • ) is found. For 2 dpa Cu + ion irradiated LOC structures, the break-away angle was 70.4 • (Table 3.20). This value is slightly lower than the one of the present study. This is most likely due to a difference in methodology (see Section 3.3.2 for more details).

Given the defect size and density, a critical angle of 61 • leads to an estimation of the critical shear stress for dislocation break-away of 50 MPa. This is in good agreement with the TEM study of Robach et al. [START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF], in which the critical stress was of 40 MPa, and lower than the critical stress magnitude of 100 MPa found by Schäublin et al. [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF]. In these two studies, the methodology used to determine the critical angle is the same as the one used in the present work. Moreover, the barrier strength α (see Section 1.3.1 for more details) is found around 0.23 which is close to the value usually found in the literature of 0.2 [START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF]. More details and image sequences are presented in Appendix C.3.

During the experiments performed, defect-free channels are not observed. This is most likely due to two factors. First, the focus was on the pre-existing dislocation network. These dislocations were shown not to be involved in channel creation [START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF]. The second factor is that the applied stress was not sufficiently high in the areas investigated. Robach et al. [START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF] observed that defect-free channels are generated in regions of high local stress. This is the case, for instance, near active cracks.

Finally, a primary objective of in-situ TEM straining experiments is to investigate the interactions between dislocations and defects. As shown in Figure 5.6, the disappearance of an SFT following dislocation/defect interaction is observed. This phenomenon has been previously observed by Schäublin et al. [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF] on SFT of analogous sizes (∼ 2 nm). As explained in Section 1.3.2.3, this phenomenon is quite intriguing since it has not been observed in MD studies.

In conclusion, for straining experiments performed after irradiation, unlike for pure Cu, dislocation glide is impeded by the presence of an array of irradiation defects. The irradiation defects are mainly SFT, in agreement with the literature [START_REF] Sj Zinkle | Microstructure of copper following high dose 14-mev cu ion irradiation[END_REF]. The initial dislocation network is pinned on irradiation defects. As dislocations unpin from one obstacle due to the applied stress, they quickly repin on the next obstacle. This observation is similar to other post-irradiation in-situ TEM straining experiments [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF][START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF][START_REF] Js Robach | Dynamic observations and atomistic simulations of dislocation-defect interactions in rapidly quenched copper and gold[END_REF][START_REF] Matsukawa | Dynamic observation of the collapse process of a stacking fault tetrahedron by moving dislocations[END_REF][START_REF] Steven | Observation and analysis of defect cluster production and interactions with dislocations[END_REF][START_REF] Briceño | Effect of ion irradiationproduced defects on the mobility of dislocations in 304 stainless steel[END_REF]. Moreover, it has been observed that dislocation / SFT interaction may lead to the complete disappearance of the SFT, in agreement with previous TEM studies [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF]. 

Introduction

Irradiation creep is a viscoplastic deformation mechanism occurring in internal components of nuclear reactors subjected to constant load and long term irradiation. Structural materials such as austenitic steels and zirconium alloys undergo irradiation creep that must be properly characterized and predicted for safe operation. Usually, irradiation creep experiments are conducted on bulk material samples within test reactors under combined fast neutron flux and applied mechanical load [START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Garnier | Irradiation creep of sa 304l and cw 316 stainless steels: Mechanical behaviour and microstructural aspects. part i: Experimental results[END_REF]. However, such experiments suffer from major drawbacks such as long irradiation periods, activation of the test material, and no option for in-situ characterization of the elementary physical mechanisms at the origin of the macroscopic behavior. Therefore, although the macroscopic phenomenology for irradiation creep is relatively well rationalized, the underlying microscopic mechanisms are still unclear. Many theoretical mechanisms have been proposed for this phenomenon, all involving atomic displacements and creation of vacancies and interstitials under fast neutron irradiation. However, these models differ on the detailed processes explaining the point defect redistribution under stress. Yet, due to limited experimental evidence, a controversy exists for selecting the relevant controlling mechanisms [START_REF] Matthews | Irradiation creep models-an overview[END_REF][START_REF] Garner | Irradiation creep mechanisms: an experimental perspective[END_REF].

CHAPTER 5. IN-SITU TEM STRAINING EXPERIMENTS

An alternative to in-reactor irradiation creep experiments is to couple small scale mechanical testing and ion irradiation to accelerate the experiments while taking into account the much lower penetration of ions compared to neutrons. Jung et al. [START_REF] Jung | An apparatus for applying tensile, compressive and cyclic stresses on foil specimens during light ion irradiation[END_REF] and Xu et al. [START_REF] Xu | In situ proton irradiation creep of ferritic-martensitic steel t91[END_REF] developed specific experimental apparatus to deform materials under high-energy light ion flux with specimen thickness of the order of 100 µm. However, light ions do not simulate well the neutron damage and induce the activation of matter [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF]. An alternative approach is to use heavy ions, which better simulate the neutron damage and do not activate matter, but have an even more limited penetration depth than light ions. Despite the efforts of a few research teams to use miniaturized specimen coupled with heavy ion beams [START_REF] Sriram | High temperature irradiation induced creep in ag nanopillars measured via in situ transmission electron microscopy[END_REF][START_REF] Tai | Irradiation-induced creep in nanostructured cu alloys[END_REF][START_REF] Tai | Temperature dependence of irradiation-induced creep in dilute nanostructured cu-w alloys[END_REF][START_REF] Sezer Özerinç | In situ creep measurements on micropillar samples during heavy ion irradiation[END_REF][START_REF] Sezer Özerinç | Direct measurements of irradiation-induced creep in micropillars of amorphous cu56ti38ag6, zr52ni48, si, and sio2[END_REF][START_REF] Lapouge | A novel on chip test method to characterize the creep behavior of metallic layers under heavy ion irradiation[END_REF][START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF][START_REF] Shen J Dillon | Irradiation-induced creep in metallic nanolaminates characterized by in situ tem pillar nanocompression[END_REF][START_REF] Sriram | Irradiation induced creep in nanocrystalline high entropy alloys[END_REF], the access to the underlying irradiation creep mechanisms remains indirect. The in-situ imaging of crystal defects under both deformation and heavy ion irradiation inside a TEM can allow for a direct access to the active mechanisms [START_REF] Legros | In situ mechanical tem: Seeing and measuring under stress with electrons[END_REF]. However, until recently, TEM in-situ straining experiments have mainly focused on post-irradiation deformation, to determine, for instance, the nature of the interactions between dislocations and irradiation induced defects [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF][START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF][START_REF] Js Robach | Dynamic observations and atomistic simulations of dislocation-defect interactions in rapidly quenched copper and gold[END_REF][START_REF] Matsukawa | Dynamic observation of the collapse process of a stacking fault tetrahedron by moving dislocations[END_REF][START_REF] Steven | Observation and analysis of defect cluster production and interactions with dislocations[END_REF].

A new methodology was developed by Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] for in-situ deformation experiments inside a TEM under krypton ion irradiation to study high stress irradiation creep on a recrystallized zirconium alloy at room temperature and at 450 • C. The authors observed that, at high stresses, irradiation induces the release and glide of dislocations pinned on irradiation defects. The objective of the present work is to conduct in-situ TEM irradiation experiments on pure copper to provide quantitative data on dislocation dynamics, to determine if the conclusions of Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] also apply to copper, and to critically assess the existing models. Copper is often considered as a model material for metals with FCC crystal structure such as austenitic steels, thus motivating this choice.

Experimental methods

Materials

Pure polycrystalline annealed OFHC copper (99.95%) specimens were cut out from thin sheets of 25 mm × 25 mm with a thickness of 0.3 mm. The specimens were mechanically polished down to 0.13 mm, then the center of the specimen was jet electropolished to be transparent to electrons using the commercial electrolyte D2 from Struers, at a temperature of -1 • C and at a voltage of 8 V.

Test methods

Irradiation conditions

The in-situ deformation experiments under irradiation were carried out using the 2 MV ARAMIS ion implanter [START_REF] Cottereau | Aramis: an accelerator for research on astrophysics, microanalysis and implantation in solids[END_REF][START_REF] Chauvin | Optics calculations and beam line design for the jannus facility in orsay[END_REF] at the JANNuS-Orsay/SCALP platform (IJCLab, formerly CSNSM) [START_REF] Serruys | Jannus: A multi-irradiation platform for experimental validation at the scale of the atomistic modelling[END_REF][START_REF] Bacri | Scalp, a platform dedicated to material modifications and characterization under ion beam[END_REF], which is part of the French EMIR accelerator network. The implanter is directly connected to the Transmission Electron Microscope (TEM), thus allowing for in-situ observations under irradiation. The irradiations were performed with 2 MeV Cu + ions and with fluxes in the range from 1.2 × 10 10 up to 1 × 10 11 ions/cm 2 /s (i.e., 9.6 × 10 -5 to 8.0 × 10 -4 dpa/s), although most experiments were performed at 5 × 10 10 ions/cm 2 /s (4.0 × 10 -4 dpa/s) and at 8 × 10 10 ions/cm 2 /s (6.4 × 10 -4 dpa/s). The final fluences ranged in between 7.3 × 10 12 ions/cm 2 (5.84 × 10 -2 dpa) and 1.3 × 10 14 ions/cm 2 (1.04 dpa).

In-situ TEM loading

The specimens were installed on a GATAN single tilt deformation holder in a 200 kV TECNAI TEM, as represented in Figure 5.7. The deformation of the specimen is produced by applying a controlled displacement of one of the crossheads. In total, nine deformation experiments were performed. All the experiments were carried out at room temperature. The methodology is 5.2. ARTICLE: IN-SITU TEM EXPERIMENTS UNDER IRRADIATION similar to the one conducted by Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF]. First, the crosshead is displaced until the first dislocation motion in the area of observation. Then, by either decreasing the crosshead displacement or by waiting until the stress relaxes sufficiently, the dislocations stop or their velocity significantly reduces. In the following, the total crosshead displacement (from the beginning of the experiment) is noted δ while ∆δ represents the variation in crosshead displacement. The dislocation motions are recorded using a GATAN wide angle camera during successive sequences, each sequence consisting on a first step of a few tens of seconds during which the ion beam is off, followed by a second step of a few tens of seconds during which the ion beam is switched on, followed by a third step of a few tens of seconds with the ion beam turned off again. Between two sequences, the crosshead displacement can be increased and the ion flux can be modified. 

Image analysis procedures

One of the main objectives of the experiments is to observe the dislocation motion successively during or after ion irradiation. In order to estimate the jump length or dislocation mean free path, an image analysis procedure presented in Figure 5.8 has been set up using the image processing program Fiji [START_REF] Schindelin | Fiji: an open-source platform for biological-image analysis[END_REF]. A line (in red in Figure 5.8) is first defined along the dislocation glide direction covering the whole distance travelled by the dislocation during the sequence of images. The kymograph of this frame sequence along this line is then computed. A kymograph [START_REF] Dhonukshe | Contribution of microtubule growth polarity and flux to spindle assembly and functioning in plant cells[END_REF][START_REF] Zhou | Direct visualization of the movement of the monomeric axonal transport motor unc-104 along neuronal processes in livingcaenorhabditis elegans[END_REF] represents the intensity of the pixels along a defined line for successive frames. Given that the dislocations have a black contrast, the kymograph gives the position of the dislocation along the glide direction as a function of the frame number. The kymograph is then segmented manually in order to only select the dislocation path, and the skeleton [START_REF] Arganda-Carreras | 3d reconstruction of histological sections: Application to mammary gland tissue[END_REF] of the image is extracted. A skeletonization consists in the reduction of binary objects into one pixel wide objects. The generated white curve is then exported, and the position and the frame are converted respectively in nanometers and seconds. Nonetheless, since the glide plane is not the image plane, it is important to note that the distances thereby obtained are projected distances. Therefore, the images are first corrected using a geometrical transformation before the image procedure presented is implemented. The details of this geometrical transformation can be found in the Supplementary data. For instance, the results of this procedure performed on six dislocations during an irradiation step are provided in Figure 5.9. Another useful tool often used to analyze TEM image sequences is the image subtraction. This tool allows the determination of the variation on an image between two frames, and thus, in our case, of the dislocation displacements.

Experimental results

In-situ straining experiments under irradiation

General observations

First irradiation step Prior to any irradiation, the crosshead is displaced until the first dislocation glides are observed. The local stress is thus equal to the critical stress for dislocation motion. For instance, in Figure 5.10.e,f, the dislocations glide after two successive increments in crosshead displacement. If the crosshead displacement is not increased further, the dislocations stop moving because of the stress relaxation. The local stress in thus now just below the critical stress for dislocation motion. After a few tens of seconds, the ion beam is turned on, while the crosshead displacement is held constant. During this first ion irradiation step, the dislocations remain immobile (Figure 5.10.d,h). After the irradiation, the crosshead displacement must be significantly increased to induce again the glide of these dislocations. The dislocations are now pinned by irradiation defects and their motion occurs by glide through these defects. This suggests that irradiation induces the unpinning of dislocations from irradiation defects. A film showing this sequence is provided as Supplementary Data (Video 1). This dislocation pinning phenomenon is consistent with previous post-irradiation straining experiments [START_REF] Js Robach | Dynamic observations and atomistic simulations of dislocation-defect interactions in rapidly quenched copper and gold[END_REF][START_REF] Briceño | Effect of ion irradiationproduced defects on the mobility of dislocations in 304 stainless steel[END_REF][START_REF] Long | Deformation mechanism study of a hot rolled zr-2.5 nb alloy by transmission electron microscopy. i. dislocation microstructures in as-received state and at different plastic strains[END_REF][START_REF] Kaoumi | Insights into the plastic behavior of irradiated ni-based alloy through in-situ tem experiments: Formation and evolution of defect-free channels[END_REF]. The dislocations observed in this sequence present a V-shape and the motion of the tip of the V-shape is along the [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] axis. Moreover, the extinctions of the dislocations are consistent with a 1/2 [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] Burgers vector and the slip traces are consistent with the glide planes [START_REF] Uf Kocks | Dislocation[END_REF] and [START_REF] Uf Kocks | Dislocation[END_REF]. This indicates that a segment of each dislocation cross-slipped between two glide planes [START_REF] Uf Kocks | Dislocation[END_REF] and [START_REF] Uf Kocks | Dislocation[END_REF]. More details on this analysis can be found in the Supplementary Data.

Further irradiation steps

Before the subsequent irradiation step, the crosshead displacement is significantly increased to reach the new critical stress for dislocation motion. The dislocations shown in Figure 5.10 start to slightly glide along short distances. If the crosshead displacement is held constant, they stop moving, because of progressive stress-relaxation. The local applied stress is now just below the new critical stress needed to make the dislocations move through irradiation defects. As earlier, after a few tens of seconds, the ion beam is turned on, with the crosshead displacement kept constant. The dislocations start to slightly glide under irradiation. When the ion beam is turned off, they stop moving. This suggests that irradiation induces the unpinning of dislocations from irradiation defects. A film showing this sequence is provided as Supplementary Data (Video 1). Other dislocations are observed to glide much faster under irradiation. These dislocations are newly generated from cracks and grain boundaries. They are less jogged, compared to initial dislocations that have absorbed point defects under irradiation, and are therefore less pinned. As for the initial dislocations, these newly generated dislocations are also immobile when the ion beam is off and start to glide under ion irradiation (Figure 5.11). Furthermore, under irradiation, Figure 5.8 -Dislocation motion analysis using the image processing program Fiji [START_REF] Schindelin | Fiji: an open-source platform for biological-image analysis[END_REF]. the motion of these dislocations is not continuous and smooth. The dislocations move through series of jumps, probably from obstacle to obstacle. When following on the frame sequence the endpoints of dislocations, straight lines can be drawn suggesting that, during jumps, the motion occurs by glide. This resembles the pinning-unpinning motion under irradiation observed by Gaumé et al [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF]. Films showing this sequence along with other sequences are provided as Supplementary Data (Video 2 and 3). The irradiation induced glide described above was observed The effect of the flux was also investigated. For a flux of 1.2 × 10 10 ions/cm 2 /s, very little motion was observed under irradiation in comparison to higher fluxes, suggesting that for weak fluxes, the hardening effect of irradiation prevails over the irradiation induced motion of dislocations. For fluxes of 3 × 10 10 , 5 × 10 10 and 8 × 10 10 ions/cm 2 /s, no significant difference was observed amongst the different fluxes.

Statistical study of dislocation dynamics

One experiment conducted on one area of a chosen specimen has been selected for more quantitative analysis. The crystallographic orientation of the grain is determined using electron diffraction data. The glide planes are determined based on the movements of the endpoints of the dislocations. The specimen thickness can be deduced from the orientation of the glide plane and from the projected distance between the two slip traces of the dislocation (more details can be found in the Supplementary Data). Three types of dislocations are observed in the sequence: screw dislocations gliding in the plane (111) with a Burgers vector 1/2 [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF], screw dislocations gliding in the plane (111) with a Burgers vector equal to 1/2 [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF], and dislocations gliding in the plane [START_REF] Uf Kocks | Dislocation[END_REF]. The screw nature of the two first dislocation types was determined based on the cross-slip observed from the plane [START_REF] Uf Kocks | Dislocation[END_REF] to the plane [START_REF] Uf Kocks | Dislocation[END_REF]. The nature and Burgers vector of the last dislocation family could not be ascertained. The sample thickness in the area of observation is found to be around 80 to 100 nm. The tensile loading direction is close to the [START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF] axis. In the following, the origin of time is taken to be the start of the experiment (from the first crosshead displacement, before any irradiation), although the sequence concerns only the irradiation steps from the 4 th irradiation step (after a cumulated dose of 1.22×10 13 ions/cm 2 ).

Estimation of the dislocation jumps frequency

Image subtractions are performed between frames taken one second apart to measure the number of dislocation jumps per second. If a dislocation appears with a contrast on the image subtraction, it means that the dislocation has moved and this is counted as one instantaneous jump per second. If ten dislocations appear with a contrast on the image subtraction, this is counted as ten instantaneous jumps per second. This measure will be referred to, in the following, as the dislocation jump frequency. The number of dislocation jumps measured for each image subtraction can also be added up all along the experiment. This will be referred to as the cumulated number of dislocation jumps. As shown in Figure 5.12, the cumulated number of dislocation jumps increases sharply when the ion beam is on. The increase in dislocation motion under irradiation is relatively linear with time, and the slope, i.e. the dislocation motion frequency, is around one jump per second, compared with 0.1 jump per second when the ion beam is off. 

Sensitivity to stress of irradiation induced glide

As stated earlier, if the local stress is far below the critical stress for dislocation motion, no irradiation induced glide is observed. Just below this critical stress, dislocations start to glide under irradiation. This shows that there is a high sensitivity to the applied stress. This is further illustrated when the stress relaxes. Figure 5.13 represents the dislocation motion frequency over five irradiation steps. This figure shows that when there is no increase of crosshead displacement in between irradiation steps (i.e the crosshead displacement δ remains constant), the frequency of dislocation jumps under irradiation progressively drops. This is most likely due to stress relaxation. A slight increase in crosshead displacement (in between the 13 th and 14 th irradiation step) induces a significant increase of the jump frequency under irradiation (in green). This shows that the jump frequency under irradiation exhibits a significant sensitivity to the local stress. Consequently, the irradiation induced unpinning mechanism is highly sensitive to the applied stress. This figure also shows that the slight increase in crosshead displacement does not significantly affect the jump frequency when the ion beam is off (in grey). Note that the stress level is not directly measured, but the sensitivity to the crosshead displacement reflects the sensitivity to stress. Estimation of the dislocation mean free path Under irradiation, the dislocation motion is not smooth, but occurs by series of jumps, probably 5.2. ARTICLE: IN-SITU TEM EXPERIMENTS UNDER IRRADIATION associated to the glide from obstacle to obstacle. In order to estimate the jump length or dislocation mean free path, the image analysis procedure presented in Section 5.2.2.3 was used. Figure 5.14.a and Figure 5.14.b represent, respectively, the mean distances travelled during 8 irradiation steps and the histogram of the jump distances (i.e., distance travelled by a dislocation during a jump). The travelled distances remain approximatively the same for the different steps (with a slight decrease with increasing step number). Most displacements are under 50 nm and the magnitude of the mean displacement is ∼ 45 nm. In between two jumps, the dislocation stops moving, as seen in Figure 5.9, probably pinned on defects, and this waiting time is analyzed. 

Post irradiation microstructural examination

Post-mortem analyses were performed on the specimen studied in Section 5.2.3.1 in order to characterize the irradiation defects. A weak-beam image of the specimen is presented in Figure 5.15. A high density of very small defects with a diameter of less than 3 nm is observed. The defects appear to be mainly small loops, although few SFT are also observed. However, considering the high density and small size of the defects as well as the possible overlap between these defects, the loop and SFT populations can possibly be confused. The mean defect diameter d is estimated to be around 2 nm. Given that the mean defect density N is found around 10 23 m -3 , the average defect planar spacing l can then be evaluated using:

l = 1 √ N d . (5.2)
The average defect planar spacing is around 70 nm, which is in the same order of magnitude as the dislocation mean free path (45 nm) previously estimated. 

Discussion

Estimation of the mean pinning lifetime

In the sequence described above (Section 5.2.3.1), the dislocation mean free path is equal to 45 nm, and the estimated average loop spacing in the glide plane is equal to 70 nm. Moreover, the dislocation lengths are estimated to be in the range 80 to 150 nm, with a mean dislocation length of around 100 nm (after a projection of the image on the appropriate glide plane). One can thus assume that there is, on average, one obstacle per dislocation. Therefore, the fact that the dislocation mean free path corresponds to the average distance between obstacles in the glide plane suggests that the "stop and go" motion is the result of a pinning-unpinning of dislocations from irradiation-induced defects.

As a first approximation, we consider here that every recorded dislocation jump results from the unpinning of one dislocation from one irradiation defect. The total dislocation length observed in the sequence is equal to 2 µm. Taking a mean separation distance between pinning points of 50 nm, there are thus 40 pinning points in total in the sequence. We have recorded on average 0.1 dislocation jumps per second when the ion beam is off and 1 jump per second when the ion beam is on. This suggests a mean pinning lifetime of 40 seconds under irradiation and 400 seconds without irradiation (thermally activated glide). The mean pinning lifetime calculated using these average values is very close to the mean measured dislocation pinning lifetime of 42 seconds measured using the detailed histograms (Figure 5.14.d). This, again, supports the mechanism proposed which consists of the pinning-unpinning of dislocations from obstacles.
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Possible irradiation creep mechanisms

In order to ensure that the unpinning event is indeed triggered by irradiation and does not result from ion beam heating effects, an estimation of the change of temperature of the specimen during ion irradiation is provided in the Supplementary Data. The ion irradiation induced increase in temperature appears to be low (less than 1 K). Moreover, the surface power lost in the specimen during ion irradiation is orders of magnitude lower than the surface power lost by the electron beam, which does not contribute to significant heating in conductive metals. Additional experiments, reported in the Supplementary data, have been conducted to investigate the respective contributions of electron and ion beam heating. These calculations and experiments confirm that the phenomenon under investigation here is due to irradiation effects and does not result from any ion beam heating effects.

Irradiation has two distinct effects. First, it induces the generation of defects such as SFT and loops that act as obstacles against dislocation motion retarding creep. The second effect enhances creep; this is the irradiation creep. In our experiments, both effects are observed: an irradiation induced hardening and a glide based irradiation creep mechanism. The glide mechanisms can either be climb assisted glide resulting from homogeneous generation and diffusion of point defects [START_REF] Woo | Effects of an anisotropic dislocation structure on irradiation creep due to stress induced preferred absorption of point defects[END_REF][START_REF] Woo | Irradiation creep due to elastodiffusion[END_REF][START_REF] Bullough | Sink strengths for thin film surfaces and grain boundaries[END_REF], or direct cascade induced unpinning of dislocations. This last mechanism can result from the dissolution of pinning points by interaction with the cascade or by the local production of point defect due to the cascade leading to dislocation climb over the obstacle [START_REF] Matthews | Irradiation creep models-an overview[END_REF][START_REF] Voskoboinikov | Interaction of collision cascades with an isolated edge dislocation in aluminium[END_REF].

There are three usual climb-assisted glide mechanisms. The first one is the dislocation bias driven climb mechanism, which results from a stronger elastic interaction between edge dislocations and interstitials than between edge dislocations and vacancies. There are two other mechanisms referred to as stress-induced preferential absorption of point defects (SIPA) mechanisms. The first one is the SIPA-I (for Stress Induced Preferential absorption due to Inhomogeneity effects) which results from polarizability effects [START_REF] Woo | Effects of an anisotropic dislocation structure on irradiation creep due to stress induced preferred absorption of point defects[END_REF][START_REF] Bullough | The stress-induced point defect-dislocation interaction and its relevance to irradiation creep[END_REF]. The second one is the SIPA-AD (for Stress Induced Preferential absorption due to Anisotropic Diffusion) which is due to elasto-diffusion and is considered to be a first order effect [START_REF] Woo | Irradiation creep due to elastodiffusion[END_REF].

Our experimental results are compared with standard irradiation creep models proposed in the literature. All these quantitative models are based on rate theory. These models rely on several strong hypothesis [START_REF] Matthews | Irradiation creep models-an overview[END_REF][START_REF] Woo | Effects of an anisotropic dislocation structure on irradiation creep due to stress induced preferred absorption of point defects[END_REF][START_REF] Woo | Irradiation creep due to elastodiffusion[END_REF][START_REF] Bullough | Sink strengths for thin film surfaces and grain boundaries[END_REF]. The obstacles are assumed to be unshearable, although the reality is more complex since dislocation-loop reactions are known to occur [START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF][START_REF] Rodney | Molecular dynamics simulation of screw dislocations interacting with interstitial frank loops in a model fcc crystal[END_REF][START_REF] Terentyev | Simulation of the interaction between an edge dislocation and a< 1 0 0> interstitial dislocation loop in α-iron[END_REF][START_REF] Rodary | Dislocation glide in model ni (al) solid solutions by molecular dynamics[END_REF]. The production of point defects is considered spatially and temporally homogeneous, which is a quite simple assumption since the point defects are produced by stochastically generated displacement cascades. The climb duration, calculated using this model, that should correspond to the mean pinning lifetime, is found to be at least 30 times longer than in the experiments and does not show the same sensitivity to stress. More details about this analysis can be found in the Supplementary Data. Therefore, either the hypothesis of the model chosen are too simple, or another mechanism, resulting from cascade effects, may be operative. For instance, a displacement cascade induced climb mechanism can be considered [START_REF] Voskoboinikov | Interaction of collision cascades with an isolated edge dislocation in aluminium[END_REF]. However, the climb based mechanisms only concern edge dislocations, and do not apply to the screw dislocations observed in our experiments. Very recently, Khiara et al. [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF] showed with molecular dynamics simulations performed on pure zirconium and for stresses just below the yield stress, that screw dislocations can unpin from small loops through displacement cascades generated by irradiation. After the unpinning of the dislocation, it was observed that the freed dislocation becomes straight and that the loop is partially destructed. For stresses just below the critical stress for dislocation unpinning, the pinning lifetimes estimated based on molecular dynamics calculations are in the same range as the experimental lifetimes. This new mechanism, if applied to copper, can provide an explanation to the unpinning of screw dislocations observed during our experiment.

Conclusion

In-situ straining experiments were performed under heavy ion irradiation on pure copper under high stress levels. The release, assisted by irradiation, of dislocations pinned on small loops has been revealed under high applied stresses, resembling the phenomenon observed by Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] for a zirconium alloy. This phenomenon, observed for the first time for pure copper, provides a new insight on the irradiation creep deformation mechanism at high stresses. The main findings of this work are the following:

-The dislocations glide under ion beam irradiation by series of jumps, indicating the release from one pinning point, glide to the next one before being pinned again. This is supported by the fact that the dislocation mean free path, around 45 nm, is of the same order as the distance between irradiation defects. -The underlying irradiation creep mechanism (with the ion beam switched on) is very sensitive to stress, and occurs for stresses just below the critical stress for dislocation motion (with the ion beam switched off). -The magnitude of the flux affects the dislocation activity, since for a flux of 1.2 × 10 10 ions/cm 2 /s very few motions were observed in comparison to higher fluxes (above 3 × 10 10 ions/cm 2 /s). -The mean pinning lifetime of dislocations was estimated to be around 40 seconds.

-Beam heating effects have been discarded as playing any role in creep activation.

-The traditional irradiation creep mechanisms and models that can explain the observations are the climb followed glide mechanisms, due either to dislocation bias, SIPA-I or SIPA-AD. The pinning lifetime estimated using the rate theory in the conditions of the experiments for these three mechanisms underestimate the experimental value by a factor of at least 30. Moreover, for the models for which the pinning lifetimes are the lowest, these pinning lifetimes do not show the same sensitivity to stress as in the experiments. This discrepancy between theory and experiment suggests that another mechanism, presumably cascade related, is operative to explain the much faster creep rates.
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Supplementary Data

Details on the determination of the activated slip systems

The crystallographic orientation of the studied grain was determined using electron diffraction patterns. Usually the slip plane is determined based on stereographic projections and on traces left by dislocations on the thin foil surfaces. However, since the traces were not visible, the dislocation motions were used instead.

First dislocation type (in grey)

Based on the stereographic projection and the orientation of the dislocation pile-up, the glide system seems to either be (111) and (111) (respectively in blue and green in Figure 5.16). To find out the actual glide system, we calculate the foil thickness e for the two configurations. The apparent distance between slip traces d app and the thickness t are linked by the following relation:

5.2. ARTICLE: IN-SITU TEM EXPERIMENTS UNDER IRRADIATION t = d app sin(θ 0 ) cos(θ) , (5.3) 
with θ 0 : the angle between the normal to the slip plane and the beam at zero tilt; θ: the angle between the normal to the slip plane and the beam at the tilt in which the image was taken. Both angles can be measured using the software Carine Crystallography. The results presented in Table 5.1 show that the plane that gives a consistent foil thickness is (111) (in green in Figure 5.16) since a thickness of 29 nm is not possible for such image. Given that the tensile axis very close to the axis [START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF], the glide of the dislocations with a Burgers vector [011] is not activated, the Schmid factor relative to the directions [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] and [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] can be calculated using

m = cos(γ) cos(χ), (5.4) with: 
γ the angle between the normal to the glide plane and the tensile axis; χ the angle between the glide direction and the tensile axis. The two directions [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] and [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] have the same Schmid factor equal to 0.409, they can be both equally activated.

Second dislocation type (in red)
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The results presented in Table 5.2 show that the plane that gives a consistent foil thickness is [START_REF] Uf Kocks | Dislocation[END_REF] (in green in Figure 5.17). A thickness of 291 nm is not consistent with the image quality. The thickness estimated here (84 nm) is in relatively good agreement with the previously estimated thickness.

Table 5.2 -Estimation of the specimen thickness using the two possible planes [START_REF] Uf Kocks | Dislocation[END_REF] and [START_REF] Uf Kocks | Dislocation[END_REF].

Plane θ θ 0 t (111) 76 • 57 • 291 nm (not ok) (111) 38 • 52 • 84 nm (ok)
There are three possible Burgers vectors (represented by the red arrows in Figure 5.17): [011], [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] and [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF]. Given that the tensile axis is very close to the axis [START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF], the glide of the dislocations with a Burgers vector [011] is not activated. The two directions [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] and [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] have a same Schmid factor equal to 0.409, they can be both equally activated. Figure 5.17 -Determination of the slip system for the second dislocation type.

Third dislocation type (in orange)

The results presented in Table 5.3 show that the plane that gives a consistent foil thickness is (111) (in blue in Figure 5.18). Again, a thickness of 250 nm is not consistent with the image quality. The thickness estimated (72 nm) here is in good agreement with the previously estimated thicknesses.

Table 5.3 -Estimation of the specimen thickness using the two possible planes [START_REF] Uf Kocks | Dislocation[END_REF] and [START_REF] Uf Kocks | Dislocation[END_REF].

Plane θ θ 0 t (111) 38 • 52 • 72 nm (ok) (111) 76 • 57 • 250 nm (not ok)
There are three possible Burgers vectors (represented by the yellow arrows in Figure 5.18): [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF], [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF], and [011]. Given that the tensile axis is the axis [START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF], the glide of the dislocations 5.2. ARTICLE: IN-SITU TEM EXPERIMENTS UNDER IRRADIATION with a Burgers vector [011] is not activated. The two directions [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] and [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF] have a same Schmid factor equal to 0.409, they can be both equally activated. Cross-slip between the first and second dislocation types Figure 5.19 shows a dislocation that glides initially in the plane (111) (Figure 5.19.a-c), then aligns along its screw direction (Figure 5.19.e-f) to then cross-slip in the plane (111) Figure 5.19.i-k). Thus, a cross slip event is observed between the dislocations of the (111) glide plane and (111) glide plane (i.e., between the grey and red dislocation types). This shows that the dislocations of those two families are screw dislocations. Therefore, their Burgers vector can be determined as [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF]. This is consistent with the alignment of the dislocations along this direction. V-shaped dislocations V-shaped dislocations are observed during the experiments. The crystallographic orientation of the grain is determined using electron diffraction. As shown in Figure 5.20, the tip of the V shape moves along the [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] axis. Moreover, the dislocations are invisible for the following diffraction vectors: [START_REF] Steven | Observation and analysis of defect cluster production and interactions with dislocations[END_REF], [START_REF] Uf Kocks | Dislocation[END_REF], [START_REF] Steven | Observation and analysis of defect cluster production and interactions with dislocations[END_REF], and [002], which is consistent with a Burgers vector 1/2 [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF]. In addition, as shown in green and red in Figure 5.20, the traces of the two segments of each dislocation correspond to the glide planes [START_REF] Uf Kocks | Dislocation[END_REF] and [START_REF] Uf Kocks | Dislocation[END_REF]. This indicates that segments of the dislocations have cross-slipped between the planes (111) and (111).

Geometrical transformation of the TEM images

The glide plane is often not the image plane. Thus, in order to measure accurate distances in the image, a geometrical transformation is needed. Using the software Carine Crystallography, the rotation angles that permit to go from the glide plane to the image plane can be measured. For instance, for the glide plane [START_REF] Uf Kocks | Dislocation[END_REF], first a rotation along the Z-axis of -1 • is needed, followed by a rotation along the X-axis of 38 • . The stereographic images after each rotation are shown in Figure 5.21. To replicate these transformations on the TEM images, as represented in Figure 5.21, they are first rotated along the Z-axis with an angle of 157 • , then there are rescaled along the X-axis with a magnification of 1/cos(38 • ). These geometrical transformations were performed using the tool TransformJ in the image processing program Fiji [START_REF] Schindelin | Fiji: an open-source platform for biological-image analysis[END_REF].

Potential effect of ion beam heating

In order to prove that the unpinning event from irradiation defects is indeed triggered by irradiation and does not result from ion beam heating effects, an estimation of the specimen heating during ion irradiation is computed. The specimen is modelled as a rectangle of 11 mm × 2.3 mm and of thickness 0.13 mm maintained at its ends by the straining holder. The irradiated area in the middle of the sample is a disk of 1.5 mm diameter (S ions irr = 7.1 mm 2 ). Assuming, in extreme case, that all the kinetic energy of the ion (E = 2 MeV) is lost in the sample, and knowing the ion flux (Φ = 1.2 × 10 10 ions/cm 2 /s to Φ = 1 × 10 11 ions/cm 2 /s) the maximum value for the deposited power on the irradiated surface can be calculated using:

P ions = EΦS ions irr . (5.5) 
The crossheads of the holder are considered as the heat sinks because of their large volume compared to the sample and have a constant temperature with or without the ion beam. The heat flux towards one of the two crossheads, in the steady state regime, corresponds to half of the power deposited on the irradiated surface (i.e., P ions ⁄2).

Knowing the sample cross-section (S 0 = 0.299 mm 2 ), the distance to the cold sink (L D = 5 mm) and the thermal conductivity of copper (κ = 401 W/m/K), the heat flux Q toward the crossheads can be related to the increase in temperature ∆T using: 

Q = κ∆T S 0 L D . (5.6) 
Therefore, the increase in temperature is:

∆T = EΦS ions irr 2 L D κS 0 = 0.006 -0.005 K. (5.7) 
Two extra experiments have been performed to further compare the effect of the ion beam heating to the electron beam heating on an unirradiated specimen (first experiment) and a previously irradiated specimen (second experiment). A 200 keV electron irradiation, unlike a 2 MeV Cu + ion irradiation, does not induce lattice damage in copper [START_REF] Urban | Radiation-induced processes in experiments carried out in-situ in the high-voltage electron microscope[END_REF]. Therefore, the energy loss within the copper specimen due to the electron irradiation is only dissipated as heat, whereas for the ion irradiation, the energy loss is dissipated as heat and lattice damage (displacement cascades, irradiation defects).

The first experiment, reported in Figure 5.22, is performed on an unirradiated specimen. Therefore, in this case, the dislocations are not pinned on irradiation defects. At first (Figure 5.22.a and Figure 5.22.e), the electron beam is not focused and no dislocation motion is observed,
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then the electron beam is focused on dislocations during a couple of seconds (Figure 5.22.b and Figure 5.22.f) and the dislocations start to glide. The electron beam is, again, defocused and no dislocation motion is observed (Figure 5.22.c and Figure 5.22.g). Finally, the ion beam is turned on for 60 seconds (it is the first irradiation step) and no motion of the dislocations is observed (Figure 5.22.d and Figure 5.22.h). This shows that the heating induced by the focused electron beam is larger than the heating due to the ion beam. This experiment has been reproduced several times with the same outcome.

The second experiment is performed on a pre-irradiated specimen (Figure 5.23). The electron beam is focused, during a couple of seconds, on dislocations pinned on irradiation defects and no dislocation motion is observed (Figure 5.23.a and Figure 5.23.g). Then, the electron beam is defocused with no dislocation motion again (Figure 5.23.b and Figure 5.23.h). The ion beam is then turned on and dislocation motions are observed. This shows that the heating due to the focused electron beam was not sufficient to induce the unpinning of dislocations. Thus, since the ion beam heating is lower than the electron beam heating, the dislocation motion observed during this second experiment does not result from heating effects.

In the conditions of the experiments detailed in Figure 5.22 and Figure 5.23, the power deposited by the ion beam per unit of area (P ions ⁄S ions irr ) is of 1.60 × 10 2 W/m 2 . Moreover, the power per surface area absorbed by the specimen due to the electron beam can be estimated from the average rate of the energy lost in the specimen by the electron beam calculated using the Bethe-Bloch expression [START_REF] Hans | Experimental nuclear physics[END_REF]:

- dE dz = 2πZρ(e 2 /4πϵ 0 ) 2 mv 2 {ln[ E(E + mc 2 ) 2 β 2 2I e 2 mc 2 ] + (1 + β 2 ) -(2 -1 -β 2 -1 + β 2 ) ln 2 + 1 8 (1 -1 -β 2 ) 2 }, (5.8) with: 
-Z = 29: atomic number of the target element ρ = 4.271 × 10 28 at/m 3 : atomic density of the target element e: charge of the electron ϵ 0 : dielectric constant β = v/c -E = 200 keV: beam energy c: speed of the light in a vacuum -I e = 322 eV: mean excitation energy Knowing the thickness of the specimen t and the electron dose rate r (in electrons/m 2 /s), the surface power lost in the specimen by the electron beam is:

P electrons S = -dE dz × t × r. (5.9) 
The surface power lost in the specimen calculated in the different configurations presented in the article are listed in Table 5.4. Table 5.4 -Surface power lost in the specimen for the different configurations considered in the manuscript.

De-focused electron beam Focused electron beam Figure 7 2.5 × 10 5 W/m 2 1.93 × 10 6 W/m 2 Figure 8 4.32 × 10 5 W/m 2 8.18 × 10 6 W/m 2

The value obtained for the de-focused electron beam is three orders of magnitude higher than the impinging power of the ion beam. As stated earlier, the energy loss within the copper CHAPTER 5. IN-SITU TEM STRAINING EXPERIMENTS specimen due to the electron irradiation is only dissipated as heat, whereas for the ion irradiation, the energy loss is dissipated as heat and lattice damage. Therefore, the heating due to the ion beam is negligible compared with the heating due to the electron beam. These calculations indicate that the ion irradiation induced dislocation motion is not due to ion beam heating effects, but rather due to lattice damage effects.

Moreover, the surface power absorbed by the specimen due to the focused electron beam is found around 10 6 W/m 2 for both experiments, which is one order of magnitude higher than for the defocused electron beam and four orders of magnitude higher than for the ion beam. These observations further consolidate that the phenomenon under investigation here is indeed due to irradiation effects through lattice damage and does not result from ion beam heating effects. 

Rate theory calculations

In the following, the climb velocity and climb duration is estimated for the three classical climb and glide creep mechanisms in the conditions of our experiments (dislocation density around 10 13 m -2 and stress around 150 MPa).

Model assumptions

The first climb induced irradiation creep mechanism considered here is the climb driven by the so-called dislocation bias mechanism. It results from a stronger elastic interaction between edge dislocations and interstitials than between edge dislocations and vacancies. This leads to a net absorption of interstitials by edge dislocations, provided that there is an equivalent absorption of vacancies by other sinks. Given the thinness of the sample (around 100 nm), we consider the other sinks, beside the edge dislocations, to be the foil surfaces.

However, for climb and glide due to dislocation bias, the climb velocity does not depend on the applied stress, whereas the mechanism observed experimentally is highly stress dependent. There are other mechanisms that can explain the climb of edge dislocations for which the climb velocity increases with increasing stress. These are referred to as stress-induced preferential absorption of point defects (SIPA) mechanisms. Two main SIPA models are found in the literature: the SIPA-I (for Stress Induced Preferential Absorption due to Inhomogeneity effects) which results from polarizability effects [START_REF] Woo | Effects of an anisotropic dislocation structure on irradiation creep due to stress induced preferred absorption of point defects[END_REF][START_REF] Bullough | The stress-induced point defect-dislocation interaction and its relevance to irradiation creep[END_REF], and the SIPA-AD (for Stress Induced Preferential Absorption due to Anisotropic Diffusion) which is due to elastodiffusion and is considered to be a first order effect [START_REF] Woo | Irradiation creep due to elastodiffusion[END_REF].

Therefore, in our calculations, we consider two types of sinks: the thin film surfaces and edge dislocations uniformly distributed through the foil. The latter are subdivided into N classes. Each class n, of line density ρ n has a Burgers vector b n making an angle ϕ n with the stress, and a line direction making an angle θ n with the stress.

The parameters for pure copper used for the different computations are given in Table 5.5.

Expressions for the climb velocities and pinning lifetimes

The climb velocity v n of a dislocation in the n th class is given by [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF]:

v n = 1 b (z n i D i C i -z n v D v C v ). (5.10) 
In this equation C j is the atomic fraction of point defect j (the subscripts i and v refer to interstitials and vacancies, respectively), D j is the diffusion coefficient of the point defect j, z n j is the absorption efficiency of the dislocations of the n th class with respect to point defect j, and b is the norm of the Burgers vector (b

= b n = |b n |).
The upper bound for climb velocity is:

v c = max n |v n |. (5.11) 
In the case of climb driven by dislocation bias, all the dislocations are equivalent (i.e., v n = v). For the two SIPA mechanisms, we make the hypothesis, usually assumed for isotropic cubic materials, that there are three classes of dislocations (i.e., N = 3). One third of the dislocations are "aligned" (i.e., ϕ 1 = 0 for SIPA-I and θ 1 = 0 for SIPA-AD), and the other two thirds are "not aligned" (i.e., ϕ 2 = ϕ 3 = π/2 for SIPA-I and θ 2 = θ 3 = π/2 for SIPA-AD). Dislocations with different orientations have different values of z n j which depend on the stress σ, so their climb velocities also differ.

Considering an obstacle height h of 1 nm (half loop size), the pinning lifetime can be evaluated as:

5.2. ARTICLE: IN-SITU TEM EXPERIMENTS UNDER IRRADIATION τ = h v c . (5.12) 
The point defects concentrations can be calculated using the rate theory in the steady state regime [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF][START_REF] Woo | Effects of an anisotropic dislocation structure on irradiation creep due to stress induced preferred absorption of point defects[END_REF][START_REF] Woo | Irradiation creep due to elastodiffusion[END_REF]:

C j = aK 0 /k j 2 D j , (5.13) 
with:

a = 2ξ -1 [(1 + ξ) 1/2 -1], (5.14) 
ξ = 4K iv K 0 /D i D v k i 2 k v 2 , (5.15) 
where k j 2 is the total sink strength for the point defect j, K 0 is the defect production rate and K iv is the recombination rate.

The diffusion coefficients D j for vacancies and interstitials can be calculated (neglecting the entropy terms) using [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF]:

D j = a j × a 0 2 × f × exp(-∆H j m /k B T ), (5.16) 
where ∆H j m is the migration energy for the point defect j, f is the Debye frequency (10 13 s -1 ), k B is the Boltzmann constant, T is the temperature, a 0 is the lattice parameter at temperature T , and a j is a factor which depends on the number of possible jumps for the point defect j towards neighbor positions.

The defect production rate K 0 is related to the damage rate D through an efficiency coefficient η [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF]:

K 0 = ηD.
(5.17)

The recombination rate K iv can be estimated as follows [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF]:

K iv = 4πr iv (D i + D v ) Ω ≈ 4πr iv D i Ω , (5.18) 
where Ω is the atomic volume and r iv is defined by r iv = 3a 0 . The total sink strength k j 2 is then given by:

k j 2 = k j,d 2 + k j,s 2 , (5.19) 
where k j,s 2 is the foil surface sink strength [START_REF] Bullough | Sink strengths for thin film surfaces and grain boundaries[END_REF], and k j,d 2 is the dislocation sink strength depending on the nature of the climb and glide creep mechanisms [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF][START_REF] Woo | Effects of an anisotropic dislocation structure on irradiation creep due to stress induced preferred absorption of point defects[END_REF][START_REF] Woo | Irradiation creep due to elastodiffusion[END_REF]. Since k j,d 2 depends on stress, k j 2 depends on stress. The expressions for the sink strengths k j,d 2 (for the three mechanisms) and k j,s 2 are presented in the following paragraphs. 

1 x j ∆C j 44 C 44 -17 ± 2 1 x j ∆c ′ j c ′ -16 ± 2 1 x j ∆κ j κ -2 ± 2
Recombination radius r iv 3a 0 Migration energy for insterstitials [START_REF] Padovani | Assessment of microstructural changes in copper due to gamma radiation damage[END_REF] ∆H i m 0.12 eV Migration energy for vacancies [START_REF] Padovani | Assessment of microstructural changes in copper due to gamma radiation damage[END_REF] ∆H The dislocation sink strength in the case of climb driven by dislocation bias can be written as follows [START_REF] Gary | Fundamentals of radiation materials science: metals and alloys[END_REF]:

k j,d 2 = ρ D z 0 j , (5.20) 
where ρ D is the dislocation density, and z 0 j is the capture efficiency of dislocations for the point defect j defined by:

z 0 j = 2π ln(4R d /|L 0 j | exp(γ)) , (5.21) 
L 0 j = µb(1 + ν) 3(1 -ν)πk B T ∆V j , (5.22) 
with R d = (πρ D ) -1/2 , ν the Poisson ratio of copper, µ = (C 11 -C 12 + 3C 44 )/5 the shear modulus of copper, C ij the elastic constants of copper, γ the Euler constant, and ∆V j the relaxation volume of the point defect j which can be derived from the elastic dipole tensor for the point defect at ground state P GS j using:

∆V j = tr(P GS j ) 3κ , (5.23) 
where κ = (C 11 + 2C 12 )/3 is the bulk modulus.

Dislocation sink strength in the case of SIPA-I Following Heald and Speight [START_REF] Heald | Point defect behaviour in irradiated materials[END_REF] and Woo [START_REF] Woo | Effects of an anisotropic dislocation structure on irradiation creep due to stress induced preferred absorption of point defects[END_REF], the absorption efficiency of dislocations in the case of SIPA-I creep is given by:

z n j (σ) = z 0 j [1 - z j 0 σ 2πµe 0 j (Q n j + ∆Q j cos 2 ϕ n )], (5.24) 
with:

Q n j (σ) = - α κ j 4Ωµ (1 -2ν) 2 1 -ν 2 - α µ j 6Ωµ 1 1 -ν [-(1 + ν) + 3ν cos 2 θ n ], (5.25) 
∆Q j = - α µ j 2Ωµ(1 -ν) , (5.26) 
where e 0 j is relaxation strain within the point defect j in the absence of an applied stress field σ, and α κ j and α µ j are factors depending on the point defect elastic polarizabilities. The factor 2π in the Eq. 5.24 was omitted in Ref. [START_REF] Woo | Effects of an anisotropic dislocation structure on irradiation creep due to stress induced preferred absorption of point defects[END_REF].

The relaxation strain e 0 j is related to the relaxation volume ∆V j through:

e 0 j = 1 + ν 3(1 -ν) ∆V j Ω . (5.27) 
The factors α κ j et α µ j are defined as follows:

α κ j = -Ω( 1 x j ∆κ j κ )κ, (5.28) 
α µ j = - Ω 5 [2( 1 x j ∆c ′ j c ′ )c ′ + 3( 1 x j ∆C j 44 C 44 )C 44 ], (5.29) 
CHAPTER 5. IN-SITU TEM STRAINING EXPERIMENTS with c ′ = (C 11 -C 12 )/2, 1 x j ∆κ j κ , 1 x j ∆c ′ j c ′ and 1 x j ∆C j 44
C 44 the point defect elastic polarizabilities, and x j the atomic concentration of point defects. In this work, the vacancy polarizabilities are taken equal to zero.

The dislocation sink strength k j,d 2 in the case of SIPA-I is given by:

k j,d 2 = n ρ n z n j = ρ D z 0 j [1 - z 0 j σ 2πµe 0 j (Q j + ∆Q j n f n cos 2 ϕ n )], (5.30) 
where f n is the fraction of dislocations of class n (ρ n = f n ρ D ), Q j is the average value of Q n j (we neglect here the variation of the line direction for the different classes n as in Ref. [START_REF] Woo | Effects of an anisotropic dislocation structure on irradiation creep due to stress induced preferred absorption of point defects[END_REF]).

Dislocation sink strength in the case of SIPA-AD Following Ref. [START_REF] Woo | Irradiation creep due to elastodiffusion[END_REF], for a uniaxial stress σ the absorption efficiency of dislocations in the case of SIPA-AD creep is given by:

z n j (σ) = z 0 j [1 + q j cos 2 θ n ], (5.31) 
q j = 3 8

P j k B T (1 -p j 1 ) σ µ , (5.32) 
where P SP j is the elastic dipole tensor of the point defect j at saddle point, P j = 1 3 tr(P SP j ), and p j i are normalized eigenvalues of P SP j (so that 3 i=1 p j i = 3). p j 1 is the normalized eigenvalue whose eigenvector is along the jump direction (Cf. Table 5.5).

The dislocation sink strength k j,d 2 for the j th kind of point defect is given by

k j,d 2 = n ρ n z n j = ρ D z 0 j [1 + q j n f n cos 2 θ n ]. (5.33) 
Foil surface sink strength The foil surface sink strength can be written, knowing the sample thickness 2l [START_REF] Bullough | Sink strengths for thin film surfaces and grain boundaries[END_REF]:

k j,s 2 = z 0 j ρ d l [coth(l z 0 j ρ d ) - 1 l z 0 j ρ d ] -1 .
(5.34)

Estimation of the pinning point lifetimes

The pinning lifetimes as a function of the stress level are estimated and represented in Figure 5.24 for a dislocation density of 10 13 m -2 . For the SIPA mechanisms two configurations are considered: if the sinks are only the edge dislocations (i.e., k j 2 = k j,d 2 or if the free surfaces sink strength is also taken into account (i.e., k j

2 = k j,d 2 + k j,s 2 
). In the case of climb and glide induced by dislocation bias, as mentioned earlier, the pinning lifetime does not depend on stress (in blue in Figure 5.24). In the conditions of the experiments, the pinning lifetime is around 1.35 × 10 3 s, which is more than 30 times larger than found in the experiments.

As expected [START_REF] Woo | Irradiation creep due to elastodiffusion[END_REF], if the only sinks are the edge dislocations, SIPA-AD (in green in Figure 5.24) prevails over SIPA-I (in red in Figure 5.24) (lower lifetime for SIPA-AD than for SIPA-I), and the lifetimes for both mechanisms decrease with stress. In the conditions of the experiments, SIPA-I and SIPA-AD (without surfaces) respectively predict a pinning lifetime of 9.69 × 10 4 s and 5.81 × 10 3 s, which is more than 2400 and 140 times larger than in the experiments.

If the surfaces are taken into account in the two SIPA models, the pinning lifetimes become on the same order of magnitude as for the climb and glide induced by dislocation bias model. Yet, they both weakly vary with stress. For the SIPA-I mechanism, the lifetime decreases slightly with 5.2. ARTICLE: IN-SITU TEM EXPERIMENTS UNDER IRRADIATION stress, whereas for the SIPA-AD mechanism it first remains almost constant then it decreases at very high stresses (over 875 MPa for a dislocation density of 10 13 m -2 ) as shown in Figure 5.24. This weak decrease of the pinning lifetime with stress for both SIPA mechanisms is due to the fact that, as stated earlier, the free surfaces sink strength dominates the dislocation sink strengths. For SIPA-AD in particular, up to very high stresses, the climb velocity is maximum for the two classes of dislocations whose velocity depends very weakly on stress through the term D j C j (i.e., n = 2 and n = 3). Then, at very high stresses, the climb velocity is maximum for the first dislocation class (whose dependence on stress comes from z n j and D j C j ). This explains the change in slope at 875 MPa shown by the black arrows in Figure 5. 24. In the conditions of the experiments, for both SIPA models with surfaces, the pinning lifetime is over 1.3 × 10 3 s, as in the case of climb and glide induced by dislocation bias. Therefore, not only do these mechanisms predict pinning lifetimes at least one order of magnitude higher than in the experiments, but they also do not show the same sensitivity to stress as in the experiments.

The models used here are quite simple mean field models. Using more advanced models, considering for instance the dislocation positions with respect to the surfaces, could lead to different values of climb velocities and pinning lifetimes. However, it is unlikely that such more complex models will increase the climb velocities by a factor of 30. 

Main results in a nutshell

Straining experiments are performed on annealed OFHC Cu before any irradiation, after a Cu + ion pre-irradiation up to a damage level of 1 dpa, and under Cu + ion irradiation. The objective is to investigate and compare the deformation mechanisms for the three experiments, focusing primarily on the deformation mechanisms under irradiation (i.e., irradiation creep mechanisms).

For non-irradiated Cu, the deformation mechanisms are based on the glide of dislocations, either individually or in pile-ups. The dislocations can easily go through the grain since there are very few obstacles against dislocation glide. Dislocation cross-slip is also observed.

For pre-irradiated Cu, the initial dislocation network is pinned on defects (mainly SFT). As the stress increases, dislocation motion occurs. However, unlike for non-irradiated Cu, dislocations have a limited mean free path since they have to go through an array of obstacles. This observation is similar to previous studies [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF]. Dislocations appear to bow between obstacles before unpinning when they reach a critical angle. The critical angle for break-away is estimated at around 61 • , which is slightly lower than the one determined using Cu + ion irradiated LOC structures up to a damage level of 2 dpa (70.4 • ). This difference is most likely due to a difference in methodology (Section 3.3.2).

Moreover, the critical resolved shear stress is estimated at 50 MPa, which is in relatively good agreement with previous studies [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF]. The interaction of dislocations with defects is also investigated. The disappearance of an SFT after the interaction with a dislocation is observed, in accordance with previous studies [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF].

Deformation experiments are performed under irradiation on pure Cu. The experiments consist of subsequent irradiation steps, between which the stress can be increased. After the first irradiation step, the initial dislocation network is pinned on defects. After irradiation, as the stress increases, dislocations start to glide. Their motion is similar to the motion recorded on pre-irradiated Cu in this study and previous studies: the dislocation glide from obstacle to obstacle [START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF][START_REF] Briceño | Effect of ion irradiationproduced defects on the mobility of dislocations in 304 stainless steel[END_REF]. However, an intriguing phenomenon occurs during the subsequent irradiation steps: irradiation induces the unpinning of dislocations from defects. This phenomenon is similar to the one observed by Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] on a zirconium alloy.

This phenomenon occurs for both the initial dislocation network and the newly formed dislocations. However, for the pre-existing dislocations, the motion is limited while newly generated dislocations, and thus less pinned on defects, have larger mean free paths. The motion occurs by series of jumps, from obstacle to obstacle. Moreover, the higher the stress, the higher the jump frequency. There also seems to be an effect of the flux on the jump frequency. For low fluxes (1.2 × 10 10 ions/cm 2 /s), the unpinning frequency appears to be lower than for higher fluxes (> 3 × 10 10 ions/cm 2 /s). A quantitative study has also been performed to estimate the jump mean length and frequency. The jump length (∼ 45 nm) is found in good agreement with the mean distance between obstacles. A mean pinning lifetime of 40 seconds is observed.

The ion beam heating effects have been investigated through both theoretical considerations and experiments. These investigations have led to the conclusion that the radiation unpinning of dislocation mechanism observed does not result from ion beam heating effects. Therefore, this phenomenon does indeed result from irradiation effects.

The traditional irradiation creep mechanisms that could explain the observations are climbcontrolled glide mechanisms. For these mechanisms, the mean pinning lifetime corresponds to the time needed for the dislocation to climb to overcome the obstacle. Based on rate theory considerations, the predicted mean pinning lifetimes using these models are orders of magnitude larger than the experimental mean pinning lifetime. Moreover, climb-based mechanisms only apply to edge dislocations, whereas the irradiation-induced unpinning of screw dislocations is also observed experimentally. Therefore, other mechanisms may be active. A cascade-controlled glide mechanism is proposed. For such a mechanism, the mean pinning lifetime should correspond to the time needed for a cascade to be generated around the pinning point of the dislocation to
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induce its release from the obstacle. This mechanism is investigated in detail in Chapter 6 using molecular dynamics.

Chapter 6

A molecular dynamics study of a cascade induced irradiation creep mechanism at high stresses In Chapter 5, a high-stress irradiation creep phenomenon is observed in pure copper during in-situ straining experiments. For stresses just below the critical stress for dislocation motion, irradiation induces the unpinning of dislocations from irradiation defects. This phenomenon was first observed in a recrystallized zirconium alloy by Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF]. Based on rate theory calculations, it seems that this phenomenon cannot be explained by the usual climb-controlled glide mechanism. A new mechanism is proposed based on an unpinning of dislocations from defects triggered by the displacement cascades generated during irradiation. This chapter aims to investigate this mechanism to see whether or not it can provide an explanation for the in-situ experimental observations. Given the time and length scales considered, displacement cascades are often studied using molecular dynamics [START_REF] Calder | On the origin of large interstitial clusters in displacement cascades[END_REF][START_REF] Diaz De La | Molecular dynamics studies of defect production and clustering in energetic displacement cascades in copper[END_REF]. Therefore, this numerical tool is used in the present study.

In the current work, following the chronology of the in-situ experiments [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF][START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF], the possible unpinning of dislocation by cascades is first investigated in zirconium then in copper. IRRADIATION CREEP MECHANISM AT HIGH STRESSES The methodology is the following. A first MD simulation is performed to make a dislocation interact with an irradiation defect. Then, a stress level slightly below the critical stress for dislocation unpinning is selected. The corresponding atomic configuration is extracted. Finally, a cascade is generated near the dislocation at this selected stress level by transferring a certain energy to an atom of the simulation box called PKA (for Primary Knock-on Atom). The impact of the position and energy of the PKA, as well as of the stress level on the possible unpinning of dislocations from defects, is studied. The irradiation defect nature and size selected for the simulations are comparable to the in-situ TEM straining experiments under irradiation.

This chapter is presented in the form of three parts. First, the article on zirconium published in Journal of Nuclear Materials [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF] is presented. The second part is an article on copper submitted to Journal of Nuclear Materials. Finally, a conclusion summarizes the main findings.

6.1. ARTICLE ON ZIRCONIUM

Article on zirconium

A novel displacement cascade driven irradiation creep mechanism in α-zirconium: a molecular dynamics study Abstract Zirconium alloys used in nuclear reactors undergo irradiation creep, which consists of a viscoplastic deformation activated by irradiation occurring under constant load. However, the fundamental underlying mechanisms have not been unraveled yet. A new high-stress irradiation creep mechanism for recrystallized Zircaloy-4 has recently been proposed based on in-situ ion irradiation deformation experiments. A displacement cascade is assumed to induce a direct unpinning of a dislocation from an irradiation defect if the cascade occurs within an effective volume around the pinning point. In the present work, a systematic molecular dynamics study was performed to investigate the effect of a 20 keV cascade occurring near <a>-screw dislocation pinned on an interstitial <a>-loop. The direct release of dislocations by displacement cascades is predicted by the simulations. This release is more likely around the pinning points and with increasing stress, in agreement with experimental observations. The effective volume is roughly estimated for three stress levels equal to 0.89τ c , 0.93τ c and 0.97τ c , with τ c being the critical stress for unpinning (without irradiation). A mechanism is proposed suggesting that unpinning occurs when the displacement cascade encompasses, at its peak of damage, the two pinning points of the dislocation. A methodology requiring acceptable computation time has been implemented to estimate the effective volume for various cascade energies and loop characteristics, faithfully reproducing the MD results. The mean pinning lifetime calculated using the model provides values of the same order of magnitudes as in the in-situ deformation experiments under ion irradiation at high stress levels.
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Introduction

Zirconium alloys are used in Pressurized Water Reactor (PWR) as claddings and structural materials for the low thermal neutron absorption cross-section, good corrosion resistance, high melting point and adequate mechanical properties [START_REF] Lemaignan | 2.07-zirconium alloys: properties and characteristics[END_REF]. However, these claddings are subjected to fast neutron fluxes, high stresses and high temperatures, which lead to significant microstructure changes and macroscopic deformations [START_REF] David | Implications of zircaloy creep and growth to light water reactor performance[END_REF]. The two main irradiation-induced macroscopic deformation modes are irradiation creep and stress-free growth [START_REF] David | Implications of zircaloy creep and growth to light water reactor performance[END_REF][START_REF] Griffiths | A review of microstructure evolution in zirconium alloys during irradiation[END_REF][START_REF] Holt | In-reactor deformation of cold-worked zr-2.5 nb pressure tubes[END_REF][START_REF] Onimus | Comprehensive nuclear materials[END_REF][START_REF] David G Franklin | Creep of zirconium alloys in nuclear reactors[END_REF][START_REF] Ronald B Adamson | Irradiation creep and growth of zirconium alloys: A critical review[END_REF].

Irradiation creep, which consists of a visco-plastic deformation occurring at temperatures below 0.3T m under constant load and activated by irradiation, has been widely investigated ever since it was observed in the first nuclear reactors [START_REF] Gw Lewthwaite | Irradiation creep in several metals and alloys at 100 c[END_REF][START_REF] Taylor | The effect of irradiation on stress relaxation in nimonic 80a[END_REF][START_REF] Mosedale | Influence of irradiation on creep[END_REF]. The creep parameters and their dependence on neutron flux and fluence, temperature, stress and material variables have been measured using in-reactor uniaxial or biaxial creep, shear (with helical springs) and stressrelaxation using bending tests [START_REF] Holt | In-reactor deformation of cold-worked zr-2.5 nb pressure tubes[END_REF][START_REF] Fidleris | Uniaxial in-reactor creep of zirconium alloys[END_REF][START_REF] Fidleris | The irradiation creep and growth phenomena[END_REF]. Many theoretical mechanisms have been proposed for this phenomenon [START_REF] Matthews | Irradiation creep models-an overview[END_REF][START_REF] Kenneth | Irradiation creep by climb-enabled glide of dislocations resulting from preferred absorption of point defects[END_REF][START_REF] Gittus | Creep, viscoelasticity, and creep fracture in solids[END_REF][START_REF] David G Franklin | Creep of zirconium alloys in nuclear reactors[END_REF][START_REF] Nichols | On the mechanisms of irradiation creep in zirconium-base alloys[END_REF], all involving atomic displacements and creation of vacancies and interstitials under fast neutron irradiation, but differing in the fate of the point defects: (1) preferred absorption of point defects by dislocations depending on the orientation of the applied stress also called Stress-Induced Preferential Absorption (SIPA); (2) preferred nucleation of interstitial loops also called Stress-Induced Preferential loop Nucleation (SIPN);

(3) unfaulting of interstitial loops; (4) climb-enhanced glide; (5) enhanced recovery mechanisms; (6) internal-stress-driven creep due to irradiation growth. However, there is very few experimental evidence and thus limited basis to assess the relevant controlling mechanisms [START_REF] Garner | Irradiation creep mechanisms: an experimental perspective[END_REF].

Very recently, Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] performed in-situ ion irradiation (1 MeV Kr + , flux 6 × 10 14 ions/m 2 /s, final fluence ranged between 1 -3 × 10 18 ions/m 2 ) on recrystallized Zircaloy-4 under controlled displacement mode inside a transmission electron microscope (TEM). The experiments were performed at room temperature and at higher temperatures, in the range between 350 • to 450 • C. Displacement on the tensile specimen was applied until the detection of the first dislocation movements. The applied displacement was then stopped with the load progressively relaxing due to overall dislocation motion. The experiments were thus performed at high stress levels just below the critical stress for dislocation motion. Then, periods of few tens of seconds with and without irradiation were imposed. After the dislocations were first pinned 6.1. ARTICLE ON ZIRCONIUM on irradiation-induced point defects, a stop-and-go dislocation motion was observed: when the ion beam was off, the dislocations were pinned on irradiation-induced defects, and once the ion beam was switched on, if the stress level was high enough, the dislocations started to glide, thus bypassing the irradiation defects. Based on these observations, Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] proposed a new high-stress irradiation creep mechanism for zirconium alloys. The displacement cascades are assumed to induce directly the unpinning of dislocations locked on irradiation-induced point defects clusters. A dislocation unpins when a cascade occurs within an effective volume (V ef f ) around its pinning point. Based on several dislocation motion observations, the lifetime (t w ) of the pinning points was estimated to be around 25 seconds at room temperature and 6 seconds at 380 • C. Kelly and Foreman [START_REF] Kelly | The theory of irradiation creep in reactor graphite-the dislocation pinning-unpinning model[END_REF] proposed a similar pinning-unpinning model under irradiation for graphite.

Previous simulation studies of displacement cascades in α-zirconium, especially with Molecular Dynamics (MD), mainly focused on the creation of irradiation-induced defects [START_REF] Sj Wooding | A molecular dynamics study of high-energy displacement cascades in α-zirconium[END_REF][START_REF] Dai | The habit plane of< a>-type dislocation loops in α-zirconium: an atomistic study[END_REF]. The effects of temperature [START_REF] Voskoboinikov | Statistics of primary damage creation in high-energy displacement cascades in copper and zirconium[END_REF][START_REF] Gao | Temperature-dependence of defect creation and clustering by displacement cascades in α-zirconium[END_REF], strain [START_REF] Di | Molecular dynamics simulations of irradiation cascades in alpha-zirconium under macroscopic strain[END_REF], and the presence of an edge dislocation [START_REF] Zhou | Dislocationenhanced experimental-scale vacancy loop formation in hcp zirconium in one single collision cascade[END_REF] on the creation of irradiation defects by displacement cascades have been investigated. Furthermore, numerous MD studies have been carried out to study dislocation interaction with irradiationinduced point defects in α-zirconium [START_REF] Voskoboynikov | Self-interstitial atom clusters as obstacles to glide of 1/3< 112¯0>{11¯00} edge dislocations in α-zirconium[END_REF][START_REF] Serra | Atomic-level computer simulation of the interaction between dislocations and interstitial loops in α-zirconium[END_REF][START_REF] Ghavam | Simulations of reactions between irradiation induced< a>-loops and mixed dislocation lines in zirconium[END_REF]. Serra et al. [START_REF] Serra | Atomic-level computer simulation of the interaction between dislocations and interstitial loops in α-zirconium[END_REF] used MD to simulate the interaction between 1/3< 1120 > {1100} dislocations and 1/3< 1120 > interstitial loops. The authors showed that the obstacle resistance is stronger for screw dislocations in comparison with edge dislocations, the strongest configuration corresponding to a loop and a screw dislocation interacting to form a helical turn. For instance, when the Burgers vectors of the screw dislocation and the loop are parallel, the formation of a helical turn occurs if the loop intercepts the glide plane of the dislocation. Regardless of the configuration that induces the formation of the helical turn, the critical stress, which is the stress level necessary for the release of the dislocation, remains the same.

To our knowledge, no MD study about the impact of displacement cascades on dislocation interactions with irradiation defects has been performed up to now. In this work, we investigate, with MD, the cascade-induced unpinning of a 1/3< 1120 > {1100} screw dislocation forming a helical turn with an 1/3< 1120 > interstitial loop. The objective is to unravel the necessary conditions to trigger the dislocation unpinning by displacement cascades. In order to reach this objective, the effects of the primary-knock-on atom (PKA) position and of the stress level on the unpinning are systematically studied and the effective volume around the pinning point is estimated (Section 6.1.3). A new irradiation creep model is then proposed based on these MD calculations (Section 6.1.4) and the results are compared to Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] experimental observations in terms of mean pinning lifetime (Section 6.1.5).

MD simulation method

Interaction dislocation / loop

All the simulations were performed using the LAMMPS code [START_REF] Plimpton | Fast parallel algorithms for short-range molecular dynamics[END_REF]. The embedded atom method (EAM) potential #3 for HCP-Zr developed by Mendelev and Ackland [START_REF] Mikhail | Development of an interatomic potential for the simulation of phase transformations in zirconium[END_REF] was used to describe the interatomic interactions. Previous studies have shown that this potential provides a realistic description of stacking fault energies and dislocation properties [START_REF] Serra | Atomic-level computer simulation of the interaction between dislocations and interstitial loops in α-zirconium[END_REF][START_REF] Ha Khater | Dislocation core structure and dynamics in two atomic models of α-zirconium[END_REF][START_REF] De | On the structure and mobility of point defect clusters in alpha-zirconium: a comparison for two interatomic potential models[END_REF], and of primary collision cascades [START_REF] Zhou | Dislocationenhanced experimental-scale vacancy loop formation in hcp zirconium in one single collision cascade[END_REF][START_REF] Di | Dislocation-accelerated void formation under irradiation in zirconium[END_REF].

The dimensions of the Zr-crystal simulation box are equal to 112a × 64c × 48a √ 3. The MD box contains thus approximately 1 376 400 atoms. As shown in Figure 6 A perfect crystal is first generated with the selected orientation. A screw dislocation with a Burgers vector b = a/3 < 1120 > is introduced into the MD box using the periodic array IRRADIATION CREEP MECHANISM AT HIGH STRESSES of dislocations model (PAD) [START_REF] Dj Bacon | Dislocation-obstacle interactions at the atomic level[END_REF][START_REF] Murray S Daw | The embedded-atom method: a review of theory and applications[END_REF]. After relaxation of the system, atoms are added in interstitial positions following a rectangular pattern to generate an interstitial loop containing 144 SIAs. A rectangular shaped loop instead of a more realistic circular loop is chosen in order to reproduce the same configuration as in Ref. [START_REF] Serra | Atomic-level computer simulation of the interaction between dislocations and interstitial loops in α-zirconium[END_REF]. The dimensions are approximately equal to 3.1 nm × 3.4 nm, with the center of the loop lying on the dislocation glide plane. As mentioned before, if the screw dislocation and the loop have the same Burgers vector, the strongest obstacle (helical turn) is formed when the loop intercepts the glide plane of the dislocation. As in Ref. [START_REF] Serra | Atomic-level computer simulation of the interaction between dislocations and interstitial loops in α-zirconium[END_REF], the crystal, containing both a screw dislocation and an interstitial dislocation loop, is first thermally equilibrated at 300 K for 50 ps with a time-step of 5 fs. The crystal is divided into three layers along the Z-direction. In the top and bottom layers (each one corresponding to 2.5a √ 3), the atoms are held in fixed positions with respect to each other. No constraint is imposed to the atoms of the middle layer. In order to induce the glide of the dislocation, a shear strain ϵ xy corresponding to a strain rate of 10 7 s -1 is applied to the atoms of the top layer while the atoms of the bottom layer are held fixed. The corresponding shear stress is calculated using Eq. 6.1, where F x is the force applied by the free atoms of the middle layer on the atoms of the upper layer:

τ = F x L x L y . ( 6.1) 
The critical (or unpinning) stress τ c is taken to be the shear stress necessary for the release of the dislocation without cascade.

The post-processing is performed using the processing and visualization software OVITO [START_REF] Stukowski | Visualization and analysis of atomistic simulation data with ovitothe open visualization tool[END_REF]. The common neighbor analysis method (CNA [START_REF] Honeycutt | Molecular dynamics study of melting and freezing of small lennard-jones clusters[END_REF]) is used to display the atoms not in ideal HCP lattice structure and the dislocation extraction algorithm (DXA [START_REF] Stukowski | Extracting dislocations and non-dislocation crystal defects from atomistic simulation data[END_REF]) is used to identify the dislocation defects. These methods are both implemented in OVITO [START_REF] Stukowski | Visualization and analysis of atomistic simulation data with ovitothe open visualization tool[END_REF].

As described by Serra and Bacon [START_REF] Serra | Atomic-level computer simulation of the interaction between dislocations and interstitial loops in α-zirconium[END_REF], during the interaction of the screw dislocation with the interstitial loop, a left-handed helical turn is formed when the dislocation absorbs the loop. As the stress increases, the helical turn first expands to reduce its energy and then shortens until it closes for a critical stress at 300 K τ c = 230 MPa. The dislocation is thus released and resumes its glide. Yet as shown in 6.3, in our MD simulations, we observed a phenomenon that was not explicitly described in Ref. [START_REF] Serra | Atomic-level computer simulation of the interaction between dislocations and interstitial loops in α-zirconium[END_REF]. Before the helical turn shortening, one of the basal segments cross slips to the prismatic plane and then lengthens under increasing stress. Its endpoints, 6.1. ARTICLE ON ZIRCONIUM referred to in the following as the pinning points of the dislocation (represented by two orange points in the Figure 6.3) come closer and finally meet to form the new released screw dislocation. Figure 6.3 -Snapshots showing the time evolution of the core atoms (using the CNA method) of the screw dislocation and interstitial loop during their interaction; the green arrows point toward the cross-slipped segments, and the large orange points represent the endpoints of this segment; the dislocation segments are displayed according to their type: the green and the orange segments are respectively in the prismatic and basal planes.

Cascade effect on pinned dislocation

The atomic positions corresponding to different large strain levels (and thus high stress levels) prior to the unpinning are first extracted to carry out MD calculations of cascades on these new configurations. The stress levels investigated in this study are 0.86τ c , 0.89τ c , 0.93τ c and 0.97τ c . The atoms of the top and bottom layers along the Z-direction are fixed: the total strain is held constant (each strain level corresponding to one of the chosen stress levels), as shown in Figure 6.2.b. The crystal is first thermally equilibrated at 300 K for 50 ps with a time step of 5 fs. Then, the cascade is generated by transferring an energy of 20 keV to a chosen atom (PKA). The corresponding velocity is always applied along the Z-direction [1100]. This direction is chosen both because it is not a dense direction of the HCP crystal and for practical reasons since there is only a translation over the Z axis (with a magnitude depending on the cascade energy) between the PKA position and the cascade center. The different PKA positions selected for each stress level will be detailed in Sections 6.1.3.1 and 6.1.3.2. A variable time step is set so that the limit in distance travelled by the atoms is less than 1% of the lattice constant. The simulations are run for 150 000 time steps, which represents approximately 100 ps.

MD simulation results

Impact of the PKA position

In order to investigate the impact of the PKA position, a grid (represented in Figure 6.4) of 60 Å× 50 Å× 40 Å with a mesh size of 10 Å × 5 Å× 5 Å is defined around the helical turn for a stress level of 0.86τ c . As a result, 693 PKA positions can be investigated. This grid lies under the dislocation glide plane since every PKA is given a velocity along +Z-axis ([1100]), and therefore generates a displacement cascade above it.

In the following, the PKAs that induced and did not induce the unpinning of the dislocation are respectively referred to as "efficient" and "inefficient" PKAs. IRRADIATION CREEP MECHANISM AT HIGH STRESSES Figure 6.4 -Grid of PKAs investigated for a stress level of 0.86τ c : the dislocation pinned on the loop is represented in blue, the two large orange dots represent the pinning points of the dislocation, and the small grey dots represent the investigated PKAs. Figure 6.5 shows the evolution of a dislocation pinned on a loop in a case where the unpinning was triggered by the displacement cascade. Although it is not clear what happens at the cascade peak of damage, it appears that, the PKA is "efficient" when the cascade is generated around the helical turn, encompassing the pinning points of the dislocation. The dislocation is then released due to the reorganization of atoms during the cascade relaxation. Furthermore, in most cases, the residual loop is partially destructed by the cascade. After the relaxation of the cascade, it is distorted and its size is reduced by around 50 % of its initial area. The interstitials, in excess, are distributed over several small clusters around the residual loop. As represented in Figure 6.6, in the cases where the PKA is "inefficient", the pinning points of the dislocation are not entirely encompassed by the cascade at its damage peak, suggesting that the unpinning occurs when the cascade covers both pinning points of the dislocation. Over the Z-axis (Figure 6.7.c), the unpinning is more likely for a PKA located 3 to 5 nm below the dislocation glide plane. These results suggest again that the unpinning occurs when the cascade covers up both pinning points of the dislocation, as depicted in Figure 6.5. Nevertheless, the unpinning activation keeps an intrinsic probabilistic nature, supposedly due to the random choice, in MD calculations, of initial atomic positions and velocities around the equilibrium, which induces heterogeneities in the shape of the cascade. This highlights, once again, that the unpinning activation heavily depends on the shape and position of the cascade with respect to the pinning points.

Impact of the applied stress level

Calculations are performed for three strain levels (prior to the unpinning) corresponding to stresses of approximately 0.89τ c , 0.93τ c and 0.97τ c . Two mesh levels are defined: a coarse mesh of 120 Å× 160 Å× 120 Å with a mesh size of 40 Å(80 PKA positions) and a refined mesh of 30 Å× 30 Å× 30 Å with a mesh size of 10 Å(64 PKA positions). The results are represented in Figure 6.8. They show that the number and spatial extent of the "efficient" PKAs increase with the magnitude of the stress.

One of the key parameters defined by Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] is the effective volume around the pinning points, which is the fictitious volume in which the unpinning is always activated if the PKA is located inside. Considering that the meshed volume V mesh in the case of the coarse mesh is large enough to contain all the possible "efficient" PKAs, one can roughly estimate this 6.1. ARTICLE ON ZIRCONIUM Figure 6.5 -Snapshots showing time evolution of core atoms (using the CNA method) in a case where the unpinning of the dislocation is triggered (the video can be found in the Supplementary data). effective volume from the total unpinning probability P in the meshed volume: V ef f = P ×V mesh . The effective volume is independent of the volume V mesh . The results at the three stress levels investigated using the coarse mesh (0.89τ c , 0.93τ c and 0.97τ c ) are presented in Table 6.1. The effective volume increases with the stress, which is consistent with the fact that as the stress increases, the two pinning points come closer and are more likely to be encompassed within the cascade.

The MD calculations have indicated that, for cascades resulting from a 20 keV energy PKA, the unpinning of the dislocation can occur and is more likely when the cascade covers both pinning points of the dislocation. Moreover, the effective volume increases with the stress, most probably resulting from the fact that the two pinning points come closer together with increasing stress.

Closed-form model

Unpinning mechanism

The model developed to calculate the effective volume, without having to perform a statistical study of the possible unpinning of a dislocation by a cascade using molecular dynamics, is based on the assumption that for the unpinning to occur, the cascade must encompass both pinning c) and (f) represent the dislocation and the results for the refined and the coarse mesh for stress levels of respectively 0.89τ c , 0.93τ c and 0.97τ c ), the helical turn is represented in blue, the large green dots represent the "efficient" PKAs and the small red dots represent the "inefficient" PKAs. Table 6.1 -Effective volumes estimated with the coarse mesh for cascades resulting from a 20 keV energy PKA.

Stress (MPa)

Effective volume V ef f nm 3 0.89τ c 136.9 nm 3 0.93τ c 205.3 nm 3 0.97τ c 775.6 nm 3 points of the dislocation. If a cascade is considered spherical, as shown in Figure 6.9, and given the symmetry of the problem, the effective volume corresponds then to the intersection of two spheres having a radius equal to the cascade radius R c and having the centers separated by a distance ∆ loop (τ ), which is the distance between the two pinning points. This distance depends on the characteristics of the loop microstructure (dimensions and box size), and, as mentioned earlier, it decreases with the stress. Even though the cascades are not strictly spherical, we consider that, on average, due to the random orientation of the cascade, they can be approximated by a sphere with radius R c . Under this hypothesis, for a given loop and a PKA energy E P KA , the effective volume V loop ef f can be calculated as follows: If R c < ∆ loop (τ )/2, then:

V loop ef f = 0. (6.2)
If R c ≥ ∆ loop (τ )/2, then:

V loop ef f = π 12 (4R c (E P KA ) + ∆ loop (τ ))(2R c (E P KA ) -∆ loop (τ )) 2 . (6.
3) IRRADIATION CREEP MECHANISM AT HIGH STRESSES Figure 6.9 -Display of the "efficient" cascades in the proposed mechanism: the red and green points represent the two pinning points of the dislocation. The red and green spheres represent the centers of the cascades that intersect each pinning point, the "efficient" cascades lie in the intersection of both spheres, small black dots and black dotted lines represent possible cascades centers and extension.

Therefore, the determination of the effective volume is reduced to purely geometrical considerations that require the calculations of only two parameters: the cascade radius, 4R c (E P KA ) and the distance between the two pinning points ∆ loop (τ ).

Determination of the distance ∆ loop (τ )

As mentioned before, during the interaction between the dislocation and the loop, one of the basal segments needs to cross-slip to the prismatic plane to form the new screw dislocation segment (and create pinning points). Since a high stress mechanism is addressed, we only consider here stress levels above 0.6τ c . The pinning points come closer with increasing stress (Figure 6.8). In order to determine the pinning points spacing ∆ loop (τ ), the dislocation is extracted using the DXA module at each time-step of a MD simulation dealing with the interaction of a dislocation with a loop without cascade. The distance ∆ loop (τ ) between the two pinning points is monitored. Figure 6.10 represents the decrease of ∆ loop with increasing stress. Figure 6.10 -Variation of the distance ∆ loop between the two pinning points during the contraction of the helical turn, the dislocation shape is displayed for different stress levels using the MD DXA module, the dislocation segments are displayed according to their type: the green and the orange segments are respectively in prismatic and basal planes. Estimate of the cascade radius Given ∆ loop (τ ) and using Eq. 6.3, the effective volume can be estimated for several test cascade radii for the three stress levels investigated in the previous MD simulations (0.89τ c , 0.93τ c , and 0.97τ c ). The Figure 6.11 represents the effective volume for test cascade radii in between 6 and 8.5 nm. The MD and the test effective volumes appear to follow a similar trend, which shows that Eq. 6.3 is in good agreement with the MD results. The test cascade radius that is consistent with the MD calculations lies in between 7 and 7.6 nm. This range will be compared in the following to the actual cascade radius.

Determination of the cascade radius using MD simulations

To determine the cascade radius, 10 MD calculations per PKA energy of single cascades without dislocations were performed for PKA energies of 5, 10, 15 and 20 keV. The irregular atoms were displayed using the adaptive Common Neighbor Analysis module of OVITO [START_REF] Stukowski | Visualization and analysis of atomistic simulation data with ovitothe open visualization tool[END_REF]. The convexhull of these irregular atoms was then calculated. In Figure 6.12.a, a 10 keV cascade is displayed and its convex-hull is represented by black lines. The cascade radius R c is calculated from the cascade volume V c as R c = (3V c /4π) 1/3 .

The results for the different PKA energies are represented in Figure 6.13. Nonetheless, as shown in Figure 6.12.a, the convex-hull interior volume overestimates the cascade size and can be considered as an upper limit. To better fit the cascade shape, the "Construct surface mesh" [START_REF] Stukowski | Computational analysis methods in atomistic modeling of crystals[END_REF] module of OVITO [START_REF] Stukowski | Visualization and analysis of atomistic simulation data with ovitothe open visualization tool[END_REF] was then used. After determining the convex-hull of the irregular atoms, this module removes parts of the convex-hull using a probe radius. The cascade radii corresponding to a probe radius r p equal to the nearest neighbor atom separation (r p = 3.2 Å) are represented in Figure 6.13.a. Nevertheless, as shown in Figure 6.12.a, some parts of the cascade are not included in the volume defined by the "Construct surface mesh" [START_REF] Stukowski | Computational analysis methods in atomistic modeling of crystals[END_REF] module (in green), which suggests that the probe radius is too small. The cascade radius thus defined is a IRRADIATION CREEP MECHANISM AT HIGH STRESSES Figure 6.11 -Comparison of the effective volume obtained with the coarse mesh in MD with the test effective volume using different cascade radii for three stress levels. lower limit. The cascade size therefore lies in between the two extreme values obtained using the convex-hull of the cascade and the "Construct surface mesh" [START_REF] Stukowski | Computational analysis methods in atomistic modeling of crystals[END_REF] module. Thus, for a cascade resulting from a 20 keV PKA, the cascade radius lies in a range between 5.6 nm and 8.0 nm, which includes the previously estimated test cascade radii consistent with the MD calculations.

Moreover, in order to check the influence of the PKA velocity direction, 15 calculations were performed with PKA velocity along four non-dense crystallographic directions ([1100], [1121],

[0220] or [1101]) with PKA energy of 20 keV. These simulations show that the size of the cascade does not depend on the initial PKA velocity direction, hence, within our model, neither does it affect the dislocation unpinning from the loop.

Determination of the cascade radius using the code Iradina [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF] Since it is time consuming to perform MD calculations for each PKA energy, the open source binary collision approximation (BCA) code Iradina [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF] is used to estimate the cascades radii. The code Iradina allows the extraction of the interstitials and vacancies resulting from a cascade of a given PKA energy. Iradina is a code very similar to the frequently used SRIM code [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF][START_REF] Crocombette | Quick calculation of damage for ion irradiation: implementation in iradina and comparisons to srim[END_REF]. Calculations are performed on Iradina for 10000 PKAs at 5, 10, 15 and 20 keV. The convex-hull of the vacancies and interstitials is then computed, and, as earlier, the cascade radius R c was deduced from the volume of the convex-hull V c . As shown in Figure 6.13, the cascade mean radii for 5, 10, 15 and 20 keV are in the same ranges and lie between the two boundaries previously defined.

Moreover, for a 20 keV cascade, the cascade radius is equal to 7.0 nm, which is close to the test cascade radii consistent with the MD calculations (found between 7 and 7.5 nm). Thus, the Iradina cascade radii can be used as a valid first approximation of the actual cascades radii. Calculations are then performed on Iradina to estimate the cascade radii between 2 keV and 200 keV for 14 energy values. The values were linearly interpolated between the different energies. The results are presented in Figure 6.13. Nonetheless, if the spherical approximation is roughly adequate for low energies PKA, there is a strong deviation from this approximation for high energy PKAs due to the formation of subcascades. This phenomenon will be discussed more in depth in Section 6.1.5. Figure 6.12 -(a) Cascade display at its peak of damage using the CNA module: the irregular atoms are displayed in blue, the green shape represents the cascade overlay using the MD "Construct Surface Mesh" module, the black lines represent the convex-hull of the cascade -(b) Vacancies (in red) and interstitials (in blue) obtained after the cascade relaxation using the Iradina software [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF] and their convex-hull in black. Figure 6.13 -Determination of the cascade radii as a function of the PKA energy: in green and grey using respectively the "Construct surface Mesh" module and the convex-hull method on the MD calculations, in black the convex-hull of the vacancies and interstitials obtained with the BCA code Iradina [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF] after the relaxation of the cascade. IRRADIATION CREEP MECHANISM AT HIGH STRESSES

Summary of the methodology

The MD simulations have shown that the unpinning is more likely to occur when the cascade is generated in such a way as to encompass the pinning points of the dislocation and as the stress is getting larger. A closed-form model is developed in order to provide an estimate of the effective volume for a wide range of energies and loop characteristics. The model is based on the assumption that for the unpinning to occur, the cascade, considered to develop within a spherical volume, must encompass both pinning points of the dislocation.

Considering these simplifications, two parameters are needed to estimate the effective volume: the pinning point spacing ∆ loop (τ ), which depends on the stress level and on the loop characteristics, and the cascade radius R c (E P KA ), which depends on the PKA energy.

For a given loop, a single MD calculation of the interaction of dislocation with the loop is needed to extract the pinning points spacing depending on the stress. The cascade radius for a given PKA energy can be estimated from quick BCA calculations using the code Iradina [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF].

6.1.5 Comparison to ion and neutron irradiations 6.1.5.1 Comparison to the in-situ experiments Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] measured experimentally the mean pinning lifetime at room temperature for a "high" stress level (close to the critical stress). For each stress level, this lifetime can be expressed in terms of the number of "efficient" cascades around a given pinning point per unit of time n τ ef f , for a given loop size and density, as

t w (τ ) = 1 n τ ef f . (6.4) 
To estimate the number of "efficient" cascades, we have implemented a methodology similar to the one Kaoumi et al. developed to determine the average number of thermal spikes generated per ion [START_REF] Kaoumi | A thermal spike model of grain growth under irradiation[END_REF]. A calculation is performed using the Monte Carlo code SRIM [START_REF] James | The stopping and range of ions in matter[END_REF] in full cascade mode for N ions = 10 000 ions in the experimental conditions of Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF]: 1 MeV Kr + for a specimen thickness of e = 150 nm. The PKA energy distribution predicted using SRIM is represented in Figure 6.14. The loop characteristics in terms of size and density used in our MD calculations are assumed to be representative of the loops observed experimentally at room temperature. Every cascade (j) and the energy of the corresponding PKA (E j P KA ) are recorded. However, high energy PKAs break up into subcascades, and we consider that cascades with energies E P KA above a threshold energy E th break up into E P KA /E th spherical subcascades with an energy of E th . De Backer et al. [START_REF] De Backer | Subcascade formation and defect cluster size scaling in high-energy collision events in metals[END_REF], combining BCA and MD calculations, suggest a threshold energy for zirconium of 40 keV. A lower value of 10 keV is suggested by Zhou et al. [START_REF] Zhou | Molecular dynamics simulations of high-energy displacement cascades in hcp-zr[END_REF]. This value represents the transition between unfragmented cascades and cascades that are fragmented into both connected and unconnected cascades. However, in our model, we consider that the shape of a cascade fragmented into connected subcascades can be on average, as a first approximation, represented by one spherical cascade. This moves the threshold energy into higher values of around 40 keV based on Ref. [START_REF] Zhou | Molecular dynamics simulations of high-energy displacement cascades in hcp-zr[END_REF]. Therefore, we have selected a threshold energy E th of 40 keV.

For each cascade (j) generated in the SRIM calculation, we define a volume density per unit time ρ j of similar cascades generated experimentally. Knowing the experimental ion flux Φ and the specimen width e, ρ j can be estimated according to

ρ j = Φ N ions × e . ( 6.5) 
Knowing the energy E j P KA of each cascade (j), the effective volume around the pinning point related to each cascade can be calculated at every stress level using expression 6.4. The number 6.1. ARTICLE ON ZIRCONIUM of "efficient" cascades for a given pinning point per unit time can then be expressed as follows

n ef f (τ ) = j ρ j V ef f (τ, E j P KA ) = Φ N ions × e j V ef f (τ, E j P KA ). (6.6)
Since the experiments of Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] were performed at very high stress levels, the mean pinning point lifetime is calculated for stress levels above 0.8τ c using 6.2, 6.3 and 6.4. Figure 6.15 represents the variation of the mean pinning lifetime with increasing stress for a threshold energy E th of 40 keV. To show the influence of the choice of the threshold energy, the range of pinning point lifetimes for threshold energies in between 30 keV and 50 keV are also represented. This figure illustrates that for high stress levels, the mean pinning point lifetime is of the same order of magnitude as in the experiments. It also shows that there is a great influence of the threshold energy chosen on the mean pinning lifetime, especially as the stress lowers. Figure 6.14 -Distribution of PKA energies predicted with the code SRIM in full calculation mode for 10 000 ions, and obtained with SPECTRA-PKA using a typical neutron flux spectrum. The data (*) are taken from [START_REF] Gilbert | is available as a utility within fispactii, and now also available to download from[END_REF].

The strain rate ε can be deduced from the mean pinning point lifetime, knowing the mean pinning point spacing L and the dislocation density ρ d , using the following equation:

ε = ρ d b L t w . (6.7) 
According to Eq. 6.4 and Eq. 6.6, ε is directly proportional to the flux. Figure 6.16 represents the variation of ε/Φ as a function of the stress under the same conditions as in the experiments of Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] (L = 1 × 10 -7 m and ρ d = 10 11 m -2 ), and taking a Burgers vector b of 3.23 × 10 10 m. However, it is important to note that the strain rate is estimated here assuming that the dependence of the mean pinning lifetime on the relative stress τ /τ c obtained using our molecular dynamics simulation box can be extrapolated to a larger system.

For stresses above 0.8τ c , the strain rate follows the law:

ε = αΦ( τ τ c
) β , (6.8) IRRADIATION CREEP MECHANISM AT HIGH STRESSES Figure 6.15 -Mean pinning lifetime evolution with stress obtained experimentally at high stress (solid line in black) [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF], and with our model for a threshold energy E th of 40 keV (dashed line in green), the hatched colored region represents the range of pinning point lifetimes for threshold energies in between 30 and 50 keV.

where α is around 3.77 × 10 -4 dpa -1 and β is of 8.33. In this equation, the flux Φ is expressed in dpa/s. The high value of the stress exponent β is consistent with a high stress irradiation creep behaviour.

Figure 6.16 -Variation of the strain rate as a function of the stress for Kr ion irradiation and neutron irradiation.

6.1. ARTICLE ON ZIRCONIUM

Application to neutron irradiation

The methodology is now applied to neutrons in order to assess the relevance of the proposed mechanism in the case of neutron irradiation in-reactor. Adrych-Brunning et al. [START_REF] Adrych-Brunning | Modelling the interaction of primary irradiation damage and precipitates: Implications for experimental irradiation of zirconium alloys[END_REF] calculated the PKA energy spectra for zirconium and zirconium alloys in PWRs using the software SPECTRA-PKA [START_REF] Mark R Gilbert | Energy spectra of primary knock-on atoms under neutron irradiation[END_REF][START_REF] Sublet | Fispactii: an advanced simulation system for activation, transmutation and material modelling[END_REF][START_REF] Sublet | Technical report ukaea-r (11) 11[END_REF]. The outputs of the calculations for pure Zr using a typical PWR neutron flux spectrum [336] [339] are freely available to download [START_REF] Gilbert | is available as a utility within fispactii, and now also available to download from[END_REF]. The PKA distribution thus obtained is represented in Figure 6.14. Adrych-Brunning et al. [START_REF] Adrych-Brunning | Modelling the interaction of primary irradiation damage and precipitates: Implications for experimental irradiation of zirconium alloys[END_REF] reported an average PKA energy of 6.9 keV, which is higher than the average PKA energy calculated using SRIM for the Kr irradiation, which is around 4 keV. This suggests that the PKAs generated during a neutron irradiation are more likely to be effective than the PKAs generated during an ion irradiation. Table 6.2 represents, for four stress levels, the minimum PKA energy for which the unpinning is possible, and the proportion of PKAs that are effective in the case of ion irradiation and neutron irradiation. This evaluation is based on the raw data of SRIM and SPECTRA-PKA and takes into account the fragmentation of high-energy cascades into subcascades with a threshold energy of 40 keV using the method described above. This table shows that there are more effective PKAs in the case of a typical PWR neutron irradiation than a 1 MeV Kr irradiation, which is explained by the higher proportion of very low energy PKAs in the case of ions in comparison with neutrons, as it can be seen in Figure 6.14. Table 6.2 -Minimum energy for an effective PKA and proportion of effective PKAs for ion and neutron irradiation for four stress levels. The data (*) are extracted from [START_REF] Gilbert | is available as a utility within fispactii, and now also available to download from[END_REF]. The mean pinning lifetime can, again, be estimated knowing the number of recoils per volume per second ρ i corresponding to the PKA energy E i P KA :

Stress

t w (τ ) = 1 n ef f (τ ) = 1 i ρ i V ef f (τ, E i P KA ) . ( 6.9) 
The strain rate can then be estimated using Eq. 6.7. The evolution of ε/Φ with τ /τ c , represented in Figure 6.16, shows that the strain rate in the case of in-reactor neutron exposure condition also follows the law presented in Eq. 6.8, with a coefficient α around 6.96 × 10 -4 dpa -1 and a coefficient β of 8.93. The coefficient β is very similar to the one obtained with ions and is consistent with high stress irradiation creep usual behavior. For stress levels ranging from 0.8τ c to 0.8τ c , the ratio of the strain rate (in s -1 ) divided by the damage rate (in dpa s -1 ), ε/Φ, ranges between 9.12 × 10 -5 dpa -1 and 2.63 × 10 -4 dpa -1 . The irradiation creep compliance for zirconium alloys is in the order of 10 -6 up to 10 -5 MPa -1 dpa -1 [START_REF] Onimus | Irradiation creep in materials[END_REF][START_REF] Onimus | Comprehensive nuclear materials[END_REF][START_REF] Turner | A self-consistent model for polycrystals undergoing simultaneous irradiation and thermal creep[END_REF]. Thus, for a stress around 100 MPa, ε/Φ is around 10 -4 up to 10 -3 dpa -1 . Therefore, the values obtained for ε/Φ⁄ using our model are not negligible compared with the strain rates measured in reactor, and the mechanism proposed may be relevant to explain irradiation creep deformation at high stress levels. 

Conclusions

A mechanism of irradiation creep at high stress levels was proposed by Gaumé et al. for zirconium alloys [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF]: a dislocation pinned on an irradiation defect can be released by a displacement cascade occurring in an effective volume around the pinning points of the dislocation. Here, we performed numerous MD simulations in α-zirconium to investigate statistically the effect of 20 keV displacement cascades on a screw dislocation pinned on an interstitial loop at different stress levels.

The main findings of this work are: -A direct unpinning by displacement cascades of a dislocation pinned on an interstitial loop is observed at high stress levels in the MD simulations (for stress levels equal to 0.86τ c , 0.89τ c , 0.93τ c and 0.97τ c ); -The dislocation unpinning seems to occur when the displacement cascade encompasses the two pinning points of the dislocation; -The effective volume expands with increasing stress, which is in good agreement with the experimental observations of Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF]; -A simple closed-form model is proposed: the unpinning occurs when the cascade, assumed spherical, intercepts both pinning points of the dislocation. The determination of the effective volume is thus reduced to simple geometrical considerations depending on two parameters only: the cascade radius, which can be deduced from BCA calculations performed on Iradina [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF], and the distance between the pinning points, which can be determined from a single MD simulation; -The effective volumes calculated at different stress levels using this simple model are in good agreement with the one estimated from the MD simulations of cascades on pinned dislocation; -The mean pinning point lifetime in the experimental conditions of Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] is estimated using this model and is found in the same order of magnitude for high stress levels as in the experiments, indicating that the unpinning mechanism proposed can explain the stop-and-go dislocation motion observed experimentally; -When applied to a usual PWR neutron irradiation of pure zirconium, the proportion of effective PKAs is predicted to be higher for a neutron irradiation than for a Kr ion irradiation. -Both for Kr ion and PWR neutron irradiation, the strain rate follows a creep law ε = αΦ(τ /τ c ) β , with a high stress exponent β of 8.33 for a Kr ion irradiation, and 8.93 for a usual PWR neutron irradiation of zirconium, which is compatible with a high stress irradiation creep behavior. The strain rates predicted for PWR neutrons can be significant and can provide a valid explanation for high stress irradiation creep.

Appendix

The intersection of two spheres of equal radius R centered on (0, 0, 0) and (d, 0, 0) is a circle lying in the (Y Z) plane at x = d/2 with a radius a defined as follows:

a = 1 2 4R 2 -d 2 .
(6.10)

The volume V of the three-dimensional lens common to the two spheres can be calculated by adding the volume of the two spherical caps of height R -d/2 (dashed volume represented in Figure 6.17).

Moreover, the volume V 0 of a spherical cap of height h for a sphere of radius R is defined by: Authors: Nargisse Khiara (1) , Fabien Onimus (1) , Jean-Paul Crocombette (2) , Laurent Dupuy (1) , Thomas Pardoen (3) , Jean-Pierre Raskin (4) , Yves Bréchet (5) IRRADIATION CREEP MECHANISM AT HIGH STRESSES Graphical Abstract: 
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Introduction

Irradiation creep deformation is a visco-plastic deformation phenomenon occurring in components inside nuclear reactors at temperatures below 0.3T m under applied load and irradiation. Irradiation creep has been mainly investigated through in-reactor experiments, allowing for the measurement of creep parameters and their dependence on neutron flux and fluence, temperature, stress and material characteristics [START_REF] Onimus | Irradiation creep in materials[END_REF][START_REF] Es Aitkhozhin | Radiation-induced creep of copper, aluminium and their alloys[END_REF][START_REF] Garnier | Irradiation creep of sa 304l and cw 316 stainless steels: Mechanical behaviour and microstructural aspects. part i: Experimental results[END_REF][START_REF] Singh | Final report on in-reactor tensile tests on ofhc-copper and cucrzr alloys[END_REF]. However, such experiments are not amenable to in-situ characterization of the elementary physical mechanisms at the origin of the macroscopic behavior. Therefore, although the macroscopic phenomenology for irradiation creep is relatively well rationalized, the underlying microscopic mechanisms are still unclear [START_REF] Matthews | Irradiation creep models-an overview[END_REF][START_REF] Garner | Irradiation creep mechanisms: an experimental perspective[END_REF]. Many theoretical mechanisms have been proposed in the literature, all involving atomic displacements and generation of point defects under irradiation, but differing in the detailed processes of their redistribution under applied stress [START_REF] Onimus | Irradiation creep in materials[END_REF][START_REF] Singh | Final report on in-reactor tensile tests on ofhc-copper and cucrzr alloys[END_REF][START_REF] Wg Wolfer | Correlation of radiation creep theory with experimental evidence[END_REF][START_REF] Lk Mansur | Irradiation creep by dislocation glide enabled by preferred absorption of point defects-theory and experiment[END_REF].

Very recently, a high stress irradiation creep phenomenon, first unraveled for a zirconium alloy was extended to pure copper which is considered as a model material for face-centered cubic (FCC) structures. Through in-situ transmission electron microscopy straining experiments under heavy ion irradiation, the authors [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF][START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF] observed an irradiation induced unpinning of dislocations from irradiation defects followed by dislocation glide. They proposed that the 6.2. ARTICLE ON COPPER dislocation unpinning from irradiation defects is triggered by displacement cascades generated by irradiation. The mean pinning lifetime, i.e., the time necessary for a dislocation to unpin from an irradiation defect, was estimated around 25 and 40 seconds at room temperature for the zirconium alloy and pure copper, respectively.

Molecular dynamics (MD) is instrumental to investigate elementary mechanisms at the atomic level. MD simulations in copper related to the present context focused on dislocation interaction with defects [80-82, 84, 344] and cascade damage [START_REF] Calder | On the origin of large interstitial clusters in displacement cascades[END_REF][START_REF] Diaz De La | Molecular dynamics studies of defect production and clustering in energetic displacement cascades in copper[END_REF]. The effect of displacement cascades on straight dislocations was studied for aluminum [START_REF] Voskoboinikov | Interaction of collision cascades with an isolated edge dislocation in aluminium[END_REF][START_REF] Voskoboinikov | Md simulations of collision cascades in the vicinity of a screw dislocation in aluminium[END_REF], tungsten [START_REF] Bq Fu | Effect of collision cascades on dislocations in tungsten: A molecular dynamics study[END_REF], Fe-20Cr-25Ni alloy [START_REF] Lu | Interactions between displacement cascade and dislocation and their influences on peierls stress in fe-20cr-25ni alloys[END_REF], and Fe [START_REF] Heredia-Avalos | Collision cascade effects near an edge dislocation dipole in alpha-fe: Induced dislocation mobility and enhanced defect clustering[END_REF]. Some studies [START_REF] Voskoboinikov | Interaction of collision cascades with an isolated edge dislocation in aluminium[END_REF][START_REF] Bq Fu | Effect of collision cascades on dislocations in tungsten: A molecular dynamics study[END_REF][START_REF] Lu | Interactions between displacement cascade and dislocation and their influences on peierls stress in fe-20cr-25ni alloys[END_REF] evidenced that, when a cascade is generated on an edge dislocation, the dislocation can capture the generated point defects, leading to dislocation climb. For a screw dislocation, the dislocation can either capture point defects and form a helical turn, or, if subjected to loading, cross-slip [START_REF] Voskoboinikov | Md simulations of collision cascades in the vicinity of a screw dislocation in aluminium[END_REF][START_REF] Lu | Interactions between displacement cascade and dislocation and their influences on peierls stress in fe-20cr-25ni alloys[END_REF]. An intriguing cascade effect on dislocations was first observed by Fu et al. [START_REF] Bq Fu | Effect of collision cascades on dislocations in tungsten: A molecular dynamics study[END_REF] in tungsten: when a cascade is generated near an edge dislocation, kinks are formed near the center of the cascade, and the dislocation glides toward the cascade. A similar phenomenon was observed by Heredia-Avalos et al. [START_REF] Heredia-Avalos | Collision cascade effects near an edge dislocation dipole in alpha-fe: Induced dislocation mobility and enhanced defect clustering[END_REF] in iron. The authors observed that a cascade generated near an edge dislocation dipole leads to the glide of the dislocations toward the cascade center. The authors reproduced the same phenomenon by generating a thermal spike near the dislocation dipole. Heredia-Avalos et al. [START_REF] Heredia-Avalos | Collision cascade effects near an edge dislocation dipole in alpha-fe: Induced dislocation mobility and enhanced defect clustering[END_REF] stated that the observed dislocation motion is triggered by the shock wave generated by the cascade (or the thermal spike). Starostenkov et al. [START_REF] Md Starostenkov | Dynamics of edge dislocations in a low-stability fcc-system irradiated by high-energy particles[END_REF] investigated post cascade shock wave effect on a single edge dislocation or on an ensemble of edge dislocations in nickel, and the authors observed the glide of the dislocations toward the wave source. Korchuganov et al. [START_REF] Aleksandr V Korchuganov | Mobility of edge dislocations in stressed iron crystals during irradiation[END_REF][START_REF] Av Korchuganov | Md simulation of primary radiation damage in metals with internal structure[END_REF] found that a shock wave generated near an edge dislocation under applied stress in iron induces dislocation glide toward the wave source. The authors concluded that this phenomenon can contribute to irradiation creep.

In a previous study, we [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF] investigated the effect of a cascade on a screw dislocation pinned on a loop at high applied stress in zirconium using MD simulations to reproduce similar configurations as in the TEM in-situ straining experiments of Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] on a zirconium alloy. A possible unpinning of dislocations by cascades was predicted at high stress levels slightly inferior to the critical stress for unpinning (without a cascade). In these simulations, the generated cascades had to encompass the pinning points of dislocations to induce unpinning, and we developed a simple closed-form model to account for this phenomenon. Based on this closed-form model, we [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF] estimated the mean pinning lifetime in the conditions of the experiments of Gaumé et al. [START_REF] Gaumé | In-situ observation of an irradiation creep deformation mechanism in zirconium alloys[END_REF] and obtained pinning lifetimes at high stress levels in the same orders of magnitude as the experimental pinning lifetime. The objective of this work is to extend the numerical study using MD simulations made for zirconium to pure copper and to compare the MD results to our recently published experimental results on pure copper [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF].

MD simulation method

Interaction dislocation / loop

All the molecular dynamics simulations are performed on pure copper (FCC structure) using the Large-scale Atomic and Molecular Massively Parallel Simulator (LAMMPS) [START_REF] Plimpton | Fast parallel algorithms for short-range molecular dynamics[END_REF]. The embedded atom method (EAM) used is a potential derived and updated by Ackland et al. [START_REF] Gj Ackland | Simple n-body potentials for the noble metals and nickel[END_REF] to take into account close-range repulsion for radiation studies (Cu1_v2). Interactions between screw dislocations and irradiation defects were observed during our previous in-situ straining experiments [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF]. The objective is to reproduce a similar configuration as in the experiments. The X, Y , and Z axis of the simulation box correspond respectively to the directions [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF], [START_REF] Friedel | [END_REF] and [START_REF] Uf Kocks | Dislocation[END_REF]. The box dimensions are approximately 400 Å× 234 Å× 220 Å, along the X, Y and Z directions respectively, which corresponds to about 1.6 million atoms. The simulation IRRADIATION CREEP MECHANISM AT HIGH STRESSES box dimension along the X axis is close to the mean obstacle spacing in our in-situ straining experiments under irradiation [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF] (estimated between 45 and 70 nm). Periodic boundaries are applied in the X and Y directions.

The methodology is similar to the one used for zirconium in our previous MD study [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF]. First, a molecular dynamics simulation box containing a screw dislocation and a Frank loop is generated using NUMODIS [START_REF] Drouet | A direct comparison between in-situ transmission electron microscopy observations and dislocation dynamics simulations of interaction between dislocation and irradiation induced loop in a zirconium alloy[END_REF][START_REF] Shi | Interaction of< 1 0 0> dislocation loops with dislocations studied by dislocation dynamics in α-iron[END_REF][START_REF]Project numodis : Numerical modelling of dislocations[END_REF]. NUMODIS is a Dislocation Dynamics (DD) simulation code, but has recently incorporated a tool to generate simultaneously MD and DD identical simulation boxes to perform similar MD and DD simulations.

The screw dislocation has a Burgers vector b = 1 √ 2 [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] and a glide plane [START_REF] Uf Kocks | Dislocation[END_REF]. The Frank loop has a (111) habit plane and contains 61 SIAS (self-interstitial atoms), which corresponds to an approximate loop diameter of 2.3 nm. The loop dimension properly compare to with the 2 nm loops observed in our experiments [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF]. The Frank loop center lies in the dislocation glide plane. As for the previous MD study on zirconium, this specific configuration is chosen since the interaction of the chosen dislocation and Frank loop leads to the formation of a helical turn (Figure 6.19.c), which is the configuration for which the obstacle is the strongest [START_REF] Nogaret | Atomic-scale plasticity in the presence of frank loops[END_REF].

The simulation box is first thermally equilibrated at 300 K for 50 ps with a time-step of 5 fs. The crystal is then divided into three layers along the Z direction. The atoms of the top and bottom layers are held in fixed positions with respect to one another, while no constraint is imposed on the atoms of the middle layer. As presented in Figure 6.19.a.1, a shear strain rate of 10 -6 ps -1 is applied on the atoms of the top layer (in green), while the atoms of the bottom layer are held in fixed positions (in grey). The corresponding shear stress is derived from the force applied by the free atoms of the middle layer on the upper layer atoms. The shear stress evolution with strain is presented in Figure 6.19.b. In order to smooth out stress fluctuations (blue curve), an averaging over 1000 time-steps is performed (red curve), corresponding to a duration of 250 ps and a strain increment of 0.025%. The critical stress τ c for dislocation unpinning is the shear stress necessary for the release of the dislocation (without cascade) and is equal to 200 MPa.

The processing and visualization tool OVITO [START_REF] Stukowski | Visualization and analysis of atomistic simulation data with ovitothe open visualization tool[END_REF] is used to analyze and post-process the MD results. The common neighbor analysis tool (CNA) [START_REF] Honeycutt | Molecular dynamics study of melting and freezing of small lennard-jones clusters[END_REF] is used to display atoms that are not in perfect FCC positions, whereas the dislocation extraction algorithm (DXA) [START_REF] Stukowski | Extracting dislocations and non-dislocation crystal defects from atomistic simulation data[END_REF] is used to display dislocations. The Voronoi analysis method is used to calculate the atomic volume. This allows calculating the atomic stresses in units of pressure from LAMMPS atomic stress outputs.

Cascade effect on pinned dislocation

In order to investigate the effect of a cascade on a screw dislocation pinned on a Frank loop for stresses slightly inferior to the critical stress for unpinning, the same methodology as the one proposed for zirconium is used [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF]. Four "high" stress levels below the critical stress are selected: 0.85τ c , 0.9τ c , 0.95τ c and 0.975τ c (white points in Figure 6.19.b). The atomic configurations corresponding to the selected shear stresses are extracted (Figure 6.19.a.2). After a thermal equilibration at 300 K for 50 ps with a time-step of 5 fs, the atoms of the top and bottom layers are held fixed (in grey in Figure 6.19.a.2), so that the total strain is kept constant. To generate a displacement cascade, an energy (between 10 and 30 keV) along the +Z direction is transferred to an atom, called Primary Knock-on-Atom (PKA). Since the PKA velocity direction is along the +Z direction, the center of the cascade generated lies over the PKA initial position along the +Z axis. A variable time step is defined in order to limit the distance traveled by atoms to less than 1% of the lattice constant. The simulations are run for 150 000 time-steps, corresponding to approximately 100 ps, which is long enough to ensure that ballistic and thermally enhanced recovery stages of the cascade are over.

In this study, the impact of the shear stress level, PKA position and energy are investigated. Since various configurations are studied, the PKA positions and energies selected for each Figure 6.19 -Boundary conditions (using the CNA method): (a.1) for the interaction of the dislocation with the loops -(a.2) for the cascade calculations -(b) Stress-strain curve for the interaction dislocation loop (without cascade) before (blue) and after (red) curve smoothing, the white points represent the shear stresses investigated: 0.85τ c , 0.9τ c , 0.95τ c and 0.975τ c -(c) Helical turn displayed using the DXA algorithm. configuration will be detailed in the following sections.

Simulation results

Impact of the PKA position

The unpinning of screw dislocations from Frank loops is predicted in the two different configurations presented in Figure 6.20. The first configuration, called type 1 unpinning, is similar to the one we observed for zirconium [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF]. In this case, the cascade encompasses the helical turn. After the end of the cascade, the dislocation is free and the loop is destroyed. Residual clusters are formed behind the dislocation. Unlike in zirconium for which the loop is only partially destroyed, the Frank loop in copper is completely destroyed [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF].

The second configuration that induces dislocation unpinning from the loop, called type 2 unpinning, occurs for cascades generated in front of the dislocation along the glide direction. As shown in Figure 6.20, when the cascade peak occurs, the cascade starts to attract one or both segments of the dislocation. The dislocation segments enter in contact with the displaced IRRADIATION CREEP MECHANISM AT HIGH STRESSES atoms within the cascade. The dislocation then unpins from the initial Frank loop, leaving the Frank loop unfaulted, as in the case of a standard dislocation unpinning from a Frank loop with increasing stress without cascade [START_REF] Nogaret | Atomic-scale plasticity in the presence of frank loops[END_REF]. The dislocation is often repinned on residual clusters left after cascade relaxation and forms a helical turn (Figure 6.20), as observed by Voskoboinikov et al. [START_REF] Voskoboinikov | Md simulations of collision cascades in the vicinity of a screw dislocation in aluminium[END_REF] for displacement cascades generated near straight screw dislocations in aluminum. Type 2 unpinning is thus divided into two subcategories: unpinning-repinning mechanism (when dislocations unpin from loops but repin on cascade residues), and permanent unpinning (when dislocations remain straight and free to glide under stress). Permanent unpinning generally occurs when the cascade is generated slightly below the dislocation glide plane (Figure 6.20).

To ensure that the two unpinning types do not result from box size effects, calculations were repeated for a larger simulation box size along the Y axis (405 Å rather than 234 Å), and both unpinning types, with similar trends, were captured for the larger box in comparison with the smaller box. More details on this analysis can be found in Supplementary Data. Likewise, we checked using various PKA directions that both unpinning can occur when PKA initial velocity is along axes other than the +Z axis. Figure 6.20 -Snapshots showing time evolution of core atoms (using the CNA method) in a case where type 1 and type 2 unpinning processes of the dislocation are triggered for 20 keV cascades (the corresponding videos can be found in the Supplementary data).
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Impact of the stress

The impact of the stress level on the unpinning probability is investigated at different PKA positions. As stated earlier, four stress levels are studied: 0.85τ c , 0.9τ c , 0.95τ c and 0.975τ c . A PKA position grid around the dislocation is addressed. For 0.85τ c and 0.9τ c , the grid is of 160 Å× 160 Å× 160 Å, with a spacing between PKA positions of 20 Å. For 0.95τ c and 0.975τ c , a grid of 160 Å× 220 Å× 160 Å is selected with a spacing between PKAs of 20 Å. The PKA energy is set at 20 keV and the PKA direction is always along the +Z axis.

The grids and simulation results are presented in Figure 6.21: the small blue points represent the PKA positions that did not induce unpinning, the green and red points represent PKA that triggered type 1 and type 2 unpinning, respectively. Increasing unpinning frequency with increasing stress is observed. Type 1 unpinning prevails at lower stresses (0.85τ c and 0.9τ c ) and type 2 unpinning prevail at higher stresses (0.95τ c and 0.975τ c ). This dependency on the sensitivity to stress is more important for type 2 unpinning. Moreover, the repinning probability is around 94%(±4%) at 0.95τ c and around 80%(±4%) at 0.975τ c . Therefore, it appears that type 2 permanent unpinning probability increases with stress. Figure 6.21 -MD simulation results for four stress levels for a PKA energy E P KA = 20 keV showing the dislocation in grey, the "inefficient" PKAs in blue and the "efficient" type 1 PKAs in green and type 2 in red.

To better visualize the PKA position effect on unpinning, the unpinning probability at both 0.95τ c and at 0.975τ c projected along the X, Y and Z directions are represented in Figure 6.22 and Figure 6.22, respectively. For type 1 unpinning, over the X and Y directions, the maximum unpinning probability is centered on the helical turn. For type 2 unpinning, over the Y direction, the unpinning probability is at its maximum around 50 -60 Å in front the mean dislocation position along the Y axis. Over the X direction, the maximum probability is around the helical turn, but with a wider spread in comparison with type 1 unpinning. The wider spread for type 2 unpinning along the X axis can be explained by the fact that the cascade can trigger dislocation unpinning by only attracting one of the segments of the dislocation. Over the Z axis, CHAPTER 6. A MOLECULAR DYNAMICS STUDY OF A CASCADE INDUCED IRRADIATION CREEP MECHANISM AT HIGH STRESSES the maximum unpinning probability is observed approximately at the same position for both unpinning types. The maximum is observed under the dislocation along the Z axis, since the PKAs at these positions generate cascades approximately on the dislocation glide plane.

To summarize, type 1 unpinning occurs when the cascade is on the helical turn, whereas type 2 unpinning takes place when the cascade is generated in front of the dislocation in the glide plane. 

Impact of the PKA energy

The impact of the PKA energy is investigated at a selected stress level of 0.95τ c . Four PKA energies are investigated: 10 keV, 15 keV, 20 keV, and 30 keV. The PKA position grid investigated is of 160 Å× 160 Å× 160 Å with a spacing between PKA positions of 40 Å. The PKA velocity direction is always along the +Z axis. The PKA position grid and simulation results are presented in Figure 6.24. Increasing unpinning probability is observed with increasing PKA energy. The sensitivity to the PKA energy seems higher for type 2 unpinning. The repinning probability IRRADIATION CREEP MECHANISM AT HIGH STRESSES is equal to 100% at 10 keV, 83% at 15 keV, 86% at 20 keV and 80% at 30 keV. Therefore, it seems that the PKA energy does not affect repinning probability. There are, however, large uncertainties on these values since there is only 1 effective type 2 unpinning at 10 keV, 6 at 15 keV, 7 at 20 keV, and 10 at 30 keV. Figure 6.24 -MD simulation results for four PKA energies at a shear stress level τ = 0.95τ c showing the dislocation in grey, the "inefficient" PKAs in blue, and the "efficient" type 1 PKA in green and type 2 in red.

Discussion

Type 2 unpinning

Type 2 unpinning occurs for cascades generated in front of the dislocation along the glide direction through a process similar to an increase in stress, with an unfaulted loop left after the unpinning process. When the cascade peak occurs, one or both segments of the dislocation glide toward the cascade center and enter in contact with the displaced atoms within the cascade. The dislocation then unpins from the Frank loop.

Type 2 unpinning resembles behavior seen in previous work on cascade, thermal spike, and shock wave effects on straight dislocations. The dislocation motion triggered by a cascade (or a shock wave) toward the cascade center (or the wave source) was reported by several authors for different metals through MD simulations [START_REF] Bq Fu | Effect of collision cascades on dislocations in tungsten: A molecular dynamics study[END_REF][START_REF] Heredia-Avalos | Collision cascade effects near an edge dislocation dipole in alpha-fe: Induced dislocation mobility and enhanced defect clustering[END_REF][START_REF] Md Starostenkov | Dynamics of edge dislocations in a low-stability fcc-system irradiated by high-energy particles[END_REF][START_REF] Aleksandr V Korchuganov | Mobility of edge dislocations in stressed iron crystals during irradiation[END_REF][START_REF] Av Korchuganov | Md simulation of primary radiation damage in metals with internal structure[END_REF]. Cascade induced glide of dislocations was also theoretically investigated by Trinkaus [START_REF] Trinkaus | Local stress relaxation in thermal spikes as a possible cause for creep and macroscopic stress relaxation of amorphous solids under irradiation[END_REF] and Zhukov and Boldin [START_REF] Vp Zhukov | Interaction of cascade-generated nonlinear elastic waves with dislocation structure elements in metals[END_REF].

Heredia-Avalos [START_REF] Heredia-Avalos | Collision cascade effects near an edge dislocation dipole in alpha-fe: Induced dislocation mobility and enhanced defect clustering[END_REF] attributed the initial dislocation motion toward the displacement cascade to the shock wave generated by the cascade. The same observation is made in our MD simulations. Figure 6.25 shows frames representing the initial dislocation motion during type 2 unpinning, along with the atomic pressure and shear stress fields. A correlation is observed 6.2. ARTICLE ON COPPER between the dislocation motion and the time of arrival of the shear stress shock wave (and the pressure shock wave) at the dislocation. As reported by Béland et al. [START_REF] Karim Béland | Atomistic material behavior at extreme pressures[END_REF], the shock wave appears during the sonic step of the cascade, and propagates during the sonic and thermal annealing steps. As shown in Figure 6.25, the dislocation starts its first motion when the shock wave arrives near the dislocation. There is also a correlation between the first dislocation motion and the sign of the shear stress wave. At a time of about 1.21 ps and 1.78 ps in Figure 6.25, the right segment moves significantly toward the cascade center whereas the left segment moves slightly backward. This can be simply linked to the signs of the shear stresses and to the resultant Peach-Köhler force.

Far from the dislocation, the same shear stress distribution as in a perfect crystal is observed: negative shear stress in the upper right and positive shear stress in the upper left (Figure 6.25). Near the dislocation, the negative shear stress wave is either attenuated or absent (Figure 6.25) in comparison with a perfect crystal (see supplementary data for more examples). This is due to the screening effect of the shear stresses generated by the dislocation. Therefore, in the area of negative shear stress, the dislocation can either partially and slightly move backward (Figure 6.25) or is unaffected. On the contrary, in the positive shear stress area, the dislocation is highly affected by the stress shock wave and partially glides toward the center of the cascade.

The maximum unpinning probability is found for initial PKA positions at about 50 -60 Å from the mean dislocation position along the Y axis. This can easily be explained in terms of cascade radius (6.22 and Figure 6.22). Indeed, the shear stresses are generated around the cascade core, which, at its peak, has a radius of 40 -50 Å for 20 keV cascades.

Type 2 unpinning probability increases with increasing PKA energy and increasing stress. This is analogous to the observations of Korchuganov et al. [START_REF] Aleksandr V Korchuganov | Mobility of edge dislocations in stressed iron crystals during irradiation[END_REF] for straight edge dislocations under applied shear stress and exposed to a shock wave in iron. The authors observed that the larger the shear stress and the amplitude of the shock wave, the larger the displacement of the dislocation.

One of the main objectives of this work is to estimate, based on the MD calculations, the mean pinning lifetime in the experimental conditions of Ref. [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF]. After dislocation unpinning from the Frank loop, there are two possible outcomes: the dislocation is either repinned (unpinningrepinning process) or completely free (permanent unpinning process). Type 2 unpinning appears and become predominant at very high stress level. However, there is a very high repinning probability on cascade residues. For 20 keV cascades, up to a stress level of 0.95τ c , permanent type 2 unpinning represents less than 7% of type 1 unpinning and is therefore negligible.

For 0.975τ c , type 2 permanent unpinning induces an increase in the unpinning probability of nearly 50%. Therefore, except for very high stress levels, type 2 permanent unpinning is negligible in comparison with type 1 unpinning. Moreover, in Ref. [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF], the dislocation mean free path after unpinning is estimated at around 45 nm, which is not compatible with type 2 unpinning-repinning mechanism. Indeed, the mean dislocation glide distance before repinning is around 0.7 and 0.6 nm with a maximum traveled distance of 7 and 8 nm at respectively 0.95τ c and 0.975τ c , which is way below the experimental dislocation free path.

Another possible effect of type 2 unpinning on irradiation creep can arise from the potential lower obstacle strength of cascade residues in comparison with the initial Frank loop. In order to investigate this effect, 25 post-cascade MD straining calculations are performed on configurations for which type 2 unpinning-repinning process was triggered by a 20 keV cascade. The post unpinning-repinning critical stress is found at around 93% of the initial critical stress. More details on this analysis can be found in supplementary data. This shows that type 2 unpinningrepinning might be equivalent to a very slight reduction in obstacle strength. However, there is a wide spread of critical stress over and under the initial critical stress. Therefore, more investigations on this subject, especially on the effect of loop size and PKA energy, are needed to draw any definitive conclusion. IRRADIATION CREEP MECHANISM AT HIGH STRESSES Figure 6.25 -Atoms colored by pressure and shear stress on the left and in the middle, and display of irregular atoms using the CNA tool on the right at different times after PKA creation.

Type 1 unpinning

The type 1 unpinning process is driven by the destruction of the loop. Following the conclusions of the previous analysis on type 2 unpinning, type 1 unpinning has a predominant effect on irradiation creep, at least up to 0.95τ c .

Based on the MD calculations, the unpinning probability and standard deviation are defined as follows:

6.2. ARTICLE ON COPPER P = N type 1 N tot , (6.13 
)

SE P = P (1 -P ) N tot , (6.14) 
where N type 1 is the number of effective type 1 PKAs and N tot is the number of investigated points.

From the unpinning probability, an effective volume and the corresponding standard deviation can be defined through:

V ef f = P V tot , (6.15 
)

SE V ef f = SEV tot , (6.16) 
with V tot the total volume investigated. As stated earlier, type 1 unpinning is triggered when the cascade encompasses the helical turn. In order to take this observation into account, we proposed a simple model to calculate the effective volume for zirconium: if a cascade with a radius R c , that depends on the PKA energy, encompasses the pinning points of the dislocation, type 1 dislocation unpinning occurs. The distance between pinning points ∆ loop depends on stress. The higher the stress, the lower this distance.

Therefore, the effective volume can be simply calculated as [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF]: if R c < ∆ loop (τ )/2, then:

V loop ef f = 0, while (6.17)

if R c ≥ ∆ loop (τ )/2, then:

V loop ef f = π 12 (4R c (E P KA ) + ∆ loop (τ ))(2R c (E P KA ) -∆ loop (τ )) 2 . (6.18)
As in Ref. [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF], to calculate cascade radius for a given PKA energy, 10000 cascade calculations are performed using Iradina [START_REF] Borschel | Ion beam irradiation of nanostructures-a 3d monte carlo simulation code[END_REF][START_REF] Crocombette | Quick calculation of damage for ion irradiation: implementation in iradina and comparisons to srim[END_REF] for the investigated PKA energy (here 20 keV). Moreover, the pinning point spacing positions is taken to be the distance between the upper and the bottom parts of the loop (as shown by the insert in Figure 6.26.a). Figure 6.26.a represents the evolution of the effective volume with stress for 20 keV cascades based on the MD calculations (in green) and on the simple model developed in Ref. [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF] (in red). The error bars for the model come from the dispersion in cascade radii. The model seems to be in good agreement with MD calculations, although a slight underestimation is observed.

Based on the hypothesis that the effective volume around dislocation pinning points for a given stress and PKA energy can be derived from Eq. 6.17 and 6.18, we [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF] developed a closed-form model to estimate the mean pinning lifetime evolution with stress. This model accounts for cascade fragmentation into subcascades. For copper, the threshold energy for cascade fragmentation into subcascades is found to be around 60 keV [START_REF] De Backer | A model of defect cluster creation in fragmented cascades in metals based on morphological analysis[END_REF].

Following the model developed before, the evolution of the pinning lifetime with stress in the experimental conditions of the in-situ straining experiments under irradiation in Ref. [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF] is represented in Figure 6.26.b. At high stress levels, the pinning lifetimes are in the same ranges as the experimental value we obtained [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF]. Therefore, the proposed cascade induced unpinning mechanism can provide an explanation to the radiation triggered unpinning of dislocations at high stress levels (over 0.8τ c ) observed experimentally. 

Conclusion

MD simulations are performed on pure copper, considered as a model material for FCC metals, in order to investigate the possible unpinning by a displacement cascade of a screw dislocation pinned on a Frank loop and provide new insights on high stress irradiation creep mechanisms.

The main findings of this work are the following.

-The possible unpinning of screw dislocations pinned on a Frank loop occurs at high stress levels; -Two unpinning processes are observed: type 1 and type 2 unpinning; -Type 1 unpinning is similar to the one we have previously unraveled for zirconium [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF]: 6.2. ARTICLE ON COPPER the cascade occurs on the helical turn and induces the destruction of the loop, leaving a free dislocation.

-Type 2 unpinning is triggered by the shear stresses generated around the cascade core.

The dislocation unpins from the loop as in the case of an increase in shear stress: the loop is left unfaulted. In a large majority of cases, the dislocation is very often pinned on cascade residues (unpinning-repinning process). In very few cases, the dislocation is free (permanent unpinning process); -Type 2 unpinning occurs and becomes dominant at very high stress levels; -Both unpinning types are more likely to occur with increasing stress and increasing PKA energy; -Since type 2 unpinning is observed at very high stress levels and leads in the majority of cases to dislocation repinning, its impact on irradiation creep is most likely far smaller than type 1 unpinning. -The model we developed previously for zirconium [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF] is applied to reproduce type 1 unpinning: if the cascade encompasses the helical turn, the dislocation unpins. This model slightly underestimates the unpinning probability but gives values in the same orders as the ones obtained from the MD calculations. Using this simple model, the mean pinning lifetime of dislocations is derived and values similar to the experimental pinning lifetime estimated in Ref. [START_REF] Khiara | In-situ tem irradiation creep experiment revealing radiation induced dislocation glide in pure copper[END_REF] are obtained. Therefore, this cascade induced unpinning of dislocation process may provide an explanation for the high stress irradiation creep phenomenon observed during in-situ experiments.
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6.2. ARTICLE ON COPPER

Shear stresses around a cascade

As shown in Figure 6.28, in comparison with shear stresses around a cascade in a perfect crystal, due to the superposition of the stresses generated by the cascades and by the dislocation, the negative shear stress near the dislocation is attenuated or even absent. The cascade simulations presented here are performed using 20 keV cascades at a shear stress level of 0.95τ c for the full configuration and without applied stress for the perfect crystal. 

Main results in a nutshell

Molecular dynamics calculations are performed on both Cu and Zr to investigate the effect of a displacement cascade on a screw dislocation pinned on a small irradiation defect (2 -3 nm) at "high" shear stresses (larger than 0.85τ c , with τ c the critical stress for dislocation motion).

For both Cu and Zr, the MD simulations predict a cascade-induced unpinning of dislocations at high shear stresses in a probabilistic manner.

The unpinning can be triggered by two distinct mechanisms. Type 1 unpinning can occur for cascade generated around the obstacle that pins the dislocation. In this case, the obstacle is at least partially destroyed (for Zr) or completely destroyed (for Cu).

The second case of unpinning, called type 2 unpinning, can occur for displacement cascades generated on the glide plane of the dislocation and in front of the dislocation along the glide direction. In this case, the dislocation starts to glide toward the cascade and unpins from the obstacle. The dislocation glide is triggered by the shear stresses generated around the cascade core. This phenomenon becomes dominant relatively to type 1 unpinning at very high stresses (> 0.95τ c ). However, since the cascade is generated in front of the dislocation, the newly released dislocation very often repins immediately on cascade residues. This phenomenon is called type 2 "unpinning-repinning". In the rare cases for which the dislocation is not repinned, the mechanism is called type 2 "permanent unpinning". Therefore, type 2 unpinning most likely contributes very little to high-stress irradiation creep due to the frequent repinning event. In the articles presented, type 2 unpinning is only identified for Cu. However, investigations performed after the first article on Zr showed that it can also be triggered for Zr (Appendix D.3).

The influence of several simulation parameters is also investigated. For example, the higher the stress, the higher the unpinning probability for both type 1 and type 2 unpinning. Similarly, the unpinning probability increases with increasing PKA energy for energies between 10 and 30 keV. Moreover, the study presented in Appendix D.2 shows that type 1 and type 2 unpinning can be triggered for different directions of the PKA velocity. However, more investigation is needed to quantify the effect of the PKA velocity direction on the unpinning probability. Finally, both unpinning occurs with similar unpinning probabilities for larger simulation boxes, which indicates that they do not result from artifacts due to the simulation box size.

The two mechanisms that contribute to irradiation creep are type 1 unpinning and type 2 "permanent unpinning". One of the main findings of this work is that type 1 unpinning is predominant over type 2 "permanent unpinning", at least up to stress levels of 0.975τ c . A simple model has been developed to account for type 1 unpinning. It relies on the assumption that, in order to trigger the dislocation release from the obstacle, the cascade must encompass the two pinning points of the dislocation. These pinning points are defined as the points that link the initial dislocation to the obstacle. Based on this hypothesis, the effective volume in which the unpinning is triggered can be calculated at a given stress level and PKA energy. Given the distribution of PKA energies during the in-situ straining experiment under irradiation, the mean pinning lifetime can be predicted and compared to the experimental pinning lifetime. Pinning lifetimes of similar orders of magnitude as in the in-situ experiments are found for stresses larger than 0.8τ c for both Cu and Zr. This shows that type 1 unpinning can provide an explanation for the high-stress irradiation creep mechanisms determined during the in-situ straining experiments under irradiation.

Finally, post-cascade hardening is also investigated in the case of Cu. The critical shear stress is estimated after type 2 unpinning-repinning based on 25 MD straining simulations. It is found around 186 MPa, which is slightly lower than the initial critical stress value of 200 MPa obtained for dislocation/defect interaction without cascade. However, a wide range of critical stress magnitudes is found, going from 22 MPa to 304 MPa. Therefore, more investigation is needed to quantify this reduction better.

Moreover, the post-cascade shear stress is estimated for 109 cases that did not trigger dislo-CHAPTER 6. A MOLECULAR DYNAMICS STUDY OF A CASCADE INDUCED IRRADIATION CREEP MECHANISM AT HIGH STRESSES cation unpinning in Appendix D.1. On average, the critical stress is found similar to the initial critical stress without cascade (200 MPa). Two extreme cases are found. First, low critical stresses (as small as 134 MPa) are determined in the case of "unfinished" type 1 unpinning. In this case, as for type 1 unpinning, the cascade is generated on the helical turn. However, unlike type 1 unpinning, the obstacle is not completely destroyed, and the dislocation stays pinned. Since the helical turn is partly destroyed, the obstacle strength is lower than the initial obstacle strength, explaining the lower critical stresses. Second, large critical stress magnitudes (up to 285 MPa) are found for cascades generated on the straight segments of the dislocation. In this case, the dislocation becomes even more pinned, leading to large critical shear stresses.

Chapter 7

Conclusions and perspectives 

Conclusions

In this PhD thesis, irradiation creep, a deformation phenomenon occurring in-reactor, is investigated. It is due to the combination of irradiation and applied stresses at low and moderate temperatures. It leads, for instance, to stress relaxation of screws, bolts, and springs present inside nuclear reactors, thus lowering their performance and reducing their operating time. Therefore, it is of the utmost importance to have an in-depth understanding of irradiation creep to ensure safe operation and design optimized materials.

Irradiation creep has been mainly investigated based on in-reactor experiments. However, these experiments are costly, long, induce the activation of the matter, and they do not give direct access to the underlying mechanisms occurring at the microstructure level. Therefore, this PhD thesis proposes alternative experiments based on the coupling of heavy ion irradiation and micromechanical testing. These experiments are less expensive and faster than in-reactor experiments. They are also easier to set up since they do not induce the activation of the matter. Moreover, they also may allow for direct in-situ access to the active mechanisms at the microstructure level. These experiments are performed on copper, which is widely studied and is considered a model material for FCC structures.

Moreover, neutron irradiation induces the formation of transmutation products, such as helium. Therefore, in order to study the effect of helium on irradiation creep using heavy ions, the irradiation creep behavior of He implanted Cu samples is also investigated.

On-chip study of pure Cu and He implanted Cu

The first experimental tools used in this study to investigate irradiation creep are on-chip tensile tests. The on-chip test structures developed at UCLouvain, consist of tensile tests performed on multiple specimens and allow for stresses and strains extractions in each tensile specimen. When exposed to irradiation, the irradiation-induced stress relaxation in the tensile specimens can be measured. Therefore, the mechanical behavior of pure Cu and He implanted Cu can be monitored without irradiation or under irradiation.

Three different materials are studied using on-chip tensile structures: pure Cu, 1 at. % He implanted Cu, and 2 dpa Cu + ion irradiated Cu. 1 at. % He implantation in copper induces a damage of 2 dpa. The 2 dpa heavy ion irradiated Cu is thus selected in order to dissociate the irradiation effects from He effects.

The initial microstructure of the different samples is characterized. He implantation induces the formation of nanometric bubbles while Cu + irradiation leads to the generation of irradiation defects, mainly SFT.

Prior to the irradiation creep experiment, the mechanical behavior of the three samples is characterized. 1 at.% He implanted tensile structures exhibit a larger yield strength (515 MPa) than 2 dpa irradiated Cu (351 MPa) and pure Cu (250 MPa). This shows evidence of He bubble-induced hardening and irradiation-induced hardening. Based on a dispersed barrier hardening model, the He bubbles and SFT strengths are estimated at around 0.06 -0.08 and 0.11, respectively.

Moreover, the relaxation behavior at room temperature without irradiation of the three samples is analyzed. The activation volumes and strain sensitivity exponents are found in good agreement with deformation mechanisms controlled by a combination of intragranular dislocation activities and grain boundary sliding.

The three samples are then exposed to Cu + irradiation in order to investigate their relaxation under irradiation. Pure Cu and 2 dpa irradiated Cu seem to exhibit similar irradiation creep behavior, while much lower creep rates for the same applied stress are observed for the 1 at.% He implanted Cu. This difference most likely results from the hardening effect of He bubbles.

For the three samples, the irradiation creep law seems to follow a power-law with a stress exponent of 4. This value is in good agreement with other moderate to high stress irradiation creep experiments on copper. Moreover, interestingly, this stress exponent is equal to the stress exponent of 4 generally observed for thermal creep for temperatures higher than 200 • C in copper. The irradiation creep behavior is often subdivided into two regimes: a low-stress regime for which the exponent is equal to one, and a moderate to high stress regime for which the exponent is higher than one and appears to be similar to that found for moderate to high temperature thermal creep. This indicates that the same mechanisms are activated for moderate to high stress irradiation creep and moderate to high temperature thermal creep.

Based on the value of the stress exponent and the microstructural investigations performed on tensile specimens that had undergone irradiation creep, the active mechanisms appear to be glide-based. For glide-based mechanisms, it can be demonstrated that the mechanical behavior can be described by a power-law creep with respect to σ/σ y , where σ y is the material yield strength. The irradiation creep experiments performed on the three samples, i.e., pure Cu, irradiated Cu, and 1 at.% He implanted Cu, seem to be well described by this power-law (using the same pre-factor for the three samples). These results shed new light on moderate to high stress irradiation creep.

In-situ TEM straining experiments out of and under irradiation

The on-chip tensile structures are powerful tools to investigate irradiation creep. They allow for quantitative analysis and the extraction of irradiation creep laws. Based on these data, the underlying mechanisms can be inferred. However, so far, the on-chip structures do not allow for direct in-situ observation of the deformation mechanisms active during the irradiation creep experiments at the microstructure level. Alternative small-scale mechanical testing that can give direct access to the operative mechanisms at the microstructure level are in-situ TEM straining 7.1. CONCLUSIONS experiments. They can be performed with or without irradiation.

Before examining the deformation mechanisms that occur inside the TEM at the dislocation level under straining and irradiation, the mechanisms occurring out of irradiation are first investigated. Two types of tensile samples are considered: pure Cu and 1 dpa Cu + irradiated Cu. The objective is to analyze the mechanisms taking place without and after irradiation to then compare them to the deformation mechanisms occurring under irradiation.

For non-irradiated Cu, dislocations glide easily through the grain without encountering obstacles, either individually or in pile-ups. Many dislocation cross-slips are observed.

For pre-irradiated Cu at a damage level of 1 dpa, the initial dislocation network is pinned on irradiation defects. With increasing stress, dislocations start to bow between defects. When they reach a critical angle, they unpin from the current defect. They can then glide but quickly get repinned on another obstacle. Therefore, unlike pure Cu, dislocations have very limited free paths. Moreover, it has been observed that the interaction of a dislocation with an SFT can result in the annihilation of the SFT, in agreement with previous studies.

In-situ TEM straining experiments are performed under irradiation on pure Cu. These experiments consist of successive Cu + irradiation steps between which the stress level can be increased. Before the first irradiation, dislocations glide without encountering obstacles, as previously described for the non-irradiated specimens. After a first irradiation step, the same behavior as for pre-irradiated Cu is observed. The initial dislocation network is pinned on the irradiation defects generated. The dislocations glide through an array of obstacles. The dislocation mean free path is therefore strongly reduced. However, during the following irradiation steps, an intriguing phenomenon is observed at "high" stresses slightly below the critical stress for dislocation motion. Irradiation induces the unpinning of dislocation from defects. The dislocations then glide until they get repinned on another defect. The dislocation motion occurs thus by series of jumps, from obstacle to obstacle. This radiation-induced unpinning of dislocations at "high" stresses has been previously observed in a zirconium alloy during the PhD thesis of Marine Gaumé.

This phenomenon occurs for both the initial dislocation network and the newly generated dislocations originating from active cracks or grain boundaries. However, since the initial dislocations are pinned on several obstacles, the dislocation motion is limited. On the contrary, the newly generated dislocations are less pinned and have, therefore, larger mean free paths. This radiation-induced phenomenon is enhanced as the stress increases. Moreover, the ion flux also seems to affect the dislocation jump frequency. For low fluxes (1.2 × 10 10 ions/cm 2 /s), the jump frequency is significantly lower than for higher fluxes (> 3 × 10 10 ions/cm 2 /s).

A quantitative study is performed on the newly generated dislocations. The mean jump frequency is in good agreement with the obstacle spacing, which further comforts the idea that dislocations jump from obstacle to obstacle. Moreover, the mean pinning lifetime, i.e., the period of time during which the dislocation is pinned on an obstacle, is estimated at around 40 seconds.

To ensure that the unpinning event is due to irradiation and not simply triggered by ion beam heating effects, additional experiments and calculations are performed to evaluate the increase in temperature induced by the ion beam. It appears that the irradiation-induced unpinning of dislocations from defects is indeed triggered by irradiation and does not result from ion beam heating.

The traditional irradiation creep mechanisms that may explain the irradiation-induced unpinning of dislocations observed are climb controlled glide (CCG) based mechanisms. Rate theory calculations are performed to estimate the mean pinning lifetime in the conditions of the experiments for the different existing CCG mechanisms. The pinning lifetimes are found at least 30 times lower than the experimental mean pinning lifetime. Moreover, CCG mechanisms only apply to edge dislocations, whereas the unpinning of screw dislocations is observed during the experiments. Therefore, other mechanisms may be active to explain the experimental observations.

A cascade-controlled glide-based mechanism is proposed. It relies on the idea that if a CHAPTER 7. CONCLUSIONS AND PERSPECTIVES cascade is generated around the pinning point of a dislocation pinned on a defect, it can induce the unpinning of the dislocation. The dislocation then glides until reaching the next defect. Under this assumption, the pinning lifetime should correspond to the time required for a cascade to occur on the pinning point. Given the time and length scales involved in this process, this new mechanism, never proposed in previous studies, is investigated using molecular dynamics.

Molecular dynamics study of a cascade-induced "high" stress irradiation creep mechanism

A molecular dynamic study is performed on both Zr and Cu to study the effect of a displacement cascade on a dislocation pinned on defects at "high" stresses slightly below the critical stress for dislocation motion. The defect sizes are selected around 2 -3 nm in order to be representative of the in-situ experiments.

For both Cu and Zr, the MD simulations predict a cascade-induced unpinning of dislocations at stresses at least as low as 0.85τ c , with τ c the critical stress for dislocation unpinning without irradiation. Dislocation unpinning can be triggered in two cases. The first case, called type 1 unpinning, occurs when the cascade is generated on the obstacle. In this case, the obstacle is either partly or entirely destroyed, which leads to dislocation release and glide. Type 1 unpinning is predominant at lower stresses (≤ 0.9τ c ).

Type 2 unpinning occurs when the cascade is generated in front of the dislocation along the glide direction. The dislocation starts to glide toward the cascade center, interacts with the cascade core, and unpins from the defect. The initial glide of the dislocation is triggered by the shear stresses generated around the cascade. Type 2 unpinning is predominant at higher stresses (≥ 0.95τ c ). However, since the cascade is generated in front of the dislocation, the dislocation is very often repinned on cascade residues. Over 80% of type 2 unpinning end up with dislocation repinning. This phenomenon is called "unpinning-repinning", as opposed to "permanent unpinning" (which therefore only occurs in less than 20% of cases). Aside from very high stresses (> 0.975τ c ), type 2 "permanent unpinning", which really contributes to irradiation creep, is negligible in comparison with type 1 unpinning.

The unpinning events are triggered in a probabilistic aspect. Different simulation parameters are investigated. First, for both unpinning types, the higher the stress, the higher the unpinning probability. Similarly, the unpinning probability increases with increasing cascade energy, at least for energies between 10 and 30 keV.

Type 2 unpinning has a minor contribution to irradiation creep in comparison with type 1 unpinning due to the repinning of dislocations on cascade residues. A simple model has been developed to describe type 1 unpinning. This model relies on the assumption that in order to trigger unpinning, the cascade must encompass the two points linking the dislocation to the obstacle. Under this hypothesis, the mean pinning lifetime can be easily estimated. It is found in the same order of magnitude as in the experiments for stresses above 0.85τ c for Cu and Zr. Therefore, the proposed cascade-induced unpinning of dislocation mechanism can explain the "high" stress irradiation creep phenomenon observed experimentally.

PERSPECTIVES

Perspectives

Perspectives on on-chip test structures

On-chip test structures are very powerful tools to investigate irradiation creep. In this PhD thesis, they are applied to pure Cu, 1 at.% He implanted, and 2 dpa irradiated Cu. However, 7 at. % He implanted Cu has also been characterized by other means (TEM, XRD, nanoindentation). It has been demonstrated that, at this dose, the He bubbles are arranged in a superlattice. It would be interesting to investigate the effect of irradiation creep on a He bubble superlattice.

Moreover, during the PhD thesis, the irradiation experiments are performed in the JANNuS Orsay platform. A study has been performed to adapt the experiments to the JANNuS Saclay platform. Irradiation experiments were programmed but not performed. However, this irradiation platform can be considered for future studies in order to multiply the number of irradiation creep experiments and collect more data.

Important improvements concerning the back-etching process have been made by Michaël Coulombier at UCLouvain. The back-etching process allows for the generation of windows under the structures. By creating windows only under the Cu tensile specimens, if the on-chip sample is flipped inside the ion accelerator, only these specimens would be irradiated. The mask used to protect the actuator would therefore not be needed anymore. This is an important improvement since the main issue encountered during the irradiation experiments is the possible misalignment of the structures with the protective mask. The windows created under the structures would also enable the in-situ ion irradiation inside a TEM of the Cu tensile specimens for sufficiently thin specimens in order to have direct access to the underlying irradiation creep mechanisms. For instance, these experiments can be performed in the JANNuS Orsay platform.

On-chip tensile tests can also be applied to other materials used in the nuclear industry, such as zirconium, tungsten, vanadium, nickel, or chromium. For instance, chromium can be a very judicious choice. Chromium coatings are currently under study to protect fuel claddings from high-temperature steam oxidation, especially in accidental conditions. They have been of the utmost importance for the nuclear industry ever since the Fukushima nuclear plant accident [START_REF] Brachet | High temperature steam oxidation of chromium-coated zirconium-based alloys: Kinetics and process[END_REF]. Moreover, an interesting feature of these coatings is that the chromium is deposited using PVD-type processes, as it is the case for the Cu specimens in the current study. Therefore, the LOC experiments can be performed on the actual material used in nuclear reactors. However, one has to bear in mind that selectivity issues during the LOC fabrication process must be solved before applying on-chip tests to chromium (or other materials).

A final improvement of on-chip tests currently under study at UCLouvain is the possibility of performing LOC experiments at various temperatures. To do so, the design must be adapted. Once the technological barriers are overcome, thermal creep and moderate to high temperature irradiation creep experiments can be carried out. This would help, for instance, ensure that the same behavior is indeed observed for high-stress irradiation creep and high temperature thermal creep.

Other structures, fabricated with similar MEMS methods, are currently under development to study fracture toughness at UCLouvain by Sahar Jaddi: the crack-on-chips [START_REF] Jaddi | Crack on a chip test method for thin freestanding films[END_REF][START_REF] Jaddi | On-chip environmentally assisted cracking in thin freestanding sio 2 films[END_REF]. These structures allow studying the crack propagation on thin films. Different materials were used: ceramics, metals, and 2D materials. In anticipation of a possible future collaboration between UCLouvain and CEA on fracture toughness under irradiation, Sahar Jaddi performed crack-onchip experiments on copper. Experimental difficulties were encountered, some of which were solved. For instance, fractures at the overlap between the Cu specimens and the actuator were first observed. This issue was solved by a change in the design of the structures. However, the main remaining issue is the model used to process the data. Sahar Jaddi uses linear fracture mechanic models. However, in the specific case of copper, the plasticity area in front of the crack is very large (as large as the sample itself). Therefore, more complicated non-linear fracture me-CHAPTER 7. CONCLUSIONS AND PERSPECTIVES chanic models are required. Further investigation is thus needed before applying these structures to crack propagation under irradiation in copper.

One of the issues raised when using on-chip test structures to study the behavior of inreactor structural materials is that thin films may not be representative of bulk materials due, for instance, to grain size effects or texture effects. This issue was partly solved by the fact that no change in irradiation creep behavior was observed for Cu thin films with grain sizes between 200 nm and 500 nm by Lapouge. Moreover, the irradiation creep laws obtained during the PhD thesis of Lapouge and in the current work have the same dependencies on stress as previous studies on bulk Cu.

Perspectives on in-situ TEM experiments

In the present study, the in-situ experiments have only been performed on OFHC Cu. However, to ensure that the same irradiation creep mechanisms can be observed in both OFHC Cu and thin films, in-situ TEM straining experiments under irradiation must also be performed on Cu thin films. During the first year of the PhD thesis, a first attempt to perform experiments on Cu thin films was made. These experiments required a back-etching process. At that time, the fabrication process was not optimized, and the experiments did not succeed (Appendix C.1). Since then, important improvements have been made by Michaël Coulombier at UCLouvain, especially on the back-etching process. Moreover, the structures used for in-situ experiments on thin films are available in the new lithography mask designed for irradiation by Michaël Coulombier. For all these reasons, in-situ TEM straining experiments under irradiation can be confidently programmed on Cu thin films in the near future. As for OFHC Cu, the TEM straining experiments can be conducted step by step, first on non-irradiated Cu samples, then on pre-irradiated Cu samples, and finally on Cu samples under irradiation.

A next objective would also be to investigate if the radiation-assisted unpinning of dislocations from irradiation defects can be extended to nanometric He bubbles. Following this path, the effects of other obstacles that are not generated by irradiation, such as precipitates, could also be studied. If irradiation helps dislocations overcome these other objects that do not result from irradiation, this can help explain the larger strain rates observed under irradiation in comparison with non-irradiated materials.

The irradiation-induced unpinning of dislocation phenomenon observed is attributed to cascade effects. However, to ensure that cascades indeed trigger the unpinning events, the same experiments can be performed using high-energy light ions or electrons. Indeed, electron irradiation does not induce cascade generation, while light ion irradiation induces very small cascades. Therefore, the radiation-induced unpinning phenomenon should be absent during these experiments. In-situ high-energy light ion irradiation of copper samples can be performed in the JANNuS Orsay facility. However, proper care should be given to ion beam heating effects during these experiments due to the large ion energies and fluxes involved. Moreover, high-energy electron irradiation experiments can be performed on the high voltage electron microscope (HVEM) available at CEA Saclay. A straining holder compatible with this HVEM is currently under development.

Moreover, as indicated earlier, the focus is solely on "high" stress irradiation creep during the in-situ straining experiments. The next objective would be to investigate lower stress mechanisms. These mechanisms are known to be mainly due to dislocation climb, which may result in helix-shaped dislocations. However, during the current PhD thesis and the previous PhD thesis of Lapouge, the helical climb of dislocations is not observed during in-situ irradiation of Cu samples at room temperature. One of the reasons why dislocation climb under irradiation is not observed during our experiments or previous experiments is the low temperatures involved. Higher temperatures can favor the point defect diffusion toward the sinks of the materials over point defect recombination processes. In addition, another important element is the thinness of 7.2. PERSPECTIVES the film and thus the possible surface effects. Therefore, more investigation is needed to find adequate conditions for dislocation climb. Note, however, that in-situ TEM straining experiments under irradiation at high temperatures in the JANNuS Orsay platform require fabricating or purchasing a heating and straining sample holder.

Alternative ex-situ experiments were conducted in the past decade at CEA Saclay to investigate dislocation climb under irradiation and applied stress using 4 point bending tests at moderate temperatures (< 573 K) [START_REF] Tournadre | Impact of hydrogen pick-up and applied stress on c-component loops: toward a better understanding of the radiation induced growth of recrystallized zirconium alloys[END_REF][START_REF] Gharbi | Impact of an applied stress on c-component loops under zr ion irradiation in recrystallized zircaloy-4 and m5®[END_REF]. The device used is specifically designed to apply either tensile or compressive stress under irradiation. These bending tests under irradiation could be performed on Cu.

Recently, another approach has been undertaken at CEA Saclay to investigate irradiation creep at low to moderate stresses. In the current PhD project of Daphné Da Fonseca, aluminum is selected to study irradiation creep. One of the main reasons explaining this choice is that irradiation defects can be created in aluminum at room temperature by the electron beam of a standard 200 keV TEM. Moreover, the loops generated under 200 keV electrons can be as large as 30 nm. Among the objectives of the PhD project of Daphné Da Fonseca is the study of the in-situ differential growth of dislocation loops as well the interaction of dislocations with defects under both electron irradiation and applied strain. If a differential growth of loops is indeed observed, this will give a new insight into low-stress irradiation creep mechanisms.

Perspectives on numerical studies

MD simulations have been performed to investigate "high" stress cascade-induced irradiation creep mechanisms. The conditions required for a cascade to trigger dislocation unpinning from obstacles at "high" stresses have been identified for both Zr and Cu. However, in these studies, the only obstacles considered are dislocation loops. Similarly, only one interaction configuration (the formation of a helical turn) has been investigated. Other defects can be studied: SFT, He bubbles, precipitates... As mentioned earlier for the in-situ experiments, if the cascade-induced unpinning mechanism predicted with the MD simulations can be extended to defects that are not generated by irradiation (such as precipitates or solute clusters), this can help understand the higher creep rates observed under irradiation in comparison with non-irradiated samples.

A simple model has been developed to account for the "high" stress cascade-induced irradiation creep mechanism predicted by the MD simulations. Other approaches can be adopted to go further in this attempt to move from an atomistic scale to higher scales (mesoscopic or even macroscopic). First, a Foreman and Makin [START_REF] Foreman | Dislocation movement through random arrays of obstacles[END_REF] type model can be developed. In these models, a dislocation goes through a 2D array of obstacles, and the critical shear stress needed to overcome the obstacles is measured. In potential future research, the main objective can be to add a pinning lifetime that depends on the stress, the flux, and the distribution of incident particles energies (ions or neutrons) following the simple model developed in this PhD project. This approach resembles the previous work of Kelly and Foreman [START_REF] Kelly | The theory of irradiation creep in reactor graphite-the dislocation pinning-unpinning model[END_REF]. However, in this previous work, the destruction of the obstacles followed by the release of the dislocation occurs after a pinning lifetime randomly selected. A more complex mesoscopic approach would be to add a pinning lifetime also calculated based on the model developed in the current work to 3D dislocation dynamics simulations (DD).

As for the in-situ experiments, the main focus of the MD study performed during this PhD study is high-stress irradiation creep. However, other mechanisms that occur at lower stress can also be investigated. For instance, diffusion processes can be implemented in Foreman and Makin type models by adding a pinning lifetime equal to the time needed for a dislocation to climb and unpin from an obstacle. This time can be estimated based on rate theory calculations (see Chapter 5 for more details). Note that this code could take into account the pinning lifetimes due to diffusion and cascade processes.

At CEA Saclay, Laurent Dupuy and Thomas Jourdan are currently developing a hybrid code coupling dislocation dynamics [START_REF] Drouet | A direct comparison between in-situ transmission electron microscopy observations and dislocation dynamics simulations of interaction between dislocation and irradiation induced loop in a zirconium alloy[END_REF][START_REF] Shi | Interaction of< 1 0 0> dislocation loops with dislocations studied by dislocation dynamics in α-iron[END_REF][START_REF]Project numodis : Numerical modelling of dislocations[END_REF] and Object Kinetic Monte Carlo (OKMC) simulations [START_REF] Thomas | Enforcing local equilibrium of point defects near sinks in object kinetic monte carlo simulations[END_REF]. DD codes predict dislocation motion, whereas OKMC codes predict the diffusion of point defects toward the various sinks of the material. The objective is to calculate the stress field in DD, inject it into OKMC calculations to predict, for instance, the flux of point defects diffusing toward a dislocation. This flux is then taken into account in DD simulations to move the dislocation (by climb). The stress field is then computed for this new configuration in DD and re-injected into OKMC calculations. This hybrid code will allow the mesoscopic simulation of dislocation climb based process.

Final words

This work has proposed a new method relying on on-chip experiments (LOCs) to study the behavior of materials under irradiation. The on-chip tensile tests helped better characterize the irradiation creep behavior at moderate to high stresses, as well as the impact of helium on the irradiation creep response. This method proved to be a solid alternative to in-reactor experiments. LOCs can thus start to be applied to optimize the materials used in nuclear reactors.

In addition, in this study, a new high-stress deformation mechanism under irradiation has been discovered. It can now be taken into account in physically-based models to predict the in-reactor deformation of materials.

Both the on-chip tests and the knowledge of this novel mechanism will help, in the future, optimize the materials and improve the performance and safety of the nuclear reactor components. 

Chapter 8

Résumé en français

Introduction

Pour le développement et l'évaluation à long terme des matériaux de structure utilisés dans les réacteurs nucléaires, il est essentiel de comprendre les changements microstructuraux et mécaniques ayant lieu sous irradiation. Le fluage d'irradiation, qui est une déformation viscoplastique ayant lieu sous chargement constant et sous irradiation, est particulièrement difficile à caractériser. Habituellement, les expériences de fluage d'irradiation sont réalisées sur des matériaux massifs en réacteur [START_REF] Garnier | Irradiation creep of sa 304l and cw 316 stainless steels: Mechanical behaviour and microstructural aspects. part i: Experimental results[END_REF]. Celles-ci sont longues, coûteuses, activent le matériau et ne permettent pas une observation in-situ des mécanismes physiques sous-jacents. L'objectif de ce travail de recherche est de s'affranchir de ces contraintes en utilisant des méthodes alternatives couplant des irradiations aux ions lourds et des essais micromécaniques avec de faibles épaisseurs d'échantillons compatibles avec une irradiation aux ions. Néanmoins, contrairement à l'irradiation neutronique ayant lieu en réacteur, l'irradiation aux ions lourds ne génère pas d'hélium. De ce fait, une partie des échantillons sont pré-implantés à l'hélium. L'étude est réalisée sur du cuivre pur et du cuivre pré-implanté à 1% atomique d'hélium, le cuivre étant considéré comme un matériau modèle. 

Méthode

Description des expériences LOC sous irradiation

Les structures peuvent relaxer sous irradiation. Ainsi, en mesurant les contraintes et déformations après des irradiations successives, il est possible de remonter à l'évolution de la vitesse de fluage en fonction de la contrainte et donc à la loi de fluage d'irradiation. Des expériences de fluage d'irradiation aux ions cuivre 1,2 MeV ont été réalisées sur la plateforme Jannus Orsay/S-CALP [START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF][START_REF] Bacri | Scalp, a platform dedicated to material modifications and characterization under ion beam[END_REF] sur du cuivre pur, du cuivre pré-implanté à 1% atomique d'hélium et du cuivre pré-irradié avec un dommage de 2 dpa. En effet, la pré-implantation d'hélium à 1% atomique dans du cuivre induit la formation de bulles ainsi qu'un dommage d'irradiation de 2 dpa (Figure 8.2.d). Les échantillons pré-irradiés à 2 dpa permettent de dissocier l'effet de durcissement lié aux bulles de celui lié au dommage d'irradiation. Par ailleurs, afin de protéger les actuateurs, ceux-ci sont masqués pendant l'irradiation (Figure 8.1.e et f). 

Investigation des possibles mécanismes sous-jacents

Les mécanismes usuels permettant d'expliquer le glissement des dislocations assisté par l'irradiation observé au MET sont les mécanismes de type glissement des dislocations assisté par la montée. En effet, l'irradiation génère de nombreux défauts ponctuels qui participent à la montée des dislocations. Différents modèles ont été considérés via des approches de champ moyen [START_REF] Woo | Irradiation creep due to elastodiffusion[END_REF], et les résultats obtenus semblent indiquer que les temps d'attente sont au moins 30 fois supérieurs au temps d'attente expérimental, ainsi qu'une légère dépendance à la contrainte, contrairement à ce qui est observé expérimentalement. Ces mécanismes de glissement assistés par la montée ne semblent donc pas expliquer les expériences in-situ sous irradiation au MET.

De ce fait, un nouveau mécanisme de fluage d'irradiation induit par les cascades de déplacements atomiques générées par l'irradiation est proposé : pour une contrainte suffisamment élevée, si une cascade a lieu autour du point d'ancrage d'une dislocation bloquée sur un défaut d'irradiation, la dislocation se libère et glisse jusqu'au prochain obstacle, induisant ainsi de la déformation plastique. Une étude en simulation par dynamique moléculaire est mise en place sur une configuration représentative des expériences in-situ. Comme indiqué sur la Figure 8.4, un désancrage par une cascade peut être observé dans deux cas : (1) quand la cascade est générée autour du point d'ancrage de la dislocation, ou (2) quand elle est légèrement devant la dislocation. De plus, plus l'énergie de la cascade est importante ou plus la contrainte est élevée, et plus la probabilité de désancrage augmente. Un modèle a été proposé pour rendre compte de ce mécanisme. Une forte sensibilité à la contrainte est déterminée et les temps d'attente entre sauts de dislocation successifs obtenus sont du même ordre que le temps d'attente expérimental. Ainsi, ce nouveau mécanisme semble fournir une explication satisfaisante au phénomène de glissement assisté par l'irradiation observé expérimentalement. Deux articles ont été publiés à ce sujet dans le journal Journal of Nuclear Materials [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF][START_REF] Khiara | A molecular dynamics study of a cascade induced irradiation creep mechanism in pure copper[END_REF]. de glissement assisté par les cascades de déplacements générées par l'irradiation a été proposé et vérifié par simulation en dynamique moléculaire. Ce nouveau mécanisme peut donc à présent être intégré dans des modèles mésoscopiques afin de prédire de manière plus fine les déformations des matériaux en réacteur. actuator cross-section u f ree displacement of a free actuator ϵ total true strain in the specimen L 0 initial specimen length w specimen width t specimen thickness ϵ mech mechanical strain in the specimen ϵ mis mismatch strain in the specimen σ eng engineering stress in the specimen S 0 specimen initial cross-section S specimen cross-section σ true stress in the specimen ϵ eng engineering strain in the specimen S a,0 actuator initial cross-section σ true strain in the specimen (j) before the irradiation step i ϵ (j) i,1
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Young's modulus of the Cu specimen For some electropolished samples, contamination can be found on the surface of the copper specimen (Figure A.4). Different strategies are tried to improve the quality of electropolished specimens. The most effective surface cleaning tool is found to be the precision ion polishing system PIPS 2 from GATAN. A preliminary study is performed to find satisfactory polishing conditions. [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] using his data processing methodology. This Figure also displays the creep law using the current methodology based on the measurements of Lapouge et al. [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] and the current measurements. It seems that the change in data processing has a slight effect on the creep law. First, it induces a slight reduction in stress exponent from 4.57 to 4.19. Lapouge selected a power creep exponent of 5 based on his data. However, using the current methodology, the stress exponent is more around 4, as in the current study.

Based on a 4 power law, the initial processing gives a pre-factor of 3.96 × 10 -12 MPa -4 dpa -1 and the new methodology gives a pre-factor of 3.79 × 10 -12 MPa -4 dpa -1 based on the data of Lapouge. For the present study, the pre-factor is of 2.12 × 10 -12 MPa -4 dpa -1 based on the new methodology. Therefore, it seems that the creep rates are in the same orders of magnitude for the current experiments and for the experiments of Lapouge. However, the creep rates are slightly lower in the current study compared with the previous study of Lapouge. This difference cannot be explained by the data processing methodology. 

B.1.2 Difference in material characteristics

An important element that may explain the difference in the power creep law pre-factor K is that the material characteristics (Cu specimen and actuator Young's Moduli and mismatch strains) are different in the two experiments (Table B.1). In particular, from sensitivity analysis (see Appendix B.2), the actuator mismatch strain plays a major role in the magnitude of K, all the more so given the difficulty to extract its value experimentally.

If we postulate that the copper specimen and the actuator properties are different between the two experiments, explaining the difference in Young's modulus and specimen mismatch strain, the evolution of the pre-factor K with the actuator mismatch strain is represented in It appears that, for a given actuator mismatch strain, up to around 0.0036, the pre-factor K is higher for the current experiments in comparison with Lapouge. This seems in contradiction with the previous observation. However, the higher value of K in the experiment of Lapouge can be explained by the lower mismatch strain value (0.0029) in comparison with the current value (0.0033). Furthermore, using a Broyden-Fletcher-Goldfarb-Shanno (BFGS) minimization algorithm, the error between the two sets of data is found the lowest for an actuator mismatch strain of 0.0037. Another observation is that the difference in pre-factor K can be explained easily by a small mis-estimation of the actuator thickness or actuator mismatch strain. The optimal actuator mismatch strain to perfectly fit the data is then around 0.0041 for the current material characteristics and for the material characteristics used in the study of Lapouge. However, again, small mis-estimation of the actuator thicknesses can explain a lower mismatch strain value.

In conclusion, the same stress exponents (∼ 4) are found for pure copper in the current and in previous irradiation creep experiments. There is a difference in data processing between the study of Lapouge and the current study. However, this difference has little effect on the irradiation creep behavior. The pre-factors of the power law are similar between the current experiments and previous experiments (if a stress exponent of 4 is chosen). The differences found can be 

B.2. SENSITIVITY ANALYSIS

Therefore, special care should be given to the value of the actuator mismatch strain ϵ a and, to a lesser extent, to the value of the actuator thickness t a . Unfortunately, these two values can be difficult to determine experimentally. There is no real direct access to ϵ a , and its value can vary within the sample. However, even though the actuator thickness is well known when the lithography process is performed, it can diminish during the etching process, especially with HF etching. The reduction in thickness during the etching process is unfortunately not well known. FIB cross-sections after release can provide an approximate value for the thickness. However, one has to bear in mind that the thickness of the actuator may vary from one specimen to the other. A methodology for thickness estimation is given in Appendix B.3. 

B.4 Experiments at the JANNuS-Saclay facility

The irradiation experiments presented in this work are all designed for the platform JANNuS Orsay / SCALP [START_REF] Serruys | Jannus: A multi-irradiation platform for experimental validation at the scale of the atomistic modelling[END_REF][START_REF] Bacri | Scalp, a platform dedicated to material modifications and characterization under ion beam[END_REF]. However, the closing for the renovation of the JANNuS Orsay facility was planned during the PhD thesis, and the closing date was unclear. Therefore, alternative platforms were considered, such as the JANNuS Saclay. Luckily, all the experiments were carried out before the closing of the JANNuS Orsay facility. In this section, the irradiation creep experiments designed for the JANNuS Saclay facility (yet not performed) are presented.

The JANNuS Saclay facility [START_REF] Beck | Ion irradiation and radiation effect characterization at the jannus-saclay triple beam facility[END_REF][START_REF] Gentils | Investigating radiation damage in nuclear energy materials using jannus multiple ion beams[END_REF], located at CEA Saclay, comprises three electrostatic accelerators: Epimethée, Japet, and Pandore. As shown in Figure B.9, there are three irradiation chambers: a triple beam chamber for single, dual, and triple ion beam irradiation, a single beam irradiation chamber linked to Epiméthée, and an ion beam analysis (IBA) chamber linked to Pandore. The triple beam chamber receives the ion beams from the three accelerators with an incident angle of 15 • .

Epiméthée is a 3 MV accelerator equipped with an electron cyclotron resonance (ECR) source able to deliver gas ions (H, He, O, Ar, Kr, Xe) as well as metal ions (Fe, W) with energies ranging from 0.5 MeV to 36 MeV.

Japet is a 2MV Tandem with an external Cs sputtering source and can deliver hydrogen as well as a large variety of heavy ions (Cl, I, C, Si, V, Cu, Zr, Ag, Au) with energies of 0.5 to 14 MeV.

Pandore is a 2.5 MV accelerator that produces protons, deuterium ions, 3 He and 4 He for either implantation or ion beam analysis.

Japet seems to be a good option to reproduce similar experiments as at the JANNuS Orsay facility. However, it is only linked to the triple beam chamber for which the incident ion beams come with an angle of 15 • . This may induce shadowing effects. On the other hand, in the single beam irradiation chamber linked to Epiméthée, the samples are irradiated at normal incidence. Moreover, the Epiméthée accelerator can produce inert gases, which are favored, along with self-ions, for irradiation studies [START_REF] Andrew | Transmission electron microscopy with in situ ion irradiation[END_REF]. Therefore, the accelerator Epiméthée and the single beam irradiation chamber are selected for the irradiation creep experiments.

The inert gas ions available for Epiméthée are He, Ar, Kr and Xe. The previous experiments in the JANNuS Orsay facility were performed with copper ions. The objective is to design an experiment in the JANNuS Saclay facility similar to the previous irradiation creep experiments. The closest noble gas to copper in the periodic table is krypton, motivating our choice. The main issue with gas irradiation is that gas bubbles are formed if the amount of gas implanted in the sample is too high. Therefore, gas ions should be energetic enough to pass through the sample. Moreover, as for Cu ion irradiation, the Kr ion irradiation-induced damage should be relatively homogeneous across the sample thickness. SRIM full calculations are performed for 1 MeV, 2 MeV, 3 MeV, 4 MeV and 5 MeV. The damage and implantation profiles are represented for a mean damage of 1 dpa in Figure B.10. The higher the Kr ion energy, the lower the amount of Kr implanted. Moreover, apart from an ion energy of 1 MeV, the damage profile is quite homogeneous. Energies of 4 MeV and 5 MeV appear to be satisfactory.

The other important quantity to select is the Kr ion flux. As stated earlier, the objective is to reproduce similar irradiation conditions as at the JANNuS Orsay facility (listed in Table B.3). The most important features are the Cu ion flux (ions/cm 2 /s) or the damage rate (dpa/s). For the different Kr ion energy investigated, the fluence per dpa (cm -2 dpa -1 ) and amount of krypton ion implanted per dpa (at.%/dpa) are listed in Table B.4. In addition, the irradiation time (the invert of the damage rate) needed to reproduce the same flux as at JANNuS Orsay is also given, along with the flux needed to reproduce the same damage rate.

The flux needed to have a damage rate equivalent to the one of JANNuS Orsay increases with increasing energy. This increase in flux has a major downside which is the induced elevation in temperature. To illustrate this phenomenon, the surface power deposited by the ion beam B.4. EXPERIMENTS AT THE JANNUS-SACLAY FACILITY JANNuS Saclay staff for purely geometrical reasons. The new design has been validated from a purely geometrical point of view. Moreover, the time needed for the vacuum of the irradiation chamber before the irradiation can be performed once the sample inserted is longer than at JANNuS Orsay, which was around 30 minutes to 1 hour. In the JANNuS Saclay platform, the samples must be introduced to the chamber the day preceding the experiments and removed few hours after the irradiation is terminated. This greatly affects the irradiation creep experiment for two reasons. First, ideally, the measurements on the LOC structures should be performed in the SEM shortly before and after the irradiation creep experiment. In the JANNuS Saclay platform, the measurements would be performed on the day before the irradiation and few hours after the irradiation. From the previous experiment, as long as the experiments are performed few days after the release and not shortly after the release, it is clear that no noticeable relaxation occurs in the investigated specimens during the nights between irradiation experiments. Moreover, the control pure copper specimens barely relaxed during the 4 days of the experiments at JANNuS Orsay. Therefore, one can assume that, as long as there is enough time between the release and the irradiation creep experiment, this delay between measurements and irradiation would not affect the results. A more blocking point comes from the masking device. Indeed, from previous experiments, it relaxes after few hours, inducing a misalignment of the masking sheet with the overlap between the actuator and the copper specimen in the LOC structures. This can be dire for two reasons. The actuator should not be irradiated since it appears that the internal stresses in silicon nitride relax under irradiation [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF]. Furthermore, if the copper specimens are not entirely irradiated, corrections are needed in the stress and strain equations (Chapter 2). Moreover, if misalignment occurs, it would be impossible to know if it happened before, during, or even after the irradiation. It would be difficult from the final misalignment to determine the real misalignment during the experiments, and thus, the corrections would be full of uncertainty. A solution would be to either adjust the current masking device, design a new masking device, or take advantage of the back-etching process currently under development and improvement at UCLouvain.

The delays for specimen introduction and removal from the irradiation chamber induce a change in the course of the irradiation creep experiments. Two experiments are planned: on pure copper and 1% at. He implanted copper. The objective is to allow for a direct comparison between the irradiation creep experiments performed at JANNuS Orsay and at JANNuS Saclay. No on-chip tensile structure survived the entire process. The low yield of the structures comes mainly from the back-etching process on the home-made SOI wafer. Both poly-Si and SiO 2 layers have compressive internal stresses. Therefore, after the Bosch process has been carried out, i.e., once the single-crystal silicon wafer has been back-etched, the buckling of the {poly-Si, SiO 2 } membrane occurs, thus affecting the structures. Moreover, at the time when the samples were fabricated, the Bosch process was less controlled and the lithography masks used were less optimized for back-etching. Therefore, future experiments could be successful using the newly developed masks and based on the experience gained during the past two years on the Bosch process. In the study of Mompiou et al. [START_REF] Mompiou | Inter-and intragranular plasticity mechanisms in ultrafine-grained al thin films: An in situ tem study[END_REF], the back-etching process was performed in a specialized laboratory, which may explain the better quality of the structures back then. In-situ straining experiments are performed on pure OFHC annealed copper. The details of the tensile specimen fabrication process are given in Chapter 2. In this Section, one straining experiment, representative of the straining experiments on pure copper, is detailed.

The specimen displacement δ is increased in order to induce stress in the specimen. ) is linked to the specimen thickness t through two angles θ 0 and θ, respectively the angle between the normal to the slip plane and the beam at zero tilt and the angle between the normal to the slip plane and the beam at the tilt at which the image is taken:

t = d app sin(θ 0 ) sin(θ) . (C.1)
The TEM micrograph in Figure C.13 is taken at zero tilt. Therefore θ 0 = θ. The angles can be measured in the software Carine Crystallography. The thicknesses are found around 140 nm for (111) and 210 nm for [START_REF] Uf Kocks | Dislocation[END_REF]. A thickness of 140 nm is more realistic than 210 nm, indicating that the glide plane is most likely [START_REF] Uf Kocks | Dislocation[END_REF] As showed in Figure C.12, with increasing strain, new pile-ups are observed at grain boundaries. The same two slip systems as the ones identified in Figure C.12 are activated. Moreover, cross-slips are observed (Frames (b) to (c) than (f) to (i)) for dislocations in the system (1). They undergo two successive cross-slips and go back to the initial glide plane. As shown earlier, these dislocations are initially in the plane [START_REF] Uf Kocks | Dislocation[END_REF] and have a Burgers vector of 1/2 [START_REF] Guo | Helium implantation effects on the compressive response of cu nanopillars[END_REF]. They can thus cross-slip in the plane [START_REF] Uf Kocks | Dislocation[END_REF]. As shown in Figure C.15, the traces of the dislocation after the first cross-slip are in good agreement with a plane [START_REF] Uf Kocks | Dislocation[END_REF], supporting the previous analysis. Moreover, given the distance d app between traces, the thickness can be estimated for the glide plane (111) using Eq. C.1 and is found around 158 nm, which is in good agreement with the previous thickness estimation. Moreover, as shown in Figures C.12.f and g, the dislocation line is slightly modified before cross-slip, indicating that the dislocation does not initially have a perfect screw character. Indeed, shortly before the cross-slip (Figure 37 In conclusion, the dynamic in-situ TEM straining experiments on pure OFHC annealed copper show that the deformation mechanisms are controlled by dislocation glide through individual dislocation motion, but also and mostly by dislocation pile-ups. Moreover, the cross-slip of nearly screw dislocations is observed. In-situ TEM straining experiments are performed on pre-irradiated OFHC copper. The details of the specimen machining and fabrication are presented in Section 2.2. The straining specimens are pre-irradiated using 600 keV Cu + ions up to a damage level of 1 dpa (1.6 × 10 14 ions/cm 2 ).

Before applying any deformation, the microstructure is first characterized. As shown in Figure C.16, the irradiation defects are mainly SFT, with edge lengths of 2.8 nm (± 0.7 nm), which is in good agreement with the sizes found in the literature [START_REF] Schäublin | Irradiation-induced stacking fault tetrahedra in fcc metals[END_REF][START_REF] Sj Zinkle | Microstructure of copper following high dose 14-mev cu ion irradiation[END_REF]. As explained in Section 1.2.1.2, SFT are the most reported irradiation defects in copper, and their size does not depend on temperature and dose and is found around 2-3 nm [START_REF] Sj Zinkle | Microstructure of copper following high dose 14-mev cu ion irradiation[END_REF]. Based on the TEM images, the defect density is found around ∼ 1.2 × 10 23 m -3 . This, again, is in good agreement with previous studies [START_REF] Edwards | Initiation and propagation of cleared channels in neutron-irradiated pure copper and a precipitation hardened cucrzr alloy[END_REF][START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF].

A displacement of the specimen cross-head is then applied to induce stress until the first dislocation motion is observed. Unlike pure copper, the dislocation motion in pre-irradiated copper is slow and jerky since dislocations have to move through an array of obstacles. This jerky motion can be observed in Figures C.17 [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF][START_REF] Briceño | Effect of ion irradiationproduced defects on the mobility of dislocations in 304 stainless steel[END_REF]. Weak-beam dark-field (DF) imaging is used instead of bright-field (BF) imaging in order to provide a good resolution and better identify the dislocation lines and the irradiation defects. Moreover, the critical angle for dislocation break-away (or escape angle) is measured. As explained in Section 1.4.1, the strength of a given obstacle can be derived from the critical angle for dislocation break-away according to Eq. 5.1. The escape angle is found to be close to 61 • (± 5 • ). Taking a density of 1.2 × 10 23 m -3 , a defect size of 2.83 nm, a Burgers vector of 2.5 Å, and a shear modulus of 46 GPa, the resulting mean critical shear stress τ c is of 50 MPa which is in good agreement with the value of 40 MPa of Robach et al. [START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF], and lower than the value of 100 MPa found by Schäublin et al. [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF].

Finally, in-situ TEM straining experiments have as primary objective to help study the detailed mechanisms at the dislocation level. In Figure C.20, the SFT disappears after interacting with a moving dislocation. This is in good agreement with the previous post-irradiation in-situ TEM straining experiments of Schäublin et al. [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF], who observed complete SFT annihilation after interaction with a dislocation without formation of TEM visible defects for small SFT (∼ 2 nm edge).

In conclusion, the post-irradiation straining experiments are in good agreement with previous work [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Js Robach | In-situ transmission electron microscopy observations and molecular dynamics simulations of dislocation-defect interactions in ion-irradiated copper[END_REF][START_REF] Briceño | Effect of ion irradiationproduced defects on the mobility of dislocations in 304 stainless steel[END_REF]. As in these previous studies, the mobility of dislocations is altered by the presence of irradiation defects that act as obstacles to dislocation glide. Therefore, the dislocation motion is jerky. Furthermore, the complete annihilation of an SFT by a moving dislocation is observed, as in previous studies with small size SFT [START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF]. 
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Figure 1 . 1 -

 11 Figure 1.1 -PWR nuclear power plant.

Figure 1 . 2 -

 12 Figure 1.2 -Cutaway of PWR vessel at Fessenheim (in red the vessel internals and in blue the fuel assemblies) and main components of a fuel assembly and a fuel rod [2].

1. 2 .

 2 Figure 1.3 -MD simulation of a 20 keV displacement cascade in copper, the blue and yellow defects are, respectively, self-interstitials and vacancies.

  Figures 1.4.a, b, and c. Figure 1.4.d shows the projection of an SFT for three electron beam directions.
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 14 Figure 1.4 -(a) SFT observed in 590 MeV proton irradiated Cu [18] -(b) Voids found in neutron-irradiated Cu [19] -(c) Dislocation loops observed in Cu-5% Mn irradiated with 750 MeV protons [20]-(d) Orthogonal projection of an SFT for three orientations of the electron beam.

1. 2 .

 2 Figure 1.5 -(a) Evolution of the irradiation defect density with the temperature for copper ion irradiated copper [10, 14] -(b) Typical temperature dependence of irradiation defect cluster formation and void swelling [10, 21].

Figure 1 . 6 -

 16 Figure 1.6 -(a) Effect of irradiation dose on defect cluster density in pure copper irradiated near room temperature based on TEM observations (with 14 MeV neutrons for most measurements) [9] -(b) Relationship between the defect density and the dose based on TEM observations of 3 MeV Cu 3+ irradiated copper at room temperature [22].

Figure 1 . 8 -

 18 Figure 1.8 -(a) The mean radius of primary (filled symbols) and secondary (open symbols) helium bubbles as a function of the annealing temperature T. The arrow denotes for T DHe-V = 785 K. Temperature dependence of (b) the helium bubble density and (c) the gas-induced swelling in zones of primary and secondary porosity[START_REF] Vn Chernikov | Gas-induced swelling in helium-implanted copper during annealing[END_REF].

  Figure 1.12 -TEM micrograph of copper irradiated with 500 keV Cu + ions at 530 • C (a) after a 18 keV pre-implantation of helium -(b) without helium [50].

Figure 1 .

 1 Figure 1.13 -(a) The yield strength of neutron-irradiated copper as a function of the square root of the fluence [54, 61] -(b) Relation between yield stress and √ N d on pure copper under neutron irradiation at 80 • C and 150 • C (RBT-6 and SM-2 reactors) [55, 62].

1. 3 .

 3 OVERVIEW OF IRRADIATION-INDUCED HARDENING IN COPPER act as obstacles to the transmission of slip bands.

Figure 1 .

 1 Figure 1.14 -(a) Evolution of the yield stress with the dose for various grain sizes for copper under fission neutron irradiation at 353 K [65] -(b) Size-dependent yield stress for (100)oriented proton irradiated (red symbols) and unirradiated (open circles) copper nanocompression samples [64].

Figure 1 .

 1 Figure 1.15 -(a), (b) Cross-slip of a dislocation following the breakaway from an obstacle within a channel. (c) Comparison image showing the initial (black) and final (white) positions of the dislocation [67].

Figure 1 . 16 -

 116 Figure 1.16 -Successive interactions of dislocations with an SFT [77].

Figure 1 .

 1 Figure 1.18 -SFT destruction process leaving a triangular Frank loop, inconsistent with the Kimura-Maddin model for a 60 • dislocation [74].

1. 3 .

 3 Figure 1.22 -Schematic representation of the two possible configurations involving an edge dislocation: ED/Up (1.a) and ED/Down (1.b), and a screw dislocation: SD/Face (2.a) and SD/Edge (2.b) [84].

. 4 )Figure 1 . 23 -

 4123 Figure 1.23 -Schematic illustration of glide dislocation interaction with point obstacles (nanometer-scale bubbles in this case) of spacing L [110].

Figure 1 . 24 -

 124 Figure 1.24 -The yield strength of He implanted Ni plotted versus the cube root of the He concentration at the indicated temperatures [95].

Figure 1 . 25 -

 125 Figure 1.25 -Critical resolved shear stresses of He-implanted (filled symbol) and as-fabricated (open symbol) single crystalline copper 500 nm pillars as a function of sample size[101].

Figure 1 .

 1 Figure 1.26 -(a) Shape of a dislocation line at different stages during the interaction with a 4 nm bubble with He/V = 1 -(b) Evolution of the critical resolved shear stress with the He/V ratio for bubbles of 1, 2, 4, and 6 nm diameter [121].
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 1128 Figure 1.28 -The shape of a dislocation line before unpinning for (a) 2 nm and (b) 6 nm voids in copper [109].
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 51 Macroscopic description of irradiation creep 1.5.1.1 Generalities
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 129 Figure 1.29 -Comparison of creep rates observed in 20 % cold-worked 316 stainless steel in uniaxial tests during thermal aging or neutron irradiation in EBR-II. [124].

Figure 1 . 30 -

 130 Figure 1.30 -Irradiation creep rates for various FCC metals under proton irradiation [125, 126].
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 131 Figure 1.31 -Alternative heavy ion irradiation creep techniques: (a) bulge-test on a thin film, (b) compression test on a micropillar[START_REF] Sezer Özerinç | In situ creep measurements on micropillar samples during heavy ion irradiation[END_REF], and (c) three-point bending test[START_REF] Sriram | Irradiation induced creep in nanocrystalline high entropy alloys[END_REF].
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 5132 Figure 1.32 -Evolution of the irradiation creep rate with the stress for (a) 20% cold-worked Cu [150] -(b) nanocrystalline Cu and Cu 93.5 W 6.5 [139] -(c) annealed bulk Cu [123, 153] -(d) nanocrystalline Cu [143].

Figure 1 . 33 -

 133 Figure 1.33 -The effect of helium concentration on irradiation creep compliance for specimen pre-irradiated with 15 MeV helium atoms at 100 MPa at a dose of 1 dpa [159].
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 21 Figure 2.1 -Concept of a LOC tensile stage.

Figure 2 . 3 -

 23 Figure 2.3 -Force-displacement relationship for two actuator lengths.
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 124 Figure 2.4 -Main test structures present in the lithography mask.
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 25 Figure 2.5 -(a) Symmetric (current design) and (b) non-symmetric structures (design of Lapouge [126]).

Figure 2 . 6 -

 26 Figure 2.6 -Release steps seen from above for (a) a trapezoidal actuator (current design) and (b) a rectangular actuator (design of Lapouge [126]).

Figure 2 . 7 -

 27 Figure 2.7 -Description of the back-etching process.
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 28 Figure 2.8 -Description of the photolithography process with positive photoresist.
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 29 Figure 2.9 -Description of the lift-off process (negative photoresist).

Figure 2 .

 2 Figure 2.10 -Description of the PVD process.
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 211 Figure 2.11 -Conformal and non-conformal copper deposition.

Figure 2 .

 2 Figure 2.12 -TEM micrographs showing grain growth in non-annealed copper (a) asdeposited and (b) after a couple of hours. TEM micrograph of a 200 nm thickness nonannealed copper (c) a couple of hours after deposition and (d) five days after deposition [126].

Figure 2 .

 2 Figure 2.13 -TEM micrographs showing (a) a non-annealed 500 nm thickness copper film few weeks after deposition -(b) a 150 • C annealed 500 nm thickness copper film after deposition [126].

Figure 2 .

 2 [START_REF] Sj Zinkle | Microstructure of copper following high dose 14-mev cu ion irradiation[END_REF].

Figure 2 .

 2 Figure 2.14 -SEM micrograph of a copper layer deposited on SiO 2 .
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 1215 Figure 2.15 -Layout of the XeF 2 etching device.

Figure 2 . 16 -

 216 Figure 2.16 -Effect of XeF 2 etching on copper: (a) before etching, (b) after 10 XeF 2 pulses without prior pumping, and (c) after 10 XeF 2 pulses after one day pumping.

Figure 2 .

 2 Figure 2.17 -SEM micrographs of structures from the same sample after release for (a) pure copper specimens and (b) 2 dpa pre-irradiated copper specimens. The yellow arrows show the under-etched lengths, and the white arrow shows the irradiated area.
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 218 Figure 2.18 -Polymer coating observed during XeF 2 etching preventing silicon etching in the He-implanted part of the structure.
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 219 Figure 2.19 -Masking device (a) CAD drawing -(b) actual device [126] -(c) 3D microscope micrography before and after masking sheet set-up at the overlap between copper specimens and actuators.
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 221 Figure 2.21 -Evolution with the time of the force-displacement relationship for two actuator lengths.

Figure 2 .

 2 Figure 2.22 -Impact in the change in photoresist and lithography mask design on the resolution of the cursors: (a) current cursors and (b) cursors of Lapouge [126].
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 223 Figure 2.23 -Structures for mismatch strain measurements.

Figure 2 .

 2 Figure 2.24 -Tensile structure seen from above.

Figure 2 .

 2 Figure 2.25 -(a) 2 dpa irradiated structure showing evidence of misalignment -(b) Localization in the non-irradiated area of the copper specimen.
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Figure 2 .

 2 Figure 2.26 -Head of the deformation GATAN TEM single tilt sample holder.
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 227 Figure 2.27 -Geometry of the straining sample.

Figure 2 .

 2 Figure 2.28 -Straining specimen preparation: (a) both sides polishing -(b) single side polishing.

Figure 2 .

 2 Figure 2.29 -JANNuS Orsay layout in three dimensions.

Figure 2 .

 2 Figure 2.30 -Available elements that have been tested in the IRMA implanter and ARAMIS accelerator.

Figure 2 .

 2 Figure 2.31 -Ex-situ irradiation specimen holder (a) opened for tensile specimens positioning -(b) closed shortly before irradiation.

2. 2 .

 2 Figure 2.33 -TEMs with in-situ ion irradiation operational in 2014 [189].

Figure 2 .

 2 35. For the in-situ straining experiments under irradiation, fluxes ranging from 1.2 × 10 10 (9.6 × 10 -5 dpa/s) ions/cm 2 /s to 1 × 10 11 ions/cm 2 /s (8 × 10 -4 dpa/s) are studied, although most experiments are performed for fluxes of 5 × 10 10 (4 × 10 -4 dpa/s) and 8 × 10 10 ions/cm 2 /s (6.4 × 10 -4 dpa/s). The final fluences range from 7.3 × 10 12 (5.84 × 10 -2 dpa) and 1.3 × 10 14 ions/cm 2 (1.04 dpa).

Figure 2 .

 2 Figure 2.34 -JANNuS-Orsay SCALP modified Tecnai G20 TEM, allowing for ion beam irradiation with an angle between the electron and ion beams of 68 • [177].

Figure 2 .

 2 Figure 2.35 -Relative damage profile for 2 MeV Cu + ions with an angle Θ between the specimen surface normal and ion beam of 60 • .
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 236 Figure 2.36 -Description of the in-situ straining experiments under irradiation; dδ represents the variation in displacement δ.

Figure 2 .

 2 Figure 2.37 -Notation for the derivation of the Schmid factor.
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 2 Figure 2.39 -Evolution of the width of the defect-free zone with the temperature for Ar + irradiated Ni [204].
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 31 Figure 3.1 -TEM micrograph of annealed pure Cu (150 • C during 30 min).

Figure 3 .

 3 Figure 3.3 -(a) He atoms concentration and (b) induced damage obtained in 500 nm thickness Cu layer for 1 at. % He implantation using the software SRIM [190].
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 34 Figure 3.4 -TEM underfocused micrographs for (a) 1% at. He implanted Cu and (b) 7% at. He implanted Cu.

Figure 3 . 5 -

 35 Figure 3.5 -TEM underfocused micrographs showing larger bubbles at grain boundary for 1% at. He implanted Cu.

Figure 3 . 6 -

 36 Figure 3.6 -Damage and He implantation profiles for (a) 350 nm thickness Cu deposited on a silicon wafer -(c,d) silicon. The black double arrows representing the damaged zone and the zone containing He bubbles are based on TEM observations.

Figure 3 . 7 -

 37 Figure 3.7 -TEM underfocused micrograph showing bubbles in silicon for 7% at. He implanted Cu.

Figure 3 . 8 -

 38 Figure 3.8 -Schematic view a 1 at. % implanted structure before XeF 2 etching.
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Figure 3 .

 3 Figure 3.10 -TEM micrographs for 7 at. % He implanted Cu for three different grains (a,b), (c,d) and (e,f). FFT insets show showing He bubble alignments along <100> and <111> directions.

Figure 3 .

 3 Figure 3.11 -(a) Damage profile and (b) volume distribution of Cu ions for a mean damage of 1 dpa.

Figure 3 .

 3 Figure 3.13 -TEM analysis of the Cu layer and the silicon layer underneath for 1 at. % He Cu after 1 dpa irradiation followed by 150 • C annealing during 30 minutes: (a) EELS at the M edge of Cu, (b) Cu nano-crystallite in the Si layer, (c) EFTEM at the L edge of Cu, and (d) EFTEM at the K edge of Si.
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 315 Figure 3.15 -Description of the Stoney method for internal stress extraction.

Figure 3 . 16 -

 316 Figure 3.16 -Notations used for the XRD experiment.

Figure 3 . 17 -

 317 Figure 3.17 -Strain evolution with sin 2 (Ψ) for (a) pure Cu, (b) Cu 1 at. % He, and (c) Cu 7 at. % He.

Figure 3 . 18 -

 318 Figure 3.18 -Method for specimen mismatch strain determination based on the calibration of the stress-strain curve in the elastic domain: (a,b) pure Cu, (c,d) 1 at. % He implanted Cu, and (e,f) 2 dpa irradiated Cu.
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 18320 Figure 3.20 -Frame of reference (S 1 , S 2 , S 3 ) for which S 3 is perpendicular to the film surface, and (S 1 , S 2 ) are arbitrarily defined due to rotational invariance.
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 321 Figure 3.21 -Initial stress-strain curves on the day of the release for pure Cu, 1 at. % He implanted Cu, and 2 dpa irradiated Cu.

Figure 3 . 22 -

 322 Figure 3.22 -Fracture surface and localization for (a,b) pure Cu, (c,d) 1 at. % He implanted Cu, and (c,d) 2 dpa irradiated Cu.
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 3 IRRADIATION AND HE BUBBLE INDUCED HARDENINGFor pure Cu and 2 dpa irradiated Cu, the strain rate sensitivity exponent m is around 0.04, and the activation volume normalized by the Taylor factor V act /M is around 20 b 3 . Although the trend is not clear for He implanted Cu, the strain rate sensitivity exponent m and the activation volume normalized by the Taylor factor V act /M are in the same ranges as for pure Cu and 2 dpa irradiated Cu. As stated in Section 3.2.2, a value of 3.06 is taken for the Taylor factor M . Therefore, the activation volume V act is around 60 -90 b 3 for pure Cu and 2 dpa irradiated Cu.

Figure 3 .

 3 Figure 3.23 -Strain evolution with time after release for (a) pure Cu, (b) 2 dpa irradiated Cu, and (c) 1 % at. He implanted Cu.

Figure 3 . 25 -

 325 Figure 3.25 -Experimental results obtained in the literature for copper for the activation volume V act and the strain rate sensitivity exponent m: (0) [224], (1) [227], (2) [228], (3) [229], (4) [230], (5) [231], (6)[START_REF] Wang | Enhanced tensile ductility and toughness in nanostructured cu[END_REF],[START_REF] Ml Grossbeck | An assessment of tensile, irradiation creep, creep rupture, and fatigue behavior in austenitic stainless steels with emphasis on spectral effects[END_REF] [START_REF] Zehetbauer | Cold work hardening in stages iv and v of fcc metals-i. experiments and interpretation[END_REF],[START_REF] Steven | A literature review of radiation damage data for copper and copper alloys[END_REF] [START_REF] Lu | Nano-sized twins induce high rate sensitivity of flow stress in pure copper[END_REF], (9)[START_REF] Ps Follansbee | A constitutive description of the deformation of copper based on the use of the mechanical threshold stress as an internal state variable[END_REF],[START_REF] Li | 4.20-physical and mechanical properties of copper and copper alloys[END_REF] [START_REF] Wei | Effect of nanocrystalline and ultrafine grain sizes on the strain rate sensitivity and activation volume: fcc versus bcc metals[END_REF], and (11)[START_REF] Guduru | Mechanical behavior of nanocrystalline copper[END_REF].
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 326 Figure 3.26 -Same tensile specimens observed (a,b) at UCLouvain on the day of the release and (c,d) at CEA Saclay 18 days later.

Figure 3 .

 3 Figure 3.27 -(a) Description of the nanoindentation process -(b) Schematic of indentation load-displacement curve for the CSM method.

. 54 )

 54 where α 0 is the half-apex angle of the indenter cone (α 0 = 70.3 • for a Berkovich indenter).The results obtained by Chen et al.[START_REF] Chen | Numerical study on the measurement of thin film mechanical properties by means of nanoindentation[END_REF] are represented in Figure3.29. If the Young's modulus E is set to 110 GPa for both pure Cu and 1 at.% He implanted Cu and considering the yield strengths given by the LOC results (σ Cu 0.2% = 250 MPa and σ Cu-1at.%He 0.2%

Figure 3 . 28 -

 328 Figure 3.28 -Description of a pile-up and a sink-in behavior.
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 329 Figure 3.29 -Normalized height of pile-up h p /h as a function of the yield strain [246].

Figure 3 .

 3 30.a) and the larger stress obtained of the tensile structures (light-blue circle). This translation is illustrated by the light-blue double arrow in Figures 3.30.a and b.

Figure 3 .

 3 Figure 3.30 -(a) Stress evolution with the strain rate in log-log scale, and (b) The stressstrain curve obtained for pure Cu on the day of the release. The red and green points represent the nanoindentation data using the Oliver and Pharr and Loubet methods.
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 331 Figure 3.31 -Critical angle for dislocation break-away ϕ c .
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Figure 4 . 1 -

 41 Figure 4.1 -Damage profile for a mean dose of 1 dpa using 1.2 MeV Cu + ions (2 × 10 14 ions/cm 2 ). The red line represents the thickness of the Cu film specimens (500 nm).
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 42 Figure 4.2 -Chronology of the irradiation creep experiments.
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 43 Figure 4.3 -(a) SEM micrography showing a Cu tensile specimen and a Si 3 N 4 actuator. The insert displays the cursors used for the measurement of the specimen displacement u. Structures observed in the 3D microscope (b) before and (c) after the installation of the sample on the masking device.
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 211 Stress and strain evolution during the experiments During all the irradiation creep experiments, the deformation of the specimens is homogeneous. No localization or failure is observed under irradiation.

Figure 4 .

 4 4 shows SEM images of two samples (n • 8 and 16) before and after irradiation creep. The cursor displacements have increased under irradiation for both samples. Moreover, for the structure n • 8, no localization is observed before irradiation (Figure 4.4.a). The same observation is made after irradiation (Figure 4.4.b).

Figure 4 . 4 -

 44 Figure 4.4 -SEM images of two pure Cu tensile specimens before irradiation creep (a,c) and after irradiation creep (b,d). The green circles surround areas with a localized plastic deformation.
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 5 

  and 4.6, respectively. In these Figures, each selected structure is characterized by the ratio between the actuator length and the specimen length L a /L Cu (given in the legends ofFigures 4.5 

  and 4.6). For pure Cu and He implanted Cu specimens, no variation in strain or stress is recorded during the night before the irradiation creep experiments (Figure 4.5.a,b and Figure 4.6.a,b).After 1 dpa irradiation, a significant increase in the strain, as well as a significant decrease in stress, are determined. Same observations are made during the following 2 dpa irradiation.

Figure 4 . 5 -

 45 Figure 4.5 -Strain and stress evolution with time for specimen involving different L a /L Cu ratios (and thus stress levels) for pure Cu (a,b) irradiation creep specimens, (c,d) reference specimens. The grey arrows underline the evolution of the stresses and the strains for the specimens under irradiation and the reference specimens.

Figure 4 .

 4 5.c,d and Figure 4.6.c,d).

Figure 4 .

 4 7 represents the overall strain-stress curve evolution during the irradiation creep experiment for pure Cu (Figure 4.7.a) and 1% at. He implanted Cu (Figure 4.7.b).

Figure 4 . 6 -

 46 Figure 4.6 -Strain and stress evolution with time for different L a /L Cu ratios for (a,b) Cu-1% at. He irradiation creep specimens, (c,d) pure Cu reference specimens.

Figure 4 . 7 -

 47 Figure 4.7 -Stress-strain curve evolution during the irradiation creep experiment (D stands for the day of the release) for (a) pure Cu, (b) Cu-1%at. He.

Figure 4 . 8 -

 48 Figure 4.8 -(a) Irradiation creep response for pure Cu, Cu-1%at. He, 2 dpa irradiated Cu -(b) in log-log scale. The light-blue points on the pure Cu data represent the points extracted from the first irradiation step (1 dpa).

Figure 4 . 9 -

 49 Figure 4.9 -Evolution of irradiation creep rate with the stress for (a) 20% cold-worked Cu under light ion irradiation [150] -(b) nanocrystalline Cu and Cu 93.5 W 6.5 under Kr + irradiation at 200 • C [139] -(c) annealed bulk Cu in-reactor between 150 and 500 • C [123, 153]: irradiation creep (1-7) and thermal creep (8,9) -(d) nanocrystalline Cu under Ar + irradiation at 200 • C [143].

  Atkins and McElroy [159] performed irradiation creep experiments using 3.7 MeV protons on 316L stainless steel tensile specimen pre-irradiated with He ions. The pre-irradiation was performed with 15 MeV He ions at 673 or 823 K, under stresses of 10 or 100 MPa at 1, 12 and 50 appm of He up to a dose of 1 dpa. The creep compliance was then measured during the subsequent proton irradiation at either 673 K or 823 K. The authors found a reduction of the creep compliance with increasing He concentration (Figure4.10). Atkins and McElroy[START_REF] Atkins | Development of fusion first-wall radiation damage facilities[END_REF] suggested that the reduction in creep compliance with He content is due to the increase in bubble density.

Figure 4 . 10 -

 410 Figure 4.10 -The effect of He concentration on irradiation creep compliance for specimen preirradiated with 15 MeV He atoms at 100 MPa at a dose of 1 dpa [159].

Figure 4 .

 4 Figure 4.11 -FIB milling of a pure Cu specimen at the end of the irradiation creep experiment.

Figure 4 .

 4 Figure 4.12 -Post-irradiation creep TEM micrographs for pure Cu and Cu-1at.% He. The yellow arrows point to jogged dislocations.

Figure 4 .

 4 Figure 4.13 -(a) Stress dependence of irradiation creep in 60% cold-worked 321 stainless steel [131] -(b) Stress dependence of the irradiation creep rate (irradiation-enhanced component) for Ni-4 Si. The thermal creep rate is also shown for comparison [257].

Figure 4 .

 4 Figure 4.14 -Thermal creep stress exponent with temperature obtained for copper: (1) Vitovec [262], (2) Henderson et al. [261], (3) Jenkins et al. [264], (4) Raj et al. [265], (5) Parker et al. [266], (6) Feltham et al. [267], (7) Chandler[START_REF] Chandler | A comparison between steady state creep and stress relaxation in copper[END_REF], and (8) Lapouge[START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] (LOC).

  Figure 4.9.c), nickel alloys [257] (Figure 4.13.b), and stainless steels [131] (Figure 4.13.a) are performed at temperatures for which the stress exponent has already reached its moderate to high temperature value (4 for Cu). For instance, at 150 • C, Aitkhozhin et al. [123, 153] measured a stress exponent for the thermal creep around 4. This may explain why, for these experiments, the thermal creep exponents are equal to the irradiation creep exponents. In conclusion, the analysis above seems to indicate that the irradiation creep mechanisms active at high stresses are similar to those active during thermal creep experiments at moderate to high temperatures.

  .14) with C a constant and N ∞ = 2.5 × 10 23 m -3 (see Section 3.1.3).

Figure 4 .

 4 Figure 4.15 -(a) Irradiation creep law based on the ratio σ/σ y for pure Cu (first irradiation step and subsequent steps), Cu-1%at. He, 2 dpa irradiated Cu -(b) in log scale.

Figure 4 . 16 -

 416 Figure 4.16 -Distribution of Cu + ions implanted for a mean damage of 1 dpa (in at.%). The red line indicates the specimen thickness.

Figure 4 .

 4 Figure 4.17 -TEM images (a) before and (b) after the irradiation creep experiment (overfocus of +400 nm).

Figure 4 .

 4 Figure 4.18 -(a) 3D design of a real LOC structure -(b) simplified thermal model.
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 5 IN-SITU TEM STRAINING EXPERIMENTS

Figure 5 . 1 -Figure 5 . 2 -

 5152 Figure 5.1 -Individual dislocation motion: (a) before and (b) after an increase in displacement δ, and (c) image subtraction between (b) and (a). The arrows point to a moving dislocation.

Figure 5 . 4 -

 54 Figure 5.4 -Dark-field images showing evidence of irradiation defects (mainly SFT), with a diffraction vector g = 111, near the zone axis <112>. Red circles are displayed around SFT.

Figure 5 . 5 -

 55 Figure 5.5 -(a-d) TEM DF images showing dislocation motion under applied stress -(e-h) Image subtractions. Current positions and previous positions are represented in white, respectively black. The diffraction vector is g = 200, near the zone axis <011>.

Figure 5 . 7 -

 57 Figure 5.7 -(a) JANNuS-Orsay SCALP modified Tecnai G20 TEM, allowing for ion beam irradiation with an angle between the electron and ion beams of 68 • [177] -(b) Head of the deformation GATAN TEM single tilt sample holder.

Figure 5 . 9 -

 59 Figure 5.9 -Evolution of the magnitude of the displacement of several dislocations during an irradiation step.

5. 2 .

 2 Figure 5.10 -TEM micrographs showing ion beam-on and beam-off dislocation motion under applied stress: (a) and (b) two successive strain increments -(c) no strain increment -(d) a first irradiation step; (e) (f) (g) and (h): image subtractions showing in white the dislocation positions at the initial time step respectively after a first load increment, a second load increment, a waiting step of 47 seconds, and an irradiation step of 65 seconds. δ and ∆δ represent, respectively, the total crosshead displacement (since the beginning of the experiment) and the variation in crosshead displacement.

Figure 5 .

 5 Figure 5.11 -TEM micrographs under applied stress (a) before irradiation, (b) at the end of a first irradiation step, (c) 50 seconds after the end of the first irradiation, (d) at the end of a second irradiation step, (e) 27 seconds after the end of the second irradiation; (f)-(j): image subtractions showing the initial dislocation positions in white. The arrow points at moving dislocations tracked during the irradiation phases. Bright-field TEM, g = 200, close to zone axis [012]. The crosshead displacement is held constant (δ = 105 µm).

5. 2 .Figure 5 . 12 -

 2512 Figure 5.12 -Evolution with the time of (a) the cumulated number of dislocation jumps; (b) the dose and crosshead displacement δ. The origin of times is taken to be the beginning of the experiment.

Figure 5 .

 5 Figure 5.13 -(a) Dislocation jumps frequency during steps when the ion beam is off (in grey) and when the ion beam is on (in green); (b) variation of the dose and crosshead displacement as a function of the time. The blue dotted line on the first graph represents the increase in crosshead displacement.

Figure 5 .

 5 14.c and Figure 5.14.d represent respectively the mean pinning lifetimes (or waiting time between two jumps) during eight irradiation steps and the histogram of mean pinning lifetimes. The mean pinning lifetime slightly increases with irradiation dose, suggesting that the pinning ability, or obstacle strength, of the irradiation defects increases with irradiation dose. The mean pinning lifetime is equal to 42 seconds.

Figure 5 .

 5 Figure 5.14 -(a) Mean dislocation jump magnitude and (c) mean pinning lifetime during different irradiation steps. Distribution of (b) dislocation jump magnitudes and (d) pinning lifetimes during irradiation from the 4 th to the 18 th irradiation step.

Figure 5 .

 5 Figure 5.15 -TEM micrograph of the sample at the end of the experiment observed in weakbeam dark-field conditions with a g = 200. The green and red dashed circles overlay respectively small loops and small SFT.

57 •

 57 100 nm (ok) There are three possible Burgers vectors (grey arrows in Figure 5.16): [110], [011] and [101].

Figure 5 . 16 -

 516 Figure 5.16 -Determination of the slip system for the first dislocation type.

Figure 5 .

 5 Figure 5.18 -Determination of the slip system for the third dislocation type.

Figure 5 .

 5 Figure 5.19 -Cross-slip observed between the first and second dislocation type.

5. 2 .

 2 Figure 5.20 -(a) Stereographic projection -(b) TEM micrograph showing that the tip of the V moves along the [110] axis and that the traces of the dislocations are consistent with the glide planes (111) and (111).

CHAPTER 5 .

 5 Figure 5.21 -Geometrical transformation to project the image plane into the glide plane.

Figure 5 .

 5 Figure 5.22 -TEM micrographs for an unirradiated specimen at the end of different steps: (a) 38 seconds of pause, (b) electron beam focus of few seconds, (c) 13 seconds of pause before ion irradiation, and (d) the first ion irradiation step. Image subtractions during each phase in the same order: (e), (f), (g), and (h). The red arrows point at the moving dislocations. Bright-field TEM, g = 111, close to zone axis [112]. The crosshead displacement is held constant (δ = 152 µm).

Figure 5 .

 5 Figure 5.23 -TEM micrographs for a previously irradiated specimen at the end of different steps: (a) few seconds of electron beam focusing, (b) 20 seconds of pause, (c)-(f) during an ion beam irradiation. Image subtractions corresponding to each step in the same order: (g)-(j). The red arrows point at a moving dislocation. Bright-field TEM, g = 220, close to zone axis [001]. The crosshead displacement is held constant (δ = 157 µm).

2 .

 2 Elastic dipole tensor for interstitials at the ground state derived from first principles (orientation along[START_REF] Li | Compressive flow behavior of cu thin films and cu/nb multilayers containing nanometer-scale helium bubbles[END_REF])[START_REF] Vattré | Non-random walk diffusion enhances the sink strength of semicoherent interfaces[END_REF] Elastic dipole tensor for interstitials at the saddle point derived from first principles (jump in the[START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF] direction)[START_REF] Vattré | Non-random walk diffusion enhances the sink strength of semicoherent interfaces[END_REF] ARTICLE: IN-SITU TEM EXPERIMENTS UNDER IRRADIATION Dislocation sink strength in the case of climb driven by dislocation bias

Figure 5 . 24 -

 524 Figure 5.24 -Evolution of the pinning lifetime with the stress for climb driven by dislocation bias and SIPA mechanisms (with and without taking into account the foil surfaces strengths).The black point represents the experimental conditions, and the black arrows point to the transition between a regime where the pinning lifetime does not depend on stress and a regime where it depends on stress for SIPA-AD with surfaces.

Figure 6 . 1 -

 61 Figure 6.1 -Graphical abstract.

  .2.a, the X, Y and Z directions correspond to the HCP crystal axes [1120], [0001], and [1100]. Periodic boundary conditions were applied in the X direction and Y direction.

Figure 6 . 2 -

 62 Figure 6.2 -Boundary conditions (using the CNA method): (a) for the interaction of the dislocation with the loop -(b) for the cascade calculations.

Figure 6 .

 6 Figure 6.5 shows the evolution of a dislocation pinned on a loop in a case where the unpinning was triggered by the displacement cascade. Although it is not clear what happens at the cascade peak of damage, it appears that, the PKA is "efficient" when the cascade is generated around the helical turn, encompassing the pinning points of the dislocation. The dislocation is then released due to the reorganization of atoms during the cascade relaxation. Furthermore, in most cases, the residual loop is partially destructed by the cascade. After the relaxation of the cascade, it is distorted and its size is reduced by around 50 % of its initial area. The interstitials, in excess, are distributed over several small clusters around the residual loop. As represented in Figure6.6, in the cases where the PKA is "inefficient", the pinning points of the dislocation are not entirely encompassed by the cascade at its damage peak, suggesting that the unpinning occurs when the cascade covers both pinning points of the dislocation. Figure 6.7 shows the results of the simulations in the form of histograms for the unpinning probability as a function of position of the PKA for the X-axis [1120], Y -axis [0001], and Z-axis [1100]. Over the X-axis Figure 6.7.a), the unpinning is more often observed when the PKAs occur at around half-way between the two pinning points of the dislocation (represented by the two large yellow dots). The "efficient" PKAs are preferentially located over the Y -axis near the two pinning points (Figure 6.7.b).Over the Z-axis (Figure6.7.c), the unpinning is more likely for a PKA located 3 to 5 nm below the dislocation glide plane. These results suggest again that the unpinning occurs when the cascade covers up both pinning points of the dislocation, as depicted in Figure6.5. Nevertheless, the unpinning activation keeps an intrinsic probabilistic nature, supposedly due to the random choice, in MD calculations, of initial atomic positions and velocities around the equilibrium, which induces heterogeneities in the shape of the cascade. This highlights, once again, that the unpinning activation heavily depends on the shape and position of the cascade with respect to the pinning points.

Figure 6 . 6 -Figure 6 . 7 -

 6667 Figure 6.6 -Snapshots showing time evolution of core atoms (using the CNA method) in a case where the unpinning of the dislocation is not activated (the video can be found in the Supplementary data).

Figure 6 . 8 -

 68 Figure 6.8 -MD simulations at 3 stress levels: (a) and (d), (b) and (e), (c) and (f) represent the dislocation and the results for the refined and the coarse mesh for stress levels of respectively 0.89τ c , 0.93τ c and 0.97τ c ), the helical turn is represented in blue, the large green dots represent the "efficient" PKAs and the small red dots represent the "inefficient" PKAs.
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 143 Determination of the cascade radius R c (E P KA )

CHAPTER 6 .

 6 A MOLECULAR DYNAMICS STUDY OF A CASCADE INDUCED IRRADIATION CREEP MECHANISM AT HIGH STRESSES

Figure 6 . 18 -

 618 Figure 6.18 -Graphical abstract.

Figure 6 . 22 -

 622 Figure 6.22 -Unpinning probability for a shear stress τ = 0.95τ c as a function of the position of the PKA (a) along the X axis [110]; (b) along the Y axis [112]; (c) along the Z axis [111]. Type 1, type 2 and total unpinning probabilities are represented in green, red, and grey, respectively.

CHAPTER 6 .

 6 Figure 6.26 -(a) Evolution of the effective volume with stress, the insert shows the dislocation using the DXA algorithm with the pinning points considered in red -(b) Pinning lifetime evolution with stress based on the distance between the pinning points in red (solid line), the hatched areas between the dashed lines represent the standard deviation, the blue line represents the experimental value obtained in Ref. [275].

Figure 6 . 28 -

 628 Figure 6.28 -Shear stresses generated by a 20 keV cascade for the full configuration (dislocation pinned on a loop at τ = 0.95τ c ) and for a perfect crystal.

Figure 6 .

 6 [START_REF] Marochov | Growth of inert gas bubbles after implantation[END_REF] represents the distribution of critical shear stresses for unpinning from cascade residues. The mean critical stress is found around 186 MPa, which is slightly lower than the 200 MPa critical stress obtained for the initial Frank loop. If this study seems to indicate that a possible artificial drop in critical stress may occur, more investigation is needed to draw any real conclusion.

Figure 6 . 29 -

 629 Figure 6.29 -Distribution of critical shear stresses post type 2 pinning-repinning on cascade residues (τ = 0.95τ c and E P KA = 20 keV).
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 21 Description des essais micromécaniques « Lab-On-Chip » sous irradiation 8.2.1.1 Principe des structures « Lab-On-Chip » La principale technique utilisée pour cette étude est la technologie dite « Lab-On-Chips » (LOC) développée en salle blanche à l'UCLouvain qui permet de réaliser des essais micromécaniques de traction (Figures 8.1.a-d). Ces structures sont composés de trois éléments: un substrat en silicium (Si), une couche « actuateur » en Si 3 N 4 et une couche « échantillon » du matériau à caractériser (ici Cu), representés respectivement en gris, vert et rouge sur la Figure 8.1.f. La couche « actuateur » est déposée par LPCVD (« Low Pressure Chemical Vapor Deposition ») à 790 • C. La couche « échantillon » est déposée par voie PVD (« Physical Vapor Deposition ») puis recuite à 150 • C pendant 30 minutes afin de stabiliser la microstructure. Ces deux couches sont structurées par des techniques de gravure et de lithographie. Le silicium présent en dessous des couches « actuateur » et « échantillon » est gravé par gravure sèche XeF 2 . De ce fait, les contraintes internes de l'actuateur (∼ 1 GPa) sont relâchées, et un déplacement u de l'échantillon est induit jusqu'à atteindre la force F d'équilibre entre l'actuateur et l'échantillon. Comme le matériau actuateur a un comportement purement élastique, le déplacement u, mesuré à l'aide de curseurs (Figure 8.1.d et f), permet de remonter directement à la contrainte et à la déformation dans l'échantillon. En multipliant le nombre de structures (Figure 8.1.b), la courbe contrainte-déformation du cuivre peut être reconstituée au temps initial (courbe noire en pointillés sur la Figure 8.1.h).

Figure 8 . 1 -

 81 Figure 8.1 -(a-d) Présentation des structures LOC et (e-h) des expériences de fluage d'irradiation.

Figure 8 . 2 -

 82 Figure 8.2 -Résultats des expériences LOC: (a-c) microstructure initiale, (d) profils d'implantation et de dommage, (e) Courbes contrainte-deformation initiales, (f,g) Lois de fluages, et (h) exposants de la contrainte pour les lois de fluage d'irradiation (jaune) et thermiques (noir) pour l'étude actuelle et de précédentes études [261-267].

8. 2 . 2

 22 Description des expériences in-situ de traction sous irradiation au MET Afin d'observer des mécanismes de fluage d'irradiation à l'échelle des dislocations, une approche originale de traction in situ sous irradiation aux ions cuivre 2 MeV dans un microscope électronique en transmission (MET) est mise en oeuvre sur du cuivre pur sur la plateforme Jannus Orsay/SCALP[START_REF] Bacri | Scalp, a platform dedicated to material modifications and characterization under ion beam[END_REF]. Les échantillons sont des petites éprouvettes de traction prélevées de feuillards de cuivre OFHC et polies électrolytiquement en leur centre afin d'obtenir une zone transparente au MET (Figure8.2.d).

Figure 8 . 3 -

 83 Figure 8.3 -(a) Dispositif de traction in-situ au MET, (b) suivi de dislocations avec et sans irradiation: la flèche rouge pointe sur une dislocation .

8. 3

 3 Résultats et discussions 8.3.1 Résultats des essais micromécaniques « Lab-On-Chip » 8.3.1.1 Microstructure initiale et comportement mécanique avant irradiation L'échantillon de cuivre PVD présente des grains colonnaires de 500 nm de diamètre et une texture <111>. La pré-implantation d'hélium à 1% atomique dans du cuivre induit la formation de bulles nanométriques (Figure 8.2.b) tandis que la pré-irradiation aux ions Cu 1,2 MeV induit la formation de tétraèdres de fautes d'empilement (Figure 8.2.c). Par ailleurs, avant irradiation, le cuivre pré-implanté à l'hélium est nettement plus dur que le cuivre pré-irradié pour un même dommage d'irradiation, ce qui permet de mettre en évidence l'effet durcissant des bulles d'hélium, qui est lui-même plus dur que le cuivre non irradié (Figure 8.2.e).8.3.1.2 Comportement mécanique sous irradiationAu cours des expériences de fluage d'irradiation, à contrainte égale, le cuivre pré-implanté à l'hélium flue deux fois moins vite sous irradiation que le cuivre pré-irradié, qui flue avec sensiblement la même vitesse que le cuivre pur (Figure8.2.f). Par ailleurs, les trois échantillons ont une vitesse de déformation qui évolue selon une loi puissance avec la contrainte, avec un exposant n de 4, ce qui est conforme à de précédentes expériences de fluage d'irradiation dans le cuivre pour des moyennes et hautes contraintes. Par ailleurs, comme le montre la Figure8.2.g, si la contrainte est normalisée par la limite d'élasticité, les trois courbes des trois échantillons s'alignent suivant une même courbe, ce qui indique que le fluage d'irradiation semble être uniquement piloté par le durcissement, du moins pour les niveaux de contraintes considérés (moyennes et hautes contraintes). Enfin, comme l'indique la Figure8.2.h, contrairement à ce qui est proposé par de précédentes études[START_REF] Ja Hudson | The irradiation creep of nickel and aisi 321 stainless steel during 4 mev proton bombardment[END_REF][START_REF] Nagakawa | Irradiation creep in simple binary alloys[END_REF], le fluage d'irradiation à moyennes et hautes contraintes (points jaunes) ne semble pas être simplement un renforcement du fluage thermique (points noirs). En effet, il semblerait plutôt que les mécanismes activés pour le fluage d'irradiation moyenne et haute contrainte quelle que soit la température soient les mêmes que pour le fluage thermique à haute température (>150 • C). Un article est en cours sur cette étude.

8. 4 .

 4 CONCLUSION ET PERSPECTIVES 8.3.2 Résultats des expériences in-situ au MET 8.3.2.1 Mise en évidence d'un nouveau phénomène de glissement des dislocations assisté par l'irradiation Lors des expériences in-situ au MET, il a été observé que, pour des contraintes légèrement inférieures à la contrainte d'écoulement des dislocations, alors que les dislocations glissent peu hors irradiation, de nombreux glissements sont observés sous irradiation. Ces glissements se font par sauts successifs d'amplitude similaire à la distance entre défauts d'irradiation (Figure 8.3.b). Des outils d'analyse d'image ont été mis en place pour quantifier ces sauts, et un temps d'attente moyen entre deux sauts de dislocation d'environ 40 secondes a été identifié. Par ailleurs, la fréquence de sauts est très sensible à la contrainte et augmente significativement après un léger incrément de contrainte. Un article a été publié à ce sujet dans le journal Acta Materialia [275].

  Des expériences de fluage d'irradiation sont réalisées sur des structures « Lab-On-Chips » pour du cuivre pur et du cuivre pré-implanté à 1% atomique d'hélium. Des lois de fluage d'irradiation sont extraites. Les LOC permettent de reproduire des comportements similaires à ce qui est observé dans la littérature. De plus, ils permettent d'accéder à une meilleure compréhension du fluage d'irradiation, notamment à moyennes et hautes contraintes. Cette technologie semble donc être une alternative solide aux expériences en réacteur et pourra être utilisée pour l'optimisation des performances et de la sûreté des composants des réacteurs.Par ailleurs, des expériences in-situ de traction, dans un MET, et sous irradiation aux ions lourds ont été réalisées sur du cuivre pur. Un glissement des dislocations assisté par l'irradiation a été observé. En s'appuyant sur des considérations expérimentales et théoriques, un mécanisme

Figure 8 . 4 -

 84 Figure 8.4 -Présentation des deux types de désancrage obtenus par dynamique moléculaire.

  the specimen (j) before the irradiation step i σ the specimen (j) after the irradiation step i σ (j) i mean true stress in the specimen (j) during the irradiation step i ϵ

Figure A. 4 -

 4 Figure A.4 -TEM image of the contamination present on an OFHC copper specimen.

Figure A. 10 -

 10 Figure A.10 -TEM image of an OFHC copper specimen (a) before PIPS2 polishing -(b) after PIPS2 polishing with a voltage of 100 eV, milling angles of ± 10 • C, and a rotation speed of 3 rpm.

Figure A. 11 -

 11 Figure A.11 -TEM image of the hole in the middle of an OFHC copper specimen (a) before PIPS2 polishing -(b) after PIPS2 polishing with a voltage of 500 eV, milling angles of ± 5 • C, and a rotation speed of 3 rpm.

Figure B. 1 -

 1 Figure B.1 -(a) Irradiation creep law for pure copper for Lapouge et al. [145] and the current experiments, using Lapouge (method PL) and the new data processing methodology (method MC), (b) same in log scale.

  Figure B.2.a. The actuator thickness is the second uncertainty factor (Appendix B.2). Moreover, it is not very well determined (Appendix B.3). Therefore, the impact of a variation of ± 10% is also shown in Figure B.2.a. It is clear that an error in the magnitude of the actuator thickness can induce a significant variation in the pre-factor K. In addition, the relative error between our data and the previous data of Lapouge for the same magnitude of the actuator mismatch strain is represented in Figure B.2.b and is defined as follows: e(ϵ a ) = K P L (ϵ a ) -K N K (ϵ a ) K P L (ϵ a ) . (B.5)

  .a and b are obtained. Figures B.3.c and d represent the relative error between the current results and previous results of Lapouge.

Figure B. 3 -

 3 Figure B.3 -Pre-factor K evolution with actuator mismatch strain ϵ a using the same material characteristics for Lapouge et al. [145] experiments and current experiments on pure Cu as for (a) Lapouge et al. [145] (b) the current study. The hatches represent the impact of a variation in thickness of ± 10% -(c) and (d) relative error between the current study and the results of Lapouge, taking the material characteristics of Lapouge and of the current study, respectively.

Figure B. 4 -

 4 Figure B.4 -First-order Sobol indices evolution with the number of random draws N for the different material characteristics.

Figure B. 7 -

 7 Figure B.7 -First and total Sobol indices for the different material characteristics for N = 20000, with a fixed actuator mismatch strain ϵ a = 0.0033.

Figure B. 12 -

 12 Figure B.12 -Description of the irradiation creep experiment on He implanted copper.

Figure C. 9 -

 9 Figure C.9 -(a), (b) TEM images of a tensile sample.

  Figure C.11 shows evidence of individual dislocation motion. Many dislocation pile-ups are observed, and two slip systems are activated, referred to as system (1) and system (2) in Figure C.12. The grain is oriented through diffraction pattern analysis using the software Carine Crystallography. The deformation mechanisms observed are therefore dislocation-controlled. The emphasis is made here on the system (1) that can be fully determined through traces analysis (Figure C.12.b) and dislocation extinction (Figure C.12.c). As shown in Figure C.13, the traces are compatible with two glide planes: (111) and (111). The actual glide plane can be ascertained through thickness estimation. The distance between the two traces d app (Figure C.13

  For this glide plane, three Burgers vectors are possible: 1/2[101], 1/2[110], and 1/2[011]. As shown in Figure C.12.c, the extinction of the dislocations occurs for a diffraction vector g = 020. Therefore, the Burgers vector b must validate the condition g.b = 0. The Burgers vector is thus 1/2[101]. According to Figure C.13, the dislocation lines are nearly along the Burgers vector, indicating that the dislocations are of a screw nature.

  or 38), the dislocation line is parallel to the Burgers vector 1/2[101] (Figure C.14.g or C.15.a). This, again, reinforces the previous analysis.

C. 2 .

 2 Figure C.12 -Pile-ups: (a) two active slip systems -slip system under investigation for a tilt equal to 0 • (b) or 42 • (c).

Figure C. 14 -

 14 Figure C.14 -Successive frames recorded during straining: the yellow lines show the formation of new traces and pile-ups, the red and purple arrows point to two dislocations that undergo two successive cross-slips. The two slip observed slip systems are the same as in Figure C.12.

  , C.18 and C.19, and is in good agreement with previous post-irradiation experiments

D. 1 .

 1 Figure D.3 -Extreme cases encountered after cascade relaxation: (a) configuration with the higher critical stress for unpinning -(b) lower critical stress for unpinning. The dislocation is displayed in grey using the CNA method.

Figure D. 4 -

 4 Figure D.4 -Orientations selected for PKA velocity direction investigation and aimed cascade center for the type 1 (green) and the type 2 (red) unpinning. The blue points represent the PKA selected, the arrows the PKA directions, and the large red and green points the two target cascade centers.

Figure D. 5 -

 5 Figure D.5 -Unpinning probability for different PKA directions for (a) the type 1 unpinning -(b) the type 2 unpinning.
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Table 1 .

 1 1 -Review of experimentally determined helium bubble strengths.

	Study	Specimen	T irr	He content	Bubble diameter	α bubble	ϕ c
	Guo et al. [101]	Cu single-crystal	RT	0.35 at.%	0.4 nm		∼77 •
	Wang et al. [105]	Cu single-crystal	RT	2 × 10 17 cm -2	1.37-1.48 nm	0.05-0.06	
	Wang et al. [105]	Cu single-crystal	RT	1 × 10 18 cm -2	2.23 nm	0.1	
	Li et al. [100]	Cu single-crystal	RT	7 at.%	1.35 nm		∼53 •
					1.1-1.4 nm		
	Knapp et al. [95]	Ni	RT, 500 • C 200 • C,	1-10 at.%	(RT and 3.1-6.4 nm 200 • C) /	0.14-0.22	
					(500 • C)		
	Wei et al. [110]	V	RT	1 × 10 17 cm -2	0.8 nm	0.18	∼76 •
	Li et al. [104]	Al-4Cu single-crystal	473 K	2 × 10 17 cm -2 / peak at 12 at.%	∼2 nm	0.15-0.18 ∼60 •
	1.4.1.2 Temperature effects				
	Knapp et al. [95] investigated helium bubble hardening effects for 1, 3, 5, and 10 at.% helium
	implanted nickel at room temperature, 200			

Table 1 .

 1 2 -Review of creep compliances in the linear regime for copper and copper alloys.

	investigated the irradiation creep behavior of 316 and PCA
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Table 3 .

 3 1 -Successive He implantation conditions.

	Ion	Charge	Energy (keV)	Fluence (atoms/cm 2 )
	He	1	100	1.60 × 10 16
	He	1	80	7.50 × 10 15
	He	1	40	1 × 10 16
	He	1	20	5 × 10 15

3.1. MICROSTRUCTURAL CHARACTERIZATION TEM micrographs of the microstructure of Cu after He implantation are shown in Figure

Table 3 . 2 -

 32 Bubble diameter for 1% and 7% at. He implanted Cu and Si.

		Bubble	Standard	
	Material	diameter	deviation	R 2
		(nm)	(nm)	
	1 at. % He implanted Cu	0.94	0.22	0.9975
	7 at. % He implanted Cu	1.37	0.27	0.9981
	1 at. % He implanted Cu + 1 dpa	0.96	0.23	0.9986
	1 at. % He implanted Cu + 1 dpa			
	+ annealing at 150 • C during 30	0.94	0.24	0.9597
	min			
	1 at. % He implanted Si	N/A	N/A	N/A
	7 at. % He implanted Si	1.95	0.36	0.9678

Table 3 .

 3 3 -Copper characteristics.

	Characteristics	Value
	Cu surface energy γ	2.12 J/m 2 [101, 207]
	Cu shear modulus µ	46 GPa [92, 101]
	Burgers vector b	0.256 nm
	Cu atomic density ρ Cu	84.67 atoms/nm 3

Table 3 .

 3 

	Study	He content	D = 2r 0 (nm) N (m -3 )	L s (nm)
	Current study (equi-librium conditions: σ b = 0)	1 at. % (3.85 × 10 16 cm -2 )	0.94	1.53 × 10 25	8.33
	Current study (dis-location punching: σ b = µb r 0 )	1 at. % (3.85 × 10 16 cm -2 )		1.01 × 10 25	10.3
	Current study (equi-librium conditions: σ b = 0)	7 at. % (2.695 × 10 17 cm -2 )	1.37	3.90 × 10 25	4.33
	Current study (dis-				
	location punching:	7 at. %		2.57 × 10 25	5.33
	σ b = µb r 0 ) Guo et al. [101]	0.35 at. %	0.8	5.48 × 10 24	15.1
	Li et al. [100]	7 at. %	2		
	Wang et al. [105]	2 × 10 17 -1 × 10 18 cm -2	2.23	2.5 × 10 25	4.2
	Li et al. [92]	7 at. %	1.35	5.6 × 10 24	8.1

4 -Bubble diameter, density and spacing in the slip plane for 1% and 7% at. He implanted Cu.

Table 3 .

 3 5 -SFT size, density and spacing in the slip plane for irradiated Cu.

	Study	Dose (dpa)	SFT edge length d SF T (nm)	N SF T (m -3 )	L SF T (nm)
	Current study [126]	1 -7	2.5	2.5 × 10 23	40
	Kiener et al. [64]	0.8	0.5 -2.5	1.4 × 10 23	53.5 -120
	Singh et al. [9]	1		10 24	
	Zinkle et al. [20]	10 -5 -10	2 -3		
	Zinkle et al. [20]	0.01	2 -3	2 × 10 23	40.8 -50
	Singh et al. [210]	0.01	2.3	2.4 × 10 23	
	Singh et al. [210]	0.1	2.4	4.5 × 10 23	
	Singh et al. [210]	0.2	2.6	4.5 × 10 23	
	Singh et al. [210]	0.3	2.4	4.3 × 10 23	
	Schäublin et al. [18] 0.0004	2		70

Table 3 .

 3 6 -Stoney results.

	Internal stress at the time of deposition	75 MPa
	Internal stress after annealing (150 • C during 30 min)	360 MPa
	Internal stress one year after deposition	80 MPa
	Internal stress after 1 at. % He implantation	-560 MPa
	3.2.1.2 X-ray diffraction	

X-ray diffraction allows characterizing crystalline samples in terms of texture, phase, lattice parameters, internal stresses. In the current work, XRD experiments are performed by the teams of Patrice Gergaud at CEA/LETI in Grenoble in order to extract internal stresses and strains for pure Cu, 1 at. % and 7 at. % He implanted Cu. The samples are deposited simultaneously and have undergone the same conditions as the sample used for the Stoney (i.e., a He implantation one year after deposition). The diffractometer is the Smartlab from RIGAKU company.

The experimental conditions are the following:

-Incident X-rays: Mirror, Soller 0.5 • -Soller slits: 2 (vertical) × 1 (horizontal) mm 2 -Ponctual detector with Soller 0.5 • -Step size: 0.02 • -Number of peaks measured: 7, with 2 hours/peak. As represented in Figure

Table 3 .

 3 7 -Elastic stiffness and compliance constants of copper.

	ij (Voigt notation)	C ij (MPa)	S ij (MPa -1 )
	11	168300	1.52 × 10 -5
	12	122100	-6.41 × 10 -6
	44	75700	1.32 × 10 -5
	compressive state during He implantation. Out-of-plane lattice expansion (a Ψ=0 • ) is observed,
	which is in good agreement with the literature [92].	

Table 3 .

 3 8 -Out-of-plane and in-plane strains, internal stress, out-of-plane and in-plane lattice parameter, and stress-free lattice parameter obtained by XRD.

		Pure Cu	Cu 1 at. % He	Cu 7 at. % He
	ϵ Ψ=0 •	-9.36 × 10 -4	7.45 × 10 -4	1.16 × 10 -3
	ϵ Ψ=90 •	1.30 × 10 -3	-1.03 × 10 -3	-1.60 × 10 -3
	σ (MPa)	339 (± 29)	-269 (± 32)	-418 (± 40)
	a Ψ=0 • (Å)	3.6124	3.6200	3.6261
	a Ψ=90 • (Å)	3.6205	3.6135	3.6161
	a (0) (Å)	3.6158 (± 0.00071)	3.6173 (± 0.00078)	3.6219 (± 0.00098)

Table 3 .

 3 [START_REF] Singh | Defect accumulation in pure fcc metals in the transient regime: a review[END_REF] -Specimen mismatch strains obtained through LOC calibration for pure Cu, 1 at. % He implanted Cu and 2 dpa irradiated Cu.

	Material	Specimen mismatch strain ϵ mis
	Pure Cu	-9.28 × 10 -4
	1 at. % He implanted Cu	8.73 × 10 -4
	2 dpa irradiated Cu	-9.80 × 10 -4

Table 3 .

 3 10 -Specimen internal stresses obtained based on the mismatch strains estimated through LOC calibration for pure Cu, 1 at. % He implanted Cu and 2 dpa irradiated Cu.

	Material (i)	Specimen internal stress σ i isotropic
	Pure Cu	155 MPa
	1 at. % He implanted Cu	-146 MPa
	2 dpa irradiated Cu	163 MPa

  2s 11 + 10s 12 -s 44 3(2s 11 + 2s 12 + s 44 ) . -4s 12 + s 44 ) 16(s 11 -s 12 )(s 11 + 2s 12 ) + 2(13s 11 -7s 12 ) + s 44 2 , 11 -s 12 )s 44 16(s 11 -s 12 )(s 11 + 2s 12 ) + 2(13s 11 -7s 12 ) + s 44 2 .

				1
			=	′ s 11 2s 11 + 2s 12 + s 44 4	,	(3.27)
		ν R =	s	
					(3.28)
	Within the framework of the Voigt model, the thin film in-plane Young's modulus and Poisson
	ratio are:			
	E V = =	1 -1 11 ′ c	12(4s 11 (3.29)
	′ c 12 ′ c 11 = -1 + -1 ν V = -1		36(s (3.30)

′ 12 s ′ 11 = -

  4s 11 -4s 12 + s 44 ) 16(s 11 -s 12 )(s 11 + 2s 12 ) + 2(13s 11 -7s 12 ) + s 44 2 +

	2s 11 + 2s 12 + s 44 2	,	(3.31)

  2 + 18(s 11 -s 12 )s 44 16(s 11 -s 12 )(s 11 + 2s 12 ) + 2(13s 11 -7s 12 ) + s 44 2 -2s 11 + 10s 12 -s 44 6(2s 11 + 2s 12 + s 44 )

Table 3 .

 3 11 -Young's moduli, Poisson ratios and internal stresses for pure Cu, Cu 1 at. % He, and 2 dpa irradiated Cu using Reuss, Voigt and Neerfeld-Hill models.

		E j (GPa)	ν j	σ Pure Cu j (MPa)	σ Cu 1 at. % He j (MPa)	σ Cu-2dpa j (MPa)
	Reuss (R) 130	0.505	243	-229	255
	Voigt (V)	161	0.385	243	-229	255
	Neerfeld-Hill (NH)	145	0.445	243	-229	255

Table 3 .

 3 [START_REF] Rs Averback | Atomic displacement processes in irradiated metals[END_REF] -Internal stresses obtained by Stoney, XRD and through LOC data calibration for pure Cu and 1 at. % He implanted Cu. The He implantation induced variation in internal stresses is also given.

	Stoney	XRD	On-chip structures

Table 3 .

 3 [START_REF] Schäublin | Irradiation-induced stacking fault tetrahedra in fcc metals[END_REF] -Yield stress and CRSS obtained for pure Cu, 1 at. % He implanted Cu, and 2 dpa irradiated Cu.

		Pure Cu	Cu-1 at.% He	Cu-2dpa
		(MPa)	(MPa)	(MPa)
	σ 0.2%	250	515	351
	τ CRSS (M = 3.06)	82	168	115

Table 3 .

 3 [START_REF] Sj Zinkle | Microstructure of copper following high dose 14-mev cu ion irradiation[END_REF] -Geometrical parameters C j for the two sets of experiments.

	Coefficients	Set 1	Set 2
	C 0	22.9537	24.9287
	C 1 (nm)	955.752	901.783
	C 2 (nm 3/2 )	-2251.02	-734.237
	C 3 (nm 7/4 )	343.826	-2290.27
	C 4 (nm 15/8 )	2275.76	1852
	C 5 (nm 31/16 )	0	0
	C 6 (nm 63/32 )	0	0
	C 7 (nm 127/64 )	0	0
	C 8 (nm 255/128 )	0	0

Table 3 .

 3 [START_REF] Sj Zinkle | Defect microstructures in neutron-irradiated copper and stainless steel[END_REF] -Film hardness H and Young's modulus E f obtained using the Oliver and Pharr method.

		Pure Cu	Cu 1 at.% He (3.85 × 10 16 cm -2 )	Cu 7 at.% He (2.695 × 10 17 cm -2 )
	Hardness H (GPa)	2.09	2.96	4.65
	Std. error (GPa)	0.53	0.66	1.06
	Young's modulus E f (GPa)	99.88	111.21	121.27
	Std. error (GPa)	17.16	18.34	18.26

Large standard errors are observed that can be explained by different factors, among which: -a poor surface quality, -a non-homogeneous film thickness, CHAPTER 3. IRRADIATION AND HE BUBBLE INDUCED HARDENING

Table 3 .

 3 [START_REF] Rühle | Density and size distribution of defect clusters in neutronirradiated copper[END_REF] -Few hardness results found in the literature for pure Cu and He implanted Cu. × 10 16 cm -2 ) = 2.83 ± 0.12 H(1 × 10 17 cm -2 ) = 3 ± 0.11

		Material	Material Hardness H (GPa)
			H Cu = 1.8 ± 0.1
	Li et al. [92]	Single crystal pure Cu	H Cu-1at.%He = 2.6 ± 0.1
			H Cu-7at.%He = 4.2 ± 0.1
	Hu et al. [96]	500 nm thickness Cu film deposited on Si	H Cu = 2.07 ± 0.14 H(5

Table 3 .

 3 [START_REF] Edwards | Initiation and propagation of cleared channels in neutron-irradiated pure copper and a precipitation hardened cucrzr alloy[END_REF] -Film hardness H and Young's modulus E f obtained using the Loubet method.

		Pure Cu	Cu 1 at.% He (3.85 × 10 16 cm -2 )	Cu 7 at.% He (2.695 × 10 17 cm -2 )
	Hardness H (GPa)	1.68	2.40	3.88
	Std. error (GPa)	0.44	0.54	0.90
	Young's modulus E f (GPa)	87.93	99.09	109.66
	Std. error (GPa)	15.74	16.22	16.59
	obtained by nanoindentation is converted into stress using a standard constraint factor C of 3
	(Eq. 3.53).			

Table 3 .

 3 19 -He bubbles characteristics for obstacle strength estimation. He bubble diameter -1 at.% He d b 0.94 nm He bubble diameter -7 at.% He d b 1.37 nm He bubble density -1 at.% He N b 1.01 -1.53 × 10 25 m -3 He bubble density -7 at.% He N b 2.57 -3.90 × 10 25 m -3

	He bubble induced increase in yield 0.2% strength ∆σ Cu-1at.%He	265 MPa
	He bubble induced increase in hardness (Loubet) -1 at.% He ∆H Cu-1at.%He	0.72 GPa
	He bubble induced increase in hardness (Loubet) -7 at.% He ∆H Cu-7at.%He	2.2 GPa

Table 3 .

 3 [START_REF] Sj Zinkle | Defect microstructure in copper alloys irradiated with 750 mev protons[END_REF] -Results obtained for the obstacles strengths and critical angles.

		On-chip struc-tures	Nanoindentation C = 3 (Loubet) -	Literature
	α Cu-2dpa SF T	0.112	NA	0.2 [64]
	α Cu-1at.%He bubbles 3.85 × 10 16 cm -2 α Cu-7at.%He bubbles 2.695 × 10 17 cm -2	0.061 -0.076 NA	0.056 -0.069 0.088 -0.11	2 × 10 17 cm -2 : 0.05 -0.06 [105] 1 × 10 18 cm -2 : 0.1 [105]
	ϕ Cu-2dpa c	70.4 •	NA	40 • -46 • [18, 67, 87]
	ϕ Cu-1at.%He c 3.85 × 10 16 cm -2 ϕ Cu-7at.%He c 2.695 × 10 17 cm -2	75.4 • -77 • NA	76.5 • -78.0 • 65.0 • -67.4 •	0.35%: 77 • [101] 7%: 53 • [92]
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Table 4 .

 4 1 -Activation volume V act and strain rate sensitivity exponent m.

	Deformation mode	V act /M (b 3 )	m
	Thermal relaxation -pure Cu (500 nm, annealed)	20	0.04
	Post 2dpa irradiation thermal relaxation (500 nm, annealed)	20	0.04
	Relaxation under irradiation -pure Cu (500 nm, an-nealed)	4-20	0.25
	Relaxation under irradiation -Cu-2dpa (500 nm, an-nealed)	4-20	0.25
	Relaxation under irradiation -Cu-1% at. He (500 nm, annealed)	2-20	0.25
	Thermal relaxation -pure Cu (500 nm, annealed) [126]	15-35	0.03-0.07
	Thermal relaxation -pure Cu (200 nm, annealed) [126]	10-35	0.06-0.07
	Post-irradiation thermal relaxation -pure Cu (500 nm, annealed) [126]	10-25	0.03-0.05
	Relaxation under irradiation -pure Cu (annealed) [126]	5-12	0.2

  .15)4.3. ON THE POSSIBLE IRRADIATION CREEP MECHANISMSAgain, for all the experiments, the plateau value of the yield stress is considered reached starting from the first irradiation step. Therefore, Eq. 4.15 simplifies to: MPa for the pure Cu sample and the 2 dpa irradiated Cu sample, and 515 MPa for the He implanted Cu sample.

	dϵ dD	= 0.029(	σ y σ ∞	) 4	.	(4.16)
	where σ ∞ y is equal to 351					

Table 4 .

 4 2 -Bubble diameter with dose.

	Cu-1at.% He (as-deposited)	Cu-1at.% He (after 1 dpa -same sample as the as deposited)	Cu-1at.% He (after 8 dpa -on-chip struc-tures)
	0.94 nm (± 0.22)	0.96 nm (± 0.23)	1.42 nm (± 0.26)
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Table 5 .

 5 1 -Estimation of the specimen thickness using the two possible planes[START_REF] Uf Kocks | Dislocation[END_REF] and[START_REF] Uf Kocks | Dislocation[END_REF].

	Plane	θ	θ 0	t
	(111)	38 •	52 •	29 nm (not ok)
	(111)	76 •		

Table 5 .

 5 5 -Computation parameters for pure copper.

	Parameter	Symbol Value or definition
	Atomic volume	Ω	1.18 × 10 -29 m 3
	Lattice parameter	a 0	3.6147 × 10 -10 m
	Burgers vector	b	2.56 × 10 -10 m
	Elastic constants	C 11	176 GPa
	(Experimental results from	C 12	123 GPa
	Ref. [290, 291])	C 44	81.7 GPa
	Elastic polarizability		
	for self interstitials [292]		
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Table 6 .

 6 3 presents the effective volumes calculated at four stress levels for various PKA energies. The cascade radii corresponding to each PKA energy are also tabulated.

	.11)

Table 6 .

 6 3 -Effective volume for various PKA energies and cascade radii.AbstractRecently, in-situ TEM straining experiments on pure copper have unraveled a high stress irradiation creep mechanism. Radiation induced unpinning of dislocations from defects has been observed and the mean pinning lifetime has been determined. In the present study, molecular dynamics simulations are performed on pure copper to investigate the impact of collision cascades on screw dislocations pinned on Frank loops under high-applied stresses at 300 K in order to further quantitatively elucidate this mechanism. The simulations indicate two possible dislocation unpinning mechanisms. Unpinning can occur through loop destruction when the cascade is generated on the pinning points of the dislocation (type 1 unpinning). Unpinning can also be triggered by the shear stresses building up around a cascade generated in front of the dislocation in the glide plane (type 2 unpinning). Type 2 unpinning generally leads to dislocation repinning on cascade residues, so that it should only marginally contribute to irradiation creep. The mean pinning lifetime due to type 1 unpinning in the conditions of the in-situ TEM experiments is derived from a simple model previously developed for zirconium, and is found in the same orders of magnitude as in the experiments.

	E P KA (keV)	R c (nm)	V loop ef f (nm 3 ) 0.8τ c 0.85τ c	0.9τ c	0.95τ c
	2	2.12				
	5	3.44				
	10	4.86				25.07
	15	5.97			18.25	139.49
	20	6.91		22.41	108.74	331.45
	25	7.78	17.71	117.08	277.32	6007.66
	30	8.55	96.53	274.23	506.85	942.58
	35	9.29	242.68	503.15	812.25	1359.35
	40	9.99	452.22	796.84	1183.68 1843.99
	45	10.65	720.66	1149.90 1614.95 2389.13
	50	11.29	1053.72 1570.11 2115.68 3007.10
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A.2 In-situ straining specimen surface cleaning

  Cu copper specimen length ; w Cu copper specimen width ; t Cu copper specimen thickness ; w a actuator width ; t a actuator thickness. Figure B.1 represents the creep law obtained by Lapouge et al.

		ϵ mech = ln(	u + L Cu L Cu	) -ϵ Cu ,	(B.3)
	σ =	E a w a t a w Cu t Cu	(ln(	L a -u L a	) + ϵ a ) exp(ϵ),	(B.4)
	with:					
	-L					

Table B .

 B 1 -Characteristics of pure copper.On the contrary, if we postulate that material characteristics should be exactly the same for both studies, either the values of Lapouge or of the current study, Figures B.3

	Characteristics	Lapouge et al. [145]	Pure Cu (current study)
	E Cu (GPa)	130	110
	E a (GPa)	235	250
	ϵ Cu	-0.0015	-0.000928
	ϵ a	0.0029	0.0033
	t Cu (nm)	500	500
	t a (nm)	85	123

Table B .

 B 3 -1.2 MeV Cu irradiation.

	E Cu (MeV)	Flux (cm -2 s -1 )	Damage rate (dpa/s)	Irr time (min/dpa)	P S (W/cm 2 )
	1.2	1.51 × 10 11	7.57 × 10 -4	22		0.0291
			Table B.4 -Kr irradiation.	
					Irr time	Flux	P S	P S
	E Kr	Fluence	Kr		(min/dpa)	(cm -2 s -1 )	(W/cm 2 )	(W/cm 2 )
	(MeV)	(cm -2 dpa -1 )	at.%/dpa	-same	-same	-same	-same
					flux	dpa rate	dpa rate	flux
	1	1.93 × 10 14	0.0043%		21.25	1.46×10 11 0.0243	0.0234
	2	1.48 × 10 14	0.0018%		16.29	1.12×10 11 0.0485	0.0359
	3	2.10 × 10 14	0.0007%		23.12	1.59×10 11 0.0728	0.0764
	4	2.87 × 10 14	0.0003%		31.60	2.17×10 11 0.0970	0.139
	5	3.57 × 10 14	0.0001%		39.30	2.70×10 11 0.121	0.216

Acknowledgements A.1. ACTUATOR AND SPECIMEN FIB CROSS-SECTION PREPARATION Figure A.2 -Platinum deposition on the actuator material. C.3. IN-SITU TEM STRAINING EXPERIMENTS ON PRE-IRRADIATED COPPER Figure C.17 -(a-d) TEM DF images showing dislocation motion under applied stress -(e-h) Image subtractions. Current positions and previous positions are represented in white, respectively black. The diffraction vector is g = 200, near the zone axis <011>. C.3. IN-SITU TEM STRAINING EXPERIMENTS ON PRE-IRRADIATED COPPER Figure C.19 -(a-c) TEM DF images showing dislocation motion under applied stress -(d-f) Image subtractions. Current positions and previous positions are represented in white, respectively black. The diffraction vector is g = 200, near the zone axis <011>.

Heavy ion irradiated Cu

The impact of a 1.2 MeV Cu + ion irradiation on the microstructure of PVD Cu is investigated by TEM. The TEM images show that the defects are mainly 2.5 nm edge SFT with a density found around 2.5 × 10 23 m -3 . Lapouge [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] studied the effect of the dose on the SFT size and density and obtained similar values for doses from 1 dpa to 7 dpa (Figure 3. [START_REF] Sj Zinkle | Microstructure of copper following high dose 14-mev cu ion irradiation[END_REF], indicating that the defect density has reached saturation before a dose level of 1 dpa (Section 1.2.1.2). These values are in good agreement with previous studies [START_REF] Singh | Defect accumulation in pure fcc metals in the transient regime: a review[END_REF][START_REF] Schäublin | Dislocation defect interaction in irradiated cu[END_REF][START_REF] Sj Zinkle | Defect microstructure in copper alloys irradiated with 750 mev protons[END_REF][START_REF] Kiener | In situ nanocompression testing of irradiated copper[END_REF][START_REF] Singh | Effect of neutron irradiation and post-irradiation annealing on microstructure and mechanical properties of ofhc-copper[END_REF].

The average distance between SFT in a slip plane L SF T can be estimated from the SFT density N SF T and edge length d SF T using: (6.12) Figure 6.17 -Intersection between two spheres of equal radius. IRRADIATION CREEP MECHANISM AT HIGH STRESSES 6.2.7 Supplementary data

Box size effect investigation

For the calculations performed for 0.95τ c and 0.975τ c , the extreme PKA positions along the Y axis conflict with the limit of the box. In order to ensure that both unpinning types do not result from box size effects, the same study was performed on the same configurations in terms of loop and dislocation characteristics but with two different simulation box sizes along the Y axis: 234 Å (as in the manuscript) and 405 Å. The box dimensions in the X and Z directions are equal. For this study, 10 PKA positions are selected along the Y axis with a PKA spacing of 20 Å. The PKA position is taken along the X axis as the center of the helical turn, and along the Z axis 40 Å under the dislocation glide plane. For each one of the 10 PKA positions, 20 cascade calculations are performed with directions taken within a cone forming an angle of 0.015 • with the +Z direction. This allows for the estimation of the unpinning probability for each PKA position. The unpinning probability is represented in Figure 6.27. For both simulation box sizes, the two unpinning types are observed with peaks approximately at the same position with respect to the dislocation. This study supports the fact that both unpinning observed are not due to box size effects.

Figure 6.27 -Unpinning probability for a shear stress τ = 0.95τ c as a function of the position of the PKA along the Y axis [START_REF] Friedel | [END_REF] for both box sizes. Type 1, type 2, and total unpinning probabilities are represented in green, red, and grey, respectively.

Appendix A

Review of some experimental difficulties

A.1 Actuator and specimen FIB cross-section preparation Specimen and actuator cross-section were FIB milled after irradiation creep on both pure copper, and He implanted copper in order to study the post-experiment microstructure and to estimate the specimen and the actuator material thicknesses.

For the copper specimens, no issues were encountered during cross-section preparation for both pure copper and He implanted copper. As shown in Figure A.1, a specimen that underwent irradiation creep and that was monitored during the irradiation creep experiment is selected in order to ensure that the chosen specimen indeed relaxed under irradiation. A platinum coating is then deposited on the middle part of the free-standing specimen, called the zone of interest in the following, in order to minimize gallium ion irradiation of the specimen during the subsequent steps. The platinum deposition is performed in two steps: first by electronic deposition followed by ionic deposition. A micro-manipulator is then welded to the zone of interest. The middle part of the specimen is then severed from the rest of the specimen through gallium ion milling. The zone of interest is then extracted thanks to the micro-manipulator to be welded to an omniprobe grid. The sample extracted is then thinned to around ∼ 100 nm with a voltage between 30 and 8 keV. Finishing steps are carried out at 5 keV and 2 keV.

For the actuator, issues were encountered during FIB milling. As represented in Figure A.2, when platinum is deposited on the free-standing actuator (zone 1), Si 3 N 4 is etched rather than covered by a platinum coating. This is most likely due to issues in charge dissipation. When platinum is deposited between the free-standing actuator (lighter contrast) and the anchor (darker contrast) as in zone 2, Si 3 N 4 is etched in the extremity of the free-standing zone while Pt is deposited near the anchor (in the free-standing and anchored zone). In the anchored zone, a silicon layer is beneath the silicon nitride, which may help with charge dissipation. The under-etched Si 3 N 4 region has the same initial thickness as the actuator. Moreover, actuator cross-section FIB milling aims mainly at having an estimation of the Si 3 N 4 layer thickness. Therefore, to prevent the etching of the actuator during platinum deposition, the silicon nitride is extracted from the under-etched region near the anchor (zone 3). All silicon nitride layer extractions are performed in non-irradiated areas (near control structures).

The FIB milling process of the silicon nitride layer is presented in Figure A.3. After 3 µm platinum deposition, the zone of interest is only supported at one end (cantilever beam) through a milling process. It is then welded to the micro-manipulator to be transferred to an omniprobe grid. The sample is then thinned using the same methodology as the copper sample. 

Appendix B

Extra studies using on-chip tensile tests 

B.1.1 Difference in data processing

The first element that should be noted when comparing the results of Lapouge et al. [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF][START_REF] Lapouge | A novel on chip test method to characterize the creep behavior of metallic layers under heavy ion irradiation[END_REF][START_REF] Lapouge | Creep behavior of submicron copper films under irradiation[END_REF] and the current study for irradiation creep in the case of pure copper is in the data processing methodology. Indeed, stresses and strains are not calculated the same way in the current study and in the previous study of Lapouge.

The focus here is on the last and most successful experiments of Lapouge et al. [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] performed in April 2016.

The expressions used by Lapouge et al. [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] during his PhD thesis for stress and strain calculations from cursors displacements u are the following:

where:

ϵ Cu copper specimen mismatch strain ; ϵ a actuator mismatch strain (defined here as positive in opposition with Section 2.1.1.1) ; -S Cu copper specimen cross-section area ; -S a actuator cross-section area ; -E Cu copper specimen Young's modulus ; -E a actuator Young's modulus ; -L db dog-bone length ; -S db mean dog-bone cross-section ; -S dbmax max dog-bone cross-section ; -L a actuator length ; -L Cu/a overlap length between the copper specimen and actuator specimen ; -L sg under-etched length ; -S sg under-etched cross-section. On the other hand, in the current study, the expressions used to determine the strain and the stress in the specimens are: explained by the fact that the material characteristics are different, by an error on the actuator mismatch strain value or by a mis-estimation of the actuator thickness.

B.2 Sensitivity analysis

To estimate the effect of the different material characteristics on the variance on the pre-factor K, the variance-based sensitivity analysis is used. This analysis is based on Sobol indices and has as objective to decompose the variance of the output (here K) into fractions that can be attributed to the inputs (here material characteristics). In other terms, the objective is to determine the ratio between the variance of the output due to each input on the total variance of the output.

There are different Sobol indices. The first-order Sobol index for an input X i only takes into account the variance due to this input on the output Y and does not consider the interactions with other inputs. Therefore, the first-order indices can be written as follows:

The total-effect index takes into account the total variance linked to the input X i (with the interactions with other inputs) and can be written as:

Other Sobol order indices exist but are disregarded in this study.

The impact of material characteristics on the pre-factor K is studied here for pure copper and for a stress exponent of 4, based on the data of the current experiments.

To calculate Sobol indices, N random draws of input values are performed within intervals of values for each input. The extreme values of the intervals depend on how well each input is known. The chosen intervals are presented in Table B [480, 520] Actuator thickness t a (nm) [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF][START_REF] Hendrick | Simulation of irradiation-induced creep in nickel[END_REF] It is of the utmost importance to carefully chose the number of random draws N . This value should be large enough to ensure that the Sobol indices have converged toward a plateau value. Therefore a test for convergence is performed for each input. The largest source of uncertainty, by far, comes from actuator mismatch strain ϵ a , followed by actuator thickness t a , then actuator Young's modulus E a , and copper specimen thickness t Cu . The impact of copper specimen mismatch strain and Young's modulus on the variance of the pre-factor K is negligible in comparison with the other quantities.

To better visualize the respective impact of the inputs other than the actuator mismatch strain, the Sobol indices are calculated in the case of a selected actuator mismatch strain (taken to be 0.0033). From Figure B.7, the same order of importance between the different quantities is observed. 

B.3 Specimen and actuator thickness estimation

Three LOC samples are considered for irradiation creep studies: pure copper, He implanted Cu, and 2 dpa irradiated Cu. These samples come from the same wafer. Therefore, they have undergone the exact same fabrication process. The only difference lies in the etching process used to release the structures.

During the sacrificial layer etching, the Cu specimens, as well as the Si 3 N 4 actuators, may also be etched. Therefore their thicknesses are probably lower than the initial specimen or actuator thicknesses.

Different etching strategies are used for the three samples. For the pure Cu sample, the etching process only involves XeF 2 etching. Due to experimental issues encountered during the XeF 2 etching of the He implanted specimens (see Section 2.1.2.6 for more details), hybrid etching is considered for the two other samples. For the He implanted Cu sample, the sample is first etched using HF, then few XeF 2 pulses are performed, followed by few seconds in HF to then finalize the etching process using XeF 2 . For the 2 dpa pre-irradiated sample, the sample is first etched during few seconds in HF. The etching process is then completed using XeF 2 . The more damaging etching strategy toward Cu and Si 3 N 4 is the one used for He implanted Cu since two steps in HF are involved.

In order to see how these etching strategies affect the specimens and actuators, FIB crosssections of two copper specimens and two actuators are extracted from the He implanted sample and the pure Cu sample. No FIB cross-section is performed for the 2 dpa irradiated sample. The thickness of the Cu specimens is found equal to the deposited thickness of 500 nm. This shows that the few seconds in HF and the XeF 2 etching process did not affect Cu. From this observation, one can confidently say that the Cu thickness in the 2 dpa irradiated sample is equal to 500 nm.

The actuator thickness is found around 120 nm for the pure Cu sample, which is very close to the initial value of 123 nm found using ellipsometry after deposition. On the other hand, a thickness of around 95 nm is found for the He implanted sample. This shows that the XeF 2 etching process as performed for these experiments, i.e., in successive 5-second pulses, does not affect silicon nitride, whereas HF etching greatly affects the actuator thickness. This remark is of the utmost importance since, as shown in Appendix B.2, the actuator thickness is the parameter that has the second greatest impact on the irradiation creep results after the actuator mismatch strain.

No FIB cross-section of actuators is performed in the 2 dpa irradiated sample. However, as stated earlier, it is important to estimate the value of the actuator thickness correctly. Since this sample was less exposed to HF than the He implanted Cu sample, the actuator thickness is most certainly between 95 nm and 123 nm. In the following, the methodology developed to estimate the actuator thickness for 2 dpa irradiated Cu is presented.

There are pure Cu control tensile specimens for all samples that do not undergo any treatment before the experiments and are not exposed to irradiation during the irradiation creep experiments. The methodology implemented to estimate the actuator thickness uses the pure copper specimens present in the different samples. Since the three samples are fabricated in the exact same conditions, the stress-strain curve of the pure Cu specimens must follow the exact same curve, and this at all times starting from the moment of the release. The idea is to fit the stress-strain curve of a sample for which the actuator thickness is unknown on the stress-strain curve of a sample for which the actuator thickness is known after the same amount of time has passed since the release for both samples. This approach implies that all the other quantities needed for stress and strains calculations are known.

In the following, the sample for which the actuator thickness is known, respectively unknown, are referred to as K-sample, respectively U-sample. First, a range of possible thickness values is selected. Here a range between 60 nm and 130 nm is selected. The stress-strain curves of both the U-sample and K-sample are interpolated on their respective ranges of strain values. The stresses and strains of the K-sample are calculated based on the real thickness value t K a , while the stresses and strains of the U-sample are calculated using a test value t test,U a selected within the range of thicknesses defined (here between 60 and 130 nm). The error between the two interpolation curves is calculated using the least square method on a range of strains ϵ i compatibles with both curves (i.e., for which both interpolation curves are defined).

The error is calculated as follows

In order to check the relevance of this method, this method is applied for both the Cu-2dpa sample and the He implanted sample, although the actuator thickness is known for the He implanted sample (95 nm). The reference K-sample is the pure Cu sample. A great advantage of this sample is that before the irradiation experiment, all specimen structures present in the sample are pure Cu specimens, and after the irradiation creep experiment, the control pure Cu specimens can still be measured. Therefore, there are many measurements performed on pure Cu specimens at different times after the release from this sample.

In order to compare the U-sample to the K-sample, the stress-strain curves must be compared the same has passed since the release. The fit of the stress-strain curve is performed for data 6 and 18 days after the release, respectively, for the He implanted sample and 2 dpa irradiated sample. Figure B.8 shows the error curves S obtained for both samples and the stress-strain curves for the test thickness that minimized the error S. The stress-strain curve using the real thickness for the He implanted Cu is also displayed.

The thicknesses obtained through fitting are 87 nm for He implanted Cu, and 105 nm for 2 dpa irradiated Cu. These values are consistent with the fact that the actuator thickness for the 2 dpa irradiated sample should be in between the value obtained for the He implanted Cu sample and the pure Cu sample (123 nm).

However, the thickness obtained for the He implanted Cu through fitting (87 nm) is slightly lower than the real value measured (95 nm). This may be explained by two factors. First, the range of strains in which the fit is performed is limited to the first 1.2 % of deformation (Figure B.8.c). Moreover, in this range of strains, the error bar can be relatively large for the He implanted Cu sample. On the contrary, as shown in Figure B.8, the ranges of strain values covered by the stress-strain curves of the Pure Cu sample and the 2 dpa irradiated sample are similar. Therefore, the fit is performed on a larger range of strain (almost 4 % deformation). Moreover, the error bars seem lower for the 2 dpa irradiated sample in comparison with that previously observed for the He implanted Cu. Based on these observations, the actuator thickness for the 2 dpa irradiated sample is considered equal to 105 nm in the manuscript. for the different Kr ion energies (W/cm 2 ) is also listed in Table B. [START_REF] Onimus | Irradiation creep in materials[END_REF]. The values obtained are inferior to ∼ 0.2 W/cm 2 , which is reasonable but is one order of magnitude higher than for the Cu irradiation (Table B.3). Energies of 4 MeV and 5 MeV are thus still acceptable, but a Kr energy of 3 MeV may be more fitting: the deposited power is lower than for 4 and 5 MeV, the Kr ion flux is very similar to the Cu ion flux for an equal damage rate (1.59 × 10 11 vs. 1.51 × 10 11 cm -2 s -1 ), the damage profile is homogeneous, and the implanted amount of krypton is still reasonable (Figure B.10).

Another important point is the adaptation of the irradiation experiment to the irradiation chamber design. First, the masking device holder had to be adjusted and redesigned by the The experiment planned on pure copper consists of a single irradiation of 3 dpa, representing the two first irradiation steps at JANNuS Orsay. As shown in Figure B.11, on day 1, SEM measurements are performed, and the sample is introduced to the irradiation chamber. The next morning (day 2), a 3 dpa irradiation is performed, followed by SEM measurements. On day 3, the structures are measured again. For He implanted copper, as shown in Figure B.12, the measurements are carried in the morning of day 1. Then, they are introduced to the irradiation chamber. The following day (day 2), a first 1 dpa irradiation is carried out. The sample is then removed, and SEM measurements are performed. The next morning (day 3), the specimens are measured again then introduced to the irradiation chamber. On day 4, another 2 dpa irradiation is carried out. The sample is then extracted from the irradiation chamber in order to measure the structures. The following day (day 5), final measurements are performed. This experiment corresponds to the two first steps of the irradiation creep experiments performed at JANNuS Orsay, allowing for a direct comparison between the two experiments.

The experiments performed at JANNuS Saclay are shorter than those at JANNuS Orsay in terms of the final damage level achieved (3 rather than 8 dpa). However, the previous irradiation creep experiments have shown that the most significant variations in stresses and strains occur during the first few dpa. Moreover, a great advantage of the new experimental procedure is that it allows for the measurements of far more structures. Therefore, many more stress-strain point data are extracted at each step, largely counterbalancing the fewer irradiation steps. Finally, starting from the first 1 dpa irradiation step, the steady-state is assumed to have been reached.

The experiments were postponed then canceled due to technical issues in the JANNuS Saclay As explained in Section 2.1.2.1, Silicon On Insulator (SOI) wafers are used for TEM studies. For industrial SOI wafers, the substrate is made of monocrystalline Si, the etch stop layer is made of SiO 2 , and the sacrificial layer is again made of monocrystalline Si. However, industrial SOI wafers are costly. Moreover, these wafers are thicker and have larger diameters than the regular 3-inch wafers. Their thickness is above 500 µm, which complicates the back-etching process. Therefore, the SOI wafers are homemade, as shown in Figure C.2. First, the surface of a standard 200 -300 µm thickness silicon wafer is oxidized in order to form a 400-500 nm thickness SiO 2 etch stop layer. Then, a 300 nm thickness sacrificial layer made of polycrystalline silicon (poly-Si) is deposited using Low-Pressure Chemical Vapor Deposition (LPCVD) at 625 • C and 200 mTorr with a SiH 4 gas precursor at a flux of 95 sccm, as in the previous study by Vayrette et al. [START_REF] Vayrette | On-chip fracture testing of freestanding nanoscale materials[END_REF]. The copper layer is then deposited and patterned through lithography and etching processes to create tensile specimens. As for the LOC structures, a 150 • C thermal annealing is carried out for 30 minutes in order to stabilize the microstructure of Cu and increase the grain size. Then, the back-etching process is carried out. The substrate is patterned and etched using a Bosch process in order to generate a window under the copper specimens and to create a geometry compatible with the tensile tests. At this point, the copper specimens are not released due to the presence of the SiO 2 etch stop layer. SiO 2 is then etched using BHF wet etching. Only the poly-Si sacrificial layer remains to release the structures. The dry etching of poly-Si is performed using XeF 2 . More details on the back-etching process can be found in Section 2.1.2.1. The two last steps differ from the study of Mompiou et al. [START_REF] Mompiou | Inter-and intragranular plasticity mechanisms in ultrafine-grained al thin films: An in situ tem study[END_REF]. In this previous study, the SiO 2 was both the etch stop layer and the sacrificial layer. Therefore, the release of the tensile structures was performed through HF wet etching of SiO 2) refer to the front-side and back-side of the samples. The back-etching is incomplete, especially for the springs, and the copper specimens are probably broken in the middle.

The microstructure was nonetheless characterized in the TEM. The TEM bright-field images in Figure C.9 show evidence of a polycrystalline microstructure with small grains (∼ 100 nm). The diffraction pattern represented in Figure C.10 is in good agreement with that of polycrystalline copper. Lapouge et al. [START_REF] Lapouge | Etude expérimentale du fluage d'irradiation dans les métaux et alliages grâce au couplage de la technologie MEMS et d'irradiations aux particules chargées[END_REF] found that after thermal annealing, the grain size of a 200 nm and 500 nm thickness PVD copper layer is around 140 nm, respectively 520 nm. Therefore, the grain size obtained here seems consistent with a 100 -150 nm thickness copper specimen. In order to estimate the influence of a displacement cascade on the post-cascade critical stress, a new straining step is added after the relaxation of the cascade. The limit conditions and straining velocity are the same as for the first straining step prior to the cascade generation described in Chapter 6.

The cascade calculations presented in Chapter 6 are performed for various initial shear stresses, PKA energy, and PKA position. However, the focus here is only on cascades performed on MD boxes at an initial stress pre-cascade of 0.95τ c and for a PKA energy of 20 keV. Moreover, the initial PKA grid is so that the PKA spacing is of 20 Å. Here a spacing of 40 Åis selected in order to limit the number of MD post-cascade straining calculations while covering the volume around the cascade homogeneously. Finally, the PKAs that induced the type 1 and the type 2 unpinning are not investigated. Note, however, that the shear stress after the type 2 pinning-repinning is investigated in Chapter 6. 

D.2 Influence of PKA velocity direction

In Chapter 6, different stress levels and cascade energies positions are investigated. However, all the cascades investigated have velocity directions along the axis [START_REF] Uf Kocks | Dislocation[END_REF]. This section aims to qualitatively study the impact of the PKA velocity direction on the type 1 and the type 2 unpinning. All the cascades generated for this study have an energy of 20 keV. In addition, the initial stress before cascade generation is 0.95τ c .

Two target cascade centers are selected in order to investigate the type 1 and the type 2 unpinning, represented respectively by the green and large red points in Figure D.4. These cascade centers are the ones that approximately maximize the type 1 and the type 2 unpinning probability, based on the simulations performed in Chapter 6 on 20 keV cascades with PKA velocity directions along the axis [START_REF] Uf Kocks | Dislocation[END_REF] for a stress level of 0.95τ c . Note that the optimal cascade center differs from the optimal PKA position since, for instance, for a PKA direction along [START_REF] Uf Kocks | Dislocation[END_REF], the cascade is generated above the PKA initial position along this axis.

Twelve PKA velocity directions are selected: [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF], [START_REF] Friedel | [END_REF], [START_REF] Uf Kocks | Dislocation[END_REF], [011], [START_REF] Arganda-Carreras | 3d reconstruction of histological sections: Application to mammary gland tissue[END_REF], [001], [START_REF] Wei | Suppression of irradiation hardening in nanoscale v/ag multilayers[END_REF], [START_REF] Friedel | [END_REF], [START_REF] Uf Kocks | Dislocation[END_REF] As stated earlier, a PKA position differs from the position of the center of the cascade generated by this PKA. Therefore, it is important to estimate the distance between a PKA and the center of the cascade it generates for the different velocity directions investigated to ensure that the cascade generated has a center approximately located on the target cascade center. To do so, in a perfect crystal, 20 cascade calculations are performed for each velocity direction for a similar MD box size as the one used for the current study. In order to generate 20 cascades per PKA velocity direction, a cone making an angle of 0.015 • C with each direction is generated around the selected direction. 20 PKA velocity directions are then selected on this cone. The distances between PKAs and cascade centers are estimated, and the PKA initial position for each direction is deduced (blue points in Figure D.4).

In order to have a somewhat statistical view of the effect of the PKA velocity direction on the unpinning, 20 cascade calculations are performed for each PKA position and PKA velocity orientation. To do so, as explained earlier, for each direction, 20 PKA velocity directions are chosen from a cone making an angle of 0.015 • C with each one of the twelve selected directions.

The unpinning probability obtained for each direction for both the type 1 and the type 2 unpinning is presented in Figure D.5. Both unpinning types are found for all selected directions. However, discrepancies are noted between the different orientations. This can be due to different factors. First, 20 cascade calculations may not be enough to correctly estimate both the distances between the PKA positions and the cascade center and the unpinning probability. More data may be required.

Another factor is the shape of the cascade. For instance, the direction [START_REF] Arganda-Carreras | 3d reconstruction of histological sections: Application to mammary gland tissue[END_REF] (and [START_REF] Arganda-Carreras | 3d reconstruction of histological sections: Application to mammary gland tissue[END_REF]) is the direction leading to the lowest unpinning probability for the type 2 unpinning. However, as shown by Figure D.6, for cascades generated in front of the dislocation, the cascades exhibit an elongated shape along the [START_REF] Uf Kocks | Dislocation[END_REF] axis at cascade peak while they are more round near the dislocation. As shown in Chapter 6, the type 2 unpinning results from the shear stresses generated around the cascade. The shape of the cascade influences the shear stress field around the cascade, which affects the unpinning probability. Therefore, the combined effects on the cascade shape of the cascade velocity direction and the dislocation make it difficult to draw any quantitative conclusion. In order to avoid cascade shape issues, thermal spikes can be generated instead of cascades.

In conclusion, the type 1 and the type 2 unpinning occurs for all the PKA velocity directions investigated. However, the study performed is not sufficient to draw any conclusion on the quantitative effect of the cascade direction on the unpinning probability. Further investigations based on more calculations are thus needed in order better to understand the effect of the PKA 

D.3 The type 2 unpinning in zirconium

The type 2 unpinning is predicted for Cu. It occurs when the cascade is generated in front of the dislocation in the dislocation glide plane. However, the type 2 unpinning was not predicted during the first preliminary study on Zr. This is mainly because the detailed study for Zr was performed on a small volume around the pinning point of the dislocation (Figure 6 in Ref. [START_REF] Khiara | A novel displacement cascade driven irradiation creep mechanism in α-zirconium: A molecular dynamics study[END_REF]). Therefore, the volume considered does only allow for the observation of the type 1 unpinning.

In order to ensure that the type 2 unpinning can indeed be predicted for Zr, calculations are performed for PKA positions selected so that the cascades generated would be in front of the dislocation (in the glide plane). In addition, the cascades are generated at distances from the dislocation equal to the distances that induced the type 2 unpinning for Cu (in the [0001] direction). In these conditions, the type 2 unpinning can be predicted, as shown by