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The study of nano-objects is of particular interest due to their outstanding mechanical properties. While metal nanocrystals are generally characterized by high yield strength and ductility under extreme compressive stress, very few is known about other classes of materials including ceramic or semi-conductors. Recently, it was shown that ceramic nanoparticles such as aluminum or magnesium oxides could plastically deform under high stress without cracking what might have significant implications for the sintering and compaction of nanocrystalline ceramics. However, only few evidences of the elementary deformation processes were addressed so far, especially in the case of α-Al 2 O 3 nanocrystals. In this study, we propose to investigate α-Al 2 O 3 nanoparticle mechanics using molecular dynamics simulations. Firstly, several α-Al 2 O 3 bulk properties as lattice and elastic constants, stacking-fault and surface energies as well as basal edge dislocation features as compared to existing experimental/numerical literature are investigated to test the transferability of various interatomic force fields to the nanomechanical field. Among all the tested parameterizations, the 2/3-body Vashishta interatomic potential has shown to be particularly adapted to the overall study. Secondly, nanoparticle compression tests are modeled as function of orientation and temperature including a detailed analysis of dislocation-based mechanisms for several sizes of α-Al 2 O 3 nanoparticles. Results are discussed in the context of recent nanomechanics experiments as well as pioneer works performed on bulk alumina.
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Résumé en français

Les nano-objets sont particulièrement intéressants pour leurs excellentes propriétés mécaniques. Alors que les nanocristaux métalliques sont générallement caractérisés par une limite d'élasticité accrue, une contrainte à la rupture augmentée tout comme par un accroissement global de leur ductilité en compression, très peu de choses sont connues pour les autres classes de matériaux comme les céramiques ou semi-conducteurs. Il a récemment été montré que des nanoparticules d'oxides de magnesium et d'aluminium pouvaient être déformées plastiquement à forte contrainte sans signe de rupture ce qui pourrait avoir des implications importantes dans le domaine de l'élaboration des matériaux céramiques (notamment lors de leur compaction). Néanmoins, les mécanismes de déformation ont été très peu caractérisés dans ces nanoparticules, notamment dans le cas des nanocristaux d'Al 2 O 3 . Dans cette étude, nous proposons d'étudier les propriétés mécaniques et les mécanismes de déformation de nanoparticules d'alumine α par dynamique moléculaire. Tout d'abord, plusieurs propriétés du matériau massif sont calculées, étudiées et comparées à la littérature existante. Entre autres, les paramètres de maille, constantes élastiques, énergies de faute d'empilement et de surface ainsi que les caractéristiques de la dislocation coin dans le système de glissement basal sont simulés afin d'étudier la transférabilité de plusieurs formalismes à l'échelle atomique. Parmi les potentiels testés, le potentiel à trois corps de Vashishta a montré les meilleures aptitudes pour les applications visées dans la suite de l'étude. Ensuite, nous avons simulé en dynamique moléculaire des tests de compression sur des nanoparticules d'alumine en fonction de l'orientation de la sollication et de la température. Une analyse détaillée du comportement mécanique et des mécanismes de déformation a été réalisée pour plusieurs tailles de nanoparticules. Les résultats sont discutés au regard d'expériences de nanomécaniques récentes et de travaux pionniers réalisés dans l'alumine massive.

Introduction

Micro-and nano-objects as pillars, wires, thin films and particles have recently drawn an intensive scientific attention due to their outstanding mechanical properties. They generally show very high yield strength and enhanced ductility when compared to their massive counterpart as well as a lack of failure when deformed under extreme compression at the nanoscale. While these size effects were widely studied in metals, few recent studies show that these original properties could also apply to other material families as ceramics, intermetallics or semi-conductors. In the case of nanoceramics, this would imply a real technological push forward in terms of processing capabilities and on-use mechanical properties. It was shown for example that ceramic nanopowders exhibit a Brittle-to-Ductile Transition (BDT) opening new doors for their process by plastic forming or for their use with a significant amount of plasticity reached before failure [CAL 12, ISS 15, ISS 18, ISS 21]. Such properties may have implications in several fields as e.g., in modern surgery where the use of ceramics as biocompatible alternatives to metallic alloys continuously increases.

In addition to its main role as the most important aluminum precursor, α-alumina (α-Al 2 O 3 ) is one of the top-known technical ceramics currently used for its excellent mechanical properties in various fields of applications such as abrasives [WAN 00b, NIE 02], catalysis [KNÖ 78, MAN 02] and medical engineering [WEB 00, CHE 09]. Since the pioneer work of Boutin, alumina is one of the main materials used for hip replacement due to its high bio-compatibility [BOU 77, HUL 93, NEV 01]. It is also commonly used for dental brackets and crowns [DEN 10,ALS 14]. However, its modest toughness generally enforces alumina compounds to be thick in order to satisfy the strength levels required. It is therefore often replaced by tougher ceramics as zirconia, or used as the matrix in a composite with reinforcing (zirconia) particles (e.g. zirconia-toughened alumina). Various strategies are adopted to improve the mechanical properties of alumina-based materials. Al 2 O 3 is now regularly combined to other metal oxides such as zirconia (ZrO 2 ), ceria (CeO 2 ) or titania (TiO 2 ) to build alloys and composites with significantly improved mechanical properties [GRE 82, TUA 02, YIL 07, CHE 09, HE 14,VER 17]. In particular, a significant attention has to be paid to refine the powder size toward the nanoscale and target alumina-based submicron ceramics [SHA 09]. Along that line and to improve the understanding of alumina mechanical properties at the nanoscale, Calvie et Introduction al. performed in situ nanocompression tests of alumina NanoParticles (NPs) inside the Transmission Electron Microscope (TEM) [CAL 12,CAL 14]. In particular, the authors emphasize the unprecedented ductility reached by the individual alumina nanocrystals although they do not conclude about the elementary mechanisms responsible for such critical behaviour. Indeed, while reducing the size of single-crystalline ceramics deep in the sub-micron scale is known to promote the BDT and postpone (or inhibit) the fracture process [KOR 11a, KOR 11b, CAL 14, DU 15, ISS 15, AMO 18, ISS 21]. There are still questions about the plastic deformation mechanisms at the origin of such behaviour especially in the case of α-alumina.

To address such question at the atomic scale, Molecular Dynamics (MD) simulations are regularly used to supplement experimental studies at small-scales. In particular, these simulations are currently applied to investigate the deformation processes of single-and nanocrystalline structures [MOR 18, AMO 21]. Sarobol et al. have investigated the plasticity of defective and defect-scarce alumina smallscale particles using Room Temperature (RT) in situ compression tests within the TEM and MD simulations [ SAR 16]. For single-crystalline NPs with Compression Axis (CA) along [0001], the authors have shown that plasticity was accommodated by the nucleation of dislocation within the rhombohedral slip system from the contact area between the indenter and the sample. Zhang et al. have studied the deformation mechanisms of α-alumina thin films using impact loading MD simulations [ ZHA 08]. Analysis of inner impact faces show wild deformation patterns (just below the impact) with dislocations nucleation events induced by local stress concentration. Various slip systems and deformation processes typical of the Hexagonal Close Packed (HCP) crystalline structure were identified including pyramidal slip, prismatic slip, basal slip and twins as well as rhombohedral twining. A similarly complex plastic behaviour is emphasized by Nishimura et al. using nanoindentation MD simulations [ NIS 08]. Overall, the elementary deformation processes believed to be responsible of nanoscale α-alumina deformation seem more extensive than those of the classical picture inferred from High-Temperature (HT) nanoindentation of polycrystalline alumina in which mostly basal, prismatic and rohmbohedral slip were characterized [CAS 81a, BIL 96, HEU 10]. However, conclusions have to be drawn with care when exclusively derived from MD simulations as those are known to be particularly dependent on the interatomic potential used. Indeed, interatomic potentials are at the roots of atomistic simulations i.e., they integrate all the theoretical background and the physical hypothesis made to compute the energy and derive the interatomic forces of the investigated system. For each class of materials, specific frameworks either derived from the quantum theory or from more classical theories were developed to better reflect the physics of the atomic bond with more or less complexity. For example in metal oxides, one of the simplest and most used interatomic model is the Rigid Ion (RI) model [LEW 85]. The RI formulation assumes non-deformable ions with fixed charges modelled by short range and coulombic interactions. This approach was first extended to the shell model in which the ion nucleus and the electron cloud are considered as two different entities bonded by an harmonic spring [DIC 58, MIT 93] and then to the breathing-shell model in which the electron shell is allowed to change shape [SCH 66]. These extended versions of the model allows to compute polarizability and improve lattice vibration calculations when compared to the RI original model. An other theoretical framework developed to model metal oxides is the 2/3-body potentials as developed by Vashishta et al. [VAS 90, VAS 07, BRA 09]. These potentials are inspired by the Stillinger-Weber formalism originally developed to model covalent materials as silicon [STI 85, VIN 01]. Indeed, the ionic vs. covalent ambivalence of the atomic bond in oxides is traduced in the MD literature by a competition between ionic RI and covalent Stillinger-Weber like potentials. Nevertheless, while these methods allow for large-scale simulations they sometimes suffer from their intrinsic simplicity what have led to the development of more complex formulation including variable charge models as COMB3 [SHA 10, LIA 14], ReaxFF [VAN 01a] or Second-Moment Tight-Binding Qeq (SMTB-Q) [ SAL 16].

Most of the aforementioned formalisms were also derived for α-Al 2 O 3 properties. In this study, after a reminder about the interatomic potential theoretical frameworks, we present an exhaustive set of tests and compare the transferability of RI, 2/3-body and variable charge potentials applied to α-Al 2 O 3 material properties calculation. A special attention is paid to material properties important to be transferred in anticipation of modeling nanomechanical tests. This includes not only lattice properties but also surface and stacking-faut energies as well as dislocation properties. The pros and cons of each potential are discussed all along the study shading light on the best compromise to do to model nanomechanical tests. Do we already have in the literature a physical model of α-Al 2 O 2 precise enough to model NPs compression tests? Can we simulate α-Al 2 O 2 NPs deform plastically under compression? If yes, what are the elementary deformation processes that govern plastic deformation? Do they change with temperature or orientation? Can the MD simulation of α-Al 2 O 2 NPs compression test be used to interpret experiments? Try to answer these questions, this Ph.D thesis is presented as follows. The starting chapter presents first a literature review of most-common ceramic materials and their applications. It is then followed by an introduction to mechanical properties at the nanoscale. This chapter ends with an introduction to alumina for which applications, lattice and deformation properties are presented. The second chapter focuses on atomistic simulations and interatomic potentials. First, an introduction about the atomicscale methods used during the thesis is presented in the framework of the Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) code. Then, a detailed description of the interatomic potential we used is provided. Finally, simulation companion 2021 -Qinqin Xu -MATEIS laboratory tools as the Atom/Molecule/Material Software Kit (ATOMSK) and the Open Visualization Tool (OVITO) are presented. In the third chapter, we present an exhaustive set of calculations of various materials properties applied to α-Al 2 O 3 using several interatomic potentials (RI, 2/3-body and SMTB-Q). The transferability of each potential to α-alumina nanomechanics is discussed in this chapter. The fourth chapter focuses on the in silico methods used or developed to build α-Al 2 O 3 NPs. It also includes a detailed characterization of the samples later compressed in the Chapter V. Indeed, the fifth chapter presents nanocompression tests performed on α-Al 2 O 3 NPs of various sizes. The mechanical behaviour of α-Al 2 O 3 NPs as function of temperature and orientation is discussed and a detailed analysis of the plastic deformation processes is provided. These results are discussed and compared to experiments and simulations published in the literature at the end of the chapter. Finally, this manuscript ends with a general conclusion. 

Literature review

Ceramics are used in various fields of applications such as biomedical engineering, catalyst or electronics. In this chapter, we first propose a literature review about ceramic materials with a special focus on structural ceramics. We introduce main structural ceramics altogether with their related applications. Then, the pros and cons of small-scale ceramics will be addressed to head to a final subsection about alumina.

Ceramic materials and their applications 1.Ceramics for biomedical technologies

Ceramics are used for various biomedical engineering applications such as femoral heads and acetabular cups for total hip replacement, dental implants and restorations as well as bone fillers and scaffolds for tissue engineering [CHE 06]. Alumina-or zirconia-based ceramics as well as their composites are the most used biomedical ceramics for structural applications. They exhibit particularly interesting mechanical properties including high strength and toughness. In the 1970s, Garvie et al. were the first to describe the transformation toughening process in zirconia ceramics [ARE 19]. This now well-known process relies on the transformation at crack tips of metastable tetragonal crystallites into the monoclinic phase that is accompanied by a volumetric expansion and compressive stresses that impede crack propagation [CHE 09]. The use of zirconia has opened the way towards new implant designs that were not accessible with alumina which is known to be more brittle [CHE 07]. The combination of the several ceramic constituents can improve these mechanical properties. For example, Yttria-stabilized Tetragonal Zirconia Polycrystal (Y-TZP) ceramics can be used to make alumina matrix tougher. Y-TZP exhibits a strength of more than 1 GPa with a toughness of about 5-10 MPa.m 1/2 . For comparison, pure alumina has a strength of ∼0.45 GPa and a toughness 4.6±0.3 MPa.m 1/2 [GUA 04, CHE 06, CHE 07]. Recently, new ultrafine ceramic composites were made out of alumina and zirconia nanopowders [DAL 12]. These new ceramic composites target to improve the reliability and the mechanical properties of ceramic alloys, especially in the field of orthopaedic applications [ ROU 10,NAG 13].

Silicon nitrides and carbides belong to an other category of ceramic materials highly considered for biomedical applications due to their high toughness and strength together with their good biocompatibility and wear resistance [ MIT 95]. When compared to alumina and zirconia, silicon-based ceramics are less influenced by slow crack growth what improves the reliability of structural pieces that are generally characterized by a lower risk of delayed failure. Nevertheless, non-oxide ceramics require more processing and machining efforts. They might benefit of more applications in the future if combined with the development and progressive generalization of modern processing techniques such as nanopowder fast sintering routes [LUK 17,TON 20].

Calcium phosphate ceramics and bioactive glasses are also used when an healthy interaction with the human body is required (e.g. bone in-growth). Calcium phosphates nevertheless exhibit lower strengths than other aforementioned ceramics. The bone-bonding calcia phospohate silicate glass-ceramics were first proposed by Hench et al. in 1971 [HEN 71]. Scaffolds can be processed using submicron powder sintering with a final grain size about 1 µm [KAL 07]. Nano-structured calcium phosphate ceramics exhibit better fracture toughness and bioactivity than coarse crystals. Due to their ability to induce osteoblastic differentiation in progenitor cells, calcium phosphate ceramics are mostly used for bone tissue regeneration applications [SAM 13]. Recently, several ceramic materials were employed as active solid oxide fuel cells components. For example, nickel/Y-TZP can be used for anodes while cathodes can be made from a mixed conducting perovskite i.e., pure or with strontium-doped lanthanum manganite (La 1-x Sr x MnO 3 ). Y-TZP can also be used as electrolyte while doped lanthanum chromite (LaCrO 3 ) is used as interconnect [ORM 03]. The recent rise of 3D-printing methodologies (stereolithography, selective laser sintering, electron beam melting, etc.) improved the design of hierarchical porous ceramics that are developed by direct ink writing and in situ growth of well-ordered metal-organic frameworks [LIU 20]. This process is illustrated in Figure 1.1. This method reduces the catalytic degradation rates of porous ceramics and improve their lasting degradation efficiency when compared to traditional processing routes. 3D-printed catalytic filters and impeller agitators are successfully manufactured using this method while spent residue catalysts are used as raw materials to product wear resistant ceramics.

Ceramics for catalysts, automotive and electronic applications

In addition to their use as catalysts, ceramic materials enter the fabrication of several automotive constituents such as sensors or engine parts. For example, silicon nitrides are used to build turbochargers with reduced turbo-lag that enhance driving performances [ BOC 10]. When compared to metal rotors, high-revolution speeds are shorten for ceramic rotors. Furthermore, piezo-electric ceramics are used as knock sensors that have the ability to detect slight vibrations and react before severe knocking [KIM 07]. Silicon carbide composites reinforced by carbon fibers enter the composition of brake discs 65% lighter than regular cast-iron brake discs [WU 19]. Those are more efficient as they maintain high-friction at more-elevated temperatures. Piezo-injector actuators are made of piezo-ceramic materials as Pb(Ti,Zr)O 3 which allows the needle valves to open and close. Finally, adiabatic turbo-compound diesel engines use silicon carbides with low thermal conductivity to enhance the thermal energy supplied to exhaust pipes and improve gasoline engine efficiency as well as reducing energy losses. Gas turbines can be equipped with silicon nitride based elastic supports and parts joined that use ceramic-based composite materials. These technical improvements can minimize the gas leaking at joints with relatively low contact stresses[OPI 03].

Ceramics materials are also widely used in the electronic industry with applications in telecommunication, transport, computers and consumer sectors for product miniaturization. In particular, materials with high thermal conductivity are of interest for the 2021 -Qinqin Xu -MATEIS laboratory temperature management of integrated electronic devices. Kim et al. designed aluminum nitrides that were originally sintered with various additives such as CeO 2 , Sm 2 O 3 , Y 2 O 3 , CaO, CaZrO 3 to minimize the grain growth [ KIM 18]. Thus, these ceramics exhibit improved thermal conductivity (90-156 W/mK) and mechanical strength (560-710 MPa). Silicon nitrides (Si 3 N 4 ) also show excellent thermal properties with high-thermal resistance and conductivity [MUT 03] in addition to better machining properties and an high electrical resistance that makes it a good candidate as high-thermal conductivity dielectric material. Ceramic-based capacitors are used in electronic equipments such as transformers and antiferroelectric ceramic filters [FUJ 00, IMO 07, ZHA 10]. Barium titanate (BaTiO 3 ) nanomaterials are used for their high permittivity and stable dielectric properties 

Ceramics for energy and other environment technologies

Concentrated solar power systems are one of the most promising and sustainable technologies for environmental electric energy [ FER 18]. They are made of an absorber that collects sunlight while the solar energy is used to produce steam that drives an electricity turbo-generation unit. Absorbers are mainly made out of graphite, alumina and silicon carbide ceramics. Ultra-high temperature ceramics such as ZrB 2 or HfB 2 are ideal for thermal protection systems as they benefit from high chemical and structural stability at extreme operating temperatures, with a melting temperature of 3250 • C (while ZrO 2 and MgO reach respectively at 2700 • C and 2800 • C) [SCI 13,FAH 17]. They are widely used in the aerospace industry for hypersonic vehicles, rocket motor nozzles or atmospheric entry probes capable of the most extreme entry conditions. On the other hand, SiC ceramics and composites (ZrB 2 -SiC) are considered as promising materials for fusion energy systems as they are very stable (i.e. oxidation resistance, high hardness and retained strength) at HT (T > 2000 • C) or harsh conditions including radioactive environments. SiC ceramic matrix composites benefit of interesting microstructure-and constituent-dependent structural properties. They are characterized by the enhanced reliability, predictability and tailorability of various properties including high-thermal conductivity at HT in addition to benefit from non-brittle behavior. Finally, ceramic nanofibers are currently envisaged as possible new materials for energy conversion and storage devices as they benefit of high porosity and large surface area and they are already commonly used as photoelectrodes of dye-sensitized solar cells [BIS 12, ZHO 17].

Towards micro-and nanoscale ceramics

Modern techniques including severe plastic deformation and high-pressure spark plasma sintering are used to improve the mechanical properties of bulk materials using optimized formability approaches. Indeed, these methods are used to reduce the grain size and benefit of the Hall-Petch behaviour down at the nanoscale [MOR 01, YAN 08, SOK 17]. As shown Figure 1.2, polycrystalline materials exhibit higher hardness and strength up to a certain grain size decrease down to the micro-or even to the nanoscale [MOR 01, HUA 20]. This strategy was recently applied to ceramics including alumina and zirconia-based alloys (see e.g., [SAN 08,CHR 08]). In this section, we introduce the basic concepts related to the mechanics of nanocrystalline materials and how they apply to ceramic materials.

Reducing the grain size towards nanocrystalline materials

When decreasing the grain size the yield strength of polycrystalline materials increases while their ductility decreases. This behaviour is modeled by the Hall-Petch relation (Equation 1.1) that rationalizes the link between the yield strength of a polycrystalline material and the grain size,

-Qinqin Xu -MATEIS laboratory

σ c = σ 0 + k √ d (1.1)
where σ c is the critical strength, d is the grain size and σ 0 and k are constants.

If grains are larger than few tens of nm (normal Hall-Petch regime), the strength increases with decreasing their size due to the reduction of the dislocation mean-free path [HAL 51,AGE 09]. This at the cost of a critical strain reduction before failure. This behaviour applies down to few tens nm. For instance, the yield strength of nanocrystalline Cu is about six times larger than that of coarse-grained Cu [WAN 02, VAL 02]. Nevertheless, while the yield strength of Cu increases reducing the grain size its critical strain decreases from 45% to 4% strain. After the maximum strength (super-strength label on Figure 1.2) get reached, an inverse Hall-Petch regime replaces the normal one i.e., the strength of polycrystals starts to decrease with decreasing the grain size. In this regime, the regular dislocation-mediated plasticity is replaced by grain-boundary plasticity (rotation, sliding, shearing), partial dislocation emission and absorption at grain boundaries [KE 95, VAN 01b, YAM 02, GIA 06]. This regime can induce super-deformability 10 2021 -Qinqin Xu -MATEIS laboratory As shown Figure 1.3, plastic deformation can also be used to modify mechanical properties. Here, Valiev and co-authors use cold rolling and equal channel angular pressing leading to an increase of the yield strength together with a diminution of the critical strain before failure. This is illustrated by the two black curves that describe Cu and Al respectively (the % value refers to the material thickness reduction obtained before testing). With accumulated plastic deformation, the yield strength of Cu and Al increases while their elongation to failure decreases. As mentioned by the authors, a similar behaviour was observed in Ti (but the yield strength increase with grain size diminution is not described in the original paper). While the authors argue about the influence of the grain size reduction on the enhanced ductility, they also mention the influence of the high-pressure applied and its implication in the formation of nanoscale microstructrures what confirms that the observed mechanical behaviour is not the sole effect of the inverse Hall-Petch process. atoms not in local FCC and HCP crystalline order are classified as Grain Boundary (GB). In this study, the authors used a simulation cell of about 10 nm size that contains few grains from 3.3 to 6.6 nm size. Results show that both the yield and flow stress decreases with decreasing the grain size. Guo et al. used a similar approach than Fan applied in their case to nanocrystalline boron carbide (B 4 C) [ GUO 18]. In their work, amorphous bands nucleate from the intersections of grain boundaries and then grow into 2-3 nm wide amorphous zones. These amorphous zones contribute to the plastic deformation and promote grain boundary sliding. The same mechanism was recently identified as one of the main deformation process in olivine, one of the main mineral ceramic compound of the Earth upper mantle [SAM 21].

To better understand and improve the mechanics of nanocrystalline materials, the scientific attention focuses on both the role of GBs and the behaviour of isolated single crystalline micro-and nano-objects like pillars, particles or wires under stress. This last topic will be covered in the next section.

Small-scale mechanics

Insights from micropillar compression tests

In recent years, the investigation of the elementary deformation processes in nanocrystalline materials becomes more reliable with the development of modern small-scale mechanics techniques such as nanoindentation, in situ nanocompression tests and multi-scale modeling. Most of the studies were performed on metal alloys. In the early 2000s, Uchic et 

Deformation of micro-and nanoparticles

Several groups (including MATEIS) recently focused on the behaviour of individual crystal at small scales. While it provides fundamental piece of information about mechanical properties and elementary deformation processes, a bottom-up approach allows for a better understanding of the mechanical behaviour of nanocrystalline materials as focusing on their original block i.e., the individual single grain.

One of the pioneer work about single grain mechanics at small-scale is the study of Mordehai and colleagues about gold particles [MOR 11]. In this study, the authors show a correlation between strength and size of Au micro-and NPs similar to the one observed 16 2021 -Qinqin Xu -MATEIS laboratory in pillars using multi-scale simulations including the Finite-Element Method (FEM) and MD as well as SEM compression tests. Figure 1.9a shows compressive stress-strain curves of several Au particles (230-987 nm size range). All particles are first characterized by an elastic regime. Then, smaller microparticles (<600 nm) show a particularly elevated yield stress followed by strain bursts of large amplitude while lower-range yield strength and strain-hardening can be observed in larger samples. After deformation, these particles exhibit a characteristic 'pancake' shape (Figure 1.9b,c). The authors also performed MD simulations to better asses the deformation mechanism of Au microparticles. They conclude that the deformation was governed by dislocation nucleation from the vertices and corners of the modelled NPs. Both computed and experimental strengthes approach the theoretical strengths of Au (3.12 GPa [WAN 13a]) at the beginning of plasticity, especially for smaller size samples. 

-Qinqin Xu -MATEIS laboratory

Compression tests were performed on ideal Wulff-shaped NPs (Figure 1.10a) along the <111> direction. Figure 1.10b shows simulated stress-strain curved up to the nucleationinduced stress drop in Au NPs. In particular, the results show that the yield stress decreases as the size of the NPs increases. In all investigated FCC nanometals, the plastic regime starts thanks to the nucleation of Shockley partial dislocations at the vertices or corners of the NPs. Nevertheless, different mechanisms seem to be involved in the deformation of alumina NPs depending on their size. As shown by Calvie et al., the mechanical properties of small alumina NP (<100 nm) exhibit ductility without sign of cracks up to large strains [ CAL 14]. In this study, the authors developed a methodology to determine the constitutive laws of NPs based on in situ TEM compression tests using digital image correlation. A force-displacement curve is shown in Figure 1.12 from which the parameters of the constitutive law are extracted using two different methods either the Hertz theory for the load curve of the elastic response or a cylinder for the unload curve. The constitutive model involves four parameters which includes the Poisson ratio υ=0.3, the effective Young's modulus E * =115 GPa, the initial yield stress σ y =10 GPa and a strain hardening coefficient H. For larger particles (>100 nm), the authors show that the mechanical behaviour is close to bulk i.e., force-displacement exhibits a brittle behaviour with crack propagation within the elastic regime as seen in Figure 1.13a,c. In this case, the maximum compressive strength is 3. In contrast with bulk materials, micro-and nanoscale particles can sustain extremely high stresses (in the GPa range) and ductility, even in the case of originally brittle ma-20 2021 -Qinqin Xu -MATEIS laboratory terials. This behaviour is related to various elementary deformation processes including dislocation nucleation and twinning. Amodeo and Pizzagalli recently published a review article on NP mechanical properties with an emphasis on modeling elementary deformation processes [AMO 21]. The reader can refer to their work and references therein to get a broader overview about the mechanics of NPs. In the next section, we will focus on alumina i.e., from the applications to its atomic-scale elementary properties.

α-alumina

Alumina is the second most abundant metal oxide of the earth crust next to silica. It can appear under various crystalline phases called α, β, γ or δ with the most common and the one of interest here being sapphire (also called corundum) i.e., α-Al 2 O 3 .

Applications

α-alumina is used in several fields of applications especially for its excellent mechanical properties and bio-compatibility.For example, millions of alumina ceramic orthopedic implants were manufactured from the 1970s mostly due to producers such as Ceramtec in Germany or CERAVER in France [ MAS 14]. They showed that Biolox products reduce the risk of wear and implant failure in comparison to metal bearing surfaces.

Several studies followed these pioneer works and the first drawbacks of alumina ceramics identified were their modest toughness. Generally, alumina ceramics are brittle under impact and initial implant-fracture rates could reach several percent [DEA 02]. Then, alumina compounds have to be thicker than with other, tougher materials in order to satisfy the strength levels required for clinical uses leading to a loss of bone stock [HUL 93]. Even after long-lasting microstructural developments and a continuous increase of their strength supported by a decrease of the failure ratio (less than 0.1%), there is still a need to develop alumina alloys with higher toughness [CHE 09].

Since decades, α-alumina has been used for dental bracket, implants, abutments as well as frameworks for crowns to enforce the strength of dental porcelains [ ALS 14]. The high purity alumina crown copings or fixed prostheses cores are fabricated using computer-aided 2021 -Qinqin Xu -MATEIS laboratory design and manufacturing techniques. The first fully dense dental alumina polycrystalline ceramic (Procera T M AllCeram) was introduced in 1993 [ LI 14]. It contains more than 99.9% alumina and has a high flexural strength (600 MPa). The outer contour of the coping is milled to the programmed thickness and dimension sintered and is then veneered with aesthetic porcelain including a compatible coefficient of thermal expansion. Microstructural and morphological factors influence the improvement of alumina ceramics mechanical properties. Several factors such as elongated grains (high aspect ratio grains), small grain sizes and narrow grain size distribution allow to enforce toughness and reduce surface roughness [KOV 96, KOV 00]. Furthermore, combination of alumina with other compounds such as zirconia are also often used to improve material properties. For example, Ce-TZP/Al 2 O 3 nanocomposites are considered as a promising materials for dental implants. Bulk alumina is also used for drug delivery. As example, Nanoporous Anodic Alumina (NAA) is a promising biomaterial due to its unique microstructural features including a regular pore size and a uniform pore density. NAA shows high stiffness and strength as 22 2021 -Qinqin Xu -MATEIS laboratory well as elevated chemical and thermal stabilities [ WAN 14]. Anodic Alumina Nanotubes (AANTs) are used as nano-carriers for drug delivery of anticancer therapeutics. Figure 1.15 summarizes the fabrication of AANTs, their drug loading (here Apo2L/TRAIL, a model drug) and the mechanism of release to eliminate cancer cell apoptosis. AANTs are fabricated to provide high loading and biocompatibility. The NAA template is spread using a chemical etching process into several small-size alumina nanotubes, and each nanotube is then loaded with in vitro drugs to be delivered into cells. Alumina is also used as grinding or abrasive material. For example, Yin et al. investigated the material removal rate during an abrasive process for the single-phase polycrystalline alumina and for a two-phase alumina-titania composite. The results reveal identical mechanisms of microfracture and grain dislodgement under the grinding conditioned applied. There were no distinct differences in surface roughness and morphology for both materials ground at either conventional or high speed [YIN 05]. Finally, α-alumina is also commonly used for electronic applications as a constituent of conductors and high-voltage resistors. XIO 18]. In this context, an alumina interlayer serves as an excellent insulating layer to divide cathode and anode. Moreover, it also modifies the interface between the Electron Transport Material (ETM) and various perovskites retarding the recombination at the ETM/perovskite and perovskite/counter electrode interfaces simultaneously.

After this short introduction about (non exhaustive) alumina applications, the next section we will focus on lattice aspects and deformation properties of α-Al 2 O 3 .

Lattice and elastic properties

α-Al 2 O 3 belongs to the R 3c space group and can be described by a rhombohedral or an hexagonal unit cell. The hexagonal cell is made of 30 atoms and the lattice parameters are a 0 =4.76 Å and c 0 =12.99 Å [GIE 68]. Along the [0001] basal direction, the α-Al 2 O 3 crystal structure can be described by the succession one oxygen layer consecutive to two aluminum layers shifted from each other, see Figure 1.16. The basic structure thus consists of hexagonal close-packed planes of oxygen intercalated with aluminum planes. The four index notation of Miller-Bravais is often used to describe HCP crystals. It refers to th hkil indices withm i = -(h + k). Using this notation, the characteristic angle θ between two crystallographic planes (h 1 , k 1 , i 1 , l 1 ) and (h 2 , k 2 , i 2 , l 2 ) in α-Al 2 O 3 can be described as follow, Among the four orientations tested to compute the shear modulus G, 11 20 leads to the lowest value with G=169.5 GPa while the orientation 1 100 is the leads to the highest one c.a. G=254.5 GPa. Figure 1.17a,b show the variations of the shear modulus and thermal expansion as function of temperature in single crystal α-Al 2 O 3 . As the temperature increases, the thermal expansion increases while the elastic moduli decreases. 
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cos(θ) = (h 1 h 2 + k 1 k 2 ) + 1/2(h 1 k 2 + h 1 k 2 ) + 3/4(a/c) 2 l 1 l 2 (h 2 1 + h 1 k 1 + k 2 1 ) + 3/4(a/c) 2 l 2 1 (h 2 2 + h 2 k 2 + k 2 2 ) + 3/4(a/c) 2 l 2 2 (1.2) Reference Elastic constants C 11 (GPa) C 12 (GPa) C 13 (GPa) C 14 (GPa) C 33 (GPa) C 44 (GPa) [OHN

Reference

Atomistic simulations

MD simulations are often employed to supplement experimental studies on dislocation nucleation and deformation processes at small-scale [AMO 21]. These simulations are currently applied to investigate the deformation of single crystals. MD has been used for several ceramics, but only few results deal with alumina or nanocrystalline structures. MD appears as the most popular tool to model material deformation at small-scale due to its 28 2021 -Qinqin Xu -MATEIS laboratory 

Summary

Overall, plastic deformation processes happening in α-Al 2 O 3 for the 4 main directions c, m, a and R can be resumed as follow:

-For the c orientation [0001], at elevated temperatures (> ∼300 A literature review of the plastic deformation processes occurring in α-alumina as function of orientation, temperature, type of test and analysis is provided Table 1.4.

After this literature review, the next chapter will focus on the various methods used during the Ph.D as well as on the various interatomic potential frameworks. Finally, the companion tools used in collaboration with the MD LAMMPS code will be introduced.

Chapter I summary:

Three main axis are covered in this literature review chapter to better assess the rest of the Ph.D manuscript. First, we have broadly introduced ceramic materials as well as their roles in various fields of applications. Second, we have discussed how decreasing size influence the mechanical properties of crystalline materials. Third, we have resumed the literature about α-alumina i.e., from related applications to crystalline properties including lattice, slip system and dislocation properties. Table 1.4: Plastic deformation process observed in α-Al2O3 as function of orientation, temperature and technique. For indentation tests, the orientation refers to the indented sample surface while it corresponds to the compression/tensile axis in other cases.
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Chapter 2

Methods

Atomistic simulations using the LAMMPS code

All along this thesis, we use the LAMMPS classical MD simulation code [PLI 95] to perform Molecular Statics (MS) and MD simulations of nanoscale α-alumina. This chapter recalls the basics of such atomistic simulation methods (within the LAMMPS framework) as well as theoretical aspects of the various types of interatomic potentials used for the study. Main information about companion tools (ATOMSK and OVITO) are also provided.

Energy minimization using molecular statics

Energy minimization simulations are the main class of MS simulations. These simulations are time-independent i.e., they consist in parsing spatial configurations that are not correlated in time. As time is not defined, atoms have no velocity and thus no temperature can be defined in MS simulations (it is 0K). In MS, the potential energy E pot of a set of atoms is expressed as:

E pot = E(r 1 , r 2 , r 3 , ..., r N ) (2.1)
where r i refers to the position of the i th atom and N is the total number of atoms in the system.

Thus, the force F i on the atom i is the negative derivative of the potential energy regarding the displacement of the i th atom,

- → F i = - --→ grad(E pot ) (2.2)
During MS simulations, a minimum energy configuration (local minimum) can be found 2021 -Qinqin Xu -MATEIS laboratory using an iterative process. It is achieved by moving the atoms along the -→ F i vectors defined by Equation 2.2. The presence of local and global minima is determined by the initial geometry of the system as well as the functional form of ---→ grad(E pot ).

In LAMMPS, several examples of minimization algorithms are available such as the Polak-Ribiere Conjugate Gradient (CG) [POL 69], the Hessian-Free Truncated Newton algorithm (HFTN) [NAS 85, MAR 10] or the Fast Inertial Relaxation Engine (FIRE) [BIT 06, GUÉ 20]. In CG, the pre-iteration information are merged with the force gradient to calculate a new search direction which is the conjugate (perpendicular) of the previous one at each iteration while a CG inner iteration is adapted to calculate a quadratic model of the potential energy using HFTN. The FIRE algorithm is an MD-inspired damped dynamics method that use velocity projection on force vector together with a variable timestep. An strategy for typical energy minimization simulation (including pressure relaxation) using LAMMPS can be drawn as follow. First, the CG method can be used to minimize the potential energy of a given system using a force norm criterion of e.g., 10 -8 eV/Å as a stopping criterion. One can note that such minimization process does not allow for pressure relaxation by simulation cell changes. Thus, we secondly perform an anisotropic box relaxation using the LAMMPS fix box/relax to relax the pressure of the system. This step can be followed by last minimization run using CG, HFTN or FIRE.

Molecular dynamics

In contrast to MS, MD simulations allow the computation of time-dependent displacement of interacting atoms. In regular MD codes such as LAMMPS, MD proceeds in two steps. Firstly, the system energy is computed based on the interatomic potential used and the forces are derived from the system energy as in classical MS simulations. Then, the Newton equation of motion (Equation 2.3) is integrated.

m i d 2-→ r i dt 2 = - → F i (2.3)
where m i is the mass of particle i and dt an elementary timestep.

A solution to Equation 2.3 can be found using the Verlet algorithm [VER 67], derived from a Taylor expansion, 

- → r i (t + δt) = - → r i (t) + d - → r i (t) dt δt + 1 2 d 2-→ r i (t) dt 2 δt 2 + 1 3! d 3-→ r i (t) dt 3 δt 3 + O(δt 4 ) (2.4) 36 2021 -Qinqin Xu -MATEIS laboratory
→ r i (t -δt) = - → r i (t) - d - → r i (t) dt δt + 1 2 d 2-→ r i (t) dt 2 δt 2 - 1 3! d 3-→ r i (t) dt 3 δt 3 + O(δt 4 ) (2.5)
After simplification, the Verlet algorithm leads to,

- → r i (t + δt) = 2 - → r i (t) -- → r i (t -δt) + d 2-→ r i (t) dt 2 δt 2 + O(δt 4 ) (2.6)
One can note that the Verlet algorithm does not require any atom velocity calculation as shown in Equation 2.6. An illustration of a classical MD workflow is illustrated Figure 2.1.

During MD, the kinetic energy E kin and the temperature T are derived from the atom velocities,

T = 2 3 E kin Nk b = 1 3Nk b i m i - → v 2 i (2.7)
MD simulations are performed within thermodynamic ensembles referred as NVE, NPT or NVT. The NVE ensemble allows for constant number of particles (N ), volume (V ) and energy (E). In the canonical ensemble NVT, the temperature can be controlled using various kinds of thermostat including the Nosé-Hoover thermostat that couples the system to an external T reservoir and makes use of a friction term ζ to hamper atomic displacements [HOO 96, NOS 02],

d 2-→ r i dt 2 = - → F i /m i -ζ d - → r i dt (2.8) dζ dt = 1/Q s ( i m i - → v 2 i -N df k b T ) (2.9)
with N df the number of degrees of freedom of the system and Q s mass.
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An additional control on the pressure P is when using running MD simulations within the isothermal-isobaric (NPT) ensemble. Thermodynamically pressure is defined as,

P = N V k b T + 1 3V i - → r i • - → F i (2.10)
where V is the volume of the silulation cell.

Using LAMMPS, various kinds of barostats (e.g., Berendsen [BER 84], Nosé-Hoover [NOS 02]) can be coupled to the overall simulation cell volume based on a scalar pressure or to orthogonal and tilt directions (x, y, z, xy, xz and yz) using symmetric stress tensor. Other ensembles can also be used within LAMMPS as e.g., the isenthalpic ensemble NPH [AND 80].

Boundary conditions and neighbor lists

Boundary conditions. When running atomistic simulations, it is necessary to define what boundary conditions to use in each direction of the simulation cell. Using LAMMPS, the boundary conditions (BCs) can be periodic (p style, referred later as PBCs) or free. PBCs allow the simulation cell to reasonably mimic an infinite system by replicating itself over given directions using periodic images. This treatment works perfectly well for highly ordered crystals. Various simulation cell shapes are available in the code. Among them, a triclinic-shape box covers the special cases of cubic, rectangular, rhombic dodecahedron, and truncated octahedron boxes. In this thesis, we used PBCs when calculating α-alumina material properties such as lattice parameters or stacking fault energies but various non-periodic BCs are also defined within the LAMMPS code. These includes the f style for which simulation cell boundaries are fixed, the s style refers to boundaries set so as to encompass the atoms in a given direction (shrink-wrapping), no matter how far they move, and the m style includes constrained shrink-wrapping bounded by a value specified in the data file. Those specific BCs will be recalled later in the chapters dedicated to α-Al 2 O 3 NPs compression tests in which the m style BCs were mainly used.

Cutoff and neighbor lists. When running atomistic simulations, the cutoff radius for short-range interactions between atoms cannot naturally exceed half of the box length and on the other hand, the number of interacting pairs in a system containing N particles is on the order of O(N 2 ). Therefore, thinking about computational costs its obvious to mention that cpu costs would be quadrupled if the size of the system is doubled which is not desired for large-scale simulations. To speed up the simulation while maintaining a reasonable accuracy, the cutoff radius for short-range interactions is usually fixed at a constant value, and then the computational costs are linearly dependent on N . In a large 38 2021 -Qinqin Xu -MATEIS laboratory system where the size of the simulations box is much larger than the cutoff radius, the distances between particles will likely exceed the cutoff radius. In such case it becomes important to quickly and efficiently locate the interacting neighbors within the cutoff radius for each particle in order to reduce computational costs. Two main methods exist to search and find neighbors. The Verlet list method uses a less frequently updated neighbor list with a radius slightly larger than the cutoff radius, while the cell-list method divides the simulation box into many smaller cells so that the neighbors can be found in adjacent cells. For large systems the cell-list method is more efficient [ HOW 16]. An other critical aspect related to the cpu costs is the kind of interatomic force model used in the simulation i.e., the interatomic potential. This topic will be covered in the next section.

Interatomic potentials

In atomistic simulations, interatomic potentials are at the roots of atoms interactions since they describe the atomic bond features. They can just rely on simple analytical formulations or on more complex quantum-based equations. In this section we will recall the basics of the various of types of interatomic potentials used in this thesis to describe atomic bonds in α-alumina as well as the Embedded-Atom Method (EAM) formalism, commonly used to describe the metallic bound used in this work to model zirconium (an standard HCP metal) for comparison.

Rigid ion potential

The RI model was introduced by Catlow to describe atoms interactions in metal oxides such as UO 2 [CAT 77]. The general formulation of the RI potentials is provided in Equation 2.11. The first two terms rely on a so-called Buckingham potential [BUC 38, RIC 54] that is a short range interactions term mainly for van der Waals interactions while the third one is a long-range Coulomb interaction.

V ij (r ij ) = A ij exp( -r ij ρ ij ) - C ij r 6 ij + q i q j 4πε 0 r ij (2.11)
with A ij , ρ ij and C ij are fitted parameters, r ij is the distance between ij pairs of atoms and q i , q j the respective atom charges.

RI potentials are fixed charged potentials i.e., a constant charge is associated to each ion during the whole simulation run. This net charge can be different from the theoretical (or experimental) one and is often integrated in the fitting procedure. In this study, short-range interactions are computed in the real space for r ij <r c , with r c a short-range cutoff radius. In the following, we use r c =12 Å as it is the shortest common cutoff value For the Catlow potential, short-range interaction parameters are derived from experimental lattice and elastic constants, dielectric constants, cohesive energy using leastsquares fitting routines. The O-O interaction is taken from [CAT 77], Al-Al interactions are purely coulombic and the short-range attractive r -6 interaction is ignored for Al-O. Catlow potentials are the origin of fully-ionic models and were originally developed to investigate cohesive, elastic and lattice dynamics properties of oxides and halides.

The parameters of the Gale potential (Mulliken reference III) were derived from an ab initio periodic Hartree-Fock method applied to an energy hypersurface [GAL 92]. In addition, they used the Mulliken energy obtained at the minimum energy conformation to set partial charge values. The charge of aluminium changes up to 0.3e due to lattice distortion leading to electrostatic energy variations included into the short range interaction term. RI Bush Buckingham term parameters are fitted using least-squares on experimental data including crystal structures, relative permitivities and elastic constants for a large set of metal compounds. For parts of them, phonon spectra are also included into the fit. Based on the authors comments, this fitting approach is supposed to capture the optimal potential for a single compound. Starting with the last optimised structure obtained during the 40 2021 -Qinqin Xu -MATEIS laboratory early stages of the fitting process, it avoids to trap in an undesirable local minimum. In Bush study, all fitting procedures are performed with the General Utility Lattice Program (GULP) [ GAL 97]. The Sun potential relies on a simplified version of the original Matsui model built to investigate crystal structures and bulk moduli of CaO-MgO-Al 2 O 3 -SiO 2 systems (CMAS) [ MAT 96]. After simplification, the authors readjusted the potential also using the GULP code [ GAL 97]. One can note that the authors biased the weighting factors to better assess the lattice parameters at the expense of the elastic constants. The lattice energy was also included in the fitting procedure (but with a low weight). Their results show that neither the van der Waals terms involving cations nor the short-range cation-cation interactions need to be included in the simulations in order to obtain an acceptable reproduction of the experimental data.

2/3-body interatomic potentials

Biswas et al. firstly developed 2/3-body interatomic potential to reproduce structural energies of silicon [BIS 85]. Originally, the potential was fitted on a Density-Functional Theory (DFT) database including the energies of various silicon structures. 2/3-body potentials were originally introduced as a simplification of the 3-body formalism i.e., reducing the 3-body energy to a product of 2-body sums that simplifies energy and atomic forces computation from n 3 steps to n 2 with n the number of atoms in the system. In the original study of Biswas, the 2/3-body interatomic potential is defined as follow,

V ijk (r ij , r ik , θ ijk ) = 1/2 i,j V (2) ij (r ij ) + i,j,k V (3) ijk (r ij , r ik , θ ijk )
(2.12)

with r ij and r ik the two lengths between respective pairs of atoms and θ ijk the angle between the triplet of atoms.

The pair term V

(2) ij relies on a short-range Morse potential form [MES 98],

V (2) ij (r ij ) = D ij [1 -e -α(r 0 -r ij ] 2 (2.13)
where D ij and α are constants with dimensions of energy and reciprocal distance, and r 0 is the equilibrium distance between the two atoms.

V (3)
ijk is defined by a bond length function F ι multiplied by linear coefficients C ι ,

V (3) ijk = ι C ι F ι (r ij , r ik )P ι (cos(θ ijk )) (2.14)
where F ι = φ ι (r 12 )φ ι (r 13 ), with φ ι the symmetric products of functions of each bond length. The 3-body term P ι (cos(θ ijk )) relies on the angular interaction between triplets 2021 -Qinqin Xu -MATEIS laboratory F ι allows to reduce the 3-body energy to a rotationally invariant scalar product of vectors φ ι . φ ι is indeed made of simple 2-body sums based on spherical harmonics and atomic bonds.

i,j,k

V (3) ijk (r ij , r ik , θ ijk ) = ι C ι 4π 2ι + 1 +ι m=-ι Φ ij ιm Φ ik ιm - ij f ij (r ij ) (2.15) f ij (r ij ) = ι C ι φ 2 ι (r ij ) (2.16)
where Φ ij ιm vectors are the moments of the structure around atoms i and j that accounts for local environment. f ij (r ij ) present the monotonic functional form of the 3-body potential.

Later, Vashishta et al. adapted the 2/3-body formalism into two-body and three-body covalent interactions [VAS 90]. Their potential is developed to study structural and dynamical correlations of crystalline, molten, and vitreous states of SiO 2 materials under various conditions of density and temperature. In the M x N y -type materials (M = Si, Al, Ge or In and N = O, P, S, Se or Te), the charge transfer from M atom to N atom forms cations M a+ and N b-ions what in general results in smaller M a+ than N b-. Hence, the two-body term includes the steric repulsion due to atom size and charge transfer (within the Coulomb term). Also charge-dipole interactions arise from the effects of large electronic polarizability of anions.

The Branicio formulation of the Vashishta potential used within the LAMMPS code is similar to Equation 2.12. The two-body part V

(2) ij (r ij ) includes steric-size effects, chargeinduced dipole, Coulomb and van der Waals interactions. It applies up to a cutoff distance of r c = 6 Å.

V (2) ij (r ij ) = H ij r η ij ij + q i q j r ij e (-r ij /λ 1,ij ) - D ij r 4 ij e (-r ij /λ 4,ij ) - W ij r 6 ij , r ij < r c (2.17)
where H ij and η ij are respectively the strength and the size exponent of the steric repulsion, λ 1 and λ 4 are the screening lengths of the Coulomb and the charge-induced dipole interactions. D ij and W ij are the strengths of both the charge-induced dipole and the van der Walls interactions, respectively.

In comparison to RI, the 2/3-body potential developed by Vashishta better accounts for covalent features such as bound directionality thanks to the angular term derived from the Stillinger-Weber potential [STI 85], 42

2021 -Qinqin Xu -MATEIS laboratory V (3) ijk (r ij , r ik , θ ijk ) = B ijk cos θ ijk -cos θijk 2 1 + C ijk cos θ ijk -cos θijk 2 × e γ r ij -r 0 e γ r ik -r 0 , r ij ≤ r 0 , r ik ≤ r 0 (2.18)
with B ijk is the amplitude of the 3-body interaction. θ ijk is the angle between vectors r ij and r ik . r ik is the distance between ik pairs of ions. θijk , C ijk and γ are the parameters of the 3-body interaction that ranges up to r 0 .

When 

SMTB-Q potential

The SMTB-Q interatomic potential is a variable charge model originally developed by 

E coh = E ion + E coul + E cov + E rep (2.19)
with

E ion = E 0 i + χ 0 i q i + 1/2J 0 ii q 2 i (2.20) E coul = i i<j q i q j J ij (2.21) E i,j(i,j=Al,O) cov = -    r ij ≤rc 2 i exp -2ζ( r ij r 0 -1) ∆q i    1/2
(2.22)

E i,j(i,j=Al,O) rep = i r ij ≤rc j r ji ≤rc A ij exp -p Al ( r ij r 0 ) -1 (Al -O) +1/2 j j r jj ≤rc Bexp( r jj ρ )(O -O) (2.23)
where E ion is the second order ionization energy of the atom i defined using the neutral atom energy E 0 i , the electronegativity χ O i and the hardness J O ii , respectively. E coul is the electrostatic term with J ij an integral coulomb term computed using two s-type Slater orbitals (see Ref. [TÉT 13] for more details). ∆q i refers to the covalent contribution of the delocalized electronic charges. Finally, E rep is a short-range interaction term acting between ions where p Al and B are adjustable parameters. Cation-cation short-range interactions (repulsive terms) are neglected because the M outer orbitals are empty in an insulator. In this study, the charge summation within SMTB-Q is performed using the Wolf 

The embedded-atom method

Daw et al. developed the EAM to compute ground-state properties of metal and alloyed systems [ DAW 84]. In the EAM framework, the energy of the atom i is defined using the concept of embedding energy,

E i = F α i =j ρ β (r ij ) + 1 2 i =j φ αβ (r ij ) (2.24)
where F α is the embedding function i.e., the energy required to put atom i (of type α) into the electron cloud, ρ β is the contribution from atom j (type β) to the electron charge density at the atom i position and φ αβ is a pair potential function.

The EAM method is the most commonly used method to compute metal properties. In this thesis, it is used to calculate zirconium properties using the Mendelev potential [MEN 07] for a direct comparison to α-Al 2 O 3 . Indeed, both materials have the same HCP crystalline structure and preliminary calculations on Zr (e.g., for stacking faults) in addition to a comparison to the literature allows for a better understanding of alumina specifc features.

Companion tools

ATOMSK

ATOMSK is a command-line tool developped by Hirel [HIR 15]. It can be used to create and manipulate atomic systems for the purposes of ab initio, MS and MD simulations. ATOMSK is able to handle several file formats and allow for straightforward conversion of atomic configuration files. In addition to the creation of perfect crystal supercells, ATOMSK allows for the insertion of point and line defects, cracks, planar defects (stacking faults), deformation or transformation of simulation cells. The ATOMSK software can be downloaded here: https://atomsk.univ-lille.fr/dl.php.

-Qinqin Xu -MATEIS laboratory

In this thesis, several options of ATOMSK were used to prepare simulation cells. For example, the option orthogonal -cell was used to build α-Al 2 O 3 orthogonal supercells, the option rotate was used to orient simulation cells (e.g., for stacking fault calculation). ATOMSK was also used to build part of the alumina NPs we have investigated.

OVITO

OVITO is a scientific data visualization and analysis software for molecular and other particle-based simulations [STU 09]. It is developed by OVITO GmbH, a Germany-based spin-off founded by Stukowski, the original developer of the software. The software is developed using object-oriented C++. It is controlled either using a simple and plug-and-play interface or via Python scripts. OVITO can be downloaded at : https://www.ovito.org.

In this thesis, OVITO is used as the main tool to analyze results of MS/MD simulations, get 2D/3D images and make simulation movies. Several functions of OVITO are applied to atomic datasets including e.g., the Ackland-Jones analysis designed to identify crystalline structures for each atom based on local environment analysis [ACK 06]. The Dislocation Extraction Algorithm (DXA) was also used to characterize dislocations and determine their Burgers vectors [ STU 10]. The displacement vectors analysis was often used to identify local shear events while the coordination analysis was used to compute the Radial Distribution Function (RDF) in some systems, as e.g., during the preparation of α-Al 2 O 3 NPs. 

Chapter

Transferability of interatomic potentials to nanomechanics in α-alumina

In this chapter, we test several interatomic potentials available from the literature for α-Al 2 O 3 . The main goal is to confront the various formalisms presented previously such as the RI, 2/3-body and variable charge interatomic potentials and verify their transferability to nanomechanical simulations in α-alumina. For this purpose, several material properties including lattice parameters, elastic constants, stacking fault and dislocation properties are investigated and compared to relevant DFT simulations and up-to-date experiments available in the literature. A 3×3×3 orthogonal supercell is designed for the calculation of α-Al 2 O 3 lattice parameters using PBCs. First, the CG is used to minimize the potential energy of the system with a stopping criterion of 10 -4 eV/Å . Second, an anisotropic relaxation is performed down to zero pressure changing box dimensions and remapping atom positions. Finally, the energy and resulting forces of the system are further minimized (without allowing box relaxation) using the FIRE algorithm down to a net force of 10 -6 eV/Å for RI and 2021 -Qinqin Xu -MATEIS laboratory 2/3-body interatomic potentials and 10 -4 eV/Å for SMTB-Q.

Unit cell, lattice parameters and elastic constants

Methods

Interatomic potential

Lattice Then we compute the elastic constants (C ij ). The C ij characterize the stiffness of a material. They link stress and strain tensors via the generalised Hooke's law σ i = C ij j . Due to the hexagonal crystal symmetry, the α-Al 2 O 3 stiffness matrix is defined by 6 independent elastic constants only i.e., C ij =(C 11 , C 12 , C 13 , C 14 , C 33 , C 44 ).

48
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C ij are computed at 0K modeling the stress response under applied respective strains using Equations 3.2. This process is illustrated Figure 3.2. For example, a strain ε 1 along the direction X 1 is applied to the system (while keeping the other strain components null) to compute C 11 evaluating σ 1 stress response using the first relation in Equation 3.2. A same approach is used for tensile modulus, applying tensile as in the case of C 44 = σ 4 /2ε 4 (see Figure 3.2b). For this purpose, a relaxed 3×3×3 supercell is iteratively deformed using PBCs along the appropriate directions. Then, stress tensor variations are computed minimizing the system energy (without shape changes) using the FIRE algorithm [BIT 06] down to a net force of 10 -6 eV/Å for RI and 2/3-body interatomic potentials and 10 -4 eV/Å for SMTB-Q.

Results

Table 3.1 shows that all the interatomic potential tested reproduce quite well the two lattice parameters when compared to DFT and experiments except the Catlow RI potential that underestimates c 0 (12.57 Å) when compared to average 13.05 Å and 12.99 Å respectively for DFT and experiments. Results are more critical for elastic constants calculations as shown Table 3.2, where RI Bush, Catlow and Sun potentials are particularly off when compared to literature data. Indeed, RI potentials are not accurate enough here except the Gale potential which provides slightly better results. On the other hand, 2/3body Vashishta and SMTB-Q potentials provide more accurate results. On this basis, we conclude that the RI Gale [GAL 92], the 2/3-body Vashishta [VAS 08] and the SMTB-Q [SAL 16] interatomic potentials are particularly suited to describe α-Al 2 O 3 lattice properties. A particular attention will be paid to these three potentials in the following. 
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Interatomic potential

Elastic constants

C 11 (GPa) C 12 (GPa) C 13 (GPa) C 14 (GPa) C 33 (GPa) C 44 (GPa) C 66 (GPa)

Surface energy

Methods

Generally, atomistic computation of surface energies rely on the use of a slab-type supercell with either 3D-PBCs and empty space out of the surface of interest (on the two sides X and Y , see Figure 3.3) or free-BCs along the surface direction together with 2D-PBCs for the two in-plane directions [ZU 15, GOR 15, YIN 17]. Then, the surface energy γ XY s is computed using Equation equation (3.3)

γ XY s = E XY slab -nE bulk 2A (3.3)
where E XY slab is the minimized potential energy of the simulation cell including XY -terminated surfaces, E bulk is the per-atom minimised energy of the bulk material, n is the number of atoms contained in the slab and A is the slab cross-section area.

In simple structures (e.g., FCC monoatomic metals), the two opposite side surfaces of a simulation supercell can be identical (X=Y ) what makes the surface energy calculation straightforward. However, in more complex cases, surfaces can be hetero-terminated (X =Y ) when the crystal structure is defined by alternating plans along the surface stacking direction. In this later case, the surface energy can be averaged (γ ave s ) accounting for the two different surfaces (as e.g, in the case of L1 2 crystal {100} surface energy). In α-alumina, most of the crystallographic planes alternates with a period larger than two leading to a more complex definition of γ ave s (especially when no energetically favoured surface is identified). Obviously, one could force the X=Y terminations by slicing the simulation supercell whatever the crystalline structure. However, this generally leads to 52 2021 -Qinqin Xu -MATEIS laboratory non-stoichiometric configurations in ionic materials that are out of reach for most of classical charge summation algorithms.

Here we design slab simulations that refer to the three possible terminations of the (0001) surface in α-alumina i.e., XY =Al 1 O, Al 1 Al 2 or OAl 2 (see Figure 3.4a and b) in order to solve a derived set of surface energy equations. A this stage, one can anticipate that Al 1 O and OAl 2 simulations should lead to same results as both Al basal surface terminations rely on the same atomic arrangement only shifted one from each other. However, we preferred to keep the both at this stage for a sake of clarity. Supercells were made out of 3×3×n z unit cells. First, the simulation cell is relaxed (force norm limit of 10 -6 eV/Å for RI and 2/3-body, 10 -4 eV/Å for SMTB-Q) using 3D-PBCs to compute E bulk , then the box dimension is extended twice along the [0001] direction (without remapping atomic positions) to introduce vacuum and compute E XY slab using the same minimization protocol and 3D-PBCs as illustrated Figure 3.3. The Ewald, Wolf and MSM charge summation methods are compared in the case of the RI Gale interatomic potential. A long-range radius varying from 12 to 24 Å was tested also for this potential without significant changes on the conclusions. A relative accuracy of 10 -6 is set for both Ewald and MSM. n z ranging from 3 to 21 was tested to investigate possible electrostatic interactions between free surfaces without significant impacts on the results. Finally, γ XY s is computed for each XY case using Equation equation (3.3) and single-surface energy γ i s , i.e., γ Al 1 s , γ Al 2 s and γ O s , are derived using Equation equation (3.4).

γ ii s = γ ij s + γ ik s -γ jk s (3.4)
where i, j and k refer to the three different terminations. 54 2021 -Qinqin Xu -MATEIS laboratory reorganization process than when using Vashishta or SMTB-Q potentials i.e., surface reconstruction only in Al-double layer surface region (Figure 3.4d). However, the surface reconstruction details are different when compared to the two aforementioned potentials (see Figure 3.4g in comparison to 3.4e and 3.4f) and, moreover, the surface O-single layer is more desorganized including three consecutive Al layers over it instead of two in the Vashishta and SMTB-Q cases. Finally, the O-terminated region reconstructs when using Ewald or MSM in the same way than in the Al 1 O and OAl 2 cases i.e., only the Al-single layer configuration with an energy of about 4.1 J/m 2 can be stabilized in this case (Figure 3.4d).

Results

Surface energies are provided in Table 3 and the energy increase induced by O atoms in the case of Al-double layer reconstructed surfaces. The Vashishta potential ability to reproduce the complex Aldouble layer surface reconstruction in a similar manner than the more complex SMTB-Q reinforces the transferability of the potential to surface properties albeit its simple formulation. On the contrary, the Gale potential provides way larger surface energies when compared to the other two potentials and DFT data.

Interatomic potential

Surface energy (J.m The basic method to compute GSFE (also called γ sf in the following) is to build a collumnar orthogonal supercell with the longer direction normal to the faulted plane of interest (see Figure 3.5). Then, atoms contained in the upper half of the supercell are shifted along an in-plane direction leading to a planar fault and are then allowed to relax only normally to the stacking fault. Owing the perfect collumnar cell as a reference, γ sf is defined as the energy variation normalised by the in-plane section area of the supercell,

γ sf = E f -E 0 A (3.5)
where E 0 is the reference energy of the simulation cell, E f is the energy after the stacking fault is produced and A is the cross-section area of the simulation cell.

In this study, we allow supercell vectors tilting using a triclinic box to conserve 3D-PBCs along the whole simulation procedure. The simulation is performed using an iterative process, including either the calculation of Stacking Fault Energies (SFEs) along a single direction (the energy vs. displacement curve is thus called a γ-line) or along an entire crystallographic plane leading to an energy map called γ-surface. Energy minimizations are performed using a force norm criterion of 10 -6 eV/Å when using Vashishta potential 56 2021 -Qinqin Xu -MATEIS laboratory and 10 -4 eV/Å for SMTB-Q and Gale potentials. Results exhibit excess energy, possibly including local minima referred as stable Stacking Fault Energy (sSFE). Generally, shifts are produced iteratively from one to the next equivalent atomic position. During crystal plastic deformation, sSF are generally produced in the trail of a leading partial dislocations as e.g., in the case of 1 6 112 {111} partial dislocations in FCC metals. Thus, the calculation of the GSFE often provides guidelines to identify the possible sSF of a crystal structure and probable dislocation dissociation paths as well as quantifying their propensity to appear i.e., the lower the sSFE the easier the dislocation dissociation process. plane between Al and O will be discussed. 

Basal (0001) stacking fault energies

- → b 1 + - → b 2 = 1 3 [1 100]+ 1 3 [0 110
] in a similar manner than in the model proposed by Kronberg [KRO 57]. However, this dissociation path has never been observed experimentally possibly due to the particularly high-energy of the basal sSFE. The dissociation of basal dislocations will be further discussed in the following.

As shown Figure 3.9, the 1 3 [1 100] sSFE is typical of the HCP structure and is commonly in metallic systems as e.g., in zirconium (Zr) [CLO 09]. Here, the basal γ-surface in Zr is computed for comparison using the EAM Mendelev potential [MEN 07] (Figure 3.9) using the same methodology than for α-Al 2 O 3 . Both GSF show several similarities : they show similar global shapes as well as the same sSF displacement vector i.e, -→ b 1 = 1 3 [1 100] with a sSFE of 197.7 mJ.m -2 in the Zr case in good agreement with Clouet results (see Figure 3.9a). This value is about one order of magnitude lower than in the case of alumina due to the softer metallic bond (that is compared here to a more energetic iono-covalent one). 3 [10 11] dislocation gliding in the a plane. Due to its low sSFE, the prism a plane plays a key-role in α-alumina plasticity that will be discussed later in this study.

Rhombohedral {01 12} stacking fault energies

The {01 12} rhombohedral (R) plane is reported as the one of the two host plane (with the c plane) for twinning in α-Al Table 3.4: Parameters for pyramidal GSF supercell constructions. The supercells are built rotating the original basal collumnar orthogonal supercell around various axis using angle that rely on the target orientation.

Pyramidal Stacking fault energies

Figures 3.17 Overall, GSFE computed using the Vashishta potential provide comparable results ] which has a larger energy value than in the c and a cases. While elevated SFE generally decreases dissociation likelihood, one can notice that the R sSF suggested here is associated to a particularly short Burgers vector of about 3.50 Å (see Table 3.5) what might counteract the energy criterion. Also, it is worth noticing that the sSF configuration computed in the R plane is characterized by a translation vector significantly different than the 1 21.9 [0 111] suggested in the literature [GEI 94, LAG 02, HE 02]. Additional simulations using for example DFT simulations could help to conclude about this specific point. Finally, GSFE simulations suggest a high-transferability of the Vashishta potential toward shearing properties while the discrepancies noticed when using the RI Gale potential increase. In the last section, we will focus on the ability of the Vashishta potential to model the well-known basal edge dislocation. As in the entire study, results will be compared to SMTB-Q outcomes as well as to the current literature.

Discussions about GSF

2021

Basal edge dislocation

Dislocations are linear defects responsible for the irreversible plastic deformation of crystalline materials. In particular, their mobility is strongly related to the atomic configuration close to the defect core. In α-alumina, basal 

Methods

As shown Figure 3.20, a dipole of edge basal dislocations is introduced in a 73.13×0.83× 144.97 nm 3 simulation cell following the approach proposed by Tsuruta et al. This size was chosen large enough to avoid size-effect. Each 1 3 11 20 dislocation is introduced as a pair of mixed partial dislocation separated by 2 nm long stacking faults within the prismatic plane. This length corresponds to the lowest energy configuration when computed using the Vashishta potential (see Ref. Using the Vashishta potential, the system is then relaxed using the following procedure. Firstly, the energy is minimized using the FIRE algorithm and a force norm criterion of 10 -6 eV/Å. Then, a LT MD shake (timestep dt=1 ps) is performed during 50 ps using the NPT ensemble (anisotropic pressure relaxation) and the Nosé-Hoover thermostat in order to remove residual stresses. The final configuration obtained is later referred as the Vashishta relaxed dislocation core configuration. Secondly, the Vashishta relaxed dislocation core is used as an input for further SMTB-Q potential calculations: the potential energy is first minimized using the FIRE algorithm and a quite large force norm target (pre-minimization). At this stage, the residual hydrostatic pressure is about several GPa due to the lattice parameter difference between both interatomic potentials. Then, a 0K pressure relaxation simulation and a final minimization run are consecutively performed down to a net force norm of 10 -2 eV/Å. Topological configurations obtained using the variable charge potential SMTB-Q are particularly similar to those obtained using the Vashishta potential. This feature is quantified here using the displacement vector analysis after Minimization #1 shown in Figure 3.21b,f taking respective inputs as reference file. Indeed, the maximum displacement computed between the fully-relaxed Vashishta configuration and the partially-relaxed SMTB-Q configuration (before simulation box relaxation) located deep in the dislocation core is lower than 1 Å which confirms the similarity between the two configurations. Here again using the SMTB-Q potential, the top core is characterized by a regular core relaxation without particular directional extension while the bottom core show an extended planar fault within the Al puckered layer. However, one can notice two particular changes specific to the SMTB-Q potential (i) the oxygen atoms in the top core are slightly more disorganized and (ii) the bottom core planar fault is less extended for both models, when compared to the Vashishta potential. Nevertheless, these differences remain quite acceptable having in mind the simplicity of the 2/3-body Vashishta potential when compared to the more complex SMTB-Q.

Results

A simplified calculation of the dislocation energy E dislo can be derived using the simulation cell energy with and without defect:

E dislo = E tot -n.E coh 2L (3.7)
where E tot is the minimized energy of the simulation as computed after Minimization #2, n is the number of atoms, E coh is the per-atom cohesive energy and L is the dislocation length.

Equation 3.7 can be used to qualitatively compare interatomic potential tendencies as presented in Table 3.6. Results confirm prior topological observations with only slight energy variations between Kronberg and Bilde-Sørensen models. Here, the comparison between Vashishta and SMTB-Q leads to (i) similar topological configurations, (ii) comparable range of energy and, the most important, (iii) similar relative energy trends i.e., E dislo is slightly lower in the Bilde-Sørensen case than in the Kronberg one. Having in mind the previous outcomes on GSFE, this results appears as an additional confirmation of the Vashishta potential transferability to nanomechanics. 

Conclusion

The aim of Chapter 3 was to investigate the atomic-scale modeling possibilities in α-alumina verifying the transferatiblity of various interatomic potentials to small-scale deformation. Lattice parameters, elastic constants, surface and stacking-fault energies as well as dislocation properties were investigated using rigid ion, 2/3-body and variable charge potentials leading to the following conclusions: Thus, modeling advanced shapes and surfaces of nano-objects is important to better address their deformation processes and mechanical properties (Figure 4.1). This is particularly true in the case of ceramics and oxides where charges have to be taken into account. In addition to its role in nucleation-controlled plasticity, the design of nanoobjects also has implications in other physical properties such as surface-mediated bulk diffusion as e.g. in ZnO nanowires where a large diffusivity is observed [SHI 17,CHE 15] or in catalysis [ABU 19, CAR 21]. In the following, we first describe the two methods we used to build charged and neutral α-Al 2 O 3 nanospheres, methods referred later as the classical and the pattern-based methods, respectively. Then, the molecular processing of the samples i.e., energy minimization, equilibration and surface characterization, using the Vashishta interatomic potential, will be presented. These samples will be further used to investigate the mechanical properties of α-Al 2 O 3 under compression in the final Chapter 5.

Nanosphere fabrication methods

The cutting-block classical method

To build nano-objects for MD simulations, researchers generally replicate a pre-oriented unit cell in the three directions of space before slicing. For NPs, the cuts are carefully chosen to obtain pre-defined NP shapes such as cubes, spheres or polyhedrons (like e.g., Wulff-shaped or winterbottom NPs). Even if very popular, this method has few drawbacks such as generating absolutely flat surfaces and sharp edges (see discussion in Ref.

[AMO 17, SHA 18]). This classical method is applied here to build charged NPs using ATOMSK and the Lewis et al. [LEW 82] .cif file parameterization of the α-Al 2 O 3 unit-cell from the American Mineralogist Crystal Database (http://rruff.geo.arizona.edu/AMS/amcsd.php). First, a large and neutral block of α-Al 2 O 3 atoms is constructed as shown Figure 4.2a before a nanosphere is carved out using a combination of the -select and -rmatoms commands of ATOMSK. The center of the nanosphere is arbitrary located at the same position than the center of the block, see Figure 4.2b. This method does not allow to conserve the net charge of the original block. For example, a NP of radius r=10 nm is made of 24538 Al and 36996 O atoms using this method. In this case, the Al atoms ratio µ Al = Al/( Al + O) is equal to 0.39877 which is slightly sub-stoechiometric (µ Al =0.4 in the neutral case) meaning that the system ends up with a negative net charge. In nature, charged systems will generally find a way to neutralize using their close environment (e.g., adsorbing O or H atoms for example) which is usually not straightforward in classical MD simulations. In addition, charge summation methods (e.g., Ewald) are not designed to rigorously solve charged systems but only neutral. For this purpose, we propose in the following an alternative method to design neutral nano-objects.

The pattern-based method

To avoid charged surfaces, we developed a new method referred as the pattern-based method in opposition to the aforementioned classical method. Basically, this method relies on the definition of neutral motives made of few atoms that are reproduced on a 3D 76 2021 -Qinqin Xu -MATEIS laboratory canvas designed a priori, based on the target shape of the sample. Obviously, several motives and/or canvas can be used and the thinner the canvas i.e., the smaller the motive, the more precise the sample surface discretization. One typical motive-canvas couple is the α-Al 2 O 3 orthogonal unit-cell and its respective lattice (the one used for simulations presented in Chapter 3). While this guess is simple to build, it leads to particularly roughshaped nano-objects when using it as a 3D pattern due to the large number of atoms (60 atoms) per unit-cell. In this study, we use two motives made of a single α-Al 2 O 3 molecule each (2×5 atoms) as shown Figure 4.3. The two motives differ only by their middle oxygen atoms that alternate from back to front x position. Assuming the origin of the motive at mid-distance between the two Al atoms, atoms of motive #1 are positioned at Al 1 =(0,0,-c 0 10 ), Al 2 =(0,0, c 0 10 ), O 1 =(-3a 0 tan(π/6) 10 ,-3a 0 cos(π/6 10 ,0), O 2 =(-3a 0 tan(π/6) 10 , 3a 0 cos(π/6 10 ,0) and O 3 =( 3a 0 10 ,0,0), while only O 3 is changed into (-3a 0 10 ,0,0) in motive #2. These two motives are associated to two orthogonal canvas oriented along x=[1 210], y= [10 10] and z=[0001] that allow the 3D mapping of whatever α-Al 2 O 3 nano-object (particles, but also wires or thin films) with highlydiscretized surfaces. Canvas #2 is shifted from canvas #1 by -→ t =(a 0 , a 0 .tan(π/6)/2,-c 0 /6), both canvas grid coordinates are defined by the same following set of equations,

c x(i,j,k) = i.a 0 + j.a 0 .cos(π/3) + k.a 0 .cos(π/3) (4.1) c y(i,j,k) = j.a 0 .sin(π/3) + k.a 0 .cos(π/3).tan(π/6) (4.2) c z(i,j,k) = k.c 0 /3 (4.3)
where i, j and k are integer variables that allow the mapping of the entire 3D space.

To build a neutral nanosphere, both canvas are truncated using the sphere definition (Equation 4.4). The truncation operation is performed at the grid stage i.e., before applying the molecular motive to not split alumina molecules and avoid non-stoechiometric configurations as shown Figure 4.4. In the following, the final built configuration will be referred as "as built".

(c x -x c ) 2 + (c y -y c ) 2 + (c z -z c ) 2 ≤ r 2 (4.4)
where (x c , y c , z c ) are the coordinates of the sphere centre and r its radius.

NP characterization

Equilibration and surface reconstruction

After the fabrication of charged and neutral NPs of various sizes, they are relaxed using the Vashishta interatomic potential to adjust atomic positions. Firstly, the NP energy is minimized using the CG algorithm and free boundary conditions with a force norm criterion set to 10 -6 eV/Å. Then, the minimized configurations are heated up for 30 ps using the NVE thermodynamic ensemble and a timestep of 1 ps. Two sample benches are set 78 2021 -Qinqin Xu -MATEIS laboratory with target heating temperatures of 600 and 1000 K, respectively. Afterwards, NPs are equilibrated using the NVT ensemble and the Noosé-Hoover thermostat for another 50 ps. After the equilibration process, the 600 K bench is cooled down to 5 K while the rest is saved aside for high-temperature tests. The O sublattice crystalline structure is characterized as HCP using the Ackland-Jones algorithm [ACK 06] of OVITO. α-Al 2 O 3 NPs show surface reconstruction during the whole equilibration process. In particular, surface reconstruction is strengthened during the high-temperature equilibration process when compared to the minimization. After minimization, the charged particle shows more numerous atomic displacements when compared to the neutral NP based on the displacement vector analysis (see Figure 4.5). The atomic displacements of the two types of NP are of comparable amplitudes at this stage. This behaviour is modified when heating where the neutral NP shows surface localized displacements of slightly larger amplitude (but still less numerous). In addition, surface reconstruction within the neutral NP seems anisotropic with more atomic reorganization observed close to the (0001) surfaces especially during the energy minimization.

After heating up to 600 K and quenching down to 5 K, the average potential energy per atom is -6.237 eV/atom for the charged 7 nm NP while it is reduced to -6.251 eV/atom in the case of the neutral system (∆E=0.014 eV/atom). The per atom ∆E decreases 2021 -Qinqin Xu -MATEIS laboratory increasing the sample size (∆E=0.003 eV/atom for the 15.1 nm diameter NPs) but the absolute energy variation still increases. One can note that the equilibration process increases this energy difference that was originally of 0.01 eV/atom only (in the 7 nm NP) after the first minimization what confirms the importance of the high-temperature equilibration processes when applied to atomistic fabrication of α-Al 2 O 3 NPs. Figure 4.6 shows surface distribution of potential energy per atom for 7 nm charged and neutral α-Al 2 O 3 NPs. Overall, results show that the local potential energy is larger at the surface than inside the NP. On the other side, the surface energy pattern of the charged NP is strongly heterogeneous (when compared to the neutral one) at the beginning of the minimization. After equilibration, heterogeneities are reduced but still persist leading to a slightly more elevated energy of the charged NP. 

Bonds analysis

The RDF g(r) provides the probability density to find neighbor atoms in the vicinity of a reference atom [WAR 34]. In case of binary alloys, the partial RDF g ij (r) can be defined as,

g ij (r) = n ij (r, r + ∆r) 4πr 2 ∆rρc j (4.5)
where i and j rely the two atom species, n ij (r, r + ∆r) is the average number of atom j surrounding an atom i which is at a distance between r and r + ∆r. ρ is the material density and c j is the concentration of j particles.

The figure 4.7 describes partial RDFs for the 7 nm diameter neutral NP before and after equilibration. At LT, RDFs exhibit a series of sharp and discrete peaks at specific interatomic spacings in agreement with the crystalline structure. As expected, the peaks progressively broaden when heating at 600 K and then at 1000 K due to atomic vibration. In particular, one can recognize after minimization the a 0 =4.72 Å, the first Al-Al distance of about 2.55 Å and the first Al-O distance c.a., 1.89 Å which are typical of the α-Al 2 O 3 crystal structure. For the Al-Al pair in the "as build" configuration, the first peak in g AlAl (r) occurs at 2.79±0.01 Å, which corresponds to the Al-Al bond length. While after minimization, the first peak is around 2.55±0.01 Å. For equilibration at 600 K and 1000 K, the first peak is observed at 2.79±0.01 Å again. The O-O pair relax slightly differently with the first peak shifted from 2.49±0.01 Å to 2.55±0.01 Å after minimization (2.73±0.01 Å after heating). Finally, Al-O pairs in the "as build" configuration shows a first peak at 1.83±0.01 Å which corresponds to the Al-O bond length, 1.89±0.01 Å after minimization and 1.89±0.01 Å again after heating. Finally, as the temperature increases, discrete peaks vanish and only few peaks can be recognized for the the three pairs of bonds with the first neighbor Al-O distance being the shorter bond whatever the temperature.
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In the next chapter, neutral samples of various sizes will be used to investigate the mechanical properties and elementary deformation processes of α-Al 2 O 3 under compression. In this chapter, we first introduced the two methods we used to model α-Al 2 O 3 nanospheres: (i) the classical cutting-block method that consists in slicing an original block of atoms using cutting planes. While being easy to used, this method generally leads to charged alumina nanospheres, (ii) the newlydeveloped pattern-based method that allows to build neutral NPs based on molecular motives replicated on a periodic canvas. Then, the equilibration process for the both types of nanospheres is presented and the samples are characterized. Energy analysis shows the higher stability of the neutral NPs for which a bond analysis is also presented.
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Chapter 5

Nanocompression of α-Al 2 O 3 nanoparticles

In contrast with bulk materials, NPs can bear extremely high stresses (in the GPa range) and exhibit a significant ductility due to their original lack of defects as discussed in Chapter 1. As a reminder, Gerberich and coworkers show that 20-50 nm silicon nanospheres are characterized by a hardness ranging from 20 to 50 GPa [GER 03]. Also, an impressive 34 GPa compression strength was obtained for 210 nm Ni NPs [ SHA 18]. Another interesting observation is the increase of the fracture toughness while NP size decreases [BEA 11]. It is worth to mention that these particular behaviours appear in materials such as silicon and oxide ceramics, generally considered as brittle at the macro-scale, that can deform plastically without cracking when in the form of NPs [MOO 07, GER 12, ISS 15]. This original nanoscale behaviour is attributed to a new kind of plasticity based on the dislocation nucleation process. In this chapter, we focus on the modeling of α-Al 2 O 3 nanospheres under compression using MD simulations with emphasis on the elementary deformation processes. Both elastic and plastic properties during nanocompression are investigated. The MD outcomes are discussed in the light of recent nanomechanical experiments and pioneer studies conducted on bulk alumina.

Methods

We perform MD simulations to investigate the deformation of α-Al 2 O 3 NPs under compression using the open-source code LAMMPS [ PLI 95]. All MD calculations are carried out using the 2/3-body Vashishta potential [VAS 08] that is able to reproduce α-Al 2 O 3 properties such as lattice, surface, stacking fault and dislocations properties with good accuracy when compared to DFT and experiments (see Chapter 3). These properties are of 2021 -Qinqin Xu -MATEIS laboratory primary importance when looking for interatomic potential transferability to nanomechanics. For these simulations, a cut-off parameter of 6 Å is used for short-range interactions as in previous simulations (see Chapter Chapter 3). Neutral α-Al 2 O 3 nanospheres (see fabrication method in Chapter Chapter 4) with diameters ranging from 7.2 to 15.2 nm are investigated using CA normal to the basal plane, prismatic a and m planes as well as a rhombohedral plane. The MD compression simulations are performed using the procedure developed by Amodeo and collaborators (see e.g., [ISS 15, AMO 17]). After the NPs equilibration (see fabrication method in Chapter Chapter 4), the nanocompression test is performed using two infinite top and bottom force fields which behave respectively as a flat punch and a substrate. Initial minimum and maximum atomic positions along CA are used to set the initial force field positions and reduce the rebound of the NP after contact (ping-pong effect). Then, the top indenter is displaced at a constant rate equivalent to an engineering strain rate of 10 8 s -1 for all particle sizes, while the bottom indenter is kept fixed and sustain the sample as shown in Figure 5.1. The position of the top indenter as function of time P (t) is computed as,

P (t) = P 0 (1 -ε.n.dt) (5.1)
Where P 0 is the starting position of the indenter, ε is the (engineering) strain rate, dt the timestep (1 fs) and n the number of elapsed simulation step. In this study, the engineering strain ε = ∆L/L 0 is defined as the ratio between the NP size variation along CA and its original diameter. Compression simulations are carried out at 5 and 1000 K constant temperatures using a Nosé-Hoover thermostat. Both indenters are planar and axis-aligned. They behave as infinitely-extent walls exerting the same force on the system. The force f exerted by the indenter on the atoms is defined by Equation (5.2), 86

2021 -Qinqin Xu -MATEIS laboratory Methods f = -K N j=1 (r j -R) 2 (5.2)
where K is the specified force constant set to 1000 nN•Å -2 , r J -R is the distance from the atom j to the indenter. Within the LAMMPS procedure, the moving indenter squeezes the NP and f applies to the N atoms positioned over the indenter i.e., the force is repulsive and F (r) = 0 for r > R.

As already mentioned, we have investigated the mechanical response of α-Al 2 O 3 nanospheres for various CA orientations. But whatever CA, the mechanical response can be divided into two stages including an elastic and a plastic regime. Due to the spherical shape of the NPs, we only use the contact force f to characterize the mechanical response in the following (see discussions in Refs. [AMO 17, AMO 21] for more details). In addition, f can be modeled using the Hertz contact theory within the elastic regime [JOH 87],

f (δ) = 4 3 E * R 1 2 δ 3 2 (5.3)
where E * is an effective Young's modulus, R is the nanosphere radius and δ the cumulative displacement.

Both force vs. displacements and force vs. strain curves are discussed in the following. As already observed in other kinds of NPs, the transition between both deformation regimes is attributed to the nucleation of defects from the surface of the NPs that further propagate and interact inside the sample. Elementary deformation mechanisms as function of orientation is described with care in the following using the Lee and Lagerlof orientation table [LEE 85] adapted in Figure 5.2. The Lee and Lagerlof table allows to identify the angle θ between low-index planes in α-Al 2 O 3 as e.g., between CA and possible slip planes. θ can be computed using the three-index Miller notation (u, v, w) (rather than the four-index Miller-Bravais system) using the following equation,

cos(θ) = a 2 0 ((u 1 u 2 + v 1 v 2 ) -1/2(v 1 u 2 + v 1 u 2 )) + c 2 0 w 1 w 2 a 2 0 (u 2 1 -v 1 u 1 + v 2 1 ) + c 2 0 w 2 1 a 2 0 (u 2 2 -v 2 u 2 + v 2 2 ) + c 2 0 w 2 2 (5.4)
with the two crystallographic planes of interest defined by (u 1 , v 1 , (t 1 ), w 1 ) and (u 2 , v 2 , (t 2 ), w 2 ).

OVITO's crystallography and dislocation analysis are complementary used. For this purpose, the α-Al 2 O 3 atomic structure is generally reduced removing the Al sublattice for the analysis. Doing so, OVITO interprets the O sublattice as a monoatomic HCP material allowing various analysis in a similar way than in HCP metals. 
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5K compression simulations

Here we present a set of compression simulations performed at low temperature c.a., 5K. Three sample with diameters of 7.2, 10.1 and 15.2 nm are investigated for different orientations. All NPs are deformed at least up to 25% strain without any sign of fracture. Changing size allows for repeatability checks. Similar deformation processes are observed whatever the NP size for a given orientation i.e., changing size only influences the load-displacement mechanical response. Thus, only elementary deformation processes associated with the largest sample are described in the following.

Compression normal to the c plane (0001)

Mechanical response

The first samples we investigate here are oriented with CA perpendicular to the c plane. Figure 5.3 shows force vs. displacement and strain curves for the three investigated NP sizes. In the elastic regime, the loading force increases linearly with strain after a short period of accommodation between samples and indenters while a non-linear behaviour is observed when plotting force vs. displacement. According to the Hertz model, the effective Young's modulus E * are about 167, 190 and 191 GPa respectively for the 7.2, 10.1 and 15.2 nm NPs. The boundaries used for the Hertz fit are set to 3.5 and 12.5% for the 7.2 nm NP, 3.5 and 13.0% for the 10.1 nm NP and 5.0 and 17.8% for the 15.2 nm NP, respectively. It is worth noticing that E * values should not be compared to bulk-alumina 88 2021 -Qinqin Xu -MATEIS laboratory Young's modulus due to the nanosphere stress state (see Ref. [AMO 21] for a detailed discussion) but one can emphasize that they are already four times larger than those computed in Al nanosphere of comparable size (10 nm, E * =45.9 GPa) [BIA 13]. At the onset of plasticity, critical strains are about 12.4, 12.6 and 17.8% while the yield force is F y = 505, 950 and 2186 nN increasing the size of the sample. These mark the beginning of the plastic regime that is characterized by multiple load drops and elastic reload, as shown on the mechanical response (see Figure 5.3). 

Elementary deformation processes

For the largest sample, the first nucleation event occurs at ε = 11.5% (Figure 5.3b, label 1) and a loading force of F = 1000 nN where a nanotwin is observed. A close analysis of the slip plane orientation shows a deviation of the slip plane of about 58°from CA what promotes a rhombohedral {01 12} slip plane as a possible candidate to host the twin when referring to the Lee and Lagerlof table. This angle value (i) is confirmed when applying Equation 5.4 to the (01 12) plane and using Vashishta lattice parameters and (ii) is very close to the 57.6 • computed by Lee and Lagerlof, what confirms the nucleation of the classical rhombohedral twin [GEI 94, LAG 02]. The DXA analysis of OVITO suggests a Burgers vector of type 0 111 . The twin nucleates from the contact region between the substrate and the NP as shown in Figure 5.4a. In contrast to the classical twin growth scheme depicted by Kuksin in α-Al 2 O 3 [KUK 12], here we did not observe the prior nucleation of a partial dislocation (further growing into a twin) but directly an already-shaped volumic defect. After nucleation, the nanotwin propagates a little within the sample but quickly stops explaining the continuous increase of the force recorded i.e., no force drop is observed on the mechanical response at this stage. Then, the elastic load continue until 17.8% strain (Figure 5.3b, label 2) where the effective beginning of the plastic deformation regime is emphasized by force drop on the curve. At 2021 -Qinqin Xu -MATEIS laboratory this stage, a second rhombohedral twin is nucleated within the same slip plane but with opposite gliding direction from the top indenter contact region as shown in Figure 5.4b. This new nanotwin quickly travels through the entire particle forming new TB that reach the NP surface for the first time. The two parallel R twins are spaced from each other and twin growth is observed thanks to successive nucleation and glide events on neighboring (01 12) planes leading to the TB migration. At ε = 17.9% (Figure 5.3, label 3), a third rhombohedral twin suddenly forms in the (1 102) slip plane and intersects with the first two parallel twins (Figures 5.4c). Increasing compression, the third twin creates junctions between existing TBs and the NP surfaces. 

Compression normal to the

Elementary deformation processes

For the 15.1 nm sample, the first dislocation nucleation event happens at ε = 6.0% strain (Figure 5.5b, label 1) and for a loading force F about 550 nN. At this stage, a perfect dislocation nucleates from the top contacting region as shown Figure 5.6a. The dislocation propagates within a slip plane oriented at 64°from CA in agreement with the (11 23) pyramidal n plane following Lee and Lagerlof table 5.2. Here again the dislocation quickly stops gliding after nucleation what explains the lack of force drop on the mechanical response as in the case of the basal compression test. The atomic configuration in the vicinity of the pyramidal dislocation core is highly disordered as also observed by Zhang 

Mechanical response

The third sample set is compressed with CA normal to a prism m plane. Figure 5.7 shows the mechanical response. According to the Hertz model, the effective Young's modulus E * is about 189, 195 and 203 GPa respectively for the 7.3, 10.1 and 15.2 nm NPs. The limits of the Hertz fit are 5.0 to 9.0% for the 7.2 nm NP, from 6.0 to 11.0% for the 10.1 nm, from 5.0 to 8.5% for the 15.2 nm NP. Critical strains and yield force are about 13.0, 12.1 and 13.1% and F y =339, 637 and 1542 nN respectively. 

Elementary deformation processes

The first nucleation event happens at ε = 8.5% (Figure 5.7b, label 1) and at a loading force about F =810 nN. Few partial dislocations with Burgers vectors of type 1 3 [10 10] (as emphasized by OVITO) nucleate and propagate in the c plane that is 3 • off from CA (Figure 5.8a to c). One can note that (i) originally, the c plane is supposed to be perpendicular to CA (leading the a null Schmid factor) but basal slip is here activated due to a slight rotation of the NP happening at the beginning of the compression (see Figure 5.8a and b) and (ii) OVITO is able here to recognize the exact Burgers vector as being a classical one of HCP monoatomic metals. This event starts from the two contact regions and is extremely localized as shown Figure 5.8c and d i.e., several partial dislocations nucleate in planes separated of 2 or 4 interplanar distances (without making twin). In this case, no clear force drop is noticed on the mechanical response but only low amplitude hints leading to a global hardening behaviour. These are attributed to further nucleation events that 2021 -Qinqin Xu -MATEIS laboratory contradict the basal dislocations propagation which is already impeded by the low-Schmid factor orientation. Indeed, as shown Figure 5.8d, one can notice plastic activity in an other slip plane starting from ε = 11.5% (Figure 5.7, label 2) including several dislocation nucleation events that happen in a similar manner that aforementioned partial basal dislocations (in close planes). The activated slip plane makes an angle of 65 • with CA which is suggests R plane following Lee and Lagerlof method and owing the initial rotation of the NP. Between 11.5 % and 25 %, both slip system activities compete together with plasticity strictly localized in the close-to-the-indent regions. No expansion of the dislocations is observed in the central domain of the NP assuming (i) an orientation particularly not suitable for plastic deformation and (ii) a larger elastic contribution specific to this orientation. .9 shows force vs. displacement and strain curves for the three investigated size NPs compressed with CA perpendicular to an R plane. The effective Young's modulus E * is about 258, 247 and 248 GPa respectively for the 7.0, 9.5 and 15.1 nm NPs. The boundaries of the Hertz fit are located between 1.5 and 7.5% for the 7.0 nm NP, between 1.0 and 8.0% for the 9.5 nm NP and between 0.5 and 7.8% for the 15.1 nm NP. The yield force is characterized at F y =249, 397 and 806 nN increasing the system size. 

Elementary deformation processes

The first nucleation event in the 15.1 nm NP occurs at ε=7.8% (Figure 5.9b, label 1). At this stage, a dissociated 1 3 [1 210](0001) dislocations nucleates from the contact region between the substrate and the NP as shown Figure 5.10a,b. Figure 5.10a shows that the dislocation is dissociated into two 1 3 01 10 partial dislocations separated by a stackingfault. In this case, the gliding plane is positioned between two puckered Al layers as in the Bilde-Sørensen model for basal edge dislocation [ BIL 96]. After ε=7.8%, several paralleled basal dislocations with similar Burger vectors nucleate from the contact regions of the NP with the indenter and the substrate. Those dislocations often cross-slip towards adjacent basal planes. Few (11 23) pyramidal (perfect) dislocations are also observed (Figure 5.10c). They are always connected to a basal dislocation and are generated by the cross-slip of a screw segment. At larger strain (Figure 5.10d), structural changes associated to the glide of multiple pyramidal partial dislocations are observed similarly to the case when compressing along prism a (Figure 5.6). As described in the previous subsections, the deformation of α-Al 2 O 3 NPs strongly depends on CA orientation. For each CA, Table 5.1 resumes the effective Young's modulus E * (size average), the yield force F y of the largest NP and the plastic deformation mechanisms observed. The largest value of E * is noticed for CA normal to R plane that does not corresponds to the largest F y orientation i.e., [0001]. Various deformation mechanisms were observed including rhombohedral twinning and pyramidal slip for CA normal to c and a planes, basal (0001) and rhombohedral dislocations for CA normal to 96 2021 -Qinqin Xu -MATEIS laboratory m plane and finally basal and pyramidal slip for CA normal to the R plane. One can note that basal and pyramidal slips often lead to highly-deformed domains related to the adjacency of their respective stacking-faults. 

-Qinqin Xu -MATEIS laboratory

1000K compression simulations

In this section, we present a set of compression simulations performed on same samples (size and orientation) but at higher temperature T =1000K. This temperature is about half the melting temperature of alumina and can be associated to an early-stage of sintering temperature in the experimental conditions. For a sake of convenience, only the mechanical response of the 15.2 nm diameter sample is discussed and compared to the LT tests. Force vs. strain curves are shown and adjusted using the Hertz model (Equation (5.3)) in which the displacement δ is replaced by ε.d 0 , where d 0 is the original diameter size of the NP. In addition to the raw data, a Bezier fit is also shown as reducing the mechanical response fluctuations associated to high temperature atomic vibrations.

Compression normal to the c plane (0001)

Mechanical response

First we investigate compression performed with CA normal to the c plane. Figure 5.11 shows force vs. strain curves for the 15.2 nm size NP as compared to the LT test. The effective Young's modulus E * is about 127 GPa using the Hertz fit boundaries at 1.0 and 9.4% strains. The end of the elastic regime is characterized by F y =1020 nN.

Elementary deformation processes

The first dislocation is observed at ε = 5.4% (Figure 5.11, label 1) and at a loading force about F =400 nN. As in the LT case, the plastic deformation process of α-Al 2 O 3 NPs compressed along the c direction at T =1000 is rhombohedral twinning (Figure 5.12). As the twin nucleate and propagate in a similar manner than in the T =5K case, the reader can refer to section 5.2.1 fore more details the slip process. 

-Qinqin Xu -MATEIS laboratory

Elementary deformation processes

As shown Figure 5.14, the first nucleation occurs at ε = 9.3% (Figure 5.13, label 1) and a loading force about F =600 nN where a perfect 11 23 pyramidal n dislocation grows from the bottom region of the nanosphere (Figure 5.6a). The dislocation propagate within the (11 23) pyramidal plane at 64°from CA and does not generate force drop on the mechanical response. Then a second pyramidal perfect dislocation nucleates from the top indenter region leading to the force drop observed at ε = 10.7% (Figure 5.13, label 2). One portion of the dislocation temporarily cross-slip in a basal slip plane (Figure 5.14b). The dislocations glide along the edge direction extending long screw segments. At ε = 11.5% (Figure 5.13, label 3), the second pyramidal dislocation entirely slips through the nanosphere. Two long screw segments are easily identifiable (Figure 5.14c). Finally, the screw arms starts to dissociate locally within the basal plane. One can notice than both the triangular dislocation structure as well as the pseudo-structure induced by the stacking of pyramidal partial dislocations observed in the LT case (see Figure 5.6) are lacking when running higher temperature simulations with CA normal to the prism a plane. 

Compression normal to the m plane {10 10}

Mechanical response

Here we investigate nanocompressions with CA normal to a m plane at T =1000K. Figure 5.15 shows force vs. strain curve including an effective Young's modulus E * about 157 GPa for Hertz fit boundaries of 2.0% and 11.0% strains, respectively. The end of the elastic regime is characterized by a yield point F y =760 nN. 

Elementary deformation processes

The first plastic event occurs at ε = 10.7% (Figure 5.15, label 1) and a loading force F =820 nN. At this stage, several (0001) basal dislocations nucleate from the top indenter and the substrate contacting regions but in a less symmetric manner than in previously discussed cases, see Figure 5.16a. This asymmetry is attributed to a rotation of the sample during early contact with the indenter. As a consequence, the basal dislocations stack at side contacts and do not glide towards the center of the NP. Up to 25% strain (Figure 5.15, label 2), the slip activity does not satisfy the imposed strain-rate and the force continue to increase i.e., only few plastic activity localized on the side contact regions between the NP and the indents is noticed during the whole nanocompression run (Figure 5.16b).

Compression normal to the R plane {10 12}

The last simulation to be discussed concerns the nanocompression of 15.1 nm diameter α-alumina NP at T =1000 K with CA normal to an R plane. Figure 5.17 shows force vs. strain curves for the 15.1 nm size NP as compared to the LT test. The effective Young's modulus E * is about 111 GPa for boundaries of the Hertz fit between 3.0 and 9.7% strains. F y =722 nN characterizes the starting of the plastic regime. 

Elementary deformation processes

The beginning of plasticity deformation is characterized by a significant force drop at ε = 13.7% (Figure 5.17, label 1). Several (0001) basal dislocations emit from the top 102 2021 -Qinqin Xu -MATEIS laboratory indenter and the substrate contacting regions, see Figure 5.18a. Between ε = 13.7% and ε = 25.0% (Figure 5.17, label 2), several partial dislocations in the basal slip systems are observable propagating from the centre of the NP to the lateral surfaces (Figure 5.18b). The shape of the NP changes and no crack is observed. For each CA, Table 5.2 resumes the effective Young's modulus E * , the yield force F y of the largest NP and the plastic deformations mechanisms observed. The largest value of E * is noticed for CA normal to the m plane that does not corresponds to the orientation of the largest F y i.e., CA normal to the c plane. 

Discussion

In this section, we discuss the outcomes of the nanocompression simulations. In particular, the changes observed in the elementary deformation processes are discussed in the light of the current experimental and numerical literature.

Influence of orientation

Simulation results show that the slip system activity in α-Al 2 O 3 strongly depends on the CA orientation and temperature with significant consequences on the yield strength. Table 5.1 and 5.2 show that the largest yield force F y is obtained when CA normal to the c plane. This result is in good agreement with the study of Montagne et al. that performed in situ SEM tests on alumina micropillars at RT [ MON 14]. For CA normal to c and m planes, Montagne and colleagues characterized R slip which is confirmed by our LT MD simulations for which (i) R twinning is observed for CA normal to the c plane and (ii) R slip in addition to c slip are shown for CA normal to the m plane. Both studies show pyramidal slip when CA normal to an a plane but in different slip planes i.e., the s {1 101} for Montagne et al. while the n {2 11 3} in our case. Finally, Montagne et al. did not observed plasticity when compressing micropillars with CA axis-aligned with the R normal while MD simulations show c and pyramidal slip at LT. We believe that this could be attributed to a size-effects i.e., nanoscale samples are less prone to cracking when compared to larger micropillars. Overall, this comparison again confirms the robustness of the Vashishta interatomic potentials to model the various deformation processes happening in α-alumina.

In the following, the slip activity observed in our simulations is discussed based on Schmid factor and SFE models. The Schmid factor M is commonly used to translate an applied compressive stress σ into a shear stress τ = M.σ. M is defined as follow,

M = cos(φ).cos(λ)

(5.5)

where φ and λ are the angles between the load direction and (i) the slip plane normal and (ii) the Burgers vector direction, as shown Figure 5. Assuming [u 2 v 2 w 2 ] is the loading direction, cos(φ) and cos(λ) can be expressed as,

u 1 u 2 + v 1 v 2 -1 2 (u 1 v 2 + u 2 v 1 ) + c 0 a 0 2 w 1 w 2 (u 2 1 + v 2 1 -u 1 v 1 + c 0 a 0 2 w 2 1 ) u 2 2 + v 2 2 -u 2 v 2 + c 0 a 0 2 w 2 2 1 2
(5.8)

where [u 1 v 1 w 1 ] is the 3-index notation for -→ n if cos(φ) or -→ b if cos(λ), respectively. In the following, we use literature (experiments and theoretical predictions) as well as γ-surface outcomes to define possible perfect and partial dislocation directions for each slip system (see Table 5.3).

Owing the large amount of available slip systems in HCP α-alumina (about 30 without considering partial dislocation slip systems), only slip systems of interest including those observed in our nanocompression simulations and referenced studies will be discussed in the following. Specific slip planes and Burgers vectors are resumed in Table 5.3. In addition, representative γ-lines as computed using the Vashishta interatomic potentials are recalled Table 5.4 shows Schmid factors as computed using Equation 5.8 for R, n and s slip systems. In particular for this geometry, Schmid factors for c, m and a slip systems (partial and perfect) are null. Thus, this orientation is particularly suited for rhombohedral and pyramidal slip. Indeed, the rhombohedral slip planes (01 12) and (1 102) show a high Schmid factor for the perfect dislocation slip system M =0.45 and a slightly lower one for partial slip system M p =0.33 (for both the leading and the trailing partial dislocation). Owing the high-energy barriers for full-Burgers vector translation in the R slip system (see Figure 5.20) and the length of respective Burgers vectors, partial slip or twinning 106 2021 -Qinqin Xu -MATEIS laboratory in the R plane might be favoured at elevated stress for this specific orientation. Based on the γ-surface analysis (see Chapter 3, Figure 3.18 ), pyramidal n slip systems rely on perfect 1 3 1101 and 01 10 perfect (or partial) Burgers vectors (dissociation in n slip system has however never been discussed in the literature). While Schmid factor is null in the latter for CA along the c axis, the γ-line for 1101 shows single-hump profile with elevated energy. Same high-energy barrier is noticed of the s slip systems including lower Schmid factor values (M =0.25). These analysis justify the elementary deformation processes observed in our nanocompression simulations along c i.e., R twinning, as well as the outcomes of Compression normal to the a plane {1 210}

Schmid factors for the various c and a slip systems (including partial slip systems) as well as those relying on the (10 12) R plane are null when compressing perpendicularly to the a plane. Nevertheless, several slip systems remain available including m, R and presumably pyramidal n slip systems. The case of partial R dislocations (or twinning) is quite tedious for this orientation as only one of the two partial slip systems has a non-zero Schmid factors within the (01 12) and (1 102) slip planes what might not favour R partial slip or twinning. On the other hand, prism m has high Schmid factor (M =0.43) but a very unlikely energy profile as shown Figure 5.20. Nanocompression simulations along a direction show dislocation nucleation in symmetric pyramidal n planes (11 23) and (2 11 3) that further dissociate (see Figure 5.6). This agrees with moderate Schmid values and sSFE profiles computed for the two representative Burgers vectors in the n slip system. While the competition between pyramidal n and rhombohedra R slip is ovious in this 2021 -Qinqin Xu -MATEIS laboratory case, the absence of a slip is surprising as the sSFE for the a slip is supposed to be quite low. Here, we assume that this absence is justified by the length of the a slip Burgers vector which is larger than 8 Å when compared to the shorter one in R and pyramidal n slip systems [SNO 73]. Finally, these observations are in good agreement with Kim et slip systems including (i) M p =0.33 and 0.17 alternatively, respectively for leading and/or trailing partial dislocations and (ii) M p =0.43 and 0.33 for the leading and trailing partial dislocations, respectively. Only dissociation in the (10 12) slip plane leads to the second configuration. In the LT simulation, we observe partial dislocations in the R slip system in agreement with the Schmid hypothesis in addition to basal slip which is associated to a rotation of the NP in the initial stage of the compression. Kim Table 5.7 shows Schmid factors for the various slip systems with CA normal to a {10 12} plane. The R case is the one leading to the more widespread Schmid factor distribution including possible slip in various perfect and partial slip systems. Indeed, c (perfect and partial), R (perfect and partial) and pyramidal n slip systems might be activated while all m and a slip systems show nearly zero Schmid factor (M <0.1). More precisely, the two [11 20](0001) and [ 2110](0001) perfect c slip systems have M =0.25 (the last one being null), while respective partial slip systems show M p =0.28 and 0.14 (or 0.14 and 0.28), the third dissociated slip systems is characterized by lower Schmid values (M p =0.14 for both leading and trailing partial dislocations) while its perfect counterpart has a null Schmid factor. Assuming the low-energy of the basal GSF profile, basal slip might be favoured in this case. However, R and n slip systems also show high-Schmid factors. Two over three R planes are characterized by M =0.46 and M p =0.23, 0.45 while the last one is characterized by M =0.24 and M p =0.18 for both partial dislocations. Finally, both pyramidal n slip systems are characterized by M =0.50 and M p =0.10, 0.03 respectively for Burgers vector along 1101 and 10 10 directions, respectively. Again, the Schmid and GSFE analyses explain the observations made out of the simulation. Indeed, c slip is observed whatever the temperature due to its particularly low GSFE 2021 -Qinqin Xu -MATEIS laboratory while pyramidal n is also observed (especially at LT), probably due to a particularly high Schmid factor. Same slip systems were observed in Kim et al. MD nanoindentation simulations [ KIM 18]. However, it can be noticed that only cracks (no slips) were characterized by Montagne et al. 

On the effect of temperature

Temperature influences the mechanical behaviour and activated slip systems in α-Al 2 O 3 NPs. Force vs. displacement curves computed at HT show more noise due to the increase of atomic vibrations and their consequences on the indenter force calculation. They are also soften in both the elastic and plastic regimes (see Figure 5.11). Tables 5.1 and 5.2 show that both the yield force F y and effective Young's modulus drop down when increasing T . This behaviour is in good agreement with what is known from bulk alumina (Figure 5.21). Maximum E * is noticed for the 10 12 orientation at 5K while it is 10 10 at 1000K, in addition to other relative variations of E * it presumes a anisotropic effect of the temperature on the elastic properties. A similar trend applies for F y for which relative variations with temperature are strongly related to orientation. In the plastic regime, load drops are also slightly softer as marked by lower-amplitude force variations that are attributed to more spread nucleation events assisted by temperature. Temperature also influences the elementary deformation processes. In general, decreasing the temperature leads to higher yield strength. In FCC metals, it is known that such stress increases at LT enhance dislocation dissociation and twinning [ELD 99, OGA 05]. A similar trend is observed in our simulations. Indeed, nanocompression normal to the {1 210} plane show partial dislocations in a pyramidal slip plane at 5K while only perfect one in the same slip plane are noticed at 1000 K. Furthermore, c and R slip are observed for CA normal to (10 10) plane as well as basal c and pyramidal slip for CA normal to (10 12) at 5K while only c slip is shown at 1000K for both orientations, see is know in the case of bulk alumina [CAS 81a, LAG 94, HEU 98, CAS 04]. This is illustrated Figure 5.21b where we observe the effect of T on the critical resolve shear stress that becomes more favourable to basal slip at HT in a similar way that what is observed in our simulations.

Overall, MD nanocompression simulations performed using the Vashishta interatomic potentials allow to provide a detailed description of the influence of orientation and temperature on the mechanical properties and elementary deformation processes that control the plastic deformation of α-alumina at small-scale. These simulations when applied to α-Al 2 O 3 NPs are particularly coherent with micro and bulk experiments and will provide solid foundations to interpret future nanomechanical experiments as those performed in situ inside the TEM or in the SEM. 

Conclusion and Perspectives

In this PhD thesis we have investigated α-Al 2 O 3 properties at small-scale using atomistic simulations. The study was mainly divided into two parts: 1) compute relevant material properties of bulk α-Al 2 O 3 and test the transferability of various force fields to nanomechanics and 2) modeling the compression of α-Al 2 O 3 NPs including a detailed analysis of the plastic deformation processes as function of orientation and temperature.

Which potential formalism to use to model α-Al 2 O 3 nanomechanics?

Three types of interatomic potentials were investigated including the RI formalism [BUS 94, GAL 92, LEW 85, MAT 94, SUN 06], the 2/3-body interaction potentials [BLO 96, VAS 08] and the variable charge SMTB-Q potential [ SAL 16]. Lattice properties and elastic constants were tested and compared to DFT and experimental rests. 2/3-body Vashishta, the SMTB-Q as well as the RI Gale potentials have shown a particularly fair agreement with the literature. The calculation of the basal surface energy was less precise for the RI potential. In this case, the ability of the Vashishta potential to reproduce the complex Al-double layer surface reconstruction in a similar manner than the variable charge SMTB-Q potential reinforced the transferability of the potential to surface properties albeit its simple formulation. In the future, additional surfaces might be computed to reinforce the choice of one or the other potential. As a critical ingredient required to describe dislocation plasticity, stacking fault energy were also computed in various planes of the α-alumina structure i.e., the basal, prism a and m, the rhombohedral slip system R as well as the various pyramidal slip systems. Once again, Vashishita and SMTBQ potentials have shown particularly close results reinforcing the transferability of the first one to dislocation properties. Finally, both Al/O-terminated and Al/Al-terminated basal dislocations were modeled using the Vashishta and the variable charge SMTB-Q potentials and we have investigated topological configurations and relative energy trends. Results confirmed the ability of the Vashishta potential to capture most of the main ingredients of the basal edge dislocation when compared to more sophisticated and CPU 'costly' variable charge potentials. As for surfaces, additional studies dedicated to the various types of dislocations in alumina might be helpful to better understand small-scale properties of this material.

-Qinqin Xu -MATEIS laboratory

By computing several material properties related to lattice, surface and dislocations using various interatomic potentials we verified that the Vashishta potential was the most suitable in terms of precision vs. cpu costs for applications in the field of nanomechanics. In the future, additional interatomic potentials might be investigated including e.g., the Streitz potential [STR 94].

Mechanical properties and elementary deformation processes of α-Al 2 O 3 nanoparticles

After fabrication of α-Al 2 O 3 neutral particles, we use MD to model nanocompression tests and investigate the deformation of alumina nanospheres as function of orientations and temperatures. Four directions were investigated with compression axis normal to c, m, a and R planes. The mechanical response is characterized by elastic and plastic behaviours without failure during loading. The transition point from elastic to inelastic response is marked by the yield force F y . The highest yield strength was noticed for CA normal to the c plane. At HT, both yield forces F y and effective Young's modulus drop down whatever CA. The main deformation processes were investigated and a particular influence of the orientation was noticed including various dislocation and twinning processes when changing CA. At LT, c, R and pyramidal n slips were particularly observed, as well R twinning. Preliminary tests performed at higher temperature were also performed showing more favourable c slip and an anisotropic influence of the temeprature on the elastic response of the NPs. All the results were discussed in the lights of recent micropillar experiments and original deformation tests performed in bulk conditions with a particularly fair agreement. Those simulations could be used to better interpret TEM or SEM compression experiments applied to NPs as they provide direct evidences of slip activity as function of orientations and temperatures.

Perspectives

The outcomes of this PhD shed new lights on alumina ceramic NPs deformation processes and plasticity that are important to better understand compaction processes of ceramic powders. These might open in the future new routes to shape ceramics at low or moderate temperature to increase their density before sintering, while preserving nanoscale grains. Still, several ideas deserve attention.

-Concerning the mechanical response of α-alumina NPs, several other directions might be used to provide (i) a better description of NPs response for e.g., upscaling modeling applications and (ii) investigate less-known slip systems: for example, a slip was not observed in our entire MD study whereas it is known to exist in the experiments [LAG 94]. Same conclusion allows for basal twinning. -Additional studies on dislocations (core structure, critical resolved shear stresses, mobility) are required to get a better understanding of small-scale plasticity processes in alumina. -For some orientations, structural changes were noticed when related to pyramidal slip. Those might be further investigated in the future as connected to possible phase transformations. -The study of phase transformation of nanometersized transition alumina NPs under pressure (see e.g., [ISS 18]) using MD is crucial to better asses compaction and sintering modeling of alumina. Indeed, alumina powders are generally made out of 2 or 3 alumina polymorphses that are not enough investigated from a modeling point of view. For this purpose, the transferability of two additional interatomic potentials i.e., the Alvarez [ALV 94, ALV 95, LAU 20] and the Streitz [STR 94] interatomic potentials that are already known for their ability to model alumina polymorphs with correct relative energies would have to be tested. -Once modeled, these new phases will have to be investigated in terms of mechanical properties and plastic deformation processes. -The thermal sintering process itself when applied to alumina nanopowder could then be modeled using either MD and the methodology proposed in Refs. [ZHU 96, LAN 16, YAN 18] or multi-scale approaches as the discrete-element method that could integrate yield forces F y computed in this thesis as inputs. 
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  Ceramics such as Al 2 O 3 , CaO and Si 3 N 4 are used for catalysts as well as support materials (substrates) to anchor or disperse a variety of active metals [KEA 03]. Catalytic applications can be categorized among zeolite-based catalysts, catalytic converters and solid oxide fuel cells [ZHU 18]. Zeolites represent a commercially important branch of advanced catalysts ceramics. Aluminosilicate zeolithes are characterized by channels and cavities of molecular dimensions and their atomic structure is made of oxygen tetrahedrons supported by Si or Al atoms [VAS 20]. Synthesized zeolites are widely used in the chemical industry. They are able to absorb molecules due to their microstructure made of void spaces with high internal surface area. Due to their high size/sieving property, zeolites are often used for separation applications [ZHU 18]. Modern catalytic converters consist of either a ceramic honeycomb monolithic structure or ceramic beads coated with precious metals (Pt, Pd and Rh) [MUR 20]. Among them, 6 2021 -Qinqin Xu -MATEIS laboratory porous alumina ceramics are employed as catalysis support due to their high-surface area while zirconia-and ceria-based ceramics are used as oxygen storage promoters. Moreover, zirconia-based ceramics are used to make oxygen sensors designed to control the air-fuel ratio and increase exhaust gas purification rate [OKA 09]. Pt/BaO/Al 2 O 3 based catalysts are used to absorb NO x and react with hydrocarbons under oxidizing conditions [KWA 06].

Figure 1 . 1 :

 11 Figure 1.1: Hierarchical porous ceramics manufactured by 3D printing. From [LIU 20].

  [PIT 03]. When alloyed to MgO and Y 2 O 3 , they are shaped as multilayers to make capacitors[SON 05, CHO 06]. Thanks to the diffusion of alloying elements, BaTiO 3 -based materials with various concentration gradients and a shifted Curie temperature can be obtained [SON 05]. 8 2021 -Qinqin Xu -MATEIS laboratory

Figure 1

 1 Figure 1.2: Hall-Petch diagram: strength vs. grain size. Adapted from [GRE 11].

Figure 1 . 3 :

 13 Figure 1.3: Yield strength and ductility improvements obtained using severe plastic deformation on various metals. The black curves describe pre-deformation paths for Cu and Al (the % refers to the material size reduction). From [VAL 02].
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 1 Figure 1.4a to c illustrate the inverse Hall-Petch effect in nanocrystalline copper using tensile MD simulations [SCH 98]. In order to simplify the analysis of the simulation,

Figure 1

 1 Figure 1.4: MD simulation and experiments of the inverse Hall-Petch behaviour in nanocrystalline metals. (a) Copper nanocrystalline sample as modelled using MD. (b, c) Yield and flow stresses versus inverse square root of grain size in nanocrystalline copper. (d) Experimental results showing the inverse Hall-Petch behaviour in nanocrystalline copper and palladium at RT (VPH = Hardness, in HV unit). Adapted from [SCH 98, CHO 89].

  Figure 1.4d presents and experimental illustration of the inverse Hall-Petch behavirous here in nanocrystalline copper and palladium at RT. The hardness is soften from 16 to 6.25 nm as the grain size decreases [CHO 89]. MD simulations and experiments in metals have shown that grain boundary sliding and amorphization could be responsible for the inverse Hall-Petch relation in nanocrystalline metals [SCH 98, KUM 03, LEG 08]. Fan et al. proposed a composite model (Figure 1.5) in which when the grain size d is decreased to a critical value d c , the plastic deformation is dominated by grain boundary sliding [FAN 05]. 12 2021 -Qinqin Xu -MATEIS laboratory

Figure 1 . 5 :

 15 Figure 1.5: Illustration of the Fan model for grain boundary deformation within the inverse Hall-Petch regime [FAN 05].

Figure 1 . 6 :

 16 Figure 1.6: Deformation mechanisms in three-order nanotwinned metals. (a) TEM images that show twinned structures before and after tensile deformation. (b) Simulation images of the three-order twinned structure. (c) Yield strength of the three-order twinned alloy as compared with other metal materials. Adapted from [KOU 14].

Figure 1

 1 Figure 1.7: Nanoindentation of nanocrystalline MgAl2O4. Hardness as a function of grain size. The three regions I, II and III represent the Hall/Petch regime, a plateau transient and the inverse Hall-Petch regime, respectively. From [RYO 18].
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  al. reported particularly high compressive strength for single crystalline Ni micropillars when compared to their bulk counterpart [UCH 04]. Figure 1.8 shows the stress-strain response of pillars with size ranging from 20 to 40 µm compressed along the 134 -orientation at RT. Overall a smaller is stronger trend is noticed together with an enhanced ductility for smaller samples. Kiener et al. focused on the tensile behavior of copper single crystals at the micro-scale [KIE 08]. The authors confirmed the size-dependence of the flow stress as well as a strain-hardening regime strongly dependent on the sample aspect ratio. Extensive micro-compression and tensile experiments within the SEM and TEM were conducted on other microscale objects (e.g., whiskers and wires) by the Richter group [RIC 09, SED 12]. Schneider et al. performed compressive tests on body-centered-cubic (W, Mo, Ta, and Nb) micropillars with size ranging from 1 to 5 µm using compression experiments within the SEM [SCH 09]. They found that the strength increases when the pillar diameter size decreases. The same trend is found in HCP Mg and Ti micropillars [BYE 10, LIL 10, YU 10]. For example, Lilleodden et al. performed compression experiments inside a TEM on Mg micropillars with diameters ranging from 6.1 to 15 µm along the 0001 -direction. They show that the stress required for deformation twinning strongly increases with decreasing pillars size when deformed at the micro-scale. Yu et al. also confirmed this behaviour testing single crystalline Ti alloy micropillars with diameters ranging from 1 µm to 8 µm under uniaxial compression experiments inside the TEM.

Figure 1

 1 Figure 1.8: Mechanical behaviors of Ni micropillars compressed along 134 inside the SEM at RT. (A) Stressstrain curves for Ni micropillars ranging from 5 to 40 µm in diameter, compared with Ni bulk. (B) A 20 µm Ni micropillar after compression. (C) A 5 µm Ni micropillar after compression. From [UCH 04].

Figure 1 . 9 :

 19 Figure 1.9: Mechanical behaviour of Au microparticles under compression. (a) Stress-strain curves for different sample sizes. (b,c) SEM images of Au particles (987 and 230 nm) before and after compression. Adapted from [MOR 11].

  Feruz et al. used MD to study the strength of various FCC single crystal NPs [FER 16].

Figure 1 . 10 :

 110 Figure 1.10: MD simulation of Wulff-shaped Au NPs. (a) Wulff-shaped Au NPs compressed along <111> using MD simulations. (b) Simulated stress-strain curves. Adapted from [FER 16]

Figure 1 .

 1 Figure 1.11: Fracture strength of α-Al2O3 microparticles as function of the particle diameter. The theoretical, bulk compression and tensile strengths are shown for comparison. From [KUR 20].

Figure 1 . 12 :

 112 Figure 1.12: In situ TEM nanocompression of an alumina NP. High-resolution TEM (HRTEM) images and mechanical response (black curve). The simulation using digital image correlation and finite-element is shown in red, the analytical Hertz fit is shown in blue. From [CAL 14].

  4 GPa. Issa et al. also investigated the mechanisms of 100 -oriented MgO nanocubes using in situ TEM compression tests performed at RT as well as MD [ISS 15, ISS 21]. Results show a surface dislocation nucleation process at way higher stress (few GPa) than in bulk MgO 2021 -Qinqin Xu -MATEIS laboratory single crystals. Dislocations were identified within the 1 2 110 {110} slip systems (Figure 1.14). Also, the authors have shown than increasing the size of the nanocubes leads to a transition i.e., from dislocation nucleation to dislocation multiplication [ISS 21].

Figure 1 . 13 :

 113 Figure 1.13: In situ TEM nanocompression of a 125 nm alumina NP. (a,c) TEM images that illustrate the starting configuration, the loading and the fracture of the NP, respectively. (d) corresponding force-displacement curve. The red circle emphasize the fracture initiation. From [CAL 14].

Figure 1 . 14 :

 114 Figure 1.14: In situ TEM and MD of 100 -oriented MgO nanocubes under compression at RT. (a) Stress-strain curves of MgO nanocubes and dislocation nucleation in 90 and a 120 nm samples. MD simulations confirm dislocation nucleation events from corners and edges within the 1 2 110 {110} slip mode. (b) MD stress-strain curves. Adapted from [ISS 15]

Figure 1 .

 1 Figure 1.15: Fabrication, loading and drug delivery using alumina nanotubes[WAN 14].

Figure 1 . 16 :

 116 Figure 1.16: Crystal structure of α-Al2O3. (a) 3D view, (b) Projected view along [0001], (c) Octahedral substructure. From [SHI 10].

Figure 1 .

 1 Figure 1.17: Elastic and thermal properties for single crystalline α-Al2O3 as function of temperature. (a) Shear (G) modulus. (b) Thermal expansion. Adapted from [MUN 97].

Figure 1 . 18 :

 118 Figure 1.18: Slip systems and relative cristallographic directions in α-Al2O3. (a) Slip system orientation as described within the HCP unit cell (only the Al sublattice is shown). (b) Inverse pole figures including important slip plane directions and angles.

Figure 1 .

 1 Figure 1.19: Slip traces in α-Al2O3 observed by transmission optical microscopy. (a) Prismatic m and a slip observed during deformation with CA parallel to a basal surface (T = 200°C). (b) R and c twinning systems when deformed 45°to 1 210 and [0001] at T =600°C. Adapted from [LAG 94].

Figure 1 .

 1 Figure 1.20: SEM compression of α-alumina micropillars. (a) Activation of the rhombohedral slip planes R when CA aligned with the 1 100 -orientation, (b) Activation of the pyramidal slip planes s (1/3 0 111 {1 101}) when CA aligned with the 2 11 0 -orientation, (c) Activation of rhombohedral slip planes R (1/3 0 111 {0 112}) when CA aligned with the [0001]-orientation, (d) The micropillar show a brittle behaviour when CA aligned with the 1012 -orientation. Adapted from [MON 14].

Figure 1 .

 1 Figure 1.22: MD impact simulations at the surface of an alumina single crystalline thin film. Adapted from [ZHA 07].

Figure 1 .

 1 Figure 1.23: MD nanoindentation simulation in α-alumina. (a) [0001] orientation, prismatic dislocations appear first at indenter depth h=11.0 Å before than basal and pyramidal dislocations nucleate. (b) Nucleation of prismatic and pyramidal dislocations during MD nanoindentation along 01 10 and 2 11 0 respectively. Adapted from [NIS 08].

Figure 2

 2 Figure 2.1: Classical MD workflow algorithm.
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  [RAP 91] for more details). E cov is a covalent energy term that apply up to the second moment radius r 2nd c located between the 4 th and 5 th neighbors of each Al and O atoms [GON 94]. i and ζ are the hopping integral adjustable parameters (see Ref.

  II summary: The chapter II focuses on methods. First, we have introduced atomistic simulation methods (MS and MD) within the LAMMPS framework as well as the various theoretical backgrounds related to the interatomic potentials we will use to model α-Al 2 O 3 properties. Then, companion tools ATOMSK and OVITO used to respectively generate samples and present simulations outcomes were described. 46 2021 -Qinqin Xu -MATEIS laboratory Chapter 3

  α-Al 2 O 3 is a iono-covalent ceramic often described by a 30 atoms hexagonal unit cell with lattice parameters a 0 =4.76 Å and c 0 =12.99 Å [SNO 73]. In this study, an orthorombic unit cell made out of 60 atoms is used for modeling convenience. It is characterised by cell vectors of lengths a = a 0 , b = √ 3a 0 and c = c 0 . Both unit cells are shown Figure 3.1.

Figure 3

 3 Figure 3.1: Crystal structure of α-Al2O3 (a) 3D view, (b) Projected view along [0001]. The black and blue lines refer to the hexagonal (30 atoms) and orthogonal (60 atoms) cells, respectively.

  JAH 06, SAR 13] 490.0±20.0 165.0±15.0 110.0±15.0 -25.0±5.0 500.0±40.0 150.0±20.0 162.5±20.

Figure 3

 3 Figure 3.2: Elastic constants calculation (a) Simulation cell illustrating important surfaces and directions for the calculation of the strain and stress tensor components. (b) Example of deformation applied to compute shearing elastic constants.

  α-alumina surfaces have attracted a significant attention especially in the field of catalysis, coatings and electronics [HAR 13, JIA 18, MUR 20]. Therefore, first-principle simulations on surface features were performed showing (0001) < 1 102 < 11 20 < 10 10 < 10 11 energy ranging that emphasizes the highest stability of the (0001) basal surface [MAR 04, SUN 06]. As shown Figure 3.3, the [0001] stacking of bulk α-Al 2 O 3 obeys the following sequence ..-Al 2 -O-Al 1 -Al 2 -O-.. with O a pure oxygen layer and Al 1 and Al 2 two pure aluminum layers shifted from each other. In the simulations, these three layers are often considered as first guesses to compute the (0001) surface energy. Guenard et al. have investigated the (0001) surface of α-alumina with single Al layer termination using grazing incidence X-ray scattering [GUE 98]. They conclude that surface Al layer is closer to the underlying O layer due to surface relaxation, when compared to bulk conditions. This result was confirmed by Walter et al. using dynamical low-energy electron diffraction and various sample surface preparation methods [WAL 00]. Wang and collaborators used DFT simulations and confirmed the stability of the Al-terminated basal surface, even under high oxygen partial pressure conditions [WAN 00a]. Finally, Blonski and collaborators performed molecular static simulations for three terminations of the (0001) surface (one O terminated and two Al terminated). After minimisation, the authors show similar results for the two Al-terminated surfaces with surface energies lower that in the O-terminated case [BLO 96]. 2021 -Qinqin Xu -MATEIS laboratory

Figure 3

 3 Figure 3.3: Slab-type supercell for basal surface energy calculation in α-alumina. The simulation relies on a collumnar supercell of Al2O3 oriented along the [0001] direction. Red and blue atom refers respectively to aluminum and oxygen atoms. O, Al1 and Al2 layers are depicted by dashed lines. (a) Original supercell used for E bulk calculation. (b) Supercell with vacuum out of X=Al2 and Y =Al1 free surfaces.

Figure 3 .

 3 Figure 3.4 illustrates α-Al 2 O 3 basal-surface configurations before and after simulation for the various surface terminations. Al 1 Al 2 simulations show comparable relaxed configurations whatever the potential or charge summation method used with both Al surface-ending layers about to merge with their O respective sublayer (Figure 3.4c) as already observed in Refs. [TEP 00, RUB 03, KUR 10, SAL 16]. However, significant surface reconstruction is observed in the Al-double layer surface region of Al 1 O and OAl 2 simulations as shown Figure3.4e,f,g while the opposite O-single layer surface is more stable during the simulation. One can notice that Vashishta and SMTB-Q potentials lead to similar surface reconstruction processing within the Al-double layer surface region where one of the first two Al layers migrates below the first O layer. Furthermore, the Gale potential shows results that depend on the charge summation method used i.e., Ewald, Wolf and MSM. On one hand, the Wolf method leads to a qualitatively similar surface

Figure 3

 3 Figure 3.4: α-Al2O3 basal surface energy simulation (nz=3). (a,b) Unrelaxed simulation cell for Al1Al2-and Al1O-terminations as examples, (c) Al1Al2 relaxed configuration (Vashishta), (d) Al1O relaxed configuration computed with Gale potential using the Ewald summation method, (e,f,g) Al1O relaxed configuration using respectively (e) Vashishta, (f) SMTB-Q and (g) Gale (Wolf method) interatomic potentials. Aluminum atoms are depicted in red while oxygen atoms are colored in blue.

Figure 3

 3 Figure 3.5: Stacking fault simulation methodology. The upper part of a collumnar supercell is shifted to generate a stacking fault. The supercell vector normal to the faulted plan (here c) is tilted to ensure PBCs remapping the atoms out of the box.

Figure 3

 3 Figure 3.6: γ-line computed along 112 in the {111} slip plan of FCC Al and Cu using Mendelev [MEN 08] and Mishin EAM potentials [MIS 01], respectively

A

  Figure 3.7: Illustration of the (0001) basal plane in α-Al2O3, (a) within the α-Al2O3 unit cell, red atoms refer to the Al sublattice, (b) in-plane projected view and important directions for basal stacking fault simulation.

Figure 3 . 8 :

 38 Figure 3.8: Stacking fault energy in the (0001) basal plane. (a) [1 100] basal γ-lines with cutting planes between consecutive Al and O plans (dashed curves) and between two Al plans (plain curves). (b)-(d) Basal γ-surfaces computed using (b) Vashishta, (c) SMTB-Q and (d) Gale interatomic potentials, respectively.

Figure 3

 3 Figure 3.9: (0001) Basal stacking fault energy computed in Zr using the Mendelev EAM interatomic potential [MEN 07]. (a) γ-line computed in the [1 100] direction. Our study (black curve) is compared to Clouet data (red curve) [CLO 09]. (b) The basal γ-surface in Zr (our work).

3. 3

 3 .3 Prismatic {10 10} and {1 210} stacking fault energies α-Al 2 O 3 is characterised by two kinds of prismatic planes i.e., the m plane {10 10} and the a plane {1 210}, as illustrated Figures 3.10. To compute the GSFE in the m plane, the simulation supercell is oriented with x=[1 210] and z=[0001] (the displacement directions) while the y axis is normal to the slip plane. On the other hand, simulation cell for the a 2021 -Qinqin Xu -MATEIS laboratory

Figure 3 . 10 :

 310 Figure 3.10: Representation of the prism m and a planes using perspective and in-plane projection views. (a,b) {10 10} prismatic m plane and (c,d) {1 210} prismatic a plane. Atoms colored in red rely on the Al sublattice.

Figure 3 .

 3 Figure3.12 shows the prismatic a γ-surface as well as the [10 10] γ-line as calculated with Gale, Vashishta and SMTB-Q interatomic potentials respectively. In this case, SMTB-Q

Figure 3 .

 3 Figure 3.11: Stacking fault energy in the {10 10} prismatic m plane. (a) 1 3 [1 210] γ-line, (b)-(d) Prism m γ-surface computed using (b) Vashishta, (c) SMTB-Q and (d) Gale interatomic potentials, respectively.

Figure 3 .

 3 Figure 3.12: Stacking fault energy in the prismatic {1 210} a plane (a) [10 -10] γ-line, (b)-(d) Prism a γ-surfaces computed using (b) Vashishta, (c) SMTB-Q and (d) Gale interatomic potentials, respectively.

  2 O 3 [HEU 66, SCO 83, LAG 02]. An illustration of the R plane is provided Figure 3.14. In this study, the supercell for R plane GSF calculation is built rotating the original supercell by 58 • around the [1 210] axis leading to the x=[11 20], y=[ 1101] and z=[1 102] orientation. The R γ-surface computed with the various potentials is illustrated Figure 3.15. As for the other cases, Vashishta and SMTB-Q potentials show quantitatively comparable results that are mainly overestimated by the Gale potential. Whatever the potential, the GSF suggests a dissociation path from -→ b = 1 3 [0 111] into smaller 2021 -type Burgers vectors but no local minima in the vicinity of 1 22 [0 111] as sometimes proposed in the literature in the context of rhombohedral twinning [GEI 94, LAG 02], even using coarsen displacement resolution simulations. 62 2021 -Qinqin Xu -MATEIS laboratory

Figure 3 . 14 :

 314 Figure 3.14: Illustration of a {01 12} rhombohedral plane, (a) within the α-Al2O3 unit cell, red atoms refer to the Al sublattice, (b) in-plane projected view and important directions for the stacking fault simulation within the R plane.

Figure 3 .

 3 Figure 3.15: Rhombohedral (R) {01 12} stacking fault energy. (a) [ 2021] γ-line, (b)-(d) γ-surfaces computed using (b) Vashishta, (c) SMTB-Q and (d) Gale interatomic potentials, respectively.

  Several authors have shown that under certain orientations, pyramidal slip can occur in α-alumina (Figure 3.16) [HOC 75, SNO 73]. Four typical pyramidal slip systems are identified i.e., the s slip systems 1 3 1101 {10 11} or 1 3 12 10 {10 11}, n 1 3 1101 {2 11 3} or 01 10 {2 11 3}, w 1 3 1102 {2 11 2} or 01 10 {2 11 2} as well as v 01 10 {4 22 3}. Table 3.4 2021 -Qinqin Xu -MATEIS laboratory 63 shows the parameters used to construct the different pyramidal supercells.

Figure 3 . 16 :

 316 Figure 3.16: The s, n, w and v pyramidal planes described in the framework of the α-Al2O3 cation sublattice.

  Figures 3.17 and 3.18 describe the γ-lines and γ-surfaces for the s, n, w and v pyramidal planes computed using the Vashishta interatomic potential. The pyramidal s γ-surface is computed between equivalent positions defined by 1 3 [ 1011] and 1 3 [1 210]. Simulations along 1 3 [ 1011] show a local minimum (sSFE=4554.1 mJ.m -2 ), while only an extremum (uSFE=4905.1 mJ.m -2 ) is noticed along 1 3 [1 210]. Therefore, pyramidal s slip is possibly characterized by a 1 3 1011 Burger vector as proposed by Ünal et. al. [ÜNA 94]. Pyramidal n γ-surface is computed between equivalent positions at 1 3 [ 1101] and [01 10]. The pyramidal n γ-line computed along 1 3 [ 1101] does not show any local minimum but only a maximum of about uSFE=4556.4 mJ.m -2 , while it shows a local minimum uSFE=1830.1 mJ.m -2 along [01 10] which is far lower than that maximum. Pyramidal v γ-surface is characterized by a slight vertical asymmetry i.e., the left part of the γ-line shows a higher energy than the right part. One can notice from the γ-surface that perfect crystal equivalent positions can be identified along 1 6 [ 2023] and [0 110], as expected from crystallography. Those equivalent positions are separated by two-hump energy barriers about twice larger than those of the perfect [0 110] direction what justify

Figure 3 .

 3 Figure 3.17: γ-surfaces in (a) s, (b) n, (c) w and (d) v pyramidal slip planes computed using the Vashishta interatomic potential.

  Figure 3.18: γ-lines for s, n, w and v pyramidal slip computed using Vashishta interatomic potentials. Translation directions are provided in the legend.

Figure 3 .

 3 Figure 3.19: γ-lines computed in the c, a, m, R and n planes using appropriate Burgers vectors directions (see legend). Simulations are performed using the Vashishta interatomic potential.

1 3 1

 1 210 (0001) dislocations are known to be the most common to appear during high-temperature deformation [LAG 94, HE 02, HEU 10]. Moreover, the 1 3 1 210 edge dislocation can dissociate into two partial dislocations with 1 3 10 10 Burgers vectors (see Equation 3.6). It is known that the dissociation process operates along the [0001] direction within a prismatic plane via a climbing mechanism resulting into two 60 • mixed dislocations [HEU 10]. net controversy persists about the partial dislocation core structures for which two models are discussed in the literature. On one hand, Kronberg et al. proposed that 2021 -Qinqin Xu -MATEIS laboratory slip occurs between two consecutive Al and O layers [KRO 57]. This slip model involves charge transport due to the ionic bonding between Al and O atoms. On the other hand, Bilde-Sørensen et al. proposed a mixed partial core that glides between two consecutive puckered Al layers without charge transfer [BIL 96]. The various dislocation core models are illustrated Figure 3.20. While Shibata et al. [SHI 07] confirmed Kronberg's core hypothesis using scanning HRTEM, Heuer et al. [HEU 10] produced a markedly detailed atomic model of the dislocation cores with Al-Al terminated partial dislocations using the negative spherical-aberration imaging technique supporting the Bilde-Sørensen's model. In the following, we extent the original work of Tsuruta et al. [TSU 14] by investigating both Al/O-terminated or Al/Al-terminated basal partial dislocations using both the 2/3body Vashishta and the variable charge SMTB-Q potentials.

  [TSU 14]). The partial dislocation pairs are either Al/Al-(Figure 3.20(b,d)) or Al/O-terminated (Figure 3.20(c,e)) as proposed in the models of Bilde-Sørensen and Kronberg, respectively. After removing corresponding Al and O atoms on planes perpendicular to the basal plane, the empty region is closed applying the linear elastic theory [HIR 82].
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Figure 3 .

 3 Figure 3.20: Unrelaxed basal edge dislocation core structure. (a) Simulation cell and edge dislocation dipole. (b) Al/Al-terminated dislocation core (Bilde-Sørensen's model), (c) Al/O-terminated dislocation core (Kronberg's model), (d) and (e) illustrate respective cation sublattices.

Figure 3 .

 3 Figure 3.21 shows partially and fully relaxed configurations for Kronberg and Bilde-Sørensen dislocation models using both the Vashishta and SMTB-Q interatomic potentials. Minimization #1 refers to the outcome of the first minimization episode (whatever the interatomic model used) while Minimization #2 refers to (i) the minimization outcome after the NPT run in the case of the Vashishta potential and (ii) the minimization outcome after the box relaxation run in SMTB-Q case. Due to the perfect symmetry observed, only one dislocation extracted from the original dislocation dipole is discussed in the following. Dislocation core configurations obtained using the Vashishta potential are similar to those of Tsuruta et al. using the same interatomic potential. The two mixed partial dislocation exhibit particularly different structures whatever the Al/Al-or Al/O-terminated configuration. When compared to the unrelaxed structure shown Figure 3.20, the fully-relaxed top cores (single-Al or double-Al terminated respectively for Bilde-Sørensen and Kronberg models) shown Figure 3.21c,g are characterized by a regular dislocation core relaxation process that adapts the local mismatch while the bottom cores (either single-Al or single-O terminated respectively for Kronberg or Bilde-Sørensen model) are characterized by an

-

  All the potentials tested succeed in computing lattice parameters of α-Al 2 O 3 but most of the tested rigid ion potentials show discrepancies when computing elastic constants (all except the Gale parameterization [GAL 92]). However, these later are correctly reproduced by the 2/3-body Vashishta and the SMTB-Q potentials. -The 2/3-body Vashishta and variable charge SMTB-Q potentials provide similar topological outcomes and energy values for the various (0001) surface terminations. Same conclusions are drawn for stacking fault energy calculations in several slip plans of the crystalline structure. These results are in good agreement with already published DFT data and experiments while the Gale rigid ion potential overestimates surface and stacking fault energies and show different topological configurations. -The basal edge dislocation structure as computed using the Vashishta potential compare successfullly to the more sophisticated SMTB-Q. Furthermore, both potentials show similar dislocation energy trends (as a function of the core model) that confirms a slighlty lower core energy for the basal edge dislocation when defined using the Bilde-Sørensen model. 72 2021 -Qinqin Xu -MATEIS laboratory Chapter 4 α-Al 2 O 3 nanoparticles modeling fabrication and characterization As described in Chapter 1, the plastic deformation of NPs is strongly related to their size, shape and surfaces [MOR 11, WEI 12, AMO 17, KIL 18, SHA 18, AMO 21]. At the nanoscale, free surfaces play a dominant role as sources and sinks for dislocation nucleation in originally pristine nanostructures. In particular, it is known that dislocations or twins can nucleate in highly-stressed regions.

Figure 4 . 1 :

 41 Figure 4.1: Influence of edge and corner roundness on the mechanics of nickel NPs. (a) MD compressive strength as function of the NP roundness, (b) SEM imaging of Wulff shape Ni NP, (c) a similar NP made for MD simulations. Adapted from Ref. [SHA 18].

Figure 4 . 2 :

 42 Figure 4.2: Numerical fabrication of charged NPs using the cutting-block classical method, (a) illustration of the starting α-Al2O3 block later sliced to create a nanosphere (b). This method does not conserve the starting neutral charge of the block system.

Figure 4

 4 Figure 4.3: Elementary motives #1 and #2 used in the pattern-based method to build α-Al2O3 neutral NPs.

Figure 4

 4 Figure 4.4: Numerical fabrication of neutral NPs using the pattern-based method, (a) Two neutral elementary motives are first defined as well as (b) two canvas: the red grid relies to canvas #1, the gray one to canvas #2. (c) Canvas are merged and cut to design of the NP, (d) The two motives are pasted at each node of the canvas leading to the design of a neutral α-Al2O3 NP.

Figure 4 .

 4 Figure 4.5 show slices of 7 nm diameter NPs before and after the aforementioned equilibration process. For a sake of clarity, only the O atom sublattice is shown on the figure.The O sublattice crystalline structure is characterized as HCP using the Ackland-Jones algorithm [ACK 06] of OVITO. α-Al 2 O 3 NPs show surface reconstruction during the whole equilibration process. In particular, surface reconstruction is strengthened during the high-temperature equilibration process when compared to the minimization. After minimization, the charged particle shows more numerous atomic displacements when compared to the neutral NP based on the displacement vector analysis (see Figure4.5). The atomic displacements of the two types of NP are of comparable amplitudes at this stage. This behaviour is modified when heating where the neutral NP shows surface localized displacements of slightly larger amplitude (but still less numerous). In addition, surface reconstruction within the neutral NP seems anisotropic with more atomic reorganization observed close to the (0001) surfaces especially during the energy minimization.

Figure 4 . 5 :

 45 Figure 4.5: Surface reconstruction of α-Al2O3 7 nm diameter NP (a,e) as built neutral and charged NPs, (b,f) after energy minimization, (c,g) after equilibration at 600 K and (d,h) after equilibration at 1000 K. Only the O sublattice is shown for a sake of clarity. Atoms colored in light-grey, blue and green refer to defective local structures while red one refer to the original HCP structure of the O sublattice as given by the Ackland-Jones algorithm of OVITO. Colored arrows refer to atomic displacements with the as build configuration taken as a reference.
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Figure 4

 4 Figure 4.6: Local potential energy distribution for 7 nm diameter charged and neutral α-Al2O3 NPs. (a,e) as built neutral and charged samples (starting minimization), (b,f) after minimization, (c,g) after equilibration at 600 K and (d,h) after equilibration at 1000 K.

Figure 4

 4 Figure 4.7: RDF for Al-Al, O-O and Al-O pairs computed in the α-Al2O3 7 nm neutral. As built, after minimization and after equilibration at 600 K and 1000 K data are shown.
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Figure 5

 5 Figure 5.1: MD nanocompression setup showing the two planar force fields surrounding an α-Al2O3 NP. CA refers to the compression axis.

Figure 5

 5 Figure 5.2: Angles between low-index planes in α-Al2O3. Orientations characterized in our nanocompression simulations are emphasized in red. Adapted from Ref. [LEE 85].

Figure 5 . 3 :

 53 Figure 5.3: Mechanical response of 7.2, 10.1 and 15.2 nm α-Al2O3 nanospheres for CA normal to the c plane at 5 K. (a) Force vs. displacement curves. The green curves rely on Hertz adjustments. (b) Force vs strain curves.

Figure 5 . 4 :

 54 Figure 5.4: Compression of α-Al2O3 NPs normal to the c plane at T =5K. The nucleation of rhombohedral twins is shown at (a) 11.5%, (b) 17.8 % and (c) 17.9% strain. Only O atoms (in red when HCP environment, light-grey for defective regions) are shown for a sake of clarity. In addition to the O sublattice images, additional insets are shown. These allow to identify the twins using either a full-atom classical description or interface characterization (colored in yellow).

  a plane {1 210} Mechanical response 90 2021 -Qinqin Xu -MATEIS laboratory

Figure 5 .

 5 Figure5.5 shows force vs. displacement and strain curves for the three investigated size NPs with CA along the [1 210] direction. The effective Young's modulus E * is about 237, 220 and 239 GPa respectively for the 7.0, 10.0 and 15.1 nm NPs. The boundaries of the Hertz fit range from 2.5 to 7.0% for the 7.0 nm NP, from 1.5 to 7.0% for the 10.0 nm NP and from 1.0 to 9.0% for the 15.1 nm NP. The end of the elastic regime is characterized by F y =413, 766 and 975 nN, respectively.

Figure 5 . 5 :

 55 Figure 5.5: Mechanical response of 7.2, 10.1 and 15.1 nm α-Al2O3 nanospheres for CA normal to a prism a plane at 5 K. (a) Force vs. displacement curves. The green curves rely on Hertz adjustments. (b) Force vs. strain curves.

  et al. using the same interatomic potential [ZHA 08]. Between ε = 9.0% and 9.5% (Figure 5.5b,c, labels 2 and 3), two (11 23) and (1 213) pyramidal dislocations nucleate from the NP bottom region making a triangular dislocation structure (Figure 5.6b), in a similar manner than the pyramidal dislocation structure observed in FCC metals [BIA 13, SAL 18, GOR 19]. While the compression proceeds, a second force drop of larger amplitude is observed at ε = 10.6% (Figure 5.5b, labels 4,5 and 6) and is attributed to the propagation of a new pyramidal dislocations from the hillock of the triangle structure (Figure 5.6d). These dislocations are of different type with respect to the perfect one of Figure 5.6a,b,c. Indeed, they are partial dislocations followed 2021 -Qinqin Xu -MATEIS laboratory

Figure 5

 5 Figure 5.6: Compression of α-Al2O3 NPs normal to the prism a plane at T =5K. Only O atoms (in red when HCP environment, light-grey for defective regions) are shown for a sake of clarity. Perfect dislocations are shown in green curves. (a,c) The first nucleation events are characterized by the nucleation and propagation of (11 23) and (1 213) perfect dislocations forming a triangular dislocation structure. (d,e) The triangular dislocation structure fails at ε=10.6% where partial dislocation multiply within same pyramidal slip planes (staking-faults are emphasized using yellow interfaces, partial dislocations are not emphasized). (f) The accumulation of closed stacking-faults in the pyramidal planes lead to structural change between the lateral and the central domain of the NP. In addition to the O sublattice images, additional insets are shown. These allow to identify the defective regions either using the full-atom classical description or interface characterization (colored in yellow).

  by stacking-faults which are recognized by OVITO. The triangular structures definitely breaks at ε = 10.7% Figure 5.5b, label 5) where multiple partial dislocations propagate in close and parallel slip planes. Finally, the propagation of the pyramidal partial dislocations leads to a structural change between the lateral and central domains of the NP as 92 2021 -Qinqin Xu -MATEIS laboratory 5.2.3 Compression normal to the m plane {10 10}

Figure 5 . 7 :

 57 Figure 5.7: Mechanical response of 7.2, 10.1 and 15.2 nm α-Al2O3 nanospheres for CA normal to a m plane at 5 K. (a) Force vs. displacement curves. The green curves rely on Hertz adjustments. (b) Force vs strain curves.

Figure 5 . 8 :

 58 Figure 5.8: Compression of α-Al2O3 NPs normal to the prism m plane at T =5K. Only O atoms are shown for a sake of clarity. (a:b) Illustration of 3°angle tilt observed during compression accommodation as shown using the basal plane orientation. (c) =8.5%, partial basal dislocations nucleate from the contact region with the indenter. Dislocations colored in orange refer to 1 3 [10 10] dislocations (atoms colored in green rely to the stacking-faults). (d) =11,5%, Rhombohedral slip is identified (atoms colored in blue refer to stacking-fault) interfering with basal dislocations.

Figure 5 . 9 :

 59 Figure 5.9: Mechanical response of 7.2, 9.5 and 15.1 nm α-Al2O3 nanospheres for CA normal to an R plane at 5 K. (a) Force vs. displacement curves. The green curves rely on Hertz adjustements. (b) Force vs strain curves.

Figure 5 . 10 :

 510 Figure 5.10: Compression of α-Al2O3 NP with CA normal to a rhombohedral R plane at T =5K. Only O atoms are shown in red for a sake of clarity. Surfaces and defective regions as GBs are shown by atoms colored in light-grey and yellow area (interfaces). (a,b) Nucleation of 1 3 01 10 partial dislocations between 7.8% and 12% strain (dislocation colored in orange, stacking fault atoms in green). (c) Basal and pyramidal (colored in green) dislocations nucleating and propagating at 12% strain. (d) Basal partial dislocations gliding in close planes close to transformed domains associated to the propagation of pyramidal n partial dislocations (stacking-fault atoms colored in blue).

Figure 5 .

 5 Figure 5.11: Force vs. strain response of a 15.1 nm diameter α-Al2O3 nanosphere for CA normal to the c plane at T =1000 K. The light-blue curve refers to the raw data while the dark-blue one is a Bezier fit. Elastic Hertz fit is shown in green. Data computed at T =5K (grey curve) are shown for comparison.

Figure 5 .

 5 Figure 5.12: Rhombohedral twin nucleation during the nanocompression of α-Al2O3 NPs for CA normal to the c plane at T =1000K. Only O atoms (in red when HCP environment, light-grey for defective regions) are shown for a sake of clarity. An additional insets emphasize the nanotwins (colored in yellow) using interface characterization.

Figure 5 .

 5 Figure 5.13: Force vs. strain response of a 15.1 nm diameter α-Al2O3 nanosphere under compression at T =1000 K with CA normal to a prismatic a plane. The light-blue curve refers to the raw data while the dark-blue one is a Bezier fit. Data computed at T =5K (grey curve) are shown for comparison.

Figure 5 . 14 :

 514 Figure 5.14: Compression of α-Al2O3 NPs for CA normal to a prism a plane at T =1000 K. Only O atoms (in red when HCP environment, light-grey for defective regions) are shown for a sake of clarity. Perfect dislocations are illustrated using OVITO (green curves). (a) =9.2%, first nucleation event characterized by the nucleation and propagation of a perfect dislocation within the pyramidal (11 23) slip plane. (b) =10.6%, subsequent nucleation events in the bottom region of the NP. (c) =11.5%, the first pyramidal dislocation reaches the opposite surface of NP. Two long screw dislocation arms remain in the NP.
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Figure 5 .

 5 Figure 5.15: Force vs. strain response of a 15.1 nm diameter α-Al2O3 nanosphere under compression at T =1000 K with CA normal to the prism m plane. The light-blue curve refers to the raw data while the darkblue one is a Bezier fit. Elastic Hertz fit is shown in green. Data computed at T =5K (grey curve) are shown for comparison.

Figure 5 . 16 :

 516 Figure 5.16: Compression of α-Al2O3 NPs for CA normal to the prism m plane at T =1000K. Only O atoms are shown for a sake of clarity. (a) =10.7%, partial dislocations in the basal slip system are identified as the main plastic deformation process (dislocation colored in orange, atoms in the stacking-fault colored in green). They nucleate at asymmetrically, from one side of each contact regions with the indenter and the substrate. (b) =25%, more dislocations accumulate on the side of the contact but no defect are identified in the central part of the NP.

Figure 5 .

 5 Figure 5.17: Force vs. strain response of a 15.1 nm diameter α-Al2O3 nanosphere under compression at T =1000 K with CA normal to a R plane. The light-blue curve refers to the raw data while the dark-blue one is a Bezier fit. Elastic Hertz fit is shown in green. Data computed at T =5K (grey curve) are shown for comparison.

Figure 5 . 18 :

 518 Figure 5.18: Compression of α-Al2O3 NPs for CA normal to the Rhombohedral R plane at T =1000K. Only O atoms are shown for a sake of clarity. (a) =13.7%, partial dislocations in the basal slip system are identified as the main plastic deformation process (dislocation colored in orange, atoms in the stacking-fault colored in green). They nucleate from contact regions with the indenter and the substrate. (b) =25%, more dislocations accumulate and gather in the central part of the NP.

  Figure 5.19: Schmid factor definition. Adapted from Bernard [ENN 16].

  Figure 5.20. Compression normal to the c plane (0001) 2021 -Qinqin Xu -MATEIS laboratory

Figure 5 .

 5 Figure 5.20: γ-lines for c, a, m, n, s and R slip planes computed using the Vashishta interatomic potentials. Respective translation directions are provided in the key.

Table 5 .

 5 6 shows Schmid factors for the various slip systems with CA along the [10 10] direction. Perfect [0 110]( 2110) and [ 1100](11 20) prism a as well as the [10 11](10 12) R slip systems exhibit particularly high Schmid factors with M =0.43, 0.43 and 0.38, respectively. Other R slip systems exhibit lower values while the remaining m slip system has a null Schmid factor for the tested CA. Two configurations are noticed for partial R 108 2021 -Qinqin Xu -MATEIS laboratory

  et al. also observed R slip for this orientation in MD simulation [KIM 18] as well as Montagne et al. in their alumina micropillar compression test. Finally, the occurrence of R partial dislocation and twins is also in agreement with observations performed in bulk when compressed along [10 10] [LAG 94, HE 02]. Compression normal to the R plane {10 12} 7: Schmid factors in c, R and n slip systems for CA normal to the R plane.

  in in situ SEM compression micropillar [MON 14] and Roberts et al [ROB 93] tensile experiments. This is again certainly related to the size of the samples tested by Montagne et al. and to the type of loading for Roberts et al.

  Pyramidal n slip (perfects + partials) Pyramidal n slip (perfect) * + c slip m c and R slip (partials) c slip (partials) R c and pyramidal slip (partials) c slip (partials)

Figure 5 .

 5 Figure 5.21: Mechanical behaviour of bulk alumina as function of temperature. (a) stress strain curves, (b) yield stress vs. temperature for basal and prism a slip. Adapted from ref [LAG 94].

  2021 -Qinqin Xu -MATEIS laboratory 111 Chapter V summary: This chapter focuses on modeling the mechanical behaviour of α-Al 2 O 3 NPs under compression as function of orientation and temperature. Simulations are performed using the interatomic potential that was shown to be the more transferable to nanomechanics i.e., the Vashishta potential. Four directions were investigated with CA normal to c, m, a and R planes. The mechanical response as well as the main deformation processes were investigated at 5 and 1000 K temperature and a particular influence of the orientation was noticed especially on c, R and pyramidal n slip. Twinning was also observed in the R slip mode. While the temperature softens the material in an isotropic manner, the c slip is favoured at HT as in the bulk. All results were discussed in the lights of recent micropillar experiments and original deformation tests performed in bulk conditions with a fair agreement. 112 2021 -Qinqin Xu -MATEIS laboratory
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Massin et al. studied four generations of Biolox Delta ceramics in total hip replacement [

  

	NEV 01, DAL 07]. Alumina alloys were introduced
	in orthopedics by Pierre Boutin who invented non-porous alumina to use it as the total
	hip replacements [BOU 77]. In 1988, Boutin et al. pointed out that perfect bone stock
	quality as well as high-quality ceramics are prerequisites for durable fixation of total hip
	prosthesis [BOU 88].

  Wada et al. tested mutual grain-boundary transport of aluminum and oxygen in polycrystalline α-Al 2 O 3 under oxygen potential gradients at HT [WAD 11]. α-Al 2 O 3 is predominantly an electronic conductor at HT and both the aluminum and oxygen ions migrate without any acceleration or inhibition due to the interdiffusion. Moreover, Belkin et al. demonstrated that the insulating properties of alumina nanocapacitors can be recovered after high voltage breakdown opening promising routes for a new generation of self-healing capacitors [BEL 17]. Xiong et al. found that α-Al 2 O 3 interlayers can be used to enhance open-circuit voltage for hole-conductor-free C-Based perovskite solar cells [

  For the a orientation 1 210 , basal c and rhombohedral R slip and twinning are observed from RT to HT [GEI 94, LAG 94, HE 02, CAS 04, MON 14, MIA 19]. -For the m orientation 10 10 , c and R slip and twinning are observed from RT to higher temperatures [LAG 94, HE 02, MON 14]. In addition, prismatic slip can be activated at HT [NIS 08].

• C), prismatic a slip is easy while pyramidal slip is known to be harder [GOO 72, CAS 81a, KOT 82, LAG 94, UCH 04]. R slip and twinning are more frequently observed at low temperature (LT) [ZHA 08, MON 14, SAR 16]. Basal and pyramidal slips were observed whatever T [GOO 72, CAS 81a, KOT 82, LAG 94, UCH 04]. --For the R orientation 10 12 , no dislocation were observed up to now [ROB 93, MON 14] in the experiments while c, prismatic a, R, pyramidal s and n slips were in MD indentation [KIM 19]. 2021 -Qinqin Xu -MATEIS laboratory

  MATEIS laboratory applicable to all the RI potential tested [GAL 92]. On the other hand, long-range interactions are computed using either the Ewald [EWA 21] (with long-range radius r s =r c ), the Wolf [WOL 99]) or the Multi-level Summation Method (MSM) [HAR 06, HAR 09]. More details about charge summation will be provided later. Here we investigate the RI parameterizations of Bush et al. [BUS 94], Catlow et al. [LEW 85], Gale et al. [GAL 92] and Sun et al. [SUN 06], the later being a modified version of the original Matsui potential [MAT 96]. RI potentials parameters are provided in table 2.1.

			Bush	Catlow	Gale	Sun
		A(eV)	2409.505 1460.3 3596.94 3411.118
	Al-O	ρ(Å)	0.2649	0.29912 0.23650 0.244549
		C(eV.Å 6 )			
		A(eV)	25.41	22764.3 435.63 91.55955
	O-O	ρ(Å)	0.6937	0.1490 0.36070 0.547148
		C(eV.Å 6 )	32.32	27.879	0.49	32.32
		A(eV)			9830.51
	Al-Al	ρ(Å)			0.28870
		C(eV.Å 6 )			675.70
	Al +q (e)	3	3	2.25	3
	O -q (e)	2	2	1.5	2

2021 -Qinqin Xu -

Table 2.1: RI potential parameters for α-alumina from Bush et al. [BUS 94], Catlow et al. [LEW 85], Gale et al. [GAL 92] and Sun et al. [SUN 06].

  applied to alumina, Vashishta et al. used a unique radial term for both Al-O-Al and O-Al-O triplets but two different angular terms. Also, the prefactor B AlOAl and B OAlO are different [VAS 08]. Vashishta potential parameters for α-alumina are recalled Table 2.2.

		Al	O	
	q(e)	+1.5237	-1.0158
		Al-Al	Al-O	O-O
	λ 1 (Å)		5.0	
	λ 4 (Å)		3.75	
	r c (Å)		6.0	
	η ij	7.0	9.0	7.0
	H ij (eV.Å η ) 12.7506 249.3108 564.7334
	D ij (eV.Å 4 )	0.0	50.1522	44.5797
	W ij (eV.Å 6 )	0.0	0.0	79.2884
		Al-O-Al	O-Al-O
	B ijk (eV)	8.1149	12.4844
	cos(θ ijk )	-0.33331	0.0
	γ(Å)		1.0	
	r 0 (Å)		2.90	
	C ijk		10.0	
	Table 2.2: 2/3-body Vashishta interatomic potentials parameters for Al2O3 [VAS 08].

  Tétot et al. [TÉT 08]. It is based on the charge equilibration (QEq) method that allows for local ionic charge variations based on the electronegativity equalization principle of Rappé et al. [RAP 91]. While it is the most complex interatomic potential used in this study, 2021 -Qinqin Xu -MATEIS laboratoryit is also the closest to the original quantum theory as it uses the quantum description of insulating oxides[GON 94]. The SMTB-Q formalism is used in the following mostly as a reference i.e., to confront outcomes from RI and 2/3-body potentials. Up to now, it has been successfully used to investigate Al 2 O 3 polymorphs phase properties under pressure as well as Al 2 O 3 cluster and nanocrystals stability [TÉT 13, SAL 16, LAU 20]. The SMTB-Q model was also used to investigate lattice and mechanical properties of UO 2 and ZrO 2 in good agreement with experimental data [TÉT 08, MBO 19]. In the SMTB-Q framework, the total cohesive energy is described as follows,

  summation method [WOL 99]. Parameters of the SMTB-Q interatomic potential for α-alumina are provided in Table 2.3.Table 2.3: SMTB-Q interatomic potential parameters for α-Al2O3 [SAL 16].

					Companion tools
		χ 0 O (eV)	6.57	β Al (eV) 0.7096
		J 0 OO (eV)	10.22	ζ	1.5885
		χ 0 Al (eV)	1.19		0.1818
		χ 0 AlAl (eV) 11.19 A ij (eV) 8.8004
		R O (Å)	0.529	r 0 (Å)	1.91
		R Al (Å)	0.566	B (eV) 580.44
		β O (eV)	0.5794	ρ (Å)	0.354
	44	2021 -Qinqin Xu -MATEIS laboratory

  Al2O3 lattice parameters a0 and c0 computed using Bush, Catlow, Gale and Sun RI [BUS 94, GAL 92, LEW 85, SUN 06], Vashishta 2/3-body [VAS 08] and SMTB-Q [SAL 16] interatomic potentials. Experimental [GIE 68, ISH 80] and DFT [MAR 11, LEI 13] data are shown for comparison.

				parameter (Å)
				a 0	c 0
			Bush	4.82	13.01
		Rigid ion	Catlow	4.78	12.57
			Gale	4.76	12.99
			Sun	4.77	12.99
		2/3-body	Vashishta	4.72	13.17
		Variable charge	SMTB-Q	4.81	13.06
		DFT		
		Ref.[LEI 13, MAR 01]	4.75±0.06	13.05±0.15
		Experiment	
		Ref.[GIE 68, ISH 80]	4.75±0.01	12.99±0.01
	Table 3.1:	α-		

Table 3 .

 3 2: α-Al2O3 elastic constants computed at 0K using RI [LEW 85, BUS 94, GAL 92, SUN 06], 2/3-body [VAS 08] and SMTB-Q [SAL 16] interatomic potentials. Experimental data from Ref. [GIE 68, OHN 86] and DFT data from Ref. [JAH 06, SAR 13] are shown for comparison. C66 is computed from the relation (C11-C12)/2.

50 2021 -Qinqin Xu -MATEIS laboratory

  .3. As expected, γ Al 1 very close with variations only due to the interatomic potential used. Al 1 O and OAl 2 simulations show particularly large energy values when compared to the more stable Al 1 Al 2 configuration due to surface oxygen atoms. Finally, results provided by Vashishta and SMTB-Q interatomic potentials are in good agreement with DFT data for comparable terminations [SIE 02, KUR 10, CHO 15]. In particular, values obtained using SMTB-Q for the Al-terminated surface are in good agreement with the one of Salles et al. (1.89 J.m -2 ) computed using the same interatomic potential [SAL 16]. While the SMTB-Q model shows a quantitative agreement with DFT results, the Vashishta potential overestimates the γ O s while keeping γ Al s in a good range. Overall, one can conclude that the Vashishta potential is still in qualitative agreement with DFT outcomes as it confirms both γ O s >γ Al s

	s	and γ Al 2 s	computed using
	Equation 3.3 are		

Table 3 .

 3 5: Slip planes and shortest possible Burgers vectors in α-Al2O3. b relies to perfect Burgers vectors while bp is for partial dislocation.

  ). These results are in good agreement with experimental observations of basal slip and twinning as e.g., in case of bulk alumina deformation experiments performed at intermediate temperature [CAS 04] as well as evidences of prim a slip (as e.g., in Ref.[CAS 81a, CAS 81b]). Furthermore, these results confirm observed (and modeled) dislocation dissociation paths [LAG 94, CAS 04,HE 02]. The pyramidal n slip system is also identified with MD simulations and plays a dominated role on plastic deformation process [ZHA 08,KIM 18]. On the other hand, only high-level GSFE extreme are noticed for the the m plane γ-line (as for the entire m γ-surface) what supposes (i) no dislocation dissociation path and (ii) hard shearing capabilities, as confirmed by the lack of experimental evidences about dislocation slip in the m plane. Finally, the R plane shows a sSF configuration at 1 6 [0 221

  Table 3.6: Dislocation energy as computed using Equation 3.7 respectively for Kronberg Al/O and Bilde-Sørensen Al/Al dislocation model using the Vashishta and the SMTB-Q potentials.

		Vashishta	SMTB-Q
	E coh (eV/at.)	-6.35		-6.40	
		Al/Al	Al/O	Al/Al	Al/O
	n	1019720	1019700	1019720	1019700
	E tot (eV)	-6475206.6 -6475074.6 -6528738.4 -6528609.4
	L (Å)	8.18		8.32	
	E dislo (eV/Å)	14.44	14.74	18.59	18.65
		2021 -Qinqin Xu -MATEIS laboratory	

Table 5 .

 5 1: Effective Young's modulus E * (size averaged), yield force Fy (for largest size NPs 15.2 nm) and elementary plasticity processes as function of CA observed in α-Al2O3 NPs compressed at T =5K.

Table 5 .

 5 2: Effective Young's modulus E * , yield force Fy (for largest size NPs 15.2 nm) and elementary plasticity processes as function of CA observed in α-Al2O3 NPs compressed at T =1000K.

* : in this case, basal dislocations were also observed but only after screw dislocations (originally gliding in a pyramidal slip plane) remain in the sample (see Figure

5

.14). 2021 -Qinqin Xu -MATEIS laboratory 103

Table 5 .

 5 3: Slip plane and possible Burgers vectors of α-Al2O3 used in our Schmid model.

	-→ b relies to perfect

  Sarobol et al. [SAR 16] MD compression simulations. However, one can note that only R perfect dislocations (no twin) were characterized by Montagne et al. in in situ SEM micropillar experiments but this can be justified by the lower stress reached in the experiment induced by larger-sized pillars (size-effect). Finally, the occurrence of R twins for CA along [0001] is also in agreement with compression experiments performed in bulk α-Al 2 O 3 at 800°C by Lagerlof et al. [LAG 94].

	Slip plane		Schmid factor M M p
		(01 12)	0.45	0.33, 0.33
	Rhombohdral R	( 1012)	0.45	0.33, 0.33
		(1 102)	0.45	0.33, 0.33
	Pyramidal n	(2 11 3) 0.40, 0.00 (11 23) 0.40, 0.00	
	Pyramidal s	(1 101)	0.25	

Table 5.4: Schmid factors in R, n and s slip systems for CA normal to the c plane.

  al.MD nanoindentation simulation normal to the a plane that shows n slip systems activated [KIM 18]. However, It is worthy to point out that while pyramidal slip was also characterized in Montagne et al. micropillar experiments for this orientation, only pyramidal s that shows unfavorable energy profile in Figure5.20 was concerned and not pyramidal n. Table 5.6: Schmid factors in a, m, R and n slip systems for CA normal to the m plane.

	Slip plane		Schmid factor M M p
	Prismatic a	( 2110) (11 20)	0.43 0.43	
	Prismatic m	(01 10) ( 1100)	0.43 0.43	
	Rhombohdral R	(01 12) (1 102)	0.34 0.34	0.00, 0.50 0.00, 0.50
	Pyramidal n	(2 11 3) 0.20, 0.38 (11 23) 0.20, 0.38	
	Compression normal to the m plane {1010}		
	Slip plane		Schmid factor M M p
	Prismatic a	( 2110) (11 20)	0.43 0.43	
	Prismatic m	(01 10) ( 1100)	0.43 0.43	
	Rhombohdral R (10 12)	0.45	0.33, 0.33
	Pyramidal n	(2 11 3) 0.20, 0.38 (11 23) 0.20, 0.38	

Table 5.5: Schmid factors in a, m, R and n slip systems for CA normal to the a plane.

Table 5 .

 5 8: The elementary plasticity processes as function of CA is observed in α-Al2O3 NPs compression tests at T =5 and 1000K.

  Table 5.8. This effect of temperature on the plastic deformation of alumina is very similar to what 110 2021 -Qinqin Xu -MATEIS laboratory

  Les nano-objets sont particulièrement intéressants pour leurs excellentes propriétés mécaniques. Alors que les nanocristaux métalliques sont générallement caractérisés par unelimite d'élasticité accrue, une contrainte à la rupture augmentée tout comme par un accroissement global de leur ductilité en compression, très peu de choses sont connues pourles autres classes de matériaux comme les nanocristaux céramiques. Il a récemment étémontré que des nanoparticules d'oxides de magnesium et d'aluminium pouvaient être dé-formées plastiquement à forte contrainte sans signe de rupture ce qui pourrait avoir desimplications importantes dans le domaine de l'élaboration des matériaux céramiques (no-tamment lors de leur compaction). Néanmoins, les mécanismes de déformation ont ététrès peu caractérisés dans ces nanoparticules, notamment dans le cas des nanocristauxd'Al2O3. Dans cette étude, nous proposons d'étudier les propriétés mécaniques et les mécanismesde déformation de nanoparticules d'alumineαpar dynamique moléculaire. Tout d'abord, plusieurs propriétés du matériau massif sont calculées, étudiées et comparées à la littérature existante. Entre autres, les paramètres de maille, constantes élastiques, énergies defaute d'empilement et de surface ainsi que les caractéristiques de la dislocation coin dansle système de glissement basal sont simulées afin d'étuder la transférabilité de plusieursformalismes de potentiels interatomiques. Parmi les potentiels testés, le potentiel à troiscorps de Vashishta a montré les meilleures aptitudes pour les applications visées dans lasuite de l'étude. Ensuite, nous avons simulé en dynamique moléculaire des tests de compression sur des nanoparticules d'alumine en fonction de l'orientation de la sollication et dela température. Une analyse détaillée du comportement mécanique et des mécanismes dedéformation a été réalisée pour plusieurs tailles de nanoparticules. Les résultats sont discutés au regard d'expériences de nanomécaniques récentes et de travaux pionniers réalisés dans l'alumine massive.
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