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CIN ÉTIQUES DE PRECIPITATION DE CARBURES DANS DES ALLIAGES BAINITIQUES MOD ÈLES Carbide precipitation kinetics in model bainitic steels
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Resumé étendu

La production d'électricité par énergie nucléaire représente 70% de la production totale d'électricité en France. La grande majorité des réacteurs français sont des Réacteurs à Eau Pressurisée (REP), construits entre 1975 et 1990, pour une durée initiale d'exploitation de 40 ans. Par conséquent, le parc nucléaire français se fait vieillissant et l'extension de la durée de vie des centrales est une question primordiale des décennies à venir.

Tous les REP partagent une structure semblable, comme cela est illustré sur la figure 1 [START_REF] Koritarov | Energy Zones Study: A comprehensive Web-Based Mapping Tool to Identify and Analyze Clean Energy Zones in the Eastern Interconnection[END_REF]. L'enceinte de confinement contient la cuve, le pressuriseur et le générateur de vapeur. La turbine, le générateur et le condenseur sont placés à l'extérieur de ce bâtiment. Le circuit de refroidissement primaire passe par la cuve, le pressuriseur et le générateur de vapeur. Un circuit de refroidissement secondaire relie le générateur de vapeur, la turbine et le condenseur. Tout au long de la durée de vie d'une centrale, de nombreux éléments sont remplacés, à l'exception de la cuve et de l'enceinte de confinement. Pour cette raison, il est important de bien comprendre l'évolution des propriétés mécaniques de l'acier de cuve en conditions de service, ainsi que l'évolution de sa microstructure. Une telle connaissance est aussi utile pour appréhender les propriétés mécaniques d'une pièce quand elle ne présente pas la composition chimique attendue une fois réceptionnée. Cela s'est produit en 2015 pour le couvercle et le fond de la cuve de l'EPR de Flamanville 3 : des ségrégations positives en carbone ont été détectées. Cet épisode a mis en lumière le manque de connaissances amont concernant l'impact du carbone et d'autres éléments d'alliage sur la microstructure, comme par exemple sur la population de carbures. De manière plus générale, une meilleure compréhension de l'influence des éléments d'alliage sur la microstructure peut permettre l'élaboration d'aciers aux propriétés mécaniques améliorées, ainsi qu'à une optimisation des traitements thermiques réalisés sur ces derniers. Ce travail s'inscrit dans ce contexte et vise à apporter des éléments de connaissance fondamentaux sur l'effet de deux éléments d'alliage sur la microstructure et, plus spécifiquement, sur la population de carbures.

Les gros composants du circuit primaire des REP sont fabriqués avec les aciers 16 à 20MND5. Ces aciers doivent conserver autant que possible leurs propriétés mécaniques tout au long de la vie de la centrale, car ils subissent pendant des décennies des sollicitations thermo-mécaniques et, pour la cuve, une irradiation neutronique. Ces aciers contiennent un grand nombre d'éléments d'alliage, le molybdène, le manganèse et le nickel étant les plus importants en termes de composition. Un exemple de la composition chimique attendue sur pièce pour la cuve est donnée tableau 1 [START_REF]M2111 and M2112[END_REF]. Les exigences de composition peuvent varier d'une pièce à l'autre, comme les teneurs en cuivre, phosphore et en soufre. De plus, la composition chimique peut ne pas être homogène dans toute la pièce. En effet, pendant la solidification du lingot, des hétérogénéités chimiques peuvent se former à différentes échelles.

xiii Une fois le lingot obtenu, il est forgé. Il s'ensuit une ou plusieurs étapes d'austéntisation à 875°C et une trempe. À l'issue de cette trempe, une microstructure de bainite supérieure est visée, comparable à celle présentée figure 3 [START_REF] Im | Effects of carbide precipitation on the strength and Charpy impact properties of low carbon Mn-Ni-Mo bainitic steels[END_REF]. Malgré cela, dû à l'épaisseur importante de la pièce, un gradient de microstructures se forme pendant la trempe avec, potentiellement, de grandes variations de propriétés mécaniques.

Une fois la trempe effectuée, la microstructure bainitique subit un traitement de revenu, entre 640 et 660°C, de quelques heures. Cette étape est cruciale pour l'obtention des propriétés mécaniques désirées. En effet, c'est pendant cette étape de revenu que la population de carbures évolue principalement. Cette dernière contribue à expliquer, au moins partiellement, les propriétés mécaniques du matériau à l'issue du revenu. Par conséquent, maîtriser l'évolution de la population de carbures permet d'avoir un certain contrôle sur les propriétés mécaniques.

À l'issue du revenu, les aciers 16 à 20MND5 contiennent principalement de la cémentite et des carbures M 2 C riches en molybdène. Une illustration de cette population de carbures est donnée figure 4 [START_REF] Im | Effects of carbide precipitation on the strength and Charpy impact properties of low carbon Mn-Ni-Mo bainitic steels[END_REF]. La cémentite se situe aux joints de lattes tandis que les carbures M 2 C se situent au sein des lattes sous forme d'aiguille. Certains auteurs rapportent aussi la présence de carbures ξ, Fe 2 MoC, au sein des lattes de bainite, eux aussi sous forme d'aiguille [START_REF] Jin | Evolution of a needle shaped carbide in SA508 Gr3 steel[END_REF].

L'influence des carbures sur les propriétés mécaniques dépend de leur forme et de leur site de précipitation. Les carbures M 2 C ont un rôle durcissant tandis que la cémentite est connue pour être une source d'amorçage de cavité pour la déchirure ductile et un site de déclenchement de fracture pour la rupture fragile.

Le molybdène et le manganèse, dans une moindre mesure, sont des éléments carburigènes dans les aciers 16 à 20MND5. Par conséquent, le travail se concentre sur l'impact de ces derniers sur l'évolution de la population de carbures au cours du revenu, ainsi qu'à leur influence sur la microstructure brut de trempe. Afin de décorréler la contribution de chacun de ces éléments, des alliages modèles de haute pureté sont utilisés : FeCMo, FeCMn et FeCMoMn. La composition chimique de ces alliages est proche de celle rencontrée dans les aciers 16 à 20MND5, avec une concentration en carbone de 0.2wt.% et en manganèse de 1.5wt.%. La concentration en molybdène est de 1wt.%, contre environ 0.43-0.6wt.% dans les aciers industriels. Ce choix est fait dans le but de faciliter la détection des carbures de type M 2 C mais aussi afin d'obtenir des microstructures entièrement bainitiques pour les vitesses de refroidissement les plus faibles.

Le principal objectif est de décrire l'évolution de la population de carbures au cours du revenu. Afin d'y parvenir, le travail s'organise en tâches successives. Dans un premier temps, les alliages modèles réceptionnés seront caractérisés en l'état. Cela servira à optimiser les conditions d'austéntisation pour le reste de l'étude. Dans un deuxième temps, les diagrammes de transformation en refroidissement continu (TRC) seront établis pour chacun des alliages modèles et les microstructures obtenues pour chaque vitesse de refroidissement seront décrites. Cela permettra de connaître l'impact des éléments d'alliage sur les microstructures brut de trempe, mais aussi de choisir une microstructure bainitique initiale, la plus proche possible de celle utilisée dans l'industrie. Dans un troisième temps, l'évolution de la population de carbures au cours du revenu sera suivie dans les microstructures retenues. Pour cela, les carbures en présence seront identifiés, ainsi que leurs sites de précipitation. Leurs évolutions de composition chimique, de fraction volumique et de distribution en taille seront xiv quantifiées. Ces données expérimentales serviront à alimenter une dernière partie portant sur la modélisation des résultats obtenus, en se basant sur la théorie classique de germination, croissance.

Les alliages modèles sont réceptionnés sous la forme de barres d'une vingtaine de centimètres de long, avec un diamètre compris entre 12 et 14mm. Ils ont été produits aux Mines de Saint-Étienne, par le laboratoire Georges Friedel. Leur procédé de fabrication s'est divisé en quatre étapes. La première a été la production d'un lingot avec les compositions chimiques désirées. Les éléments ont été fondus successivement par induction électromagnétique dans une nacelle en argent refroidie à l'eau, voir figure I.1. La deuxième étape a consisté à mettre en forme le lingot à l'aide d'un martinet, figure I.2, afin de lui donner une forme de barre. L'étape suivante a permis d'atteindre le diamètre visé par martelage rotatif. Enfin, il s'en est suivi une recristallisation sous flux d'argon à 860°C pendant 2h.

La composition chimique de chacune des barres a été dosée par Bureau Veritas pour un échantillon prélevé au centre des barres. Les barres des nuances FeCMo et FeCMoMn ont la composition visée tandis que, dans le cas de la nuance FeCMn, deux barres ont une concentration en Mn deux fois inférieure à celle demandée. Ces barres sont écartées pour le reste de l'étude. Le détail des compositions chimiques de chaque barre est donné tableaux I.2, I.3, I. [START_REF] Jin | Evolution of a needle shaped carbide in SA508 Gr3 steel[END_REF].

L'état de réception des barres de la nuance FeCMo est une microstructure martensitique alors que les barres des nuances FeCMn et FeCMoMn ont une microstructure ferritoperlitique, comme présenté figure I.3. Une couronne de décarburation est présente pour les barres des alliages FeCMo et FeCMoMn, voir figure I.4. Cette dernière s'est très probablement formée durant l'étape de recristallisation.

Des mesures de dureté dans le diamètre d'échantillons prélevés au centre des barres, pour chacune des compositions, ont permis de déterminer la dureté moyenne pour chaque nuance, voir figure I.5. Comme attendu, la dureté moyenne de la microstructure martensitique de la nuance FeCMo est plus élevée que celle des microstructures des alliages FeCMn et FeC-MoMn. La nuance FeCMo est caractérisée par une dureté moyenne autour de 420, tandis que la nuance FeCMn a une dureté moyenne autour de 140. La nuance FeCMoMn a une dureté moyenne plus élevée que FeCMn malgré une microstructure similaire, avec une valeur de 200 environ.

Des analyses par microsonde ont mis en évidence la présence d'hétérogénéités chimiques, sous forme de veines, au sein des barres. Ces mesures ont été réalisées sur des échantillons pris au centre des barres. Le résultat de cette analyse est montré figure I.7. Les ségrégations en molybdène sont, de manière générale, plus importantes que les ségrégations en manganèse. Dans l'alliage quaternaire, les zones ségrégées en molybdène sont les mêmes que celles ségrégées en manganèse. Les pics de concentration en Mo dans l'alliage FeCMo se situent autour de 4wt.% tandis que dans l'alliage FeCMoMn ils sont autour de 8wt.%. Dans le cas de l'alliage FeCMn, la concentration maximale rencontrée est de 2.5wt.%. Ces ségrégations proviennent de la solidification du lingot et ont en général une concentration qui correspond à deux fois la composition nominale de l'alliage [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. Dans le cas des alliages modèles, les ségrégations en molybdène dépassent cette valeur.

Une analyse plus fine sur réplique extractive révèle la présence de carbures primaires, c'est-à-dire de carbures qui se sont formés pendant l'élaboration. Dans les alliages FeCMo xv et FeCMoMn, ces carbures sont de type M 6 C, d'une composition proche de Fe 3 Mo 3 C, expliquant probablement les pics de concentration en molybdène mesurés. Des calculs à l'état thermodynamique du système, figure I.10, indiquent que ces carbures, stables dans le domaine austénitique, se sont vraisemblablement formés à haute température et ne se dissolvent que pour des températures supérieures à 1000°C. Dans le cas de l'alliage FeCMn, seuls des carbures M 7 C 3 sont identifiés, ces derniers s'étant probablement formés en même temps que la microstructure ferrito-perlitique.

En s'appuyant sur les caractérisations réalisées sur l'état de réception, des conditions d'austénitisation ont été déterminées. Ces dernières ont été optimisées afin de remettre en solution les carbures primaires et d'homogénéiser au mieux la matrice. Les conditions d'austénitisation retenues sont une première étape à 1200°C avec un maintien de 5min, avant de refroidir l'échantillon jusqu'à atteindre une température de 890°C, maintenue pendant 5min. Des examens au Microscope Electronique à Balayge (MEB), figure I. [START_REF] Kagawa | Lattice parameters of cementite in Fe-C-X (X=Cr, Mn, Mo, and Ni) alloys[END_REF], ainsi que des observations sur répliques extractives, semblent indiquer que les carbures primaires se sont complètement dissous. Des analyses microsonde indiquent que les hétérogénéités chimiques sont toujours présentes mais dans des proportions moindres qu'avant traitement d'austénitisation, figure I.14. Pour la suite de l'étude, les conditions d'austénitisation sont toujours les mêmes et toujours réalisées par dilatométrie pour une meilleure reproductibilité.

Les digrammes TRC pour chacun des trois alliages sont établis par dilatométrie, pour des vitesses de refroidissement comprises entre 300 et 0.5°C.s -1 pour les nuances FeCMo et FeCMn, et entre 300 et 0.1°C.s -1 pour FeCMoMn. Les diagrammes TRC de chacun des alliages sont présentés figure II. [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. Les micrographies de microstructures obtenues pour certaines vitesses de refroidissement sont données figure II. [START_REF] Barcelo | Metallurgical characterization of micro-heterogeneities in a 16MND5 forging[END_REF]. Les diagrammes TRC comprenant du molybdène sont similaires : il y a deux domaines, un domaine martensitique et un domaine bainitique. Dans le cas de l'alliage FeCMn cependant, il existe un domaine entièrement martensitique mais pas de domaine entièrement bainitique. Pour les compositions FeCMo et FeCMn, le domaine martensitique existe pour des vitesses allant de 100 à 300°C.s -1 . Dans le cas de l'alliage quaternaire, ce domaine s'étend de 30 à 300°C.s -1 . Dans ce domaine, la température de formation de la martensite (M s ) est presque la même pour les trois alliages, avec une valeur moyenne de 430°C. La dureté est constante et indépendante de la vitesse de refroidissement, les valeurs de dureté étant comparables d'une nuance à l'autre. Combiner le Mo et le Mn diminue la température de fin de formation de la martensite M f . Le domaine bainitique quant à lui existe pour des vitesses de refroidissement comprises entre 30 et 2°C.s -1 pour l'alliage FeCMo, et entre 10 et 0.1°C.s -1 pour la nuance FeCMoMn. Dans le cas de FeCMn, des analyses EBSD ont permis de montrer que le domaine compris entre 30 et 10°C.s -1 est un mélange de martensite et de bainite. De plus, la proportion de martensite augmente avec la vitesse de refroidissement. Combiner le Mo et le Mn diminue la température de formation de la bainite, B s : elle se situe autour de 650°C dans les alliages FeCMo et FeCMn, et autour de 585°C dans le cas de FeCMoMn. Pour des vitesses plus faibles, un mélange de ferrite allotriomorphique, de ferrite de Widmanstätten et de perlite constitue les microstructures obtenues. En ce qui concerne les microstructures bainitiques des alliages FeCMo et FeCMoMn, elle devient de plus en plus grossière au fur et à mesure que la vitesse de refroidissement diminue.

Les diagrammes TRC de la nuance FeCMoMn et de l'acier 20MND5 présentent de nomxvi breuses similitudes, voir figures II.10a et II.24c. En effet, pour les deux diagrammes, il existe deux domaines clairement identifiés, bainitique et martensitique. De plus, les températures M s et B s sont les mêmes, ainsi que la vitesse de refroidissement pour laquelle commence le domaine bainitique (10°C.s -1 ). Cependant, dans le digramme TRC de l'acier industriel, les domaines bainitiques et martensitiques se superposent pour certaines vitesses de refroidissemnt, ce qui n'est pas le cas de l'alliage FeCMoMn. On peut en conclure que les éléments d'alliage Mo et Mn jouent un rôle important pour expliquer les transformations de phase observées dans l'alliage industriel. L'évolution de la dureté en fonction de la vitesse de refroidissement pour les alliages modèles et l'acier industriel est présentée figure II. [START_REF] Bowen | Effects of microstructure on cleavage fracture in pressure vessel steel[END_REF]. Malgré des diagrammes TRC différents, les alliages ternaires ont des valeurs de dureté et une évolution fonction de la vitesse de refroidissement similaires. Cela signifie que Mo et Mn ont le même impact sur la dureté et ce, malgré des microstructures différentes. Dans le cas de l'alliage quaternaire, la dureté évolue de la même manière que dans les nuances ternaires, mais décalée d'un facteur 10 vers des vitesses plus lentes. L'alliage quaternaire et l'acier 20MND5 possèdent des duretés et des diagrammes TRC similaires, ce qui semble indiquer que l'alliage FeCMoMn est un bon modèle pour l'acier industriel. Pour les trois nuances, la dureté peut être divisée en trois domaines : deux domaines où la dureté est constante et un entre les deux autres où la dureté augmente avec la vitesse de refroidissement. Le premier domaine pour lequel la dureté reste faible et varie peu est défini pour des vitesses inférieures ou égales à 5°C.s -1 dans le cas des alliages ternaires, et pour 1°C.s -1 et moins dans le cas de l'alliage quaternaire. Le deuxième domaine, où la dureté dépend de la vitesse de refroidissement, s'étend de 100 à 10°C.s -1 dans les alliages ternaires et de 30 à 2°C.s -1 dans l'alliage quaternaire. Cette évolution peut être expliquée pour la nuance FeCMn par une proportion croissante de martensite et, pour les alliages FeCMo et FeCMoMn, par une microstructure bainitique qui devient de plus en plus fine. Le troisième et dernier domaine existe pour des vitesses supérieures à 100°C.s -1 dans les alliages ternaires, et supérieures à 30°C.s -1 dans le cas de FeCMoMn. Ce dernier domaine correspond au domaine martensitique. Par ailleurs, si l'on regarde la moyenne de dureté en se basant sur les domaines définis par les diagrames TRC, tableau II.5, on s'aperçoit que la dureté du domaine martensitique est indépendante de la composition, mais que la dureté de la bainite est plus élevée dans l'alliage FeCMoMn que dans les nuances ternaires. Cela s'explique probablement par un affinement de la microstructure bainitique dû à la présence des deux éléments d'alliage.

Les microstructures obtenues grâce aux diagrammes TRC sont caractérisées par analyse EBSD (Electron BackScattered Diffraction). Dans un premier temps, les distributions d'angles de désorientation corrélés sont déterminées pour chacune des nuances afin de d'établir l'influence de la vitesse de refroidissement sur ces dernières. Dans un second temps, les états à microstructures similaires sont comparés afin de mettre en évidence un potentiel effet de composition.

La figure II.28 présente les distributions d'angles de désorientation corrélés par nuance, pour plusieurs vitesses de refroidissement. Dans le cas de l'alliage FeCMo, figures II.28a et II.28b, il est tout à fait possible de diviser les distributions en deux groupes. Le premier groupe de distributions concerne les vitesses de refroidissement comprises entre 300 et 30°C.s -1 . Ces distributions ont une forte proportion de joints désorientés avec un angle de 59°. Le deuxième groupe comprend les vitesses inférieures à 10°C.s -1 et est caractérisé par xvii une égale fréquence de joints désorientés de 53 et 59°. Ce second groupe présente aussi une importante quantité de joints avec une désorientation autour de 8°. Cette classification se retrouve sur le diagramme TRC : le premier groupe correspond au domaine martensitique tandis que le second, au domaine bainitique. La microstructure obtenue à 30°C.s -1 , bien que dans le domaine bainitique, possède une distribution d'angles de désorientation similaire à celle du domaine martensitique. Dans le cas de l'alliage FeCMn cependant, figures II.28c et II.28d, une telle classification n'est pas possible. L'évolution des distributions en fonction de la vitesse de refroidissement est plutôt continue : plus la vitesse diminue, plus la fréquence de joints d'une désorientation de 59°diminue au profit de joints avec une désorientation de 53°. De plus, plus la vitesse augmente, plus la fréquence de joints désorientés de 8°diminue. La microstructure refroidie à 5°C.s -1 tend même vers une distribution aléatoire, i.e. une distribution de McKenzie [START_REF] Mackenzie | Second Paper on Statistics Associated with the Random Disorientation of Cubes[END_REF]. Bien que la ferrite de Widmanstätten ait une relation d'orientation Kurdjumov-Sachs (KS) avec l'austénite, la fraction importante de perlite et de ferrite allotriomorphique contribuent à expliquer une telle tendance. Enfin, bien que l'alliage quaternaire et la nuance FeCMo possèdent des diagrammes TRC semblables, les distributions d'angles de désorientation elles diffèrent, figures II.28e et II.28f. Pour les microstructures obtenues pour une vitesse comprises entre 300 et 2°C.s -1 , la fréquence de joints d'une désorientation de 59°d ans la nuance FeCMoMn décroît avec la vitesse de refroidissement. Dans le cas des alliages ternaires, l'inverse est observé. Cela est dû à une proportion plus importante dans l'alliage quaternaire de joints avec une faible désorientation et de joints avec une désorientation entre 50 et 57°, pour les vitesses les plus rapides. Cependant, les microstructures de la nuance FeCMoMn tendent vers une distribution similaire à celle rencontrée pour les microstructures bainitiques de l'alliage FeCMo. Par conséquent, même s'il est possible de classer les distributions de l'alliage FeCMoMn en fonction de la vitesse de refroidissement selon deux groupes distincts, il n'est pas possible de rattacher cette classification aux domaines observés dans le diagramme TRC.

L'impact du Mo et du Mn sur les distributions d'angles de désorientation corrélés est étudié sur des microstructures martensitique, bainitique, et pour les microstructures refroidies le plus lentement. Les microstructures refroidies à 300°C.s -1 sont retenues pour chaque nuance, pour comparaison dans le domaine martensitique. Les distributions d'angles de désorientation corrélés correspondantes sont présentées figure II.29. Ces distributions sont semblables, avec une forte proportion de joints d'une désorientation de 59°. Les axes de désorientation associés à ces distributions pour des angles compris entre 49 et 61°sont donnés en figure de pôle inverse, figure II.30. La densité est exprimée en multiples de densité uniforme, comparativement à la distribution d'axes de désorientation de MacKenzie [START_REF] Mackenzie | The distribution of rotation axes in a random aggregate of cubic crystals[END_REF]. Les distributions expérimentales d'axes de désorientation sont les mêmes d'un alliage à l'autre. Il existe une importante fréquence de joints désorientés de 53-57°autour de l'axe [START_REF] Van Bohemen | Bainite growth retardation due to mechanical stabilisation of austenite[END_REF] et désorientés de 59-61°autour de l'axe [433]. Ces paires angle/axe peuvent provenir d'une relation de désorientation Greninger-Troiano (GT)/Greninger-Troiano (GT). Cependant, ils peuvent aussi résulter d'une désorientation KS/KS et d'une désorientation Nishiyama-Wasserman (NW)/Nishiyama-Wasserman (NW), voir tableau II.6. Ce constat suggère que la composition chimique n'a pas d'influence sur la désorientation observée dans le domaine martensitique. Une étude au niveau d'un ancien grain austéntique, figure II.31, montre que deux types de joints sont identifiables : des joints désorientés de plus de 50°(blocs) et d'autres d'une désorientation de 10°(sous-blocs). En ce qui concerne le domaine bainixviii tique, les microstructures obtenues à 5°C.s -1 pour FeCMo, 10°C.s -1 pour FeCMn et 1°C.s -1 sont comparées. Dans le domaine bainitique, les distributions d'angles de désorientation corrélés, figure II.34, varient d'une nuance à l'autre. Plus précisément, les alliages contenant du manganèse ont des distributions proches, avec une forte proportion de joints désorientés de 59°. Dans le cas de la bainite de la nuance FeCMo, il y a autant de joints désorientés de 53°que de joints désorientés de 59°. Ces différences entre alliages sont aussi visibles sur la répartition des axes de désorientation pour des angles entre 49 et 61°, voir figure II. [START_REF] Minemura | Metastable austenite phase in rapidly quenched Fe-Cr-C alloys[END_REF]. En effet, les joints de la microstructure bainitique de la nuance FeCMo sont principalement désorientés de 49-53°autour de l'axe [221] et de 59-61°autour de [START_REF] Bradley | Growth kinetics of grain boundary ferrite allotriomorphs in Fe-C-X alloys[END_REF] (joint Σ3). Ces paires angle/axe peuvent provenir d'une relation de désorientation KS/KS, mais pas d'une relation KS/NW, ni d'une relation NW/NW ou GT/GT. Dans le cas des alliages FeCMn et FeCMoMn, il existe une forte proportion de joints avec une désorientation de 59-61°autour de l'axe [433]. Il semble donc que la présence de Mn a tendance à favoriser la formation de cette paire angle/axe. Une analyse au niveau d'un ancien grain austéntique montre une structure similaire à celle obtenue dans un ancien joint de grain austénitique : bien que la microstructure devienne plus grossière, il est toujours possible de distinguer deux types de joints, désorientés de plus de 49°ou désorientés de 10°environ. Enfin, en ce qui concerne l'étude des microstructures pour les vitesses les plus lentes, celles obtenues à 0.5°C.s -1 sont retenues pour les alliages ternaires, et celle à 0.1°C.s -1 pour FeCMoMn. Dans ce domaine, la paire angle/axe de 59-61°autour de l'axe [433] a disparu pour les alliages contenant du Mn, cette dernière tendant à être remplacée par des joints Σ3, figure II.38. À l'échelle de l'ancien grain austénitique, figure II.39, la microstructure devient de plus en plus grossière, avec une diminution du nombre de variants par ancien grain et une diminution du nombre de joints de blocs.

Les distributions expérimentales d'angles de désorientation corrélés retenues dans les domaines martensitique et bainitique sont comparées avec les distributions obtenues dans un acier 16MND5, figure II.40. Ces distributions sont similaires, surtout pour le domaine martensitique. Dans le domaine bainitique, quelques différences existent, notamment dans la proportion de joints fortement désorientés (plus de 50°).

En se basant sur des observations métallographiques et sur les distributions d'angles de désorientation corrélés, une microstructure bainitique initiale pour le traitement de revenu a été retenue pour chaque nuance. Dans le cas de FeCMo, la microstructure refroidie à 5°C.s -1 a été choisie et, pour l'alliage FeCMn, un compromis est trouvé avec la microstructure refroidie à 10°C.s -1 . Cette microstructure contient majoritairement de la bainite, mais aussi un peu de martensite. Enfin, pour la nuance FeCMoMn, la microstructure refroidie à 1°C.s -1 a été sélectionnée.

Les microstructures bainitiques de départ subissent un traitement de revenu à 650°C et 700°C, pour des temps allant de quelques secondes à deux mois. 650°C correspond en moyenne à la température de revenu industriel. Une autre à 700°C a été ajoutée afin de mettre en évidence un potentiel effet de température. La plupart des temps à 650 et 700°C sont déterminés en s'appuyant le paramètre de revenu K, qui est défini équation III.6. Le calcul de la constante C pour l'alliage FeCMn, figure III.9, donne une valeur de 20. Les temps de revenu de 6h ou moins à 650°C et de moins d'une heure à 700°C sont choisis de sorte qu'ils aient les mêmes valeurs de paramètre de revenu. Un temps supplémentaire, noté xix "1s", correspond à l'étape de chauffage : l'échantillon est porté jusqu'à la température visée, puis immédiatement refroidi. Sont également ajoutés des traitements pendant un et deux mois à 650 et 700°C, ainsi qu'un traitement de 3h à 700°C. Les temps retenus sont rapportés tableau III.5.

La détermination des séquences de précipitation des carbures dans les alliages modèles se fait en deux temps. Une première étape consiste à identifier les carbures par leur cristallographie sur réplique extractive. Cependant, avec cette méthode, il est possible de ne pas extraire certains carbures et donc d'avoir une séquence incomplète. Cette technique expérimentale est donc couplée avec une analyse sur échantillon massif : de la diffraction X synchrotron. Un affinement de Rietveld sur les diffractogrammes permet de plus d'accéder aux fractions volumiques. Une identification des phases sur diffractogramme, sans avoir une idée préalable des phases en présence, est complexe dû à la multiplicité des pics et du fait que, pour un carbure donné, tous ses pics de diffraction ne sont pas présents.

Sur réplique extractive, trois types de carbures sont identifiés : la cémentite, des carbures M 2 C et ξ. Les carbures ξ sont des carbures de chimie Fe 2 MoC et de structure cristalline monoclinique. Ces mêmes carbures sont rencontrés dans la microstructure bainitique revenue des aciers 16 à 20MND5. Les séquences de précipitation déterminées sur répliques pour chaque alliage sont données tableau III.6.

Les fractions volumiques obtenues après affinement de Rietveld sont données figure III.15, et comparées avec des valeurs de fractions volumiques calculées à l'état d'équilibre thermodynamique du système, avec le logiciel Thermocalc 2021b, qui s'appuie sur la méthode CAL-PHAD. L'erreur donnée sur les fractions volumiques expérimentales correspond à l'erreur obtenue à la suite d'un affinement de Rietveld. Cependant, il aurait fallu, pour estimer l'erreur réelle sur les fractions volumiques, réaliser plusieurs mesures de diffraction synchrotron par échantillon. Cela n'a pas pu être fait car cela aurait demandé un important temps de faisceau. Dans le cas de l'alliage FeCMo, la cémentite se dissout complètement pour des temps de revenu supérieurs à 10 5 s. À 700°C, la tendance à la dissolution de la cémentite au profit de carbures plus riches en molybdène, tels que les carbures M 2 C et ξ, est clairement visible. Cependant, à l'état d'équilibre thermodynamique du système, seul un mélange de cémentite et de carbure ξ est attendu, cela supposant que les carbures M 2 C sont métastables. Dans le cas de l'alliage FeCMn, seule la cémentite est présente à 650°C tandis qu'à 700°C, elle se dissout au profit de l'austénite. À ces deux températures, la fraction volumique expérimentale en cémentite connaît des variations aux temps de revenu explorés. Ces variations sont probablement dues au fait que la microstructure initiale est un mélange de bainite et de martensite. Par conséquent, en fonction de la zone de l'échantillon analysée, la fraction volumique en cémentite est susceptible de fluctuer. Malgré cela, à 650°C, la fraction volumique expérimentale moyenne de cémentite est proche de ce qui est calculé par Thermocalc à l'état d'équilibre thermodynamique. À 700°C, seule l'austénite est attendue, dans des proportions supérieures à celles mesurées expérimentalement, ceci laissant penser que l'équilibre thermodynamique n'est pas atteint. Enfin, dans le cas de l'alliage FeCMoMn, aussi bien à 650 et à 700°C, la cémentite a tendance à se dissoudre au profit de carbures plus riches en molybdène, M 2 C et ξ. Cependant, à 650°C, elle ne se dissout pas complètement comme dans l'alliage FeCMo. En effet, le manganèse est connu pour stabiliser la cémentite [START_REF] Leslie | The quench-ageing of low-carbon iron and iron-manganese alloys an electron transmission study[END_REF]. À 700°C, la cémentite se dissout dans l'alliage quaternaire dû à la formation d'austénite. Le manganèse stabilise l'austénite, comme rapporté dans la littérature [START_REF] Bain | Alloying elements in steel[END_REF], ce qui explique xx pourquoi cette phase n'est observée que dans les alliages contenant du manganèse. Par ailleurs, dans l'alliage quaternaire, les carbures ξ précipitent systématiquement plus tôt que dans l'alliage FeCMo. Cela suggère que la présence de manganèse stabilise aussi potentiellement les carbures ξ. À l'état d'équilibre thermodynamique du système, à 650 et à 700°C, les M 2 C se sont complètement dissous. Il en résulte que l'état d'équilibre thermodynamique du système n'est vraisemblablement pas atteint.

Les séquences de précipitation des carbures prenant en compte les caractérisations faites au synchrotron sont schématisées figure III.17, en regard des paramètres de revenu. Les carbures ξ précipitent toujours pour des paramètres de revenu plus faibles à 700°C qu'à 650°C. Il est donc possible qu'une température plus élevée favorise la formation de carbures ξ. Par ailleurs, les séquences obtenues pour les nuances FeCMo et FeCMoMn diffèrent de ce qui est rapporté dans la littérature [START_REF] Sato | On the carbide reactions, secondary hardening and volume change occurring in the fourth stage of tempering of alloy steels[END_REF][START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF][START_REF] Irvine | The tempering characteristics of low-carbon lowalloy steels[END_REF]. En effet, même si pour des temps de revenu courts les séquences sont les mêmes, des différences existent pour les temps les plus longs. De plus, les techniques expérimentales choisies ont permis une détection des carbures ξ pour des temps de revenu plus courts que ce qui est mentionné dans la littérature [START_REF] Sato | On the carbide reactions, secondary hardening and volume change occurring in the fourth stage of tempering of alloy steels[END_REF][START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF][START_REF] Irvine | The tempering characteristics of low-carbon lowalloy steels[END_REF].

L'évolution de composition chimique des carbures est suivie par STEM-EDS sur réplique extractive et est donnée figures III.18 et III.19, pour chaque nuance. Chaque point est le résultat d'une moyenne de plusieurs analyses et l'erreur est calculée sur l'élément majoritaire avec un intervalle de confiance de 95%. Les moyennes obtenues sont comparées avec des valeurs calculées à l'état d'équilibre thermodynamique du système, obtenues avec le logiciel Thermocalc. Dans le cas de l'alliage FeCMo, à 650°C et à 700°C, la concentration en Mo augmente dans les carbures M 2 C tandis que la teneur en fer attendue dans les carbures ξ est supérieure à ce qui est observé expérimentalement. La même analyse pour la nuance FeCMn, figures III.18c et III.18d, met en évidence une tendance à l'enrichissement en manganèse de la cémentite. La teneur en manganèse obtenue à 650°C pour les temps de revenu les plus longs est proche de ce qui est attendu à l'état thermodynamique du système. Cela s'accompagne d'une contraction du volume de maille de la cémentite, figures III.16c et III.16d, phénomène qui a déjà été rapporté dans la littérature [START_REF] Kagawa | Lattice parameters of cementite in Fe-C-X (X=Cr, Mn, Mo, and Ni) alloys[END_REF]. Enfin, l'évolution des compositions chimiques de carbures dans l'alliage FeCMoMn est présentée figure III.19. La flèche montre la tendance d'évolution en pointant vers le temps le plus long. Comme dans l'alliage FeCMo, les carbures M 2 C s'enrichissent en molybdène à 650 et 700°C. Sans doute est-il cinétiquement plus favorable pour ces carbures de se former avec une certaine teneur en fer au début, puisque le molybdène diffuse lentement. Ensuite, dans la nuance FeCMoMn, la cémentite s'enrichit en molybdène et en manganèse, en proportions équivalentes. À l'équilibre thermodynamique cependant, seul un mélange de fer et de manganèse est attendu dans la cémentite à 650°C. Quant au carbure ξ, il contient quelques pour cent de manganèse, alors que les calculs CAL-PHAD ne prévoient qu'un mélange de molybdène et de fer.

Les sites de précipitation des carbures sont déterminés sur réplique extractive et par EBSD au MEB. La cémentite précipite à différents types de joints de la microstructure bainitique, tels que ceux des anciens grains austéntiques, les joints de lattes, de blocs, voir figure III.20. Les carbures M 2 C, quant à eux, possèdent deux morphologies différentes en fonction de leur lieu de formation : une forme d'aiguille au sein des lattes, et une autre ovoïde aux joints de lattes, figure III.21. Les M 2 C aux joints de lattes précipitent pour des temps plus courts que les M 2 C au sein des lattes, tableau III.7. Enfin, les carbures ξ se forment préférentiellement aux joints désorientés de plus de 50°, figure III.23, ceci étant probablexxi ment dû au fait que ces joints possèdent une plus grande ségrégation en molybdène [START_REF] Zhang | Investigation of solute segregation behavior using a correlative EBSD/TKD/APT methodology in a 16MND5 weld[END_REF]. Cela peut aussi expliquer pourquoi les carbures ξ précipitent plus tôt dans l'alliage FeCMoMn que dans l'alliage FeCMo. En effet, d'après la figure II.40, la microstructure bainitique initiale de l'alliage FeCMoMn présente une plus grande proportion de joints désorientés de plus de 50°, comparativement à la microstructure de l'alliage FeCMo. Il est donc possible que l'alliage FeCMoMn présente un plus grand nombre de sites de précipitation que l'alliage FeCMo, ceci favorisant la précipitation du carbure ξ.

L'évolution des distributions de taille de carbures est déterminée par analyse d'image au MEB. L'avantage de cette méthode est le grand nombre de carbures analysés (quelques milliers au moins), mais présente l'inconvénient de ne pas pouvoir différencier les carbures par nature. Ainsi, il est seulement possible de suivre l'évolution de la population totale de carbures et non par type de carbures. La figure III.24 montre les distributions de carbures pour quelques temps de revenu à 650 et 700°C. Les moyennes et médianes de ces distributions en fonction du paramètre de revenu sont données figure III.25. Les distributions sont en rayons équivalents : ils correspondent au rayon du disque ayant la même aire que celle mesurée en pixels par carbure. Dans le cas de l'alliage FeCMo, la distribution de taille de carbures se décale vers des rayons plus faibles au bout de deux mois de revenu à 650 et 700°C. Cela est dû au fait que les carbures M 2 C et ξ, bien que précipitant pour des temps inférieurs à deux mois, ne sont détectés par analyse d'image qu'à partir de là. Dans le cas de l'alliage FeCMn, seule la cémentite est présente et son rayon moyen augmente tandis que la distribution de taille s'élargit. Si l'on considère que la fraction volumique est constante d'après les figures III.15c et III.15d, alors cela veut dire que la cémentite subit un mûrissement d'Ostwald. Dans le cas de l'alliage FeCMoMn, la détection des carbures M 2 C et ξ a lieu pour des temps de revenu plus courts que pour FeCMo. Cela suggère qu'à temps de revenu égaux, la population de carbures dans l'alliage quaternaire a un rayon moyen plus élevé que dans la nuance FeCMo.

En parallèle de l'évolution de la population de carbures, la matrice ferritique évolue elle aussi. En effet, des mesures de dureté mettent en évidence la recristallisation des lattes de bainite en grains équiaxes : cette recristallisation s'accompagne d'un fort adoucissement, visible figure III.26. À 700°C, dans le cas des nuances FeCMn et FeCMoMn, les duretés pour les temps de revenu les plus élevés sont plus importantes que dans l'alliage FeCMo, ceci étant dû à la formation d'austénite. Enfin, cette recristallisation s'accompagne d'une tendance à la contraction du volume de maille de la ferrite, comme mis en évidence figures III.16a et III.16b.

Les données expérimentales collectées sont utilisées pour modéliser les fractions volumiques obtenues expérimentalement. Deux logiciels sont utilisés : le module PRISMA de la suite Thermocalc 2021b et PreciSo développé par Michel Perez à l'INSA Lyon. Ces deux logiciels s'appuient sur les mêmes bases de données thermodynamiques. Une première étape consiste à optimiser la valeur de l'énergie d'interface et de l'angle de mouillage de la cémentite avec la matrice ferritique. Afin de simplifier la modélisation, la cémentite est considérée comme se formant par germination hétérogène aux joints de lattes de la bainite. L'optimisation se fait sur l'alliage FeCMn, le système le plus simple, en s'appuyant sur l'évolution de la composition chimique de la cémentite. Un bon compromis est trouvé pour un angle de mouillage de 30°et une énergie d'interface de 0.7J.m -2 , figure III.28. Dans la littérature, des valeurs d'énergie d'interface entre 0.3 et 0.7J.m -2 sont rapportées [START_REF] Deb | Coarsening behavior of cementite particles in a ferrite matrix in 10B30 steel[END_REF][START_REF] Kramer | The free energy of formation and the interfacial enthalpy in pearlite[END_REF]. Dans le cas de l'alliage FeCMn, à 650°C, figure III. [START_REF] Kagawa | Lattice parameters of cementite in Fe-C-X (X=Cr, Mn, Mo, and Ni) alloys[END_REF]. La contribution en manganèse dans la composition chimique des carbures pour PreciSo n'a pas pu être prise en compte, les temps de calculs devenant trop longs. Ainsi, à 650°C, c'est probablement la raison pour laquelle PreciSo prévoit une dissolution du carbure ξ alors qu'il est thermodynamiquement stable. Malgré cela, les deux logiciels prédisent, à 650 comme à 700°C, une tendance à la dissolution de la cémentite, au profit d'autres carbures plus riches en Mo, comme cela est observé expérimentalement. En outre, l'énergie interfaciale déterminée pour le carbure ξ dans l'alliage FeCMoMn à 650 et 700°C est inférieure à celle calculée pour l'alliage FeCMo. Si l'on considère le nombre de sites de précipitation constant, alors ce résultat rend bien compte d'une possible stabilisation du carbure ξ par le manganèse. Enfin, les énergies d'interface obtenues dans le cas de la modélisation PreciSo sont systématiquement plus élevées que celles de la modélisation PRISMA, tous systèmes confondus. Plusieurs hypothèses sont envisagées mais aucune n'est satisfaisante.

En conclusion, ce travail s'est déroulé en plusieurs étapes. Tout d'abord, les diagrammes xxiii TRC ont été déterminés pour chaque alliage. Une étude menée sur les états brut de trempe indique que le manganèse favorise probablement la formation de joints de blocs avec une désorientation de 59-61°autour de l'axe [433]. À l'échelle de l'ancien grain austénitique, il existe une évolution continue depuis une microstructure martensitique jusqu'à une microstructure bainitique obtenue à des vitesses de refroidissement les plus lentes. Ces caractérisations sur état brut de trempe ont permis de choisir une microstructure bainitique initiale pour les alliages modèles, la plus proche possible de l'acier industriel. Ces microstructures ont ensuite subi un traitement de revenu à 650 et 700°C afin de suivre l'évolution de la population de carbures. La caractérisation de cette population a nécessité le recours à plusieurs techniques expérimentales complémentaires, chacune apportant une information spécifique. Par exemple, une analyse cristallographique sur réplique extractive combinée à des mesures de diffraction X au synchrotron ont permis de déterminer les séquences de précipitation suivantes :

1. FeCMo : cémentite→cémentite+M 2 C→M 2 C+ξ 2. FeCMn : cémentite 3. FeCMoMn : cémentite→cémentite+M 2 C+ξ À 700°C, dans les alliages FeCMn et FeCMoMn, la cémentite est remplacée aux temps les plus longs par de l'austénite. Le manganèse stabilise la cémentite, possiblement le carbure ξ, et abaisse la température de formation de l'austénite. Les affinements de Rietveld sur diffractogrammes ont permis d'accéder aux fractions volumiques associées à ces séquences de précipitation. De plus, les volumes de maille des phases, tirés de ces mêmes affinements, sont en accord avec les résultats obtenus par d'autres méthodes de caractérisation. Par exemple, l'enrichissement en manganèse observé dans la cémentite est en accord avec la contraction du volume de sa maille. Ensuite, la recristallisation des lattes de ferrite en grains équiaxes, détectée par des mesures de dureté, est aussi visible par la contraction de la maille de la matrice ferritique. Des observations sur réplique extractive et des analyses EBSD ont permis de déterminer les sites de précipitation pour les différents types de carbures. La cémentite précipite à différent types de joints dans la microstructure bainitique, tandis que le carbure ξ précipite préférentiellement à des joints de forte désorientation. Enfin, les carbures M 2 C précipitent soit aux joints de lattes avec une forme ovale, soit au sein des lattes, sous forme d'aiguille. Ces résultats expérimentaux ont servi à alimenter un travail de modélisation des fractions volumiques obtenues. L'utilisation de deux logiciels de modélisation différents a permis de mettre en lumière l'importance de prendre en compte la chimie des carbures dans la modélisation. L'optimisation des énergies d'interface pour les carbures M 2 C s'est cependant trouvée limitée par le fait que seule la fraction volumique totale en M 2 C était disponible expérimentalement.

En perspective, le travail mené sur les séquences de précipitation de carbures dans les alliages modèles a permis de mettre en place une méthode de caractérisation des populations de carbures, en associant des méthodes expérimentales complémentaires. Cette méthode doit cependant être encore améliorée sur certains aspects. Par exemple, les affinements de Rietveld sur diffractogrammes obtenus par diffraction X au synchrotron ne donnent accès qu'à xxiv la fraction volumique totale des carbures de M 2 C, alors qu'une proportion relative, fonction du site de précipitation, serait utile. Par ailleurs, dû à un manque d'information dans la littérature quant aux valeurs d'énergies d'interface et d'angles de mouillage, la modélisation ne peut encore être totalement prédictive. De plus, ces valeurs sont difficiles à déterminer expérimentalement. La prochaine étape de ce travail serait donc d'appliquer cette même méthodologie aux aciers 16 à 20MND5 pour vérifier si les grandes tendances observées dans les alliages modèles sont les mêmes dans les aciers industriels. Ensuite, l'impact de la microstructure sur la précipitation des carbures reste à être clarifiée. Puisque certains carbures précipitent aux joints de lattes et de blocs, est-il possible d'influencer la précipitation de ces carbures en jouant sur la proportion relative de ces joints? De plus, y a-t-il une influence de l'axe de désorientation du joint sur la précipitation de ces carbures? Enfin, il reste à déterminer l'impact du vieillissement thermique et par irradiation sur la population de carbures, afin de savoir si leurs fractions volumiques, distributions en taille, changent au cours de la durée de vie de la centrale.
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Introduction

Nuclear energy represents 70% of the French electricity production, making it the country with the highest proportion of nuclear energy in its electricity mix. Most of the French nuclear reactors are pressurized water reactors (PWR) which were built from 1975 to 1990, meant to operate at first for 40 years. The operation of the nuclear power plants is subjected every ten years to a renewed authorisation given by the French nuclear authorities. The French nuclear fleet is ageing and the plant lifetime extension is a central question of the coming decades. The French nuclear authority, Autorité de Sûreté Nucléaire (ASN), has recently given an agreement-in-principle, under conditions, for the extension of the plant lifetime from 40 to 50 years, for 900MWe reactors [START_REF]Décision n°2021-DC-0706[END_REF].

All PWRs share a common structure, as illustrated figure 1 [START_REF] Koritarov | Energy Zones Study: A comprehensive Web-Based Mapping Tool to Identify and Analyze Clean Energy Zones in the Eastern Interconnection[END_REF]. The containment building contains the reactor pressure vessel, pressurizer and steam generator. The turbine, generator and condenser are placed outside this building. The primary coolant loop circulates through the reactor vessel, pressurizer and steam generator, while the second goes through the steam generator, turbine and condenser. Throughout the nuclear power plant life, many components are being replaced, in particular during the ten-year visit conducted by the Autorité de Sûreté Nucléaire (ASN). However, two parts of nuclear power plants can never be replaced: the containment building and the reactor pressure vessel. For that reason, it is essential to have all the tools to thoroughly understand the evolution of the reactor pressure vessel (RPV) steel mechanical properties in service and, ideally, the evolution of the microstructure as well. To achieve that challenging goal, one needs to understand the influence of the production process parameters, related to the steel solidification process, forging and thermal treatments.

This information can also be useful to understand the mechanical properties of a nuclear component when it does not present upon reception the expected chemical composition or microstructure in all its parts. An example of this happened in 2015: areas with a higher carbon concentration than specified were detected in the lid and in the vessel bottom of the EPR Flamanville 3. As a result, the required mechanical properties were not reached. A specific demonstration of the component integrity was required, including a large number of tests and characterizations on sacrificial parts [START_REF] Irsn | Analyse de la démarche proposée par AREVA pour justifier de la ténacité suffisante des calottes du fond et du couvercle de la cuve de l'EPR de Flamanville 3[END_REF][START_REF] Irsn | EPR Flamanville 3 -Qualification technique des calottes du couvercle et du corps de la cuve du réacteur[END_REF]. This episode highlighted the lack of knowledge regarding the impact of carbon and alloying elements on important microstructural features, such as carbide population, that are necessary for understanding the mechanical properties. Being able to predict the mechanical properties from a given chemical composition and microstructure could have been useful to determine whether, despite the heterogeneities, the lid and the vessel bottom could be safely used under operating conditions.

More generally, a better understanding of the impact of alloying elements on the microstructure can lead to the design of steels with enhanced mechanical properties and to an optimisation of the heat treatments performed during the nuclear component production.

The present PhD work falls within this scope, by aiming at bringing fundamental knowledge on the effect of two alloying elements on the microstructure, and more specifically, on the carbide population. Big components of the primary cooling circuit of PWRs, such as the RPV, pressurizer and steam generator, are manufactured in 16 to 20MND5 steels. These steels were developed by the Société des Forges et Ateliers du Creusot in the 60s. They are conceived to be a good compromise between mechanical strength, weldability and toughness throughout the thickness of the forged workpieces, hence eliminating the risk of failure during operation [START_REF] Bocquet | Les facteurs métallurgiques de la ténacité de l'acier de cuve[END_REF]. Furthermore, 16 to 20MND5 steels must retain as much as possible their mechanical properties under service conditions, as they are subjected for decades to thermo-mechanical solicitations and, for the vessel especially, to neutron irradiation.

These steels contain various alloying elements, Mo, Mn and Ni being the elements with the highest concentration. An example of the expected 16MND5 composition on forged workpieces for the RPV is given table 1, based on RCC-M specifications [START_REF]M2111 and M2112[END_REF]. 16MND5 alloys contain a targeted carbon content of 0.16 wt% while 20MND5 alloys, 0.20wt%. Several of the alloying elements, such as Mo, Mn, Ni or Cr, harden the ferritic phase. Adding Ni increases as well the hardenability of the steel and its impact toughness [START_REF] Bocquet | Les facteurs métallurgiques de la ténacité de l'acier de cuve[END_REF]. Sulphur and phosphorus however are impurities contained in the base material. Their concentration must be limited as much as possible, as they are detrimental for the steel properties when present in large quantities. On the one hand, a low amount of sulphur, below 0.003wt%, strongly increases the resistance to ductile failure by limiting the presence of manganese sulphide (MnS). Inclusions of MnS are initiation sites for ductile fracture, decreasing the ductility of the steel [START_REF] Beremin | Cavity Formation From Inclusions In Ductile Fracture[END_REF]. On the other hand, a low amount of phosphorus improves the resistance to temper embrittlement in coarse-grain areas. Elements such as silicon, aluminium or manganese, can capture oxygen to form oxides. The RPV is made of several parts, see figure 2, and the composition requirements may change from one part to another. For instance, the maximum concentration in Cu authorized in the intermediate and lower shells subjected to irradiation is 0.08wt% because copper, as phosphorus, increases the irradiation embrittlement. However, vessel bottoms can contain up to 0.20wt% in Cu. Similarly, the phosphorus and sulphur contents are limited to 0.008wt% if the forged workpieces are subjected to irradiation; if not, the contents are limited to 0.012 wt%. Furthermore, the 16 to 20MND5 composition requirements may change as well if used for RPVs or steam generators, for example. Furthermore, the chemical composition may not be homogeneous throughout the nuclear component part. During the solidification of the ingot, heterogeneities may form at three different scales, resulting in macro-, meso-and microsegregations. Macrosegregations lead to the presence of a negatively segregated zone at the bottom of the ingot and to a positively segregated one at the top [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. On a mesoscale, segregations long of several centimetres are present in long narrow trails with a preferred direction, the solute content being greater than in the surrounding regions [START_REF] Barcelo | Metallurgical characterization of micro-heterogeneities in a 16MND5 forging[END_REF]. Several transport phenomena are identified to explain the macro-and mesosegregations: for instance, thermal convection of the liquid, flow due to solidification shrinkage, but they are not the only ones [START_REF] Zaloznik | Thermosolutal flow in steel ingots and the formation of mesosegregates[END_REF]. Microsegregations of a few hundred microns appear during solidification due to the rejection by the growing dendrites of alloying elements and impurities in the surrounding liquid [START_REF] Barcelo | Metallurgical characterization of micro-heterogeneities in a 16MND5 forging[END_REF]. These heterogeneous areas are the source of scatter in the fracture toughness properties.

Macrosegregations caused the presence of positive carbon segregations in the lid and vessel bottom of the EPR Flamanville 3 RPV, as well as in the bottom of steam generators of other French nuclear power plants [START_REF] Irsn | Analyse de la démarche proposée par AREVA pour justifier de la ténacité suffisante des calottes du fond et du couvercle de la cuve de l'EPR de Flamanville 3[END_REF][START_REF] Irsn | EPR Flamanville 3 -Qualification technique des calottes du couvercle et du corps de la cuve du réacteur[END_REF]. As a consequence, these components did not reach the impact toughness requirements and have required dedicated studies to demonstrate their ability to be used.

Once the ingot obtained, the steel is forged into its final shape. After this step, there is a de-hydrogeneization treatment which is followed by one or several austenitisations at 875°C and water quenching. The rate at which the steel is cooled determines the as-quenched microstructure. For that reason, continuous cooling transformation (CCT) diagrams are useful for providing information on the evolution of the microstructure as a function of cooling rate. For 16 to 20MND5 steels, the targeted microstructure is upper bainite, similar to the one shown figure 3 [START_REF] Im | Effects of carbide precipitation on the strength and Charpy impact properties of low carbon Mn-Ni-Mo bainitic steels[END_REF]. Despite this, due to the important thickness of the component, a gradient of microstructures forms during quenching, from proeutectoid ferrite to martensite, with, potentially, high variations in mechanical properties. For instance, for a given carbon concentration, the impact toughness and the ductile to brittle temperature transition (DBTT) of the steel depends on its microstructure, whether it is bainite or martensite [START_REF] Bowen | Effects of microstructure on cleavage fracture in pressure vessel steel[END_REF]. Once the as-quenched microstructure obtained, the following thermal step is tempering. 16 to 20MND5 steels are tempered between 640 and 660°C, for a few hours, and cooled at a relatively slow cooling rate to avoid the formation of internal residual stress. If the cooling rate is too slow, segregation phenomenons can occur and embrittle the material. Tempering plays a key role for obtaining the desired mechanical properties. For 16 to 20MND5 steels, it leads to a progressive decrease in the tensile strength while ductility increases. The presence of molybdenum also leads to secondary hardening [START_REF] Marini | Effect of the bainitic and martensitic microstructures on the hardening and embrittlement under neutron irradiation of a reactor pressure vessel steel[END_REF][START_REF] Murry | Transformations dans les aciers[END_REF]. This change in mechanical properties is partly due to the evolution in carbide population. As a matter of fact, since bainite is a microstructure out of equilibrium, tempering triggers a controlled return towards thermodynamic equilibrium: the carbide population evolves, new carbides may precipitate. Therefore, controlling the way carbides evolve during tempering means controlling at least partly the resulting mechanical properties of the steel.

After tempering, two types of carbides are mainly present in 16 to 20MND5 steels: cementite, M 3 C, and molybdenum-rich carbides, M 2 C. Cementite has a long rod shape and precipitates in between the bainitic laths. M 2 C carbides precipitate intralath with a needle shape, densely distributed [START_REF] Im | Effects of carbide precipitation on the strength and Charpy impact properties of low carbon Mn-Ni-Mo bainitic steels[END_REF]. To illustrate this, figure 4 shows an image of a carbon extractive replica made from a tempered bainitic 16 to 20MND5 type of steels. Carbon extractive replicas are produced by dissolving the ferrite matrix, while carbides remain on the carbon film. Green arrows show cementite and red arrows, thin intralath M 2 C. Cementite carbides are in average larger than M 2 C carbides. Precipitation of M 2 C at lath boundary is also reported [START_REF] Cazottes | Quantitative microstructural characterization of nuclear grade bainitic steel: Influence of macrosegregations in full-scale forgings[END_REF]. Furthermore, some authors [START_REF] Jin | Evolution of a needle shaped carbide in SA508 Gr3 steel[END_REF] have identified the presence of intralath ξ carbides with a needle shape. The chemical formula of this carbide is Fe 2 MoC. The influence of carbides on mechanical properties depends on their precipitation sites in the microstructure and on their shape. For instance, M 2 C carbides, since they precipitate intralaths and are of small size, harden the material. Cementite however, can be considered as a major detrimental microstructural feature to the toughness of the steel. First, in the ductile region, cementite is a major void nucleation source and contributes to the coalescence of larger voids formed around inclusions. Coalescence of all these voids leads to the ductile fracture of the material. Second, in the brittle region, cementite is considered as an important site of fracture initiation. More specifically, the carbides size distribution plays an important role in cleavage fracture: the coarsest carbides (defined with a size approximately superior to 700nm) appear to be the most deleterious to toughness [START_REF] Bowen | Effects of microstructure on cleavage fracture in pressure vessel steel[END_REF]. Therefore, controlling the cementite size distribution can improve the mechanical properties.

Molybdenum and manganese are amongst the strongest carbide formers in 16 to 20MND5 steels. For that reason, the work focuses on their impact on the carbide population and the evolution of the latter during tempering. It focuses as well on the influence of molybdenum and manganese on the as-quenched microstructure. To understand the contribution of each of these two alloying elements, two ternary high-purity model alloys, FeCMo and FeCMn, and one quaternary high-purity alloy, FeCMoMn, are investigated.

Carbon and manganese contents of the model alloys are kept close to industrial specifications. All of the model alloys contain a targeted carbon concentration of 0.2wt%, as in the industrial alloy. The concentration in manganese in the Mn-bearing alloys is also kept close to the concentration in 16 to 20MND5 steels, with a value of 1.5wt%. However, the concentration in Mo is raised to a targeted concentration of 1wt%, against 0.43-0.6wt% in the industrial alloy. This is done for two reasons. First, it is to enhance the precipitation of M 2 C which can be hard to detect. The characterization of these small carbides is facilitated and it improves the determination of their volume fraction. Second, it is done to shift the precipitation of ferrite towards lower cooling rates, in order to be able to study fully bainitic microstructures for the slowest cooling rates.

The main objective of this work is to study the evolution of carbide population during tempering. To do so, the work is divided in successive tasks. The first one is to establish the continuous cooling transformation diagrams for each model alloy and to characterize the obtained as-quenched microstructures. The aim of this first task is two-fold. The characterization of the as-quenched microstructures is useful for choosing a bainitic microstructure as close as possible to the industrial one. This starting bainitic microstructure will then be tempered in order to follow the evolution of the carbide population. The second objective of this first task is to understand the impact of Mo and Mn on phase transformation, on microstructural features and to understand how the cooling rate impacts a given microstructure.

The second task is to describe as accurately as possible the evolution of the carbide population during tempering. This means identifying the carbide precipitation sequences for each alloy, as well as following the evolutions of the carbides chemical compositions. It also means determining the carbides volume fractions and size distributions. The last objective is to use the data collected experimentally on the evolution of carbides during tempering to model what is observed, using classical nucleation theory.

The work is exposed as follows. The first chapter describes the production of the model alloys, as well as their characterization upon reception. It includes the quantification of chemical heterogeneities, the identification of primary carbides, as well as the optimisation of austenitisation conditions for all three alloys. These austenitisation conditions are to be used for the rest of the study. The second chapter is dedicated to understanding the impact of Mo and Mn, as well as of the cooling rate, on the as-quenched microstructure, and to choose a bainitic microstructure to be tempered. After giving elements of bibliography on phase transformations, continuous cooling transformation (CCT) diagrams are established for all of the alloys. The impact of the alloying elements on martensite and bainite is determined and discussed. This information is then used for choosing a starting bainitic microstructure for each alloy. The third chapter reports the evolution of the carbide population of this starting bainitic microstructure during tempering. After a review of the knowledge on carbide evolution in each model alloys, the carbide precipitation sequences are determined. The carbides are identified crystallographically and characterized in terms of chemical composition, volume fractions and size distributions. These experimental results are confronted with each other and with literature. This data is then used for modelling the experimental results and the values obtained for the optimised parameters analysed. The different points of discussion of each chapter are then summarized in a general conclusion and put into perspective in an outlook section. This is followed by the list of references and the appendix, detailing the experimental techniques and data analysis.

Chapter I Production, characterization of the model alloys and choice of the austenitisation conditions

The production of the model alloys is first described, before characterizing the model alloys microstructure upon reception. The aim is to identify possible chemical heterogeneities or the presence of primary carbides. Using this information, austenitisation conditions are optimised, which are to be fixed for the rest of the study.

Steps of production

The high-purity model alloys have been prepared at Mines de Saint-Étienne, in the Georges Friedel laboratory. Each composition is received in the form of four 20cm-long rods with a diameter between 12 and 14mm. The manufacturing process is divided into four steps.

The first step is the production of ingots with the targeted chemical composition. They are prepared by high frequency electromagnetic induction in a water-cooled silver crucible under Ar, as illustrated figure I.1. The pure elements Mo, Mn and Fe are purified before use, by melting them by induction separately in the silver crucible, under successive fluxes of gases. The first one is a flux of oxygen to trap carbon, then a hydrogen flux to trap oxygen and last, argon is used to capture hydrogen. Once the elements are purified, they are added to the ingot one after the other. Iron is first melted with molybdenum under argon. Carbon is then integrated, followed by manganese. Mn is added last because it volatilizes easily during fusion. Once all these elements are melted together with the right compositions, there is a step of homogenization by melting the ingot twice. The second step consists in putting the ingot into a rod shape. The ingot is heated in a furnace under inert gas and shaped with a drop hammer, see figure I.2, then heated again and so on. Once it is done, the ingot has a rod shape. During the third step, the rods are given the targeted diameter by removing the excess material, using a rotary forging machine. The last step is a recrystallisation under a flux of argon at 860°C during 2h. This thermal treatment is used to reach the targeted austenite grain size, which is set to 100µm. 

Chemical composition

The targeted compositions of the model alloys are taken as close as possible to the industrial ones, except for Mo, see table I A 1cm-thick slice is taken at the centre (i.e. at half-length) of each rod, for each composition and sent for chemical analysis to Veritas. Since there are four rods for each of the three compositions, it is a total of 12 analysed samples. The concentrations of the main elements, Mo, Mn and C, are quantified, as well as the concentrations in impurities such as nitrogen, oxygen, sulphur and phosphorus. Nitrogen and oxygen can form oxides or nitrides difficult to put back into solution, whereas sulphur can form manganese sulphide (MnS). Phosphorus can be responsible of embrittlement. Mo and P concentrations are measured using Inductively Coupled Plasma-Atomic Emission Spectroscopy (ICP-AES), whereas carbon and sulphur concentrations are estimated with Combustion Infrared Absorption. Reducing Melting Infrared Absorption is used to measure oxygen. Reducing Melting Thermal Conductivity estimates the concentration in nitrogen. Manganese content is evaluated thanks to Optical Emission Spectrometry.

The chemical composition of the FeCMo alloy is given table I.2, and the compositions of the FeCMn and FeCMoMn alloys can be found tables I.3 and I.4, respectively. The FeCMo alloy rods have the targeted chemical composition whereas two of the four FeCMn rods have a lower Mn composition than expected, in blod table I 

Microstructure

The microstructure of the as received material is characterized by taking a sample at the rod half-length (i.e. at about 10cm). For the FeCMo composition, all the rods have a martensitic microstructure, similar to what is presented figure I.3a. All the FeCMn and FeCMoMn rods have the same microstructure: a mix of proeutectoid ferrite and pearlite, see figures I.3b and I.3c. This difference in microstructure is most likely due to the fact that the FeCMo rods are water quenched after recrystallisation, while the others are slowly cooled at room temperature. Some of the rods present a 200µm-thick carbon-free layer. Its thickness can increase from the center to the tip of the rod. It is present in all the rods of the FeCMo and FeCMoMn compositions but not in the rods of the FeCMn composition. This is illustrated figure I.4. Decarburization happens during recrystallisation, i.e. during the last step of the rod manufacturing process. Despite a thermal treatment under a dynamic argon flux, the inert gas may not have been pure enough: the oxygen present may have encouraged decarburization by forming CO 2 . This decarburization leads to the formation of columnar ferrite grains in the sample rim. Even if not seen in the studied FeCMn composition, decarburization was observed in other FeCMn alloys [START_REF] Panahi | Kinetic Transitions during Non-Partitioned Ferrite Growth in Fe-C-Mn alloys[END_REF].

.1 Hardness

Microhardness measurements are carried out on a cross-section within the diameter of samples taken at half-length of each rod, as illustrated figure I.5a. Measurements are made with a Buehler Wilson VH3300 durometer and a mass of 200g, held for 10 to 15s. Microhardness measurements enable further characterization of the microstructure and can bring to light chemical heterogeneities. Figure I.5b shows the average hardness measurements of each rod, for each composition. The average is calculated excluding data points in the carbon-free layer for the FeCMo and FeCMoMn compositions. The error is given with a confidence interval of 95%, based on the scatter of data (see appendix A .3).

All the FeCMo rods have similar hardness, figure I.5b. It means there is no great difference in microstructure nor in chemistry from a rod to another. The same observation can be made for the FeCMn and FeCMoMn alloys. Despite a great difference in Mn concentration, FeCMn rods B and D have close hardness averages to rods A and C. However, the average hardness varies greatly from one given composition to another. This is due to both the difference in microstructure and in chemical composition. FeCMo possesses the highest hardness, between 400 and 450, due to its martensitic microstructure. Despite similar ferrito-pearlitic microstructures for FeCMn and FeCMoMn, the hardness averages are different: around 140 for the FeCMn composition and around 200 for the FeCMoMn alloy. Figure I.6 gives the detail of the hardness measurements in the diameter of each sample. The FeCMn and FeCMoMn compositions have more hardness measurements due to a greater sample diameter. The difference in hardness between the carbon-free layer and the rest of the microstructure is clearly visible in the FeCMo alloy: hardness in the carbon-free layer is around 100 against 450 in the rest of the sample. Furthermore, the scatter of values seems greater in the centre of the round sample than in the rim, possibly due to a difference in cooling rate between the core and the edge. For the FeCMoMn alloy however, the carbon-free layer has a close value to the matrix hardness. Variations in hardness profiles are greater than for the FeCMo and FeCMn compositions. It can partly be explained by heterogeneities inherent to the microstructure: for instance, when the microstructure is a mix of ferrite and pearlite, the hardness can vary depending on where the hardness print is. Furthermore, it is possible that ferrite in the FeCMoMn alloy is harder than ferrite in the FeCMn composition due to solution hardening of both Mo and Mn. This would explain why the hardness values in the FeCMoMn alloy are greater than in FeCMn. Finally, the hardness prints were more distorted in the FeCMoMn samples than in the ternary alloys samples, which leads to a greater uncertainty on the hardness value, possibly explaining the greater scatter of data. To understand whether these variations could be due to chemical heterogeneities, microprobe characterisations are carried out in the next section. 

.2 Chemical heterogeneities

Microprobe elemental maps in alloying elements are made on samples taken from one rod for each composition, at the rod half-length. The FeCMn rods B and D were excluded. Details on microprobe analysis conditions can be found in appendix A .1. The analysis is made at the core of the round samples. It was assumed that the chemical heterogeneities were the same throughout the rod length. The microprobe elemental maps, figure I.7, bring to light the presence of chemically heterogeneous areas in the samples. Based on observations made on Backscattered Secondary Electron (BSE) images and Light Optical Microscopy (LOM) images, it was assumed that the chemical heterogeneities were the same at the core and at the rim of the sample. Furthermore, based on observations made on BSE images and based on the fact that all the rods have similar average compositions and hardness for a given composition, it was assumed that those heterogeneities were similar from one rod to another, for a given composition. These segregated areas are spread out in bands and their composition is quantified through profiles. For each sample, three profiles are done but only one for each composition is presented in figure I.7. Segregations in Mn are lower in the FeCMn and FeCMoMn alloys than segregations in Mo in the FeCMo and FeCMoMn compositions. In the FeCMo alloy, figure I.7a, the Mo content can reach 4wt.%. The matrix contains the targeted concentration of 1wt.%. Figure I.7b shows the quantification of chemical heterogeneities in FeCMn. The maximum Mn content is around 2.5wt.%, while the rest of the matrix has a composition around 1.5wt.%. In the FeCMoMn alloy, the segregated areas in Mo are the same as the ones segregated in Mn. Segregations in Mo can reach up to 7wt.% in FeCMoMn, figure I.7c, but the matrix contains in average the targeted composition of 1wt.%. Similarly to what is reported for the FeCMn composition, the FeCMoMn alloy contains areas enriched in Mn, with a maximum around 2.5wt.%, figure I.7c. The rest of the matrix contains in average 1.5wt.% in Mn, as targeted. In the FeCMoMn composition, figure I.7c, the microprobe elemental map seems to reveal the presence of precipitates in the matrix, in the form of white dots. The nature of these precipitates is investigated in the next section.

This segregated structure comes from solidification [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. The peak concentrations are expected to be of a factor of two of the mean values [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. Therefore, the expected peak concentrations in Mo and Mn would be 2 and 3wt.% respectively. This value is close to the one experimentally measured for Mn in the Mn-bearing alloys. The peak concentrations are higher in Mo than expected in the FeCMo and FeCMoMn alloys, probably due to the presence of the precipitates. Furthermore, the enriched areas are most likely enriched in carbon as well, even if carbon is not quantified figure I.7. Indeed, ferrite forms preferably in the depleted regions in solute, causing a partitioning of carbon into the adjacent enriched areas. As a result, the enriched areas in substitutional elements are also enriched in carbon. 

.Primary carbides

Extractive replicas are used to identify the precipitates present in the chemically heterogeneous regions for each composition. The detail of extractive replica production is given in appendix A .5. The precipitates are identified as carbides. These primary carbides form during the manufacturing of the model alloys. Their nature is investigated by Transmission Electron Microscopy (TEM), to know their crystallographic structure, and by STEM-EDS, to determine their chemical composition. The crystallographic data used for carbide identification can be found in appendix D .1. Conditions for STEM-EDS data acquisition are described in appendix F .1, the method used for data analysis is described in appendix F .3.

The FeCMo alloy presents rather spherical carbides, with a diameter ranging from 100nm to 500nm, figure I.8. The average diameter is 282±58nm, measured over 25 carbides. The large error comes from the substantial scatter of the diameter values. The crystallography is determined by indexing planes of two zone axes, see figure I.9: the interplanar spacings and the angles between planes are close to the theoretical values of the face-centered cubic M 6 C carbide, space group Fd-3m, table I.5. Chemical analyses on more than twenty carbides give an average of ratio in elements of 47.2±1.4at.% in Fe and 53±1.5at.% in Mo, excluding carbon. Literature reports that M 6 C carbide chemistry can range from Fe In the FeCMoMn alloy, primary carbides have an average size of 182±18nm, calculated over 38 carbides. This large error is due the scatter of carbide sizes. A crystallographic analysis similar to what is shown in figure I.9 and table I.5 identifies these primary carbides as being M 6 C as well. The ratio in metallic elements is 46.4±2.4at.% Fe, 53.4±2.6at.% of Mo and 1.2±0.1at.% of Mn, very close to what found for the FeCMo composition, meaning they also have a chemistry close to Fe 3 Mo 3 C. As can be seen on both isopleths figures I.10a and I.10b, M 6 C carbides tend to form at high temperatures. More precisely, they form up to 1000°C in the FeCMo alloy, and up to 1200°C in the FeCMoMn composition. M 6 C are stable even in the austenite domain, see figure I.10, as it is possible to find a mix of austenite and M 6 C. These carbides also tend to form for Mo-rich compositions (superior to 4wt.%) at temperatures below 800°C. Above 800°C, they can form a mix with austenite and ferrite for concentrations as low as 1wt.% for the FeCMoMn composition and as low as 1.5wt.% for the FeCMo alloy. This explains the formation of M 6 C carbides in the Mo-rich areas of the FeCMo and FeCMoMn samples. However, no M 2 C, MC or ξ carbide is detected in the samples, as expected in the isopleths, figure I.10. It means the formation of the M 6 C carbides most likely happened at high temperature, above 800°C, i.e. probably during the production of the ingot.

In the FeCMn composition, fewer carbides are visible on replicas than found in the Mo-bearing alloys. The primary carbides are identified as being M 7 C 3 by stereographic projection, as illustrated figure I.11, with an orthorhombic structure, space group Pnma. Their composition is richer in iron than in manganese with a ratio of 69.0±3.2at.% in Fe for 31.0±3.4at.% in Mn, excluding carbon. For temperatures superior to 700°C, no carbide is stable in the Mn-enriched areas (i.e. for compositions superior to 1.5wt.%). The FeCMn system is solely made of austenite, see figure I.12. This means that the M 7 C 3 carbides did not form during the manufacturing of the ingots, as it is the case for M 6 C. These carbides most likely formed at a lower temperature, coming from the decomposition of austenite, after recrystallisation. While thermodynamics predict a mix of α ferrite and cementite, only M 7 C 3 is experimentally observed on carbon extractive replicas. It is possible that cementite could not be extracted on the carbon extractive replicas, even if experimentally present in the bulk sample. M 7 C 3 is more commonly encountered in chromium-bearing alloys as it is usually a chromium-rich carbide. Nevertheless, it can contain iron and manganese as well [START_REF] Woodhead | Role of Carbides in Low-alloy Creep Resisting Steels[END_REF]. In chromium-bearing alloys, M be present as lamellae in pearlitic microstructures [START_REF] Shtansky | Crystallography and interface boundary structure of pearlite with M 7 C 3 carbide lamellae[END_REF][START_REF] Minemura | Metastable austenite phase in rapidly quenched Fe-Cr-C alloys[END_REF]. In those alloys, it can also precipitate after tempering, by replacing cementite [START_REF] Inoue | In Situ Transformation of Cementite To M 7 C 3 and Internal Defects of M 7 C 3 in High Carbon-Chromium Steel By Tempering[END_REF][START_REF] Dépinoy | Carbide Precipitation in 2.25 Cr-1 Mo Bainitic Steel: Effect of Heating and Isothermal Tempering Conditions[END_REF], since in this system M 7 C 3 is more thermodynamically stable than cementite, due to the addition of chromium [START_REF] Efremenko | Effect of vanadium and chromium on the microstructural features of V-Cr-Mn-Ni spheroidal carbide cast irons[END_REF]. For the same reason, in chromium alloys, the cooling rate can have an effect on the nature of the carbide present in the microstructure. As a slow cooling rate will tend to favour the formation of M 7 C 3 over cementite [START_REF] Sinatora | An investigation of the transition from M 7 C 3 to M 3 C carbides in white cast irons[END_REF]. In FeCMn systems, little information is available on the conditions in which M 7 C 3 can be obtained. Nevertheless, based on thermodynamic calculations, Sil'man [START_REF] Sil'man | Phase diagram of alloys of the Fe-C-Mn system and some structural effects in this system part 2. Calculation and construction of isothermal sections of the diagram[END_REF] predicts in FeCMn systems the formation of a ternary eutectoid-peritectoid α ferrite + cementite + M 7 C 3 , below 600°C, for concentrations of manganese as low as 3 to 5wt.%. This is close to the concentrations in Mn found in the enriched areas. Furthermore, Sil'man explains that this mixture would be comparable to conventional pearlite, forming instead of the binary α ferrite + cementite. For that reason, it is possible that the primary M 7 C 3 carbides observed in the as received sample are formed at the same time as pearlite, similar to what is reported in chromium alloys and to what Sil'man predicts.

These primary carbides can interfere with the observations made on the carbide precipitation kinetics of interest. This is why they need to be put back into solution before any tempering treatment. Furthermore, the alloys composition needs to be homogenised, to reduce the difference in concentrations between the matrix and segregated areas. This requires the optimisation of austenitisation conditions, while limiting decarburization and grain growth.

Austenitisation conditions

The austenitisation conditions need to be chosen carefully to both homogenise the alloys and to put back into solution the primary carbides. In the enriched areas, two types of carbides can be found. In the FeCMo and FeCMoMn alloys, M 6 C carbides are identified: they most likely formed at high temperature, during the formation of the ingot. In the FeCMn alloy, M 7 C 3 is present: it is found at lower temperatures than M 6 C and it probably formed after recrystallisation at the same time as pearlite.

The industrial 16 to 20MND5 alloys are austenised at 875°C after forging. In the present case, this temperature is not high enough to put back into solution M 6 C. To do so, a temperature around 1000°C is most likely needed, see figure I.10. To put back into solution M 7 C 3 however, a much lower temperature is needed, since it most likely dissolves in austenite. Therefore, the optimisation of the austenitisation conditions is done on the FeCMo alloy. The same conditions are then applied to the other two model alloys and it is checked that the chosen austenitisation conditions are satisfactory for those as well.

Three temperatures are tested: 1000°C, 1100°C and 1200°C, held for 5 min, under static helium to limit decarburization. The heating rate is 10°C.s -1 . A cooling rate of 300°C.s -1 is chosen to obtain a martensitic microstructure and to prevent the formation of carbides during cooling. These thermal treatments are made by dilatometry, see appendix A .2. The samples have a parallelepiped shape cut in the rod diameter, excluding the carbon-free layer, see appendix A .2. The treated samples are taken from the same rods as the one analysed for chemical heterogeneities in section I.3 .2, at the rod half-length. Nevertheless, the samples are taken regardless of their position in the rod diameter, assuming the chemical heterogeneities would be the same from the core to the rim. After thermal treatment, the parallelepiped samples are cut in half in the transversal direction and inspected with Backscattering electron (BSE) imaging using the scanning electron microscope (SEM), see figure I.13. At 1000°C and 1100°C, white dots are present on figures I.13a and I.13b: these are M 6 C carbides. At 1200°C, the primary carbides are not visible anymore in the FeCMo alloy, figure I.13c. Primary carbides could not be found on carbon extractive replicas of the sample austenised at 1200°C. Even if all carbides may not be extracted on carbon extractive replicas, and based on BSE images, it was supposed that all M 6 C had dissolved at 1200°C. It can be seen in the centre of figure I.13c that a brighter contrast remains even after 5 min at 1200°C: it means that heavier elements are present compared to the rest of the image, i.e. there is an enrichment in Mo. Therefore, despite the absence of primary carbides, this suggests there are still segregated areas. To further homogenise the matrix composition and to get closer to the industrial austenitisation conditions, a second step at 890°C for 5 min is added after the treatment at 1200°C 5 min. After treatment at 1200°C for 5min, the sample is cooled at 300°C.s -1 until reaching 890°C, and held for 5min. A temperature of 890°C limits decarburization and grain growth. After the two steps of austenitisation, the sample is cooled at 300°C.s -1 to obtain a martensitic microstructure. This thermal treatment is applied to all three alloys and microprobe analysis enables quantifying the remaining chemical heterogeneities, figure I.14. As for the as received material, three profiles are made but only one is shown figure I.14.

In the FeCMo alloy, figure I.14a, the maximum Mo content has decreased to 2wt.%. The austenitisation step has managed to reduce the heterogeneities but failed to completely homogenise the matrix. Taking into account the diffusion coefficient of Mo in austenite, using the database TCFE v10.1 of Thermocalc, the distance covered by Mo during austenitisation is 1.8 µm. Since the chemical heterogeneities are several micrometers large, it is expected that the austenitisation conditions are not sufficiant to completely homogenise the matrix.

In the FeCMn alloy, segregated regions in Mn also remain after austenitisation when comparing figures I.7b and I.14b. This is understandable since Mn diffuses more slowly in austenite than Mo: the distance covered during austenitisation by Mn is around 1.5 µm.

However, the difference with the matrix composition is lower than in the as received material: the limit between the enriched areas and the rest of the matrix is more diffuse after austenitisation, figure I.14b, meaning that Mn diffused into the matrix during the thermal treatment. Furthermore, the profile shown figure I.14b shows that the Mn composition in the enriched areas is closer to the targeted average of 1.5wt.%.

In the FeCMoMn alloy, microprobe analysis, figure I.14c, shows that the difference between heterogeneous regions and the matrix is reduced when comparing with figure I.7c, even if chemical heterogeneities are still present. In the FeCMoMn system, the Mn diffusion coefficient is the same as in FeCMn and the Mo diffusion coefficient the same as in FeCMo. As in the ternary alloys, the diffusion of Mo and Mn during austenitisation is not fast enough to remove completely the chemical heterogeneities.

The size of prior austenite grains is determined by electron backscattering diffraction (EBSD) measurements on the austenitised martensitic samples, using the APRGE 1.2 software developped by Cayron et al. [START_REF] Cayron | Reconstruction of parent grains from EBSD data[END_REF]. More information can be found in appendix C .4. Their average size is around 90µm in diameter, see table I.6. For the FeCMo alloy, it is possible to determine the average size of the γ grains in the as received material since the microstructure is martensitic: it gives an average of 20µm in diameter. It means that grains grew greatly during the step at 1200°C for 5min. For the FeCMn and FeCMoMn compositions, their microstructure is a mix of ferrite and pearlite upon reception, therefore the prior austenite boundaries are not visible anymore.

The optimised austenitisation conditions to be fixed for the rest of the study are the following. The sample is heated at 10°C.s -1 until reaching 1200°C and held for 5min. After this, the sample is cooled at 300°C.s -1 until reaching 890°C. It is held at this temperature for an extra 5min. The austenitisation is made under static helium and using the dilatometer.

The use of the dilatometer enables a better repeatability of the thermal treatments as well as a better control of the sample temperature.

Alloy

Average size of γ grains (µm) FeCMo 93

FeCMn 96

FeCMoMn 85 

Summary

This chapter can be summarized as follows:

The production of the model alloys requires the manufacturing of an ingot, giving it a rod shape and then a final step of recrystallisation.

All the rods have the nominal targeted chemical composition, except for two FeCMn rods, B and D, which will not be used for the rest of the study. The Mo-bearing alloys have a thin carbon-free layer that is removed.

The as received material presents segregated areas in Mo for the FeCMo alloy, in Mn for the FeCMn rods, and in both alloying elements for the quaternary alloy. In Mo-bearing alloys, Mo segregation is greater than Mn segregation in manganese-bearing alloys. In these enriched areas, two types of carbides can be found. In FeCMo and FeCMoMn alloys, M 6 C carbides are identified: they most likely formed at high temperature, during the formation of the ingot. In the FeCMn composition, M 7 C 3 is present: it formed at lower temperature than M 6 C and probably formed after recrystallisation at the same time as pearlite.

Austenitisation conditions are optimized to put back the primary carbides into solution and to reduce the chemical heterogeneities. A first step at 1200°C held for 5min is necessary for M 6 C carbides to dissolve. Austenitisation is followed by a second step at 890°C for 5min to get close to the industrial austenitisation conditions. Even though the segregated areas in Mo and/or Mn are still present after the two steps of austenitisation, this thermal treatment has enabled reducing the difference between the matrix and the enriched areas.

Austenitisation at 1200°C for 5min, followed by a step at 890°C for 5min, under static helium and using the dilatometer, is applied to all the samples in chapters II and III. The use of the dilatometer enables a better repeatability of the thermal treatments as well as a better control of the sample temperature.

The austenitisation conditions being optimised, it is necessary to obtain a bainitic microstructure before any tempering treatment. For this reason, CCT diagrams are established for each composition. This is what is presented in the next chapter.

Chapter II

Impact of molybdenum and manganese on the model alloys austenite to ferrite phase transformation

To be able to describe the carbide precipitation in the model alloys the closest as possible to what it would be in 16 to 20MND5 steels, it is necessary to start from a bainitic microstructure. For that reason, the first and main objective of this chapter is to determine the continuous cooling transformation (CCT) diagrams of the studied compositions, using the autenitisation conditions determined in chapter I, section 4 , in order to chose a bainitc microstructure to be tempered the closest as possible to the industrial one. The second objective is to quantify the impact of alloying elements and cooling rates on the as-quenched microstructures, and more specifically, on the microstructures grain boundary misorientation.

Useful elements of bibliography are given in a first section. The experimental CCT diagrams are then described in a second section and the impact of alloying elements on boundary misorientation angle and axis distributions is discussed in a third one. Eventually, in the last section, a bainitic microstructure is chosen to be tempered, based on the experimental results.

Literature review

First, some of the microstructures to be possibly obtained when establishing the model alloys continuous cooling transformation (CCT) diagrams are described. Second, 16 to 20MND5 CCT diagrams from literature are discussed. Parameters influencing the austenite to ferrite transformation and the CCT diagrams are then presented, before exposing the grain boundary misorientation distributions expected to be found in the as-quenched microstructures, due to the existence of orientation relationships.

.Austenite to ferrite transformation

The γ → α transformation in steels can lead to various types of microstructures. Some of the constituents formed are obtained in conditions out of equilibrium. A description of the microstructures susceptible to be encountered is provided in the present section.

Martensite

Martensite is a metastable microstructure, obtained after an austenite to ferrite transformation, for a very high cooling rate. Its formation start and end temperatures, M s and M f , are low compared to those of the other microstructures and independent of the cooling rate. The microstructure does not present any carbides and the martensitic ferrite can have different shapes. Essentially, two types of martensite can be encountered: lath martensite and plate martensite, see figure II.1 [START_REF] Kelly | Phase transformations in steels[END_REF]. In the first case, the ferrite organised in laths may be grouped by blocks of laths. The angle between the laths orientation is low. In plate martensite, ferrite is organised in non-parallel individual plates. Plate martensite forms for alloys with a concentration of carbon above 1wt.% while lath martensite can be found in steels with a lower carbon concentration [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. For some alloy compositions and with proper thermal treatment, it is possible to obtain a third type of martensite, with a hexagonal close-packed lattice [START_REF] Kelly | Phase transformations in steels[END_REF]. In 16 to 20MND5 steels, only lath martensite is susceptible to be encountered. The martensitic microstructure is characterized by its relatively high strength, brittleness and hardness, the latter being due to the high amount of carbon in solid solution compared to other microstructures [START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF].

The martensitic transformation is extremely fast, recorded at 1000m.s -1 [START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF]. The transformation mechanism is displacive, meaning it happens without any diffusion of carbon or of any other alloying element. Instead, the atoms move cooperatively, over a distance inferior to the atomic spacing [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF][START_REF] Kelly | Phase transformations in steels[END_REF]. As a result, the martensitic phase has the same composition as the parent austenite [START_REF] Kelly | Phase transformations in steels[END_REF]. All the carbon is trapped in solid solution after transformation and the laths of ferrite are supersaturated in carbon. During transformation, the austenite lattice is deformed, from face-centered cubic to tetragonal, causing a volume expansion. The shape change is dominated by shear; the magnitude and direction of the shape change is a specific feature of the martensitic transformation [START_REF] Kelly | Phase transformations in steels[END_REF]. In a surface polished prior to transformation, the shape change induces the formation of a characteristic surface relief. The shear resulting from transformation produces a large amount of dislocations. Despite this change in lattice, one plane remains invariant, the habit plane (or invariant plane). Its orientation, as well as the atomic positions in this plane, remain unchanged by the γ → α transformation. This habit plane changes from a type of martensite to another [START_REF] Kelly | Phase transformations in steels[END_REF]. In lath martensite, the habit plane is usually {111} γ while it is of higher indexes in plate martensite [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF][START_REF] Kelly | Phase transformations in steels[END_REF].

Despite the rapidity of transformation, martensite formation involves steps of nucleation and growth. Nucleation is most likely to be favoured by the presence of defects, but different nucleation theories for martensite exist [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF][START_REF] Olson | A perspective on martensitic nucleation[END_REF][START_REF] Ghosh | Kinetics of F.C.C. B.C.C. heterogeneous martensitic nucleation-I. The critical driving force for athermal nucleation[END_REF]. The growth is only limited by the speed of sound in metal and occurs through the movement of a glissile interface. The mobility of the austenite:ferrite interface is therefore very high [START_REF] Kelly | Phase transformations in steels[END_REF]. A high level of continuity exists between austenite and ferrite: the interface can be coherent or semi-coherent. In the latter case, the dislocations present at the interface must be able to glide for growth to happen. Even though both nucleation and growth are thermally activated, the activation energy is very small due to the diffusionless character of the transformation [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF][START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF]. Due to this, the transformation appears athermal, meaning the transformed fraction only depends on the undercooling below M s , with a non-linear relationship.

Once formed, the martensitic microstructure possesses an orientation relationship (OR). In this case, the OR expresses the relationship between austenite planes and direction with corresponding planes and direction in ferrite [START_REF] Kelly | Phase transformations in steels[END_REF]. E.C. Bain proposed in 1924 a model for the austenite to ferrite transformation. This model predicts an homogeneous deformation of the lattice, with a 12% expansion along the [START_REF] Van Bohemen | Exploring the correlation between the austenite yield strength and the bainite lath thickness[END_REF] γ and [010] γ axes and compression of 20% along the [001] γ axis [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF], see figure II.2 [START_REF] Bain | The nature of martensite[END_REF]. However, this model does not account for the existence of an invariant plane between austenite and ferrite, which was observed experimentally. For that reason, other orientation relationships were put forward. The most common are the Kurdjumov-Sachs (KS) [START_REF] Kurdjumov | Über den Mechanismus der Stahlhärtung[END_REF], Nishiyama-Wasserman (NW) [START_REF] Nishiyama | X-ray investigation of the mechanism of the transformation from face centered cubic lattice to body centered cubic[END_REF] and Greniger-Troiano (GT) [START_REF] Greninger | The Meehanism of Martensite Formation[END_REF] orientation relationships. All of them suppose that a close-packed austenite plane {111} γ is parallel with a close-packed ferrite plane {110} α . They also assume that one austenite direction is parallel to one ferrite direction, but these directions differ from one OR to another. The table II.1 summarises each OR. It is possible to infer from these relations all the possible crystallographic orientations that a ferritic crystal can take, i.e. all the possible variants. The KS and GT ORs each contain 24 variants, while the NW OR has 12 variants.

Orientation relationships Invariant plane

Kurdjumov-Sachs 17 17] α close to {259}

{111} γ // {110} α , [110] γ // [111] α close to {111} Nishiyama-Wasserman {111} γ // {110} α , [112] γ // [110] α close to {225} Greninger-Troiano {111} γ // {011} α , [5 12 17] γ // [7
Table II.1: Most common orientation relationships in steels [START_REF] Kurdjumov | Über den Mechanismus der Stahlhärtung[END_REF][START_REF] Nishiyama | X-ray investigation of the mechanism of the transformation from face centered cubic lattice to body centered cubic[END_REF][START_REF] Greninger | The Meehanism of Martensite Formation[END_REF].

From these crystallographic relations, it is possible to describe more accurately the lath martensite microstructure. Laths can be grouped in blocks and blocks in packets. Laths belong to the same packet if they have the same plane parallel relationship between closepacked planes. A block contains laths from different variants. Morito et al. [START_REF] Morito | The morphology and crystallography of lath martensite in Fe-C alloys[END_REF] even goes further by defining sub-blocks inside blocks. This is summarised figure II.3. The crystallographic definition of packets and blocks is further described in section II.1 .4. 

Bainite

Bainite is a metastable microstructure obtained after an austenite to ferrite transformation. The formation temperature of bainite is higher compared to martensite and it forms for intermediate cooling rates. It is a non-lamellar aggregate of lath-or plate-shaped ferrite, rich in dislocations, and cementite. Other carbides than cementite can precipitate, depending on the type of alloying elements. Nevertheless, bainitic microstructures where cementite is replaced by martensitic or austenitic areas do exist [START_REF] Zajac | Characterisation and Quantification of Complex Bainitic Microstructures in High and Ultra-High Strength Linepipe Steels[END_REF] and bainite without carbide can be formed [START_REF] Caballero | Very strong low temperature bainite[END_REF]. Bainitic ferrite nucleation happens at austenite grain boundaries but the bainitic ferrite cannot cross them [START_REF] Ko | The formation of bainite[END_REF].

Different types of bainite can be encountered, depending on composition and transformation temperature. Amongst them, upper bainite and lower bainite can be distinguished by their morphology and the arrangement of cementite. Upper bainite is organized in blocks of laths of ferrite where cementite precipitates in between the laths, figure II.4a [START_REF] Zajac | Characterisation and Quantification of Complex Bainitic Microstructures in High and Ultra-High Strength Linepipe Steels[END_REF]. Lower bainite can also have a lath-like morphology, except at higher carbon levels where it can have a plate-like microstructure. Cementite in lower bainite precipitates in the ferritic laths [START_REF] Zajac | Characterisation and Quantification of Complex Bainitic Microstructures in High and Ultra-High Strength Linepipe Steels[END_REF], see figure II.4b. Cementite longest axis is inclined at about 60°to the lath growth direction. Furthermore, the majority of the cementite particles are in contact with the lath boundary [START_REF] Zajac | Characterisation and Quantification of Complex Bainitic Microstructures in High and Ultra-High Strength Linepipe Steels[END_REF]. In lower bainitic microstructures, it is also possible to find cementite in between the lath. Lower bainite is characterized by a lower formation temperature than upper bainite, the limit between the two being considered around 350°C [START_REF] Bramfitt | A perspective on the morphology of bainite[END_REF], but the transition is not sharp. The formation of upper bainite happens for lower cooling rates than for lower bainite. Its formation at lower cooling rates is limited by the formation of pearlite. For lower bainite, its formation at higher cooling rates is limited by the formation of martensite. Nevertheless, the transition from upper to lower bainite is relatively insensitive to composition [START_REF] Hackenberg | Phase transformations in steels[END_REF]. The exact formation mechanism of the bainitic microstructure has been debated for several decades. Two different theories were competing. The first one defended a diffusioncontrolled transformation where the growth of bainite happens through the propagation of ledges, i.e. a series of steps on the transformation interface. The second one argued for a displacive mechanism, involving coordinated movement of many atoms accross a glissile interface. In the latter case, growth happens through the formation of successive sub-units. It was even suggested that upper bainite would form through a diffusion-controlled process while lower bainite formation would be displacive [START_REF] Fielding | The bainite controversy[END_REF]. The diffusion mechanism was defended by Aaronson [START_REF] Reynolds | A Summary of the Present Diffusionist Views on Bainite[END_REF], Hehemann [START_REF] Hehemann | A debate on the bainite reaction[END_REF] while the displacive mechanism by Bhadeshia [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF],

Bainitic lath Cementite

Edmonds [START_REF] Bhadeshia | Mechanism of Bainite Formation in Steels[END_REF], amongst others.

Both theories have tried to explain some experimental observations, such as surface relief, also observed in martensite formation, and incomplete transformation phenomenon (for some alloying compositions, the transformation does not go till completion) [START_REF] Hackenberg | Phase transformations in steels[END_REF].

In the diffusion-controlled mechanism, bainitic nucleation and growth are possible through a reconstructive mechanism. It means that the transformation involves a great reorganization of the crystal structure, that many bonds have to be broken while new ones must be formed. At first, diffusion of both interstitial and substitutional atoms was considered because it could explain the effect of alloying elements on the bainite transformation [START_REF] Fielding | The bainite controversy[END_REF]. The presence of a solute drag effect was suggested: elements segregate at the interface and slow down its movement. Nevertheless, diffusion of substitutional elements at the temperatures of interest is too low to exert a drag force. Therefore, a partitioning of carbon only, while the ratio in substitutional elements remains the same, was then considered. Carbon diffusion would happen at a short range [START_REF] Hackenberg | Phase transformations in steels[END_REF][START_REF] Fielding | The bainite controversy[END_REF]. This diffusion is necessary for the cementite and ferrite to grow simultaneously and cooperatively [START_REF] Fielding | The bainite controversy[END_REF]. More specifically, in the diffusion theory, ferrite growth happens by the movement of interfaces and the growth rate depends on their nature [START_REF] Hackenberg | Phase transformations in steels[END_REF]. For orientations where the matching between austenite and ferrite is poor, the interface is incoherent. For orientations where the matching is better, the interface is coherent or semi-coherent. Growth happens in this latter case through the migration of ledges in the normal direction [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. When the driving force of transformation is small, both types of interfaces move with the same velocity. When the driving force is high however, the incoherent interface is faster. The difference in velocity between these two types of interfaces results in anisotropic growth which gives plate-like ferrite precipitates. In the case of coherent or semi-coherent interfaces only, the anisotropic growth is said to come from a difference in inter-ledge spacing [START_REF] Hackenberg | Phase transformations in steels[END_REF]. The observed surface relief is explained by the arrival of successive waves of ledges at the free surface. This theory successfully predicted bainitic growth kinetics by considering that growth is controlled by carbon diffusion alone, but it was unable to take into consideration the contribution of carbide-former alloying elements in the incomplete transformation phenomenon [START_REF] Hackenberg | Phase transformations in steels[END_REF][START_REF] Fielding | The bainite controversy[END_REF].

In the displacive theory, bainite formation and growth can be explained through the existence of sub-units or platelets (plate or lath morphology). A first sub-unit of bainitic ferrite nucleates with carbon partitioning at an austenite grain boundary. While carbon diffusion happens during nucleation, growth is diffusionless, through the repeated formation of sub-units at the tip of others, to form sheaves of bainite [START_REF] Matsuda | Kinetics of the bainite transformation[END_REF]. These sheaves may adopt different morphologies, depending on the formation temperature [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. Sub-unit growth occurs by a shear mechanism, meaning the crystallographic change in structure is achieved by deformation of the lattice and not by diffusion. This is possible through a disciplined motion of atoms [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. The shape deformation associated with bainite formation is a combination of uniaxal dilatation and a large shear component [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF][START_REF] Swallow | High resolution observations of displacements caused by bainitic transformation[END_REF]. This shape deformation accounts for the presence of a surface relief experimentally observed, as in the case of martensite formation. The bainitic ferrite sub-units formed are supersaturated in carbon and the possible excess in carbon is then partitioned into the residual austenite. Carbide precipitation therefore happens after the formation of bainitic sub-units. The growth of sheaves is limited by the plastic relaxation in the adjacent austenite. The microstructural features relevant to this displacive mechanism are illustrated figure II.5 [START_REF] Matsuda | Kinetics of the bainite transformation[END_REF]. The displacive theory proposes a mechanism for the morphological differences observed in lower and upper bainite. In the case of upper bainite formation, the carbon partitions before precipitating, owing to the high formation temperature. For lower bainite however, the reduced transformation temperature induces a slower carbon diffusion: some of the carbon is trapped in the supersaturated ferrite and precipitates. This explains the differences observed between upper and lower bainite, see figure II.6 [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF].

From a thermodynamic point of view, in the case of a displacive mechanism, the transformation cannot happen above a defined T 0 temperature, dependent of the carbon concentration, at which austenite and ferrite of the same composition have the same free energy [START_REF] Hackenberg | Phase transformations in steels[END_REF][START_REF] Matsuda | Kinetics of the bainite transformation[END_REF]. The T' 0 temperature corresponds to a modification of T 0 which includes the strain energy of the bainite transformation. The difference between the actual formation temperature and T' 0 is the driving force of transformation. The transformation stops when the carbon concentration of the residual austenite exceeds the T' 0 curve, preventing the reaction from going to completion. This explains the observed incomplete reaction phenomenon [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. In this displacive mechanism, classical nucleation theory was proven unsuited. The latter predicts that the activation energy is inversely proportional to the square of the driving force for nucleation while it is directly proportional to the driving force for nucleation [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF][START_REF] Hackenberg | Phase transformations in steels[END_REF][START_REF] Matsuda | Kinetics of the bainite transformation[END_REF].

Sophisticated imaging and characterization techniques enabled a growing amount of evidence in favour of the displacive theory [START_REF] Fielding | The bainite controversy[END_REF]. Measurements of bainite sub-units growth have shown that it was many orders of magnitude greater than what could be assumed from carbon diffusion-controlled growth [START_REF] Caballero | Carbon supersaturation of ferrite in a nanocrystalline bainitic steel[END_REF]. This result suggests that the diffusion of carbon happens only after the formation of the bainitic sub-units, as in the displacive mechanism. Synchrotron X-rays studies also revealed that the austenite remained homogeneous before transformation and that carbon rejection into austenite before transformation was not happening

Carbon diffusion into austenite

Carbon diffusion into austenite and carbide precipitation in ferrite

Carbide precipitation from austenite [63]. Furthermore, the theory successfully predicted time-temperature-transformation and continuously-cooled-transformation diagrams [START_REF] Matsuda | Kinetics of the bainite transformation[END_REF] and was used for the design of new alloys [START_REF] Caballero | Very strong low temperature bainite[END_REF]. Bainite formation in the displacive theory shares many common features with martensite. As martensite, bainite shows an orientation relationship with parent austenite [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. The same orientation relationships previously exposed, KS, NW and GT, can be found in bainitic microstructures [START_REF] Ohmori | Microstructural evolutions with precipitation of carbides in steels[END_REF][START_REF] Bhadeshia | Bainite in steels[END_REF][START_REF] Toji | Effect of Si on the acceleration of bainite transformation by pre-existing martensite[END_REF]. The same definitions of packets, blocks and sub-blocks can therefore be applied to the bainitic microstructure [START_REF] Takayama | Effects of transformation temperature on variant pairing of bainitic ferrite in low carbon steel[END_REF]. The size of packets, blocks and laths is however coarser than what is found in martensite.

Allotriomorphic and Widmanstätten ferrite

Allotriomorphic ferrite is proeutectoid ferrite which nucleates at austenite grain boundaries and grows without a regular shape. Its shape is not dictated by its crystallographic structure but by adjacent crystals, which may impinge its growth [START_REF] Hackenberg | Phase transformations in steels[END_REF]. The carbon concentration in allotriomorphic ferrite is the one predicted by the iron-cementite phase diagram. Its formation temperature is relatively high compared to bainite and martensite, and allotriomorphic ferrite can be found for lower cooler rates than bainite. Its growth is controlled by diffusion: its formation happens through a reconstructive mechanism [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. The diffusion can be long-ranged because the migration of atoms is thermally activated. The austenite/ferrite interface is incoherent and moves isotropically. The motion of the interface is thermally activated: the higher the temperature, the higher the interface velocity [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. The formation kinetics of allotriomorphic ferrite can be modelled by a non-linear equation giving the relation between the fraction formed and time of transformation: it is the Johnson-Mehl-Avrami-Kolmogorov equation [START_REF] Hackenberg | Phase transformations in steels[END_REF].

Allotriomorphic ferrite can serve as a nucleation site for another type of ferrite, Widmanstätten ferrite. Widmanstätten ferrite has a plate structure, with coarse, elongated crystals, with a low amount of dislocations. Nevertheless, Widmanstätten ferrite forms through repeated nucleation events, rather than by involving a monolithic single crystal [START_REF] Spanos | New Insights into the Widmanstätten Proeutectoid Ferrite Transformation : Integration of Crystallographic and Three-Dimensional Morphological Observations[END_REF]. In fact, it has the same formation mechanism as bainite, through the formation of subunits and sheaves [START_REF] Matsuda | Kinetics of the bainite transformation[END_REF]. Like bainite, Widmanstätten ferrite is known to have an orientation relationship with parent austenite, a KS OR [START_REF] Watson | The crystallography of Widmanstätten ferrite[END_REF]. However, Widmanstätten ferrite forms at higher temperature and lower cooling rates than bainite and can be encountered with pearlite [START_REF] Krauss | Ferritic Microstructures in Continuously Cooled Low-and Ultralow-carbon Steels[END_REF].

Allotriomorphic and Widmanstätten ferrite present between them a low misorientation of 2 to 6°. It has been shown that Widmanstätten ferrite nucleation can happen in two different steps to keep this low misorientation while having a misorientation of 15°with the original allotriomorphic grain. The Widmanstätten plate resulting from the second nucleation has an increased growth velocity and a slightly altered growth direction compared to the first one [START_REF] Phelan | In situ observations of Widmanstätten ferrite formation in a low-carbon steel[END_REF]. 

Pearlite

Pearlite is a microstructure obtained by the eutectoid transformation of austenite into cementite and ferrite. Pearlite is made of lamellae which alternate ferrite and cementite, see figure II.8 [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. The interlamellar spacing is inversely proportional to the difference between the temperature of the eutectoid reaction and the actual transformation temperature. Nucleation can take place on ferrite, cementite or on a grain boundary [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. The nucleation site is primarily determined by the alloy composition [START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF]. Pearlite grows cooperatively and with diffusion, into the parent phase, as approximately spherically shaped grains. These grains are called nodules which in turn contain colonies, where all the plates are parallel. When growing colonies intercept grain or twin boundaries, individual lamella are either halted or abruptly change growth direction [73]. The interface between pearlite and austenite is incoherent. In some cases, the transformation front is translated by the movement of ledges [START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF]. During an isothermal treatment this lamellar structure evolves towards a globular microstructure, to minimize the interface energy of cementite lamellae with ferrite [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF].

A typical pearlite nodule is made of two interpenetrating single crystals of ferrite and cementite [73], which share a well-defined crystallographic orientation. The most common ones are the Pitsch/Petch and the Bagaryatski relationships. Both relationships can be found side by side in the same steel, with varying frequency. The Pitsch/Petch relationship is found for nodules which nucleate on austenite boundaries, while the Bagaryatski one for nodules that nucleated on hyper-eutectoid cementite. When pearlitic ferrite nucleates first, it has a KS OR with the adjacent austenite grain [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. Cementite can also be related to the parent austenite, by a Pitsch/Petch or a Farooque/Edmonds relationship [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF][START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF].
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Figure II.8: Secondary electron image of a pearlitic structure [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]: cementite corresponds to the phase in light grey.

.2 Continuous cooling transformation (CCT) diagram CCT vs TTT diagrams

Two types of diagrams exist to explore the possible phase transformations: either the time temperature transformation (TTT) diagram or the continuous cooling transformation (CCT) diagram. The former has been used a lot in research [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF][START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF] while the latter is rather used in industry [START_REF] Vieillard-Baron | Structures des réacteurs nucléaires -Aciers spéciaux[END_REF]. For this reason, in the present study, the focus is made on CCT diagrams.

In the case of TTT diagrams, the phase transformation is obtained by holding the system at a constant temperature [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]: the system is first rapidly cooled at the targeted temperature and held at this temperature for a long amount of time. In this case, it is easier to follow phase transformation kinetics as a function of time. Different temperatures are explored to obtain different microstructures. A high targeted temperature enables diffusion of both carbon and substitutional elements and hence favours reconstructive transformations. If a low temperature is targeted however, a displacive mechanism is more likely to take place, leading to the formation of bainite or martensite. In this diagram, temperature is a function of time.

In the case of a CCT diagram, the γ → α transformation is obtained by exploring different cooling rates. The phase transformations are different depending on the cooling rate: a fast cooling rate tends to favour displacive transformations such as martensite, while a slow cooling rate enables diffusion and therefore favours the formation of microstructures such as pearlite or allotriomorphic ferrite. In this diagram, temperature is a function of time or of cooling rate [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. The difference in the two diagrams is schematically illustrated in figure II.9. II.2 [START_REF] Marini | Effect of the bainitic and martensitic microstructures on the hardening and embrittlement under neutron irradiation of a reactor pressure vessel steel[END_REF][START_REF] Raoul | Effect of microstructure on the susceptibility of A533 steel to temper embrittlement[END_REF]. The carbon concentration differs of 0.05wt.% from one alloy to another. Nevertheless, it does not have the expected impact on the steels hardenability. The two alloys have similar concentrations in alloying elements other than carbon, see table II.2. The austenite domain temperatures, Ac 1 and Ac 3 , are close from one diagram to another. Both diagrams are divided in three different domains. The first one is ferritic (possibly pearlitic), for low cooling rates, and overlaps with the bainitic domain. The second domain is bainitic, and for both diagrams there are cooling rates for which the microstructure is fully bainitic. The third domain is martensitic, which in one case overlaps with the bainitic domain, see figure II.10a. It is however possible to obtain fully martensitic microstructures for cooling rates superior to 20°C.s -1 in both cases. The martensite start formation temperature is the same for both diagrams, around 400-430°C and is independent of cooling rate. The martensite finish formation temperature, M f , is around 250°C in both cases. The bainite start temperature, B s , is independent of cooling rate in one case, constant around 550-600°C, figure II.10a, but decreases with increasing cooling rate in the second case, figure II.10b. This dependence is even stronger for cooling rates where there is a transition from bainite to martensite: from 0.5 to 2°C.s -1 . For lower cooling rates, B s is about 550-600°C, as in figure II.10a. A great difference between the two CCT diagrams is the ferritic domain: even though the formation temperatures are close from one diagram to another, the cooling rates for which ferrite can be found are quite different. In one case, figure II.10a, ferrite can be encountered for a cooling rate as high as 0.3°C.s -1 while in the other, figure II.10b, a ten times lower cooling rate is needed. Even if both diagrams have the same austenitisation conditions, 1100°C for 30min, they do not have the same prior austenite grain size. In fact, there are many parameters that can influence the shape of CCT diagrams and more generally the phase transformation itself. For instance, parameters such as the austenite grain size, composition, cooling rate, can impact the observed CCT diagrams and the γ → α phase transformation. These parameters are discussed in the following section.

Pearlite

.3 Phase transformation and CCT diagrams: parameters of influence

Austenitisation and prior austenite grain Under equilibrium conditions, the austenite to ferrite transformation happens between 912°C and 727°C, for carbon concentrations up to 0.76wt.%. In CCT diagrams however, the phase transformation happens out of equilibrium and may depend on several parameters. For instance, the heating rate has an impact on the formation of austenite. Under equilibrium conditions, the start and end formation temperatures are noted Ae 1 and Ae 3 respectively, while Ac 1 and Ac 3 are used for the formation temperature in real conditions. Oliveira et al. [START_REF] Oliveira | Kinetics of austenite formation during continuous heating in a low carbon steel[END_REF] have shown in a low carbon steel that Ac 1 and Ac 3 decrease with decreasing heating rate, this effect being greater for Ac 3 than for Ac 1 .

The heating rate even has an influence on the austenite grain size distribution, as well as the austenitisation temperature. A fast heating rate leads to the nucleation of small initial austenite grains while a slow heating rate to the formation of less numerous, larger austenite grains: the heating rate determines the initial number of austenite nuclei.

Once the austenitisation temperature reached, growth of those nuclei depends on two factors. First, growth depends on solute segregation at grain boundary and on austenitisation temperature. If the austenitisation temperature is below a critical value, i.e. the breakaway temperature, solute segregation at the grain boundary reduces the boundary migration velocity, this being the solute drag effect. However, the difference in solute concentration between boundary and matrix is dependent on temperature. Above a critical value, this difference is reduced, hence diminishing the restraining force: the boundary migration velocity becomes independent of the solute, see figure II.11 [START_REF] Sheard | Examination of recrystallization and grain growth of austenite with the photoemission electron microscope[END_REF]. Second, grain growth depends on the initial austenite nuclei size: small grains and heterogeneous in size favours growth. Therefore, a fast heating rate and an austenitisation temperature above the breakaway one can lead to the formation of large austenite grains while a slow heating rate and a lower austenitisation temperature can give smaller austenite grains [START_REF] Sheard | Examination of recrystallization and grain growth of austenite with the photoemission electron microscope[END_REF][START_REF] Danon | Heterogeneous austenite grain growth in 9Cr martensitic steels: Influence of the heating rate and the austenitization temperature[END_REF]. The influence of austenitisation temperature and of the austenite grain size differs from one type of microstructure to another. The austenitisation temperature has no impact on the martensite start temperature (M s ) [START_REF] Umemoto | Effects of austenitising temperature & austenite grain size on the formation of athermal martensite in an Fe-Ni and Fe-Ni-C alloy[END_REF], unlike the austenite grain size: M s increases with increasing austenite grain size, but the importance of this dependency decreases with increasing grain size [START_REF] Lee | Effect of Austenite Grain Size on Martensitic Transformation of a Low Alloy Steel[END_REF][START_REF] Celada-Casero | The role of the austenite grain size in the martensitic transformation in low carbon steels[END_REF]. For low alloy steel and lath-like martensite, the austenite grain size contribution to M s can be calculated knowing the austenite grain volume, the volume fraction detection threshold as well as the aspect ratio of martensite plate [START_REF] Yang | Austenite grain size and the martensite-start temperature[END_REF]. Furthermore, under continuous cooling conditions, the martensite transformation rate is impacted by the prior austenite grain (PAG) size. For small PAGs, the transformation rate at initial stages is higher due to a higher density in nucleation sites. However, after the formation of a certain fraction of martensite, the transformation rate decreases rapidly in fine-grained microstructures, due to the strengthening of austenite: austenite resists the movement of the martensite/austenite interface, i.e. slows down the progress of the transformation [START_REF] Celada-Casero | The role of the austenite grain size in the martensitic transformation in low carbon steels[END_REF]. This explains the dependency observed between M s and the PAG size. The austenite grain size has as well an impact on the morphology of martensite. Grain refinement leads to more equiaxed laths [START_REF] Celada-Casero | The role of the austenite grain size in the martensitic transformation in low carbon steels[END_REF]: while the lath width is independent of the PAG size, their length scales with the PAG size [START_REF] Morito | The morphology and crystallography of lath martensite in Fe-C alloys[END_REF]. This is due to the shape of the semi-coherent interface between martensite and austenite: flat when the transformation is unconstrained, it curves when the surroundings are more constrained, as it occurs with grain refinement [START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF]. The block width, packet size and number decrease with decreasing size of austenite grains [START_REF] Morito | Effect of PAGS on crystallography and morphology of lath martensite in low carbon steels[END_REF][START_REF] Maki | The Morphology of Microstructure Composed of Lath Martensites in Steels[END_REF][START_REF] Graf | Investigation of size effects due to different cooling rates of as-quenched martensite microstructures in a low-alloy steel[END_REF].

The influence of austenite grain size on the bainite start (B s ) and end (B f ) formation temperatures under continuous cooling transformation conditions is unclear. Some [START_REF] Lee | Effect of austenite grain size on the transformation kinetics of upper and lower bainite in a low-alloy steel[END_REF] have reported a decrease in B s when reducing the austenite grain size and established an empirical formula to predict B s by taking into account austenite grains [START_REF] Kang | Prediction of bainite start temperature in alloy steels with different grain sizes[END_REF], while others did not observe any effect [START_REF] Yamamoto | Effects of the austenite grain size and deformation in the Unrecrystallised austenite region on bainite transformation behavior and microstructure[END_REF]. The rate of transformation however, can be affected. In steels where transformation is limited by the nucleation of bainitic sub-units (case 1), a decrease in grain size leads to an increase in transformation rate. On the contrary, in steels where it is limited by the growth rate of bainitic sheaves (case 2), the rate increases when increasing the austenite grain size, see figure II.12 [START_REF] Matsuzaki | Effect of austenite grain size and bainite morphology on overall kinetics of bainite transformation in steels[END_REF]. This results in a difference of morphology in the obtained bainitic microstructures. In the first case, the transformation is limited by the number of nucleation sites available. Therefore, a decrease in grain size leads to an increase in nucleation sites and in the transformation rate. In the second case, the nucleation rate is lower than growth rate: the growth is stopped by impingement with other sheaves [START_REF] Matsuzaki | Effect of austenite grain size and bainite morphology on overall kinetics of bainite transformation in steels[END_REF]. Furthermore, experimentally, the austenite grain size is never uniform and the calculated average may not be representative. For that reason, to fully account for the austenite to bainite phase transformation kinetics, Gouné et al. [START_REF] Gouné | Kinetics of bainite transformation in heterogeneous microstructures[END_REF] showed that it is necessary to sum up the contributions from individual grains.

Regarding the bainitic microstructure itself, smaller austenite grains lead to more refined bainitic microstructures [START_REF] Zhao | Effect of austenite grain size on the bainitic ferrite morphology and grain refinement of a pipeline steel after continuous cooling[END_REF]. For very small austenite grains, of a few microns, the size of the austenite grain is smaller than the bainite sub-unit. In this case, bainite is made of adjacent sub-units that cross the austenite grain boundary. Furthermore, kinetics transformation in this case is solely controlled by the nucleation rate at grain boundary [START_REF] Jacques | Experimental investigation of the influence of the austenite grain size on the mechanism and kinetics of the bainite transformation in steels[END_REF]. Allotriomorphic and Widmanstätten ferrite formation are affected by the austenite grain size as well. The Widmanstätten ferrite formation temperature slightly decreases with increasing grain size [START_REF] Bodnar | Effects of austenite grain size and cooling rate on Widmanstätten ferrite formation in low-alloy steels[END_REF]. Furthermore, it has been shown that coarse austenite grains favour the formation of this microstructure, leading to an increase in its volume fraction compared to the formation of other phases, such as polygonal ferrite [START_REF] Bodnar | Effects of austenite grain size and cooling rate on Widmanstätten ferrite formation in low-alloy steels[END_REF]. An increase in austenite grain size also leads to an increase in the thickness of allotriomorphic ferrite forming at prior austenite grain boundaries: the dependence is close to linear [START_REF] Otterberg | Influence of Widmanstätten ferrite on mechanical properties of microalloyed steels[END_REF]. However, the PAG size influences the allotriomorphic ferrite transformation kinetics: in the case of coarse austenite grains, the nucleation sites are saturated but growth rate is the limiting factor [START_REF] Capdevila | Austenite Grain Size Effects on Isothermal Allotriomorphic Ferrite Formation[END_REF]. This may explain why larger volume fractions in Widmanstätten ferrite are observed in microstructures with large austenite grain size.

Pearlite is more sensitive to the austenite grain size than bainite [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF][START_REF] Umemoto | Prediction of hardenability effects from isothermal transformation kinetics[END_REF]. An increase in austenite grain size favours the formation of pearlite compared to other microstructures which nucleate on grain boundaries, such as proeutectoid ferrite [START_REF] Aranda | Effect of prior austenite grain size on pearlite transformation in a hypoeuctectoid Fe-C-Mn steel[END_REF]. More precisely, pearlite can nucleate on either grain boundary or inclusions, and once either ferrite or cementite is nucleated, the surrounding conditions are ripe for the nucleation of the other constituent. Smaller grains promote faster kinetics of pearlite though [START_REF] Aranda | Effect of prior austenite grain size on pearlite transformation in a hypoeuctectoid Fe-C-Mn steel[END_REF], even if the volume fraction of pearlite may be smaller. This is explained by a higher number of nucleation sites. Furthermore, the size of the PAGs can affect the morphology of pearlite: Pickering and Garbarz [START_REF] Pickering | The effect of transformation temperature and prior austenite grain size on the pearlite colony size in vanadium treated pearlitic steels[END_REF] have shown that for coarse grains, pearlite exhibits a nodular structure, while fine grains pearlite consists rather in individual colonies, see figure II. [START_REF] Kagawa | Lattice parameters of cementite in Fe-C-X (X=Cr, Mn, Mo, and Ni) alloys[END_REF]. The size and the morphology of one colony of pearlite is reported not to be affected but others have found that an increase in austenite grain size leads to an increase in the size of pearlite colonies [START_REF] Aranda | Effect of prior austenite grain size on pearlite transformation in a hypoeuctectoid Fe-C-Mn steel[END_REF]. Besides austenite grain size, deformation provided to the austenite phase can change the characteristics of the obtained microstructures. For instance, ausforming, which corresponds to the deformation of austenite at a temperature below Ae 3 , followed by a martensitic or bainitic transformation, leads to the formation of microstructures with an improved strength and a small loss of ductility [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. This leads to a decrease in B s and a similar trend is observed for M s . The deformation reduces the size of austenite grains, leading to a more refined microstructure, due to the reduction in austenite grain size, and refined cementite particles [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF][START_REF] Edwards | The Morphology and Mechanical Properties of Bainite Formed from Deformed Austenite[END_REF]. The reduction in austenite grain size is associated with an increase in yield strength of the austenite matrix, therefore affecting the lath shape [START_REF] Van Bohemen | Exploring the correlation between the austenite yield strength and the bainite lath thickness[END_REF]. In addition, the daughter phase inherits the dislocation density of parent austenite which means the transformed phase has a greater density of dislocation. This has an effect on the transformation kinetics. Dislocations can speed up kinetics at initial stages by offering an increased number of potential nucleation sites for phase transformation or by increasing locally the carbon diffusion coefficient. Nevertheless, at a later stage, dislocations strengthen the remaining austenite which resists to the shape deformation associated with the growth of a lath: austenite is mechanically stabilised. To account for the retardation in the kinetics in the second stage of bainite transformation, van Bohemen [START_REF] Van Bohemen | Bainite growth retardation due to mechanical stabilisation of austenite[END_REF] has introduced a bainite growth factor B g which describes the dependence on the elastic strain energy: the greater is B g , the faster are the kinetics. This factor B g is inversely proportional to the elastic strain energy (G e ) involved in the formation of a lath, because this plays a great role in austenite resisting growth. B g is also proportional to the ratio between the volume of a nucleus (V n ) and the volume of a lath (V b ): a large lath volume leads to a greater movement of the α/γ interface, which means that the surrounding matrix undergoes more strain hardening. Finally, B g takes into account a thermodynamic criterion because it is proportional to the net driving force (∆G net ), defined as the difference between the driving force of the austenite to ferrite transformation and the elastic strain energy. Therefore, B g is expressed as :

B g = V n ∆G net V b G e (II.1)

Impact of alloying elements

Modifications on CCT diagrams and microstructures: Alloying elements and their concentration can have a great impact on the microstructures observed in a CCT diagram, over the range of cooling rates explored, as well as on the phase transformation temperature.

For low alloy steels, Andrews [START_REF] Andrews | Hardenability of steels[END_REF] proposed formulas to predict the impact of alloying elements on Ac 1 , Ac 3 and M s , with a precision of ±15°C, while Steven and Haynes proposed one for B s [START_REF] Stevens | Steel Tempering Mechanisms[END_REF], see table II Steven and Haynes formula The carbon concentration has a strong influence on Ac 3 , B s and even more on M s : a variation in 0.1% can lead to a difference in M s of 40°C. An increase in carbon content decreases the temperature range of the austenitic domain by reducing Ac 3 . It also leads to the decrease in B s and M s : this may be attributed to the corresponding increase in hardness of parent austenite, hence resisting transformation. This effect of composition on the martensite transformation kinetics is modelled by van Bohemen [START_REF] Van Bohemen | Bainite and martensite start temperature calculated with exponential carbon dependence[END_REF]. In the case of martensite, an increase in carbon concentration even changes its morphology: it becomes finer, as illustrated figure II.14 [START_REF] Maki | The Morphology of Microstructure Composed of Lath Martensites in Steels[END_REF]. A possible explanation may be found in the strengthening of the austenite phase with increasing amount of carbon, leading to a finer structure [START_REF] Van Bohemen | Martensite Formation in Partially and Fully Austenitic Plain Carbon Steels[END_REF][START_REF] Van Bohemen | Kinetics of the martensitic transformation in low-alloy steel studied by means of acoustic emission[END_REF]. As for bainite, carbon can have a direct influence on the type of bainite formed: high carbon concentrations favours the formation of lower bainite but lower bainite may not be obtained at all for low carbon concentrations. Conversely, upper bainite rather forms for low carbon concentrations and its formation can be suppressed by high carbon content [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF].

B s =830-270C-90Mn-37Ni-70Cr-83Mo
Carbon concentration has also an effect on the ferrite start F s temperature: an increase in carbon concentration leads to a decrease in F s [START_REF] Wang | Effects of Carbon Concentration and Cooling Rate on Continuous Transformations Predicted by Artificial Neural Network[END_REF]. For concentrations of carbon below 0.2 wt.%, the impingement of allotriomorphic ferrite grain boundaries minimises the formation of Widmanstätten ferrite [START_REF] Bodnar | Effects of austenite grain size and cooling rate on Widmanstätten ferrite formation in low-alloy steels[END_REF]. Therefore, Widmanstätten ferrite is less likely to form for carbon concentrations below 0.2 wt.%. Nevertheless, the precipitation of allotrimorphic ferrite can be retarded by the presence of molybdenum : in CCT diagrams, the ferritic domain is shifted towards slower cooling rates. The allotriomorphic ferrite growth is also decreased in presence of Mn, possibly due to a solute drag effect [START_REF] Bradley | Growth kinetics of grain boundary ferrite allotriomorphs in Fe-C alloys[END_REF][START_REF] Bradley | Growth kinetics of grain boundary ferrite allotriomorphs in Fe-C-X alloys[END_REF][START_REF] Oi | A study of the influence of Mn and Ni on the kinetics of the proeutectoid ferrite reaction in steels[END_REF].

Carbon content (wt.%) 0.1-0.2% 0.3% 0.4% 0.6% Pearlite, as well as allotriomorphic and Widmanstätten ferrite, can be affected by alloying elements. Molybdenum has an effect on pearlite morphology, since its interlamellar spacing, the distance between ferrite and cementite lamellae, increases with increasing Mo [START_REF] Parcel | Effect of Molybdenum and of Nickel on the Rate of Nucleation and the Rate of Growth of Pearlite[END_REF]. Manganese decreases the pearlite start temperature and retards precipitation, such as Mo: the perlitic domain is shifted towards slower cooling rates [START_REF] Parcel | Effect of Molybdenum and of Nickel on the Rate of Nucleation and the Rate of Growth of Pearlite[END_REF][START_REF] Zhang | Effect of Mn Content on Microstructure and Mechanical Properties of Bainite Wheel Steel[END_REF].

Manganese is known to be an austenite stabilizer [START_REF] De Moor | Austenite stabilization through manganese enrichment[END_REF][START_REF] Klueh | Manganese as an austenite stabilizer in FeCrMnC steels[END_REF]: it reduces both Ac 1 and Ac 3 . This can be explained by looking at the effect of Mn on the equilibrium diagram, see figure II.15a [START_REF] Bain | Alloying elements in steel[END_REF]: manganese minimises the temperature for complete austenite formation from an initial ferrite microstructure, especially for steels with a composition inferior to about 4wt.%. Molybdenum on the other hand, is a ferrite stabilizer, see figure II.15b [START_REF] Bain | Alloying elements in steel[END_REF]: the stability domain is greatly reduced even for concentrations of 2 wt.% in Mo. A similar trend is observed for other elements that are strong carbide formers such as Mo, and, with increasing carbon content comes an increasing amount of carbides at equilibrium.

Molybdenum and manganese addition has an effect on both bainite and martensite. They both decrease B s . For B f however, opposite trends are observed: Mo decreases B f while Mn increases it. The resulting bainitic microstructure is finer [START_REF] Zhang | Effect of Mn Content on Microstructure and Mechanical Properties of Bainite Wheel Steel[END_REF][START_REF] Kong | Effect of molybdenum on continuous cooling bainite transformation of low-carbon microalloyed steel[END_REF][START_REF] Hu | Effect of Mo Content on Microstructure and Property of Low-Carbon Bainitic Steels[END_REF]. Despite molybdenum and manganese having a similar effect on B s , especially for low concentrations, according to Andrews formulas table II.3, Mn has a more significant impact on M s than Mo. Nevertheless, surprisingly, Mo nor Mn have an impact on the as-quenched martensitic hardness [START_REF] Grange | Hardness of Tempered Martensite in Carbon and Low-Alloy Steels[END_REF].

Impact on nucleation and growth:

Alloying elements have an impact on the shape of CCT diagrams and on the resulting microstructures because they can affect nucleation and growth kinetics. To understand their contribution, the distinction must be made between reconstructive and displacive transformations.

In the case of reconstructive transformations, alloying elements can affect both nucleation and growth. These alloying elements can retard nucleation for reconstructive transformations. For instance, carbide formers, such as Mo, are known to retard the pearlite nucleation [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF][START_REF] Parcel | Effect of Molybdenum and of Nickel on the Rate of Nucleation and the Rate of Growth of Pearlite[END_REF] while other alloying elements can segregate at grain boundaries, changing locally the nucleation chemical driving force. This is the case of boron which retards the ferrite formation. As a result, boron favours the formation of Widmanstätten ferrite whose transformation does not require the rearrangement of iron atoms [START_REF] Sakuma | Microstructures of isothermally transformed Fe-Nb-C alloys[END_REF]. Mo and Mn both decrease the allotriomorphic nucleation rate. In the case of Mn, this is probably due to a decrease in the austenite/austenite boundary energy greater than the decrease in austenite/ferrite grain boundary energy. In the case of Mo, its slow diffusion affects reconstructive transformations [START_REF] Khare | Relative effects of Mo and B on ferrite and bainite kinetics in strong steels[END_REF]. For a certain high temperature range however, it is possible to find faster ferrite formation in the presence of Mo. A smaller nucleation rate in the presence of Mo enables the few allotriomorphic particles to grow in all directions, while the numerous allotriomorphic ferrite particles in the absence of Mo rapidly thicken in one dimension only and this leads to slower kinetics [START_REF] Khare | Relative effects of Mo and B on ferrite and bainite kinetics in strong steels[END_REF].

As for growth during reconstructive transformation, exchanges in interstitial and substitutional elements happen at the α/γ interface. While carbon diffuses rapidly, other alloying elements, such as Mo and Mn, are more hardly exchanged. The establishment of local equilibria at the atomic scale must be considered. Three different modes can be distinguished, depending on the distribution of carbon and of other alloying elements at the interface [START_REF] Hillert | Phase equilibria, phase diagrams and phase transformations[END_REF]. The main objective is to correctly model the growth of the interface and the distribution in elements.

Schematics of the concentrations expected at the interface for each mode is shown in figure II.16 [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF], as well as the concentration profiles in case of partial carbon supersaturation and in case of martensitic transformation. In the first mode, the partitioning local equilibrium (PLE), a local thermodynamic equilibrium is assumed at the interface only. The carbon and the substitutional element must keep pace with the interface despite very different diffusion coefficients. In this case, the gradient of carbon in the austenite is minimised and there is a long-range partitioning of the substitutional element. In the second mode, the negligible partitioning local equilibrium mode (NPLE), local equilibrium is assumed at the interface as well. However, it is considered that there is no partitioning in substitutional element, ferrite and austenite having nearly the same concentration. The composition in substitutional element is constant except at the interface where there is a peak, with an estimated width of 0.1nm. The gradient in composition plays a major role in compensating for the substitutional atom low diffusion coefficient. In the third mode, the paraequilibrium one, there is no redistribution in substitutional atoms and the ratio between iron and substitutional elements remains the same even at the interface. Only carbon concentration has a gradient at the interface.

The three different types of equilibria listed previously can be encountered for decreasing temperature [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]: the paraequilibrium mode is encountered at lower temperatures than the partitioning local equilibrium mode. The change from one mode to another happens at a transition temperature: the change is not gradual.

For the case of pearlite, its characteristics change depending on the equilibrium mode during growth. In the case of PLE, this mode slows down growth kinetics and there is an increase in interlamellar spacing, i.e. an increase in the spacing between ferrite and cementite lamellae. In the case of NP-LE, the spacing is constant. If pearlite forms in the paraequilibrium mode, neither ferrite nor cementite has the composition expected at equilibrium [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF]. Figure II.17 shows the difference in pearlite morphology for PLE and NPLE modes [START_REF] Durand-Charre | La microstructure des aciers et des fontes[END_REF].

In the case of displacive transformation, such as bainite or martensite, substitutional atoms do not diffuse at all. The impact of the observed effects of solutes on rate transformation must be attributed in this case to the change in relative stabilities between austenite and the formed ferrite [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. In martensitic transformation, the low temperature at which it occurs implies no diffusion of carbon [START_REF] Kelly | Phase transformations in steels[END_REF], see the concentration profile figure II. [START_REF] Kramer | The free energy of formation and the interfacial enthalpy in pearlite[END_REF]. In bainite formation however, even if there is no diffusion of substitutional atoms, the temperature at which bainite forms allows for carbon diffusion, see the composition profile "Partial C supersaturation", figure II. [START_REF] Kramer | The free energy of formation and the interfacial enthalpy in pearlite[END_REF]. Even if the sub-units of bainite form without diffusion of carbon, the carbon content has still an impact on the lengthening of the sheaves of bainite, since greater carbon concentrations lead to a decrease in the lengthening rate [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF].

Impact of cooling rate

For a given alloy composition, the cooling rate can have an impact on the phase transformation as well as on the obtained microstructures. Martensite is formed through a diffusionless mechanism: the reaction is athermal, not thermally activated. For that reason, M s is independent of the cooling rate and therefore constant. Furthermore, the cooling rate has no impact on the block nor packet size [START_REF] Graf | Investigation of size effects due to different cooling rates of as-quenched martensite microstructures in a low-alloy steel[END_REF]. In the case of bainite however, the cooling rate can have an impact on the type of bainite obtained [START_REF] Bramfitt | A perspective on the morphology of bainite[END_REF]: the morphology changes depending on whether the cooling is continuous or faster at first and then slows down, see figure II.18 [START_REF] Bramfitt | A perspective on the morphology of bainite[END_REF]. Furthermore, B s is affected as well: it decreases with increasing cooling rate [START_REF] Wang | On the influence of alloying elements on the bainite reaction in low alloy steels during continuous cooling[END_REF]. For phases formed at higher temperatures, the cooling rate can influence as well the transformation. For instance, Widmanstätten ferrite microstructure is refined with increasing cooling rate, as it is the case for pearlite [START_REF] Wu | Extremely fine pearlite by continuous cooling transformation[END_REF], and the start and end formation temperature slightly decrease with increasing cooling rate [START_REF] Bodnar | Effects of austenite grain size and cooling rate on Widmanstätten ferrite formation in low-alloy steels[END_REF]. This dependency of the start formation temperature with cooling rate is observed as well for ferrite, but more markedly [START_REF] Wang | Effects of Carbon Concentration and Cooling Rate on Continuous Transformations Predicted by Artificial Neural Network[END_REF]. X is the alloy composition in substitutional solute, x αγ and x γα are the composition in ferrite and austenite, respectively, assuming thermodynamic equilibrium at the interface, x αγ P and x γα P are the compositions at paraequilibrium [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. [START_REF] Mackenzie | Second Paper on Statistics Associated with the Random Disorientation of Cubes[END_REF] and axis (II.19b) [START_REF] Mackenzie | The distribution of rotation axes in a random aggregate of cubic crystals[END_REF] distributions in cubic crystals.

.4 Misorientation and orientation relationships Misorientation after phase transformation

As explained in section II.1 .1, some microstructures have an orientation relationship (OR) with the parent austenite phase. For bainite and martensite, this means that after transformation, laths, blocks and packets have specific misorientation between them, in terms of angles and axes, depending on the variants formed after transformation. In the absence of OR, in cubic crystals, the microstructure has a distribution of grain boundary misorientation angles that is described by the McKenzie distribution [START_REF] Mackenzie | Second Paper on Statistics Associated with the Random Disorientation of Cubes[END_REF], figure II.19a. Polygonal ferrite, for instance, has a misorientation angle distribution which tends to a McKenzie one. McKenzie also predicted the distribution of misorientation axes in inverse pole figure, figure II.19b [START_REF] Mackenzie | The distribution of rotation axes in a random aggregate of cubic crystals[END_REF]. When the microstructure has a specific OR however, the boundary misorientation angle distribution differs from the McKenzie one, with, for example, a higher proportion of high angle boundaries (HAGB), defined as superior to 50°. The misorientation axis distribution may differ as well, with, for example, a preferred misorientation around the [START_REF] Bradley | Growth kinetics of grain boundary ferrite allotriomorphs in Fe-C alloys[END_REF] axis.

Experimentally, austenite has transformed into ferrite. Therefore, to predict the misorientation angle and axis distributions resulting from an OR with austenite, such as KS, what is actually calculated is misorientation between variants of the KS OR. In that sense, it is the KS/KS misorientation relationship which is measured. Furthermore, it is possible for different ORs to coexist in the same sample. In that case, misorientation between variants of different ORs must be calculated. For example, it is possible to determine the KS/NW misorientation relationship. Table II.4 gives the misorientation angles and axes which are susceptible to be found in KS/KS, KS/NW, NW/NW [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF] and GT/GT misorientation relationships.

Chapter II. Impact of alloying elements on model alloys phase transformation KS/KS [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF] Angle (°) 10. [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF] [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF] and GT/GT misorientation relationships. Since some rotation axes have irrational indexes, they were approximated by low index crystallographic axes. The offset angle between the actual axes and the low-index axes is specified.

Misorientation in microstructures with an orientation relationship

Theoretically, each prior austenite grain can transform into 12 or 24 different variants, depending on the OR. Experimentally however, in bainite and martensite, all variants do not have the same probability to form [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF][START_REF] Cabus | Orientation relationship between austenite and bainite in a multiphased steel[END_REF]. This can be seen by comparing the theoretical misorientation angle distribution where all variants are equiprobable, with experimental distributions. Figure II.20 shows the experimental misorientation angle distributions of lower bainite and martensite (II.20a), both having a KS OR with parent austenite, with the theoretical KS/KS misorientation angle distribution (II.20b) [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF]. Martensite, lower and upper bainite rather show bimodal misorientation angle distributions, with boundaries with low misorientation, below 20°, and boundaries with high misorientation, of 50°or more. The relative frequency of the low and high angle boundaries may change from one microstructure to another. For instance, upper bainite has fewer high angle boundaries but a greater number of low angle boundaries, while, comparatively, lower bainite and martensite display a high proportion of highly misoriented boundaries and fewer low angle boundaries (<20°) [START_REF] Zajac | Characterisation and Quantification of Complex Bainitic Microstructures in High and Ultra-High Strength Linepipe Steels[END_REF][START_REF] Long | Carbide-free bainite in medium carbon steel[END_REF][START_REF] Beladi | The distribution of intervariant crystallographic planes in a lath martensite using five macroscopic parameters[END_REF]. Furthermore, in lower bainite, high angle grain boundaries (HAGBs) are often twin related, i.e. they have a misorientation of 60°around the [START_REF] Bradley | Growth kinetics of grain boundary ferrite allotriomorphs in Fe-C-X alloys[END_REF] axis. Twin boundaries are also quite frequent boundaries in martensite, but misorientation around the [START_REF] Bradley | Growth kinetics of grain boundary ferrite allotriomorphs in Fe-C alloys[END_REF] axis is common as well [START_REF] Beladi | The distribution of intervariant crystallographic planes in a lath martensite using five macroscopic parameters[END_REF]. As a general trend, the proportion of boundaries with a misorientation superior to 15°increases with decreasing formation temperature [START_REF] Reichert | Quantifying the effect of Nb and Mo on transformation products using advanced EBSD analysis[END_REF].

The misorientation in the range of 20°-45°represents in microstructures that have an OR, the misorientation inherited from the prior austenite grain boundaries [START_REF] Beladi | The distribution of intervariant crystallographic planes in a lath martensite using five macroscopic parameters[END_REF]. As can be seen in table II.4, none of the possible misorientation relationships contain values in this range.

In the case of Widmanstätten ferrite, a bimodal misorientation angle distribution would be expected as well, since it has a KS OR with austenite. The low angle boundaries are rather found inside Widmanstätten plates which may be formed of many individual misoriented crystals [START_REF] Spanos | New Insights into the Widmanstätten Proeutectoid Ferrite Transformation : Integration of Crystallographic and Three-Dimensional Morphological Observations[END_REF]. This orientation gradient inside Widmanstätten plates may be be discontinuous due to the formation of subgrains [START_REF] Cayron | EBSD imaging of orientation relationships and variant groupings in different martensitic alloys and Widmanstätten iron meteorites[END_REF].

Crystallographic definition of packets and blocks in martensite and bainite

In bainite and martensite, packets and blocks were originally defined using metallographic considerations. Nevertheless, it is possible to give a crystallographic definition to these concepts. Moreover, there may not be any correspondence between the metallographic (or morphologic) packets and blocks and the crystallographic ones [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF][START_REF] Rancel | Measurement of bainite packet size and its influence on cleavage fracture in a medium carbon bainitic steel[END_REF]. To be able to differentiate variants from the same packet or from the same block, it is necessary to explain briefly the two ways variants can be sorted out.

Variants can be divided into groups sharing the same close-packed plane relationship, for instance {111} γ parallel to {011} α . Another way to sort them out is in three Bain groups. The Bain transformation predicts a compression lying along one of the three cubic axes of austenite, see figure II.2 [START_REF] Bain | The nature of martensite[END_REF]. Variants belonging to the same Bain group correspond to variants coming from the compression of the same austenite axis, for instance the [START_REF] Van Bohemen | Exploring the correlation between the austenite yield strength and the bainite lath thickness[END_REF] γ axis [START_REF] Song | Phase-field simulation of austenite growth behavior: Insights into the austenite memory phenomenon[END_REF]. More precisely, variants coming from one Bain group follows one of the three following relationships [START_REF] Takayama | Effects of transformation temperature on variant pairing of bainitic ferrite in low carbon steel[END_REF]:

1. B 1 : [001] γ //[100] α , [100] γ //[110] α , [010] γ //[110] α ; 2. B 2 : [100] γ //[001] α , [010] γ //[110] α , [001] γ //[110] α ; 3. B 3 : [010] γ //[001] α , [001] γ //[110] α , [100] γ //[110] α .
Variants coming from the same Bain group share a misorientation of maximum 20°, while variants from different Bain groups have a misorientation between 50 and 60° [START_REF] Takayama | Effects of transformation temperature on variant pairing of bainitic ferrite in low carbon steel[END_REF][START_REF] Reichert | A New Approach Using EBSD To Quantitatively Distinguish Complex Transformation Products Along the HAZ In X80 Linepipe Steel[END_REF].

As a result, neighbouring variants sharing the same close-packed plane relationship are said to belong to the same packet. This packet contains variants coming from each of the three Bain groups. Inside this packet, variants coming from the same Bain group are said to belong to the same block. For that reason, block boundaries have a misorientation of 50°or more. Inside this block, the sub-blocks found with a misorientation inferior to 20°are each variants sharing the same Bain group [START_REF] Morito | The morphology and crystallography of lath martensite in Fe-C alloys[END_REF][START_REF] Takayama | Effects of transformation temperature on variant pairing of bainitic ferrite in low carbon steel[END_REF].

Figure II.21 shows on a stereographic projection, for a KS OR, how the variants are sorted out depending on whether they are differentiated using the close-packed plane relationship or the Bain group criterion [START_REF] Takayama | Effects of transformation temperature on variant pairing of bainitic ferrite in low carbon steel[END_REF]. A similar classification can be made with the variants coming from a NW or a GT OR [START_REF] He | Observations of the Gibeon meteorite and the inverse Greninger-Troiano orientation relationship[END_REF].

Parameters influencing variant formation in bainitic and martensitic microstructures

The austenite grain size can influence the amount of variants found per austenite grain. In the case of martensite, smaller grains lead to less numerous variants per grain. In very small grains, i.e. of a micrometer large, the highest elastic strains develop parallel to the laths. This encourages the repeated nucleation of laths parallel to each other: this favours the growth of the first nucleated variant. In larger grains, the highest elastic strains are along the transverse direction. For that reason, several different variants are formed: the number of packets increases as well as the block width [START_REF] Celada-Casero | The role of the austenite grain size in the martensitic transformation in low carbon steels[END_REF][START_REF] Yeddu | Phase-field modeling of austenite grain size effect on martensitic transformation in stainless steels[END_REF]. In bainitic microstructures, below a critical value of grain size, a single block is formed: the packet size increases with the austenite grain size. Above this value, each grain is transformed into several blocks with different orientations [START_REF] Rancel | Measurement of bainite packet size and its influence on cleavage fracture in a medium carbon bainitic steel[END_REF]. Furthermore, austenite grain boundary plays an significant role on variant selection at early stages of austenite to bainite transformation. Furuhara et al. [START_REF] Furuhara | Variant selection in grain boundary nucleation of upper bainite[END_REF] have shown that the forming lath tries to keep a KS OR with the opposite austenite grain as well, the deviation between the KS OR being small. Furthermore, the parallel close-packed direction of the KS variant is nearly parallel to the grain boundary plane. This direction also corresponds to the longitudinal direction of the lath. The austenite grain boundary role diminishes as transformation progresses: variant selection becomes dominated by plastic accommodation effects. In this case, the formation of identically oriented adjacent laths is preferred, leading to the coarsening of bainite block size [START_REF] Furuhara | Variant selection in grain boundary nucleation of upper bainite[END_REF]. Moreover, deformation induced to austenite grain prior to the bainite formation leads to a decrease in the number of variants per austenite grain [START_REF] Cabus | Orientation relationship between austenite and bainite in a multiphased steel[END_REF].

Variant formation can as well be influenced by both formation temperature and carbon composition. For lath martensite, an increase in carbon content comes with a decrease in formation temperature. This leads to the formation of martensite with a higher amount of blocks per packet, decreasing the block size. In this case, each block is made of one variant, while for lower carbon concentration and higher formation temperature, sub-blocks are present in each block [START_REF] Morito | The morphology and crystallography of lath martensite in Fe-C alloys[END_REF][START_REF] Takayama | Effects of transformation temperature on variant pairing of bainitic ferrite in low carbon steel[END_REF][START_REF] Furuhara | Crystallography of upper bainite in Fe-Ni-C alloys[END_REF].

In the case of bainite, an increase in carbon content leads to block coarsening, meaning it favours particular crystallographic variants [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF][START_REF] Furuhara | Crystallography of upper bainite in Fe-Ni-C alloys[END_REF]. For a given carbon composition, the formation temperature has an influence too: Reichert et al. [START_REF] Reichert | A New Approach Using EBSD To Quantitatively Distinguish Complex Transformation Products Along the HAZ In X80 Linepipe Steel[END_REF] have observed fewer variants expressed in upper bainite than in lower bainite, where transformation temperatures are different. As temperature decreases, the amount of blocks per packet increases, but bainite formed both at high and low temperature contains sub-blocks. Another way to describe this evolution is by looking at the way variant pair with each other. Variants belonging to the same Bain group tend to form adjacently for bainite with a high formation temperature. More precisely, variant pairs that have a small misorientation are preferred. As the transformation temperature drops, variants sharing the same close-packed plane relationship are favoured. Moreover, the variant pair with a 60°misorientation around the [START_REF] Bradley | Growth kinetics of grain boundary ferrite allotriomorphs in Fe-C-X alloys[END_REF] axis is more frequent [START_REF] Takayama | Effects of transformation temperature on variant pairing of bainitic ferrite in low carbon steel[END_REF]. The evolution of crystallographic characteristics of bainite and lath martensite with carbon content and formation temperature is schematically presented figure II.22 [START_REF] Furuhara | Crystallography of upper bainite in Fe-Ni-C alloys[END_REF].

In the case of bainite, the influence of temperature and carbon composition on variant formation can be understood in terms of driving force. An increase in temperature or carbon content both increase the variant selection: they both reduce the driving force available for austenite to bainite transformation. However, in the case of a great driving force for bainite formation, the activation energy for nucleation between the variants is smaller: more variants are able to form and variant selection is reduced, see figure II.23 [START_REF] Furuhara | Crystallography of upper bainite in Fe-Ni-C alloys[END_REF]. In the case of martensite however, the dominant parameter in variant formation is not the change in driving force. A combination of variants that can accommodate the transformation strain more efficiently are preferred [START_REF] Morito | The morphology and crystallography of lath martensite in Fe-C alloys[END_REF][START_REF] Takayama | Effects of transformation temperature on variant pairing of bainitic ferrite in low carbon steel[END_REF][START_REF] Lambert-Perlade | Austenite to bainite phase transformation in the heat-affected zone of a high strength low alloy steel[END_REF]. Plastic strain accommodation in austenite becomes more difficult in case of lowered temperature or increasing carbon content due to austenite strengthening. An increase in carbon content leads to a decrease in packet and block size, with the presence of an increased number of blocks. In high carbon alloys, due to solution hardening, the strain of martensitic transformation cannot be easily relieved by plastic accommodation in the austenite matrix. For this reason, self-accommodation by the combination of variants takes place more extensively and Morito et al. [START_REF] Morito | The morphology and crystallography of lath martensite in Fe-C alloys[END_REF] have shown that this arrangement presents the lowest shape strain. 

Misorientation and mechanical properties

Under service conditions, the nuclear component is subjected for decades to thermomechanical solicitations and, for the vessel especially, to neutron irradiation. Due to these conditions, solute alloy elements and impurities segregate and precipitate, and are the cause of embrittlement mechanisms. The microstructure plays a key role here for two reasons. First, these segregations and precipitations are microstructure-dependent i.e. the misorientation angle/axis pair, as well as the boundary plane, have an influence on the segregations of impurities, such as phosphorus [START_REF] Zhang | Investigation of solute segregation behavior using a correlative EBSD/TKD/APT methodology in a 16MND5 weld[END_REF]. As a general trend, high angle boundaries, with a misorientation superior to 50°, are found to have a higher segregation level in both interstitial and substitutional elements. Nevertheless, segregation is lower for grain boundary planes with low Miller indexes [START_REF] Zhang | Investigation of solute segregation behavior using a correlative EBSD/TKD/APT methodology in a 16MND5 weld[END_REF]. Second, the microstructure plays a key role because the component can undergo embrittlement by the weakening of the interfaces, which is microstructure-dependent as well. While the grain size is usually considered to have a great impact for this type of embrittlement, the initial microstructure also comes into consideration. For instance, low alloy steels with a martensitic microstructure are more sensitive to embrittlement due to thermal ageing than an equivalent steel with a bainitic microstructure [START_REF] Raoul | Effect of microstructure on the susceptibility of A533 steel to temper embrittlement[END_REF][START_REF] Capus | Temper embrittlement in steel[END_REF]. Furthermore, neutron irradiation and thermal ageing can trigger intergranular fracture in coarse-grained martensite but not in coarse-grained bainite [START_REF] Marini | Effect of the bainitic and martensitic microstructures on the hardening and embrittlement under neutron irradiation of a reactor pressure vessel steel[END_REF].

High angle boundaries have also an influence on cleavage fracture since they have the ability to arrest or deviate cleavage cracks [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF][START_REF] Bouyne | Use of EBSD technique to examine microstructure and cracking in a bainitic steel[END_REF][START_REF] Bhattacharjee | Charpy-Impact-Toughness Prediction using an " Effective " Grain Size for Thermomechanically Controlled Rolled Microalloyed Steels[END_REF]. In the case of bainite, grains defined with a misorientation superior to 15°are the microstructural unit that governs cleavage crack propagation, meaning these grains are the region within which the crack propagates in a nearly straight way. Below this value, the crack front ignores boundaries [START_REF] Rancel | Measurement of bainite packet size and its influence on cleavage fracture in a medium carbon bainitic steel[END_REF][START_REF] Bhattacharjee | Charpy-Impact-Toughness Prediction using an " Effective " Grain Size for Thermomechanically Controlled Rolled Microalloyed Steels[END_REF]. For lath martensite, the microstructural unit governing cleavage crack propagation appears to be the block [START_REF] Morris | Microstructure and cleavage in lath martensitic steels[END_REF].

Smaller block size therefore favours better toughness. As a matter of fact, this means more blocks per packet and a higher proportion of high angle boundaries that can resist crack propagation. In the case of bainite, this can be obtained by the following means: by reducing austenite grain size, ensuring a random crystallographic texture in austenite, low formation temperature, transformation from unstressed and undeformed austenite [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF].

For lath martensite, it is obtained with increasing carbon content and decreasing formation temperature, with an austenite grain size superior to a few microns.

Experimental CCT diagrams and associated microstructures

The model alloys are austenised at 1200°C for 5 min followed by another step at 890°C for 5 min, as optimised in chapter I, section 4 . The average austenite grain size is of 93µm for FeCMo, 96µm for FeCMn and 85µm for FeCMoMn. The model alloys CCT diagrams are established using dilatometry: see appendix A .2 for description of the experimental technique, and appendix B for data analysis. The details of other experimental techniques used for establishing CCT diagrams, such as hardness measurements, are exposed in appendix A .3.

.1 CCT diagrams of the model alloys

The CCT diagrams of the model alloys, figure II.24, cover cooling rates from 300°C.s -1 to 0.5°C.s -1 for ternary alloys and to 0.1°C.s -1 for FeCMoMn. Micrographs for some of the cooling rates are presented figure II. [START_REF] Barcelo | Metallurgical characterization of micro-heterogeneities in a 16MND5 forging[END_REF].

The alloys containing molybdenum have similar CCT diagrams, figures II.24a and II.24c. These diagrams are split in two clear domains: one fully bainitic with a rather constant formation temperature, and one fully martensitic. However, for the FeCMn alloy, while there is a fully martensitic domain, there is no fully bainitic domain (figure II.24b).

For the FeCMo and FeCMn alloys, the fully martensitic domain exists for cooling rates from 100°C.s -1 to 300°C.s -1 . For FeCMoMn, it goes from 30 to 300°C.s -1 . In this domain, the formation temperature (M s ) is close for all the alloys, with an average value of 430°C, and the microstructures are similar, see figures II.25a, II.25d and II.25g. The experimental M s value is comparable to what Andrews empirical equation predicts: 451°C for FeCMo, 414°C for FeCMn and 406°C for FeCMoMn. In that domain, the Vickers hardness is rather constant with cooling rate, with close values for all compositions. Combining molybdenum and manganese decreases the martensite finish temperature (M f ): in the quaternary alloy M f is in average 290°C while for the ternary alloys the average M f is between 320°C and 340°C.

For the FeCMo and FeCMoMn alloys, the domain is fully bainitic for cooling rates between 30°C.s -1 and 2°C.s -1 , and between 10°C.s -1 and 0.1°C.s -1 , respectively. In the case of FeCMn, EBSD measurements performed on the alloy showed that the fraction of martensite increases with the cooling rate, for cooling rates between 20°C.s -1 and 10°C.s -1 . This is coherent with the evolution of the Vickers hardness. This is further detailed later in section II. [START_REF] Im | Effects of carbide precipitation on the strength and Charpy impact properties of low carbon Mn-Ni-Mo bainitic steels[END_REF] In the FeCMo and FeCMoMn systems, the bainitic microstructure becomes coarser with decreasing cooling rates according to optical observations, see figures II.25b, II.25c and II.25h, II.25i. In these alloys, bainite is the main microstructure even for cooling rates as low as 0.5°C.s -1 in the FeCMo alloy and 0.1°C.s -1 in FeCMoMn. Nevertheless, ferrite precipitates at grain boundaries in the FeCMo alloy, for cooling rates equal to 1 and 0.5°C.s -1 (figure 2c). The formation of ferrite could not be detected by dilatometry, see figure II.24a. For the FeCMn composition, the microstructure is a mix of allotriomorphic ferrite, Widmanstätten ferrite and bainite, for cooling rates of 5°C.s -1 and below. Observing the presence of allotriomorphic and Widmanstätten ferrite together is not surprising since the Widmantstätten ferritic laths nucleate on allotriomorphic ferrite grains, with a low misorientation angle between them [START_REF] Phelan | In situ observations of Widmanstätten ferrite formation in a low-carbon steel[END_REF][START_REF] Ohmori | Morphology of bainite and Widmanstätten ferrite[END_REF]. Furthermore, the formation of Windmanstätten ferrite is favoured in the present study by the large size of the prior austenite grains. For cooling rates lower than 5°C.s When comparing the FeCMoMn CCT diagram with a 20MND5 CCT diagram [START_REF] Marini | Effect of the bainitic and martensitic microstructures on the hardening and embrittlement under neutron irradiation of a reactor pressure vessel steel[END_REF], with similar prior austenite grain size, figures II.24c and II.10a, many similarities are found. For instance, the martensite and bainite formation temperatures are the same and the cooling rate at which the bainitic domain starts (10°C.s -1 ) is also similar. However, the industrial steel diagram has a range of cooling rates for which the martensitic and bainitic domain overlap, which is not the case in the quaternary model alloy. Furthermore, ferrite precipitates at 0.3°C.s -1 and below in the industrial diagram, while no ferrite is present at grain boundaries in the FeCMoMn alloy for the lowest cooling rates. This is due to the higher concentration in molybdenum in the model alloy compared to the industrial 20MND5 steel. Despite these differences, the FeCMoMn and 20MND5 CCT diagrams are almost the same. It means that Mo and Mn here play a great role in explaining the phase transformations in the industrial alloy, and that the other alloying elements only have a small contribution to explaining the diagram.

.Hardness evolution with cooling rate

The evolution of the Vickers hardness with cooling rate is given figure II.27. Despite different CCT diagrams, the ternary alloys have similar hardness variations with cooling rate and close hardness values. It means that Mo and Mn have the same effect on hardness for a given cooling rate, despite different microstructures. For example, the FeCMn mix of allotriomorphic and Widmanstätten ferrite with pearlite cooled at 2°C.s -1 has the same hardness value as the FeCMo bainite cooled at 2°C.s -1 . For bainitic microstructures and for compositions around 1wt.% of Mo or Mn, Irvine and Pickering have reported that hardness is expected to be similar [START_REF] Irvine | The tempering characteristics of low-carbon lowalloy steels[END_REF]. In the quaternary alloy, Vickers hardness evolution with cooling rate is the same as in the ternary alloys, but shifted towards lower cooling rates by a factor of ten. Furthermore, the hardness values and hardness evolution with cooling rate for the quaternary alloy are similar to the ones of 20MND5 steel [143], see figure II.27. Similar CCT diagrams and hardness values indicate that the FeCMoMn alloy can be used as a fair model for studying microstructures of 16 to 20MND5 type of steels. For all three model alloys, the Vickers hardness evolution can be divided into three domains, relying on the hardness evolution figure II.27: two domains where hardness is constant and one where hardness increases with increasing cooling rate. The first domain exists for cooling rates of 5°C.s -1 and lower, in the case of ternary alloys. It exists for cooling rates of 1°C.s -1 and lower, in the case of the quaternary composition. In this domain, hardness is constant. The second hardness domain is defined by cooling rates ranging from 10°C.s -1 to a 100°C.s -1 for the ternary alloys. For the quaternary alloy, it is defined by cooling rates from 2°C.s -1 to 30°C.s -1 . In this second domain, for each kind of alloy, hardness increases with cooling rate. This can be explained by the increasing proportion of martensite in the FeCMn alloy, until reaching a fully martensitic microstructure at 100°C.s -1 . For the FeCMo and FeCMoMn alloys however, the microstructure is fully bainitic. The increase in hardness can be explained in this case by a microstructure becoming finer with increasing cooling rate. The last hardness domain corresponds to the martensitic domain. It is characterized by cooling rates of 100°C.s -1 and more for the ternary alloys. It is defined by cooling rates superior to 30°C.s -1 in the quaternary composition. Hardness in the martensitic domain is independent of cooling rate.

Table II.5 gives the average hardness values for different types of microstructures, relying on the CCT diagrams. The average martensitic hardness is the same for all the model alloys, meaning it is independent of the type of alloying element, as already reported in [START_REF] Grange | Estimating the hardenability of carbon steels[END_REF]. However, the average bainitic hardness is higher in the quaternary alloy than in the ternary alloys, which both have a bainitic hardness of 240, despite the presence of martensite in the FeCMn composition. Since the bainitic microstructure has a lower temperature formation in the quaternary alloy, this increase in bainitic hardness is due to a microstructure refinement coming from combining the two alloying elements. 

FeCMn

Impact of cooling rate and alloying elements on misorientation

The microstructures obtained from the CCT diagrams exposed figure II.24 are analysed by EBSD. In the present section, the impact of cooling rate and alloying element on the different as-quenched microstructures is quantified, mainly by analysing the misorientation angle and axis distributions. The detail of the EBSD data acquisition and data analysis is reported in appendix A .6 and C , respectively. The misorientation angle distributions given are the correlated misorientation angle distributions, i.e. the misorientation between neighbouring points in the map. The misorientation axis distributions in inverse pole figures are given in crystal coordinates and the densities are exposed in terms of multiples of uniform density (mud), relatively to the MacKenzie axis distribution [START_REF] Mackenzie | The distribution of rotation axes in a random aggregate of cubic crystals[END_REF].

.1 Misorientation and cooling rate

Figure II.28 gives the misorientation angle distributions for several cooling rates investigated by EBSD. For the FeCMo alloy, it is possible to split the distributions into two groups, see figures II.28a and II.28b. The first group of distributions contains the cooling rates from 300°C.s -1 to 30°C.s -1 . It has a high frequency of boundaries with a misorientation of 59°. The second group contains the cooling rates below 10°C.s -1 . In this group, boundaries with a misorientation of 53°and 59°are of equal frequency. Most of the time, distributions of the second group also present boundaries with a misorientation of 8 °, which is not the case for the first group. This classification is also applicable to the FeCMo CCT diagram. The first group corresponds to the martensitic microstructures, except for the microstructure cooled at 30°C.s -1 . The second group corresponds to the bainitic domain. The microstructure cooled at 30°C.s -1 , although in the bainitic domain, has a similar misorientation angle distribution to martensitic microstructures. It is the only cooling rate for which the bainitic temperature formation is lower than for the other bainitic microstructures. This is in agreement with the distinction made by Gourgues et al. [124] between microstructures formed at high temperature versus microstructures formed at low temperatures.

For the FeCMn alloy however, see figures II.28c and II.28d, it is not possible to regroup the microstructures according to their misorientation angle distributions: these distributions rather present a continuum. The more the cooling rate decreases, the fewer boundaries with a misorientation of 59°there are and the more boundaries with a misorientation around 53°a re present. Furthermore, the higher the cooling rate, the lower the frequency of boundaries with a misorientation of 8°. The microstructure cooled at 0.5°C.s -1 even tends towards a random (McKenzie) distribution [START_REF] Mackenzie | Second Paper on Statistics Associated with the Random Disorientation of Cubes[END_REF]. Even though the Widmanstätten ferrite is known to have a Kurdjumov-Sachs (KS) relationship [START_REF] Kurdjumov | Über den Mechanismus der Stahlhärtung[END_REF] with the austenite phase [START_REF] Watson | The crystallography of Widmanstätten ferrite[END_REF], the large amount of pearlite and allotriomorphic ferrite in the sample, figure II.25d, explains why the distribution tends toward a McKenzie distribution [START_REF] Mackenzie | Second Paper on Statistics Associated with the Random Disorientation of Cubes[END_REF].

Although FeCMoMn and FeCMo have similar CCT diagrams, the evolutions of the misorientation angle distributions with cooling rate are different, see figures II.28e and II.28f. For microstructures from 300°C.s -1 to 2°C.s -1 , the frequency of boundaries with a misori-10 20 [START_REF] Cazottes | Quantitative microstructural characterization of nuclear grade bainitic steel: Influence of macrosegregations in full-scale forgings[END_REF] entation of 59°increases with decreasing cooling rate, whereas for FeCMo and FeCMn it is the opposite. This is due to a higher proportion of boundaries with a low misorientation and a higher proportion of boundaries with a misorientation between 50 and 57°for the fastest cooling rates. Nevertheless, the distributions of microstructures with a cooling rate lower than 2°C.s -1 tend to have similarities with the FeCMo bainitic distributions: the most frequent misorientation angle are 53°, 59°and 8°. Therefore, the FeCMoMn bainitic microstructures could be sorted into a group with microstructures cooled from 10°C.s -1 to 2°C.s -1 , and another one with microstructures cooled from 1°C.s -1 to 0.1°C.s -1 . However, this classification could hardly be explained by what is reported in the CCT diagram since all these microstructures have the same formation temperature. The peak observed at 30°is due to an error in indexation of the Kikuchi patterns [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF].

.2 Misorientation, alloying element and microstructure

Martensitic domain

Martensitic microstructures cooled at 300°C.s -1 are chosen for each alloy to understand whether Mo and Mn have an impact on this kind of microstructure. Figures II.29a and II.29b show that all three alloys have similar misorientation angle distributions. Figure II.30 gives the misorientation axis distributions in inverse pole figures, for angles superior to 49°. The misorientation axis distributions in inverse pole figures are given in crystal coordinates and the densities are described in terms of multiple uniform density (mud), relatively to the MacKenzie axis distribution [START_REF] Mackenzie | The distribution of rotation axes in a random aggregate of cubic crystals[END_REF]. All three compositions have similar misorientation axis/angle pairs. The main misorientation pairs are 53-57°around the [START_REF] Van Bohemen | Bainite growth retardation due to mechanical stabilisation of austenite[END_REF] axis and 59°-61°around [433]. This is in compliance with the misorientation angle distributions, figure II.29b. These two angle/axis pairs are found for a GT/GT misorientation relationship (MR), see table II.6, and for a KS/NW MR [START_REF] Greninger | The Meehanism of Martensite Formation[END_REF]. However, they do not exist in KS/KS or NW/NW, see table II.4 [START_REF] Nishiyama | X-ray investigation of the mechanism of the transformation from face centered cubic lattice to body centered cubic[END_REF][START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF].

A study in a prior austenite grain (PAG) is carried out in each of the three alloys and gives the same results for all three compositions. The method for selecting a PAG is given in appendix C .5. Figures II.31b to II.31d is the result of investigations made in a FeCMoMn PAG selected from the EBSD map, figure II.31a. The results for the FeCMo and FeCMn alloys can be found in appendix C .6. Three texture components could be identified on the pole figure, figure II.31b, and each of these texture components present between them a misorientation superior to 49°, as illustrated in figure II.31c. Figure II.31d shows the misorientation profile associated with the white arrow on figure II.31c. Two types of boundaries can be identified: boundaries with a misorientation of more than 50°and boundaries with a misorientation of 10°. According to Morito's definition [START_REF] Morito | The morphology and crystallography of lath martensite in Fe-C alloys[END_REF], the first type of boundaries are block boundaries while the low angle boundaries are sub-block boundaries. Inside the blocks and sub-blocks, the misorientation is quite low, inferior to 4°, figure II.31c. In the martensitic microstructure, according to figures II.31d and II.29b, the most probable block boundary misorientation is of 59°. 

Martensite

Bainitic domain

To study the effect of Mo and Mn on the bainitic domain, a fully bainitic microstructure is needed. For the FeCMn alloy however, there is no fully bainitic domain. Therefore, to choose a microstructure, EBSD investigations are carried out on FeCMn microstructures cooled at 10, 14 and 20°C.s -1 . Below 10°C.s -1 , the microstructure has a significant amount of allotriomorphic and Widmanstätten ferrite. The mix of bainite and martensite in the FeCMn samples is much more visible by EBSD than by optical considerations. Figure II.32 shows the grain boundary map coupled with band contrast. It is clear that some areas have a high density of HAGBs, while others have a higher proportion of boundaries with a misorientation below 20°. The proportion of the highly dense areas in HAGBs (in black) increases with cooling rate. Figure II.33 shows the grain boundary map for FeCMn cooled 300°C.s -1 , fully martensitic, and for a fully bainitic microstructure, FeCMo cooled at 5°C.s -1 . The martensitic microstructure has areas highly dense in HAGBs, while in the fully bainitic one, the density of boundaries with a misorientation below 20°is higher. This is comparable to what is observed for FeCMn cooled at 10, 14 and 20°C.s -1 : in these samples, the highly dense areas in HAGBs are rather martensitic while the others are rather bainitic. Considering the relative proportion of both types of areas, this means that the proportion of martensite in the FeCMn samples is increasing with cooling rate. Therefore, to understand the impact of Mn on bainite, the microstructure cooled at 10°C.s -1 is chosen, with the least possible martensite. As for the other model alloys, the microstructures cooled at 5°C.s -1 for the FeCMo alloy and cooled at 1°C.s -1 for the FeCMoMn composition are selected. They correspond to cooling rates in the middle of the domain where the bainite transformation temperature is independent of the cooling rate. In the bainitic domain, the misorientation angle distributions presented figures II.34a and II.34b differ from one composition to another. The Mn-containing alloys have similar distributions with a higher proportion of boundaries with a misorientation of 59°than what can be found in the FeCMo bainite. In the FeCMo microstructure cooled at 5°C.s -1 , there are as many boundaries with a misorientation of about 53°as there are boundaries misoriented of about 59°. Furthermore, there is a higher tendency to form boundaries with a misorientation peak below 10°than in the Mn-bearing alloys. The FeCMo, FeCMn and FeCMoMn misorientation axis distributions for high angles are presented in figure II.35a, II.35b and II.35c respectively. When analysing the misorientation angle/axis pairs, the same differences as for the misorientation angle distributions can be noted. The FeCMo microstructure has two main misorientation angle/axis pairs: 49-53°a round the [221] axis and 59-61°around [START_REF] Bradley | Growth kinetics of grain boundary ferrite allotriomorphs in Fe-C-X alloys[END_REF], which is a Σ3 boundary. These pairs can come from a KS/KS misorientation relationship, see table II.7a, but not from a KS/NW, a NW/NW or a GT/GT MR [START_REF] Nishiyama | X-ray investigation of the mechanism of the transformation from face centered cubic lattice to body centered cubic[END_REF][START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF], (table II.4). For the FeCMn alloy, despite being mainly bainitic, similar features to martensite exist with the same misorientation of 59-61°around the [433] axis. As previously stated, this angle/axis pair can come from a KS/NW or GT/GT misorientation relationship, but not from a KS/KS nor NW/NW misorientation relationship [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF]. This means that the orientation relationship of the bainitic microstructure with parent austenite may be changing depending on the addition of Mo or Mn. Furthermore, since the 59-61°[433] pair is also present in the FeCMoMn bainitic microstructure, but absent from the FeCMo bainitic one, it suggests that the presence of manganese in the bainitic microstructure favours this specific angle/axis pair. Here, the FeCMn and FeCMoMn microstructures share many common misorientation angle/axis pairs which can be found in GT/GT MR, see table II Figure II.36 presents the misorientation in a PAG taken from the FeCMoMn bainitic microstructure. A similar investigation was carried out in bainitic PAGs in FeCMn and FeCMo alloys and gave similar results, see appendix C .6. The bainitic microstructure has here many crystallographic features in common with martensite. The microstructure is organized as well in blocks, separated by boundaries with a misorientation of 50°or more, and sub-blocks, with a misorientation from 10°to 20°, see figures II.36c and II.36d. Since the frequency of misorientation below 20°is higher in the FeCMo alloy than in the Mn-bearing alloys, figure II.34a, it means that sub-block boundaries are more frequent in the FeCMo alloy than block boundaries. This can have an impact on the resulting mechanical properties since high angle boundaries have the ability to arrest or deviate cracks during cleavage fracture [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF][START_REF] Zhou | Effect of microstructural types on toughness and microstructural optimization of ultra-heavy steel plate: EBSD analysis and microscopic fracture mechanism[END_REF]. Low angle boundaries only show a low angle change in the crack propagation path inducing a lower dissipation of energy during fracture [START_REF] Zhou | Effect of microstructural types on toughness and microstructural optimization of ultra-heavy steel plate: EBSD analysis and microscopic fracture mechanism[END_REF]. As observed for martensite, the pole figure shows the presence of three texture components, with a misorientation of 49°at least between each other, see figure II.36b.

Lowest cooling rate domain

In this domain, the microstructures cooled at 0.5°C.s -1 for the FeCMo and FeCMn alloys, and the one cooled at 0.1°C.s -1 for the FeCMoMn composition were selected for comparison. The FeCMo microstructure cooled at 0.5°C.s -1 and the FeCMoMn one cooled at 0.1°C.s -1 have comparable misorientation angle distributions, see figures II.37a, II.37b. Furthermore, they are close to what is observed for the FeCMo microstructure cooled at 5°C.s -1 , see figures II.37a, II.37b and II.34a, II.34b. For the FeCMn alloy, the presence of a great proportion of allotriomorphic ferrite and pearlite induces a larger proportion of boundaries with a misorientation between 20 and 49°. Furthermore, the misorientation of 59-61°around the [433] axis has disappeared in the FeCMn microstructure, see figure II.38b as well as in the FeCMoMn bainitic microstructure cooled at 0.1°C.s -1 , see figure II.35c. Instead, it has been replaced by Σ3 boundaries in the Mn-bearing alloys. In the case of the FeCMn composition, the presence of Σ3 boundaries can come from a KS/KS MR, since Widmanstätten ferrite has a KS OR.

Despite different microstructures, this twin boundary can be found in both the FeCMn and FeCMoMn alloys and Mo seems to have little impact on the selection of misorientation angle/axis pairs in the FeCMoMn alloy, compared to Mn. In the FeCMo microstructure, figure II.35a, the boundaries present at 5°C.s -1 have a misorientation of 49-53°around the [221] axis or are Σ3 boundaries. Σ3 boundaries tend to disappear with decreasing cooling rate, to the benefit of boundaries with a misorientation of 53-57°around the [331] axis, which can come from a KS/NW and a GT/GT MR [START_REF] Gourgues | Electron backscattering diffraction study of acicular ferrite, bainite, and martensite steel microstructures[END_REF], see table II Investigation in a bainitic PAG selected from the FeCMoMn microstructure cooled at 0.1°C.s -1 and in a PAG taken from the FeCMo microstructure cooled at 0.5°C.s -1 gave similar results. The result for the FeCMoMn PAG can be found in figure II.39. For the FeCMn alloy however, due to the microstructure, it was not possible to study the bainitic misorientation in a PAG. The bainitic microstructure in the Mo-bearing alloys have three texture components, figure II.39b, but some PAG were found with only one or two texture components. As the cooling rate decreases, a narrower range of variants is present per PAG. The figure II.39c shows that, as for the martensite cooled at 300°C.s -1 and the bainite cooled at 1°C.s -1 , block boundaries have a misorientation superior to 50°while sub-blocks, a misorientation of 10°or less. In that sense, even if the misorientation angle/axis pairs change from a cooling rate to another, it appears that the microstructure evolves continuously from martensite to slowly cooled bainite, on the PAG level, conserving many crystallographic similarities. As can be seen by comparing figure II.39c with figure II.36c and II.31c, the microstructure becomes coarser with decreasing cooling rate, with fewer high angle boundaries, meaning blocks are getting larger. In these large blocks, the density of sub-blocks boundaries is not increased with decreasing cooling rate, as shows figure II.36c and figure II.39c.

Chapter II. Impact of alloying elements on model alloys phase transformation 

Model and industrial alloy

The misorientation angle densities of 16MND5 bainite and martensite [146] are compared to the model alloys misorientation angle density, see figure II.40. Data for 16MND5 were provided by Bernard Marini, CEA [146]. Density means that misorientation angle frequency is divided by the bin size. This is necessary here to compare the frequency distributions, because the bin values are different for the 16MND5 and the model alloys distributions. The misorientation angle distributions of the model alloys and of the 16MND5 bainite, figures II.40a and II.40b, are close. The 16MND5 bainite, figure II.40a, presents a high proportion of low angle boundaries with a misorientation of 8°, like the FeCMo bainite. Regarding the high angle boundaries, that is to say block boundaries, there is a nearly equal proportion of boundaries with a misorientation of 53°and another of 59°, figure II.40b. The 16MND5 bainite presents a higher proportion of boundaries misoriented of 53°compared to the Mnbearing model alloys.

As for the martensitic microstructures, the distributions of the industrial steel and of the model alloys are quite similar, figures II.40c and II.40d. Boundaries with a misorientation of about 59°are the most frequent for the 16MND5 martensite, as it is the case in the model alloys. The boundaries misoriented of 53°, 55°and 60°are present in similar proportions in the 16MND5 martensite as in the model alloys (figure II.40d).

Taking into consideration the misorientation angle distributions for both bainite and martensite, the ternary and quaternary alloys investigated in the present study are good models for the 16 to 20MND5 steels. The objective is to choose a starting microstructure to be tempered for following the evolution of the carbide precipitation in the next chapter. This microstructure must be as close as possible to the industrially targeted microstructure, that is to say upper bainite.

In industry, they choose an intermediate cooling rate for which the bainitic formation temperature is constant, and this for practical reasons: if the cooling rate is not exactly the one targeted, the microstructure is still bainitic. There exists cooling rates for which B s is constant for both FeCMo and FeCMoMn, see CCT diagrams figures II.24a and II.24c. These bainitic microstructures however evolve with cooling rate, as demonstrated previously. Therefore, the microstructures were chosen based on two criterias. The first criterion is to choose bainitic microstructures with similar micrographs. Figure II.41 shows a micrography from a bainitic 16 to 20MND5 steels [START_REF] Raoul | Effect of microstructure on the susceptibility of A533 steel to temper embrittlement[END_REF]. The second criterion is to choose microstructures with the misorientation angle distributions as close as possible to the one found industrially. In this case, one can expect that there would be similar ratios in packet, block and subblock boundaries. These boundaries may affect the precipitation since they can be carbide precipitation sites.

For that reason, the microstructures chosen are the ones cooled at 5°C.s -1 for the FeCMo composition and the one cooled at 1°C.s -1 for the FeCMoMn alloy. They have similar micrographs (figure II.25) with the industrial one figure II.41, as well as similar misorientation angle distributions, figures II.40a and II.40b.

As for the FeCMn alloy, the choice is more complex since there is no fully bainitic domain. There is rather a mix of bainite and martensite. The higher the cooling rate in that domain, the higher the proportion in martensite. For that reason, the microstructure obtained for the lowest possible cooling rate in that domain is chosen, in order to have the highest possible proportion of bainite. This corresponds to the microstructure obtained by cooling at 10°C.s -1 . Furthermore, despite the presence of martensite, the FeCMn microstructure cooled at 10°C.s -1 has still a misorientation angle distribution close to the industrial alloy (figures II.40a and II.40a). The microstructures of three model alloys are studied: two ternary FeCMo and FeCMn and one quaternary FeCMoMn. The influence of the cooling rate and of the alloying elements are investigated thanks to continutous cooling transformation (CCT) diagrams and EBSD. This led to the following conclusions:

The presence of Mo and Mn greatly explains the phase transformations observed in the 16 to 20MND5 alloys, since the FeCMoMn and the industrial 20MND5 CCT diagrams are almost the same. Furthermore, the model quaternary and industrial 20MND5 alloys have similar hardness values and hardness evolution with cooling rate.

The average bainitic hardness is higher when combining Mo and Mn. The hardness of martensite is independent of cooling rate and of the type of alloying element.

While the FeCMo microstructures can be sorted into martensitic and bainitic ones based on their misorientation angle distributions, the FeCMn microstructures show a rather continuous evolution. Finally, for the FeCMoMn alloy, the evolution of the frequency of boundaries with a misorientation of 59°increases with decreasing cooling rate, from 300°C.s -1 to 2°C.s -1 , which is the opposite for the ternary alloys.

In the martensitic microstructures, no effect of Mo or Mn is detected on misorientation angle nor on misorientation axis distributions.

In the bainitic microstructures however, the presence of Mn seems to favor the presence of block boundaries with a misorientation of about 59°around the [433] axis.

On the prior austenite grain (PAG) level, a continuum of microstructure can be observed from martensite to slowly cooled bainitic microstructure: the amount of block boundaries with a misorientation of 49°or more decreases with decreasing cooling rate and the presence of sub-block boundaries, with a misorientation between 4 and 20°, remains present for all cooling rates investigated.

The microstructure becomes coarser with decreasing cooling rate, with fewer different crystallographic orientations in one PAG: where in the highest cooling rate three texture components are present, some PAG grains in the slowest cooled microstructure only one or two texture components per PAG can be found.

The table II 

Chapter highlights

➤ In bainitic microstructures, the presence of Mn seems to favor the presence of block boundaries with a misorientation of about 59°around the [433] axis.

➤ In martensitic microstructures, Mo or Mn has no effect on misorientation angle nor misorientation axis distributions.

➤ At the scale of prior austenitic grains, there is a continuous evolution of microstructure with cooling rate, from martensite to slowly cooled bainitic microstructure.

➤ The fully bainitic microstructures cooled at 5°C.s -1 for the FeCMo alloy, and cooled at 1°C.s -1 , for FeCMoMn, are to be tempered. For the FeCMn alloy, the chosen microstructure cooled at 10°C.s -1 is mainly bainite, but contains a little of martensite.

Chapter III

Evolution of carbide population with tempering

As exposed in the introduction, carbides play a role in explaining the nuclear component mechanical properties and this carbide population mainly evolves during tempering. Therefore, the main objective is to describe as accurately as possible the carbide precipitation sequences in the model alloys during tempering, as well as to understand the impact of alloying elements. The data collected experimentally is then used for modelling the evolution of carbide volume fractions, using classical nucleation theory.

Literature review: tempering and precipitation of carbides

Knowledge on the effect of tempering on bainitic microstructures is first reviewed. The theory of nucleation, growth and coarsening of carbides is then briefly summarised before describing the types of carbides to be possibly encountered in the model alloys. Finally, the carbide precipitation sequences reported in literature for model alloys are exposed.

.Tempering of bainite

Bainite is a metastable microstructure and tempering enables a slow and controlled return to thermodynamic equilibrium. After bainite formation, bainitic ferrite contains a slight excess of carbon while the rest of it forms cementite. Cementite particles in as-quenched bainite are coarser than what can be found in tempered martensite [START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF]. Since almost all carbon has precipitated in cementite, the alloy carbon content has little effect on tempering of bainite [START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF]. In martensite however, after quenching, all the carbon is trapped in ferrite, in solid solution, and its diffusion during tempering causes a sharp decrease of strength and improves martensite toughness [START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF]. In the absence of residual austenite, tempering of bainite may be divided in six steps [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]:

1. precipitation of metastable carbides in bainitic ferrite; 2. gross recovery of dislocation substructure; 3. enrichment of cementite; 4. cementite coarsening; 5. alloy carbide precipitation (equilibrium carbides); 6. recrystallisation into equiaxed ferrite.

For alloys containing strong carbide-formers, such as Mo, other carbides may precipitate in bainitic ferrite. These carbides can cause a local increase in hardness, called secondary hardening, as it is the case for M 2 C.

Tempering also enables a recovery of defects and dislocations that formed during bainite transformation. This causes a slow decrease in hardness. For a tempering at 500°C, this gross recovery of dislocation substructure happens after 1h [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF], or during the first minutes of tempering at 650°C. Since bainite formation happens at a relatively high temperature, some recovery may happen during transformation [START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF].

Cementite formed during the course of bainite reaction has the same substitutional to iron atom ratio as the austenite: there is no partitioning of the substitutional atoms. Its composition may therefore be far from equilibrium. During tempering, cementite can get enriched in elements that may be present in cementite, such as Mn or Cr [START_REF] Wu | Cementite coarsening during the tempering of Fe-C-Mn martensite[END_REF]. Bhadeshia [START_REF] Bhadeshia | Theoretical analysis of changes in cementite composition during tempering of bainite[END_REF] has theorized this enrichment and found a proportional relationship between the carbide composition and the square root of time. Furthermore, the carbide composition also depends on the carbide size. With further tempering, cementite undergoes coarsening. During this step, cementite spheroidizes and the total amount of particles decreases to minimise the surface of the interface with ferrite. In this way, the total energy of the system decreases [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. At 500°C, this happens after a year of isothermal hold [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF], but only 1h is necessary at 650°C.

In many bainitic steels, cementite is not the equilibrium carbide but is kinetically favoured because it does not require the long-range diffusion of substitutional solutes [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. With the pursue of tempering, other carbides may form to the expense of cementite. In the case of FeCMo model alloys, they are Mo-rich carbides [START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF]. Since these carbides require longrange diffusion, they form with a composition close to equilibrium [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. Since cementite formed after bainite reaction is coarser, it takes longer for other carbides to form to the expense of cementite in bainite, compared to martensite [START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF]. The microstructure, bainitic or martensitic, is reported to have no influence on the precipitation of these carbides rich in alloying elements [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. For even longer tempering times, these carbides undergo in turn coarsening.

The most advanced step of tempering consists in the recrystallisation of the bainitic laths into equiaxed grains [START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF]. The lath loose their original shape to form more regular grains, see figure III.1. At 650°C, this recrystallisation is reported to happen after a hundred hours, while it can happen after 1h only at 700°C [START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF].

Tempering of bainite leads to a decrease of hardness in the first stages, except in the case where there is secondary hardening. At later stages, recrystallisation causes a considerable drop in hardness [START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF], see figure III.2. 

.2 Nucleation, growth and coarsening of carbides

During tempering of bainite, carbides other than cementite may precipitate, such as M 2 C, whereas cementite may grow and coarsen. The formation of carbides and their evolution with increasing tempering times are described by three stages: nucleation, growth and coarsening. Each of these stages is briefly described in the present section.

Nucleation

During nucleation, a small volume of carbide forms, a cluster, requiring the diffusion of carbon and of the substitutional elements that it is composed of. This nucleation can happen in the ferrite matrix and hence be a homogeneous nucleation. The nucleation can also happen at different specific sites, such as grain boundaries, dislocations and defects. In this case, nucleation is heterogeneous. In solids, nucleation is almost always heterogeneous [START_REF] Porter | Phase transformations in metals and alloys. 3d Ed[END_REF]. It is however necessary to understand homogeneous nucleation to properly describe heterogeneous nucleation. In homogeneous nucleation, the formation of a small volume of carbide must overcome an activation energy barrier. This energy barrier is inferred from the Gibbs energy of nucleation, ∆G hom :

∆G hom = -V ∆G V + Aγ + V ∆G s (III.1)
where:

V is the volume of carbide; ∆G V is the Gibbs energy of the carbide per unit of volume of carbide; A is the area of the interface between the carbide and ferrite; γ is the interface energy between the carbide and ferrite; ∆G s is the strain energy associated with the carbide volume formation.

For temperatures where the carbide is stable, the carbide formation is favourable for the system: the contribution -V ∆G V lowers the activation energy necessary. The formation of a small volume of carbide induces the creation of a carbide/ferrite interface. The creation of this interface is detrimental, therefore its contribution, Aγ, increases the energy barrier to be overcome. The interface energy, γ, is low for coherent interfaces but high for incoherent ones. Furthermore, the interface energy may not be the same at each surface of the nucleus: a nucleus may contain both coherent and incoherent interfaces. Finally, the volume of carbide does not fit perfectly in the transformed matrix. Therefore, this opposes the formation of a nucleus, by the V ∆G s contribution.

The Gibbs energy of nucleation may be expressed solely as a function of r, the radius of a spheric nucleus, γ, ∆G V and ∆G s . The relative contribution of each of the terms in equation III.1 is represented figure III.3, as well as the resulting sum, ∆G, as a function of the nucleus radius. ∆G(r) hom has a maximum in r*, the critical radius. ∆G * hom , the Gibbs energy of the nucleus with a critical radius, is the energy barrier for nucleation. The carbide nucleus is stable for values superior to r*.

The rate for homogeneous nucleation, N hom , then depends both on ∆G * hom and on the activation energy for atomic migration:

N hom ∝ exp(- ∆G m kT )exp(- ∆G * hom kT ) (III.2)
In the case of heterogeneous nucleation, the formation of a nucleus leads to the destruction of a defect, such as dislocations, grain boundaries, inclusions... These defects increase the overall Gibbs energy of the system. Therefore, their destruction favours the nucleation of a carbide and decreases the overall energy barrier. The Gibbs energy of nucleation can then be written with a supplementary ∆G d term:

∆G hetero = -V ∆G V + Aγ + V ∆G s -∆G d (III.3)
At grain boundaries, the carbide adopts a specific shape to minimise the interface energy. It is possible to define θ, the wetting angle between the carbide and the matrix, see figure III.4 [START_REF] Porter | Phase transformations in metals and alloys. 3d Ed[END_REF]. Using this, it is possible to express activation energy for heterogeneous nucleation at grain boundary, ∆G * GB , as a function of the activation energy for homogeneous nucleation, ∆G * hom , and of the wetting angle θ, see equation III.4. S(θ) is called heterogeneous factor. For θ = 90 • , the nuclei are spherical and the activation energy for heterogeneous nucleation at grain boundary is the same as for homogeneous nucleation. The lower the wetting angle, i.e. the more elongated the carbide at the grain boundary, the lower the activation energy at grain boundary.

∆G * GB ∆G * hom = S(θ) = 1 2 (2 + cos θ)(1 -cos θ) 2 (III.4)
Heterogeneous nucleation can also happen at dislocations. This nucleation can be favoured by the existing segregation of solutes, and locally have a closer composition to the carbide composition. When the carbide and the matrix have two different crystallographic structures, the critical nucleus may have a rather disk or needle-shape. An excess of vacancies can also be a site for heterogeneous nucleation. This excess of vacancies can be found in as-quenched steels. They can increase the diffusion rates, hence favouring the carbide formation. Heterogeneous nucleation has a lower activation energy than homogeneous nucleation. All sites that can be encountered in heterogeneous nucleation are not equivalent: some are more favourable for nucleation than others. The following list gives by decreasing order the most favourable sites for nucleation [START_REF] Porter | Phase transformations in metals and alloys. 3d Ed[END_REF] The nucleation sites at the top of the list have the lowest nucleation activation energies. However, one must take into account the concentration of each of these sites to be able to fully account for the total nucleation rate. Even if homogeneous nucleation has the highest activation energy, it possesses as well the highest concentration in nucleation sites, since every atom of the matrix is a potential nucleation site. This is not the case for the heterogeneous sites, which may be present in a limited amount. 

Growth

Once the critical nucleus formed, carbides grow. This growth happens by the migration of the carbide/matrix interface. The migration rate depends on the nature of these interfaces, i.e. on the degree of coherency of the interfaces. In fact, the carbide shape comes from the difference in migration rates of its interfaces. An incoherent interface has a higher mobility than an interface with a higher degree of coherency.

The matrix/carbide interface can be planar and incoherent. This type of interface is likely to be encountered after nucleation at grain boundary. In this case, growth is controlled by diffusion and equilibrium is supposed at the interface. The growth is governed by a parabolic law and the growth rate is dependent on the supersaturation of the matrix. Growth stops when the matrix solute concentration reaches equilibrium, as illustrated figure III.5 [START_REF] Porter | Phase transformations in metals and alloys. 3d Ed[END_REF]. Carbide growth for nucleation at grain boundaries can be greater than what is allowed by bulk lattice diffusion. The grain boundary acts as a short-circuit for diffusion in the following way: the solute diffuses from the matrix to the grain boundary, then along the grain boundary and eventually, along the matrix/carbide interface, enabling carbide thickening. This effect is negligible for interstitial elements, such as carbon, which already have a high diffusion coefficient in the matrix, but not for substitutional elements.

In the case of carbide precipitation with a needle shape, the tip may have a curved incoherent interface with the matrix. The growth is controlled by diffusion as long as the tip is curved. Due to the Gibbs-Thomson effect, concentration at the carbide/matrix interface is superior to the one found at equilibrium. The Gibbs-Thomson effect accounts for an increase in Gibbs energy due to the presence of a curved interface. This results in an increase in solute concentration at the carbide/matrix interface compared to what is found for a planar interface. The lower the radius of curvature, the higher the difference in concentration. The growth rate is dependent on the curvature radius of the tip and proportional to the supersaturation of the matrix. Growth is no longer parabolic, but linear. In this case as well, growth stops when the matrix concentration in solutes has reached equilibrium.

Finally, carbides can have a planar, semi-coherent interface. These interfaces are usually the broad faces of plate-like precipitates. The growth mechanism in this case happens through the lateral movement of ledges, corresponding to the thickening of plate-like precipitates. The necessary changes in composition for growth happen by diffusion towards the ledges. The thickness does not grow continuously but happens through sudden increases.

No increase is perceptible except when ledges pass; therefore, the limiting factor is the ledge nucleation rate. Even within the same system, the thickness/time relationship may vary greatly, due to the difference in ledge nucleation rates [START_REF] Porter | Phase transformations in metals and alloys. 3d Ed[END_REF].

Coarsening

During coarsening, the system tends to decrease its total interfacial free energy. A system with a high density of small carbides will tend to change to a system with a lower density of larger carbides. The total interfacial energy is lower in the latter case [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. Therefore, the total number of carbides decreases during coarsening while the mean carbide radius increases.

Due to the Gibbs-Thomson effect, the solute concentration is lower in the vicinity of a large carbide than in the vicinity of a small carbide. This difference in solute concentration creates a potential for diffusion. The solute diffuses away from the small carbide towards the larger one. The small carbides tend to dissolve while larger carbides tend to grow. Due to this, it can be assumed that coarsening is limited by diffusion [START_REF] Porter | Phase transformations in metals and alloys. 3d Ed[END_REF].

The evolution of the carbide radius with time can be written with the following general equation:

r 3 -r 3 0 = kt (III.5)
where: r is the average carbide radius; r 0 is the average radius at t = 0; k is a constant independent of time, proportional to the interface energy, the solute diffusion coefficient and other factors.

Using equation III.5, it is possible to show that the rate of coarsening is inversely proportional to r 2 . This means that distributions of small carbides coarsen more rapidly than distributions of large carbides. This also means that, during the stage of coarsening, the rate progressively decreases with the increasing mean carbide radius. This rate is also dependent on temperature since it increases with temperature.

Deviations from the equation III.5 may be experimentally observed. In this case, dislocations, grain boundaries act as short-circuits for diffusion.

In the case of cementite coarsening, the equation III.5 has proven to be in good agreement with experimental data [START_REF] Deb | Coarsening behavior of cementite particles in a ferrite matrix in 10B30 steel[END_REF], for both upper and lower bainite [START_REF] Deep | The isothermic annealing of bainite[END_REF], and is even better at high temperatures. For lower temperatures, the rate is underestimated, this being attributed to a higher contribution of diffusion short-circuits that are grain boundaries [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. Equation III.5 also explains why a higher coarsening rate is observed in martensite than in bainite: cementite formed after bainite formation being coarser than in tempered martensite [START_REF] Bhadeshia | Steels: Microstructure and Properties[END_REF], their coarsening rate is lower.

The coarsening rate of cementite can be impacted by the presence of alloying elements.

These alloying elements are susceptible to be part of the cementite composition, such as Mn, or to segregate at the ferrite/cementite interface, such as P. At high temperatures, the coarsening is governed by the partitioning of these alloying elements between the matrix and cementite, hence retarding coarsening [START_REF] Deb | Coarsening behavior of cementite particles in a ferrite matrix in 10B30 steel[END_REF][START_REF] Sakuma | Microstructures of isothermally transformed Fe-Nb-C alloys[END_REF].

.3 Types of carbides to be possibly encountered and their crystallography

As explained in the introduction, different types of carbides may be encountered in 16 to 20MND5 steels after tempering, such as cementite, M 2 C and ξ carbides. In the studied model alloys however, other molybdenum-rich carbides can be encountered, such as MC or M 6 C.

Cementite

Cementite has an orthorhombic structure, of formula M 3 C [START_REF] Meinhardt | Structure investigation of carbides of iron, tungsten and chromium with thermal neutrons[END_REF][START_REF] Dierkes | High-resolution powder neutron diffraction on Mn 3 C[END_REF][START_REF] Stork | Synthesis, high-resolution crystal structure refinement and magnetic properties of the manganese-rich cementite-type Mn1.8Fe1.2C[END_REF]. It is a carbide rich in iron and for that reason, it is often written Fe 3 C. It can contain Mn: the amount of Mn in cementite is only limited by the Mn alloy content and by the partitioning of Mn between cementite and ferrite [START_REF] Woodhead | Role of Carbides in Low-alloy Creep Resisting Steels[END_REF]. Cementite can however only dissolve a limited amount of Mo. In steels containing chromium, it is possible to find cementite containing chromium as well. This carbide has a platelet shape.

In upper bainite, cementite precipitates at lath boundaries, and in lower bainite, intralath. Cementite has an orientation relationship with the matrix. The most frequently observed is the Bagaryatskii relationship [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]:

{001} cementite // {211} α [100] cementite // [011] α M 7 C 3 M 7 C
3 carbides can also be rich in iron but may form with chromium and manganese as well. Therefore, M 7 C 3 can be encountered in chromium-bearing alloys [START_REF] Dépinoy | Carbide Precipitation in 2.25 Cr-1 Mo Bainitic Steel: Effect of Heating and Isothermal Tempering Conditions[END_REF] and for alloy compositions that contain only manganese and iron [START_REF] Sil'man | Phase diagram of alloys of the Fe-C-Mn system and some structural effects in this system part 2. Calculation and construction of isothermal sections of the diagram[END_REF]. This carbide has an orthorhombic structure [START_REF] Morniroli | Etude microstructurale de carbures M 7 C 3[END_REF].

M 23 C 6
M 23 C 6 is another iron-rich carbide than can be encountered in the precipitation sequence. It has little Mo and its chemical formula is Fe 21 Mo 2 C 6 . Nevertheless, manganese, chromium, when present, may be part of the carbide composition: (Cr,Mn) 23 C 6 . This carbide has a face-centered cubic structure [START_REF] Taran | Structure of M 6 C carbide in cast high-speed steels of the Fe-Mo-C system[END_REF]. M 23 C 6 may be a metastable carbide, dissolving at thermodynamic equilibrium [START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF]. ξ carbide ξ carbide can be obtained at thermodynamic equilibrium. First discovered by Kuo [START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF], it is aslo named M a C b or the carbide of Kuo. Its chemical composition is (Fe,Mo) 3 C but must not be confused with cementite. It is richer in Mo than cementite and its chemical formula is Fe 2 MoC. This carbide has a monoclinic structure [START_REF] Rapposch | The crystal structure of the molybdenum cementite Mo12Fe22C10 (ξ-phase)[END_REF].

M 6 C
The M 6 C carbide was encountered in chapter I, as a primary carbide, but its relative stability makes it possible for it to form for long tempering times. It can contain iron and chromium when present. It has a face-centered cubic structure and has a lenticular or globular morphology [START_REF] Kuo | The Formation of Eta Carbides[END_REF][START_REF] Alconchel | From nitrides to carbides: topotactic synthesis of the eta-carbides Fe 3 Mo 3 C and Co 3 Mo 3 C[END_REF]. When there is only iron and molybdenum, its composition homogeneously ranges from Fe 4 Mo 2 C to Fe 3 Mo 3 C [START_REF] Kuo | The Formation of Eta Carbides[END_REF].

M 2 C
M 2 C carbides are molybdenum-rich and have a chemistry close to Mo 2 C. They can have an orthorhombic or hexagonal structure, and can be needle-shaped [START_REF] Im | Effects of carbide precipitation on the strength and Charpy impact properties of low carbon Mn-Ni-Mo bainitic steels[END_REF][START_REF] Reddy | Structural stability of a/ß-Mo 2 C during thermochemical processing[END_REF][START_REF] Biss | Microstructural changes in 1Cr-0.5Mo steel after 20 years of service[END_REF]. M 2 C are often transitional carbides that dissolve at thermodynamic equilibrium to the benefit of other Mo-rich carbides [START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF]. Needle-shaped M 2 C with an hexagonal structure is reported to nucleate at dislocations and to have an orientation relationship with the ferritic matrix [START_REF] Akré | The morphology of secondary-hardening carbides in a martensitic steel at the peak hardness by 3DFIM[END_REF]. The different orientation relationships that needle-shaped M 2 C can have are documented in literature [START_REF] Akré | The morphology of secondary-hardening carbides in a martensitic steel at the peak hardness by 3DFIM[END_REF][START_REF] Song | Lattice Orientation Relationship between the M 2 C Carbide and the Ferrite Matrix in the M50NiL Bearing Steel[END_REF].

MC

For long tempering times, the MC carbide may precipitate, with the MoC composition. It has an hexagonal structure. This carbide can be obtained at thermodynamic equilibrium [START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF].

Table III.1 summarizes the carbides that may be encountered in the model alloys during tempering, as well as their crystallographic structure. Schematics of the these carbides unit cells is given in table III 

.4 Carbide precipitation sequences in model alloys reported in literature

To be able to compare the different tempering times reported in literature, it is possible to use the temper parameter K, or Larson-Miller parameter. This parameter is calculated using time and temperature, see equation III.6 [START_REF] Larson | A time-temperature relationship for rupture and creep stresses[END_REF]. If two tempering conditions have the same temper parameter, those tempering conditions should be equivalent. Experimentally, it means that the sample hardness is the same for the two different tempering conditions [START_REF] Larson | A time-temperature relationship for rupture and creep stresses[END_REF].

K = T (C + logt) (III.6)
T: temperature in K; C: constant; t: time in hours;

The temper parameter constant, C, is dependent of composition but in steels it is usually equal to 20. The temper parameters presented in the literature review section are calculated using C = 20.

FeCMo

In the FeCMo system, the carbide precipitation sequences depend on the Mo/C ratio [START_REF] Woodhead | Role of Carbides in Low-alloy Creep Resisting Steels[END_REF]. Keshin Kuo [START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF] has studied the carbide precipitation in the ternary FeCMo system for different atomic Mo/C ratios, during tempering at 700°C, for times up to 5000h. The carbide characterization is made by X-ray diffraction on powder after selective dissolution. This powder is obtained by electrolytic dissolution of the matrix, in order to gather only the carbides. The risk of this method is to dissolve carbides with a chemistry close to the matrix composition, such as cementite, or to lose some during the filtration step. No mention is made on the type of microstructure that is tempered.

Table III.3 shows a part of the results obtained by K. Kuo. For Mo/C ratios > 0.039, MC is observed for high tempering times. For Mo-rich alloys (Mo/C=0.850 or 1.22), cementite does not precipitate at all or dissolves after a few hours of tempering. For high carbon content and comparatively low Mo content however, the presence of cementite is favoured (see ratio 0.039).

Regarding intermediate carbides obtained in the precipitation sequence, they may change according to the Mo/C ratio as well. These carbides may be: M 2 C, ξ carbide, M 23 C 6 , the latter precipitating only for a ratio of 0.85. For a ratio of 1.22, M 6 C must be added to the precipitation sequence, and it forms for tempering times superior or equal to 5000h. More generally, the higher the ratio, the more likely is the formation of ξ carbide and M 6 C. MC forms for almost all ratios.

The Mo/C ratio of the FeCMo model alloy of the present work is 0.625. According to the precipitation sequences reported by Kuo, this means that two possible sequences are possible. It is either:

M 3 C→M 3 C+M 2 C→M 3 C+M 2 C+ξ →M 3 C+M 2 C+ξ+MC→M 3 C+MC or M 3 C+M 2 C→M 3 C+M 2 C+ξ →M 3 C+ξ+M 23 C 6 →ξ+M 23 C 6 →ξ+M 23 C 6 +MC.

FeCMn

In the FeCMn system, the precipitation sequence of carbides does not evolve as much as in presence of molybdenum. Leslie [START_REF] Leslie | The quench-ageing of low-carbon iron and iron-manganese alloys an electron transmission study[END_REF] has studied the carbide precipitation sequence in an alloy with a composition of Fe-0.017C-0.45Mn. After recrystallisation at 730°C for 15min, the sample is quenched and held at 200°C for 1min (K=8621) and 5min (K=8952). No mention is made on the nature of the tempered microstructure -possibly recrystallised ferrite. Cementite is reported to precipitate from the first minute of tempering at 200°C. Nucleation is reported to happen in the matrix and on dislocations. The temper temperature in this study is much lower than the temperature used for 16 to 20MND5 steels, which is between 640°C and 660°C. The values of temper parameter are quite lower than the ones reported in the FeCMo system. Therefore, it gives little information on the evolution of the system. Nevertheless, Leslie et al. [START_REF] Leslie | Precipitation of carbides in low-carbon Fe-Al-C alloys[END_REF] have still shown that the presence of Mn decreases the cementite formation temperature, making it more stable, by comparing it to an alloy containing only carbon [START_REF] Leslie | The quench-ageing of low-carbon iron and iron-manganese alloys an electron transmission study[END_REF].

Regarding cementite composition, Mn is reported to substitute freely with iron [START_REF] Leslie | The quench-ageing of low-carbon iron and iron-manganese alloys an electron transmission study[END_REF][START_REF] Leslie | Precipitation of carbides in low-carbon Fe-Al-C alloys[END_REF]. When cementite forms, it has the matrix composition [START_REF] Wu | Cementite coarsening during the tempering of Fe-C-Mn martensite[END_REF][START_REF] Thomson | An atom probe study of cementite precipitation in autotempered martensite in an Fe-Mn-C alloy[END_REF] but, upon tempering, enriches in Mn. This enrichment depends on the alloy composition in Mn: the higher the Mn content, the higher the proportion of Mn in cementite [START_REF] Wu | Cementite coarsening during the tempering of Fe-C-Mn martensite[END_REF].

The microstructure does not seem to have an impact on the precipitation sequence. Huang and Thomas [START_REF] Huang | Structure and mechanical properties of tempered martensite and lower bainite in Fe-Ni-Mn-C steels[END_REF] have done tempering treatments at 450°C and 540°C during 4h (K=14898 and K=16752 respectively), on a martensitic Fe-0.25C-3Mn alloy. For the two investigated temperatures, cementite precipitates with a Widmanstätten morphology, even though at 540°C, part of cementite has already spheroidised. The same steel with a bainitic microstructure is tempered at 377°C for 24h (K=13900) and cementite alone is observed as well [START_REF] Huang | Structure and mechanical properties of tempered martensite and lower bainite in Fe-Ni-Mn-C steels[END_REF]. Another study reports the precipitation of cementite alone in Fe-4C-1.75Mn and Fe-4C-3.81Mn, with different starting microstructures, from pearlite to martensite [START_REF] Kagawa | Lattice parameters of cementite in Fe-C-X (X=Cr, Mn, Mo, and Ni) alloys[END_REF]. The tempering conditions explored in this case are times up to several hundred of hours at temperatures between 600 and 800°C, and up to 24h at temperatures of 900 and 1000°C. The tempering treatments have a temper parameter comprised between 19673 and 25082. Cementite is reported to be thermodynamically stable for those two compositions [START_REF] Kagawa | Lattice parameters of cementite in Fe-C-X (X=Cr, Mn, Mo, and Ni) alloys[END_REF].

Even if only cementite is reported in the studies described previously, other carbides may form in the Fe-C-Mn ternary diagram. For instance, Kuo and Persson [START_REF] Kuo | A contribution to the ternary system Fe-Mn-C[END_REF] have explored the stability in temperature of five Mn carbides: Mn 23 C 6 , Mn 7 C 2 , Mn 5 C 2 , MnC 3 . All of these carbides, except Mn 7 C 2 , have their equivalent with iron.

FeCMoMn

The carbide precipitation sequence in the FeCMoMn system shares a lot of similarities with the one encountered in the FeCMo system. Sato et al. [START_REF] Sato | On the carbide reactions, secondary hardening and volume change occurring in the fourth stage of tempering of alloy steels[END_REF] have studied the carbide precipitation sequences for alloys with varying compositions in Mo, while keeping constant contents in C, Si, Mn, P and S. The alloys contain in average 0.41 wt.% C, 0.26 wt.% Si, 0.33 wt.% Mn, 0.025 wt.% P, 0.024 wt.% S. The starting microstructure is martensitic. Table III.4 describes the results obtained according to the Mo concentration [START_REF] Sato | On the carbide reactions, secondary hardening and volume change occurring in the fourth stage of tempering of alloy steels[END_REF]. These results are similar in many ways to the ones obtained table III.3 in the FeCMo system. This suggests that the addition of Mn does not impact significantly the carbide precipitation sequence. For a low Mo/C ratio (0.16), carbide precipitation sequences are similar for low temper parameter values but they differ temper parameter superior or equal to 22069. Kuo [START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF] Irvine and Pickering [START_REF] Irvine | The tempering characteristics of low-carbon lowalloy steels[END_REF] have also studied FeCMoMnSi steels but with a bainitic microstructure. Each of the studied alloys contain 0.14 wt.% of C, 0.63 wt.% of Mn and 0.24 wt.% of Si in average, with varying Mo content, from 0.90 to 2.05 wt.%. Figure III.6 shows their results as a function of the temper parameter. On this figure, two supplementary alloys are added: Fe-0.12C-0.69Mn-0.10Si-0.32Cr-0.47Mo and Fe-0.11C-0.51Mn-0.18Si-3.07Mo. It is however difficult to compare the results obtained for those two alloys with the others because the compositions in Mn, Cr, Si differ. By comparing the precipitation sequences obtained by Irvine and Pickering with the ones obtained by Sato et al. and Kuo, the precipitation of cementite followed by the precipitation of M 2 C is also observed. However, for comparable temper parameter values to the one of Kuo, the precipitation of MC carbides is not detected, but the formation of M 6 C is reported instead.

In conclusion, it is hard to predict with certainty the carbide precipitation sequences that will be obtained in the Mo-bearing model alloys based only on what is reported in literature. 
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Carbides precipitation during tempering in the model alloys

The microstructures presented chapter II, section 4 , are tempered to follow the evolution of carbide population in all of the three alloys. The carbides are characterized in terms of crystallography, volume fractions, chemical composition, precipitation sites and size distribution.

.1 Tempering treatment

From an industrial point of view, after forging, tempering of the nuclear components happens at a temperature between 640 and 660°C, for a few hours. For that reason, tempering times at 650°C ranging from a few seconds to a few hours are chosen. Another tempering temperature is explored, 700°C, to understand the impact of temperature on the carbide precipitation. The aim is to choose tempering times at 700°C which would be equivalent to the tempering treatments made at 650°C. To achieve this, the objective is to use the temper parameter K. As defined in equation III.6, the temper parameter contains a constant C, which may change upon composition. It must therefore be determined for the model alloys. [START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF]. Before ferrite recrystallisation, i.e. for temper parameter values inferior to 20000, hardness and temper parameter have a linear relationship. For some alloys however, carbide precipitation, such as M 2 C, may lead to an increase in hardness with increasing tempering time: it is the case of the Mo-bearing alloys. This phenomenon is illustrated in figure III.8 [START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF]. Therefore, in the case of secondary hardening, hardness and temper parameter do not have a linear relationship, even before recrystallisation.

To determine C for the model alloys and to avoid this issue, tempering treatments at different times at 650°C and 700°C are realised on the FeCMn alloy. No secondary hardening is expected. The resulting hardness is measured, see appendix A .3 for more information on hardness measurements. The linear regression by the mean squares method gives an optimized value for C of 20, see figure III.9. This value of C is similar to the one found in literature for steels.

Using this value of C, the times at 700°C are determined to have similar temper parameter to the times at 650°C. Table III.5 summarises the tempering times at 650°C and 700°C, as well as the temper parameter values. The times noted "1s" refer to the times at which the sample is brought to the targeted temperature and immediately cooled afterwards. This is done to understand if there is an influence of the heating step on the observations. Since the carbide evolution can be long, especially for Mo-bearing alloys as seen in section III.1 .4, three other times of tempering are added: 3h at 700°C, 15h at 650°C for FeCMo only, one and two months at both 650 and 700°C. Besides these four tempering times and the times referred as "1s", all the other tempering times have the same temper parameter. Experimental details concerning the tempering of samples can be found in appendix A . [START_REF] Jin | Evolution of a needle shaped carbide in SA508 Gr3 steel[END_REF] 

.Carbide precipitation sequences and volume fractions

To determine accurately the carbide precipitation sequences of the model alloys, different techniques of characterization are necessary. The first characterization consists in identifying the carbides by their crystallography, using carbon extractive replicas. The production of carbon extractive replicas consists in the deposition of a carbon film on the bulk sample, and on the dissolution of matrix. After this, only carbides remain on the amorphous carbon film. The detail of the experimental procedure for the production of the carbon extractive replicas is given in appendix A .5.

However, with this method, it is possible to leave out some carbides, which failed to be extracted on the carbon extractive replica. For that reason, a characterization with a complementary technique is necessary. Synchrotron X-ray measurements are carried out on the bulk tempered samples. Having a preliminary idea of the carbide sequences and of the carbides crystallography, thanks to the work made on the carbon extractive replicas, is essential for analysing the X-ray diffractograms. Rietveld refinements on these diffractograms provide an assessment of the carbides volume fractions, and may give an indication on whether the carbide precipitation sequences determined on carbon extractive replicas are incomplete.

Crystallographic identification of carbides

The nature of the carbides is first investigated on carbon extractive replicas using the Transmission Electron Microscope (TEM). The identification is made by constructing the best stereographic projection possible, based on the diffraction patterns obtained at different tilt angles. At least six poles on the stereographic projection must match the experimental data in order to identify a carbide crystallographic structure. Crystallographic data used for identification is given in appendix D .2.

Three different types of carbides are identified in the model alloys: cementite, M 2 C and ξ carbide. All of these three carbides are present in the Mo-bearing alloys but FeCMn only contains cementite. Figure III.10 shows the stereographic projection of a carbide identified as cementite. The poles identified experimentally have a red colour; the blue ones are predicted by theory. Dark field images were used to make sure that the diffraction pattern belonged to the observed carbide. Unlike cementite, M 2 C can have two possible crystallographic structures: hexagonal or orthorhombic. The difference between the hexagonal and orthorhombic structures can be quantified by determining the percentage of orthorhombicity, defined as b/(a √ 3), a and b being the orthorhombic lattice parameters. A value of 100% corresponds to an hexagonal lattice; when the value is close to 100 %, both structures cannot be distinguished [START_REF] Lilensten | New structure in refractory high-entropy alloys[END_REF]. In the present case, the orthorhombicity is 74%, meaning both structures are close. TEM identification does not enable a precise measurement of lattice parameters. Therefore, it was not possible to discriminate one crystallographic structure over the other. Figure III.11 shows the stereographic projection of a carbide identified as M 2 C: stereographic projections of both the orthorhombic and hexagonal structures are given.

Figure III.12 shows an example of identification of a ξ carbide, with a monoclinic structure.

For all the model alloys, the initial bainitic microstructures contain only cementite. Table III.6 gives the preliminary carbide precipitation sequences for the tempering times detailed table III.5. Cementite is noted M 3 C. The preliminary carbide precipitation sequences indicate that M 2 C carbides are not present in the FeCMo and FeCMoMn starting bainitic microstructures. They start to be detected after several minutes of tempering. It can also be noted that ξ carbides precipitate sooner in the FeCMoMn alloy than in the FeCMo alloy. Finally, it seems that cementite has dissolved completely in the Mo-bearing alloys for advanced tempering times (1 and 2 months). At 700°C, for the same advanced tempering times, no carbide is detected in the FeCMn alloys. These preliminary results must be confirmed by the conclusions obtained from synchrotron measurements. 

FeCMo M 3 C M 3 C M 3 C+M 2 C M 3 C+M 2 C M 3 C+M 2 C M 3 C+M 2 C - M 2 C+ξ M 2 C+ξ FeCMn M 3 C M 3 C M 3 C M 3 C M 3 C - - M 3 C M 3 C FeCMoMn M 3 C M 3 C M 3 C+M 2 C M 3 C+M 2 C M 3 C+M 2 C+ξ - - M 2 C+ξ M 2 C+ξ Time at 700°C 1s 30s 3mn 16mn 30mn - 3h 1m 2m FeCMo M 3 C M 3 C M 3 C+M 2 C M 3 C+M 2 C M 3 C+M 2 C+ξ - M 3 C+M 2 C+ξ M 2 C+ξ M 2 C+ξ FeCMn M 3 C M 3 C M 3 C M 3 C M 3 C - M 3 C No carbide No carbide FeCMoMn M 3 C M 3 C M 3 C+M 2 C M 3 C+M 2 C+ξ M 3 C+M 2 C+ξ - M 3 C+M 2 C+ξ M 2 C+ξ M 2 C+ξ
Table III.6: Preliminary carbide precipitation sequences obtained by crystallographic analysis on carbon extractive replicas.

Volume fractions in carbides

All the tempered samples have been analysed by synchrotron X-ray diffraction measurements at SOLEIL on the Diffabs beamline. The detail of the experimental set-up is given appendix E .1. On the Diffabs beamline, it is not possible to acquire one continuous diffractogram: due to the size of the detectors, only portions of diffractograms are acquired over a certain 2θ range. Therefore, it is necessary to treat the baseline of each of these portions, and to link them together in order to obtain a continuous diffractogram. Figure III.13 illustrates the transformation from acquired portions of diffractograms to a continuous one. The detail of this automated treatment is given in appendix E .2. Once a continuous diffractogram is obtained, the volume fractions in carbides can be determined by Rietveld refinement. This can be complex, because the difference in intensity between the carbide and matrix peaks can be quite high, as illustrated figure III.13. Note that the intensity in figure III.13 is in logarithmic scale. After matrix refinement, carbide refinement can be done with different cut-off values. This cut-off value defines the width of the phases peaks. In the case of a cut-off value rather high, the start and end value in 2θ of the ferrite peaks define a rather large interval. If the cut-off value is small, the start and end value of 2θ define a smaller interval, closer to the peak feet. This is illustrated figure III.14. The choice of this cut-off value has an impact on the volume fractions of some carbides. More specifically, it impacts the volume fractions of carbides only if carbide peaks are overlapping those of ferrite. This is the case for cementite and ξ carbide. A low cut-off value improves the detection of these carbides but tends to slightly overestimate their volume fractions. It is the opposite for a high cut-off value. The impact of the cut-off value on the lattice parameters is small, but the uncertainty is greater for a high value of cut-off. For more details on Rietveld refinement and on the impact of the cut-off value, see appendix E . In the present study, a different cut-off value is chosen depending on the model alloy. A low cut-off is chosen for the Mo-bearing alloys, FeCMo and FeCMoMn, while a high cut-off is chosen for the FeCMn alloy. The orthorhombic structure is used for M 2 C carbides refinement because it gives better results.

Figure III.15 shows the result of Rietveld refinement of all the compositions, at both 650°C and 700°C. The error on the volume fraction is the error resulting from the refinement of the diffractogram obtained from one area of the sample. The volume fraction in one specific spot accounts in this case for the volume fraction in the whole sample, while in reality, there probably exists areas with varying carbide density. For that reason, the errors presented figure III.15 are probably underestimated. In order to get a better idea of the uncertainty, it would have been necessary to realise X-ray measurements at different locations of the same sample. This would have required a significant increase in beam time and was therefore not possible. The possible source of errors are more thoroughly discussed in appendix E .5. The black markers, figure III.15, correspond to the volume fractions predicted at thermodynamic equilibrium by Thermocalc, using the CALPHAD method. Details of Thermocalc calculations are given in appendix G .1.

The carbide precipitation sequence for the FeCMo system, figures III.15a and III.15b, is similar to the one determined table III.6. Cementite has totally dissolved for times superior to 10 5 s, for both temperatures. ξ carbide precipitates sooner at 700°C than at 650°C. Its volume fraction increases with time, as it is the case for the M 2 C volume fraction. M 2 C precipitates for lower tempering times than ξ carbide at 650°C, while at 700°C they appear with a lower time difference. At 700°C, cementite dissolves to the benefit of the formation of Mo-rich carbides, such as M 2 C and ξ carbide. Thermocalc predicts for the FeCMo system the presence of a mix of ξ carbide and cementite, both at 650°C and 700°C, see figures III.15a and III.15b. The ratios in volume fractions of these two phases are approximately the same at 650°C and 700°C: in average there is 2.6% of ξ carbide and 0.5% of cementite. These calculated values differ from experimental results, since cementite has completely dissolved and M 2 C is still present. CALPHAD calculations suggest that M 2 C is a metastable phase, meant to dissolve with further tempering. Since the experimental ξ carbide volume fractions at 650 and 700°C are inferior to the ones predicted by Thermocalc, it is possible that thermodynamic equilibrium may not be reached yet.

The FeCMn alloy contains only cementite at 650°C, figure III.15c, as reported table III.6. At 700°C, the precipitation of austenite for times superior to 10 5 s explains the absence of carbide observed on carbon extractive replicas, table III.6. The cementite volume fraction has variations which do not have a clear explanation. As detailed in chapter II, section 3 .2, the FeCMn starting microstructure is a mix of bainite and martensite. Even if it is mainly a bainitic microstructure, it is possible that synchrotron X-ray measurements may have been in performed in martensitic areas, for some data points. Therefore, the microstructural heterogeneity of the FeCMn samples may be an explanation to the observed variations in cementite volume fractions. As a consequence of these variations, the cementite volume fraction is considered to be rather constant over time. At 650°C, figure III.15c, the average cementite volume fraction is close to the one predicted at equilibrium. In this case, it is considered that the system has reached thermodynamic equilibrium. At 700°C, figure III.15d, austenite is present at thermodynamic equilibrium. Experimentally, a 3% volume fraction is measured while Thermocalc expects 30%. This means that the FeCMn system at 700°C has not reached thermodynamic equilibrium yet.

The evolution of the FeCMoMn system at 650°C, figure III.15e, is comparable to what is observed in the FeCMo alloy at 700°C, figure III.15b. Cementite tends to dissolve to the benefit of M 2 C and ξ carbide, which are by nature richer in Mo. Nevertheless, at 650°C, cementite does not dissolve completely as in FeCMo: it is most likely that the presence of Mn stabilises cementite, as reported before in literature [START_REF] Leslie | The quench-ageing of low-carbon iron and iron-manganese alloys an electron transmission study[END_REF][START_REF] Leslie | Precipitation of carbides in low-carbon Fe-Al-C alloys[END_REF]. At 650°C, for times superior to 10 5 s, cementite is detected in synchrotron measurements while it was not the case on carbon extractive replicas, table III.6. It is possible that cementite failed to be extracted on the replicas. At 700°C, austenite precipitates for times superior to 10 5 s, while it is not the case in the FeCMo composition. This difference is due to the presence of Mn, which stabilises austenite. The precipitation of austenite induces the dissolution of cementite. The tendency for cementite dissolution is visible for tempering times up to 10 5 s: at 700°C, as at 650°C, this dissolution is correlated with an increase in ξ carbide volume fraction. Nevertheless, at 700°C, the M 2 C volume fraction seems stable with tempering time. As in the FeCMo system, ξ carbide precipitates for lower times at 700°C than at 650°C, figures III.15e and III.15f. At 650°C, a mix of cementite and ξ carbide is expected at thermodynamic equilibrium. Even if CALPHAD calculations do not predict the presence of M 2 C as it is observed experimentally, the volume fractions expected by Thermocalc for cementite and ξ carbide are quite close to the experimental ones. The calculated ξ volume fraction is slightly higher than the experimental value for the longest tempering time, while it is the opposite for cementite. Since the tendency is to dissolution for cementite and to increasing volume fraction for ξ carbide, the thermodynamic values come in the continuity of the tendency observed experimentally. This suggests that thermodynamic equilibrium is not reached yet and that, with increas-ing tempering time, cementite would continue to dissolve while the proportion of ξ carbide would increase. At 700°C, figure III.15f, a mix of ξ carbide and austenite is expected at thermodynamic equilibrium. The volume fraction in austenite calculated with Thermocalc is higher than experimental values but the volume fractions in ξ carbide are close. In this case either, M 2 C is not expected at thermodynamic equilibrium. For that reason, it seems that the system has not reached thermodynamic equilibrium yet.

Rietveld refinement also gives information on lattice parameters and hence, on the lattice volume. Reliable lattice volume information could be extracted only for ferrite and cementite. The evolution with tempering time of the lattice volumes of these two phases is presented figure III.16. Both at 650 and 700°C, the ferrite lattice volume has a tendency to contraction with increasing tempering time, figures III.16a and III.16b. At 700°C especially, the trend is very clear and seems independent of composition. This contraction is correlated with recrystallisation of the matrix into equiaxed grains, as it will be further discussed in section III.2 .6. Nevertheless, at 650°C for times superior to 10 5 s, for FeCMn and FeCMoMn alloys, the ferrite lattice volume does not follow the trend. There is no obvious explanation to this observation. For low tempering times, below 10 5 s, the ferrite lattice volume of FeCMn is always smaller than the one found in Mo-bearing alloys. This is possibly explained by the difference in atomic radius between Mn and Mo, Mn having an atomic radius similar to iron, while Mo is larger. As both elements are substitutional, the lattice volume is increased in order to accommodate the presence of Mo, while in the case of Mn, the volume occupied is not different from the one occupied by iron.

Figures III.16c and III.16d show the evolution of cementite lattice volume depending on the alloy composition. The cementite lattice volume in the FeCMn alloy is always lower than the corresponding lattice volume in the Mo-bearing alloys. At 700°C, it even seems that the lattice volume decreases with increasing tempering times. The cementite lattice volume in the FeCMo alloy is the highest and even increases with increasing tempering times. The cementite lattice volume in the FeCMoMn system is between those two extremes and seems rather constant with time. An explanation to these observations is given later, in section III.2 .3, where the carbides compositions is determined.

Final carbide precipitation sequences

Based on the information provided by crystallographic analysis and synchrotron measurements, the final carbide precipitation sequences can be determined. It is schematically presented figure III.17. The volume fractions corresponding to these carbide sequences are the ones given figure III.15. Several conclusions can be drawn from figure III.17.

First, temperature does not seem to have any effect on the carbide precipitation sequences, except for ξ carbide. Indeed, ξ carbide precipitates for lower values of the temper parameter at 700°C than at 650°C, the difference being even bigger in the case of FeCMo than FeCMoMn. This would mean that a higher temperature tends to favour the precipitation of ξ carbides.

Second, as mentioned, manganese has an influence on the carbide precipitation sequence by decreasing the formation temperature of austenite, by preventing cementite dissolution and possibly by stabilising ξ carbide as well. Austenite forms in the FeCMn and FeCMoMn systems, whereas it does not in the FeCMo system. Furthermore, cementite dissolves completely in the absence of manganese: in the FeCMo system it is not detected for the longest tempering times, whereas for the FeCMoMn alloy, it does not dissolve for these same tempering times at 650°C. The stabilising effect of manganese on austenite and cementite is already reported in literature [START_REF] Leslie | The quench-ageing of low-carbon iron and iron-manganese alloys an electron transmission study[END_REF][START_REF] Bain | Alloying elements in steel[END_REF]. Manganese also possibly stabilises ξ carbide: it precipitates for lower tempering times in the FeCMoMn composition than in the FeCMo alloy.

Third, the FeCMo and FeCMoMn experimental precipitation sequences differ from what found in literature for similar Mo/C ratios (section III.1 .4), but only for the highest values of temper parameter. The Mo/C ratio of the model alloys is 0.625. The FeCMo and FeCMoMn carbide sequences at the beginning are the same as the ones found in tables III.3 [START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF] and III.4 [START_REF] Sato | On the carbide reactions, secondary hardening and volume change occurring in the fourth stage of tempering of alloy steels[END_REF] for a Mo/C ratio around 0.625: cementite, then M 2 C and ξ carbide precipitate. Nevertheless, for K>21500, differences are found. While MC or M 23 C 6 are expected, only ξ carbide is observed in the FeCMo and FeCMoMn alloys. As for the sequence reported by Irvine and Pickering figure III.6 [START_REF] Irvine | The tempering characteristics of low-carbon lowalloy steels[END_REF], M 23 C 6 is reported to form in the FeCMoMn system for K>19000, before ξ carbides. This is not observed experimentally. Another remarkable difference is that the sequences reported by Kuo for the FeCMo system with Mo/C ratios of 0.435 and 0.850 do not expect the dissolution of cementite, whereas it is observed experimentally. Moreover, ξ carbides in the FeCMoMn alloy are detected here for lower temper parameter values. In the FeCMoMn system, the carbide sequence with a Mo/C ratio of 0.67 reported by Sato et al., table III.4, expects the presence of ξ carbides for K=21409. In the present study however, ξ carbides can be detected as early as for K of about 18600. This earlier detection may be explained by a better sensitivity of the methods used. While in literature selective dissolution is used, the combination of TEM examinations on carbon extractive replicas and of synchrotron X-ray measurements has lead to detect the ξ carbides for shorter tempering times. In the case of the FeCMn system, the precipitation is in accordance with what is reported in literature, section III.1 .4: only cementite precipitates. Finally, the final precipitation sequences obtained are close to what is found after tem-pering at 650°C for 6h in 16 to 20MND5 steels. As in the industrial alloy, the presence of cementite, M 2 C and ξ carbides are experimentally detected [START_REF] Im | Effects of carbide precipitation on the strength and Charpy impact properties of low carbon Mn-Ni-Mo bainitic steels[END_REF][START_REF] Jin | Evolution of a needle shaped carbide in SA508 Gr3 steel[END_REF][START_REF] Cazottes | Quantitative microstructural characterization of nuclear grade bainitic steel: Influence of macrosegregations in full-scale forgings[END_REF].

Cementite + M 2 C Cementite + M 2 C + ξ carbide M 2 C + ξ carbide

.3 Chemical composition of carbides

The evolution of carbides composition at 650 and 700°C is investigated by STEM-EDS on carbon extractive replicas. Figure III.18 shows the chemical composition of carbides as a function of tempering for both the FeCMo and FeCMn alloys. Each point is the result of the average of ten measurements or more, and the error is given with a 95% confidence interval. For more details on STEM-EDS data and on the error calculation, see appendix F . The black data points are the compositions calculated with the CALPHAD method, using Thermocalc; the detail of the calculation is reported in the appendix G .1. In the FeCMo system, figures III.18a and III.18b, the compositions are split between iron-rich carbides (cementite), molybdenum-rich carbides (M 2 C) and ξ carbides with an intermediate composition. At both 650°C and 700°C, the iron content in cementite is rather constant with tempering time, and is close from one temperature to another. At 650°C, the average iron composition in cementite is of 94.8±1.2 at.%. At 700°C, the average is of 95.5±1.3 at.%. This is close to the composition predicted by Thermocalc, which is 99 at.% in Fe for both temperatures, meaning it is nearly Fe 3 C. ξ carbide also has a constant composition in alloying element, even if at 650°C it is hard to conclude from two data points. In average, the iron composition of ξ carbides at 650°C is 63.2±0.8 at.% and at 700°C, 64.1±0.9 at.%. The experimental composition is richer in Mo than the one predicted at thermodynamic equilibrium: the average iron composition is expected to be 73 at.%. At both temperatures, M 2 C carbides get richer in molybdenum. At 700°C for 180s (3min), the average Mo concentration in M 2 C is 83.4±3.9 at.% and after two months (5.10 6 s), 91.6±2.8 at.%. At 650°C, the initial Mo concentration in M 2 C is 91.2±3.8 at.% and after 5.10 6 s (2months), 95.8±2.4 at.%. When M 2 C form, they are at first richer in iron. It is possible that it is kinetically advantageous for M 2 C carbides to form first with a higher iron content and then to get enriched in Mo. This can be explained by the fact that molybdenum takes longer to diffuse.

In the FeCMn system, only cementite is present and its Mn content increases with tempering times, both at 650°C and 700°C, figures III.18c and III.18d. At 650°C, the average composition in Fe ranges from 98.8±3.6 at.% at 1s, to 84.8±2.8 at.%Fe after 5.10 6 s (2months). At 700°C, the initial concentration in Fe at 1s is 98.7±4.6 at.% and it decreases to 91.3±2.2 at.% Fe. The Mn enrichment in cementite has an effect on the cementite lattice volume. As previously shown figures III.16c and III.16d, with increasing tempering time there is a decrease in lattice volume. Kagawa and Okamoto [START_REF] Kagawa | Lattice parameters of cementite in Fe-C-X (X=Cr, Mn, Mo, and Ni) alloys[END_REF] have demonstrated that the cementite lattice volume decreases linearly with increasing Mn content. Hence, the cementite lattice volume contraction at 650°C and 700°C confirms the STEM-EDS conclusions. Furthermore, this is in compliance with thermodynamics since CALPHAD calculations predict at thermodynamic equilibrium a concentration of 17at.% Mn, excluding carbon.

In the same way, Kagawa and Okamoto [START_REF] Kagawa | Lattice parameters of cementite in Fe-C-X (X=Cr, Mn, Mo, and Ni) alloys[END_REF] have shown that Mo enrichment in cementite linearly increases the lattice volume. As it was highlighted, figures III.16c and III.16d, an increase in cementite lattice volume is also observed in the FeCMo composition, more markedly at 700°C. Considering the lattice volumes measured in this study, Kagawa and Okamoto predict approximatively less than 0.5at.% Mo, excluding carbon. It is ten times lower from what is reported by STEM-EDS analyses, where cementite contains approximately 5at.% Mo. At 650°C, it is hard to conclude that the increase in lattice volume is due to a small Mo enrichment in cementite, because the average iron content values at 1s and at about 5.10 4 s (15h) are 97.7±2.7 at.% and 96.4±3.6 at.% respectively. At 700°C, the evolution in cementite lattice volume may be explained by a small increase in Mo content, since the iron content goes from 95.1±2.7at.% at 1s, to 93.8±3.8 at.% at about 1.10 4 s (3h).

Figure III.19 gives the evolution in carbides composition for the FeCMoMn system. The yellow arrows point towards the longest tempering times. The errors associated with each data point is given in appendix F .4. The black data points correspond to compositions at thermodynamic equilibrium calculated with the CALPHAD method.

Both at 650°C and 700°C, the cementite composition gets richer in substitutional elements. At 650°C, the iron content at 1s is of 96.9±2.1 at.% and decreases to 83.2±2.2 at.% after 6h. At 700°C, the iron content is of 96.7±2.2 at.% at 1s and decreases to 86.5±2.2 at.% after 3h. It was not possible to measure the cementite compositions for tempering times of 1month or 2, because cementite could not be extracted on the carbon extractive replicas. In both cases, the Mo and Mn contents are about the same, nearly 1.5at.% for low tempering times and increase to around 8at.%. At 650°C, Thermocalc however expects a cementite composition comparable to what is found in the FeCMn and in the FeCMo systems, with very little Mo (less than 1 at.%) and about 20 at.% of Mn. At 700°C, since austenite forms, Thermocalc does not predict the presence of cementite in the system. It is surprising that an enrichment in Mn in cementite is not observed in the FeCMoMn system in the same proportions as in the FeCMn composition.

In the case of M 2 C, the composition evolution is similar to what is found in the FeCMo composition, with a tendency to get enriched in Mo with increasing tempering times. The M 2 C carbides in the quaternary alloy contain a little bit of Mn, around 2-3 at.%.

For ξ carbides, the evolutions in compositions at 650°C and 700°C are less clear, and are different from one temperature to another. At 650°C, the tendency seems to be towards an iron enrichment, although it is hard to conclude from three tempering times. Nevertheless, if it is the case, it would be in agreement with the CALPHAD calculations which expect at thermodynamic equilibrium an iron content of 71 at.% and 29 at.% of Mo. Mn is not expected in the ξ carbide composition because it is not entered in the carbide crystallographic structure, in the TCFE10 database. Experimentally however, the Mn content is different from zero. At 650°C, the average ξ carbide composition over tempering time contains 8.8±0.1 at.% in Mn, 35.6±0.6 at.% in Mo and 55.6±0.8 at.% in Fe. At 700°C, the evolution has variations. At 16min, the iron content is 67.4±1.3 at.%, then at 30min, 53.7±1.3 at.%. For tempering times superior to this, the iron content varies between 58 and 60 at.%. In average over the tempering times at 700°C, ξ carbides contain 59.7±0.6 at.% of iron, 34.0±0.4 at.% of Mo and 6.2±0.1 at.% of Mn. This average is close to what is found at 650°C, but is less rich in iron than what is predicted by Thermocalc. CALPHAD calculations expect at 700°C

.4 Precipitation sites of carbides

Identification of the precipitation sites of carbides is important for mechanical properties. Those sites were identified using carbon extractive replicas in the case of M 2 C, and EBSD maps for cementite and ξ carbide. Details regarding the EBSD data acquisition for identification of the carbides precipitation sites are given in appendix A .7.

Cementite

Cementite can be identified on carbon extractive replicas but the nature of their precipitation sites is not clear. For that reason, acquisition of EBSD maps is necessary. EBSD maps were done on all three model alloys, on both the starting bainitic microstructure and after 3h at 700°C. Since the results are the same for all three model alloys, only the EBSD maps for the FeCMo alloy are shown in figure III.20. Similar maps for the FeCMn and FeCMoMn compositions can be found in appendix A .7. Cementite is found to precipitate at different types of boundaries, regardless of their misorientation. It means that cementite precipitates at lath, block, or prior austenite grain boundaries. Furthermore, there is no evolution of their precipitation sites with tempering. M 2 C

Two different precipitation sites can be identified for M 2 C carbides. Figure III.21 shows a bright field image taken of a carbon extractive replica, after 15h at 650°C. One type of M 2 C carbides precipitates at lath boundaries, while another inside the lath (intralath). Furthermore, the shape of M 2 C carbides differs from one precipitation site to another. Intralath M 2 C have a needle shape, while they rather have an ovoid shape at lath boundaries. In literature, the presence of M 2 C intralath with a needle shape is reported in 16MND5; they are responsible for an increase in hardness [START_REF] Im | Effects of carbide precipitation on the strength and Charpy impact properties of low carbon Mn-Ni-Mo bainitic steels[END_REF]. The presence of M 2 C at lath boundaries is also reported in 16MND5, with a spherical shape [START_REF] Cazottes | Quantitative microstructural characterization of nuclear grade bainitic steel: Influence of macrosegregations in full-scale forgings[END_REF].

At 650°C, with longer tempering times, 1 or 2months, figure III.22a, it is still possible to differentiate M 2 C carbides intralath, needle-shaped, from M 2 C at lath boundaries. At 700°C however, for tempering times of 1 or 2months, the distinction is harder to make, figure III.22b. Intralath M 2 C on the carbon extractive replicas are less numerous. M 2 C at lath boundaries have grown and elongated. This indicates that the wetting angle of M 2 C at lath boundaries may be changing with the carbide size, and may be decreasing with increasing size.

Table III.7 gives the tempering times for which M 2 C at lath boundaries (LB) and intralath (IL) can be observed in the FeCMo and FeCMoMn alloys. Mn does not seem to impact the precipitation of M 2 C at lath boundaries or intralath, as no notable difference in the precipitation tempering times can be seen between the FeCMo and FeCMoMn systems. For both alloys, M 2 C at lath boundaries precipitates before intralath M 2 C. As explained in section III.1 .2, the activation energy barrier is lower for heterogeneous nucleation at lath boundaries than intralath at dislocations, which can explain this observation. Furthermore, after 1month of tempering at 700°C, the intralath M 2 C are less numerous on the carbon extractive replicas. Since this is correlated with an increase in M 2 C volume fractions figures III.15b and III.15f, it is hard to know whether this is a sign of the dissolution of intralath M 2 C or whether intralath M 2 C become harder to extract on replicas.

ξ carbide

As for cementite, even if ξ carbides are present on carbon extractive replicas, their precipitation sites could only be identified using EBSD maps. Figure III.23 shows an EBSD map of FeCMoMn tempered at 650°C for 2months. The arrows show the presence of different ξ carbides at boundaries. Unlike what is reported in literature for 16 to 20MND5 types of steel, ξ carbide do not precipitate intralath with a needle shape [START_REF] Jin | Evolution of a needle shaped carbide in SA508 Gr3 steel[END_REF]. These ξ carbides seem to precipitate preferentially at high angle boundaries, with a misorientation superior to 50°. As explained in chapter II, section 1 .4, this kind of boundaries can be found between variants of different Bain groups, between blocks. Zhang et al. [START_REF] Zhang | Investigation of solute segregation behavior using a correlative EBSD/TKD/APT methodology in a 16MND5 weld[END_REF] have shown that high angle boundaries tend to be richer in substitutional elements than low angle boundaries. Therefore, the formation of ξ carbides may be eased at high angle boundaries due to the higher concentration in Mo at those boundaries. Cementite formation is only limited by carbon, which diffuses much more rapidly than Mo, and segregates both at low and high angle boundaries [START_REF] Zhang | Investigation of solute segregation behavior using a correlative EBSD/TKD/APT methodology in a 16MND5 weld[END_REF]. This explains why ξ carbides preferentially precipitate at high angle boundaries while no preference is observed in the case of cementite. Furthermore, this information may also explain why ξ carbides precipitate sooner in the FeCMoMn composition than in the FeCMo alloy. As a matter of fact, when looking at the misorientation angle distributions of the starting microstructures, figure II.40a, it appears that boundaries superior to 50°in the initial FeCMoMn bainitic microstructure represent 39% of the boundaries with a misorientation superior to 5°, while it represents only 21% in the FeCMo initial microstructure. This possibly leads to a higher amount of ξ carbide nucleation sites in the FeCMoMn initial microstructure than in the FeCMo one, which would explain a precipitation of ξ carbides for lower tempering times.

Carbide precipitation at boundaries can have an influence on the resulting mechanical properties. Therefore, the presence of ξ carbide may affect the resulting mechanical properties. 

.5 Size distributions of carbides

The evolution of the carbide size distributions during tempering is followed by image analysis on SEM images, at 650 and 700°C, for specific times. The detail of the data acquisition and treatment is given in appendix A .8. The advantage of this method is that a great number of carbides can be analysed (a few thousands at least). The downside is that this method cannot differentiate the carbides by their nature. The results obtained with this method are given figure III.24, as a function of equivalent radius. The equivalent radius is the radius of the disk with the same surface area as the carbide detected by image analysis. The distributions given figure III.24 are the size distributions of the total population of carbides. Each data point shows the centre of the bin. All the distributions are asymmetrical, and this can be seen by the fact that the median of the distributions, figure III.25, is systematically lower than the calculated average. Half of the measured carbides are smaller in size than the carbide average. Based on the shape of the distributions, figure III.24, a large amount of carbides has an equivalent radius comprised in a 100nm interval. The median and average of the distributions have the same evolution with temper parameter, figure III. [START_REF] Barcelo | Metallurgical characterization of micro-heterogeneities in a 16MND5 forging[END_REF]. This means that the distributions most likely remain asymmetrical with tempering.

At 650°C, the FeCMo carbide distribution broadens from 1s to 6h. After 2months, the carbide size distribution sharpens again, and shifts towards lower radius values, figure III.24c. This evolution is visible as well figure III.25a. From 1s to 6h, the average carbide size increases from about 80nm to 110nm, and then drops to reach 40nm. At 700°C, the evolution tends to be similar despite some differences, figures III.24b and III.25a. From 1s to 3h, the carbide distribution sharpens with an average carbide size constant or slightly decreased. After two months at 700°C, as at 650°C, the distribution strongly sharpens and the average carbide size also decreases to 40nm. The sudden drop in average carbide size is due to the detection of the precipitation of M 2 C and ξ carbides: even if they are visible by TEM for shorter times than what is reported figures III.24a and III.24b, their size starts to be above detection limit on SEM images after two months of tempering. Furthermore, after two months of tempering (5.10 6 s), cementite has completely dissolved, see figures III.15a and III.15b. The growth of cementite, if it was still present, would contribute to increase the distribution average. The absence of cementite also contributes to explaining the drop in average size.

Before 2months of tempering, cementite is still present in the FeCMo alloy, grows and then coarsens. These two stages lead to an increase in average carbide size and to the broadening of the distribution. During growth, the carbide volume fraction increases, while during coarsening, it is constant. At 650°C, figure III.15a, the cementite volume fraction is constant from 1s to 6h (about 2.10 4 s): cementite should be undergoing coarsening. This is visible figures III.24a and III.25a: the distribution broadens while the average increases. At 700°C however, figure III.15b, from 1s to 3h (about 1.10 4 s), cementite volume fraction decreases: cementite is dissolving. This is visible on the distributions which sharpen, figure III.24b, and on the average carbide size which does not increase, figure III.25a.

These differences observed between 650°C and 700°C is the reason why the evolution with temper parameter of the average and median is not completely smooth, figure III.25a. As a function of temper parameter, it would be expected to observe a slow increase in carbide size and then a drop with the detection of M 2 C and ξ carbides after two months. Moreover, it can be seen that the heating step to the targeted tempering temperature has an effect on the average carbide size, since at 700°C 1s, the average is of 140nm, while of 85nm at 650°C 1s. Cementite, the only carbide present at this stage, grows to a greater extent during the heating step until reaching 700°C than until reaching 650°C.

In the FeCMn alloy, the evolution of the distributions is simpler than for FeCMo. As reported figures III.15c and III.15d, the cementite volume fractions can be considered constant over tempering time. This means that cementite only undergoes coarsening. Both figures III.24c and III.24d, the cementite distributions broadens with time, and shifts towards higher values of equivalent radius. No distribution is available at 700°C 2months, since cementite has dissolved to the benefit of austenite. The effect of coarsening on the average carbide size is visible as well figure III.25b: there is a continuous increase in average size with increasing temper parameter. In this case, the beginning of the dissolution of cementite at 700°C due to the formation of austenite is not visible. The heating step (650 or 700°C) has a lower impact on the average carbide size than what is observed for the FeCMo system. At 650°C 1s in the FeCMn alloy, cementite has an average size of 60 nm, while it reaches 70 nm at 700°C 1s. Furthermore, compared to the data figure III.25a for the FeCMo composition, the average cementite size is smaller in the FeCMn system at the beginning of tempering. This may be due to the difference in starting microstructure: while FeCMo is fully bainitic, FeCMn is a mix of bainite and martensite. Cementite that can be found in tempered martensite is smaller than the one found in bainite.

In the FeCMoMn alloy, the evolution in carbide size is closer to what can be found for the FeCMo system than what can be seen in the FeCMn composition. At 650°C 1s, figure III.24e, the carbide distribution is quite broad. After 6h at 650°C, the distribution has strongly sharpened and has shifted towards lower equivalent radius values. After 2months, the distribution broadens again and shifts towards higher radius values. At 700°C, figure III.24e, the evolution is the same: after 3h, the distribution has sharpened and shifted towards lower radius values. The distributions at 700°C 1s and 2months are almost the same. When looking at the average radius size as a function of temper parameter, figure III.25c, the average size first decreases until reaching a minimum around 40nm, then increases again.

In the case of FeCMoMn, the detection of M 2 C and ξ carbides happens at lower tempering times than what is reported for FeCMo: at 700°C 3h and 650°C 6h, against 2months for FeCMo. This is coherent with the fact that ξ carbides are detected sooner in the precipitation sequence in the quaternary alloy than in FeCMo (figure III.17). The consequence is that, for a given temperature and a given tempering time, the carbide population has a higher average size in the FeCMoMn composition than in the FeCMo alloy. This can have an impact on the resulting mechanical properties.

At 650°C in the FeCMoMn system, figure III.15e, the cementite volume fraction decreases while the volume fraction of M 2 C and ξ carbides increases. Therefore, the observed distributions are the sum of different contributions. The dissolution of cementite leads to a decrease in average carbide size while the growth of M 2 C and ξ carbides to an increase of the latter. At 700°C, distributions are the sum of the same contributions, except after 2months where austenite has replaced cementite, figure III.15f. The result of these contributions can be seen figure III.25c. From 650°C 1s to 700°C 1s, it appears that cementite is already dissolving during the heating step at 700°C, since the average carbide size decreases. After 6h at 650°C or 3h at 700°C, the combined dissolution of cementite with the detection of the precipitation of Mo-rich carbides lead to a sudden drop, to reach an average of about 40nm. This average is close to the one found for the FeCMo system after 2months. For longer tempering times, the growth of the Mo-rich carbides induces an increase in the average carbide size; from 40nm it reaches 80 to 90nm. Due to this, it can be supposed that the dissolving cementite has a lesser contribution to the average carbide size than the Mo-rich carbides, for the longest tempering times.

.6 Evolution of hardness with tempering

The evolution of hardness with increasing tempering time is presented figure III.26, both at 650°C and 700°C. Details on the hardness measurements can be found in appendix A .3. At 650°C, all three compositions have a similar trend: hardness decreases with increasing tempering time. At 700°C, the same trend is observed, except for the two last tempering times for the FeCMn and FeCMoMn compositions, for which hardness increases. The sudden increase in hardness is correlated with the precipitation of austenite.

In bainitic microstructures, several factors can contribute to hardness. Solution hardening due to the presence of substitutional or interstitial elements is one. Nevertheless, homogeneously distributed carbides in the ferrite matrix, such as M 2 C, can also be the reason for secondary hardening observed during tempering. Eventually, the presence of a high density of dislocations can also be a source of hardening.

As reported by Irvine et al. [START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF], in the initial stages of tempering, the dependence of hardness with logarithmic time is linear: the original fine-grained bainitic microstructure persists. This corresponds to a few hours of tempering, about less than 10h at 650°C, around less than 1h at 700°C. For times superior to those, a very rapid softening is observed, figure III.7 [START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF], due to recrystallisation. This recrystallisation can be visible figure III.22b: the FeCMo bainitic structure after 2months of tempering at 700°C do not present anymore elongated laths. Figure III.27 shows a micrograph of the corresponding sample, tempered at 700°C for 2months. When comparing with the FeCMo initial microstructure shown in table II.8, it confirms what Irvine et al. [START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF] have observed, that is to say that the bainitic microstructure is not retained upon long tempering.

During the initial stages of tempering for times of a few hours, when the temper parameter and hardness are still linearly dependent, different phenomena happen. The recovery of dislocations lead to a decrease in hardness, as well as the partitioning of substitutional elements between ferrite and carbides: substitutional elements responsible for solution hardening dif- fuse into carbides [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF]. The substitutional elements may as well segregate at boundaries. In the case of Mn, it diffuses into cementite, as previously shown. During this stage however, for some alloys, the dependency between temper parameter and hardness may not be linear due to the precipitation of carbides, responsible for an increase in hardness during tempering. It is the case for the Mo-bearing alloys: the precipitation of intralath M 2 C carbides leads to an increase in hardness. For the FeCMo alloy, this slight increase in hardness is visible at both 650 and 700°C; maximum hardness is reached at 5min (300s) and 30s of tempering respectively. In the FeCMo alloy, intralath M 2 C responsible for secondary hardening start to be detected later than M 2 C at lath boundaries: they start to be visible on carbon extractive replicas after 6h at 650°C and after 30min at 700°C. This increase in hardness raises the question on whether there may already be M 2 C precipitating in the matrix at earlier tempering times, with a size below the sensitivity of the method employed. It is possible that carbon extractive replicas failed to extract them. In the case of the FeCMoMn alloy, while the same phenomenon should be expected, secondary hardening is not clearly visible on hardness values. A possible reason to this may be the earlier precipitation of ξ carbides in FeCMoMn than in FeCMo. Both ξ carbide and M 2 C are rich in Mo, and there may therefore be a competition during the formation of these carbides. In the case of the FeCMoMn composition, more Mo may be stored in ξ carbides which do not have a hardening effect, instead of being used to create an increased number of intralath M 2 C, as in FeCMo.

At 700°C after 1 or 2months, hardness increases again for the FeCMoMn and FeCMn compositions. This can be explained by the presence of austenite, richer in carbon than ferrite, and which has an improved hardness.

In average, the FeCMn alloy has the lowest hardness and FeCMoMn the highest. For tempering times inferior to 10 3 s, this may be explained by both substitutional elements hardening and, for the Mo-bearing alloys, by carbide precipitation as well. At 650°C, the Mo-bearing alloys tend to have close hardness values for times of 10 4 s and more. At such long tempering times, all the substitutional elements contributing to solution hardening must have diffused to carbides. Therefore, the main factor contributing to hardness may be the remaining presence of M 2 C intralath. This may also explain the difference in hardness with FeCMn.

.7 Experimental highlights

➤ Cementite, M 2 C and ξ carbides are identified in the FeCMo and FeCMoMn alloys. In these alloys, cementite tends to dissolve with increasing tempering time to the benefit of M 2 C and ξ carbides. In the FeCMo composition, cementite completely dissolves for the highest tempering times. In the FeCMn composition, the only carbide is cementite.

➤ Cementite precipitates at different types of boundaries. M 2 C precipitate intralath with a needle shape, and at lath boundary with an ovoid shape. ξ carbides are found at block boundaries, with a misorientation superior to 50°.

➤ Mn decreases the formation temperature of austenite and stabilises cementite. Precipitation of ξ carbides for lower tempering times in the FeCMoMn alloy than in the FeCMo composition can be either due to the presence of Mn or to the presence of a higher amount of nucleation sites.

➤ Temperature seems to impact the precipitation of ξ carbides since it precipitates for lower temper parameter values at 700°C than at 650°C.

➤ For the longest tempering times, ferrite recrystallises into equiaxed grains.

.8 Modelling of carbide volume fractions

Using the experimental data collected in the previous sections, the aim is to model the carbide precipitation in the model alloys during tempering, both at 650°C and 700°C.

Modelling software solutions

The PRISMA module from the Thermocalc 2021b suite is used for modelling [175]. This module relies on the Langer-Schwartz theory and uses the Kampmann-Wagner numerical approach. Langer and Schwartz proposed a set of equations that simultaneously describe nucleation, growth and coarsening [START_REF] Langer | Kinetics of nucleation in near-critical fluids[END_REF]. The Kampmann-Wagner method discretizes the particle size distribution and describes the continuous time evolution of the particle size distribution directly [START_REF] Wagner | A comprehensive treatment[END_REF]. PRISMA modelling relies on the TCFE10 v10.1 and MOBFE v5.0 databases. The former is a thermodynamic database while the latter is a kinetic one, containing the atomic mobility of elements in various phases.

PRISMA calculations are compared with modelling obtained with PreciSo, developped by Michel Perez at INSA Lyon. The thermodynamic data used for calculations are from the Thermocalc TCFE10 v10.1 and MOBFE v5.0 databases. PreciSo describes the evolution of precipitates by handling discretized size distributions. Each class is described by a radius which can increase or decrease, depending on whether the class nucleates, grows or dissolves. The time step is adaptive, i.e. the time increment is calculated at each step and validated under two conditions: the mass balance is respected and the critical radius has a variation inferior to 1%. This approach avoids too short time steps which would be time-consuming and too long time steps which do not accurately describe the system [START_REF] Perez | Implementation of classical nucleation and growth theories for precipitation[END_REF].

More details on these two software solutions can be found in appendix G .2.

Initial parameters

For all the alloys, since the initial microstructure is bainitic, there is a preexisting cementite population in the system. This initial distribution is calculated both from the distributions established in section III.2 .5 and with the volume fractions determined in section III.2 .2 for the time referred as "1s". This distribution is then the starting point for calculation. Some experimental volume fractions at "1s" exceed the maximum possible, taking into account the carbon mass balance. This is due to the slight overestimation of cementite volume fractions in the FeCMo and FeCMoMn compositions, as explained in section III.2 .2. In those cases, the maximum theoretical volume fraction in cementite is used instead of the experimental value. It is the case for FeCMo 700°C, FeCMoMn 650 and 700°C. In PreciSo, the experimental distribution does not contain a sufficient amount of bins in order for PreciSo to handle it easily. Consequently, the initial experimental distribution is modelled by a log normal distribution, in order to start from a higher amount of bins. For FeCMoMn 650°C, the modelling by a log normal was not possible, therefore a Weibull distribution was preferred in that case.

Heterogeneous precipitation of cementite can occur at different types of boundaries, as described in section III.2 .4. In PRISMA and PreciSo, there is no distinction between boundaries with different misorientation angles. Cementite nucleation is set as heterogeneous and cementite is considered to simply precipitate at lath boundaries. In PRISMA, the initial Mo or Mn content entered in cementite is set equal to the Mn content of the alloy, since cementite forms with the same substitutional to iron atom ratio as austenite [START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF].

Two types of M 2 C carbides are entered in both PRISMA and PreciSo: M 2 C that precipitate at lath boundaries, and M 2 C that precipitate intralath, with a needle shape. Lath boundary M 2 C nucleation is set as heterogeneous while it is set as homogeneous for intralath M 2 C.

ξ carbide precipitates at block boundaries, as shown in section III.2 .4. For simplification however, they are set in PRISMA and PreciSo to precipitate at lath boundaries, and their nucleation set as heterogeneous.

For heterogeneous nucleation, PRISMA requires a wetting angle while PreciSo a value for the heterogeneous factor. This heterogeneous factor can be directly calculated for a value of wetting angle, see equation III.4, in section III.1 .2. For that reason, only the wetting angle is specified in PreciSo results.

Other values of parameters necessary for PRISMA and PreciSo modelling can be found in appendix G .2.

Optimisation of cementite wetting angle and interface energy

The most important parameters influencing cementite precipitation modelling are the wetting angle and interface energy. Once those values are fixed, the wetting angle and interface energies of the other phases can be fitted accordingly. Very little information is available in literature on values of cementite wetting angle and interface energy. When interface energies are given, nothing is mentioned about the wetting angle. Nevertheless, values of interface energy and wetting angle make sense when they are given together, because the Gibbs energy for heterogeneous nucleation is dependent on both these parameters, as exposed in section III.1 .2. Therefore, an optimisation of cementite parameters on experimental data is required. This optimisation is made on the FeCMn alloy, because it is the most simple system as it has one type of carbide. The starting point of calculation is the cementite population at "1s". The experimental volume fraction at this starting point is inferior to the volume fraction obtained at equilibrium, see figure III.15c. Therefore, it is expected that modelling results would predict first a growth stage, with an increase in cementite volume fraction until reaching the maximum volume fraction possible, before cementite undergoes coarsening, with a constant volume fraction. These two phenomena are not visible on the experimental volume fraction curves at 650°C, figure III.15c, nor at 700°C, figure III.15d. Hence, it is impossible to optimise the cementite modelling parameters on volume fractions. Another possibility is to use the distributions obtained in section III.2 .5. Nevertheless, to be able to compare the distributions figure III.24 with the modelled distributions reported per unit of volume, it is necessary to use the experimental volume fractions. As mentioned before, it is not possible to rely on those. Furthermore, another difficulty is that in PRISMA, despite entering a starting cementite distribution, the software recalculates a new distribution, whose size depends on the entered wetting angle and interface energy. Therefore, solely the experimental volume fraction is really taken into account as a starting point for modelling. This is due to the fact that PRISMA first performs a nucleation step until the volume fraction entered by the user is reached and thus obtains its own distribution without taking into account the experimental one. As for using the mean radius of the experimental distributions, figure III.25, only a few data points are available for each temperature, two or three maximum. Furthermore, the mean radius reported by PRISMA does not correspond to the equivalent mean radius measured figure III.25. The last possibility is to use the evolution in Mn content in cementite at 650 and 700°C. Several experimental data points are available for the optimisation of cementite parameters. Nevertheless, PreciSo cannot handle the change in carbide composition during modelling. For that reason, the optimisation is made with PRISMA. The starting cementite chemistry in PRISMA is set as the same concentration as in the alloy. Two values of wetting angle are explored, 30 and 60°. As for the interface energy, values between 0.1 and 0.7J.m -2 are tested, because literature reports measured cementite interface energy of 0.3J.m -2 [START_REF] Deb | Coarsening behavior of cementite particles in a ferrite matrix in 10B30 steel[END_REF] and of 0.7J.m -2 [START_REF] Kramer | The free energy of formation and the interfacial enthalpy in pearlite[END_REF]. Figures III.28a and III.28b show the result of PRISMA modelling at 650°C, while figures III.28c and III.28d show the result at 700°C. For a wetting angle of 30°, at 650°C, interface energies of 0.1 and 0.2J.m -2 could not be modelled because calculations could not converge towards a solution, the same phenomenon happening at 700°C for an interface energy of 0.1J.m -2 .

At 650°C, figures III.28a and III.28b, the curve shapes are similar: the Mn content increases before reaching a plateau, after which the Mn content increases again. The increase in Mn content is associated with growth of the cementite particles. The plateau is a transition time before cementite undergoes coarsening, during which the Mn content increases again. The growth stage is not visible on the chemical experimental data. For long tempering times, the modelled Mn content reaches the experimental values. The reason why the plateau is not experimentally observed is certainly related to the fact that one has a tendency to choose rather large carbides for STEM-EDS measurements, with a higher amount of counts. If the Mn content is dependent on the carbide size and the carbide size is not uniform, the increase in Mn may not have been detected experimentally. For this reason, it is hard to discriminate a value of wetting angle or interface energy at 650°C. At 700°C, figures III.28c and III.28d, modelling stops at 10 5 s, before austenite forms. An increase in Mn content before reaching a plateau is observed in almost all cases, but this increase is lessened compared to what is found at 650°C. After the plateau, the Mn content increases again during coarsening. Interface energies for a wetting angle of 30°are close to experimental values for several data points. The Mn enrichment during cementite coarsening, for interface energy values with a wetting angle of 60°is slower than with a wetting angle of 30°. In that sense, modelling for a wetting angle of 30°is closer to experimental values. More specifically, an interface energy of 0.7J.m -2 is the closest to experimental data. Previous modelling work have successfully modelled cementite coarsening and cementite Mn enrichment using this value [START_REF] Wu | Cementite coarsening during the tempering of Fe-C-Mn martensite[END_REF]. Therefore, the cementite parameters are set to a wetting angle of 30°, and an interface energy of 0.7J.m -2 .

Due to the lack of data on values of wetting angle available in literature, the wetting angle values for other phases precipitating heterogeneously is arbitrarily fixed at 30°. Having a fixed value of wetting angle also enables the comparison between the obtained interface energies.

Results for the model alloys

The cementite parameters being fixed, the values of wetting angle and interface energy of other phases are optimised both in PreciSo and in PRISMA to best fit the experimental volume fractions. In the FeCMo and FeCMoMn systems, parameters of M 2 C precipitating at lath boundary are first optimised, then of M 2 C intralath, and eventually parameters of ξ carbide.

FeCMn

In FeCMn, at 650°C, only cementite is observed. Figure III.29 shows the result of PRISMA and PreciSo modelling at 650°C, with a wetting angle of 30°and an interface energy of 0.7J.m -2 see table III.8. In PreciSo, the carbide chemical composition is fixed throughout calculations. Therefore, the chemistry entered for cementite in PreciSo modelling is the one obtained for the longest time of tempering, measured from the STEM-EDS measurements in section III.2 .3. This value, around 15 at.% of Mn excluding carbon, is close to the chemical composition predicted by CALPHAD calculations at equilibrium (figure III.18c). The evolution of cementite volume fraction with time in PRISMA and PreciSo modelling have similar shapes, figure III.29a: constant at first, the volume fraction increases before reaching a plateau. This increase in volume fraction is due to cementite growth. In PreciSo modelling, this increase happens later than in PRISMA simulation. This is due to the chemical composition entered for cementite in PreciSo: cementite growth requires the diffusion of Mn in the matrix. In PreciSo, cementite grows with the chemical composition obtained at the longest tempering times. In PRISMA modelling, cementite grows for lower values of Mn content, because PRISMA can handle the change in carbide composition with time. After growth, the volume fraction is constant and this stage corresponds to coarsening. Figure III.29c displays the evolution of the mean equivalent radius, compared with experimental data. In PreciSo, this radius corresponds to the radius of the sphere with the same volume as the carbide, as measured experimentally. After cementite growth around 10 4 s, the mean radius increases due to coarsening. The modelled values oscillate due to the fact that PreciSo deletes and creates new classes of carbides, as coarsening progresses. The PreciSo modelled mean radius are close to experimental values. In this case, the wetting angle has no influence on the curves, since there is no nucleation. Therefore, the determining parameter is rather the interface energy.

At 700°C, cementite present at first dissolves after 3h to the benefit of austenite, as reported in section III.2 .2. Figure III.30 shows the result of PRISMA and PreciSo modelling at 700°C, compared with experimental data. The parameters used for PreciSo and PRISMA modelling are given in table III.9. Since PreciSo cannot handle austenite formation as a precipitate, like PRISMA does, the PreciSo simulation is stopped at 3h. To take into consideration the apparition of austenite, an additional node to the simulation would need to be created, with characteristics close to austenite. Table III.9: Wetting angle and interface energy used for PRISMA (a) and PreciSo (b) modelling of the FeCMn system at 700°C.

In both simulations, figure III.30a, cementite volume fraction increases after a certain time due to growth, as at 650°C. In PRISMA modelling, the increase in austenite volume fraction is very fast, most likely faster than what is observed experimentally. At 10 6 s, PRISMA still expects the presence of cementite, while experimentally it has completely dissolved. For the longest tempering times, PRISMA predicts a decrease in Mn content in cementite, because Mn diffuses to austenite, see figure III.30b. Figure III.30c shows the PreciSo modelled mean radius. After 10 3 s, coarsening starts as at 650°C, but is interrupted due to the entered time for simulation. At 10 4 s, PreciSo slighlty underestimates the experimental mean radius. This could mean that coarsening goes faster than what is predicted by PreciSo.

Figure III.31 shows the distributions modelled by PreciSo at 650°C 6h and 2 months, as well as at 700°C 3h. At 650°C 6h, figure III.31a, the modelled distribution differs essentially in number, and the experimental and modelled distributions are centred around the same radius values. This difference in particle number comes most likely from the fact that at 650°C 6h the PreciSo modelled volume fraction is higher than what is measured experimentally, see figure III.29a. After 2months at 650°C, figure III.31b, the modelled and experimental distributions are close in number, but the modelled distribution is slightly more shifted towards higher radius values than the experimental one. This is due to the fact that PreciSo coarsening is a bit faster than experimentally observed, as explained using figure III.29c. At 700°C 3h, figure III.31c, the modelled and experimental distributions are centered around the same radius values, despite slightly different mean radius values, figure III.30c. They differ in number due to the difference in experimental and modelled volume fractions, figure III.30a. 

FeCMo

In the FeCMo system, at 650°C and 700°C, the carbide population evolves from cementite alone to M 2 C and ξ carbides. The modelled volume fractions in carbides at 650°C are shown figure III.32, and the corresponding parameters reported table III.10. While in PRISMA the initial cementite chemical composition is set as the same as the matrix, in PreciSo it is simply entered as Fe 3 C. Even if two types of M 2 C are entered for modelling, only the sum of those M 2 C volume fractions is presented. Experimentally, it is not possible to distinguish them by Rietveld refinement. PRISMA and PreciSo modelling are similar, despite different interface energy values entered for other phases than cementite. Both software solutions expect a cementite dissolution to the benefit of M 2 C and ξ carbides. The main difference consists in the presence of cementite for the longest tempering times in PRISMA and PreciSo modelling, while experimentally it is not detected. Furthermore, PreciSo and PRISMA predict the dissolution of M 2 C for the longest tempering times; experimentally however, the volume fraction in M 2 C does not decrease. This makes sense since, at equilibrium, Thermocalc expects the presence of only cementite and ξ carbide in FeCMo, see figure III.15a. PreciSo and PRISMA rely on the same thermodynamic data. The modelled system will therefore tend to evolve in that direction. The interface energy values at 650°C of lath boundary M 2 C and ξ carbide, table III.10, are higher in PreciSo modelling than in PRISMA. For lath boundary M 2 C however, the value is lower in PreciSo modelling than in PRISMA. Previous work on modelling the precipitation of intralath M 2 C have reported using interface energies between 0.10 and 0.20J.m -2 [START_REF] Yamasaki | Modelling and characterisation of Mo 2 C precipitation and cementite dissolution during tempering of Fe-C-Mo martensitic steel[END_REF][START_REF] Olson | APFIM study of multicomponent M 2 C carbide precipitation in AF1410 steel[END_REF]. These values are lower than what is reported table III.10. Little data is available on ξ carbide interface energy, as well a on lath boundary M 2 C interface energy.

At 700°C, figure III.33, PRISMA and PreciSo modelled volume fractions also account for cementite dissolution with increasing volume fractions in Mo-rich carbides, as seen experimentally. Dissolution of M 2 C to the benefit of ξ carbides is also predicted, but not observed experimentally, for the same reason as at 650°C. Table III.11 gives the parameter values associated with figure III.33. These are compared to the interface energies at 650°C, table III.10. For intralath M 2 C, an increasing temperature leads to a decrease in interface energy for both modelling, but the tendency is not the same for lath boundary M 2 C. In PRISMA modelling, no change in interface energy is observed from 650 to 700°C, tables III.10a and III.11a, while a decrease is observed for PreciSo, tables III.10b and III.11b. This difference in tendency between PRISMA and PreciSo modelling may be due to the fact that volume fractions for each type of M 2 C is not available. Hence, it is not possible to adjust the interface energies of intralath and lath boundary M 2 C on their respective volume fractions, but only on the sum of those. Regarding ξ carbides, while for PRISMA modelling no effect of temperature is observed on the value of interface energy, tables III.10a and III.11a, in PreciSo modelling it decreases from 650 to 700°C, tables III.10b and III.11b. As reported in section III.2 .2, the temperature seems to have an influence on ξ carbide precipitation, because at 700°C, it precipitates for lower temper parameter values than at 650°C. This tendency would rather lead to decreasing interface energy with increasing temperature, since a lower interface energy leads to an earlier carbide precipitation, which is the case only for PreciSo modelling. The carbides mean radius and size distributions are not compared for the FeCMo system with experimental data since the results obtained in section III.2 .5 do not give the size distributions for each type of carbide.

FeCMoMn

The evolution of the FeCMoMn system exposed in section III.2 .2 is quite comparable what found for the FeCMo composition. Cementite is initially present at 650°C, followed by the precipitation of M 2 C and ξ carbides. At 700°C, the carbides are the same, except for longer tempering times at which austenite precipitates while cementite dissolves. The Mn content in cementite and ξ carbide for the FeCMoMn alloy, as measured in section III.2 .3, is neglected in PreciSo modelling due to too long calculation times. Therefore, the entered carbide chemistry is simply Fe 3 C for cementite and Fe 2 MoC for ξ carbide. For PreciSo, both at 650 and 700°C, some interface energy values could not be tested because the time step for those calculations was reduced to 0.01s for a huge number of iterations. Therefore, the software solution could not converge towards a solution.

Figure III.34 shows the results of PRISMA and PreciSo modelling at 650°C. Table III.12 gives the associated parameter values. Both modelling show the dissolution of cementite to the benefit of other Mo-rich carbides. The calculated cementite volume fraction is inferior to the experimental one due to the slight overestimation of cementite and ξ carbide experimental volume fractions, as explained in section III.2 .2. In PRISMA modelling, figure III.34a, the cementite volume fraction first decreases when M 2 C precipitates, then decreases again with the increase of ξ volume fraction. In PreciSo modelling, figure III.34b, the dissolution of ξ carbides is expected to the benefit of M 2 C carbides. No interface energy value could be found for ξ carbide to prevent its dissolution. Nevertheless, at thermodynamic equilibrium, Thermocalc predicts the presence of cementite and ξ carbide, cementite being enriched in Mn to 19at.%, excluding carbon. Thermocalc does not predict any Mn in ξ carbides. The thermodynamic data entered for PreciSo, such as the solubility product, is calculated for a certain Mn content in cementite. In PreciSo modelling however, the contribution of Mn in cementite is neglected. This is possibly the reason why PreciSo considers that cementite and M 2 C carbides are more stable, while ξ carbide should dissolve, even if the latter is thermodynamically stable.

The interface energies associated with PRISMA and PreciSo modelling for FeCMoMn 650°C are reported table III.12. When comparing the PRISMA values for FeCMoMn 650°C, table III.12a with PRISMA parameters of FeCMo 650°C, table III.10a, interface energies for M 2 C carbides are close, but the interface energy is lower for ξ carbide: 0.53J.m -2 for FeCMo and 0.39J.m -2 for FeCMoMn. As seen in section III.2 .2, ξ carbides precipitate earlier in the FeCMoMn alloy than in the FeCMo composition. With the same amount of nucleation sites from one system to another, it can be translated in modelling by a lower interface energy in the FeCMoMn system, as observed with PRISMA parameter values. The same conclusion can be drawn from PreciSo interface energies of FeCMo 650°C, table III.10b, and of FeCMoMn 650°C, table III.12b. The earlier precipitation of ξ carbide can also be translated by a lower wetting angle in the FeCMoMn alloy than in FeCMo, but the wetting angle is kept constant in PRISMA and PreciSo modelling. At 700°C, figure III.35a, PRISMA modelling accounts for the dissolution of cementite, the formation of austenite, of ξ carbides and M 2 C. It predicts the dissolution of M 2 C, for the same reason as at 650°C, while it is not observed experimentally. The precipitation of ξ carbides is also delayed compared to experimental data. Furthermore, PRISMA modelling predicts the presence of cementite for times superior to 10 5 s, while experimentally it has already dissolved. Figure III.35b shows PreciSo modelling at 700°C. As for the FeCMn system, austenite cannot be treated as a precipitate like in PRISMA, it was therefore not accounted for. Nevertheless, as PRISMA, PreciSo accounts for cementite dissolution and the precipitation of M 2 C and ξ carbides. Unlike at 650°C, the modelled system converges towards a mix of cementite and ξ carbide.

Table III. [START_REF] Kagawa | Lattice parameters of cementite in Fe-C-X (X=Cr, Mn, Mo, and Ni) alloys[END_REF] gives the parameter values associated with modelling presented figure III. [START_REF] Minemura | Metastable austenite phase in rapidly quenched Fe-Cr-C alloys[END_REF]. When comparing those values with the ones at 650°C, table III.12, there is an increase in ξ carbide interface energy from 650 to 700°C in PRISMA modelling while in PreciSo the interface energy is almost the same from one temperature to another. As for the FeCMo system, the temperature seems to have an effect on ξ carbide precipitation in FeCMoMn and it would be expected as well a decreased interface energy with increasing temperature. This is not the case in PRISMA nor PreciSo modelling. As for lath boundary and intralath M 2 C, the effect of temperature is less clear from PreciSo to PRISMA modelling. In PreciSo there is a decrease in interface energy of lath boundary and intralath M 2 C with increasing temperature, see tables III.12b and III.13b. In PRISMA, while no or little effect is observed on lath boundary M 2 C, a decrease in interface energy with increasing temperature is observed for intralath M 2 C, tables III.12a and III.13a. This difference in tendency between PRISMA and PreciSo and between lath boundary and intralath M 2 C for PRISMA modelling, may be due to the fact that volume fractions for each type of M 2 C is not available.

ξ carbide interface energies at 700°C are lower in the FeCMoMn system than in the FeCMo alloy, for both PRISMA and PreciSo, tables III.13a, III.11a and tables III.13b, III.13b, for the same reasons as at 650°C. An effect of the presence of Mn on M 2 C interface energy is less clear. For PRISMA modelling, there is no influence of the presence of Mn on interface energies of lath boundary M 2 C and of intralath M 2 C, when comparing values for the same temperature, from the FeCMo to FeCMoMn alloys. For instance, for intralath M 2 C, the interface energy for FeCMo 650°C is of 0.31J.m -2 and 0.33J.m -2 for FeCMoMn at 650°C, tables III.10a and III.11a. At 700°C, the interface energy values are the same from FeCMo, table III.11a, to FeCMoMn, table III.12a. Regarding PreciSo modelling, an increase in interface energy is observed for both types of M 2 C from one system to another, for a given temperature, see tables III.10b, III.12b and tables III.11b, III.13b. This difference in tendency observed for PRISMA and PreciSo modelling may be due to the fact that optimisation of the modelled volume fractions is not possible on each type of carbide.

For the same reasons as for FeCMo, the carbides mean radius nor size distributions are compared with experimental data. When comparing PRISMA and PreciSo interface energy values from one modelling to another, tables III.10, III.11, III.12 and III.13, for ξ carbide and lath boundary M 2 C, PreciSo interface energies are systematically higher than the ones found with PRISMA. This is not the case for intralath M 2 C. This means that in PreciSo modelling carbides tend to precipitate for lower tempering times than in PRISMA. Therefore, to compensate this, higher interface energy values must be entered. Several possibilities were considered but none gave an obvious explanation:

1. The number of heterogeneous precipitation sites in PreciSo is higher than in PRISMA.

Since the number of precipitation sites is higher, the nucleation is eased. To compensate this, a higher interface energy value would be entered. This is not possible since the number of heterogeneous nucleation sites in PreciSo are calculated to be the same as in PRISMA.

2. The heterogeneous factor entered in PreciSo is slightly lower than the corresponding heterogeneous factor in PRISMA. A lower heterogeneous factor means an easier nucleation. To compensate this, higher interface energy values would be entered. This is not possible either since this factor was calculated to correspond to the same wetting angle as in PRISMA modelling.

3. There is a difference in diffusion coefficients or solubility products, which is not possible either since PRISMA and PreciSo modelling rely on the same thermodynamic database.

4. The chemical composition plays an great role in explaining the interface energies. This does not explain either the difference, since in the FeCMo alloy the carbide chemical composition changes very little during tempering and yet different interface energies are found in PreciSo and PRISMA.

5. The initial cementite population: PreciSo starts the calculations with a cementite population closer to the experimental one than PRISMA. The distribution contains a higher number of large cementite particles than in PRISMA calculated distribution. These carbides, as they coarsen with increasing tempering times, are harder to dissolve for precipitating ξ and M 2 C carbides. In this case, it would be necessary to decrease the ξ and M 2 C carbides interface energies to ease their precipitation. This would lead to lower interface energy values in PreciSo modelling than in PRISMA, but the opposite is observed.

Conclusion

The tempering of bainitic microstructures chosen in chapter II is followed. The precipitation carbide sequences at 650 and 700°C are determined in all three compositions and can be summarized as follows:

1. FeCMo: cementite→cementite+M 2 C→M 2 C+ξ carbide 2. FeCMn: cementite 3. FeCMoMn: cementite→cementite+M 2 C+ξ carbide At 700°C, in the FeCMn and FeCMoMn systems, cementite is replaced by austenite for the longest tempering times. In the FeCMo system, cementite dissolves completely for times superior to 10 5 s, which is not predicted by CALPHAD calculations. The presence of Mn stabilises cementite: in FeCMoMn, at 650°C, cementite is still present for the longest tempering times while in FeCMo it has completely dissolved. Mn also stabilises austenite: in FeCMoMn, at 700°C, austenite forms for the longest tempering times while in FeCMo it does not. Eventually, ξ carbide precipitates for lower tempering times in the FeCMoMn alloy than in the FeCMo system: this can be either due to an effect of Mn or to a difference in number of precipitation sites. Temperature also seems to have an effect on ξ carbide precipitation since at 700°C it precipitates for lower temper parameter values than at 650°C.

The carbide precipitation sequences in the FeCMo and FeCMoMn model alloys differ from what is reported in literature for high temper parameter values. Furthermore, ξ carbides are detected in the FeCMoMn composition for lower temper parameter values than in literature, this possibly being due to the better sensitivity of the experimental techniques used in the present study. Another main difference with literature is that cementite dissolution in the FeCMo alloy is not reported for the concentrations of interest.

The characterization of the carbide precipitation sequences has required the use of different complementary experimental techniques. A first identification of carbides and of their crystallography is necessary on carbon extractive replicas. Since some carbides may be missed with this technique, it is coupled with synchrotron X-ray measurements on bulk samples. It has enabled the completion of the carbide precipitation sequences and to determine carbide volume fractions, even if they are quite low (a few percent). However, the error on volume fractions could not be properly determined. This would require several X-ray measurements for each sample but this was not possible due to practical reasons. Despite this, results from Riteveld refinements have successfully brought to light the tendency to cementite dissolution to the benefit of Mo-rich carbides in the Mo-bearing alloys. Comparison with values predicted by CALPHAD calculations has shown that in most cases the systems studied have not yet reached thermodynamic equilibrium. Furthermore, results obtained from Rietveld refinements are found to be in compliance with results obtained with other techniques, such as the evolution of carbide chemical composition by STEM-EDS, the evolution of hardness due to ferrite recrystallisation and evolution in carbide size distribution by image analysis.

The use of STEM-EDS on carbon extractive replicas has enabled the characterization of the evolution of carbide chemical composition on a large number of carbides. At 650 and 700°C, in the FeCMn system, cementite gets enriched in Mn, as predicted by CALPHAD calculations. Literature reports that this enrichment is correlated with cementite lattice volume contraction. This lattice volume contraction is experimentally observed on the data obtained by Rietveld refinement. In the FeCMo alloy, M 2 C gets enriched in Mo while for the other carbides, no change in chemistry is observed. In the FeCMoMn system, the same enrichment in Mo is detected for M 2 C, while the Mo and Mn contents tend to increase in cementite.

For the longest tempering times, ferrite recrystallises into equiaxed grains. This is associated with a drop in hardness and correlated with a tendency to ferrite lattice volume contraction, based on data from Rietveld refinement.

The characterization of the experimental carbide size distributions by image analysis enables following the change in carbide size distribution. The main limitation to this technique is the impossibility to obtain a size distribution for each type of carbide. Nevertheless, the evolution in size of the total carbide population is found to be in compliance with evolutions observed on carbide volume fractions. It has enabled following the increase in cementite average size, in FeCMn at 650 and 700°C. In the case of the FeCMo and FeCMoMn alloys, the total carbide distribution shifts towards lower values of carbide size when the precipitation of M 2 C and ξ carbides is detected. For the FeCMoMn alloy, this detection happens for lower tempering times than in the FeCMo composition: this means that for a given temperature and a given tempering time, the carbide population has a higher average size in the FeCMoMn alloy than in the FeCMo composition. This can have an impact on the resulting mechanical properties.

The characterization of carbide precipitation sites also requires the combination of different experimental techniques: observations on carbon extractive replicas combined with EBSD maps have given the expected information. Cementite can be found at different kind of boundaries, while ξ carbides are found at block boundaries, i.e. at boundaries with a misorientation superior to 50°. Since there is a higher proportion of boundaries with a misorientation superior to 50°in the FeCMoMn initial microstructure than in the FeCMo initial microstructure, there is possibly a higher amount of available nucleation sites for ξ carbides in the quaternary alloy. This may also explain why ξ carbide precipitates sooner in the FeCMoMn alloy than in the FeCMo composition. As for M 2 C carbides, they have different shapes depending on their precipitation sites: at lath boundaries, they have an ovoid shape, while intralath they are needle-shaped. M 2 C at lath boundaries precipitate for lower tempering times than intralath M 2 C. No effect of the presence of manganese is detected on the precipitation of either of these two types of M 2 C. Indeed, for a given temperature, intralath and lath boundary M 2 C precipitate for similar tempering times in the FeCMo and FeCMoMn alloy.

In 16 to 20MND5 industrial alloys, after tempering at 650°C for several hours, cementite, lath boundary and intralath M 2 C are reported, with similar shape to what is observed in the model alloys. Nevertheless, some authors report the presence of ξ carbides intralath with a needle shape in 16 to 20MND5 steels. Even if ξ carbides are detected in the model alloys, it precipitates at block boundaries.

The experimental carbide volume fractions are modelled with the PRISMA module of the Thermocalc 2021b suite and with PreciSo, developed by Michel Perez at INSA Lyon. This is done by first fitting values of cementite wetting angle and interface energy on experimental data, due to the lack of information available in literature. Therefore, cementite wetting angle and interface energy are first determined, using the evolution in cementite chemical composition in the FeCMn alloy. For the FeCMn system, both PreciSo and PRISMA predict a cementite growth stage, before coarsening. Once the values of cementite wetting angle and interface energy are determined, the size distributions and mean radius predicted by PreciSo are rather close to the experimental ones. For the FeCMo and FeCMoMn systems, the interface energies and wetting angles of M 2 C and ξ carbide are fitted to best model the experimental volume fractions, since these values are not either available in literature. Nevertheless, the lack of data on the relative contribution of intralath and lath boundary M 2 C on their total volume fraction prevented a precise fitting for each type of M 2 C. Modelling was therefore done by fitting only the total M 2 C volume fraction. Despite this, both PRISMA and PreciSo accounted for cementite dissolution to the benefit of Mo-rich carbides, as observed experimentally. The resulting carbide size distributions and mean radius could not be compared with experimental data because this information is available only for the total population of carbides. Furthermore, the carbide size reported by PRISMA do not correspond to the measured experimental radius. Lower ξ carbide interface energies are found for the FeCMoMn alloy than in the FeCMo system, as it can be expected based on experimental observations, for a similar amount of nucleation sites and a constant wetting angle. Taking into account the carbide chemical composition for modelling has proven to be important. Indeed, the difference in evolution of cementite volume fraction in the FeCMn system between PreciSo and PRISMA is explained by the fact that carbide chemistry is not handled in the same way in the two software solutions. Moreover, PreciSo predicts the dissolution of ξ carbide in the FeCMoMn alloy at 650°C whereas it is thermodynamically stable. This is possibly explained by the fact that the Mn content in carbides could not be accounted for in PreciSo modelling, due to substantial calculation time. Finally, the fitted values of interface energy in PreciSo modelling are always found superior to the ones determined in PRISMA modelling. Even if different explanations have been considered, none of them are satisfactory to explain this difference.

➤ The carbide precipitation sequences in the model alloys are the following:

1. FeCMo: cementite→cementite+M 2 C→M 2 C+ξ carbide 2. FeCMn: cementite 3. FeCMoMn: cementite→cementite+M 2 C+ξ carbide At 700°C, in the FeCMn and FeCMoMn systems, cementite is replaced by austenite for the longest tempering times. In the FeCMo alloy, cementite dissolves completely for times superior to 10 5 s.

➤ Mn favours the formation of austenite and stabilises cementite. Precipitation of ξ carbides for lower tempering times in the FeCMoMn alloy than in the FeCMo composition can be either due to the presence of Mn or due to the presence of a higher amount of nucleation sites.

➤ Cementite precipitates at different types of boundaries. M 2 C precipitate intralath with a needle shape, and at lath boundary with an ovoid shape. ξ carbides are found at block boundaries, i.e. at boundaries with a misorientation superior to 50°.

➤ Temperature seems to impact the precipitation of ξ carbides since it precipitates for lower temper parameter values at 700°C than at 650°C. 

General conclusion

During the production of nuclear components, heterogeneities in terms of composition and microstructure form, making it harder to predict the mechanical properties in those areas. Bringing fundamental knowledge of the impact of two alloying elements of 16 to 20MND5 steels, molybdenum and manganese, on carbide population during tempering, was the main pursed objective. A second objective was to determine the influence of these alloying elements on the as-quenched microstructure. To fulfil these objectives, the use of three model alloys, FeCMo, FeCMn and FeCMoMn, has enabled understanding the contribution of each of those alloying elements.

The production of the model alloys requires the manufacturing of an ingot, giving it a rod shape and then a final step of recrystallisation. The characterization of the model alloys upon reception has revealed the presence of chemical heterogeneities in Mo and Mn, as well as the presence of primary carbides. M 6 C has been found in FeCMo and in FeCMoMn alloys, which most likely formed during the production of the ingot, based on thermodynamic data. In the FeCMn alloy, M 7 C 3 has been detected, which probably precipitated at the same time as the formation of the alloy ferrito-pearlitic microstructure. Austenitisation conditions have been optimised both to put back the primary carbides into solution and to homogenise the alloys composition.

After optimizing the austenitisation conditions, continuous cooling transformation (CCT) diagrams have been established for each composition. The FeCMoMn alloy has proved to be a good model for 16 to 20MND5 steels, since its CCT diagram, hardness and misorientation angle distribution are similar to the ones of the industrial alloy. Martensite hardness is found to be independent of composition and cooling rate. Nevertheless, combining molybdenum and manganese increases bainitic hardness.

The impact of cooling rate and composition has been analysed on misorientation angle and axis distributions. The impact of cooling rate is different from one composition to another. While the FeCMo microstructures can be sorted out between martensitic and bainitic based on their misorientation angle distributions, the FeCMn microstructures show a rather continuous evolution. In the case of the FeCMoMn composition, the frequency of boundaries with a misorientation of 59°increases with decreasing cooling rate from 300°C.s -1 to 2°C.s -1 , but it is the opposite for the ternary alloys. As for the effect of composition, it differs from martensitic to bainitic microstructures. While no effect of Mo nor Mn is detected on martensite, the presence of Mn seems to favour the presence of block boundaries with a misorientation of 59°around the [433] axis. An analysis on the level of the prior austenite grain (PAG) has shown a continuous evolution of the microstructure from martensite to slowly cooled bainite. The amount of block boundaries with a misorientation of 49°or more decreases with decreasing cooling rate, while the sub-block boundaries remain for all the cooling rates investigated. Furthermore, while the microstructure becomes coarser with decreasing cooling rate, fewer different crystallographic orientations in one PAG are present.

The construction of CCT diagrams and the characterization of the as-quenched microstructures have enabled the choice of a starting bainitic microstructure the closest as possible to the industrial one. This microstructure is to be tempered for following the evolution of carbide population. These microstructures are chosen based on micrographs and on their misorientation angle distributions. The microstructures cooled at 5°C.s -1 for the FeCMo alloy and at 1°C.s -1 for the FeCMoMn alloy are selected. In the case of the FeCMn composition, since there is no cooling rate for which the microstructure is fully bainitic, a compromise has been found with the microstructure cooled at 10°C.s -1 .

The tempering of FeCMo, FeCMn and FeCMoMn starting bainitic microstructures at 650 and 700°C has enabled determining the carbide precipitation sequences and understanding the influence of alloying elements. This has required the use of several complementary experimental techniques. For instance, determining the complete precipitation sequences was possible by combining crystallographic identification of carbides on carbon extractive replicas with synchrotron X-ray measurements on bulk samples. The sequences are the following:

1. FeCMo: cementite→cementite+M 2 C→M 2 C+ξ carbide 2. FeCMn: cementite 3. FeCMoMn: cementite→cementite+M 2 C+ξ carbide At 700°C, in the FeCMn and FeCMoMn systems, cementite is replaced by austenite for the longest tempering times. Manganese is found to stabilise austenite by enabling its precipitation in the FeCMoMn composition, whereas it is not observed in the FeCMo alloy. Manganese also stabilises cementite: while in FeCMo cementite has dissolved for tempering times of one month or more, in FeCMoMn it is present for the longest tempering times, when austenite is not present. ξ carbide precipitates for lower tempering times in the FeCMoMn composition than in FeCMo. This is either due to a stabilising effect of manganese or due to an increased amount of nucleation sites in the FeCMoMn initial microstructure than in the FeCMo one. An effect of temperature is possibly detected on ξ carbides, since they precipitate for lower temper parameter values at 700°C than at 650°C.

Rietveld refinement on synchrotron X-ray measurements has enabled determining the carbide volume fractions. Even if the error on volume fractions could not be properly determined with this technique, it provided several useful results. For instance, it brought to light the tendency to cementite dissolution to the benefit of Mo-rich carbides, in Mo-bearing alloys. Furthermore, results obtained with Rietveld refinement were found in compliance with results obtained with other experimental techniques. For instance, STEM-EDS measurements have reported a Mn enrichment of cementite. This enrichment is correlated with a cementite lattice volume contraction, as reported in literature. Moreover, Rietveld refinement results show a tendency to ferrite lattice volume contraction for the longest tempering times. This is correlated with ferrite recrystallisation into equiaxed grains, as observed with hardness measurements. Finally, evolution in volume fractions reported by Rietveld refinement are also found in compliance with evolution in carbide size distributions, determined by image analysis. Comparison of experimental volume fractions with CALPHAD calculations has tended to show that, even after two months of tempering, the systems have not yet reached thermodynamic equilibrium.

Besides a Mn enrichment in cementite for the FeCMn alloy, STEM-EDS measurements on carbon extractive replicas have highlighted other changes in carbide chemical composition. For instance, M 2 C get enriched in molybdenum with increasing tempering times, both in the FeCMo and FeCMoMn compositions. Furthermore, the Mn and Mo contents in cementite tend to increase in the FeCMoMn alloy.

The determination of carbide precipitation sites has also required the combination of two experimental techniques: observations on carbon extractive replicas and EBSD maps. These techniques provided useful information. Cementite precipitates at different kind of boundaries, while ξ carbide is preferably found at block boundaries, with a misorientation superior to 50°. M 2 C has different shapes depending on the precipitation site: needle-shaped intralath, they rather have an ovoid shape at lath boundaries.

The precipitation sequences in the model Mo-bearing alloys are close to what is found in the industrial steel. Cementite, intralath and grain boundary M 2 C, as well as intralath ξ carbide are reported in 16 to 20MND5 steels. Nevertheless, ξ carbide in the model alloys precipitates at block boundaries and not intralath with a needle shape.

Two software solutions are compared for modelling the experimental volume fractions: the PRISMA module of the Thermocalc 2021b suite and PreciSo, developped by Michel Perez at INSA Lyon. Due to the lack of information available in literature on values of wetting angle and interface energy for the phases of interest, those parameters are adjusted to best fit experimental data. To do so, the cementite wetting angle and interface energy are first determined in the FeCMn alloy. These values being fixed, the size distributions and mean radius predicted by PreciSo in the FeCMn system are rather close to the experimental ones. For the FeCMo and FeCMoMn compositions, the lack of data on the relative contributions of intralath and lath boundary M 2 C on their total volume fraction prevented a precise fitting for each type of M 2 C carbide. Modelling was therefore done by fitting only the total M 2 C volume fraction. Despite this, both PRISMA and PreciSo accounted for cementite dissolution to the benefit of Mo-rich carbides, as observed experimentally. Furthermore, lower ξ carbide interface energies are found in the FeCMoMn alloy than in the FeCMo system, as it can be expected based on experimental observations, for a similar amount of nucleation sites and a constant wetting angle. However, the resulting carbide size distributions and mean radius of the FeCMo and FeCMoMn systems could not be compared with experimental data. This is a limitation of the experimental determination of carbide size distribution by image analysis: despite a high number of analysed carbides, they cannot be differentiated by nature. Finally, taking into account the carbide chemical composition for modelling has proven to be important. As a matter of fact, in the FeCMn system, the difference in cementite volume fraction modelling between PreciSo and PRISMA is explained by different handling of the carbide chemistry. Moreover, in the FeCMoMn alloy at 650°C, PreciSo predicts the dissolution of ξ carbide whereas it is thermodynamically stable. A possible explanation is that the Mn content in carbides could not be accounted for in PreciSo modelling, due too long calculation times.

Outlook

Results obtained for the model alloys have brought to light the influence of alloying elements on microstructural features such as block boundaries, and on the carbide population during tempering. Nevertheless, applying these results to 16 to 20MND5 steels still requires a few steps. Furthermore, the link between the obtained results and the mechanical properties still needs to be precisely established.

For instance, even if the boundary misorientation angle is known to influence segregations of impurities, the impact of boundary misorientation axis still needs to be more precisely established. Knowing that alloying elements such as Mn appear to be favouring boundaries with a specific misorientation angle/axis pair, is it possible to influence theses segregations by influencing the boundary misorientation angle and axis of the as-quenched microstructure? This could lead to the production of nuclear components with a better resistance to temper embrittlement.

Work carried out on carbide population in model alloys has enabled constructing a methodology for characterizing the carbide population, by combining complementary experimental techniques. Even if some limitations exist to those techniques, it has enabled determining useful information such as carbide volume fractions, precipitation sites, carbide chemical compositions and size distribution of the total carbide population. Nevertheless, this methodology needs to be improved on some aspects. For instance, synchrotron X-ray measurements only provide the total volume fraction in M 2 C while knowing the relative contributions of intralath M 2 C and lath boundary M 2 C would be needed as well. Furthermore, the carbide size distributions per type of carbide and per type of precipitation site are also missing. This would probably require the combination of several experimental techniques with different sensitivities: for example, from atomic resolution analytical microscopy for the earliest stages of precipitation to secondary electron microscopy for the latest stages of coarsening.

All these experimental characterizations on model alloys are necessary for modelling the carbide precipitation kinetics, even if, in the end, only the carbide size distributions and their precipitation sites are really required for predicting mechanical properties. Due to the lack of data on values of wetting angle and interface energy, modelling cannot yet be fully predictive. Values of these parameters are difficult to access experimentally. If determined with modelling by fitting experimental data, other modelling parameters may come into consideration and influence the fitted values, such as the entered amount of nucleation sites, which may vary from one microstructure to another.

The results obtained on model alloys has enabled identifying general trends that can possibly be transposed to 16 to 20MND5 steels. For instance, it was identified that in Mo-bearing alloys, cementite tends to dissolve to the benefit of Mo-rich carbides. Nevertheless, the next step would be to understand to which extend the results on model alloys can be used on the industrial alloy. First, it would be necessary to clarify the influence of the Mo content on the carbide precipitation sequence: characterizations have been made on model alloys containing 1wt.% of Mo whereas there is only 0.5wt.% in 16 to 20MND5 steels. Second, a difference in carbide population have been noted between the model and industrial alloys: ξ carbides are reported in 16 to 20MND5 steels to be intralath with a needle-shape, whereas they are found at block boundaries in the model alloys. If these carbides do precipitate in 16 to 20MND5 steels as in the model alloys, their influence on mechanical properties still remains to be determined. As they precipitate at block boundaries, can they be a source of void initiation for ductile failure and a site of crack initiation for brittle failure, as cementite? If ξ carbides are not present in tempered 16 to 20MND5 steels: is it simply due to the difference in Mo content or is there another alloying element preventing their precipitation?

Another parameter of influence that remains to be explored is the impact of the asquenched microstructure on carbide precipitation. Since M 2 C and ξ carbides precipitate during tempering at lath and block boundaries respectively, what is the impact if those boundaries change with different as-quenched microstructures? Is it possible to influence the carbide precipitation during tempering by influencing the type of boundaries obtained in the as-quenched microstructure? More specifically, is there an influence of the boundary misorientation axis on the carbide precipitation? If so, the carbide precipitation may be influenced by the addition of alloying elements that favour a misorientation axis over another, as it was observed for Mn in the model alloys.

Finally, for predicting mechanical properties of a nuclear component throughout the plant life, information is needed on the influence of thermal and irradiation ageing on the carbide population. Even if embrittlement mechanisms due to the segregation of impurities are known, the impact of ageing and irradiation on the carbide population still needs to be precisely determined, to know whether their nature, volume fractions and size distributions evolve. 25 21, 95 (1985). Crystal Structure Source: LPF. Christensen, A. J. Cryst. Growth 33, 58 (1976) the matrix. The last step of matrix refinement consists in refining the peak shape: since it is modelled as a mix of a gaussian and lorentzian function, the contribution of each type of function is adjusted to best fit the experimental peaks. The matrix is refined using a high cut-off. The cutoff indicates to the software the width of the analysed peaks. A high value of cut-off defines the phase peak over a large 2θ range. The matrix lattice parameters are then refined by making sure that the calculated background matches the experimental one.

Once the matrix is correctly refined, the ferrite peaks are removed from the diffractogram and carbide peaks are refined alone. To remove the ferrite peaks, either a high value or a low value of cut-off can be chosen. This has a slight impact on the calculated volume fractions in carbides, see next subsection. For the FeCMo and FeCMoMn alloys, the ferrite peaks are removed using a low cut-off. This enables an improved detection of M 2 C and ξ carbides. A high value of cut-off was chosen for the FeCMn system. The carbide peak refinement is then made. The lattice parameters of carbides are also refined during this step. Not all expected carbide diffraction peaks are present, due to the low intensity of the secondary phase peaks.

E .4 Impact of cut-off

The value of cut-off chosen after the matrix refinement has an impact on the volume fractions obtained from Rietveld refinement. Figures E .28 to E .30 show the result of refinement for a high and low cut-off, for all three alloys and both at 650°C and 700°C. From these fractions can be calculated the corresponding carbon content expected in the alloy. These results for each cut-off are presented figures E .28e and E .28f, for FeCMo, figures E .29e and E .29f for FeCMn, and figures E .30e and E .30f for FeCMoMn.

The cut-off value impacts the volume fractions in cementite and ξ carbides, as can be seen in figures E .28a to E .28d, E .29a to E .29d and E .30a to E .30d. M 2 C however, is not affected, and neither is austenite. The cementite and ξ carbide volume fractions are a little bit higher for a low cut-off value. Both cementite and ξ carbides possess peaks that overlap the ferrite peaks. For that reason, the cut-off value, which defines the width of the ferrite peaks, has an influence on the obtained volume fractions. For that reason as well, a low cut-toff value enables a better detection of ξ carbides. This is clearly visible figures E .28c and E .28d for FeCMo, and figures E .30c and E .30d for FeCMoMn.

Since the cut-off value impacts slightly the secondary phase volume fraction, this has an influence on the carbon content that is calculated from those fractions. This calculated carbon content can be compared to the carbon alloy composition. The calculated carbon content in the alloy using volume fractions obtained with a low cut-off is systematically higher than the content for a high cut-off, see figures E .28e and E .28f for FeCMo, figures E .29e and E .29f for FeCMn, and figures E .30e and E .30f for FeCMoMn. For some, the carbon content calculated from a low cut-off is higher than what there really is in the alloy, see figures E .29e and E .30e for instance. For that reason, a low cut-off value tends to slightly overestimate volume fractions in cementite and ξ carbide, compared to a high cut-off.

Taking into account those results, a low cut-off was chosen for FeCMo and FeCMoMn systems. The earlier detection of ξ carbides is in better agreement with what is observed on carbon extractive replicas in TEM. Furthermore, the dissolution of cementite to the benefit of Mo-rich carbides is more clearly visible with a low cut-off. For FeCMn however, a high cut-off is chosen because a good detection of ξ carbides was not necessary. The ferrite lattice volumes obtained are not affected since their refinement is made before the removal of the ferrite peaks. Figure E .31 shows the cementite lattice volumes depending on the cut-off value. Only the lattice volume error is impacted: a higher cut-off leads to a higher uncertainty.

E .5 Sources of error

Only the mass fractions in secondary phases are given by Fullprof after Rietveld refinement, as well as the error associated with it. Therefore, mass fractions are converted in volume fractions using the density calculated from Rietveld refinement (equation E .2), and the error associated with volume fractions is calculated using the propagation of errors, described in equation E .3. The error on lattice parameters are calculated using the Berar coefficient [START_REF] Berar | s and estimate probable error obtained in Rietveld refinements with local correlations[END_REF]. The lattice volume is calculated from the lattice parameters and the er-ror on the lattice volume calculated using equation E .4 (propagation of errors) [START_REF] Leo | Techniques For Nuclear And Particle Physics Experiments: A How-to Approach[END_REF]. In equations E .3 and E .4, the sum is made on all the phases.

x v,ϕ =

x m,ϕ /ρ ϕ i

x m,i /ρ i (E .2)

σ 2 (x v,ϕ ) x 2 v,ϕ ≈ σ 2 (x m,ϕ ) x 2 m,ϕ + i σ 2 (x m,i ) x 2 m,i (E .3)
where x v,ϕ is the volume fraction of the phase ϕ (cementite for instance), x m,ϕ is the mass fraction in phase ϕ, ρ ϕ is the density of phase ϕ, σ(x v,ϕ ) is the error associated with the volume fraction of phase ϕ, σ(x m,ϕ ) is the error associated with the mass fraction of phase ϕ.

σ 2 (V ϕ ) V ϕ ≈ σ 2 (a ϕ ) a 2 ϕ + σ 2 (b ϕ ) b 2 ϕ + σ 2 (c ϕ ) c 2 ϕ (E .4)
where V ϕ is the lattice volume of phase ϕ, σ(V ϕ ) is the error on the lattice volume of phase ϕ, a ϕ , b ϕ , c ϕ are the lattice parameters of phase ϕ, σ(a ϕ ) is the error on the lattice parameter a of phase ϕ.

The error given on volume fractions in chapter III comes solely from the error on Rietveld refinement. This error could be lessened by an improved peak to noise ratio for secondary phases, this being probably achievable by a longer acquisition time. Nevertheless, other sources of error exist than the one coming from Rietveld refinement alone. They are not taken into account because they could not be quantified. A first source of error is due to the fact that diffraction comes only from a few prior austenite grains. The sample surface interacting with the beam is about 2.06x0.29mm 2 , and the average prior austenite grain is around 100µm in diameter. This can introduce texture which hardens Rietveld refinement. To limit this effect, the samples are put on rotation during acquisition. A second source of error comes from the fact that only a small area per sample is analysed. The volume fractions deduced from this area are then extrapolated as being representative of the whole sample. Nevertheless, the samples may well not be completely homogeneous. To quantify this error, it is necessary to analyse different areas of the same sample. This was not possible due to the limited amount of time available on the beamline. are the mole fractions of the element i at the interface in the precipitate and in the matrix, respectively, D i corresponds to the diffusion coefficient of the element i in the matrix.

The critical radius is written as: Each nucleus with a radius superior slightly larger than the critical one, has a probability of passing across the free energy barrier and dissolve in the matrix. The Zeldovich factor, encountered in equation G .10, measures such probability and is expressed as:

r * = -
Z = V β m 2πN A r * 2 σ kT (G .14)
with V β m the molar volume of the β precipitate, N A the Avogadro number, r * the critical radius, σ the interface energy, k is the Boltzmann constant, T is the temperature.

This expression of Zeldovich factor exposed previously applies for homogeneous nucleation. In the case of heterogeneous nucleation, it is modified to Z hetero = Z homo (f ), f being a volume factor.

The steady state nucleation rate, J s encountered in equation G .10, is written as:

J s = Zβ * N 0 exp(- ∆G * kT ) (G .15)
where T is the temperature, k is the Boltzmann constant, N 0 is the number of available nucleation sites per unit volume, ∆G * refers to the Gibbs energy of formation of a critical nucleus.

The Gibbs energy formation of a critical nucleus is expressed as:

∆G * = 16πσ 
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Figure 1 :

 1 Figure 1: Schematics of a PWR. [1]

Figure 2 :

 2 Figure 2: Schematics of a RPV [22, 23].

Figure 3 :

 3 Figure 3: Optical micrograph of the upper bainite microstructure of 16 to 20MND5 steels [3].

Figure 4 :

 4 Figure 4: Cementite and M 2 C carbides from a 16 to 20MND5 type of steel on carbon extractive replica [3]. Green arrows show cementite and red arrows, intralath M 2 C.

Figure I. 1 :

 1 Figure I.1: Fusion of an ingot by induction in a water-cooled silver crucible.

Figure I. 2 :

 2 Figure I.2:The drop hammer hits the heated ingot to shape it into a rod.

Figure I. 3 :

 3 Figure I.3: Micrographs of the microstructures in the as received material.

Figure I. 4 :

 4 Figure I.4: Micrographs of the cross-section of a sample taken at the centre of the rods (i. e. rod half-length), for the FeCMo (a), FeCMn (b) and FeCMoMn (c) alloys. A carbon-free layer is present for FeCMo (a) and FeCMoMn (b) compositions.

Figure I. 6 :

 6 Figure I.5: Microhardness measurements in the as received material

Figure I. 7 :

 7 Figure I.7: Chemical heterogeneities in the as received material: FeCMo (a), FeCMn (b) and FeCMoMn (c).

3 Figure I. 8 :

 38 Figure I.8: Bright field image of the primary carbides present in the FeCMo alloy (carbon extractive replica).

Figure I. 10

 10 shows isopleths of the Fe-C-Mo diagram (I.10a) and of the Fe-C-Mo-Mn diagram (I.10b). The isopleths are calculated using Thermocalc 2021b, the database TCFE v10.1. Graphite and diamond are suspended. The maximum Mo content for the isopleths is chosen according to the maximums found by microprobe analysis.

  Figure I.9: The carbide circled in blue figure I.8 is identification as M 6 C

  Figure I.10: Domain of stability for M 6 C carbides in Mo-bearing alloys. ξ is a carbide of the Fe 2 MoC composition.

  Figure I.11: A FeCMn primary carbide identified as M 7 C 3 . The red poles are the ones identified experimentally, the blue ones are from theory.

Figure

  Figure I.13: BSE images of the FeCMo alloy treated at 1000 (a), 1100 (b) and 1200°C (c). Carbides are white dots on figures (a) and (b).

Figure I. 14 :

 14 Figure I.14: Chemical heterogeneities after austenitisation at 1200°C-5 min and 890°C-5 min.

  Figure II.1: Optical micrographs of lath (a) and plate (b) martensite [42].

Figure II. 2 :

 2 Figure II.2: Bain transformation [46].

Figure II. 3 :

 3 Figure II.3: Schematics illustrating the lath martensite structure [50].

Figure II. 4 :

 4 Figure II.4: Schematics of upper and lower bainite [51].

Figure II. 5 :

 5 Figure II.5: Microstructural features relevant to bainite formation in displacive theory. At time t 1 , a first sub-unit forms on the austenite grain boundary. At time t 2 , growth happens through the formation of another sub-unit at the tip of the previous one. At t 3 and t 4 , the successive formation of sub-units leads to the formation of a sheaf of bainite. In the present case, carbides precipitate in between the sub-units[START_REF] Matsuda | Kinetics of the bainite transformation[END_REF].

Figure II. 6 :

 6 Figure II.6: Schematics of the upper and lower bainite formation in displacive theory [5].

  Figure II.7 shows schematically allotriomorphic and Widmanstätten ferrite [72].

Figure II. 7 :

 7 Figure II.7: Schematics of Widmanstätten ferrite (α W ) nucleating and growing on allotriomorphic ferrite [72].

Figure II. 9 :

 9 Figure II.9: Schematics of a TTT (II.9a) and of a CCT (II.9b) diagram.

  Figure II.10: CCT diagrams for 16 to 20MND5 steels. Austenitisation conditions are 1100°C for 30min and prior austenite grain size of 100µm for figure II.10a[START_REF] Marini | Effect of the bainitic and martensitic microstructures on the hardening and embrittlement under neutron irradiation of a reactor pressure vessel steel[END_REF] and 150µm for figure II.10b[START_REF] Raoul | Effect of microstructure on the susceptibility of A533 steel to temper embrittlement[END_REF]. Chemical composition of the alloys are given table II.2.

Figure II. 11 :

 11 Figure II.11: Change in velocity behaviour of grain boundaries [77].

  Figure II.12: Schematics of morphology of bainite sheaves at early stages of transformation[START_REF] Matsuzaki | Effect of austenite grain size and bainite morphology on overall kinetics of bainite transformation in steels[END_REF].

  Figure II.13: Schematics of the difference in pearlitic structure formed from coarse (II.13a) and fine (II.13b) austenite grain [98].

Figure II. 14 :

 14 Figure II.14: Schematics of the change in morphology of lath martensite structure with carbon content [84].

  Figure II.15: Effect of Mn (II.15a) and Mo (II.15b) on the Fe-C phase diagram [9]. The dashed lines trace the austenite phase field of the base alloy.

Figure II. 16 :

 16 Figure II.16: Composition profiles expected at the transformation interface for different growth mechanisms:X is the alloy composition in substitutional solute, x αγ and x γα are the composition in ferrite and austenite, respectively, assuming thermodynamic equilibrium at the interface, x αγ P and x γα P are the compositions at paraequilibrium[START_REF] Bhadeshia | Bainite in Steels Theory and Practice[END_REF].

  20µm

Figure II. 18 :

 18 Figure II.17: Pearlite in (a) is formed with the PLE mode while pearlite in (b) is formed with the NPLE mode. [24].

  (a) Random misorientation angle distribution: density function for the misorientation angle, dots are a smoothed estimate.(b) Random misorientation axis distribution: percentages of axes within the regions bounded by solid lines. The regions are bounded (in part) by small circles at 5°, 10°, 15°, 30°and 45°from[START_REF] Van Bohemen | Exploring the correlation between the austenite yield strength and the bainite lath thickness[END_REF] and by small circles at 5°and 9.7°from[START_REF] Bradley | Growth kinetics of grain boundary ferrite allotriomorphs in Fe-C-X alloys[END_REF].

Figure II. 19 :

 19 Figure II.19: Random angle (II.19a)[START_REF] Mackenzie | Second Paper on Statistics Associated with the Random Disorientation of Cubes[END_REF] and axis (II.19b)[START_REF] Mackenzie | The distribution of rotation axes in a random aggregate of cubic crystals[END_REF] distributions in cubic crystals.

  Figure II.20: Experimental misorientation angle distributions of martensite and lower bainite which have KS OR (a), compared to the expected theoretical distribution [124] (b).

Figure

  Figure II.21: (001) γ stereographic projection on which [001] α directions with a KS OR are plotted. [001] α directions of variants belonging to the same (a) close-packed (CP) group and (b) Bain group are represented by the same symbol [67].

Figure II. 22 :

 22 Figure II.22: Schematics of the crystallographic characteristics evolution with carbon content and formation temperature.

Figure II. 23 :

 23 Figure II.23: Difference in variant selection in bainite owing to low (a) or (b) high driving force.

Figure II. 24 :

 24 Figure II.24: CCT diagrams of the model alloys: M=Martensite, B=Bainite, A+WF=Allotriomorphic+Widmanstätten ferrite, F=Ferrite, P=Pearlite.

  Figure II.25: Micrographs for different cooling rates for FeCMo (a, b, c), FeCMn (d, e, f) and FeCMoMn (g, h, i).

Figure II. 26 :

 26 Figure II.26: Secondary Electron (SE) images of the FeCMn microstructure cooled at 0.5°C.s -1 . The red rectangle in (a) corresponds to the zoomed area observed in (b).

  -1 , the areas enriched in carbon, in dark grey figure II.25f, are identified using Secondary Electron Microscopy (SEM), figure II.26. The contrast of SEM images, figure II.26a, is inverted compared to micrographies (figure II.25f): the areas enriched in carbon are in white. A high magnification enables identifying very fine pearlite in the carbon enriched areas, which precipitates inside the prior austenite grains and in between the Widmanstätten ferrite laths, figure II.26b.

Figure II. 27 :

 27 Figure II.27: Hardness as a function of the logarithm of cooling rate. *Hardness values of 20MND5 were provided by Jean-Baptiste Delattre, CEA [143].

Figure II. 28 :

 28 Figure II.28: Distributions of misorientation angle for the model alloys with a minimum of 5°(a, c, e) and a minimum of 45°(b, d, f). Misorientation angles with a value inferior to the minimum are disregarded for the frequency calculation.

Figure II. 29 :

 29 Figure II.29: EBSD on the martensitic domain: distributions of the misorientation angles with a minimum of 5°(a) and a minimum of 45°(b). Misorientation angles with a value inferior to the minimum are disregarded for the frequency calculation.

Figure II. 30 :Figure II. 31 :

 3031 Figure II.30: Misorientation axis distributions for the FeCMo (a), FeCMn (b) and FeCMoMn (c) model alloys cooled at 300°C.s -1 .

- 1 Figure II. 32 :

 132 Figure II.32: Grain boundary map coupled with band contrast for FeCMn microstructures cooled at 10, 14 and 20°C. -1 . Blue=[8°,19°], Pink=[20°,49°], Black=[50°,59°], White ≥60°.

1 Figure II. 33 :

 133 Figure II.33: Grain boundary map coupled with band contrast for FeCMn 300°C.s -1 (fully martensitic) and for FeCMo 5°C.s -1 (fully bainitic). Blue=[8°,19°], Pink=[20°,49°], Black=[50°,59°], White≥60°.

Figure II. 34 : 7 :

 347 Figure II.34: EBSD in the bainitic domain: distributions of the misorientation angles with a minimum of 5°( a) and a minimum of 45°(b). Misorientation angles with a value inferior to the minimum are disregarded for the frequency calculation.

Figure II. 35 :

 35 Figure II.35: Misorientation axis distributions for the FeCMo (a), FeCMn (b) and FeCMoMn (c) model alloys in the bainitc domain.
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Figure II. 36 :

 36 Figure II.36: Study in a prior austenite grain of FeCMoMn cooled at 1°C.s -1 : a) EBSD Euler angle map with selection of a prior austenite grain (PAG) in red, b) 100, 110 and 111 pole figures of the selected PAG (stereographic projection), c) selected PAG: map of the misorientation angles and Euler angles, with a profile in white, d) misorientation profile in the selected PAG. No boundary with a misorientation angle comprised between 20 and 49°is found inside the selected PAG in (c).

Figure II. 37 :

 37 Figure II.37: EBSD for the lowest cooling rates: distributions of the misorientation angles with a minimum of 5°(a) and a minimum of 45°(b). Misorientation angles with a value inferior to the minimum are disregarded for the frequency calculation.

Figure II. 38 :Figure II. 39 :

 3839 Figure II.38: Misorientation axis distribution for the FeCMo (a), FeCMn (b) and FeCMoMn (c) model alloys for the lowest cooling rates.

Figure II. 40 :

 40 Figure II.40: Comparison with industrial 16MND5: Densities of the misorientation angles with a minimum of 5°and 45°of bainitic microstructures (a and b) and for martensitic microstructures(c and d). Misorientation angles with a value inferior to the minimum are disregarded for the frequency calculation. Data for the 16MND5 alloy are provided by Bernard Marini, CEA[146].

Figure II. 41 :

 41 Figure II.41: Micrograph of the industrial bainitic microstructure for 16 to 20MND5 steels [75].

Figure III. 1 :

 1 Figure III.1: Structural changes during tempering low-carbon, 0.5% Mo steel: recrystallisation of the bainitic lath (a) into equiaxed grains (b) [74].

Figure III. 2 :

 2 Figure III.2: Evolution in hardness depending on the tempering temperature of a low-carbon, 0.5% Mo steel [74].

Figure III. 3 :

 3 Figure III.3: Gibbs energy of nucleation as a function of r, the nucleus radius, in the case of homogeneous nucleation [149].

Figure III. 4 :

 4 Figure III.4: Definition of the wetting angle θ, for a nucleus of critical size [149].

Figure III. 5 :

 5 Figure III.5: (a) The solute concentration in the matrix has not reached the equilibrium concentration (C e ): the carbides grow. (b) The solute concentration has reached C e : carbides have stopped growing [149]. C β is the solute concentration in the carbides, C 0 is the alloy composition in solute.

Figure III. 6 :

 6 Figure III.6: Carbide precipitation sequences in the FeCMoMn system with varying Mo compositions, according to Irvine and Pickering [12]. Cementite is noted M 3 C, M 2 C is written Mo 2 C and ξ carbide, M a C b . The values given in parenthesis are the atomic Mo/C ratios of the corresponding alloy.

Figure III. 7 :

 7 Figure III.7: Evolution of hardness with temper parameter: same data as presented in figure III.2 [74].

Figure III. 7

 7 Figure III.7 shows the evolution of hardness with temper parameter of the data shown figure III.2[START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF]. Before ferrite recrystallisation, i.e. for temper parameter values inferior to 20000, hardness and temper parameter have a linear relationship. For some alloys however, carbide precipitation, such as M 2 C, may lead to an increase in hardness with increasing tempering time: it is the case of the Mo-bearing alloys. This phenomenon is illustrated in figure III.8[START_REF] Irvine | The physical metallurgy of low-carbon, low-alloy steels containing boron[END_REF]. Therefore, in the case of secondary hardening, hardness and temper parameter do not have a linear relationship, even before recrystallisation.To determine C for the model alloys and to avoid this issue, tempering treatments at different times at 650°C and 700°C are realised on the FeCMn alloy. No secondary hardening is expected. The resulting hardness is measured, see appendix A .3 for more information

Figure III. 8 :

 8 Figure III.8: Evolution of hardness with temper parameter: presence of secondary hardening (referred as age hardening) [74].

Figure III. 9 :

 9 Figure III.9: Result of the optimisation of the value of C of the temper parameter, using hardness measurements.

Figure III. 10 :

 10 Figure III.10: Identification of cementite through the construction of its stereographic projection.

Figure III. 13 :

 13 Figure III.13: Portions of synchrotron X-ray diffractograms are linked together: the baseline is corrected for each portion of diffractogram, the intensity is then averaged in each 2θ.

Figure III. 14 :

 14 figure III.14. The choice of this cut-off value has an impact on the volume fractions of some carbides. More specifically, it impacts the volume fractions of carbides only if carbide peaks are overlapping those of ferrite. This is the case for cementite and ξ carbide. A low cut-off value improves the detection of these carbides but tends to slightly overestimate their volume fractions. It is the opposite for a high cut-off value. The impact of the cut-off value on the lattice parameters is small, but the uncertainty is greater for a high value of cut-off. For more details on Rietveld refinement and on the impact of the cut-off value, see appendix E .3 and E .4, respectively.

Figure III. 15 :

 15 Figure III.15: Volume fractions in secondary phases for the FeCMo (a, b), FeCMn (c, d) and FeCMoMn (e, f) model alloys at 650°C and 700°C.

Figure III. 16 :

 16 Figure III.16: Lattice volumes of ferrite (a, b) and cementite (c, d) during tempering at 650°C and 700°C.

Figure III. 18 :

 18 Figure III.18: Evolution of carbides composition during tempering at 650°C and 700°C, in FeCMo and FeCMn.

Figure III. 19 :

 19 Figure III.19: Evolution of carbides composition during tempering at 650°C and 700°C, in FeCMoMn. The arrow indicates the tendency of the evolution: the tip of the arrow points towards the longest tempering time.

  Figure III.20: Cementite precipitation sites in the FeCMo alloy, both in the bainitic starting microstructure (a) and at 700°C 3h (b): EBSD maps combining phase identification and band contrast.

Figure

  Figure III.21: M 2 C precipitation sites in the FeCMo alloy, 650°C-15h: bright field image of a carbon extractive replica. M 2 C (IL) are intralath and needle-shaped, while M 2 C (LB) are at lath boundaries and have an ovoid shape.

Figure III. 22 :

 22 Figure III.22: Evolution of the shape of M 2 C at long tempering times, for 1 or 2months: bright field images taken of carbon extractive replicas.

Figure III. 23 :

 23 Figure III.23: ξ carbide precipitation site in FeCMoMn, 650°C 2months: : EBSD map combining phase identification and band contrast.

  Figure III.25 gives the average and median of the distributions presented figure III.24, as a function of temper parameter.

Figure III. 24 :Figure III. 25 :

 2425 Figure III.24: Carbide size distributions for the FeCMo (a, b), FeCMn (c, d) and FeCMoMn (e, f) model alloys at 650°C and 700°C.

Figure III. 26 :

 26 Figure III.26: Hardness evolution with tempering time at 650°C and 700°C for all three model alloys.

  200µm

Figure III. 27 :

 27 Figure III.27: Optical micrograph of FeCMo tempered at 700°C for two months.

Fe

  Fe atomic ratio in cementite (at.%) PRISMA-=60°, =0.10J.m PRISMA-=60°, =0.20J.m PRISMA-=60°, =0.30J.m PRISMA-=60°, =0.40J.m PRISMA-=60°, =0.50J.m PRISMA-=60°, =0.60J.m PRISMA-=60°, =0.70J.m Cementite (STEM-EDS) atomic ratio in cementite (at.%) PRISMA-=60°, =0.10J.m 2 PRISMA-=60°, =0.20J.m 2 PRISMA-=60°, =0.30J.m 2 PRISMA-=60°, =0.40J.m 2 PRISMA-=60°, =0.50J.m 2 PRISMA-=60°, =0.60J.m 2 PRISMA-=60°, =0.70J.m 2 Cementite (STEM-EDS) igure III.28: PRISMA modelling of Mn enrichment in cementite at 650 and 700°C for different values of wetting angle, θ, and interface energy, γ.

  Figure (a): (1) is growth, (2) a transition time and (3) coarsening.

Figure III. 29 :

 29 Figure III.29: PRISMA and PreciSo modelling of the FeCMn system at 650°C: volume fraction (a), Mn content (b), (c) the mean radius: growth (1), (2) transition time, (3) coarsening.

Figure III. 30 :

 30 Figure III.30: Modelling with PRISMA and PreciSo of the evolution of the FeCMn system at 700°C: volume fractions (a), cementite chemical composition (b) and mean radius (c).

Figure III. 31 :

 31 Figure III.31: Modelled FeCMn distributions with PreciSo at 650°C 6h (a), 650°C 2months (b) and 700°C 3h (c).
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  Figure III.32: PRISMA (a) and PreciSo (b) modelling at 650°C of the FeCMo system.

Figure III. 34 :

 34 Figure III.34: PRISMA (a) and PreciSo (b) modelling of the FeCMoMn system at 650°C.

Figure III. 35 :

 35 Figure III.35: PRISMA and PreciSo modelling of the FeCMoMn system both 700°C.

Figure C . 11 :

 11 Figure C .11: Misorientation axis distribution of two EBSD maps made on FeCMoMn 300°C.s -1 : (a) map 1, (b) map 2.

Figure D . 22 : 2

 222 Figure D .22: Crystallographic data for orthorhombic M 2 C.

Figure E . 27 :

 27 Figure E .27: Illustration of the treatment applied for obtaining a continuous diffractogram. (a) is the original data, (b) the shift in intensity without changing the peak to noise ratio. (c) continuous diffractogram obtained after doing the average in intensity in each 2θ.

Figure E . 29 :

 29 Figure E .29: Difference in secondary phase volume fractions (a, b, c and d) and corresponding calculated carbon content (e and f), between high and low cut-off for FeCMn at 650 and 700°C.

Figure E . 30 :

 30 Figure E .30: Difference in secondary phase volume fractions (a, b, c and d) and corresponding calculated carbon content (e and f), between high and low cut-off for FeCMoMn at 650 and 700°C.

Figure E . 31 :

 31 Figure E .31: Cementite lattice volume depending on the cut-off value, whether is low (a, b) or high (c, d), at 650 and 700°C.

6 1 Radiation

 61 FiguresFigure Figure TitleParameters 4a powder diffraction diagram of Mo 2 C at 295 K, neutrons, λ= 0.15402 nm

  Figure F .35: STEM-EDS measurements on carbides from the FeCMoMn system at 650 and 700°C and the corresponding simple mean, in filled symbols: STEM-EDS measurements for cementite (a, b), M 2 C (c, d) and ξ carbides (e, f).

  m the molar volume of the β precipitate, σ the interface energy, ∆G α→β m the molar Gibbs energy change for the formation of β particles with the critical composition X β i from the α matrix.

3 3 1 # 1 # 1 #
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  29 et tableau III.8, le choix de ces xxii paramètres conduit à une évolution de la fraction volumique en deux temps : la fraction augmente d'abord, ceci étant dû à une étape de croissance, avant d'atteindre un plateau, ceci étant le mûrissement d'Ostwald. Expérimentalement cependant, ces deux étapes ne sont pas détectées. Les différences observées entre PRISMA et PreciSo pour la modélisation des fractions volumiques dans l'alliage FeCMn, figure III.29, sont dues à une différence dans la manière dont la composition chimique des carbures est gérée. À 650°C, l'évolution du rayon moyen et des distributions de taille de la cémentite prévues par PreciSo sont proches des mesures expérimentales, figure III.31. À 700°C, les mêmes conclusions qu'à 650°C sur l'évolution de la fraction volumique de la cémentite s'appliquent, figure III.30 et tableau III.9. Dans le cas de PreciSo, il n'est pas possible d'entrer l'austénite comme un précipité. De ce fait, sa formation n'est pas modélisée. Dans le cas de PRISMA, la formation d'austéntite est très rapide, probablement plus rapide que ce qui est observé expérimentalement. Les paramètres d'angle de mouillage et d'énergie d'interface étant fixés pour la cémentite, la modélisation des fractions volumiques des autres carbures dans les alliages FeCMo et FeC-MoMn s'est faite en ajustant les valeurs d'énergie d'interface sur les données expérimentales. Les angles de mouillage sont fixés à une valeur arbitraire de 30°. En ce qui concerne la nuance FeCMo, la modélisation des fractions volumiques obtenues à 650°C et à 700°C, pour les logiciels PRISMA et PreciSo sont similaires, figure III.32 et tableau III.10, figure III.33 et tableau III.11. La précipitation de carbure ξ est définie comme hétérogène aux joints de lattes, par souci de simplification. Deux types de M 2 C sont entrés pour la modélisation : des carbures de M 2 C au sein des lattes et aux joints de lattes. Les affinements de Rietveld ne permettent d'accéder expérimentalement qu'à la fraction volumique qui résulte de la somme des deux. Ainsi, l'optimisation des énergies d'interface pour chaque type de M 2 C a été limitée par la nature des données expérimentales. En conséquence, seule la fraction volumique modélisée résultant de la somme des deux types de carbures M 2 C est donnée. Malgré cela, la principale différence avec les données expérimentales vient du fait qu'une dissolution des carbures M 2 C est attendue dans chacune des modélisations, bien que ce ne soit pas le cas expérimentalement. L'état d'équilibre thermodynamique du système correspond à un mélange de M 2 C et de carbure ξ : les systèmes modélisés tendent donc vers cet état. Dans le cas de la nuance FeCMoMn, les modélisations à 650 et 700°C avec PRISMA et PreciSo sont données figure III.34, tableau III.12 et figure III.35, tableau III.

Table 1 :

 1 Expected chemical composition of 16MND5 steel on forged workpieces for the RPV, values are in wt%[START_REF]M2111 and M2112[END_REF].

	C (max)	S (max)	P (max)	Mn	Si	Ni
	0.22	0.008 or 0.012 0.008 or 0.012 1.15 to 1.60 0.10 to 0.30 0.5 to 0.80
	Cr (max)	Mo	V (max)	Al (max)	Co (max)	Cu (max)
	0.25	0.43 to 0.57	0.01	0.04	0.03	0.08 or 0.20

  .1.

	Name of the alloy C (wt%) Mo (wt%) Mn (wt%)
	FeCMo	0.2	1.0	-
	FeCMn	0.2	-	1.5
	FeCMoMn	0.2	1.0	1.5
	Table I.1: Targeted chemical composition of the model alloys.

.3. Those rods were excluded for the rest of the study. The other elements have the right composition in the FeCMn alloy. As for the FeCMoMn alloy, two of the rods have a phosphorus composition of 0.012wt% in average

  . The other elements have the targeted composition.

		Rod name	C	Mn	O	N	S	P
			A	0.21±0.02 1.47±0.05 <0.001 <0.003 <0.001 <0.005
			B	0.20±0.02 0.81±0.04 <0.001 <0.003 <0.001 <0.005
			C	0.20±0.02 1.46±0.05 <0.001 <0.003 <0.001 <0.005
			D	0.21±0.02 0.82±0.04 <0.001 <0.003 <0.001 <0.005
			Table I.3: Chemical composition of the FeCMn alloy, values are in wt.%.
	Rod name	C	Mo	Mn	O	N	S	P
	A		0.19±0.02 1.15±0.05 1.48±0.05 <0.001 <0.003 <0.001 0.013±0.003
	B		0.19±0.02 1.14±0.05 1.48±0.04 <0.001 <0.003 <0.001 0.011±0.003
	Rod name C 0.19±0.02 1.14±0.05 1.46±0.05 <0.001 <0.003 <0.001 C Mo O N S	P <0.004
	D	A	0.18±0.02 1.01±0.08 0.19±0.02 1.15±0.05 1.47±0.04 <0.001 <0.003 <0.001 0.012±0.003 <0.001 <0.003 <0.001 <0.005
		B	0.18±0.02 1.01±0.08 0.002±2.10 -4 <0.003 <0.001 <0.005
		C	0.18±0.02 1.02±0.08 0.002±2.10 -4 <0.003 <0.001 <0.005 Table I.4: Chemical composition of the FeCMoMn alloy, values are in wt.%.
		D	0.19±0.02 0.99±0.08	<0.001	<0.003 <0.001 <0.005
			Table I.2: Chemical composition of the FeCMo alloy, values are in wt.%.

  8 is identification as M 6 C

		1600			
		1500			
		1400			
	Temperature (°C)	1300 1200 1100 1000				γ+M 6 C
		900 800 700 α+ξ+M 3 C 1 1.5 α+M 2 C 2 α+ξ α+ξ+γ	3 Mo (wt.%) +γ α α+M 2 C+MC 2.5 α+ξ+M 2 C	4 α+γ+M 6 C 3.5 α+M 2 C+M 6 C 4.5 α+M 2 C	5
	Plane (hkl)	d hkl (nm)	Angle with (111)	Angle with (022)	Angle with (111)
	(200)	0.568 (0.012) 54.0°(0.7°) 90.0°(0°) 55.0°(0.3°)
	(111)	0.656 (0.014)	-	37.0°(1.7°)	110.0°( 0.5°)
	(022)	0.403 (0.010)	-	-	144.0°( 0.7°)
	(111)	0.657 (0.015)	-	-	-
		(a) Interplanar spacings and angles of the 101 zone axis, figure I.9a
	Plane (hkl)	d hkl (nm)	Angle with (331) Angle with (311)
	(022)	0.400 (0.007)	49.0°(0.5°)	90.0°(0°)
	(331)	0.260 (0.005)	-	41.0°(0.5°)
	(311)	0.342 (0.012)	-	-
		(b) Interplanar spacings and angles of the 115 zone axis, figure I.9b
	Table I.5: Interplanar spacing and angles of the zone axes, figure I.9. The values given in parenthesis are
	the offset from theoretical values of face-centered cubic M 6 C, space group Fd-3m.

  7 C 3 can

		1600 1500			γ+L	L	
		1400					
	Temperature (°C)	1300 1200 1100 1000			γ		
		900					
		800					
		700	1.6	α+M 3 C 1.8 2	2.2 Mn (wt.%) 2.4	2.6	2.8	3
				Figure I.12: FeCMn isopleth: w(c)=0.20wt.%	

Table I .

 I 6: Average size of prior austenite grains for each composition at the chosen austenitisation conditions.

  table II.2.

	C	Mn Mo	Ni	Si	Cr	Al	S	Cu	P
	Figure II.10a [28] 0.25 1.29 0.49 0.72 0.23 <0.05 0.035 0.080 0.030 0.014
	Figure II.10b [75] 0.2 1.38 0.49 0.83 0.25 0.15 0.024 0.009 0.14 0.017
	Table II.2: Chemical composition of the alloys which CCT diagrams are presented figure II.10, values are in
	wt.% [28, 75].								

  .3. Other authors have also developed formulas of the same type[START_REF] Kim | Prediction of Ac 3 and martensite start temperatures by a data-driven model selection approach[END_REF][START_REF] Wang | On the influence of alloying elements on the bainite reaction in low alloy steels during continuous cooling[END_REF][START_REF] Van Bohemen | Bainite and martensite start temperature calculated with exponential carbon dependence[END_REF].

		Andrews formulas
	Ac 1 =723-10.7Mn-16.9Ni+29.1Si+16.9Cr+6.38W+290As
	Ac 3 =910-203 √	C-30Mn-15.2Ni+44.7Si+104V+13.1W+31.5Mo
	M s =539-423C-30.4Mn-17.7Ni-12.1Cr-11Si-7Mo

Table II

 II 

.3: Andrews formulas for Ac 1 , Ac 3 and M s , values of alloying elements are in wt.% and temperatures in °C

[START_REF] Andrews | Hardenability of steels[END_REF][START_REF] Stevens | Steel Tempering Mechanisms[END_REF]

.

  .2. Combining molybdenum and manganese decreases the bainite formation temperature (B s ): it is around 650°C in FeCMo and FeCMn alloys, while it is 65°C lower for FeCMoMn, with an average of 585°C, see figures II.24a to II.24c. Wang et al.[START_REF] Wang | On the influence of alloying elements on the bainite reaction in low alloy steels during continuous cooling[END_REF] also reported that both Mn and Mo contribute to decrease B s , after compiling several CCT diagrams through an artificial neural network model.

		900		
				900
			Ac	3 =875°C	Ac	3 =832°C
		800		
	Temperature (°C)	0 100 200 300 400 500 600 700	Time (s) 10°C.s -1 7°C.s -1 B 5°C.s -1 30°C.s -1 100°C.s -1 200°C.s -1 M 15°C.s -1 300°C.s -1 458 429 444 319 251 231 221 208 HV 10 100 1 (a) FeCMo 200°C.s -1 Ac 1 =746°C F 50% 1°C.s -1 2°C.s -1 0.5°C.s -1 211 213 193 1000 100°C.s -1 300°C.s -1 30°C.s -1 Time (s) 0 100 200 300 400 500 600 700 800 Temperature (°C) HV 300°C.s -1 M 200°C.s -1 100°C.s -1 422 452 426 10 1 Ac 3 =850°C 30°C.s -1 20°C.s -1 14°C.s -1 10°C.s -1 5°C.s -1 A+WF+P 2°C.s -1 1°C.s -1 0.5°C.s -1 Ac 1 =720°C 50% B+M Time (s) 340 307 289 240 191 189 169 164 100 1000 (b) FeCMn Ac 1 =740°C 10°C.s -1 5°C.s -1 2°C.s -1 1°C.s -1 0.3°C.s -1 M B 50% 0.1°C.s -1 Temperature (°C) 435 438 457 463 433 350 287 259 247 255 HV	Chapter II. Impact of alloying elements on model alloys phase transformation
			57	

  TableII.5: Average hardness according to microstructure for the model alloys, using the CCT diagrams. *The value given for the FeCMn bainite is the hardness of the microstructure cooled at 10°C.s -1 , with the least possible martensite.

			FeCMo	FeCMoMn
		Martensite	
	Average	433±7	443±4	448±3
	hardness			
	Cooling rate	100°C.s -1 to	100°C.s -1 to	30°C.s -1 to
	interval	300°C.s -1	300°C.s -1	300°C.s -1
		Bainite	
	Average	240±18*	240±3	305±3
	hardness			
	Cooling rate	10°C.s -1	2°C.s -1 to	0.1°C.s -1 to
	interval		30°C.s -1	10°C.s -1
		Ferrite+Pearlite	
	Average	179±4	-	-
	hardness			
	Cooling rate	0.5°C.s -1 to	-	-
	interval	5°C.s -1		

Table II .

 II 6: High angle/axis misorientation pairs measured for martensite cooled at 300°C.s -1 of the three model alloys compared to the closest misorientation pairs from GT/GT and KS/NW MR. The pair marked with (*) is less present than the others. The angle value given in parenthesis is the deviation from the specified axis.

	49-51° (14054pts) 001 55-57° (43482pts) 101	111	51-53° (27395pts) 57-59° (79144pts)	53-55° (33121pts) 59-61° (149432pts)	Rot. Axis in Crystal CS crystal coordinates 401295 data pts Stereographic projection Upper hemispheres Half width: 5°C luster size: 0°E xp. densities (mud): Min=0, Max=50,4	Chapter II. Impact of alloying elements on model alloys phase transformation
				67		

  .8 summarizes the chosen microstructures to be tempered in the next chapter.

	Alloy	Cooling rate	B s	Micrography
	FeCMo	5°C.s -1	635°C	

200µm FeCMn 10°C.s -1 646°C 200µm FeCMoMn 1°C.s -1 594°C 200µm

Table

II

.8: Starting bainitic microstructures chosen for tempering.

  .2.

	Carbide	Structure	Space group	Lattice parameters		Composition
	Cementite	Orthorhombic [151-153]	Pnma	a=5,0910 Å-5,1052 Å, b=6,7434 Å-6,7851 Å, c=4,5260 Å-4,5443 Å		Fe 3 C, (Fe,Mn) 3 C, Mn 3 C
	M 7 C 3	Orthorhombic [162, 163]	Pnma	a=4,537 Å-4,543 Å, c=11,913 Å-11,973 Å b=6,892 Å-6,954 Å,		(Mn,Fe) 7 C 3
	M 23 C 6	Face-centered cubic [164]	Fm-3m	a=10.510 Å		Fe 21 Mo 2 C 6
	M 6 C	Face-centered cubic [32, 157]	Fd-3m	a=11,114 Å-11,260 Å		From Fe 4 Mo 2 C to Fe 3 Mo 3 C
				a=10,8585 Å,	
	ξ carbide Monoclinic [165] C2/m	b=7,6683 Å, c=6,5568 Å,	e 2 MoC
				β=120,96°F
	M 2 C	Orthorhombic [166]	Pbcn	a=4,732 Å, b=6,037 Å, c= 5,204 Å	Mo 2 C
		Hexagonal [167] P63/mmc	a=3,0124 Å, c=4,7352	Å
	MC	Hexagonal [168] P63/mmc	a=2,932 Å, c=10,970 Å	MoC

Table

III

.1: Carbides to be possibly encountered during tempering and their crystallographic structure.

Table III

 III 

.2: Unit cells of the carbides table III.1: C is in black, Fe in orange and Mo in blue.

  (table III.3) detects cementite and MC carbides while Sato et al. (table III.4) report only cementite and M 2 C. For a higher atomic ratio of 1.29, the precipitation sequences are the same for both FeCMoMn and FeCMo. For an intermediate ratio (0.67), some differences exist between the sequences reported by Sato et al. in FeCMoMn, table III.4, and by Kuo in FeCMo, table III.3. This ratio value is close to the one of the studied model alloys (ratio=0.625). Sato et al. detect the dissolution of cementite for K<21409, while it is reported for higher temper values by Kuo at similar ratios. Furthermore, Kuo reports the dissolution of M 2 C carbides for temper parameter values lower than the ones reported by Sato et al.. Finally, the precipitation of MC carbide raises question: this carbide is not observed by Sato et al. but, according to Kuo's results, it forms at lower temper parameter values with decreasing Mo/C ratio.

Table III

 III 

	Mo content				Tempering (°C x h)		
	(Mo/C atomic	400 x 1 500 x 1 550 x 1 600 x 1	650 x 1	700 x 1	700 x 100	730 x 100
	ratio)	K=13463 15463	16463	17463	18463	19463	21409	22069
	0,54 (0,16)							

.3: Carbide precipitation sequences in the FeCMo system for different Mo/C atomic ratios, reported by Kuo

[START_REF] Kuo | Carbides in Cromium, Molybdenum, and Tungsten Steels[END_REF]

. Compositions in C and Mo are given in wt.%. Cementite is written M 3 C.

Table III

 III 

.4: Carbide precipitation sequences in FeCMoMn systems with varying Mo contents in wt.%, reported by Sato et al.

[START_REF] Sato | On the carbide reactions, secondary hardening and volume change occurring in the fourth stage of tempering of alloy steels[END_REF]

. Cementite is written M 3 C.

  .

	K (650°C)	15177 17463 18182 18900 19178	19549	-	21082 21354
							(FeCMo)		
	Time (650°C)	1s	5min 30min	3h	6h	15h	-	1m	2m
							(FeCMo)		
	K (700°C)	16000 17463 18182 18900 19178	-	19924 22224 22511
	Time (700°C)	1s	30s	3min 16min 30min	-	3h	1m	2m

Table III.5: Tempering times at 650°C and 700°C.

Table III .

 III 

7: Presence of M 2 C at lath boundaries (LB) and intralath (IL) as a function of tempering time in FeCMo and FeCMoMn alloys.

  Table III.8: Wetting angle and interface energy for modelling the FeCMn system at 650°C with PRISMA and PreciSo.

Table III .

 III 10: Values of the wetting angle and interface energy used for PRISMA (a) and PreciSo (b) modelling of the FeCMo system at 650°C. IL refers to intralath while LB to lath boundary. PRISMA (a) and PreciSo (b) modelling at 700°C of the FeCMo system.

	Volume fraction in secondary phase	0.00 0.01 0.02 0.03 0.04 0.05 0.06 0.07 0.08	10 1		10 3 Time (s) Cementite (PRISMA) 10 5 Sum M 2 C (PRISMA) carbide (PRISMA) Cementite (Exp) M 2 C (Exp) carbide (Exp)	10 7	Volume fraction in secondary phase	0.00 0.01 0.02 0.03 0.04 0.05 0.06 0.07 0.08	10 1	10 3 Time (s) Cementite (PreciSo) 10 5 10 7 Sum M 2 C (PreciSo) carbide (PreciSo) Cementite (Exp) M 2 C (Exp) carbide (Exp)
			(a) PRISMA 700°C					(b) PreciSo 700°C
		Carbide Figure III.33: Carbide	Nucleation Nucleation	Wetting angle Interface energy (J.m -2 ) Wetting angle Interface energy (J.m -2 )
		Cementite Cementite		heterogeneous heterogeneous			30°0.70 30°0.70
		M 2 C LB M 2 C LB		heterogeneous heterogeneous			30°0.60 30°0.60
		M 2 C IL M 2 C IL	homogeneous (needle) homogeneous (needle)		--	0.31 0.26
		ξ carbide ξ carbide		heterogeneous heterogeneous			30°0.53 30°0.53
					(a) PRISMA 650°C (a) PRISMA 700°C
		Carbide Carbide		Nucleation Nucleation	Wetting angle Interface energy (J.m -2 ) Wetting angle Interface energy (J.m -2 )
		Cementite Cementite		heterogeneous heterogeneous			30°0.70 30°0.70
		M 2 C LB M 2 C LB		heterogeneous heterogeneous			30°0.95 30°0.83
		M 2 C IL M 2 C IL	homogeneous (needle) homogeneous (needle)		-	-	0.24 0.21
		ξ carbide ξ carbide		heterogeneous heterogeneous			30°0.83 30°0.77
					(b) PreciSo 650°C (b) PreciSo 700°C

Table III .

 III 11: Values of the wetting angle and interface energy used for PRISMA (a) and PreciSo (b) modelling of the FeCMo system at 700°C. IL refers to intralath while LB to lath boundary.

Table III .

 III 12: Values of the wetting angle and interface energy used for PRISMA (a) and PreciSo (a) modelling of the FeCMoMn system at 650°C. IL refers to intralath while LB to lath boundary.

	Carbide		Nucleation	Wetting angle Interface energy (J.m -2 )
	Cementite		heterogeneous	30°0.70
	M 2 C LB		heterogeneous	30°0.60
	M 2 C IL	homogeneous (needle)	-	0.33
	ξ carbide		heterogeneous	30°0.39
			(a) PRISMA 650°C
	Secondary phase	Nucleation	Wetting angle Interface energy (J.m -2 )
	Cementite		heterogeneous	30°0.70
	M 2 C LB		heterogeneous	30°1.05
	M 2 C IL		homogeneous (needle)	-	0.27
	ξ carbide		heterogeneous	30°0.63
			(b) PreciSo 650°C

Table III .

 III [START_REF] Kagawa | Lattice parameters of cementite in Fe-C-X (X=Cr, Mn, Mo, and Ni) alloys[END_REF]: Values of the wetting angle and interface energy used for PRISMA and PreciSo modelling of the FeCMoMn system 700°C. IL refers to intralath while LB to lath boundary.

	Secondary phase	Nucleation	Wetting angle Interface energy (J.m -2 )
	Cementite		heterogeneous	30°0.70
	M 2 C LB		heterogeneous	30°0.62
	M 2 C IL		homogeneous (needle)	-	0.26
	ξ carbide		heterogeneous	30°0.43
	Austenite		heterogeneous	30°0.06
			(a) PRISMA 700°C
	Carbide		Nucleation	Wetting angle Interface energy (J.m -2 )
	Cementite		heterogeneous	30°0.70
	M 2 C LB		heterogeneous	30°0.99
	M 2 C IL	homogeneous (needle)	-	0.25
	ξ carbide		heterogeneous	30°0.64
			(b) PreciSo 700°C

➤

  Cementite gets enriched in manganese during tempering and this is associated with a cementite lattice volume contraction. M 2 C get enriched in Mo with increasing tempering time. ➤ The carbide precipitation sequences of the model alloys differ from what is reported in literature and from what is reported in 16 to 20MND5 steels. ➤ At the longest tempering times, ferrite recrystallises into equiaxed grains. This is visible by a drop in hardness and a ferrite lattice volume contraction. ➤ Experimental volume fractions are modelled by best fitting experimental data. Lower ξ carbide interface energies are found in the FeCMoMn system than in FeCMo, as it would be expected based on experimental observations.

  To replace 00-006-0688, 00-023-1113 and 00-034-0001. See 00-034-0001. See PDF 01-072-1110 and 01-075-0910. Analysis: Spectrographic analysis (wt.%, CERAC, Inc.): Al 0.03; Si, Zn 0.01; Mg, Ni 0.001; Ca, Cu, Ti <0.001. Sample Source or Locality: The sample was obtained from CERAC, Inc., Milwaukee, Wisconsin, USA. Temperature of Data Collection: Pattern taken at 295.7 K. Unit Cell Data Source: Powder Diffraction. Analysis: C1 Mo2. Formula from original source: Mo2 C. ICSD Collection Code: 1326. Calculated Pattern Original Remarks: Stable up to 1493 K (2nd ref., Tomaszewski), above 1713 K: P3121, m.p. 2795 K. Wyckoff Sequence: d c2 (PBCN). Unit Cell Data Source: Single Crystal.

		Operator				Seq	Operator			Seq	Operator	Seq	Operator	Seq	Operator
		x,y,z					11		z,-x+1/4,-y+1/4			21	-y+1/4,z,-x+1/4 Operator	31	-x+1/4,-z+1/4,y Seq Operator 41	z,y,x
		-x,-y,-z				12		-z,x+3/4,y+3/4			22	y+3/4,-z,x+3/4 -x,y+1/2,-z Operator	32	x+3/4,z+3/4,-y 7 Seq Operator 42 -x+1/2,-y,z+1/2 -z,-y,-x
		x,-y+1/4,-z+1/4			13		-z+1/4,x,-y+1/4			23	-y+1/4,-z+1/4,x	33	y,x,z	43	z,-y+1/4,-x+1/4
																				x,-y+1/2,z	8	x+1/2,y,-z+1/2
	-x,y+3/4,z+3/4 -x+1/4,y,-z+1/4 Atomic Coordinates:			14 15		z+3/4,-x,y+3/4 -z+1/4,-x+1/4,y			24 25	y+3/4,z+3/4,-x x,z,y -x,y+1/2,-z	34 35	-y,-x,-z y,-x+1/4,-z+1/4 7 -x+1/2,-y,z+1/2 44 45 -z,y+3/4,x+3/4 -z+1/4,y,-x+1/4
																				x,-y+1/2,z	8	x+1/2,y,-z+1/2
	x+3/4,-y,z+3/4 Num Wyckoff Atom ic Coordinates: Atom	16	z+3/4,x+3/4,-y Symmetry x		y	26	-x,-z,-y z	SOF	36 IDP AET -y,x+3/4,z+3/4	46	z+3/4,-y,x+3/4
	Mn Atom	-x+1/4,-y+1/4,z x+3/4,y+3/4,-z 1 8d N um W yck off	17 18 Sym m etry y,z,x -y,-z,-x 1		0.26 x		27 28 0.05 y	x,-z+1/4,-y+1/4 -x,z+3/4,y+3/4 0.015 1.0 z SOF	I DP	37 38	-y+1/4,x,-z+1/4 y+3/4,-x,z+3/4 15-a AET	47 48	-z+1/4,-y+1/4,x z+3/4,y+3/4,-x
	Mn	2	8d					1					0.059	0.08	0.804	1.0	15-a
		z,x,y					19		y,-z+1/4,-x+1/4			29	-x+1/4,z,-y+1/4	39	-y+1/4,-x+1/4,z
	Fe	1	8d				1					0.169	0.065	0.338		1.0	14-a
	Mn	3	4c					.m.					0.275	0.25	0.182	1.0	15-a
		-z,-x,-y				20		-y,z+3/4,x+3/4			30	x+3/4,-z,y+3/4	40	y+3/4,x+3/4,-z
	Mn Fe Atom ic Coordinates: 4 4c 2 4c C 3 4c			.m. .m. .m.					0.28 0.03 0.88		0.25 0.25 0.25	0.42 -0.178 0.43	1.0 1.0 1.0	15-a 15-a 8-b
	Atom Mn C Crystal (Symmetry Allowed): Centrosymmetric N um W yck off Sym m etry x 5 6 4c 8d .m. 1 0.097 0.041 0.25 y 0.038	z 0.64 0.354	1.0 1.0	SOF	I DP 15-a 7-b	AET
	C	7	4c					.m.					0.456	0.25	0.556	1.0	8-b
	Fe Fe Crystal (Symmetry Allowed): Centrosymmetric 1 2 32e 16d 0.29424 0.5 Subfiles: Common Phase, Inorganic, Metal & Alloy, Mineral Related (Mineral, Synthetic), NBS Pattern 0.29424 0.5 0.29424 0.5 1.0 1.0
	Mo C Crystal (Symmetry Allowed): Centrosymmetric 3 4 48f 16c 0.32151 0.0 Subfiles: Inorganic, Metal & Alloy Pearson Symbol: oP40.00 0.125 0.0 0.125 0.0 Pearson Symbol: oP16.00 Prototype Structure [Formula Order]: Fe3 C 1.0 1.0 Prototype Structure [Formula Order]: Mn7 C3 Prototype Structure [Alpha Order]: C Fe3 Prototype Structure [Alpha Order]: C3 Mn7 LPF Prototype Structure [Formula Order]: Mn7 C3,oP40,62 LPF Prototype Structure [Formula Order]: Fe3 C-b,oP16,62 LPF Prototype Structure [Alpha Order]: C Fe3,oP16,62
	Subfiles: Inorganic Cross-Ref PDF #'s: ✓ 04-005-3925 (Alternate), ✓ 04-005-4038 (Alternate), ✓ 04-010-7449 (Alternate) Pearson Symbol: cF112.00 Prototype Structure [Formula Order]: Fe3 W3 C LPF Prototype Structure [Alpha Order]: C3 Mn7,oP40,62 ANX: N3O7 Cross-Ref PDF #'s: 01-072-4563 (Alternate), 04-002-8164 (Alternate), 04-003-4023 (Alternate), 04-004-1279 (Alternate), ANX: NO3P3 04-004-3123 (Alternate), 04-004-3130 (Alternate), 04-006-5688 (Alternate), 04-006-5690 (Alternate) Cross-Ref PDF #'s: 00-023-1113 (Deleted), 00-034-0001 (Alternate), 01-072-1110 (Alternate), ✓ 04-002-0958 (Alternate), ✓ 04-002-8218 (Alternate), ✓ 04-002-8998 (Alternate), ✓ 04-003-4031 (Alternate), ✓ 04-003-6492 (Primary), ✓ 04-006-5565 (Alternate), ✓ 04-006-5692 (Alternate), ✓ 04-007-0422 (Alternate), ✓ 04-008-0188 (Alternate), ✓ 04-008-1991 (Alternate), ✓ 04-010-7452 (Alternate), ✓ 04-010-7474 (Alternate) R eferences: Type DOI R eference Former PDF Numbers: 01-080-1699 R eferences:
	Primary Reference References: Type	DOI		Calculated from ICSD using POWD-12++. R eference	
	Type Primary Reference	DOI	"From nitrides to carbides: topotactic synthesis of the eta-carbides Fe3 Mo3 C and Co3 Mo3 C". Alconchel, Silvia, Reference Natl. Bur. Stand. (U. S. ) Monogr. 25 21, 72 (1985).
	Structure																		
	Crystal Structure				Sapina, Fernando, Martinez, Eduardo Dalton Trans. 2004, 2463 (2004). Crystal Structure Source: LPF.
	Structure					Hendricks, S. Z. Kristallogr., Kristallgeom., Kristallphys., Kristallchem. 74, 534 (1930).
	Primary Reference														Calculated from LPF using POWD-12++.
	Structure					Meinhardt, D., Krisement. Arch. Eisenhuettenwes. 33, 493 (1962).
						ANX: NO3P3. Analysis: C1 Fe3 Mo3. Formula from original source: Fe3 Mo3 C. ICSD Collection Code:
																	"On the Phase Relations and Structural and Magnetic Properties of the Stable
	Database Comments:	190002. Calculated Pattern Original Remarks: R = R(B). Wyckoff Sequence: f e d c (FD3-MZ). Unit
	Structure		10.3891/acta.chem.scand.45-0549	Manganese Carbides Mn23C6, Mn5C2 and Mn7C3". Karen P., Fjellvag H., Kjekshus
	Cell Data Source: Powder Diffraction. d-Spacings (60) -Fe3 M o3 C -01-083-3017 (Stick , Fix ed Slit I ntensity) -Cu K α1 1.54056 Å 2θ (°) 13.78954 22.61032 d (Å) 6.416530 3.929310 I 4 30 h 1 2 k 1 2 l 1 0 * 2θ (°) 62.48457 64.33138 d (Å) 1.485140 1.446890 I 1 63 h 6 7 k 4 3 l 2 1 A., Andresen A.F. Acta Chem. Scand. 45, 549 (1991). Database Comments: ANX: N3O7. LPF Collection Code: 1250750. Sample Preparation: STARTING MATERIALS:Mn,C graphite. Compound Preparation: powder homogenized in dried benzene, crystals grown by chemical transport method at 1173 K (gradient 50 K) for 200-250 h, transport agent hydrocarbides formed from excess C. CRUCIBLE: molybdenum container in silica tube. ATMOSPHERE: vacuum (10 Pa, Misch Database Comments: Additional Patterns: d-Spacings (49) -Fe3 C -00-035-0772 (Stick , Fix ed Slit I ntensity) -Cu K α1 1.54056 Å Database Comments: ANX: NO2. d-Spacings (116) -M o2 C -01-071-0242 (Stick , Fix ed Slit I ntensity) -Cu K α1 1.54056 Å
	26.57898 2θ (°) 2θ (°)	3.350920 d (Å) d (Å)	I	11 Met getter). Temperature of Data Collection: 298 K. Unit Cell Data Source: Powder Diffraction. 3 1 1 67.34835 1.389220 9 8 0 0 h k l * 2θ (°) d (Å) I h k l I h k l * 2θ (°) d (Å) I h k l
	27.78394	3.208270		1		2		2		2			69.12665		1.357760	73	7	3	3
	32.19046 d-Spacings (199) -Mn7 C3 -04-007-1048 (Stick, Fixed Slit Intensity) -Cu Kα1 1.54056 Å 2.778440 101 4 0 0 69.71461 1.347740 1 6 4 4 26.41036 3.371930 4 0 2 0 48.39766 1.879170 5 0 2 2 23.87302 3.724260 3 1 1 0 49.15880 1.851840 1 1 3 0
	35.16872 29.46851	2.549670 3.028590		193 2	3	1	3	1	1	1		72.04505 50.09688	1.309770 1.819340	268 2	8	1	2	2	2	2
	39.69786 2θ (°) 29.51325 35.23308 29.56926	2.268590 d (Å) 3.024100 2.545160 3.018500	3 4	451 I 4	4 1 2	h 1 0 0	2	k 1 0 2	2	l 0	*	73.77261 2θ (°) 48.58779 49.11469 52.12344 1.872260 1.283310 d (Å) 1.853400 1.753270 32 43	63 I 158 1 2	5	3 2	5 h 1 1 2	k 2	5	l 1
	42.21748 37.63302 34.31587	2.138840 2.388180 2.611060	999 43 196	5 1	2 0	1	1 2	1	1		74.34504 51.81276 52.21149 1.763050 1.274840 1.750520 19	8	98	1	6	2	2	6 2	0	2	2
	14.71848	6.013580		49m	0		0		2			33.27142	2.690600	17	1	2	1
	46.16670 34.43908	1.964650 2.602000		338 109	4	0	4	0	0	2		76.61967 54.53641	1.242560 1.681260	1	1	8	2	4	1	0	2
	37.74306	2.381470		41		2	1		0				54.18364	1.691370	5	2	0	2
	14.71848	6.013580		49m	0		1		1			35.78205	2.507360	53	1	2	2
	48.41410 39.79804 37.99927	1.878570 2.263110 2.366000	2 22 322	5 0	0 2	3	2 0	1	0		78.31200 54.39766 58.66232 1.685220 1.219890 1.572460 15m 25 1	2	9	3	1	1 0	1	1	3
	20.89659	4.247520		1		1		0		1			35.89855	2.499490	29	1	0	4
	49.14607 40.63189 39.38082	1.852290 2.218570 2.286120	60 22 999	4 2	0 1	4	1 2	2	1		78.87333 56.00440 61.37732 1.640620 1.212610 1.509250 8	14 78m 2	8	1	0	4 2	4	2	0
	24.57854	3.618930		35m	1		0		2			38.23117	2.352180	83	1	1	4
	51.99686 39.49019	1.757240 2.280040		1 558	6	1	2	0	0	2		81.10936 61.37732	1.184730 1.509250	6	78m	6	1	6	3	4	2
	42.87883	2.107370		57		2	1		1				57.99240	1.589020	19	3	0	1
	24.57854	3.618930		35m	1		1		1			39.56557	2.275870	377	0	3	1
	54.06400 43.74189 42.33904	1.694830 2.067770 2.132980	3 67 1	5 1	0 1	3	2 1	3	2		82.77708 58.39824 61.61486 1.578940 1.165040 1.504000 2	3	2 149	9	3	0	3 1	2	1	3
	25.71509	3.461500		135		0		1		3			39.69914	2.268520	798m	0	2	4
	54.74097 44.56895 44.63146	1.675460 2.031300 2.028600	36 56 1	6 2	2 2	2	0 1	2	1		85.54446 59.74349 63.18176 1.546560 1.134290 1.470420 5	1	1	3	8	1	2	4 1	3	4	1
	27.76629	3.210270		1		1		1		2			39.69914	2.268520	798m	1	2	3
	57.39504 46.01360	1.604130 1.970830		1 1	4	0	4	2	4	2		87.19938 63.47024	1.116970 1.464430	95 1	9	3	3	1	3	1
	44.99172	2.013190		100	0	3		1				60.82434	1.521640	2	1	3	2
	29.68706	3.006790		107		0		2		2			40.38257	2.231690	323	2	0	1
	59.33452 45.86081 48.86933	1.556240 1.977040 1.862130	63 53 1	5 1	1 2	5	2 2	1	0		89.95274 61.26039 64.20067 1.511850 1.089790 1.449520 8	40 1	2	10 2	0	2 2	4	0	1
	32.49201	2.753340		11		1		1		3			41.79983	2.159240	36	2	1	0
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Figure D .19: Crystallographic data for M 6 C. * Page 1 / 3 © 2019 International Centre for Diffraction Data. All rights reserved.

Figure D .20: Crystallographic data for M 7 C 3 . * Page 1 / 2 © 2018 International Centre for Diffraction Data. All rights reserved.

Figure D .21: Crystallographic data for cementite. * Page 1 / 2 © 2018 International Centre for Diffraction Data. All rights reserved.

  . Lander, J., Germer, L. Trans. Am. Inst. Min. Metall. Pet.Eng. 175, 648 (1948). Lux, H., Ignatowiez, A. Chem. Ber.101, 809 (1968). To replace 00-011-0680. Analysis: Spectrographic analysis (wt.%, CERAC, Incorporated): Fe, Ni, Si 0.1-0.2; Al, As, Cr, Cu, Mg, Mn, Ti 0.05-0.1; V 0.01-0.1; Sn 0.001; Ag, Cd 0.0005-0.005. General Comments: Dx for ''Mo2 C0.97''. Sample Source or Locality: The sample was obtained from CERAC, Incorporated, Milwaukee, Wisconsin, USA. It contained a small percent of MoC. Temperature of Data Collection: The mean temperature of data collection was 296.6 K. Unit Cell Data Source: Powder Diffraction. LPF Collection Code: 1933595. Sample Preparation: Compound Preparation: arc-melted. ATMOSPHERE: argon. Sample annealed at 1323 K for 0.5 h. Minor Warning: No R factors reported/abstracted. No e.s.d reported/abstracted on the cell dimension. Significant Warning: Significant warning from the LPF Editor exist. LPF Editor Comment: cell parameter β omitted, editor took approximate value from the literature. Unit Cell Data Source: Powder Diffraction.

	log intensity (arb. units)	21.0 2.92 2.93 2.94 2.95 2.96 2.97 2.98 21.0 2.65 2.70 2.75 2.80 21 2.85 2.70 log intensity (arb. units) 2.75 log intensity (arb. units) 2.80 2.85	21.2 21.2 21.2	21.4 21.4 21.4 2θ ( • ) 2θ ( • ) 2θ (°) 21.6 21.6 21.6 21.8 21.8 21.8	22.0 22.0 22	log intensity (arb. units)	21.0 21 2.92 2.93 2.94 2.95 2.93 2.94 2.95 2.96 2.97 2.98 2.99 2.96 2.97 2.98	21.2 21.2 21.4 21.6 21.8 21.4 21.6 21.8 2θ (°)	22.0 22
				(a) Original data						(b) Data shifted in intensity
							units)	2.97 2.98 2.97				
							intensity (arb.	2.93 2.94 2.95 2.96 2.93 log intensity (arb. units) 2.94 2.95 2.96				
							log		21.0 2.92 21	21.2 21.2	21.4 21.4 2θ ( • )	21.6 21.6 21.8 21.8	22.0 22
	Database Comments: Database Comments: Additional Patterns: d-Spacings (13) -M o2 C -00-035-0787 (Stick , Fix ed Slit I ntensity) -Cu K α1 1.54056 Å 2θ (°)
	2θ (°) d-Spacings (198) -Mo6 Fe11 C5 -04-018-7460 (Stick, Fixed Slit Intensity) -Cu Kα1 1.54056 Å d (Å) I h k l * 2θ (°) d (Å) I h k l
	2θ (°)		d (Å)	I	h		k	l	*	2θ (°)	d (Å)		I	h	k	l
	34.35412	2.608240	20	1	0	0		74.64491	1.270460	15	1	1	2
	37.97810	2.367270	25	0	0	2		75.51275	1.258000	10	2	0	1
	14.74437	6.003080	15	1		1	0		28.84016	3.093130	14	-2	2	1
	39.39195	2.285500	100	1	0	1		81.16983	1.184000	3	0	0	4
	15.31025	5.782450	99	0		0	1		29.74018	3.001540	39m	2	2	0
	52.12248	1.753300	20	1	0	2		84.80148	1.142320	3	2	0	2
	17.22273	5.144410	27	-2	0	1		29.74018	3.001540	39m	-1	1	2
	61.52731	1.505930	17	1	1	0		91.21952	1.077930	2	1	0	4
	17.60418	5.033790	34	-1	1	1		30.45551	2.932650	4	3	1	0
	69.56513	1.350270	17	1	0	3		99.98902	1.005610	3	2	0	3
	18.65248	4.753180	9	2		0	0		30.90263	2.891230	42	0	0	2
	72.38396	1.304470	2	2	0	0						
	22.95550	3.871000	4	0		2	0		31.83311	2.808810	62	-3	1	2
	24.49550	3.631010	4	1		1	1		32.77920	2.729870	77	-4	0	1
	26.89127	3.312710	14m	-2	0	2		34.85062	2.572210	6	-4	0	2
	26.89127	3.312710	14m	-3	1	1		35.64187	2.516900	151	-2	2	2
	27.70932	3.216740	132	0		2	1		36.03212	2.490530	240	1	3	0
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Figure D .23: Crystallographic data for hexagonal M 2 C. * Page 1 / 3 © 2019 International Centre for Diffraction Data. All rights reserved.

Figure D .24: Crystallographic data for ξ carbide.
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Austenitisation

Austenitisation is carried out in a static helium atmosphere. It consists of one step at 1200°C for 5min with a heating rate of 1.5°C.s -1 . Cooling at 300°C.s -1 enables reaching 890°C which is held for another 5min. These austenitisation conditions are common to all samples, samples from CCT diagrams (chapter II) and tempered samples (chapter III). For all samples, austenitisation is made using the dilatometer.

Hexagonal Orthorhombic

Indexation (1) Indexation (2)

.11: Identification of M 2 C through the construction of its stereographic projection: both the hexagonal and orthorhombic structure fit the experimental data in red.

Indexation

Figure III.12: Identification of ξ carbide through the construction of its stereographic projection: the experimental data is in red.

A EXPERIMENTAL TECHNIQUES A .1 Microprobe analysis

Microprobe analysis are realised on bulk samples polished down to 3µm. Quantitative WDS maps are performed using a Cameca SX100 electron microprobe. The tension is set to 15kV and the current to 40nA. The size of the maps is set to 256x256µm 2 and, for each sample, three quantitative profiles are realised. The reference used for quantification are the corresponding pure elements.

A .2 Dilatometry Dilatometric samples

Two different sample geometries are used for dilatometry. The first one is of parallelepiped shape with dimensions of 2x3x12mm 3 . Figure A .1 shows how they are cut in the as received rods, the length of the sample is parallel to the longitudinal direction of the rod. For the FeCMo rods, the rod diameter is 12mm, while it is 14mm diameter for FeCMn and FeCMoMn alloys. This geometry is used in chapter II, for determining the CCT diagrams. Another geometry, a square shape, is treated by dilatometry for synchrotron measurements in chapter III, in order to have a larger area of analysis. Square-shaped samples taken in FeCMo rods measure 7.6x7.6x2mm 3 while those cut in FeCMn and FeCMoMn rods measure 8.8x8.8x2mm 3 . This difference in size is due to the difference in rod diameter between FeCMo rods, and the FeCMn, FeCMoMn rods. Figure A .2 shows how the square-shaped samples are cut in the as received rods. The thickness of the plates is in the longitudinal direction of the rod. 

Dilatometer

Thermal treatments are made with a DT-1000 dilatometer modified by AET Technologies. The dilatometer is used for constructing CCT diagrams in chapter II and for realising the tempering treatments in chapter III inferior to one month. A schematics of the dilatometer used is shown figure A .3. The temperature is controlled by two thermocouples microwelded to the sample. The chamber is purged three times using helium before any thermal treatment. The targeted cooling rates are obtained by flowing helium in the chamber and, for cooling rates of 100°C.s -1 or more, helium previously cooled by liquid nitrogen is injected. 

A .3 Hardness

Vickers hardness is measured by microhardness measurements with a Buehler Wilson VH3300 durometer. For each sample, at least 10 prints are realised with a mass of 200g held for 10 to 15s. The hardness for each sample results from the average on all the data points. The error with a confidence interval of 95% is given, based on the dispersion of data, using equation A . [START_REF] Koritarov | Energy Zones Study: A comprehensive Web-Based Mapping Tool to Identify and Analyze Clean Energy Zones in the Eastern Interconnection[END_REF].

ϵ is the error with a 95% interval, δ the standard deviation, n the number of data points.

A .4 Tempering treatments

Tempering treatments for less than 1month

Tempering treatments for less than one month are made with the dilatometer presented section A .2. The samples have a parallelepiped or square shape, the same as exposed in section A .2. Samples are austenised at 1200°C for 5min, cooled until reaching 890°C and held for 5min at this temperature. After this, they are cooled to reach the targeted starting bainitic microstructure until room temperature. The samples are then heated again until reaching the tempering temperature, at 10°C.s -1 . After tempering, the samples are cooled at 300°C.s -1 .

Tempering treatments for 1 and 2months

Tempered samples of 1 and 2months are of square shape, the same as the square-shaped samples described in section A .2. They are austenised at 1200°C for 5min, followed by a step at 890°C for 5min. The samples are then cooled for obtaining the starting bainitic microstructure chosen in chapter II. The austenitisation and cooling steps are made with the dilatometer. Samples are then sealed in silica tubes under He atmosphere, after purging. They are folded in a tantalum foil, to avoid any interaction between the sample and silica. One of the prepared silica tubes is shown figure A .4. The samples are tempered in an oven at 650 and 700°C, the temperatures being monitored with a thermocouple. After one or two months, the silica tubes are immersed in water.

Silica tube

Sample in Ta foil Seperator 

A .5 Carbon extractive replicas production

If the sample is of parallelepiped shape, it is cut in half in the transversal direction and carbon extractive replicas are made on the cross-section only. If they are of square shape, they are polished until reaching half thickness, i.e. to reach 1mm. Carbon extractive replicas is then made on the whole sample surface.

The production of carbon extractive replicas consists in four steps.

1. Tempered samples are polished with diamond paste down to 3µm. They are etched for 3min with nital 4%.

2. A carbon layer is deposited in an Edwards AUTO 306 thermal evaporator, under secondary vacuum. A grid is cut with a scalpel at the surface the carbon deposited layer. The deposition is set to last 20s.

3. The matrix is electrolytically dissolved using a solution containing: 100 mL d'acethylacetone, 10 g of tetramethylammonium chloride, the rest being methanol. A continuous tension of 1,5V is applied during 6h, with a current of 0.02A.

4. The extractive replicas detach by themselves or ethanol rinsing removes them from the sample surface. Extractive replicas are rinsed with ethanol several times before being deposited on 3mm diameter copper grids.

A .6 EBSD on as-quenched microstructures (Chapter II)

The dilatometry samples of parallelepiped shape are cut in half, in the transversal direction. Their section, measuring 2x3mm 2 , is polished using a diamond suspension down to 3µm grade and then polished with a colloidal silica suspension using an OPS polishing cloth. The EBSD analyses are done with a MEB FEG JEOL JSM and a MEB FEG Zeiss Sigma HD, both equipped with a Bruker e-Flash HR EBSD detector. Either two mappings are done for each sample with a resolution of 1200x900px with a magnification of 100 or 4 mappings are done with a magnification of 200 and a resolution of 568x426px. The step is kept constant to 1µm as well as the total area analyzed for each sample, i.e. of 2.1 mm². The tension is set to 20kV. The data is acquired with the Bruker Esprit software. The data collected is treated with HKL Channel 5 provided by Oxford Instruments. In Channel 5, a correction is applied so that the pixels with no indexation are given one based on the surrounding pixels. The correction is applied until the amount of pixels with no indexation reaches less than 0.01%. A correction for suppressing wild spikes is also applied.

A .7 EBSD for determination of carbide precipitation sites (Chapter III)

The tempering conditions are described in section A .4. The samples are square-shaped, similar to the square-shaped samples described in section A .2. Their original thickness is of 2mm and they are polished until reaching half thickness, i.e. a thickness of 1mm. They are polished using a diamond suspension down to 3µm grade and with a colloidal silica suspension, using an OPS polishing cloth. EBSD mappings to determine the carbide precipitation sites are done on a MEB FEG Merlin Zeiss equipped with a Nordlys Nano EBSD detector from Oxford Instruments, on bulk samples. The step is about 0.040µm and the overall cartography 120x90µm 2 . The tension is set to be between 10 and 15kV, optimised to get the best indexation possible. Each time, only a zoom of the EBSD mapping is presented in chapter III. Data is acquired with AZtecHKL developped by Oxford Instruments. The indexation rate for each mapping is of 96% or more. EBSD data is treated with HKL Channel 5, a correction is applied so that the pixels with no indexation are given one based on the surrounding pixels. The correction is applied until the amount of pixels with no indexation reaches less than 0.01%.

Maps for cementite precipitation sites in the FeCMn and FeCMoMn alloys

The EBSD maps used for identifying cementite precipitation sites in FeCMn and in FeCMoMn alloys can be found figures A .5 and A .6, respectively. A .8 Carbide size distributions (the Methodex method)

The carbide size distributions are determined by Secondary Electron Microscopy (SEM) images analysis. The samples are of square shape, similar to the square-shaped samples described in section A .2. These samples are tempered according to the conditions reported in section A .4. They are polished down to 3µm and etched for a few seconds with nital 2%. This aims at revealing the carbides but not the lath boundaries. SEM images are acquired with a MEB FEG JEOL JSM, with a x5000 magnification and a resolution of 2400x1800px. The tension is set to 10KV, the current to 520pA. One pixel corresponds to 10nm, the total area covered by one image is 432µm 2 . These images are then analysed with a Matlab program developed at the CEA LA2M. Based on the difference in levels of greys, the area in pixels for each carbide is inferred. From this area is calculated the equivalent radius, which is the radius of the disk with the same area as the carbide. The carbide size distributions are given in equivalent radius.

For FeCMo 650 °C and 700°C 2 months, and for FeCMoMn 650°C 6h and 700°C 3h, the distributions obtained with a magnification of x5000 are shifted towards lower radius values compared to lower tempering times distributions. This is due to the detection of M 2 C and ξ carbides. For that reason, and for those samples only, an additional set of 24 images is acquired with a magnification of x20000, with a pixel size of 2.5nm, and a resolution of 2400x1800px. The total area covered is 27µm 2 . The same image analysis treatment is applied as for the images acquired with a magnification of x5000. For those samples, the distributions in carbide size acquired at x5000 and at x20000 are combined, by taking into account the ratio in area each of those distributions cover. The distribution acquired at x20000 is multiplied by the ratio between the area at x5000 and the area at x20000, i.e 432/27=16. The distributions are summed, by making the sum corresponding bin per corresponding bin. The distribution is then normalised, so that the sum of the distribution values equals one. This is illustrated figure A .7. Each data point shows the centre of the bin. Table A 

B CONSTRUCTION OF THE CCT DIAGRAMS B .1 Interpretation of the dilatometric curves

The CCT diagrams presented in chapter II are constructed from dilatometric curves showing the sample expansion as a function of temperature. An example of the curves analysed is given in figure B .8. First, during the heating phase, the sample expands due to increase in temperature. Transformation of the sample into austenite is visible before the sample reaches 1200°C. After 5min at 1200°C, the sample is cooled at 300°C.s -1 to 890°C. The sudden cooling from 1200°C to 890°C causes instability of the sample, the latter moving slightly under the extensometer, as can be seen in green, figure B .8. The sample temperature then oscillates before reaching 890°C. After being held 5min at 890°C, the sample is cooled with the targeted cooling rate: figure B .8, the cooling rate is 1°C.s -1 . During cooling, austenite transforms to ferrite: figure B .8, austenite transforms into bainite. The value of the start and end temperature of the austenite to bainite transformation is determined using the tangents to the dilation curve, see figure B .8. 

B .2 Determination of the temperature at 50% of transformation

The temperature at 50% of transformation is determined using an Excel macro coded by Thomas Gilbert (CEA, LA2M). This macro uses the lever arm rule for determining the austenite transformed fraction, assuming that there is no residual austenite in the sample.

Residual austenite was not found in any of the samples, in none of the EBSD mappings realised in chapter II. An EBSD mapping on FeCMoMn cooled at 300°C.s -1 at a finer scale did not reveal either residual austenite. This EBSD mapping was done with a MEB FEG Merlin Zeiss and with a Nordlys Nano EBSD detector from Oxford Instruments. The tension was set to 15kV with a current of 1.5nA. The step was of 150nm, the total area of the map being 309x412µm 2 . The indexation rate was of 91%, 0.01% of pixels were found to be austenite. For that reason, it is assumed there is no residual austenite in the samples.

B .3 Metallographic observations

After testing, the parallelepiped dilatometry samples are cut in half in the transversal direction and polished in order to observe their section by light optical microscopy. Metallographic observations are made on polished samples down to 3µm with diamond paste. The samples are etched with nital 2.%.

C MISORIENTATION ANGLE AND AXIS DISTRI-BUTIONS C .1 Indexing rates

Table C .2 shows the indexing rates for each of the EBSD mappings realised on the samples studied in chapter II, as well as the number of mappings by sample and the corresponding magnification. The EBSD mappings are done so that the analysed area for each sample is the same, 2.1 mm 2 . Either two mappings with a magnification of 100 or four mappings with a magnification of 200 are done. In the case of FeCMoMn, two EBSD mappings with a magnification of 200 and one at 100 are realised. The total area covered by the three EBSD mappings is the same as for the other samples.

C .2 Misorientation angle distributions

In chapter II, misorientation angle distributions are presented based on several EBSD measurements. These misorientation angle distributions correspond to correlated misorientation angle distributions, i.e. to the misorientation between neighbouring grains in the map. Nevertheless, to validate the use of each EBSD mapping, it is checked that the uncorrelated misorientation angle distribution presents a McKenzie distribution, as illustrated figure C .9. Uncorrelated misorientation angle distributions correspond to the misorientation between randomly chosen points in the map. Then, from each of the EBSD mappings is extracted the correlated misorientation angle distribution, with a bin size of 1°. For a given sample, the correlated distributions of each mapping were very close, as illustrated figure C .10. These correlated distributions are then averaged, bin by bin. The correlated misorientation angle distributions presented in chapter II are the result of the average of correlated misorientation angle distributions of all the EBSD maps for a given sample.

C .3 Misorientation axis distributions

The misorientation axis distributions in chapter II could not be easily averaged over several mappings, as it is the case for misorientation angle distributions. Therefore, only the misorientation axis distribution for one of the EBSD mapping is presented, but the misorientation axis distributions for each EBSD mapping were always very similar from one to another, as illustrated figure C .11.

C .4 Determination of average prior austenite grain size

The determination of the average prior austenite grain size is done on martensitic parallelepiped samples, austenised and cooled at 300°C.s -1 with the dilatometer, see section A .2. EBSD mappings with the same conditions as the ones described in section A .6 are used on those samples. The reconstruction of the austenite grains is done assuming a Kurdjumov-Sachs orientation relationship with austenite, using the software developped by Cayron et al. [START_REF] Cayron | Reconstruction of parent grains from EBSD data[END_REF] boundaries with a misorientation between 20 and 49°, with reconstructed austenite grains with ARPGE 1.2. Boundaries with a misorientation between 20 and 49°are mainly prior austenite grain boundaries. The colors shown figure C .12b represents the crystallographic orientation of the prior austenite grains. This orientation could not be determined in the areas in white. 

C .5 Choice of prior austenite grain for analysis

The choice of prior austenite grain for misorientation analysis is first made based upon the boundaries with a misorientation comprised between 20 and 49°. These boundaries mainly correspond to prior austenite grain boundaries. 

C .6 Analysis in prior austenite grains

An analysis is conducted in martensite and bainite prior austenite grains (PAG) for the FeCMo and FeCMn alloys. The study in martensite PAG for the FeCMo and FeCMn compositions is conducted on the microstructure cooled at 300°C.s -1 , see figure C .14 and C .15 respectively. These results are similar to the ones obtained in a FeCMoMn PAG cooled at the same rate, see section 3 .2. The study for bainitic microstructure is done on FeCMo cooled at 5°C.s -1 , figure C .16, and in a bainitic PAG for FeCMn cooled at 10°C.s -1 , figure C .17. For lower cooling rate, study in a bainitic PAG for FeCMo cooled at 0.5°C.s -1 is done excluding allotriomorphic ferrite which precipitates at PAG, figure C .18. No analysis is made for FeCMn cooled at 0.5°C.s -1 since it is not bainitic. 

: : 

D .2 Carbides during tempering

The carbides are identified with a JEOL2000EX microscope, by constructing the stereographic projection of several observed carbides, for each type of carbide, for a couple (time, temperature) from at least six electron diffraction patterns obtained for different tilt angles for the observed carbide. The use of dark field images enabled to ensure that the diffraction patterns belonged to the observed carbide. These observations are made on carbon extractive replicas. The data used for identification of cementite, M 2 C and ξ carbides are given in figures D . [START_REF] Beremin | Cavity Formation From Inclusions In Ductile Fracture[END_REF] 

E X-RAY DIFFRACTION ON DIFFABS BEAMLINE E .1 Setup

X-ray measurements are done ex-situ at the Synchrotron SOLEIL, on the Diffabs beamline. The samples are of square shape, with a size of 7.6x7.6x2mm 2 for FeCMo and 8.8x8.8x2mm 2 for FeCMn and FeCMoMn, as described in section A .2. This difference in size is due to the fact that the rods in which they are manufactured have different diameters. The samples are thermally treated (austenitisation+tempering) beforehand, according to what is described in section A .4. The samples are then analysed on the Diffabs beamline at room temperature. They are polished on one side until reaching the half of the sample thickness, from an original thickness of 2mm until reaching a 1mm thickness. The sample is fixed on a Y-shaped sample holder, placed on a spinner so that the sample is rotating during acquisition. The setup is shown on figure E .25. The sample is aligned so that the beam interacts with the centre of the sample. The energy is set to 18keV. Two types of detectors were used: the XPAD and the CIRPAD. The former is used for samples tempered at times lower than 1month, while the latter for tempering times for 1month or more. This is due to the fact that the acquisitions were made during two different sessions.

Rotating sample

Incoming beam XPAD detector 

XPAD

The XPAD detector can acquire X-ray diffraction over a certain 2θ range: therefore it must move to acquire portions of diffractograms over the whole 2θ range of interest. The motion of the XPAD detector was set so that in each 2θ ten measurements would be made. This choice was made in order to improve the quality of the obtained data, once treated, to have a more homogeneous noise for seeing the secondary peaks more clearly. For each measurement, the XPAD was set to acquire for 10s. The XPAD detector is visible figure E .25. CIRPAD CIRPAD contains a set of detectors than can measure simultaneously X-ray diffraction over a wide 2θ range. There is however a small gap between each detector, meaning the data acquired is not continuous. For that reason, and to have ten measurements in each 2θ, the CIRPAD was rotated of 2.5°around the sample, ten times. The CIRPAD was set to have 30s acquisition times. Two sets of ten acquisitions were run for each sample. 

CIRPAD detector

E .2 Conversion to a continuous diffractogram

Since all portions of the acquired diffractograms do not have the same level of noise, the first step is to shift in intensity all the portions of diffractograms, without modifying the peak to noise ratio. Once the level of noise is the homogeneous (figures E .27a and E .27b), the intensity is averaged in each 2θ, figure E .27c. The method is the same for the data acquired for both detectors.

E .3 Rietveld refinement

Rietveld refinement is carried out on the obtained continuous diffractograms. The Fullprof suite is used, v.September-20. Rietveld refinement is divided in three steps:

1. Matrix refinement with a high cut-off; 2. Removal of the ferrite peaks: low or high cut-off;

3. Carbide refinement on the remaining peaks.

During the first step, the background is defined manually, as a set of values (2θ,intensity). A good definition of the background is essential for a correct definition of the phases peaks. This is why a prior knowledge of the phases in presence is necessary for realising Rietveld refinement. The peak shape is defined as being Pseudo-Voigt, which is a linear combination of a gaussian and a lorentzian function. The scale factor is first refined, and then the instrumental offset is determined using the matrix peaks. The uvw parameters are refined on 

E .6 Crystallographic data used for Rietveld refinement

The Rietveld refinement are made using the crystallographic data presented below. The orthorhombic M 2 C structure was used rather than the hexagonal one because it gave better refinement results.

Crystal structure

Published crystallographic data

Space group

Pbcn The chemical composition of the carbides is quantified by STEM-EDS, on a FEI 20 G2 Tecnai with a LaB 6 source, operating at 200kV, equipped with a Bruker 133eV XFlash 6|30 detector, on carbon extractive replicas. A spot size 5 is used, with the largest condenser aperture. For FeCMo and FeCMoMn tempered at 700°C for 3min, the M 2 C carbides being too small for STEM-EDS measurements with the FEI 20 G2 Tecnai, STEM-EDS measurements are made with a Titan probe corrected TEM, at 300kV, equipped with a Bruker Super-X four quadrant SDD detector for X-ray spectroscopy. All STEM-EDS data is processed with the software Esprit 2.2 developed by Bruker. For each sample, between ten and twenty carbides are chemically analysed. The acquisition is made until reaching at least a total of several hundred thousands counts. If the sample contaminates in carbon, it is plasma cleaned before analysis. Furthermore, during acquisition, a drift correction is applied.

For each acquisition, substitutional elements, Fe, Mo and/or Mn, are quantified. Carbon, zirconium, oxygen, copper, are taken into account for the peak deconvolution but not quantified. The software gives the quantification in mass percent and in atomic percent but the error is solely given on the mass percent value; a conversion of the error in mole percent is calculated using equation F .5 [START_REF] Leo | Techniques For Nuclear And Particle Physics Experiments: A How-to Approach[END_REF]. In equation F .5, the sum is made on all the substitutional elements quantified: Fe, Mo and/or Mn, depending on the alloy.

where x A is the mole percent in element A (Fe for instance), ω A is the weight percent in element A, σ(x A ) is the error in mole percent in element A, σ(ω A ) is the error in weight percent in element A.

F .2 STEM-EDS data collected on tempered samples

.32 shows the result obtained for quantification of each acquisition, at different tempering times and temperatures, for the FeCMo and FeCMn alloys. To give the error in a 95% confidence interval, the error on the element A displayed corresponds to 2σ(A), σ(A) being calculated with equation F .5. The error is given on the main element: for cementite and ξ carbide, it is Fe, for M 2 C, Mo. The error for each data point is large due to the conversion.

Figure F .33 shows the result for quantification for the FeCMoMn alloy. To give the error in a 95% confidence interval, the error on the element A displayed corresponds to 2σ(A), σ(A) being calculated with equation F .5. 

F .3 Calculation of mean and the associated error

From each of those quantifications is calculated an average composition in element, for each type of carbide at a given time and temperature. For FeCMo and FeCMn, the average is calculated using the weighted mean presented in equation F .6 [START_REF] Leo | Techniques For Nuclear And Particle Physics Experiments: A How-to Approach[END_REF]. The error associated with the weighted mean is shown in equation F . 7 [182]. This method has the advantage of weighing each quantification by its error: a quantification with a low error has more importance than a quantification with a large error.

where µ A is the weighted mean in element A (for instance Fe) calculated for a set of acquisitions acquired for a type of carbide (for instance cementite), at a given time and tempering temperature (for instance 700°C 3min),

x A,j is the quantified mole percent in element A for the acquisition j, σ(x A,j ) is the error in mole percent on the element A for the acquisition j, σ(µ A ) is the error associated with the weighted mean in element A.

For FeCMoMn, the weighted mean is not used, because it leads to average values in elements which sum do not make 100%, and this by several percent. For that reason, a simple mean is chosen instead (equation F .8) and the error associated is calculated using equation F .9.

x A =

x A,j N (F .8)

where x A is the simple mean in element A (for instance Fe) calculated for a set of acquisitions acquired for a type of carbide (for instance cementite), at a given time and tempering temperature (for instance 700°C 3min),

x A,j is the quantified mole percent in element A for the acquisition j, N is the total amount of acquisitions, σ(x A ) is the error associated with the simple mean in element A, σ(x A,j ) is the error in mole percent on the element A for the acquisition j.

F .4 Mean and the associated error of the tempered samples

Figure F .34 shows the weighted mean, in filled markers, calculated for the data shown in section F .2, for the FeCMn and FeCMo alloys. To give the error in a 95% confidence interval, the error on the element A displayed corresponds to 2σ(µ A ), σ(µ A ) being calculated with equation F .7. The error is given on the main element: for cementite and ξ carbide, it is Fe, for M 2 C, Mo.

Figure F .35 shows the result of the simple mean calculation on FeCMoMn EDS data. To give the error in a 95% confidence interval, the error on the element A displayed corresponds to 2σ(x A ), σ(x A ) being calculated with equation F .9. 

G CALPHAD CALCULATIONS AND MODELLING G .1 CALPHAD calculation

Carbide volume fractions and carbide chemical composition at thermodynamic equilibrium is calculated using Thermocalc 2021b and the associated TCFE10 v10.1 database. Thermocalc relies on the CALPHAD method, which stands for CALculation of PHAse Diagrams. The CALPHAD method depends on experimental data, collected on phase equilibria. This aims at evaluating the Gibbs energies of all the constitutive phases of a given system. For all the alloys, only two phases are suspended for calculation: graphite and diamond. These phases are suspended in the POLY module, and not rejected. For FeCMoMn 650°C, the phase MC is suspended as well. The composition entered for the alloys is the average dosed composition in elements exposed in chapter I.

G .2 Modelling with PRISMA and PreciSo

G .2.1. THEORETICAL BACKGROUND

PRISMA

Nucleation rate is time dependent and described as J(t):

where J s is the steady state nucleation rate, τ is the incubation time for establishing steady state nucleation conditions, t is the reaction time.

The incubation time τ is equal to:

where θ has the value of 2 [175], Z is the Zeldovich factor, β * is the rate at which atoms attach to the critical nucleus.

β * reflects the kinetics of mass transport in the nucleation process and is given by the following equation:

where r * is the critical radius, σ is the interface energy, α denotes the lattice parameter, X β/α i and X α/β i composition X β i from the α matrix, V β m is the molar volume of the β precipitate.

During growth, local equilibrium at the precipitate-matrix interface is assumed. The simplified growth model used for PRISMA modelling is expressed as:

where r is the precipitate radius, σ is the interface energy, V β m is the molar volume of the β precipitate phase, r * is the radius of critical nucleus, K is a kinetic parameter related to solute composition and mobility.

During coarsening, some precipitates grow while others dissolve. This stage is treated using the growth equation previously presented. The dissolution is treated as the reverse of growth, for particles having a radius inferior to r * . Coarsening comes out naturally in the course of the evolution of the particle size distribution due to the fact the Gibbs-Thomson effect is already accounted for in the growth stage [175].

PreciSo

The nucleation rate, reported in equation G .10, can also be given by the following equation, which gives incubation times in better agreement with the ones predicted by Monte-Carlo modelling [START_REF] Perez | Implementation of classical nucleation and growth theories for precipitation[END_REF]:

with τ the incubation time expressed as:

where Z is the Zeldovich factor, β * is the rate at which atoms attach to the critical nucleus.

The nucleation rate is therefore given by the following equation:

where ∆G * is the Gibbs energy formation of a critical nucleus, k the Boltzmann constant, N 0 is the number of nucleation site per unit of volume, the other parameters being previously defined.

The radius of the newly formed precipitates, defined as r * kT , is slightly superior to the critical radius, r * , to ensure their stability. r * kT is given by:

where σ si the interface energy, the other parameters being already defined above.

The nucleation rate exposed in equation G .20 can be extended to the simultaneous nucleation of several precipitates, if those precipitates nucleate independently.

The growth of spherical precipitates, after taking into account the Gibbs-Thomson effect, is expressed as the increase rate of the precipitate radius:

where X 0 , X i and X p are the molar fractions in solute in the solid solution, at the precipitatematrix interface and in the precipitate, respectively, α is the ratio of atomic volumes of the matrix and of the precipitate.

As in PRISMA, there is no proper equation for coarsening, since it is a consequence of the Gibbs-Thomson effect. This effect is already accounted for in the growth equation exposed above.

G .2.2. MODELLING PARAMETERS FOR PRISMA AND PRECISO

The compositions in alloying elements entered for FeCMn, FeCMo and FeCMoMn can be found table G .4. They are the same for PRISMA and PreciSo modelling. They correspond to the compositions of the rods from which the samples used for synchrotron measurements are taken. 

PRISMA

The PRISMA module from the Thermocalc 2021b suite is used, with databases TCFE10 v10.1 and MOBFE5 v5.0. Only the phases in presence are selected for calculation. The parameters entered for the ferrite matrix can be found in table G .5. The grain size corresponds to the size of a lath, measured by TEM on carbon extractive replicas where laths could be visible thanks to M 2 C precipitation. The precipitation of intralath M 2 C is set with a needle shape and an aspect ratio set to 8, based on observations made on carbon extractive replicas. The dislocation density is set to 5.0 10 14 m -2 based on values found in literature [START_REF] He | Evolution of dislocation density in bainitic steel: Modeling and experiments[END_REF]. Table G .6 gives the parameter values common to all secondary phases. The values reported tables G .5 and G .4 are used for all PRISMA calculations. The other optional parameters, such as the max time step fraction, have their default value. 

PRISMA parameters of the matrix

PreciSo

Thermodynamic data necessary for PreciSo calculations is taken from Thermocalc TCFE10 v10.1 and MOBFE5 v5.0 databases. The parameters entered for the matrix can be found table G .7, common to all calculations. The parameters entered for each carbide can be found in table G .8. The geometry of all carbides is set to rods, with different aspect ratios (A in table G .8). These aspect ratios are chosen based on measurements made on carbon extractive replicas. The amount of nucleation sites for heterogeneous nucleation at lath boundary is calculated from equation G .23, which is used for PRISMA calculations as well, see PRISMA user guide [175]. H is taken equal to 8µm and D to 1µm, as measured on carbon extractive replicas where laths could be visible thanks to M 2 C precipitation. The input templates used for PreciSo calculations can be found below.

N is the amount of nucleation sites at grain boundaries, N A is the Avogadro number, A is the grain aspect ratio: A = H/D, with H being the lath length and D the lath width. 

PreciSo parameters of the matrix