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Résumé en français

Afin de prédire le comportement mécanique des matériaux métalliques, il est important de déterminer plusieurs quantités physiques, dont la densité de dislocation qui a un impact majeur sur les propriétés mécaniques. Des travaux récents ont montré qu'il est possible de réaliser ces observations à l'aide d'un microscope électronique à balayage. En effet, cette méthode a l'avantage d'être appliquée sur des échantillons massifs et de permettre l'observation de plus grandes surfaces. Cependant, une étape d'orientation de l'échantillon est nécessaire, et le traitement de l'image est réalisé manuellement. Cela rend l'approche longue et fastidieuse. La méthode R-ECCI est basée sur l'acquisition d'une série d'images à différents angles de rotation et permet d'éviter l'étape d'orientation de l'échantillon. Un profil d'intensité est obtenu, qui est représentatif de la nature du pixel considéré (dislocation, défaut ou matrice).

L'objectif de ce projet de thèse était de développer une méthode de caractérisation automatique de la densité de dislocation, en utilisant un algorithme de type clustering appliqué sur les profils. Les images sont traitées de manière automatisée et la densité de dislocation est calculée. La première partie du projet a porté sur le développement de la méthodologie d'acquisition des images et du logiciel de traitement des données et a permis de déterminer les limites et les points forts de la méthode. Dans une deuxième partie, une comparaison quantitative avec les méthodes de mesure existantes (TEM, DRX, HR EBSD ...) a été effectuée. Outre le fait que chacune de ces méthodes ne détecte pas les mêmes populations de dislocations, des résultats complémentaires en termes de limites de détectabilité ont été obtenus. Enfin, les résultats obtenus sur un alliage connu ont été comparés à ceux obtenus par un modèle de prédiction micro-mécanique, et un bon compromis a été trouvé, ce qui permet de valider l'approche globale de R-ECCI.

Introduction

In the 1930s, E.Orowan, M.Polnyi and G. Taylor [TAY 34] put forward the idea that topological defects, called "dislocations'', were responsible for the deformation in crystalline materials. This theory was confirmed experimentally by P.B. Hirsch in the 1950s with the first observation of dislocations with a Transmission Electron Microscope (TEM) [HIR 70]. The study of dislocations and their physical properties, especially their density, is an important step in understanding the mechanical properties of materials. Indeed, plasticity is generated by the movement of dislocations through a material under stress. During the deformation of a material, the number of dislocations increases and the deformation flow, driven by the movement of these dislocations, is blocked. Indeed, all dislocations interact with each other and eventually stop when their number becomes too large. When this density of dislocations increases sufficiently for all dislocations to become immobile, cracking or rupture phenomena appear. Therefore, in addition to being a scientific challenge, the study and observation of dislocations is also an industrial challenge.

Mechanical models capable of reliably and accurately predicting the behavior of metal parts during their life cycle represent a considerable advance for any materials-related industry. During the manufacturing process of metallic parts, whether they are destined for aeronautics, nuclear or building industries, they undergo numerous mechanical and/or thermal transformations. These different transformations will have an impact on the microstructure and especially on the dislocation density. The dislocation density will affect the mechanical properties of the material such as yield strength, work hardening, toughness, etc. Although the dislocation density is an important microstructural value for mechanical models, it is also one of the most difficult values to measure accurately.

Traditional methods for the measurement of the dislocation density are X-Ray Diffraction (XRD), Electron BackScattering Diffraction (EBSD) or Transmission Electron Microscopy (TEM). However, these methods have limitations. For TEM, the samples undergo several modifications during preparation in order to reach a thickness small enough for the electrons to pass through (in the order of ten nm). There are several processes to do this: crystal growth on a substrate that is then removed (chemically or mechanically) or a mechanical reduction of the thickness from a bulk material. In most cases, it is necessary to carry out an additional treatment (ion bombardment, chemical or electrolytic polishing) in order to obtain the largest possible observable area (several microns). These different transformations make it difficult to prepare the samples.

From EBSD orientation maps, the dislocation density can calculated using the disorientation angles between neighboring pixels This method can be performed on bulk samples. However, it only considers dislocation clusters with a non-zero resultant Burgers vector, and the obtained results are very dependant on the pixel size chosen to realize the mapping. Therefore, some of the information on the real dislocation density can be lost. The High-Resolution method Introduction (HR-EBSD) limits this loss of information by calculating the disorientation directly from the Electron Back-Scattering Patterns (EBSP) obtained during the acquisition of the maps. This method has shown a better accuracy than the classical EBSD.

For X-ray diffraction (XRD), the calculation of the dislocation density is based on the broadening of the diffraction peak due to the presence of dislocations and stacking faults. Although this method uses bulk materials that do not require destructive processing like TEM or SEM, it still has drawback: the lower the dislocation density, the more difficult it is to determine it accurately. This is rather problematic for mechanical models, as they mainly require a description of the initial dislocation density (before deformation), for which the XRD measurement uncertainties are rather high.

Another possibility for dislocation observation consists in using a Scanning Electron Microscope (SEM), in the Electron Channeling Contrast Imaging mode (ECCI). A first advantage of the SEM-ECCI is that it is realized on a bulk sample. It is therefore possible to observe them at different stages of deformation, and thus achieve a monitoring of the thermomechanical history of the material. The second advantage of this observation technique is that it allows to study a larger area than using TEM. It is therefore possible to analyze several grains of different orientations and thus obtain a more representative value of the density of dislocations in the material. However, this method requires a careful orientation of the sample so that the dislocation can be visible. As this orientation step is quite tricky and time consuming, recent developpement were performed at MATEIS laboratory, and later called R-ECCI [L'H 19] for Rotationnal ECCI. Many images are recorded during the rotation of the sample, from which images in suitable conditions for dislocation imaging can be found. Moreover, a dedicated software was developed to perform an automatic dislocation detection on the obtained image stack. The first results indicate that it should allow a better imaging of deformed samples.

However, all the methods mentioned so far measure the dislocation density with a specific uncertainty. Additionally, the measured densities are of different nature and acquired under different conditions, on samples having undergone different transformations. This makes their interpretation and comparison difficult. Finally, for the newly developped R-ECCI, no comparison with existing methods has ever been realised. It is therefore necessary to first define the scope of this method, the type of material and the level of deformation that can be characterized and secondly to define the uncertainties of the R-ECCI method.

The first objective of this thesis is to improve the R-ECCI method and to adapt it to deformed materials. Moreover, it is necessary to define the accuracy and uncertainties related to the measurement method (observed volume, overlapping dislocations, apparent thickness of dislocations).

The second objective is to compare the R-ECCI clustering method with already existing and commonly used methods for dislocation density measurements (TEM, EBSD, XRD).

The third objective of this thesis is to compare the R-ECCI method with an existing mechanical model in order to evaluate the contribution of the method compared to the predictive model.

This manuscript is structured around several chapters, themselves developed in different parts:

The first chapter is devoted to the state of the art: it summarizes what is known about the plasticity and structure of dislocations and also discusses examples of existing mechanical models as well as the observation and acquisition methods currently used.

Introduction

The second chapter is devoted to the presentation of the clustering method, used in R-ECCI and the classification of the data processing. The detection algorithm is detailed as well as the calculation of the dislocation density. This part continues with the quantification of the various sources of uncertainty encountered and ends with an experimental characterization of the dislocation density as well as on the measurement error on duplex steel samples with different deformation levels.

A third chapter is devoted to an experimental determination of the volume observed in ECCI, which constitutes the main source of error of the method. A FIB thin foil was observed using TEM and ECCI observations have been performed on the same sample in order to provide answers to this uncertainty.

The fourth chapter aims at comparing the different traditional methods (TEM, XRD, SEM), with R-ECCI, on several duplex steel samples at different deformation states. Each method is first studied separately in order to properly define what it observed and what data can be obtained. Then, the different methods are compared between them in order to know the scope of application of each method.

A fifth chapter is devoted to the effect of the density measurement on the mechanical model results. The objective of this part is to use an existing mechanical model based on a theoretical calculation of the dislocation density in order to evaluate the contribution of the R-ECCI method and of clustering to this type of model.

This work was carried out as part of the DISCO (Dislocation Imaging in Scanning electron microsCOpy) project supported by the Institut Carnot Ingénierie@Lyon. 

The Kocks Mecking Estring model for the description of deformation laws

In order to improve material properties or be able to predict the life time of mechanical parts, it is of first importance to well understand and describe the effect of microstructural parameters on mechanical behavior. This section will focus on the description of microstructural-based models for predicting stress-strain curves.

Concept of plasticity and dislocation in metals

From an uniaxial tensile test, it is possible to obtain a stress/strain curve. Figure 1.1 shows an example of a stress/strain curve where the transition between the elastic and plastic domains is ideal, i.e. the transition between the two domains is continuous. The parameter that separates the two domains σ y represents the yield strength or stress to be applied to enter the plastic 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon

Chapter 1 -State of the art: plasticity and experimental characterization domain. In order to predict the behavior of materials, it is necessary to model the yield strength and the plastic domain. However, the yield strength depends on the initial dislocation density contained in the material and the strain hardening phenomenon that takes place in the plastic domain also depends on the dislocation density.

Figure 1.1: Example of "ideal" stress/strain curve with the elasic limit separating the two domains (elastic and plastic).

The non-ideal case has a transition phase between the two domains (plastic and elastic). This transition phase is necessary to allow the deformation mechanism (dislocation) to start moving.

Yield stress modelling

It is often observed that grain size reduction improves the plastic deformation resistance of materials. In the early 1950s, EO Hall and NJ Petch proposed a model describing the influence of grain size reduction on the yield strength of metals, which led to the formula of Hall-Petch [HAL 51a] [PET 53b]:

σ y = σ 0 + k 1 D -1/2 GB (1.1)
σ 0 is an original frictional stress that considers the Peierls-Nabarro force and the contribution of dislocations, D GB is the grain size, σ y the yield stress and k 1 is a constant that can be considered as a measure of the resistance to dislocation motion. k 1 is to be distinguished from the lattice friction. It represents here the interference of dislocations with potential impurities or the change of orientation near the grain boundaries or sub-grain boundaries.

Subsequently, many studies have developed physical models to reproduce the hardening mechanism [DEL 07] [SIN 06b]. These studies have shown that the grain size and dislocation density are important parameters.

In order to make the dislocation density appear, it is possible to consider the flow stress σ f as a function of the plastic strain such that: 6 2022 -Julien Gallet -Lab. MATEIS 
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The Kocks Mecking Estring model for the description of deformation laws

σ f (ε f p ) = σ f 0 + σ f R + σ f X (1.2)
With ε f p the plastic deformation, σ f 0 the sum of the Peierls force and frictional stress contributions related to the alloying elements in solution. σ f R is the isotropic hardening (or forest dislocation hardening) and depends on ρ f , wich is the density of Statistically Stored Dislocations (SSD) contained in the ferrite (1.4). σ f X is the kinematic hardening generated by the density of Geometrically Necessary Dislocations (GND) created during deformation (1.5).

σ f R and σ f X are defined as:

σ f R = α T M T µb 111 √ ρ f (1.3) σ f X = M T µb 111 D 0 α n f (1.4)
Where α T is the forest hardening coefficient, M T is the Taylor factor, µ is the elastic shear modulus, b 111 is the burger vector (other possible directions of the burger vector are neglected), D 0 α is the initial ferrite grain size and n f is the average number of GND-type dislocations accumulated to accommodate the deformation.

Plastic deformation: Strain hardening vs restoration

In 1934, G.I Taylor [TAY 34] introduced the term "dislocation" to explain the discrepancy between experimental observations and calculated values of the minimum stress to apply to deform a material. A dislocation is a linear defect that is set in motion by a force applied to the crystal, the crystal is then sheared and the atomic rows that compose it moves gradually. A dislocation is defined by two vectors, the Burgers vector ⃗ b, which represents the amplitude of the deformation and its direction and the line vector ⃗ u, which defines the direction of the dislocation line (see Appendix A.1: Plastic deformation and the concept of dislocation).

When the dislocations move in the crystal, they will interact with each other and several phenomena can occur. One of them is the annihilation of dislocations. When two identical dislocations with opposite burgers vector ⃗ b will meet, their respective stress field cancel and restore the structure of the material without deformation (see figure 1.2R). Another possibility is that the dislocation finds itself "blocked" by what are called "pinning" points. The dislocation continues to move while keeping its pinning points immobile, it bends and continue to propagate, until a loop will come off, leaving behind a small segment, which will return to its initial position (from steps 5 to 6 in figure 1.2). This small segment will therefore start again to bend under the applied external stress σ', and thus multiply the dislocation loops present in the material. The segment between two pinning points is called a "Frank-Read source" [FRA 50]. These sources of dislocation are one of the main causes of work hardening in materials.

The dislocation density ρ, is defined by

ρ = L V (1.5)
Where L is the total line length of dislocations in a volume V. Two opposites phenomenons might occur during plastic deformation, the first one corresponds to the strain hardening, through the increase of dislocation density, and the second one being the restoration, corresponding to the annihilation of dislocation, and therefore the diminution of the dislocation density.

As the displacement of a dislocation is of the order of the lattice parameter, it is considered as low compared to the size of the crystal, if the deformation is small it is possible to write:

tan(γ p ) ≈ γ p (1.6)
With γ p is the angle of shear, represented in Figure 1.3. We introduce then the dislocation density:

γ p = b h = l d l d dh = ρdb (1.7)
With l d the mean free path. It is then possible to describe the increase of dislocation density as:

∂ρ ∂γ p + = 1 db (1.8)
The equation (1.8) is the mathematical representation of the creation of dislocations in the material during deformation. This phenomenon of dislocation creation corresponds physically to the Frank-Read sources and is opposed to the restoration phenomenon represented by a term called annihilation.

This corresponds to the fact that two dislocations can cancel each other during the deformation, if they have an opposite Burgers vector b. This phenomenon is proportional to the This model shows the importance of the dislocation density in the material and the consequences of its evolution during deformation. These two terms are in competition: when one will deform the material, the Frank-Read sources will increase the dislocation density and therefore the hardening of the material will increase.

However, this increase in density will cause more frequent restoration phenomena. When the dislocation density in the material increases, the energy stored is more important. At a certain temperature about 0.6 times the melting temperature of the material, the thermal agitation of the atoms is sufficient to allow the dislocations in the material to reorganize and annihilate each other [SAK 88]. The sliding of dislocations does not imply the addition of matter, but the thermally activated phenomenon known as dislocation climb requires that there is diffusion of matter [TOL 07]. The mechanism behind the dislocations climb is the attraction of vacancies or interstitial defects. This climb phenomenon is one of the most important deformation mechanisms in the field of plasticity because it allows dislocations to change their slip plane and therefore to overcome obstacles. Therefore, the dislocations annihilate easier. The main driving force of the different restoration types is the decrease in the energy stored in the material, linked to the decrease in the dislocation density.

-Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon

Chapter 1 -State of the art: plasticity and experimental characterization These phenomena are sensitive to temperature but also to the deformation rate. For example, Blaizot et al. [BLA 16] have shown that the strain rate (Figure 1.4, (a)) has little influence on the elastic limit but it significantly influences the work hardening over the ranges of rate and temperature presented here. There is also note the appearance of a steady sate more quickly for a slower strain rate, for example at 205 MPa for a speed of 10 -4 s -1 against a stress of 435 MPa for a speed of 5 × 10 -3 s -1 . In the case of nickel-based alloys observed by Blaizot [BLA 16] the temperature, on the other hand, influences the elastic limit but also the work hardening which is linear at low temperature for this nickel-based alloy (Figure 1.4 (b)). At 650°C, we notice the appearance of the stationary deformation regime. For this temperature (and higher temperatures), this appearance shows that the mechanisms of structure restoration (climb dislocation, annihilation. . . ) started to activate. That activation slows down the hardening [VEN 98].

Dislocation types in metallic materials

Dislocation in polycrystalline materials can usually be found either isolated, randomly distributed inside the cells or grains, or localized close to grain boundaries to accommodate possible strain incompatibilities between the different grains. Other dislocations are found to be organized into patterns, in the form of dislocation cells or walls.

Therefore the total dislocation density ρ tot is often decomposed as [BOR 00][WAU 15]:

ρ tot = ρ w + ρ c + ρ GB (1.11)
with ρ w the density of dislocations constituting the cell walls, ρ c the dislocation density randomly distributed within the cells/grains and ρ GB the dislocation density present at grain boundaries. . They are related to the deformation gradients due to the geometric constraints of the crystal lattice. These "same-sign" dislocations induce lattice curvature, or local misorientation, and represent dislocations located at grain boundaries or at cells walls so that the total amount of GND can also be expressed as ρ GN D = ρ w + ρ GB . On the other end, SSDs are stored due to an accumulation process -they trap each other randomly and do not produce significant disorientation [HUG 03]. Those dislocations represent the randomly distribution dislocation, described by ρ c . Hence, the total dislocation density is often rewritten simply as:

ρ tot = ρ GN D + ρ SSD (1.12)
In terms of mechanics, GNDs are often not very mobile as they are forming cells, or structures or dislocation pile ups. Therefore, their contribution to deformation is not important, and they contribute more to strain hardening. On the other hand, SSD are quite mobile and should be the one responsible to plastic flow. The difference in dislocation type is however not always taken into account in the modelling. Yet, in given material, for a given deformation level, the difference in SSD and GND density can be of more than a decade [ZHE 15] [ ZHI 20]. It is therefore of importance to evaluate the errors generated by a wrong description of the dislocation population in mechanical models.

Several methods can be used to measure dislocation densities in materials. Some of them will mostly measure SSD's dislocation density while other will be more sensitive to the presence of GND's. The next section will describe some of those measurement techniques.

-Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon
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Characterization of Dislocation density

TEM and SEM can be used to observe dislocations, and later measure dislocation densities. In this section several methods of measuring dislocation density will be discussed (intercept and N/S) as well as the method of orienting the sample to observe dislocations will be described for SEM and TEM.

Traditional measure of density dislocation with image analysis

To measure the dislocation density from TEM or ECCI images, the most common used method is the intercept method [HAM 61] [BRA 70a]. It consists in drawing lines on a TEM (artitrary lines or regular grid) image and counting the number of intersections n with dislocations (Figure 1.6) with the formula:

ρ tot = 2n lt (1.13)
With t the analyzed thickness, l the total length of the lines drawn. Moreover, the knowledge of the analyzed depth is essential for the intercept method. For TEM, the analysed depth corresponds to the thin foil thickness and can relatively easily be measured (see next section). In the case of ECCI, where bulk materials are used, it is more difficult to estimate this depth and this can lead to a significant uncertainty (see next section). Another possibility can be used on dislocation images (also applicable on ECCI imaging at SEM). It consists in manually counting the number N of dislocations visible on the image and dividing by the area S of the image.

However, neither the N/S method and the intercept method do consider the orientation of dislocations relative to the sample surface, which could lead to large measurement uncertainty. This will be later discussed in Chapter 2.

As a consequence, dislocation density can be efficiently measured from TEM images if it does not exceed 10 14-15 m -2 [MEN 21]. Indeed, beyond this value, it becomes difficult to distinguish precisely the number of dislocations present at the intersection with the grid. Moreover, correctly distinguishing one dislocation from another requires high magnification images and therefore small analyzed areas, which might not be Representative of the whole material. In this case, multiplying the analyzed areas is always possible but will dramatically increase the data processing time.

In the case of ECCI, the field of view and the spatial resolution are different. Therefore, it is necessary to determine the limits of the characterizable minimum and maximum densities.

The principles for dislocation imaging are detailed below:

Transmission Electron Microscope

In 1931, Max Knoll and Ernst Ruska developed the electromagnetic lens to focus electrons [RUS 31]. This method is the basis of the Transmission Electron Microscope (TEM). It is a technique that uses high-energy electrons (with acceleration voltages generally 200 kV but which can range from 60 to 400 kV). This method allows to image thin objects (with a thickness of the order of a hundred nanometers). Compared to conventional optical microscopy using visible spectrum light, the electrons have a shorter wavelength and the electron microscopy gives a better resolution. However, due to aberrations (spherical, chromatic or astigmatism), the resolution of electron microscopes moves away from its theoretical value, defined by the De Broglie wavelength of electrons (0.00251 nm for electrons accelerated to 200 kV). In general, transmission electron microscopes have a resolution of around 1 Å.

Orientation condition

Electron diffraction in a transmission electron microscope (TEM) was first performed by Kossel and Möllenstedt in 1939 [KOS 39] and now has an indispensable place in their use. This is because the observation of dislocations with TEM is based on the diffraction of the different crystal planes according to Bragg conditions (see Appendix B). The Bragg conditions do not need to be perfectly respected, the relaxation of the Bragg conditions makes it easy to obtain diffraction images even if one slightly moves away from these conditions. The diffraction phenomenon is discrete, therefore, the different diffraction spots (see appendix B: Notion of diffraction) that appear in the focal plane of the objective lens and can be filtered out. It is then possible to use a diaphragm to isolate either the transmitted spot or one of the diffraction spots. By isolating the transmitted spot, all the elements that have diffracted the beam will appear dark in the image plane, these images acquired in this condition are called Bright-Field (BF) images (Figure 1.7a). It is also possible to make so-called Dark-Field (DF) images (Figure 1.7b). This method consists in placing the diaphragm on a diffraction spot instead of the transmitted spot. The resulting image will show in white the elements that were Image obtained in an alloy of Al-4.0Cu-0.3Mg-0.4Ag. In Bright Field mode, the transmitted beam is selected, while in Dark Field mode a diffraction pattern is selected. In this case the diffraction spot of the precipitates was selected, the precipitates appear white, and the matrix dark.

In the context of dislocation imaging, it is necessary to proceed differently. Indeed, the dislocations do not give rise to any additional diffraction spots. However, the local curvature of the crystal planes surrounding the dislocation line (Figure 1.8) modifies the diffraction conditions around the dislocations, and might generate a contrast. In order to image the dislocations, the crystal is oriented so that only one family of planes diffracts. By moving slightly away from the Bragg diffraction conditions, it is possible to switch from a diffraction pattern containing all the diffraction spots (Figure 1.9(a)) to a "Two Beam'' (TB) condition. This condition reveals only one family of planes (Figure 1.9(b)) and allows to separate the information. To orientate the sample correctly, it is usual to use Kikuchi lines rather than diffraction spots. Indeed, when an electron beam interacts with a crystal, a part of the electrons will be scattered inelastically by the atoms with a small energy loss. This phenomenon creates a source point of divergent electrons under the surface of the sample. These source points scatter the electrons towards the outside of the sample and a part diffracts on the different crystal planes according to the Bragg law. This diffraction phenomenon produces cones of intensity at very large angles of aperture. These cones are so open that they are observed as two straight lines, when projected on a camera plane (Figure 1.10(a)). This phenomenon occurs for a multitude of crystal planes forming the different Kikuchi bands observed in Figure 1.10(b). The Kikuchi bands (Figure 1.10(b)) of the same plane family intersect at different locations called "Zone Axis''. In order to obtain a correct image of the dislocations, it is necessary to orientate the sample in a Two Beam condition (TB) so that only one plane can be diffracted. Indeed, under normal conditions, many crystal planes can diffract at the same time, but to image dislocations with a good resolution it is necessary that only one type of plane can diffract.

The source of the Kikuchi images is the sample, so moving the sample will also move the Kikuchi bands, unlike diffraction spots which are just a deflection of the electron beam emitted by the microscope. Diffraction spots do not move with the sample but their intensity varies, appearing or disappearing depending on the position of the sample.

By moving the sample so that it is on a single Kikuchi band, only one family of planes hkl will be in the diffraction condition. The dislocation contrast between the matrix and the dislocation will be enhanced if a small deviation is added from this Bragg condition, which is called Weak Beam (WB) condition [COC 69]. In two beam condition, the Ewald sphere passes through the transmitted and the diffracted beam so that two spots are visible (Figure 1.11(a and b)). In WB mode, an even higher deviation angle allows the Ewald sphere to pass through -g and 3g nodes, and the image is performed using the g diffraction spot (Figure 1.11c and d). Its intensity is much weaker than the one of the transmitted beam, which explains the name of this mode. In 16 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon that case, the diffracted intensity is much weaker (Dark field mode), but the dislocation contrast is much finer and located closer to the dislocation core than in the Two Beam mode. By combining the Weak Beam and Dark Field (WBDF) methods, it is possible to obtain much finer apparent dislocation widths from about ten pixels wide to only a few pixels, as seen in Figure 1.12. It is important to note that dislocations have different diffraction conditions depending on their Burgers vector -→ b . This phenomenon, called the contrast extinction criterion [35] shows that, depending on the diffraction vector --→ g hkl chosen to make a dark-field image, a dislocation may or may not be visible. This extinction criterion is defined as:

--→ g hkl • - → b = 0 (1.14)
The knowledge of the thickness of the thin foil is essential for dislocation density measurements, as the analysed volume must be known for the calculation of ρ. In order to determine the sample thickness, one method is to analyze the Kossel-Möllenstedt (K-M) fringe in a converging beam electron diffraction (CBED). This allows to measure the thickness of a crystal with an accuracy of less than 2% [WIL 96][DEL 01]. This method does not require complex experimental operations or tedious theoretical analysis: it consists in measuring the spacing between the diffraction fringes, the Bragg angle, the total number of fringes n and other crystallographic values. To facilitate the calculation steps, numerical tools have been developed such as CBED tools for the Digital Micrograph software.

The sample thickness measurement is calculated from the fringes contained in the CBED disk. An example of a simulated CBED disk is shown on Figure 13. In all CBED disks, there are deviation vectors -→ s (see appendix B notion of diffraction) for which the Bragg diffraction condition is perfectly satisfied when -→ s = 0. Variations of -→ s in the CBED disk cause the appearance of diffraction fringes (or diffraction intensity oscillations). For a crystal of constant thickness t, the intensity of the diffracted beam I g can be written according to the condition of two beams [WIL 96]:

I g (s ef f ) = π ξ g 2 sin 2 (πs ef f t) (πs ef f ) 2 (1.15)
With ξ g the extinction distance for a diffraction vector -→ g and s ef f is the effective deviation vector.

The intensity of the diffracted beam becomes zero I g (s ef f ) = 0 when the ith oscillation gives s i t = integer, that is:

s i n i 2 + 1 n 2 i ξ 2 g = 1 t 2 (1.16)
When plotting (s i /n i ) 2 as a function of 1/n 2 i , the ordinate at the origin gives 1/t 2 . Moreover, the slope of the curve gives a value of 1/ξ 2 g . The values of the deviation vector s i associated with the peak n i , are calculated from the CBED disk as follows:

s i = λ∆θ i d 2 2θ B (1.17)
With λ is the wavelength of the incident electron beam, ∆θ i is the angle of the i t h fringe spacing with reference to s = 0, d is the hkl interplanar distance and θ B is the Bragg semi-angle for the diffracted hkl disc. Therefore, the measurement of ∆θ i and θ B are essential steps to obtain the thickness of the sample.

It is important to specify that this method of measurement gives a local thickness, this thickness can vary within the same grain. It is therefore always difficult to be precise on the average thickness of the grain (necessary data for the determination of the density).
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Electron Channeling Contrast Imaging in Scanning Electron Microscopy

Principle

The observation of dislocations in a Scanning Electron Microscope (SEM), in Back Scattering Electron mode (BSE) is possible thanks to the phenomenon of electron channeling. This phenomenon has been predicted, from a theoretical point of view, by Hirsch In Figure 1.14, for the case (a), the angle between the incident electron beam and the orientation of the crystal planes of low index (hkl) is different from zero. Incoming electrons will not be able to travel deep underneath the surface, and the backscattering phenomenon will occur close to the surface. Therefore, back scattered electrons will be emitted close to the surface, and many of them will reach the BSE detector: the grain will appear bright.

In the second case (b), the angle between the emitted electron beam and the dense crystallographic directions is close to 0. The vertical atomic columns, will act as "tunnels" or 'channels' for the electrons. Thus, the electrons will be able to travel a long distance in the crystal. The back scattered electrons will be emitted far away from the surface and many of them will not 20

-Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon

Characterization of Dislocation density reach the surface of the sample, and later on the BSE detector. In this condition, the grain will appear dark.

In this second case, the presence of a dislocation will locally modify the channeling conditions due to the distortion of the crystal planes around the dislocation. When the crystal will be in proper condition (later called Channeling Condition), dislocations will be seen in white on a black background, as shown in Figure 1 In Figure 1.16, the kikuchi bands are visible and perfectly show the dependence between the electron backscattering phenomenon and the tilt angle of the incident beam, for a single crystal. Moreover, as for TEM imaging, it is necessary to be in Two Beam conditions in order to correctly image the dislocations. These conditions are also found on the edge of the diffraction bands (red arrows Figure 1. [START_REF][END_REF] Unlike ions, electrons cannot be only described by a ballistic approach (Figure 1.14) and must be treated by the dynamic theory of diffraction [JOY 82]. However, it is possible to describe the phenomenon of electron channeling in a simplified way from the Bragg's law at first order:

2d hkl sin θ B = λ (1.18)
With d hkl the interatomic distance, λ the wavelength of the incident electrons and θ B the Bragg angle.

Clarke [CLA 71] used this method to observe dislocations in copper and aluminum. Now it is possible to simulate this type of ECP image from the kinematic or dynamic law of diffraction.

In the kinematic approach, a single incident wave diffracting on a crystal represented by a three-dimensional array of atoms is considered. Each atom acts as a point with a scattering power and is represented by a spherical wave. In this model, several approximations are made. First, the incident wave is not attenuated in the crystal, the interactions between the incident wave and the waves scattered by the atoms are therefore neglected. Second, it is considered that each wave is scattered only once. Finally, there is no absorption of the incident wave in the crystal. The intensity of electrons backscattered by the crystal is then proportional to the atomic structure factor. This model allows a fairly good description of the bands positions, as illustrated by the Figure 1.17, but, is however too simplistic to correctly describe the intensities observed experimentally. In the dynamic approach of electron diffraction, multiple wave scattering events are taken into account for a given depth of the crystal. It is then necessary to determine the probability for each wave to be scattered in each layer constituting the penetration thickness of the incident wave. Different theoretical models have been developed [CLA 71][DUD 95][SPE 80] and the Bloch wave approach is one of the most used [PIC 14a][WIN 07]. In this model, the incident beam is modeled by a set of Bloch waves, i.e. waves having the periodicity of the crystal lattice, penetrating a crystal. The wave function ψ of the electrons is then expressed as:

ψ( - → r ) = j α j g C j g e 2iπ( -→ k j + -→ g )• -→ r (1.19)
With -→ k j the incident wave vector, -→ g the wave vector in the reciprocal space, C j g the Bloch wave coefficients and α j the amplitude coefficients. This wave function is then inserted into the Schrödinger equation which describes the diffusion of electrons:

∆Ψ( - → r ) + 4π 2 k 2 0 Ψ( - → r ) = -4π[U ( - → r ) + iU ′ ( - → r )]Ψ( - → r ) (1.20)
With k 0 being defined as the norm of the incident wave in vacuum, U ( -→ r ) + iU ′ ( -→ r )) the complex potential of the crystal lattice, the real part being determined from the atomic scattering factors and the position of the atoms while the imaginary part, which describes the absorption potential, is determined from the atomic shape factors. The coefficients C j g are determined by solving an eigenvalue problem. The coefficients α j are determined by the boundary conditions on the crystal surface. The determination of these coefficients is a problem of order N 3 with N the number of reflective planes considered. It can induce very important computation times. To reduce these times, one of the methods is to use the Bethe perturbation method [BET 28]. In Bethe's approach, the low contribution beams are treated as perturbations. Indeed, all the beams scattered in the crystal do not contribute equally to the multiple scattering phenomenon, therefore, it is not necessary to take all of them into account. The mathematical development to determine the beam selection criteria is detailed by
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Chapter 1 -State of the art: plasticity and experimental characterization Wang et al. [ WAN 16]. Finally, the probability of an electron backscattering at a given point in the crystal is calculated by the product ΨΨ * . The intensity is obtained by integrating the interaction depth of the electrons in the crystal, which can be determined statistically by Monte-Carlo simulation. This approach can be used to model EBSD patterns but also for the electron channeling patterns mentioned above. The main difference is that for EBSD, it is necessary to repeat the calculation for different energies close to the incident energy since an EBSD pattern consists of a sum of EBSD patterns of different energies [WIN 10].

The combination of the three phenomena (i.e. Bragg's law which gives the geometry of the bands, the kinematic diffraction which allows a wave to interact with the crystal and finally the dynamic approach which allows several waves to interact with each other) allows to obtain From this type of simulation the angular positions to be reached to bring the sample in diffraction condition for dislocations observation can be determined.

Orientation methods

The difficulty of the ECCI method lies in determining and experimentally reaching the orientation conditions for dislocations observation. Indeed, orientating the sample close to a Kikuchi Band requires a perfect knowledge of the orientation of the observed sample.

To address this problem, several methodologies have been developed. The first one, performed on single crystals, consists in obtaining the scattering conditions through the observation of ECP, with the use of the BSE detector. The ECP are recorded from a selected area using the "rocking beam'' method [ VAN 71]. Figure 1.19 shows the trajectory followed by the electron beam inside the SEM. The beam is deflected twice around the intersection point of the optical axis and the sample. The method is based on the "focusing deflection'' technique and consists in using another electron lens to realize the second deflection of the beam instead of the classical scanning coil. With this configuration, all electrons passing through (a) will arrive on the sample surface (b). Point (a) is the image point of the previous lens, so the beam is focused on the sample surface during the whole scan. The divergence of the probe is fixed by the aperture of the last lens and is determined by the focal length of this lens. In the case of the SEM, this aperture is located just after the plane of the lens 2 (numbering from the gun, Figure 1.19) and the total angular divergence is:

ϕ = d 1 h 2 h 1 × 1 S (1.21)
A set of coils is placed above the objective lens and allows the beam to oscillate around a point on the sample surface. In this configuration, it is possible to obtain an ECP on a selected area. This method is more commonly called Selected-Area Channeling Pattern (SACP) [JOY 82]. The advantage of this method is that the objective lens current does not vary when switching between observation and SACP modes. In addition, filtering in BSE increases the contrast of SACP. The SACP is therefore obtained without changing the voltage used for observation.

Chapter 1 -State of the art: plasticity and experimental characterization Thus, changing from image mode to diffraction mode only requires a condenser lens excitation with a scanning-control modification and an aperture shift.

Unfortunately, currently developed SEMs no longer offer the possibility to collect SACP. Moreover, in the initial configuration of the microscopes, the collection area of the pattern is about five micrometers in diameter, which makes quantitative analysis of dislocations by ECCI difficult. The SACP obtained under these conditions might be too large for deformed crystals. Indeed, dislocations will create a disorientation inside the grain that will distort the pattern, making it difficult to identify the optimal channeling bands [KAC 91].

Another A-ECCI has been developed for the FEG electron column of the GEMINI type. The beam is deflected from the center of a selected aperture, which moves the electron beam away from the area of interest, but hitting the sample at an angle. Then, the electron beam is moved to the observed area by controlling the beam displacement. This process is repeated sequentially, tilting the beam over the area of interest and collecting HR-SACPs as a function of the tilt angle [MAN 14][ MAN 15]. However, this method requires a particular installation on the SEM to perform portions of ECP.

In parallel to the A-ECCI method, another method has been developed by Gutierrez-Urriti et al. [ZAE 14][GUT 09] and uses EBSD orientation to calculate the rotation and tilt conditions needed to place the crystal in the proper channeling condition. The calculated condition is optimal for ECCI at low tilt angles. This procedure is known as controlled-ECCI (cECCI). The purpose of the cECCI method is to use EBSD instead of ECPs to orient the sample in an observation condition. -the first one allows to perform ECCI images. In this configuration, the sample is placed perpendicular to the incident electron beam (ECCI position);

-the second is used to perform EBSD measurements. In this configuration, the sample is tilted by 20°with respect to the incident electron beam. This places the sample in a classical configuration for EBSD (EBSD position). The ECCI protocol consists of first selecting the area of interest. To do this, the sample is placed in the "ECCI position'', with a tilt angle close to 0°. Once the area is selected, the sample is tilted by 70°to obtain an EBSD map of the area. For each point of the EBSD map, the tilt and the rotation angles required to orient the crystal under optimal conditions are calculated from the EBSD orientation map with an in-house software [ZAE 00] Figure 1.20(b) to (d) shows an example of a result obtained by Urrutia et al. [GUT 09] on a TWIP steel. Figure 1. 20(b) shows the ECCI image obtained on a mechanical twin. The ECP of the matrix (Figure 1.20(c)) and the twin (Figure 1.20(d)) are simulated from the EBSD maps. The ECCI image Figure 1.20(b) was acquired under conditions where the contrast is optimal, i.e. when one of the two crystals (matrix or twin) is oriented outside the channeling conditions (Figure 1.14(a)) while the second crystal is oriented in optimal channeling conditions (Figure 1.14(a)).

The cECCI method therefore allows for efficient orientation of the sample under the twobeam conditions necessary for dislocation imaging. However, this approach requires the use of many complex calculations. Furthermore, in the context of dislocation density measurements or the nature of slip systems determination, multiple images are required under different diffraction conditions, which requires changing the tilt and rotation angles between each image. Moreover, the calculation of tilt and rotation angles does not consider the internal grain disorientation caused by the presence of dislocation. In deformed samples, the presence of dislocations will disturb the observation conditions. These observation conditions can vary within a grain by several degrees depending on the density of dislocation in the grain.
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Rotationnal-ECCI and clustering

Regardless of the method used, the sample orientation step under channeling conditions is a difficult step. Moreover, the presence of dislocations and thus of internal disorientations implies that the observation conditions might change inside the grain, especially for deformed samples. The Rotational-ECCI (R-ECCI) method was developed to avoid the orientation steps of the sample.

The experimental conditions for image acquisition are similar to those used by the eCHORD method [LAF 20][ LAF 18]. To do this, the sample must first be tilted by few degrees and rotated by 360°. A backscattered electron (BSE) image is acquired at each rotation step, such that 180 or 360 images are recorded, for 1°or 2°rotation steps, respectively. During the rotation, the orientation of a given pixel describes a circle on the selected grain's electron channeling pattern (ECP). The radius of this circle in yellow in Figure 1.21 corresponds to the selected tilt angle. For any grain orientation, this circular crystallographic path should always cross at least one Kikuchi band (green dots in Figure 1.21); therefore, several rotation angles should correspond to adequate diffraction condition for dislocation imaging, i.e., at the Kikuchi band edges [CAZ 19]. For a large tilt angle, the circle diameter will be larger and more diffraction bands will be crossed. However, this can lead to some geometrical difficulties within the chamber during the sample rotation; the sample might be touching one of the detectors. A tilt angle of 5°-10°appears to be the best compromise to cross a sufficient number of bands without any danger for the detectors. This procedure is automated using a rotating sub-stage, together with the use of a program that acquires an image after each rotation step, developed in the framework of the e-CHORD project [ LAF 18]. For dislocation imaging, the magnification required is high (minimum 5 nm/pixel), and the image quality is sensitive to a perfect astigmatism or focus setting. However, each image acquisition takes approximately 1 min 30 s, and a drift in the focus/astigmatism together with a mechanical drift of the sample occur along the rotation and time. It is thus necessary to refocus and recenter the ROI by hand every 5-10 images.

A preliminary 360°series at very low magnification is first acquired. For each pixel of the ROI, the grey-level intensity is plotted as a function of the rotation angle to obtain a so-called "intensity profile" shown in Figure 1.22. ECP could be calculated from this intensity profile to obtain the precise crystallographic orientation of the grain. The rotation angles of interest for ECCI imaging are determined by the series of images obtained during the rotation of the sample and the intensity profile obtained for each pixel. The angular ranges corresponding to dislocation contrast conditions are the local minimun of this intensity profile (see [CAZ 19]), i.e. where the matrix is the darkest. It is on these local minima that the dislocations appear in white and the rest of the grain appears in black. Therefore, their intensity is greater than that of the grain for these angular conditions (Figure 1.22, blue arrow). This small difference in intensity between the dislocations and the grain matrix allows to adopt an automatic dislocation detection approach by clustering.

To improve calculation times and reduce acquisition times, it is possible to limit the observations to these angular ranges corresponding to the local minimas. It is then possible to switch from a 360°series to several "mini-series" of 20°to 30°each.

A pixel clustering method based on the analysis of the contrast variation between the dislocations and the grain-matrix profiles was developed to allow for an automatic determination of the dislocation density ] the elements to be classified, i.e., grouping all the elements contained in the same grain, as in Figure 1.23(a) where the different grains in the selected area are detected with different colors. The second step is the classification [DEC 09][DID 13], which consists of identifying each of the elements constituting these partitions (grains), i.e., identifying dislocation pixels, matrix pixels, and noise pixels, as in Figure 1.23(b) where the dislocations inside the grain were detected and highlighted in blue. Indeed, the pixels located on a dislocation present a profile identical to one of the pixels located in the grain, except for the diffraction condition, for which the dislocation appears bright and the matrix dark [CAZ 19][ZAE 14]. The intensity profiles corresponding to dislocations therefore present a local minimum with higher intensity. The partitioning step presented in Cazottes et al. [CAZ 19] was based on the calculation of the difference between a considered pixel profile and the average profile of the grain (obtained from all the profiles contained in the selected grain). If the difference between the two profiles is too high, the pixel is not considered to be part of the grain. However, for a deformed grain, an internal disorientation can appear. In that case, profiles from adjacent pixels will still be close; however, profiles from further pixels might differ, although they are part of the same grain.

The dislocation density is later calculated by a simple counting method: ρ = N S , where N is the number of defects in the analyzed area S. However, this calculation method does not consider the thickness of the analyzed area. In the case where all the dislocations are perpendicular to the surface, this method is of unequalled accuracy. However, in the general case where the dislocations are randomly oriented, a correction coefficient must be applied to correct the influence of the volume. This correction coefficient is difficult to determine experimentally and will be developed in the next chapter. Figure 1.24 presents an austenitic grain deformed at 35%. It is possible to observe several areas with different observation conditions. Zone A is under suitable observation conditions for the dislocations; therefore, the dislocations are visible in white on a black background. However, a few hundred nanometers around, it is no longer the case: zone B is outside of these observation conditions. It is not very far from its observation condition as the dislocations are still barely visible. Finally, zone C, located further away, is completely out of the observation conditions. In this area, the grain is completely white and the dislocations are not visible. The distortion leads to different diffraction conditions throughout the grain. Therefore, a comparison with the average profile of the grain is no longer relevant on deformed materials. It is then necessary to modify the profile comparison strategy using a more local average profile around the analyzed pixels. This will be developed in chapter 2: R-ECCI methods for deformed materials. 

Indirect methods for dislocation density measurement

Imaging methods (TEM and SEM) allow direct measurement of dislocation density through their observation. There are other applicable methods that allow to obtain this information such as EBSD orientation maps or XRD diffraction peak deformation. Coupled with the precise knowledge of the projection geometry, relative lattice rotation and elastic strain can be captured with a typical accuracy of 10 -4 (> 0.006°) in good experimental conditions. The Nye's tensor can then be calculated including the contribution of the elastic strains [KRÖ 58]. The complete determination of this tensor remains however limited by the two-dimensional nature of EBSD measurements, hence the growing interest in 3D HR-EBSD studies like in [ KAL 20]. The higher accuracy of HR-EBSD techniques as compared to an indexing-based GND derivation comes with practical considerations limiting its wider use: use of a high-resolution camera with longer exposure time, large data collection (15 to 20 GB for the maps used in this article), each diffraction pattern being stored for the subsequent numerical intensive data post-processing. That is why identifying the cases of applications where the method brings a real improvement compared to indexing, in particular for deformed polycrystals, is crucial

[ERN 20b],[DHI 22],[ERN 20a],[JIA 13].
The use of disorientation maps to calculate the dislocation density does not allow the calculation of the total density. Indeed, only the dislocations contributing to the disorientation will be detectable by these methods, so only the GND density is measured here. The SSD part of the dislocation density is averaged in the noise of the EBSP images and cannot be processed (depending on the pixel size of the image).

XRD is a more global measurement technique, that is often performed on a much larger volume, which in the present case will contain many grains of both phases with different orientations, and this different deformation behavior. The calculation of the dislocation density by X-Ray Diffraction (XRD) is based on the broadening of the diffraction peak [ WAU 15]. The calculation assumes the presence of 'crystallites domains' that would correspond to the cell/structure. Therefore, dislocations present at cells or grain boundaries would not be taken into account. [ MOU 15] explain that the accuracy of the orientation measurement and the spatial resolution have a direct influence on the discrimination between GNDs and SSDs for both SEM and XRD methods. This lack of information and precision on the capabilities of each method shows the difficulty of comparing all methods with each other and demonstrates that discussing the proportions of GND/SSD is dependent on the acquisition conditions. This comparison between the different methods and the measurements of GND and SSD will be studied and discussed in chapter 4.
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Conclusion

In this chapter, the plasticity of crystals has been discussed to explain some existing deformation mechanisms (strain hardening, restoration). The mechanism of dislocation multiplication via Frank-Read sources was discussed to describe the dislocation dynamics. The importance of the dislocation density ρ was highlighted through the Kocks-Mecking and Estrin (KME) and Hall-Petch mechanical models. The different types of dislocation (GND and SSD) have been defined. Transmission and scanning electron microscopes are at the heart of dislocation studies. Based on the diffraction of crystal planes, these microscopes allow the understanding and indexing of dislocations in the material, as well as their sliding system in order to understand how the material evolves under a given stress. These deformation mechanisms being strongly dependent on the initial density of dislocations in the material, it is therefore important to measure it with a good representativity.

To measure this dislocation density, imaging analysis methods have been described, such as the intercept method and the N/S method. However, these methods have their limitations because they do not consider the tilt of dislocations. In addition, the uncertainty on the analyzed depth with ECCI method is difficult to estimate accurately and there is also a measurement error when the material is deformed, a high number of dislocations can saturate the image and distort the results. These sources of error will be studied in chapters 2 and 3.

Other methods have been developed for SEM (A-ECCI, cECCI and R-ECCI). Each of these methods provides the conditions for the observation of dislocations. However, the A-ECCI and cECCI methods require either a SEM capable of rotating the incident electron beam over a small area or software to process the EBSD data. In this project, we want to develop the R-ECCI method, which allows the observation of dislocations in SEM. This method not only has the advantage of easily observing dislocations, without affecting the sample, but also of giving us access to the intensity profiles of dislocations and of the grain that contains them.

The difference of intensity depends on the nature of the defects (dislocation, dust, etc.), which means that they can be treated numerically. This difference of intensity between the defects and the grain that contains them is the basis for clustering software developed in partnership with the company Axonsquare. Forward, this software not only detect dislocations located in a grain but will also calculates a dislocation density. The details of the R-ECCI method and the clustering will be presented in chapter 2. 

Introduction

In the previous chapter, it was shown that the microstructure, and dislocations in particular, greatly affect the mechanical properties of metallic materials [NAD 88]. Therefore, it is necessary to accurately characterize these values.

A new dislocation detection algorithm was developed, with the aim of better characterizing grains that would exhibit internal disorientation caused by the presence of dislocations. This new method is applied for a duplex stainless steel for different deformation levels.
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Chapter 2 -About the automatic measurement of the dislocation density obtained by R-ECCI Then, the reliability and possibilities, such as the maximum and minimum achievable densities, were characterized.

A theoretical review of the uncertainty factors is presented, and then, some parameters are studied theoretically in detail, such as the effect of the analyzed volume projection and the effect of dislocation overlap. Then, the effect of the clustering algorithm is presented.

Materials and methods

The SEM observations were performed on a Zeiss Supra 55VP SEM with an accelerating voltage of 20 kv using a 120 µm diaphragm and a working distance of ≈7 mm. The SEM images were recorded with a pixel size of 4.5-6 nm and a size of 1024 × 768 pixels.

Materials

Observations were made on a commercial Outokumpo 2101 lean duplex stainless steel that was mechanically ground, with final polishing performed using a 1 µm diamond solution. To avoid any strain hardening of the surface, a final electropolishing step was performed using an A2 electrolyte (from Struers APS, Denmark) at 20 V for 60 s with the Lectropol 5 device (Struers APS, Denmark).

The evolution of the dislocation density was characterized in both ferritic and austenitic phases. Micro tensile samples (total length 112.5 mm, width 12.5 mm, and thickness of 1.5 mm) were deformed using a MTS tensile machine. Standard digital image correlation (DIC) was used to follow and precisely measure the deformation of each point of the sample surface. One sample was deformed up to 3% and the other one up to 10%. Then, R-ECCI was applied to several grains for each deformation state. Figure 2.1 presents isolated images of the rotation image series that reveal the dislocation structure for undeformed and 10% deformed ferrite, Figure 2.1 (a) and (c), respectively, and for undeformed and 3% deformed austenite, Figure 2.1 (b) and (d), respectively.

In the undeformed state, dislocations in ferrite appear as dots or lines on the image, indicating that their orientation relative to the surface is quite random. The matrix is not completely dark and appears quite noisy. The contrast of vertical dislocations (appearing as dots) is greater than that of the horizontal dislocations. A large white zone is observed that could originate from the presence of a large defect or a polishing artifact that was not considered in the data treatment. After deformation, more tortuous dislocations appeared in the ferrite grains as well as more dot dislocations. In the grain presented in Figure 2.1c, the bottom part of the grain is in good condition for dislocation imaging (dislocations appear white on a dark matrix), while the top part of the grain appears bright and dislocations are not visible. This is due to the local disorientation that appeared during deformation, the orientation of the grain is not similar on its top and bottom part. Therefore, the orientation of the sample required to image dislocation is not the same for the bottom and top part. This reveals one of the major advantages of using intensity profiles instead of single images for the determination of dislocation densities, as already presented in [L'H 19]. In the rotation image series, all part of the grains will become suitably oriented but not for the same rotation angle. Therefore, using an adapted clustering algorithm, it is possible to detect dislocations in all part of the grains, even if a slight disorientation is present within the grain. 36
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Materials and methods

For austenite grains in the as received condition, Figure 2.1(b), few dislocations are present, the matrix is homogeneously dark, and dislocations present a very high contrast. However, after only 3% of deformation, the amount of dislocations in the austenite phase is very high, dislocations are very long and linear, and appear aligned along 111 type planes. This high dislocation density is expected as austenite deforms before ferrite in duplex stainless steels. In this case a distortion of the grain is also present, which explains the fact that the top right and left part of the grain are very bright, while the bottom remains in diffraction condition. The apparent density is so high that dislocation might overlap within the analyzed volume, which would lead to uncertainties in the density measurement. 

Acquisition method

The acquisition method is the same as the one presented in section 1.2.3.3 Rotational-ECCI and clustering. The switch for "mini-series'' was made to limit the acquisition time and the mechanical drift and to obtain good quality.
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As mentioned in the previous chapter, the disorientation contrast (Figure 1.24) requires a new approach to characterize the deformed samples

The algorithm was changed such that the analyzed pixel intensity profile is compared with a local average of intensity profiles around it. The number of neighbors selected for the average is selected, with the variable b called the "bin size'' (see Figure 3). If the analyzed pixels are located at the edges of the image, the area is cropped, and the average is obtained on a reduced number of pixels. For profile comparison, the intensity profiles were then transformed into vectors. The intensity profile of a pixel located at (i, j) will be transformed to the vector ---→ P (i,j) = (x 1 , x 2 , . . . x N ) of dimension N , N being the number of images contained in the stack and the x i values being the intensity in gray level of the pixel (i, j) for the image N .

If mini-series are used, then the vector ---→ P (i,j) used for comparison of the intensity profiles will have a dimension N ′ smaller than that of a complete series, thus decreasing the necessary calculation time previously presented in [CAZ 19]. The distance D( ---→ P (i,j) , ---→ P (k,l) ) between the vectors contained in b and the central point of the bin size (Figure 2.2) is calculated using an Euclidean difference:

D( -→ P i,j , --→ P k,l ) = -→ P i,j - --→ P k,l (2.1)
For very diffuse dislocations or for noisy images, normalizing the -→ P i,j vectors can improve the results. In the studied case, the Euclidean normalization was used:

-→

P ′ = -→ P √ ΣP 2 i .
Then, to enable the detection of pixels that have sufficient profile variations to be potential defects, a value d b , representative of the mean distance between this pixel and its environment, is calculated. For each pixel (i, j), surrounded by b 2 -1 neighbors (see Figure 2.2):

d b (i, j) = 1 b 2 (i ′ ,j ′ ) neighbor of (i,j) D( -→ P i,j , --→ P i ′ ,j ′ ) (2.2)
A map, called "Features'', represents the areas for which d b exceeds a certain threshold d t and highlights the defects in green ( Corresponding "Features" map obtained with the profile analysis, which shows in green all the intensity profiles that differ from those of their neighbors. This map was obtained with a bin size of 5 and a threshold d t equal to the 77th percentile of d b (i, j)

This "Features" map (Figure 2.3(b)) shows areas containing local "anomalies" with respect to the profiles contained in the stack. These anomalies may be dislocations but also dust, grain boundaries, or other defects that locally affect the contrast. All anomalies (dislocation and noise pixels) are placed in a set named roi (roi stands for region of interest). All the other pixels are considered matrix pixels.

Noise Detection

This step aims to distinguish dislocations from other defects within roi . Defect pixels are stored in a cluster called K dp (dp stands for "discarded pixels"). The assumption here is that the difference in the intensity profile of a discarded pixel and the local matrix or dislocation profiles will be large regardless of the angle and orientation condition. It represents the fact that a defect (dislocations excluded) is always visible on all images of the series. In contrast, dislocations become visible only for particular angles, which correspond to the visibility conditions.

For this purpose, it is first necessary to group the different pixels contained in K roi into different "objects", formed by percolating pixels of K roi . Let K o l be the ensemble of pixels of an object of index l. Small objects containing less that n p pixels, which cannot be dislocations, are automatically discarded and their pixels are put in the "discarded pixel" cluster.

Around each object, we define a local area of the matrix, called the matrix margin (mm), that will be used to calculate the average local profile of the matrix ---→ P l mean . The matrix margin area around each object is defined by the sum of matrix pixels contained within a circle of radius b m centered on all pixels of the object. All pixels lying in the Matrix Margin of object l are included in a region named

K l mm : • ∀(i, j) ∈ K o l , for all pixels (i ′ , j ′ ) / ∈ K roi such that (i -i ′ ) 2 + (j -j ′ ) < b 2 m •(i, j) ∈ K l mm
The average local profile of the matrix ---→ P l mean around object l is defined as

- • For all (i, j) ∈ K l mm , ---→ P l mean = (x ij1 , x ij1 , ..., x ijN ) 2022 -Julien Gallet -Lab.
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For the sake of illustration, Figure 2.5(b) shows the matrix margin region (white pixels) around the object indicated by the red arrow. All profiles of all pixels of the image are then normalized (profiles with a prime (') represent normalized profiles):

• ---→ P ′ (i,j) = (x ′ 1 , x ′ 2 , ..., x ′ N ) with x ′ n = xn-M IN (x N ) M AX(x N )-M IN (x N )
This normalization decreases the distance between the matrix and dislocation profiles, as illustrated in Figure 2.4c. However, the intensity profiles corresponding to noise or artifacts will still have differences over the entire profile that do not change much with normalization. This step allows dislocation pixels to be distinguished from noise pixels contained in the image. For this, the Euclidean distance D of the normalized profile is compared with a value H. The distance D between the normalized profiles of the matrix dislocations will be very small while the distance D between the normalized profiles of the matrix and the other defects will remain large. For each object l,

• ∀(i, j) ∈ K o l , if D( --→ P ′ i,j l , ----→ P ′ mean l ) > H then (i, j) ∈ K dp
Finally, some other black spots usually appear in the images (see Figure 2.4), which correspond to intensity profiles that follow the same trends as the average grain profile and an intensity difference with the local matrix that is too low to be discarded in the previous step. These pixels will be removed under the assumption that the local difference between the matrix and dislocation is necessarily positive (i.e., the dislocations appear white on a black matrix).

• ∀(i, j) ∈ K o l , and 

∀(i ′ , j ′ ) ∈ K l mm , if (for all series n, x ijn < xi ′ j ′ n) then (i ′ , j ′ ) ∈ K dp

Detection of dislocations

After having discarded noise pixels (see previous section), dislocation pixels are detected by analyzing separately the intensity differences near local minima (diffraction condition). Miniseries are extracted from the complete series of image profiles. Each mini-series describes the intensity profile near a local minimum:

• ---→ P (i,j) = ---→ P (i,j) 1 , ---→ P (i,j) 2 , ..., ----→ P (i,j) Ns
Where N s is the number of observation mini-series. For each object of index l and each mini-series of index n s containing N ns images, we calculate the mean local matrix profile: ----→ x ns i ′ j ′ Nn s ) For each mini-series of each object l, the difference of the integrals between each pixel of K o l and K l mm is calculated. If one or more mini-series exhibits a distance larger than a threshold ε d , the pixel is considered a dislocation pixel.

(i, j) ∈ K l mm , ---→ P l,ns mean = ( ---→ x ns i ′ j ′ 1 , ---→ x ns i ′ j ′ 2 , ...,
• ∀(i, j) ∈ K o l if one or more mini-series satisfies

x Nn s x 1 ---→ P l,ns i,j - x Nn s
x 1 ---→ P l,ns mean > ε D , then (i, j) ∈ K dislocation K dislocation is the set of pixels considered as dislocations. The ε D value represents the difference necessary for the pixel (i, j) to be considered a dislocation. It is therefore necessary to proceed by iteration from the ECCI images to determine and refine its value.

Results of the clustering

A so-called « Cluster Map » (Figure 2.5) is used to verify the parameters used in the previous analyses. The excluded profiles (too different from the rest of the grain, grain boundaries, etc.) are plotted in black, and the different grains appear with different colors. Moreover, the defects detected via the "features'' (Figure 2.3) appear in the same color as their corresponding grain but lighter (yellow arrows). In the example in Figure 2.5, the pixels located in the lighter zone (yellow arrow) can be compared with the local average of the grain profiles, calculated in a zone around it, whose thickness is equal at B m , as indicated in white (red arrow).

In the BSE images presented in Figure 2.1, dislocations appear with a width of several pixels (30 nm width for the steel at this accelerating voltage, i.e., 4-5 pixels wide). However, in Figure 2.5, some isolated pixels are detected as potential dislocation pixels. An additional user-defined parameter is used to fix the minimum size of dislocations present in the images to remove the isolated pixels from the dislocation clusters
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Chapter 2 -About the automatic measurement of the dislocation density obtained by R-ECCI Finally, for each mini-series, i.e., each set of orientation conditions, clustered maps are calculated, where the matrix is plotted in dark and the dislocations pixels are shown in green, as shown in Figure 2.6.

Figure 2.6 shows dislocation clusters with thicknesses greater than those in the original BSE image (red arrows, Figure 2.6). It is possible to refine the detection parameters to obtain a thinner thickness; however, a loss of information can occur for dislocations that appear with lower contrasts (yellow arrow, Figure 2.6). The average thickness of the dislocation must be considered in the calculation of the dislocation density. Indeed, because the dislocations are not thicker than one pixel, counting the total number of green pixels in Figure 2.6(b) means counting the same dislocation several times in the measurement of the total length of dislocation lines used in the density calculation. To avoid this, the total number of pixels detected as dislocations is divided by the average thickness of each dislocation, and the pixels contained in the other grains are removed manually before the calculation of the dislocation density. It is possible to count the number N of dislocations appearing in green in Figure 2.6(b) to determine the dislocation density in the image series (with the formula ρ = N/S described in the following section). Currently, the clustering algorithm shows good results (which will be detailed in the following chapters). However, although it seems to be a promising tool, several problems are still present. The dislocations close to each other are not differentiated by the algorithm and clustered into a single cluster by taking also the pixels of the matrix lying between the dislocations. Moreover, the contrast that varies according to the position in a deformed grain makes the clustering inhomogeneous and makes the apparent thickness of the clusters vary. To solve these problems, it is possible to divide the image into several areas in order to apply different parameters depending on the conditions (edge of the grain, strong or weak contrast, dislocations close to each other) that could improve the clustering results. 

Results

Preliminary calculation of the measurable dislocation density

The dislocation density is calculated using the following formula: ρ clus = L V After data treatment, the total number of dislocation pixels N dislo is determined. The total length of the dislocations is then calculated using:

L dislo = N dislo × P S E (2.3)
With E the mean thickness of dislocations (in pixels), and P S the pixel size in nm.

E = E app P S (2.4)
With E app the apparent dislocation width in nm.

ρ = N dislo × P S S × t × E = N dislo × P 2 S N tot × P 2 S × t × E app = N dislo N tot × t × E app (2.5)
With t the analyzed sample thickness (in nm), and S the analyzed surface in nm 2 . N tot is the total number of pixels on the image. Therefore, the dislocation density ρ only depends on E app measured manually on the image.

The determination of the analyzed thickness is difficult to achieve experimentally. Previous studies [ZAE 14] [GUT 12][BIS 11] considered that the analyzed thickness depends on the orientation conditions of the sample, and can be approximated as t = 5.ξ g with ξ g the extinction distance corresponding to the diffracting vector -→ g . This value thus depends on the orientation condition of the sample, and will not be the same for all images of a given series. It will range from 70 nm for austenite in ( --→ g 111 ) orientation, to 115 nm for ferrite ( --→ g 220 ) orientation. For sake of simplification, and for both phases, the analyzed thickness was set to 100 nm for all conditions. The impact of this approximation on the measurement will be discussed later in the text.

However, the observations show that the width of dislocations E app no longer evolves beyond a given magnification. Two images of the same area were acquired on a ferrite grain under the same experimental conditions, one with a pixel size of 4.5 nm (1024 × 768 pixels) Figure 2.7(a) and the other with a pixel size of 2.25 nm (2048 × 1536 pixels) Figure 2.7(b). One can see that there is no difference in the apparent width of the dislocations (27 nm in that case). Therefore, in order to limit the acquisition time, all acquisitions performed on this material were made with a pixel size of 4.5 nm. Considering a pixel size of 4.5 nm and an image size of 1024 pixels × 768 pixels, a theoretical dislocation density was calculated. Arbitrarily, the minimum density was chosen to corresponds to an image where 1% of the pixels are dislocation pixels. Applying equation (2.5) leads to a theoretical minimum value of 3.45 × 10 12 m -2 .
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On the other end, the maximum density measurable cannot exceed the total number of pixels. Arbitrarily, the maximum dislocation density is chosen to corresponds to an image where 50% of the pixels are dislocations pixels. It leads to a maximum theoretical dislocation density of 1.73 × 10 14 m -2 .

These limits are indicative and should be reconsidered in the light of experimental results and associated measurement biases.

Experimental measurement of high and low dislocation densities

Two sets of BSE images were acquired for the experimental tests: the first one on an undeformed ferritic grain and the second one on a 3% deformed austenitic grain (Figure 2.1(a) and (d)). The clustering method applied on these two sets of images is presented in Figure 2.8, with the dislocation pixels detected in green on a black background. The measured densities are ρ clus = 5.8 × 10 12 m -2 for the undeformed ferritic grain and ρ clus = 5.7 × 10 13 m -2 for the 3% deformed austenitic grain. ρ clus was calculated using the following formula:

ρ clus = L V with L = N dislocation E × P s ,
where N dislocation is the number of pixels detected as dislocations, E is the average dislocation thickness, and P s is the pixel size.

it is important to remember that the dislocations have an apparent width of several pixels, which depends on the observation conditions and the observed material. Using the total number of dislocation pixels in the image, the length of one dislocation is counted several times because of the thickness of several pixels. Therefore, to determine the appropriate length of the dislocation, its apparent length should be divided by its apparent thickness. Additionally, for validation purposes, the dislocation density was measured on the clustered image presented in Figure 2.8 using the ρ = N/S method, which consists of counting the number of dislocations N visible on the image and dividing it by the surface of the image. The density measurements obtained are ρ N/S = 5 × 10 12 m -2 on the undeformed ferritic grains and ρ N/S = 4 × 10 13 m -2 for the austenitic grains deformed at 3%. The difference between these values originates from the different uncertainties of measurement, in particular, the one on the volume which is not considered with the N/S method but also from the overlapping of the dislocations and the fact that it is difficult to really detect everything with the clustering algorithm. However, the measurements are of the same order as those obtained by the clustering method, which validates the last step of the clustering method.

Chapter 2 -About the automatic measurement of the dislocation density obtained by R-ECCI

Estimation of the dislocation density measurement error

Measurement error for clustering

The dislocation density measurement uncertainty arises from three main factors: the first one is related to the apparent thickness of the dislocation and the selection of the pixel size and magnification, the second one is related to the projection of the 3D analyzed volume onto a 2D image, and the third one is related to the dislocation overlapping.

It is possible to quantify the measurement error from the apparent thickness of the dislocations E. As this value is obtained with a precision of one pixel it is possible to repeat the previous calculations with E ′ = E ± 1 pixel. These calculations show that this measurement of the average thickness E of the dislocations causes an error of 6%-7% in the measurements.

The second effect that leads to uncertainty in the dislocation density measurement is linked to the projection of the analyzed volume. The apparent length of a given dislocation on the 2D projected surface is highly dependent on its orientation in the analyzed volume. For instance, a dislocation that is strictly parallel to the surface will be counted with its real length, whereas a dislocation perpendicular to the surface (red dislocation, Figure 2.9(a)) will appear as a point on the projected image (red circle Figure 2.9(b)), and its length will be underestimated. Volumes containing a given number of dislocations (plotted as straight blue lines, Figure 2.9(a) were simulated, and the projections of those dislocations on a 2D image were calculated (Figure 2.9(b)). In the case presented in Figure 2.9, the volume and surface sizes were close to those typically required for dislocation images in ECCI (1024×768 pixels, a pixel size of 4.5 nm, and a depth of approximately 100 nm). The orientation of the dislocations was randomly selected by taking randomly generated points in the considered volume. A direction was then randomly selected in a sphere around this point to draw a line that entirely crosses the volume.

The real dislocation density was calculated from the 3D volume:

ρ real = Σ ∥d 3D ∥ V m -2 (2.6) 46 2022 -Julien Gallet -Lab.
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Results

Where d 3D is the total length of each dislocation.

To estimate the uncertainty resulting from the projection of these 3D objects on a 2D surface, the projected density was estimated:

ρ projected = Σ ∥d 2D ∥ V (2.7)
Where d 2D is the total projected length of each dislocation.

The measurement error M was calculated using the densities obtained with the linear coordinates in 3D and 2D using the relation:

M = ρ real -ρ projected ρ real (2.8)
M as plotted in Figure 2.10. M increased up to 6% for densities of 2 × 10 12 m -2 and then fluctuated between 5% and 7% for higher densities values. For the maximum density achievable using the present method, M = 7%. Oscillations in the error measurement are attributed to the random orientation of the generated dislocations. When a dislocation is generated parallel to the projection surface, its contribution to this source of error is zero. In contrast, if it is generated perpendicular to the projection surface, its contribution will be maximum. The rapid increase and fluctuation of the error source for low dislocation densities is attributed to the small number of dislocation lines being present in the volume. Thus, each dislocation will have a significant impact on the difference between the real and projected density. However, by increasing the number of dislocations, the proportion of dislocations oriented perpendicular to the surface compared with all others is necessarily reduced, which has the effect of reducing the percentage of error of a measurement.

Therefore, the measurement error due to the projection remains small because the depth (approximately 100 nm) is very small compared with the surface size (4608 nm × 3456 nm). This makes the contribution to the total dislocation length along the z axis small compared with the lengths along the x and y axes.
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Chapter 2 -About the automatic measurement of the dislocation density obtained by R-ECCI Figure 2.10: Measurement error between the real and projected density.

The third measurement artifact arises from the fact that if dislocations overlap, the total dislocation length will be underestimated. Indeed, the total dislocation length is calculated using L = N t × P s , where N t is the number of dislocation pixels identified and P s is the pixel size.

If two dislocations overlap, the area of overlapping will be counted only once, whereas it should be counted twice. Therefore, for a higher density, the potential overlapping is higher, and thus, the measurement error is higher. As an estimate, the so-called apparent dislocation density was calculated using ρ apparent = Nt×Ps V ×E , where E is the thickness of a dislocation in number of pixels, N t is the total number of dislocation pixels, and P s is the size of a pixel in nanometers.

To visualize the effect of overlapping, the real density contained in the volume is plotted as a function of the apparent density in As expected, the difference between the real density and the apparent density increases with increasing dislocation density. The apparent density deviates by a few percent for densities below 4 × 10 13 m -2 and by 20% for densities close to 10 14 m -2 , which is close to the maximum achievable densities.

As a conclusion, the main source of measurement error comes from the overlapping of dislocations, with a higher density resulting in a higher measurement error. For highly deformed materials, the maximum density achievable using the method is close to 10 14 m -2 , for which an error of 20% due to potential overlapping is present.

Measurement error for N/S method

In order to compare the measurement obtained by clustering to a traditionally measured value, an N/S type measurement was used, requiring to consider the projection effects. Indeed, this method is particularly effective when all dislocations are perpendicular to the surface. In this configuration, their length L located in the observed volume becomes equal to the depth t. Considering ρ = N/S removes questions about the explored volume and simplifies the calculation. However, this configuration where the dislocations are perpendicular to the surface is a special case.

From the dislocation simulation (Figure 2.9), it is possible to obtain information about the measurement error of this method by imposing directions on the dislocations or by changing the depth. The difference between the real dislocation density (dotted curve), with the one obtained
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Chapter 2 -About the automatic measurement of the dislocation density obtained by R-ECCI using ρ = L/V (black curve), and the one measured by for ρ = N/S (blue curve) are shown in the Figure 2.12. The difference between the blue curve (Figure 2.12) and the dotted curve is related to the orientation of dislocations with respect to the surface. In the used simulation conditions, a correction factor of 4.47 is required in the case of randomly oriented dislocations. When the analyzed depth t is modified, the apparent dislocation slightly varies, as revealed by the red curve (t/3: correction factor 6.63) and green curve (3t, correction factor 3.74). Therefore, there is a slight effect of the analysed depth as well.

Figure 2.12: Representation of the real dislocation density, obtained in a three-dimensional volume, as a function of the apparent density obtained on a projected image of the volume (black curve) with a depth equal to t. Representation of the real dislocation density as a function of the density measured by the number of dislocations N divided by the projected image area for three different depths t (blue curve), 3t (green curve) and t/3 (red curve).

Therefore, a corrective factor must be applied to the density measurements by the N/S method when the dislocations are in random orientations. When the dislocations have a particular orientation, i.e. they are all vertical in the explored volume (or perpendicular to the observed surface) then the density measured by the N/S method is perfectly equal to the real density (blue curve Figure 2.13). However, in the opposite case, if all dislocations are horizontal (or parallel to the observed surface) then the measurement obtained by the N/S method is very far from the real value (red curve Figure 2 Therefore, the correction factor to be applied does not only depend on the analyzed depth but also on the inclination of the dislocations in the material. This factor decreases to 1 when all dislocations are perpendicular to the surface (blue curve Figure 2.13), and increases to 68.27 (red curve Figure 2.13) when all dislocations are parallel to the surface.

As this correction factor depends on the volume and orientation of the dislocations, it is in fact a parameter related to the material and orientation as well. For the following the correction factor used is the one obtained for randomly oriented dislocations and for a depth t, i.e. 4.47.

In Figure 2.14, the results obtained during this study on the two grains characterized with the clustering method (Figure 2 

Discussion

The method presented in this study indicates that it is possible to measure dislocation densities semi-automatically on deformed materials by switching to a local average of the grain intensity profile around the analyzed pixel. Two examples were provided, the first on an undeformed ferrite grain, where the measured dislocation density was 5.8 ± 0.6 × 10 12 m -2 , and the second on a 3% deformed austenite grain, where the measured dislocation density was 5.7 ± 1.1 × 10 13 m -2 .

This methodology was tested on several duplex samples, and the analysis on a deformed grain was performed on an austenite grain in which the dislocations were relatively easy to image with little noise, thus facilitating the post-processing steps by clustering. Having fewer sharp dislocations with more noise can lead to an additional loss of information during the comparison of intensity profiles because the local average will be distorted. Nevertheless, this problem can be avoided because the first step of the method allows a "feature map'' to be obtained, which highlights in green all the profiles of the pixels showing a substantial difference with the neighboring profiles. It is therefore sufficient to determine the minimum size of the clusters to be analyzed to remove all the pixels that do not form a dislocation. The method, however, remains dependent on the quality of the acquired images and the polishing state of the material, which must be perfect.

It was demonstrated by calculation that dislocation densities in the range of 10 12 m -2 to 1.2 × 10 14 m -2 can be precisely measured. These limits correspond to dislocation density measurements in the literature for undeformed steels. For example, Ruggles et al. [RUG 20] observed densities between 10 13 and 10 14 m -2 in an austenitic sample, as did Zaefferer et al. [ZAE 14], who reported a dislocation density of 2 × 10 13 m -2 . Higher densities are expected in deformed steels, as measured by ECCI and TEM by Gutierrez-Urrutia et al. [GUT 12], who observed densities ranging between (10 ± 4) × 10 13 and (17 ± 6) × 10 13 m -2 . In addition, Bissey-Breton et al. [BIS 11] observed a dislocation density of 4.2 × 10 13 m -2 in a recrystallized bulk copper. In semiconductors, the measured density has been reported to range between 10 11 and 10 13 m -2 [HIT 14],[SHA 21].

It is nevertheless important to specify that these boundary measurements consider values inherent to the observed materials; such as the apparent thickness E and the explored volume, which are both dependent on the material and the crystallographic orientation. During this study, several different materials were examined using ECCI. Images recorded in the same conditions allowed to measure apparent thickness E for copper (22 ± 2) nm, ferrite (30 ± 2) nm, austenite (32±2) nm, and nickel (27±2) nm. Moreover, in ECCI images, the apparent thickness E of the dislocations may also depend on the observation conditions of the sample, as reported by Kriaa et al. [KRI 17], who obtained an apparent thickness of 30 and 19 nm on the same dislocation, depending on the channeling conditions selected. It is therefore preferable to define an apparent dislocation thickness per observation condition and not an average value for all conditions.

This study has shown that the measurement error due to the orientation of the dislocations relative to the surface is negligible and that the main source of uncertainty originates from the overlap of dislocations as the dislocation density increases. It gives a measurement error of approximately 3% for low densities of approximately 10 13 m -2 and 20% for the limit densities of 10 14 m -2 achievable with this method. This uncertainty, due to the overlap of dislocations, also exists for dislocation densities measured from TEM images. Considering a typical TEM image,
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Chapter 2 -About the automatic measurement of the dislocation density obtained by R-ECCI with a surface size of 4008 × 2664 pixels, a pixel size of 0.55 nm, and a dislocation width of 6.5 nm, the uncertainty is approximately 5% for densities close to 10 14 m -2 and can increase to 20% for maximum densities of 3 × 10 14 m -2 . The precision of the measurement is thus drastically better for TEM vs. SEM-ECCI, as for the same density, the SEM results in an uncertainty of 20%, whereas that for TEM is only 5%. This is mainly because the higher spatial resolution of TEM allows the dislocations to be better discriminated. However, TEM is more localized than SEM, and the question of representativeness can always arise.

The second major source of error originates from the apparent thickness of the dislocations E, obtained from BSE images, which were measured at one-pixel accuracy, resulting in a measurement error of 6% to 7%. When added to the other contribution to the measurement error, the total measurement error for 10 12 m -2 is 15% and it is 34% for 10 14 m -2 .

Finally, the main source of error is associated with the explored depth, which is directly related to the probed volume. The calculations were here performed considering the deepest condition in each mini-series (around 100 nm). However, the theoretical value of 5ξ g varies within an image miniseries. As an example, it varies from 70 nm (g 111 ) to 150 nm (g 311 ) for austenite. But, surprisingly, we observed that the number of visible dislocations was quite similar for the different conditions, i.e. for the different theoretical analyzed depth, additional observations on this phenomenon are made in the next chapter. For those reasons, the uncertainty of the quantitative measure is yet about the order of magnitude (this question will be further analyzed in the next chapter). However, when comparing different deformed states, for the same material acquired under the same experimental conditions, the measurement uncertainty shall be close to the one previously calculated (15 to 34%). A better quantification of the explored depth is thus necessary, and could be determined experimentally by the stereo pairs method 

Conclusion

In this chapter, an approach to measure dislocation density in deformed materials was presented along with the measurement uncertainty induced by the method. Using a data-classification algorithm based on a local average of the grain around the analyzed pixel, it became possible to obtain a quantitative measure of the dislocation density in a deformed sample without knowing the grain orientation. Moreover, from the imaging data, it was possible to calculate the measurement uncertainties of this method.

The ranges of densities that can be expected are on the order of 10 10 m -2 for semiconductors and can increase to 10 14 m -2 for metallic materials. The main sources of error are the explored volume and the superposition of dislocations. It was also possible to determine the evolution of the error caused by the superposition of dislocations as well as that originating from the apparent thickness of dislocations present in the images. The uncertainty of measurement for these last two points is 27% at most on the highest densities characterizable using this method. This uncertainty does not consider the error made on the analyzed volume. Indeed, a change in the value of ξ g can lead to errors on the analyzed volume of 20 to 70%. The uncertainty on the volume remains the weak point of the method. Observations have been made in order to specify the volume explored with the ECCI method and will be detailed in chapter 3. However, when comparing different deformed states of the same material acquired in the same experimental conditions, the experimental uncertainty in the density evolution shall be the one that we estimated during this study.

In summary, the R-ECCI method coupled with clustering enabled characterization of the dislocation densities in a material, specifically in a deformed material with the presence of local disorientation. the method seems to be relevant for the study of heterogeneous microstructures that require imaging but also for multiphase materials. 

Introduction

The dislocation density is defined by the total length of the dislocation lines L present in a given volume V :

ρ = L V (3.1)
However, as mentioned in the previous chapter, when measuring the dislocation density from electron microscopy images, the determination of the analysed volume remains difficult and leads to large measurement uncertainties.

Determining the explored volume using SEM is very difficult. The depth probed is also difficult to estimate from simulation because of the complexity of the electron backscattering model. However, some studies gave some clue on the depth t probed during ECCI measurements. Wilkinson et al. [WIL 93] rely on the channeling contrast theoretical approach [SPE 72] and estimated the maximum depth t to be 5ξ g . Using these results, theoretical values of t have been estimated to be around 45 nm and 65 nm by Gutierrez-Urrutia et al. Chapter 3 -Investigation of the probed depth with the R-ECCI method showed that in titanium, the depth would be around 6ξ g , which corresponds to about 150 nm at 30 kV. As a conclusion, there is yet no consensus about the analysed depth during ECCI. This chapter present an experimental attempt to determine the analysed depth range during ECCI observations.

For TEM observations, the converging beam electron diffraction (CBED) method shows a local accuracy of about 2% [CAR 16][DEL 01], and can be used to measure the local thickness of the thin foil (see chapter 1).

To compare the two imaging methods, a FIB thin foil was extracted from a bulk material and was observed using SEM and TEM.

During TEM observations, the thin foil is tilted from a few degrees to about ten degrees. This tilt changes the probed depth by a few nm (Figure 3.1(a)). Indeed, if the tilt is about ten degrees, a thickness of 150 nm would be measured at about 153 nm, which is within the margin of error of TEM measurement methods. For SEM measurements, the probed depth (Figure 3.1(b)) does not depend on the tilt of the material and remains unknown. TEM and SEM observations were made on the same Focused Ion Beam (FIB) thin foil. The objective of this chapter is not to directly answer the question of the volume explored but to provide elements of comparison with these two dislocations imaging methods. Indeed, during the TEM image acquisitions (Figure 3.2(a)), the whole slice is observed and the projected image obtained allows to observe the whole length of dislocations contained in the area (Figure 3.2(c)). For ECCI, the probed detph depends on the extinction distance ξ g and the expected value for a duplex sample is less than a hundred nanometers. This is why a FIB thin foil of about 150 nm thickness was machined in order to observe differences between TEM and SEM images. Indeed, for ECCI images, the measured dislocation length depends on the analyzed depth (Figure 3.2(b)), which implies that the part outside the probed depth will be invisible on the SEM projected image ( This difference between the apparent lengths of the dislocations in the TEM and SEM images must be related to the ξ g extinction distance and may provide answers to the volume analyzed by SEM.

Materials and method

Materials

Observations were made on the same commercial Outokumpo 2101 presented in the previous chapter. The sample was mechanically ground, with final polishing was performed using a 1 µm diamond solution. To avoid any strain hardening of the surface, a final electropolishing step was performed using an A2 electrolyte (from Struers APS, Denmark) at 20 V for 60 s with the Lectropol 5 device (Struers APS, Denmark) SEM-ECCI imaging of the dislocations were performed on a Zeiss Supra 55VP with an accelerating voltage of 20 kv, a diaphragm of 120 µm and a pixel size of aproximately 3 nm. TEM imaging was performed on a JEOL 2100 LaB6 TEM with an accelerating voltage of 200 kv.

FIB Thin foil

The microscope used combines a Gemini I column (Carl Zeiss Microscopy GmbH, Oberkochen, Germany) and a standard proven solid-state BSE detector (El-Mul Technologies Ltd., Rehovot, Israel).

EBSD maps were acquired in order to select the most appropriate grain. The choosen austenitic grain allows to have the normal of the thin foil close to a zone axis (Figure 3.3). Several different two beams conditions are reachable within the available tilt angles of the sample holder used. The formation of the thin foil can suppress many dislocations inside the grains 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon 59 Chapter 3 -Investigation of the probed depth with the R-ECCI method by image force effect [ KOH 20]. It is therefore necessary to have several different observation conditions in order to increase the number of visible dislocations to be able to compare the two imaging methods (TEM and SEM).

It was decided to choose an austenite grain because the dislocation density there was slightly lower than in ferrite (according to the observations made in Chapter 2), with, on average, a density of (1.5 ± 0.1) × 10 14 m -2 for austenite and on average of (2.5 ± 0.2) × 10 14 m -2 for ferrite in this sample. Moreover, in the austenite grains, the dislocations appear less diffuse and with a more contrasted, which facilitates their observation.

The EBSD acquisition performed on the thin foil shows an austenite grain positioned between these two zones (Figure 3.3, red zone) and oriented near a zone < 111 >. All observations will be made on this austenite grain. The measurement of the grain thickness has been done using the CBED procedure detailed in chapter 1. The measurement of the thin foil thickness in the middle of the selected grain was performed using the CBED method (see Chapter 1). A value of (144 ± 20) nm was found.

SEM and TEM orientation

The orientation of the FIB thin foil was obtained by EBSD and confirmed by the CHORD method which allows to link the intensity profile to an orientation [LAF 20][LAF 18][LAF 21]. By creating a database of simulated intensity profiles, it is possible to match the experimental profile to a known orientation.

Knowing the orientation of the grain, the corresponding ECP can be calculated (Figure 3.4). This pattern can then be used to plot the crystallographic path followed during the 360°r otation performed at 10°tilt. It consists of a circle of 10°diameter, where the starting point (i.e. rotation angle of 0°), is represented in red. On this crystallographic path, for some rotation angles, a two beam conditions will be crossed. Each of those orientation condition, suitable for dislocation imaging are represented in green. Using this ECP (type of g vector, and rotation angle required). 

Results

The geometry of the thin foil creates artefacts that affects the constrast of the images. Therefore, additional post processing steps were required. Curtaining effect from FIB preparation are visible on the top right part of the raw image (Figure 3.6(a), red arrow). It creates a persistent white contrast, visible as a vertical line, which can be removed by using the image processing included in Fiji [SCH 12]. The dislocations on the rest of the grain appear with a good contrast but where the curtaining effect is present (Figure 3.6(a), red arrows), they appear very diffuse and with a low contrast on the top of the grain (Figure 3.6(b), red circle). The tilt angles used in SEM are defined by the rotation during the R-ECCI acquisition, it is of 10°in the present case. For TEM imaging, different tilt angles were chosen so that different two beam conditions could be reached. Therefore, the projection angles of the images acquired by using the two methods are not exactly the same. Consequently, the apparent grain width was different depending on the imaging condition (Figure 3.7). In order to compare the apparent length of the dislocations visible on the two images, the apparent grain width was corrected. The pixel size of each image was changed to obtain an apparent grain width of 1000 nm and to be able to compare the dislocation lengths with the same scale for all diffraction conditions. For the first observation condition, Figure 3.8 shows the comparison of the apparent length of the dislocations selected for the g 111 diffraction condition. First of all, some dislocations appear in ECCI images and not in TEM one, such as the one circled in red on Figure 3.8. If the same two beam condition was selected, i.e. 111 type of plane, it is not sure that the exact same condition was chosen. Therefore, there might be some dislocation that respect the g.b = 0 condition in TEM and not in SEM or inversely. However, as the aim of this part is to compare the visible dislocation, only the ones that were identified to be the same on both imaging condition are discussed here. Chapter 3 -Investigation of the probed depth with the R-ECCI method TEM or ECCI. However, the dislocation noted (1) appear much longer on TEM image compared with the SEM one (360 nm against 52 respectively). There might be several dislocations close to each other, that appear as one on TEM, with only one of them in suitable condition in the case of SEM imaging.

Apparent dislocation length for the diffracting vector of type ⃗ g <111> SEM TEM 1 (51 ±9) nm (360 ±19) nm 2 (117 ±17) nm (107 ±5) nm 3 (110 ±17) nm (125 ±6) nm 4 (191 ±27) nm (208 ±11) nm 5 (220 ±30) nm (208 ±11) nm 6 (269 ±36) nm (298 ±15) nm 7 (112 ±17) nm (193 ±10) nm Table 3.1: Comparison of apparent dislocation lengths in TEM and SEM images for the diffracting vector ⃗ g <111> .

The second observed condition with the ⃗ g 220 diffracting vector (Figure 3.9) shows fewer common dislocations between the two acquired images. Moreover, the dislocations in the red circles (Figure 3.9(b)) are only visible in TEM and not in SEM. One of the two dislocations is visible with the first observation condition but its intensity is very low, close to a residual contrast.

The apparent length measurements in TEM and SEM are summarized in the table 3.2. In this case, no difference exceeds the measurement uncertainties. 

Results

Apparent dislocation length for the diffracting vector of type ⃗ g <220> SEM TEM 1 (55 ±10) nm (58 ±3) nm 2 (189 ±26) nm (180 ±9) nm 3 (154 ±22) nm (175 ±9) nm 4 (119 ±17) nm (97 ±5) nm Table 3.2: Comparison of apparent dislocation lengths in TEM and SEM images for the diffracting vector ⃗ g <220> . 

Discussion

All precautions have been taken to have the same orientation conditions in TEM and SEM. However, it is possible that some diffracting vectors are not the right ones. More precisely, it is always possible that the order and sign of hkl in the diffracting vector ⃗ g hkl could be interverted. Some dislocations do not appear in the TEM images but appear in the ECCI images (Figure 3.8, red circle). In TEM, it is possible to refine the two-beam condition (TB, see Chapter 1) and obtain the diffracted signal by a single diffracting vector, thanks to the double-tilt sample holder. On the other hand, with the R-ECCI method, different diffraction conditions are encountered during the rotation. Depending on the case, it is difficult to determine with certainty whether the two-beam condition is fully satisfied. Therefore, if the two-beam condition is not fully satisfied, dislocations may not be visible. For exemple, in the case ⃗ g <111> shown on Figure 3.8, three observation conditions are close to another Kikuchi band (Figure 3.4). At three degrees past the starting point of the rotation, the ⃗ g <111> condition was acquired and gives the ECCI image shown on Figure 3.8. The image allows to distinguish the dislocations. However, it is difficult to be sure that the two-beam condition was achieved at this rotation angle because of the proximity of the two diffraction bands ⃗ g <111> (green in Figure 3.4) and ⃗ g <200> (orange in Figure 3.4). This may explain why dislocations are seen in the SEM but not in the TEM: in the SEM, the addition of several different diffraction vectors is cumulated in the signal. In addition, a complex contribution of more than one Kikuchi band for a given orientation (corresponding to the position of the incident beam on the ECP) has also been raised by Kriaa et al. [KRI 18]. This hypothesis helps to explain the variations in contrast and apparent thickness of dislocations during the acquisition of a series of images obtained along a Kikuchi band.

Nevertheless, this possible error could explain the fact that not the same dislocations are visible on SEM and TEM images. Moreover, the thicknesses observed in the SEM will not change following this type of error and therefore the following conclusions will remain the same.

For the dislocation that were both visible on ECCI and TEM images, similar lengths were observed in both cases. If one consider that those dislocations are randomly oriented in the thin foil, observing the exact same length indicates that a similar depth is probed in the two cases. As the thin foil thickness was measured to be around 140 nm, one can expect that the probed depth in ECCI measurement is of at least this value.

However, in the literature, the probed depth for ECCI is usually described as being of type nξ g . In the case of < 111 > orientation, ξ g equals to around 13 nm, this would lead to a minimum n value of 10. In the case of the 220 orientation, ξ g equals to around 22 nm, which would lead to a minimum n value of about 7.

Zaefferer et al. realized simulations in duplex steels and found depth around 100 nm for a diffracting vector (111) for austenite. It corresponds to about 5ξ g [ZAE 14]. However, this simulation is done under perfectly respected two beam conditions and has a higher acceleration voltage than in our study, which increases the value of ξ g . Yamasaki et al. [YAM 21] showed that in titanium, the depth would be around 6ξ g . It is difficult to compare these values since all the observations are not made under the same acquisition conditions and it is complex to know if the two-beam condition is perfectly respected. 66 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Conclusion

Conclusion

In conclusion, the measurements of the apparent lengths of the dislocations by SEM and TEM do not allow to deduce precisely the volume explored in ECCI. Indeed, similar length were measured from TEM and SEM analyses. Under the assumption that dislocations are randomly oriented within the foil, this would indicate that the whole thin foil thickness is probed (approximately 140 nm) during ECCI measurements close apparent lengths in almost all cases.

These results also allow us to revise the approach on the explored volume in R-ECCI for the calculation of dislocation densities. Indeed, under the current observation conditions, it is not possible with R-ECCI to be in perfect two-beam conditions, so that the use of a value of ξ g must be carefully chosen for the volume calculation.

An average value for the volume of about 150 nm seems to be more consistent with the observed values which are closer to 9 to 10ξ g than 5ξ g and that underestimates the explored volume for diffracting vectors of low indices (hkl). This is particularly true for dislocation density measurements performed on several observation conditions as is the case with the R-ECCI method. However, an uncertainty related to this average must still be specified. 

Chapter 4

Experimental measurement of dislocation density in metallic materials: a quantitative comparison between measurements techniques (XRD, R-ECCI, HR-EBSD, TEM)

Introduction

In Chapter 1, it was shown that dislocations in polycrystalline materials can usually be found either isolated, randomly distributed inside the cells or grains, or localized close to grain boundaries to accommodate possible strain incompatibilities between the different grains. Other dislocations are found to be organized into patterns, in the form of dislocation cells or walls. As a reminder the total dislocation density ρ tot is often decomposed as [BOR 00],[WAU 15]:

ρ tot = ρ W + ρc + ρ GB (4.1)
with ρ W the density of dislocations constituting the cell walls, ρ c the dislocation density randomly distributed within the cells/grains and ρ GB the dislocation density present at grain boundaries.

This equation can be reduced to the sum of GND and SSD:

ρ tot = ρ GN D + ρ SSD (4.2)
The imaging and indirect measurement methods detailed in chapter 1 allow to obtain a value of the dislocation density. Although different methods have been developed, experimental measurement of dislocation density in metallic alloys remains a challenging task. Indeed, for each measurement method, experimental artefacts induce non-negligible bias that must be considered. Beyond the definition of dislocations from the crystallographic point of view, their modelling implies concepts or units which differs from metallurgical ones at some point (e.g., expressing densities in m -1 rather than m -2 ).

It should be noted, however, that each method does not characterize the same dislocation populations. The TEM and ECCI imaging methods allow theoretically to measure the sum of the densities (GND + SSD). The EBSD and HR-EBSD methods can only measure the density of GND. For the XRD method, as described in chapter 1, opinions differ but seem to be more sensitive to SSD.

Thus, the aim of this chapter is:

• (i) to present some quantitative measurements of dislocation densities performed with the same duplex steel samples using four different characterization techniques and for three different strain levels. • (ii) To discuss the measurement uncertainties of all used techniques. • (iii) Discuss the link between the obtained results and the different types of dislocation observed for each method. 

Materials and methods

Materials

Observations have been made on the same type of lean duplex stainless steel Outokumpo 2101 hot rolled as in the previous chapters. This choice is motivated by the presence of two phases, austenite and ferrite, in which the dislocations adopt very distinct arrangements. Indeed, the dislocations appear straight with a high contrast in the austenitic phase, which makes them easy to image. In the ferritic phase, on the contrary, the dislocations appear tortuous with a lower contrast, which makes them more difficult to image. It is therefore interesting to study the performance of measurement methods based on dislocation imaging (ECCI/TEM) for this material and more particularly the R-ECCI method. The evolution of dislocation density was characterized in both ferritic and austenitic phases. Micro tensile samples (total length 112.5 mm, width 12.5 mm and a thickness of 1.5 mm) were deformed under an optical microscope using a Deben 2000E tensile stage. Using standard Digital Image Correlation (DIC) the deformation was determined on all points of the surface. One sample was deformed to 5% and the other one to 10%. In the present study, the austenite grain size will be impacted by the appearance of martensite in austenite during deformation.

For ECCI and HR-EBSD measurements, samples were mechanically ground, and the final polishing was performed using a 1 µm diamond solution. To avoid any strain hardening of the surface, a final electropolishing step was performed using A2 electrolyte (fromStruers APS, Denmark) at 20 V for 60 s with the Lectropol 5 device (Struers APS, Denmark).

To allow for TEM observations, the duplex samples were mechanically ground to obtain a thin sample of 50 µm thickness. Small discs of 3 mm diameter were subsequently extracted by punching and later electropolished using A2 electrolyte (from Struers APS, Denmark) with the Tenupol-5 device (Struers APS, Denmark). A final ion polishing step was performed using PIPS-II to increase the observable area with an acceleration voltage of 1.5 kv and angles of ±4°f or the ion beams for 2 hours.

For XRD measurements, samples were mechanically ground using SiC paper, down to a 1200P.

Methods

The R-ECCI method used in this chapter is the one developed and described in chapter 2.

Transmission Electron Microscopy

TEM micrographs were acquired with a TEM JEOL 2100 LaB6 operating at 200kV. For dislocation densities measurements, the intercept method was used [BRA 70b]. It consists in drawing lines of total length l on the image (arbitrary lines or regular grid) and counting the number of intersections n with dislocations. The dislocation density ρ is then calculated using the formula: ρ = 2n lt , with t the analyzed thickness. The determination of t was done by measuring the number of thickness fringes [ CAR 16]. For a grain in a given two beam orientation, the probed depth z is proportional to the number of bands N observed and the extinction distance ξ g related to the diffraction vector used: z = (N -1

2 )ξ g . The observation of dislocations in TEM is possible in Weak Beam Dark Field (WBDF) mode [COC 69] or in Bright Field (BF) mode. In both cases, it requires to orient the crystal in a
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Chapter 4 -Experimental measurement of dislocation density in metallic materials: a quantitative comparison between measurements techniques (XRD, R-ECCI, HR-EBSD, TEM) Two-Beam (TB) [HIR 70](see chapter 1) condition (only one diffracting vector --→ g hkl ). In these conditions, only dislocations with a burgers vector -→ b respecting the relation --→ g hkl • -→ b ̸ = 0 are visible. As a result, for each orientation conditions, different dislocations might be invisible, and the density is then always underestimated when determined from only one orientation condition. Therefore, for each strain rate and for each phase, two to three grains of each phase were oriented in several TB conditions.

EBSD and High angular Resolution EBSD

EBSD was conducted with the same microscope as for the R-ECCI acquisitions. Electron BackScatter diffraction Patterns (EBSP) were acquired with an EBSD Symmetry camera (Oxford), an acceleration voltage of 15 kV, an exposure time of 32 ms, an aperture of 60 µm and a pixel size of 50 nm. The EBSP images were averaged by 3 to enhance their signal-to-noise ratio in view of the subsequent HR-EBSD analysis.

The latter is based on a global image registration approach implemented in ATEX-software [BEA 17] (developed at the University of Lorraine). EBSP are considered as a whole, through a unique and large region of interest, whose relative deformations are modelled by a linear homography [ERN 20b]. Often used in computer vision to describe projections, the latter is measured by an iterative inverse-compositional Gauss Newton algorithm, modified to integrate a correction of optical distortions caused by camera lenses where ε is the elastic strain tensor and k e the lattice curvatures. These curvatures can be approximated with a finite difference scheme:

k ij ∼ = ∆w i /∆x j , (4.4)
where ∆w i is the difference of rotation w i (with respect to the axes of the basis) between two neighboring points separated spatially by ∆x j in the j-th direction. Thus, it arises the GND densities obtained by EBSD or HR-EBSD depend on the step size [JIA 13],[ FRE 18], which will be further discussed in this study.

Regarding the HR-EBSD technique, relative lattice rotations w i between the reference and the target are directly obtained, as well as the elastic strains. In the case of standard EBSD, the contribution of elastic strains is unknown and simply omitted while the lattice rotations w i are derived from the Euler angles [ PAN 08]. Given two points "A" and "B" of the material, their respective orientation matrices g A and g B are computed and the disorientation angle ∆θ is then deduced:

∆θ = min k arccos tr(∆g k ) -1 2 , (4.5)
where ∆g k is the "disorientation'' matrix for the k th symmetry of the crystal. This disorientation is decomposed into three rotations w i with respect to the axes X i of the sample frame: 72 2022 -Julien Gallet Where e ijk is the permutation symbol of Levi-Civita. The lattice rotations are evaluated considering the same reference point as in the HR-EBSD analysis. On the one hand, the location of this reference is not important from a strictly mathematical point of view, the calculation of the Nye tensor implying spatial derivatives. On the other hand, the grain internal disorientation angle is generally smaller between neighboring pixels. As mentioned in the introduction, this is detrimental to the accuracy on the disorientation axis [PRI 99], and the rotations w i accordingly.

For both EBSD and HR-EBSD, only a partial computation of the Nye's dislocation tensor is possible. Indeed, the latter implies spatial derivatives along the surface normal direction ( -→ X 3 ) which are unknown due to the two-dimensional nature of EBSD measurements: 

α =    ∂ε 12 ∂x 3 -
w ij = -e ijk w k , (4.8)
As a consequence, only α 13 , α 23 and α 33 components are fully assessable [SUN 00], [ELD 03], [ PAN 08]. The α 12 and α 21 components are determined by neglecting the contribution of elastic strains, which is partly unknown. Finally, the components α 31 and α 32 are not computable, neither the contribution of lattice curvatures nor that of elastic strains being fully assessable.

In this study, both EBSD and HR-EBSD results are discussed from the norm of the estimated Nye's tensor. Its α ij components having units of inverse length, there are divided by the norm b of the Burgers vector to express a GND density in m -2 :

ρ GN D = 1 b √ α ij .α ij (4.9)
Data processing to obtain the HR-EBSD orientation maps was performed by Clément Ernould, Benoît Beausir and Emmanuel Bouzy from the University of Lorraine France.

X-Ray Diffraction

XRD experiments were conducted in a BRUKER D8 advance diffractometer equipped with a Mo-K α radiation (λ Kα1 = 0.7093Å), a Zr filter to absorb the K radiation from molybdenum, a 1 mm collimator and a Lynxeye linear detector. The goniometer is operating in a θ/θ configuration: the X-ray tube and the detector present symmetrical movements while the sample remains horizontal in a fixed central location. Estimation of the crystallite size, D, as well as the microstrain, RMS (Root Mean Square), was obtained by XRD line broadening using Popa model integrating in Maud software.

XRD diagrams were fitted with a pseudo-Voigt function in Maud software [LUT 00]. Instrumental parameters for the fit (Caglioti parameters, Lorentzian/gaussian ratio) were determined on a standard NIST powder of hexaboride of lanthanum (LaB 6 ). The formula proposed by Murugesan et al. [MUR 11] for the dislocation density calculation was used.
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The dislocation density can be decomposed into two contributions:

ρ = (ρ D × ρ S ) 1/2 (4.10) with ρ D the domain contribution ρ D = 3 D 2 and ρ S the deformation contribution ρ S = k<ε 2 L > b 2 = k<ε 2 L > √ 2 a 2
with k the material constant, D the crystallite size, < ε 2 L > RMS micro strain and b the burger vector (here b = a √ 2 ). All uncertainties were calculated from the formulas given by Murugesan et al. [MUR 12].

The XRD part (measurement and data processing) was realized by RaphaëlleGuillou from CEA Paris-Saclay.

Results

Transmission Electron Microscopy

For each strain rate and for each phase, two to three grains of each phase were orientated in several TB conditions. All g hkl diffracting vectors used for the analysis are listed in Table 4.1. The acquisition of dislocation images on the 10% deformed sample was difficult due to the strong disorientation present in the grains (about 5 to 6°for the most disoriented areas), and fewer diffraction conditions were observed for that sample. To limit the underestimation, the dislocation density for each grain was chosen as the maximum one measured on the different orientation conditions. Table 4.1: Summary of diffraction vectors used to characterize the three austenite grains and three ferrite grains, for different strain rates.

Austenite

The analyzed area slightly varies for the different samples. For 5% and 10% deformed grains, the average image area is respectively 0.5 µm 2 and 0.3 µm 2 , while it is 3.5 µm 2 for the undeformed sample. Indeed, for high deformation levels, disorientation within each grain increases. Therefore, contrasts conditions vary rapidly and the observable areas on each image are reduced. Moreover, with increasing dislocation densities, dislocations overlapping increases. It was then necessary to enhance the magnification in order to have sufficient resolution to distinguish them from each other. 74
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Figure 4.1 shows typical TB TEM micrographs obtained in austenite and in ferrite for undeformed and deformed samples at 5 and 10%. The dislocations appear in black on a white background. In the undeformed state, only few dislocations are seen in the austenite in Figure 4.1(a). The density seems higher in ferrite (Figure 4.1(b)) where dislocations appear as points or lines which reveals that their orientation in the grain is random. After 5% deformation, the number of visible dislocations has greatly increased. In Figure 4.1(d), the dislocations in the 5% deformed ferrite have clustered and become more tortuous. The overlapping of dislocations is important, as in the deformed austenite (Figure 4.1(c)). In the case of the 10% deformed sample (Figure 4.1(e) and (f)), it is quite difficult to image dislocations over large surfaces, because the important disorientation locally modifies the contrast conditions. However, there is not much difference in the resulting micrographs, compared to the 5% deformed sample. It is necessary to remind that the local thickness of the diverse thin foil is quite different. For example, for the deformed ferrite at 5% it was measured to be 220 ± 37 nm , while it is 146 ± 37 nm for the 10% deformed sample (Figure 4.1 (d) and (f)). This can be misleading for a direct eye comparison of the images. Dislocation densities were determined using the intercept method. The maximum values for each deformation level and phase are presented in table 4.2. The dislocation density is measured to be similar in both phases. As expected, the dislocation density increases with deformation, with a slightly quicker increase in austenite compared to ferrite, as austenite deforms before ferrite [ZHA 21]. After 10% deformation, dislocation densities measured in ferrite and in austenite are about 10 times higher than before deformation. However, in the 10% deformed sample, it is very hard to observe the dislocations on a large surface on 76
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a single image because of the deformation but also because of the thin foil which is slightly twisted. This adds to the difficulty of observing the dislocations but also to the measurement, especially on the top of the image of the 10% deformed ferrite (Figure 4.1(f)). This is why the measurement uncertainty increases for the latter values as it becomes problematic to distinguish dislocations from each other, due to the overlapping of dislocations and the rapidly changing observation conditions, but also due to the uncertainty of the volume which may lack accuracy.

R-ECCI and Clustering

The ECCI allows the observation of dislocations in white on a black background. In the received state, Figure 4.2(a and b), the dislocations appear as straight lines or as dots, indicating it is rather parallel or perpendicular to the surface. Moreover, at first sight, there would be more dislocations in the ferrite on the ECCI images (Figure 4.2(b)) than in the TEM images (Figure 4.1(b)) which could be due to the thinner thickness observed on the TEM images. In austenite, after deformation, the dislocations appear as straight lines and are mainly aligned along 111 planes, Figure 4.2(c) and (e). The high concentration of dislocations in the 10% deformed austenite (Figure 4.2(e), blue arrow) results in a large variation in contrast, especially at the grain boundaries, making it difficult to detect dislocations using the clustering algorithm. In the case of ferrite After analysis, detected dislocations are represented as green pixels on a dark matrix, Figure 4.3(b), (d) and (f) for the undeformed, 5%, and 10% deformed sample respectively. The dislocation density calculated by the clustering algorithm is (1.5 ± 0.1) × 10 13 m -2 for undeformed austenite (Figure 4.3(a) and (b)) for which almost all dislocations were detected. This first case illustrates the effectiveness of the algorithm when the dislocations are well distinct and show a good contrast with the grain. In the case of ferrite after 5% deformation, the BSE image in Figure 4.3(c) shows more clustered dislocations that are harder to distinguish (blue circle). In that area, some dislocations are not indexed by the algorithm, 
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dislocation creates local disorientation that affects the contrast (yellow arrows). After analysis, those areas appear as large cluster (yellow arrows) much thicker than what they should be compared to the apparent width of the dislocations (Figure 4.3(c)). This probably leads to a local over's estimation of the density. As a result, for this ferrite grain, the density was measured to be (5.6 ± 1.0) × 10 13 m -2 .

Finally, an austenitic grain subjected to 10% strain is displayed in Figure 4.3(e). This grain is highly disoriented, resulting in significant contrast variations in the grain (red arrows). Although the dislocations present in austenite are easier to image in ECCI than in ferrite, austenite deforms before ferrite, so that dislocation densities quickly reach values that are no longer measurable by clustering. Indeed, the dislocations form cells and become difficult to distinguish from each other. As with the previous ferritic grain, the clustering algorithm finds areas where all dislocations are merged (yellow arrows on Figure 4.3(f)), which gives an overestimation of the density. These "large clusters'' are partly due to the strong contrast variation but also to the proximity or overlapping of the dislocations. Moreover, for some areas there is an information loss (blue circles). For this sample, the clustering is more efficient in the center of the image than on the edges because of the more important disorientation at the grain boundaries. For all those reasons, the obtained value of (7.4 ± 1.5) × 10 13 m -2 seems underestimated. In that case, and for comparison's sake, single ECCI images were used and dislocations density were measured manually. The measured density for the 10% deformed austenite is (1.3 ± 0.4) × 10 14 m -2 , which confirms that it is well beyond the current limits of the method. 0% 5% 10% Austenite (1.5 ± 0.1) × 10 13 (4.5 ± 1.0) × 10 13 (7.4 ± 1.5) × 10 13 Ferrite (2.5 ± 0.1) × 10 13 (5.6 ± 1.0) × 10 13 (5.4 ± 1.0) × 10 13 

Electron Back Scattered Diffraction

Several EBSD acquisitions were carried out for each strain rate. The areas chosen usually covered both phases and contain interfaces or grain boundaries, where deformation is known to localize for this type of alloys. Note that the investigated areas are rather small (5×5 µm maximum). To obtain a dislocation density value which can be compared with the other used methods, average values were calculated, for each present grain, and given in Table 4.4. With increasing strain, the density in austenite (red in Figure 4.4, top row) evolves faster than that contained in ferrite (blue), which is consistent with the fact that austenite deforms before ferrite [ZHA 21].

0%

5% 10% Austenite (1.2 ± 0.7) × 10 14 (2.1 ± 0.8) × 10 14 (3.3 ± 1.2) × 10 14 Ferrite (4.6 ± 1.4) × 10 13 (1.1 ± 0.5) × 10 14 (2.1 ± 0.9) × 10 14 Table 4.4: Average value of the dislocation density m -2 obtained with the norm of Nye tensor, on ferrite and austenite grains for different strain rates.
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High Resolution-Electron Back Scattered Diffraction

An HR-EBSD analysis is now conducted on each one of the previous EBSD data sets. The strain concentration at the grain boundaries for both phases is now more clearly observed from the GND mappings in Figure 4.5. Same as for EBSD, the dislocation density is averaged at the grain scale and values are summarized in Table 4.5. Overall, both the EBSD and the HR-EBSD techniques are quite in agreement, but the average GND density obtained by EBSD is always higher than with HR-EBSD. This is attributed to the noisier character of the maps derived in Euler angles (Figure 4.4), while the measurement uncertainty is estimated at 1.1 × 10 13 m -2 with HR-EBSD (minimum of GND obtained). This is particularly visible in Figure 4.4(g), where the continuous red lines (spotted with back arrows) do not correspond to any obvious dislocation structure, that the sensitivity of the HR-EBSD technique on orientation changes would have detected in Figure 4.5(g). This is also confirmed by the absence of such marked features in the virtual backscatter electron diode image in Figure 4.6(a) either, although its contrast is very sensitive to orientation changes as well (see [ERN 20b] for more details). Note that it only provides qualitative information whereas the HR-EBSD technique is quantitative.

The aforementioned red lines in Figure 4.4(g) come from a discretization of orientations by the indexing software. Indeed, they superimpose with the relative rotation w 2 within grain derived from Euler angles in Figure 4.6(b), which locally presents discontinuities of the order of 0.2°, in agreement with the angular resolution of the indexing techniques. Note that the considered axis is here parallel to the image height, but its choice is not relevant for the purpose. Point is to underline that knowledge of the disorientation axis is essential for the accurate assessment of GND densities (since a tensor is to be computed). That is why those artifacts are less visible from the disorientation angle in practice (not shown here), since the latter does not carry information about the axis. Note that the largest discrepancy between EBSD and HR-EBSD is observed at 0% strain in austenite, where the value obtained by EBSD is twice higher than the one obtained by HR-EBSD. Although such a gap is not observed in ferrite, it is not surprising it concerns the sample with the lowest grain internal disorientations. As already mentioned, uncertainty on the disorientation axis derived from Euler angles is maximal. 0% 5% 10% Austenite (5.6 ± 1.1) × 10 13 (1.7 ± 0.2) × 10 14 (2.6 ± 0.2) × 10 14 Ferrite (4.2 ± 1.1) × 10 13 (8.6 ± 1.5) × 10 13 (1.9 ± 0.2) × 10 14 Table 4.5: Average value of the dislocation density m -2 obtained using of HR-EBSD on ferrite and austenite grains for different strain rates.

Overall, the average GND density obtained by HR-EBSD follows the same trends than with EBSD. Between the undeformed sample and the 5% deformed sample, the dislocation density in Ferrite increases by a factor of 2 whereas in austenite the evolution is 3 times faster. This slower increase in ferrite for the first stages of the deformation is consistent with the fact that Austenite is deforming first. However, between the 5% deformed stage and the 10% deformed stage, the austenite keeps increasing but at a slower rate than in the previous stage (from a factor of 3 to 1.5) while dislocation density in ferrite has a slightly higher factor and increases from 2 to 2.2
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Chapter 4 -Experimental measurement of dislocation density in metallic materials: a quantitative comparison between measurements techniques (XRD, R-ECCI, HR-EBSD, TEM) Density dislocation obtained on ferrite and austenite grains for different strain rates are summarized on the table 4.6. 0% 5% 10% Austenite (4.0 ± 10.7) × 10 13 (1.7 ± 0.3) × 10 14 (1.8 ± 0.3) × 10 14 Ferrite (6.1 ± 13.1) × 10 13 (7.6 ± 4.6) × 10 13 (9.0 ± 2.6) × 10 13 Table 4.6: Average value of the dislocation density m -2 obtained thanks to XRD on ferrite and austenite grains for different strain rates.

X-Ray Diffraction

The measurement uncertainties on the undeformed sample are on the order of 200%. This is because the RMS microstrain < ε 2 L > is included in the curve fitting parameters and is difficult to obtain accurately on the undeformed sample. In the deformed sample, RMS microstrain < ε 2 L > is higher and can be more precisely determined. Thus, its uncertainty drops by a factor of 10, and the global measurement uncertainty is then three to four times smaller.

During deformation, the dislocation density present in the austenite measured by XRD increases faster than the density present in the ferrite, which is consistent with the deformation mechanism of a duplex steel [ZHA 21]. For instance, the density in austenite is measured to be twice higher than in ferrite after 5% and 10% of deformation. After 10% of deformation, the density does not evolve much compared to 5% deformation, for both phases. For austenite 84 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Results phase, it was observed that the austenite grains were partly transformed into martensite. Thus, the crystallite size D was overestimated in this sample and therefore the dislocation density present in the 10% deformed sample may be underestimated.

Chapter 4 -Experimental measurement of dislocation density in metallic materials: a quantitative comparison between measurements techniques (XRD, R-ECCI, HR-EBSD, TEM)

Discussion

All methods presented here do not measure the same type of dislocation (ρ c , ρ w , ρ GB ). Moreover, each method has its own limitations and uncertainties so it is important to compare them carefully.

Each used measurement method relies on different computational means, based on diffraction, disorientation, channeling contrast or manual dislocation counting. Figure 4.8(a) shows a schematic representation of the dislocation configuration that can be observed within one grain (group of random dislocations ρ c , dislocation cell ρ w , dislocations grouped at the grain boundary ρ G B).

XRD measurements allow to measure disorientations, within what is defined as crystallites, Figure 4.8(b). This means that the dislocations close to the grain boundaries (ρ GB ) or grouped in cells (ρ w ) which are the main source of GND will not be considered when calculating the dislocation density. Moreover, a crystallite is defined as an area showing a low disorientation, it can be a grain, but also a dislocation cell. Therefore, dislocation cells will be observed as grain with this method. The size of crystallite is often very complicated to obtain [UNG 01] because it can vary enormously from case to case and it becomes difficult to calculate it precisely if the shape of the crystallite [LOU 83] or if the deformation [CAG 58] becomes anisotropic.

In the case of TEM and ECCI imaging methods, dislocations are theoretically all visible but it is often very difficult to distinguish dislocations near grain boundaries as the disorientation is important and the conditions for observing dislocations change rapidly, Figure 4.8(c). Moreover, imaging methods give images projected on a surface and overlapping dislocations, such as at the ones present at grain boundary or at cell walls, cause a non-negligible uncertainty [GAL 22]. This is why the densities measured by imaging can be considered to be mainly dislocations isolated from the dislocation clusters (ρ c ).

In the case of the EBSD or HR-EBSD methods presented Figure 4.8(d), the relative rotation and elastic strain fields are measured from which a GND dislocation density is derived. The most influential parameter on the results is the pixel size used. As shown by Jiang et al. [JIA 13] the dislocation density can vary by an order of magnitude when the pixel size is doubled. Indeed, if the maps are acquired with a very fine step, as on the Figure 4.8(d) (left) then the dislocations will be discernible and will be defined as GND's. However, if a larger step is used (as in the Figure 4.8(d) right), some dislocation clusters could have their Burgers vector opposed and no longer cause lattice rotation. These dislocations will then be considered as SSDs. As specified by Jiang et al. The quantitative comparison of all measurements results is presented on Figure 4.9. The values obtained for the 0% sample remain in the same order of magnitude regardless of the method, although XRD measurement uncertainty is very high (271%, calculated with the method of Murugesan et al. [MUR 12]).

After 5% of deformation, a higher dislocation density is expected in austenite compared to ferrite. XRD and HR-EBSD results are close to each other and both indicate dislocation density twice higher in austenite than in ferrite for this state (around 1.7 × 10 14 m -2 and 0.7 × 10 14 m -2 respectively). However, imaging-based measurements such as ECCI and TEM indicate smaller densities with around 5 × 10 13 m -2 , for both phases. In austenite, where the dislocation density evolves faster during the deformation, the imaging methods ECCI and TEM give underestimated measurements due to the overlapping of dislocations.

For the 10% deformed sample, ECCI measurement were not possible as the density is over the acceptable measurement range. All other three methods reveal a large increase in dislocation density. HR-EBSD gives the highest dislocation density with (2.6 ± 0.2) × 10 14 m -2 for austenite and (1.9 ± 0.2) × 10 14 m -2 for ferrite. However, the results from TEM imaging indicate a similar density for both phases with (1.2 ± 0.2) × 10 14 m -2 for ferrite and (1.4 ± 0.3) × 10 14 m -2 for austenite. Finally, XRD measurements, are different for both phases with (9.0 ± 2.6) × 10 13 m -2 for ferrite and (1.8 ± 0.3) × 10 14 m -2 for austenite. Those values are very close to that measured in the 5% deformed sample, which is quite surprising as the dislocation is expected to increase between those two states. We should note that TEM, ECCI-based and EBSD/HR-EBSD are all local measurement techniques, that will provide data on a limited number of grains. In a polycrystalline material, the deformation process of individuals grains is dependent on their relative orientation to the loading geometry and on their relative neighborhood.

SSD measurement (TEM; ECCI and XRD)

Both ECCI and TEM observations provide a majority determination of the SSD dislocation density. Indeed, imaging methods lose a lot of information due to dislocation overlapping [GAL 22], as is observed at grain boundaries and in dislocation cells. In practice, these methods are applied at the center of the grain (relatively far from ρ GB ) and cannot accurately measure the number of dislocations in cells or walls (ρ w ). Even if it is difficult to know how far the dislocations generated at the grain boundaries by the deformation will disperse inside the grain [ ALL 15] we consider that all observations were performed inside the grains, and do not take into account the dislocations at grain boundaries. Moreover, both methods are very local. For all those reasons one can expect similar measurements from both techniques, which is the case, considering the uncertainty of both measurements. However, we observed that for higher dislocation densities, and specifically for the 10% deformed sample, the disorientation within the grains, and the dislocation overlapping, made ECCI measurement irrelevant while some values could still be obtained from TEM measurements. We guess that this was due to the fact that for those high-density values, it could be possible with TEM to perform images close to the thin foil hole, i.e. in very thin areas, while the measurements depth is fixed for SEM-ECCI measurements to the accelerating voltage chosen. For ECCI measurements, the main uncertainty arises from the probed depth determination. The probed depth was assumed to be equal to 5ξ g [ZAE 14] but some author also provide values of 5ξ g [WIL 93]. In the present case, the choice of 5ξ g seem to better reproduce TEM observations. XRD measurements indicate an almost similar dislocation density for austenite and ferrite deformed at 5 and 10%, which is not representative of the microstructure expected. Sidor et al.

[SID 21] also observed this saturation in XRD measurements in a cold rolled aluminum alloy. The densities obtained between two rolling steps remain equal to (1.2 ± 0.2) × 10 14 m -2 . This effect can be partly explained by the dynamic equilibrium between dislocation multiplication 88 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Discussion and annihilation, giving a saturation of the dislocation density. Moreover, in the case studied here, the formation of martensite has not been taken into account. 316L steels are mainly composed of austenite which, during deformation, transforms into martensite, thus decreasing the size of the crystallites, as shown by Han et al. [HAN 21][64] or Gubicza et al. [GUB 16]. The formation of this third phase in the steel studied here will therefore reduce the crystallite size D of the observed phases, which will increase the value of the density ρ D (in equation (4.10) for the 10% deformed sample.

However, XRD measurements are global measurements and should allow for the determination of SSDs densities, such as TEM and ECCI. Indeed, Lee et al. [LEE 14] reproduced a torsionally deformed copper sample with a Finite Element Method (FEM). They were able to compare their simulated value with the experimental TEM and XRD measurement. This allowed them to conclude that the dislocation density measured by XRD was located inside the cells, i.e. ρ c . Even if the uncertainty in the measurement without deformation is very large for XRD measurements, the determined values are in the same range as the ones obtained by TEM/ECCI. The increase observed for 5% and 10% in the ferrite is in fairly well agreement with the results obtained with the imaging techniques. However, for austenite, there is a much larger discrepancy between XRD and the imaging techniques. However, one can see that the obtained measures are always slightly larger than the one obtained from ECCI/TEM. A first reason for that could be that TEM and ECCI measurements are subjected to surface effects. Surface dislocation are always subjected to the image force, that tends to attract them to the surface. There is a relaxation of the dislocation structure near the free surfaces of the sample, which extends about approximately 65 nm into the sample as demonstrated by Field et al. [FIE 10]. In the case of TEM, measurements are performed on a thin film with a small thickness (about 146 ± 10 nm), therefore, the image force cannot be neglected, and the dislocation density is underestimated. Kohnert et al. [KOH 20] determined that the structure of a bcc steel loses 40% of the dislocations it contains, once in the state of a thin blade.

GND measurement (HR EBSD and EBSD)

The HR-EBSD method enables to visualize the expected localization of the deformation at grain boundaries for this microstructure, Figure 4.5. This phenomenon, which is explained by the incompatibility of the deformation between the two phases, is often observed in Duplex steels, [KHA 20] but also in Dual Phase steels [ MAT 20].

Taking the average GND density on these maps seems to be biased since the disorientation is mainly located at the grain boundaries and there are very few grains present in totality on the maps. Moreover, as the results obtained by the two methods seem to converge for large deformations, the significant data storage (about 15 GB per map) and post-processing required by the HR-EBSD technique is no longer justified, and standard EBSD can be preferred. Which is because the uncertainty of indexing on the disorientation axis becomes less critical as the angular disorientation is increasing. That is why HR-EBSD measurements should be preferred at small deformation, where the contribution of elastic strains are not negligible and for which the lower sensitivity of an indexing-based approach is preventing fine dislocation structures from being observed and quantified. In severely deformed materials, the degradation of the diffraction contrast in Kikuchi patterns strongly degrades the accuracy of HR-EBSD measurements. The slower acquisition speed and significant data storage associated with this technique is therefore no more justified. In between, a synergy of EBSD and HR-EBSD is expected. The first one
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Chapter 4 -Experimental measurement of dislocation density in metallic materials: a quantitative comparison between measurements techniques (XRD, R-ECCI, HR-EBSD, TEM) provides statistics while the second one can be applied to further investigate local details of the microstructure.

Finally, one must be cautions in the interpretation of GND mappings, especially when derived from Euler angles (EBSD). As pointed out in Figure 4.4 and Figure 4.6, GND mappings are sensible to orientation noise and may present alleged dislocation walls, whereas they are artifacts. The latter typically result from a discretization of orientations, which occurs when using dictionary indexing techniques [CHE 15] or applying spatial filters (Kuhawara). Smoothing orientations to reduce noise in GND mappings is also not advisable, GND accounting for discontinuities in the crystal orientations. Regarding HR-EBSD analyses, possible artifacts rather stem from drift during acquisition. Because of the higher sensitivity of the method, drift may become visible in form of horizontal bands. The falsely associated GND density is however closer to the noise floor than what is seen in Figure 4.4(f) with EBSD.

Discussion about the relative amount of GND and SSD

Although dislocation imaging by TEM or ECCI allows us to see both GND and SSD dislocations, it allows mainly the measurement of ρ c , i.e. mainly SSD. An average is performed from the XRD, TEM and ECCI measurements to obtain a value of ρ SSD which is compared to the measurement obtained by HR-EBSD, ρ GN D . In Figure 4.10, the ρ GN D and ρ SSD density is almost identical in the undeformed sample. During deformation, GND densities increase faster than SSD, especially for the 10% deformed sample. This is consistent with the fact that the early stages of deformation are driven by austenite, as described by Zhang et al. [ZHA 21]. However, the values obtained in this study seem to contradict what is expected in the literature. Zheng et al. [ZHE 15] found from a high-energy XRD and TEM experiment in a pearlitic ferritic steel that the density of GND is 10 times greater than that of SSD during deformation. In the 10% deformed sample, the density of GND is only twice that of SSD. Furthermore, the factor of 2 measured on the 10% sample seems to be inconsistent with what was found with mechanical models by Zhi et 

Towards the prediction of yield stress

In the field of metallurgy, mechanical models are commonly used to predict the characteristics of a material. The dislocation density used in these models is often characterized by a single method. However, each method can only see a portion of the dislocations contained in the material. Even if the density most often used is the density initially present in the material, the acquisition parameters or the choice of the area can vary the result obtained and thus distort the model. For example, in a model describing the mechanical behavior of ferrite, the contribution to the yield stress σ y is described by the term σ R (which is the forest dislocation hardening or isotropic hardening) and is formulated by:

σ R = α T M T µb 111 √ ρ 0 , (4.11) 
where α T is the forest hardening coefficient, M T is the Taylor factor, µ is the elastic shear modulus, b 111 is the burger vector (other possible directions of the burger vector are neglected). The model and the values of the constants used were taken from the study by Mathevon et al.

[ MAT 20]. When using the different values of the dislocation density obtained by the different methods, the values of σ R differ by 76 MPa between ρ Clustering and ρ total (see table 4.7).
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ρ 0 (m -2 ) σ R (Mpa) ρ Clustering (2.5 ± 0.1) × 10 13 108 ± 3 ρ T EM
(1.2 ± 0.1) × 10 13 70 ± 3 ρ XRD (6.1 ± 13.1) × 10 13 159 ± 124 ρ HR-EBSD (4.2 ± 1.1) × 10 13 132 ± 19 ρ EBSD (4.6 ± 1.4) × 10 13 138 ± 23 ρ SSD+GN D 7.5 × 10 13 177 Table 4.7: isotropic hardening obtained from the values of the different types of initial densities measured in the ferrite.

The contribution due to SSD dislocations (TEM, ECCI-clustering and XRD), lead to an error of a factor two depending on the choice of the characterization technique. However, for the determination of the contribution of GNDs to the YS, it is relatively equivalent to use results obtained from HR-EBSD or EBSD measurements. Finally, the variation of the total value of σ R considering both GND and SSD contribution will be of 55,1 MPa. This represents 11% of the value of σ y for ferrite in this case.

As a conclusion, the determination of both GNDs and SSDs dislocations density can be done by a combination of R-ECCI and EBSD measurements. This will afford the best compromise in terms of sample preparation and observation time with measurement accuracy. This is of particular interest for this type of multi component systems as the same areas can be characterized using both techniques, and the large size of the samples can allow to choose adequate locations to feed the models (inside grains, at grains boundaries, at phase boundaries, etc. . . ).

Conclusion

In this study, several approaches for measuring dislocation density in deformed and undeformed materials were compared. XRD, EBSD, HR-EBSD, TEM and ECCI imaging were used to obtain the dislocation density present in industrial steel samples composed of austenite and ferrite phases for the following strain rates: 0, 5 and 10%.

Imaging methods saturate for densities above 10 14 m 2 . Density obtained by XRD is always high and not very accurate for low densities. The HR-EBSD and classical EBSD methods seem to be more versatile, for all observed densities and the increase the dislocation density with the strain is well capture by EBSD or HR-HEBSD. At the grain scale, the GND density obtained with both method is very similar. Locally, dislocations structures and strain concentration are better evidenced using the HR-EBSD technique.

Imaging techniques such as TEM and ECCI, as well as XRD, primarily measure the contribution of SSDs.

EBSD and HR-EBSD mainly measure the GND denisty. In this case: EBSD and HR-EBSD measurements (GND) are always higher than TEM, ECCI and XRD measurements (SSD), and they are located at the grain boundaries. The ratio between SSD and GND varies with the level of deformation, for the highest cases there are twice as many GND as SSD. These differences directly affect the calculation of hardening in micromechanical models, and must be carefully chosen. 

Introduction

The R-ECCI method presented in the previous chapter allowed us to characterize dislocation densities and to establish the limits and uncertainties of the method. The chapter 4 showed that the different methods for measuring dislocation densities all have their particularities. Indeed, each method observes only a part of the information, either the density of Geometrically Necessary Dislocations (GND) for EBSD and HR-EBSD or of Statistically Stored Dislocations (SSD) for XRD. The imaging methods (TEM and SEM) theoretically observe both types of dislocation densities. However, the superposition of dislocations in the form of dislocation cells or walls can make it difficult to characterize the SSDs contained in the material.

-Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon

Chapter 5 -Validation of the R-ECCI Clustering method on a KME type mechanical model

The mechanical models based on flow stress, grain size and dislocation evolution are validated by experimental data. However, the studies comparing the models with experimental values use different methods such as TEM imaging [BAB 13], X-ray diffraction [MUÑ 21] or EBSD [FOL 22]. Moreover, the literature is not always clear on what each method can measure. For exemple in the case of XRD: Zribi et al. [ZRI 19] declare that it mainly measure GND densities while for Wauthier-Monnin et al. [WAU 15], XRD is more sensitive to SSD. It is therefore legitimate to wonder which density should be used in mechanical models and how it can be characterized.

The dislocation densities obtained by the R-ECCI clustering method can be used in mechanical models. However, it is necessary to compare the experimentally measured values with those predicted by mechanical models. Mathevon et al. [MAT 20] recently developed a mechanical model based on the physical parameters of the microstructure (martensite fraction, initial ferritic grain size), which allows to accurately describe the mechanical behavior of Dual Phase (DP) steels. Hybrid model does not use the dislocation density as input. It is calculated from other microstructure and deformation parameters. By using the dislocation density as an internal variable, the hybrid model can faithfully reproduce the experimental observations.

In addition, a disorientation gradient has been observed at the ferrite-martensite grain interfaces for DP600 steels. This gradient is generated by the existing deformation incompatibility between the two phases and causes additional GND-type dislocations to appear at the ferritemartensite grain boundaries to accommodate the deformation of the material.

Therefore, this model can be used to validate the measurements performed by R-ECCI Clustering. Indeed, it will be possible to compare the experimental measurements along the deformation gradient with the values calculated from a model that accurately reproduces the mechanical behavior of the sample. The difference between the measured and predicted dislocation density will be discussed and the experimental densities will be implemented into the predictive models to observe the differences between the model fits and the experimental curves. 

State of the art

The following section will focus on the mechanical behavior of Dual Phase (DP) steels. They are characterized by a low yield strength (YS), high fracture toughness (UTS) and high work hardening (WH). Therefore, they present a good energy absorption capacity. The high strain hardening of DP steels is obtained by the deformation of a hard phase (martensite) contained in a soft matrix (ferrite).

In the case of DP steels, the mechanical properties are particularly dependant on the martensite fraction, the chemical composition and grain size. It was shown (Figure 5.1) that the martensite fraction is an important parameter that controls the UTS and YS [MAR 82], [LIE 02]. It is possible to consider the flow stress σ f as a function of the plastic strain such that:

σ f (ε f p ) = σ f 0 + σ f R + σ f X (5.1)
With ε f p the plastic deformation, σ f 0 the sum of the Peierls force and frictional stress contributions related to the alloying elements in solution. σ f R is the isotropic hardening (or forest dislocation hardening) dependant on ρ f , the density of SSD contained in the ferrite (5.2) and σ f X the kinematic hardening generated by the density of GND created during deformation (5.3).

σ f R and σ f X are defined as:

σ f R = α T M T µb 111 √ ρ f (5.2) σ f X = M T µb 111 D 0 α n f (5.3)
Where α T is the forest hardening coefficient, M T is the Taylor factor, µ is the elastic shear modulus, b 111 is the burger vector (other possible directions of the burger vector are neglected), D 0 α is the initial ferrite grain size and n f is the average number of GND-type dislocations accumulated to accommodate the deformation and calculated through:

dn f dε f p = λ f b 111 1 - n f n f 0 (5.4) Allain et al. [ALL 15
] used a KME type law to describe the evolution of the dislocation density as a function of the deformation. In addition to the dislocation creation and annihilation terms, a third term is added to take into account the effect of grain size on the increase of the dislocation density, by assuming an accumulation of GND at the grain boundaries [SIN 06a], [BOU 08], such as :

∂ρ f ∂ε f p = M T    1 -n f n f 0 b 111 D 0 α + k f ρ f -f f + ρ f    (5.5)
With k f and f f two parameters controlling the KME law and n f 0 representing the maximum number of dislocations needed to accommodate the deformation at the grain boundaries. Mathevon et al. [MAT 20] were able to reproduce the behavior of ferrite with this model and compare it to experimental measurements (Figure 5.2) on steels with different grain sizes. 

Martensite model

It is difficult to reproduce the mechanical behavior of a martensitic steel because traditional work hardening mechanisms do not explain the behavior observed between the yield point and the fracture point. It is therefore necessary to consider martensite as a «heterogeneous and continuous» composite. Many studies have shown that internal stresses and carbon content in martensite influence the mechanical properties in DP or martensitic steels only [PUS 13], [HE 14], [ HUT 18].

In this section Mathevon et al. uses a continuous composite approach (CCA) by assuming that the harder phase of the composite remains elastic while the softer phase controls the plastic deformation. The different yield strength and a constant Young's modulus Y for the two phases allow for perfect control of the mechanical behavior of the composite material. The function f (σ l ) is a continuous probability density distribution allowing to find a domain with a yield point σ l .

dσ m dε m = 1 1 Y + F (σ l ) β (1 -F (σ l )) (5.6)
With F (σ l ) = σ l 0 f (σ)dσ is the probability density and β is a constant that describes the interraction between the different element of the composite.

To generate the work hardening contribution due to the stress difference between the two phases of the composite, it is necessary to condition the values of F (σ l ) such as:

if σ l < σ m 0 + σ min then F (σ l ) = 0 (5.7) else F (σ l ) = 1 -exp - σ l -(σ min + σ m 0 ∆ m (5.8)
σ m 0 is the sum of the Peierls force and frictional stress contributions related to the alloying elements in solution. σ min is the yield strength (equal to 320 MPa [ MAT 20]) and m is the strain hardening rate of the composite according to the Avrami law. ∆ is the local yield strength distribution and is related to the work hardening between yield strength and ultimate tensile strength [ALL 12], [ MAT 20].
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Chapter 5 -Validation of the R-ECCI Clustering method on a KME type mechanical model The models presented by Mathevon et al. [MAT 20] have been calibrated for a wide range of DP steels with different carbon and manganese contents in order to predict the mechanical properties of martensite. Indeed, for a constant manganese content and a constant grain size, increasing the carbon content significantly increases the tensile properties of the steel but also the strain hardening rate. The manganese content, on the other hand, has only a small impact on the tensile properties of the material under consideration. Grain size in DP steels is an important parameter for martensite and its mechanical properties [ VAN 17]. In Figure 5.3, it can be seen that the grain size has a significant effect on the tensile properties of ternary and industrial steels of identical composition. 

Hybrid Mean-Field Composite (Hy-MCF) model

Using the laws previously detailed for fully ferritic and fully martensitic steels, Mathevon et al.

[ MAT 20] have developed a composite law taking into account their interaction. The formalization of the interaction used is that of Allain et al. [ALL 15]. The equations governing ferrite have been modified, as they were only valid for a single phase material. They now take into account the creation of GND in the ferrite. The first source of GND comes from the expansion of the martensite during its formation:

ρ f (ε f p = 0) = f α ′ M T b111D 0 α ε 0
(5.9) f α ′ is the martensite fraction, D0 the initial ferritic grain size and ε 0 is an initial deformation factor that integrates the dislocation density inside the ferrite and allows to reproduce the observed experimental curves.

The second source of GND comes from the incompatibility of the two phases during the deformation of the material. Indeed, the mechanical properties of ferrite and martensite are different and the deformation will be privileged in the ferrite grains for the first stages of the deformation.

ρ GN D = f α ′ b 111 L F 1 -exp(-β GN D (ε f tot -ε m + ε 0 )) β GN D
(5.10) 98
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With L F is the characteristic dispersion length of Ashby GND and β GN D is a parameter limiting the saturation effect of GND.

Schematically (Figure 5.4), these two phenomena consist in assuming that the interaction between ferrite grains and adjacent martensite grains takes place only over a characteristic distance Lf inside the ferrite grain. 

L F = 0.0225D 0 α f 1 3 α ′ 1 -f 1 3 α ′ (5.11)
In addition to the martensite concentration f α ′ and the initial ferrite grain size D 0 α , it is necessary to know the carbon concentration C m c in the martensite, as specified in the previous section.

In this model, the new forms of σ f R (5.2) and of ∂ρ f ∂ε f p (5.5) are modified to consider ρ GN D and become:

σ f R = α T M T µb 111 ρ f + ρ GN D
(5.12) To model the DP600 steel and its mechanical properties, a mixing law is used [BOU 02] to express the macroscopic stresses of the steel as a function of the properties of the two phases weighted by their volume fractions. However, this model does not consider the interaction between the two phases. To solve this problem, Mathevon et al. [MAT 20] uses a scale transition law between the two phases, a so called « iso-work » law [BOU 02]. This law assumes the equality of the mechanical work dissipated by each of the phases and it is particularly effective for small fraction of martensite. When the martensite fraction exceeds 20%, the proposed model underestimates the work hardening of the material. Therefore, the model proposed by Mathevon et al. is based on an iso-deformation law at the beginning of the deformation that will then tend linearly towards an iso-work law. The martensitic structure will thus block the ferrite deformation at the beginning. Such that :

∂ρ f ∂ε f p = M T    1 -n f n f 0 b 111 D 0 α + k f ρ f + ρ GN D -f f + ρ f    ( 
If ε f < 0.04 and f α ′ >20% then :

dε f = dε m 1 + σ m σ f -1 ε m ε m c
(5.14)

Else:

dε f σ f = dε m σ m (5.15)
With ε m c is the critical deformation for which we assume martensite fracture and above which the iso-work law is assumed.

This model was able to reproduce experimental curves accurately for DP600 steels ( In this study, it was decided to focus on the DP600 steel because the model was closer to the experimental curves than the DP1000 (Figure 5.5(b)). Since the dislocation density is an internal variable for both models, the value calculated by the model may be closer to reality in the case of DP600 than in the case of DP1000. 

Material and method

This study was performed on an industrial dual phase (DP) steel and its chemical composition is summarized in the table below. It is a low carbon steel to which few alloying elements were added to improve the manufacturing process and its mechanical properties. The steel was hot rolled in the austenitic range, coiled at 600°C and slowly cooled to a ferritic-perlitic structure. A final cold rolling step with a reduction ratio of 55% was performed to obtain the plates used in this study.

Steel

Chemical composition C 0 i (in wt.%) grades C Mn Cr Si Nb Ti N DP600 0.09 1.5 0.5 0.3 0.002 0.000 0.005 Table 5.1: Chemical composition C 0 i of industrial steels for each element i.

Thermal traitements

In order to compare the results of this study with those found by Mathevon et al. [MAT 20], it was necessary to make the DP600 samples under the same conditions as the author. The use of salt baths was therefore mandatory. Salt baths have several advantages, in particular a high heating rate (200°C/s) which ensures a good control of the temperature and the treatment time while neglecting the time of temperature rise in comparison with the holding time. Moreover, the salt baths guarantee a homogeneous thermal zone over the whole length of the sample. The sample was heated to 800°C in a barium chloride salt bath. The temperature was monitored by a thermocouple and the water quenching was performed after 3 minutes of heating to allow the appearance of martensite.

Deformation

In order to compare several values of the model, two specimens were used, one undeformed and the other deformed at 2%. A microtraction specimen was machined and deformed using a MTS tensile machine. Standard digital image correlation (DIC) was used to follow and precisely measure the deformation at each point of the sample surface and analyzed with the Ufreckles software [ RÉT 18]. Figure 5.6(b) shows the appearance of a strain gradient on the specimen. This may be due to displacement of the tensile specimen during the test, so the tensile test was not purely uniaxial. However, an area of interest was identified for characterization and comparison with the model. The tensile curve obtained with the DIC treatment gives higher stress values than those predicted by the hybrid model (Figure 5.6(a)). However, the microtensile machine used in the mechanical test is a "soft'' machine, which deforms along with the sample. In addition, the specimen can move during the tensile test, therefore the tensile test is not uniaxial and overestimates the stress applied during the deformation. The DIC method was used to determine the strain rate and avoid errors due to the microtraction machine.

EBSD map and grain selection

The data acquisition time required for clustering can be very long depending on the case (several hours) and therefore the analysed grains must be carefully choosen. The Hybrid-Model developed on DP600 steels considers the dislocation density initially contained in the ferrite grains (ρ f ) and adds a contribution from the deformation of the ferrite grains next to the martensite grains (ρ GN D ). It is therefore necessary to choose ferrite grains having a common interface with martensite grains. For this purpose EBSD maps were acquired. Martensite has the disadvantage of being indexed as ferrite on EBSD images, however on the Band Contrast map (Figure 5.7), the martensite grains appear dark (white arrows). Moreover, the martensite grains have the shape of small spheres surrounding much larger ferrite grains (yellow arrows).

The dislocation density ρ GN D can be measured on a characteristic dispersion length L F (5.11) up to several µm. In order to reduce the number of grains to be characterized, the choice is made on the large ferrite grains which have a common grain boundary with another ferrite grain and also a common part with martensite grains. For both samples (deformed and undeformed), four grains were chosen so that a dislocation density measurement could be made at three locations of these grains:

• at the level of the grain boundary with the neighboring ferrite ρ f -f ;

• at the grain boundary with the neighboring martensite grains ρ f -m ;

• at the center of the grain ρ c . These dislocation densities will be compared to those predicted by the model. The differences between the densities at the center of the grains and those near the martensite are expected to be close to those observed by Mathevon et al.. 

Results

R-ECCI Clustering

As mentioned in the previous section, three density measurements were made per grain. In Figure 5.8 the three density measurements are shown (ρ c at the center of the ferrite grain, ρ f -f at the grain boundary of two ferrite grains and ρ f -m at the grain boundary with martensite grains).

Figure 5.8: Illustration of the zones characterized with the R-ECCI method (in green) on ferrite grains (in blue) and near martensite grains (in red).

Figure 5.9(a) shows an example of the R-ECCI acquisition result at the center of an undeformed ferrite grain. In the BSE image, dislocations appear in white on a black background and a deformation contrast is observed. As in Chapters 2 and 4, the ferrite is deformed and dislocation appear diffuse, which adds to the difficulty of clustering. In addition, the dislocation density in the initial state is already high, so it was necessary to proceed in steps for postprocessing the data. A first density measurement was obtained by the clustering software on the complete image series. This value was then refined by using a mask to remove the parts where the loss of information was important. By superimposing the images obtained by the clustering software (Figure 5.9(b)), there are still areas where dislocations were only partially detected (yellow circles) and the formation of important clusters appears on the edge of the images (red arrows). In these conditions, the dislocation density measured at the center of the grain by the clustering method is ρ c = (7.9 ± 1.4) × 10 13 m -2 . Even if the dislocation density relies within the measurable range, the dislocation detection is not very convincing in this case, and does not seem to well describe the dislocation population. Therefore, an additional manual measurement of the density was performed on the image stack. Stacking all the images allowed to partially delete the contrast changes within the grains and obtain an image with an homogeneous matrix/dislocation contrast, for which an image analysis is rather possible.

The measurement obtained by the clustering method is high for this method and approaches 104 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Results the possible characterizable limits. In order to ensure that the measurements obtained by clustering are close to reality, a similar measurement was performed by hand. By plotting all the dislocations visible in red on Figure 5.9(a), it is possible to use the same formula as for clustering by counting the number of red pixels contained in Figure 5.9(c). The dislocation density measured is ρ c = (8.0 ± 1.5) × 10 13 m -2 . In the sample deformed at about 2%, the same data post-processing was used. However, the contrast changes near the grain boundaries become significant and impossible to remove with post-processing (Figure 5.10(d) yellow circle). This contrast is partly due to the deformation but also due to the presence of the grain boundary with martensite, since these significant contrast changes are not observed inside the grain or on the ferrite-ferrite interface (Figure 5.10(a)). In addition, the presence of martensite makes image acquisition more difficult. Indeed, martensite is magnetic and requires a fine tuning of the focus and astigmatism parameters for each image. Moreover, the acquisition time per image had to be increased to between 2 and 3 minutes to keep a good image quality, compared to 1 minute 30 seconds for the images of the undeformed sample. When detecting dislocations, large clusters appear near the image edge or grain boundary (Figure 5.10(b) and (e) yellow circle). Moreover, very clustered dislocations are detected as a single cluster (Figure 5.10(b) and (e) red arrow). The detection error is therefore too high, and clustering measurement are not reliable in this case. Indeed, clustering gives dislocation densities ρ c = (1.4 ± 0.4) × 10 14 m -2 for the ferrite-ferrite interfacial and ρ c = (1.3 ± 0.4) × 10 14 m -2 for the ferrite-martensite interfacial. These dislocation densities are high and close to the limit of what clustering can measure. therefore, a verification was performed manually by tracing all dislocations by hand (Figure 5.10(c) and (f)) and dislocation densities close to what clustering gave were obtained, ρ c = (1.3 ± 0.4) × 10 14 m -2 for the ferriteferrite interface and ρ c = (1.5 ± 0.5) × 10 14 m -2 for the ferrite-martensite interface. Even if the manual measurement is very close to the measurement obtained by clustering, it is important to point out that the clustering measurement is no longer reliable for these dislocation density ranges (< 10 14 m -2 ).

2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon The average values of the measured density are summarized in Table 5.2. In the measured grain set, the values obtained manually and by clustering have overlapping uncertainties. However, in the undeformed sample, the densities measured by clustering are systematically higher than the values obtained manually. On average, clustering finds 0.9 × 10 13 m -2 more than the manual value. However, this difference is no longer found in the values obtained for the deformed sample. These differences can be explained by the different areas that are either over-or undervalued by the clustering. Although the undervalued areas are larger in the distorted sample than in the deformed sample, the overvalued areas are also larger. However, the difference between these two types of areas may be negligible in the distorted sample since the undervalued areas are much larger than in the undistorted sample. 106 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon

Results

Ferrite grain underformed cluster manually ρ c (9.2 ±1.3) × 10 13 m -2 (8.0 ±1.2) × 10 13 m -2 ρ f -f (1.1 ±0.2) × 10 14 m -2 (9.9 ±1.5) × 10 13 m -2 ρ f -m (9.8 ±1.5) × 10 13 m -2 (9.0 ±1.3) × 10 13 m -2

Ferrite grain derformed at 2% cluster manually ρ

c (1.2 ±0.3) × 10 14 m -2 (1.0 ±0.3) × 10 14 m -2 ρ f -f (1.3 ±0.4) × 10 14 m -2 (1.4 ±0.4) × 10 14 m -2 ρ f -m (1.4 ±0.4) × 10 13 m -2 (1.3 ±0.4) × 10 14 m -2
Table 5.2: Average density value obtained on the undeformed and approximately 2% deformed samples. For the different positions ρ c , ρ f and ρ f -m . Chapter 5 -Validation of the R-ECCI Clustering method on a KME type mechanical model As ECCI imaging allows to measure all dislocations, ρ f -m will be comparable to the sum of ρ GN D and ρ f . The densities measured in isolated ferrite grains will be comparable to ρ f . However, it was not possible to find ferrite grains perfectly isolated from the martensite. Therefore, measurements were made in the same ferrite grains as ρ f -m but in different positions, close to the center (ρ c ) and close to the grain boundaries between two ferrite grains (ρ f -f ). The aim was to observe a measurement closer to ρ f or a potential deformation gradient caused by the presence of martensite (Figure 5.12). At the center of the grains, (Figure 5-13) the density measured in the ferritic grains is homogeneous with that at the ferrite martensite interface: ρ c = (9.2 ± 1.4) × 10 13 m -2 and ρ f = (10.0 ± 1.5) × 10 13 m -2 .

Comparison with the theoretical model

After deformation, the density measured at the grain boundary (Figure 5.13(a)) is higher than the one in the undeformed state, with ρ f -m = (1.4 ± 0.4) × 10 14 m -2 and still rather in agreement with the one calculated : ρ GN D + ρ C = 1.5 × 10 14 m -2 .

At the center of the grain (Figure 5.13(b)), the increase observed experimentally is in godd agremment with the increase derivated from the model. 

Discussion

The density experimentally measured and the one derived from the modelling are of the same order, which validates the model data. In particular, there is a very good agreement between the dislocation densities located at martensite/ferrite grain boundaries. The esperimental values are slighlty lower than the one measured, which is expected, as, for those density values, ECCI systematically leads to an underestimation (see. Chapter 4).

The width of the ferrite affected region due to the presence of martensite (L f ) was however measured to be slighlty larger than the one used in the model. In the model, it was calculated to be around 560 nm while observations revealed homogeneous dislocation densities over areas larger than 5-10µm.

The ECCI observations are in agreement with EBSD measurement previsouly made on this sample (Figure 5.14 [ MAT 20]), that indicate that some areas are affected over more than a µm ( The dislocation density in the center of the ferrite grains is homogeneous to the density found near the ferrite-martensite interface. The homogeneous dislocation density in the grain is in agreement with the observations made by EBSD in the undeformed sample. No significant difference in dislocation density was observed in the 2% deformed sample. At 2% of deformation, no deformation gradient is observed within the grains from those ECCI measurement, whereas it is present after 4% of deformation (see EBSD results) Moreover, the experimental increase in dislocation density seems slightly smaller than the one predicted from the model, but still within the measurement uncertainties.

Finally, the measurements and simulations are well in agreement, and do validate the experimental approach as well as the model used. It enhances the fact that it is of primary importance to well consider which population are imaged, and which one are considered into the modelling. Such density measurement could be used as input data in the model to fit those stress-strain curves. 110 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Conclusion

Conclusion

The experimental values of the density have been checked and re-measured by hand (see Figure 5.10 (c) and (f)) for safety and even if differences appear, especially for the deformed sample, they remain within the measurement uncertainty. It can be concluded that the measured dislocation densities are close to the values expected by the model, even the experimental conditions present limitations and important uncertainties for densities above 10 14 m -2 and cannot be used without a manual check.

It is difficult to conclude which density is closer to reality. The density obtained by the model is calculated from other internal variables and can give an approximate value. For the experimental values, other parameters come into play, such as the volume explored or the overlapping of dislocations. However, the model allows to reproduce very well the experimental curves. The volume used experimentally is in good agreement with other studies and the observations of chapter 2 allow to conclude that it is close to the optimized value. The fact of finding close values, whether by calculation or by imaging, is rather reassuring on the capacities of the R-ECCI method to characterize dislocation densities and to feed mechanical models, in the case of low dislocation density.

In this configuration, the use of the experimental values is not possible since the values obtained for the undeformed sample are very close to the simulated values and the deviation of the values in the deformed sample can be explained by the superposition of the dislocations and the loss of precision of the clustering for these density values. A third point of comparison at 1% strain would be ideal in Figure 5.11. This would allow us to determine if the trend of the curve is respected but with a shift in values which would imply a possible error in the determination of the volume analyzed. In the case where this new point is close to the theoretical curve, this would mean that the deviation at 2% deformation is due to the overlapping of dislocations.

Another possibility would be to repeat these observations on another sample, the DP1000. The simulated curves (Figure 5.5(b)) show differences with the experimental curves. This could allow measuring a dislocation density different from the one predicted by the model. In this case, it would be possible to apply the measurements obtained by R-ECCI Clustering to see if the model curves are close to the experimental curves.
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Conclusion and Perspectives Conclusion

The first objective of this thesis was to improve the method of automatic characterization of dislocations by the R-ECCI method and clustering and to bring precision on the limits and uncertainties of measurement. The change of algorithm and clustering strategy allowed to apply the method to deformed materials. The limit characterizable by the R-ECCI clustering method at the maximum of the order of magnitude of 10 14 m -2 and at the minimum of about 10 10 m -2 . The main sources of error are the explored volume and the superposition of dislocations. The uncertainty caused by the superposition and the apparent width of the dislocations evolves between 7 and 27% at most, depending on the observed density (Figure 2.11). This uncertainty does not consider the error made on the analyzed volume. Indeed, a change in the value of ξ g can lead to errors on the analyzed volume of 20 to 70%. The uncertainty on the volume remains the weak point of the method. However, the observations made in Chapter 3 show that the thicknesses observed in ECCI would be closer to 140 nm than the 60 nm announced in the literature. Therefore, the average depth used in Chapters 2 and 4 seems to be consistent with all the observations and measurements made.

The second objective was to compare the different dislocation density measurement methods commonly used (R-ECCI, TEM, XRD, EBSD and HR-EBSD). This study has allowed to highlight the strengths of each method and their field of application. The imaging methods (TEM and ECCI) seem to be particularly efficient on dislocation densities lower than 10 14 m -2 and on undeformed samples, whereas the indirect methods such as XRD and EBSD seem to be more efficient when the dislocation density is higher than 10 14 m -2 . The HR-EBSD method seems to be the most versatile and gives values close to EBSD for high densities but with lower uncertainties. It also keeps good correspondence with the imaging methods for lower densities. Nevertheless, the HR-EBSD method is more expensive in acquisition time and more constraining than the classical imaging methods. To summarize, the imaging methods seem to be the most accurate for low dislocation density (from 10 11 m -2 to 10 13 m -2 ), the XRD seems to be the most relevant for high density (higher than 10 14 m -2 ) and the HR-EBSD method seems to be the most versatile. The term σ R (which is the forest dislocation hardening or isotropic hardening) and has been calculated with the different values obtained for each method. Values of σ R far from the theory can be obtained if the wrong approach is used. Indeed, it is necessary to measure the initial density for the calculation and this gives an error of about 50% for the XRD against an error of about 5% for the imaging methods.

The third objective was to compare the measurements obtained with the R-ECCI clustering method with a mechanical prediction model. Chapter 5 compares the measurements obtained with the R-ECCI Clustering method on a dual phase 600 (DP600) steel with the values calculated 

Perpectives

To continue this study, many directions are possible to enrich the knowledge on ECCI imaging, improve the clustering algorithm and diversify it. The main ideas are developed below:

Algorithms

Initially, the clustering algorithm was shown to be robust enough to obtain dislocation densities accurately. However, poorly indexed areas can appear (cf figure 4.3 blue circles and yellow arrows). These indexing problems come in part from the contrast that varies on the images (figure 1.24). Indeed, this contrast varies according to the deformation but can also be disturbed by the grain boundaries as it is the case on the images figure 5.10(d) and (e) (yellow circle).

The results obtained via clustering could be improved via a new method of processing the profiles by defining different zones. This would allow to treat the more difficult to characterize areas with finer parameters, without overestimating the thickness of dislocations in the more visible areas. Currently, during processing, a compromise is regularly made between these two types of zone in order to have a maximum of elements detected by clustering without overestimating the dislocation density in the other zones.

During these studies, another problem related to the algorithm appeared, that of "fictitious grain boundaries". This problem comes from the construction of the algorithm. Indeed, to optimize the speed of data processing, groups of neighboring pixels with similar profiles are made. This step is important in particular to build the different grains contained in the images. However, this optimization parameter is still present during the clustering steps. When the dislocations are strongly packetized as shown on figure 5.15(a), the algorithm can make appear grains which have for grain joint the dislocations (5.15(c) red circle). In this case, dislocations are "excluded" from the clustering and are not considered in the calculation of the dislocation density. Although the problem is simple, its solution is not trivial. The optimization of the algorithm is necessary. Otherwise, the duration of the calculations could take several hours and make the parameter iterations impossible to perform quickly. There are several ways to solve this problem. First, defining different areas in which different detection parameters will be applied can solve this problem, since these dummy grain boundaries are located at a single point in the grain. However, this method could still limit the accuracy of clustering in these areas. A second option may be to modify the pixel clustering method with more accurate mathematical algorithms to improve the process.

Conclusion and Perspectives

Acquisition

In order to develop the method and its possibilities, one of the next important steps would be to determine the crystallographic orientation of the grain within the data treatment software. The orientation was achieved in Chapter 3 using the CHORD method but in post processing. If it were possible to obtain this orientation during the tests in a faster way, it would greatly facilitate the acquisitions. Indeed, when using the R-ECCI method, a fast acquisition at low magnification is performed (between 15 and 25 minutes) and a grain is chosen, generally the one with the most peaks in its intensity profile (sign of an orientation close to a zone axis). However, in a FIB sample, the choice of grain is very limited and it is possible to come across diffraction conditions that will Rapid orientation determination during the low magnification acquisition would allow the ECP to be obtained and new tilt and rotation conditions to be defined in order to achieve more accurate Two Beam conditions (Figure 5.16 blue circle dot green). Obtaining the orientation and the ECP directly after the acquisition of the series of low magnification images would not only allow to multiply the characterizable observation conditions (with using a double tilted object holder) but also to use the R-ECCI method for other studies, in particular in the framework of the electron tomography of dislocations [BAR 06] or the indexing of vector bursters. Indeed, the application of the electronic tomography of dislocations to the SEM would allow to be more representative of the material but also to go back to a 3D dislocation density and thus to remove the uncertainty due to the overlapping of dislocations (2D projection effect, cf chapter 2). To perform these acquisitions, it is necessary to obtain several images at different positions on the Kikuchi band, which would be possible with the acquisition of the live ECP.

Moreover, being able to obtain a 3D volume of dislocations in a material can be a good starting point and comparison for Dislocation Dynamics simulations. The SEM allows to observe dislocations in microtensile specimens, which allows to make different acquisition on the same grain at different stage of deformation and to compare it to the results of a simulation obtained by DDD (Discrete Dislocation Dynamics).

One method to improve automatic acquisition would be to use image correlation. Currently, Joël Lachambre and Cyril Langlois are using a method for lower magnifications. Their image correlation method allows automatic CHORD-type acquisitions down to a pixel size of about 11 nm. The series acquired during this thesis were obtained with pixel sizes of about 4 to 5 nm.
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Conclusion and Perspectives

However, for these pixel sizes, landmarks may be missing, which would require an additional step with a low magnification correlation. Doing so will result in much longer acquisition times for R-ECCI series, but manufacturers such as Tescan are improving instruments and detectors so that there are fewer problems with astigmatism and focus.

Uncertainty on the probed depth

Although the objective of chapter 3 was to specify the probed depth with the R-ECCI method, it was only possible to show that the depth is underestimated compared to those available in the literature and that the interactions between the different diffraction conditions (figure 3.10) also impact this value.

In order to obtain more precise information on the depth probed, one possibility would be to redo these analyses with a thin foil and to place oneself in the thickest possible grains and this for different diffraction conditions. Since the use of the CBED method allows us to obtain the local thickness in a precise way, the only difficulty is once again the ability of the R-ECCI method to find the orientation, to compare the right diffraction conditions and to find the same dislocations. Another possibility would be to use another material that has smaller values of ξ g than austenite, which leads to smaller depth explored with the ECCI method.

ECCI Image Simulation

In order to better understand the channeling contrast, the domain around the diffraction bands where the dislocations are visible and to determine the visible characteristics of the dislocations which are different depending on the sample (tortuous shape, more or less contrasted etc), it is necessary to go through simulation steps.

Several samples were tested in order to determine the most suitable (Copper, Steel, Nickel). Even if the choice was made for Duplex steel and its two phases (ferrite and austenite), series of images were acquired on copper and nickel. The result is the appearance of significant differences in the apparent thickness of dislocations (Table 5.3). Moreover, as shown in chapters 2 and 4, dislocations appear differently in austenite and in ferrite (which is also the case in copper and nickel).

Sample

Apparent The use of the elastic theory of dislocations allows to simulate the deformation of the perfect crystal induced by the presence of a dislocation (Figure 5.17). With this deformation field defined for all the components of the ϵ matrix, it would be interesting to implement them in the simulation of ECCI images. 

Plastic deformation and dislocation notion

There are two types of dislocation, the "screw" type (when ⃗ b and ⃗ u are collinear) (Figure A.3c) and the "edge" type (when ⃗ b and ⃗ u are orthogonal). For this last case, there is an additional half plane in the structure (Figure A.3b). However, in general, the dislocations are curved and their shape are complex. They can be considered as "edges" in some places and "screws" in others, or both at the same time. This last case is "mixed" and has edge and screw components.

The presence of dislocations in the structure will locally distort the crystal (the surrounded zone in Figure A.4, in the case of an edge dislocation). The dislocation generates a field of deformation and internal stresses in all the crystal. The closer to the dislocation, the more the atomic arrangement will be disturbed. This area is named the "core" and its size r 0 equals several times the norm of the Burgers vector ∥b∥. In order to describe the deformation field generated by a dislocation, the Hooke's law can be applied. At the dislocation core, this theory is not valid anymore, due to the discontinuity of the atomic planes. This law allows the evaluation of the stress generated by the dislocation.

If we consider a purely "screw" dislocation, oriented along the axis and the height of a cylinder (Figure A.5). We can write the displacement along u z , in polar coordinates, as follows:

u z (r, θ) = b 2π θ (A.2)
The resulting stress from this displacement is given by the following equation [FRI 64]: With µ the Shear modulus, approximately equal to 80 GPa for metals. The "screw" dislocations only cause shear stresses. This is not the case for an "edge dislocation", as shown in S 0 is the surface of the sample, θ the angle between the direction of the stressing force F and the slip plane considered and the angle between the stressing force F and the normal to the slip plane.

The Schmid factor is the term cosθcosχ for the plane system that we are considering. With the equation (A.9), we can calculate the necessary macroscopic stress to activate the desired slip system as a function of the angle of application of the external force F. We can also see that the movement of the dislocations in their slip plane will not be collinear with the applied force (except in special cases) and it shows that the plastic deformation is anisotropic.

The applied force and the associated stress to move into the plastic domain is modeled by the Von Mises criterion. This criterion does not consider hydrostatic stresses and only considers plastic deformation. The plastic domain is defined as:

f (σ) = σ V M -σ c > 0 (A.10)
σ V M is the equivalent stress in the sense of Von Mises and σ c is the material's elastic limit (Figure A.1). The equivalent constraint in the sense of Von Mises is :

σ V M = [(σ 1 -σ 2 ) 2 + (σ 2 -σ 3 ) 2 + (σ 3 -σ 1 ) 2 ] (A.11)
σ 1 , σ 2 and σ 3 are the principal stresses, in the principal coordinate system, the orthonormal coordinate system where the stress tensor is diagonalized.

The elastic limit σ c is not a fixed value. It will depend on the history of the material and on its microstructure. For example, during a tensile test, we can determine the elastic behavior of a material and the evolution of this limit. The purpose of this test is to measure the elongation 126 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Link between dislocations and mechanical properties of the material, as a function of the applied force and to convert these measurements into deformation and stress. If we conduct several tensile tests on the same sample, we can see that its elastic limit increases with the number of cycles (see Figure A.7). This phenomenon is due to the hardening of the material (or work hardening). The hardening is due to the difficulty of deforming the material because of dislocations that locks one another: the more the stress increases to continue to deform the material the more the hardening is important. This phenomenon depends on the previous deformation state of the material when the stress is applied. ⃗ I is the direction of the total wave (scattered) and ⃗ I 0 the directing vector of the incident wave.

To know how the planes of a crystal will diffract we need the distance d hkl between crystalline planes, which composes it because our path difference δ is proportional to this distance. In addition, in order to demonstrate the diffraction of a crystal lattice easily, we cannot use the direct lattice. This is due to the fact that a plane is defined by its normal and that the normal to a plane (hkl) is not h.⃗ a + k. ⃗ b + l.⃗ c. This is why we use the reciprocal lattice (or "dual" lattice in mathematics), which is also called the "normal to the plan" lattice. The use of the reciprocal lattice is also justified by the fact that the immediately accessible information is normal to the plan and not the directions (direct lattice).

The reciprocal lattice is a difficult mathematical concept. It corresponds to a point lattice, like the direct lattice. However, this is not an atomic site but an association of planes in the crystal. Although it is more abstract, the reciprocal lattice is just as real as the direct lattice.

We can write any vector ⃗ r * of the reciprocal lattice as: The reciprocal lattice is similar to a phase space also called wave vectors. This space, although abstract, is very useful because the wave vectors have the specificity of being the eigenvectors of the different linear and homogeneous transformations. In our case, it allows us to have access to the normal plan.

⃗ r * = n 1 ⃗ a * + n 2 ⃗ b * + n 3 ⃗ c * (B.
A simple way to obtain the diffraction condition is ∥⃗ g∥ = δ λ = 2 sinθ λ and we can rewrite φ as:

φ = 2π⃗ r.⃗ g (B.5)
With ⃗ r is the vector of the direct lattice between atoms A and B.

For the diffracted wave to be in constructive interference, the phase shift must follow some conditions called "Laue conditions": It is important to note that the diffracted intensity depends on where the Ewald sphere cuts the relrods. The deviation from the exact Bragg conditions can be represented by a deviation vector ⃗ s, which connects the center of the relrod to the Ewald sphere. 

B.3 Diffraction in TEM

It is important to clarify the role of one of the electromagnetic lenses contained in the microscope (which has the same properties as a conventional optical lens), the objective lens that is located after the sample. This lens has two functions. The first is to make an enlarged image of the object. In Figure B.6, the beams parallel to the optical axis emitted by points A 0 , A 1 and A 2 on the object will cross at the image focus point of the lens, before forming a magnified image on the image plane of the lens. The sample will emit several types of beam. The beams that are emitted parallel to the optical axis will meet to form the central spot, later called the transmissive spot. But part of the beam arriving on the sample will be diffracted by the different crystal planes. These crystalline planes will deflect the incident beam from a different angle θ resulting in several diffraction spots in the focal plane of the lens.

It is then important to understand, from this diffraction picture, how the crystal has diffracted, in order to be able to link the observation of a dislocation type defect to its sliding system but also to be able to orientate itself.

Each spot corresponds to a different diffraction condition (Bragg condition) that is allowed to the electrons leaving the sample. As a reminder, the diffraction plane is a map of the directions normal to the diffraction plane, it is then possible to relate the distance separating the central spot to a spot by the diffraction vector ⃗ g hkl associated with the (hkl) planes in diffraction condition. Many software programs (JEMS, Electron diffraction, etc) allow to index diffraction plates in this way. In order to predict the mechanical behavior of metallic materials, it is important to determine several physical quantities, including the dislocation density which has a major impact on mechanical properties. Recent work has shown that it is possible to make these observations using a Scanning Electron Microscope. Indeed, this method has the advantage of being applied on bulk samples and of allowing the observation of larger areas. However, a sample orientation step is necessary, and the image processing is done manually. This makes the approach long and tedious. The R-ECCI method is based on the acquisition of a series of images at different rotation angles and allows to avoid the sample orientation step. An intensity profile is obtained, which is representative of the nature of the considered pixel (dislocation, defect or matrix).

The objective of this thesis project was to develop a method of automatic characterization of the dislocation density, using a clustering type algorithm applied on the profiles. The images are processed in an automated way and the dislocation density is calculated. The first part of the project focused on the development of the image acquisition methodology and the data processing software and allowed to determine the limits and the strengths of the method. In a second part, a quantitative comparison with existing measurement methods (TEM, DRX, HR EBSD ...) was performed. In addition to the fact that each of these methods does not detect the same populations of dislocations, complementary results in terms of limits of detectability have been obtained. Finally, results obtained on a known alloy were compared to those obtained by a micro-mechanical prediction model, and a good compromise was found, which allows to validate the global approach of R-ECCI. 
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  Figure 1.2: Frank-Read source (left) and annihilation of dislocation (right) [BAR 14].
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 20222 Figure 1.3: Crystal sheared by the movement of a dislocation. (a) full view of the crystal (h is the height of the crystal), γ p is the angle of shear, b the Burgers vector, d the length of the crystal and l d the mean free path. (b) zoom on the lower part of the crystal [BAR 14].

Figure 1

 1 Figure 1.4: Stress-Strain curve of a nickel-based alloy (NY690) as a function of the strain rate at 750°C (a) and as a function of temperature with a strain rate 10 -4 s -1 (b) [BLA 16]
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 2022 Figure 1.5: Diagram of the different arrangements of dislocations in a material

Figure 1 . 6 :

 16 Figure 1.6: Example of one of the procedures used for dislocation density measurements, the line-intercept method: (a) random lines are superimposed on a Scanning in TEM (STEM) image taken from a deformed 10 µm diameter microsample; (b) marks are placed at each point where dislocation intersects a line, by D.M. Norfleet et al. [NOR 08]

  2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de LyonChapter 1 -State of the art: plasticity and experimental characterization diffracted under the same conditions as the diffraction spot isolated by the diaphragm.

Figure 1

 1 Figure 1.7: (a) Image obtained under Bright-Field (BF) conditions and (b) Dark-Field (DF) conditions [HUA 98].Image obtained in an alloy of Al-4.0Cu-0.3Mg-0.4Ag. In Bright Field mode, the transmitted beam is selected, while in Dark Field mode a diffraction pattern is selected. In this case the diffraction spot of the precipitates was selected, the precipitates appear white, and the matrix dark.
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 2022 Figure 1.8: (B) zooms in on the area near the heart of the dislocation, in grey on image (A) [WIL 96]

Figure 1

 1 Figure 1.9: Diagram of a diffraction pattern in normal condition (a) and in two beam condition (b).

Figure 1 .

 1 Figure 1.10: (a) Scheme of formation of Kikuchi plates [SCH 09] (b) Exemple Kikuchi plates obtained [FAR 08]

Figure 1 .

 1 Figure 1.11: Relationship between the orientation of the Ewald sphere and the position of the Kikuchi lines for the 0(g) (A and B) and g(3g) (C and D) diffraction conditions. The two pairs of diagrams are related by tilting the beam; the specimen has not tilted so the position of the Kikuchi lines is unchanged [WIL 96]

Figure 1 .

 1 Figure 1.12: plate comparison obtained with (A) the Weak Beam Dark Field (WBDF) method and (B) the Brigth Field (BF) method [WIL 96]

Figure 1 .

 1 Figure 1.13: Schematic representation of the crystal thickness measurement based on the CBED technique. The top panel is a typical simulated CBED pattern and the bottom panel is a rocking curve projected from the rectangular region on the CBED pattern [HON 17]

  and al. in 1962 [HIR 62]. It was confirmed experimentally by Coastes in 1967 [COA 67]. This phenomenon is due to the angle between the incident beam and the crystal orientation (see Figure 1.14).

Figure 1 .

 1 Figure 1.14: Schematic representation of the channeling phenomenon. (a) the angle between the atomic columns of the crystal and the electron beam is different from zero. (b) the electron beam is aligned with the atomic columns of the material, the channeling phenomenon occurs [JOY 82]

  .15.

Figure 1 . 15 :

 115 Figure 1.15: Example of ECC-image of dislocations in a bcc Fe-3% Si alloy. (a) Overview of the whole grain tilted into two-beam conditions, acceleration voltage 30 kV, WD 7.3 mm. (b) Simulated electron channeling pattern for the applied diffraction conditions. (c) A highly magnified ECC image of the area marked by dashed lines in (a) with several visible dislocation [ZAE 14]
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 2022 Figure 1.17: Kinematic simulation for a ferrite crystal and an incident beam of 15kV. Simulation performed with the ESPRIT DynamicS software (Bruker) [LAF 20]

Figure

  

Figure 1 . 18 :

 118 Figure 1.18: Dynamic simulation for a ferrite crystal and an incident beam of 15kV. Simulation performed with the ESPRIT DynamicS software (Bruker) [LAF 20]
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Figure 1 .

 1 Figure 1.19: Diagram for deflection-focusing méthod of selected area scanning [VAN 71]

  Figure 1.20(a) shows the illustration of the set-up proposed by Gutierrez-Urrutia et al. [GUT 09]. Two configurations are used:
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 2022 Figure 1.20: (a) Schematic illustration of the set-up for ECCI in SEM under controlled diffraction conditions. (b) ECCI of a mechanical twin under controlled diffraction conditions with the matrix bright and the twin dark. Simulated diffraction patterns of the crystal matrix (c) and twin (d) [GUT 09]

Figure 1 .

 1 Figure 1.21: Simulated ECP for FCC structure from EMSoft. Green dots show the potential Kikuchi lines that will be intercepted for a tilt angle of 6.5°[L'H 19]

Figure 1 .

 1 Figure 1.22: (a) ECCI image acquired on a ferrite sample. The black arrow represents a pixel of the matrix and the red arrow represents a pixel of a dislocation. (b) gives the intensity profiles of the two selected pixels of the image (a) with the same color code. The blue arrow shows one of the local minimums which is one of the conditions for observing dislocations.

  [CAZ 19]. The procedure is detailed in Chapter2, and the main steps are the following. The clustering is divided into two steps. The first step consists of partitioning 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Chapter 1 -State of the art: plasticity and experimental characterization [CHE 96][JAI 99][JAI 10

Figure 1 .

 1 Figure 1.23: (a) Clustering of the mini-series used to partitioning the different grains (clusters) and (b) defect classified within the selected cluster [CAZ 19]
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Figure 1 .

 1 Figure 1.24: Example of a BSE image acquired with an acceleration voltage of 20 kv, an aperture of 120 µm, and a pixel size of 4.5 nm and obtained on a 35% deformed austenite grain. The important disorientation in the grain generates three different zones: (a) a zone where the dislocations are in observation conditions; (b) the disorientation of the grain moves away from the observation conditions, which reduces the contrast between the dislocations and the grain; and (c) the observation conditions of the dislocations are lost, and the dislocations are no longer visible.

  EBSD is mostly used to characterize microstructures through orientation maps. Indeed, GND density is then computed from the local crystal curvature (through the local disorientation θ) and the map step size [NYE 53],[EST 84],[SUN 00],[ELD 03],[PAN 08]. Although common, this approach is questionable. The uncertainty on the crystallographic orientations limits the sensitivity on GND densities, the resulting disorientation axis being significantly imprecise for low disorientation angles [PRI 99]. Weighed Burgers vector method proposes to consider a kind of Burgers circuit in order to reduce the imprecision at low disorientation angles [WHE 09], but only three components of the curvature tensor are considered and the contribution of elastic strain is also neglected. The latter is nevertheless a reasonable assumption in plastically deform metals [WIL 10],[ERN 20b][28,29], but not at slightly disoriented materials such as in GaN single crystals[ERN 20b]. Another method, High (angular) Resolution EBSD (HR-EBSD), based on the acquisition of EBSD orientation maps has been developed in the ATEX-software [BEA 17] (developed at the University of Lorraine). The HR-EBSD technique was developed under the impetus of Wilkinson et al. [WIL 06] and recently experienced a revival with the emergence of global image registration approaches [VER 18],[RUG 18],[SHI 19], like the method used in this study [ERN 20b],[KRÖ 58]. All these methods apply digital image correlation techniques to a pair of Kikuchi patterns in order to measure their relative displacement field with subpixel accuracy.
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 2022 Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Characterization of Dislocation density This was experimentally confirmed by a direct comparison TEM / XRD measurements made on copper single crystals by Ungar et al [UNG 84]. In the context of X-ray Diffraction (XRD) it is quite difficult to determine which density is observed. Many observations and studies of dislocation density do not specify whether it is GND, SSD or the sum of the two that are observed [LEE 14][DIN 10]. Some studies indicate that it is the SSDs that are observed by XRD [SHA 20] [WAU 15], while other studies show that the GNDs contribute, in a high proportion, to the diffraction peak profiles [ZRI 19]. Moussa et al.
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Figure 2

 2 Figure 2.1: BSE image extracted from the series acquired on different grains. For each image, the dislocation lines are visible in white on a black background. Each image was acquired with an acceleration voltage of 20 kv with a pixel size of 4.5 nm and an aperture of 120 µm. (a) Undeformed ferrite grain. (b) Undeformed austenite grain. (c) 10% deformed ferrite grain. (d) Austenite grain deformed at 3%, where dislocations are visible.

Figure 2

 2 Figure 2.2: Illustration of the analysis parameter "bin size'' with a value of 2, 3, 4, and 5, respectively. The analyzed pixel is shown in light blue, and its neighbors are shown in deep blue.

  Figure 2.3(b)). 38 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon

Figure 2 . 3 :

 23 Figure 2.3: Example of "Features" map obtained from a series of BSE images of an undeformed austenite grain. (a) BSE image where dislocations appear in white on a black background. (b)Corresponding "Features" map obtained with the profile analysis, which shows in green all the intensity profiles that differ from those of their neighbors. This map was obtained with a bin size of 5 and a threshold d t equal to the 77th percentile of d b (i, j)

Figure 2

 2 Figure 2.4: (a) BSE image of dislocation contained in an undeformed ferrite grain obtained at an accelerating voltage of 20 kv. (b) Intensity profile of the matrix (in black) of a dislocation pixel (in blue) and of a black point (in red) without normalization. The green arrows represent conditions where dislocations are visible in white on a black background. (c) The same intensity profile as (b) with normalization.

  40 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Adaptation of the clustering algorithm for distorted grains • For all

Figure 2

 2 Figure 2.5: Example of Cluster Map obtained on an undeformed austenite grain. (a) The grain appears in dark blue while the areas of interest or potential defects appear lighter in this area (yellow arrows). (b) Illustration of the "Matrix Margin'' (Bm neighbors) zone that appears in white and that is used to calculate the local average value of the grain for comparison with the different pixels contained in the zone of interest (red arrow). Cluster map obtained with b m = 30 pixels, ε D = 40th percentile. The objects composed of less than 5 pixels were excluded.

Figure 2

 2 Figure 2.6: Example of clustering result (b) with the corresponding BSE image (a), where dislocations are shown in white on a black background. The clustering result shows the pixels detected as dislocations in green on a black background. Some well-defined dislocations on the BSE image (red arrows) appear with large thicknesses in (b) while more diffuse dislocations have comparable thicknesses (yellow arrow).
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 2 Figure 2.7: BSE image acquired on a ferrite grain deformed at about 3%. For each image, the dislocation lines are visible in white on a black background. Each image was acquired with an acceleration voltage of 20 kv, an aperture of 120 µm and an acquisition time of 3.7 minutes. (a) Ferrite grain observed with a pixel size of 4.5 nm. (b) Same area as image (a) but with a pixel size of 2.25 nm. Dislocation widths were measured perpendicular to the dislocation line. The red lines represent examples where identical widths were measured.

  Figure 2.8: (a) Clustering image of an undeformed ferrite grain, where dislocations appear in green on a black background. The dislocation density measured on this grain is equal to 5.8 × 10 12 m -2 . (b) Clustering image of a 3% deformed austenite grain, where dislocations appear in green on a black background. The dislocation density measured on this grain is 5.7 × 10 14 m -2

Figure 2

 2 Figure 2.9: (a) Example of dislocation (in blue) obtained with a random direction in a threedimensional volume and a red dislocation that is almost perpendicular to the (X,Y) plane. The simulated volume is comparable to the experimentally explored volume. (b) Projected image of the volume on the (X,Y) plane with the dislocation almost perpendicular to the surface, which appears as a point (red circle).

  Figure 2.11: Representation of the real dislocation density, obtained in a three-dimensional volume, as a function of the apparent density obtained on a projected image of the volume. The divergence that appears comes from the overlapping dislocations.

  Figure 2.13: Representation of the real dislocation density, obtained in a three-dimensional volume, as a function of the apparent density obtained on a projected image of the volume (black curve). Real dislocation density as a function of the density measured by the number of dislocations N divided by the projected image area for two configurations: dislocations parallel to the surface (blue curve) and perpendicular to the surface (red curve).

  Figure 2.14: Representation of the dislocation density measured for two different grains: a nondeformed ferrite grain and a 3% deformed austenite grain. The measure of dislocation density obtained by clustering (in green) is compared with another measure (in blue) taken directly from the images, which consists of dividing the total number N of dislocations visible on the image by the surface of this image.

  [SIM 96],[Já 18], or by combining TEM and SEM observations of the same sample. Picard et al. [PIC 14a] simulated ECCI images as a function of the explored thickness. A comparison between simulated and experimental images could help to specify the explored volume for this orientation. Moreover, the data treatment procedure could be improved by taking into account the nature of the Kikuchi bands crossed, which is theoretically possible as each intensity profile is a signature of the orientation [LAF 18]. 54 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Conclusion
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  [GUT 12] for diffracting vectors of type (110) and (200) and an acceleration voltage of 10 kV for steel. Zaefferer et al. realized simulations in duplex steels and found depth around 100 nm for a diffracting vector (111) for austenite. It corresponds to about 3ξ g [ZAE 14]. More recently, Yamasaki et al. [YAM 21] 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon

Figure 3 . 1 :

 31 Figure 3.1: Ilustration of probed depth in TEM (a) and SEM (b).

  Figure 3.2: Thin Foil observed by TEM (a) and SEM (b) with a dislocation in red. Projected image of the thin foil where the red dislocation is fully visible in TEM (c) but partially visible in SEM (d).

Figure 3

 3 Figure 3.3: (a) BSE image of a FIB thin foil of a duplex sample. Red zone: selected austenite grain near a zone axis (b) Inverse Pole Figure (IPF) along the axis normal to the selected grain. The grain was chosen because it is located between the white area (green arrow) and the black area (yellow arrow) which are difficult to image.

60 2022 -

 2022 Figure 3.4: Simulation of the ECP of the austenite grain (red zone figure 3.2) obtained with Emsoft [SIN 17][GRA 19] showing the analysed rotation path associated with the R-ECCI method.

Figure 3

 3 Figure 3.5: (a) TEM-acquired BF image of the selected austenite grain in two beam condition ( ⃗ g 220 ). (b) Associated Diffraction patterns of the [111] zone axis of grain (a).

Figure 3

 3 Figure 3.6: BSE image acquired on an austenite grain contained in the thin foil. (a) raw image (b) image after processing. the red arrows show a curtaining effect from FIB and the red circle shows that this effect disturbs the imaging of the dislocations even on the sharp images (blurred dislocation and less contrast).
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 2022 Figure 3.7: (a) TEM image acquired on the bottom of the austenite grain. (b) BSE image acquired on the austenite grain. Due to the different tilt angle used, the apparent width of the grain was slightly different using both methods. The yellow rectangle on the right image represents the part imaged with TEM

Figure 3 . 8 :

 38 Figure 3.8: Comparison of apparent dislocation lengths between SEM (a) and TEM (b) images for the same diffractant vector ⃗ g 111 on the same grain. Shows that the apparent lengths of the dislocations are almost always close.

Figure 3

 3 Figure 3.9: Comparison of the apparent length of dislocations between SEM (a) and TEM (b) images for the same diffraction vector ⃗ g 220 .

Figure 3 .

 3 Figure 3.10 shows two images taken with the diffracting vector ⃗ g 220 for two different angles (about 230 • and 117 • ). Normally the same dislocations should be observed however on figure 3.10(b) additional dislocations are visible. This could be caused by an additional diffraction effect from the (111) band.

Figure 3 .

 3 Figure 3.10: BSE image of the ⃗ g 220 vector obtained for two different angles (about 230(a) and 117°(b)). Additional dislocations are visible on figure (b) whereas the two images should be identical.
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  [ERN 21]. The reader is also referred to chapters 3 to 5 in [ERN 20a] for all details. The Nye's dislocation tensor is computed according to the Nye-Kröner theory [NYE 53],[KRÖ 58]: α = curlε + tr(k e ).I -k T e , (4.3)
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 4 Figure 4.1: TEM image acquired on different grains. For each image, the dislocation lines are visible in black on a white background. (a) Undeformed austenite grain. (b) Austenite grain in sample deformed at 5%. (c) Austenite grain in sample deformed at 10%. (d) Undeformed ferrite grain. (e) Ferrite grain in sample deformed at 5%. (f) Ferrite grain in sample deformed at 10%.

  Figure 4.2: BSE image acquired with an accelerating voltage of 20 kv, aperture of 120 µm and pixel size of 4.5 nm. (a), (c) and (e) show respectively three austenite grains present in an undeformed, 5% deformed and a last 10% deformed sample. Similarly, images (b), (d) and (f) show respectively three ferrite grains present in an undeformed, 5% deformed and a last 10% deformed sample.

  Figure 4.3(d), and a local underestimation of the density is expected. Moreover, in some other area, the large amount of 78 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon

Table 4. 3 :

 3 Figure 4.3: BSE images acquired with an acceleration voltage of 20 kv, an aperture of 120 µm and a pixel size of 4.5 nm. (a), (c) and (e) show respectively an undeformed austenite grain (a), a ferrite grain present in a sample deformed at 5% (c) and an austenite grain present in a sample deformed at 10% (e) The images (b), (d) and (f) show the results obtained by the clustering algorithm where the detected dislocations appear in green and the densities thus measured on the grains (a), (c) and (e) respectively. Only the pixels in the red box (b) and (d) were considered for the calculation of the dislocation densities. The blue circles show the areas where information was lost and all dislocations are not or partially detected. The yellow arrows show the areas where dislocations are detected but much thicker than in the BSE images.
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 2022 Julien Gallet -Lab. MATEIS and LAMCOS -INSA de LyonResultsAcquisition time was indeed limited to around 23 min per map, since the high sensitivity of the HR-EBSD technique can make image drift becoming visible for longer acquisitions.In a first time, orientation mappings are post-processed in a standard way by assessing the norm of the Nye tensor from Euler angles. The so-obtained GND density maps are shown in Figure4.4, bottom row, and they will be further discussed in the light of HR-EBSD measurements.

Figure 4 . 4 :

 44 Figure 4.4: Example of EBSD phase maps (top line, with austenite in red and ferrite in blue) obtained on undeformed, 5 and 10% deformed steel samples. Norm of Nye tensor map obtained by EBSD (bottom line).

Figure 4 . 5 :

 45 Figure 4.5: Example of EBSD map (top line) obtained on undeformed, 5 and 10% deformed steel samples. GND-map obtained by HR-EBSD (bottom line).
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 2022 Figure 4.6: (a) Virtual forescatter electron diode image computed form the Kikuchi patterns stored for the HR-EBSD analysis. (b) Relative rotation around the second axis of the sample frame. These rotations are computed from Euler angles, relatively to a reference point within each grain (spotted by a white cross).

  XRD diffractogram obtained for 0%, 5% and 10% deformed samples are presented on Figure4.7.

Figure 4

 4 Figure 4.7: Experimental XRD diffractograms for 0%, 5% and 10% deformed samples.

  Figure 4.8: Grain pattern with several cases of dislocations observable: dislocation cluster, isolated dislocation, dislocation cell, dislocation cluster present in particular planes. (a) Real case, (b) Illustration of dislocations analyzed by XRD and the crystallite size used. (c) Illustration of dislocations analyzed by TEM/ECCI imaging methods. (d) Two cases illustrating what the HR-EBSD method can distinguish according to the pixel size used (very fine pixel size on the left and a larger pixel size on the right).

  Figure 4.9: Comparison of dislocations densities measured with XRD, TEM, HR-EBSD, and R-ECCI for (a) austenite and (b) ferrite, in the undeformed, 5% and 10% deformed samples.

  Figure 4.10: Comparison of measured dislocation densities as a function of strain. With ρ SSD , the average of measurements obtained with XRD,TEM and SEM imaging, ρ GN D the measurement obtained with HR-EBSD and ρ total the addition of ρ SSD and ρ GN D . For (a) austenite and (b) ferrite, in the undeformed, 5% and 10% deformed samples.
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Figure 5 . 1 :

 51 Figure 5.1: Experimental results of tensile tested dual-phase steel grades: (a) stress-strain diagrams for different martensite volume contents and (b) 0.2% yield strength (Rp0:2%) over the martensite volume content by U. Liedl et al. [LIE 02]
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Figure 5 . 2 :

 52 Figure 5.2: Model calibration for ferritic steels with grain sizes ranging between 3.5 and 22 µm: stress evolution during tensile test [MAT 20]

Figure 5 . 3 :

 53 Figure 5.3: Comparison between experimental data and modelling. Effect on the tensile properties of the manganese content (a) and prior austenitic grain size (b) [MAT 20].

Figure 5 . 4 :

 54 Figure 5.4: Scheme describing the characteristic length L f of the martensitic island interaction zone within ferritic grain [MAT 20]. With L f the characteristic dispersion length of Ashby GND
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  Figure 5.5(a)). The experimental observations and the good reproduction of the mechanical properties show the importance of the term ρ GN D in the prediction of the mechanical model, validating the hypothesis of the deformation incompatibility between the phases.

Figure 5

 5 Figure 5.5: (a) Comparaison of simulated tensile and experimental curves with hybrid law for DP600 (b) Comparaison of simulated tensile and experimental curves with hybrid law for DP1000 [MAT 20]
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Figure 5

 5 Figure 5.6: (a) Comparaison of experimental and simulated tensile curves with hybrid law. (b) Image obtained by DIC on the DP600 steel sample at the end of the tensile test.
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Figure 5 . 7 :

 57 Figure 5.7: Band contrast obtained on DP600 samples. (a) Undeformed sample with grains 1 and 2 selected and examples of ferrite grain (yellow arrows) and martensite grain (white arrows). (b) and (c) Selection of grains 3 and 4 in the deformed sample.

Figure 5

 5 Figure 5.9: Ferrite grain in the undeformed sample. (a) Sum of BSE image stack acquired at the center of the grain with a voltage of 20kv and a pixel size of 4.5 nm. (b) Image from clustering showing dislocations detected in green.(c) Sum of BSE image stack where dislocations were manually drawn in red.

Figure 5 .

 5 Figure 5.10: Ferrite grain in the sample deformed to about 2%. (a) Sum of BSE image stack acquired at the ferrite-ferrite interface and (d) at the ferrite-martensite interface with a voltage of 20kv and a pixel size of 4.5 nm. (b) and (e) Images from clustering showing dislocations detected in green. (c) and (f) Sum of BSE images stack where dislocations have been manually drawn in red.

  The hybrid model (My-MCF) developed byMathevon et al. [MAT 20] uses two distinct densities ρ f (density in ferrite due to deformation) and ρ GN D (density in ferrite due to the presence of martensite). The density ρ GN D induced by the martensite formation located at the grain boundaries. Figure5.11 shows the evolution of ρ f and ρ GN D during deformation. Both densities are internal variables that are calculated and originates from the input data ( stress strain curve, microstructural data, and variables chosen).

Figure 5 .

 5 Figure 5.11: (a) Comparaison of simulated tenisle and experimental curves with hybrid law for DP600 [MAT 20]. (b) Evolution of the total dislocation density (black curve), the dislocation density in the ferrite alone (green curve) and in the GND due to the presence of martensite (blue curve).

Figure 5 .

 5 Figure 5.12: Illustration of the zones characterized with the R-ECCI method (in green) on ferrite grains (in blue) and near martensite grains (in red) and the correspondence with the values simulated by the model of Mathevon et al. [MAT 20]
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 2022 Figure 5.13: Comparison of dislocation density for different positions in a ferrite grain as a function of strain. (a) ρ f -m obtained with R-ECCI near the common grain boundaries with martensite, measurements of ρ f and ρ c obtained with R-ECCI near grain boundaries in common with other ferrite grains and at the center of the ferrite grain compared with the total density values (ρ f + ρ GN D ) obtained by the Hy-MCF model.

  Figure 5.14: (a-c) IPFZ colour maps and (d-f) Kernel Average Misorientation (KAM) maps of EBSD observation made on the DP600 steel with 41% martensite for three 2 deformation values (0%, 4.5%). (For interpretation of the references to colour in this figure legend, the reader is referred to the Web version of this article [MAT 21]).

Figure 5 . 15 :

 515 Figure 5.15: Highlighting of the dummy grain boundary problem. (a) EBSD map obtained on an austenite grain in a 3% deformed duplex steel sample. (b) clustering result obtained on (a) with optimized parameters. (c) cluster map obtained on (a) with fine parameters that confuse dislocation clusters with grain boundaries. (d) clustering results obtained on (a) with the parameters of (c) where dislocation clusters contained in the red circle have disappeared from the clustering.
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 2022 Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Conclusion and Perspectives be difficult to image (for example by being too close to another diffraction band (Figure 5.16, yellow circle green dot).

Figure 5 . 16 :

 516 Figure 5.16: Simulation of the ECP of the austenite grain obtained with Emsoft [SIN 17] [GRA 19] showing the analysed rotation path associated with the R-ECCI method.
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 2022 Figure 5.17: Elasticity field around a dislocation dipole in an austenite sample. The shape of the deformation field at 1% of the maximum deformation (at the core of the dislocation) is represented in black and in dotted lines

Figure A. 4 :

 4 Figure A.4: Distorsion area [MES 10].

  Figure A.6: Schmid's law. Projection of the traction force applied on a slip plane (with a resolved split in a sliding direction) [HAU 89].

Figure A. 7 :

 7 Figure A.7: Tensile test cycle at constant temperature and strain rate, for two samples of nickelbased alloy put under Solid Solution (SS) and with Fully Precipitates (FP) [BLA 16].

Figure

  Figure B.2: The Bragg description of diffraction in terms of the reflection of a plane wave (wavelength ) incident at an angle to atomic planes of spacing d [CAR 16].

  2) ⃗ a * , ⃗ b * and ⃗ c * are the basic vectors of the reciprocal lattice. Their directions are defined by the following relationships:⃗ a * ⃗ b = ⃗ a * ⃗ c = ⃗ b * ⃗ c = ⃗ b * ⃗ a = ⃗ c * ⃗ a = ⃗ c * ⃗ b = 0; (B.3)This means that, for example, ⃗ a * is in a normal direction to ⃗ b and ⃗ c. Their lengths are defined by the following relationships: 130 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon Notion of diffraction ⃗ a * ⃗ a = 1; ⃗ b * ⃗ b = 1; ⃗ c * ⃗ c = 1; (B.4)

  Figure B.3: Diagrame of the Ewald sphere [?].

Figure B. 5 :

 5 Figure B.5: Diffracted intensity as a function of the Bragg deviation vector s [CAR 16].

  Figure B.6: Diagram of operation of the obejctive lens.
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  method, called Accurate-ECCI (A-ECCI), developed by Mansour et al. [MAN 14], is based on the live collection of High Resolution SACP (HR-SACP) and simulated EBSD images. It was efficiently used to characterize dislocations in a polycrystalline steel [MAN 14].

Table 4 .

 4 2: Mean value of the dislocation density m -2 obtained on ferrite and austenite grains for different strain rates with intercept method

  Conclusion and Perspectivesfrom a mechanical model. The dislocation density values obtained in the undeformed and slightly deformed sample showed that the R-ECCI Clustering method can measure consistent values that can be implemented in mechanical prediction models. However, it is important to note that a model developed with EBSD data will be different from a model developed with ECCI data, due to the difference in measurement methods.
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Table 5 .

 5 3: Apparent width of dislocations present in different materials.
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Appendix A

Dislocation and mechanical properties A.1 Plastic deformation and dislocation notion

When a material is deformed under a mechanical stress, it is possible to plot the evolution of this applied uniaxial stress, σ, on the material as a function of the deformation ϵ (Figure A.1). The material then passes through two distinct domains. The first is the elastic domain, which is linear for the metallic material and reversible. The second domain is the plastic domain, which is generally non-linear and irreversible. These two domains are delimited by a stress level σ c (critical stress) that represents the elastic limit ( A first explanation to describe the plastic deformation, by shear, of metallic materials consists in considering that each atomic plane 'slides' over its neighbor. Thus, the minimum stress 'τ ' to be applied to shear the crystal is given by [FRE 26]:

Where G is shear modulus. Unfortunately, there is a large discrepancy between experimental observations and calculated values of τ , which indicates that another mechanism occurs during plastic deformation. G.I Taylor [TAY 34] explains that this difference is due to linear defects named dislocation, which break the periodic aspect of the structure. When this linear defect is in movement in the crystal by the application of forces (Figure A.2), the crystal is sheared and the atomic rows which compose it will shift gradually until the appearance of a "step" on the edges crystal. This step is defined by the Burgers vector b, which represents the amplitude of the deformation and its direction. It is possible to define a second vector, the line vector ⃗ u, which defines the direction of the dislocation line.

To define the Burgers vector, there is a procedure, [HIR 83] which consists in describing a closed circuit in the indirect direction ( This edge dislocation will cause a shear stress field but also a compression [HIR 83]:

With ν is the Poisson's ratio. The total energy W of a dislocation is related to the generated stress field. The energy W per unit volume due to the linear elastic deformation can be calculated as follows:

For the shearing part:

For the compression part:

With E the Young's modulus. Generally, the energy varies between 0.1 and 0.05µb [HIR 83] for a compact structure. Therefore, the energy per unit of length of a screw dislocation in a region limited by the dislocation core r 0 and the radius R of the cylinder is equal to:

We can see that the energy diverges when R converges towards ∞, or when r 0 converges towards zero. The divergence due to R shows that we cannot attribute a characteristic energy to a dislocation because it depends on the size of the crystal. However, for a crystal containing several dislocations of opposite signs, we can approximate R being half the distance between two dislocations. Indeed, the logarithm shows that the choice of R has a very little influence on the energy's value.

In the case of an edge dislocation, the energy's form is:
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Link between dislocations and mechanical properties

This is similar to the case of a screw dislocation, with an additional 1 1-ν term.

A.2 Link between dislocations and mechanical properties

Each dislocation has one or more slip planes. The slip plane is the plane containing both ⃗ b and ⃗ u. For screw dislocation, there are several slip planes, whereas for edge dislocations only one slip plane is possible. It is in this plane that the dislocation can move when an external stress is applied.

When an external stress noted σ ′ is applied, the dislocations are subjected to a normal force F per unit of length, and defined by the law of Peach and Koelher [FRI 64]:

This force F will allow the dislocations to move in the material and to shear it (illustrated in Figure A.2). As the dislocation moves through the crystal, the atomic rows move from their original position (before deformation) to their new position (after displacement). These two positions, before and after deformation, are two stable states. During deformation, the atomic row goes through a state of higher energy that will oppose the movement. It corresponds to a braking force, also called a lattice friction. This force is the "Peierls-Nabarro'' stress.

The Peierls-Nabarro stress depends on the size of the dislocation core. If the deformation is concentrated in a monoatomic line, during the displacement, all the atoms on the line will undergo an important displacement, which requires a significant amount of energy. However, if the core is spread out over several atomic rows, when the dislocation advances one atomic row, the atoms in the row will undergo a smaller displacement, and they will need less energy.

The dislocations will slide in sliding planes that allow the dislocation to spread easily and thus minimize the frictional force. The sliding will follow dense directions (small distance between two successive atoms) to minimize the energy required for deformation. This sliding plane and this direction define what is called a slip system.

We can predict which slip plane will be activated according to the projected component τ of the force F on each of the planes. The active slip system will generally be the one with the highest value of τ (called main slip system). We write the component τ (with the notations of the When an incident wave interacts with a crystal, the diffracted waves by a plane family (hkl) will enter into constructive or destructive interference, according to their phase shift related to the path difference δ.
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The Ewald sphere is defined as a circle of radius 1/λ (with λ the wavelength of the incident beam), centered on the crystal which is crossed by the incident beam.

We can thus define ⃗ g as the diffracting vector:

With ⃗ k is the directing vector of the diffracted wave and ⃗ k 0 the directing vector of incident wave.

In this configuration, there is diffraction when the three Laue conditions are respected (equations(B.6)) and that means when the Ewald sphere cuts the reciprocal lattice at a point, as in the case on the 

B.2 Notion of Bragg deviation

Ewald's sphere describes a perfect situation, with an infinite crystal. In these conditions, we will have a diffraction of the crystalline planes only if the end of the diffracting vector g [U+20D7] touches a point of the reciprocal lattice, which makes this event rare. However, the observable samples with TEM (thin blade) have a thickness of 100 nm or so. This thickness in the electron beam makes the nodes of reciprocal lattice relrods: We can see that, in the infinite crystal, the sphere passes through no node of the lattice. However, for the thin blade, the sphere passes through several relrolds. There is a greater probability of cutting a node of the reciprocal lattice with the Ewald sphere and therefore 132 2022 -Julien Gallet -Lab. MATEIS and LAMCOS -INSA de Lyon