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Résumé: La rupture ductile par germination, croissance et coalescence de cavités compte parmi les modes de rupture
dominants pour les alliages métalliques et peut &tre transgranulaire aussi bien qu’intergranulaire. Dans le premier cas,
I'endommagement se développe au sein des grains, tandis que dans le second cas, le phénoméne de croissance et de
coalescence de cavités se produit aux joints de grains du fait d'une intense localisation de la plasticité dans les zones
intergranulaires. Selon la microstructure et les conditions de chargement, un grand éventail d'alliages métalliques peut
présenter I'un de ces modes de rupture; certaines fractographies révélent méme des processus d’endommagement mixtes.
Par exemple, le mode de ruine des alliages & durcissement structural est particuliérement sensible aux traitements
thermiques qui peuvent favoriser ruptures ductiles intergranulaire et transgranulaire. Les métaux irradiés dans lesquels
la transmutation génére des bulles d’hélium est aussi une classe de matériaux ou la compétition entre les phénoménes
d’endommagement ductiles a lieu. La prédiction du mode de rupture qui prévaut est d’une grande importance pour estimer
la ductilité du matériau. Depuis des travaux précurseurs portant sur les matériaux isotropes, des efforts considérables ont
été effectués afin de proposer une modélisation de la rupture ductile par homogénéisation du comportement mécanique
des matériaux poreux. Ces derniéres années, ces résultats n'ont été que partiellement étendus aux monocristaux avec
des cavités internes, c'est-a-dire 3 la modélisation de la rupture ductile transgranulaire ; par ailleurs, la modélisation
micromécanique de I'endommagement ductile des joints de grains poreux est toujours manquante.

Afin de faire progresser la prédiction de la compétition entre rupture ductile transgranulaire et rupture ductile
intergranulaire, des contributions & la modélisation et la simulation de ces deux modes de ruine sont effectuées. En ce
qui concerne la rupture ductile transgranulaire, un modéle homogénéisé pour monocristal poreux est proposé a partir
d’études existantes dans la littérature et évalué a I'aune de simulations de cellules-unité poreuses. Ce modéle est ensuite
utilisé pour simuler la rupture ductile transgranulaire d'éprouvettes mono- et polycristallines, mettant en évidence le
changement d’échelle permis par le modéle homogénéisé ainsi que I'effet de la microstructure sur la fissuration. Enfin, un
critére de plasticité pour la coalescence de cavités en colonnes est développé afin de permettre la prédiction de ce mode
de localisation dans les monocristaux. En ce qui concerne la rupture ductile intergranulaire, des critéres de plasticité
pour la croissance et la coalescence de cavités situées aux joints de grains sont tout d'abord obtenus analytiquement
et validés par des simulations numériques. Grice & une comparaison vis-3-vis de leurs pendants transgranulaires, ces
critéres intergranulaires fournissent des éléments qualitatifs d’'évaluation de la compétition entre les modes de rupture
ductile. Ensuite, un modéle homogénéisé de croissance des cavités intergranulaires est proposé et comparé aux résultats
de simulations correspondants. Finalement, une expérience modéle de rupture de joints de grains poreux dans un acier
austénitique inoxydable est mise en place grace @ une implantation d'ions hélium. Ainsi, I'ensemble des contributions
de cette thése fournit les éléments nécessaires a la prédiction de la compétition entre rupture ductile intergranulaire et

rupture ductile transgranulaire.
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Abstract: The process of void nucleation, growth, and coalescence is among the dominant ductile failure modes in
metallic alloys and can be transgranular as well as intergranular. In the former case, damage develops at grain interiors,
whereas in the latter case, void growth and coalescence happen at grain boundaries due to intense intergranular plastic
flow. Depending on microstructure and loading conditions, a broad class of metallic alloys can experience one of
these fracture modes; some fractographies even reveal mixed damaging processes. For instance, the failure mode of
precipitation-hardened alloys is especially sensitive to the aging treatment that can foster transgranular or intergranular
ductile fracture. Irradiated metals in which transmutation produces helium bubbles are also a type of material where
competition between ductile damage phenomena happens. Predicting the dominant damage process is paramount as it
controls the material’s ductility. Since seminal works on isotropic media, considerable efforts have been made to model
ductile failure through homogenization of the mechanical behavior of porous materials. Until now, these results have only
been partially extended to single crystals with internal cavities; furthermore, the micromechanical modeling of ductile
damage at porous grain boundaries is still lacking.

In order to enhance the prediction of the competition between transgranular and intergranular ductile fractures,
this thesis contributes to the modeling and simulation of these two failure modes. In the first part, which focuses on
transgranular ductile fracture, a homogenized model for porous single crystals is proposed, building on results available
in the literature and assessed against porous unit-cell simulations. This model is then used to simulate the transgranular
ductile fracture of mono- and polycrystalline samples, demonstrating the scaling up it allows as well as the effect of
microstructure on failure. Moreover, a yield criterion for necklace coalescence of cavities is developed to predict this
localization mode in single crystals. In the second part, which dwells on intergranular ductile fracture, yield criteria
for the growth and coalescence of voids located at grain boundaries are derived analytically and validated through
numerical simulations. Comparing these criteria to their transgranular counterparts provides a qualitative assessment
of the competition between ductile fracture modes. Furthermore, a homogenized model of intergranular void growth
is proposed and compared to corresponding simulation results. Finally, a model experiment of porous grain boundary
fracture in an austenitic stainless steel relying on helium implantation is developed. As a result, this thesis gathers the
tools necessary to predict the competition between intergranular and transgranular ductile fractures.
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Literature review

Summary

The process of void nucleation, growth and coalescence is among the dominant ductile failure modes
in metallic alloys and can be transgranular as well as intergranular. In the latter, the phenomenon of
void growth and coalescence happens at grain boundaries due to intense intergranular plastic flow and
is associated with fracture surfaces displaying intergranular facets covered in fine dimples. This failure
mode usually exhibits a lower ductility than transgranular ductile fracture. Reliable physical observa-
tions of intergranular ductile fracture date back more than fifty years and span a large class of metallic
alloys and loading conditions, including unirradiated materials — mainly precipitation-hardened al-
loys — and irradiated materials — where it usually arises from the presence of helium bubbles at grain
boundaries. Physically-based modeling of transgranular ductile fracture relying on the homogeniza-
tion of porous materials has proven fruitful in the last decades. This micro-mechanical framework en-
ables to conduct large simulations of ductile fracture without accounting explicitly for all the cavities,
which would be too computer-intensive. However, the modeling of transgranular ductile fracture at
the crystal scale is still incomplete and a similar micro-mechanical approach is yet to be conducted for
intergranular ductile fracture.
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2 Literature review

1 Overview of ductile fracture

1.1 Physical mechanisms

1.1.1 Ductile fracture classification

Fracture of metallic materials is the process during which damage — in a broad sense, i.e. encompassing cracks —
develops in a material subjected to mechanical loading. Macroscopically, it manifests by the progressive — gradual
or sudden — loss of load-bearing capacity of the material. Ductile fracture refers to a material failure mode associated
with significant irreversible deformation at the global or local scale. It opposes brittle fracture which exhibits almost
no irreversible deformation. In the context of material science, irreversible deformation is referred to as plastic while
reversible deformation is said to be elastic. The typical load-displacement curve of an austenitic stainless steel subjected
to uniaxial straining is shown in Fig. I.1: this type of material usually exhibits ductile fracture, as evidenced by the large
contribution of plastic deformation to the total displacement at fracture. Indeed, the propensity of ductile fracture
varies significantly according to the material class considered; ductile fracture is also known to be favored by high
temperature and low strain rates (Pineau et al., 2016).

Various ductile fracture physical processes have been observed and described experimentally depending on ma-
terials and loading conditions. In metallic materials, two main types of mechanisms can be distinguished (Noell et al.,
2018):

o void-driven mechanisms in which ductile fracture occurs due to the nucleation, growth and coalescence of inter-
nal voids originating from second-phase particles or grain boundaries (Fig. [.2a,b,c,d).

o void-free mechanisms in which ductile fracture occurs due to the reduction of the effective section of the spec-
imen — i.e. necking — until complete failure (Fig. [.2e) or the localization of plastic strain in specific planes

(Fig. 1.2f,g);

Mechanisms compete or facilitate each other, making some fracture occurrences difficult to interpret (Noell et al.,
2018). However, in metallic alloys used in engineering applications, voids appear relatively early during mechanical
loading due to many precipitates or inclusions, so void-free mechanisms can usually be neglected. Therefore, ductile
fracture by void nucleation, growth, and coalescence is dominant, as shown in Fig. I.1. Under loading, void nucleation
from second-phase particles either occurs due to their decohesion from the alloy matrix — if the bonding interface is
weak — or by their fracture — if the particles are brittle. Then, void growth manifests as the slow and independent
enlargement of voids. In that stage, plasticity is rather diffuse around the cavities. Finally, once cavities are large

A . . Void coalescence
Load Plastic deformation _ -
|

R

Shear lips

Void growth

Elastic deformation

Macroscopic crack | AN

Displacement

Ficure 1.1: Typical load-displacement curve of transgranular ductile fracture of an high-strength steel, adapted from
Benzerga (2000) (the elastic zone was enlarged for clarity).
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enough, strain localizes in zones linking the voids — referred to as ligaments — which soon leads to fracture by void
linkage (Pineau et al., 2016). Different modes of coalescence are distinguished according to the geometry of ligaments
(Benzerga and Leblond, 2010):

o Coalescence in layers is the mode in which plastic localization occurs mainly in planes perpendicular to the main
loading direction. In the absence of shear, it is referred to as internal necking (Fig. 1.2a). Otherwise, it is called
shear-assisted coalescence and can be classified as intervoid shearing (Fig. 1.2b) if void growth is significant or void
sheeting (Fig. 1.2c) if coalescence happens immediately after void nucleation (Noell et al., 2018). For instance, in
Fig. 1.1, void coalescence begins as internal necking before switching to shear-assisted coalescence when shear

lips appear.

o Coalescence in columns is the mode in which plastic localization happens along the main loading direction within
cylindrical ligaments (see Fig. I1.37). Evidenced theoretically a few years after internal necking (Gologanu et
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Ficure 1.2: Schematic representation of the various macroscopic ductile fracture mechanisms inventoried by Noell
et al. (2018).
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al., 2001a), it has since been neglected in most models due to rare experimental observations (Pardoen, 1998;
Benzerga et al., 2004a). Indeed, it is believed to be less critical than coalescence in layers because fractured
columns are less damaging than fractured layers. Yet, as shall be seen in Section I1.3, its accounting may be
determining to understand some situations of ductile fracture.

In engineering materials, void-driven ductile fracture is often transgranular, as shown in Fig. 1.2a,b,c, meaning
that crack propagation goes through the grains without notable influence from grain boundaries. Extensive reviews
were compiled on the current understanding of this failure mode (Benzerga and Leblond, 2010; Benzerga et al., 2016;
Pineau et al., 2016), so it shall not be dwelt upon further. However, an alternative ductile fracture mode exists in which
void nucleation, growth, and coalescence happen at grain boundaries. This failure mechanism, known as intergranular
ductile fracture, will be the object of the remainder of this part.

1.1.2 Intergranular ductile fracture

Intergranular fracture of polycrystalline alloys through void growth and coalescence is a widely documented phe-
nomenon (Hull and Rimmer, 1959; Hancock, 1976; Riedel, 1987; Kassner and Hayes, 2003; Hojn4, 2017; Qin et al.,
2018). In this fracture process, material failure arises from the presence of grain boundary cavities and their evolu-
tion under mechanical loading. Reliable physical observations of void-driven intergranular fracture date back more
than fifty years (Plateau et al., 1957) and span a large class of metallic alloys and loading conditions. At the micro-
scopic scale, it is characterized by intergranular fracture surfaces whose facets are covered in fine dimples (Fig. 1.3).
The resulting fracture exhibits reduced ductility compared to the classical transgranular ductile fracture of alloys
(Vasudévan and Doherty, 1987; Hojna, 2017).

Void-driven intergranular fracture should not be confused with classical brittle intergranular failure, which arises
from atomic decohesion at grain boundaries and whose fracture surfaces are perfectly flat and exhibit no dimples
(Briant, 1988). Furthermore, insufficient fractography magnification significantly hampers the precise determina-
tion of fracture modes (Hojnd, 2017): in many available experiments, observations of intergranular failure may relate
to void-driven intergranular fracture as well as intergranular brittle fracture. Even worse, a brittle fracture surface
might exhibit fine dimples if grain boundaries are decorated with cavities whose ligaments fractured in a brittle man-
ner (Hojnd, 2017). This emphasizes the need for careful microscopic analyses. Fortunately, recent progress in SEM
techniques has enabled better examinations of fracture surfaces, bringing additional evidence to confirm intergran-
ular ductile failure occurrences. A handful of observations in typical engineering alloys will be commented on in
Section 1.2.

There is a broad consensus that void-induced intergranular fracture follows the same stages identified for ductile
transgranular fracture: void nucleation, void growth, and void coalescence (Vasudévan and Doherty, 1987). Each
stage can be driven by various mechanisms that depend on material properties and loading characteristics. In the
following, the three phases of void-driven intergranular fracture in engineering materials will be described — the

Figure 1.3: Intergranular ductile fracture surface of a AA2198 (Al-Cu-Li alloy) sample aged
100 h at 155°C and subjected to tensile loading: increasing resolution from flat
intergranular facets (a) to fine dimples containing small particles (c¢) (Decreus et al., 2013).
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case of pure metals shall only be evoked incidentally. Void nucleation arises from various causes deeply linked with
microstructure; it will be the object of Section 1.1.2. Section 1.1.3 will then detail void growth and coalescence as they
determine the fracture mode. Indeed, void-induced intergranular fracture can be divided into two main fracture
types according to the driving mechanism of stress-induced void growth: vacancy diffusion or plastic flow. Cavity
enlargement by plastic flow will naturally be given precedence, as it is the subject of this work.

1.2 Intergranular void nucleation

In this section, void nucleation mechanisms will be briefly reviewed to evaluate qualitatively the circumstances of
dimpled intergranular fracture. First, the role of grain boundary particles shall be discussed and the stress concentra-
tion mechanisms that enable nucleation at these particles will be listed (Section I.1.2.1). Then, the possible existence
of pre-existing intergranular cavities will be tackled (Section 1.1.2.2).

1.2.1 Grain boundary particles

In pure metals, nucleation can occur at microstructural elements such as grain boundaries, triple points — i.e. loca-
tions where three grains meet — or crystal defects (Kassner and Hayes, 2003). However, in engineering alloys, void
nucleation was shown to predominate at second-phase particle (Ratcliffe and Greenwood, 1965; McClintock, 1968;
Goods and Nieh, 1983; Wu and Sandstrom, 1995; Pineau et al., 2016). This finding is also verified in the context of
intergranular ductile fracture (Riedel, 1987; Vasudévan and Doherty, 1987; Kassner and Hayes, 2003).

Mesoscopic processes of void nucleation

The mechanisms of void nucleation at second-phase particles during intergranular ductile fracture are very close
to those occurring in transgranular void nucleation (Pineau et al., 2016).

Particle decohesion If the stress concentrations at a hard particle are sufficient, atomic decohesion can occur at the
particle-grain interfaces (Riedel, 1987). Itis also possible that vacancy condensation on second-phase particles plays a
role in matrix-particle decohesion when the bonding energy is too high: the void may propagate at the interface from
a vacancy nuclei arising from vacancy accumulation (Riedel, 1987; Pineau et al., 2016). However, a cavity nucleated
on a particle that would not touch the grain boundary is unlikely to grow further by vacancy diffusion (Kassner and
Hayes, 2003).

Particle cracking  Brittle intergranular particles can break under the stresses induced by mechanical loading and
concentrated by the mechanisms evoked below, especially when the matrix is harder than the second-phase particles.
The traces of brittle particles can often be observed in SEM micrographs of fracture surfaces, such in as Fig. 1.5 (Fu
and Zhang, 2020).

tensile
direction intergranular M, C, carbides

i\

N

decohesion

intergranular microcavity grain 2'

Ficure 1.4: SEM observation of intergranular M,3Cg carbides partial decohesion,
on the surface of a 316 steel tensile specimen deformed in situ to 11% true plastic
strain during a creep testing at 550°C for 4313 hours (Pommier et al., 2016).
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Ficure 1.5: SEM observation of: (a) intergranular fracture surface of a 316 austenitic steel loaded at 1150°C;
(b) cracked brittle non-metallic particles (Al,O3?) that are responsible for void nucleation (Fu and Zhang, 2020).

Atomic processes of void nucleation

Mesoscopic events of particle debonding and particle cracking are enabled by elementary atomic processes. Two
main phenomena can be distinguished: atoms’ brittle decohesion and vacancies’ condensation into void nuclei.

Brittle decohesion  Voids can be created due to material decohesion. The separation of neighboring atomic planes
in a crystal is known to require elevated local stresses (e.g. 10* MPa) (Riedel, 1987). Since the decohesion of grain
boundaries benefits from releasing grain boundary energy, the rupture of atomic bonds is believed to be eased com-
pared to the decohesion of the crystal lattice in grain interiors. Impurity segregation at grain boundaries by thermal
diffusion (Herzig and Mishin, 2005) or radiation-induced segregation (RIS) (English et al., 1990) can lower the brit-
tle decohesion stress, as well as intergranular corrosion (Tedmon et al., 1971). Nevertheless, to reach the required
threshold, stress concentrations are needed (Riedel, 1987). Note that this process can also nucleate cracks instead of
cavities.

Vacancy condensation The idea that a certain number of vacancies can agglomerate at grain boundaries to
form voids was spotlighted early and explained by a phenomenon of vacancy supersaturation (Greenwood, 1952;
Greenwood et al., 1954). This idea was later dismissed as unrealistic in standard engineering materials (McLean,
1966). On the contrary, vacancy supersaturation is likely to explain void swelling in irradiated materials (Lucki et al.,
1975). The interest in vacancy condensation in unirradiated materials was revitalized a few decades later when stress
was identified as a possible driving force for condensation in creep-like situations (Raj and Ashby, 1975). Suppose
the free energy required to form two free surfaces at the grain boundary is inferior to the stress-induced free energy
rise. In that case, vacancies will accumulate until equilibrium is reached, which leads to a fixed nucleated void radius
(Kassner and Hayes, 2003). The stress threshold needed to trigger nucleation is usually very high (about 10* MPa),
which can be considerably larger than macroscopic stresses leading to intergranular fracture. This implies that large
stress concentrations are needed to trigger vacancy accumulation in unirradiated materials (Evans, 1984).

Stress concentration mechanisms

Atomic mechanisms for void nucleation evoked in the previous paragraphs must overcome energy barriers. Thus,
the location of nucleated voids is by no means random: they form on particular grain boundary areas in which stress
concentration arises. The main mechanisms responsible for these concentrations are listed below.

Grain boundary sliding In pure metals, grain boundaries slide easily, concentrating stresses at triple points. Such
phenomena are also observed in superplastic metals (see Fig. 1.7) (Tan and Tan, 2003). These stresses may be suffi-
cient to nucleate cavities, since many observations of cavities at triple points have been made (Riedel, 1987). Grain
boundary ledges (Fig. I.6a) are also privileged areas for stress concentrations from grain boundary sliding. These
ledges can pre-exist mechanical loading or be induced by slip band transmission at a grain boundary (Riedel, 1987).
The stresses concentrated at these ledges were alternatively deemed sufficient (Chen and Machlin, 1956; Watanabe
and Davies, 1978) or insufficient (Fleck et al., 1975) for nucleation; the issue is still open. Independently of the ledge



1. Overview of ductile fracture 7

grain boundary or
interface

cavity
tensile ledge Y
compressive
ledge )/

(a) Grain boundary sliding (b) Dislocation pile-up

Ficure .6: Stress concentration situations able to trigger void
nucleation at grain boundaries (Kassner and Hayes, 2003).

type, nucleation at ledges only seems to be significant in pure metals since void nucleation at second-phase particles
(see Section 1.1.2.1) predominates in engineering alloys (Riedel, 1987).

Dislocation pile-up  During plastic straining, dislocations move in slip bands located within the grains. A slip
band can be transmitted or blocked when it reaches a grain boundary. In the first case, a grain boundary ledge
is created, which can be the location of subsequent stress concentration by grain boundary sliding, as mentioned
before. In the second case, dislocations pile up at the grain boundary (Fig. 1.6b), which generates an increasing stress
concentration (Riedel, 1987). As grain boundaries normal to applied stress will only experience mild grain boundary
sliding, dislocation pile-up could explain the nucleation of voids there (Kassner and Hayes, 2003). Dislocation pile-
up has also been thought to happen in the context of dislocation channeling — a deformation mode in which intense
dislocation motion happens in a few shear bands due to the removal of hardening defects — as is shown in Fig. L.8.
However, the reality of this phenomenon is questioned by some authors (Griffiths, 2023).

Neighboring cavities It has been suggested that stress concentration near existing cavities can trigger nucleation
of other voids (Anderson and Shewmon, 2000). Such a phenomenon will likely lead to continuous void nucleation
during fracture, significantly reducing ductility compared to when nucleation occurs before void growth and coales-
cence.

Ficure 1.7: Intergranular void nucleation by grain
boundary sliding at 250°C in a superplastic
Mg-3Al-1Zn alloy with finely recrystallized grains (6-8
pm) (Tan and Tan, 2003).

Ficure 1.8: Intergranular void nucleation by dislocation
pile-up in proton-irradiated 304 steel (courtesy of P.-O.
Barrioz, experimental details in Barrioz et al. (2019)).
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Stress concentration at intergranular particles Intergranular second-phase particles themselves have significant
interactions with the stress concentration mechanisms and the atomic processes. First, they impede grain boundary
sliding so significant stress concentrations may arise (Riedel, 1987). Then, they can effectively stop the transmission
of a slip band through a grain boundary. Finally, they can lower the threshold of vacancy condensation by increasing
grain boundary free energy (Kassner and Hayes, 2003). However, they are not strictly necessary since void nucleation
can happen at grain boundaries in pure metals (Noell et al., 2017).

1.2.2 Pre-existing intergranular cavities

Irradiation cavities Irradiation damage of metallic materials induces the formation of defects — vacancies and
interstitial atoms — in the crystal lattice (Was, 2007). The vacancies created during the atom displacement cascades
generated by ballistic damage can then migrate and form irradiation cavities. First observations of these nanometric
voids were made at least half a century ago (Cawthorne and Fulton, 1967). It was evidenced in later experimental
studies that neutron irradiation (e.g. Edwards et al. (2009), Griffiths (2021), and Hure et al. (2022)) or ion irradiation
(e.g. Paccou et al. (2019) and Loyer-Prost et al. (2023)) do produce intergranular cavities that often have different
properties (size, density, etc.) than intragranular cavities. However, some cavities appear in the presence of helium,
which may indicate that they are helium bubbles instead (Paccou, 2019).

Spallation cavities  Shock loading is known to pro-
duce mainly intergranular cavities (Curran et al., 1987),
as was shown in pure copper (Luo et al., 2010; Perez-
Bergquist et al., 2011; Perez-Bergquist et al., 2012)
(Fig. 1.9), steel (Li et al., 2016), aluminium (Chen et al.,
2006) and tantalum (Cheng et al., 2018). A shocked
(partially damaged) material will more likely experience
intergranular ductile fracture when subjected to subse-
quent quasi-static loads.

Helium bubbles  As will be seen in Section 1.2.2, grain

boundary helium bubbles can act as nucleated cavities in Ficure 1.9: Intergranular void nucleation due to room
the process of intergranular ductile fracture (Shiraishi, ~ temperature shock loading on a pure copper bicrystal
1996; Demkowicz, 2020; Griffiths, 2023). Due to its (Perez-Bergquist et al., 2011).

low solubility in metals, helium concentration generally

builds up by intrusion mechanisms (Trinkaus and Singh, 2003): (n, ) reactions — for instance on '°B (Rowcliffe,
1966) and *’Ni (Judge et al., 2012) — are known to produce helium, as well as the decay of tritium and — of course —
direct a-bombardment. Gas bubbles then form in the material through various diffusion processes; high temperature
and the presence of vacancies caused by irradiation are known to accelerate these fluxes (Trinkaus and Singh, 2003).
The size of bubbles increases with the temperature of the material, either during irradiation or subsequent anneal-
ing (Griffiths, 2023). The nucleation of bubbles can be either homogeneous or heterogeneous; in the latter case, grain
boundaries are generally among the privileged defect sinks (Trinkaus and Singh, 2003). Grain boundaries seem to
display different sensitivities to bubble nucleation depending on their structure. The prevalence of grain boundary he-
lium bubbles increases with grain boundary misorientation (Qin et al., 2018), very few bubbles being observed under
15° (low-energy grain boundary). Moreover, larger bubbles are observed at high-angle grain boundaries (HAGBs);
this can explained by a greater diffusivity in HAGBs due to available space (Thorsen et al., 2004).

1.3 Intergranular void growth and coalescence

Void-driven intergranular fracture can be divided into two main fracture modes according to the driving mechanism
of stress-induced void growth (Hancock, 1976; Riedel, 1987; Kassner and Hayes, 2003). The first one is the diffusion
of vacancies from the grain boundary to intergranular voids, briefly described in Section 1.1.3.1. Next, Section 1.1.3.2
tackles void growth due to plastic flow, but only from a qualitative point of view since existing simulations and mod-
els are detailed in Section 1.3. Note that void growth through grain boundary sliding also exists, but it is seldom
encountered in engineering materials (Riedel, 1987; Kassner and Hayes, 2003), so it will not be dealt with. Finally,
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discriminating criteria to determine the prevalent void growth mechanism in a given application are discussed in
Section 1.1.3.3.

1.3.1 Diffusion-driven void growth

Void growth controlled by the diffusion of vacancies is the most observed growth mechanism in creep tests, which
are conducted at relatively high temperatures and low strain rates. Indeed, the occurrence of diffusion is favored by
thermal agitation and long testing duration. Therefore, vacancy diffusion can take place at the boundaries (Coble
creep) or in crystal lattices (Herring-Nabarro creep) (Riedel, 1987). Grain boundaries are known to be an impor-
tant vacancy source; hence, in most engineering applications, loading conditions ensure that Coble creep dominates
Herring-Nabarro creep (as will be seen later in Fig. I.12a). Thus, the intensity of diffusion-controlled void growth can
be measured by diffusion length A (Needleman and Rice, 1980):

1
A= <WDbU) with Dy, = Dp exp (—Qb)

I1
kgTe RT (1)

where kp = 1.381 - 10723 J - K~! is Boltzmann constant, R = 8.314 ] - mol~! - K~! the ideal gas constant, o the
grain boundary normal stress, ¢ the strain rate, 7" the absolute temperature (in kelvins), w the atomic volume and D;
is the grain boundary diffusion coefficient (in m? - s=!) which is assumed to follow an Arrhenius-type law with an
activation energy of Q. This diffusion length arises directly from the derivation of Coble creep (Coble, 1963).

Alloy w (m3) DY (m?-s7!)  Qp (kJ-mol™t)
Fe (a-phase) (Frost and Ashby, 1982) 1.18-10729 1.1-10712 174
Fe (y-phase) (Frost and Ashby, 1982) 1.21-1072° 7.5-1071 159
316L(N) (Rieth et al., 2004)” 1.21-1072° 3-1071 200
Nickel (Frost and Ashby, 1982) 1.09 - 10~%° 3.5-1071 115
Inconel 718 (Han and Chaturvedi, 1987) - - 280

TasLE I.1: Coble diffusion creep parameters given in the literature for various metals.

?Assuming that the grain boundary thickness is 0.5 nm.

The diffusive growth of an intergranular void through the migration of grain boundary vacancies was theorized
early (Hull and Rimmer, 1959); over the years, many improvements to this model have been proposed and equations
have been validated in a certain number of experiments. This phenomenon is called unconstrained diffusive growth since
the limiting process is the grain boundary diffusion (Evans, 1984; Riedel, 1987; Kassner and Hayes, 2003). However,
other diffusive growth modes exist. Indeed, the diffusive growth can be controlled by the diffusion of vacancies at the
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Ficure 1.10: Outline of coupled void growth, where the diffusion length A is enhanced by zones of plastic flow
sufficient to accommodate deformation over the void spacing length As (adapted from (Kassner and Hayes, 2003)
and (Nix, 1988)). The diffusion arrows represent the flow of alloy atoms; vacancies move oppositely.
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surface of the void if this phenomenon is slower than grain boundary diffusion; this can lead to nonequilibrium crack-
shaped cavities (Riedel, 1987; Kassner and Hayes, 2003). Alternatively, when the supply of grain boundary vacancies
is limited, the dominant process is the generation of new intergranular vacancies — by dislocation climb at grain
boundaries for instance. This mode is called inhibited diffusive growth (Riedel, 1987). Finally, constrained diffusive growth
refers to the situation in which porous grain boundaries are surrounded by a material composed of hard crystals with
pristine grain boundaries, which results in impaired diffusive growth. The constraint imposed by the surroundings
is often taken into account through a back-stress acting on intergranular cavities (Riedel, 1987; Kassner and Hayes,
2003).

All the theories outlined above deny any direct role of plasticity in the growth of cavities, but diffusive growth can
be enhanced by plastic flow in some situations. Indeed, if the vacancy diffusion is slow enough, the diffusion length
A will be inferior to half the void spacing length ), meaning that a non-uniform thickening of the grain boundary
will occur (Fig. 1.10). The rigidity of grains opposes such a heterogeneous thickening, but plastic deformation can
accommodate resulting deformation incompatibilities, thus assisting diffusive void growth (Riedel, 1987; Nix, 1988;
Kassner and Hayes, 2003).

In any case, void coalescence eventually occurs due to grain boundary diffusion (Kassner and Hayes, 2003), but
this process is expected a mere continuation of void growth and not a brutal damaging process as in the case of ductile
fracture (Wilkinson, 1987).

1.3.2 Void growth by plastic flow

On the one hand, it has been shown in Section 1.1.3.1 that plastic flow can enhance diffusion-controlled intergranular
void growth. On the other hand, it has been known for decades that void growth leading to transgranular ductile
fracture is controlled by the plastic flow of the surrounding matrix (McClintock, 1968; Pineau et al., 2016; Benzerga et
al., 2016). Thus, as Hancock suggested in a seminal work, it seems that plastic flow is also responsible for intergranular
void growth in a wide range of situations, including some creep tests (Hancock, 1976).

The case of creep testing has triggered a heated controversy. For instance, it was argued that common creep
fracture was insufficiently ductile to be effectively explained by such a phenomenon, and that only room-temperature
creep tests and creep of superplastic materials could display void growth by plastic flow (Riedel, 1987). Intergranular
ductile void growth has indeed been evidenced in such conditions: for instance, in the low-temperature creep of
pure silver (Kassner et al., 1998; Kassner and Pérez-Prado, 2000) and in the superplastic creep of an aluminum alloy
between 500 and 550°C (Khaleel et al., 2001; Taylor et al., 2002). Nevertheless, the dismissal of plastic void growth
at high temperatures can be questioned since this rebuttal relies on an analysis of void growth without coalescence
while void coalescence is known to reduce material ductility strongly. It is thus impossible to rule out the influence of
plastic flow at high temperatures, especially when the imposed strain rate is above the typical values for creep testing
¢ € 107195711075 s71] (Riedel, 1987). Indeed, it was found that the growth of cavities was controlled by power law

U T A

(a) Void growth (b) Void coalescence

Ficure L.11: Intergranular void growth and void coalescence induced by plastic flow. During void growth, cavities
do not interact with each other; on the contrary, plastic flow localizes in ligaments during the coalescence stage.
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creep in polycrystalline copper containing silica dispersoids for strain rates ranging from ¢ € [10~7 s71,107% s7!] and
temperatures between 400 °C and 700°C (Pavinich and Raj, 1977). Other examples of creep fracture in engineering
materials will be examined in Section 1.2.1.2.

In creep situations, the shape of voids deforming plastically will result from the competition between surface
diffusion, which favors equilibrium lenticular shapes, and plastic flow that deforms the void. If the cavity growth
rate is relatively slow, equilibrium will have time to establish. The regime where contributions of both shape change
mechanisms are equivalent is of complex handling for small expected benefits since void aspect ratio w only seems to
have a second-order effect on the void growth rate (Riedel, 1987).

As a general rule, once intergranular voids are nucleated, the two last stages of intergranular ductile fracture are:

(a) Void growth: Cavities grow due to a plastic zone located in the grain boundary area. No void interactions are ex-
pected at this stage. Some authors consider that this stage is more limited than transgranular void growth due
to the small distance between intergranular cavities and thus refer to intergranular ductile fracture as intergran-
ular void coalescence (e.g. Schulz and McMahon (1973) and Hojné (2017)). However, significant intergranular
void growth observations exist (Becker et al., 1989; Vincent et al., 2022).

(b) Void coalescence: During this stage, cavities interact with neighboring voids located on the same grain bound-
ary. Plastic flow localizes in the ligaments interlinking the cavities, triggering void linkage. The stress-bearing
capacity of the grain boundary thus drops, quickly leading to its fracture. As will be seen in experimental obser-
vations of Section 1.2 (see also Fig. 111.22), shear-assisted coalescence and internal necking, which are the main
modes of transgranular void coalescence, can also be witnessed during intergranular fracture. Once a crack is
initiated, two behaviors are conceivable:

e The ensuing crack propagates to other grain boundaries. Stress concentrations enhance void growth at the
crack tips, enabling crack propagation. Alternatively, the crack may go transgranular, in which case the
fracture mode is mixed intergranular-transgranular.

e The intergranular crack coalesces with other intergranular cracks that have formed on neighboring grain
boundaries.

The nature of the plasticity involved in the growth and coalescence of intergranular cavities needs additional
discussion. Indeed, plastic deformation varies greatly depending on temperature, applied load and strain rate. The
three main deformation mechanisms in metallic alloys are (see Fig. 1.12):

- Dislocation glide: Dislocation glide is metallic alloys” most common deformation mode. It consists of a motion
of the dislocation axis in the direction given by the dislocation Burgers vector. A Burgers vector coupled to a
slip plane defines a slip system. The slip planes are usually close-packed crystal planes. The more symmetric
the crystal is, the more equivalent crystallographic planes — and therefore equivalent slip systems — there are
(Kuhlmann-Wilsdorf and Wilsdorf, 1964). In face-centered cubic (FCC) metals, the usual slip systems are the
twelve {111} < 110 > systems. Body-centered cubic (BCC) metals have more slip systems, up to 48 in the
case of a-iron. On the contrary, hexagonal close-packed (HCP) crystals usually exhibit limited slip due to few
available slip systems. Dislocation glide is believed to be the active deformation mode in a wide range of loading
conditions, especially at moderate strain rates such as those involved in typical tensile tests (see Fig. 1.12).

- Dislocation creep: Dislocation creep is a combination of dislocation glide and dislocation climb, climbing being
a dislocation motion perpendicular to slip planes due to vacancy diffusion. Dislocation climb can enhance the
movement of dislocations by overcoming obstacles; in that case, the dislocation creep rate is controlled by the
kinetics of dislocation climb. Note that low loading velocity favors creep deformation modes, including diffusion
creep (Fig. [.12c compared with Fig. 1.12b). At loading rates higher than 1078 (Fig. 1.12a), zones of dislocation
creep and diffusion creep (Coble and Navarro-Herring) are further reduced. The shrinking of the diffusion
zone is coherent with the decrease of diffusion length A with increasing ¢ (Eq. I.1). Dislocation creep is expected
to be the dominant plastic void growth mode in creep conditions (Riedel, 1987; Kassner and Hayes, 2003); for
instance, in the already-mentioned case of intergranular cavity growth in polycrystalline copper containing silica
particles (Pavinich and Raj, 1977).
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Ficure 1.12: Deformation mechanism maps for 316 stainless
steel with a grain size of 50 pm (Zinkle and Lucas, 2003).

- Twinning: Twinning is a plastic deformation mode generating deformation twins. It is triggered by a resolved
shear stress acting on the normal to the plane of the twin. This deformation mode mainly occurs in HCP metals,
which cannot accommodate deformation by dislocation glide. In cubic (FCC and BCC) metals, mechanical
twinning only occurs at low temperatures or high strain rates (Clayton, 2011). In particular, in austenitic stainless
steels used in the the nuclear industry, usual in-service temperatures forbid twinning (Fig. 1.12a); however,
irradiation can extend the deformation twinning conditions (Fig. 1.12b). Intergranular fracture has been linked
to twinning around grain boundaries in irradiated austenitic stainless steels at very low temperatures (Hojn4,
2017). Moreover, molecular dynamics simulations predict that localized twinning happens at crack tips during
intergranular fracture in pure nickel at 7' = —240°C and —170°C while dislocation glide prevails at 230°C; the
deformation mode at room temperature is mixed (Wu and Zikry, 2016). No evidence of twinning-mediated
grain boundary cavity growth currently exists, so the modeling and simulation of intergranular ductile fracture
currently focus on dislocation glide and creep.

1.3.3 Identifying the mechanism responsible for void growth

In order to assess which mechanism prevails in a given situation, it is possible to compare quantitatively the vis-
cous/plastic void growth rate and the diffusion void growth. For instance, Hancock did compare the classical Hull
and Dimmer diffusion law (Hull and Rimmer, 1959) to McClintock’s plastic void growth solution (McClintock and
Argon, 1966; McClintock, 1968) adapted to creep, but more refined laws can be used. Since the diffusion growth rate
fades to zero when the cavity grows while the plastic growth rate continues to increase, an equilibrium cavity size Req
can always be computed. At this void radius, contributions arising from vacancy diffusion and plastic flow are equal
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[1,10] and that diffusive growth is negligible for £ > 10 (Fig. 1.13). Even when diffusion is the predominant mecha-
nism at the start of void growth, plastic flow will often become dominant at coalescence, as some authors pointed out
(Venkiteswaran and Taplin, 1974; Hancock, 1976; Mannan and Sivaprasad, 2016). The successive occurrence of dif-
fusive void growth, plastic void growth, and plastic void coalescence is likely to reduce ductility compared to simple
plastic void growth and could lead to creep models compatible with experimental data.

It is worth mentioning that void aspect ratios may give another way of distinguishing the underlying mechanism:
plastic void growth usually favors prolate voids (Hancock, 1976) while diffusion shape oblate voids since additional
vacancies come from the median plane containing the grain boundary (Riedel, 1987). In both cases, this shape ef-
fect can be opposed by surface diffusion: at equilibrium, vacancies migrate to minimize surface energy by forming
lenticular voids, even if it is likely that surface diffusion can be neglected in situations where plastic flow dominates
grain boundary diffusion (Kassner and Hayes, 2003). This criterion only holds for low triaxiality loadings; indeed,
voids retain their sphericity under high triaxiality stress states (Riedel, 1987) — and could even become oblate if the
trends of transgranular void growth are generalizable (Benzerga et al., 2016). Observations of void aspect ratios can
be made in strained material before the onset of coalescence, but such characterization is uncommon. Nevertheless,
the aspect ratio of fracture dimples might give access to the void aspect ratio at fracture.

Finally, molecular dynamics (MD) simulations can theoretically assess void growth mechanisms. For instance,
studies on stress-induced grain boundary helium bubble growth were performed in copper (Zhu et al., 2023a; Zhu
et al., 2023b), nickel (Demkowicz, 2020), and steel (Zhu et al., 2023c). MD studies on classical intergranular void
growth are usually limited by the void size, the temperature (well above zero kelvin) and the duration associated
with fracture processes (Bringa et al., 2010).

Due to its inherent simplicity, the approach relying on ¢ to identify the mechanism responsible for void growth
will be favored in the following. However, it should be noted that creep diffusion parameters are not available for all
the alloys that will be reviewed (see Table 1.1), and that existing data remain tainted with uncertainty; indeed, grain
boundary diffusion is very sensitive to microstructure, including intergranular segregation and precipitation.
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In the following, the focus is made on intergranular fracture through plastic growth and coalescence of cavities,
leaving aside the identified cases of diffusion-controlled growth — as well as the few occurrences of grain boundary
sliding.

Summary

Intergranular ductile fracture is a failure mode which presents the three following successive — or
possibly simultaneous — stages:

1. Void nucleation, that manifests as the creation of intergranular cavities by atomic decohesion or
vacancy condensation, both of which are made possible by stress concentration mechanisms —
grain boundary sliding, dislocation pile-up, neighboring cavities — that usually occur at the grain
boundary second-phase particles of engineering materials. Sometimes, cavities are not nucleated
by quasi-static mechanical loading but preexist in the material, e.g. irradiation cavities, spallation
voids and helium bubbles.

2. Void growth, which is characterized by the slow and relatively independent enlargement of inter-
granular cavities due to the plastic flow at grain boundaries. Plastic flow can originate from var-
ious deformation modes — dislocation glide, dislocation creep, twinning — and can sometimes
be supplemented or substituted by the diffusion of grain boundary vacancies — a specificity of
intergranular fracture. A dimensionless parameter ¢ is introduced to distinguish diffusion from
plasticity.

3. Void coalescence, which is defined by the fast enlargement of cavities interacting with each other.
Voids coalesce into a unique intergranular crack, or multiple cracks that also undergo coalescence.
For some authors, the process of intergranular ductile fracture is controlled almost entirely by void
coalescence, contrary to transgranular ductile fracture in which void growth plays a significant
role.

The ensuing fracture surfaces display intergranular facets covered in fine dimples, which distinguish
them from two other fracture modes with which ductile intergranular fracture may be confused:

o intergranular brittle fracture, which lacks the ductile dimples due to the absence of plasticity;

o and transgranular ductile fracture, which do not show intergranular facets because void coalescence
does not occur at grain boundaries.

This confusion is often caused by the insufficient magnification of fracture surfaces used to identify the
fracture mode. The fracture strain associated with intergranular ductile fracture is generally superior to
that of intergranular brittle fracture — because plasticity is significant — and inferior to transgranular
ductile fracture. This last observation can be explained by the fact that intergranular ductile fracture
usually results in less void growth than transgranular ductile fracture, as witnessed by the smaller
dimples on fracture surfaces.

In the next section, occurrences of intergranular ductile fracture in engineering materials will be re-
viewed, which will enable uncovering the main parameters that influence this failure mode in the vari-
ous alloy classes. In particular, it will be seen that intergranular and transgranular ductile fractures are
often competing failure modes.
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2 Occurrence of intergranular ductile fracture in engineering alloys

In this section, typical situations of intergranular ductile fracture in engineering materials are reviewed. In order to
assess whether vacancy diffusion can be neglected compared to plastic flow, parameter £ will be given when possible.
When ¢ is close to 1, both diffusion and plastic mechanisms are deemed active, which means that plasticity may be
insufficient to describe the fracture process.

As the previous review on occurrences of intergranular ductile fracture dates back 25 years and was focused on
aluminum alloys (Vasudévan and Doherty, 1987), this novel literature review aims at complementing it with most of
the new observations of this fracture mode. Thus, it holds a significant wealth of technological and material science
details which will not be directly used in the remainder of the study.

2.1 Unirradiated alloys

Dimpled intergranular fracture is reported in many engineering metals under various loading conditions. Represen-
tative examples in the two domains of low and high homologous temperature — the homologous temperature 7j, is
the ratio of the current temperature of the material to its melting-point temperature — are presented. In particular,
alloys relevant to aerospace and nuclear applications will be dwelt upon.

211 Low homologous temperature

Precipitation-hardened alloys are extensively used in aerospace — planes, helicopters, space shuttles —, automo-
bile, petrochemical, and nuclear industries where they provide excellent mechanical properties. At low homologous
temperatures, these alloys can display intergranular fracture by plastic growth and coalescence of cavities.

Aluminum alloys

Aluminum alloys' form the class of materials for which intergranular ductile fracture mode was first undoubtedly
highlighted (Varley et al., 1957; Thomas and Nutting, 1957, Thomas and Nutting, 1959; Unwin and Smith, 1969).
Among the alloys subjected to this failure mode, the most cited are Al-Li (Vasudévan and Doherty, 1987; Kuramoto
et al., 1996), Al-Cu (Kuramoto et al., 1996), Al-Cu-Li (Decreus et al., 2013), Al-Zn-Mg (Kawabata and Izumi, 1976;
Graf and Hornbogen, 1977; Kuramoto et al., 1996), Al-Zn-Mg-Cu (Alarcon et al., 1991; Deshpande et al., 1998; Morere
et al., 1998) and Al-Mg-5i (Poole et al., 2019). Two factors seem to play an essential role in the occurrence of this
fracture mode: grain boundary precipitates and precipitate-free zones (PFZ).

First, we shall examine the influence of precipitates. Aluminum alloys often display fracture surfaces whose facets
are covered in small dimples where precipitates can sometimes be found. The dimple size and spacing are always
correlated to grain boundary precipitate size and spacing even if, in some cases, too fine precipitates do not nucleate
cavities (Vasudévan and Doherty, 1987). Intergranular ductile fracture usually corresponds to minimum resistance to

Ficure 1.14: Precipitation-hardened Al-Zn-Mg alloy: (a) TEM observation of a PFZ along a grain boundary
(Kawabata and Izumi, 1976); (b) cross-section of the fracture surface of a peak-aged alloy (Graf and Hornbogen,
1977); (¢) intergranular fracture facet in the presence of intense planar slip (Kuramoto et al., 1996).

No grain boundary diffusion data was found for aluminum alloys, thus ¢ cannot be computed.
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crack propagation — called fracture toughness —, justifying its careful study (Graf and Hornbogen, 1977; Deshpande
et al., 1998). In some aluminum alloys, the fracture toughness is well correlated with the fraction of grain boundary
area covered with precipitates (Vasudévan and Doherty, 1987). The critical role of precipitates is corroborated by the
fact that 7000 series alloys, which are more prone to intergranular ductile fracture than 6000 series alloys, also display
more intense grain boundary precipitation (Chen et al., 2009).

Second, the role of precipitate-free zones is assessed. Indeed, in precipitation-strengthened aluminum alloys,
precipitate-free zones (PFZ) are found along grain boundaries (see Fig. 1.14a), arising from the lower stability of
matrix precipitates compared to grain boundary precipitates. PFZs are thought to favor intergranular fracture through
strain localization because the grain boundary area is softer than the precipitate-hardened grain interior (Kawabata
and Izumi, 1976; Kuramoto et al., 1996). Peak aging is the most favorable state to localize deformation in the grain
boundary area: in this aging state, the yield strength difference between the grain interior and the PFZ is maximal
(Gréf and Hornbogen, 1977; Vasudévan and Doherty, 1987). However, a PFZ is not required to observe intergranular
failure, as will be shown in the case of nickel superalloys.

Intergranular ductile fracture (Fig. .15b) should not be confused with another failure mechanism arising in
precipitation-hardened aluminum alloys and characterized by the prevalence of planar slip. This alternative frac-
ture mode is specially observed in under-aged alloys, and can be spotted by the presence of multiple parallel lines on
fracture surfaces (Fig. I.14c). Indeed, dislocation pileups due to planar slip can induce intergranular fracture by de-
cohesion of the grain boundaries (Vasudévan and Doherty, 1987) (Fig. I.15a). Intergranular fracture by planar slip
usually dominates over intergranular ductile fracture when precipitate-free zones are narrow and grain boundary
precipitates are fine (Kuramoto et al., 1996). As will be seen later, lithium segregation in Al-Li alloys could enhance
this phenomenon.

(a) Intergranular decohesion due to (b) Growth and coalescence of
planar slip cavities

Ficure 1.15: Alternative mechanisms of intergranular fracture in precipitation-hardened aluminum alloys
(Kuramoto et al., 1996).

Al-Zn-Mg alloys (7000 series) 7000 series alloys are particularly prone to intergranular void growth due to their
coarse grain boundary precipitates (see Table II1.1) and wide precipitate-free zones (Vasudévan and Doherty, 1987).
In 7075 alloy, E-phase (chromium dispersoids) grain boundary precipitates are believed to be the primary void nucle-
ation source in usual aging conditions (Ludtka and Laughlin, 1982). In Al-Zn-Mg, grain boundaries tilted at 45° from
the tensile direction seem more vulnerable to intergranular fracture than others. At peak aging, the fracture is not
observed to be entirely intergranular and can present transgranular cracking such as in Fig. 1.14b: the arrow shows
the location of a partial transgranular crack that lost its competition with a more favorable 45° grain boundary. Thus,
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cracking can become transgranular if a grain boundary tilt angle is too far from 45° — minus or plus 20° at peak-
aging. Grain boundaries perpendicular to the loading direction are sometimes subjected to intergranular cracking;
the internal necking coalescence mode they display is different from the shear-assisted void coalescence observed
in tilted grain boundaries and that is believed to come — at least partially — from grain boundary sliding. When
the precipitation is too important (over-aging) or too mild (solid solution), grain interiors can deform, increasing
the transgranular fracture area ratio in the fracture surfaces. When intergranular fracture is prevalent, the cracking
depends on the microstructure, with ductility decreasing with increasing grain size (Graf and Hornbogen, 1977).
In 7050 alloy (an Al-Zn-Mg-Cu-based alloy), intergranular ductile fracture seems to exhibit different characteristics
since grain boundaries normal to the loading direction are favorable sites for cracking. Shear-assisted coalescence is
therefore believed to be less important than internal void necking, possibly due to difficult grain boundary sliding.
The fracture mode is always mixed, transgranular ductile fracture being prevalent under plane strain conditions while
intergranular ductile fracture dominates under plane stress conditions (Deshpande et al., 1998).

Beyond precipitation-aging, heat
treatments can induce unwanted par-

intermetallics grain boundaries _b. precipitates
tial recrystallization that harms frac- K

v

tion form numerous high-angle grain UFQ : primary void growth USQ : grain boundary ductile failure

commercial wrought alloys. In 7050

ture toughness, as often observed in —® \\./,
1

alloy, the degradation of mechanical
properties is believed to come from >
enhanced intergranular ductile frac-

Q',
N

ture. Indeed, partial recrystalliza-

boundaries and a strong correlation g

between the proportion of high-angle . . crack
. . recrystallized grains L
grain boundaries normal to the load-

ing direction and intergranular frac-

ture is found. Transgranular fracture

occurs after decohesion/cracking of
intermetallic particles and extensive

intergranular fracture, linking exist-

ing intergranular cracks by avoid- S
ing less favorable grain boundaries. PRFQ : primary void growth PRSQ : grain boundary ductile failure
The nucleation of these intergranu- and primary void growth

lar cracks seems attributable to dis-

location pileup at high-angle grain g, ,xp 1 16: Sketches of dominant fracture modes under tensile stress along

boundaries (Deshpande etal., 1998).  direction S in various aluminum alloy microstructures: un-recrystallized
However, the effect of partial re- with fast (UFQ) or slow (USQ) quenching and partially-recrystallized with
crystallization is contested in another fast (PRFQ) or slow (PRSQ) quenching (Morere et al., 1998).

study in which authors find prevalent

transgranular fracture in fast-quenched partially recrystallized specimens of 7010 alloy. Indeed, large intermetallic
particles are located at grain boundaries in un-recrystallized specimens but are often within recrystallized grains since
they provide ideal nucleation sites. Therefore, particle decohesion/cracking occurs in the interior of grains, favoring
transgranular ductile fracture (see Fig. 1.16, PRFQ). Slow quenching triggers the formation of a second population
of precipitates on grain boundaries, which is responsible for the mixed fracture mode of the partially recrystallized
slow-quenched material (see Fig. 1.16, PRSQ) (Morere et al., 1998). Independent observations of a final fracture
mechanism by the necking of transgranular ligaments between intergranular voids (Ludtka and Laughlin, 1982) are
coherent with Fig. 1.16 for UFQ condition.

Al-Lialloys Precipitation-hardened alloys containing both aluminum and lithium offer a good combination of low
density, high stiffness and elevated strength. Commercially-available alloys include 8090 alloy and part of the 2000
series (2090, 2091, 2195, etc.). Despite their excellent facial mechanical properties, they have not experienced the
promised market success. Indeed, it has been noticed that these alloys frequently present low ductility intergranular
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fracture both in under-aged and aged conditions (Lewandowski and Holroyd, 1990; Pasang et al., 2012). For instance,
the use of 8090 alloy in the structure of a military transport helicopter to reduce the weight of the aircraft (Fig. 1.17a)
has led to catastrophic damage upon heavy landing or crash (Fig. 1.17b). Using 2195 alloy in the external tank of a
space shuttle was luckier (Pasang et al., 2012).

— amn

(a) &
- '\I -]
’ | ® >L skinning and stringers
S .
L skinning and extrusions
main cabin frame forgings (8090-T852)
{ various internal sheet components and extrusions
skinning and stringers
(b)

Ficure 1.17: Agusta—Westland EH101 helicopter early model: (a) components made of Al-Li alloys (Pasang et al.,
2012); (b) hard landing due to a tail-rotor failure attributed the low toughness of alloy 8090 (Wanhill et al., 2013).

In the first generation of Al-Li alloys, which contained up to 11% lithium, intergranular void growth at grain
boundary precipitates was undoubtedly observed (Suresh et al., 1987; Vasudévan and Doherty, 1987). Indeed, a
model alloy was subjected to carefully chosen heat treatments to vary the area fraction As of grain boundary pre-
cipitates whilst retaining the same matrix precipitation; while yield strength remained identical, fracture strain and
fracture toughness were reported to vary as 1/+/A4;. Moreover, at constant matrix precipitation, slip lines became finer
with grain boundary precipitation increase. This indicates that slip bands originate from grain boundaries instead
of grain interiors. No proof of embrittlement by strain localization in the precipitate-free zone was found; instead,
the reduced ductility of Al-Li compared to Al-Zn-Mg-Cu alloys was explained by the bigger grain boundary precip-
itates. A study also emphasized the fact that void nucleation and growth seem to arise from the same particle stress
concentrations as observed in transgranular ductile fracture (Vasudévan and Doherty, 1987).

In the second generation, which includes 8090 alloy, the determination of the intergranular fracture mode trig-
gered a heated controversy. Despite extensive experimental data collected on the presence of large dimples on the
facets of fracture surfaces (i.e. the well-defined craters of zone A and the clear features of zones B in Fig. 1.18) that in-
dicate intergranular ductile fracture, some authors postulated the existence of an intergranular brittle fracture mode
caused by two-dimensional lithium phases at grain boundaries (Lynch, 1991a; Lynch et al., 1993; Lynch et al., 2001;
Lynchetal., 2002; Pasang etal., 2012). This inference is based on the observation that some under-aged Al-Li alloys dis-
play intergranular fracture surfaces devoid of dimples (zones C in Fig. 1.18). However, this finding contradicts older
studies discarding lithium segregation as the main factor of intergranular fracture of Al-Li alloys (Lewandowski and
Holroyd, 1990). Therefore, two intergranular fracture modes seem at play in Al-Li alloys, as shown in Fig. 1.19: an
intergranular ductile fracture involving void growth and coalescence around grain boundary precipitates and a less
ductile microvoid coalescence mode enhanced by lithium segregation and in which grain boundary precipitates play
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no role (Lynch et al., 2002). This fracture can be seen as a form of intergranular fracture by planar slip (Fig. I.15a)

(Kuramoto et al., 1996). The reduction of lithium atomic content under 2% appears to be required to avoid lithium-

induced intergranular fracture, thus impacting the low-density asset of these alloys (Pasang et al., 2012).

In the recent context of competition be-
tween composite materials and aluminum
alloys for aircraft structures and durably
high fuel prices, new research campaigns on
Al-Li alloys have led to the development of
a third generation of Al-Li alloys: ternary
Al-Cu-Li alloys with around 1% lithium,
such as 2198 and 2050 alloys. Their ef-
ficient precipitation-hardening and eviction
of brittle-like intergranular fracture due to
lithium segregation fostered their commer-
cial success in airplane programs, for in-
stance under the brand Airware. However,
intergranular ductile fracture still occurs in
these alloys (Decreus et al., 2013), as shown
in Fig. 1.3.

Al-Mg-Si alloys  The oil-quenching of an
Al-Mg-Si was noticed to promote intergran-
ular ductile fracture: when manganese con-
tent was low, the fracture was fully inter-
granular, whereas a higher manganese con-
tent triggered a mixed fracture mode. In
both cases, the fracture strain was signifi-
cantly lower than that displayed by the same
materials subjected to water quench and

Void Nucleation
due to Pile up

Y,

Shallow Dimples
Grain
Boundary

Dislocation Emission from crack tip due
to Li Segregation and Weak Bonding
producing crack advance and opening

PFZ

(b)

Dislocation Egress at Crack Tip
(Emission inhibited by strong bonds)
Only few produce crack advance

Ficure 1.19: Sketches of competing microvoid-coalescence processes
in second-generation Al-Li alloys: (a) intergranular decohesion due
to planar slip enhanced by lithium segregation; (b) void growth and
coalescence due to large grain boundary precipitates and wide
precipitate-free zone (Lynch et al., 2002).

which failed by transgranular ductile fracture. This is another proof of the reduced ductility associated with in-

tergranular ductile fracture. Interestingly, dimples on the intergranular fracture surfaces were seen to be alternatively
equiaxed (Fig. I1I.22a) and elongated (Fig. II1.22b). This observation hints at the fact that the distinction between co-
alescence by internal necking — thought to create equiaxed dimples — and shear-assisted coalescence — believed to

generate elongated dimples — that exists in transgranular ductile fracture can also be applied to intergranular duc-

tile fracture (Poole et al., 2019). It was also shown that these alloys’ grade composition can affect the grain boundary

Ficure 1.18: Fracture surface of an alloy 8090 plate aged at 170°C for 32h and tested at room temperature:
(a) Scanning Electron Microscopy (SEM) image; (b) TEM observation (Lynch et al., 2002).
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type that fractures (Matsuda et al., 2008).

Metastable 5-Ti alloys

Metastable §-titanium alloys share with Al-Li alloys an excellent density-normalized strength thanks to precipita-
tion hardening of a-titanium, which make them attractive for aircraft —e.g. landing gear — and juggernaut materials.
However, they are also vulnerable to room temperature intergranular ductile fracture, which is an obstacle to their
wide use (Osovski et al., 2015). In lamellar s-titanium alloys such as 3 21-S, Ti-10V-2Fe-3Al and Ti-5A1-5V-5Mo-3Cr,
a thin « layer covers  grains boundaries, providing a favorable zone for void nucleation, growth and coalescence
(Foltz et al., 2011; Li et al., 2017), as seen in Table III.1.

Nickel superalloys

Precipitation-hardened nickel superalloys are known for their excellent creep resistance at high temperatures
due to yield strength anomaly, i.e. increasing yield strength with temperature. These alloys are less prone to in-
tergranular void growth than aluminum alloys, probably because they do not exhibit precipitate-free zones at grain
boundaries. Indeed, the absence of intergranular soft zones is associated with a lower strain localization at grain
boundaries (Vasudévan and Doherty, 1987).

Grain boundary void nucleation at room temperature has been studied quite early in Astroloy and was explained
by slip bands impinging at intergranular carbides, mainly M3C¢. Nucleation was favored at grain boundaries parallel
to the loading axis (Kikuchi and Weertman, 1980; Kikuchi et al., 1981). Observations of room temperature intergran-
ular ductile fracture in nickel-based superalloys have followed. For instance, Inconel X-750, which also presents grain
boundary M,3Cg, experiences intergranular fracture (see Fig. 1.20) due to significant plastic flow around carbides and
stress concentrations that cause matrix-particle decohesion. Total elongation at room temperature is quite unusual
for this fracture mode (14-18%); a mixed transgranular-intergranular fracture mode is also observed at 316 °C and
427 °C (Mills, 1980). At room temperature, this fracture mode is associated” with ¢ ~ 4 - 105, which speaks plainly in
favor of intergranular ductile fracture. Another example is Inconel 718, an alloy used in various applications in petro-
chemical, aerospace, and nuclear industries, and which has been obtained in the last decade by hot isostatic pressing
powder metallurgy, a processing technique that can reduce component fabrication costs. However, when applying
classical Inconel 718 heat treatments on this newly obtained Inconel 718, it was found that extensive precipitation of
MC-carbides and §-phase provided favorable sites for grain boundary void growth and coalescence, triggering inter-
granular fracture (here, £ ~ 2-10'?). This unwanted behavior was averted by developing a new heat treatment (Chang
etal., 2014). A related issue is experienced in GH4169 superalloy where heat treatments supposed to harden the ma-

Ficure 1.20: SEM fractographs of a sample of Inconel X-750 loaded at room temperature in a classical tensile test:
(a) intergranular fracture surface; (b) dimples on an intergranular facet (Mills, 1980).

2No grain boundary vacancy diffusion activation energy was found for Inconel X-750; therefore, activation energy was set to the barycenter
between pure Nickel and Inconel 718 weighted by their respective Nickel content, leading to Q}, = 225 kJ - mol 1.
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trix with 4/ and +" precipitates simultaneously favor intergranular fracture, first by creating a discrepancy between
grain interior and grain boundary strengths and then by triggering the precipitation of §-phase at grain boundaries.
Thus, intergranular crack-shaped cavities nucleate at ¢ particles and grow plastically (Lin et al., 2017). Carbon and
boron-doping of MAR-M200 alloy are also reported to cause intergranular ductile fracture due to the grain boundary
precipitation of titanium-carbide particles (Vasudévan and Doherty, 1987).

Magnesium alloys

Magnesium alloyed with rare earth elements can also experience intergranular ductile failure at room tempera-
ture. For instance, Mg-11Gd-2Nd-0.4Zr displays a fracture mode transition that has been thoroughly characterized:
transgranular ductile fracture in the as-quenched condition, brittle transgranular cleavage in the peak-aged condition,
brittle intergranular fracture in slightly-overaged condition and, finally, intergranular ductile fracture (see Table III.1)
in fully-overaged condition (Zheng et al., 2008). The brittle intergranular fracture mode is akin to the failure by planar
slip evidenced by Kuramoto et al. (1996) (Fig..15a). As already seen in aluminum alloys, the difference between the
two last fracture modes arises from the fact that the slightly overaged condition is associated with fine grain boundary
precipitates and narrow precipitate-free zones while subsequent aging triggers the formation of coarser precipitates
and wider precipitate-free zones (see Table II1.1) (Zheng et al., 2008). Intergranular ductile fracture is also seen at
higher temperature (500°C) in a Mg-Gd-Y-Ag alloy (Xiao et al., 2022).

Austenitic steels

Intergranular fracture due to incoherent precipitation at grain boundaries induced by a heat treatment is ob-
served in alloys that are not precipitation-hardened. Steel overheating during forging is a typical example of this
phenomenon: when austenitic steels are heated or heat-treated above the overheating temperature (around 1200 °C),
precipitation of intergranular manganese sulfide happens. Subsequent room temperature tests present intergranular
fracture surfaces with large dimples containing MnS inclusions (Fig. [.21b) (Tsun, 1953; Schulz and McMahon, 1973)
which display a stark contrast with brittle intergranular fracture surfaces (Fig. 1.21a). Overheating was observed in
forged aero-engine components such as connecting rods (Tsun, 1953).

Less known, unwanted heat-treatments of binary gold-platinum alloys can trigger sufficient grain boundary
precipitation to shift fracture mode from transgranular ductile fracture to intergranular ductile fracture (Carpenter,
1967).

Rl £ s 4 ‘ R
(a) 4h at 1250°C, 90h at 900°C, (b) Heat treatment (a) followed by 2h
oil-quenched at 650°C

Ficure 1.21: Intergranular fracture surfaces of a Fe - 3.5% Ni - 1.7% Cr steel tested at room temperature after
overheating treatment (Schulz and McMahon, 1973).
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2.1.2 High homologous temperature

In Section 1.1.3.1, it has been highlighted that creep can occur in conditions where plastic flow dominates diffusion
flow (Pavinich and Raj, 1977). Inconel X-750 is among the engineering materials in which such a fracture mechanism
is thought to prevail (Venkiteswaran and Taplin, 1974). However, diffusion is evoked in most creep applications.
Without a clear distinction between the diffusion and plasticity domains, it is not useful to list all the observations
of intergranular growth and coalescence of cavities in creep-like conditions. Thus, in the following, only two types
of occurrences of intergranular ductile fracture at high homologous temperature are summarized: first, stress relief
cracking, as it is still a concern in the nuclear field and other industries; second, testing at high strain rates.

Stress relief cracking  This phenomenon, also called stress relaxation cracking or reheat relief cracking, is observed
in many alloys in which cracking occurs immediately after welding or within a slight delay — less than two years
(Dhooge et al., 1978; Dhooge and Vinckier, 1987). Cracking is mainly found in heat-affected zones instead of the weld
itself (Shoemaker et al., 2007). Stress relief cracking is often characterized by extensive cavity growth at grain bound-
aries leading to dimpled intergranular fracture surfaces (Shoemaker et al., 2007; Kant and Dupont, 2019; Dayalan
etal., 2020). The driving mechanism is the relaxation of internal stresses induced by welding thermal incompatibili-
ties; that relaxation occurs at temperatures between 500 and 700°C depending on the material. Localization of plastic
deformation is often observed at grain boundaries due to the presence of a precipitate-free zone or to the hardening
intragranular precipitates induced by aging (Kant and Dupont, 2019; Dayalan et al., 2020). Typical materials expe-
riencing stress relief cracking are high-carbon stainless steels 304H, 316H, 321H, 347H and Ni-based alloys such as
Incoloy 800HT, Inconel 601 and 617 (Shoemaker et al., 2007; Pommier et al., 2016; Dayalan et al., 2020). The high
carbon content favors precipitation-hardening of grain interiors, which fosters stress relaxation cracking. In the fol-
lowing, occurrences of reheat relief cracking in low-carbon nuclear austenitic steels (304L, 316L, 321, 347) will be
discussed to uncover the void growth mechanism.

In 321 and 347 steels, stress reaheat cracking is usually associated with grain interior hardening by Ti(C,N) (321
steel) or Nb(C,N) (347 steel) carbides (Pommier et al., 2016). For instance, the Russian version of 321 alloy is used
for cooling water inlet and outlet tubes (Kasana and Pandey, 2021) and other core internals of WWER reactors. Two
different kinds of fracture surfaces are highlighted in this austenitic steel: the cold-rolled and unaged steel (i.e. with-
out intragranular precipitates) presents featureless facets (Fig. 1.22a) while the cold-rolled and aged material exhibits
well-defined intergranular dimples (Fig. .22b). This hints at the existence of two intergranular deformation mech-
anisms, with only the second one being linked to the growth and coalescence of cavities at intergranular particles
precipitated during aging (possibly chromium carbides or ¢ phase) (Chabaud-Reytier et al., 2003). £ associated with
the experiments of Fig. 1.22b ranges between 10 and 25 at void nucleation and £ ~ 500 at void coalescence.

304 and 316 series steels do not exhibit the intragranular precipitates of austenitic steels stabilized by titanium
(321 steel) or niobium (347 steel); stress reheat cracking is thus less intense in these alloys. Yet, reheat cracking of
heat-affected zones of thick welded parts of the 316L series was seen in industrial applications, such as at the junction

Ficure 1.22: Stress relief cracking fracture surfaces of 15% pre-strained 321 steel CT specimens tested at 600°C:
(a) unaged state; (b) aged state (Chabaud-Reytier et al., 2003).
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Ficure 1.23: Microstructure near the fracture zone and two-fold magnification for a 316 steel strained at ¢ = 0.5 s+

at 900°C (Fu and Zhang, 2020).

between the steam header and the nozzle of advanced gas-cooled reactors (AGR) (Auzoux, 2004; Auzoux et al., 2010;
Pommier et al., 2016; Pommier et al., 2017). It is always associated with the precipitation of intergranular M23Cs
during aging at high service temperatures (around 550 °C); these carbides are usually located on grain boundaries
normal to the principal residual stress caused by thermal incompatibilities. The stress relief cracking then takes place
either during a subsequent heat treatment or during operation. Void nucleation at grain boundaries occurs mainly
due to the decohesion of My3Cg carbides (see Fig. 1.4), creating nanocavities whose mean diameter is 50 nm, while
intergranular MnS inclusions are unaffected. Grain boundaries that exhibit 25° to 55° misorientation are preferentially
affected because carbides precipitate easily on them (Pommier et al., 2016). Following void nucleation at carbides,
voids grow and coalesce, leading to intergranular fracture (Pommier et al., 2017). In the compact tension specimens
of Auzoux (2004) and Pommier et al. (2016), the dimensionless parameter £ is such that { € [0.25, 1] at the start of void
growth and & € [1.25, 5] at fracture. It is therefore believed that plastic flow plays an important role along vacancy
diffusion from a certain void size threshold, even if the previously cited authors present reheat cracking as entirely
diffusion-controlled.

Testing at high strain rates  In cases where deformation is fast enough, the void growth mechanism is easy to
decide. For instance, dimpled intergranular fracture occurs in 316LN austenitic steel at elevated temperature (900
1200°C) under high strain rate, with no preexisting cavities in the alloy. At such temperature, analysis is hampered
since fracture is accompanied by recrystallization above 1050°C, and is sometimes opposed by grain boundary sliding.
Nevertheless, it is found that triple points are weak spots and that voids nucleate at brittle inclusions such as aluminum
oxide Al;O3 (see Fig. 1.5). Void growth and coalescence can be either parallel (temperature under 1050°C, such
as in Fig. 1.23), perpendicular (1200°C), or with no directivity (1050-1150°C) relative to the tensile direction. This
experimental data corresponds to § € [250, 2500] at the beginning of void growth and tenfold values at fracture, which
means that in all likelihood plastic flow is responsible for void growth; curiously, the phenomenon is attributed by
the authors to vacancy diffusion (Fu and Zhang, 2020).

2.2 Irradiated alloys

A large variety of alloys is used in nuclear applications: zirconium alloys, austenitic and ferritic steels, nickel alloys,
etc. Under neutron irradiation, their mechanical properties undergo a progressive degradation that can endanger
their ability to meet service requirements. Radiation damage can be divided into two fields: atomic displacement
and transmutation. The first one arises from neutron collisions with atoms of a crystalline metal matrix that trigger
displacement cascades, creating irradiation defects and enhancing diffusion. Ballistic damage is characterized by
the number of displacements per atom (dpa), i.e. the average number of times that one atom of the initial lattice
was hit out of its equilibrium position. This damage type is responsible for segregation, additional precipitation,
void swelling, material growth and irradiation creep. The second one emerges from the nuclear reactions induced
by incident neutrons and manifests by generating new radioisotopes such as helium — whose bubbles can act as
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Ficure 1.24: Approximate neutron spectra of various reactor designs (adapted from Judge et al. (2015) with
additional data from Lewis (2008) and Idaho National Laboratory (2011)). For material science applications, it is
often sufficient to distinguish thermal (low energy) neutrons and fast (high energy) neutrons, the threshold being
conventionally set to £ = 0.1 MeV.

nucleated intergranular cavities, see Section 1.1.2.2. Radiation damage in nuclear materials has been described for
each type of alloy in comprehensive reviews which are referred to for additional information (Was, 2007; Garner,
2020; Onimus et al., 2020; Leonard and Taylor, 2020; Hashimoto et al., 2020; Griffiths and Boothby, 2020).

Reactor designs operate under various damaging environments which range from pressurized 300°C water to
molten salt and 500°C liquid sodium, all of which can enhance damage through corrosion or diffusion of embrittling
elements. Neutron energy spectrums also exhibit widely different thermal-to-fast fractions (Fig. 1.24), which means
that helium production rates for a given material vary according to the reactor design. Indeed, cross-sections of
helium-producing nuclear reactions are large for thermal and fusion neutrons. In EBR-II fast reactor, austenitic and
ferritic alloys suffer a helium production rate of 0.5 appm per dpa, while the mixed spectrum reactor HFIR induces a
rate of 55 appm per dpa in 316 steel and a tokamak first wall made of steel is expected to produce 8-13 appm per dpa
(Klueh, 1990). Such variations can even be observed at a local scale in a pressurized water reactor (PWR) given the
axial dependence of thermal-to-fast neutron ratio: for 316 steel, it can range from 10 appm per dpa (ratio of 0.16) to
35 appm per dpa (ratio of 2.5) (Fukuya et al., 2006). Thus, the different neutron spectra combined with the various
nickel and boron contents — boron can exist at trace levels — in materials can lead to different helium embrittlements
(Mansur and Grossbeck, 1988). Therefore, this criterion must be considered in the choice of structural alloys.

In the following, two domains in which intergranular ductile fracture can be encountered in fission reactors are
successively reviewed: fuel cladding (Section 1.2.2.1) and light water reactor internals (Section 1.2.2.2).

2.2.1 Fission reactor fuel cladding

In most reactor types, fuel cladding is designed to be the first containment barrier — i.e. its integrity is essential
to retain radioisotopes in case of accident. This task is difficult due to the various damaging mechanisms exerted
upon fuel cladding: fission gas internal pressure, fuel pellet-cladding mechanical and chemical interactions as well as
more classical mechanisms such as irradiation creep, growth and swelling. Such high stakes justify the close study of
fuel cladding fracture modes. Observations are divided according to reactor design to account for different loading
conditions and helium per dpa ratios. Note that helium production is not observed in the cladding of light water
reactors made from zirconium alloys (Onimus et al., 2020).

CANDU reactor — Nickel superalloy CANDU (standing for CANada Deuterium Uranium) reactor is a type of
pressurized heavy water reactor (PHWR). In CANDU fuel channels, garter springs (Fig. 1.25), also known as spacers,
separate the calandria tube from the central hot pressure tube. Spacers used to be in Inconel 600, which was then
changed to Inconel X-750 (Stopher, 2017). Tube creep induced by gravity effects applies a pinching loading on the
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spacers during the service duration. The temperature of the spacers ranges from 120°C to 330°C (Judge et al., 2015).
Helium embrittlement of Nickel alloys

is very significant in CANDU reactors be-

cause its neutron spectrum exhibits a high Calandria  Dry annulus Spacer

thermal-to-fast ratio (Fig 1.24) (Judge et Tube ges  GEsTARESpROS)

al.,, 2015). Indeed, thermalized neutrons

promote intense helium production from

Nickel-59, itself produced from Nickel-58

(Woo et al.,, 2011). At the end of a fuel

channel’s life, the spacers’ helium content

can reach 2 at. %. After 10 years of service,
garter springs exhibit an entirely intergranu-

Fuel bundle Pressure tube

lar fracture mode (see Fig. .26a) and which

is responsible for a substantial ductility loss

(Judge et al., 2012; Judge et al., 2015). In-  Ficure 1.25: Sketched view of a CANDU fuel channel (Judge et al.,
service fracture of Inconel 600 spacers was 2015).

observed a few times in CANDU reactors at

approximately ten effective power years (Griffiths et al., 2012; Stopher, 2017). A high density of nanoscale helium
bubbles located at grain boundaries is reported (see Fig. 1.26b) (Judge et al., 2012). Room temperature micro-tensile
tests on irradiated samples have shown that the grain boundary fracture is a ductile process (Howard et al., 2019)
and molecular dynamics simulations have confirmed that void growth and coalescence are involved in this fracture
mode (Demkowicz, 2020). Another study has shown that intergranular cracks run along brittle precipitates (Judge
etal., 2015), cracking being only driven by the presence of voids at the grain boundaries (Griffiths, 2023). This is sup-
plemented by the fact that helium-implanted X-750 was shown to develop the same mode of intergranular fracture
as neutron-irradiated X-750 (Changizian et al., 2023). Fracture modeling based on helium bubbles coverage of grain
boundaries has successfully predicted the ductility loss of irradiated X-750 spacers (Xu et al., 2022). In the standard
mechanical tests conducted at in-service temperature (Judge et al., 2015), £ is estimated to<ns1:XMLFault xmlns:ns1="http://cxf.apache.org/bindings/xformat"><ns1:faultstring xmlns:ns1="http://cxf.apache.org/bindings/xformat">java.lang.OutOfMemoryError: Java heap space</ns1:faultstring></ns1:XMLFault>